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Preface
The first edition of the Steel Heat Treatment Handbook was initially released in 1997. The

objective of that book was to provide the reader with well-referenced information on the

subjects covered with sufficient depth and breadth to serve as either an advanced under-

graduate or graduate level text on heat treatment or as a continuing handbook reference for

the designer or practicing engineer. However, since the initial release of the first edition of the

Steel Heat Treatment Handbook, there have been various advancements in the field that

needed to be addressed to assure up-to-date coverage of the topic. This text, Steel Heat

Treatment: Metallurgy and Technologies, is part of a revision of the earlier text. Some of the

chapters in this text are updated revisions of the earlier book and others are completely new

chapters or revisions. These chapters include:

Chapter 1. Steel Nomenclature (Revision)

Chapter 2. Classification and Mechanisms of Steel Transformations (New Chapter)

Chapter 3. Fundamental Concepts in Steel Heat Treatment (Minor Revisions)

Chapter 4. Effects of Alloying Elements on the Heat Treatment of Steel (Minor Revisions)

Chapter 5. Hardenability (Minor Revisions)

Chapter 6. Steel Heat Treatment (Minor Revisions)

Chapter 7. Heat Treatment with Gaseous Atmospheres (Revision)

Chapter 8. Nitriding Techniques, Ferritic Nitrocarburizing, and Austenitic Nitrocarburiz-

ing Techniques and Methods (Revision)

Chapter 9. Quenching and Quenching Technology (Revision)

Chapter 10. Distortion of Heat-Treated Components (New Chapter)

Chapter 11. Tool Steels (New Chapter)

Chapter 12. Stainless Steel Heat Treatment (New Chapter)

Chapter 13. Heat Treatment of Powder Metallurgy Steel Components (New Chapter)

Approximately a third of the book is new and a third of the book is significantly revised

versus the first edition of the Steel Heat Treatment Handbook. This new text is current with

respect to heat treatment technology at this point at the beginning of the 21st century and is

considerably broader in coverage but with the same depth and thoroughness that character-

ized the first edition.

Unfortunately, my close friend, colleague and mentor, Dr. Maurice A.H. Howes, who

helped to bring the first edition of Steel Heat Treatment Handbook into fruition was unable to

assist in the preparation of this second edition. However, I have endeavored to keep the same

consistency and rigor of coverage as well as be true to the original vision that we had for this

text as a way of serving the heat treatment industry so that this book will be a value resource

to the reader in the future.

George E. Totten, Ph.D., FASM

Portland State University

Portland, Oregon
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1.1 INTRODUCTION

According to the iron–carbon phase diagram [1–3], all binary Fe–C alloys containing less than

about 2.11 wt% carbon* are classified as steels, and all those containing higher carbon content

are termed cast iron. When alloying elements are added to obtain the desired properties, the

carbon content used to distinguish steels from cast iron would vary from 2.11 wt%.

Steels are the most complex and widely used engineering materials because of (1)

the abundance of iron in the Earth’s crust, (2) the high melting temperature of iron

(15348C), (3) a range of mechanical properties, such as moderate (200–300 MPa) yield

strength with excellent ductility to in excess of 1400 MPa yield stress with fracture toughness

up to 100 MPa m�2, and (4) associated microstructures produced by solid-state phase trans-

formations by varying the cooling rate from the austenitic condition [4].

This chapter describes the effects of alloying elements on the properties and characteristics

of steels, reviews the various systems used to classify steels, and provides extensive tabular

data relating to the designation of steels.

1.2 EFFECTS OF ALLOYING ELEMENTS

Steels contain alloying elements and impurities that must be associated with austenite, ferrite,

and cementite. The combined effects of alloying elements and heat treatment produce an

enormous variety of microstructures and properties. Given the limited scope of this chapter, it
*This figure varies slightly depending on the source. It is commonly taken as 2.11wt% [1] or 2.06wt% [2], while it is

calculated thermodynamically as 2.14wt% [3].
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would be difficult to include a detailed survey of the effects of alloying elements on the iron–

carbon equilibrium diagram, allotropic transformations, and forming of new phases. This

complicated subject, which lies in the domain of ferrous physical metallurgy, has been

revie wed extens ively in Chapt er 2 of this handb ook an d elsewh ere in the literat ure [4,5 ,8–12].

In this section, the effects of various elements on steelmaking (deoxidation) practices and

steel characteristics will be briefly outlined. It should be noted that the effects of a single

alloying element on either practice or characteristics is modified by the influence of other

elements. The interaction of alloying elements must be considered [5].

According to the effect on matrix, alloying elements can be divided into two categories:
� 20
1. By expending the g-field, and encouraging the formation of austenite, such as Ni, Co,

Mn, Cu, C, and N (these elements are called austenite stabilizers)

2. By contracting the g-field, and encouraging the formation of ferrite, such as Si, Cr, W,

Mo, P, Al, Sn, Sb, As, Zr, Nb, B, S, and Ce (these elements are called ferrite

stabilizers)
Alloying elements can be divided into two categories according to the interaction with

carbon in steel:
1. Carbide-forming elements, such as Mn, Cr, Mo, W, V, Nb, Ti, and Zr. They go into

solid solution in cementite at low concentrations. At higher concentrations, they form

more stable alloy carbides, though Mn only dissolves in cementite.

2. Noncarbide-forming elements, such as Ni, Co, Cu, Si, P, and Al. They are free from

carbide in steels, and normally found in the matrix [5,11,12].
To simplify the discussion, the effects of various alloying elements listed below are

summarized separately.

1.2.1 CARBON

The amount of carbon (C) required in the finished steel limits the type of steel that can be made.

As the C content of rimmed steels increases, surface quality deteriorates. Killed steels in the

approximate range of 0.15–0.30% C may have poorer surface quality and require special

processing to attain surface quality comparable to steels with higher or lower C contents.

Carbon has a moderate tendency for macrosegregation during solidification, and it is

often more significant than that of any other alloying elements. Carbon has a strong tendency

to segregate at the defects in steels (such as grain boundaries and dislocations). Carbide-

forming elements may interact with carbon and form alloy carbides. Carbon is the main

hardening element in all steels except the austenitic precipitation hardening (PH) stainless

steels, managing steels, and interstitial-free (IF) steels. The strengthening effect of C in steels

consists of solid solution strengthening and carbide dispersion strengthening. As the C

content in steel increases, strength increases, but ductility and weldability decrease [4,5].

1.2.2 MANGANESE

Manganese (Mn) is present in virtually all steels in amounts of 0.30% or more [13]. Manga-

nese is essentially a deoxidizer and a desulfurizer [14]. It has a lesser tendency for macro-

segregation than any of the common elements. Steels above 0.60% Mn cannot be readily

rimmed. Manganese is beneficial to surface quality in all carbon ranges (with the exception of

extremely low-carbon rimmed steels) and reduction in the risk of red-shortness. Manganese

favorably affects forgeability and weldability.
06 by Taylor & Francis Group, LLC.



Manganese is a weak carbide former, only dissolving in cementite, and forms alloying

cementite in steels [5]. Manganese is an austenite former as a result of the open g-phase field.

Large quantities (>2% Mn) result in an increased tendency toward cracking and distortion

during quenching [4,5,15]. The presence of alloying element Mn in steels enhances the

impurities such as P, Sn, Sb, and As segregating to grain boundaries and induces temper

embrittlement [5].

1.2.3 SILICON

Silicon (Si) is one of the principal deoxidizers used in steelmaking; therefore, silicon content

also determines the type of steel produced. Killed carbon steels may contain Si up to a

maximum of 0.60%. Semikilled steels may contain moderate amounts of Si. For example,

in rimmed steel, the Si content is generally less than 0.10%.

Silicon dissolves completely in ferrite, when silicon content is below 0.30%, increasing its

strength without greatly decreasing ductility. Beyond 0.40% Si, a marked decrease in ductility

is noticed in plain carbon steels [4].

If combined with Mn or Mo, silicon may produce greater hardenability of steels [5]. Due

to the addition of Si, stress corrosion can be eliminated in Cr–Ni austenitic steels. In heat-

treated steels, Si is an important alloy element, and increases hardenability, wear resistance,

elastic limit and yield strength, and scale resistance in heat-resistant steels [5,15]. Si is a

noncarbide former, and free from cementite or carbides; it dissolves in martensite and retards

the decomposition of alloying martensite up to 3008C.

1.2.4 PHOSPHORUS

Phosphorus (P) segregates during solidification, but to a lesser extent than C and S. Phos-

phorus dissolves in ferrite and increases the strength of steels. As the amount of P increases,

the ductility and impact toughness of steels decrease, and raises the cold-shortness [4,5].

Phosphorus has a very strong tendency to segregate at the grain boundaries, and causes

the temper embrittlement of alloying steels, especially in Mn, Cr, Mn–Si, Cr–Ni, and Cr–Mn

steels. Phosphorus also increases the hardenability and retards the decomposition of

martensite-like Si in steels [5]. High P content is often specified in low-carbon free-machining

steels to improve machinability. In low-alloy structural steels containing ~0.1% C, P increases

strength and atmospheric corrosion resistance. In austenitic Cr–Ni steels, the addition of P

can cause precipitation effects and an increase in yield points [15]. In strong oxidizing agent, P

causes grain boundary corrosion in austenitic stainless steels after solid solution treatment as

a result of the segregation of P at grain boundaries [5].

1.2.5 SULFUR

Increased amounts of sulfur (S) can cause red- or hot-shortness due to the low-melting sulfide

eutectics surrounding the grain in reticular fashion [15,16]. Sulfur has a detrimental effect on

transverse ductility, notch impact toughness, weldability, and surface quality (particularly in

the lower carbon and lower manganese steels), but has a slight effect on longitudinal

mechanical properties.

Sulfur has a very strong tendency to segregate at grain boundaries and causes reduction of

hot ductility in alloy steels. However, sulfur in the range of 0.08–0.33% is intentionally added

to free-machining steels for increased machinability [5,17] .

Sulfur improves the fatigue life of bearing steels [18], because (1) the thermal

coefficient on MnS inclusion is higher than that of matrix, but the thermal coefficient of

oxide inclusions is lower than that of matrix, (2) MnS inclusions coat or cover oxides (such as
� 2006 by Taylor & Francis Group, LLC.



alumina, silicate, and spinel), thereby reducing the tensile stresses in the surrounding matrix

[5,10,19].

1.2.6 ALUMINUM

Aluminum (Al) is widely used as a deoxidizer and a grain refiner [9]. As Al forms very hard

nitrides with nitrogen, it is usually an alloying element in nitriding steels. It increases scaling

resistance and is therefore often added to heat-resistant steels and alloys. In precipitation-

hardening stainless steels, Al can be used as an alloying element, causing precipitation-

hardening reaction. Aluminum is also used in maraging steels. Aluminum increases the

corrosion resistance in low-carbon corrosion-resisting steels. Of all the alloying elements, Al

is one of the most effective elements in controlling grain growth prior to quenching.

Aluminum has the drawback of a tendency to promote graphitization.

1.2.7 NITROGEN

Nitrogen (N) is one of the important elements in expanded g-field group. It can expand and

stabilize the austenitic structure, and partly substitute Ni in austenitic steels. If the nitride-

forming elements V, Nb, and Ti are added to high-strength low-alloy (HSLA) steels, fine

nitrides and carbonitrides will form during controlled rolling and controlled cooling. Nitro-

gen can be used as an alloying element in microalloying steels or austenitic stainless steels,

causing precipitation or solid solution strengthening [5]. Nitrogen induces strain aging,

quench aging, and blue brittleness in low-carbon steels.

1.2.8 CHROMIUM

Chromium (Cr) is a medium carbide former. In the low Cr/C ratio range, only alloyed cementite

(Fe,Cr)3C forms. If the Cr/C ratio rises, chromium carbides (Cr,Fe)7C3 or (Cr,Fe)23C6 or both,

would appear. Chromium increases hardenability, corrosion and oxidation resistance of steels,

improves high-temperature strength and high-pressure hydrogenation properties, and enhances

abrasion resistance in high-carbon grades. Chromium carbides are hard and wear-resistant and

increase the edge-holding quality. Complex chromium–iron carbides slowly go into solution in

austenite; therefore, a longer time at temperature is necessary to allow solution to take place

before quenching is accomplished [5,6,14]. Chromium is the most important alloying element in

steels. The addition of Cr in steels enhances the impurities, such as P, Sn, Sb, and As, segregating

to grain boundaries and induces temper embrittlement.

1.2.9 NICKEL

Nickel (Ni) is a noncarbide-forming element in steels. As a result of the open g-phase field, Ni

is an austenite-forming element [5,11,15]. Nickel raises hardenability. In combination with Ni,

Cr and Mo, it produce greater hardenability, impact toughness, and fatigue resistance in

steels [5,10,11,18]. Nickel dissolving in ferrite improves toughness, decreases FATT50% (8C),

even at the subzero temperatures [20]. Nickel raises the corrosion resistance of Cr–Ni

austenitic stainless steels in nonoxidizing acid medium.

1.2.10 MOLYBDENUM

Molybdenum (Mo) is a pronounced carbide former. It dissolves slightly in cementite, while

molybdenum carbides will form when the Mo content in steel is high enough. Molybdenum

can induce secondary hardening during the tempering of quenched steels and improves the

creep strength of low-alloy steels at elevated temperatures.
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The addition of Mo produces fine-grained steels, increases hardenability, and improves

fatigue strength. Alloy steels containing 0.20–0.40% Mo or V display a delayed temper

embrittlement, but cannot eliminate it. Molybdenum increases corrosion resistance and is

used to a great extent in high-alloy Cr ferritic stainless steels and with Cr–Ni austenitic

stainless steels. High Mo contents reduce the stainless steel’s susceptibility to pitting [5,15].

Molybdenum has a very strong solid solution strengthening in austenitic alloys at elevated

temperatures. Molybdenum is a very important alloying element for alloy steels.

1.2.11 TUNGSTEN

Tungsten (W) is a strong carbide former. The behavior of W is very similar to Mo in steels.

Tungsten slightly dissolves in cementite. As the content of W increases in alloy steels, W forms

very hard, abrasion-resistant carbides, and can induce secondary hardening during the

tempering of quenched steels. It promotes hot strength and red-hardness and thus cutting

ability. It prevents grain growth at high temperature. W and Mo are the main alloying

elements in high-speed steels [5,13]. However, W and Mo impair scaling resistance.

1.2.12 VANADIUM

Vanadium (V) is a very strong carbide former. Very small amounts of V dissolve in cementite.

It dissolves in austenite, strongly increasing hardenability, but the undissolved vanadium

carbides decrease hardenability [5]. Vanadium is a grain refiner, and imparts strength and

toughness. Fine vanadium carbides and nitrides give a strong dispersion hardening effect in

microalloyed steels after controlled rolling and controlled cooling. Vanadium provides a very

strong secondary hardening effect on tempering, therefore it raises hot-hardness and thus

cutting ability in high-speed steels. Vanadium increases fatigue strength and improves notch

sensitivity.

Vanadium increases wear resistance, edge-holding quality, and high-temperature strength.

It is therefore used mainly as an additional alloying element in high-speed, hot-forging, and

creep-resistant steels. It promotes the weldability of heat-treatable steels. The presence of V

retards the rate of tempering embrittlement in Mo-bearing steels.

1.2.13 NIOBIUM AND TANTALUM

Niobium (Nb) and tantalum (Ta) are very strong carbide and nitride formers. Small amounts

of Nb can form fine nitrides or carbonitrides and refine the grains, therefore increasing the

yield strength of steels. Niobium is widely used in microalloying steels to obtain high strength

and good toughness through controlled rolling and controlled cooling practices. A 0.03% Nb

in austenite can increase the yield strength of medium-carbon steel by 150 MPa. Niobium-

containing nonquenched and tempered steels, including microalloyed medium-carbon steels

and low-carbon bainite (martensite) steels, offer a greatly improved combination of strength

and toughness. Niobium is a stabilizer in Cr–Ni austenitic steels to eliminate intergranular

corrosion.

1.2.14 TITANIUM

Titanium (Ti) is a very strong carbide and nitride former. The effects of Ti are similar to those

of Nb and V, but titanium carbides and nitrides are more stable than those of Nb and V. It is

widely used in austenitic stainless steels as a carbide former for stabilization to eliminate

intergranular corrosion. By the addition of Ti, intermetallic compounds are formed in

maraging steels, causing age hardening. Titanium increases creep rupture strength through

formation of special nitrides and tends significantly to segregation and banding [15].
� 2006 by Taylor & Francis Group, LLC.



Ti, Nb, and V are effective grain inhibitors because their nitrides and carbides are quite

stable and difficult to dissolve in austenite. If Ti, Nb, and V dissolve in austenite, the

hardenability of alloy steels may increase strongly due to the presence of Mn and Cr in steels.

Mn and Cr decrease the stability of Ti-, Nb-, and V-carbides in steels [5].

1.2.15 RARE EARTH METALS

Rare earth metals (REMs) constitute the IIIB group of 17 elements in the periodic table. They are

scandium (Sc) of the fourth period, yttrium (Y) of the fifth period, and the lanthanides of the sixth

period, which include the elements, lanthanum (La), cerium (Ce), praseodymium (Pr), neodym-

ium (Nd), promethium (Pm), samarium (Sm), europium (Eu), gadolinium (Gd), terbium (Tb),

dysprosium (Dy), holmium (Ho), erbium (Er), thulium (Tm; Tu), ytterbium (Yb), and lutecium

(or lutecium, Lu). Their chemical and physical properties are similar. They generally coexist and

are difficult to separate in ore beneficiation and metal extraction so they are usually supplied as a

mixture and used in various mixture states in metallurgical industries. REMs are strong deox-

idizers and desulfurizers, and they also react with the low-melting elements, such as antimony

(Sb), tin (Sn), arsenic (As), and phosphorus (P), forming high-melting compounds and prevent-

ing them from causing the red-shortness and temper embrittlement [21,22]. The effects of REM

on shape control and modification of inclusions would improve transversal plasticity and

toughness, hot ductility, fatigue strength, and machinability. REMs tend strongly to segregate

at the grain boundaries and increase the hardenability of steels [21,23].

1.2.16 COBALT

Cobalt (Co) is a noncarbide former in steels. It decreases hardenability of carbon steels, but

by addition of Cr, it increases hardenability of Cr–Mo alloy steels. Cobalt raises the marten-

sitic transformation temperature of Ms (8C) and decreases the amount of retained austenite in

alloy steels. Cobalt promotes the precipitation hardening [5]. It inhibits grain growth at

high temperature and significantly improves the retention of temper and high-temperature

strength, resulting in an increase in tool life. The use of Co is generally restricted to high-speed

steels, hot-forming tool steels, maraging steels, and creep-resistant and high-temperature

materials [13,15].

1.2.17 COPPER

Copper (Cu) addition has a moderate tendency to segregate. Above 0.30% Cu can cause

precipitation hardening. It increases hardenability. If Cu is present in appreciable amounts,

it is detrimental to hot-working operations. It is detrimental to surface quality and exaggerates

the surface defects inherent in resulfurized steels. However, Cu improves the atmospheric

corrosion resistance (when in excess of 0.20%) and the tensile properties in alloy and low-alloy

steels, and reportedly helps the adhesion of paint [6,14]. In austenitic stainless steels, a Cu

content above 1% results in improved resistance to H2SO4 and HCl and stress corrosion [5,15].

1.2.18 BORON

Boron (B), in very small amounts (0.0005–0.0035%), has a starting effect on the hardenability

of steels due to the strong tendency to segregate at grain boundaries. The segregation of B in

steels is a nonequilibrium segregation. It also improves the hardenability of other alloying

elements. It is used as a very economical substitute for some of the more expensive elements.

The beneficial effects of B are only apparent with lower- and medium-carbon steels, with no

real increase in hardenability above 0.6% C [14]. The weldability of boron-alloyed steels is

another reason for their use. However, large amounts of B result in brittle, unworkable steels.
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1.2.19 Z IRCONIUM

Zircon ium (Zr) is add ed to killed HSLA steel s to obtain impr ovement in inclus ion charac-

teristi cs, pa rticular ly su lfide inclus ions, wher e modif ications of inclus ion shap e impro ve

duc tility in trans verse be nding. It increa ses the life of he at-cond ucting mate rials. It is also a

strong carbide form er and produ ces a contrac ted austenite phase field [5,15].

1.2.20 L EAD

Lea d (Pb) is sometime s added (in the range of 0.2–0.5 %) to carbon and alloy steels through

mechan ical disper sion during teem ing to impr ove machin ability.

1.2.21 T IN

Tin (Sn ) in relative ly small amounts is harmful to steels. It ha s a very strong tenden cy to segreg ate

at grain bounda ries and induces tempe r embritt lement in alloy steels. It has a detri mental effect

on the surfa ce qua lity of con tinuous cast billets co ntaining small amounts of Cu [24]. Small

amoun ts of Sn a nd Cu also de crease the hot duc tility of steels in the austenite þ ferrite region [25].

1.2.22 A NTIMONY

Antimo ny (Sb) has a strong tendency to segreg ate during the freez ing pro cess, and has a

detri mental effect on the surfa ce qua lity of con tinuous cast bill ets. It also has a very strong

tenden cy to segreg ate at grain bounda ries an d cause tempe r embri ttlement in alloy steels.

1.2.23 C ALCIUM

Calcium (Ca) is a strong deoxidizer; silicocalcium is used usually in steelmaking. The combin-

ation of Ca, Al, and Si forms low-melting oxides in steelmaking, and improves machinability.

1.3 CLASSIFICATION OF STEELS

Steel s can be class ified by different systems de pending on [4,6 ,8]:
� 20
1. Comp ositions, suc h as carbon (or nonalloy ), low -alloy, an d alloy steels

2. Manufact uring methods , such as convert er, electric furnace , or electrosl ag remelti ng

methods

3. Applicati on or main charact eristic, such as structural , tool, stainles s steel, or he at-

resistant steels

4. Finishing methods, such as hot rolling, cold rolling, casting, or controlled rolling and

controlled cooling

5. Product shape, such as bar, plate, strip, tubing, or structural shape

6. Oxidation practice employed, such as rimmed, killed, semikilled, and capped steels

7. Micros tructure, such as ferr itic, pearli tic, mart ensitic, and austeniti c (Figure 1.1)

8. Required strength level, as specified in the American Society for Testing and Materials

(ASTM) standards

9. Heat treatment, such as annealing, quenching and tempering, air cooling (normaliza-

tion), and thermomechanical processing

10. Quality descriptors and classifications, such as forging quality and commercial quality
Among the above classification systems, chemical composition is the most widely used basis

for designation and is given due emphasis in this chapter. Classification systems based on

oxidation practice, application, and quality descriptors are also briefly discussed.
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Classification by
commercial name

or application

Ferrous alloys

Steel

Plain carbon
steel

Low-carbon
steel

(<0.2% C)

Medium-carbon
steel

(0.2−5% C)

High-carbon
steel

(>0.5% C)

Low- and medium-
alloy steel

≤10% alloying
elements

High-alloy
steel

>10% alloying
elements

Corrosion
resistant

Heat
resistant

Wear
resistant Duplex

structure

Austenitic−
ferritic

Precipitation
hardened

Austenitic

Bainitic

Martensitic

Pearlitic

Ferritic−pearlitic

Classification
by structure

Alloys without
eutectic

(<2% C on Fe−C
diagram)

Ferritic

FIGURE 1.1 Classification of steels. (Courtesy of D.M. Stefanescu, University of Alabama, Tuscaloosa,

AL. Slightly modified by the present authors.)
1.3.1 TYPES OF STEELS BASED ON DEOXIDATION PRACTICE

Steels, when cast into ingots, can be classified into four types according to the deoxidation

practice or, alternatively, by the amount of gas evolved during solidification. These four types

are called killed, semikilled, capped, and rimmed steels [6,8].

1.3.1.1 Killed Steels

Killed steel is a type of steel from which there is practically no evolution of gas during solidifi-

cation of the ingot after pouring, because of the complete deoxidation, and formation of pipe in

the upper central portion of the ingot, which is later cut off and discarded. All alloy steels, most
� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



low-alloy steels, andmanycarbon steels areusuallykilled.The continuous castingbillets are also

killed. The essential quality criterion is soundness [26–28]. Killed steel is characterized by a

homogeneous structure and even distribution of chemical compositions and properties.

Killed steel is produced by the use of a deoxidizer such as Al and a ferroalloy of Mn or Si;

However, calcium silicide and other special deoxidizers are sometimes used.

1.3.1.2 Semikilled Steels

Gas evolution is not completely suppressed by deoxidizing additions in semikilled steel,

because it is partially deoxidized. There is a greater degree of gas evolution than in killed

steel, but less than in capped or rimmed steel. An ingot skin of considerable thickness is

formed before the beginning of gas evolution. A correctly deoxidized semikilled steel ingot

does not have a pipe but does have well-scattered large blow holes in the top-center half of the

ingot; however, the blow holes weld shut during rolling of the ingot. Semikilled steels

generally have a carbon content in the range of 0.15–0.30%. They find a wide range of uses

in structural shapes, skelp, and pipe applications. The main features of semikilled steels are

UJ variable degrees of uniformity in composition, which are intermediate between those of

killed and rimmed steels and less segregation than rimmed steel, and (2) a pronounced

tendency for positive chemical segregation at the top center of the ingot (Figure 1.2).

1.3.1.3 Rimmed Steels

Rimmed steel is characterized by a great degree of gas evolution during solidification in the

mold and a marked difference in chemical composition across the section and from the top to

the bottom of the ingot (Figure 1.2). These result in the formation of an outer ingot skin or

rim of relatively pure iron and an inner liquid (core) portion of the ingot with higher

concentrations of alloying and residual elements, especially C, N, S, and P, having lower

melting temperature. The higher purity zone at the surface is preserved during rolling [28].

Rimmed ingots are best suited for the manufacture of many products, such as plates, sheets,

wires, tubes, and shapes, where good surface or ductility is required [28].

The technology of producing rimmed steels limits the maximum content of C and Mn, and

the steel does not retain any significant amount of highly oxidizable elements such as Al, Si, or

Ti. Rimmed steels are cheaper than killed or semikilled steels for only a small addition of

deoxidizer is required and is formed without top scrap.
1 2 3 4 5 6 7 8

Killed Semikilled Capped Rimmed

FIGURE 1.2 Eight typical conditions of commercial steel ingots, cast in identical bottle-top molds, in

relation to the degree of suppression of gas evolution. The dotted line denotes the height to which the

steel originally was poured in each ingot mold. Based on the carbon, and more significantly, the oxygen

content of the steel, the ingot structures range from that of a completely killed ingot (No. 1) to that of a

violently rimmed ingot (No. 8). (From W.D. Landford and H.E. McGannon, Eds., The Making,

Shaping, and Treating of Steel, 10th ed., U.S. Steel, Pittsburgh, PA, 1985.)
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1.3.1 .4 Cappe d Steels

Capped steel is a type of steel wi th charact eristic s sim ilar to those of a rimmed steel but to a

degree inter media te between that of rim med and semik illed steel s. Less deoxidi zer is used to

produ ce a capped ingot than to prod uce a semik illed ingot [29]. This induces a control led

rimming acti on when the ingot is cast. The gas entrappe d during soli dificatio n is ex cess of that

requir ed to countera ct normal shrinka ge, resul ting in a tendency for the steel to rise in the mold.

Capping is a variation of rimmed steel practi ce. The capping operati on confine s the time

of gas evo lution and preven ts the formati on of a n e xcessive number of gas vo ids within the

ingot. The capp ed ingo t process is us ually applie d to steels wi th carbon con tents greater than

0.15% that are used for sheet, strip, tin plate , skelp, wi re, and bars.

Mechanica lly capped steel is pour ed into bottle-t op molds using a he avy cast iron cap to

seal the top of the ingot and to stop the rim ming actio n [29] . Chemical ly capped steel is cast in

open -top molds . The cap ping is a ccomplished by the a ddition of Al or ferr osilicon to the top

of the ingot, causing the steel at the top surfac e to solidify rapidl y. The top portion of the

ingot is cropped and discar ded.

1.3.2 QUALITY DESCRIPTORS AND C LASSIFICATIONS

Quality descriptors are names applied to various steel products to indicate that a particular

product possesses certain characteristics that make it especially well suited for specific applica-

tions or fabrication processes. The quality designations and descriptors for various carbon steel

products and alloy steel plates are listed in Table 1.1. Forging quality and cold extrusion quality

descriptors for carbon steels are self-explanatory. However, others are not explicit; for example,

merchant quality hot-rolled carbon steel bars are made for noncritical applications requiring

modest strength and mild bending or forming but not requiring forging or heat-treating oper-

ations. The quality classification for one steel commodity is not necessarily extended to subse-

quent productsmade from the same commodity; for example, standard quality cold-finished bars

are produced from special quality hot-rolled carbon steel bars. Alloy steel plate qualities are

described by structural, drawing, cold working, pressure vessel, and aircraft qualities [27].

The various physical and mechanical characteristics indicated by a quality descriptor result

from the combined effects of several factors such as (1) the degree of internal soundness, (2) the

relative uniformity of chemical composition, (3) the number, size, and distribution of non-

metallic inclusions, (4) the relative freedom from harmful surface imperfections, (5) extensive

testing during manufacture, (6) the size of the discard cropped from the ingot, and (7) hard-

enability requirements. Control of these factors during manufacture is essential to achieve mill

products with the desired characteristics. The degree of control over these and other related

factors is another segment of information conveyed by the quality descriptor.

Some, but not all, of the basic quality descriptors may be modified by one or more

additional requirements as may be appropriate, namely macroetch test, special discard,

restricted chemical composition, maximum incidental (residual) alloying elements, austenitic

grain size, and special hardenability. These limitations could be applied forging quality alloy

steel bars but not to merchant quality bars.

Understanding the various quality descriptors is difficult because most of the prerequisites

for qualifying steel for a specific descriptor are subjective. Only limitations on chemical

composition ranges, residual alloying elements, nonmetallic inclusion count, austenitic grain

size, and special hardenability are quantifiable. The subjective evaluation of the other attributes

depends on the experience and the skill of the individuals who make the evaluation. Although

the use of these subjective quality descriptors might appear impractical and imprecise, steel

products made to meet the requirements of a specific quality descriptor can be relied upon to

have those characteristics necessary for that product to be used in the suggested application or

fabrication operation [6].
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TABLE 1.1
Quality Descriptionsa of Carbon and Alloy Steels

Carbon Steels Alloy Steels

Semifinished for forging Hot-rolled sheets Mill products Alloy steel plates

Forging quality

Special hardenability

Special internal

soundness

Nonmetallic inclusion

requirement

Special surface

Carbon steel structural

sections

Structural quality

Carbon steel plates

Regular quality

Structural quality

Cold-drawing quality

Cold-pressing quality

Cold-flanging quality

Forging quality

Pressure vessel quality

Hot-rolled carbon steel

bars

Merchant quality

Special quality

Special hardenability

Special internal

soundness

Nonmetallic inclusion

requirement

Special surface

Scrapless nut quality

Axle shaft quality

Cold extrusion quality

Cold-heading and cold-

forging quality

Cold-finished carbon steel

bars

Standard quality

Special hardenability

Special internal

soundness

Nonmetallic inclusion

requirement

Special surface

Cold-heading and cold-

forging quality

Cold extrusion quality

Commercial quality

Drawing quality

Drawing quality special

killed

Structural quality

Cold-rolled sheets

Commercial quality

Drawing quality

Drawing quality special

killed

Structural quality

Porcelain enameling sheets

Commercial quality

Drawing quality

Drawing quality special

killed

Long terne sheets

Commercial quality

Drawing quality

Drawing quality special

killed

Structural quality

Galvanized sheets

Commercial quality

Drawing quality

Drawing quality special

killed

Lock-forming quality

Electrolytic zinc coated

sheets

Commercial quality

Drawing quality

Drawing quality special

killed

Structural quality

Hot-rolled strip

Commercial quality

Drawing quality

Drawing quality special

killed

Structural quality

Cold-rolled strip

Specific quality

descriptions are not

Specific quality

descriptions are not

applicable to tin mill

products

Carbon steel wire

Industrial quality wire

Cold extrusion wires

Heading, forging, and

roll-threading wires

Mechanical spring wires

Upholstery spring

construction wires

Welding wire

Carbon steel flut wire

Stitching wire

Stapling wire

Carbon steel pipe

Structural tubing

Line pipe

Oil country tubular goods

Steel specialty tubular

products

Pressure tubing

Mechanical tubing

Aircraft tubing

Hot-rolled carbon steel

wire rods

Industrial quality

Rods for

manufacture of

wire intended for

electric welded chain

Rods for heading,

forging, and roll-

threading wire

Rods for lock washer

wire

Rods for scrapless nut

wire

Rods for upholstery

spring wire

Rods for welding wire

Drawing quality

Pressure vessel quality

Structural quality

Aircraft physical quality

Hot-rolled alloy steel bars

Regular quality

Aircraft quality or steel

subject to magnetic

particle inspection

Axle shaft quality

Bearing quality

Cold-heading quality

Special cold-heading

quality

Rifle barrel quality,

gun quality, shell or

A.P. shot quality

Alloy steel wire

Aircraft quality

Bearing quality

Special surface quality

Cold-finished alloy steel

bars

Regular quality

Aircraft quality or

steel subject to

magnetic particle

inspection

Axle shaft quality

Bearing shaft quality

Cold-heading quality

Special cold-heading

quality

Rifle barrel quality,

gun quality, shell or

A.P. shot quality

Line pipe

Oil country tubular goods

Steel specialty tubular

goods

Pressure tubing

Mechanical tubing

Stainless and heat-

resisting pipe,

pressure
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provided in cold-

rolled strip because

this product is largely

produced for specific

and use

tubing, and

mechanical tubing

Aircraft tubing

pipe

aIn the case of certain qualities, P and S are usually finished to lower limits than the specified maximum.

Source: From H. Okamoto, C–Fe, in Binary Alloy Phase Diagrams, 2nd ed., T.B. Massalski, Ed., ASM International,

Materials Park, OH, 1990, pp. 842–848.

TABLE 1.1 (Continued)
Quality Descriptionsa of Carbon and Alloy Steels

Carbon Steels Alloy Steels
1.3.3 C LASSIFICATION OF S TEEL B ASED ON C HEMICAL C OMPOSITION

1.3.3 .1 Car bon and Carb on–Mangane se Steels

In addition to carb on, plain carbon steels co ntain the foll owing other elem ents: Mn up to

1.65% , S up to 0.05% , P up to 0.04% , Si up to 0.60%, and Cu up to 0.60%. The effe cts of each

of these elem ents in plain carbo n steels ha ve be en summ arized in Sectio n 1.2.

Carbon steel can be classified according to various deoxidation processes (see Section 1.3.1).

Deoxidation practice and steelmaking process will have an effect on the characteristics and

properties of the steel (see Section 1.2). However, variations in C content have the greatest effect

on mechanical properties, with C additions leading to increased hardness and strength. As such,

carbon steels are generally grouped according to their C content. In general, carbon steels contain

up to 2% total alloying elements and can be subdivided into low-carbon, medium-carbon, high-

carbon, and ultrahigh-carbon (UHC) steels; each of these designations is discussed below.

As a group , carb on steels con stitute the most frequent ly used steel. Table 1.2 lists various

grades of standar d carbo n and low-al loy steel s wi th the Societ y of Autom otive Engi neers an d

Ame rican Iron an d Steel Insti tute (SAE-AI SI) designa tions . Table 1 .3 shows some repres en-

tative standar d carbon steel comp ositions with SAE-AISI and the corres pondin g Un ified

Number ing System (UN S) designa tions [6,8,30].

Low-carbo n steel s con tain up to 0.25% C. The large st categor y of this class is flat-r olled

produ cts (sheet or strip), usuall y in the cold-r olled or subcri tical annealed conditio n an d

usuall y with final tempe r-rolli ng treatment . The carbo n content for high formab ility an d high

draw ability steels is very low (<0.10% C) wi th up to 0.40% M n. These lowe r carbo n steels are

used in automobi le body pa nels, tin plate s, app liances, a nd wire pr oducts.

The low-car bon steels (0.1 0–0.25 % C) have increa sed strength and hardness an d redu ced

form ability compared to the low est carb on group . They are designa ted as carburi zing or case-

hardening steel s [9]. Selection of these grades for carburizing ap plications depend s on the

nature of the part, the propert ies required , an d the process ing pr actices prefer red. An increa se

of carbon content of the ba se steel resul ts in greater core hardness wi th a given que nch.

How ever, an increa se in Mn increa ses the harden ability of both the core an d the case.

A typica l applic ation for carb urized plain carbon steel is for parts with hard wear-re sistant

surfa ce but without any need for increa sed mechani cal propert ies in the core, e.g., small

shafts, plunges, or highly loaded gearing [8]. Rolled structural steels in the form of plates and
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TABLE 1.2
SAE-AISI Designation System for Carbon and Low-Alloy Steels

Numerals and

Digits

Type of Steel and Nominal Alloy

Content (%)

Numerals and

Digits

Type of Steel and Nominal

Alloy Content (%) Numerals and Digits

Type of Steel and Nominal Alloy

Content (%)

Carbon steels Nickel–chromium–molybdenum steels Chromium (bearing) steels

10xxa . . . . . . . . . Plain carbon (Mn 1.00 max)

11xx . . . . . . . . . Resulfurized

12xx . . . . . . . . . Resulfurized and rephosphorized

15xx . . . . . . . . . Plain carbon (max Mn range: 1.00–1.65)

Manganese steels

13xx . . . . . . . . . Mn 1.75

Nickel steels

23xx . . . . . . . . . Ni 3.50

25xx . . . . . . . . . Ni 5.00

Nickel–chromium steels

31xx . . . . . . . . . Ni 1.25; Cr 0.65 and 0.80

32xx . . . . . . . . . Ni 1.75; Cr 1.07

33xx . . . . . . . . . Ni 3.50; Cr 1.50 and 1.57

34xx . . . . . . . . . Ni 3.00; Cr 0.77

Molybdenum steels

40xx . . . . . . . . . Mo 0.20 and 0.25

44xx . . . . . . . . . Mo 0.40 and 0.52

Chromium–molybdenum steels

41xx . . . . . . . . . Cr 0.50, 0.80, and 0.95; Mo 0.12, 0.20,

0.25, and 0.30

43xx . . . . . . . . . Ni 1.82; Cr 0.50 and 0.80;

Mo 0.25

43BVxx Ni 1.82; Cr 0.50; Mo 0.12 and

0.25; V 0.03 min

47xx . . . . . . . . . Ni 1.05; Cr 0.45; Mo 0.20 and

0.35

81xx . . . . . . . . . Ni 0.30; Cr 0.40; Mo 0.12

86xx . . . . . . . . . Ni 0.55; Cr 0.50; Mo 0.20

87xx . . . . . . . . . Ni 0.55; Cr 0.50; Mo 0.25

88xx . . . . . . . . . Ni 0.55; Cr 0.50; Mo 0.35

93xx . . . . . . . . . Ni 3.25; Cr 1.20; Mo 0.12

94xx . . . . . . . . . Ni 0.45; Cr 0.40; Mo 0.12

97xx . . . . . . . . . Ni 0.55; Cr 0.20; Mo 0.20

98xx . . . . . . . . . Ni 1.00; Cr 0.80; Mo 0.25

Nickel–molybdenum steels

46xx . . . . . . . . . Ni 0.85 and 1.82; Mo 0.20 and

0.25

48xx . . . . . . . . . Ni 3.50; Mo 0.25

Chromium steels

50xx . . . . . . . . . Cr 0.27, 0.40, 0.50, and 0.65

51xx . . . . . . . . . Cr 0.80, 0.87, 0.92, 0.95, 1.00, and

1.05

50xxx . . . . . . . . . . . . . . . . . . . . . . . . . . . Cr 0.50

51xxx . . . . . . . . . . . . . . . . . . . . . . . . . . . Cr 1.02 min C 1.00

52xxx . . . . . . . . . . . . . . . . . . . . . . . . . . . Cr 1.45

Chromium–vanadium steels

61xx . . . . . . . . . . . . . . . . . . . . . . . . . . . Cr 0.60, 0.80, and 0.95;

V 0.10 and 0.15 min
Tungsten–chromium steel

72xx . . . . . . . . . . . . . . . . . . . . . . . . . . . W 1.75; Cr 0.75

Silicon–manganese steels

92xx . . . . . . . . . . . . . . . . . . . . . . . . . . . Si 1.40 and 2.00; Mn

0.65, 0.82, and 0.85;

Cr 0 and 0.65
High-strength low-alloy steels

9xx

. . . . . . . . . . . . . . . . . . . . . . . . . . . Various SAE grades
Boron steels

xxBxx

. . . . . . . . . . . . . . . . . . . . . . . . . . . B denotes boron steel
Leaded steels

xxLxx

. . . . . . . . . . . . . . . . . . . . . . . . . . . L denotes leaded steel

aThe xx in the last two digits of these designations indicates that the carbon content (in hundredths of a percent) is to be inserted.

Source: From Courtesy of ASM International, Materials Park, OH. With permission.
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TABLE 1.3
Standard Carbon Steel Compositions with SAE-AISI and Corresponding UNS Designations

Plain Carbon Steel (Nonresulfurized, 1.0% Mn Max)a

UNS SAE-AISI
Cast or Heat Chemical Ranges and Limits (%)a

Number Number C Mn P max S max

G10060 1006 0.08 max 0.45 max 0.040 0.050

G10080 1008 0.10 max 0.50 max 0.040 0.050

G10090 1009 0.15 max 0.60 max 0.040 0.050

G10100 1010 0.08–0.13 0.30–0.60 0.040 0.050

G10120 1012 0.10–0.15 0.30–0.60 0.040 0.050

G10150 1015 0.12–0.18 0.30–0.60 0.040 0.050

G10160 1016 0.12–0.18 0.60–0.90 0.040 0.050

G10170 1017 0.14–0.20 0.30–0.60 0.040 0.050

G10180 1018 0.14–0.20 0.60–0.90 0.040 0.050

G10190 1019 0.14–0.20 0.70–1.00 0.040 0.050

G10200 1020 0.17–0.23 0.30–0.60 0.040 0.050

G10210 1021 0.17–0.23 0.60–0.90 0.040 0.050

G10220 1022 0.17–0.23 0.70–1.00 0.040 0.050

G10230 1023 0.19–0.25 0.30–0.60 0.040 0.050

G10250 1025 0.22–0.28 0.30–0.60 0.040 0.050

G10260 1026 0.22–0.28 0.60–0.90 0.040 0.050

G10300 1030 0.27–0.34 0.60–0.90 0.040 0.050

G10330 1033 0.29–0.36 0.70–1.00 0.040 0.050

G10350 1035 0.31–0.38 0.60–0.90 0.040 0.050

G10370 1037 0.31–0.38 0.70–1.00 0.040 0.050

G10380 1038 0.34–0.42 0.60–0.90 0.040 0.050

G10390 1039 0.36–0.44 0.70–1.00 0.040 0.050

G10400 1040 0.36–0.44 0.60–0.90 0.040 0.050

G10420 1042 0.39–0.47 0.60–0.90 0.040 0.050

G10430 1043 0.39–0.47 0.70–1.00 0.040 0.050

G10450 1045 0.42–0.50 0.60–0.90 0.040 0.050

G10490 1049 0.45–0.53 0.60–0.90 0.040 0.050

G10500 1050 0.47–0.55 0.60–0.90 0.040 0.050

G10550 1055 0.52–0.60 0.60–0.90 0.040 0.050

G10600 1060 0.55–0.66 0.60–0.90 0.040 0.050

G10640 1064 0.59–0.70 0.50–0.80 0.040 0.050

G10650 1065 0.59–0.70 0.60–0.90 0.040 0.050

G10700 1070 0.65–0.76 0.60–0.90 0.040 0.050

G10740 1074 0.69–0.80 0.50–0.80 0.040 0.050

G10750 1075 0.69–0.80 0.40–0.70 0.040 0.050

G10780 1078 0.72–0.86 0.30–0.60 0.040 0.050

G10800 1080 0.74–0.88 0.60–0.90 0.040 0.050

G10840 1084 0.80–0.94 0.60–0.90 0.040 0.050

G10850 1085 0.80–0.94 0.70–1.00 0.040 0.050

G10860 1086 0.80–0.94 0.30–0.50 0.040 0.050

G10900 1090 0.84–0.98 0.60–0.90 0.040 0.050

G10950 1095 0.90–1.04 0.30–0.50 0.040 0.050

Continued

� 2006 by Taylor & Francis Group, LLC.
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TABLE 1.3 (Continued)
Standard Carbon Steel Compositions with SAE-AISI and Corresponding UNS Designations

Free-Cutting (Resulfurized) Carbon Steel Compositionsa

UNS SAE-AISI
Cast or Heat Chemical Ranges and Limits (%)

Number Number C Mn P max S

G11080 1108 0.08–0.13 0.50–0.80 0.040 0.08–0.13

G11100 1110 0.08–0.13 0.30–0.60 0.040 0.08–0.13

G11170 1117 0.14–0.20 1.00–1.30 0.040 0.08–0.13

G11180 1118 0.14–0.20 1.30–1.60 0.040 0.08–0.13

G11370 1137 0.32–0.39 1.35–1.65 0.040 0.08–0.13

G11390 1139 0.35–0.43 1.35–1.65 0.040 0.13–0.20

G11400 1140 0.37–0.44 0.70–1.00 0.040 0.08–0.13

G11410 1141 0.37–0.45 1.35–1.65 0.040 0.08–0.13

G11440 1144 0.40–0.48 1.35–1.65 0.040 0.24–0.33

G11460 1146 0.42–0.49 0.70–1.00 0.040 0.08–0.13

G11S10 1151 0.48–0.55 0.70–1.00 0.040 0.08–0.13

Standard Resulfurized and Rephosphorized Carbon Steelsa

UNS SAE-AISI
Cast or Heat Chemical Ranges and Limits, %(a)

Number Number C max Mn P S Pb

Gl2110 1211 . . . . . . . . . 0.13 0.60–0.90 0.07–0.12 0.10–0.15 —

G12120 1212 . . . . . . . . . 0.13 0.70–1.00 0.07–0.12 0.16–0.23 —

G12130 1213 . . . . . . . . . 0.13 0.70–1.00 0.07–0.12 0.24–0.33 —

G12150 1215 . . . . . . . . . 0.09 0.75–1.05 0.04–0.09 0.26–0.35 —

G12144 12L14b . . . . . . . . . 0.15 0.85–1.15 0.04–0.09 0.26–0.35 0.15–0.35

Standard Nonresulfurized Carbon Steels (Over 1.0% Manganese)

UNS SAE-AISI
Cast or Heat Chemical Ranges and Limits, %

Number Number C Mn P max S max

G15130 1513 . . . . . . . . . . . . . . . . . . 0.10–0.16 1.10–1.40 0.040 0.050

G15220 1522 . . . . . . . . . . . . . . . . . . 0.18–0.24 1.10–1.40 0.040 0.050

G15240 1524 . . . . . . . . . . . . . . . . . . 0.19–0.25 1.35–1.65 0.040 0.050

G15260 1526 . . . . . . . . . . . . . . . . . . 0.22–0.29 1.10–1.40 0.040 0.050

G15270 1527 . . . . . . . . . . . . . . . . . . 0.22–0.29 1.20–1.50 0.040 0.050

G15360 1536 . . . . . . . . . . . . . . . . . . 0.30–0.37 1.20–1.50 0.040 0.050

G15410 1541 . . . . . . . . . . . . . . . . . . 0.36–0.44 1.35–1.65 0.040 0.050

G15480 1548 . . . . . . . . . . . . . . . . . . 0.44–0.52 1.10–1.40 0.040 0.050

G15510 1551 . . . . . . . . . . . . . . . . . . 0.45–0.56 0.85–1.15 0.040 0.050

G15520 1552 . . . . . . . . . . . . . . . . . . 0.47–0.55 1.20–1.50 0.040 0.050

G15610 1561 . . . . . . . . . . . . . . . . . . 0.55–0.65 0.75–1.05 0.040 0.050

G15660 1566 . . . . . . . . . . . . . . . . . . 0.60–0.71 0.85–1.15 0.040 0.050

Applicable to semifinished products for forging, hot-rolled and cold-finished bars, wire rods, and seamless tubing.
aIt is not common practice to produce the 12xx series of steels to specified limits for silicon because of its adverse effect

on machinability.
bContains 0.15–0.35% lead; other steels listed here can be produced with similar amounts of lead.

Source: From Numbering System, Chemical Composition, 1993 SAE Handbook, Vol. 1, Materials Society of Automotive

Engineers, Warrendale, PA, pp. 1.01–1.189.
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sections containing ~0.25% C, with up to 1.5% Mn and Al are used if improved toughness is

required. When used for stampings, forgings, seamless tubes, and boilerplate, Al addition should

be avoided. An important type of this category is the low-carbon free-cutting steels containing up

to 0.15% C and up to 1.2% Mn, a minimum of Si and up to 0.35% S with or without 0.30% Pb.

These steels are suited for automotive mass production manufacturing methods [4].

Medium-c arbon steels con taining 0.30–0 .55% C and 0.60–1 .65% Mn are used wher e

higher mechani cal pro perties are de sired. They are usually harden ed and strengthen ed by

heat treatment or by cold work. Low-carb on and manganes e steels in this group find wi de

applic ations for certa in types of cold-forme d pa rts that need an nealing, normal izing , or

quen ching and tempe ring treat ment be fore use. The higher carbon grad es are often cold

draw n to specific mechani cal propert ies for use withou t heat treat ment for some applic ations.

All of these steels can be used for forgi ngs, and their selec tion is dependen t on the secti on

size and the mechani cal propert ies need ed afte r heat treatment [8]. These grades, general ly

produ ced as kille d steel s, are used for a wide range of applica tions that include automobi le

parts for body , en gines, suspensi ons, steering, engine torque convert er, a nd transmis sion [31].

Some Pb or S add itions make them free- cutting grades, wher eas Al additio n produces grain

refinemen t and improved toughn ess. In general , steels contain ing 0.40–0 .60% C are used as

rails, rail way wheel s, tires, an d axles.

High-carbon steels contain ing 0.55–1 .00% C and 0.30–0 .90% Mn have mo re restrict ed

applic ations than the medium -carbon steel s because of higher pro duction cost an d poor

form ability (or ductilit y) and wel dability. High- carbon steels find ap plications in the spring

indust ry (as light and thicke r plat spring s, laminated spring s, and hea vier coile d spring s), farm

implemen t ind ustry (as plow beams, plow shares , scraper blades, discs, mow ers, kni ves, an d

harrow teeth ), an d high-s trength wires wher e impr oved wear charact eristic s and higher

stren gth than those attainabl e with lower carbon grades are ne eded.

UHC steel s are experi mental plain carbo n steel s with 1.0–2.1% C (15–32 v ol% cement ite)

[32–34 ]. Opti mum superpl astic elongat ion has be en foun d at abo ut 1.6% C content [9]. Thes e

steels have the capab ility of emerg ing as impor tant technol ogical mate rials because they

exhibi t superpl asticit y. The superpl astic be havior of these material s is attribut ed to the

struc ture con sisting of unifor m dist ribut ion of very fine, spheri cal, discont inuous particles

(0 :1---1 : 5 m m diame ter) in a very fine-grai ned ferrite matrix (0 :5---2 : 0 mm diame ter) that can be

readily achieved by any of the four thermomechanical treatment routes described elsewhere [4].

1.3.3 .2 Lo w-Allo y Steel s

Alloy steels may be defined as those steels that owe their impr oved propert ies to the presence

of one or more special elemen ts or to the presen ce of large propo rtions of elem ents such as

Mn and Si than are ord inarily present in carbo n steels [26]. Alloy steels con tain M n, Si, or Cu

in quantities greater than the maximum limits (e.g., 1.65% Mn, 0.60% Si, and 0.60% Cu) of

carbon steels, or they contain special ranges or minimums of one or more alloying elements.

However, in some countries Mn, Si, or Cu as an alloy element in low-alloy and alloy steels is

only greater than 1.00% Mn, 0.50% Si, or 0.10% Cu [7].

The alloying elements increase the mechanical and fabrication properties. Broadly, alloy

steels can be divided into (1) low-alloy steels containing less than 5 wt% total noncarbon alloy

addition, (2) medium-alloy steels containing 5–10 wt% total noncarbon alloy addition, and (3)

high-a lloy steels with more than 1 0 wt% total nonc arbon alloy ad dition. Tabl e 1.4 lists some

low-alloy steel compositions with SAE-AISI and corresponding UNS designations.

Low-alloy steels constitute a group of steels that exhibit superior mechanical properties

compared to plain carbon steels as the result of addition of such alloying elements as Ni, Cr,

and Mo. For many low-alloy steels, the main function of the alloying elements is to increase
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.4
Low-Alloy Steel Compositions Applicable to Billets, Blooms, Slabs, and Hot-Rolled and Cold-Finished Bars (Slightly Wider Ranges

of Compositions Apply to Plates)

UNS

Number

SAE

Number

Corresponding

AISI Number

Ladle Chemical Composition Limits (%)a

C Mn P S Si Ni Cr Mo V

G13300 1330 1330 0.28–0.33 1.60–1.90 0.035 0.040 0.15–0.35 — — — —

G13350 1335 1335 0.33–0.38 1.60–1.90 0.035 0.040 0.15–0.35 — — — —

G13400 1340 1340 0.38–0.43 1.60–1.90 0.035 0.040 0.15–0.35 — — — —

G13450 1345 1345 0.43–0.48 1.60–1.90 0.035 0.040 0.15–0.35 — — — —

G40230 4023 4023 0.20–0.25 0.70–0.90 0.035 0.040 0.15–0.35 — —

G40240 4024 4024 0.20–0.25 0.70–0.90 0.035 0.035–0.050 0.15–0.35 — — 0.20–0.30 —

G40270 4027 4027 0.25–0.30 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.20–0.30 —

G40280 4028 4028 0.25–0.30 0.70–0.90 0.035 0.035–0.050 0.15–0.35 — — 0.20–0.30 —

G40320 4032 — 0.30–0.35 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.20–0.30 —

G40370 4037 4037 0.35–0.40 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.20–0.30 —

G40420 4042 — 0.40–0.45 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.20–0.30 —

G40470 4047 4047 0.45–0.50 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.20–0.30 —

G41180 4118 4118 0.18–0.23 0.70–0.90 0.035 0.040 0.15–0.35 — 0.40–0.60 0.08–0.15 —

G41300 4130 4130 0.28–0.33 0.40–0.60 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41350 4135 — 0.33–0.38 0.70–0.90 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41370 4137 4137 0.35–0.40 0.70–0.90 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41400 4140 4140 0.38–0.43 0.75–1.00 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41420 4142 4142 0.40–0.45 0.75–1.00 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41450 4145 4145 0.41–0.48 0.75–1.00 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41470 4147 4147 0.45–0.50 0.75–1.00 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41500 4150 4150 0.48–0.53 0.75–1.00 0.035 0.040 0.15–0.35 — 0.80–1.10 0.15–0.25 —

G41610 4161 4161 0.56–0.64 0.75–1.00 0.035 0.040 0.15–0.35 — 0.70–0.90 0.25–0.35 —

G43200 4320 4320 0.17–0.22 0.45–0.65 0.035 0.040 0.15–0.35 1.65–2.00 0.40–0.60 0.20–0.30 —

G43400 4340 4340 0.38–0.43 0.60–0.80 0.035 0.040 0.15–0.35 1.65–2.00 0.70–0.90 0.20–0.30 —

G43406 E4340b E4340 0.38–0.43 0.65–0.85 0.025 0.025 0.15–0.35 1.65–2.00 0.70–0.90 0.20–0.30 —

G44220 4422 — 0.20–0.25 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.35–0.45 —

G44270 4427 — 0.24–0.29 0.70–0.90 0.035 0.040 0.15–0.35 — — 0.35–0.45 —
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G46150 4615 4615 0.13–0.18 0.45–0.65 0.035 0.040 0 5–0.25 1.65–2.00 — 0.20–0.30 —

G46170 4617 — 0.15–0.20 0.45–0.65 0.035 0.040 0 5–0.35 1.65–2.00 — 0.20–0.30 —

G46200 4620 4620 0.17–0.22 0.45–0.65 0.035 0.040 0 5–0.35 1.65–2.00 — 0.20–0.30 —

G46260 4626 4626 0.24–0.29 0.45–0.65 0.035 0.040 max 0 5–0.35 0.70–1.00 — 0.15–0.25 —

G47180 4718 4718 0.16–0.21 0.70–0.90 — — — 0.90–1.20 0.35–0.55 0.30–0.40 —

G47200 4720 4720 0.17–0.22 0.50–0.70 0.035 0.040 0 5–0.35 0.90–1.20 0.35–0.55 0.15–0.25 —

G48150 4815 4815 0.13–0.18 0.40–0.60 0.035 0.040 0 5–0.35 3.25–3.75 — 0.20–0.30 —

G48170 4817 4817 0.15–0.20 0.40–0.60 0.035 0.040 0 5–0.35 3.25–3.75 — 0.20–0.30 —

G48200 4820 4820 0.18–0.23 0.50–0.70 0.035 0.040 0 5–0.35 3.23–3.75 — 0.20–0.30 —

G50401 50B40c — 0.38–0.43 0.75–1.00 0.035 0.040 0 5–0.35 — 0.40–0.60 — —

G50441 50B44c 50B44 0.43–0.48 0.75–1.00 0.035 0.040 0 5–0.35 — 0.40–0.60 — —

G50460 5O46 — 0.43–0.48 0.75–1.00 0.035 0.040 0 5–0.35 — 0.20–0.35 — —

G50461 50B46c 50B46 0.44–0.49 0.75–1.00 0.035 0.040 0 5–0.35 — 0.20–0.35 — —

G50501 50B50c 50B50 0.48–0.53 0.75–1.00 0.035 0.040 0 5–0.35 — 0.40–0.60 — —

G50600 5060 — 0.56–0.64 0.75–1.00 0.035 0.040 0 5–0.35 — 0.40–0.60 — —

G50601 50B60c 50B60 0.56–0.64 0.75–1.00 0.035 0.040 0 5–0.35 — 0.40–0.60 — —

G51150 5115 — 0.13–0.18 0.70–0.90 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G51170 5117 5117 0.15–0.20 0.70–1.90 0.040 0.040 0 5–0.35 — 0.70–0.90 — —

G51200 5120 5120 0.17–0.22 0.70–0.90 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G51300 5130 5130 0.28–0.33 0.70–0.90 0.035 0.040 0 5–0.35 — 0.80–1.10 — —

G51320 5132 5132 0.30–0.35 0.60–0.80 0.035 0.040 0 5–0.35 — 0.75–1.00 — —

G51350 5135 5135 0.33–0.38 0.60–0.80 0.035 0.040 0 5–3.35 — 0.80–1.05 — —

G51400 5140 5140 0.38–0.43 0.70–0.90 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G51470 5147 5147 0.46–0.51 0.70–0.95 0.035 0.040 0 5–0.35 — 0.85–1.15 — —

G51500 5150 5150 0.48–0.53 0.70–0.90 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G51550 5155 5155 0.51–0.59 0.70–0.90 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G51600 5160 5160 0.56–0.64 0.75–1.00 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G51601 51B60c 51B60 0.56–0.64 0.75–1.00 0.035 0.040 0 5–0.35 — 0.70–0.90 — —

G50986 50100b — 0.98–1.10 0.25–0.45 0.025 0.025 0 5–0.35 — 0.40–0.60 — —

G51986 51100b E51100 0.98–1.10 0.25–0.45 0.025 0.025 0 5–0.35 — 0.90–1.15 — —

G52986 52100b E52100 0.98–1.10 0.25–0.45 0.025 0.025 0 5–0.35 — 1.30–1.60 — —

Continued
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TABLE 1.4 (Continued)
Low-Alloy Steel Compositions Applicable to Billets, Blooms, Slabs, and Hot-Rolled and Cold-Finished Bars (Slightly Wider Ranges

of Compositions Apply to Plates)

UNS

Number

SAE

Number

Corresponding

AISI Number

Ladle Chemical Composition Limits (%)a

C Mn P S Si Ni Cr Mo V

G61180 6118 6118 0.16–0.21 0.50–0.70 0.035 0.040 0.15–0.35 — 0.50–0.70 — 0.10–0.15

G61500 6150 6150 0.48–0.53 0.70–0.90 0.035 0.040 0.15–0.35 — 0.80–1.10 — 0.15 min

G81150 8115 8115 0.13–0.18 0.70–0.90 0.035 0.040 0.15–0.35 0.20–0.40 0.30–0.50 0.08–0.15 —

G81451 81B45c 81B45 0.43–0.48 0.75–1.00 0.035 0.040 0.15–0.35 0.20–0.40 0.35–0.55 0.08–0.15 —

G86150 8615 8615 0.13–0.18 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86170 8617 8617 0.15–0.20 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86200 8620 8620 0.18–0.23 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86220 8622 8622 0.20–0.25 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86250 8625 8625 0.23–0.28 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86270 8627 8627 0.25–0.30 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86300 8630 8630 0.28–0.33 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86370 8637 8637 0.35–0.40 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86400 8640 8640 0.38–0.43 0.75–1.00 0.035 0.040 0.15–0.35 0.4O–0.70 0.40–0.60 0.15–0.25 —
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G86420 8642 8642 0.40–0.45 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86450 8645 8645 0.43–0.48 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86451 86B45c — 0.43–0.48 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86500 8650 — 0.48–0.53 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86550 8655 8655 0.51–0.59 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G86600 8660 — 0.56–0.64 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.15–0.25 —

G87200 8720 8720 0.18–0.23 0.70–0.90 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.20–0.30 —

G87400 8740 8740 0.38–0.43 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.20–0.30 —

G88220 8822 8822 0.20–0.25 0.75–1.00 0.035 0.040 0.15–0.35 0.40–0.70 0.40–0.60 0.30–0.40 —

G92540 9254 — 0.51–0.59 0.60–0.80 0.035 0.040 1.20–1.60 — 0.60–0.80 — —

G92600 9260 9260 0.56–0.64 0.75–1.00 0.035 0.040 1.80–2.20 — — — —

G93106 9310b — 0.08–0.13 0.45–0.65 0.025 0.025 0.15–0.35 3.00–3.50 1.00–1.40 0.08–0.15 —

G94151 94B15c — 0.13–0.18 0.75–1.00 0.035 0.04 0.15–0.35 0.30–0.60 0.30–0.50 0.08–0.15 —

G94171 94B17c 94B17 0.15–0.20 0.75–1.00 0.035 0.04 0.15–0.35 0.30–0.60 0.30–0.50 0.08–0.15 —

G94301 94B30c 94B30 0.28–0.33 0.75–1.00 0.035 0.04 0.15–0.35 0.30–0.60 0.30–0.50 0.08–0.15 —

aSmall quantities of certain elements that are not specified or required may be found in alloy steels. These elements are to be considered as incidental and are acceptable to the

following maximum amount, copper to 0.35%, nickel to 0.25%, chromium to 0.20%, and molybdenum to 0.06%.
bElectric furnace steel.
cBoron content is 0.0005–0.003%.

Source: From Numbering System, Chemical Composition, 1993 SAE Handbook, Vol. 1, Materials Society of Automotive Engineers, Warrendale, PA, pp. 1.01–1.189.
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the harden ability in orde r to optim ize the stre ngth and toughn ess afte r he at treat ment. In

some instanc es, howeve r, alloy ing elem ents are used to red uce en vironm ental degradat ion

unde r certa in specified conditio ns.

Low-a lloy steel s can be class ified acco rding to: (1) chemi cal composi tion such as nickel

steels, nickel –chromi um steels, molybd enum steels, c hromiu m–molyb denum steels, and so

fort h, ba sed on the principa l alloy ing elements present and as describe d in Tabl e 1.2, (2) heat

treatmen t such as que nched and tempe red, nor malized and tempe red, ann ealed and so on,

and (3) wel dability.

Because of the large varie ty of ch emical composi tions possible an d the fact that some

steels are emp loyed in more than one heat-trea ted cond itions some overla p exist s among the

low -alloy steel classificat ions. However, these grades c an be divide d into four major groups

such as (1) low -carbon quen ched and tempe red (QT) steels, (2) medium -carbon ultrahigh-

stre ngth steel s, (3) bearing steels, an d (4) heat-resi stant Cr–M o steels (see Table 1.5).

Low-c arbon QT steels (also called low -carbon marten sitic steel s) are charact erize d by

relative ly high yiel d stre ngth with a minimum yiel d stre ngth of 690 MPa (100 ksi) and go od

notch toug hness, duc tility, corrosio n resistance , or weldabil ity. The chemi cal composi tions of

low -carbon QT steel s are listed in Table 1.5. These steel s are not included in SAE -AISI

class ification . How ever, they are covered by ASTM de signations, and a few steels, such as

HY-80 an d HY-100, are included in mil itary (MIL) specificat ions. The steels listed are

prim arily availab le in the form of plate, sheet, bar, structural shape, or forged prod ucts.

They are extensivel y used for a wide variety of applic ations such as pressur e vessel s, earth-

moving , an d mini ng equipment and as major member s of large steel struc tures . They are also

used for cold-he ade d and cold-f orged parts as fasteners or pins and hea t-treated to the desir ed

prop erties [26].

Medium- carbon ultrah igh-stre ngth steels are struc tural steels with very high strength.

Thes e steel s exh ibit a mini mum yield stren gth of 1380 MPa (200 ksi). Table 1.5 lists typical

compo sitions such as SAE -AISI 4130, high-s trength 4140, deepe r hardening higher-st rength

4340, 300M (a mod ification of 4340 steel with increa sed Si con tent (1.6%) to rais e the thir d

trans formati on tempe ratur e of tempe ring a nd prevent tempe r embritt lemen t of mart ensite)

and Ladi sh D-6a and Ladish D-6a c steels (anothe r mod ification of 4340 with grain refi ner V

and higher C, Cr, and Mo con tents, developed for aircr aft and mis sile structural ap plica-

tions ). Othe r less promin ent steels that may be included in this fami ly are SAE-AISI 6 150 steel

(a tough shock-r esistant , shall ow-harden ing Cr– V steel with high fatigue and impac t resi st-

ance in the he at-treated cond itions) and 8640 steel (an oil- hardening steel exhibi ting proper-

ties similar to those of 4340 steel) [35] . Produ ct form s include bill et, bar, rod, forgi ngs, plate,

sheet, tubing, and welding wire.

These steel s are used for gears, aircraft landing gear, a irframe parts, pressur e ves-

sels , bolts , spring s, screws, a xles, studs, fasten ers, machi nery parts, con necting rod s, crank-

shaft s, pist on rods, oil well drilling bits, high-pr essure tubing, flanges, wren ches, spro ckets,

etc. [35].

Bearing steels used for ball a nd roller bearing app lications comprise low -carbon (0.10–0.2 0%

C) case- hardened steels an d high-c arbo n (~1% C) throu gh-harde ned or surfa ce-in duction

harden ed steels (see Table 1.5). Many of these steels are covered by SAE-A ISI designa tions.

Chromium –moly bde num he at-resistant steels con tain 0.5–9% Cr, 0.5–1.0% Mo, an d

usuall y less than 0 .20% C. They are ordinar ily suppli ed in the normal ized an d tempe red,

que nched and tempered , or ann ealed con dition. Cr– Mo steels are extensivel y used in oil

refin eries, oil and gas indu stries, chemi cal indust ries, elect ric power generat ing stations and

fossil fuel and nuc lear power plants for piping, heat ex changers , superh eater tubes, and

pressur e vessels. Var ious pro duct shap es and corres pondin g AST M spec ifications for these

steels are provided in Tabl e 1 .6. Nomina l chemi cal comp ositions are given in Table 1.7.
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.5
Chemical Compositions for Typical Low-Alloy Steels

Steel

Composition, wt%a

C Si Mn P S Ni Cr Mo Other

Low-carbon quenched and tempered steels

A 514/A 517 grade A 0.15–0.21 0.40–0.80 0.80–1.10 0.035 0.04 — 0.50–0.80 0.18–0.28 0.05–0.15 Znb

0.0025 B

A 514/A 517 grade F 0.10–0.20 0.15–0.35 0.60–1.00 0.035 0.04 0.70–1.00 0.40–0.65 0.40–0.60 0.03–0.08 V

0.15–0.50 Cu

0.0005–0.005 B

A 514/A 517 grade R 0.15–0.20 0.20–0.35 0.85–1.15 0.035 0.04 0.90–1.10 0.35–0.65 0.15–0.25 0.03–0.08 V

A 533 type A 0.25 0.15–0.40 1.15–1.50 0.035 0.04 — — 0.45–0.60 —

A 533 type C 0.25 0.15–0.40 1.15–1.50 0.035 0.04 0.70–1.00 — 0.45–0.60 —

HY-80 0.12–0.18 0.15–0.35 0.10–0.40 0.025 0.025 2.00–3.25 1.00–1.80 0.20–0.60 0.25 Cu

0.03 V

0.02 Ti

HY-100 0.12–0.20 0.15–0.35 0.10–0.40 0.025 0.025 2.25–3.50 1.00–1.80 0.20–0.60 0.25 Cu

0.03 V

0.02 Ti

Medium-carbon ultrahigh-strength steels

4130 0.28–0.33 0.20–0.35 0.40–0.60 — — — 0.80–1.10 0.15–0.25 —

4340 0.38–0.43 0.20–0.35 0.60–0.80 — — 1.65–2.00 0.70–0.90 0.20–0.30 —

300M 0.40–0.46 1.45–1.80 0.65–0.90 — — 1.65–2.00 0.70–0.95 0.30–0.45 0.05 V min

D-6a 0.42–0.48 0.15–0.30 0.60–0.90 — — 0.40–0.70 0.90–1.20 0.90–1.10 0.05–0.10 V

Carburizing bearing steels

4118 0.18–0.23 0.15–0.30 0.70–0.90 0.035 0.040 — 0.40–0.60 0.08–0.18 —

5120 0.17–0.22 0.15–0.30 0.70–0.90 0.035 0.040 — 0.70–0.90 — —

3310 0.08–0.13 0.20–0.35 0.45–0.60 0.025 0.025 3.25–3.75 1.40–1.75 — —

Through-hardened bearing steels

52100 0.98–1.10 0.15–0.30 0.25–0.45 0.025 0.025 — 1.30–1.60 — —

A 485 grade 1 0.90–1.05 0.45–0.75 0.95–1.25 0.025 0.025 0.25 0.90–1.20 0.10 0.35 Cu

A 485 grade 3 0.95–1.10 0.15–0.35 0.65–0.90 0.025 0.025 0.25 1.10–1.50 0.20–0.30 0.35 Cu

aSingle values represent the maximum allowable.
bZirconium may be replaced by cerium. When cerium is added, the cerium/sulfur ratio should be approximately 1.5:1, based on heat analysis.

Source: From Anon., ASM Handbook, 10th ed., Vol. 1, ASM International, Materials Park, OH, 1990, pp. 140–194.
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TABLE 1.6
ASTM Specifications for Chromium–Molybdenum Steel Product Forms

Type Forgings Tubes Pipe Castings Plate

1/2Cr–1/2Mo A 182-F2 — A 335-P2 — A 387-Gr2

A 369-FP2

A 426-CP2

1Cr–1/2Mo A 182-F12 — A 335-P12 — A 387-Gr12

A 336-F12 A 369-FP12

A 426-CP12

11/4Cr–1/2Mo A 182-F11 A 199-T11 A 335-P11 A 217-WC6 A 387-Gr11

A 336-F11/F11A A 200-T11 A 369-FP11 A 356-Gr6

A 541-C11C A 213-T11 A 426-CP11 A 389-C23

21/4Cr–1Mo A 182-F22/F22a A 199-T22 A 335-P22 A 217-WC9 A 387-Gr22

A 336-F22/F22A A 200-T22 A 369-FP22 A 356-Gr10 A 542

A 541-C22C/22D A 213-T22 A 426-CP22

3Cr–1Mo A 182-F21 A 199-T21 A 335-P21 — A 387-Gr21

A 336-F21/F21A A 200-T21 A 369-FP21

A 213-T21 A 426-CP21

3Cr–1MoV A 182-F21b — — — —

5Cr–1/2Mo A 182-F5/F5a A 199-T5 A 335-P5 A 217-C5 A 387-Gr5

A 336-F5/F5A A 200-T5 A 369-FP5

A 473-501/502 A 213-T5 A 426-CP5

5Cr–1/2MoSi — A 213-T5b A 335-P5b — —

A 426-CP5b

5Cr–1/2MoTi — A 213-T5c A 335-P5c — —

7Cr–1/2Mo A 182-F7 A 199-T7 A 335-P7 — A 387-Gr7

A 473-501A A 200-T7 A 369-FP7

A 213-T7 A 426-CP7

9Cr–1Mo A 182-F9 A 199-T9 A 335-P9 A 217-C12 A 387-Gr9

A 336-F9 A 200-T9 A 369-FP9

A 473-501B A 213-T9 A 426-CP9

Source: From Anon., ASM Handbook, 10th ed., Vol. 1, ASM International, Materials Park, OH, 1990, pp. 140–194.
1.3.3.3 High-Strength Low-Alloy Steels

A general description of HSLA steel is as that containing: (1) low carbon (0.03–0.25%)

content to obtain good toughness, formability, and weldability, (2) one or more of the strong

carbide-forming microalloying elements (MAEs) (e.g., V, Nb, or Ti), (3) a group of solid

solution strengthening elements (e.g., Mn up to 2.0% and Si), and (4) one or more of the

additional MAEs (e.g., Ca, Zr) and the rare earth elements, particularly Ce and La, for sulfide

inclusion shape control and increasing toughness [4,5,21,22,36,37]. In many other HSLA

steels, small amounts of Ni, Cr, Cu, and particularly Mo are also present, which increase

atmospheric corrosion resistance and hardenability. A very fine ferrite grain structure in the

final product produced by a combination of controlled rolling and controlled cooling with an

optimum utilization of microalloying additions, in HSLA steels, is an important factor in

simultaneously increasing strength and toughness and decreasing the ductile–brittle transition

temperature (to as low as �708C). Carbides (NbC, VC, TiC), nitrides (TiN, NbN, AlN), and

carbonitrides (e.g., V(C,N), Nb(C,N), (Nb,V) CN, (Nb,Ti) CN) are the dispersed second-phase

particles that act as grain size refiners or dispersive strengthening phases in HSLA steels.
� 2006 by Taylor & Francis Group, LLC.
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TABLE 1.7
Nominal Chemical Compositions for Heat-Resistant Chromium–Molybdenum Steels

Composition (%)a

Type UNS Designation C Mn S P Si Cr Mo

1/2Cr–1/2Mo K12122 0.10–0.20 0.30–0.80 0.040 0.040 0.10–0.60 0.50–0.80 0.45–0.65

1Cr–1/2Mo K11562 0.15 0.30–0.60 0.045 0.045 0.50 0.80–1.25 0.45–0.65

11/4Cr–1/2Mo K11597 0.15 0.30–0.60 0.030 0.030 0.50–1.00 1.00–1.50 0.45–0 65

11/4Cr–1/2Mo K11592 0.10–0.20 0.30–0.80 0.040 0.040 0.50–1.00 1.00–1.50 0.45–0.65

21/4Cr–1Mo K21590 0.15 0.30–0.60 0.040 0.040 0.50 2.00–2.50 0.87–1.13

3Cr–1Mo K31545 0.15 0.30–0.60 0.030 0.030 0.50 2.65–3.35 0.80–1.06

3Cr–1MoVb K31830 0.18 0.30–0.60 0.020 0.020 0.10 2.75–3.25 0.90–1.10

5Cr–1/2Mo K41545 0.15 0.30–0.60 0.030 0.030 0.50 4.00–6.00 0.45–0.65

7Cr–1/2Mo K61595 0.15 0.30–0.60 0.030 0.030 0.50–1.00 6.00–8.00 0.45–0.65

9Cr–1Mo K90941 0.15 0.30–0.60 0.030 0.030 0.50–1.00 8.00–10.00 0.90–1.10

9Cr–1MoVc — 0.08–0.12 0.30–0.60 0.010 0.020 0.20–0.50 8.00–9.00 0.85–1.05

aSingle values are maximums.
bAlso contains 0.02–0.030% V, 0.001–0.003% B, and 0.015–0.035% Ti.
cAlso contains 0.40% Ni, 0.18–0.25% V, 0.06–0.10% Nb, 0.03–0.07% N, and 0.04% Al.

Source: From Anon., ASM Handbook, 10th ed., Vol. 1, ASM International, Materials Park, OH, 1990, pp. 140–194.
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HSL A steels are su ccessfull y used as ship, plate , bar, structural sectio ns, and forged bar

prod ucts, and find applic ations in severa l divers e fields such as oil and g as pipeli nes; in the

automot ive, ag ricultural, and pressure vessel indust ries, in offshore struc tures and platform s

and in the constr uctions of crane, bridges , buildi ngs, shipbui ldings, railroad , tank cars, and

power transmis sion an d TV tow ers [36].

1.3. 3.3.1 Class ificati on of HSLA Steels
Several specia l terms are used to de scribe various types of HSLA steels [37–39 ]:
� 20
1. Weathe ring steel s : Steel s contain ing ~0.1% C, 0.2–0.5% Cu, 0.5–1. 0% Mn, 0.05–0.15%

P, 0.15–0 .90% Si, and somet imes con taining Cr and Ni, exhibi ting superi or atmos-

pheric corrosio n resistance . Typi cal ap plications include railroad cars, bridges , and

unpa inted buildi ngs.

2. Control -rolled steels : Steel s designa ted to de velop a high ly deformed austeni te structure

by hot roll ing (accor ding to a predete rmin ed rolling schedu le) that will trans form to a

very fine equiaxed ferrite structure on cooling .

3. Pearli te-reduced steel s : Steels strengthened by very fine-grai ned ferrite and precipi ta-

tion hardening but wi th low carbon content , an d therefo re e xhibiting little or no

pearlite in the micr ostructure.

4. Micro alloyed steel s : Convention al HS LA steels con taining V, Ti, or Nb, as define d

above. They exhibi t discon tinuous yiel ding behavior .

5. Acicula r ferr ite steel s : Very low -carbon (typi cally 0 .03–0.06% ) steels with enou gh

hardenab ility (by Mn, Mo , Nb , an d B addition s) to trans form on cooling to a very

fine, high-s trength acicul ar ferrite struc ture rather than the usual polygonal ferrite

struc ture. In add ition to high stre ngth and goo d toughness , these steels have con tinu-

ous yield ing beh avior.

6. Low-carbo n bainite steels : Steel s are strengthen ed by bainit e, with very fine grains and

precipi tations. They contai n 0.02–0 .2% C, 0.6–1. 6% M n, 0.3–0. 6% Mo, and MAEs

(such as V, Nb, Ti, and B), usually con taining 0.4–0.7% Cr. The yield stre ngth of these

steels is higher than 490 M Pa, wi th go od toughness [5].

7. Low-carbo n marten site steels : Steel s are stren gthened by martensit e wi th high hard-

enabil ity (by addition of Mo, Mn , Cr, Nb, and B) and fine grains (by Nb addition ).

These steel s contai n 0.05–0 .25% C, 1.5–2.0% Mn , 0.20–0 .50 Mo , an d MAEs (such as

Nb, Ti, V, a nd B). Some steels contain ing smal l amounts of Ni, Cr, and Cu, after

rolling or forging, and directly quench ing an d tempe ring attain a low -carbon marten s-

ite struc ture with high yiel d stre ngth (760–1 100 MPa ), high tough ness (CVN 50–1 30 J),

and superi or fatigue strength [5,4 0,41].

8. Dual-pha se steels : Steel s compri sing essent ially fine disper sion of ha rd strong mart ensite

but sometimes also retained austenite or even bainite in a soft and fine-grained ferrite

matrix. The volume function of martensite is about 20–30%. Steels are characterized by

continuous yielding (i.e., no yield point elongation), low yield stress (the YS/UTS ratio

being around 0.50), high UTS, superior formability, and rapid initial work-hardening

rate. Additionally, they possess greater resistance to onset of necking (i.e., plastic

instability) in the uniaxial sheet material forming process to provide large uniform strain

[42–45 ]. Table 1.8 lis ts HSL A steel s ac cording to chemi cal co mposition and minimum

machining property requirements.
06 by Taylor & Francis Group, LLC.



TABLE 1.8
Composition Ranges and Limits for SAE HSLA Steels

Heat Composition Limits (%)a

SAE

Designationb C max Mn max P max

942X 0.21 1.35 0.04

945A 0.15 1.00 0.04

945C 0.23 1.40 0.04

945X 0.22 1.35 0.04

950A 0.15 1.30 0.04

950B 0.22 1.30 0.04

950C 0.25 1.60 0.04

950D 0.15 1.00 0.15

950X 0.23 1.35 0.04

955X 0.25 1.35 0.04

960X 0.26 1.45 0.04

965X 0.26 1.45 0.04

970X 0.26 1.65 0.04

980X 0.26 1.65 0.04

aMaximum contents of sulfur and silicon for all grades: 0.050% S, 0.90% Si.
bSecond and third digits of designation indicate minimum yield strength in ksi. Suffix X indicates

that the steel contains niobium, vanadium, nitrogen, or other alloying elements. A second suffixK

indicates that the steel is produced fully killed using fine-grain practice; otherwise, the steel is

produced semikilled.

Source: From Numbering System, Chemical Composition, 1993 SAE Handbook, Vol. 1, Materials

Society of Automotive Engineers, Warrendale, PA, pp. 1.01–1.189.
1.3.3 .4 Tool Steel s

A tool steel is any steel used to shape other meta ls by cutting, form ing, machi ning, battering,

or die casti ng or to shape and cut wood, pap er, rock, or co ncrete. Hence tool steels are

designe d to have high hardness an d dur ability unde r severe service conditio ns. They compri se

a wid e range from plain c arbon steel s with up to 1.2% C without ap preciab le amounts of

alloy ing elem ents to the highly alloyed steel s in whic h alloying additio ns reach 5 0%. Althou gh

some carbon tool steel s an d low -alloy tool steel s ha ve a wid e range of carbon con tent, most of

the higher alloy tool steel s have a compara tive ly narrow carbo n range. A mixed c lassificatio n

system is used to class ify too l steels ba sed on the use, composi tion, specia l mechani cal

propert ies, or method of he at treatment .

Accord ing to AISI specificat ion, there a re nine main grou ps of wrough t tool steels. Table 1.9

lists the composi tions of these tool steels with co rrespondi ng de signated symbol s [46] , which are

discus sed herein.

High-speed steels are used for app lications requir ing lon g life at relative ly high operati ng

tempe ratures such as for heavy cuts or high -speed mach ining. High-sp eed steels are the most

impor tant alloy tool steel s because of their very high hardn ess and goo d wear a ssistance in the

heat-treated condition and their ability to retain high hardness and the elevated temperatures

often encountered during the operation of the tool at high cutting speeds. This red- or hot-

hardness property is an important feature of a high-speed steel [47,48].
� 2006 by Taylor & Francis Group, LLC.
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TABLE 1.9
Composition Limits of Principal Types of Tool Steels

Designation Compositiona (%)

AlSI UNS C Mn Si Cr Ni Mo W V Co

Molybdenum high-speed steels

M1 T11301 0.78–0.88 0.15–0.40 0.20–0.50 3.50–4.00 0.30 max 8.20–9.20 1.40–2.10 1.00–1.35 —

M2 T11302 0.78–0.88; 0.95–1.05 0.15–0.40 0.20–0.45 3.75–4.50 0.30 max 4.50–5.50 5.50–6.75 1.75–2.20 —

M3 class 1 T11313 1.00–1.10 0.15–0.40 0.20–0.45 3.75–4.50 0.30 max 4.75–6.50 5.00–6.75 2.25–2.75 —

M3 class 2 T11323 1.15–125 0.15–0.40 0.20–0.45 3.75–4.50 0.30 max 4.75–6.50 5.00–6.75 2.75–3.75 —

M4 T11304 1.25–1.40 0.15–0.40 0.20–0.45 3.75–4.75 0.30 max 4.25–5.50 5.25–6.50 3.75–4.50 —

M7 T11307 0.97–1.05 0.15–0.40 0.20–0.55 3.50–4.00 0.30 max 8.20–9.20 1.40–2.l0 1.75–2.25 —

M10 T11310 0.84–0.94; 0.95–1.05 0.10–0.40 0.20–0.45 3.75–4.50 0.30 max 7.75–8.50 — 1.80–2.20 —

M30 T11330 0.75–0.85 0.15–0.40 0.20–0.45 3.50–4.25 0.30 max 7.75–9.00 1.30–2.30 1.00–1.40 4.50–5.50

M33 T11333 0.85–0.92 0.15–0.40 0.15–0.50 3.50–4.00 0.30 max 9.00–10.00 1.30–2.10 1.00–1.35 7.75–8.75

M34 T11334 0.85–0.92 0.15–0.40 0.20–0.45 3.50–4.00 0.30 max 7.75–9.20 1.40–2.10 1.90–2.30 7.75–8.75

M35 T11335 0.82–0.88 0.15–0.40 0.20–0.45 3.75–4.50 0.30 max 4.50–5.50 5.50–6.75 1.75–2.20 4.50–5.50

M36 T11336 0.80–0.90 0.15–0.40 0.20–0.45 3.75–4.50 0.30 max 4.50–5.50 5.50–6.50 1.75–2.25 7.75–8.75

M41 T11341 1.05–1.15 0.20–0.60 0.15–0.50 3.75–4.50 0.30 max 3.25–4.25 6.25–7.00 1.75–2.25 4.75–5.75

M42 T11342 1.05–1.15 0.15–0.40 0.15–0.65 3.50–4.25 0.30 max 9.00–10.00 1.15–1.85 0.95–1.35 7.75–8.75

M43 T11343 1.15–1.25 0.20–0.40 0.15–0.65 3.50–4.25 0.30 max 7.50–8.50 2.25–3.00 1.50–1.75 7.75–8.75

M44 T11344 1.10–1.20 0.20–0.40 0.30–0.55 4.00–4.75 0.30 max 6.00–7.00 5.00–5.75 1.85–2.20 11.00–12.25

M46 T11346 1.22–1.30 0.20–0.40 0.40–0.65 3.70–4.20 0.30 max 8.00–8.50 1.90–2.20 3.00–3.30 7.80–8.80

M47 T11347 1.05–1.15 0.15–0.40 0.20–0.45 3.50–4.00 0.30 max 9.25–10.00 1.30–1.80 1.15–1.35 4.75–5.25

M48 T11348 1.42–1.52 0.15–0.40 0.15–0.40 3.50–4.00 0.30 max 4.75–5.50 9.50–10.50 2.75–3.25 8.00–10.00

M62 T11362 1.25–1.35 0.15–0.40 0.15–0.40 3.50–4.00 0.30 max 10.00–11.00 5.75–6.50 1.80–2.10 —

Tungsten high-speed steels

T1 T12001 0.65–0.80 0.10–0.40 0.20–0.40 3.75–4.50 0.30 max — 17.25–18.75 0.90–1.30 —

T2 T12002 0.80–0.90 0.20–0.40 0.20–0.40 3.75–4.50 0.30 max 1.00 max 17.50–19.00 1.80–2.40 —

T4 T12004 0.70–0.80 0.10–0.40 0.20–0.40 3.75–4.50 0.30 max 0.40–1.00 17.50–19.00 0.80–1.20 4.25–5.75

T5 T12005 0.75–0.85 0.20–0.40 0.20–0.40 3.75–5.00 0.30 max 0.50–1.25 17.50–19.00 1.80–2.40 7.00–9.50

T6 T12006 0.75–0.85 0.20–0.40 0.20–0.40 4.00–4.75 0.30 max 0.40–1.00 18.50–21.00 1.50–2.10 11.00–13.00

T8 T12008 0.75–0.85 0.26–0.40 0.20–0.40 3.75–4.50 0.30 max 0.40–1.00 13.25–14.75 1.80–2.40 4.25–5.75

T15 T12015 1.50–1.60 0.15–0.40 0.15–0.40 3.75–5.00 0.30 max 1.00 max 11.75–13.00 4.50–5.25 4.75–5.25
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Intermediate high-speed steels

M50 T11350 0.78–0.88 0.15–0.45 0.20–0.60 3.75–4.50 0.30 max 3.90–4.75 — 0.80–1.25 —

M52 T11352 0.85–0.95 0.15–0.45 0.20–0.60 3.50–4.30 0.30 max 4.00–4.90 0.75–1.50 1.65–2.25 —

Chromium hot-work steels

H10 T20810 0.35–0.45 0.25–0.70 0.80–1.20 3.00–3.75 0.30 max 2.00–3.00 — 0.25–0.75 —

H11 T20811 0.33–0.43 0.20–0.50 0.80–1.20 4.75–5.50 0.30 max 1.10–1.60 — 0.30–0.60 —

H12 T20812 0.30–0.40 0.20–0.50 0.80–1.20 4.75–5.50 0.30 max 1.25–1.75 1.00–1.70 0.50 max —

H13 T20813 0.32–0.45 0.20–0.50 0.80–1.20 4.75–5.50 0.30 max 1.10–1.75 — 0.80–1.20 —

H14 T20814 0.35–0.45 0.20–0.50 0.80–1.20 4.75–5.50 0.30 max — 4.00–5.25 — —

H19 T20819 0.32–0.45 0.20–0.50 0.20–0.50 4.00–4.75 0.30 max 0.30–0.55 3.75–4.50 1.75–2.20 4.00–4.50

Tungsten hot-work steels

H21 T20821 0.26–0.36 0.15–0.40 0.15–0.50 3.00–3.75 0.30 max — 8.50–10.00 0.30–0.60 —

H22 T20822 0.30–0.40 0.15–0.40 0.15–0.40 1.75–3.75 0.30 max — 10.00–11.75 0.25–0.50 —

H23 T20823 0.25–0.35 0.15–0.40 0.15–0.60 11.00–12.75 0.30 max — 11.00–12.75 0.75–1.25 —

H24 T20824 0.42–0.53 0.15–0.40 0.15–0.40 2.50–3.50 0.30 max — 14.00–16.00 0.40–0.60 —

H25 T20825 0.22–0.32 0.15–0.40 0.15–0.40 3.75–4.50 0.30 max — 14.00–16.00 0.40–0.60 —

H26 T20826 0.45–0.55b 0.15–0.40 0.15–0.40 3.75–4.50 0.30 max — 17.25–19.00 0.75–1.25 —

Molybdenum hot-work steels

H42 T20842 0.55–0.70b 0.15–0.40 — 3.75–4.50 0.30 max 4.50–5.50 5.50–6.75 1.75–2.20 —

Air-hardening, medium-alloy, cold-work steels

A2 T30102 0.95–1.05 1.00 max 0.50 max 4.75–5.50 0.30 max 0.90–1.40 — 0.15–0.50 —

A3 T30103 1.20–1.30 0.40–0.60 0.50 max 4.75–5.50 0.30 max 0.90–1.40 — 0.80–1.40 —

A4 T30104 0.95–1.05 1.80–2.20 0.50 max 0.90–2.20 0.30 max 0.90–1.40 — — —

A6 T30106 0.65–0.75 1.80–2.50 0.50 max 0.90–1.20 0.30 max 0.90–1.40 — — —

A7 T30107 2.00–2.85 0.80 max 0.50 max 5.00–5.75 0.30 max 0.90–1.40 0.50–1.50 3.90–5.15 —

A8 T30108 0.50–0.60 0.50 max 0.75–1.10 4.75–5.50 0.30 max 1.15–1.65 1.00–1.50 — —

A9 T30109 0.45–0.55 0.50 max 0.95–1.15 4.75–5.50 1.25–1.75 1.30–1.80 — 0.80–1.40 —

Al0 T30110 1.25–1.50c 1.60–2.10 1.00–1.50 — 1.55–2.05 1.25–1.75 — —

High-carbon, high-chromium, cold-work steels

D2 T30402 1.40–1.60 0.60 max 0.60 max 11.00–13.00 0.30 max 0.70–1.20 — 1.10 max —

D3 T30403 2.00–2.35 0.60 max 0.60 max 11.00–13.50 0.30 max — 1.00 max 1.00 max —

D4 T30404 2.05–2.40 0.60 max 0.60 max 11.00–13.00 0.30 max 0.70–1.20 — 1.00 max —

D5 T30405 1.40–1.60 0.60 max 0.60 max 11.00–13.00 0.30 max 0.70–1.20 — 1.00 max 2.50–3.50

D7 T304O7 2.15–2.50 0.60 max 0.60 max 11.50–13.50 0.30 max 0.70–1.20 — 3.80–4.40 —
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TABLE 1.9 (Continued)
Composition Limits of Principal Types of Tool Steels

Designation Compositiona (%)

AlSI UNS C Mn Si Cr Ni Mo W V Co

Oil-hardening cold-work steels

O1 T31501 0.85–1.00 1.00–1.40 0.50 max 0.40–0.60 0.30 max — 0.40–0.60 0.30 max —

O2 T31502 0.85–0.95 1.40–1.80 0.50 max 0.50 max 0.30 max 0.30 max — 0.30 max —

O6 T31506 1.25–1.55c 0.30–1.10 0.55–1.50 0.30 max 0.30 max 0.20–0.30 — — —

O7 T31507 1.10–1.30 1.00 max 0.60 max 0.35–0.85 0.30 max 0.30 max 1.00–2.00 0.40 max —

Shock-resisting steels

S1 T41901 0.40–0.55 0.10–0.40 0.15–1.20 1.00–1.80 0.30 max 0.50 max 1.50–3.00 0.15–0.30 —

S2 T41902 0.40–0.55 0.30–0.50 0.90–1.20 — 0.30 max 0.30–0.60 — 0.50 max —

S5 T41905 0.50–0.65 0.60–1.00 1.75–2.25 0.50 max — 0.20–1.35 — 0.35 max —

S6 T41906 0.40–0.50 1.20–1.50 2.00–2.50 1.20–1.50 — 0.30–0.50 — 0.20–0.40 —

S7 T41907 0.45–0.55 0.20–0.90 0.20–1.00 3.00–3.50 — 1.30–1.80 — 0.20–0.30d —

Low-alloy special-purpose tool steels

L2 T61202 0.45–1.00b 0.10–0.90 0.50 max 0.70–1.20 — 0.25 max — 0.10–0.30 —

L6 T61206 0.65–0.75 0.25–0.80 0.50 max 0.60–1.20 1.25–2.00 0.50 max — 0.20–0.30d —
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Low-carbon mold steels

P2 T51602 0.10 max 0.10–0.40 0.10–0.40 0.75–1.25 0.10–4.50 0.15–0.40 — — —

P3 T51603 0.10 max 0.20–0.60 0.40 max 0.40–0.75 1.00–1.50 — — — —

P4 T51604 0.12 max 0.20–0.60 0.10–0.40 4.00–5.25 — 0.40–1.00 — — —

P5 T51605 0.10 max 0.20–0.60 0.40 max 2.00–2.50 0.35 max — — — —

P6 T51606 0.05–0.15 0.35–0.70 0.10–0.40 1.25–1.75 3.25–3.75 — — — —

P20 T51620 0.28–0.40 0.60–1.00 0.20–0.80 1.40–2.00 — 0.30–0.55 — — —

P21 T51621 0.18–0.22 0.20–0.40 0.20–0.40 0.50 max 3.90–4.25 — — 0.15–0.25 1.05–1.25Al

Water-hardening tool steels

W1 T72301 0.70–1.50e 0.10–0.40 0.10–0.40 0.15 max 0.20 max 0.10 max 0.15 max 0.10 max —

W2 T72302 0.85–1.50e 0.10–0.40 0.10–0.40 0.15 max 0.20 max 0.10 max 0.15 max 0.15–0.35 —

W5 T72305 1.05–1.15 0.10–0.40 0.10–0.40 0.40–0.60 0.20 max 0.10 max 0.15 max 0.10 max —

aAll steels except group W contain 0.25 max Cu, 0.03 max P, and 0.03 max S; group W steels contain 0.20 max Cu, 0.025 max P, and 0.025 max S. Where specified, sulfur may be

increased to 0.06 to 0.15% to improve machinability of group A, D, H, M, and T steels.
bAvailable in several carbon ranges.
cContains free graphite in the microstructure.
dOptional.
eSpecified carbon ranges are designated by suffix numbers.

Source: From A.M. Bayer and L.R. Walton, in ASM Handbook, 10th ed., Vol. 1, ASM International, Materials, Park, OH, 1990, pp. 757–779.
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High-speed steels are grouped into molybdenum type M and tungsten type T. Type M

tool steels contain Mo, W, Cr, V, Mo, and C as the major alloying elements, while type T tool

steels contain W, Cr, V, Mo, Co, and C as the main alloying elements. In the United States,

type M steels account for 95% of the high-speed steels produced. There is also a subgroup

consisting of intermediate high-speed steels in the M group. The most popular grades among

molybdenum types are M1, M2, M4, M7, M10, and M42, while those among tungsten types

are T1 and T15.

The main advantage of type M steels is their lower initial cost (approximately 40% cheaper

than that of similar type T steels), but they are more susceptible to decarburizing, thereby

necessitating better temperature control than type T steels. By using salt baths and sometimes

surface coatings, decarburization can be controlled. The mechanical properties of type M and

type T steels are similar except that type M steels have slightly greater toughness than type T

steels at the same hardness level [4].

Hot-work tool steels (AISI series) fall into three major groups: (1) chromium-base,

types H1–H19, (2) tungsten-base, types H20–H39, and (3) molybdenum-base, types

H40–H59. The distinction is based on the principal alloying additions; however, all classes

have medium carbon content and Cr content varying from 1.75 to 12.75%. Among these

steels, H11, H12, H13 are produced in large quantities. These steels possess good red-

hardness and retain high hardness (~50 Rc) after prolonged exposures at 500–5508C. They

are used extensively for hot-work applications, which include parts for aluminum and

magnesium die casting and extrusion, plastic injection molding, and compression and transfer

molds [47].

Cold-work tool steels comprise three categories: (1) air-hardening, medium-alloy tool

steels (AISI A series), (2) high-chromium tool steels (AISI D series), and (3) oil-hardening

tool steels (AISI O series). AISI A series tool steels have high hardenability and harden readily

on air cooling. In the air-hardened and tempered condition, they are suitable for applications

where improved toughness and reasonably good abrasion resistance are required such as for

forming, blanking, and drawing dies. The most popular grade is A2. AISI D series tool steels

possess excellent wear resistance and nondeforming properties, thereby making them very

useful as cold-work die steels. They find applications in blanking and cold-forming dies,

drawing and lamination dies, thread-rolling dies, shear and slitter blades, forming rolls, and

so forth. Among these steels, D2 is by far the most popular grade [47]. AISI O series tool

steels are used for blanking, coining, drawing, and forming dies and punches, shear blades,

gauges, and chuck jaws after oil quenching and tempering [47]. Among these grades, O1 is the

most widely used.

Shock-resisting tool steels (AISI S series) are used where repetitive impact stresses are

encountered such as in hammers, chipping and cold chisels, rivet sets, punches, driver bits,

stamps, and shear blades in quenched and tempered conditions. In these steels, high tough-

ness is the major concern and hardness the secondary concern. Among these grades, S5 and

S7 are perhaps the most widely used.

Low-alloy special-purpose tool steels (AISI series) are similar in composition to the W-

type tool steels, except that the addition of Cr and other elements render greater hardenability

and wear-resistance properties, type L6 and the low-carbon version of L2 are commonly used

for a large number of machine parts.

Mold steels (AISI P series) are mostly used in low-temperature die casting dies and in

molds for the injection or compression molding of plastics [46].

Water-hardening tool steels (AISI W series): Among the three compositions listed, W1 is the

most widely used as cutting tools, punches, dies, files, reamers, taps, drills, razors, wood-

working tools, and surgical instruments in the quenched and tempered condition.
� 2006 by Taylor & Francis Group, LLC.



1.3.3 .5 Stai nless Steels

Stainless steels may be define d as complex alloy steels contain ing a mini mum of 10.5% Cr

with or wi thout other elem ents to pr oduce austeni tic, ferr itic, duplex (ferrit ic–austenit ic),

marten sitic, an d precipi tation-har dening grades. AISI uses a three-d igit code for stain less steels.

Table 1.10 and Tabl e 1.11 list the composi tions of standar d and nonstandar d stainles s steels,

respectively, with the corresponding designated symbols, which are discussed below [49].

Austenitic stainless steels constitute about 65–70% of the total U.S. stainless steel pro-

duction and have occupied a dominant position because of their higher corrosion resistance

such as strength and toughness at both elevated and ambient temperatures, excellent cryo-

genic properties, esthetic appeal, and varying specific combination and properties that can be

obtained by different compositions within the group [50].

In general, austenitic stainless steels are Fe–Cr–Ni–C and Fe–Cr–Mn–Ni–N alloys con-

taining 16–26% Cr, 0.75–19.0% Mn, 1–40% Ni, 0.03–0.35% C, and sufficient N to stabilize

austenite at room and elevated temperatures. The 2xx series (Cr–Mn–Ni) steels contain N,

5.5–15.5% Mn, and up to 6% Ni, the 3xx (Cr–Ni) types contain higher amounts of Ni and up

to 2% Mn. Mo, Cu, and Si may be added to increase corrosion resistance. Ti and Nb may be

added to decrease the sensitivity of intergranular corrosion. The addition of Mo and N may

increase halide-pitting resistance; Si and Cu may be added to increase resistance to stress

corrosion cracking. S and Se may be added to certain series to enhance machinability.

Nitrogen is added to increase yield strength.

Broadly, austenitic stainless steels can be classified into ten groups [4,51]. These classifi-

cations are not straightforward because of the overlapping effects.

Ferrite stainless steels contain essentially 10.5–30% Cr with additions of Mn and Si and

occasionally Mo, Ni, Al, Ti, or Nb to confer particular characteristics. As they remain ferritic

at room and elevated temperatures, they cannot be hardened by heat treatment. The ductile–

brittle transition temperature of ferrite stainless steels is higher than room temperature; if

CþN < 0:0015 wt%, the transition temperature can be kept well below the room tempera-

ture. These extra-low interstitial ferritic stainless steels have good ductility and toughness.

The yield strength of ferritic stainless steels in the annealed condition is usually in the range

275–415 MPa (40–60 ksi). They are used because of their good ductility, good resistance to

general liquid corrosion, and high-temperature oxidation, resistance to pitting and stress

corrosion cracking, and generally lower cost than the austenitic grades [10]. As in the ferritic

grade, S and Se may be added to improve machinability.

The standard ferrite stainless steels are types 405, 409, 429, 430, 430F, 430F–Se, 434, 436,

439, 444, and 446 (Table 1.10). In addition, high-quality ferrite stainless steels are types

E-Brite 26-1, MoNiT (25-4-4), AL29-4c, and AL29-4-2 (Table 1.11).

Duplex stainless steels contain 18–29% Cr, 2.5–8.5% Ni, and 1–4% Mo, up to 2.5% Mn, up

to 2% Si, and up to 0.35% N. They possess a mixed structure of ferrite and austenite.

The volume fractions of ferrite and austenite vary between 0.3 and 0.7 in a duplex structure.

The ratio of the ferrite and austenitic determines the properties of duplex stainless steels. The

yield strength increases with increasing ferrite content. The ultimate tensile strength rises to a

maximum at 70–80% ferrite, then decreases as the ferrite goes to 100%. Compared to austenitic

grades, they can offer improved yield strength (about two to three times greater) and greater

resistance to stress corrosion cracking, but the deep drawability is less than austenitic grades.

Compared to ferritic grades, they can provide improved toughness, formability, and weld-

ability. The duplex stainless steels can be embrittled due to the formability a0 and s phases. In

general, duplex stainless steels cannot be used in the temperature range from 300 to 9508C.

Types AISI 329 and Carpenter 7-Mo and 7-Mo-Plus (UNS S32950) are the more popular

duplex steels (Table 1.10 and Table 1.11). The new type SAF2507 contains ultralow carbon
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.10
Compositions of Standard Stainless Steels

Type

UNS

Designation

Composition (%)a

C Mn Si Cr Ni P S Other

Austenitic types

201 S20100 0.15 5.5–7.5 1.00 16.0–18.0 3.5–5.5 0.06 0.03 0.25 N

202 S20200 0.15 7.5–10.0 1.00 17.0–19.0 4.0–6.0 0.06 0.03 0.25 N

205 S20500 0.12–0.25 14.0–15.5 1.00 16.5–18.0 1.0–1.75 0.06 0.03 0.32–0.40 N

301 S30100 0.15 2.00 1.00 16.0–18.0 6.0–8.0 0.045 0.03 —

302 S30200 0.15 2.00 1.00 17.0–19.0 8.0–10.0 0.045 0.03 —

302B S30215 0.15 2.00 2.0–3.0 17.0–19.0 8.0–10.0 0.045 0.03 —

303 S30300 0.15 2.00 1.00 17.0–19.0 8.0–10.0 0.2 0.15 min 0.6 Mob

303Se S30323 0.15 2.00 1.00 17.0–19.0 8.0–10.0 0.2 0.06 0.15 min Se

304 S30400 0.08 2.00 1.00 18.0–20.0 8.0–10.5 0.045 0.03 —

304H S30409 0.04–0.10 2.00 1.00 18.0–20.0 8.0–10.5 0.045 0.03 —

304L S30403 0.03 2.00 1.00 18.0–20.0 8.0–12.0 0.045 0.03 —

304LN S30453 0.03 2.00 1.00 18.0–20.0 8.0–12.0 0.045 0.03 0.10–0.16 N

302Cu S30430 0.08 2.00 1.00 17.0–19.0 8.0–10.0 0.045 0.03 3.0–4.0 Cu

304N S30451 0.08 2.00 1.00 18.0–20.0 8.0–10.5 0.045 0.03 0.10–0.16 N

305 S30500 0.12 2.00 1.00 17.0–19.0 10.5–13.0 0.045 0.03 —

308 S30800 0.08 2.00 1.00 19.0–21.0 10.0–12.0 0.045 0.03 —

309 S30900 0.20 2.00 1.00 22.0–24.0 12.0–15.0 0.045 0.03 —

309S S30908 0.08 2.00 1.00 22.0–24.0 12.0–15.0 0.045 0.03 —

310 S31000 0.25 2.00 1.50 24.0–26.0 19.0–22.0 0.045 0.03 —

310S S31008 0.08 2.00 1.50 24.0–26.0 19.0–22.0 0.045 0.03 —

314 S31400 0.25 2.00 1.5–3.0 23.0–26.0 19.0–22.0 0.045 0.03 —

316 S31600 0.08 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.03 2.0–3.0 Mo

316F S31620 0.08 2.00 1.00 16.0–18.0 10.0–14.0 0.20 0.10 min 1.75–2.5 Mo

316H S31609 0.04–0.10 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.03 2.0–3.0 Mo

316L S31603 0.03 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.03 2.0–3.0 Mo

316LN S31653 0.03 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.03 2.0–3.0 Mo;

0.10–0.16N

316N S31651 0.08 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.03 2.0–3.0 Mo;

0.10–0.16 N
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317 S31700 0.08 2.00 1.00 18.0–20.0 11.0–15.0 0.045 0.03 3.0–4.0 Mo

317L S31703 0.03 2.00 1.00 18.0–20.0 11.0–15.0 0.045 0.03 3.0–4.0 Mo

321 S32100 0.08 2.00 1.00 17.0–19.0 9.0–12.0 0.045 0.03 5 � %C min Ti

321H S32109 0.04–0.10 2.00 1.00 17.0–19.0 9.0–12.0 0.045 0.03 5 � %C min Ti

330 N08330 0.08 2.00 0.75–1.5 17.0–20.0 34.0–37.0 0.04 0.03 —

347 S34700 0.08 2.00 1.00 17.0–19.0 9.0–13.0 0.045 0.03 10 � %C min Nb

347H S34709 0.04–0.10 2.00 1.00 17.0–19.0 9.0–13.0 0.045 0.03 8 � %C min–1.0 max Nb

348 S34800 0.08 2.00 1.00 17.0–19.0 9.0–13.0 0.045 0.03 0.2 Co; 10 � %C min Nb;

0.10 Ta

348H S34809 0.04–0.10 2.00 1.00 17.0–19.0 9.0–13.0 0.045 0.03 0.2 Co; 8 � %C min–

1.0 max Nb; 0.10 Ta

384 S38400 0.08 2.00 1.00 15.0–17.0 17.0–19.0 0.045 0.03 —

Ferritic types

405 S40500 0.08 1.00 1.00 11.5–14.5 — 0.04 0.03 0.10–0.30 A1

409 S40900 0.08 1.00 1.00 10.5–11.75 0.5 0.045 0.045 6 � %C min–

0.75 max Ti

429 S42900 0.12 1.00 1.00 14.0–16.0 — 0.04 0.03 —

430 S43000 0.12 1.00 1.00 16.0–18.0 — 0.04 0.03 —

430F S43020 0.12 1.25 1.00 16.0–18.0 — 0.06 0.15 min 0.6 Mob

430FSe S43023 0.12 1.25 1.00 16.0–18.0 — 0.06 0.06 0.15 min Se

434 S43400 0.12 1.00 1.00 16.0–18.0 — 0.04 0.03 0.75–1.25 Mo

436 S43600 0.12 1.00 1.00 16.0–18.0 — 0.04 0.03 0.75–1.25 Mo;

5 � %C min–

0.70 max Nb

439 S43035 0.07 1.00 1.00 17.0–19.0 0.50 0.04 0.03 0.15 Al; 12 �
%C min–1.10 Ti

442 S44200 0.2 1.00 1.00 18.0–23.0 — 0.04 0.03

444 S44400 0.025 1.00 1.00 17.5–19.5 1.00 0.04 0.03 1.75–2.50 Mo;

0.025 N; 0.2 þ
4 (%C þ %N) min–

0.8 max (Ti þ Nb)

446 S44600 0.20 1.50 1.00 23.0–27.0 — 0.04 0.03 0.25 N
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TABLE 1.10 (Continued)
Compositions of Standard Stainless Steels

Type

UNS

Designation

Composition (%)a

C Mn Si Cr Ni P S Other

Duplex (ferritic–austenitic) type

329 S32900 0.20 1.00 0.75 23.0–28.0 2.50–5.00 0.04 0.03 1.00–2.00 Mo

Martensitic types

403 S40300 0.15 1.00 0.50 11.5–13.0 — 0.04 0.03 —

410 S41000 0.15 1.00 1.00 11.5–13.5 — 0.04 0.03 —

414 S41400 0.15 1.00 1.00 11.5–13.5 1.25–2.50 0.04 0.03 —

416 S41600 0.15 1.25 1.00 12.0–14.0 — 0.06 0.15 min 0.6 Mob

416Se S41623 0.15 1.25 1.00 12.0–14.0 — 0.06 0.06 0.15 min Se

420 S42000 0.15 min 1.00 1.00 12.0–14.0 — 0.04 0.03 —

420F S42020 0.15 min 1.25 1.00 12.0–14.0 — 0.06 0.15 min 0.6 Mob

422 S42200 0.20–0.25 1.00 0.75 11.5–13.5 0.5–1.0 0.04 0.03 0.75–1.25 Mo;

0.75–1.25 W;

0.15–0.3 V

431 S43100 0.20 1.00 1.00 15.0–17.0 1.25–2.50 0.04 0.03 —

440A S44002 0.60–0.75 1.00 1.00 16.0–18.0 — 0.04 0.03 0.75 Mo

440B S44003 0.75–0.95 1.00 1.00 16.0–18.0 — 0.04 0.03 0.75 Mo

440C S44004 0.95–1.20 1.00 1.00 16.0–18.0 — 0.04 0.03 0.75 Mo

Precipitation-hardening types

PH13-8Mo S13800 0.05 0.20 0.10 12.25–13.25 7.5–8.5 0.01 0.008 2.0–2.5 Mo;

0.90–1.35 Al;

0.01 N

15-5PH S15500 0.07 1.00 1.00 14.0–15.5 3.5–5.5 0.04 0.03 2.5–4.5 Cu;

0.15–0.45 Nb

17-4PH S17400 0.07 1.00 1.00 15.5–17.5 3.0–5.0 0.04 0.03 3.0–5.0 Cu;

0.15–0.45 Nb

17-7PH S17700 0.09 1.00 1.00 16.0–18.0 6.5–7.75 0.04 0.04 0.75–1.5 Al

aSingle values are maximum values unless otherwise indicated.
bOptional.

Source: From S.D. Washko and G. Aggen, in ASM Handbook, 10th ed., Vol. 1, ASM International, Materials Park, OH, 1990, pp. 841–907.
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TABLE 1.11
Compositions of Nonstandard Stainless Steels

Composition (%)b

Designationa

UNS

Designation C Ma Si Cr Ni P S Other

Austenitic stainless steels

Gall-Tough S20161 0.15 4.00–6.00 3.00–4.00 15.00–18.00 4.00–6.00 0.040 0.040 0.08–0.20 N

203 EZ (XM-II) S20300 0.08 5.0–6.5 1.00 16.0–18.0 5.0–6.5 0.040 0.18–0.35 0.5 Mo;

1.75–2.25 Cu

Nitronic 50 (XM-19) S20910 0.06 4.0–6.0 1.00 20.5–23.5 11.5–13.5 0.040 0.030 1.5–3.0 Mo;

0.2–0.4 N;

0.1–0.3 Nb;

0.1–0.3 V

Tenelon (XM-31) S21400 0.12 14.5–16.0 0.3–1.0 7.0–18.5 0.75 0.045 0.030 0.35 N

Cryogenic Tenelon

(XM-14) S21460 0.12 14.0–16.0 1.00 7.0–19.0 5.0–6.0 0.060 0.030 0.35–0.50 N

Esshete 1250 S21500 0.15 5.5–7.0 1.20 14.0–16.0 9.0–11.0 0.040 0.030 0.003–0.009 B;

0.75–1.25 Nb;

0.15–0.40 V

Type 216 (XM-17) S21600 0.08 7.5–9.0 1.00 17.5–22.0 5.0–7.0 0.045 0.030 2.0–3.0 Mo;

0.25–0.50 N

Type 216 L (XM-18) S21603 0.03 7.5–9.0 1.00 17.5–22.0 7.5–9.0 0.045 0.030 2.0–3.0 Mo;

0.25–0.50 N

Nitronic 60 S21800 0.10 7.0–9.0 3.5–4.5 16.0–18.0 8.0–9.0 0.040 0.030 0.08–0.18 N

Nitronic 40 (XM-10) S21900 0.08 8.0–10.0 1.00 19.0–21.5 5.5–7.5 0.060 0.030 0.15–0.40 N

21-6-9 LC S21904 0.04 8.00–10.00 1.00 19.00–21.50 5.50–7.50 0.060 0.030 0.15–0.40 N

Nitronic 33 (18-3-Mn) S24000 0.08 11.50–14.50 1.00 17.00–19.00 2.50–3.75 0.060 0.030 0.20–0.40 N

Nitronic 32 (18-2-Mn) S24100 0.15 11.00–14.00 1.00 16.50–19.50 0.50–2.50 0.060 0.030 0.20–0.45 N

18-18 Plus S28200 0.15 17.0–19.0 1.00 17.5–19.5 — 0.045 0.030 0.5–1.5 Mo; 0.5–1.5

Cu; 0.4–0.6 N

303 Plus X (XM-5) S30310 0.15 2.5–4.5 1.00 17.0–19.0 7.0–10.0 0.020 0.25 min 0.6 Mo

MVMAc S30415 0.05 0.60 1.30 18.5 9.50 — — 0.15 N; 0.04 Ce

304Bld S30424 0.08 2.00 0.75 18.00–20.00 12.00–15.00 0.045 0.030 0.10 N; 1.00–1.25 B
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TABLE 1.11 (Continued)
Compositions of Nonstandard Stainless Steels

Composition (%)b

Designationa

UNS

Designation C Ma Si Cr Ni P S Other

304 HN (XM-21) S30452 0.04–0.10 2.00 1.00 18.0–20.0 8.0–10.5 0.045 0.030 0.16–0.30 N

Cronifer 1815 LCSi S30600 0.018 2.00 3.7–4.3 17.0–18.5 14.0–15.5 0.020 0.020 0.2 Mo

RA 85 Hc S30615 0.20 0.80 3.50 18.5 14.50 — — 1.0 Al

253 MA S30815 0.05–0.l0 0.80 1.4–2.0 20.0–22.0 10.0–12.0 0.040 0.030 0.14–0.20 N;

0.03–0.08 Ce;

1.0 Al

Type 309 S Cb S30940 0.08 2.00 1.00 22.0–24.0 12.0–15.0 0.045 0.030 10 � %C min to

1.10 max Nb

Type 310 Cb S31040 0.08 2.00 1.50 24.0–26.0 19.0–22.0 0.045 0.030 l0 � %C min to

1.10 max Nb þ
Ta

254 SMO S31254 0.020 1.00 0.80 19.50–20.50 17.50–18.50 0.030 0.010 6.00–6.50 Mo;

0.50–1.00 Cu;

0.180–0.220 N

Type 316 Ti S31635 0.08 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.030 5 �%(C þN) min to

0.70 max Ti;

2.0–3.0 Mo;

0.10 N

Type 316 Cb S31640 0.08 2.00 1.00 16.0–18.0 10.0–14.0 0.045 0.030 10 � %C min to

1.10 max Nb þ
Ta; 2.0–3.0 Mo;

0.10 N

Type 316 HQ — 0.030 2.00 1.00 16.00–18.25 10.00–14.00 0.030 0.015 3.00–4.00 Cu;

2.00–3.00 Mo

Type 317 LM S31725 0.03 2.00 1.00 18.0–20.0 13.5–17.5 0.045 0.030 4.0–5.0 Mo; 0.10 N

17-14-4 LN S31726 0.03 2.00 0.75 17.0–20.0 13.5–17.5 0.045 0.030 4.0–5.0 Mo;

0.10–0.20 N

Type 317 LN S31753 0.03 2.00 1.00 18.0–20.0 11.0–15.0 0.030 0.030 0.10–0.22 N

Type 370 S37000 0.03–0.05 1.65–2.35 0.5–1.0 12.5–14.5 14.5–16.5 0.040 0.010 1.5–2.5 Mo;
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0.1–0.4 Ti;

0.005 N; 0.05 Co

18-18-2 (XM-15) S38100 0.08 2.00 1.5–2.5 17.0–19.0 17. 18.5 0.030 0.030 —

19-9 DL S63198 0.28–0.35 0.75–1.50 0.03–0.8 18.0–21.0 8.0 1.0 0.040 0.030 1.0–1.75 Mo;

0.1–0.35 Ti;

1.0–1.75 W;

0.25–0.60 Nb

20Cb-3 N08020 0.07 2.00 1.00 19.0–21.0 32. 38.0 0.045 0.035 2.0–3.0 Mo;

3.0–4.0 Cu;

8 � %C min to

1.00 max Nb

20Mo-4 N08024 0.03 1.00 0.50 22.5–25.0 35. 40.0 0.035 0.035 3.50–5.00 Mo;

0.50–1.50 Cu;

0.15–0.35 Nb

20Mo-6 N08026 0.03 1.00 0.50 22.00–26.00 33. –37.20 0.03 0.03 5.00–6.70 Mo;

2.00–4.00 Cu

Sanicro 28 N08028 0.02 2.00 1.00 26.0–28.0 29. 32.5 0.020 0.015 3.0–4.0 Mo;

0.6–1.4 Cu

AL-6X N08366 0.035 2.00 1.00 20.0–22.0 23. 25.5 0.030 0.030 6.0–7.0 Mo

AL-6XN N08367 0.030 2.00 1.00 20.0–22.0 23. –25.50 0.040 0.030 6.00–7.00 Mo;

0.18–0.25 N

JS-700 N08700 0.04 2.00 1.00 19.0–23.0 24. 26.0 0.040 0.030 4.3–5.0 Mo;

8 � %C min to

0.5 max Nb;

0.5 Cu; 0.005 Pb;

0.035 S

Type 332 N08800 0.01 1.50 1.00 19.0–23.0 30. 35.0 0.045 0.015 0.15–0.60 Ti;

0.15–0.60 Al

904L N08904 0.02 2.00 1.00 19.0–23.0 23. 28.0 0.045 0.035 4.0–5.0 Mo:

1.0–2.0 Cu

Cronifer 1925 hMo N08925 0.02 1.00 0.50 24.0–26.0 19. 21.0 0.045 0.030 6.0–7.0 Mo;

0.8–1.5 Cu;

0.10–0.20 N
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TABLE 1.11 (Continued)
Compositions of Nonstandard Stainless Steels

Composition (%)b

Designationa

UNS

Designation C Ma Si Cr Ni P S Other

Cronifer 2328 — 0.04 0.75 0.75 22.0–24.0 26.0–28.0 0.030 0.015 2.5–3.5 Cu;

0.4–0.7 Ti;

2.5–3.0 Mo

Ferritic stainless steels

18-2 FM (XM-34) S18200 0.08 1.25–2.50 1.00 17.5–19.5 — 0.040 0.15 min 1.5–2.5 Mo

Type 430 Ti S43036 0.10 1.00 1.00 16.0–19.5 0.75 0.040 0.030 5 � %C min to

0.75 max Ti

Type 441 S44100 0.03 1.00 1.00 17.5–19.5 1.00 0.040 0.040 0.3 þ 9 � (%C) min

to 0.90 max Nb;

0.1–0.5 Ti; 0.03 N

E-Brite 26-1 S44627 0.01 0.40 0.40 25.0–27.0 0.50 0.020 0.020 0.75–1.5 Mo;

0.05–0.2 Nb;

0.015 N; 0.2 Cu

MoNiT (25-4-4) S44635 0.025 1.00 0.75 24.5–26.0 3.5–4.5 0.040 0.030 3.5–4.5 Mo; 0.2 þ
4 (%C þ %N) min

to 0.8 max (Ti þ
Nb); 0.035 N

Sea-Cure (SC-1) S44660 0.025 1.00 1.00 25.0–27.0 1.5–3.5 0.040 0.030 2.5–3.5 Mo; 0.2 þ 4

(%C þ %N) min

to 0.8 max (Ti þ
Nb); 0.035 N

AL29-4C S44735 0.030 1.00 1.00 28.0–30.0 1.00 0.040 0.030 3.60–4.20 Mo;

0.20–1.00 Ti þ Nb

and 6 (%C þ %N)

min Ti þ Nb;

0.045 N

AL29-4-2 S44800 0.01 0.30 0.20 28.0–30.0 2.0–2.5 0.025 0.020 3.5–4.2 Mo; 0.15 Cu;

0.02 N; 0.025 max

(%C þ %N)
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18 SR(c) — 0.04 0.30 1.03 18.0 — — — 2.0 A1; 0.4 Ti

12 SR(c) — 0.02 — 0.50 12.0 — — — 1.2 Al; 0.3 Ti

406 — 0.06 1.00 0.50 12.0–14.0 0.50 0.040 0.030 2.75–4.25 Al; 0.6 Ti

408 Cb — 0.03 0.2–0.5 0.2–0.5 11.75–12.25 0.45 0.030 0.020 0.75–1.25 Al;

0.65–0.75 Nb;

0.3–0.5 Ti; 0.03 N

ALFA IV — 0.03 0.50 0.60 19.0–21.0 0.45 0.035 0.005 4.75–5.25 Al;

0.005–0.035 Ce;

0.03 N

Sealmet 1 — 0.08 0.5–0.8 0.3–0.6 28.0–29.0 0.40 0.030 0.015 0.04 N

Duplex stainless steels

44LN S31200 0.030 2.00 1.00 24.0–26.0 5.50–6.50 0.045 0.030 1.20–2.00 Mo;

0.14–0.20 N

DP-3 S31260 0.030 1.00 0.75 24.0–26.0 5.50–7.50 0.030 0.030 2.50–3.50 Mo;

0.20–0.80 Cu;

0.10–0.30 N;

0.10–0.50 W

3RE60 S31500 0.030 1.20–2.00 1.40–2.00 18.00–19.00 4.25–5.25 0.030 0.030 2.50–3.00 Mo

2205 S31803 0.030 2.00 1.00 21.0–23.0 4.50–6.50 0.030 0.020 2.50–3.50 Mo;

0.08–0.20 N

2304 S32304 0.030 2.50 1.0 21.5–24.5 3.0–5.5 0.040 0.040 0.05–0.60 Mo;

0.05–0.60 Cu;

0.05–0.20 N

Uranus 50 S32404 0.04 2.00 1.0 20.5–22.5 5.5–8.5 0.030 0.010 2.0–3.0 Mo;

1.0–2.0 Cu; 0.20 N

Ferralium 255 S32550 0.04 1.50 1.00 24.0–27.0 4.50–6.50 0.04 0.03 2.00–4.00 Mo;

1.50–2.50 Cu;

0.10–0.25 N

7-Mo-PlUS S32950 0.03 2.00 0.60 26.0–29.0 3.50–5.20 0.035 0.010 1.00–2.50 Mo;

0.15–0.35 N

Martensitic stainless steels

Type 410 S S41008 0.08 1.00 1.00 11.5–13.5 0.60 0.040 0.030 —

Type 410 Cb (XM-30) S41040 0.15 1.00 1.00 11.5–13.5 — 0.040 0.030 0.05–0.20 Nb
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TABLE 1.11 (Continued)
Compositions of Nonstandard Stainless Steels

Composition (%)b

Designationa

UNS

Designation C Ma Si Cr Ni P S Other

E4 S41050 0.04 1.00 1.00 10.5–12.5 0.60–1.1 0.045 0.030 0.10 N

CA6NM S41500 0.05 0.5–1.0 0.60 11.5–14.0 3.5–5.5 0.030 0.030 0.5–1.0 Mo

416 Plus X (XM-6) S41610 0.15 1.5–2.5 1.00 12.0–14.0 — 0.060 0.15 min 0.6 Mo

Type 418 (Greek

Ascolloy) S41800 0.15–0.20 0.50 0.50 12.0–14.0 1.8–2.2 0.040

0.030

2.5–3.5 W

TrimRite S42010 0.15–0.30 1.00 1.00 13.5–15.0 0.25–1.00 0.040 0.030 0.40–1.00 Mo

Type 420 F–Se S42023 0.3–0.4 1.25 1.00 12.0–14.0 — 0.060 0.060 0.15 min Se; 0.6 Zr;

0.6 Cu

Lapelloy S42300 0.27–0.32 0.95–1.35 0.50 11.0–12.0 0.50 0.025 0.025 2.5–3.0 Mo;

0.2–0.3 V

Type 440 F S44020 0.95–1.20 1.25 1.00 16.0–18.0 0.75 0.040 0.10–0.35 0.08 N

Type 440 F–Se S44023 0.95–1.20 1.25 1.00 16.0–18.0 0.75 0.040 0.030 0.15 min Se;

0.60 Mo
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Precipitation-hardening stainless steels

PH14-4Mo S14800 0.05 1.00 1.00 13.75–15.0 7.75–8.75 0.015 0.010 2.0–3.0 Mo;

0.75–1.50 Al

PH15-7Mo (Type 632) S15700 0.09 1.00 1.00 14.0–16.0 6.5–7.75 0.040 0.030 2.0–3.0 Mo;

0.75–1.5 Al

AM-350 (Type 633) S35000 0.07–0.11 0.5–1.25 0.50 16.0–17.0 4.0–5.0 0.040 0.030 2.5–3.25 Mo;

0.07–0.13 N

AM-355 (Type 634) S35500 0.10–0.15 0.5–1.25 0.50 15.0–16.0 4.0–5.0 0.040 0.030 2.5–3.25 Mo;

0.07–0.13 N

Custom 450 (XM-25) S45000 0.05 1.00 1.00 14.0–16.0 5.0–7.0 0.030 0.030 1.25–1.75 Cu;

0.5–1.0 Mo;

8 � %C min Nb

Custom 455 (XM-16) S45500 0.05 0.50 0.50 11.0–12.5 7.5–9.5 0.040 0.030 1.5–2.5 Cu;

0.8–1.4 Ti;

0.1–0.5 Nb;

0.5 Mo

aXM designations in this column are ASTM designations for the listed alloy.
bSingle values are maximum values unless otherwise indicated.
cNominal compositions.
dUNS designation has not been specified. This designation appears in ASTM A 887 and merely indicates the form to be used.

Source: From S.D. Washko and G. Aggen, in ASM Handbook, 10th ed., Vol. 1, ASM International, Materials Park, OH, 1990, pp. 841–907.
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con tent (0.01–0.0 2% C), high Mo content (about 4% Mo), and high N content (about 0.3%

N). This new type duplex steel gives the excell ent resi stance to pitting corrosi on.

Duplex stain less steels find applications as welded pip e produ cts for ha ndling wet an d dry

CO2 and sour gas and oil products in the pe trochem ical indust ry, as welded tubing for heat

exchan ges, for han dling ch loride-cont aining coo lants, and for hand ling hot br ines an d

organic chemi cals in the ch emical, elect ric, and other industries [4].

Marte nsitic stainles s steels con tain 11.5–1 8% Cr, 0.08–1 .20% C, an d other alloy ing elem-

ents less than 2 to 3%. They can be harden ed and tempe red to yiel d stre ngth in the range of

550–1900 MPa (80–27 5 ksi). The Cr content provides these steels with such high hardenabil ity

that they ca n be air harden ed even in large sectio ns. If they are to be heat treated for

maxi mum strength, the amoun t of d-ferrite should be minimiz ed [10].

The standar d mart ensitic grades are types 403, 410, 414, 416, 41 6Se, 420 , 422, 431, 440A,

440B , and 440C (Table 1.10). They are used in man ifold stud bolts , heat control shaft s, steam

valves , Bourdo n tubes, gun moun ts, water pump parts, carburet or parts , wire cutter blades,

garden shears, cutle ry, pa int spray noz zles, glass and plast ic molds, bomb shackle parts , drive

screws, aircraft bolting, cable terminal s, diesel engine pump pa rts, instrument parts, crank-

shaft co unterweig ht pin s, valve tri m, ball bearing s, and races.

PH stai nless steels are high-s trength alloy s with app reciable duc tility and go od

corrosi on resi stance that are developed by a sim ple heat treatment comprising mart ensite

form ation and low-te mperat ure aging (or tempe ring) treat ment; the latter heat treatment

step may be applie d afte r fabri cation. PH stai nless steels can have a matrix struc ture of

eithe r austeni te or marten site. Alloy elem ents add ed to form precipi tates are Mo , Cu, Al,

Ti, Nb, and N. PH stainless steels may be divided into three broad groups: (1)

mart ensitic type, (2) semiauste nitic type, and (3) austeni tic type (Table 1.10 and Table

1.11) . A major ity of these steels are class ified by a three- digit number in the AISI 400

series or by a five-digit UNS designation. However, most of them are better known by

their trade names or their manufacturer. All steels are available in sheet, strip, plate, bar,

and wire.

Martensitic PH stainless steels (also called single-treatment alloys) are most widely used

and include 17-4PH (AISI 430 or UNS S17400), stainless W (AISI 635 or UNS S17400), 15-

5PH (UNS S15500), PH13-8Mo (UNS S13800), and Custom 450 (UNS S45000). These steels

have a predominantly austenitic structure at the solution-annealing temperature, but they

undergo an austenitic-to-martensite transformation during cooling to room temperature.

These steels can be readily welded [49].

Semiaustenitic PH stainless steels (also called double-treatment alloys) were developed for

increased formability before the hardening treatment. Important alloys are 17-7PH (UNS

S17700) and PH15-7Mo (UNS S15700). These alloys are completely austenite in the

as-quenched condition after solution annealing (which displays good toughness and ductility

in the cold-forming operations), and eventually martensite can be obtained by conditioning

treatment or thermomechanical treatment. Ultrahigh strength can be obtained in these steels

by combinations of cold working and aging.

Austenitic PH stainless steels possess austenitic structures in both the solution annealed

and aged conditions. The most important steels in this class include A-286 (AISI 600 or UNS

S66286), 17-10P, and 14–17Cu–Mo alloys. Of these grades, A-286 is the most extensively used

in the aerospace applications.

1.3.3.6 Maraging Steels

Maraging steels are a specific class of carbon-free (or small amounts) ultrahigh-strength

steels that derive their strength not from carbon but from precipitation of intermetallic
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.12
Nominal Compositions of Commercial Maraging Steels

Composition (%)a

Grade Ni Mo Co Ti Al Nb

Standard grades

18Ni(200) 18 3.3 8.5 0.2 0.1 —

18Ni(250) 18 5.0 8.5 0.4 0.1 —

18Ni(300) 18 5.0 9.0 0.7 0.1 —

18Ni(350) 18 4.2b 12.5 1.6 0.1 —

18Ni(Cast) 17 4.6 10.0 0.3 0.1 —

12-5-3(180)c 12 3 — 0.2 0.3 —

Cobalt-free and low-cobalt bearing grades

Cobalt-free 18Ni(200) 18.5 3.0 — 0.7 0.1 —

Cobalt-free 18Ni(250) 18.5 3.0 — 1.4 0.1 —

Low-cobalt 18Ni(250) 18.5 2.6 2.0 1.2 0.1 0.1

Cobalt-free 18Ni(300) 18.5 4.0 — 1.85 0.1 —

aAll grades contain no more than 0.03% C.
bSome producers use a combination of 4.8% Mo and 1.4% Ti, nominal.
cContains 5% Cr.

Source: From K. Rohrbach and M. Schmidt, in ASM Handbook, 10th ed., Vol. 1, ASM International, Materials Park,

OH, 1990, pp. 793–800.
compounds and martensitic transformation [5,50–52]. The commonly available maraging

steels contain 10–19% Ni, 0–18% Co, 3–14% Mo, 0.2–1.6% Ti, 0.1–0.2% Al, and some

intermetallic compounds are Ni3Ti, Ni3Mo, Fe2Mo, etc. Since these steels develop very

high strength by martensitic transformation and subsequent age-hardening, they are termed

maraging steels [53].

There are four types of maraging steels, namely 200, 250, 300, and 350; the number refers to

the ultimate tensile strength in ksi (kpsi). The tensile strength is based on the Ti content, which

varies between 0.2 and 1.85%. Table 1.12 lists the compositions of these grades [54]. In these

grades, C content is maintained at a very low level (<0.03%); the sum of Si and Mn is lower

(0.2%); and P and S contents are also very small (<0.005 and <0.008%, respectively) [4].

Maraging steels have found applications where lightweight structures with ultrahigh

strength and high toughness are essential and cost is not a major concern. Maraging steels

have been extensively used in two general types of applications:
� 20
1. Aerospace and aircraft industry for critical components such as missile cases, load cells,

helicopter flexible drive shafts, jet engine drive shafts, and landing gear

2. Tool manufacturing industries for stub shafts, flexible drive shafts, splined shafts,

springs, plastic molds, hot-forging dies, aluminum and zinc die casting dies, cold-

heading dies and cases, diesel fuel pump pins, router bits, clutch disks, gears in the

machine tools, carbide die holders, autofrettage equipment, etc.
1.4 DESIGNATIONS FOR STEELS

A designation is the specific identification of each grade, type, or class of steel by a number,

letter, symbol, name, or suitable combination thereof unique to a certain steel. It is used in a
06 by Taylor & Francis Group, LLC.
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specif ic doc ument as well as in a pa rticular co untry. In the steel industries , these terms have

very specif ic uses: grade is used to descri be chemi cal co mposition; type is us ed to denote

deo xidation practice; an d class is used to indica te some other attr ibutes such as tensi le

stre ngth level or surfa ce quality [8].

In ASTM specificat ions, howeve r, these term s are used somew hat inter changeab ly.

For examp le, in AST M A 434, grade identifi es chemi cal composi tion and class indicates

tensi le propert ies. In ASTM A 51 5, grade descri bes stre ngth level; the maximum carbon

con tent allow ed by the specif ication is dep endent on both the plate thickne ss and the strength

level . In ASTM A 533, type indica tes ch emical analysis, whi le class den otes stren gth level . In

ASTM A 302, grad e identi fies requir ement s for both chemica l composi tion and tensile

prop erties. ASTM A 514 and A 517 a re specificat ions for high-s trength quench ed an d

tempe red alloy steel plate for struc tural and pressur e v essel applications , respect ively; each

has a number of grades for identi fying the chemi cal c omposi tion that is capab le of developi ng

the requir ed mechani cal pro perties. How ever, all grades of both designa tions ha ve the same

compo sition limits.

By far the most widely used ba sis for classif ication an d designa tion of steels is the chemical

compo sition. The most commonl y used system of designa ting carbo n an d alloy steels in the

Unit ed State s is that of the AISI and SAE numeri cal de signations. The UNS is also increa s-

ingly employ ed . Othe r designa tions used in the specia lized fields include Aeros pace Mater ials

Spe cification (AM S) and Ame rican Petroleu m Insti tute (API ) de signation. These designa tion

systems are discussed below.

1.4.1 SAE-AISI DESIGNATIONS

As stated above, the SAE-AISI system is the most widely used designation for carbon

and alloy steels. The SAE-AISI system is applied to semifinished forgings, hot-rolled and

cold-finished bars, wire rod, seamless tubular goods, structural shapes, plates, sheet, strip,

and welded tubing. Table 1.2 lists the SAE-A ISI system of numeri cal designa tions for both

carbon and low-alloy steels.
1.4.1.1 Carbon and Alloy Steels

With few exceptions, the SAE-AISI system uses a four-digit number to designate carbon and

alloy steels that is specific for chemical composition ranges. Certain types of alloy steels are

designated by five digits (numerals). Table 1.2 shows an abbreviated listing of four-digit

designations of the SAE-AISI carbon and alloy steels. The first digit, 1, of this designation

indicates a carbon steel; i.e., carbon steels comprise 1xxx groups in the SAE-AISI system and

are subdivided into four series due to the variance in certain fundamental properties among

them. Thus, the plain carbon steels comprise 10xx series (containing 1.00% Mn maximum);

resulfurized carbon steels comprise the 11xx series; resulfurized and rephosphorized carbon

steels comprise the 12xx series; and nonresulfurized high-manganese (up to 1.65%) carbon

steels are produced for applications requiring good machinability.

Carbon and alloy steel designations showing the letter B inserted between the second and

third digits indicate that the steel has 0.0005–0.003% boron. Likewise, the letter L inserted

between the second and third digits indicates that the steel has 0.15–0.35% lead for enhanced

machinability. Sometimes the prefix M is used for merchant quality steels and the suffix H

is used to comply with specific hardenability requirements. In alloy steels, the prefix letter E is

used to designate steels that are produced by the electric furnace process.

The major alloying element in an alloy steel is indicated by the first two digits of the

designation (Table 1.2). Thus, a first digit of 2 denotes a nickel steel; 3, a nickel–chromium
� 2006 by Taylor & Francis Group, LLC.



steel; 4, a molybden um, chromi um–mol ybdenu m, nickel –molyb denum, or nickel –chromi um–

molybdenu m steel; 5, a ch romiu m steel ; 6, a ch romium–van adium steel; 7, a tungsten –

chromi um steel; 8, a nickel –chromi um–mol ybden um steel ; and 9, a silicon –mangane se steel

or a nickel–ch romiu m–molybd enum steel. In the case of a sim ple alloy steel, the secon d digit

repres ents the approxim ate percent age of the predomi nant alloy ing elem ent. For exampl e,

2520 grade indica tes a nickel steel of approxim ately 5% Ni (and 0.2% carbo n).

The last two digits of four-n umeral designa tions and the last three digits of five-numer al

designa tions indica te the approxim ate carbon content of the allowab le carbon rang e in

hundr edths of a pe rcent. For exampl e, 1020 steel indica tes a plain carbon steel with a n

approxim ate mean of 0.20% carbon, varyi ng within accep table carbo n limit s of 0.18 an d

0.23% . Similarl y, 4340 steels are Ni–C r–Mo steels an d contain an app roximate mean of 0.40%

carbon, va rying within an a llowabl e carbon range of 0.38–0 .43% , and 51100 steel is a

chromi um steel wi th an appro ximate mean of 1.00% carbon , varyi ng wi thin an accepta ble

carbon range of 0.98–1 .10% [4,30,55] .

Potential standar d steel s are listed in SAE J1081 an d Table 1.13. They are ex perimental

steels to whi ch no regula r AISI -SAE designa tions have be en assign ed. The numbers con sist of

the prefi x PS followe d by a sequen tial numb er starting with 1 . Som e wer e developed to

minimiz e the amou nt of nickel an d oth ers to enhance a particular attribut e of a standar d

grade of alloy steel [30].

1.4.1 .2 HSLA Steels

Several grades of HSL A steel s have been describ ed in the SAE Recommen ded Practi ce J410.

Their chemical composition and minimum mechanical property requirements are provided in

Table 1.8 [30] .

1.4.1.3 Formerly Listed SAE Steels

A number of grades of carbon and alloy steels have been excluded from the list of standard

SAE steels because of their inadequate applications. A detailed list of formerly used SAE

carbon and alloy steels is given in SAE J1249, and producers of these steels should be

contacted for their availability.

1.4.2 UNS DESIGNATIONS

The UNS has been developed by the ASTM E 527, the SAE J1086, and several other technical

societies, trade associations, and U.S. government agencies [29]. A UNS number, which is a

designation of chemical composition and not a specification, is assigned to each chemical

composition of the standard carbon and alloy steel grades for which controlling limits have

been established by the SAE-AISI [26,30,56].

The UNS designation consists of a single-letter prefix followed by five numerals (digits).

The letters denote the broad class of alloys; the numerals define specific alloys within that

class. The prefix letter G signifies standard grades of carbon and alloy steels; the prefix letter

H indicates standard grades that meet certain hardenability requirement limits (SAE-AISI H

steels); the prefix T includes tool steels, wrought and cast; the prefix letter S relates to heat-

and corrosion-resistant steels (including stainless steel), valve steels, and iron-base super-

alloys; the prefix letter J is used for cast steels (except tool steels); the prefix letter K identifies

miscellaneous steels and ferrous alloys; and the prefix W denotes welding filler metals (for

example, W00001–W59999 series represent a wide variety of steel compositions) [56]. The first

four digits of the UNS number usually correspond to the standard SAE-AISI designations,

while the last digit (except zero) of the five-numeral series denotes some additional
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.13
SAE Potential Standard Steel Compositions

Ladle Chemical Composition Limits (wt %)

SAE PS Numbera C Mn P max S max Si Ni Cr Mo B

PS 10 0.19–0.24 0.95–1.25 0.035 0.040 0.15–0.35 0.20–0.40 0.25–0.40 0.05–0.10 —

PS 15 0.18–0.23 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 16 0.20–0.25 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 17 0.23–0.28 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 18 0.25–0.30 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 19 0.18–0.23 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.08–0.15 0.0005–0.003

PS 20 0.13–0.18 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 21 0.15–0.20 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 24 0.18–0.23 0.75–1.00 0.035 0.040 0.15–0.35 — 0.45–0.65 0.20–0.30 —

PS 30 0.13–0.18 0.70–0.90 0.035 0.040 0.15–0.35 0.70–1.00 0.45–0.65 0.45–0.60 —

PS 31 0.15–0.20 0.70–0.90 0.035 0.040 0.15–0.35 0.70–1.00 0.45–0.65 0.45–0.60 —

PS 32 0.18–0.23 0.70–0.90 0.035 0.040 0.15–0.35 0.70–1.00 0.45–0.65 0.45–0.60 —

PS 33b 0.17–0.24 0.85–1.25 0.035 0.040 0.15–0.35 0.20 min 0.20 min 0.05 min —

PS 34 0.28–0.33 0.90–1.20 0.035 0.040 0.15–0.35 — 0.40–0.60 0.13–0.20 —

PS 36 0.38–0.43 0.90–1.20 0.035 0.040 0.15–0.35 — 0.45–0.65 0.13–0.20 —
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PS 38 0.43–0.48 0.90–1.20 0.035 0.040 0.15–0.35 — 0.45–0.65 0.13–0.20 —

PS 39 0.48–0.53 0.90–1.20 0.035 0.040 0.15–0.35 — 0.45–0.65 0.13–0.20 —

PS 40 0.51–0.59 0.90–1.20 0.035 0.040 0.15–0.35 — 0.45–0.65 0.13–0.20 —

PS 54 0.19–0.25 0.70–1.05 0.035 0.040 0.15–0.35 — 0.40–0.70 0.05 min —

PS 55 0.15–0.20 0.70–1.00 0.035 0.040 0.15–0.35 1.65–2.00 0.45–0.65 0.65–0.80 —

PS 56 0.080–0.13 0.70–1.00 0.035 0.040 0.15–0.35 1.65–2.00 0.45–0.65 0.65–0.80 —

PS 57 0.08 max 1.25 max 0.040 0.15–0.35 1.00 max — 17.00–19.00 1.75–2.25 —

PS 58 0.16–0.21 1.00–1.30 0.035 0.040 0.15–0.35 — 0.45–0.65 — —

PS 59 0.18–0.23 1.00–1.30 0.035 0.040 0.15–0.35 — 0.70–0.90 — —

PS 61 0.23–0.28 1.00–1.30 0.035 0.040 0.15–0.35 — 0.70–0.90 — —

PS 63 0.31–0.38 0.75–1.10 0.035 0.040 0.15–0.35 — 0.45–0.65 — 0.0005–0.003

PS 64 0.16–0.21 1.00–1.30 0.035 0.040 0.15–0.35 — 0.70–0.90 — —

PS 65 0.21–0.26 1.00–1.30 0.035 0.040 0.15–0.35 — 0.70–0.90 — —

PS 66c 0.16–0.21 0.40–0.70 0.035 0.040 0.15–0.35 1.65–2.00 0.45–0.75 0.08–0.15 —

PS 67 0.42–0.49 0.80–1.20 0.035 0.040 0.15–0.35 — 0.85–1.20 0.25–0.35 —

aSome PS steels may be supplied to a hardenability requirement.
bSupplied to a hardenability requirement of 15 HRC points within the range of 23–43 HRC at J4 (4/16 in. distance from quenched end), subject to agreement between producer and

user.
cPS 66 has a vanadium content of 0.10–0.15%.

Source: From Numbering System, Chemical Composition, 1993 SAE Handbook, Vol. 1, Materials Society of Automotive Engineers, Warrendale, PA, pp. 1.01–1.189.

Steel
N

o
m

en
clatu

re
4
9

�
2
0
0
6

b
y

T
a
y
lo

r
&

F
ra

n
cis

G
ro

u
p
,
L

L
C

.



compo sition req uirements, such as boro n, lead, or nons tandard ch emical ran ges. Table 1.3

and Table 1.4 list the UNS numbe rs corresp onding to SAE-A ISI numb ers for various

standard carbon and alloy steels, respectively, with composition ranges.
1.5 SPECIFICATIONS FOR STEELS

A specification is typically an acronym or abbreviation for a standards organization plus a

specific written statement of both technical and commercial requirements that a product must

satisfy. It is a document that restrains or controls procurement and is issued by that standards

organization. All material specifications contain general and specific information [57]. Any

reasonablyadequate specificationwill furnish the informationabout the itemsstatedbelow[6,8].

The scope of the document may include product classification, required size range,

condition, and any comments on product processing considered helpful to either the supplier

or the user. An informative title and a statement of the required form may be employed

instead of a scope item.

Chemical composition may be described, or it may be denoted by a well-known designa-

tion based on chemical composition. The SAE-AISI designations are normally used.

A quality statement covering any appropriate quality descriptor and whatever additional

prerequisites might be necessary. It may also include the type of steel and the steelmaking

processes allowed.

Quantitative requirements recognize permissible composition ranges and all physical and

mechanical properties necessary to characterize the material. Testing methods employed to

check these properties should also be included or reference made to standard test methods.

This section should only address those properties that are vital for the intended application.

Additional requirements can cover surface preparation, special tolerances, and edge finish

on flat-rolled products as well as special packaging, identification, and loading instructions.

Engineering societies, trade associations, and institutes whose members make, specify, or

purchase steel products publish standard specifications; many of them are well recognized

and highly respected. Some of the notable specification-writing groups or standard organiza-

tions in the United States are listed below. It is clear from these names that a particular

specification-writing group is limited to its own specialized field.
Organization Acronym

Association of American Railroads AAR

American Bureau of Shipbuilding ABS

Aerospace Materials Specification (of SAE) AMS

American National Standards Institute ANSI

American Petroleum Institute API

American Railway Engineering Association AREA

American Society of Mechanical Engineers ASME

American Society for Testing and Materials ASTM

American Welding Society AWS

Society of Automotive Engineers SAE
1.5.1 ASTM (ASME) SPECIFICATIONS

The most widely used standard specifications for steel in the United States are those published

by ASTM, many of which are complete specifications, usually adequate for procurement
� 2006 by Taylor & Francis Group, LLC.

User
Highlight

User
Highlight



purpo ses. These specif ications frequent ly apply to sp ecific pro ducts, whi ch a re usuall y

orient ed toward the pe rformance of the fabri cated end pro duct. They begin wi th the

prefix AST M, foll owed by letter A, identifyi ng a ferro us material , then a numb er

indica ting the actual specificat ion, which may be foll owed by letters or numb ers subdivi ding

the mate rial by an alysis. The AISI cod e is somet imes used for this purpose. Fin ally the year

of origi n is mentio ned. A letter T after this de notes a tenta tive sp ecification . Gen erally,

each specificat ion includes a steel in a sp ecific form or for a specia l purp ose rather than by

analys is.

ASTM specif ications repres ent a consensus draw n from pro ducers, sp ecifiers, fabric ators,

and users of steel mill products . In many cases, the dimens ions, toler ances, lim its, and

restrict ions in the AST M spec ifications are the same as the corres ponding items of the

standar d practi ces in the AISI steel product manual s. Many of the AST M specificat ions

have been adopted by the American Soc iety of Mech anical Engineers (ASM E) with slig ht or

no modif ications. ASME uses the prefix S with the ASTM specificat ions; for exampl e, ASM E

SA 213 an d ASTM A 213 are the same.

Steel produ cts can be dist inguished by the ASTM sp ecification num ber, whi ch denotes

their method of pro duction. Som etimes, citin g the AST M specificat ion is not suff icient to

complet ely identi fy a steel pr oduct. For exampl e, A 434 is a specif ication used for heat-trea ted

(hardene d and tempe red) alloy steel ba rs. To fully identify steel ba rs indica ted by this

specificat ion, the grade/AI SI-SA E designa tion and class (the requir ed stre ngth level) must

also be quot ed. The ASTM specification A 434 also covers, by reference, two standar ds for

test methods (A 370 for mechani cal testing and E 112 for grain size determ ination) and A 29

specifying general requir ements for ba r pro ducts.

SAE-AISI de signations for the chemi cal composi tions of carbon an d alloy steels are

somet imes included in the ASTM specificat ions for bars, wires, a nd billets for forgi ng.

Some ASTM sp ecification s for sheet pr oducts incorpora te SAE -AISI designa tions for chem-

ical c omposi tion. ASTM specificat ions for plates an d structural shapes nor mally specif y

the lim its a nd ranges of chemical composi tion direct ly without the SAE -AISI de signations.

Table 1.14 incorpora tes a list of some ASTM specificat ions that include SAE-A ISI designa -

tions for composi tions of different steel grades.

1.5.2 AMS S PECIFICATIONS

AMS, publish ed by SAE, are procurem ent documen ts, not de sign specif ications. The majorit y

of the AMS pertain to material s intende d for aerospac e applic ations. Thes e specificat ions

general ly include mechan ical propert y requiremen ts and limit s that are significan tly more

severe than tho se for material s or steel grades with identi cal composi tions but meant for

nonaerospace applications. Their compliance will ensure procurement of a specific form and

cond ition or a specific mate rial (or steel grad e) or process . Table 1.15 and Table 1.16 show the

AMS designations of carbon and alloy steels, respectively, indicating the chemical compos-

ition, title of specification (covering specific form, chemical composition, process, and con-

dition), and equivalent UNS number, nearest proprietary or AISI-SAE grade, and similar

MIL or federal (FED) specifications [58].

1.5.3 MILITARY AND FEDERAL SPECIFICATIONS

MIL specifications and standards are produced and adopted by the U.S. Department of

Defense. MIL specifications are used to define materials, products, and services. MIL

standards provide procedures for design, manufacturing, and testing instead of giving only

a particular material description. MIL specifications begin with the prefix MIL, followed by a
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.14
ASTM Specifications That Cover SAE-AISI Designations

A 29

A 108

A 295

A 304

A 322

A 331

A 434

A 505

A 506

A 507

Carbon and alloy steel bars, hot

rolled and cold finished

Standard quality cold-finished

carbon steel bars

High carbon–chromium ball and

roller bearing steel

Alloy steel bars having

hardenability requirements

Hot-rolled alloy steel bars

Cold-finished alloy steel bars

Hot-rolled or cold-finished

quenched and tempered alloy

steel bars

Hot-rolled and cold-rolled alloy

steel sheet and strip

Regular quality hot-rolled and

cold-rolled alloy steel sheet and

strip

Drawing quality hot-rolled and

cold-rolled alloy steel sheet and

strip

A 510

A 534

A 535

A 544

A 545

A 546

A 547

A 548

A 549

A 575

A 576

Carbon steel wire rods and coarse

round wire

Carburizing steels for antifriction

bearings

Special quality ball and roller

bearing steel

Scrapless nut quality carbon steel

wire

Cold-heading quality carbon steel

wire for machine screws

Cold-heading quality medium high

carbon steel wire for

hexagon-head bolts

Cold-heading quality alloy steel

wire for hexagon-head bolts

Cold-heading quality carbon steel

wire for tapping or sheet metal

screws

Cold-heading quality carbon steel

wire for wood screws

Merchant quality hot-rolled

carbon steel bars

Special quality hot-rolled carbon

steel bars

A 646

A 659

A 682

A 684

A 689

A 711

A 713

A 752

A 827

A 829

A 830

Premium quality alloy steel blooms

and billets for aircraft and

aerospace forgings

Commercial quality hot-rolled

carbon steel sheet and strip

Cold-rolled spring quality carbon

steel strip, generic

Untempered cold-rolled

high-carbon steel strip

Carbon and alloy steel bars for

springs

Carbon and alloy steel blooms,

billets, and slabs for forging

High-carbon spring steel wire for

heat-treated components

Alloy steel wire rods and coarse

round wire

Carbon steel plates for forging and

similar applications

Structural quality alloy steel plates

Structural quality carbon steel

plates

Source: From Anon., Carbon and alloy steels, SAE J411, 1993 SAE Handbook, Vol. 1, Materials Society of Automotive Engineers, Warrendale, PA, pp. 2.01–2.04.
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TABLE 1.15
AMS Number, Title of Specification, and Equivalent UNS Number, Proprietary/AISI-SAE

Alloy, and Similar Specification for Wrought Carbon Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

5100H Bars, screw stock, free machining, cold drawn G12120 1212

5020C Bars, forgings, and tubing, 1.5Mn 0.25Pb

(0.32–0.39C), free cutting

G11374 111.37

5022L Bars, forgings, and tubing, 0.14–0.20C, free cutting G11170 1117

5024F Bars, forgings, and tubing, 1.5Mn (0.32–0.39C), free

cutting

G11370 1137

5027C Wire, welding, 1.05Cr 0.55Ni 1.0Mo 0.07V

(0.26–0.32C), vacuum melted, environment-

controlled packaging

K24728 D6AC

5028B Wire, welding, 1.05Cr 0.55Ni 1.0Mo 0.07V

(0.34–0.40C), vacuum melted, environment-

controlled packaging

K23725 D6AC

5029B Wire, welding, 0.78Cr l.8Ni 0.35Mo 0.20V

(0.33–0.38C), vacuum melted, environment-

controlled packaging

K23577

5030F Wire, welding, 0.06 carbon maximum K00606

5031C Welding electrodes, covered, steel, 0.07–0.15C W06013 S6013 FED-QQ-E-450,

Type 6013

5032E Wire, 0.18–0.23C, annealed G10200 1020 FED-QQ-W-461

5036G Sheet and strip, aluminum coated, low carbon MIL-S-4174,

Type 1,

Grade B

5040J Sheet and strip, 0.15 carbon maximum, deep drawing

grade

G10100 1010

5042J Sheet and strip, 0.15 carbon maximum, forming

grade

G10100 1010

5044G Sheet and strip, 0.15 carbon maximum, half hard

temper

G10100 1010

5045F Sheet and strip, 0.25 carbon maximum, hard temper G10200 1020

5046A Sheet, strip, and plate, annealed G10200 1020 MIL-S-7952

G10250 1025

5047D Sheet and strip, 0.08–0.13C, Al killed, deep-forming

grade

G10100 1010

5050J Tubing, seamless, 0.15 carbon maximum, annealed G10100 1010

5053G Tubing, welded, 0.13 carbon maximum, annealed G10100 1010

5060F Bars, forgings, and tubing, 0.13–0.18C G10150 1015

5061D Bars and wire, low carbon K00802

5062E Bars, forgings, tubing, sheet, strip, and plate, low

carbon

K02508

5069E Bars, forgings, and tubing, 0.15–0.20C G10180 1018

5070G Bars and forgings, 0.18–0.23C G10220 1022

5075E Tubing, seamless, 0.22–0.28C, cold drawn and stress

relieved

G10250 1025 MIL-T-5066

5077E Tubing, welded, 0.22–0.28C, normalized or stress

relieved

G10250 1025 MIL-T-5066

5080H Bars, forgings, and tubing, 0.31–0.38C G10350 1035

Continued
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TABLE 1.15 (Continued )
AMS Number, Title of Specification, and Equivalent UNS Number, Proprietary/AISI-SAE

Alloy, and Similar Specification for Wrought Carbon Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

5082E Tubing, seamless, 0.31–0.38C, stress relieved G10350 1035

5085D Sheet, strip, and plate, 0.47–0.55C, annealed G10500 1050

5110F Wire, carbon, spring temper, cold drawn, 0.75–0.88C G10800 1080

5112J Wire, spring quality music wire, 0.70–1.00C, cold

drawn

G10900 1090

5115G Wire, valve spring quality, 0.60–0.75C, hardened and

tempered

G10700 1070

5120J Strip, 0.68–0.80C G10740 1074

5121G Sheet and strip, 0.90–1.40C G10950 1095 MIL-S-7947

5122G Strip, 0.90–l.04C, hard temper G10950 1095 MIL-S-7947,

hard temper

5132G Bars, 0.90–1.30C G10950 1095

Source: From Specification for Drill Pipe, API Specification 5D, 3rd ed., August 1, 1992, American Petroleum Institute,

Washington, D.C.
cod e letter that rep resents the first letter of the title for the item, followe d by hyphen a nd then

the serial numbers or digits. Som e examp les of MIL specificat ions for steels with corres pond-

ing AMS num bers, UNS numbers, and nearest prop rietary or AISI -SAE grades are listed in

Table 1.15 and Table 1.16.

Federal (QQ) spec ifications are identical to the MIL , excep t that they are provided by the

Genera l Servic es Admi nistrati on (GSA) and are used by federa l ag encies as well as by MIL

establ ishmen ts when there are no sep arate MIL specificat ions av ailable. Fede ral specif ica-

tions begin with the prefi x FED -QQ, followe d by the letter and code numbers. Example s of

federa l specif ications for steels with eq uivalen t UNS num bers in parenthe ses are FED-Q Q-S-

700 (C10300) ; FED-Q Q-S-700 (C1085) (G10 850); FED -QQ-S- 763 (309) (S30900 ); and FED-

QQ -S-766 (316L) (S31603 ) [56] (see Table 1.16).

1.5.4 API S PECIFICATIONS

The API fost ers the developm ent standar ds, cod es, and safe practi ces within the petrol eum

indust ry. The API standar d appears wi th the prefix API before the specif ication. For example,

API Spec 5D covers all grades of seaml ess drill pip e (for use in dril ling and pro ducing

ope rations), process of manufa cture, ch emical composi tion and mech anical pro perty req uire-

ments , testing and inspect ion methods , and requiremen ts for dimens ions, weigh ts, an d lengt hs

[59] . API Spe c 5L covers a ll grade s of seaml ess and welded steel line pipe an d requ irements for

dimens ions, weight, lengt hs, strengths, threade d en ds, plain ends, belle d ends, and thread

protect ors, and test ing and inspect ion method s. Thi s specificat ion includes A25, A, B, X42,

X46, X52, X56, X60, X65, X70, an d X80 grades, and grades intermedi ate to grade X42 and

higher. It provides the standards for pipe suitable for use in conveying gas, water, and oil on

both the oil and natural gas industries [60]. API Spec 5LC covers seamless, centrifugal cast, and

welded corrosion-resistant alloy line pipe (austenitic stainless steels, martensitic stainless steels,
� 2006 by Taylor & Francis Group, LLC.
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TABLE 1.16
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6250H Bars, forgings, and tubing, 1.5Cr

3.5Ni (0.07–0.13C)

K44910 3310 MIL-S-7393,

Composition I

6255A Bars, forgings, and tubing, 1.1Si

1.45Cr 1.0Mo 0.08A1 (0.16–

0.22C), premium air quality,

double vacuum melted

K21940 CBS 600

6256A Bars, forgings, and tubing, 1.0Cr

3.0Ni 4.5Mo 0.08A1 0.38V

(0.10–0.16C), premium air

quality, double vacuum melted

K71350 CBS 1000M

6257 Bars, forgings, and tubing, 1.6Si

0.82Cr 1.8Ni 0.40Mo 0.08V

(0.40–0.44C), consumable

Electrode vacuum remelted,

normalized and tempered

6260L Bars, forgings, and tubing,

carburizing grade, 1.2Cr 3.2Ni

0.12Mo (0.07–0.13C)

G93106 9310

6263H Bars, forgings, and tubing,

carburizing grade, 1.2Cr 3.2Ni

0.12Mo (0.11–0.17C)

G93150 9315

6264G Bars, forgings, and tubing,

carburizing grade, 3.2Ni 1.2Cr

0.12Mo (0.14–0.20C)

K44414 9317

6265H Bars, forgings, and tubing, 1.2Cr

3.25Ni (0.07–0.13C), vacuum

consumable electrode remelted

G93106 9310

6266G Bars, forgings, and tubing, 0.50Cr

1.82Ni 0.25Mo 0.003B 0.06V

(0.08–0.13C)

K21028 43BV12

6267D Bars, forgings, and tubing, 1.2Cr

3.25Ni 0.12Mo (0.07–0.13C),

electroslag remelted or vacuum

remelted, consumable

electrode

G93106 9310

6270L Bars, forgings, and tubing, 0.5Cr

0.55Ni 0.20Mo (0.11–0.17C)

G86150 8615

6272H Bars, forgings, and tubing, 0.50Cr

0.55Ni 0.20Mo (0.15–0.20C)

G86170 8617

6274L Bars, forgings, and tubing, 0.50Cr

0.55Ni 0.20Mo (0.18–0.23C)

G86200 8620

6275F Bars, forgings, and tubing, 0.40Cr

0.45Ni 0.12Mo 0.002B (0.15–

0.20C)

G94171 94B17

6276F Bars, forgings, and tubing, 0.50Cr

0.55Ni 0.20Mo (0.18–0.23C),

consumable electrode vacuum

melted

G86200 8620

Continued
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6277D Bars, forgings, and tubing, 0.50Cr

0.55Ni 0.20Mo (0.18–0.23C),

vacuum arc or electroslag

remelted

G86200 8620

6278A Bars, forgings, and tubing, 4.1Cr

3.4Ni 4.2Mo 1.2V (0.11–0.15C),

premium aircraft quality for

bearing applications, double

vacuum melted

6280H Bars, forgings, and rings, 0.50Cr

0.55Ni 0.20Mo (0.28–0.33C)

G86300 8630 MIL-S-6050

6281G Tubing, mechanical, 0.50Cr 0.55Ni

0.20Mo (0.28–0.33C)

G86300 8630

6282G Tubing, mechanical, 0.50Cr 0.55Ni

0.25Mo (0.33–0.38C)

G87350 8735

6290F Bars and forgings, carburizing

grade, 1.8Ni 0.25Mo

(0.11–0.17C)

G46150 4615 MIL-S-7493,

Composition

4615

6292F Bars and forgings, carburizing

grade, 1.8Ni 0.25Mo

(0.14–0.20C)

G46170 4617 MIL-S-7493

Composition

4617

6294F Bars and forgings, carburizing

grade, 1.8Ni 0.25Mo

(0.17–0.22C)

G46200 4620

6299C Bars, forgings, and tubing, 0.50Cr

1.8Ni 0.25Mo (0.17–0.23C)

H43200 4320H

6300C Bars and forgings, 0.25Mo

(0.35–0.40C)

G40370 4037

6302E Bars, forgings, and tubing, low

alloy, heat resistant, 0.65Si

1.25Cr 0.50Mo 0.25V

(0.28–0.33C)

K23015 17-22A(S)

6303E Bars and forgings, low alloy, heat

resistant, 0.65Si 1.25Cr 0.50Mo

0.85V (0.25–0.30C)

K22770 17-22A(V)

6304G Bars, forgings, and tubing, low

alloy, heat resistant, 0.95Cr

0.55Mo 0.30V (0.40–0.50C)

K14675 17-22A MIL-S-24502

MAM

6304 Bars, forgings, and tubing, low

alloy, heat resistant, 0.95Cr

0.55Mo 0.30V (0.40–0.50C)

K14675 17-22A MIL-S-24502

6305B Bars, forgings, and tubing, low

alloy, heat resistant, 0.95Cr

0.55Mo 0.30V (0.40–0.50C),

vacuum arc remelted

K14675 17–22A

Continued
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6308A Bars and forgings, 0.90Si 1.0Cr

2.0Ni 3.2Mo 2.0Cu 0.10V

(0.07–0.13C), vacuum arc or

electroslag remelted

K71040 Pyrowear, alloy

53

6312E Bars, forgings, and tubing, 1.8Ni

0.25Mo (0.38–0.43C)

K22440 4640

6317F Bars and forgings, 1.8Ni 0.25Mo

(0.38–0.43C), heat treated, 125

ksi (862 MPa) tensile strength

K22400 4640

6320J Bars, forgings, and rings, 0.50Cr

0.55Ni 0.25Mo (0.33–0.38C)

G87350 8735

6321D Bars, forgings, and tubing, 0.42Cr

0.30Ni 0.12Mo 0.003B

(0.38–0.43C)

K03810 81B40

6322K Bars, forgings, and rings, 0.50Cr

0.55Ni 0.25Mo (0.38–0.43C)

G87400 8740 MIL-S-6049

6323H Tubing, mechanical, 0.50Cr 0.55Ni

0.25Mo (0.38–0.43C)

G87400 8740

6324E Bars, forgings, and tubing, 0.65Cr

0.70Ni 0.25Mo (0.38–0.43C)

K11640 8740 Mod

6325F Bars and forgings, 0.50Cr 0.55Ni

0.25Mo (0.38–0.43C), heat

treated, 105 ksi (724 MPa) tensile

strength

G8740 8740 MIL-S-6049

6327G Bars and forgings, 0.50Cr 0.55Ni

0.25Mo (0.38–0.43C), heat

treated, 125 ksi (862 MPa) tensile

strength

G8740 8740 MIL-S-6049

6328H Bars, forgings, and tubing, 0.50Cr

0.55Ni 0.25Mo (0.48–0.53C)

K13550 8750

6330E Bars, forgings, and tubing, 0.65Cr

1.25Ni (0.33–0.38C)

K22033

6331 Wire, welding, 0.50Cr 0.55Ni

0.20Mo (0.33–0.38C), vacuum

melted, environment controlled

packaging

G87350 8735

6342H Bars, forgings, and tubing, 0.80Cr

1.0Ni 0.25Mo (0.38–0.43C)

G98400 9840

6348A Bars, 0.95Cr 0.20Mo (0.28–0.33C),

normalized

G41300 4130 MIL-S-6758

6349B Bars, 0.95Cr 0.20Mo (0.38–0.43C),

normalized

G41400 4140 MIL-S-5626

6350H Sheet, strip, and plate, 0.95Cr

0.20Mo (0.28–0.33C)

G41300 4130 MIL-S-18729

6351E Sheet, strip, and plate, 0.95Cr

0.20Mo (0.28–0.33C),

spheroidized

G41300 4130

6352F Sheet, strip, and plate, 0.95Cr

0.20Mo (0.33–0.38C)

G41350 4135

Continued
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6354D Sheet, strip, and plate, 0.75Si

0.62Cr 0.20Mo 0.10Zr

(0.10–0.17C)

K11914 NAX 9115-AC

6356D Sheet, strip, and plate, 0.95Cr

0.20Mo (0.30–0.35C)

G41320 4132

6357G Sheet, strip, and plate, 0.50Cr

0.55Ni 0.25Mo (0.33–0.38C)

G87350 8735

6358F Sheet, strip, and plate, 0.50Cr

0.55Ni 0.25Mo (0.38–0.43C)

G87400 8740

6359F Sheet, strip, and plate, 0.80Cr

1.8Ni 0.25Mo (0.38–0.43C)

G43400 4340

6360J Tubing, seamless, 0.95Cr 0.20Mo

(0.28–0.33C), normalized or

stress relieved

G41300 4130 MIL-T-6736

Condition N

6361C Tubing, seamless round, 0.95Cr

0.20Mo (0.28–0.33C), 125 ksi

(860 MPa) tensile strength

G41300 4130 MIL-T-6736

6362D Tubing, seamless, 0.95Cr 0.20Mo

(0.28–0.33C), 150 ksi (1034

MPa) tensile strength

G41300 4130 MIL-T-6736

Condition

HT

6365H Tubing, seamless, 0.95Cr 0.20Mo

(0.33–0.38C), normalized or

stress relieved

G41350 4135 MIL-T-6735

6370K Bars, forgings, and rings, 0.95Cr

0.20Mo (0.28–0.33C)

G41300 4130 MIL-S-6758

6371H Tubing, mechanical, 0.95Cr

0.20Mo (0.28–0.33C)

G41300 4130 MIL-T-6736

6372H Tubing, mechanical, 0.95Cr

0.20Mo (0.33–0.38C)

G41350 4135

6373C Tubing, welded, 0.95Cr 0.20Mo

(0.28–0.33C)

G41300 4130 MIL-T-6736

6374A Tubing, seam-free, round, 0.95Cr

0.20Mo (0.28–0.33C), 95 ksi (655

MPa) tensile strength

G41300 4130

6375 Wire, welding, 0.50Cr 0.55Ni

0.20Mo (0.18–0.23C), vacuum

melted, environment controlled

packaging

G86200 8620

6378E Bars, 1.0Cr 0.20Mo 0.045Se

(0.39–0.48C), die drawn, 130 ksi

(896 MPa) yield strength, free

machining

K11542 4142H Mod

6379A Bars, die drawn, 0.95Cr 0.20Mo

0.05Te (0.40–0.53C), tempered,

165 ksi (1140 MPa) yield strength

K11546 4140 Mod

6381E Tubing, mechanical, 0.95Cr

0.20Mo (0.38–0.43C)

G41400 4140
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6382K Bars, forgings, and rings, 0.95Cr

0.20Mo (0.38–0.43C)

G41400 4140 MIL-S-5626

6385E Sheet, strip, and plate, low alloy,

heat resistant, 1.25Cr 0.50Mo

0.65Si 0.25V (0.27–0.33C)

K23015 17–22A/S

6386B Sheet and plate, heat treated, 90 ksi

and 100 ksi yield strength

K11856 —

6390C Tubing, mechanical, 0.95Cr

0.20Mo (0.38–0.43C)

G41400 4140

6395D Sheet, strip, and plate, 0.95Cr

0.20Mo (0.38–0.43C)

G41400 4140

6396B Sheet, strip, and plate, 0.80Cr

1.8Ni 0.25Mo (0.49–0.55C),

annealed

K22950

6406C Sheet, strip, and plate, 2.1Cr

0.58Mo 1.6Si 0.05V (0.41–

0.46C), annealed

K34378 X200

6407E Bars, forgings, and tubing, 1.2Cr

2.0Ni 0.45Mo (0.27–0.33C)

K33020 IIS-220

6408 Bars and forgings, tool, hotwork,

5.2Cr 1.5Mo 1.0V (0.35–0.45C),

electroslag remelted (ESR) or

consumable electrode vacuum

arc remelted (VAR), annealed

T20813 H-13

6409 Bars, forgings, and tubing, 0.80Cr

1.8Ni 0.25Mo (0.38–0.43C),

special aircraft quality

cleanliness, normalized and

tempered

G43400 4340 MIL-S-5000

6411D Bars, forgings, and tubing, 0.88Cr

1.8Ni 0.42Mo 0.08V (0.28–

0.33C), consumable electrode

remelted

K23080 4340 Mod

6412J Bars and forgings, 0.80Cr 1.8Ni

0.25Mo (0.35–0.40C)

G43370 4337

6413H Tubing, mechanical, 0.80Cr 1.8Ni

0.25Mo (0.35–0.40C)

G43370 4337

6414F Bars, forgings, and tubing, 0.80Cr

1.8Ni 0.25Mo (0.38–0.43C),

vacuum consumable electrode

remelted

G43400 4340

6415M MAM Bars, forgings, and tubing, 0.80Cr

1.8Ni 0.25Mo (0.38–0.43C)

G43400 4340 MIL-S-5000

6415 Bars, forgings, and tubing, 0.80Cr

1.8Ni 0.25Mo (0.38–0.43C)

G43400 4340 MIL-S-5000

6417D Bars, forgings, and tubing, 0.82Cr

1.8Ni 0.40Mo 1.6Si 0.08V

(0.38–0.43C), consumable

electrode remelted

K44220 300M
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6418G Bars, forgings, tubing, and rings,

0.30Cr 1.8Ni 0.40Mo 1.3Mn

1.5Si (0.23–0.28C)

K32550 Hy-Tuf MIL-S-7108

6419C Bars, forgings, and tubing, 0.82Cr

1.8Ni 0.40Mo 0.08V 1.6Si (0.40–

0.45C), consumable electrode

vacuum remelted

K44220 300M MIL-S-8844

6421C Bars, forgings, and tubing, 0.80Cr

0.85Ni 0.20Mo 0.003B

(0.35–0.40C)

— 98B37 Mod

6422F Bars, forgings, and tubing, 0.80Cr

0.85Ni 0.20Mo 0.003B 0.04V

(0.38–0.43C)

K11940 98BV40 Mod

6423D Bars, forgings, and tubing, 0.92Cr

0.75Ni 0.52Mo 0.003B 0.04V

(0.40–0.46C)

K24336 98BV40 Mod

6424B Bars, forgings, and tubing, 0.80Cr

1.8Ni 0.25Mo (0.49–0.55C)

K22950 —

6425 Bars, forgings, and tubing, 0.30Cr

1.8Ni 0.40Mo 1.4Mn 1.5Si

(0.23–0.28C), consumable

vacuum electrode remelted

K32550 Hy-Tuf

6426D Bars, forging, and tubing, 1.0Cr

0.58Mo 0.75Si (0.80–0.90C),

consumable electrode melted

K18597 52CB

6427H Bars, forgings, and tubing, 0.88Cr

1.8Ni 0.42Mo 0.08V

(0.28–0.33C)

K23080 4330 Mod

6428D Bars, forgings, and tubing, 0.80Cr

1.8Ni 0.35Mo 0.20V

(0.32–0.38C)

K23477 4335 Mod

6429D Bars, forgings, tubing, and rings,

0.78Cr 1.8Ni 0.35Mo 0.20V

(0.33–0.38C), consumable

electrode vacuum melted

K33517 4335 Mod

6430D Bars, forgings, tubing, and rings,

0.78Cr 1.8Ni 0.35Mo 0.20V

0.75Mn (0.32–0.38C)

K33517 4335 Mod

6431J Bars, forgings, and tubing, 1.05Cr

0.55Ni 1.0Mo 0.11V

(0.45–0.50C), consumable

electrode vacuum melted

K24728 D6 MIL-S-8949

6432A Bars, forgings, and tubing, 1.05Cr

0.55Ni 1.0Mo 0.12V

(0.43–0.49C)

K24728 D6A

6433D Sheet, strip, and plate, 0.80Cr

1.8Ni 0.35Mo 0.20V 0.75Mn

(0.33–0.38C)

K33517 4335 Mod
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6434D Sheet, strip, and plate, 0.78Cr 1.8Ni

0.35Mo 0.20V (0.33–0.38C)

K33517 4335 Mod

6435C Sheet, strip, and plate, 0.78Cr 1.8Ni

0.35Mo 0.20V (0.33–0.38C), vacuum

consumable electrode melted,

annealed

K33517 4335 Mod

6436B Sheet, strip, and plate, low alloy, heat

resistant, 0.65Si 1.25Cr 0.50Mo

0.85V (0.25–0.30C), annealed

K22770 17–22A(V)

6437D Sheet, strip, and plate, 5.0Cr 1.3Mo

0.50V (0.38–0.43C)

T20811 H-H

6438D Sheet, strip, and plate, 1.05Cr 0.55Ni

1.0Mo 0.12V (0.45–0.50C),

consumable electrode vacuum

melted

K24728 D6

6439B Sheet, strip, and Plate, 1.05Cr 0.55Ni

1.0Mo 0.12V (0.42–0.48C),

consumable electrode vacuum

melted, annealed

K24728 D6AC MIL-S-8949

6440J Bars, forgings, and tubing, 1.45Cr

(0.98–1.10C), for bearing

applications

G52986 52100

6442E Bars and forgings, 0.50Cr

(0.98–1.10C), for bearing

applications

G50986 50100 MIL-S-7420

6443E Bars, forgings, and tubing, 1.0Cr

(0.98–1.10C), consumable electrode

vacuum melted

G51986 51100

6444H Bars, forgings, and tubing, 1.45Cr

(0.98–1.10C), premium aircraft

quality, consumable electrode

vacuum melted

G52986 52100

6445E Bars, forgings, and tubing, 1.05Cr

1.1Mn (0.92–1.02C), consumable

electrode vacuum melted

K22097 51100 Mod

6446C Bars, forgings, and tubing, 1.0Cr

(0.98–1.10C), electroslag remelted

G51986 51100

6447D Bars, forgings, and tubing, 1.4Cr

(0.98–1.10C), electroslag remelted

G52986 52100

6448F Bars, forgings, and tubing, 0.95Cr

0.22V (0.48–0.53C)

G61500 6150 MIL-S-8503

6449C Bars, forgings, and tubing, 1.0Cr

(0.98–1.10C), for bearing

applications

G51986 51100 MIL-S-7420
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6450F Wire, spring, 0.95Cr 0.22V

(0.48–0.53C), annealed and cold

drawn

G61500 6150

6451A Wire, spring, 1.4Si 0.65Cr

(0.51–0.59C), oil tempered

G92540 9254

6452A Wire, welding, 0.95Cr 0.20Mo

(0.38–0.43C), vacuum melted,

environment controlled

packaging

G43406 E4340 MIL-R-5632,

Type II

6453 Wire, welding, 0.30 Cr 1.8Ni

0.40Mo (0.23–0.28C), vacuum

melted, environment controlled

packaging

K 32550 Hy-Tuf

6454B Sheet, strip, and plate, 1.8Ni 0.8Cr

0.25Mo (0.38–0.43C),

consumable electrode melted

G43400 4340

6455G Sheet, strip, and plate, 0.95Cr

0.22V (0.48–0.53C)

G61500 6150 MIL-S-18731

6456A Wire, welding, 0.8Cr 1.8Ni 0.25Mo

(0.35–0.40C), vacuum melted,

environment controlled

packaging

4340 Mod MIL-R-5632,

Type III

6457A Wire, welding, 0.95Cr 0.20Mo

(0.28–0.33C), vacuum melted,

environment controlled

packaging

K13147 4130 MIL-R-5632,

Type I

6458F Wire, welding, 1.25Cr 0.50Mo

0.30V 0.65Si (0.28–0.33C),

vacuum melted, environment

controlled packaging

K23015 17–22A(S)

6459B Wire welding, 1.0Cr 1.0Mo 0.12V

(0.18–0.23C), vacuum induction

melted

K22720

6460D Wire, welding, 0.62Cr 0.20Mo

0.75Si 0.10Zr (0.10–0.17C)

K11365 NAX-915-AC

6461G Wire, welding, 0.95Cr 0.20V

(0.28–0.33C), vacuum melted,

environment controlled

packaging

K13148 6130

6462F Wire, welding, 0.95Cr 0.20V

(0.28–0.33C)

K13149 6130

6463B Wire, welding, 18.5Ni 8.5Co 5.2Mo

0.72Ti 0.10A1, vacuum

environment controlled

packaging

K93130 Mar 300

6464E Electrodes, welding, covered,

1.05Mo 0.20V (0.06–0.12C)

W10013 10013 (AWS) MIL-E-6843,

Class E-10013
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6465B Wire, welding, 2.0Cr 10Ni 8.0Co

1.0Mo 0.02A1 0.06V

(0.10–0.14C), vacuum melted,

environment controlled pakaging

K91971 HY-180

6466D Wire, welding, corrosion

resistant, 5.2Cr 0.55Mo

S50280 Type 502

6467C Electrode, welding, covered, 5Cr

0.55Mo

W50210 Type 502

6468B Wire, welding, 1.0Cr 3.8Co 0.45Mo

0.08V (0.14–0.17C), vacuum melted,

environment controlled packaging

K91461 HP 9-4-20

6469A Wire, welding, 1.75Mn 0.80Cr 2.8Ni

0.85Mo (0.09–0.12C), vacuum

melted, environment controlled

packaging

— —

6470J Bars, forgings, and tubing, nitriding

grade, 1.6Cr 0.35Mo 1.1A1 (0.38–

0.43C)

K24065 135 Mod MIL-S-6709

6471D Bars, forgings, and tubing, nitriding

grade, 1.6Cr 0.35Mo 1.2A1 (0.38–

0.43C), consumable electrode

vacuum melted

K24065 135 Mod

6472C Bars and forgings, nitriding

grade, 1.6Cr 0.35Mo 1.1 A1 (0.38–

0.43C), hardened and tempered, 112

ksi (772 MPa) tensile strength

K24065 135 Mod MIL-S-6709

6473 Wire, welding, 0.88Cr 1.8Ni 1.6Co

0.42Mo 0.08V (0.28–0.33C), vacuum

melted, environment controlled

packaging

6475F Bars, forgings, and tubing, nitriding

grade, 1.1Cr 3.5Ni 0.25Mo 1.25A1

(0.21–0.26C)

K52355

6476 Bars, forgings, and tubing, 0.50Cr

0.12Mo (0.89–1.01C), for bearing

applications

6477 Bars, forgings, and tubing, 0.80Cr

(0.90–1.03C), for bearing

applications

6485G Bars and forgings, 5.0Cr 1.3Mo 0.50V

(0.38–0.43C)

T20811 H-11 FED-QQ-T-570

Class H-11

6487G Bars and forgings, 5.0Cr 1.3Mo 0.50V

(0.38–0.43C), consumable electrode

vacuum melted

T20811 H-11

6488E Bars and forgings, 5.0Cr 1.3Mo 0.5V

(0.38–0.43C)

T20811 H-11
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6490D Bars, forgings, and tubing, 4.0Cr

4.2Mo 1.0V (0.77–0.85C),

premium aircraft quality for

bearing applications,

consumable electrode vacuum

melted

T11350 M-50

6491A Bars, forgings, and tubing, 4.1Cr

4.2Mo 1.0V (0.80–0.85C),

premium aircraft quality for

bearing applications, Double

vacuum melted

T11350 M-50

6501A Wire, welding, maraging steel,

18Ni 8.0Co 4.9Mo 0.40Ti

0.10A1, vacuum induction

melted, environment controlled

packaging

K92890 Maraging 250

6512C Bars, forgings, tubing, and rings,

18Ni 7.8Co 4.9Mo 0.40Ti

0.10A1, consumable electrode

melted, annealed

K92890 Maraging 250 MIL-S-46850

Type III,

Grade

6514C Bars, forgings, tubing, and rings,

Maraging, 18.5Ni 9Co 4.9Mo

0.65Ti 0.10A1, consumable

electrode melted, annealed

K93120 Maraging 300 MIL-S-46850

Type 300

MIL-S-13881,

Type II,

Class I

6518A Sheet, strip, and plate, maraging,

19Ni 3.0Mo 1.4Ti 0.10A1,

double vacuum melted, solution

heat treated

6519A Bars, forgings, tubing, and rings,

maraging, 19Ni 3.0Mo 1.4Ti

0.10A1, double vacuum melted,

annealed

6520B Sheet, strip, and plate, maraging

250, 18Ni 7.8Co 4.9Mo 0.40Ti

0.10A1, consumable electrode

melted, Solution heat treated

K92890 Maraging 250

6521A Sheet, strip, and plate, 18.5NI

9.0Co 4.9Mo 0.65Ti 0.10A1,

consumable electrode melted,

solution heat treated

K93120 Maraging 300 MIL-S-46850

Grade 300

6522A plate, 2.0Cr 10Ni 14Co 1.0Mo

(0.13–0.17C), vacuum melted,

normalized and overaged

K92571 AF-1410

6523C Sheet, strip, and plate, 0.75Cr

9.0Ni 4.5Co 1.0Mo 0.09V

(0.17–0.23C), vacuum

consumable electrode melted,

annealed

K91472 HP 9–4–20
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TABLE 1.16 (Continued)
AMS Number, Title of Specification, and Equivalent UNS Number, Nearest Proprietary

or AISI-SAE Grade, and Similar Specification for Wrought Alloy Steels

AMS No. Title of Specification UNS No. Alloy

Similar

Specification

6524C Wire, welding, 1.0Cr 7.5Ni 4.5Co

1.0Mo 0.09V (0.29–0.34C),

consumable electrode vacuum

melted

K91313 HP 9–4–30

6525A Bars, forgings, tubing, and rings,

0.75Cr 9.0Ni 4.5Co 1.0Mo 0.09V

(0.17–0.23C), consumable

electrode vacuum melted

K91472 HP 9–4–20

6526C Bars, forgings, tubing, and rings,

1.0Cr 7.5Ni 4.5Co 1.0Mo 0.09V

(0.29–0.34C), consumable

electrode vacuum melted,

annealed

K91283 HP 9–4–30

6527B Bars and forgings, 2.0Cr 10Ni

14Co 1.0Mo (0.15–0.19C),

vacuum melted, normalized and

overaged

K92571 AF 1410

6528 Bars, 0.95Cr 0.20Mo (0.28–0.33C),

special aircraft quality

cleanliness, normalized

G41300 4130

6529 Bars, 0.95Cr 0.20Mo (0.38–0.43C),

special aircraft quality

cleanliness, normalized

G41400 4140

6530H Tubing, seamless, 0.50Ni 0.55Cr

0.20Mo (0.28–0.33C)

G86300 8630

6532 Bars and forgings, 3.1Cr 11.5Ni

13.5Co 1.2Mo (0.21–0.25C),

vacuum melted, annealed

K92580 Aermet 100

6533 Wire, welding, 2.0Cr 10Ni 14Co

1.9Mo (0.13–0.17C), vacuum

melted, environment controlled

packaging

K92571 AF 1410

6535G Tubing, seamless, 0.50Cr 0.55Ni

0.20Mo (0.28–0.33C)

G86300 8630

6543B Bars and forgings, 2.0Cr 10Ni

8.0Co 1.0Mo (0.10–0.14C),

double vacuum melted, solution

heat treated

K92571 AF 1410

6544B Plate, maraging, 2.0Cr 10Ni 8.0Co

1.0Mo (0.10–0.14C), double

vacuum melted, heat treated

K91970

6546D Sheet, strip, and plate, 0.48Cr

0.80Ni 4.0Co 0.48Mo 0.09V

(0.24–0.30C), consumable

electrode melted, annealed

K91122 HP 9–4–25

6550H Tubing, Welded, 0.55Cr 0.50Ni

0.20Mo (0.28–0.33C)

G86300 8630 MIL-T-6734

Source: From 1994 SAE AMS Index, Society of Automotive Engineers, Warrendale, PA.
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duplex stainles s steel s, and nickel -base alloy s), dimens ions, wei ghts, process of man ufacture,

chemi cal and mecha nical prop erty requ irements, and testing an d inspect ion methods [61]. API

Spe c 5LD co vers seaml ess, centrifugal cast, and welded clad steel line pipe and lined steel pipe

with increa sed corrosi on-res istant pro perties. The clad and lined steel line pipes are c omposed

of a base meta l outside and a corrosio n resistent alloy (CRA ) layer inside the pipe; the base

mate rial conform s to AP I Spec 5L, ex cept as mod ified in the API Spec 5LC doc ument. This

specif ication provides standar ds for pipe with impr oved corrosi on resi stance suitab le for use in

con veying gas, water, and oil in both the oil an d natural gas indust ries [62] .

1.5.5 ANSI SPECIFICATIONS

ANSI standar d begins wi th the prefi x ANSI , followe d by an alphanume ric code with an

uppe rcase letter, subsequent ly followe d by one to three digit s and add itional digits that are

separat ed by decim al points . ANSI standar ds can also have a standard de veloper ’s acronym

in the title. Example s are ANSI H35. 2, ANSI A156.2, ANSI B18 .2.3.6M, ANSI /ASM E NQ2-

1989, ANSI /API Spe c 5CT-1992, ANSI /API Spe c 5D-1992, ANSI /API Spe c 5L-1992, and

ANSI /API Spec 5LC- 1991 [57,60–62] .

1.5.6 AWS SPECIFICATIONS

AWS standar ds are used to supp ort welding design, testing, quality assura nce, and other

related joining fun ctions. These standard s be gin with the prefix AWS followe d by the letter

and numeral s with decim al poin t. Example s of AWS spe cifications with corresp onding AISI-

SAE or proprie tary grade and UNS num ber in parenthe ses are AWS A5.1 (E6010, W 06010),

AWS A5.2 (RG65, WK00065), and AWS A5.5 (E9018-D3, W19118).
1.6 INTERNATIONAL SPECIFICATIONS AND DESIGNATIONS

Since steelmaking technology is available worldwide, familiarity with international specifica-

tions and de signations for steels is ne cessary. Table 1 .17 cross- referen ces SAE steels with

those of a selected group of international specifications and designations, which are described

in the following paragraphs. More elaborate information on cross-referencing is available in

Refs. [7,15,57,63].

1.6.1 ISO DESIGNATIONS

The International Organization for Standardization (ISO) system has standard designation

for steel.

1.6.1.1 The Designation for Steels with Yield Strength

The designations are preceded by the letter and followed by yield strength value (MPa). The

prefix of nonalloy structural steel is letter S, for example, S235. The prefix of nonalloy

engineering steel is letter E, for example, E235. The numbers indicate the yield strength

�235 MPa.

The method of HSLA steels is equivalent to nonalloy engineering steels. The lower limit of

yield strength is 355–690 MPa, for example, E355 , . . . , . . . , E690, where E355 and E690 are

different steel grades.
� 2006 by Taylor & Francis Group, LLC.



TABLE 1.17
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

Carbon steels

1005 1.0288, D5-2 — 970 015A03 — 05F —

1.0303, QSt32-2

1.0312, D5-1

1.0314, D6-2

1.0393, ED3

1.0394, ED4

1.1012, RFe120

1006 1.0311, D7-1

1.0313, D8-2

1.0317, RSD4

1.0321, St23

1.0334, StW23

1.0335, StW24

1.0354, St14Cu3

1.0391, EK2

1.0392, EK4

1.1009, Ck7

— 970 030A04

970 040A04

970 050A04

A35-564

XC6FF

— —

1008 1.0010, D9 G3445 1449 3CR A35-551 XC10 08F CC8X

1.0318, St28 STKM11A 1449 3CS XC6 08

1.0320, St22 (11A) 1449 3HR XC6FF 08A1

1.0322, USD8 1449 3HS

1.0326, RSt28 1717 ERW101

1.0330, St2, St12 3606 261

1.0333, St3, St13

1.0331, RoSt2

1.0332, StW22

1.0336, USt4, USt14

1.0337, RoSt4

1.0344, St12Cu3

1.0347, RRSt13

1.0357, USt28

1.0359, RRSt23

1.0375, Feinstblech

T57, T61, T65,

T70

1.0385, Weissblech

T57, T61, T65,

T70

1.0744, 6P10

1.0746, 6P20

1.1116, USD6

1010 1.0204, UQSt36

1.0301, C10

1.0328, USD10

1.0349, RSD9

G4051 S10C

G4051 S9Ck

1449 40F30,

43F35,

46F40,

50F45,

A33-101 AF34

CC10

C10

10F

10

C10

CE10

C11x
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1.1121, Ck10

1.1122, Cq10

60F55,

68F62,

75F70

(available in

HR, HS, CS

conditions)

1449 4HR,

4HS, 4CR,

4CS

970 040A10

(En2A,

En2A/1,

En2B)

970 045A10,

045M10

(En32A)

970 050A10

970 060A10

980 CEW1

1012 1.0439, RSD13 G4051 S12C 1449 12HS,

12CS

1501 141-360

970 040A12

(En2A,

En2A/1,

En2B)

A33-101 AF37

A35-551 XC12

C12

— —

970 050A12

970 060A12

1013 1.0036, USt37-2 — 3059 360 A35-551 XC12 — —

1.0037, St37-2 3061 360 CC12

1.0038, RSt37-2 3603 360

1.0055, USt34-1

1.0057, RSt34-1

1.0116, St37-3

1.0218, RSt41-2

1.0219, St41-3

1.0307, StE210.7

1.0309, St35.4

1.0315, St37.8

1.0319, RRStE210.7

1.0356, TTSt35

1.0417

1.0457, StE240.7

1015 1.0401, C15 G4051 F15Ck 970 040A15 XC15 15 C15

1.1132, CQ15 G4051 S15C 970 050A15 C15E4

1.1135, Ck16A1 970 060A15 C15M2
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1.1140, Cm15

1.1141, Ck15

1.1144

1.1148, Ck15A1

970 080A15,

080M15

970 173H16

1016 1.0419, RS144.2 — 3059 440 15Mn —

1.0467, 15Mn3 3606 440

1.0468, 15Mn3A1

1.1142, GS-Ck16

970 080A15,

080M15

970 170H15

970 173H16

1017 — G4051 S17C 1449 17HS,

17CS

970 040A17

970 050A17

970 060A17

A35-551 XC18

A35-552 XC18

A35-566 XC18

A35-553

XC18S

A35-554

XC18S

— —

1018 1.0453, C16.8 — 970 080A17 A33-101 AF42

C20

1019 — — — —

1020 1.0402, C22 G4051 S20C 970 040A20 A35-551 XC18 20 C20

1.0414, D20-2

1.0427, C22.3

1.0460, C22.8

1.1149, Cm22

1.1151, Ck22

G4051 S20CK 970 050A20

(En2C,

En2D)

970 060A20

A35-552 XC18

A35-566 XC18

A35-553 C20

A35-553XC18S

A35-554XC18S

CC20

CC21K

1021 — — 970 070M20 A35-551 21B3 — —

970 080A20 A35-552 21B3

A35-553 21B3

A35-557 21B3

A35-566 21B3

1022 1.0432, C21

1.0469, 21Mn4

1.0482, 19Mn5

1.1133, 20Mn5,

GS-20Mn5

1.1134, Ck19

— 3111 Type 9

970 120M19

970 170H20

A35-551

20MB5

A35-552

20 MB5

A35-553

20MB5

A35-556

20MB5

A35-557

20MB5

A35-566

20MB5

20Mn —

A35-566 20M5
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1023 1.1150, Ck22.8

1.1152, Cq22

G4051 S22C 1449 2HS,

22CS

— — —

970 040A22

(En2C,

En2D)

970 050A22

970 060A22

970 080A22

1025 1.0406, C25 G4051 S25C — A35-552 XC25 25 C25

1.0415, D25-2,

D26-2

A35-566 XC25 C25E4

1.1158, Ck25 C25M2

1026 1.1155, GS-Ck25 — 970 070M26 — 25Mn —

1.1156, GS-Ck24 970 080A25

970 080A27

1029 1.0562, 28Mn4 G3445 970 060A27 A33-101 AF50 — —

STKM15A

(15A),

970 080A27

(En5A)

CC28

C30

STKM15C

(15C)

G4051 S28C

1030 1.0528, C30

1.0530, D30-2

1.1178, Ck30

1.1179, Cm30

1.1811, G-31Mn4

G4051 S30C 1449 30HS,

30CS

970 060A30

970 080A30

(En5B)

970 080M30

(En5)

A35-552 XC32

A35-553 XC32

30 C30

C30

1035 1.0501, C35

1.0516, D35-2

1.1172, Cq35

1.1173, Ck34

1.1180, Cm35

1.1181, Ck35

G4051 S35C 1717 CDS105/

106

970 060A35

970 080A32

(En5C)

970 080A35

(En8A)

980 CFS6

A33-101 AF55

A35-553 C35

A35-553 XC38

A35-554 XC38

XC35

XC38TS

C35

35 C35

C35E4

C35M2

1037 1.0520, 31Mn4 G4051 S35C 3111 type 10 — 35Mn —

1.0561, 36Mn4 970 080M36

970 170H36

1038 No international

equivalents

1039 1.1190, Ck42A1 — 970 060A40 40M5 40Mn —

970 080A40

(En8C)

A35-552

XC38H2

970 080M40

(En8)

A35-553

38MB5
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

970 170H41 A35-556

38MB5

A35-557

XC38H2

XC42, XC42TS

1040 1.0511, C40 G4051 S40C 1287 A33-101 AF60 40 C40

1.0541, D40-2

1.1186, Ck40

1.1189, Cm40

1449 40HS,

40CS

3146 Class 1

Grade C

3146 Class 8

970 060A40

970 080A40

(En8C)

970 080M40

(En8)

C40 C40E4

C40M2

1042 1.0517, D45-2 G4051 S43C 970 060A42

970 080A42

(En8D)

A35-552

XC42H1

A35-553 C40

CC45

XC42, XC42TS

— —

1043 1.0558, GS-60.3 G4051 S43C 970 060A42

970 080A42

(En8D)

970 080M46

A35-552

XC42H2

— —

1044 1.0517, D45-2 — — — — —

1045 1.0503, C45 G4051 S45C 970 060A47 A33-101 AF65 45 C45

1.1184, Ck46

1.1191, Ck45,

GS-Ck45

1.1192, Cq45

1.1194, Cq45

1.1201, Cm45

1.1193, Cf45

G5111 SCC5 970 080A47

970 080M46

A35-552

XC48H1

A35-553 XC45

A35-554 XC48

XC48TS

C45

C45E4

C45M2

1046 1.0503, C45 — 3100 AW2 45M4TS 45Mn —

1.0519, 45MnAl

1.1159, GS-46Mn4

970 080M46 A35-552

XC48H1

A35-552

XC48H2

XC48TS

1049 — G3445

STKM17A

(17A)

G3445

STKM17C

(17C)

970 060A47

970 080A47

A35-552

XC48H1

A35-554 XC48

XC48TS

— —
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1050 1.0540, C50 G4051 S50C 1549 50HS A35-553 XC50 50 C50

1.1202, D53-3 G4051 S53C 1549 50CS C50E4

1.1206, Ck50 970 060A52 C50M2

1.1210, Ck53

1.1213, Cf53

1.1219, Cf54

1.1241, Cm50

970 080A52

(En43C)

970 080M50

(En43A)

1053 1.1210, Ck53

1.1213, Cf53

1.1219, Cf54

G4051 S53C 970 080A52

(En43C)

52M4TS

A35-553 XC54

50Mn —

1055 1.0518, D55-2 G4051 S53C 3100 AW3 A33-101 AF70 55 C55

1.0535, C35

1.1202, D53-3

1.1203, Ck55

1.1209, Cm55

1.1210, Ck53

1.1213, Cf53

1.1219, Cf54

1.1220, D55-3

1.1820, C55W

G4051 S55C 970 060A57

970 070M55

970 080A52

(En43C)

970 080A57

A35-552

XC55H1

A35-552

XC55H2

A35-553 XC54

XC55

C55

C55E4

1059 1.0609, D58-2 — 970 060A62 A35-553 XC60 — —

1.0610, D60-2

1.0611, D63-2

1.1212, D58-3

1.1222, D63-3

1.1228, D60-3

1060 1.0601, C60 G4051 S58C 1449 60HS A35-553 XC60 60 C60

1.0642, 60Mn3 1449 60CS C60E4

1.1221, Ck60 970 060A57 C60M2

1.1223, Cm60 970 080A57

1.1740, C60W

1064 1.0611, D63-2 — 970 060A62 — — SL, SM

1.0612, D65-2

1.0613, D68-2

1.1222, D63-3

1.1236, D65-3

970 080A62

(En43D)

1065 1.0627, C68 — 970 060A67 XC65 65 Type

DC

1.0640, 64Mn3

1.1230,

Federstahldraht

FD

1.1233

1.1240, 65Mn4

1.1250,

Federstahldraht

VD

970 080A67

(En43E)

1.1260, 66Mn4
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1069 1.0615, D70-2 — — A35-553 XC68 70 —

1.0617, D73-2 XC70

1.0627, C68

1.1232, D68-3

1.1237

1.1249, Cf70

1.1251, D70-3

1.1520, C70W1

1.1620, C70W2

1070 1.0603, C67

1.0643, 70Mn3

1.1231, Ck67

— 1449 70HS,

70CS

970 060A72

970 070A72

(En42)

XC70 70 Type

DC

970 080A72

1074 1.0605, C75

1.0645, 76Mn3

1.0655, C74

1.1242, D73-3

— 970 070A72

(En42)

970 080A72

A35-553 XC75

XC70

75 —

1075 1.0614, D75-2 — — A35-553-XC75 75 —

1.0617, D73-2 XC70

1.0620, D78-2

1.1242, D73-3

1.1252, D78-3

1.1253, D75-3

1078 1.0620, D78-2 G4801 SUP3 970 060A78 XC80 — —

1.0622, D80-2

1.0626, D83-2

1.1252, D78-3

1.1253, D75-3

1.1255, D80-3

1.1262, D83-3

1.1525, C80W1

1080 1.1259, 80Mn4

1.1265 D85-2

— 1449 80HS,

80CS

XC80 80 —

970 060A78

970 060A83

970 070A78

970 080A78

970 080A83

1084 1.1830, C85W — 970 060A86 XC85

970 080A86

1085 1.0647, 85Mn3 — 970 080A83 — 85 —

1.1273, 90Mn4

1.1819, 90Mn4
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1086 1.0616, C85, D85-2

1.0626, D83-2

1.0628, D88-2

1.1262, D83-3

1.1265, D85-3

1.1269, Ck85

1.1272, D88-3

— 970 050A86 A35-553 XC90 85 Type DC

1090 1.1273, 90Mn4 — 1449 95HS — T9A —

1.1819, 90Mn4 1449 95CS

1.1282, D95S3 970 060A96

1095 1.0618, D95-2

1.1274, Ck 101

1.1275, Ck100

G4801 SUP4 1449 95HS

1449 95CS

970 060A99

A35-553

XC100

T10 —

1.1282, D95S3

1.1291, MK97

1.1545, C105W1

1.1645, C105W2

1140 No international

equivalents

1141 — G4804 SUM42 970 212A42

(En8DM)

A35-562

45MF4

Y40Mn 44SMn28

970 216A42

1144 1.0727, 45S20 G4804 SUM43 970 212A42

(En8DM)

A35-562

45MF6

— 44SMn28

970 212M44

970 216M44

970 225M44

970 226M44

1146 1.0727, 45S20 — 970 212M44 45MF4 — —

1151 1.0728, 60S20 — — — — —

1.0729, 70S20

Resulfurized/rephosphorized carbon steels

1211 No international

equivalents

1212 1.0711, 9S20 G4804 SUM21 — 10F2 — 9S20

1.0721, 10S20 12MF4

1.1011, RFe160K S200

1213 1.0715, 9SMn28

1.0736, 9SMn36

1.0740, 9SMn40

G4804 SUM22 970 220M07

(En1A)

970 230M07

970 240M07

(En1A)

A35-561 S250

S250

— —

1215 1.0736, 9SMn36 G4804 SUM23 970 240M07

(En1B)

A35-561 S300 — —

12L14 — — — — Y15Pb 11SMnPb28
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

Alloy steels

1330 — — — — 30Mn2 28Mn6

1335 1.5069, 36Mn7 — — — 35Mn2 36Mn6

1340 1.5223, 42MnV7 — — — 40Mn2 42Mn6

1345 1.0625, StSch90C — — — 45Mn2

1.0912, 46Mn7

1.0913, 50Mn7

1.0915, 50MnV7

1.5085, 51Mn7

1.5225, 51MnV7

4023 1.5416, 20Mo3 — — — — —

4024 1.5416, 20Mo3 — — — — —

4027 1.5419, 22Mo4 — — — — —

4028 — — 970 605M30 — — —

4032 1.5411 G5111 SCMnM3 970 605A32 — — —

970 605H32

970 605M30

970 605M36

(En16)

4037 1.2382, 43MnSiMo4

1.5412,

GS-40MnMo4 3

1.5432, 42MnMo7

— 3111 Type 2/1

3111 Type 2/2

970 605A37

970 605H37

— — 36Mo3E

4042 1.2382, 43MnSiMo4 — — — — —

1.5432, 42MnMo7

4047 No international

equivalents

4118 1.7211, 23CrMoB4

1.7264, 20CrMo5

G4052 SCM15H

G4105 SCM21H

G4052

SCM418H

G4105

SCM418H

970 708H20

970 708M20

— G20

CrMo

18CrMo4

18CrMo4E

4130 — G4105 SCM1

G4105 SCM432

G4105 SCM2

G4105 SCM430

G4106 SCM2

1717 CDS110

970 708A30

A35-552

30CD4

A35-556

30CD4

A35-557

30CD4

30CrMo

30CrMoA

—

4135 1.2330, 35CrMo4 G4054 SCM3H 970 708A37 35CD4 35CrMo 34CrMo4

1.7220, 34CrMo4

1.7220, GS-

34CrMo4

1.7226, 34CrMoS4

1.7231, 33CrMo4

G4054

SCM435H

G4105 SCM1

G4105 SCM432

G4105 SCM3

G4105 SCM435

970 708H37 A35-552

35CD4

A35-553

35CD4

A35-556

35CD4

A35-557

34CD4

35CrMoV 34CrMo4E

34CrMoS4
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

4137 1.7225, GS-

42CrMo4

G4052 SCM4H

G4052

SCM440H

G4105 SCM4

3100 type 5

970 708A37

970 708H37

970 709A37

40CD4

42CD4

A35-552

38CD4

A35-557

38CD4

— —

Carbon–manganese steels

1513 1.0424,

Schiffbaustahl

CS:DS

1.0479, 13Mn6

1.0496, 12Mn6

— 1449 40/30 HR

1449 40/30 HS

1449 40/30 CS

1453 A2

2772 150M12

12M5

A33-101

AF50-S

A35-501 E35-4

A35-501 E36-2

15Mn —

1.0513,

SchiffbaustahlA32

1.0514,

Schiffbaustahl B32

1.0515,

Schiffbaustahl E32

1.0549

1.0579

1.0583,

Schiffbaustahl A36

1.0584,

Schiffbaustahl D36

1.0589,

Schiffbaustahl E 36

1.0599

1.8941, QStE260N

1.8945, QStE340N

1.8950, QStE380N

970 125A15

970 130M15

970 130M15

(En201)

A35-501 E36-3

1522 1.0471, 21MnS15

1.0529, StE350-Z2

1.1120, GS-20Mn5

1.1138, GS-21 Mn5

1.1169, 20Mn6

1.8970, StE385.7

1.8972, StE415.7

1.8978

1.8979

G4106 SMn21 1503 221–460

1503 223–409

1503 224–490

3146 CLA2

980 CFS7

A35-551

20MB5

A35-552 20M5

A35-556 20M5

A35-552

20MB5

A35-553

20MB5

A35-556

20MB5

A35-557

20MB5

A35-566

20MB5

20Mn —
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

1524 1.0499, 21Mn6A1 G4106 SMn21 1456 Grade A — 20Mn2 —

1.1133, 20Mn5, GS-

20Mn5

1.1160, 22Mn6

G5111 SCMn1 970 150M19

(En14A,

En14B)

970 175H23

980 CDS9,

CDS10

1526 — — 970 120M28 A35-566

25MS5

25Mn —

1527 1.0412, 27MnSi5 G5111 SCMn2 1453 A3 — 30Mn —

1.1161, 26Mn5

1.1165, 30Mn5

1.1165, GS-30Mn5

1.1170, 28Mn6

1456 Grade B1,

Grade B2

3100 A5

3100 A6

970 150M28

(En14A,

En14B)

1536 1.0561, 36Mn4 G4052 SMn1H 1045 A35-552 32M5 35Mn —

1.1165, 30Mn5

1.1165, GS-30Mn5

1.1166, 34Mn5

1.1167, 36Mn5,

GS-36Mn5

1.1813, G-35Mn5

G4052 SMn433H

G4106 SMn1

G4106 SMn433

G5111 SCMn2

G5111 SCMn3

3100 A5, A6

970 120M36

(En15B)

970 150M36

(En15)

A35-552

38MB5

A35-553

38MB5

A35-556

38MB5

A35-557

38MB5

1541 1.0563, E

1.0564, N-80

1.1127, 36Mn6

1.1168, GS-40Mn5

G4106 SMn2,

SMn438

G4052 SMn2H,

SMn438H

G4106 SMn3,

SMn443

G4052 SMn3H,

SMn443H

G5111 SCMn5

970 135M44

970 150M40

40M5

45M5

A35-552 40M6

40Mn2 SL, SM

1548 1.1128, 46Mn5 — — — 45Mn SL, SM

1.1159, GS-46Mn4

1551 1.0542, StSch80 — — 24M4TS SL, SM

1552 1.0624, StSch90B — — 55M5 50Mn2 SL, SM

1.1226, 52Mn5

1561 1.0908, 60SiMn5 — — — 60Mn SL, SM

1566 1.1233 — — — 65Mn —

1.1240, 65Mn4

1.1260, 66Mn7

Continued

� 2006 by Taylor & Francis Group, LLC.

User
Highlight



TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of

Germany (DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF) China (GB) ISO

Resulfurized carbon steels

1108 1.0700, U7S10 G4804 SUM12 — A35-562 10F1 — 10S20

1.0702, U10S10

1110 1.0703, R10S10 G4804 SUM11 — — — —

1117 — G4804 SUM31 970 210A15 — Y20 —

970 210M17

(En32M)

970 214A15

970 214M15

(En202)

1118 — — 970 214M15

(En201)

— — —

1137 — G4804 SUM41 970 212M36

(En8M)

970 216M36

(En15AM)

970 225M36

35MF4

A35-562

35MF6

Y35 —

1139 1.0726, 35S20 — 970 212A37

(En8BM)

970 212M36

(En8M)

970 216M36

(En15AM)

35MF4

A35-562

35MF6

— —

970 225M36

4140 1.3563, 43CrMo4

1.7223, 41CrMo4

1.7225, 42CrMo4

1.7225,

GS-42CrMo4

1.7227,

42CrMoS4

G4052 SCM4H

G4052

SCM440H

G4103 SNCM4

G4105 SCM4

G4105 SCM440

3100 Type 5

4670 711M40

970 708A40

970 708A42

(En19C)

970 708H42

970 708M40

970 709A40

970 709M40

40CD4

A35-552

42CD4,

42CDTS

A35-553

42CD4,

42CDTS

A35-556

42CD4,

42CDTS

A35-557

42CD4,

42CDTS

42CrMo 42CrMo4

42CrMo4E

42CrMoS4

4142 1.3563, 43CrMo4

1.7223, 41CrMo4

— 970 708A42

(En19C)

970 708H42

970 709A42

40CD4

A35-552

42CD4,

42CDTS

A35-553

42CD4,

42CDTS

A35-556

42CD4,

42CDTS

A35-557

42CD4,

42CDTS

42CrMo

40CrMnMo

42CrMo4
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

4145 1.2332, 47CrMo4 G4052 SCM5H

G4052

SCM445H

G4105 SCM5,

SCM445

970 708H45 A35-553

45SCD6

A35-552

45SCD6

— —

4147 1.2332, 47CrMo4

1.3565, 48CrMo4

1.7228, 50CrMo4

1.7228, GS-

50CrMo4

1.7230,

50CrMoPb4

1.7328, 49CrMo4

G4052 SCM5H

G4052

SCM445H

G4105 SCM5,

SCM445

970 708A47 A35-552

45SCD6

A35-553

45SCD6

A35-571

50SCD6

— —

4150 1.3565, 48CrMo4

1.7238, 49CrMo4

1.7228, 50CrMo4

— — A35-571

50SCD6

— 50CrMo4

1.7228, GS-

50CrMo4

1.7230, 50CrMoPb4

1.7238, 49CrMo4

4161 1.7229, 61CrMo4 G4801 SUP13 3100 BW4 — — —

1.7266,

GS-58CrMnMo4

GS-58CrMnMo4

4 3

3146 CLA12

Grade C

4320 — G4103 SNCM23 — 20NCD7

G4103

SNCM420

A35-565

18NCD4

G4103

SNCM420H

A35-565

20NCD7

4340 1.6565, 40NiCrMo6 G4103 SNCM8

G4103

SNCM439

G4108 SNB23-1-

5

G4108 SNB24-1-

5

4670 818M40

970 2S.119

—

40CrNiMoA

45CrNiMo

VA

36CrNiMo6

E4340 1.6562, 40NiCrMo

7 3

— 970 2S.119 —

45CrNiMo VA

40CrNiMoA

—

4422 1.5419, 22Mo — — 23D5

4427 No international

equivalent
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of

Germany (DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF) China (GB) ISO

4615 — — — 15ND8 — —

4617 — — 970 665A17 — — —

970 665H17

970 665M17

(En34)

4620 — — 970 665A19 2ND8 — —

970 665H20

970 665M20

4626 — — 970 665A24

(En35B)

— — —

4718 No international

equivalent

4720 — — — 18NCD4 — —

4815 No international

equivalent

4817 No international

equivalent

4820 No international

equivalent

50B40 1.7003, 38Cr2 G4052 SMnC3H — A35-552 38C2 — —

1.7023, 28CrS2 G4052

SMnC443H

G4106 SMnC3

G4106 SMnC443

G5111 SCMnCr4

A35-556 38C2

A35-557 38C2

A35-552 42C2

A35-556 42C2

A35-557 42C2

50B44 — — — 45C2 — —

5046 1.3561, 44Cr2 — — — — —

50B46 No international

equivalent

50B50 1.7138,

52MnCrB3

— — 55C2 — —

5060 1.2101,

62SiMnCr4

— 970 526M60

(EnH)

61SC7

A35-552 60SC7

— —

5115 1.7131, 16MnCr5,

GS-16MnCr5

1.7139,

16MnCrS5

1.7142,

16MnCrPb5

1.7160,

16MnCrB5

G4052 SCr21H

G4052 SCr415H

G4104 SCr21

G4104 SCr415

970 527A17

970 527H17

970 527M17

16MC5

A35-551

16MC5

15Cr

15CrMn

—
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF)

China

(GB) ISO

5117 1.3521, 17MnCr5 — — 18Cr4 — —

1.7016, 17Cr3

1.7131, 16MnCr5,

GS-16MnCr5

1.7139,

16MnCrS5

1.7142,

16MnCrPb5

1.7168,

18MnCrB5

A35-551

16MC5

5120 1.2162, 21MnCr5

1.3523, 19MnCr5

1.7027, 20Cr4

1.7028, 20Cr5 4

1.7121,

20CrMnS3 3

1.7146,

20MnCrPb5

1.7147, GS-

20MnCr5

1.7149,

20MnCrS5

G4052 SCr22H

G4052 SCr420H

G4052 SMn21H

G4052 SMn421H

G4104 SCr22

G4104 SCr420

— A35-551

20MC5

A35-552

20MC5

20Cr

20CrMn

20Cr4

20MnCr5

20Cr4E

20CrS4

5130 1.8401, 30MnCrTi4 G4052 SCr2H

G4052 SCr430H

G4104 SCr2

G4104 SCr430

970 530A30

(En18A)

970 530H30

28C4 30Cr —

5132 1.7033, 34Cr4

1.7037, 34CrS4

G4104 SCr3

G4104 SCr435

970 530A32

(En18B)

970 530A36

(En18C)

970 530H32

A35-552 32C4

A35-553 32C4

A35-556 32C4

A35-557 32C4

— —

5135 1.7034, 37Cr4 G4052 SCr3H 3111 Type 3 38C4 35Cr 34Cr4

1.7038, 37CrS4

1.7043, 38Cr4

G4052 SCr435H 970 530A36 (En

18C)

970 530H36

A35-552 38Cr4

A35-553 38Cr4

A35-556 38Cr4

A35-557 38Cr4

34CrS4

5140 1.7035, 41Cr4 G4052 SCr4H 3111 Type 3 A35-552 42C4 40Cr 41Cr4

1.7039, 41CrS4 G4052 SCr440H 970 2S.117 A35-557 42C4 38Cr 41CrS4

1.7045, 42Cr4 G4104 SCr4

G4104 SCr440

970 530A40 (En

18D)

970 530H40

970 530M40

A35-556 42C4 41Cr4E
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of

Germany (DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF) China (GB) ISO

5147 1.7145, GS-

50CrMn4 4

— 3100 BW2

3100 BW3

50C 4 45Cr —

3146 CLA12

Grade A

3146 CLA12

Grade B

5150 1.7145, GS-

50CrMn4 4

1.8404,

60MnCrTi4

— 3100 BW2

3100 BW3

3146 CLA12

Grade A

3146 CLA12

Grade B

— 50Cr —

5155 1.7176, 55Cr3 G4801 SUP11 — A35-571 55C3 55CrMnA —

G4801 SUP9

5160 1.2125, 65MnCr4 G4801 SUP9A 970 527A60

(En48)

— 60CrMnA —

970 527H60

51B60 — — — — 60CrMnBA —

E50100 1.2018, 95Cr1 — — A35-565 100C2 GCr6 —

1.3501, 100Cr2

E51100 1.2057, 105Cr4 — — — GCr9 —

1.2109, 125CrSi5

1.2127,

105MnCr4

1.3503, 105Cr4

E52100 1.2059, 120Cr5

1.2060, 105Cr5

1.2067, 100Cr6

1.3505, 100Cr6

1.3503, 105Cr4

1.3514, 101Cr6

1.3520,

100CrMn6

— 970 534A99

(En31)

970 535A99

(En31)

— GCr15 1

6118 No international

equivalents

G4801 SUP10 970 735A 50

(En47)

A35-552 50CV4 50CrVA 50CrV4

6150 1.8159, GS-50Cr

V4

970 S.204 A35-553 50CV4

A35-571

50CVA

8115 No international

equivalents

81B45 No international

equivalents

8615 — — — 15NCD2 — —

15NCD4

8617 — — 970 805A17 18NCD4 — —

970 805H17 18NCD6

970 805M17

(En 361)
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of Germany

(DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF) China (GB) ISO

8620 1.6522,

20NiCrMo2

1.6523,

21NiCrMo2

1.6526,

21NiCrMoS2

1.6543,

21NiCrMo2 2

G4052

SNCM21H

G4052

SNCM220H

G4103 SNCM21

G4103

SNCM220

2772 806M20

970 805A20

970 805H20

970 805M20

(En362)

18NCD4

20NCD2

A35-551

19NCDB2

A35-552

19NCDB2

A35-551

20NCD2

A35-553

20NCD2

A35-565

20NCD2

A35-566

20NCD2

20CrNiMo

G20CrNiMo

20NiCrMo2

20NiCrMo2E

20NiCrMoS2

8622 1.6541,

23MnNiCrMo52

— 2772 806M22

970 805A22

970 805H22

970 805M22

23NCDB4

A35-556

23MNCD5

A35-556

23NCDB2

A35-566

22NCD2

8625 — — 970 805H25 25NCD4 — —

970 805M25 A35-556

25MNCD6

A35-566

25MNDC6

8627 No international

equivalents

8630 1.6545, 30NiCrMo2 2 — — 30NCD2 — —

8637 — — 970 945M38

(En100)

40NCD3 — —

8640 1.6546, 40NiCrMo2 2 — 3111 Type 7,

2S.147

970 945A40

(En 100C)

40NCD2

40NCD2TS

40NCD3TS

40NCD3

— 41CrNiMo2E

8642 No international

equivalents

8645 No international

equivalents

86B45 No international

equivalents
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TABLE 1.17 (Continued)
Cross-Reference to Steels

United

States

(SAE)

Fed. R. of

Germany (DIN) Japan (JIS)

United

Kingdom (BS)

France

(AFNOR NF) China (GB) ISO

8650 No international

equivalents

8655 No international

equivalents

8660 — — 970 805A60 — — —

970 805H60

8720 No international

equivalents

8740 1.6546,

40NiCrMo2 2

— 3111 Type 7,

2S.147

40NCD2

40NCD2TS

— —

40NCD3TS

8822 No international

equivalents

9254 — — — — — 56SiCr7

9260 — G4801 SUP7 970 250A58

(En45A)

60S7

61S7

60Si2Mn

60Si2MnA

59Si7

61SiCr7

970 250A61

(En45A)

E9310 1.6657,

14NiCrMo1 3 4

G10CrNi3Mo

— 970 832H13

970 832M13

(En36C)

S.157

16NCD13 —

94B15 No international

equivalents

94B17 No international

equivalents

94B30 No international

equivalents

Source: From Anon., Classification and designation of carbon and low-alloy steels, ASM Handbook, 10th ed., Vol. 1, ASM

International, Materials Park, OH, 1990, pp. 140–194; H. Lin, G. Lin, and Y. Ma, Eds., Designation and Trade Name Handbook

of Steels Worldwide, mechanical Industry Press, Beijing, 1997.
1.6.1.2 The Designation for Steels with Chemical Composition

The prefix of nonalloy heat-treatable steel is C, and followed by numerical value. The

numerical value is 100 times of the average of carbon content, for example, C25 is the steel

containing an approximate mean of 0.25% C. The additional suffix EX or MX indicated the

quality steel or the high quality steel.

The designation for structural alloy steels and spring steels are similar to that of DIN

systems. For example, 36CrNiMo4 contains 0.36% C and alloy elements, such as Cr, Ni,

and Mo, the number 4 is the product of multiplier of the amount of first alloy element

(here Cr).
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The designa tion for bearing steel s is indica ted by a numeri c cod e. Types 1–5 repres ent

high-c arbon chromi um-bea ring steels (fully hardened hearing steels) , Type s 10–16 are

the surfa ce-hard ened bearing steel s, Type s 20–21 deno te stai nless-beari ng steels, and Type s

30–32 are the high-temper ature bearing steels. Stainless steels are also indica ted by a numeri c

code. For ex ample, the ferritic stai nless steels include Type 1Ti, 1, 2, 8, . . . ,  martensit ic

stainles s steels include Type 3, 4, 5, . . . ,  austenitic stainles s steels include Type s 10–24 an d

A2–A4, etc.

Heat-res istant steel s are indica ted with prefi x letter H and followe d by num eric code. For

exampl e, types H1–H 7 are ferriti c steel s and types H10–H 18 are austeni tic steels.

Nonalloy tool steels are pre ceded by the pr efix letters TC and foll owed by a numeri c code,

which indica tes 1 00 tim es of the ave rage of the ca rbon content .

The designa tion for alloy tool steels is equival ent to that of alloy struc tural steels.

High-sp eed steels are prece ded by the prefix letters HS and followe d by a numeri c code,

which indica tes the pe rcentage content of alloy e lements of W, Mo, V, and Co. For exampl e,

HS 2-9-1-8 indica tes that steel con tains 2% W, 9% Mo, 1 % V, and 8% Co, respect ively. High-

speed steel free from Mo uses numeric 0. If a high-speed steel were free from Co, then 0 would

not be added. For example, tungsten high-speed steel HS 18-0-1 contains 18% W, 0% Mo, 1%

V, and 0% Co. Some steels of ISO designa tions are provided in Table 1.17.

1.6.2 GB DESIGNATIONS (STATE STANDARDS OF CHINA)

The state standard of China for steels is called Guojia Biaozhun, abbreviated as GB. The

GB designations for nonalloy common steels and HSLA steels use the prefix letter

Q, followed by the yield strength value (MPa). For example, Q235, Q345, Q390 denote

nonalloy common steels and HSLA steels with their yield strength 235, 345, and 390 MPa,

respectively.

Nonalloy structural steels and alloy structural steels are represented by numeric codes,

which are 100 times of the average carbon content. For example, numeric code 45 shows the

steel containing 0.45% C. Alloy elements in steel use the descriptive code with chemical

symbols, and followed by its average content. As the average content is less than 1.5%, it is

indicated only with the chemical symbol, for example, 34CrNi3Mo containing 0.30–0.40% C,

0.70–1.10% Cr, 2.75–3.25% Ni, and 0.25–0.40% Mo.

Nonalloy tool steels are represented by the prefix letter T, followed by numeric codes,

which are ten times of the average carbon content. For example, T8 means the steel contains

an average carbon content about 0.80%. When the average carbon content is more than 1.0%

in alloy tool steels, the steel grade would not indicate the carbon content; but the average

content is less than 1.0%, it uses numeric code ten times carbon content. For example, CrMn

steel contains 1.30–1.50% C, 1.30–1.60% Cr, 0.45–0.75% Mn, and 9Mn2V steel contains 0.85–

0.95% C, 1.70–2.00% Mn, 0.10 to 0.25% V. The descriptive method for the alloy element is the

same in alloy structural steels.

Carbon content is not indicated in high-speed steels, and only uses the descriptive code

with chemical symbols and followed by alloy element content. For example, tungsten high-

speed steel 18-4-1 (T1) is represented by W18Cr4V, and W–Mo high-speed steel 6-5-4-2 (M2)

is indicated by W6Mo5Cr4V2.

They are represented by a numeric code, which indicates ten times of the carbon content

and followed by chemical symbols of alloy elements with their content in stainless steels and

heat-resistant steels, but microalloy elements only show the chemical symbols. For example,

steel 9Cr18MoV contains 0.85–0.95% C, 17–19% Cr, 0.0–1.3% Mo, 0.07–0.12% V. If the

carbon content is less than 0.03 or 0.08%, 00 or 0 would be used for the steel designations,

respectively, such as 00Cr18Ni10 and 0Cr13.
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1.6.3 DIN STANDARDS

DIN standar ds are developed by Deuts ches Institut fuer Norm ung in Germ any. All Germ an

steel standar ds and specificat ions are repres ented by the letters DIN and followe d by an

alphan umeric or a numeri c code. An uppercase letter sometime s precedes this cod e. Germ an

designa tions a re report ed in one of the foll owing two methods . One method uses the descrip tive

cod e with chemi cal symbol s an d num bers in the designa tion. The secon d, called the Werkst off

numb er, uses numbers only, with a decim al after the first digit. Ther e are fou r figures after the

decim al point, the first two of whi ch are used to identify the alloy, and the last tw o the quantity.

Most steels are covered by the significant figure 1, but some have no significant figure before the

decim al point. Exa mples of both methods are provided in Table 1.17, whi ch cross-ref erences

DIN designations and indicates chemical composition for DIN steels. However, standards for

heat-resistant steels are prefixed with the letter SEW (Stahl-Eisen-Werkstoff Blaetter, steel-iron

material sheets). Examples of DIN designations in both methods with equivalent UNS num-

bers in parentheses are as follows: DIN 40NiCrMo6 or DIN 1.6565 (G43400) is a Ni–Cr–Mo

steel that contains 0.35–0.45% C, 0.9–1.4% Cr, 0.5–0.7% Mn, 0.2–0.3% Mo, 1.4–1.7% Ni,

0.035% S, and 0.15–0.35% Si; DIN 17200 1.1149 or DIN 17200 Cm22 (G10200) is a nonre-

sulfurized carbon steel containing 0.17–0.24% C, 0.3–0.6% Mn, 0.035 max P, 0.02–0.035% S,

and 0.4% max Si.

1.6.4 JIS STANDARDS

JIS standards are developed by the Japanese Industrial Standards Committee (JISC) in

Tokyo, Japan. The specifications begin with the prefix JIS, followed by a letter G for carbon

and low-alloy steels. This is followed by a space and series of numbers and letters indicating

the particular steel. JIS designations are provided in Table 1.17. As examples of JIS designa-

tions with equivalent UNS-AISI numbers in parentheses, JIS G3445 STKM11A (G10080) is a

low-carbon tube steel containing 0.12% C, 0.35% Si, 0.60% Mn, 0.04% P, and 0.04% S; JIS

G3445 STK 17A (G10490) is a medium-carbon nonresulfurized steel containing 0.45–0.55%

C, 0.40–1.0% Mn, 0.04% P, 0.04% S, and 0.04% Si; JIS G4403 SKH2 (AISI T1 grade) is a

tungsten high-speed tool steel containing 0.73–0.83% C, 3.8–4.5% Cr, 0.4% Mn, 0.4% Si,

0.8–1.2% V, and 17–19% W; and JIS G4403 SKH59 (AISI M42 grade) is a molybdenum

ultrahard high-speed tool steel containing 1–1.15% C, 7.5–8.5% Co, 3.5–4.5% Cr, 0.4%

max Mn, 9–10% Mo, 0.5% max Si, 0.9–1.4% V, 1.2–1.9% W, 0.25% max Ni, 0.03% max

P, 0.03% max S, and 0.25% Cu.

1.6.5 BS STANDARDS

BS standards are developed by the British Standards Institute (BSI) in London, England. The

letters BS precede the standard numerical code, and, like JIS standards, each British desig-

nation covers a product form and an alloy code. Table 1.17 lists steels identified by British

standards. Some example of BS designations with equivalent AISI designations in paren-

theses are given: BS 970 708A30 (4130) is a Cr–Mo low-alloy steel containing 0.28–0.33% C,

0.9–1.2% Cr, 0.4–0.6% Mn, 0.15–0.25% Mo, 0.035% P, 0.04% S, and 0.1–0.35% Si; and BS

970 304S15 (304) is a wrought austenitic stainless steel (sheet, strip, plate) containing 0.06% C,

17.5–19% Cr, 0.5–2.0% Mn, 8–11% Ni, 0.05% P, 0.03% S, and 0.2–1.0% Si.

1.6.6 AFNOR STANDARDS

AFNOR standards are developed by the Association Française de Normalisation in Paris,

France. The AFNOR standards, which are given in Table 1.17, usually begin with the letters
� 2006 by Taylor & Francis Group, LLC.



NF, followed by an alphanumeric code constituting an uppercase letter followed by a series of

digits, which are subsequently followed by an alphanumeric sequence. For example, resulfur-

ized (free-cutting) steel is listed in AFNOR NF A35–562 standard or specification, and

35MF6 designation (equivalent to SAE 1137) represents the steel bar containing 0.33–

0.39% C, 1.30–1.70% Mn, 0.10–0.40% Si, 0.040% P, and 0.09–0.13% S; whereas 45MF4

designation (equivalent to SAE 1146) contains 0.42–0.49% C, 0.8–1.1% Mn, 0.1–0.4% Si,

0.04% max P, 0.09–0.13% S. Similarly, AFNOR NF A35-573 Z6CN 18.09 is a wrought (SAE

304) stainless steel (sheet, strip, plate) and contains 0.07% C, 17–19% Cr, 2% Mn, 8–10% Ni,

0.04% P, 0.03% S, and 1% Si.
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2.1 INTRODUCTION

The microstructure of steels consists of a spatial arrangement of crystalline aggregates of

different phases. The size, shape, distribution, composition, and crystal structure of these

phases essentially control the final properties of any given steel, including hardness, strength,

ductility, impact toughness, and creep strength. Steel is the most versatile alloy among all the

industrial alloys. It exhibits a diverse range of microstructures that possess different combin-

ations of strengths and toughnesses. In a majority of the steels, this versatility is made possible
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by modifying the decomposition of a high-temperature d-ferrite (body-centered cubic [bcc]

crystal structure) to high-temperature austenite phase (face-centered cubic [fcc] crystal struc-

ture) and then decomposition of austenite to a low-temperature a-ferrite (bcc) phase by

changing the composition and cooling rate. In low-alloy steels, the most important phase

change is from austenite to a-ferrite. For example, for a given composition of low-alloy steel,

a ferrite–pearlite microstructure can be obtained by slow cooling. With an increase in cooling

rate, Widmantstätten or upper bainite microstructure can be obtained from austenite. With a

further increase in the cooling rate, a hard martensite microstructure can be obtained. Pearlite

contains a lamellar aggregate of ferrite and cementite phases, upper bainite contains ferrite

platelets separated by austenite or carbides, and martensite contains carbon-supersaturated

ferrite platelets with a high density of dislocations or twin boundaries.

Another feature of steels is that all of the above microstructures are far from equilibrium

(i.e., the equilibrium microstructure at room temperature is a mixture of ferrite and graphite).

The ferrite–pearlite microstructure, which contains ferriteþ orthorhombic cementite lamella,

is the closest to the equilibrium of the above structures. In contrast, the martensite microstruc-

ture has a body-centered tetragonal (bct) crystal structurewith supersaturated carbon and is the

farthest from equilibrium. Therefore, tempering martensite at high temperature can be used to

attain intermediate-phase mixtures that are closer to final equilibrium, thus providing another

methodology to control the microstructure and properties of the steel. The methods of con-

trolling steel microstructure through alloy modification and heat treatment have been followed

by metallurgists and this will continue to be the goal of material scientists. The focus of this

chapter is to extend this approach to new classes of steels without trial and error experimenta-

tion to heat treatment based on the mechanisms of phase transformations.

Over the decades, mechanisms of phase transformations that occur in steel have been

illustrated in a simple Fe–C metastable diagram (Figure 2.1) that describes the stability regions

for ferrite, austenite, and cementite structures. On cooling from the liquid region, the first phase

to solidify is d-ferrite. With continued cooling, the d-ferrite transforms to g-austenite. With

further cooling, the austenite transforms to a-ferrite and cementite. Basic and applied research

in the past has led to a fundamental understanding of these structural changes and their

relationship to microstructure evolution in alloys ranging from simple Fe–C systems to com-

plex Fe–C–X steels (where X stands for many different substitutional alloying elements,

including manganese, nickel, chromium, silicon, and molybdenum). The relationships between

crystal structure changes, the interface structure, the phase morphologies (i.e., ferrite or

bainite), and the distribution of alloying elements between phases are understood. In addition,

computational thermodynamic and kinetic tools have been developed to the extent that it is

possible to predict transformation kinetics quantitatively as a function of steel composition. In

this chapter, a framework to classify transformation mechanisms is introduced. Then, the steel

microstructures are classified and discussed based on this framework. Finally, a brief intro-

duction is given to the application of computational thermodynamics and kinetics to describe

phase transformations in low-alloy steels.

2.2 PHASE TRANSFORMATION MECHANISMS

The various phase transformations that occur in steels can be classified according to a

thermodynamic basis, a microstructural basis, and a mechanistic basis [1]:
� 20
1. The thermodynamic basis classifies the phase transformation based on the derivatives

of the Gibbs free energy (G) of the system with temperature change at a constant

pressure. If the first derivative shows a discontinuity at a transformation temperature,

it is called first-order transformation. For example, the transformation of a solid to a
06 by Taylor & Francis Group, LLC.
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FIGURE 2.1 Illustration of body-centered cubic (bcc) ferrite and face-centered cubic (fcc) austenite with a

calculatedmetastable Fe–Cbinary diagram showing the phase stability of austenite, ferrite, and cementite.

� 20
liquid of pure metal at melting temperature is a first-order transformation. Similarly,

in other systems, with continued differentiation of G, and the phase transformation is

classified as the nth order if the discontinuity shows up after n differentiations

(d n G =dT n)P. An example of a second-order transition is the ordering of the bcc ferrite

phase in an Fe–Al system.

2. The microstructural basis relates to the origin of a product phase from a parent phase. If

theproductphase forms everywherewithin a samplewithout theneed for anynucleation,

it is classified as a homogeneous transformation. If the product phase forms as a small

entity with a sharp interface and if it grows into the product phase, it is classified as a

heterogeneous transformation through a nucleation and growth process. Microstruc-

tural evolution in steel is predominantly a heterogeneous transformation.

3. The mechanistic basis relates to the way the crystal structure change is achieved during

transformation. The heterogeneous transformation in a material can occur by three

mechanisms [2]: (a) athermal growth through glissile interfaces (e.g., austenite to

martensite formation), (b) thermally activated growth (e.g., pearlite formation from

austenite), and (c) growth controlled by heat transport (e.g., solidification). Details of

each subclassification of growth mechanisms have been discussed by Christian [2] and

are shown in Figure 2.2.
In summary, the transformation in metals and alloys can be classified based on thermo-

dynamic, microstructural, or growth mechanisms. The heterogeneous transformation can be
06 by Taylor & Francis Group, LLC.
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controlled by glissile interface motion, thermally activated interface movement, or heat

transport. The relevant mechanism for steel microstructure evolution during heat treatment

is a heterogeneous phase transformation involving glissile interface (displacive) or long-range

transport (reconstructive).

The reconstructive transformation involves mixing of atoms on either side of the parent and

product phase interface through diffusion. The displacive transformation involves coordinated

atom motion in the parent phase to change the parent crystal structure to the product crystal

structure. These reconstructive and displacive transformation mechanisms in steels are dis-

cussedwith a schematic illustration of austenite decomposition to ferrite ormartensite as shown

in Figure 2.3 [3]. Let us assume that the austenite fcc lattice is represented by the square motif

shown in the upper left part of Figure 2.3 bounded by a rectangle a–b–c–d. Various substitu-

tional atoms such as silicon, manganese, chromium, and molybdenum are schematically

described by different symbols. Initial arrangements of some atoms are denoted by numbers 1

to 6. During the decomposition of austenite to ferrite or martensite, a crystal structure change

takes place at the interface between austenite and the product phase (represented by line e–f).

The schematic illustration of reconstructive transformation is shown in the bottomof the figure,

and the bcc lattice of ferrite is represented by a diamond motif. This crystal structure change

from fcc to bcc occurs at the e–f interface and is accompanied by somewhat random hopping of

atoms across the interface. Because of this hoppingof the atoms across the interface, the original

atomic arrangements (implied by the change in the position of 1–6 numbered atoms) are lost. As

a result, the transformation involves the reconstruction of an austenite lattice into a ferrite

lattice, which leads to no macroscopic shape change of the crystal and mixing or separation of

atoms on either side of the austenite and ferrite thatwould lead to a change in the composition of

the phase. However, there is a distinct change in volume. Based on the above facts, the rate

transformation is expected to be controlled by long-range diffusion of substitutional atoms in

both the ferrite and austenite lattices. In practice, the transformations in steels are complicated

by the presence of carbon, an interstitial element, which is not shown in the Figure 2.3. The

growth rate of ferrite (which has low solubility of carbon) is controlled by diffusion of both

carbon in austenite and substitutional atoms in ferrite and austenite. Under reconstructive

transformation, diffusion of all atoms occurs during nucleation and growth and is usually

sluggish below 6008C [4].
a d a
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FIGURE 2.3 Schematic illustration of crystal structure change due to reconstructive and displacive

transformations. (Adapted from H.K.D.H. Bhadeshia, Worked Examples in the Geometry of Crystals,

The Institute of Materials, London, 1987.)

� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



The schematic illustration of martensite formation is shown in the upper right side of

Figure 2.3, and the bct lattice is represented by a diamond motif. The main difference in this

case, compared to the fcc to bcc transformation, is that the crystal structure change from fcc

to bct lattice is brought about by coordinated atom movement at the interface e–f, or in other

words, a shear deformation of the original fcc lattice. As a result, the original atomic

correspondences within the parent phase are maintained in the product phase. For example,

the row of atoms 1–6 is just displaced laterally parallel to interface e–f, and the atomic

sequence remains the same. This mode of transformation involving a shear deformation is

called invariant plane strain (IPS). IPS leads to a macroscopic shape change, as indicated in

the schematic illustration. This macroscopic change (from a–b–c–d to a–e–b–c–f–d) manifests

itself as a surface relief on the polished surface of the sample after the decomposition of

austenite to martensite. For more crystallographic details, the reader is referred to the

literature [5–7]. The displacive transformation is also associated with a large strain energy.

Therefore, to sustain this reaction, the chemical thermodynamic driving force must be large,

and as a result, the martensite transformation occurs only at low temperatures where the

magnitude of chemical free energy increases above the strain energy requirement. The large

strain energy also induces the lenticular or plate-shaped region of martensite to minimize the

strain energy. This mode of transformation also implies that both interstitial and substitu-

tional atoms are trapped within the martensite and that there is no change in composition

between the austenite and martensite phases (i.e., it is a diffusionless mode of transform-

ation). As a result, the growth rate of martensite is usually athermal. The Widmanstätten and

bainitic ferrite transformations occur at higher temperatures than the martensite transform-

ation. They exhibit displacive transformation for a crystal structure change and varying

degrees of diffusion of interstitial carbon during nucleation and growth.

In the following sections, the steel microstructure evolution during cooling (austenite

decomposition) and heating (tempering and austenite formation) will be described based on

reconstructive and displacive transformation mechanisms.
2.3 MICROSTRUCTURE EVOLUTION DURING AUSTENITE DECOMPOSITION

There have been numerous reviews of austenite decomposition over the past five decades

[8–10]. The ferrite morphologies, which form during austenite decomposition, were originally

classified by Dubé [11,12]. A change in morphology from one to another was found to occur

as the austenite decomposition temperature was lowered. The common ferrite morphologies

are grain boundary allotriomorphic ferrite, idiomorphic ferrite, Widmanstätten ferrite, and

intragranular ferrite [13,14]. Other microstructures that form at lower transformation tem-

peratures are pearlite, bainite, and martensite. The evolution of each one of the above

microstructure is discussed below.

2.3.1 ALLOTRIOMORPHIC FERRITE

Decomposition of austenite to allotriomorphic ferrite occurs over a wide range of temperat-

ures below the austenite to austenite þ ferrite phase boundary (see Figure 2.1). This section is

not intended to be a comprehensive review of this subject, but rather a short summary of

extensive literature. The reader can consult the classic reviews by Aaronson and other

researchers for details [10,13].

Allotriomorphic ferrite usually nucleates along the austenite–austenite grain boundary. It

first grows laterally along the boundary and then can proceed perpendicularly into the

austenite grain. The nucleation and growth involve a reconstructive mode of crystal structure

change that leads to an absence of any macroscopic shape change, and only a volume change
� 2006 by Taylor & Francis Group, LLC.



is observed. During nucleation, the allotriomorphic ferrite crystals exhibit a preferred orien-

tation relationship with one of the austenite grains ( g1). The orientation relationship is usually

of the Kurdjumov–Sachs (KS) type:

{1 1 1}g=={1 1 0}a and h1 �11 0ig==h1 �11 1ia:

The KS relationship indicates that the close-packed planes of austenite and ferrite are

parallel to each other and that the close-packed directions of austenite and ferrite are parallel

to each other. On some occasions, the ferrite may deviate slightly from having close-packed

parallel directions, as shown by the Nishiyama–Wasserman (NW) orientation relationship:

{1 1 1}g=={1 1 0}a and h1 1 �22ig==h1 �11 0ia:

The KS or NW orientations allow for the existence of a semicoherent boundary between

austenite and ferrite and thereby minimize the surface energy required to nucleate the ferrite

at the austenite boundary. A small free energy is sufficient to satisfy the KS and NW

orientations with one of the austenite grains for the nucleation of a ferrite, and then the

ferrite can grow into the adjacent austenite grain ( g2) with no specific orientation relationship.

On the latter side of the interface, which shows the random orientation, a disordered

boundary will exist and rapidly grow into the austenite. An example of such ferrite growth

in an Fe–C–Si–Mn steel is shown in Figure 2.4. The optical micrograph (Figure 2.4a) shows

the allotriomorphic ferrite grains along the prior austenite grain boundary (marked by

arrow). The remaining microstructure is bainitic ferrite. A transmission electron microscopy

image of this sample (see Figure 2.4b) shows an allotriomorphic ferrite grain situated along

the boundary (marked as B) of two austenite grains ( g1 and g2). Electron diffraction analysis

of the above structure indicated that the allotriomorphic ferrite had a KS orientation

relationship with a g1 grain and that there was no special orientation relationship with g2.

Further detailed observation also showed small steps in the interface along the protuberances

on the g1 side of the allotriomorphic ferrite. However, the interface on the g2 side showed

disordered boundary with no specific structure [15]. The rate of growth on the g2 side is more

rapid than that on the g1 side. This apparent difference in growth rate was shown by classic in

situ transmission electron microscopy experiments by Purdy [16]. The observed semicoherent

boundary on only one side of the austenite grain also plays a critical role in the development

of secondary Widmanstätten ferrite, which is described in the following section.

2.3.2 WIDMANSTÄ TTEN F ERRITE

Widmanstätten ferrite describes a ferrite morphology in the form of side plates or laths and

grows into austenite grains with a KS orientation relationship. The lath ferrite, which forms

from the austenite grain boundary, is referred to as primary Widmanstätten ferrite. The

ferrite that nucleates on the preexisting allotriomorphic ferrite is referred to as secondary

Widmanstätten ferrite [14]. Nucleation of secondary Widmanstätten ferrite occurs mostly on

the semicoherent interphase boundary between the ferrite and the austenite. A typical

microstructure of secondary Widmanstätten ferrite in a steel weld is shown in Figure 2.5a.

A schematic illustration of such a microstructure evolution is shown in Figure 2.5b. As the

steel cools from high temperature, the allotriomorphic ferrite forms with a KS–NW relation-

ship with austenite grain g1 and has a semicoherent interface boundary. With further cooling,

secondary Widmanstätten ferrite nucleates on the g1 side of the allotriomorphic ferrite and

grows into the austenite grain. This nucleation and growth process leads to apparent saw-

tooth morphology.
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 2.4 (a) Optical micrograph showing the presence of allotriomorphic ferrite (marked by arrow)

and bainite microstructure in an Fe–C–Si–Mn steel. (b) Transmission electron micrograph showing the

presence of allotriomorphic ferrite along an austenite grain boundary (g1 and g2) marked by b.

The orientation relationship between allotriomorphic ferrite and the g1 grain was close to a KS–NW

orientation relationship and was in a random orientation relationship with the g2 grain.
Two growth mechanisms of Widmanstätten ferrite have been proposed. In the first

mechanism, the growth is attributed to lateral movement of semicoherent interfaces by

small steps (ledges) in the interface [17,18]. In the second mechanism, the Widmanstätten

ferrite may grow through a displacive transformation mechanism [19]. Many experimental

results are in agreement with the second mechanism. Thin, wedge-shaped Widmanstätten

ferrite is produced due to cooperative, back-to-back growth of two ferrite crystallographic

variants. The Widmanstätten ferrite plates grow into untransformed austenite by extension

along their length. Since Widmanstätten ferrite forms at temperatures well below that for

allotriomorphic ferrite, growth occurs by a paraequilibrium (PE) mode (i.e., the ratio of the
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 2.5 (a) Optical micrograph showing secondary Widmanstätten ferrite microstructure in an Fe–

C–Mn steel weld obtained through continuous cooling. The growth of these plates occurs on only one

side of the allotriomorphic ferrite. (b) Schematic illustration showing possible mechanism for the

formation of Widmanstätten ferrite microstructure on only one side of the original allotriomorphic

ferrite.
iron concentration to the substitutional atom concentration is frozen in both the parent and

the product phases). The rate of growth is controlled only by carbon diffusion in the austenite

ahead of the plate. It is possible to estimate the growth rate of Widmanstätten ferrite with

diffusion-controlled growth models of Bhadeshia et al. [20] and Trivedi [21,22] by considering

only the carbon diffusion.

2.3.3 BAINITE

The growth of bainitic ferrite has been discussed in the literature based on either reconstruct-

ive or displacive transformation mechanisms. In the reconstructive definition, the growth of

bainite is the product of diffusional, noncooperative, competitive ledgewise growth of ferrite

and cementite into austenite during eutectoid decomposition with cementite appearing in a

nonlamellar form [23]. In this definition, the transformation kinetics is related to the rate of
� 2006 by Taylor & Francis Group, LLC.
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ledge movement at the interface and is controlled by carbon diffusion. In the displacive

definition, a subunit of ferrite forms from the austenite with complete supersaturation of

carbon through a displacive transformation involving IPS deformation. Carbon diffusion to

austenite occurs through a post-transformation event. The overall transformation kinetics is

then related to the nucleation of this ferrite subunit. The bainitic subunits are expected to

show surface relief, no substitutional partitioning, an incomplete reaction phenomenon, and a

KS–NW orientation relationship [24]. They are also expected to show compliance with an

externally applied elastic stress on the austenite similar to martensite [25]. The reader can

consult the recent discussions by Hillert [26] for current research in bainite transformation

mechanisms. In this section, the bainitic transformation mechanisms are discussed from the

displacive mode of transformation point of view [4].

The bainite microstructure consists of aggregates of ferrite plates separated by thin films

of austenite, martensite, or cementite. These aggregates of plates are called sheaves [4].

A typical bainitic sheaf in an Fe–Cr–C steel is shown in Figure 2.6a. This microstructure

was attained by austenitization followed by isothermal transformation below the bainitic start

temperature Bs [25]. The small ferrite plates that make up the sheaves are often referred to as

subunits, and often they are related to each other through a specific crystallographic orien-

tation. These subunits are normally plate-shaped and under certain conditions may exhibit a

lath structure. The presence of subunits within the sheaf can also be seen by transmission

electron microscopy. Transmission electron microstructures of an Fe–C–Si–Mn steel (see

Figure 2.6b) and an Fe–Cr–C steel (see Figure 2.6c) show the subunit ferrite plates within a
a
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Austenite/
carbide

Austenite grain boundary

Subunit

Bainitic sheaf

FIGURE 2.6 (a) Optical micrograph from an Fe–Cr–C steel showing a bainitic sheaf structure.

(b) Transmission electron micrograph from an Fe–C–Si–Mn steel showing many sheaves of bainitic

ferrite. (c) Another transmission electron micrograph of a bainitic sheaf structure from an Fe–Cr–C

steel. (d) Schematic illustration of the growth mechanism by subunit nucleation and growth. (Adapted

from H.K.D.H. Bhadeshia, Bainite in Steels, 2nd ed., The Institute of Materials, London, 2001.)
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bainitic sheaf. The first ferrite subunit that nucleates on the austenite–austenite grain bound-

ary grows to a particular size, and successive plates form to produce the microstructure

shown in Figure 2.6d. The plates are separated by untransformed austenite, which can

transform to martensite on cooling to low temperature. In certain conditions, this austenite

can decompose into cementite, giving rise to a classical ferrite þ cementite mixture of bainitic

microstructure.

The bainitic steels can occur in two different forms, upper bainite and lower bainite.

The microstructures shown in Figure 2.6 are examples of the upper bainite. The upper bainite

forms at temperatures higher than the martensite start ( Ms) temperature. Because of the IPS

that accompanies the bainitic transformation, a large number of dislocations are observed

within the austenite and the ferrite. These dislocations limit the growth of each subunit to a

certain size.

Due to the displacive mode of transformation, the substitutional and interstitial atoms are

configurationally frozen and there is no redistribution of these elements between austenite and

bainitic ferrite during transformation. However, after the bainite reaches a certain size, the

carbon mobility is sufficient to redistribute to austenite while substitutional atoms remain

frozen in place. This carbon partitioning from the bainite to austenite enriches the austenite

with the progress of bainitic transformation. The successive nucleation of subunits from this

carbon-enriched austenite continues to occur. The successive spatial alignment of nucleated

subunits occurs due to an autocatalytic mechanism that leads to a typical sheaf structure. When

the carbon enrichment of austenite increases above a critical level, the displacivemodeof bainite

formation cannot be sustained (the free energy of ferrite is equal to that of austenite) and the

reaction stops (i.e., an incomplete reaction). This residual austenite may remain untransformed

in the form of films between the ferrite subunits or may transform to martensite on cooling,

depending upon the carbon concentration. In certain steels containing strong carbide formers

such as chromium, this austenite film may decompose to a mixture of ferrite and carbide.

In certain steels, most of the carbides are present within the bainitic than in between bainite

subunits and are referred to collectively as lower bainite. Typically, lower bainite forms in high-

carbon steels, below the temperature at which upper bainite forms and above Ms. Although, the

lower bainite microstructure is similar to that of tempered martensite, the main difference is

the occurrence of only one crystallographic variant* of the carbide in lower bainite. When these

carbides are cementite, the major axis of the cementite is aligned at ~608 to the long axis of the

ferrite plates. These cementite plates appear to form on {1 1 2}a ferrite planes. In certain steels,

lower bainitic ferrite has e-carbides rather than cementite. It is noteworthy that both upper and

lower bainites form from austenite through a displacive transformation. The only difference is

that, in the case of upper bainite, the carbon from the bainitic subunit partitions into austenite

before the carbide precipitates within the subunit. In the case of lower bainite, carbide precipita-

tion occurs within the ferrite before all the carbon partitions completely from the ferrite. This

competition between carbon escape from supersaturated ferrite plate and precipitation of carbide

within the ferrite plates is schematically shown in Figure 2.7 [4].

2.3.4 P EARLITE

A typical pearlite microstructure has many colonies of a lamellar mixture of ferrite and

cementite (see Figure 2.8a). Under an optical microscope, each colony of pearlite (schemat-

ically shown in Figure 2.8b) may appear to be made up of many alternating crystals of ferrite

and cementite; however, they are mostly interpenetrating single crystals of ferrite and cemen-

tite in three dimensions. The ferrite and cementite within the pearlite colony show preferred
* In contrast, tempered martensite shows many crystallographic variants of carbides.
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Carbon supersaturated plate

Carbon
diffusion into
austenite

Carbon precipitation
from austenite
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Upper bainite
(high temperature)

Carbon diffusion into
austenite and carbide
precipitation in ferrite

FIGURE 2.7 Schematic illustration of upper and lower bainite formation mechanism. The dark regions

between the plates represent carbides that form in the residual austenite. The dark lines represent

carbides that form within the ferrite plates. (Adapted from H.K.D.H. Bhadeshia, Bainite in Steels,

2nd ed., The Institute of Materials, London, 2001.)
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FIGURE 2.8 (a) A typical optical microstructure of a pearlite in an Fe–C–Mn steel. Several distinct

colonies are marked with arrows. (b) Schematic illustration of pearlite colony growth.
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crystallographic relationships. The most common orientation relationships are Pitsch–Petch

relationship [14]:

(0 0 1)cementite ==
�55 2  �11
� �

ferrite
;  (0 1 0 )cementite 2 �3� from 1 1 �33

� �
ferrite

; (1 0 0 )cementite

2 �3� from [1 3 1 ]ferrite,

and the Bagaryatski relationship,

1 0 0½ �cementite ==[0 1 �11]ferrite; [0 1 0 ]cementite ==[ 
�11 1 1]ferrite; (0 0 1)cementite ==(2 1 1)ferrite :

The pearlite grows into austenite by cooperative growth of ferrite and cementite. Neither the

ferrite nor the pearlite shows any preferred crystallographic orientation with the austenite into

which they are growing. The colony interface with austenite is an incoherent high-energy

interface. As a result, the pearlite that nucleates on preexisting allotriomorphic ferrite always

chooses the ferrite side (high-energy interface) that has no crystallographic relationship with an

austenite grain. In contrast, Widmanstätten ferrite and bainite always nucleate on low-energy

interfaces (see Section 2.3.2 and Section 2.3.3). There is a well-known relationship between

pearlite colonies and transformation conditions. The spacing of lamellae decreases with a

decrease in the transformation temperature. It is possible to determine the lamellar spacing by

equating the increase in interfacial energy to a decrease in energy due to transformation. The

pearlite transformation occurs very close to thermodynamic equilibrium (i.e., partitioning of

alloying elements occurs under local equilibrium), and often occurs at higher temperatures

and exhibit sluggish growth rates in comparison to bainite. Therefore, it is possible to use state-

of-the-art computational thermodynamic and kinetic tools to predict the growth rate of pearlite.

2.3.5 MARTENSITE

Martensite forms from austenite through a displacive transformation. This section briefly

outlines the morphology, nucleation, and growth of martensite and the crystallographic

aspects of the martensite transformation. This section is not a comprehensive review of this

subject; rather, it is a short summary of extensive existing literature [7].

The martensite transformation occurs athermally below Ms, i.e., the extent of transform-

ation is proportional toundercoolingbelow the Ms anddoes not dependon the time spent below

the Ms. The transformation from austenite to martensite proceeds as the temperature is reduced

below Ms until the martensite finish temperature ( Mf ) is reached, at which point 100% mar-

tensite is expected. However, if the Mf temperature is below room temperature, then some

austenite may be retained if only cooled to room temperature. The martensite transformation is

also sensitive to external and internal stresses. The martensite plates are related to austenite

through a KS orientation relationship and show very preferred habit planes. The habit plane of

martensite in low-carbon steel is parallel to {1 1 1}austenite and in high-carbon steel it is parallel

to {2 2 5}austenite. Because the martensite transformation occurs through a shear mechanism

and without diffusion, the morphology of martensite is mostly lath-, lenticular-, or plate-like.

Experimental evidence has shown that the martensite formation (bct crystal structure)

from austenite (fcc crystal structure) is accompanied by IPS. However, the bct structure

cannot be obtained crystallographically by just one IPS. This anomaly, schematically illus-

trated in Figure 2.9, was elucidated by Bowles and Mackenzie [5] and Wechsler et al. [6]. If an

austenite crystal structure is represented by a shape bounded by ABCD in (I), on applying a

shear deformation (IPS deformation), the observed martensite shape is attained as shown in

II. However, this leads to the wrong crystal structure. Nevertheless, another homogeneous

shear (III) can be applied that leads to correct the crystal structure (bct). However, because the
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 2.9 Schematic illustration of the phenomenological theory of martensite formation (bcc or bct

structure) from austenite (fcc structure), showing the intermediate stages before the fcc structure changes

to a bct structure through invariant plane strain, homogeneous shear, and lattice-invariant deformation.

The model agrees with the experimentally observed orientation relationship as well as with the macro-

scopic shape of the martensite plate.
shape attained in (III) does not match the observed shape change during martensite transform-

ation, the shape attained after (III) needs to be reset to the shape at (II) by slip and twin lattice

invariant deformations. Therefore, in the next step, an inhomogeneous lattice invariant de-

formation produces a slipped or twinned martensite that matches the observed shape. In

summary, the change in crystal structure from austenite to martensite is achieved through

two IPSs and an inhomogeneous lattice invariant strain. Because this is a phenomenological

theory, it does not predict the sequences of these deformations. Rather, it defines a method by

which the austenite crystal can be transformed to a martensite crystal. Another important

feature ofmartensite transformation in carbon containing steels is that the tetragonal distortion

of bct structure ( a ¼ b 6¼ c) increases with carbon content, given by the following relation [14]:

c

a 
¼ 1 þ 0:045 � (wt% C) :

An increase in tetragonality also leads to the hardening of martensite. Martensite that

forms in low-carbon steel (<0.5 wt% C) shows mainly dislocations, whereas martensite that

forms from high-carbon steels shows twins. A typical example of dislocated martensite formed

from 0.05 wt% C steel is shown in Figure 2.10. The martensite was attained even with the

presence of a low concentration of carbon by rapid quench conditions attained through

resistance spot welding. Transmission electron microscopy shows lath martensite with a high

dislocation density.
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FIGURE 2.10 (a) Optical microstructure of lath martensite observed in a low-carbon steel obtained by

rapid cooling in a weld. (b) Transmission electron micrograph of the same microstructure exhibiting

parallel and long lath martensite plates with high dislocation density.
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The kinetics of martensite is often discussed in terms of nucleation and growth that are

related to the thermodynamic free energy of austenite and martensite, defect density, and

glissile interfaces between austenite and martensite. The Ms temperature is closely linked to

thermodynamic parameter T0 (i.e., the temperature at which the Gibbs free energy of

austenite equals that of the martensite with the same composition). However, a certain

amount of undercooling is needed before martensite forms from austenite. This undercooling

is defined by the driving force of austenite to martensite DGg!a0
� �

and by the amount of

strain energy (1250 J=mol) that needs to be accounted for because of the growth of martens-

ite. It has been shown that the strain energy needed for martensite formation is independent

of the carbon concentration. It is now possible to use thermodynamic models to calculate the

Ms temperature* by using similar principles for any multicomponent steel [27]. The next step

is to describe the nucleation rate of martensite in austenite. Application of homogeneous

nucleation theory principles clearly shows that martensite nucleation cannot be described

based on pure atomic vibrations due to thermal energy. As a result, heterogeneous nucleation

theories have been developed based on the presence of preexisting embryos of martensite [7].

These embryos are dislocation loops in certain crystallographic orientations and are hypothe-

sized to grow by nucleation of new loops. Recently, Olson showed that the first step in the

creation of these dislocation loops is the formation of stacking faults in the closely packed

planes of austenite [7]. Once the nuclei of martensite is established, the next step is the growth

of these crystals. Because the growth of the martensite is modeled as the glide of parallel

dislocations, the rate of growth is rapid. Research has shown three types of martensite growth

exist: athermal, burst, and isothermal transformations [7,14]. In athermal growth, martensite

formation is only a function of undercooling below the Ms temperature and not the time spent

at each temperature. This transformation starts exactly at Ms temperature. This mode of

transformation also exhibits a strong dependence on thermal cooling conditions. If the

quenching of austenite to a low temperature was interrupted and aged at a temperature in

between the Ms and Mf temperatures, then further martensite formation would not occur

until further undercooling is instituted. This austenite stabilization is related to the carbon

segregation to nucleation sites for martensite. Burst transformation involves the formation of

a certain fraction of martensite (ranging from a few percent to 50%) from austenite below Ms

temperature, instead of a gradual increase as in the case of athermal growth. The time interval

for a burst of martensite transformation is about 1 ms. Burst transformation is attributed to

an extreme form of autocatalysis (i.e., the formation of one martensite plate triggers the

formation of another). Isothermal transformation involves an increase in the martensite

fraction with holding time at a given temperature. This mode of transformation is also related

to autocatalytic events. The isothermal cooling transformation diagrams (or time temperature

transformation [TTT] diagrams) for isothermal martensite formation show a typical C-curve

behavior, indicating that both thermal and athermal characters are present. Athermal or

burst martensite formation is observed in steels; isothermal martensite formation is observed

only in iron alloys that do not contain carbon.
2.4 MICROSTRUCTURE EVOLUTION DURING REHEATING

The previous section focused on microstructure evolution due to austenite decomposition

that occurs during cooling from the austenitization temperature. In most heat treatments,

microstructure evolution during reheating is also important. For example, the tempering of

martensite to impart toughness is achieved by reheating the martensite to a high temperature.
* Software to calculate Ms temperature can be downloaded freely from www.msm.cam.ac.uk=map.
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There is a need to understand the various phase transformations that occur during tempering

to achieve an optimum combination of strength and toughness. Austenite formation itself is

also important. For example, in the case of induction heat treatment, the depth of hardening

is related to the depth of austenite formation. In this section, various phase transformations

that occur during tempering and austenite formation are highlighted.

2.4.1 TEMPERED MARTENSITE

In principle, various physical processes that lead to tempering of martensite start in as soon as

martensite is heated to about room temperature [7]. These physical processes are associated

with different temperature ranges. The transformation mechanisms in these stages are pre-

dominantly reconstructive modes with short- or long-range transport of atoms. However, in

certain cases, decomposition may be possible by just the movement of carbon atoms with only

a small distortion of the martensite lattice through displacive transformation [28,29].

2.4.1.1 Carbon Segregation and Aging of Martensite

During aging of martensite in some alloys, a coherent spinodal decomposition (i.e., modu-

lated martensite structure with high- and low-carbon regions) may occur up to 1008C [30].

This spinodal decomposition may also lead to formation of transition carbides such as Fe4C

and Fe16C2. The carbon atoms may segregate to dislocations or may diffuse to interlath-

retained austenite. Ohmori and Tamura have postulated that carbon segregation to defects

such as dislocations may be the overwhelming factor for the observation of carbon-rich and

carbon-depleted regions in the martensite [31]. The evidence for carbon clustering or spinodal

decomposition has been obtained indirectly through electron diffraction or atom probe field

ion microscopy [28,32].

2.4.1.2 First Stage of Tempering

In the first stage of tempering (100 to 2008C), e-carbide forms from martensite. The compos-

ition of this carbide is close to Fe2:4C. In the case of alloyed steels, the iron atoms may be

replaced by other elements. The e-carbide has a close-packed hexagonal structure and occurs as

narrow laths or rods on cube planes of the martensite with Jack’s orientation relationship [7]:

(1 0 1)a0== 1 0 �11 1
� �

e; (0 1 1)a0==(0 0 0 1)e; [1 1 �11]a0==[1
�22 1 0]e:

The nucleation of this transition carbide is related to the modulated structure that formed

during the low-temperature aging step or even the carbon clustering along the dislocations.

There is some evidence that the growth of this carbide may show some displacive character-

istics instead of a reconstructive transformation mechanism [33]. After the precipitation of e-
carbide in stage I, the martensite is still supersaturated with carbon to certain extent and

would undergo further decomposition on heating to higher temperatures.

2.4.1.3 Second Stage of Tempering

In the temperature range of 200 to 3508C, the retained austenite in the steel decomposes into

ferrite and cementite. This decomposition was detected successfully by x-ray diffraction and

dilatometric and specific volume measurements [7]. The kinetics of this decomposition are

related to carbon diffusion in austenite. The untransformed austenite may undergo trans-

formation on application of strain and thus affect the toughness of the steel. However, the

fraction of retailed austenite is usually low in steels containing less than 0.2 wt% C. The
� 2006 by Taylor & Francis Group, LLC.



formation of stable carbides that is typical to third stage of tempering may overlap in the

second stage of tempering.

2.4.1.4 Third Stage of Tempering

In the temperature range of 250 to 7508C, cementite precipitates within the martensite. The

composition of the cementite is Fe3C. In alloyed steels, it is referred as M3C, where M

corresponds to substitutional alloying additions (e.g., Cr, Mn) in addition to Fe. Cementite

has an orthorhombic crystal structure and usually occurs as Widmanstätten plates. An

example of tempered martensite in 300-M steel is shown in Figure 2.11a. The orientation

relationship between ferrite and cementite is of the Bagaryatski type:

1 0 0½ �cementite==[0 1 �11]ferrite; [0 1 0]cementite==[
�11 1 1]ferrite; (0 0 1)cementite==(2 1 1)ferrite:

The habit planes of cementite can be parallel to either {0 1 1}a or {1 1 2}a of ferrite. The

nucleation of cementite may occur at e-carbide and may grow by dissolution of the e-carbide. In

high-carbon steels, the cementite precipitates along the twin boundaries of martensite.

Other sites for nucleation of cementite are the prior austenite grain boundaries or interlath

boundaries. With the formation of cementite, most of the carbon in martensite is removed

from solid solution. As a result, the tetragonality of bct structure is lost. Early stages of

cementite growth occur only by carbon diffusion with no significant partitioning of substitu-

tional alloying elements [32,33]. However, with extended tempering, redistribution of alloying

elements also occurs between ferrite and cementite [32]. In addition, the plate-like cementite

particles may coarsen and spheroidize with extended tempering. At this stage, the recovery and

recrystallization of martensite laths may also be initiated. In high-carbon martensite, higher

order carbides such as M5C2 (x-carbide) can also form. It has been shown that higher order

carbides are actually polytypes of the basic trigonal prism basis of cementite structure [34].

2.4.1.5 Fourth Stage of Tempering

Tempering at higher temperatures (>7008C) leads to the precipitation of more equilibrium

alloy carbides such as M7C3 and M23C6. In steels containing Cr, Mo, V, and Ti, these

carbides are associated with hardening of the steel that is called secondary hardening. The

precipitation of these carbides also leads to the dissolution of cementite. An example of alloy

carbide formation by tempering at 6008C in 300-M steel is shown in Figure 2.11b. At this
a

0.5 μm

b

0.5 μm

FIGURE 2.11 Transmission electron micrographs of quenched and tempered 300-M steel samples

(a) after tempering at 3008C for 2 min, showing cementite plates in a martensite lath and (b) after

tempering at 6008C for 1 min, showing alloy carbides.
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stage, the recrystallization of martensite lath is more complete, and there is a tendency for the

formation of equiaxed grains and extensive grain growth.

2.4.2 A USTENITE F ORMATION

The early work on austenite formation by Robert and Mehl [35] focused on the nucleation of

austenite from a ferrite–pearlite mixture. Various researchers have since shown the complex-

ity of austenite formation from a two-phase mixture of ferrite and cementite and have made

attempts at modeling austenite formation as a function of composition and microstructure

[36–41]. On heating steel, with a spheroidized ferrite þ cementite mixture, the austenite phase

nucleates at the ferrite–cementite boundary. With further heating, the austenite phase con-

sumes the cementite and then grows into ferrite through diffusion-controlled growth. In a

pearlitic microstructure, the austenite may nucleate in the cementite and grow into the colony

by dissolving both ferrite and cementite. A typical micrograph of austenite growth into a

pearlite colony is shown in Figure 2.12a. A schematic illustration of the growth is shown in

Figure 2.12b. Recent work has shown that it is possible to model the above phenomenon with

computational tools [42]. It is possible to construct TTT diagrams for the austenite growth for

any steel to evaluate the effect of the initial microstructure. These diagrams do not show a

C-curve behavior because both the driving force for austenite formation and the diffusivity

increase with temperature. This results in monotonic acceleration of austenite formation as

the temperature increases. The rate of austenite formation also increases with the presence of

residual austenite in the microstructure, as demonstrated by Yang and Bhadeshia, who

studied the austenite growth kinetics in a bainitic microstructure [43,44]. The microstructure

contained residual austenite films, and there was no requirement for nucleation of austenite

and the austenite films grew with an increase in the temperature. After the completion of

austenite formation, continued heating leads to grain growth of austenite. The grain growth is

also affected by the presence of fine carbonitride precipitates. With the presence of these

precipitates the grain boundaries are pinned and therefore, grain growth characteristics

are sluggish. However, on heating above the dissolution temperature of these precipitates,

the austenite grain may coarsen at an accelerated rate [45,46]. Most of the austenite formation

from ferrite occurs by a diffusion-controlled reconstructive transformation mechanism.

However, at rapid rates, the transformation of ferrite to austenite may occur by interface

controlled or by displacive transformation [47].
2.5 SUMMARY OF STEEL MICROSTRUCTURE EVOLUTION

An overview of all microstructure evolution through reconstructive or displacive transform-

ation mechanisms during heating and cooling of steel can be classified as shown in Figure 2.13

[4]. Reconstructive transformation involves substitutional diffusion. The reconstruction of a

parent lattice into a product lattice occurs through a noncoordinated motion of atoms across

the interface. The growth mostly occurs by nucleation and growth of product phases.

Reconstructive transformations are slow below 6008C. The formation of allotriomorphic

ferrite, idiomorphic ferrite, massive ferrite, pearlite, carbide, and austenite all belong to the

category of reconstructive transformation. Displacive transformation involves coordinated

atom, causing a change from a parent crystal to a product crystal. This change is achieved by

IPS deformation with a large shear component, leading to a plate or lath shape. During this

transformation, the substitutional atoms do not diffuse. However, displacive transformations

occurring at high temperatures (above Ms) may involve varying amounts of interstitial carbon

diffusion during nucleation and growth. In the case of Widmanstätten ferrite formation, both

nucleation and growth involve carbon diffusion. In contrast, in bainitic ferrite formation,
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FIGURE 2.12 (a) Optical micrograph of a steel sample with ferrite þ pearlite microstructure heated to

an intercritical temperature for a short time, showing the formation of austenite in the pearlite colony.

(b) Schematic illustration of the austenite growth mechanism that dissolves the pearlite colonies and

eventually the allotriomorphic ferrite to attain an equilibrium austenite fraction.
carbon diffusion occurs only during nucleation. In the case of martensite, the carbon diffu-

sion does not occur during nucleation and growth. Recently, attempts have been made to use

theoretical formulations to describe this varying carbon supersaturation during displacive

transformation within a coupled diffusional-displacive transformation framework [48–50].
2.6 PREDICTION OF MICROSTRUCTURE EVOLUTION DURING
HEAT TREATMENT

The final properties of heat-treated parts depend on the microstructure that evolves during

the heat-treating process. The microstructure evolution is in turn controlled by the complex
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Tempering reaction

Full austenitization and intercritical annealing

Displacive

Invariant-plane strain shape
deformation with large shear
component
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Cooperative growth of
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No change in bulk
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FIGURE 2.13 Classification of steel microstructure evolution during heating and cooling based on the

mechanism of transformation. (Adapted from H.K.D.H. Bhadeshia, Bainite in Steels, 2nd ed., the

Institute of Materials, London, 2001.)
thermal cycles and the composition of the alloy. Over a period of many decades,

heat-treatment processes have been developed through extensive experimentation and char-

acterization of particular alloy compositions and final properties. This methodology, in

conjunction with an extensive experimental database, often achieves the required properties.

However, this approach has the following limitations: (1) it is rigid and cannot be changed

easily to meet the ever-increasing demand for optimization of cost and quality and to meet the

requirements of strict codes and standards and (2) it cannot be extended to newly developed

steels. In this regard, tools that can predict the evolution of microstructure as a function of

composition and heat-treatment history will be useful. These predictive tools should be

capable of addressing the effect of alloy composition on the stability of various phases. In

addition, the effect of time–temperature histories on the growth and dissolution of these

phases must be addressed. For example, given the phase diagram information for a steel,

these tools must be capable of predicting the continuous heating and cooling transformation

diagrams as a function of steel composition (see Figure 2.14). The figure on the left-hand side

shows an iron-rich corner of the Fe–C phase diagram showing the phase stability at different

temperature. The schematic figure in the middle shows the initiation of austenite formation

from ferrite as a function of heating curves. The schematic figure in the right shows the

initiation of ferrite formation from austenite as a function of different cooling rate. With the
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FIGURE 2.14 Schematic illustration, showing the importance of continuous heating transformation

(CHT) and continuous cooling transformation (CCT) diagrams with reference to an Fe–C metastable

binary diagram.
framework of microstructural evolution presented in the earlier sections and state-of-the-art

computational and kinetic models presented in the following sections, it is possible to predict

microstructural evolution during heat treatment of steels as a function of composition and

thermal history.
2.6.1 CALCULATION OF MULTICOMPONENT MULTIPHASE DIAGRAMS

The stability of a phase is governed by its free energy, which is a function of temperature and

its constitution. A generic description of free energy of a solid-solution phase, f, Gf, is given

by the following equation [51]:

Gf ¼ Gf
o þ G

f

ideal �mix þ G
f

excess �mix, (2:1)

where G fo is the free energy contribution from pure components in that phase, G 
f

ideal �mix is the

contribution from ideal mixing, and G 
f

excess �mix is the contribution due to nonideal inter-

actions between the components.

Many thermodynamic models describe various phases (see Ref. [15]). With the description

of this Gf for all phases that can form in a given alloy, it is possible to estimate equilibrium

fractions of each phase and their constitution at a given temperature. This estimation is

performed by minimization of the free-energy curves of the various phases. This procedure

also allows for determination of the tie line, which is schematically shown in Figure 2.15. The

tie line is represented by a common tangent and is mathematically represented by the

following equation:

ma
A ¼ m

b

A; ma
B ¼ m

b
B, (2:2)

where m
f
i is the chemical potential of element i in the f-phase. The chemical potentials

are obtained from the free-energy expressions given in Equation 2.1 with the following

equation:
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of the tie line and chemical potential of elements A and B.
m
f

A ¼ Gf � x
f
B

›Gf

›x 
f
B

; m
f
B ¼ G f þ 1 � x

f
B

� � ›G f

›x
f
B

: (2:3)

Equation 2.2 and Equation 2.3 can be extended to multicomponent systems by invoking the

equality of the chemical potentials of all the components. The following equation determines

the governing equilibrium between a- and g- phases in the Fe–Cr–Ni–C alloy system:

m
g

C ¼ ma
C; m

g
Fe ¼ ma

Fe; m
g

Cr ¼ ma
Cr; m

g

Ni ¼ ma
Ni : (2:4)

Using the relations in Equation 2.4 and mathematical methods, a phase equilibria between

the g- and a-phases as a function of Cr, Ni, and C concentrations can be calculated. This

methodology has proven to be useful for describing the phase stability in multicomponent

alloys such as aluminum alloys, stainless steels, low-alloy steels, and Nibase alloys [52–57]. For

example, a simple Fe–C binary diagram is compared with an (Fe,Cr,Mo)–C quasibinary phase

diagram in Figure 2.16. The diagram shows that a simple ferrite þ austenite þ cementite phase

equilibrium ismodified to ferrite þ austenite þ cementite þ M23C6 þ M6C þ M3C2 þ MCdue

to the addition of Cr and Mo to the Fe–C systems. ThermoCalc software was used to construct

these diagrams with solid solution database [58].
2.6.2 C ALCULATION OF DIFFUSION -CONTROLLED GROWTH

Although the phase stability calculation allows the estimation of the equilibrium microstruc-

ture at a particular temperature, microstructure control in most heat-treatment processes

relies on the kinetics of product-phase formation from the parent phase. For example, in dual

phase low-alloy steels, it is important to understand the kinetics of austenite formation to

control the mixture of ferrite and martensite. In addition to the kinetics of transformation,

there is a need to understand the equilibration of the nonequilibrium microstructure that is

formed during processing. Both phenomena can be described by diffusion-controlled growth

models by coupling thermodynamic models with diffusion-controlled growth calculations.

The methodology is presented below.
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FIGURE 2.16 Comparison of a calculated Fe–C binary-phase diagram with an Fe–Cr–Mo–C quasi-

binary diagram, showing the complex stability between ferrite, austenite, and other carbides.
The formation of a product phase with a different composition from the parent phase

involves diffusion of partitioning elements. If local equilibrium exists between the parent and

product phases at the interface, the interfacial concentrations can be given by the tie lines

drawn in the phase diagram. Given this condition, it is possible to describe the movement of

this interface as a function of temperature and time by solving Fick’s second law and by

maintaining a mass balance at the interface. The governing equation for a-phase formation in

g-phase in one-dimensional geometry is given in the following example [59,60]:

C
m,a
I � C

m,g
I

� �
(d l =dt) ¼ Dm

g dCm
g =dx

� �
� Dm

a d Cm
a =dx

� �
: (2 :5)

In the above equation, (d l =dt) is the rate of interface movement or velocity. The terms C
m, a
I

and C
m, g
I are the interface concentrations of element m in the a- and  g-phases. The terms Dm

a

and Dm
g are the diffusivities of element m in a- and g-phases. The terms ðdCm

g =dxÞ and

dCm
a =dx

� �
are the concentration gradients* of element m in a- and g-phases at the interface.

The conditions at the interface are schematically shown in Figure 2.17. In a multicomponent

alloy, Equation 2.5 must be satisfied for all elements, and a unique velocity of the interface is

obtained. This restriction leads to the selection of the interface compositions as determined by

the tie lines that may shift with time and may not pass through the nominal alloy compos-

ition. Therefore, these calculations must adjust local equilibrium conditions while solving the

diffusion equations and require close coupling with thermodynamic models. This is the

methodology implemented in the DicTra software [61] and other published works.

An example calculation is presented below. The final microstructure of a stainless steel

weld often contains ferrite and austenite at room temperature. This microstructure is far from

equilibrium. However, given a high-temperature heat treatment, equilibration of this micro-

structure will occur. During this heat treatment, the ferrite may grow or dissolve, depending

upon the alloy composition, the initial state, and the heat treatment temperature. Examples

are shown in Figure 2.18. In case A, the initial austenite composition was Fe–15%Cr–20%Ni
* Ideally, the chemical potential gradient needs to be used instead of concentration gradient.
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FIGURE 2.17 Schematic illustration of interface concentrations and diffusion in both a- and b- phases

to describe diffusion-controlled transformations.
(wt%), and the initial ferrite composition was Fe–20%Cr–10%Ni (wt%). The initial volume

percentage of ferrite was 9%. The calculations predicted rapid dissolution of ferrite if this weld

was aged at 13008C. In case B, the initial austenite composition was Fe–21%Cr–11%Ni (wt%),

and the initial ferrite compositionwas Fe–30%Cr–4.5%Ni (wt%). The initial volume percentage

of ferrite was again set to 9%. The calculations predicted that the volume percentage of ferrite

would increase from 9 to 25% if the weld was aged at 13008C. In addition, the calculations

showed different stages where the kinetics of this transformation were controlled by either

solute diffusion in ferrite or solute diffusion in austenite. This condition is due to the large

differences in the diffusivity of Cr and Ni in the ferrite and austenite phases. The above

methodology has been applied to continuous cooling and heating conditions. Such calculations

allow for the design of postweld heat treatment of stainless steel welds.

However, the local equilibrium assumption used in the above model leads to some

paradoxes for simulating growth below ~6008C. At temperatures below 6008C, the diffusion

profile of substitutional atoms (see Figure 2.17) may be extremely steep, with a width that is

smaller than interatomic distances. Hultgren and other authors have addressed this issue [62–

65]. It is hypothesized that under these conditions, the concentration ratio of substitutional

atoms to iron atoms will remain configurationally frozen and that interface growth will be

controlled purely by carbon (interstitial) diffusion. The carbon concentration at the interface

will now be determined by a phase-boundary calculation similar to the Fe–C phase diagram,

with a constraint that the C activity will be modified by the configurationally frozen substi-

tutional atoms. This mode of transformation is called PE transformation. PE appears to

correlate well with the accelerated ferrite growth observed under large undercooling in most

heat treatment and welding conditions. In steels, PE growth rates are always higher than
Case A
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FIGURE 2.18 Variation of ferrite percentage while aging at 1573 K for two initial conditions: (A)

corresponds to Fe–15Cr–20Ni (wt%) austenite and Fe–20Cr–10Ni (wt%) ferrite; (B) corresponds to Fe–

21Cr–11Ni (wt%) austenite. (The ferrite composition was Fe–30Cr–4.5Ni [wt%] ferrite.)
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2.25Cr–1Mo steel under (.) local equilibrium and (*) paraequilibrium.
growth rates calculated by local equilibrium models. This discrepancy is demonstrated by a

comparison of the parabolic thickening rates of ferrite into austenite in an Fe–Cr–Mo–C steel

at different temperatures (see Figure 2.19). It is now possible to use models to predict TTT

and continuous cooling transformation (CCT) diagrams with commercial software that are

available on the Internet and from the commercial organizations [66–68]. Typical TTT and

CCT diagrams calculated with the JMatPro software are shown in Figure 2.20a and

Figure 2.20b, respectively. A TTT and CCT diagram for 0.1% transformation to ferrite

calculated by using an Internet tool is shown in Figure 2.20c. The methods of calculation

for each tool are different and are constantly refined. As a result, these results must be used as

guidance rather than as accurate predictions. However, with the advent of new models [69]

and detailed thermodynamic and diffusion data, an accurate description of transformation in

steels should be possible. The final goal of these predictive approaches is to couple these

microstructure models with thermal and structural models to describe the overall response of

steel structures to heat treatment as envisioned by Kirkaldy [70] (see Figure 2.21). In this

integrated model, it would be possible to describe transient thermal fluctuations in a steel part

during heat treatment in a furnace and during quenching or cooling. In addition, during such

thermal responses, it should be possible to describe the thermal stress evolution based on the

constitutive relations of different phases. By coupling all the above parameters with a

microstructure model that describes the transformation kinetics as a function of temperature,

time, and stress, it is possible to evaluate the properties of steel parts subjected to different

heat treatments as a function of steel composition.
2.7 SUMMARY

In this chapter, phase transformations in alloys are categorized in terms of different thermo-

dynamic, microstructural, and mechanistic bases. The predominant transformation mechan-

isms in steels (i.e., reconstructive and displacive mechanisms) are explained. The important

microstructures observed during steel heat treatment, including allotriomorphic ferrite, Wid-

manstätten ferrite, bainite, pearlite, martensite, and carbide formation during tempering and

austenite formation during reheating, are described based on this framework. Finally, com-

putational thermodynamic and kinetic methodologies that are available to predict the micro-

structure evolution in steels are highlighted.
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(Adapted from J.S. Kirklady, Scand. J. Metall., 20, 1991.)
2.8 ACKNOWLEDGMENTS

Part of the results presented in this paper is based on the research sponsored by the Division

of Materials Sciences and Engineering and Assistant Secretary for Energy Efficiency and

Renewable Energy, Office of Industrial Technologies, Advanced Industrial Materials Pro-

gram, U.S. Department of Energy, under contract DE-AC05-00OR22725 with UT-Battelle,

LLC. The author also wishes to thank Prof. H.K.D.H. Bhadeshia, Dr. J.M. Vitek, and Dr.

S.A. David for help and guidance in the research related to different topics discussed in this

chapter. Finally, the author would like to thank Drs. M.K. Miller and Dr. J.M. Vitek of

ORNL for helpful suggestions and review of the manuscript.
REFERENCES
1.
� 200
J. Agren, Scr. Mater., 46, 2002, 893–8.
2.
 J.W. Christian, The Theory of Transformations in Metals and Alloys, 2nd ed., Part 1, Pergamon

Press, Oxford, 1981, p. 9.
3.
 H.K.D.H. Bhadeshia, Worked Examples in the Geometry of Crystals, The Institute of Materials,

London, 1987.
4.
 H.K.D.H. Bhadeshia, Bainite in Steels, 2nd ed., The Institute of Materials, London, 2001.
5.
 J.S. Bowles and J.K. Mackenzie, Acta Metall., 2, 1954, 129.
6.
 M.S. Wechsler, D.S. Lieberman, and T.A. Read, Trans. AIMME, 197, 1953, 1503.
7.
 Martensite—A Tribute to Morris Cohen, G.B. Olson and W.S. Owen, Eds., ASM International,

Materials Park, OH, 1992.
8.
 C. Zener, Trans. AIMME, 167, 1946, 550–95.
9.
 A. Hultgren, Trans. ASM, 39, 1947, 915–1005.
10.
 H.I. Aaronson, Decomposition of Austenite by Diffusional Processes, Interscience, New York, 1962.
6 by Taylor & Francis Group, LLC.

User
Rectangle



11.
� 200
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3.1 INTRODUCTION

Thepurposeofheat treatment is to causedesired changes in themetallurgical structure and thus in

the properties of metal parts. Heat treatment can affect the properties of most metals and alloys,

but ferrous alloys, principally steels, undergo the most dramatic increases in properties, and

therefore structural changes in iron–carbon alloys are considered in this chapter. In general, the

most stable steel structures are produced when a steel is heated to the high-temperature austenitic

state (to be defined later) and slowly cooled under near-equilibrium conditions. This type of

treatment, often referred to as annealing or normalizing, produces a structure that has a low level

of residual stresses lockedwithin the part, and the structures canbepredicted fromanequilibrium

diagram. However, the properties that interest heat treaters the most are those exhibiting high

strength and hardness, usually accompanied by high levels of residual stresses. These are meta-

stable structures produced by nonequilibrium cooling or quenching from the austenitic state.

Most of this chapter discusses equilibrium and nonequilibrium structures, their properties,

and the tools thatwehave at our disposal to predict different types of phase formations and their

properties. It is essential that heat treaters have a clear understanding of the structures that can

beproduced in steel under different treatment conditions that they canapply in their equipment.
3.2 CRYSTAL STRUCTURE AND PHASES

3.2.1 CRYSTAL STRUCTURE OF PURE IRON

Iron in the solid state is known in two allotropic states. (Allotropy is the phenomenon of

an element having different crystal lattices depending on the particular temperature and

pressure.) Starting from low temperatures and up to 9108C (16708F), iron possesses a body-

centered cubic (bcc) lattice and is called a-iron (a-Fe). At 9108C a-iron crystals turn into

g-iron crystals possessing a face-centered cubic (fcc) lattice. The g crystals retain stability up

to temperature of 14008C (25008F). Above this temperature they again acquire a bcc lattice

and are usually called d crystals. The d crystals differ from a crystals only in the temperature

region of their existence. Iron has the following lattice constants: 0.286 nm for bcc lattices

(a-Fe, d-Fe) and 0.364 nm for fcc lattices (g-Fe).

At low temperatures, a-Fe exhibits a strongly ferromagnetic character. When it is heated

to about 7708C (14188F), ferromagnetism vanishes. In accordance with the latest findings,

this is because the lattice loses its ferromagnetic spin ordering. The state of iron above 7708C
is called b-Fe. The lattice of paramagnetic b crystals is identical to the lattice of a crystals.

The points at which one allotropic form of iron transforms to another are conventionally

symbolized by the letter A with subscripts indicating the ordinal number of the transform-

ation. The subscripts 0 and 1 signify transformations that are absent in pure iron but are

observed in carbon alloys of iron. The subscript 2 denotes a magnetic transformation of the

a-phase, while the subscripts 3 and 4 stand for transformation of a to g and g to d.
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 3.1 Heating and cooling curves for pure iron.
In going from one form to another, iron is capable of undercooling. This causes a

difference in the position of transformation points on heating and cooling. The difference

depends on the cooling rate (Figure 3.1) and is termed hysteresis. The letters ‘‘c’’ and ‘‘r’’

indicate whether the transformation is due to heating or cooling.

A change in the density of a-Fe as it transforms to g-Fe results in an abrupt change in the

volume of the material. Sometimes this gives rise to stresses that exceed the elastic limit and

lead to failure. The density of g-Fe is about 4% higher than that of a-Fe.

3.2.2 IRON–CARBON EQUILIBRIUM DIAGRAM

The structure of iron–carbon alloys can contain either pure carbon (graphite) or a chemical

compound (cementite) as the carbon-enriched component. Cementite is present even in rela-

tively slowly cooled alloys: a long holding at elevated temperatures is required to decompose

cementite to iron and graphite. For this reason the iron–carbon diagram is usually treated as

the iron–iron carbide diagram. The former is stable, whereas the latter is metastable.

The iron–ca rbon diagra m is sho wn in Figure 3.2. Dashed lines stand for the stable Fe–C

diagram, and solid lines denote the metastable Fe–Fe3C diagram.

3.2.2.1 Metastable Fe–Fe3C Equilibrium Diagram

As shown in Figure 3.2, the lattices of allotropic forms of iron (d, g, and a) serve as sites of

formation of d, g, and a solid solutions of carbon in iron (the same symbols are adopted for

the designation of solid solutions).

When carbon-depleted alloys crystallize, crystals of the d solid solution precipitate at the

liquidus AB and solidus AH. The d solid solution has a bcc lattice. At the maximum carbon

temperature of 14908C (27148F), the d solution contains 0.1% C (point H). At 14908C a

peritectic reaction takes place between the saturated d solution and the liquid containing 0.5%

C (point B). As a result, the g solid solution of carbon in g-Fe is formed. It contains 0.18% C

(point I).

If the carbon content is higher than 0.5%, the g solid solution crystallizes directly from the

liquid (at the liquidus BC and solidus IE). At 11308C (20668F) the limiting solubility of

carbon in g-Fe is close to 2.0% C (point E). Decreasing the temperature from 11308C
(20668F) leads to lowering the carbon solubility in g-iron at the line ES. At 7238C (13338F)

the solubility is 0.8% C (point S). The line ES corresponds to precipitation of iron carbide

from the g solution.

As the carbon content is raised, the temperature at which the g lattice transforms to the

a lattice lowers, and the transformation takes place over the temperature interval correspond-

ing to the curves GS and GP.
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FIGURE 3.2 Iron–carbon diagram.
The a-phase precipi tation curve GS intersect s the iron carbide precipitat ion curve ES. The

point S is a eutecto id point with the co ordinates 723 8 C (1333 8 F) and 0.80% C. At this poin t a

satur ated a solution and Fe3C precipi tate simulta neously form the eutecto id concen tration

g solut ion.

The lattice of the a so lid solution is identi cal to the lattice of the d solid solut ion. At the

eutect oid tempe rature of 723 8C (1333 8 F) the a solid solution co ntains 0.02% C (point P).

Fur ther cooling leads to low ering of the carbon solubilit y in a -Fe, and at room tempe rature it

equ als a small fraction of a percent (point D).

When the carbon content is 2 .0–4.3%, cryst allizat ion star ts with precipitat ion of the

g solution a t the line BC. An increa se in the carb on con tent to ov er 4.3% causes precipi tation

of iron ca rbide at the line CD.

Precipi tation of the surplus primary pha se in all alloys con taining over 2.0% C is followe d

by a eutectic crystall ization of the g solution and iron carbide at point C, whose coo rdinates

are 11308C (20668F) and 4.3% C.

The line Ao is associated with a magnetic transformation, that is, a transition from the

ferromagnetic to the paramagnetic state.

Table 3.1 de scribes structural componen ts of the iron–ca rbon syst em.

3.2.2.2 Stable Fe–C Equilibrium Diagram

Given very low rates of cooling, carbon (graphite) can crystallize directly from the liquid. In

this case, a eutectic mixture of austenite and graphite is formed instead of the eutectic of

austenite and cementite. As is seen in Figure 3.2, the dashed lines symbolizing the iron–

graphite system are at higher temperatures than the lines of the iron–cementite system. This

testifies to the greater stability and closeness to a full equilibrium of the iron–graphite system.
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TABLE 3.1
Components of the Iron–Carbon System

Phase or Mixture of Phases Name

Solid solution of carbon in a (d) iron Ferrite

Solid solution of carbon in g-iron Austenite

Iron carbide (Fe3C) Cementite

Eutectoid mixture of carbon solid solution in g-iron with iron carbide Ledeburite

Eutectoid mixture of carbon solid solution in a-iron with iron carbide Pearlite
The conclusion is also supported by the fact that heating of high-carbon alloys with a large

amount of cementite leads to its decomposition: Fe3C ! 3FeþC.

At intermediate rates of cooling, part of the alloy can crystallize according to the graphite

system and the other part according to the cementite system.

Phase equilibrium lines in the diagrams of both the systems can be displaced depending on

particular cooling rates. A most pronounced displacement can be observed for the lines of

precipitation of the carbon solid solution in g-Fe (austenite). For this reason the diagram

holds completely true only with respect to the alloys that are subjected to a relatively slow

cooling rate.

3.2.3 EFFECT OF CARBON

A maximum solubility of carbon in a-Fe is observed at 7218C (13308F) and is equal to

0.018% C. Subject to quenching, carbon can remain in the a solid solution, but soon

precipitation of phases commences, by an aging mechanism.

In the a solid solution, carbon can form either (1) a homogeneous solution, a statically

uniform interstitial distribution (a rare case), or (2) an inhomogeneous solution, with the

formation of clusters at places where the crystal lattice structure is disturbed (grain bound-

aries, dislocations). The latter is the most probable state of the solid solution. The clusters

thus formed represent an obstacle to movement of dislocations during plastic deformation

and are responsible for an inhomogeneous development of the deformation at the onset of

plastic flow.

To analyze the influence of the carbon content on iron–carbon alloys, every structural

component should be characterized. Slowly cooled alloys comprise ferrite and cementite or

ferrite and graphite. Ferrite is plastic. In the annealed state, ferrite has large elongation (about

40%), is soft (Brinell hardness is 65–130 depending on the crystal dimension), and is strongly

ferromagnetic up to 7708C (14188F). At 7238C (1338F), 0.22% C dissolves in ferrite, but at

room temperature only thousandths of a percent of carbon is left in the solution.

Cementite is brittle and exhibits great hardness (theBrinell hardness is about 800); it is weakly

magnetic up to 2108C (4108F), is a poor conductor of electricity and heat, and has a complicated

rhombic lattice. Usually a distinction is made between primary cementite, which crystallizes

from the liquid at the line CD; secondary cementite, which precipitates from the g solution at

the line ES; and tertiary cementite, which precipitates from the a solution at the line PQ.

Graphite is soft. It is a poor conductor of current but transfers heat well. Graphite does

not melt even at temperatures of 3000–35008C (5430–63308F). It possesses a hexagonal lattice

with the axis relation

c

a
> 2:
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FIGURE 3.3 Steel microstructure of ferrite and tertiary cementite at grain boundaries, 500�.
Austenit e is so ft (but is ha rder than ferrite ) an d ductile. Elong ation of au stenite is 40–50 %.

It has lower conductiv ity of heat and e lectricity than ferrite , and is parama gneti c. Austen ite

possess es an fcc lattice .

The structure of the steel con taining 0–0.02 % C compri ses ferrite and tertiary cement ite

(Figur e 3.3). A further increa se in the carbo n content leads to the appearan ce of a new

struc tural compon ent—a eutect oid of ferrite an d cemen tite (pearl ite). Pea rlite appe ars first as

separat e inclus ions be tween ferr ite grains and then, at 0.8% C, oc cupies the en tire vo lume.

Pea rlite repres ents a tw o-phase mixture, whi ch usually has a lamellar struc ture (F igure 3.4) .

As the carbon content of steel is rais ed to over 0.8%, second ary cemen tite is form ed along

with pe arlite. The seco ndary cement ite is shap ed as need les (F igure 3.5). The amount of

cement ite increa ses as the carbon con tent is increased . At 2 % C it occu pies 18% of the field of

visio n of the microscop e. A eutect ic mixt ure appears when the carbon con tent exceed s 2 %. In

rapidl y cooled steels, not all the surplus phase (ferrite or cement ite) ha s time to precipi tate

before a eutecto id is form ed.

Alloys with 3.6% C contain ledeburite (a eutectic mixture of carbon solid solution in g-Fe

and iron carbide). An electron microscopic image of the carbides is shown in Figure 3.6. The

alloys would be more properly classified with hypoeutectic white cast irons.
FIGURE 3.4 Steel microstructure of pearlite, 500�.
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FIGURE 3.5 Steel microstructure of secondary cementite (needles) and pearlite, 500�.
3.2.4 C RITICAL (TRANSFORMATION ) TEMPERATURES

Carb on has a pron ounced effect on transform ations of iron in the solid state. The position s of

the lines GS and NI in the iron–ca rbon equ ilibrium diagram sho w that an increa se in the

carbon co ntent leads to lowering of the poi nt A3 and rais ing of the point A 4 wi th respect to

their coun terparts dep icted in Figure 3.2 for pure carbon. So ca rbon ex tends the tempe ratur e

range of the d-phase.

When a eu tectoid (pearlit e) is form ed, he ating and cooling cu rves exhibi t a stop, whi ch is

designa ted as the point A1 (Ac1 on hea ting an d A r1 on cooling ). This phen omenon takes place

at 0 .9% C (point S in the Fe– C diagra m). Precipi tation of ferr ite in hy poeutect oid steels (on

crossin g the line GOS) shows up in heating and cooling curves as an inflecti on symbol ized as

the point A3. The poi nt corres ponds to the g! a trans formati on in pur e iron. Precipitat ion

of cement ite (cros sing of the line ES), which precedes the eutecto id pr ecipitat ion, is seen in the

cooling curve as a weak inflec tion designa ted as the point Acm (Ac,cm on heatin g and Ar,cm on

cooling ). Addition of carbon ha s little infl uence on the magnet ic trans formati on tempe ratur e

(point A2). Therefor e, the line MO corres ponds to the magnet ic trans form ation in alloy s

with a low-car bon content . In alloy s contai ning greate r amou nts of carbo n, this transform -

ation occurs at the line GOS, which corresponds to the onset of ferrite precipitation. If

the carbon content is higher than the one corresponding to point S, then the magnetic

transformation coincides with the temperature A1.
FIGURE 3.6 Steel microstructure of electron microscopic image of iron carbides, 3000�.
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Cementite undergoes a magnetic transformation. Whatever the carbon content, the trans-

formation takes place at a temperature of 210–2208C (410–4308F). It occurs without a

marked hysteresis, as does the magnetic transformation of pure iron at point A2.

3.3 STRUCTURAL TRANSFORMATIONS IN STEEL

When a steel part is hardened, it is heated to a high temperature in order to convert the entire

structure to the austenite phase. As discussed earlier, austenite is a single-phase structure of

iron and carbon stable at high temperatures. If the steel were cooled slowly, the austenite would

transform to pearlite, which is the equilibrium phase at room temperature. A pearlitic structure

is an annealed structure and is relatively soft with low physical properties. If the steel is cooled

very rapidly, a very hard and strong structure called martensite forms that is a metastable

phase of carbon dissolved in iron. It may be tempered to produce lower hardness structures

that are less brittle. Intermediate cooling rates will produce other structures referred to as

bainites, although this type of structure is only produced in quantity in an alloy steel. Eutectoid

carbon steels produce predominantly martensite or pearlite, depending on the cooling rate.

3.3.1 AUSTENITE–PEARLITE TRANSFORMATION

Transformation of the fcc lattice of austenite to the bcc lattice of ferrite is hampered due to

the presence of dissolved carbon in austenite. The austenite lattice has enough space

to accommodate carbon atoms at the centers of unit cells. The bcc lattice of ferrite has no

such space. For this reason the solubility of carbon is lowered considerably on transition from

austenite to ferrite. During the b ! a transformation, almost all carbon precipitates from

the austenite lattice. In accordance with the metastable Fe–Fe3C diagram, it precipitates as iron

carbide (cementite). This transformation can be described by three interconnected processes:
� 20
1. Transformation of the g-Fe lattice to the a-Fe lattice

2. Precipitation of carbon as the carbide Fe3C (cementite)

3. Coagulation of the carbides
At the temperature of point A1 processes 1 and 2 proceed almost simultaneously, with the

formation of a lamellar mixture of ferrite and cementite.

Atoms of dissolved carbon are distributed randomly in the lattice. For this reason

cementite nucleates in carbon-rich regions and ferrite in carbon-depleted regions that have

little if any carbon. Such a redistribution of carbon is realized through diffusion and depends

on temperature and time.

When hypoeutectoid steels containing less than 0.8% C are subjected to slow cooling, the

transformation starts with the formation of ferrite at grain boundaries. The boundaries act as

ferrite crystallization centers. Carbon is forced inside the crystallite. As ferrite precipitates, a

concentration necessary for the ferrite formation is achieved in central volumes.

When hypereutectoid steels (carbon content less than 0.8%) are subjected to slow cooling,

on crossing the line ES cementite starts precipitating at grain boundaries. Here the grain

boundaries also serve as crystallization sites.

The carbon diffusion rate in the lattices of g- and a-Fe decreases rapidly as the tempera-

ture is lowered, since the diffusion coefficient depends on temperature as

D ¼ D
�Q=RT

0 :

Presenting an appropriate cooling rate, undercooling can be enhanced to such an extent that

formation of pearlite becomes impossible.
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In the range of low temperatures, the transformation mechanism and the character of the

formed structure depend solely on the temperature at which the transformation takes place.

Considering the degree of undercooling, three transformation temperature ranges are distinguished:

(1) the pearlite range, (2) the intermediate range, and (3) the martensite range. A continuous

transition from one transformation mechanism to another can take place over these temperature

ranges. The processes strongly depend on the content of alloying elements, especially of carbon, in

steel. They can commence by a more rapid mechanism and end by a slower one.

In the pearlite range, the transformation is characterized by the simultaneous formation of

a mixture of ferrite and carbide. Free ferrite or carbides can precipitate at the austenite grain

boundaries. Here the formation and growth of both phases are controlled by diffusion

processes (diffusion crystallization). Diffusion of iron and other alloying elements also

plays a significant part. The structure fineness is enhanced as the temperature is lowered,

until a longer time is required for diffusion crystallization of ferrite and carbides.

3.3.2 STRUCTURE OF PEARLITE

A mechanical mixture of ferrite and carbide plates is formed on transformation in the pearlite

range. The rate at which nuclei of pearlite crystallization are formed depends on supersatur-

ation of austenite with carbide, which increases as the temperature is lowered. The rate also

depends on the diffusion rate, which decreases with temperature. The growth of pearlite

islets depends in the main on the diffusion rate of carbon and iron atoms. The other decisive

factors are the degree of supersaturation and the free energy advantage during the ferrite

formation. Pearlite islets grow not only through the formation of new plates but also by way

of further growth of old plates in all directions. Carbide plates grow faster than ferrite plates.

The process can start, however, with the formation of ferrite nuclei. Multiple alternations of

nucleation of ferrite and cementite plates and branching of the plates of both phases lead to

the formation of plane-parallel and fan-shaped pearlite plates.

Pearlite nuclei appear predominantly in the lattice regions with crystal structure defects:

grain boundaries, insoluble carbides, or nonmetal inclusions such as sulfides. A very signifi-

cant characteristic of pearlite is the plate-to-plate spacing. Strength properties of steel

improve with a decrease in that spacing.

The formation rate of cementite and ferrite crystallization centers in the pearlite range

accelerates as the temperature is lowered. The plate-to-plate spacing decreases, and the fineness

of the structure increases. In the eutectoid steel, the pearlite transformation takes place on

cooling to 600–7008C (1100–13008F). In this case, the plate-to-plate spacing equals 0.5–1 mm.

Precipitation of austenite over the temperature interval of 650–6008C (1200–11008F) provides

the plate-to-plate distance of 0.4–0.2 mm. In this case, the eutectoid is finer pearlite. When

austenite precipitates over the temperature interval of 600–5008C (1100–9308F), an extremely

fine eutectoid mixture is formed, where the plate-to-plate spacing equals ~0.1 mm.

An important characteristic that influences the properties of steel is the dimension of the

pearlite colony. A decrease in the colony dimension is accompanied by a growth of the impact

strength and decrease of brittleness. The critical brittleness temperature depends on the

pearlite morphology as

Tcr ¼ f
1ffiffiffi
d
p
� �

where d is the pearlite colony dimension. Thus a relatively high strength pearlite is formed in the

case of the breaking of ferrite and cementite plates, forming a high density of dislocations inside

the ferrite.
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A bette r fract ure stre ngth of pearlite is achieve d through spheroi dizat ion of cement ite

parti cles. The sphero idization can be facilitated by deform ation of pe arlite, subseq uent

heati ng, and holding at a tempe rature near Ac1. Anothe r method providi ng relative ly high

stre ngth and ductilit y of pearlite co nsists in deform ation during pe arlite trans formati on. This

leads to the form ation of a pol ygonal struc ture and spheroi dization of cement ite.

The yield stress of the ferrite–p earlite mixtu re depe nds on the propert ies of ferr ite and

pearli te in an additive manner:

s 
2
0 ¼ f asa þ (1 � f a )s p ,

wher e fa  is the v olume fract ion of ferr ite, sa is the yiel d stress of pe arlite, and s  p is the yield

stre ss of pearlite.

3.3.3 TRANSFORMATION OF A USTENITE IN HYPO- AND HYPEREUTECTOID S TEELS

The trans form ation of au stenite in eutectoid composi tion steel s was consider ed above.

In hypo- and hypereut ectoi d steel s, the pea rlite trans formati on should be pre ceded by

precipi tation of exc ess phases— ferr ite and secondary cementite (see the Fe– C equilibrium

diagra m in Figu re 3.2) .

The relative amoun t of the struc turally free excess phase dep ends on the de gree of

austeni te unde rcooli ng. The amount of excess ferrite or cement ite decreas es with an increa se

in the co oling rate. Give n a suff icient degree of undercoo ling, the form ation of an excess

pha se as an independ ent struc tural compo nent can be avo ided.

When a hypoeu tectoid steel c ontaining a small amount of eutect oid austeni te is subject ed

to slow cooling , eutect oid ferr ite grow s on the grains of exc ess ferrite an d eu tectoid cement ite

is left as struc turally free inter layers at grain bounda ries . In a hyp ereute ctoid steel, the

eutect oid can also be subject to structural degenerat ion. Cementi te, whi ch is form ed as a

resul t of the eutect oid precipi tation unde r a v ery low co oling below the point A1 (above

~70 08C or 1300 8 F), is de posited on second ary ce mentite. Area s of struc turally free ferr ite are

found alon gside.

This eutect oid transform ation, whi ch is acc ompanied by separat ion of the phases, is

refer red to as abn ormal. In normal eutecto id trans form ation, ferr ite and cement ite gro w

coo peratively in the form of co lonies with a regula r alte rnation of the two phases. In the case

of abn ormal trans form ation, a co arse mixt ure of ferrite and cement ite does not have a

charact eristic eutecto id struc ture. Duri ng a eutecto id trans form ation the mechani sm can

change from abnormal to normal. Therefore, with a rapid cooling and a correspondingly

great undercooling of austenite, the abnormal transformation can be suppressed altogether.

Consider the forms and structure of excess ferrite in hypoeutectoid steels. The ferrite is

found in two form s: compac t equiaxi al grains and orient ed Widma nnstatten plate s (Figur e

3.7) . Compact pre cipitate s of hypo eutectoid ferrite appear pred ominant ly at austenite grain

boundaries, whereas Widmannstatten plates are formed inside grains. The Widmannstatten

ferrite is observed only in steels with less than 0.4% C and rather coarse grains of austenite. As

the dimensions of austenite grains decrease, the share of ferrite in the form equiaxial grains

grows. The Widmannstatten ferrite is formed over the temperature interval from A3 (508C or

908F) to 600 to 5508C (1112–10228F). With an increase in the carbon content of steel, the

share of the Widmannstatten ferrite in the structure lowers.

It is assumed that the Widmannstatten ferrite is formed owing to a shear g ! a

rearrangement of the lattice, which is accompanied by an ordered interrelated movement of

atoms. Equiaxial grains of ferrite grow by a normal diffusive rearrangement of the lattice with

a disordered transition of atoms across the g=a boundary.
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FIGURE 3.7 Structure of excess ferrite in hypereutectoid steel, 500�.
One of the methods used to strengthen steels consists in providing a structure with

hypoeutectoid ferrite containing dispersed carbide precipitates. To produce such a structure,

the steel should be heated until special carbides dissolve in austenite and then cooled rapidly

so as to preclude the usual precipitation of carbide directly from austenite before hypoeutec-

toid ferrite starts forming.

3.3.4 MARTENSITE TRANSFORMATION

The martensite transformation takes place on quick cooling of the high-temperature phase,

a process that is referred to as quenching. The most characteristic features of the martensite

transformation in carbon steels are as follows:
FIG

� 20
1. The martensite transformation is realized on rapid cooling of steel from a temperature

above A1 in, for example, water. In this case, diffusive precipitation of austenite to a

mixture of two phases (ferrite and carbide) is suppressed. The concentration of carbon in

martensite corresponds to that in austenite. The main difference between the martensite

transformation and the pearlite transformation is that the former is diffusionless.

2. Transformation of austenite to martensite starts from the martensite start temperature

(Ms). Whereas the pearlite start temperature lowers with an increase in the cooling rate,

the martensite start temperature depends little if at all on the cooling rate. Martensite is

formed over a certain temperature interval. The particular temperature is determined

by the carbon content of the steel (Figure 3.8).

3. Termination of cooling over the temperature interval Ms–Mf suspends formation of

martensite. This feature distinguishes the martensite transformation from the pearlite
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URE 3.8 Martensite start Ms and finish Mf temperatures versus carbon content.
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trans formati on. In the latter case, trans formati on con tinues to the end at a con stant

tempe rature below the poi nt A1, and the final resul t is a complete disappea rance of

austeni te given a suff icien t isoth ermal holding time. W ith the mart ensite trans form-

ation, a certa in amoun t of retained austeni te is left.

4. As dist inct from the pearlite trans formati on, the martensit e transform ation has no

incubat ion period. A certain amou nt of mart ensite is form ed instan taneously be low the

tempe rature Ms .

5. On co oling below Ms, the amoun t of mart ensite increa ses rapidl y owi ng to the quick

form ation of new plates. The initial ly form ed plate s do not grow with time. This feature

also dist inguish es the martensit e trans form ation from its pe arlite cou nterpar t; in the

latter case ne w colonies nuc leate and old colonies continue growing.

6. The mart ensite lattice is regula rly orient ed relative to the austeni te lattice . A certain

orient ation relationshi p exists between the lattices. With the pe arlite trans form ation,

lattice s of the pha ses compri sing the eu tectoid mixtu re exhibit a rando m orientati on

with respect to the star ting austeni te grain.
The tempe ratur e Ms cha racterizes an alloy of a certain c omposi tion that has be en

subjected to a particular pretreatment. In a given steel, the martensite transformation starts

at the same temperature whatever the cooling rate. That temperature depends on the alloy

compo sition and de creases great ly as the carbon content of the steel is raised (see Figure 3.8).

Part of the carbon enters carbides, which coexist with austenite. The carbides dissolve in

austenite if the quenching temperature is elevated. Consequently, the carbon concentration of

austenite increases and the Ms point lowers.

The martensite formation is characterized by a shear mechanism of the austenite lattice

rearrangement. The martensitic (shear) mechanism of phase transformation is distinguished

by an ordered interrelated movement of atoms to distances shorter than the interatomic

spacing, and the atoms do not exchange places. An atom in the initial phase preserves its

neighbors in the martensite phase. This is the main feature specific to a shear rearrangement

of the lattice.

This character of the lattice rearrangement provides coherence of the boundary between

the old and new phases. Coherence, or an elastic conjugation of lattices at the boundary betw-

een martensite and the initial phase, ensures a very fast movement of the boundary toward the

matrix even at low temperatures. The atoms move cooperatively to distances shorter than

the interatomic spacing; hence the growth of the martensite crystal.

As the martensite crystal grows, an elastic strain accumulates at the coherence boundary.

On reaching the yield stress, coherence is disturbed. Atoms become disordered at the boundary

between the martensite crystal and the starting matrix. Slipping movement of the boundary is

rendered impossible. Hence, growth of the crystal by the martensitic mechanism is termin-

ated, and subsequently the crystal can grow by diffusion only. But the martensite transform-

ation takes place at low temperatures, where the diffusion rate is very small. Therefore, after

coherence is broken, little if any growth of the martensite crystal is observed.

The polymorphous transformation of solid solutions by the martensitic mechanism is

characterized by the absence of diffusive redistribution of the components. We consider the

conditions necessary for the martensitic mechanism by which the high-temperature phase

transforms to the low-temperature phase in the following discussion. The martensite trans-

formation is impossible at a small undercooling. This is explained by the fact that in the case

of a disordered rearrangement of the lattice, elastic deformation is determined by changes in

the volume only, whereas with the martensite transformation, it additionally depends on

coherence of the lattices of the initial and martensite crystals. As the degree of undercooling is

increased, the disordered rearrangement rate of the lattice increases, achieves a maximum,
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and then drops. When g-Fe is undercooled to 911 to 7508C (1670–13808F), the normal

g ! a transformation is realized, while below 7508C (13808F) the martensite g ! a

transformation takes place. To realize the martensitic mechanism of polymorphous trans-

formation in iron, samples should be strongly overheated in the g range and then cooled very

quickly to suppress development of the normal transformation.

3.3.5 MORPHOLOGY OF FERROUS MARTENSITES

Consider the crystallogeometry of the rearrangement of the fcc lattice of austenite to the bcc

tetragonal lattice of martensite, which is similar to the bcc lattice of a-Fe.

The austenite lattice transforms into the martensite lattice through the Bain deformation.

The deformation consists in compression of the tetragonal cell of austenite along the c-axis

and a simultaneous increase in dimensions along the a-axis. The degree of the tetragonal

distortion of the martensite lattice, c=a, grows directly as the carbon concentration of mar-

tensite. The martensite lattice retains tetragonality at room temperature.

The orientation relationship of the initial and martensite phases has been established.

Three basic orientation relationships are known for austenite and martensite lattices in iron

alloys: those due to Kurdyumov and Zacks, Nishiyama, and Treninger and Trojano.

The Kurdyumov–Zacks relationship: (1 1 1)A k(1 0 1)M; [1 1 1 0]Ak[1 1 1]M.

The Nishiyama relationship: (1 1 1)A k(1 0 1)M; [1 2 1]Ak[1 0 1]M.

The Treninger–Trojano relationship is intermediate between the first two relationships.

Several hypotheses are available as to the character of martensite nucleation. Most of

them suggest a heterogeneous nucleation at special defect sites in the starting matrix. It was

shown experimentally that the sites do not include grain and subgrain boundaries, as these are

not places of preferable nucleation of martensite. They might be stacking fault arising in the

g-phase during splitting of dislocations. According to other hypotheses, the sites include

special configuration dislocation pile-ups or separate dislocations, which are the sources of

fields of internal stresses. This decreases the work on critical nucleus formation.

By morphology, martensite can be divided into two basic types: plate and massive

martensite. They are different in shape, mutual arrangement of crystals, substructure, and

habit plane. Plate (needle) martensite is found most frequently in high-carbon steels and

carbon-free iron alloys. Martensite crystals are shaped as thin lenticular plates (Figure 3.9).

Neighboring plates are not parallel to one another.
FIGURE 3.9 Martensite plates and retained austenite (dark) in quenched steel, 1000�.
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Plates that appear first pa ss througho ut the unit, dividi ng it into sep arate parts . But they

cann ot cross the matrix grain bounda ry. Ther efore, the plate dimens ion is limit ed by the

dimens ion of the austeni te grain. New mart ensite plates are formed in austeni te section s.

Here the plate dimension is limit ed to the dimens ion of the section (see Figure 3.9) . If the

austenite grain is small, martensite plates are so fine that the needle structure of marten-

site cannot be seen in it microsection specimens. Such martensite is called structureless

martensite, and it is most desirable.

Massive (lath) martensite can be observed in low- and medium-carbon steels. Crystals of

this type of martensite are shaped as interconnected plates having approximately the same

orientation. The habit plane of laths is close to the {1 1 1}A plane. Plates of massive

martensite are separated with low-angle boundaries. An electron microscopic image of

massive martensite is given in Figure 3.10. As is seen, a package of plates is the main

structural component. Several martensite packages can be formed in an austenite grain.

3.3.6 BAINITE TRANSFORMATION

The bainite transformation is intermediate between pearlite and martensite transformations.

The kinetics of this transformation and the structures formed exhibit features of both

diffusive pearlite transformation and diffusionless martensite transformation.

A mixture of the a-phase (ferrite) and carbide is formed as a result of the bainite

transformation. The mixture is called bainite. The bainite transformation mechanism involves

g ! a rearrangement of the lattice, redistribution of carbon, and precipitation of carbide.

Most researchers are of the opinion that ferrite precipitates from austenite by the mar-

tensitic mechanism. This is attested to by the presence of retained austenite in alloyed steels,

a similarity in the structure of lower bainite and martensite, and the resemblance of upper

bainite to low-carbon martensite.

Closeness of the bainite transformation to its pearlite and martensite counterparts can be

explained as follows. The diffusive movement of atoms of the basic component, iron, is

almost completely suppressed over the bainite transformation range. Then the g ! a

formation of ferrite is difficult because pearlite precipitation is suppressed. However, carbon

diffusion is rather active and causes precipitation of carbides.

Over the intermediate range the g-phase crystals are formed through coherent growth

similarly to martensite plates. But the a-phase plates are formed slowly rather than instant-

aneously. This is due to the fact that over the intermediate temperature range the a-phase can
FIGURE 3.10 Electron microscopic image of lath martensite, 20,000�.
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precipitate only from the carbon-depleted g-phase. Thus the growth rate of the a-phase

crystals depends on the carbon diffusive removal rate. In this case, the martensite start

point Ms in austenite rises and the martensite g ! a transformation takes place at temper-

atures above the temperature Ms typical of the steel with a given composition.

At the instant of martensite transformation the carbon concentration remains unchanged.

Only the crystal lattice is altered and a supersaturated a solution is formed. Carbide precipi-

tates after g ! a transformation.

3.3.7 MORPHOLOGY OF THE BAINITE TRANSFORMATION

A distinction is drawn between upper and lower bainite, which are formed in the upper and

lower parts of the intermediate temperature range. The conventional boundary between the

bainites is close to 3508C (6608F). Upper bainite has a feathery structure, whereas lower

bainite exhibits an acicular morphology, which is close to that of martensite. The difference in

the structures of upper and lower bainites is attributed to a different mobility of carbon in the

upper and lower parts of the bainite temperature range.

An electron microscopic analysis showed that the a-phase substructure of upper bainite

resembles the substructure of massive martensite in low-carbon steels, while the a-phase

structure of lower bainite approximates the structure of martensite in high-carbon steels. In

upper bainite, carbide particles can precipitate both at lath boundaries and inside laths. This

fact suggests that here carbides precipitate directly from austenite. In lower bainite, carbide is

found inside the a-phase. This means that carbide is formed during precipitation of a

supersaturated solid solution of carbon in the a-phase. Both upper and lower bainites exhibit

a high density of dislocations inside the a-phase.

Cementite is the carbide phase in upper bainite, and e-carbide in lower bainite. As the

holding time is increased, e-carbide turns into cementite. The austenite grain dimensions have

no effect on the martensite transformation kinetics.
3.3.8 TEMPERING

The main processes that take place during tempering are precipitation and recrystallization of

martensite. Quenched steel has a metastable structure. If subjected to heating, the structure

becomes closer to equilibrium. The character of the processes that occur during tempering is

determined by three major features of quenched steel: strong supersaturation of the martens-

ite solid solution, high density of crystal lattice defects (dislocations, low- and large-angle

boundaries, twin interlayers), and the presence of retained austenite.

The main process taking place during tempering of steels is precipitation of martensite

accompanied by formation of carbides. Depending on the temperature and duration of

tempering, the martensite precipitation may involve three stages: preprecipitation, precipita-

tion of intermediate metastable carbides, and precipitation and coagulation of cementite.

Retained austenite can precipitate simultaneously.

Owing to a high density of dislocations in martensite, its substructure is similar to the

substructure of a work-hardened (deformed) metal. Hence, polygonization and recrystalliza-

tion can develop during tempering.

When carbon steels are tempered, supersaturation of the g0 solution in austenite increases

with an increase in the carbon content of steel. This leads to lowering of the temperature Ms

and transition from massive martensite to plate martensite. The amount of retained austenite

also increases.

Carbon segregation represents the first structural changes that take place during temper-

ing of carbon steels. The segregated carbon can nucleate heterogeneously at lattice defects or
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homogeneously in the matrix. The heterogeneous nucleation of the segregated carbon occurs

either during quenching or immediately after it.

Flat homogeneous clusters of carbon atoms that are not connected with lattice defects are

formed at tempering temperatures below 1008C (2128F). Their formation is due to consider-

able displacements of iron atoms and the appearance of elastic distortions. As the tempering

temperature is increased, the clusters become larger and their composition is close to Fe4C.

This process depends on carbon diffusion. Metastable e-carbide (Fe2C) is formed above

1008C (2128F). It possesses a hexagonal lattice and appears directly from carbon clusters

when the carbon concentration is increased. Metastable e-carbide can also precipitate directly

from the a solution. At low temperatures e-carbide precipitates as very fine (10–100 nm)

plates or rods (Figure 3.11). With an increase in tempering temperature or time, e-carbide

particles become coarser. This carbide precipitates in steels containing a minimum of 0.2% C.

In steels having a high Ms temperature, i.e., in all structural steels, partial precipitation of

martensite accompanied by deposition of excess carbide is accomplished during quench cooling

in the martensite range. Then self-tempering of these steels occurs during their quenching.

Cementite, Fe3C, is formed at a temperature above 2508C (4828F). Two mechanisms of

cementite nucleation have been known. First, it precipitates directly from a supersaturated

a solid solution. Cementite particles grow at the expense of the dissolution of less stable

carbides. Second, cementite appears as a result of transformation of the intermediate carbide

lattice to the Fe3C lattice.

The final stage of the carbide formation during tempering is coagulation and spheroidiza-

tion of carbide. These processes develop intensively starting from 350 to 4008C (660–7508F).

Above 6008C (11128F), all cementite particles have a spherical shape and undergo coagula-

tion only.

A considerable part of the tempering process is devoted to the precipitation of retained

austenite accompanied by deposition of carbides. Precipitation occurs over the temperature

interval 200–3008C (400–5708F). During tempering, retained austenite transforms into lower

bainite.

A decrease in the carbon concentration of the a-phase during carbide formation causes

changes in the phase structure. Martensite precipitation can conventionally be divided into

two stages. The first stage of precipitation is realized below 1508C (3008F). At these temper-

atures, the mobility of carbon atoms is sufficient for the formation of carbide plates.

However, it is insufficient for the carbide plates to grow by diffusion of carbon from the areas

of unprecipitated martensite with a high-carbon concentration. This results in a nonuniform
FIGURE 3.11 Electron microscopic image of the e-carbide, 50,000�.
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content of carbon in different areas of the martensit e and co nsequentl y inho mogenei ty of

marten site with respect to its tetr agonali ty. In areas with precipitat ed carbide , tetragonal ity is

lower than in unpre cipitate d areas. Two soli d solut ions wi th differen t carbon concen trations

coexis t. For this reason the precipitat ion is refer red to as a two -phase pr ecipitat ion. The two-

phase precipitat ion of mart ensite results from the de position of new carbide pa rticles in areas

contai ning mart ensite with the init ial carbo n concen tration. Carbide pa rticles do not gro w at

this stage .

At the second stage of martensite precipi tation (150–3 00 8 C; 300–570 8 F) the a solut ion is

deplet ed of carbon owing to diff usive growth of carbide particles . But the process pro ceeds

very slowly. Therefor e, the precipi tation kinetics are ch aracterize d by a rapid deplet ion of the

a solution in carbon (the timesp an de crease s as the ann ealing tempe rature is increa sed).

Subseq uently , de pletion of the soli d solut ion in carbon stops. At 300 8 C (570 8 F) abo ut

0.1% C is left in the a solut ion. Above this tempe rature no differen ce between the lattice of

the a solution a nd that of the a-F e is detected. Belo w 3 00 8C the de gree of tetragon ality

( c=a > 1) is still measur able. Above 400 8 C (750 8 F) the a so lution be comes completely free of

excess carbon and trans formati on of mart ensite to ferrite is fini shed.

As mentione d earlier, plate s (need les) of quench ed mart ensite have a high de nsity of

dislo cations, whi ch is compara ble to the den sity of the deform ed mate rial. How ever, recrys -

talliza tion centers an d their deve lopment to recrys tallize d grains have not been observed. This

is because carbide pa rticles pin disloca tions an d large -angle bounda ries . It is only ab ove

600 8 C (1112 8 F), when the de nsity of the particles de creases owin g to their coagulat ion, that

recrys tallization gro wth of grains takes place at the expe nse of migrati on of large -angl e

bounda ries. Ther ewith the morpholog ical features of lath martensit e vanish. Thes e process es

are hampered in high -carbon steels in compa rison wi th low-car bon alloy s, because the den sity

of carbide s is great er in high-c arbon steels. The acicular struc ture is retained up to the

tempe ring tempe ratur e of abo ut 650 8 C.

The struc tural changes that oc cur during tempe ring cause alterati on of steel pr operties.

They depen d on the tempe ring tempe ratur e and time. Hardn ess lessens as the tempe ring

temperature is raised.
3.4 KINETICS OF AUSTENITE TRANSFORMATION

3.4.1 ISOTHERMAL TRANSFORMATION DIAGRAMS

To understand the kinetics of transformations to austenite, it is important to follow the

process at a constant temperature. To this end, a diagram was constructed that characterizes

the isothermal process of austenite precipitation. In this diagram, the transformation time is

the abscissa on the logari thmic scale and the tempe rature is plotted on the ord inate (see

Figure 3.12) . Fr om this diagra m, the incub ation pe riod (left-han d curve) can be determ ined

and also the time required for completion of the process (right-hand curve). The instant an

alloy passes the points A3 and A1 during quenching is usually taken as the zero time reference.

The time required to achieve the temperature of the quenching medium is often neglected.

The start and finish of the transformation are difficult to determine from the transformation

curve behavior at the initial and final sections of the curve. Therefore, the lines of the

isothermal transformation (IT) diagram usually correspond to a certain final volume that

underwent transformation, e.g., 3 and 97% for the transformation start and finish, respect-

ively. The volume value is usually not shown in the diagram.

In addition to the above-mentioned curves, the diagram often contains intermediate

curves that correspond to certain values of the transformed volume, e.g., 10, 50, or 90%.

A decrease in the transformation rate causes displacement of the transformation start and
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 3.12 Isothermal transformation diagram.
finish curves to the right, i.e., tow ard great er duration . This pheno menon can be observed if

the quen ching heatin g temperatur e rise s as a resul t of a de crease in the numb er of forei gn

inclus ions, enlarg ement of austeni te grains , etc.

An increa se in the trans formati on rate leads to displ acement of the IT curves to the left.

This phenomen on can be acco unted for by a decreas e in the quench ing heatin g tempe rature,

the presence of carbide s or foreign inclusions, and refinement of the austeni te grain. For a

given steel the tempe ratur e that corres ponds to a maxi mum trans form ation rate (the so-called

nose of the sigm oid curve) doe s not, as a rule, ch ange significan tly.

3.4.2 CONTINUOUS -COOLING T RANSFORMATION DIAGRAMS

Cont inuous- cooling trans formati on (CCT) diagra ms consider the transform ation kinetics of

a eutect oid steel . The major trans formati on that takes place during a nnealin g co oling of steel

is a eutecto id precipitat ion of austenite into a mixtu re of ferrite an d carbide . The eu tectoid

trans formati on kine tics are given by IT diagra ms of au stenite (Figur e 3.13) at a temperatur e

of 727 8C (13408 F). The structure obt ained afte r tempe ring below 300 8 C (572 8 F) is call ed

tempe red martensit e. An acicul ar structure is observed after tempe ring at 300–450 8 C (572–

842 8 F). Temperi ng over the tempe rature inter val of 450–600 8 C (842–1 112 8 F) exhibits a

pron ounced dot struc ture. The struc ture obtaine d afte r tempe ring below 300 8 C (5728 F) is

call ed tempe red marten site. Austenit e is in a therm ody namically stable equilibrium with the

ferr ite–cement ite mixtu re. Stabilit y of unde rcooled austenite is define d by a pe riod of time

during which the appearanc e of precipitat ion products in the diagram canno t be register ed by

con vention al methods (see Figure 3.13) . It is equ al to the distance from the y-axis to the left-

han d curve. The degree of austeni te unde rcooli ng is the main factor that determines the steel

microstructure. The necessary degree of undercooling is provided by either continuous cool-

ing or isothermal treatment. The diagram in Figure 3.13 shows the entire range of structures

formed in a eutectoid steel depending on particular undercooling conditions.
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Au, undercooled austenite; F, ferrite; C, carbide.
3.4.2.1 Transformations That Take Place under Continuous Cooling of Eutectoid Steels

As mentioned above, in hypoeutectoid steels the formation of pearlite is preceded by precipi-

tation of hypoeutectoid ferrite. With a decrease in the transformation temperature and a rise

in the degree of undercooling, precipitation of hypoeutectoid ferrite is suppressed. The

amount of pearlite increases and the carbon content becomes less than that in pearlite of

the eutectoid steel. In the region of the maximum transformation rate, the two curves merge.

Thus, a purely pearlitic structure is formed in steel with 0.4% C (Figure 3.14). In steels

containing greater amounts of carbon, the precipitation of ferrite cannot be suppressed

even if the carbon content decreases. Ferrite precipitation precedes the formation of pearlite
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FIGURE 3.14 Schematic diagram showing changes in location of the critical points depending on the

particular cooling rate.
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even at a maxi mum trans form ation rate, but the a mount of ferrite wi ll be less than that was

form ed at smal ler unde rcooling .

These proposit ions are vali d for the precipitat ion of cemen tite in hy pereute ctoid steels, but

it can be supp ressed even at relat ively smal l unde rcoolin g. In this case, the carbon content of

pearli te beco mes higher than that in the eutect oid steel.

As a resul t of sup pression of the hypoeu tectoid ferrite precipi tation under continuous

coo ling from the region of the g solid solut ion, the poin t Ar3 low ers much fast er than the

point Ar1 as the cooling rate is increa sed. Give n a certa in co oling rate, both points merge into

one poi nt A 
0

2 (see Figu re 3.14) , whi ch corres ponds to the form ation of a fine plate struc ture of

the pearlite type free of ferr ite.

Under con tinuous cooling the trans form ation process can also be pictur ed as diagra ms in

tempe ratur e–time coordinat es (F igure 3.15) . Hence the behavior of coo ling curves should be

analyzed to obtain characteristics of the transformation processes. In this diagram, the ferrite

and pearlite start lines are shifted toward longer periods of time compared to the IT diagram

of Figu re 3.13. This is due to an increa se in the tempe ratur e inter val necessa ry for prepari ng

the transformation processes in the austenite lattice. As a result, only part of the incubation

period, which is required for the IT to start, is effective. In this case, the incubation period is

the mean of the effective lengths of time corresponding to different periods of time in the

given range. This proposition can be used to calculate the behavior of the transformation start

line in the pearlite range from the IT diagram. The reverse calculation is also possible.

Similar to the pearlite range, in the bainite temperature range, the precipitation of under-

cooled austenite starts after a certain incubation period. Resemblance of the bainite and pearlite

transformation kinetics consists not only in the presence of an incubation period but also in the

character of the volume increase during isothermal soaking: the fraction of the transformed

volume of austenite increases first with acceleration and thenwith deceleration. At the same time,

as in the case of the martensite transformation, retained austenite does not disappear completely

during the bainite transformation. Every point in the bainite finish curve corresponds to a certain

amount of retained austenite. Similar to the pearlite transformation, the bainite transformation

can take place both during isothermal soaking and under continuous cooling (see Figure 3.15).

Austenite that has not been transformed over the bainite range turns partially into martensite
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bainite formation finish.
when the steel is cooled to room temperature. Because after the bainite transformation austenite

is inhomogeneous with respect to the carbon content, martensite is formed predominantly in

carbon-enriched regions.

In the case of high -alloy steel s, isothermal cu rves can be separated by a tempe ratur e

interval in whi ch unde rcooled au stenite is highly stable. In this inter val, pearli te precipitat ion

does not take place for many hour s, while undercoo ling is insuf ficiently great for the ba inite

trans formati on (Figur e 3.16) . In carbon steels, the bainite transform ation proceed s concur-

rently with the pearlite transform ation. Pro ducts of the pearlite transform ation dom inate at

higher tempe ratures, an d those of the bainite transform ation at low er tempe ratur es.

3.4.2 .2 Tran sformati ons of Austenite on Cooling in the Marten site Ra nge

The martensit e componen t in the steel struc ture appears when the coo ling rate achieve s a

certa in value. The mini mum cooling rate at which the martensit e compone nt is form ed is

called the low er critical rate of cooling . The rate at which trans form ations by the pe arlite an d

bainite mechani sms are suppress ed complet ely is refer red to as the uppe r critical rate of

cooling (quenching ). If the conditi ons of austeni te form ation (aust enitizat ion tempe ratur e

and the holding time at this tempe ratur e) an d the cooling c ondition s (cooli ng rate sh ould

exceed the upper critical rate) are c onstant, the location of the mart ensite poin t Ms dep ends

only on the content of carbon and alloy ing elemen ts in the steel.

If the cooling rate is high , the form ation rate of sepa rate needles of mart ensite is also high,

and trans form ation of au stenite to martensit e commenc es on reachi ng Ms . It co ntinues on

subsequ ent cooling to low er tempe ratur es. As the temperatur e of the quen ching medium is

lowered , the amoun t of form ed mart ensite rise s fir st rapidl y and then slow ly. With an increa se

in the quen ching heatin g tempe rature (aust enitizat ion tempe rature), the trans formati on also

shifts toward low er temperatur es (Figur e 3.17) as more of the alloy ing eleme nts are taken into

solut ion. A certain amount of mart ensite may be formed during isot hermal holding, but it is

not high in carbon steels. Ret ained austenite is stabili zed during isot hermal holding. As a

resul t, more mart ensite is formed during subseque nt cooling . For mation of mart ensite stops

at the point Mf.

Figure 3.18 shows a relationshi p between so me factors that influen ce the stabi lization of

marten site. As is seen, if continuous coo ling is stopped at the temperatur e Th1 and a holding

time is allowed at this temperature, the formation of martensite starts after passing through a

certain temperature interval rather than immediately when cooling is resumed. Subject to

cooling below the point M 0
s, further formation of martensite takes place. If holding is realized

at a lower temperature, Th2, the effect of stabilization is enhanced, because further formation

of martensite commences at the temperature Ms2 after passing through a greater temperature
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FIGURE 3.17 Curves showing variation of the relative amount of martensite as a function of the

transformation in steel with 1.1% C and 2.8% Cr for different homogenization temperatures.
interval (curve 3, Figure 3.18). The effect of stabilization increases with the amount of

martensite in the structure or, the amount of martensite being equal, with temperature.

Joining of the points M0
s determined after holding at different temperatures yields a curve

that intersects the curve that corresponds to the relative amount of martensite formed under

continuous cooling. The point of intersection of the curves, ss, means that stabilization of

austenite is impossible at a higher temperature.

3.4.3 DERIVATION OF THE CONTINUOUS-COOLING TRANSFORMATION DIAGRAM FROM

THE ISOTHERMAL TRANSFORMATION DIAGRAM

When solving practical problems involved in thermal treatment of steel, it is often necessary

to know how the continuous cooling rate affects the structure formed as a result of austenite

transformation. To this end, attempts were made to establish the relationship between the

transformation kinetics of austenite under isothermal conditions (IT diagram) and under

continuous cooling (CCT diagram). The attempts started from the concept of additivity of the

transformation processes at different temperatures. It was assumed that holding of under-

cooled austenite at a preset temperature is part of the incubation period. It was found,

however, that calculated and experimental data coincide satisfactorily only if the pearlite

transformation is continuous.
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FIGURE 3.18 Curves showing the relative amount of martensite as a function of the austenite stabil-

ization temperature. 1, Under continuous cooling; 2, after isothermal holding at Th1; 3, after isothermal

holding at Th; 4, M0
s curve, ts is the limiting stabilization temperature.
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If the pearli te trans formati on is preceded by precipi tation of eutect oid pe arlite or the

pearlite and bainite transform ations oc cur co ncurrent ly, calculated data are at a discrep ancy

with the experi menta l data. It was found that the discr epancy is due to the foll owing factors:
FIG
the

� 20
1. Holdin g of austeni te during the tim e acco unting for fractions of the incubat ion period

causes accele ration of the sub sequent inter mediate transform ation at the exp ense of

preparat ory pro cesses.

2. Precipi tation of hypoeutect oid ferr ite alte rs the austeni te composi tion. Thi s delays the

subsequen t intermed iate transform ation.

3. Partial transform ation of austeni te over the inter media te range decreas es the rate of the

said trans formati on at lower tempe ratur es and faci litates an increa se in retained

austenite. This is due to a redis tribution of carbon and enrichmen t of the nontrans -

formed pa rt of au stenite in carbon .

4. A change in the cooling rate over the marten site ran ge affe cts stabili zation of au stenite

in different ways.
For this reason, special methods of constructing thermokinetic transformation diagrams of

austeni te su bject to con tinuous cooling were elabo rated for none utect oid steels (see Figure

3.15). From these diagra ms it is pos sible to determ ine the critical rate of quench ing coo ling or

continuous cooling that is necessary to complete a particular stage of austenite precipitation.

3.4.4 CONTINUOUS-COOLING TRANSFORMATION DIAGRAM AS A FUNCTION

OF THE BAR DIAMETER

When steel is subjected to martensitic hardening, it should be cooled from the quenching

temperature so that on undercooling to a temperature below the Ms point austenite has no

time to precipitate and form a ferrite–carbide mixture. To achieve this, the cooling rate should

be less than the critical value. The critical cooling rate is the minimum rate at which austenite

does not precipitate to a ferrite–carbide mixture. Of course, the cooling rate of steel products

is nonuniform over their cross section. It can be higher than the critical rate on the surface

and lower than the critical rate at the center.

The critical cooling rate at different points of a product can be directly determined from

an IT diagram (Figure 3.19). In the first approximation, it is given by the slope of the tangent

to the C curve that denotes the austenite precipitation onset. This method gives a value that is
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URE 3.19 Diagram showing distribution of the cooling rate over the cross section of a sample and

corresponding IT curve.
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FIGURE 3.20 (a) Time–transformation temperature diagram for continuous cooling of steel containing

0.38% C compared with (b) the process of the sample’s cooling during face quenching. Numerals at the

bottom of the curves denote hardness (RC) after cooling to room temperature.
about 1.5 times the true critical rate. The cooling rate can be determined more accurately if

one uses thermokinetic diagrams (Figure 3.20). Intercepts of the cooling curves with the lines

of the thermokinetic diagrams show the start and finish temperatures of the corresponding

transformation.

From the transformation diagram it is possible to determine, for example, the rate that

will provide 50% martensite in the structure or the rates at which the entire transformation

occurs in the pearlite range, i.e., hardening is excluded altogether. Because the data on the

critical hardening rate depend on cooling time and should be associated with a particular

temperature (at which direct measurements of the hardening rate are practically impossible),

it is appropriate to specify the cooling time for a specific temperature interval, for example,

from the point A3 to 5008C (9328F). Point A3 in the diagram is the time reference. Then it is

possible to straightforwardly determine the critical cooling time K: Km for fully martensitic

hardening; Kf for initial appearance of ferrite; Kp for full transformation in the pearlite range.

Since the cooling time (see Figure 3.20) and the progress of the subsequent cooling of the
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sampl e during end-fac e ha rdening are known, the outc ome of ha rdening can be determ ined

from the transform ation diagra m. It should be remembered that a trans form ation diagram is

valid only for parti cular cond itions of melting and homogen ization. Devi ations in the

composi tion or grain dimens ions cause ch anges in the trend of therm odynami c cu rves. This

is ex plained by the fact that an increa se in the hom ogenization temperatur e and tim e and,

consequ ently, e nlargemen t of the g rains enhance the stabi lity of austenite. Conver sely,

refinemen t of grains low ers the critical co oling rate, be cause stability of austenite decreas es

with an increa se in the ex tent of grain bounda ries.

3.4.5 DEFINITION OF HARDENABILITY

The depth of the harden ed zone is term ed hardena bility. Thi s is one of the most impor tant

characteristics of steel. Since the cooling rate is nonuniform along the cross section of a

sampl e (see Figure 3 .19), austeni te can pa ss into martensit e in surfa ce layer s only, whi le at the

center of the sample austenite undergoes the pearlite transformation. In the first place,

hardenability depends on the critical cooling rate. An examination of the temperature curves

(see Figure 3.20) plott ed for different areas of the sampl e sho ws that the c ooling rate of the

core of a large-diameter product is lower than the critical value and therefore the core is not

martensitically hardened. Martensite is present in the surface layer only.

After hardening treatment, a bulky part with a large cross section may exhibit the entire

range of structures: a smooth transition from martensite near the surface through troostite–

martensite and troostite to pearlite at the center.

The geometry of samples can influence the character of the cooling curves. However,

given the same surface-to-volume ratio, the curves coincide in general. The greatest changes in

the cooling rate are incurred by the diameter of samples.

Considering what has been said above, to achieve a through hardening of bulky products

or full martensitic hardening to the core of a product, one has to provide the critical hard-

ening rate along the entire cross section of the product. IT and CCT diagrams can be used to

determine this rate. The diagrams were plotted for different grades of steel, taking into

account the progress of cooling in different sections and in different hardening media.

Note that hardenability depends on the steel composition, specifically on the carbon

content. Hardenability of each grade of steel is presented as a hardenability band (Figure

3.21). These diagrams have been plotted for almost all existing grades of steel. They show how

to achieve hardening of a product made of a particular steel.
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FIGURE 3.21 Steel hardenability band.
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Hardenability of steel is also characterized by transformation time–temperature curves

(IT curves). The more the curve is shifted to the right along the abscissa axis, the greater is the

hardenability of the steel. This is explained by the fact that the rightward shift of the IT curve

is due to better stability of austenite.

An improvement in the stability of undercooled austenite and hence an increase in the critical

hardening rate lead to a greater depth of hardening. Then hardenability depends on all the

factors that improve the stability of undercooled austenite. For example, the stability of austenite

can be raised by alloying steel with chromium and tungsten. These elements lower the austenite

precipitation rate and can make a steel an air-hardening one. Steel with a usual (commercial)

content of impurities is hardened to a strength ten times that of a pure iron–carbon alloy.

Elevation of the hardening temperature favors an increase in the hardening depth thanks

to the homogenization of austenite and enlargement of austenite grains. Refinement of grains

impairs hardenability as grain boundaries affect the stability of austenite.

The hardening depth also depends on the hardening medium used. The greater the

intensity of cooling, the greater the depth of hardening. Besides, the hardening depth depends

on the cross-sectional diameter of the products. The critical diameter is that of the greatest

cross section that lends itself to through hardening in a given hardening medium. The critical

diameter is different for different hardening media and characterizes the hardenability pro-

vided by a particular method only.

Hardenability has an effect on the mechanical properties of steel. In the case of through

hardening, the properties do not differ along the cross section of a product. Otherwise they

decrease from the surface to the center. Let us analyze the influence of hardenability on the

properties of steels that were tempered after hardening. A high temperature favors equalization

of hardness along the cross section. However, the structure of weakly hardenable steels remains

inhomogeneous; a grain structure will appear on the surface, where martensite is formed during

quenching, while a lamellar structure will remain at the center. A grain structure will be present

along the entire cross section of a through-hardening steel. This determines the character of

changes in the properties of steels with different hardenability. The properties that are inde-

pendent of the cementite form (yield stress, specific elongation, impact strength) will differ.

A decrease in ss and ak is observed at the center of nonthrough-hardening steels, while in a

through-hardening steel these quantities remain unchanged along the cross section.

The properties of tempered steels (fracture stress, yield stress, impact strength, reduction

of area) are impaired if ferrite precipitates during quenching. The mechanical properties of a

product depend on its cross-sectional area. To obtain the best mechanical properties in the

tempered state, a grain structure should be provided along the entire cross section; i.e.,

through hardenability should be ensured in the quenched state.
3.5 GRAIN SIZE

3.5.1 STRUCTURE OF GRAIN BOUNDARIES

When analyzing any processes or properties associated with grain boundaries, it is necessary

to know the structure of the material. The overwhelming majority of structural materials are

polycrystalline. They comprise a set of grains separated by boundaries. The grain boundary is

one of the basic structural elements in polycrystalline materials.

The grain boundary represents an interface between two differently oriented crystals. This

is the region of crystal imperfection. It is capable of moving and adsorbing impurities. The

boundary has a high diffusive permeability.

In polycrystalline materials, the boundaries determine the kinetics of many processes. For

example, movement of grain boundaries controls the process of recrystallization. A high
� 2006 by Taylor & Francis Group, LLC.



FIGURE 3.22 Electron microscopic image of (a) low-angle boundary and (b) large-angle boundary,

50,000�.
diffusive permeability of grain boundaries determines the kinetics of diffusion-dependent

processes at moderate temperatures. Grain boundaries adsorb impurities. Embrittlement of

metal material is connected with enrichment of grain boundaries in impurities.

Grain boundaries may conventionally be divided into two large groups: low-angle and

large-angle boundaries. Low-angle boundaries (or subgrain boundaries with an angle of less

than 108) represent networks or walls of dislocations. The structure of large-angle boundaries

is much more complicated. Figure 3.22 shows both types of grain boundaries.

The progress in understanding the structure of grain boundaries is connected with

elaboration of the models describing the observed microscopic properties of the boundaries.

3.5.1.1 Structural Models

The pioneering structural model is the model of an amorphous boundary. It allows an

explanation of the value of the surface tension G3 and the grain boundary slip. In terms of

this model, it was assumed that the usual boundary with a large angle has random regions of

incontingency similar to a liquid. The width of the regions does not exceed three atomic

diameters. In later models, amorphous portions of the boundaries were added with crystalline

portions. According to Mott and coworkers [1,2], G3 represents portions of good and poor

contingency. In the opinion of Smoluchowski [3,4], even when the boundary angle exceeds

158, dislocations combine themselves into groups and form incontingency regions separated

by undistorted areas. If the misorientation angle is greater than 358, then G3 is a solid region

of incontingency. Geisler and Hill [5] and Hargreaves [6] described the grain boundary in
� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



terms of the model of a transition lattice. According to this model, a certain system in the

arrangement of atoms exists in G3. The arrangement corresponds to a minimum energy

possible under given conditions.

At certain mutual orientations of neighboring grains (special orientations), a superlattice,

which is common for both grains, may appear. The superlattice sites will be atoms that are

common to the crystal lattices of both grains. The boundaries lying in close-packed planes of

such superlattices will be most favorable with respect to energy. If the misorientation angle is

small, the coincidence is upset.

Coinciding atoms are present in the boundary plane for some discrete values of the grain

misorientation angles. Boundaries that meet the conditions required for the coinciding atoms

to appear are called partial contingency (or special) boundaries.

Direct experimental studies of G3 are scarce. Microscopy studies and transmission electron

microscopy have shown that the transition zone occupies two to three interatomic spacings.

The zone is saturated with defects like grain boundary dislocations, steps, and microfacets.

Particular grain boundary characteristics are closely connected with the way in which

grain boundaries are formed. A grain structure, and correspondingly G3, can be formed as a

result of crystallization from the liquid state, phase transformations in the solid state, or

recrystallization annealing of a deformed material during deformation.

Only conjectures can be made as to the formation of grain boundaries during crystalliza-

tion. Under real conditions of crystallizations the growth of crystals often exhibits an oriented

rather than chaotic character. Correspondingly, the spectrum of boundaries in a cast material

should differ from the random distribution.

In the case of recrystallization in the solid state, i.e., polymorphous transformations of

metals and alloys, the new phase has certain orientation relationships with the initial phase.

Obviously, when transformations within a single grain of the matrix phase are completed, the

formed boundaries should have strictly defined and crystallographically determined misor-

ientations rather than random orientations. Many boundaries that appear during a

polymorphous transformation are close to special boundaries of coincident sites. Experimen-

tal studies into misorientations of the crystals formed during phase transformations in

chromium–nickel steel and titanium alloy showed that misorientations at real boundaries

agree with theoretical ones (what is meant here is the calculation of crystallographically

determined misorientations for the fcc–hcp and hcp–fcc, hcp–bcc and bcc–hcp, and fcc–bcc

transformations). Then the crystallogeometry of the boundaries resulting from polymorphous

transformations is controlled by orientation relationships of the phases formed.

In the case of recrystallization processes, the grain structure depends on the stage of

recrystallization at which annealing was stopped. During primary recrystallization the for-

mation of the structure starts with the appearance of nuclei, that is, dislocation-free portions

of the matrix. They are surrounded by large-angle G3. The proposed models of nucleation

assume that nuclei of new grains are formed near the initial G3 owing to a rearrangement of

intergrain lattice dislocations. However, it has been established recently that new grains with

large-angle boundaries can be formed without participation of intergrain dislocations

but rather during splitting of initial boundaries. This process can be accounted for in

the following way. After plastic deformation the grain boundaries are in a nonequilibrium

state owing to the trapping of lattice dislocations. During annealing the grain boundary

structure regains the equilibrium state at the expense of splitting of the boundaries. Splitting

of the boundaries during recrystallization is caused by lowering of the total energy of the

grain system because high-energy boundaries are replaced by low-energy ones. Here mutual

misorientations depend on misorientation of the nuclei in the deformed matrix.

At subsequent states of recrystallization the grains become coarser owing to migration of

the boundaries. One would expect that the average statistical trend of the process should be
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toward formation of low-energy special boundaries. However, the available experimental

data are contradictory. This fact suggests that in addition to the tendency to a thermo-

dynamic equilibrium, kinetic factors (different mobility of the boundaries, their pinning by

impurities and precipitates) play an important role in the process of structure formation

during annealing. It was found, for example, that at the stage of collecting recrystallization,

random boundaries dominate in iron and molybdenum alloys. However, in ultrapure alumi-

num the fraction of these boundaries decreases with an increase in the recrystallization

temperature and time. In contrast, in commercially pure aluminum the fraction of special

boundaries decreases.

The state of grain boundaries in a material depends not only on their misorientation but

also on the content of lattice defects. For this reason the boundaries of recrystallization nuclei

are not in equilibrium; they are formed in the regions of the deformed matrix with an excess

density of dislocations of like sign. Rearrangement of the dislocations within the nucleus

boundaries is not complete. A nonequilibrium state of the boundaries is also preserved during

their migration through the deformed matrix as the matrix absorbs lattice dislocations. Then

the boundaries are nonequilibrium in ultrafine grain materials formed at the early stage of

recrystallization. The degree of boundary nonequilibrium decreases at later stages of recrys-

tallization during collecting growth of the grains.

Grain boundaries of the deformation origin can be divided into two groups: grain

boundaries formed at a low-tempered (<0.3–0.4Tmelt) deformation and those formed under

deformation at high temperatures.

At low temperatures new boundaries are formed at relatively large degrees of deform-

ation. First they represent broken boundaries, which appear nonuniformly in separate grains

of a polycrystal. A continuous network is formed in the areas adjacent to the initial bound-

aries. It is only under large deformations that a network of these boundaries covers the whole

volume. On the average, two out of three boundaries are large-angle ones. In this case, the

fraction of special boundaries is small.

When subject to deformation at high temperatures, the formation of grain boundaries is due

to development of recrystallization processes directly during deformation. This phenomenon is

called a dynamic recrystallization. The grains formed during a dynamic recrystallization are

large-angle ones. Data on crystallogeometrical parameters of these boundaries are very scarce.

From the above discussion it appears that, depending on their origin, grain boundaries

have different structures and therefore possess different properties. The properties of poly-

crystalline materials are largely determined by the extent of these structural components,

which is controlled by the grain size.
3.5.2 DETERMINATION OF GRAIN SIZE

The size of the grain that is formed under a given treatment is determined from microsections

after their etching. For carbon and alloyed steels the following reagent is used: 1–5 ml

HNO3þ 100 ml ethyl or methyl alcohol. Austenitic steel is etched in a copper sulfate chloride

solution containing 10 g copper sulfate, 50 ml hydrochloric acid, and 50 ml water. When

carbon low-alloy steels are etched, the reagents turn pearlite dark and make visible the ferrite

grain boundaries, the martensite structure, and tempering products. The etching rate rises

with the amount of nitric acid. The etching time is from several seconds to a minute. Etching

of austenitic steel reveals the austenite structure and the austenite grain boundaries.

Carburization is also used to establish the austenite grain boundaries. In this case, samples

are heated to 9308C (17008F) in a carburizing medium (e.g., a mixture of 40% BaCO3 and

60% charcoal), cooled, and etched.
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In addition, an oxidation method is used according to which microsections are heated in

vacuum to a temperature 20–308C (35–558F) higher than the quenching temperature and are

soaked for 3 h. Subsequently air is fed to the furnace for 30–60 s, and the samples are cooled

in water. Before quenching it is recommended to heat samples in a borax melt at 930–9508C
(1700–17508F) for 30–40 s and then cool them in water. After these treatments microsections

are polished and etched in a 15% solution of hydrochloric acid in ethyl alcohol. Grain

boundaries are seen as the oxide network.

Apart from this, use is made of the method of etching austenite grain boundaries, the

method of the network of ferrite (for steels with a carbon content of up to 0.6%) or cementite

(for hypereutectoid steels), and the method of the pearlite network for steels that are closer in

composition to eutectoid steels.

The grain size is determined by comparing the observed microstructure at a 100� magni-

fication with standard scales (the scales are elaborated so that at a magnification of 100� the

grain number N corresponds to the formula n¼ 8� 2n, with n the number of grains per 1mm2

of the microsection area) or by counting the number of grains per unit area of the microsection,

or by calculating the mean nominal diameter of the grains or their number per cubic millimeter.

The number of grains (at least 50) is counted on the focusing screen of the microscope or

from a photomicrograph within the area bounded by a circle 79.8 mm in diameter. At 100�
magnification this value corresponds to a microsection area of 0.5 mm2. The total number of

grains is calculated from the formula m100¼mþ 0.5m1, where m is the number of grains

inside the circle and m1 is the number of grains intersected by the circle. The number of

grains per mm2 of the microsection is M� 2m100. If a magnification other than 100 power is

used, M¼ 2(g=100)2mg (g the magnification power used and mg the number of grains counted

at this magnification power). The mean number of grains (Mmean) is calculated using three

characteristic areas.

The mean area (Smean) and diameter (dmean) of the grains are calculated using the formula

Smean ¼ 1=Mmean and dmean ¼ 1(Mmean)
1=2:

The values of equiaxial grains are characterized by the mean nominal diameter, which is

determined on the focusing screen of the microscope or from a photomicrograph. For this

purpose several arbitrary straight lines are drawn so that every line intersects at least ten

grains. The number of intersections on the length of all the lines is counted. Finally, the mean

diameter of the grains is calculated.

Statistical methods are used, and bar charts are plotted to obtain quantitative character-

istics of the structure, particularly grain dimensions. The mean diameter of grains is calcu-

lated using the distribution curve.

It is possible to calculate the mean area of grains (Smean) from the formula used

to determine dmean if one assumes that the grain is spherical in shape (x¼pD2=4):

Smean¼ k2 «(pD2=4) m=«m. Then the number of grains (N ) per mm2 is found from the

formula N¼ 1=Smean.

3.5.3 AUSTENITE GRAIN SIZE EFFECT AND GRAIN SIZE CONTROL

The austenite grain boundary structure that is produced on heating above the critical points is

important because the austenite transformation products formed during cooling (martensite,

pearlite, etc.) appear inside austenite crystals. A coarse austenite grain determines a coarse

plate structure of martensite during quenching or a coarse cellular network of ferrite (cemen-

tite) precipitates at the boundary of the initial austenite grains during annealing or normal-

ization. The pearlite structure is also the coarser, the larger the pearlite grain.
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As is known, a coarse-grain structure of steel (ferrite–pearlite, martensite, etc.) is charac-

terized by lower mechanical properties. For this reason a fine-grain structure of steel is

preferable in practice. Then the primary task is to produce fine-grain austenite. Since auste-

nite appears during heating of a ferrite–carbide mixture, growth centers of the austenite phase

are very numerous, and initially austenite grains are extremely small, on the order of

10–20 mm. But with an increase in the heating temperature or holding time in the austenite

range, the grains begin to grow intensively.

Two types of steels exist: hereditarily coarse-grained steels and hereditarily fine-grained

steels. This difference is due to the grain growth kinetics with an increase in temperature. In

hereditarily coarse-grained steels a grain gradually and rather uniformly becomes larger as the

temperature is raised above Ac3. In hereditarily fine-grained steels, fine grains are preserved

up to about 9508C (17508F). On transition through the coarsening temperature, separate

grains start growing intensively and variations in grain size arise. Near 1100–12008C (2000–

22008F), grains of hereditarily fine-grained steels may be even larger than those of hereditarily

coarse-grained steels.

Such differences in the growth of grains in steels are explained by the differences in

number and state of disperse nonmetal inclusions such as, above else, aluminum nitrides,

certain carbides, and oxides. These articles retard movement of grain boundaries until

temperatures are reached at which the particles dissolve in austenite. The barrier effect of

the particles diminishes nonuniformly, which leads to variations in grain size.

A standard test can be used to distinguish between the steel classes. If a noticeable growth

of austenite grains is not observed for 8 h after carburization at 9258C (17008F), the steel is

assumed to be a hereditarily fine-grained one. Extrapure steels, those produced with a

minimum amount of foreign impurities, nitrogen and oxygen, are distinguished by a rapid

growth of grains above the critical point Ac3.

In the case of the usual commercial steels, a grain 20–25 mm in size corresponds to

standard heating for quenching, normalization, or annealing. As the temperature is elevated

to 1200–12508C (2200–22508F), the grain size reaches 0.1 mm, and in large forgings and

welds, grains of several millimeters in size occur. In ingots and castings, grains can be as large

as several centimeters.

If a steel is heavily alloyed with elements that stabilize austenite, the austenite structure is

fixed during cooling to or below room temperature and the steel grain is equal to the initial

austenite grain. If austenite passes to pearlite, then, for example, for a hypereutectoid steel

one should take into account the size of the pearlite colony, which is characterized by the

same crystallographic orientation of ferrite and cementite plates. A pearlite colony usually

differs in size from an austenite grain. Several pearlite colonies are formed in every grain. So

an austenite grain is broken into several grains. This is also true of the ferrite–pearlite

structure of a hypoeutectoid steel. But in the latter case a network of excess ferrite is formed

at grain boundaries. This suggests a connection between a grain of a thermally treated steel

and the initial austenite grain.

When steel undergoes quenching, a large number of martensite crystals appear in every

austenite grain. They are connected with the initial austenite grain by certain orientation

relationships. For this reason a correlation is easily seen between the initial austenite grain

and grains of the quenched steel. Refinement of the initial grain under heating above Ac3

results in refinement of grains in the quenched steel. Then it is possible to correct a coarse-

grained structure by heating to the austenite state.

However, correction of a coarse-grained austenite or bainite structure may be complicated

by structural inheritance. When crystallographically ordered structures of bainite or martensite

are heated, austenite can also be formed, under certain conditions, in a crystallographically

ordered way. Therefore, under heating above Ac3 the austenite grain is equal in size to a coarse
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grain of steel. In this case, refinement of the crystal structure as a result of phase recrystallization

during the a ! g transformation does not take place. After the a ! g transformation the

structure of the initial austenite is restored. Both the grain size and its crystallographic orien-

tation are reestablished. However, the restored austenite is structurally unstable. If the tem-

perature or holding time is increased, the austenite structure changes. But the grain is refined

rather than becoming larger as is normally the case. The degree of grain refinement is different,

but the structure changes completely above a certain temperature in the range of the stable g-

phase. The austenite structure is altered within the temperature interval where phase trans-

formations do not occur. Therefore, this phenomenon is attributed to a spontaneous recrystal-

lization of austenite. It is caused by the g! a! g transformation hardening.

The primary recrystallization of austenite, which is due to the transformation hardening,

is followed, with a further increase in temperature, by collective recrystallization. The grain

becomes still coarser. Note once again the unusual character of this two-stage process, which

includes first a reestablishment of the initial austenite grain and then a refinement of the grain

with temperature.

Plastic deformation inhibits the structural inheritance. This is due to the appearance of

globular austenite in deformed steel that is subjected to either rapid or slow heating. Besides,

deformation intensifies the austenite recrystallization in the a state.

If a hypoeutectoid steel undergoes sufficiently slow heating, austenite is often formed as

same-oriented sections. As the temperature is raised, excess ferrite dissolves in these sections.

When ferrite dissolves completely, newly formed grains of austenite fully duplicate the initial

austenite grains. With an increase in the heating rate, sections of austenite with a different

orientation appear. If isothermally heated these sections grow larger and absorb the restored

austenite and excess ferrite. The greater the number of such sections formed at a faster rate of

heating, the finer the austenite grain.

Formation of these sections cannot be explained in terms of the austenite recrystallization

because their growth stops as soon as the excess ferrite dissolves completely. They appear in a

somewhat overheated and therefore nonequilibrium ferrite–austenite structure. Note an

anomalous dependence of the point Ac3 on the heating rate. Increasing the heating rate of

the steel allows completion of austenitization at lower temperature.

3.5.4 GRAIN SIZE REFINEMENT

Tchernov [7] was the first to show that it was possible to refine a coarse-grained structure in

1868. Since that time the procedure has been widely used for treatment of steel products. The

grain refinement, which takes place on heating steels above the temperature Ac3, is related to a

transition to the austenite state through nucleation of numerous centers of the austenite

phase. Development of these centers leads to formation of a relatively fine-grained structure.

Above Ac3, the cross-sectional size of the grain is 10–30 mm. Initially the grain size is

independent of the grain of the starting structure; it can be very fine irrespective of whether

the starting structure of the steel was fine or coarse. A fine-grained structure of the restored

austenite provides a fine-grained structure of cooled steel whatever structural components are

formed—pearlite, bainite, or martensite. This is due to the fact that all the transformation

products nucleate within each separate grain of austenite.

Excess phases (ferrite in hypoeutectoid steels and cementite in hypereutectoid steels)

precipitate at boundaries of small austenite grains, and the pearlite transformation is accom-

panied by the appearance of smaller pearlite colonies. Fine austenite grains determine the

formation of fine-needle martensite. This underlies the grain refinement effect that is associated

with hearing above Ac3. Heating the steel above Ac3 during full annealing, normalization,

or quenching is followed by recrystallization. Given an initially coarse-grained structure,
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recrystallization results in refinement of grains at a heating temperature corresponding to Ac3.

If the heating temperature is much higher than Ac3, the grain is enlarged again, and the expected

correction of the structure during the g! a transformation does not take place. Refinement of

crystallites is especially pronounced when transformation to the austenite state starts in many

centers inside the initial structure. The formed centers should have a random orientation, which

is not connected with the orientation of the a-phase in the initial structure. Normally such

centers are sufficiently great in number that the grain size does not exceed 15–30 mm.

Breaking of an austenite grain into pearlite colonies, each of which can be considered an

independent grain, also represents refinement of steel during pearlite precipitation of austenite.
3.6 STRENGTHENING MECHANISM IN STEEL

3.6.1 SOLID SOLUTION STRENGTHENING

Solid solution strengthening is a phenomenon that occurs when the number of impurity atoms

in the lattice of the basic element is so small that they are incapable of forming both stable and

metastable precipitation phases under any thermal treatment conditions. Nevertheless the

impurity atoms favor improvement of mechanical properties. This can be accounted for by

the following. The presence of impurity atoms in the matrix lattice leads to distortion of the

lattice because of the difference in size between the atomic radii of the impurity and the basic

component. This in turn leads to the appearance of elastic deformation fields, which retard

movement of dislocations in slip planes under the action of applied stresses. In addition, the

impurity atoms can inhibit movement of dislocations by forming impurity atmospheres around

them. Both of the above factors play a leading role in solid solution strengthening.

Consider the influence of carbon, which is statistically uniformly distributed in the lattice

of the a-iron, on the structure and properties of a-iron. Solubility of carbon in a-iron is much

lower than in the g-iron. It forms interstitial solid solutions with both irons. However,

whereas the g-iron lattice has sufficiently large pores for implantation of carbon atoms, the

cubic lattice of the a-iron suffers, upon introduction of carbon atoms, a tetragonal distortion

similar to the one of the martensite lattice, except that in the former case the distortion is

much smaller. In addition, implantation of carbon atoms causes the entire lattice of the a-iron

to expand somewhat. For example, at a carbon content of 0.015% the lattice constant

increases at room temperature by 0.025c.

From the above discussion it is evident that carbon affects the properties of the a-phase.

Indeed, a dependence of the yield stress on the carbon concentration in the solid a solution

was detected. The yield stress rises most dramatically with an increase in the carbon concen-

tration from 10�7 to 10�4�10�3%. The influence that carbon exerts on plastic deformation

resistance of the a-phase is due to both its strong interaction with dislocations and pinning of

the dislocations and elastic deformations arising as a result of the tetragonal distortion of the

a-phase lattice after implantation of carbon atoms.

What is more, the presence of carbon in lattices of different structural components formed

during thermal treatment of steel also leads to changes in their mechanical characteristics. For

example, the location of implanted carbon atoms predominantly in one of the sublattices of

interstitial sites during the martensite formation brings about additional tetragonal distor-

tions of the martensite crystal lattice. This enhances plastic deformation resistance owing to

the interaction between the stress fields around carbon atoms and those at dislocations.

The flow stress grows linearly or in proportion to the square root of the percent carbon

with an increase in the carbon content. This is accompanied by impairment of the plastic

characteristics of the steel and lowering of the fracture stress. For example, if the carbon

content is raised from 0.25% to 0.4% in a steel with 5% Cr, after quenching and low tempering
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the tensi le stre ngth increa ses from 1600 to 2000 M Pa, the fracture stre ss of sampl es with a

purp ose-pro duced crack decreas es from 1300 to1000 MPa, and the impac t stren gth drops

from 0.3 to 0.04 J m 2.

The influen ce of carbo n dissol ved in the a-ph ase on the mechani cal pro perties of steel is

also obs erved in the case of the ferrite –pearl ite trans form ation. The facto rs responsi ble for

this phe nomeno n were analyze d above. Both in the hom ogeneou s a-ph ase an d the ferr ite–

pearli te mixt ure, the yield stress rises most sharpl y when the carbon con centration of ferrite is

rais ed from 10 � 7 to 10 � 4–10 �3%.

A direct examin ation of the crystal struc ture of the a-phase form ed over the temperatur e

inter val of 250–300 8C (482–5 72 8 F) during the intermedi ate (bainite) transform ation also

reveal ed a tetr agonal structure wi th the c=a axis rati o equa l to 1.006 and 1.008 at ca rbon

con tents of 1 and 1.2%, respectivel y. This attests to dissoluti on of part of the c arbon in the

a-phase and suggests that the solid solution strengthening of the phase is one of the factors

providing the high strength properties of intermediate transformation products.

3.6.2 GRAIN SIZE REFINEMENT

In Secti on 3.5. 4 the pos sibility of refining steel g rains by pha se recrystal lization under heati ng

to a temperature above Ac3 was considered. Although austenite passes to other phases during

cooling, its grain size represents an important characteristic of steel. This is due to the fact

that all structural components are formed within each separate crystal. The smaller the

austenite grains, the finer the network of excess ferrite at their boundaries and the smaller

the pearlite colonies and martensite crystals. Therefore, a fine grain corresponds to a fine-

crystal fracture of steel and vice versa at the temperatures where austenite has already

precipitated. Impact strength is especially sensitive to the austenite grain size, and it decreases

with grain enlargement. A decrease in the dimensions of pearlite colonies inside the initial

austenite grain favors a rise in impact strength also.

Although the grain size has a considerable effect on impact strength, its influence is small if

any on the statistical characteristics of mechanical properties such as hardness, fracture stress,

yield stress, and specific elongation. Only the actual grain size affects steel properties, the

inherited size has no effect. However, the technological process of heat treatment is determined

by the inherited grain. For example, a hereditarily fine-grained steel may be deformed at a

higher temperature with the assurance that the coarse-grained structure will not occur.

3.6.3 DISPERSION STRENGTHENING

In the majority of metal alloys, precipitation of supersaturated solid solutions formed during

quenching is followed by precipitation of disperse particles enriched in atoms of the alloying

components. It was found that the strength (hardness) of the alloys increases with the

precipitation of these particles. The increment in the value of these characteristics increases

as the dispersion and volume fraction of the particles increase. This phenomenon has been

referred to as dispersion strengthening.

Precipitation of supersaturated solid solutions occurs during heating (aging) of quenched

alloys. The study of precipitation processes is ultimately aimed at elaboration of the most

efficient methods for strengthening aging materials. In a general case, strengthening results

from an increase in resistance to the movement of dislocations in a crystal when obstacles

(barriers) of any type are formed. In aging alloys, dislocations meet regions (ordered atomic

clusters [GP zones] or different-structure precipitate particles) that retard their movement.

The character of interaction between moving dislocations and precipitates of the second

phase can be different depending on the phase morphology and structure.
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The total effect of aging on the stren gth propert ies of alloys is determ ined by (1) the

stren gth of the precipi tates formed , (2) the vo lume fraction of prec ipitates, (3) the degree of

precipi tate disper sion, (4) morph ology, structure, and type of bind ing with the matrix, and (4)

test tempe rature.

When a solid so lution of carbon in a-iro n is coo led be low point A1, carbon sh ould

precipi tate as cemen tite with low ering of the carbon solub ility and a de crease in tempe rature.

This process is realiz ed under suffici ently slow co oling, which is accompan ied by diff usion

process es, leadi ng to the form ation of cement ite.

In the case of abrup t cooling , e.g. , wat er que nching, carbo n has no tim e to precipi tate.

A su persaturat ed a soli d solution app ears. At room tempe rature the retain ed amount of carbo n

can corres pond to its maxi mum solubi lity of 0.018% . Durin g subsequ ent stora ge at ro om

tempe rature (natur al aging) carbo n tends to precipi tate from the solid solut ion. Carb on-

enriched regions appear predo minantly in de fective sectio ns of the matr ix. Pr ecipitat ion of

carbon from a supersa turated so lid solut ion during na tural aging resul ts in impro vement of its

stren gth charact eristic s and hard ness. However, plastic ch aracteris tics—reduct ion of area,

specific elongat ion, and impac t stren gth—are impaired (see Figure 3.23). A clearly pronoun ced

yield stre ss appe ars after a long na tural aging. Hardnes s may increa se by 50% over that of the as-

quen ched stat e. The phen omenon of disper sion stre ngtheni ng is obs erved.

As the heating temperature is increased (artificial aging), dispersion strengthening accel-

erates. At 508C (1228F) the precipitation rate of carbon from the a-iron increases to such an

extent that in several hours of aging it reaches the value obtained after several days of natural

aging (Figure 3.24). This is due to intens ificati on of diffu sion pro cesses with an increase in

temperature. As the temperature is elevated further, precipitation of the supersaturated a solid

solution proceeds still faster.

The total process of carbon precipitation from the supersaturated solid solution in a-iron

comprises several consecutive processes. Mechanical characteristics and hardness are not

sensitive to structural changes that take place during the aging of alloys. Sharp changes in

properties indicate alterations in the structural state of the steel.
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A maximum change in mechanical properties during precipitation is achieved only if

excess crystals in a highly disperse state precipitate. Subsequent coagulation of the crystals

leads to degradation of the properties (Figure 3.24 and Figure 3.25).

As the temperature is raised above 1008C (2128F), carbides begin to homogeneously

precipitate directly from the solid solution. The precipitating phase has the carbide lattice

below 2008C and the cementite lattice above 3008C (5728F). A transition from one phase to

the other is realized over the temperature interval of 200–3008C (392–5728F). The onset of

transition from atomic clusters near dislocations to precipitation of the e-carbide remains to

be ascertained. The temperature and time during which the e-carbide crystals precipitate from

the inhomogeneous solid solution depend on the degree of the solution supersaturation and

concentration of vacancies.

Coagulation of the e-carbide crystals lowers the increment in hardness, fracture stress, and

yield stress as the effect of breaking the slip dislocations diminishes. Above 2008C (3928F),
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different temperatures.
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where precipitation of the particles is detected even by metallographic methods, hardness

stops increasing.

If a naturally aged sample of steel is heated at a temperature of 100–2008C (212–3928F),

a decrease in hardness can be observed. This is due to the phenomenon of recovery where

the phase nuclei that were formed at room temperature dissolve on heating to higher

temperatures.

The influence of different solubilities of carbon in a-iron on the properties of the alloy

(dispersion strengthening) during low-temperature aging is pronounced in steels with a very

low content of carbon. In steels containing over 0.4% C, the effects considered above are

obscured by the influence of cementite particles formed during the pearlite transformation.

Besides, nucleation of the precipitating phase can be inhibited owing to migration of carbon

to the cementite–ferrite interfaces. As a result, the amount of carbon concentrated at lattice

defects decreases.

Cold plastic deformation greatly accelerates precipitation of a supersaturated solid solu-

tion. This is due both to an increase in the density of dislocations, which are preferable sites of

heterogeneous nucleation of precipitates, and to an increase in the concentration of vacancies,

which facilitates the diffusion of carbon to clusters. The phenomenon has also been observed

in other aging alloys. Mechanical properties change during aging after cold deformation in

the same way as after quenching. That is, the yield stress, the fracture stress, and hardness are

altered. With an increase in aging time, specific elongation and reduction of area decrease and

the tendency to brittle fracture is enhanced. The rate of change is greater than in a quenched

alloy. What is more, the character of the changes is different. Whereas in the case of aging

after quenching, hardness reaches a maximum and then drops, after cold deformation

hardness does not decrease with the aging time (Figure 3.26). As the aging temperature is

raised, the maximum hardness of a quenched alloy lowers, while after cold deformation

hardness is independent of the aging temperature. This is explained by the fact that a

considerable amount of carbon is concentrated near dislocations. Few if any clusters nucleate

in the matrix homogeneously. Consequently, clusters cannot grow at the expense of other

clusters, i.e., they cannot coagulate.

As the solubility of carbon in g-iron is also susceptible to changes, one can also expect the

effect of dispersion strengthening. However, the g-phase is not fixed during quenching but

undergoes martensite transformation. For this reason an additional amount of carbon

transferred to the solid solution at the line ES will just enhance the precipitation of martensite

and retained austenite during tempering of steel. Still, an increase in hardness as a result of

carbide precipitation is observed in purely austenitic steels.
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3.6.4 WORK HARDENING (DISLOCATION STRENGTHENING )

An important method used to stre ngthen steel s is deform ation stre ngtheni ng. Strengt hening

achieve d wi th crystal deform ation can be jud ged from the shape of stress–s train curves. The

actual shape of these curves large ly depend s on the cryst al lattice type of the meta l, its purity,

and therm al treat ment.

In the case of c ubic lattice meta ls, stre ngtheni ng curves are paraboli c, whereas for

hexago nal lattice meta ls a nearly linea r dep endence is observed be tween the stress an d the

stra in. This fact su ggests that plastic deforma tion stren gthenin g is de termined mainly by

the interac tion of dislo cations and is associ ated with the struc tural ch anges that impede the

movem ent of disl ocation s. Metals with a hexago nal lattice are less prone to de formati on

stre ngtheni ng than cubic lattice metals because the hexago nal latt ice has few er easy slip

syst ems. In cub ic lattice meta ls, the slip proceeds in severa l intersect ing planes and direction s.

Examina tions of fcc cryst als showe d that their stre ngtheni ng curve is compli cated

(Figur e 3.27) . Thr ee stage s can be distinguis hed in this curve.

Stage I is ch aracterize d by easy slip. It depend s on the orient ation of the c rystal relat ive to

exter nal forces an d on the pr esence of impurities. Thi s stage is charact erize d by a linear

dep endence of strain stre sses on the strain at a small work- hardening rate. Dis locations sli p in

prim ary syst ems.

The work- hardening rate is much great er at stage II than at stage I. Dislocat ions mo ve in

inter secting slip planes and, on co lliding, form ad ditional obstacl es to their movem ent. This

state is most extens ive in the stress–s train curve. The ratio be tween the work-harde ning rate

and the shear modulus (or any other elast ic co nstant) is almost indep endent of the applie d

stress and temperature. It depends little on the crystal orientation and presence of impurities.

For most fcc metals the ratio between the work-hardening rate and the shear modulus is

about 4� 103.

A cellular structure is formed at stage II. Cells 1–3 mm in diameter are practically free of

disl ocation s (Figur e 3.28). Groups of like dislo cations repres ent subbo undaries of the cell s.

During their movement, dislocations overcome stress fields of different groups. The forma-

tion of obstacles that inhibit propagation of the shear in slip planes and cause a high degree of

strengthening at stage II leads to a nonuniform distribution of the strain over the crystal

volume.

At stage III, changes are possible in the distribution of dislocations. They can either get

around obstacles that retard their movement at stage II or interact with dislocations. As a

result, the work-hardening rate lowers compared to that observed at stage II. At this stage a
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FIGURE 3.27 Curves showing strength of fcc crystals.
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FIGURE 3.28 Electron microscopic image of a cellular structure, 50,000�.
partial relaxation of stresses may occur owing to the appearance of the secondary slip system.

The diminishment of distortion may have the result that deformation continues in the

primary system, which gets rid of a certain number of dislocations passing to the system.

A characteristic feature of deformation at stage III is the development of a cross-slip repre-

senting the main mechanism by which dislocations bypass the obstacles formed at stage II.

3.6.5 THERMAL TREATMENT OF STEELS

There are three basic types of thermal treatment of steels: annealing, quenching, and tempering.

3.6.5.1 Annealing

Annealing has the following forms: (a) diffusion annealing; (b) softening; (c) phase-

recrystallization annealing or full annealing (normalization, high-temperature or coarse-

grain annealing, pearlitization); and (d) stress relief annealing and recrystallization annealing.

3.6.5.1.1 Diffusion Annealing
The goal of diffusion annealing is to eliminate, insofar as possible, inhomogeneities of the

chemical composition, in particular liquation inhomogeneities, which appear during crystal-

lization of alloys. This annealing is usually carried out in the range of the g solid solution at a

temperature of 1100–13008C (2012–23728F). Diffusion annealing can be used primarily to

smooth out a difference in the content of alloying elements, the difference being due to the

intercrystal liquation. This shows up as smearing of dendrites with an increase in temperature

and heating time. Differences in microhardness are eliminated simultaneously. The overall

hardness of the alloy decreases because liquation regions possessing high hardness are

removed. Some average hardness is obtained. The success of diffusion annealing largely

depends on the steel purity and liquation. This type of annealing is usually used to improve

properties of medium-purity steels.

3.6.5.1.2 Softening
Softening is used to produce the structure of globular pearlite. This structure is very soft and

readily lends itself to deformation during drawing, cold rolling, etc. Steels with a low-carbon

content become too soft after this annealing treatment. The globular pearlite structure is

favorable in steels with a carbon concentration of more than 0.5%. Another goal of softening

is to produce a uniform fine structure with finely dispersed carbon after quenching.
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The simplest method of soften ing consis ts in holding for many hour s at a temperatur e

sligh tly above Ac1 . In this case, marten site that is left from the previous treatment is remove d

and the work ha rdening caused by deform ation (e.g ., forging) is eliminat ed.

Carbide plate s of pearlite fully co agulate onl y after a long ann ealing tim e. As fine-p late

pearli te trans form s more easily to globula r pearlite, it is recomm end ed that normal izat ion (see

Secti on 3.6.5.1.3 ) be carri ed out before soft ening treat ment. Cool ing afte r soft ening can be

done in air star ting from 600 8 C (1112 8F) .

Refineme nt of the struc ture subjecte d to soft ening is ach ieved only above the point A1. In

practi cal applic ations, this type of anneali ng rep resents an inter mediate treat ment, and there-

fore no strict req uirements are impos ed on the mech anical propert ies of annealed material s.

3.6. 5.1.3 Pha se Re crystallizat ion Anneali ng (N ormalizat ion, High-Tem peratu re Annea ling

or Coarse- Grain Annealin g, Pearlitiz ation)
A twofold g! a transform ation, which takes place dur ing phase recrys tallization an nealing,

leads to the appe arance of a fine-grai ned unifor m structure differin g complet ely from the

initial struc ture. Refineme nt of the grain dur ing normal ization resul ts in the disapp earance of

the W idmanns tatten and coarse- grained cast structures , which have poor mechani cal prop-

erties. Inhomogen eity of the struc ture in the de formed state is elim inated .

The closer the annealing temperature is to Ac3 and the shorter the holding time at this

temperature, the finer the grain. The mechanisms of this phenomenon are analyzed in detail in

Secti on 3.5. 3. Ref ineme nt of the grain struc ture is also facilitated if the heatin g rate to the

annealing temperature and the cooling rate from this temperature are increased.

In the case of normalization, cooling is done in air. Here it is important to allow for

different rates of cooling along the cross section of large-diameter products. The arising

thermal stresses are removed by stress relief annealing or high-temperature tempering. To

obtain a fine-grained structure, rapid cooling is realized only over the transformation tem-

perature interval.

The normalization heating temperature should not be much higher than the transform-

ation point; otherwise the grain may be too coarse (overheating). An excessively long holding

time will have the same result.

The optimal heating temperature is determined by the carbon content. For steels with a

carbon concentration of up to 0.9%, it is 20–308C higher than Ac3. For eutectoid steels,

heating between Ac1 and Acm suffices. In the case of low- and medium-carbon steels, the best

results are obtained if ferrite and plate pearlite are formed during subsequent heat treatment.

3.6.5.1.4 Stress Relief Annealing and Recrystallization Annealing
Dislocation pile-ups and crystal lattice distortions arising in cold-deformed metals may result

in the appearance of macroscopic stresses (stresses of the first kind). Usually these stresses are

very high. Changes in properties that occur under cold deformation can be rectified during

subsequent heating. The greater the degree of deformation, the lower the heating tempera-

ture. Depending on the temperature and time of annealing, various structural changes take

place in a cold-deformed material. The changes are divided into recovery and recrystallization

processes.

Recovery is a totality of any spontaneous processes of variation in the density and

distribution of defects before the onset of recrystallization. If recovery proceeds without the

formation and migration of subgrain boundaries inside the recrystallized grains, it is called

restoring. If subgrain boundaries are formed and migrate inside the crystallites, recovery is

referred to as polygonization.

Restoring does not include an incubation period. Properties start changing right at the

beginning of annealing. Restoring is accompanied by a redistribution of point defects whose
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concentration decreases subsequently from excess concentration to the equilibrium concen-

tration. Simultaneously, dislocations are redistributed and unlike-sign dislocations are anni-

hilated. The total density of dislocations decreases during restoring. Restoring is realized at a

temperature below 0.3Tmelt.

The main process that takes place during polygonization is the redistribution of disloca-

tions accompanied by formation of walls. A dislocation wall does not have long-range stress

fields, and therefore the wall formation process is energetically favorable. A wall composed of

like-sign dislocations represents a low-angle boundary separating neighboring subgrains with

a small misorientation of the lattices. As the annealing time and temperature are increased,

the subgrains tend to become coarser. They may be as large as ~10 mm. However, the

subgrains grow within the old-deformed grains.

In iron, polygonization starts at 2008C (3928F) (block boundaries appear in the structure).

Clearly delineated boundaries of the blocks are retained up to 8508C (15628F) and persist

even after long holding at this temperature.

Starting from a certain annealing temperature, the structure changes drastically. New

rather equilibrium grains are observed along with extended deformed grains. They differ from

the grains of the deformed matrix by having a more perfect internal structure. While the

density of dislocations in a strongly deformed matrix is 1011�1012 cm�2, after recrystallization

it lowers to 106�108 cm�2. As distinct from the polygonized structure, recrystallized grains

are separated from the matrix with large-angle boundaries.

The formation and growth of grains with a more perfect structure that are surrounded by

large-angle boundaries at the expense of initially deformed grains of the same phase is called

primary recrystallization. Recrystallization begins with an incubation period. The recrystal-

lization rate first increases from zero to a maximum and then decreases owing to an ever

rising number of new grains in contact with one another.

Inclusions of insoluble impurities (carbides, nitrides) lower the tendency to growth of

recrystallized grains. This is especially important in the case of ferritic steels, which are prone

to grain growth. Another phase may precipitate during recrystallization in alloys that were

subjected to a strong cold deformation.

Sometimes the intensive growth of individual crystals can be observed after a strong

deformation and long holding (for several days) at temperatures close to the melting point.

This phenomenon is called secondary or collective recrystallization.

The carbon content of steel affects the polygonization and recrystallization kinetics. With

an increase in the carbon content, polygonization slows down or shifts toward higher temper-

atures. Given a large initial grain size, recrystallization commences the earlier, the greater the

degree of deformation. At a given degree of deformation, higher the recrystallization tempera-

ture, the coarser the initial grain. After recrystallization an initially coarse-grained structure

gives a larger grain than a fine-grained structure does. In iron–carbon alloys, coarse grains are

formed until the appearance of new grains associated with a polymorphous transformation.

Under critical conditions of recrystallization the grain size decreases with an increase in

the carbon content. This is due to lowering of the point A3 and narrowing of the recrystal-

lization temperature range. Besides, the number of g-phase crystals formed between Ac1 and

Ac3 increases. They impede the growth of the a-phase grains at temperatures above Ac1.

Carbides also retard growth of the grains.

As recrystallization proceeds, strengthening lowers. A fine-grained material possesses an

improved long-time strength at lower temperature, while a coarse-grained material exhibits

this property at higher temperatures. A required size can be obtained by a proper choice of the

deformation and recrystallization conditions. In the case of steels, where no transformations

take place (pure ferritic or austenitic steels) this combination of technological operations is the

only opportunity to influence the grain size.
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3.6.5.2 Quenching (Strengthening Treatment)

Quenching refers to cooling from the temperature range of the solid solution at such a rate

that transformations in the primary and bainite ranges are suppressed and martensite is

formed. In this state, steels are characterized by the greatest hardness. A distinction is

made between (a) normal quenching, which is used mainly for treatment of medium- and

high-carbon steels and (b) quenching after a thermochemical treatment (carburization, high-

temperature cyaniding), which is used for low-carbon steels.

3.6.5.2.1 Normal Quenching
To provide a required cooling rate during quenching, various cooling media and methods are

employed. Water, oil, or air can serve as the cooling medium. Many alloyed steels, which are

characterized by a high stability of austenite, are subjected to step quenching. With this

method of quenching, the temperature drop is less than in the case of direct cooling to room

temperature and consequently quenching stresses are less.

A certain amount of austenite is retained during quenching even in steels with a relatively

small content of carbon. For this reason it is impossible to impart the maximum hardness to a

product. Since austenite is stable at room temperature and passes to martensite at lower

temperatures, steels undergo a subzero treatment. Under this treatment quenching is con-

tinued and steels with a high content of retained austenite are immersed in liquid air or

quenching mixtures whose temperature is below room temperature.

For surface quenching (if it is necessary to harden only the surface layer to a preset depth),

special quenching heating regimes are used. The surface of the product is fully heated, while

the core is cold and remains unquenched on subsequent rapid cooling. The selection of steel

for surface quenching must be governed by the sensitivity of the metal to quick heating and

cooling. For this reason the carbon concentration is limited to 0.7%. Otherwise cracks are

formed.

Among the main quenching defects are excessive holding and overheating. They show up as

enlargement of martensite needles and coarse-grain fracture. This leads to a high brittleness of

quenched products and the formation of cracks. Cracks often form at the boundaries of initial

austenite grains. A low quenching temperature or too short a holding time at the given

temperature causes incomplete quenching. In this case, a quenched metal is insufficiently hard.

3.6.5.2.2 Thermochemical Treatment
Carburization is associated with surface saturation of steel with carbon and nitrogen. These

elements quickly dissolve in iron by the interstitial method and are capable of rapid diffusion

to a considerable depth. Products made of low-carbon (up to 0.25%) steels are subject to

carburization. Carburization is carried out at 900–9508C (1650–17508F) and sometimes 1000–

10508C (1800–19008F). Gas carburization is used mostly, under which steel is heated in the

atmosphere generated from natural gas (containing predominantly CH4) or from liquid

hydrocarbons (kerosene, gasoline, etc.). Carburization is aimed at enrichment of the surface

layer in carbon. The required strengthening of the surface layer is achieved by quenching,

which is performed after carburization. The specific volume of the quenched carburized layer

is greater than the specific volume of the core, and therefore considerable compression

stresses arise in the layer. This enhances the fatigue strength of products.

Cyaniding is the saturation of the surface of products with carbon and nitrogen in a

cyanide-containing salt bath. The carbon–nitrogen ratio in the diffusion layer is controlled by

changing the medium’s composition and the processing temperature. Advantages of cyanid-

ing over carburization consist in a shorter process time and improved wear and corrosion

resistance (owing to the presence of nitrogen in the surface layer).
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3.6.5.3 Tempering

The main purpose of tempering is to provide a disperse structure at a preset degree of cooling.

In the case of low-carbon steels, quenching serves as tempering; even if not subjected to high-

temperature tempering, the steel has a high viscosity and a relatively great strength.

When certain steels are quenched in oil, a structure is formed even during transformation in

the bainite range that is more disperse than the one formed after cooling in air. But the most

disperse distribution of carbides and the most favorable properties are obtained after martens-

ite tempering. The structure dispersion has the greatest effect on the yield stress. An improve-

ment of the fracture stress and yield stress and an increase in the fracture stress–yield stress ratio

may be taken as a measure of the tempering efficiency. The tempering efficiency depends on the

cross-sectional area and on the content of carbon and alloying elements in the steels.

Although to achieve a thorough quenching the critical quenching rate has to be exceeded

over the entire cross section, full tempering does not require this procedure. For example, in a

quenched steel that has martensite in the surface zone and pearlite in the core, the hardness of

the core sometimes may be higher than that of the surface zone after tempering. This is

especially the case during a short tempering when precipitation of carbides from martensite

proceeds faster than the coagulation of pearlite plates.

Tempering of hypoeutectoid steels, which do not contain free ferrite, provides a uniform

improved structure. In the presence of ferrite precipitates, the fracture stress–yield stress ratio

decreases and the impact strength is smaller than in the surface zone. Therefore, in selecting

the content of carbon and alloying elements and particular conditions of austenitization and

cooling, the size of the product to be tempered must be considered. For tempering to yield

adequate properties, it often suffices to suppress the formation of ferrite during continuous

cooling. Only when a very high fracture stress is required an abrupt cooling is used for

tempering. In this case, susceptibility to full tempering can be improved by raising the

quenching temperature and thus enlarging the austenitic grain size.
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4.1 EFFECTS OF ALLOYING ELEMENTS ON HEAT TREATMENT PROCESSING
OF IRON–CARBON ALLOYS

A steel that contains, in addition to iron and up to 2% carbon, specially introduced chemical

elements not found in a usual carbon steel is called an alloy steel. Chemical elements

purposely added into steel are termed alloying elements. Steels may contain various numbers

of alloying elements, and accordingly they are classified as ternary steels, which have, along

with Fe and C, one specially introduced alloying element; quaternary steels, which contain

two additional alloying elements, and so on. Alloying elements impart a wide variety of

microstructures to steel after heat treatment that gives scope for a wide range of properties.

The following elements, arranged in descending order of their application in practice, are

usually used for alloying of steel: Cr, Ni, Mn, Si, W, Mo, V, Co, Ti, Al, Cu, Nb, Zr, B, N, and Be.

The alloying elements interact with iron, carbon, and other elements in the steel, resulting in

changes in the mechanical, chemical, and physical properties of the steel. Improvement of the

properties of steel in accordancewith its designatedpurpose is themain goal of alloying. The level

to which the properties of steel are changed by alloying depends on the amount of alloying

elements introduced and the character of their interaction with the main elements of the steel, i.e.,

Fe and C. That is why an analysis of the influence of alloying elements on the properties of steel

should begin with consideration of the relationship between particular alloying elements, and Fe

and C. What should be considered is the effect of alloying elements on the critical points of iron

and steel, and also the distribution of the alloying elements in the steel.

4.1.1 g- AND a -PHASE R EGIONS

The position of the critical points A3 and A4 and the location of the eutectoid temperature A1

are of great significance because they determine the lowest temperature to which a steel

should be heated for quenching, annealing, or normalization as well as the temperatures

of the maxima in the cure showing the precipitation rate of undercooled austenite. The

processes that take place at the critical temperatures in steels are associated with the Feg ˙
Fea transformations and dissociation of carbides.

Different alloying elements have different effects on the position of the critical points A3

and A4. The alloying elements are accordingly divided into two large groups, each in turn

broken down into two subgroups.

Addition of the elements from the first group is followed by lowering of the critical point

A3 and a simultaneous rise of the point A4. This effect is shown schematically in Figure 4.1

and is most vividly pictured in Fe–Mn and Fe–Ni equilibriums. It is seen that with an increase

in the content of the alloying element, the g-phase region broadens considerably, and starting

from a certain concentration the alloys are found in the state of the g-solid solution until they

melt. This shift of the critical points is brought about by such elements as Ni, Co, Mn, Pt, Pd,

Rh, and Ir (Ni group).

The other subgroup of the first group includes elements that in general have a limited

solubility in iron. Given a certain concentration of these elements in iron alloys, chemical

compounds are formed and eutectic or eutectoid transformations are observed. In other
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FIGURE 4.1 Scheme (a) and equilibrium diagram (b) for Fe and alloying elements with extended

g-phase range and unlimited solubility.
words, heterogeneous regions appear in diagrams of the iron-alloying elements system. The

heterogeneous regions limit the g-phase occurrence range. This type of phase diagram of

alloys is exemplified in Figure 4.2. As is seen, with an increase in the concentration of the

alloying element in the alloy, the critical point A3 lowers and A4 rises. As a result, the range

of g-solid solutions widens. But then, owing to the formation of heterogeneous regions, the

g-phase narrows and, finally, vanishes. Equilibrium diagrams of this type (exhibiting first a

wide range of the g-phase and then a narrowing of the phase caused by the appearance of

heterogeneous regions) are found for N, C, Cu, Zn, Au, Re, etc.

As distinct from the elements of the first group, elements entering the second group

elevate the point A3 and lower the point A4 as their content in the alloy is raised. This leads

initially to narrowing and then to a complete closing of the region of the g-solid solution as

shown schematically in Figure 4.3. This shift of the critical points of alloys is induced by such

elements as Cr, Mo, W, Si, T, Al, and Be (Cr group). These elements can be placed in the first

subgroup of the second group of alloying elements. The second subgroup includes elements
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FIGURE 4.2 Scheme (a) and equilibrium diagram (b) for Fe and alloying elements with extended

g-phase range and limited solubility.
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whose introduction causes the appearance of other phases in the equilibrium diagrams before

the g-phase range is closed. It follows from Figure 4.4 that in this case the narrow range of the

g-phase is limited by adjacent heterogeneous regions. Equilibrium diagrams of this type (with

a narrow range of the g-phase and its limitation by an adjacent heterogeneous region) are due

to Zr, Ta, Nb, Ce, etc.

The above-described division of alloying elements into two large groups can be applied to

ternary and more complex systems. The first basic ternary diagram is obtained when iron is

alloyed with two elements, each leading to broadening of the g-phase range in binary iron

alloys. Such alloys can be exemplified by Fe–Co–Ni, Fe–Co–Mn, and Fe–Ni–Mn.

The second basic diagram covers iron alloys with two elements, which close the g-phase

range. An example of these alloys is the Fe–Cr–Mo system, but it includes, along with regions

of solid solutions, intermetallic compounds that are formed at high concentrations.

The third basic type of equilibrium diagram applies to a ternary system where one of the

elements widens the g-phase range and the other element closes it. An example is the Fe–Cr–Ni

system, which is important in technical terms. Thus even ternary systems may include purely

ferritic (a-phase) and purely austenitic (g-phase) alloys as well as alloys possessing a multi-

phase structure.
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4.1.2 E UTECTOID C OMPOSITION AND T EMPERATURE

The aforementioned division of alloying elements into groups according to their influence on

allotropic transformations in alloys of the iron-alloying element system allows one to predict

to some extent the effect of the elements on the critical points of carbon steel. For example,

considering the diagram lines that correspond to the transition of Fe from one allotropic form

to another, it can be expected that the elements extending the g-phase range (Ni group) will

lower the a! g iron transition point Ac3, while the elements narrowing the g-phase range (Cr

group) will elevate that point.

A similar effect of the elements is observed, to a certain extent, in the pearlite transform-

ation Ac1 as in this case, too, an allotropic change of iron takes place: Fe a transforms to Fe g.

Figure 4.5 illustrates the influence of the most important alloying elements on the position of

the critical point Ac1. As is seen, the elements narrowing the g-phase range do raise the critical

point Ac1, while the elements broadening the g-phase range lower it.

It should be noted that in the case of Cr group elements one observes a known relationship

between the limiting concentration necessary to close the g-phase range in iron-alloying element

alloys and the degree of elevation of the point Ac1. The lower the concentration of the element at

which the g-phase range is closed, the more abrupt the rise of the critical point Ac1.

If a steel simultaneously contains two or more alloying elements that influence its critical

points in the same direction, the critical points usually lower or elevate to a greater extent

than would be the case if only one of the elements exerted its influence. But here the result

cannot be presented by a simple dependence. If a carbon steel contains alloying elements that

have an opposite effect on the position of the critical points during heating, the influence of

the elements shows up differently depending on their quantitative ratio. Table 4.1 gives

values of the critical points during heating and cooling for some multialloy steels. As is

seen, rather high Ac1 and Ac3 points are characteristic of chromium–silicon and chromium–

silicon–molybdenum steels of the heat-resistant type, high-chromium steels of the stainless

type, chromium–molybdenum–vanadium steels, and others. The data of Table 4.1 are also

interesting in that they show a simultaneous effect of the most significant alloying elements

on the critical points Ar3 and Ar1 under constant-rate cooling. In particular, a very sharp

lowering of these points in multialloy steels is caused by molybdenum. Molybdenum

is responsible for a drastic drop of the critical points under cooling in steels that

contain chromium and nickel at the same time. This last fact is especially important for

structural steel.
1300

1200

1100

1000

900

800

700

600

500
0 2 4 6 8 10

Alloying elements, %

E
ut

ec
to

id
 te

m
pe

ra
tu

re
, 8

C

12 14 16 18

Ni Mn

Cr

WSiMo

Ti

FIGURE 4.5 Effect of alloying elements on the eutectoid transformation temperature Ac1.

� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



TABLE 4.1
Position of Critical Points during Heating and Cooling of Some Multialloy Steels

Critical Pointsb (8C)

Chemical Compositiona (%) Heating Cooling

No. C Mn Si Cr Ni Mo V W Ac1 Ac3 Ar3 Ar1

1 0.20 — 2.25 1.50 — — — — 820 860 800 715

2 1.10 — 1.55 4.83 — 0.51 — — 845 880 865 760

3 0.06 — — 5.33 — 0.57 — — 830 880 820 750

4 0.36 — — 0.96 — 0.20 — — 770 810 745 680

5 0.45 — — 1.00 — 0.35 0.26 — 775 790 700 650

6 0.30 — — 4.82 — 2.20 0.42 — 885 920 745 710

7 0.34 — — 4.72 — 1.65 — 0.93 780 820 310 225

8 0.25 1.26 — — — 0.41 — — 745 840 750 690

9 0.22 1.15 — — — 1.18 — — 750 840 540 430

10 0.35 — — — 2.73 0.39 — 0.19 710 765 495 400

11 0.36 — — — 2.87 0.39 — — 715 760 515 400

12 0.29 — — 0.64 3.44 — — — 715 770 600 525

13 0.60 — — 0.75 1.40 0.22 — — 730 765 540 630

14 0.28 — — 0.86 1.97 0.35 — — 740 785 490 390

15 0.15 — — 11.27 0.13 — — — 810 860 770 715

16 0.12 — — 12.19 — 0.58 — — 830 870 700 —

17c 0.13 — — 13.15 — — — — 890 900 810 785

a The content of Mn and Si is standard if not specified otherwise. Residual Cr and Ni are also present in all steels.
b The critical points were determined by the dilatometric method; the cooling rate ~28C=s (~48F=s).
c No. 17 also has 0.25% Al.
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FIGURE 4.6 Effect of alloying elements on the concentration of carbon in eutectoid.
The effect of alloying elements manifests itself in a shift of the critical points with respect

not only to temperature but also concentration. Figure 4.6 illustrates how the content of

alloying elements in steel affects the carbon concentration at the eutectoid point. As can be

seen from the figure, all the alloying elements shift the eutectoid point to the left, i.e., toward

lowering of the carbon concentration, and consequently decrease the carbon content of alloy

pearlite. In analogy to the shift of the eutectoid point to the left, the addition of most alloying

elements in steel is followed by a leftward displacement of the point E in the Fe–C equilibrium

diagram, which determines the solubility limit of carbon in austenite. The point E is shifted

most by Cr, Si, W, Mo, V, and Ti, which are arranged here in ascending order of

their influence. All these elements narrow the g-phase range in alloys of the iron-alloying

element system.

If a carbon steel contains a certain amount of an alloying elements, point E is displaced to

the left to such an extent that even at a carbon concentration of several tenths of a percent the

steel structure may have ledeburite, which is present in pure iron–carbon steels only when the

carbon content is over 1.7%.

It is of interest to note that the more strongly an element shifts the points E and S, the

lower the element concentration at which it closes the g-phase range in the iron-alloying

element diagram. Therefore a leftward shift of the points E and S can be considered as the

tendency of a specific alloying element to narrow the g-phase (austenite) range.

Therefore the introduction of alloying elements into a carbon steel is accompanied by a

shift of the equilibrium critical points with respect to both temperature and carbon concen-

tration. The greater the shift, the larger the amount of the elements introduced.

4.1.3 DISTRIBUTION OF ALLOYING ELEMENTS

In commercial alloy steels, which are multicomponent systems, alloying elements can be

found (1) in the free state; (2) as intermetallic compounds with iron or with each other;

(3) as oxides, sulfides, and other nonmetal inclusions; (4) in the carbide phase as a solution in

cementite or in the form of independent compounds with carbon (special carbides); or (5) as a

solution in iron.

As to the character of their distribution in steel, alloying elements may be divided into two

groups:
� 20
1. Elements that do not form carbides in steel, such as Ni, Si, Co, Al, Cu, and N

2. Elements that form stable carbides in steel, such as Cr, Mn, Mo, W, V, Ti, Zr, and Nb
The law determining the manner in which elements of the first group are distributed in steel

is very simple. These elements do not form chemical compounds with iron and carbon,

and consequently the only possible form in which they can be present in steel is in solid
06 by Taylor & Francis Group, LLC.
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solutions with iron. The only exceptions are Cu and N. Copper dissolves in a-iron at normal

temperatures in amounts of up to 1.0%. If the Cu content exceeds 7%, iron will contain

copper in the free state as metal inclusions. Similar behavior is typical of the alloying elements

that do not dissolve in solid iron at all (e.g., Pb or Ag). Nitrogen also has a limited solubility

in ferrite. When the N content is higher than 0.015%, nitrogen is found in steel in the form of

chemical compounds with iron or some alloying elements (V, Al, Ti, Cr). These chemical

compounds are called nitrides.

Most alloying elements can form intermetallic compounds with iron and with each other.

But these compounds are formed only at concentrations of the alloying elements, which are

not used in the usual commercial steels. Therefore it can be assumed that the common

quantity-produced steels do not have intermetallic compounds of alloying elements with

iron or with each other. Intermetallic compounds are formed in high-alloy steels, a fact that

is of great significance for these steels.

Alloying elements, whose affinity for oxygen is greater than that of iron, are capable of

forming oxides and other nonmetal compounds. When added at the very end of the steel

melting process, such elements (e.g., Al, Si, V, Ti) deoxidize steel by taking oxygen from iron.

The deoxidizing reaction yields Al2O3, TiO2, V2O5, and other oxides. Owing to the fact that

alloying elements that are deoxidizers are introduced at the final stages of the steel melting

process, the majority of oxides have no time to coagulate or to pass to slag, and as a result

they are retained in the solid steel as fine nonmetal inclusions. In addition to a great affinity

for oxygen, some alloying elements have a greater affinity for sulfur than iron does, and upon

introduction into steel, they form sulfides.

Compared to noncarbide-forming elements, alloying elements that form stable carbides

in steel exhibit a much more complicated distribution. They can be found in the form of

chemical compounds with carbon and iron or be present in the solid solution. The distribu-

tion of these elements depends on the carbon content of steel and the concurrent presence of

other carbide-forming elements. If a steel contains a relatively small amount of carbon and a

great quantity of an alloying element, then obviously carbon will be bound to carbides before

the carbide-forming elements are completely used. For this reason excess carbide-forming

elements will be found in the solid solution. If a steel has a large amount of carbon and little

of the alloying elements, the latter will be present in steel mainly as carbides. Carbide

formation is treated in detail in the next section.

Note in conclusion that most alloying elements, except C, N, O, B, and metalloids

standing far from iron in the periodic table, dissolve in great amount in iron. The elements

standing to the left of iron in the periodic table are distributed between iron (base) and

carbides; those to the right of iron (Co, Ni, Cu, etc.) form solutions with iron only and do not

enter into carbides. Thus one can state that alloying elements dissolve predominantly into

basic phases (ferrite, austenite, cementite) of iron–carbon alloys or form special carbides.

4.1.4 ALLOY CARBIDES

Carbides are formed in steels only by iron and metals that stand to the left of iron in the

periodic table: Mn, Cr, W, V, Zr, Nb, Ti. Here the elements are arranged in accordance with

their affinity for carbon. The elements at the left end of the row form relatively unstable

carbides that dissociate readily on heating. In contrast, the elements at the right end of the

row form extremely stable carbides that dissociate at temperatures much higher than the

critical points of steel.

Similar to iron, the above-mentioned carbide-forming elements refer to the elements of

transition groups but possess a less perfect d-electron band. The further left a carbide-forming

element stands in the periodic table, the less perfect is its d-band.
� 2006 by Taylor & Francis Group, LLC.



There is reason to believe that during carbide formation carbon donates its valence electrons

to fill the d-electron band of the metal atom, while valence electrons of the metal form a metal

bond, which determines the metallic properties of carbides. At the same time numerous experi-

ments show that themore to the left an element stands in the periodic table, the less perfect is its d-

electron band and the more stable is the carbide. From these facts, it is possible to formulate the

general principles of carbide formation in steels: only metals whose d-electron band is filled less

than that of iron are carbide-forming elements. Their activity as carbide-forming elements is

greater and the stability of the carbide phases formed is the higher, the less perfect is the d-band of

the metal atom. This principle allows specifying conditions of carbide formation in steels in the

presence of several carbide-forming elements, the sequence of dissolution of various carbides in

austenite, and other factors that are important for the theory of alloying, manufacturing practice,

and application of alloy steels. The formation activity and stability of carbides in alloy steels will

increase in going from Mn and Cr to Mo, W, V, Ti, and other elements whose d-bands are less

perfect than those of Mn and Cr. This means that if a steel contains, e.g., both chromium and

vanadium, one should expect vanadium carbides to form first (under equilibrium conditions).

If the atomic radius of carbon is taken equal to 0.079 nm, it is easy to calculate that for all

carbide-forming elements except Fe, Mn, and Cr, the ratio of atomic radii of carbon and

metal is less than 0.59. It is known that if the ratio of atomic radii of a transition group metal

and a metalloid with a small atomic radius (C, N, H) is less than 0.59, special types of

compounds called interstitial phases can be formed.

The carbon=metal ratio of most carbide-forming alloying elements is lower than 0.59, and

therefore the elements and carbon are capable of forming interstitial phases. It was found that

the following carbide compounds may be formed in steels:
Carbides of Group I Carbides of Group II

Fe3C Mo2C

Mn3C W2C, WC

Cr23C6, Cr7C3 VC

Fe3Mo3C TiC

Fe3W3C NbC

TaC, Ta2C

ZrC
However, the above carbides are not found in steels inpure form.Carbidesof all alloying elements

contain iron in solution, and if other alloying elements are present, they include these elements

too.Thus, in a chromium–manganese steel the carbide (Cr,Mn, Fe)23C6,which contains iron and

manganese in the solution, is formed instead of the pure chromium carbide Cr23C6.

Owing to the fact that carbides with the same chemical formula mutually dissolve, in the

presenceof titanium andniobium, for example, rather than twokinds of carbides forming, a single

carbidewill be formed that includes titaniumandniobiumon equal terms. For this reason possible

variants of carbide formation are fewer, and actually we have only six kinds of carbides in steels:
Carbides of Group I Carbides of Group II

M3C MC

M23C6 M2C

M7C3

M6C
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where M denotes a sum of carbide-forming (metal) elements.

The carbides placed in group I possess a complicated crystal structure; an example is

cementite. A specific structural feature of the carbides of group II as interstitial phases is a

simple crystal lattice. They usually crystallize with a great carbon deficiency.

It is worth noting that interstitial phases dissolve poorly in austenite and may not pass

into solid solution even at high temperatures. This distinguishes interstitial phases from the

carbides of group I, which readily dissolve in austenite on heating. All carbide phases have a

high melting temperature and high hardness. Interstitial phases surpass the carbides of group

I in this respect.
4.2 EFFECT OF ALLOYING ELEMENTS ON AUSTENITE TRANSFORMATIONS

The overwhelming majority of alloy steels are used after heating to the austenite stage,

quenching, and subsequent annealing. During quenching and annealing, austenite transforms

with three types of transformations possible: pearlite transformation (often called diffusive

transformation, precipitation to the ferrite–carbide mixture, or stage I transformation),

intermediate transformation (bainite or stage II transformation), and martensite transform-

ation (stage III transformation). The precipitation stability of undercooled austenite is char-

acterized by the diagrams of isothermal and thermokinetic austenite transformation.

The isothermal diagrams characterize the precipitation kinetics of austenite at constant

temperature of undercooling. Such diagrams are useful for comparative evaluation of differ-

ent steels and also for clarifying the influence of alloying and other factors (heating tempera-

ture, grain size, plastic deformation, and so on) on the precipitation kinetics of undercooled

austenite.

Thermokinetic diagrams characterize the precipitation kinetics of austenite under con-

tinuous cooling. These diagrams are less illustrative but have great practical importance,

because when subjected to thermal treatment, austenite precipitates under continuous

temperature variation rather than under isothermal conditions. Under continuous cooling,

transformations occur at a lower temperature and take a longer time than in the isothermal

case. Alloying elements have considerable influence on the kinetics and mechanism of all

three types of transformations of undercooled austenite: pearlite, bainite, and martensite

transformations. However, these elements influence austenite precipitation in different

ways.

Alloying elements that dissolve only in ferrite and cementite without the formation of

special carbides exert just a quantitative effect on the transformation processes (Figure 4.7).

Cobalt speeds up a transformation but the majority of elements, including Ni, Si, Cu, Al, etc.,

slow it down.

Carbide-forming elements produce both quantitative and qualitative changes in the

kinetics of isothermal transformations. Thus, the alloying elements forming group I carbides

influence the austenite precipitation rate differently at different temperatures:

At 1300–9308F (700–5008C) (pearlite formation), they slow the transformation.

At 930–7508F (500–4008C), they dramatically slow the transformation.

At 750–5708F (400–3008C) (bainite formation), they speed up the transformation.

Thus, steels alloyed with carbide-forming elements (Cr, Mo, Mn, W, V, etc.) have two

maxima of the austenite isothermal precipitation rate separated by a region of relative
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 4.7 Diagrams of isothermal austenite precipitation. (a) Carbon steel and steel alloyed with

noncarbide-forming elements; (b) carbon steel and steel alloyed with carbide-forming elements.
stability of undercooled austenite (Figure 4.7). The isothermal precipitation of austenite has

two clearly defined intervals of transformation: (1) to a lamellar structure (pearlite trans-

formation) and (2) to a needle-like structure (bainite transformation). At temperatures lower

than those indicated above and given greater degrees of undercooling as in the g ! a

transformation start temperature, the martensite transformation develops in alloy steels. As

a result, a supersaturated a-iron-based solid solution is formed.

The remainder of this section considers in more detail the influence of alloying elements on

the mechanism and kinetics of austenite precipitation for all three types of transformations.

4.2.1 INFLUENCE OF ALLOYING ON FERRITE AND PEARLITE INTERACTION

The most important practical feature of alloying elements is their capacity to decrease the

austenite precipitation rate in the region of the pearlite transformation, which shows up as a

rightward shift of the line in the isothermal austenite precipitation diagram. This favors a

deeper hardening and undercooling of austenite up to the range of martensite transformation

under slow cooling such as air cooling.

In alloy steels, the pearlite transformation consists of a polymorphous g ! a transform-

ation and diffusion redistribution of carbon and alloying elements. As a result, special

carbides and a ferrite–cement mixture (pearlite) are formed. Particular alloying elements

and their amounts in the initial g-solid solution determine the rates of the individual steps

of pearlite transformation and consequently its kinetics as a whole.

The polymorphous g ! a transformation in iron under small undercooling of austenite

(near the temperature of stage I) proceeds by means of disordered displacement of atoms, as

distinct from the martensite transformation (under greater undercooling), which proceeds

through ordered shear. As mentioned above, all alloying elements dissolved in austenite,

except Co, slow the pearlite transformation and shift the top section of the isothermal

austenite precipitation curve to the right.

The nature of the increase in stability of undercooled austenite under the influence of

alloying elements is rather complicated. Whereas in carbon steels the pearlite transformation

is associated with the g!a rearrangement of the lattice and diffusion redistribution of carbon,
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in alloy steels these processes can be supplemented with the formation of special carbides and

diffusion redistribution of alloying elements dissolved differently in ferrite and carbide.

Not only do austenite-dissolving elements have small diffusion coefficients of their own

which are sometimes several orders of magnitude smaller than that of carbon, but also some

of them (e.g., Mo, W) slow the diffusion of carbon in the g lattice. Besides, some of the

elements (e.g., Cr, Ni) retard the g ! a rearrangement, which is part of the pearlite

transformation. Depending on the steel composition and degree of undercooling, the decisive

role may belong to one of the above-mentioned factors.

The formation of carbides during pearlite transformation in steel results from a redistri-

bution of carbon and alloying elements between the phases that are formed: ferrite and

carbides. In the presence of dissolved strong carbide-forming elements (Nb, V, Cr, etc.),

special carbides are formed in undercooled austenite before the g! a transformation begins,

in excess ferrite (in eutectoid and hypereutectoid steels this stage is absent) and in eutectoid

ferrite (pearlite). Every stage yields special carbides whose type depends on the austenite

composition.

If a steel contains carbide-forming elements (V, Nb, Ti, Zr) that pass into solid solution

during austenitization, then a carbide of one type, MeC (VC, NbC, TiC, ZrC), is formed at all

the stages.

The scheme of austenite precipitation and the carbide formation process during pearlite

transformation in steels with V, Nb, Ti, and Zr are as follows:

g ! MeCA þ g0
ase þ ge
MeCf þ aeeFe3Cþ ase !MeCe þ aee

Here g is the initial undercooled austenite; MeCA is the carbide precipitated in austenite; g0 is
austenite after carbide precipitation; ase is excess ferrite supersaturated with a carbide-form-

ing element and carbon; aee is equilibrium excess ferrite; MeCf is the carbide precipitated in

excess ferrite; ge is austenite of eutectoid composition; Fe3C is the eutectoid cementite

(pearlite); ase is the supersaturated eutectoid ferrite (pearlite); aee is the equilibrium eutectoid

ferrite; MeCe is the carbide precipitated in the eutectoid ferrite.

The formation of carbide (MeCA) in undercooled austenite before the g ! a transform-

ation starts is due to the fact that solubility of the carbide-forming element and carbon in

austenite decreases with decreasing temperature. As is seen from the scheme, after the

polymorphous g! a transformation the ferrite (both excess and eutectoid) is first supersat-

urated with the carbide-forming element and carbon, then a carbide is formed from ferrite,

and subsequently the state of ferrite approximates the equilibrium condition. This process

lasts for a few seconds.

In steels containing other carbide-forming alloying elements (Cr, Mo, W), the carbide

formation process is much more complicated. Depending on their content in austenite, these

elements can form several types of carbides: alloy cementite (Fe, Cr)3C and special carbides

(Fe, Cr)7C3 and (Fe, Cr)23C6 in Cr steels and carbides (Fe, Mo)23C6, MoC, Mo2C, and (Fe,

Mo)6C in steels with Mo (W forms analogous carbides).

Noncarbide-forming elements (Ni, Co, Si, etc.) do not participate directly in carbide

formation. As a rule their amount in cementite equals their average concentration in steel.

These elements can indirectly influence the thermodynamic activity of other elements, i.e., the

process of their redistribution during carbide formation. As mentioned above, the process of
� 2006 by Taylor & Francis Group, LLC.
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carbide formation is limited by the mobility of the carbide-forming elements. With a decrease in

temperature their diffusion mobility diminishes and special carbides are not formed below 400–

500 8C (750–930 8F). At lower temperatures the intermediate (bainite) transformation takes

place, and at higher undercooling rates martensite (diffusionless) transformation occurs.
4.2.2 E FFECT ON MARTENSITE TRANSFORMATION

As in carbon steels, the martensite transformation in alloy steels takes place under rapid

cooling from temperatures higher than the equilibrium temperature of the g! a transform-

ation (A1). At the martensite transformation temperature both the diffusion movement of

metal atoms of iron and alloying elements and that of metalloid atoms of carbon and nitrogen

are suppressed. For this reason the martensite transformation in steels proceeds by a diffu-

sionless mechanism.

The martensite transformation can take place in carbon-containing alloy steels, noncar-

bon-containing alloy steels, and binary iron-alloying element alloys. The martensite trans-

formation usually leads to formation of a supersaturated a-iron-based solid solution. In

carbon-containing steels, the solid solution is supersaturated mainly with carbon, and in

noncarbon-containing alloy steels, with alloying elements. The content of carbon and alloying

elements in martensite is the same as that in the initial austenite.

The transformation of austenite into martensite during cooling starts at a certain tem-

perature called Ms. This temperature is independent of the cooling rate over a very wide range

of cooling rates.

The martensite transformation kinetics of most carbon and structural and tool alloy steels is

athermal in character. The athermal martensite transformation is characterized by a smooth

increase in the amount of martensite as the temperature is lowered continuously in the martensite

interval Ms–Mf, where Mf is the martensite finish temperature. As a rule, this transformation

takes place in steels with the martensite point Ms higher than room temperature.

A version of athermal martensite transformation is explosive martensite transformation,

where a certain quantity of martensite is formed instantly at or a little below the temperature Ms.

This transformation is observed in alloys with the martensite point below room temperature.

The position of the martensite point also determines the microstructure and substructure

of the martensitic-quenched steel. At temperatures Ms below room temperature, lamellar

(plate) martensite is formed in quenched iron–carbon and alloy steels. Crystals of this

martensite are shaped as fine lenticular plates. In steels with the martensite point Ms higher

than room temperature, lath martensite is formed during quenching. Crystals of this mar-

tensite have the form of approximately equally oriented thin plates, which are combined into

more or less equiaxial packets. The substructures of needle and lath martensite are qualita-

tively different.

From what has been said above, it might be assumed that the martensite transformation

kinetics, the morphological type of martensite, the substructure of martensitic-quenched

steels, and other phenomena are connected to a great extent with the martensite-start

temperature Ms. Thus the influence of the elements on martensite transformation is deter-

mined primarily by their influence on the position of the martensite point Ms. Of practical

importance is also the martensite finish temperature Mf.

Experiments concerned with the influence of alloying elements on the position of the

martensite point show that Co and Al elevate the martensite start temperature, Si has little if

any effect, and all the other elements decrease Ms (Figure 4.8).
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 4.8 The influence of the content of (a) carbon and (b) alloying elements at 1% C on the

martensite point position.
The quantitative influence of alloying elements is approximately as follows (per 1 wt% of

the alloying element):
Element Mn Cr Ni V Si Mo Cu Co Al

Shift of point Ms (8C) �45 �35 �26 �30 0 �25 �7 þ12 þ18 (8C
�81 �63 �47 �54 0 �45 �13 þ22 þ32 (8C

� 2006 by Taylor & Francis Group, LLC.
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These data are given for carbon steels containing 0.9–1.0% C. For a wider range of C content,

the quantitative influence of the elements can be different. In particular, it was established

that the smaller the C content, the weaker is the influence of the alloying elements on the

position of point Ms. The martensite start temperature of medium-carbon alloy steels can be

estimated using empirical formula

MH(8C) ¼ 520� 320(% C)� 50(% Mn)� 30(% Cr)� 20[%(NiþMo)]� 5[%(Cuþ Si)],

where % C, % Mn, etc. are the contents of the corresponding elements in weight percent.
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The results of calculations by this formula for steels containing 0.2–0.8% C are in good

agreement with the experimental data. However, for multialloy steels this formula does not

always yield reliable data because if a steel contains several alloying elements it is impossible

to determine their combined effect on the martensite point by simple summation. Thus, for

example, Mn lowers the point Ms to a greater extent than Ni, but in a steel with a high Cr

content its effect is weaker than that of Ni.

The martensite point Ms is affected mostly by C dissolved in austenite (Figure 4.8). The

transformation finish temperature Mf intensively decreases too, as the C content is increased

up to 1% [to 1008C (2128F)] and remains constant at higher amounts of carbon.

The reason carbon and alloying elements influence the position of the martensite point is

mainly a change in the relative thermodynamic stability of g- and a-phases of iron, because

the martensite transformation itself is a g ! a transformation.
4.2.3 RETAINED AUSTENITE

A characteristic feature of the martensite transformation in steels, whatever its character

(athermal, explosive, or fully isothermal), is that transformation of austenite to martensite is

never complete. Figure 4.9 shows the amount of martensite formed when the temperature is

decreased continuously in the martensite range Ms–Mf (martensite curve) for the athermal

type of martensite transformation. The transformation starts at the point Ms, and the amount

of martensite increases with decrease in temperature. The end of the transformation corres-

ponds to the temperature Mf. At this temperature a certain amount of austenite is still left

(retained austenite, A, %). Cooling below Ms does not lead to further transformation or lower

the amount of retained austenite.

Investigations show that martensite curves of different steels, both carbon and steels and

steels alloyed with different elements and in different amounts, exhibit approximately the

same behavior. Then, if the martensite finish temperature is below room temperature,

the amount of retained austenite should, in a general case, be higher, the lower the marten-

site point Ms. Strictly speaking, the amount of retained austenite depends on the martensite

temperature range, i.e., on the Ms–Mf temperature difference; it increases as the range

narrows. But the martensite range itself depends on the position of the martensite point Ms:

the range narrows as the point Ms lowers.
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(1% C).
Thus the influence of alloying elements on the amount of retained austenite formedduring the

quenching of steels should qualitatively and, to a great extent, quantitatively correspond to their

influence on the position of the martensite start point Ms. Available experimental data show that

alloying elements that lower and raise themartensite start point increase and decrease the amount

of retained austenite, respectively (Figure 4.10). Besides, a certain sequence in the arrangement of

the elements is observed from the point of view of their quantitative influence. In particular, the

largest amount of retained austenite in accordance with their influence on the position of the

martensite point is due to Mn, Cr, Ni, etc. As illustrated in Figure 4.11, the influence of these

elements on the martensite range follows the same sequence.
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In alloy steels, the martensite point Ms lowers most and the martensite range narrows

under the influence of carbon. Therefore the influence of carbon on the amount of retained

austenite is much stronger than that of alloying elements. An increase in the C content of

chromium–nickel steel from 0.4 to 0.6% increases the amount of retained austenite to ~8.5%

after quenching; an increase in the Ni content of the same steel from 1 to 4% brings the

amount of retained austenite to ~6% only. The fact that carbon promotes the greatest

retention of austenite during quenching is especially unfavorable for low-alloy tool steels.

In multiple alloy steels a given element favors the formation of a greater amount of

retained austenite than the law of summation suggests. However, in multiple alloy steels

too, the relationship between lowering of the martensite point under the influence of a given

element and an increase in the amount of retained austenite caused by the same element

persists in the main.

In addition to the content of carbon and alloying elements, other factors can influence the

amount of retained austenite formed during quenching of steel. The most important of these

is the rate of cooling below the martensite point Ms and the quenching temperature.

The steel cooling rate has no influence on the position of the martensite point, but it

affects the martensite transformation process in a certain way. A little below the point Ms,

slower cooling enhances the transformation of austenite to martensite. The ability of austenite

to isothermally formate martensite at temperatures a little lower than the point Ms is realized

here. At temperatures close to the martensite finish temperature Mf but within the interval

Ms–Mf, when a rather significant amount of martensite has been formed already, acceleration

of cooling favors a more complete transformation. Here a phenomenon called the stabiliza-

tion of austenite comes into play. Holding in the region of the martensite finish temperature

makes retained austenite less prone to subsequent transformation. With slow cooling the

austenite stabilizing processes have time to near completion and the transformation proceeds

more slowly. Austenite stabilization is associated with stress relaxation. The longer the

holding time, the greater the stress relaxation and the greater the degree of the metal cooling

needed to accumulate stresses required for the martensite transformation to continue.

The quenching temperature can influence largely, either directly or indirectly, the amount

of retained austenite. Its direct effect can be connected with thermal stresses facilitating the

transformation of austenite. An indirect effect of the quenching temperature is associated

with enrichment of intercrystallite boundaries of austenite in carbon and alloying elements

and, primarily, with the transfer of carbides, ferrite, and other phases to the solution. If a steel

is heated to a temperature falling within the interval between the critical point Ac1 and the

temperature of full dissolution of ferrite or carbides, the heating temperature will determine

the content of carbon and alloying elements in austenite. If carbides dissolve above Ac1, then

the amount of retained austenite will increase with quenching temperature. If the quenching

temperature is elevated above Ac1 and excess ferrite dissolves (with resulting decrease in the

austenite concentration), then the martensite point will occupy the lowest position when a

steel is quenched from temperatures slightly higher than the point Ac1. Correspondingly, the

amount of retained austenite must be the largest at these temperatures and must subsequently

decrease until the temperature of full ferrite dissolution is reached.

4.2.4 EFFECT ON BAINITE TRANSFORMATION

The bainite transformation (stage II transformation) takes place in carbon steels under the

precipitation curve of undercooled austenite (C curve) in the interval of approximately 500–

2508C (930–4808F). This is called the intermediate transformation. It occurs in between the

pearlite and martensite transformations. The kinetics of this transformation and the struc-

tures produced are similar to those observed during the diffusion pearlite or diffusionless
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 4.12 The austenite precipitation diagram of alloy steels with separate C curves of pearlite and

bainite transformations. 1, Start of pearlite formation; 2, finish of pearlite formation; 3, start of bainite

formation; 4, finish of bainite formation.
martensite transformation. A mixture of the a-phase (ferrite) and carbide is formed as a result

of the bainite transformation, the mixture referred to as bainite.

The kinetics of the intermediate transformation is characterized by a number of peculiar-

ities, such as an incubation period; in the bainite temperature range, precipitation of under-

cooled austenite begins with a certain time delay. The temperature of the maximum

transformation rate (minimum incubation period) depends mainly on the chemical position

of the steel.

For alloy steels, C curves of pearlite and bainite transformations can be separated by a

temperature interval of a highly stable undercooled austenite where pearlite does not precipitate

for many hours, while undercooling is insufficient for the bainite transformation (Figure 4.12).

Alloying elements affect the kinetics of the intermediate transformation, although to a

lesser degree than in the case of the pearlite transformation. In some alloy steels, the

isothermal transformation is retarded over the entire range of the intermediate transform-

ation, whereas in other steels it is inhibited only at temperatures in the upper part of that

range. In steels alloyed with 2% Si or Cr, the transformation of austenite stops even at the

lowest temperatures of the intermediate transformation. When steel is alloyed with Ni or Mn,

the transformation is retarded only at high temperatures of the intermediate transformation,

whereas at lower temperatures austenite transforms almost completely.

Many alloying elements produce a marked effect of the duration of the incubation period,

the temperature of minimum stability of austenite, and the maximum transformation rate in

the intermediate range. Figure 4.13 shows the influence of some alloying elements on these

parameters for high-carbon steels with 1.0% C. As is seen, Mn and Cr strongly influence the

kinetics of the intermediate transformation, increasing the duration of the incubation period

and lowering the temperature of minimum stability of austenite and the maximum trans-

formation rate. At the same time, alloying with Mo and W, which markedly delays the

pearlite transformation, does not have a pronounced effect on the kinetics of the intermediate

transformation.

The intermediate transformation in alloy steels consists of a diffusion redistribution of

carbon in austenite, diffusionless g ! a transformation, and formation of carbides, namely
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e-carbide (a type of Fe carbide) and cementite. Owing to the low diffusion mobility of metallic

alloying elements, which are substitutional impurities, special carbides are not formed during

the intermediate transformation. The content of alloying elements in the e-carbide and

cementite of bainite is the same as in the initial austenite. Alloying elements do not undergo

redistribution during the bainite transformation.

4.2.5 T RANSFORMATION DIAGRAMS FOR A LLOY STEELS

The kinetics of austenite transformation, i.e., the form of the precipitation diagram, depends

on a variety of factors, primarily on the chemical composition of austenite. Depending on the

alloying of a steel, it is possible to distinguish six basic versions of the diagram of isothermal

precipitation of austenite (see Figure 4.14). In carbon steels and some low-alloy steels contain-

ing basically noncarbide-forming elements such as Ni, Si, and Cu, the isothermal precipita-

tion is characterized by C-shaped curves with one maximum (Figure 4.14a). The pearlite and

intermediate stages are not separated. When these steels are subjected to continuous cooling,

three types of structures—martensite, martensite and a ferrite–carbide mixture, and only a

ferrite–carbide mixture—can be formed depending on the cooling rate.
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FIGURE 4.14 Basic versions of precipitation diagrams of undercooled austenite. (a) Carbon and low-

alloy steels containing no carbide-forming elements; (b) alloy steels (up to 0.4–0.35% C) containing

carbide-forming elements; (c) steels alloyed with Cr, Ni, Mo, and W and having a low content of carbon

(up to 0.2–0.25% C); (d) alloy steels containing carbide-forming elements (over 0.4–0.5% C); (e) high-

alloy steels with a high content of Cr; (f) high-alloy austenitic steels. 1, Transformation start; 2,

transformation finish; 3, start of formation of a ferrite–carbon mixture; 4, start of formation of the

intermediate transformation products; 5, start of carbide precipitation.
In the case of alloy steels containing carbide-forming elements such as Cr, MO, W, and V

(Figure 4.14b and d), the precipitation diagrams have two clearly separated ranges of pearlite

and intermediate transformations. Each of the ranges is characterized by its own C-shaped

curves. When the carbon content of structural steels is up to 0.4–0.5%, the stage I transform-

ation is shifted to the right relative to the stage II transformation (Figure 4.14b); if the carbon

content is higher, stage I is found to the left of stage II (Figure 4.14d).

Chromium–nickel–molybdenum and chromium–nickel–tungsten steels containing 0.15–

0.25% carbon (Figure 4.14c) are characterized by a rather high stability of undercooled

austenite in the pearlite range and a low stability of undercooled austenite in the bainite

range. As a consequence, stage I is absent from the austenite precipitation diagram.

In high-alloy chromium steels, the intermediate transformation may be strongly inhibited

and shifted to the martensite temperature range. For this reason the austenite precipita-

tion diagrams have only pearlite transformation and no intermediate transformation

(Figure 4.14e).

In steels of the austenitic class (high-alloy steels), the martensite start temperature is below

room temperature and stages I and II precipitation practically do not take place owing to a

high content of Cr, Ni, Mn, and C (Figure 4.14f). Thanks to the high content of carbon in the

austenite of these steels, excess special carbides may be formed on undercooling.

It is worth noting that the aforementioned distinction of the diagrams is conventional to

a certain measure as they do not cover a great variety of isothermal and thermokinetic

precipitation diagrams of supersaturate austenite.
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4.3 HARDENING CAPACITY AND HARDENABILITY OF ALLOY STEEL

As noted in Section 4.2, at great rates of cooling when the cooling curves do not touch the

region of isothermal transformation even at inflection points where austenite is least stable,

the latter is undercooled to the martensite range (below the point Ms) and steels is fully

martensitically hardened. Martensitic transformation of austenite results in a supersaturated

solid solution of carbon in a-Fe; the higher the carbon content of the austenite, the more

supersaturated the solution. Compared with other austenitic transformation products (pearl-

ite and upper and lower bainite), martensite possesses the greatest hardness and gives very

hard steels.

The ability of a steel to increase in hardness during quenching is called its hardenability or

hardening capacity. The hardening capacity is characterized by the maximum hardness that

can be obtained on the surface of a given steel product by quenching. To achieve maximum

hardness it is necessary to observe basic conditions: the rate of cooling should be equal to or

higher than the critical rate at which quenching gives martensite alone (inevitability with some

retained austenite, of course, but without bainite); all carbon at the quenching temperature

should be in the solid solution in austenite (the quenching temperature should be above the

critical points Ac1 and Ac3 by 30–508C (80–1208F) for hypereutectoid and hypoeutectoid

steels, respectively).

Alongside the notion of hardening capacity, broad use is made in practice of the notion of

hardenability, though these two characteristics depend on different factors and are achieved

in different ways. The hardening capacity of a steel is determined by the factors affecting the

hardness of martensite, while its hardenability is determined by those affecting the quantity

of the martensite obtained and the hardness penetration depth. Upon quenching, steel can

feature high hardening capacity and low hardenability at the same time. Such a steel would

correspond to the schematic curve 1 in Figure 4.15. If for a workpiece of the same diameter D

cooled under the same conditions, the distribution of hardness over the cross section is

characterized by curve 2; such a steel possesses medium or poor hardening capacity but

good hardenability. Finally, steel that corresponds to curve 3 would possess high hardening

capacity and high hardenability.

4.3.1 HARDNESS AND CARBON CONTENT

The hardening capacity of a steel whose general characteristic could be maximum hardness

depends mainly on the carbon content and, to a lesser extent, on the amount of alloying

elements and austenite grain size. Increasing the carbon content of martensite increases its
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FIGURE 4.15 Distribution of hardness over the cross section of workpiece for three steels differing in

hardenability and hardening capacity.
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hardness (Figure 4.7). Note that the hardness of a quenched steel and the hardness of

martensite crystals are not the same thing because quenched steel contains retained austenite.

The hardness of a steel quenched from austenite temperatures passes its maximum at a carbon

concentration of 0.8–0.9% C and then decreases due to an increase in the volume fraction of

soft retained austenite (Figure 4.16). For the above carbon content of steel, the martensite

point Ms drops significantly, which leads to an increase in the proportion of retained austenite

in quenched steel. Steel with 1.9% C quenched from a temperature higher than Ast has the

same hardness as quenched steel with 0.1% C. If hypereutectoid steels are quenched from a

temperature of Ac1þ (20–308C) (70–908F), as is common practice, all hypereutectoid steels

would have practically the same austenite composition at the same quenching temperature

and level of hardness (Figure 4.16, curve b).

Another important feature of the dependence of steel hardness on carbon content is that

an increase in the carbon content to ~0.6% results in a most dramatic rise in the maximum

hardness; then the curve becomes less steep. This is probably associated with the very nature

of high martensite hardness in steel.

The martensite transformation of austenite results in a supersaturated solid solution of

carbon in a-Fe. An increase in the carbon content of martensite weakens, rather than

strengthens, the interatomic bonds. This is due to an increase in the distance between iron

atoms brought about by implanted carbon atoms. Carbon nevertheless increases the hardness

of martensite, which is explained primarily by the fact that carbon atoms implanted into the

a-Fe lattice impede the slip of dislocations in martensite (the so-called solid-solution strength-

ening mechanism).

During quenching or during the aging of quenched steel, carbon atoms in martensite

crystals surround dislocations (atmospheres around dislocations), thus pinning them. This

leads to a general increase in plastic deformation resistance despite the fact that carbon

weakens interatomic bonding in the martensite lattice. In steels with a high martensite start

point Ms such as carbon steels containing less than 0.5% C [Ms> 3008C (5708F)], quench

cooling over the martensite range is characterized by the most favorable conditions for partial

precipitation of martensite with the release of disperse carbide particles. Moreover, in all

steels hardened at normal rates, carbon has time to segregate as the steel cools above the point

Ms. The carbon segregates of austenite are inherited by martensite, and since the latter is

already supersaturated with carbon, these segregates become nucleation sites of carbide

particles. This is in agreement with the fact that at very high cooling rates the hardness of
70 c

b

a

60

50

H
ar

dn
es

s,
 H

R
C

 

40

30

20
0 0.2 0.4 0.6 0.8

C, %

1.0 1.2 1.4 1.6

FIGURE 4.16 Hardness of carbon and alloy steels depending on the carbon content and quenching

temperature. (a) Quenching above Ac3; (b) quenching above Ac1 (7708C); (c) microhardness of martensite.
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FIGURE 4.17 Microstructure of plate martensite. Light shading¼ retained austenite 50,000�.
martensite crystals is two thirds of that obtained at normal cooling rates. High hardness of

martensite may also be due to the fact that carbon makes a noticeable contribution to

covalent bonding whose main property is high plastic deformation resistance.

Owing to the above strengthening mechanisms, carbon has such a strong strengthening

effect on martensite that the hardness of a quenched steel does not depend on the concentra-

tion of alloying elements dissolved in the martensite by the substitutional mechanism, but is

determined by the concentration of carbon.

To conclude, extreme strengthening of steels during martensitic hardening is due to the

formation of a carbon-supersaturated a-solution, an increase in the density of dislocations

during the martensite transformation, the formation of carbon atom atmospheres around

dislocations, and precipitation of disperse carbide particles from the a-solution.

4.3.2 MICROSTRUCTURE C RITERION FOR HARDENING C APACITY

Studies of the structure of hardened carbon steels and carbon-free iron-based alloys revealed

two main morphological types of martensite: plate and lath. These two types of martensite

differ in the shape and arrangement of crystals, substructure, and habit plane.

Plate martensite (which is also called needle type, low temperature, and twinned) is a well-

known classical type of martensite that is most pronounced in quenched high-carbon iron

alloys with a high concentration of the second element—for instance, Fe–Ni alloys with a Ni

content higher than 28%. Martensite crystals are shaped as thin lenticular plates. Such a shape

corresponds to the minimum energy of elastic distortions when martensite is formed in the

austenite matrix; it is similar to the shape of mechanical twins (Figure 4.17).

Neighboring plates of martensite are commonly not parallel to each other and form

frame-like ensembles. Plates that are formed first (near the point Ms) extend through the

entire length of the austenite grain, dividing it into sections. A martensite plate cannot,

however, cross the boundary of the matrix phase; therefore the maximum size of the mar-

tensite plate is limited by the size of the austenite grains. As the temperature is lowered, new

martensite plates are formed in the austenite sections, the size of the plates limited by the size

of the matrix sections. In the course of transformation the austenite grain splits into still

smaller sections, in which smaller and smaller martensite plates are formed. In the case of a

small austenite grain caused by, for instance, a small overheating of steel above Ac3, the

martensite plates are so small that the needle-type pattern cannot be observed in the micro-

section and the martensite is usually called structureless. It is this type of martensite that is

most desirable. After quenching, martensite retains some austenite between its plates at room

temperature (Figure 4.18).
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FIGURE 4.18 Microstructure of lath martensite. 50,000�.
Lath martensite (which is also called massive, high-temperature, or nontwinned) is a

widespread morphological type that can be observed in quenched low-carbon and medium-

carbon steels, the majority of structural alloy steels, and comparatively low-alloy noncarbon-

containing iron alloys—for instance, Fe–Ni alloys with a Ni concentration of less than 28%.

Crystals of lath martensite are shaped like thin plates of about the same orientation, adjacent

to each other and forming more or less equiaxial laths.

The plate width within the lath is about the same everywhere, ranging from several

micrometers to fractions of a micrometer (commonly 0.1–0.2 mm); i.e., it can reach or even

exceed the resolution limit of a light microscope. Inside the martensite laths there are

interlayers of retained austenite 20–50 nm thick. One austenite grain can contain several

martensite laths.

The formation of lath martensite has all the main features specific to the martensite

transformation, including the formation of a relief on a polished surface. Transmission

electron microscopy reveals a rather complicated fine structure of martensite crystals with

many dislocations and twins in many iron alloys.

The substructure of the plate martensite shows an average zone of elevated etchability,

also called a midrib, even under a light microscope. Electron microscopy has shown that the

midrib is an area with a dense arrangement of parallel fine twin interlayers. The twinning

plane in martensite of iron-based alloys is commonly {1 1 2}M. Depending on the composition

of the alloy and martensite formation conditions, the thickness of the twinned interlayers may

form several tenths of a nanometer to several tens of nanometers. On both sides of the central

twinned zone there are peripheral areas of martensite plates that contain dislocations of

relatively low density (109–1010 cm�2).

The substructure of lath martensite is qualitatively different from the substructure of plate

martensite in that there is no zone of fine twin interlayers. It is a complex dislocation

structure characterized by high-density dislocation pileups with densities on the order of

1011–1012 cm�2, i.e., the same as in a metal subjected to strong cold deformation. The laths

of lath martensite often consist of elongated slightly misoriented subgrains. Twin interlayers

can occur in lath martensite, but their density is much lower than in the midrib in plate

martensite, while many of the laths do not contain twins at all.

The substructure of retained austenite differs from that of the initial austenite by a higher

density of imperfections occurring under local plastic deformation due to martensite crystals.

Flat dislocation pileups, dislocation tangles, and stacking faults may be observed in austenite

around martensite crystals.
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At present it is believed that the decisive role in the formation of plate martensite belongs

to accommodating (complementary) twinning deformation, whereas for the lath type this role

is played by slip. As temperature is decreased, resistance to slip increases at a higher rate than

that of resistance to twinning; therefore, the martensite transformation at low and high

temperatures results in twinned and lath martensite, respectively. In alloys a decrease in

temperature causes the morphology of martensite to change from the plate to lath type.

The composition of iron-based alloys has a substantial effect on the martensite morphology.

Shown below is the effect of some alloy compositions on the formation of plate and lath

martensite; the numerals show the second component content in percent.
System Fe–C Fe–N Fe–Ni Fe–C2

Lath type, M �0.6 �0.7 �29 �10

Plate, M 0.6–2.0 0.7–2.5 29–34 —
Chromium–nickel, manganese, chromium–manganese, and other steel alloys with low-

energy stacking faults contain hexagonal e-martensite with plates in parallel to planes {1 1 1} g

k {0 1 1}e (Figure 4.19). Some alloy steels have a mixture of e- and a-martensites.

In conclusion it should be noted that the structure of a metal or alloy that has undergone

martensite transformation features many more imperfections than after a disordered re-

arrangement of its crystal lattice: the more the developed grain boundaries and subbound-

aries, the greater the density of dislocations and twin interlayers.

4.3.3 EFFECT OF GRAIN SIZE AND CHEMICAL COMPOSITION

As noted in Section 4.3.1, the hardening capacity of a steel, i.e., its ability to undergo

martensitic hardening, depends mainly on its carbon content and to a lesser extent on its

content of alloying elements and the size of austenite grains. At the same time these two

factors—grain size and chemical composition of the steel (or austenite, to be more exact)—

can produce a substantial effect on hardenability, i.e., the depth to which the martensite zone

can penetrate. It is reasonable, therefore, to consider the effects of grain size and chemical

composition of austenite on hardening capacity and hardenability separately.
FIGURE 4.19 Microstructure of e-martensite. 50,000�.
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In the case of austenite–martensite transformation, martensite plates develop inside the

austenite grain, extending from one side to the other. If the steel is considerably overheated

above the critical point Ac3, then coarse grains of austenite are formed; this results in larger

martensite plates than normal. In quenched steel the volume fraction of retained austenite is

higher if its structure is dominated by large martensite plates. Although the hardness of

martensite is practically independent of the plate size, an increase in the total soft austenite

content of quenched steel leads to a decrease in its maximum hardness, i.e., impairs its

hardening capacity. Moreover, the plastic properties of steel, particularly its toughness, also

deteriorate with the coarsening of the structure. It is therefore advisable to obtain a fine-

needle structure after quenching if a set of good mechanical properties is needed; this may be

achieved with a fine-grain austenite structure, which is produced at small overheating of steel

at temperatures higher than Ac3.

Alloying elements can have direct or indirect effects on the hardening capacity of steel.

Indirect effects are associated primarily with hardenability. Since the majority of the elements

tend to shift the isothermal austenite precipitation curves to the right and hence decrease the

critical rate of cooling, it is easier to obtain maximum hardness for an alloy steel than for an

ordinary carbon steel. Specifically, the presence of alloying elements facilitates the achieve-

ment of maximum hardness by cooling the steel in more lenient media (in oil, for instance)

when the mass of the workpiece to be hardened is comparatively large.

A second indirect effect is related to the carbide-forming elements. If hardening is to be

applied to an alloy steel containing elements that form stable carbides by heating below the

carbide dissolution point, then the carbon content of the major martensite mass will be lower

than the total carbon content of the steel. As a result, the maximum achievable hardness for

this carbon content will not be attained because the hardening capacity of the steel will

deteriorate.

It should be noted that high-carbon steel, such as tool grade steel, features high hardness

even if it is quenched from a temperature somewhat lower than the carbide dissolution point,

despite the fact that part of the carbon stays outside the solution. The martensite hardness

also decreases. This decrease is small and is due mainly to the fact that hardness versus carbon

curves for carbon steels and alloy steels are rather smooth at carbon concentrations higher

than 0.6% (Figure 4.16); it is compensated for by a considerably lower amount of retained

austenite and the high hardness of the carbides themselves.

The situation is different for structural steels containing less than 0.4% C. The maximum

hardness curve is so steep (Figure 4.16) that even a small decrease in the concentration of

carbon in martensite in an alloy steel due to incomplete dissolution of special carbides would

lead to a considerable reduction in the hardness of the martensite. The steepness of the curve

over the range of 0.1–0.4% C shows that from the viewpoint of hardening capacity it is

essential to heed even the smallest fluctuations in the carbon content, specifically fluctuations

within the quality limits, up to individual ingots. Therefore the carbon content limits for

specific structural steels should be as narrow as possible, although this may encounter some

technological difficulties.

The indirect effect of alloying components on hardenability is not great. It is therefore

possible to construct a general curve for the dependence of maximum hardness on the carbon

content for carbon and alloy steels (Figure 4.16). This is understandable because martensite of

an alloy steel is a combined solid solution in which atoms of the alloying elements replace iron

atoms in the lattice, while carbon atoms are implanted into this lattice. Carbon atoms

introduced into the a-Fe lattice impede the slip of dislocations in martensite and thereby

increase its hardness.

A certain increase in the hardness of martensite due to alloying elements can be expected

only because of the strengthening of a-Fe during quenching. The possibility of quench
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 4.20 Effect of dissolved alloying elements on hardness of ferrite after quenching from 12008C
in water.
strengthening an alloyed ferrite has been studied in detail. From Figure 4.20, one can judge

roughly how different elements increase the hardness of ferrite with ~0.01% C upon quench-

ing from 12008C in water. Alloying elements causing substantial strengthening of ferrite

should also increase the hardness of martensite in a quenched steel, though this increase in

hardness should be comparatively low.

During the quenching of steel products, the rate of cooling is the greatest for the surface,

decreasing steadily toward the center of the section. Evidently, the depth of the hardened zone

(hardenability) will be determined by the critical rate of quenching; thus, hardenability will

increase with a decrease in the critical rate of quenching. This rate, in turn, depends on the

resistance of austenite to precipitation at temperatures higher than the martensite point Ms.

The farther to the right the lines in the isothermal austenite precipitation diagram, the lower

the critical rate of quenching and the higher the hardenability of the steel products. Thus, the

factors that affect the stability of undercooled austenite will affect the hardenability as well.

The main factors that produce a decisive effect on the hardenability of steel are (1) the

chemical composition of the steel (composition of austenite, to be more exact); (2) austenite

grain size; and (3) the homogeneity of austenite. Under otherwise equal conditions, coarse

austenite grains improve the hardening capacity of steel. This circumstance is connected with

the extent of grain boundaries; the extent is less, the coarser the grain. Since nucleation centers

are formed primarily along the austenite grain boundaries during austenite precipitation

above the point Ms, it is always easier to undercool austenite with coarse grains, thereby

increasing hardenability.

To estimate hardenability, in practice, use is made of the quantity called the critical

diameter. The critical diameter (Dcr) is the maximum diameter of a bar permitting through

hardening for a given cooling medium. To avoid putting hardenability in dependence on the
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method of cooling and type of coolant, use is made of still another notion, the ideal critical

diameter (D1), which is the diameter of a maximum section allowing through hardening in an

ideal cooling liquid that is absorbing heat at an infinitely great rate. It was established that the

grain size and quantity D2
1 have an approximately linear inverse dependence on one another.

The chemical composition of a steel has the strongest impact on its hardenability. This

is due primarily to the fact that carbon and alloying elements affect the critical rate of

quenching.

Figure 4.21 shows the effect of carbon on the critical rate of quenching for carbon steel. It

can be seen that the minimum rate of quenching is observed in steels that are close to

eutectoid with respect to carbon content (curve I). A decrease in the carbon content of steel

below 0.4% leads to a sharp increase in the critical rate to the extent that at a certain minimum

carbon content martensitic hardening becomes virtually impossible. An increase in the critical

rate of hypereutectoid steel with an increase in the carbon content is explained by the presence

of cementite nuclei facilitating the austenite precipitation. Hence, the trend of curve I is

related to the incomplete hardening of hypereutectoid steels. If completely hardened (suffi-

cient holding at a temperature higher than Ast), an increase in the carbon content leads to a

continuous decrease in the critical rate of quenching (curve II), with a resulting rise in

hardenability.

The effect of alloying elements on hardenability can be estimated by the degree of increase

or decrease in stability of undercooled austenite in the pearlite and intermediate ranges. With

the exception of cobalt, all alloying elements dissolved in austenite impede its precipitation,

decrease the critical rate of quenching, and improve hardenability. To this end, broad use is

made of such additives such as Mn, Ni, Cr, and Mo. Particularly effect is complex alloying

whereby a combination of elements enhances their individual useful effects on hardenability.

Figure 4.22 shows the effect of third-element alloying on the hardenability of an iron–nickel

steel. It can be seen that Mn, Cr, and Mo additives improve hardenability to a considerable

extent.

The improving effect of alloying on hardenability is used in two ways. First, alloying

ensures through hardening across sections inaccessible for carbon steels. Second, in the case

of small-section products, replacing carbon steel with an alloy steel permits less radical

cooling regimes. Small-diameter carbon steel products can be hardened by quenching in

water. This, however, may result in impermissible residual stresses, deformations, and cracks,

particularly in products of a complicated shape. If an alloy steel is used, quenching in water

can be replaced with softer hardening in emulsion, oil, or even air.
� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



175
With % Mn With % Cr With % Mo

150

125

100

Id
ea

l c
rit

ic
al

 d
ia

m
et

er
 D

, m
m

75

50

25

0
0 1 2 3

1

1

0 0

0.25

0.1

1.5

0.7

0.3

0.5

0.5

0 1

Ni, %

2 3 0 1 2 3

FIGURE 4.22 The effect of manganese, chromium, and molybdenum on the hardenability of steels with

different nickel contents.
4.3.4 BORON HARDENING MECHANISM

It has long been observed that small additions of certain elements, e.g., titanium, aluminum,

vanadium, zirconium, and boron, can considerably improve the hardening properties of steel.

The most effective in this respect is boron. Hardenability of carbon and low-alloy steels

increases considerably upon introduction of boron in amounts of thousandths of a percent. A

further increase in the boron content does not produce any further improvement in hard-

enability. The improving effect of boron is noticeable only where steel has been preliminarily

well deoxidized and denitrified, because boron has good affinity for oxygen and nitrogen.

Therefore, before introducing boron into steel it is necessary to add aluminum, titanium, or

zirconium. Figure 4.23 shows hardenability curves for a low-carbon steel without boron, with

boron added, with boron and vanadium, and with boron, vanadium, and titanium. It can be

seen that the extent of the martensite range for all the steels with boron added is greater than

that in steels without boron; however, it is practically the same for steels with several

additives. At the same time, the extent of the half-martensite structure range is much greater

if the steel contains other additives along with boron.
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The effect of boron on hardenability decreases with an increase in the carbon content. If

the carbon content exceeds 0.9%, boron does not have any measurable effect on harden-

ability. Boron alloying for the purpose of improving hardenability is therefore useful only for

low-carbon steels of various applications. It does not have any effect on the hardenability of

tool steels or on high-carbon carburized layers. The above relationship between the carbon

content and the effect of boron on the hardenability of steel is due to the fact that the two

elements have the same effect on austenite precipitation. Boron increases the length of the

austenite precipitation incubation period, thereby decreasing the critical temperature of

quenching. Like carbon, boron facilitates the enlargement of austenite grains under heating.

These two factors have a positive effect on the hardenability of steel. Therefore, in high-

carbon steels the effect of small doses of boron is practically negligible.

It should be also noted that the positive effect of boron on hardenability is full only if the

quenching temperature is sufficiently high [850–9008C (1560–16508F)]. Various suggestions

have been put forward with respect to the mechanism by which boron affects the hard-

enability of steel. Quite probably, this is a very special mechanism because boron can produce

its effect at very low concentrations above, above which no further effect on hardenability is

observed. Some researchers believe that boron increases hardenability just because it facili-

tates the increase in the size of austenite grains under heating. Although boron does tend to

increase the grain size, it produces the same hardenability-improving effect in steels with small

grains. Others explain the fact that boron increases the stability of austenite and consequently

improves hardenability by the fact that it increases the coefficient of surface tension at the

austenite–new-phase nucleus interface. Therefore more energy is required for the formation

of a nucleus of a critical size capable of growth. Because of this stability of austenite increases.

An increase in hardenability following the addition of small doses of boron is more frequently

explained by the fact that this element is surface-active in austenite. There is experimental

evidence that boron is segregated at the boundaries of austenite grains and dissolves in

insignificant amounts in this layer. Since boron forms an interstitial solid solution with

iron, interaction between its atoms and iron atoms must, evidently, be the same as in carbon,

which leads to a decrease in the difference in free energy between the g- and a-phases. This

impedes the formation of new-phase nuclei of critical size, which are formed primarily at the

austenite grain boundaries. The resistance of austenite to precipitation improves, thereby

increasing the hardenability of the steel. The cessation of the boron effect on hardenability

with increasing boron content is due to its low limiting solubility in g-iron at a given

temperature [about 0.003% at 10008C (18328F)]. As soon as the boron solubility limit at the

grain interface is achieved, any further increase in its total content leads to the formation of

iron–boron compounds such as Fe2B within austenite grain boundaries and to the distribu-

tion of boron over the bulk of the grain. As centers of crystallization, chemical compound

particles cause an earlier onset of austenite precipitation, which results in lower hardenability.

At the same time, an earlier onset of austenite precipitation at grain boundaries is compen-

sated for by a delay in the formation of critical new-phase nuclei in the bulk of the grain

caused by boron due to an increase in its content up to the solubility limit for austenite.

Therefore, alloying with boron in amounts exceeding thousandths of a percent does not have

any effect on hardenability and even may impair it.

Based on this viewpoint, one can explain some other specific effects of boron on the

hardenability of steel that were noted above. Thus, boron increases the duration of the

austenite precipitation incubation period only, the duration determined by the formation of

critical nuclei at grain boundaries but not affecting the length of austenite precipitation. From

this viewpoint it is also clear that boron, like carbon, facilitates enlargement of austenite

grains under heating. An increase in the quenching temperature first improves hardenability

owing to an increase in the concentration of boron at the austenite grain boundaries to its
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solubility limit at these boundaries. A further increase in the quenching temperature and

enrichment of the grain boundaries in boron can lead to the formation of boron–iron

compounds. The hardenability of the steel will not increase further and may even decrease.

Finally, the reduction of the boron effect by carbon can be explained by the fact that boron

and carbon have virtually the same effect on hardenability. In high-carbon steels, the effect of

boron becomes practically negligible owing to its poor solubility in iron.

4.3.5 AUSTENITIZING CONDITIONS AFFECTING HARDENABILITY

The austenite condition prior to quenching (chemical composition, grain size, homogeneity of

austenite) has the decisive effect on the hardening capacity and, especially, hardenability of

steel. Other factors are secondary or derive from the basic three. These factors, in turn, are

determined by the carbon content, type, and amount of alloying elements at the time of

quenching, the quenching temperature (austenitizing temperature), and the holding time at a

given temperature.

Austenitizing of a heated alloy steel consists of a polymorphous a ! g transformation,

the dissolution of cementite, special carbides, nitrides, and intermetallics in austenite, and

recrystallization of the austenite grains.

To improve the hardening capacity and hardenability of steel, the austenitizing conditions

should be such as to ensure that a maximum amount of carbon passes from the ferrite–

carbide mixture to the solution and, at the same time, no marked growth of grains occurs as a

result of overheating, as this would lead to a high brittleness and the formation of quenching

cracks. The quenching temperature should be maintained as constant as possible, and the

holding time should be just enough to ensure uniform heating of the workpiece and dissol-

ution of carbides. For their complete dissolution in austenite, coarse-plate and coarse-grain

carbides need more time than thin-plate and fine-grain ones. Steels alloyed with elements

forming special carbides should be heated to a temperature considerably exceeding Ac3. Small

carbides available in the structure impede enlargement of grains and the nuclei of the new

phase facilitate transformation of austenite in the pearlite range and increase the critical rate

of quenching, thus decreasing the hardenability of the steel. As the quenching temperature

and time are increased, the critical rate of quenching decreases and, accordingly, harden-

ability rises, because carbides and other inclusions playing the role of new-phase nuclei

dissolve most.

The degree of austenite homogeneity and dispersion of local carbon pileups (which can act

as nuclei during transformation in the pearlite range) can have a strong effect on harden-

ability and hardening capacity. When the quenching temperature is increased, carbides

dissolve together with other minute, sometimes hardly measurable, quantities of inclusions

such as nitrides and sulfides, which can also serve as nuclei during transformation.

Finally, when the quenching temperature and holding time are increased, enlargement of

austenite grains has its effect on the process of transformation. Since the pearlite transform-

ation begins at grain boundaries, an increase in the austenite grain size causes a decrease in

the critical rate of quenching and hardenability improves.

Nearly all of the alloying elements impede the growth of austenite grains. The exception is

manganese, which adds to the growth of grains. The strongest growth retardants are V, Ti,

Al, Zr, W, Mo, and Cr; Ni and Si produce a weaker retarding effect. The main cause of this

retarding effect is believed to be the formation of low-soluble carbides, nitrides, and other

phases, which may serve as barriers for the growth of austenite grains. Such active carbide-

forming elements as Ti, Zr, and V impede growth more strongly than Cr, W, and Mo do,

because the carbides of the former elements are more stable and less soluble in austenite.

Experimental studies on the solubility of V, Nb, Ti, and Al carbides and nitrides in austenite
� 2006 by Taylor & Francis Group, LLC.



V−C
0.1% C

0.1% C
0.1% C

0.1% C 0.4% C

0.4% C

1.2% C 1.2% C 1.2% C
0.4% C

0.8% C 0.8% C

0.8% C

0.4% C

0.8% C

1.2% C

%
 V

%
 N

b

%
 Z

r

%
 T

i

C
on

te
nt

 o
f m

et
al

 in
 a

us
te

ni
te

, %

Nb−C Ti−C Zr−C

800 900 1000 1000 1200 1000 1200 1000 1200

Temperature, �C

FIGURE 4.24 Solubility of carbides in austenite at various temperatures depending on the carbon

content (shown as % C on the curves) for (a) vanadium; (b) niobium; (c) titanium; (d) zirconium.
show that the carbides of these elements (Ti in particular) are more soluble than nitrides.

Titanium nitrides are virtually insoluble in austenite no matter what the temperature is.

Niobium and aluminum nitrides also have poor solubility in austenite. Carbon has a great

effect on the solubility of carbides. Figure 4.24 shows relevant data on V, Nb, Ti, and Zr

carbides. An increase in the temperature of carbide solubility in austenite with a rise in the

carbon content is due to the greater activity of carbon at its higher concentrations in a solid

solution and higher thermodynamic activity. It should be noted that C, N, and Al are not

bound to carbides or nitrides, but found in the solid solution of austenite facilitate the growth

of austenite grains. The elements B, Mn, and Si also favor the growth of grains. Therefore,

addition of these elements into steel improves its hardenability.

Different heats of steels of the same quality may considerably differ in their tendency

toward the growth of austenite grains because they contain different amounts of low-soluble

disperse particles of carbides, nitrides, and other phases, which are barriers to the growth of

austenite grains. The distribution and size of these particles depend both on steelmaking

conditions and preliminary heat treatment. Thus, the tendency of steel to grain size growth

under heating depends on, in addition to its composition, the metallurgical quality and

process, i.e., its history preceding the thermal treatment.

Liquidation also has a considerable effect on hardenability. In order to obtain homoge-

neous austenite in steel exhibiting liquation, it is necessary to keep the steel at the quenching

temperature for a sufficiently long time. This refers to cat steel where liquation is the highest

and also to forged and rolled steels. Longer quenching times increase hardenability owing to

the elimination of residual liquation and fluctuation in homogeneity of austenite.

Note in conclusion that hardening capacity and hardenability are not important by

themselves in practical applications. They are important if they can improve overall proper-

ties of steels in accordance with practical needs.
4.4 TEMPERING OF ALLOY STEELS

4.4.1 STRUCTURAL CHANGES ON TEMPERING

Structural changes on tempering were considered in detail in Chapter 3. Therefore, this

section briefly considers only the most characteristics effects.

Tempering is a thermal martensitic treatment of quenched steels. The basic process that

takes place during tempering is martensite precipitation. The first structural change during
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tempering is carbon segregation at dislocations. The second stage of tempering is precipita-

tion of intermediate e-carbide with a hexagonal lattice, which forms under heating above

1008C (2128F). During the third stage, cementite precipitates above ~2508C (~4808F). At the

final stage of tempering above 3508C (6608F), cementite particles coagulate and spheroidize.

Consider the changes that take place in martensite and austenite structures at different

stages of tempering. During the first stage, beginning at 808C (1758F) and up to 1708C
(3308F), the c parameter of the martensite lattice decreases. The ratio c=a becomes close to

unity. Tetragonal martensite transforming to a cubic form is called tempered martensite. The

decrease of tetragonality is connected with precipitation of carbon from the solution.

Heating of steels over 2008C (3908F) and up to 3008C (5708F) activates transformation of

retained austenite to a heterogeneous mixture composed of a supersaturated a-solution and

the Fe3C carbide. This means that retained austenite transforms to tempered martensite,

Feg(C) ! Fea(C)þ Fe3C

By the end of transformation (~3008C; 5708F), the retained austenite contains about

0.15–0.20% C.

Heating above 3008C (5708F) leads to a further precipitation of carbon and the relaxation

of internal stresses arising from previous transformations. Complete precipitation of carbon

was found to occur at 4008C (7508F). A further increase in temperature leads only to

coagulation of ferrite and cementite particles.

During tempering, cementite acquires a globular form when a ferrite–cementite mixture

is formed from martensite. The different form of cementite in the ferrite–cementite mixture

determines the difference in properties.

4.4.2 EFFECT OF ALLOYING ELEMENTS

The influence of alloying elements on transformations during tempering depends on whether

they dissolve in ferrite and cementite or form special carbides. The diffusion mobility of atoms

of alloying elements dissolved in a-Fe by the substitutional method is many orders of

magnitude lower than the diffusion mobility of carbon atoms dissolved by the interstitial

method. So at a temperature below 4008C (7508F) no diffusion redistribution of alloying

elements in the matrix takes place. First the e-carbide and then cementite precipitate from the

a-solid solution. The concentration of alloying elements in them is the same as in martensite.

Atoms of alloying elements in the e-carbide and cementite lattice formed below 4008C (7508F)

partly replace iron atoms. Complex carbides such as (Fe, Cr)3C and (Fe, V)3C are formed.

The first stage of transformations in martensite (formation of tempered martensite) at

a temperature below 1508C (3008F) is affected little by alloying elements. At this stage of

tempering, nucleation of carbide particles depends basically on supersaturation of the

a-solution with carbon.

The second stage of martensite precipitation is strongly influenced by a number of

alloying elements. They retard the growth of carbide particles, and consequently supersatur-

ation of the a-solution with carbon is preserved. Thus the state of tempered martensite is

retained up to temperatures of 450–5008C (840–9308F). Additions of Cr, W, Mo, V, Co, and

Si bring about this effect.

A delay in martensite precipitation can be explained by two factors. First, one of the

alloying elements lowers the rate of carbon diffusion in the a-solution. Second, the other

elements can increase the strength of interatomic bonds in the a-solution lattice. This will

prevent the atoms from crossing the a-solution carbide interface. Both factors impede

precipitation of martensite.
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Alloying elements affect carbide transformation under tempering under 4508C (8408F)

when their diffusion movement becomes possible. In this case special carbides are formed.

With an increase in the tempering temperature, intermediate metastable carbides stabilize.

For example, when molybdenum and tungsten steels are tempered, Me2C (Mo2C and W2C) is

formed first, then Me23C6 appears, and finally Me6C emerges. The sequence of their forma-

tion can be written as

Fe3C!Me2CþMe23C6 !Me6C

Alloying elements affect the coagulation rate of carbide particles. Nickel accelerates the

coagulation rate while chromium, molybdenum, vanadium, and other elements slow it

down. Owing to the low diffusion rate of alloying elements, the coagulation of special

carbides proceeds slowly. Even alloyed cementite (Fe, Cr)C3 coagulates much more slower

than Fe3C in a carbon steel.

Additions of alloying elements slow down recrystallization and polygonization. Atoms of

these elements form impurity atmospheres near dislocations and prevent their movement

during polygonization. Disperse particles of special carbides retard movement of large-angle

boundaries during polygonization.

4.4.3 TRANSFORMATIONS OF RETAINED AUSTENITE (SECONDARY TEMPERING)

Alloying elements have the greatest influence on the martensite transformation temperature.

This affects the amount of retained austenite in alloy steel. Some elements (e.g., cobalt) raise the

point Ms, thus decreasing the amount of retained austenite. Others (e.g., silicon) have no

influence on Ms. However, the majority of elements decrease the martensite point and increase

the amount of retained austenite in quenched steel. Up to 60% of retained austenite is left in

high-carbon steels during quenching and 10–15% in a large number of structural alloy steels.

During tempering of carbon and low-alloy steels, retained austenite transforms over the

temperature interval of 230–2808C (440–5408F) or at lower temperatures if the holding time is

extended. Alloying elements, especially Cr and Si, inhibit that transformation, shifting it to

higher temperatures and longer tempering time. The transformation kinetics of retained

austenite during tempering is similar to those of undercooled austenite. Steels with two clearly

distinguished transformation ranges (pearlite and bainite) also exhibit two regions of fast

transformation of retained austenite during tempering that are separated by a zone of high

stability of retained austenite.

When alloy steels are tempered at 500–6008C (930–11108F), in many cases the transform-

ation of retained austenite is not complete. The retained austenite that did not precipitate at

these tempering temperatures transforms during cooling from those temperatures (secondary

quenching). The phenomenon is most pronounced in high-speed and high-chromium steels.

The secondary martensite transformation during cooling after tempering is caused by the

depletion of austenite in carbon and alloy elements in the course of tempering. As a result, the

temperature of retained austenite Ms during cooling is increased.

Secondary quenching (double tempering) is also observed in structural steels. It takes

place if the primary quenching is accompanied by a partial intermediate transformation

leading to an increase in the carbon content of austenite. During tempering at 500–5508C
(930–10208F), retained austenite with a high content of carbon yields carbides intensively,

and the martensite transformation temperature Ms increases. As a result, the secondary

martensite transformation takes place during cooling after tempering.

In high-alloy steels, for example high-speed steels, even a very long tempering at

high temperatures does not completely eliminate the retained austenite. To obtain a full
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transformation, it is necessary to perform double tempering. Double tempering favors

additional precipitation of special carbides and decreases the degree of austenite alloying.

This causes another increase in the transformation temperature Ms. Sometimes multiple

tempering is required to realize the most complete transformation of retained austenite.

4.4.4 TIME–TEMPERATURE RELATIONSHIPS IN TEMPERING

The kinetics of structural transformations during tempering is described by temperature–time

curves similar to the curves shown in Figure 4.25. After quenching from 9008C (16508F),

steels with 0.7% C, 1% Cr, and 3% Ni contain 30% of retained austenite. When plotting the

curve and diagram, the nontransformed austenite (30%) was taken to be 100%. It is found

that at 6008C (11108F) 5% of primary austenite transforms in 7 min and 5% of retained

austenite transforms in 30 s. However, after 10–15% of the retained austenite is transformed,

the transformation rate of retained austenite becomes smaller than that of the initial auste-

nite. The transformation of retained austenite is not complete. It is inhibited on reaching 45%

at 5008C (9308F) and 60% at 5508C (10208F). The retained austenite that does not precipitate

immediately at these tempering temperatures transforms during cooling after tempering. The

transformation rate of retained austenite in the intermediate range is much higher than that of

the initial austenite; 25% of initial austenite transforms at 3008C (5708F) in 75 min and the

same amount of retained austenite in 15 s; 75% of the initial austenite transforms in 220 min

and 75% of the retained austenite in 9.5 min. In a typical structural steel (0.37% C, 1% Cr, 1%

Mn, 1% Si), 5% of the initial austenite transforms in 19 min at 6008C (11108F) or in 5 min at

4008C (7508F); 5% of retained austenite at the same temperature transforms in a few seconds.

Another specific feature of retained austenite transformation of this steel in the inter-

mediate range is the lowering of the transformation limit. For example, at 3508C (6608F), 70%

of the initial austenite and only 40% of retained austenite transform. This difference decreases

with increasing temperatures.

4.4.5 ESTIMATION OF HARDNESS AFTER TEMPERING

Hardness decreases noticeably when alloy steels and addition-free steels are subjected to

tempering at 500–6008C (930–11108F). This decrease is due to the precipitation of martensite

and coagulation of cementite. However, when the tempering temperature is higher, the
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hardness of steels with additions of titanium, molybdenum, vanadium, or tungsten increases.

This phenomenon is called secondary hardening.

Secondary hardening is caused by the formation of clusters of atoms of alloying elements

and carbon (a maximum hardness often corresponds to the clusters) and the replacement of

relatively coarse particles of cementite by much more disperse precipitates of special carbides

(TiC, VC, Mo2C, W2C). When these particles coagulate, hardness decreases. Particles of

Me6C are rather coarse and do not add to strengthening.

The chromium additive causes a small secondary hardening. This is connected with a

rapid coagulation of the Cr7C3 carbide at 5508C (10208F) as opposed to Mo2C and especially

W2C. During secondary hardening an increase in the yield stress is accompanied by an

increase in toughness owing to dissolution of coarse cementite particles.

4.4.6 EFFECT OF TEMPERING ON MECHANICAL PROPERTIES

The manner in which structural changes that take place during tempering affect the properties

of steels depends on the particular tempering conditions. The general tendency of changes in

mechanical properties of carbon steels during tempering is that as the tempering temperature

is elevated, the strength parameters sB and s0.2 (fracture stress and yield stress) decrease,

while the elasticity parameters d and c (percent elongation and percent reduction of area) are

improved. However, these properties change nonmonotonically, and the variation depends

on the tempering temperature intervals.

Low-temperature tempering (120–2508C; 250–4808F) is used for treatment of high-

strength structural and tool steels. Medium-temperature tempering (350–4508C; 660–8408F)

is applied mainly to spring steels to achieve high elasticity. High-temperature tempering (450–

6508C; 840–12008F) is widely used for products made of structural steels combining a

relatively high strength with resistance to dynamic loads.

Alloying of high-strength steels preserves high-strength characteristics up to 4008C
(7508F). In steels containing additions of chromium, nickel, tungsten, and aluminum it is

possible to obtain a very favorable combination of strength (sB, s0.2), ductility (d, c), and

impact strength under low-temperature tempering (160–2008C; 320–3908F). In low-carbon

martensitic steels containing chromium, manganese, nickel, and molybdenum, the tensile

strength remains unchanged up to 400–5008C (750–9308F). In steels with secondary hard-

ening (e.g., in steels with 0.26% C, 5% Cr, 1% Mo, 1.2% V, and 1.4% Si), strength and impact

strength increase under high-temperature tempering.

These data suggest that mechanical properties of every type of steel exhibit certain specific

features that vary with the tempering temperature. These features are determined by the

influence of alloying elements on the kinetics of phase transformations: change of the

martensite point Ms, stabilization of retained austenite, and carbide formation.

The influence of structural evolution on properties during tempering can be most fully

understood through the example of a maraging (martensite-aging) alloy containing 0.02–

0.03% C and also Co, Mo, Ti, and Al. Alloying with cobalt increases the temperature Ms and

provides 100% martensite after cooling. Tensile strength reaches 1000–1100 MPa. The sub-

sequent tempering (aging) at temperatures of 450–5008C (840–9308F) results in considerable

strengthening. Thus, sB can reach 1900–2100 MPa, s0.2¼ 1800–2000 MPa, and d¼ 8–10%.

Such high-strength properties are due to the segregation of impurity atoms during aging

(initial stages) and then to Ni3Ti, Ni3Mo, Fe2Mo, etc. phases coherently bound with the

matrix. The size of particles is approximately 100 nm. Coagulation of the precipitates with

an increase in temperature leads to lowering of the strength characteristics and increasing of

the ductility.
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4.4.7 EMBRITTLEMENT DURING TEMPERING

When carbon and alloy steels are tempered over the temperature interval of 250–4008C (480–

7508F), a dramatic drop in impact strength is observed. If the steel is subjected to a higher

temperature tempering and then tempering is repeated at 250–4008C, the brittle state is not

recovered. Therefore this phenomenon has been called irreversible tempering brittleness. Such

tempering brittleness is typical of almost all carbon steels and alloys. High-temperature mech-

anical treatment and refinement of grains weaken this type of brittleness. In high-purity steels it

does not occur at all. The embrittlement may be caused by nonuniform precipitation of

martensite at the second stage of tempering. This structure has a lower resistance to dynamic

loads. This effect is enhanced when the initial grain boundaries of austenite get saturated with

impurities under quenching heating. The alloying elements, which retard the second stage of

martensite precipitation, shift the interval of irreversible brittleness toward higher temperatures.

Another drop in impact strength is found at tempering temperatures of 450–6008C (840–

11108F). A very significant feature of embrittlement is its reversibility under high-temperature

tempering. If a steel that has undergone tempering embrittlement is heated to a temperature

above 6008C (11108F) and then cooled rapidly, its impact strength is restored. Therefore such

brittleness is termed reversible.

In the state of reversible tempering embrittlement, steel possesses a structure that consists

of ferrite and carbide. When subjected to impact tests, fracture occurs mainly along the

boundaries of the initial austenite grains.

Embrittlement over a certain temperature interval is typical not only of martensitically

hardened steels. It also shows up, although to a lesser degree, in steels with the bainite

structure and is least pronounced in steels with the pearlite structure. Additions of chromium,

nickel, and manganese facilitate tempering embrittlement. Small additions of molybdenum

(not more than 0.2–0.3%) weaken tempering embrittlement. The presence of Sb, P, Sn, and As

in industrial steels makes these steels most susceptible to tempering embrittlement.
4.5 HEAT TREATMENT OF SPECIAL CATEGORY STEELS

4.5.1 HIGH-STRENGTH STEELS

Low-alloy steels are most often used as construction materials. The combination of high

strength and ductility with high resistance to destruction is of particular importance for steels.

The mechanical properties of such steels can be improved after hot rolling or normalization

and after quenching with tempering. Alloying makes it possible to perfect the properties of

steels without using quenching with tempering because
� 20
1. Properties of ferrite are changed when alloying elements are dissolved in it (solid-

solution strengthening).

2. Disperse strengthening phases precipitate in the process of cooling after hot rolling or

normalization.

3. Steel grains and microstructure components become finer, and changes occur in the

morphology and location of structural components.
The overall content of alloying elements in low-alloy steels does not exceed 2.5%.

In accordance with carbon content and principles of strengthening they can be divided into

three groups:
1. Low-carbon steels (0.11–0.22% C) used in the hot-rolled or normalized states. Thermal

treatment of such steels (quenching and tempering) only slightly improves their

strength characteristics.
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2. Low-carbon steels (0.05–0.18% C) strengthened by disperse precipitation of carbides

and carbonitrides are used in the normalized or hot-rolled states.

3. Medium-carbon steels (0.25–0.50% C). The required level of properties is achieved in

such steels by quenching and high tempering.
The main alloying element in these steels is manganese. Additional alloying of manganese

steels with Mo, Nb, and V results in formation of needle ferrite. Owing to their needle

structure, these steels combine high strength, high viscosity, and cold resistance. Therefore,

the steels with 0.05% C, 2% Mn, 0.4% Mo, 0.01–0.02% Nb, or 0.07% V exhibit the following

strength characteristics: sB¼ 650–750 MPa, s0.2¼ 630 MPa, d¼ 33%. These steels are more

often used in the normalized state and seldom in the hot-rolled state.

Low-alloy steels with improved strength characteristics include steels containing mainly

manganese and silicon. Tensile strength sB in these steels is more than 600 MPa and can be as

high as 1800 MPa. Their ductility and viscosity depend on their carbon content and on the

types of treatment. High-strength low-alloy steels with sB¼ 1800 MPa are used in the hot-

rolled or cold-worked state. However, in this case, they are characterized by low impact

strength. In the normalized state their strength decreases to 800 MPa, and after quenching

and tempering to 600 MPa, the impact strength increasing simultaneously.

4.5.2 BORON STEELS

Alloying of austenitic steels with rather high amounts of boron results in disperse hardening.

The maximum hardness of such steels is attained upon quenching from 12308C (22508F) and

tempering at 8008C (14708F). The strength and yield limits the increase simultaneously. At the

same time the viscosity of such steels decreases more than in the usual austenite steels. The

precipitation of borides, because of the high temperature of disperse hardening (8008C;

14708F), has a beneficial effect on the properties of refractory alloys (chromium, chro-

mium–nickel, chromium–nickel–cobalt alloys).

At test temperatures up to 7008C (12908F) but still below the temperature of boride

precipitation, the refractory characteristics of steels appreciably improve even at a very low-

boron content.

In low-carbon steels with 16–30% Cr and 6.5–30% Ni, the effect of disperse hardening

associated with the presence of boron was not observed. But boron binds the elements

stabilizing austenite, thus favoring the formation of martensite. Carbon steels with

0.2–0.3% C, on the other hand, are hardened considerably owing to the formation of

boride–carbide precipitates.

Addition of boron to cemented steels improves their hardenability and increases the

strength of the core. Boron somewhat accelerates carburizing, but its influence on the case

lessens with increasing carbon content. The greatest effect of boron was observed in steels

with 0.7–0.8% C.

The influence of boron is enhanced as the quenching temperature is raised. However, the

sensitivity of steel to overheating also increases. Therefore, boron steels usually contain small

quantities of titanium and vanadium, which have a favorable effect on the structure of steels

when they are heated to high temperatures.

4.5.3 ULTRAHIGH-STRENGTH STEELS

Low-carbon steels with a martensite structure have been developed recently that, upon cool-

ing in air, undergo subsequent dispersion hardening at 400–5008C (750–9308F). The tensile

strength of such steels is in the range 2200–2500 MPa. As a rule, they are alloyed with 12–18%

Ni, up to 10% Cr, 3–5% Mo, and 0.6–1.0% Ti. These martensite-aging steels are distinguished
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by having a low temperature of brittle fracture, very low sensitivity to cracks, and high-

strength characteristics.

The strengthening of martensite-aging alloys is a result of three processes: strengthening of

substitutional solid solution in the course of alloying, strengthening brought about by the

martensite g ! a transformation, and strengthening connected with different stages of the

solid solution precipitation accompanied by formation of segregates and disperse particles of

metastable and stable phases, the main contribution made by the second and third processes.

As a consequence of the martensite g ! a transformation (during cooling in air), a fine

substructure with a high density of dislocations is formed. The particles of intermetallics

50–100 Å in size are found at the stage of maximum strengthening. These particles are

coherently connected with the matrix.

The high resistance of martensite-aging alloys to brittle fracture is determined by the high

viscosity of the matrix—the low-carbon martensite alloyed with Ni and Co, which enhance

the mobility of dislocations. In addition, a high density of dislocations in martensite is

responsible for high dispersion and homogeneous distribution of phases precipitated

during aging.

Alloying with Mo suppresses the precipitation of particles of strengthening phases at the

grain boundaries and prevents intergrain brittle fracture. Alloying with Co increases the

martensite start temperature Ms and ensures a 100% martensite structure. At the same

time, alloying with cobalt reduces the solubility of molybdenum and fosters dispersion

hardening.

At low-carbon content and moderate cooling rates, the martensite structure in martensite-

aging alloys is obtained through relatively high degrees of alloying. At 10–18% Ni, the point

Ms lowers so significantly that the g transformation can be realized only according to the

martensite mechanism.

Compared with the high-strength manganese steels considered in Section 4.5.1, the

martensite-aging steels are distinguished by a greater degree of alloying of the g-solid

solution. This promotes almost complete transformation of austenite to martensite. A wide

range of alloying elements ensures a stronger solid-solution strengthening and increases the

volume fraction of disperse particles precipitated during phase aging. The above-mentioned

three factors are responsible for considerable enhancement of strength characteristics of low-

alloy steels.

The high-strength state of alloys can be obtained by using various external means to affect

their structure. The most advantageous of these is low-temperature thermomechanical treat-

ment (LTMT), which consists of deformation of the undercooled austenite in the region of

high stability and subsequent quenching. Undercooling of austenite is used to achieve

deformation below the temperature of its recrystallization. Such treatment allows the attain-

ment of advanced mechanical properties. The results gained at LTMT can be achieved by

such factors as the composition of the steel, the temperature of austenitization, the rate of

cooling to the deformation temperature, the temperature of deformation and holding time at

this temperature, the degree and rate of deformation, the rate of cooling to room temperature,

and final tempering conditions. The most important are the composition of steel, the tem-

perature, and the degree of steel deformation.

Deformation of the undercooled austenite should be completed prior to the beginning of

the bainite transformation. In conformity with this, the steels undergoing LTMT should

contain austenite-stabilizing elements. LTMT strengthening is usually employed for high-

alloy steels with 1–7% Cr, 1–5% Ni, �0.5% V, �2.5% Mo, and �2% Si and sometimes with

other additions as well. The strengthening of steels in LTMT depends on their carbon

content. The strengthening effect of carbon is more pronounced in LTMT than in conven-

tional quenching.
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With an increasing amount of deformation the yield stress of steel increases continuously.

When the thickness of a billet decreases by 1% in LTMT, by rolling, the tensile strength is

increased by 7+ 2 MPa.

A decrease in deformation temperature results in a more intensive strengthening of steel in

LTMT. The strength characteristics of steel after a small (up to 30%) deformation are lower

and less sensitive to changes in the deformation temperature than at high degrees of com-

pression.

At deformations of up to 20–30%, LTMT leads to a sharp drop in ductility; with a rise in

the degree of compression above this value, the ductility begins to increase. There is a critical

degree of deformation in LTMT above which the ductility of steel is sufficient. As the

temperature of deformation increases, the ductility also increases.

In LTMT, the steel should be tempered as after the usual quenching. It is the opinion of

the majority of researchers that the strengthening effect of LTMT is retained up to 350–4008C
(660–7508F). If steel is alloyed with Mo, V, or W, the strengthening effect of LTMT persists

up to 5008C (9308F). The tensile strength of steel alloyed with tungsten is 2600 MPa after

quenching at 3508C (6608F) and 2450 MPa after quenching at 5008C (9308F). The rate of

cooling after deformation affects the properties of steel undergoing LTMT only if nonmar-

tensitic structures are formed at insufficiently strong cooling.

The study of the fine structure of alloys subjected to low-temperature thermal treatment

has allowed us to explain the appearance of superhigh strength properties at rather satisfac-

tory degrees of ductility by two structural factors: considerable reduction of size of martensite

crystals and changes in their morphology. This can be attributed to the emergence of a

cellular structure during deformation of undercooled austenite. The sites of dislocation

pileups in austenite remain the sites where dislocations accumulate in martensite after the

transformation. Upon LTMT deformation, the fragmentation of austenite crystals results in

the fragmentation of the martensite structure. Individual fragments measuring fractions of a

micrometer mutually disoriented through 10–158 are joined with each other by dense disloca-

tion pileups. These fragments, in turn, consist of 100–200 Å fragments disoriented relative to

each other through angles greater than 18.
Thus, one of the possible mechanisms of strengthening in LTMT is connected with the

creation of a high density of structural imperfections in austenite as a result of deformation

and the inheritance by martensite of the dislocation structure of the work-hardened austenite.

This mechanism provides the most comprehensive explanation for the high strength of

martensite obtained with LTMT.

4.5.4 MARTENSITIC STAINLESS STEELS

Pure iron and low-alloy steels are not resistant to corrosion in the atmosphere, water, or many

other media. The resistance of steel to corrosion can be enhanced by alloying it with various

elements. High strength of such steels is achieved primarily by quenching to obtain the

martensite structure and through its subsequent aging.

In martensitic stainless steels, the amount of martensite necessary for strengthening is

formed after high-temperature heating and subsequent cooling to room temperature at a

relatively small content of alloying components. The majority of alloying additions improve

the resistance of martensite by lowering the point Ms. The possibilities for anticorrosion

alloying of martensitic steels are limited.

In austenitic–martensitic steels (transition class), quenching does not lead to the complete

transformation of austenite to martensite because of the low position of the point Ms.

Consequently, no considerable increase in strength occurs. The degree of the g ! a trans-

formation in these steels can be increased by means of (1) deep freezing treatment to
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temperatures below Mg; (2) plastic deformation below Ms; and (3) heating in the region of the

most intensive precipitation of alloyed carbides from austenite (700–7508C; 1290–13808F);

when the matrix is depleted in alloying elements, the resistance of austenite decreases.

The austenitic–martensitic steels admit a high degree of alloying and therefore afford

more possibilities for achieving total corrosion resistance and high strength. Such alloying

elements as copper, tungsten, nickel, molybdenum, silicon, and chromium lower the mar-

tensite point at direct g! a transformation. The intensity of the influence of one or another

element depends on their combination.

Cold plastic deformation initiates the martensite transformation. The less stable the

austenite and the lower the deformation temperature, the quicker the transformation. The

strength of austenitic–martensitic and martensitic stainless steels increases with decreasing

deformation temperature.

If after treatment these steels contain 70–90% martensite, their yield stress can amount

to 700–1000 MPa and their tensile strength to 1100–1400 MPa. Further improvement of

strength is achieved by aging the martensite. This enhancement of strength is attributed to

segregation of the Guinier–Preston regions type.

The effect of martensitic aging is observed when steels are alloyed with titanium, beryl-

lium, aluminum, manganese, zirconium, niobium, copper, or certain other elements. Depend-

ing on the alloying elements, intermetallic phases of the types A3B (Ni3Ti, Ni3Al, Ni3Mn,

Ni3Be), A2B [Fe2Mo(Fe, Ni, Co)2], or AB (NiTi, NiAl, NiMn) precipitate during aging.

Greater strength values can be achieved if the deformation of steel upon quenching

proceeds below the temperature Mc1 under rather high compression. On the one hand, this

accelerates the martensite transformation, and on the other hand, aging takes place in the

martensite strengthened by deformation (sometimes also in the presence of the deformation-

strengthened austenite). After complete thermal treatment, steels have the following charac-

teristics: s0.2¼ 830–1200 MPa, sB¼ 1200–1300 MPa.

The conditions of quenching are set with allowance for complete dissolution of carbides

subject to the absence of excessive grain growth. Deep freezing treatment after quenching

ensures a more complete transformation of austenite to martensite. The amount of martensite

can be as high as 70–90%.

The conditions of aging should provide the required set of mechanical properties and

corrosion resistance. The maximum strength values are attained as a result of aging in the

temperature range 450–5008C (840–9308F). At the same time, the best corrosion resistance is

attained at the lower aging temperature range of 350–2808C (660–5408F) (high total corrosion

resistance is obtained at the stage preceding precipitation of strengthening phases).

4.5.5 PRECIPITATION-HARDENING STEELS

As is known, steels are classified into structural, spring, tool, and heat-resistant alloy steels

in conformity with their application. This section considers the behavior of precipitation-

hardening alloys in each of these groups.
4.5.5.1 Structural Steels

Low-carbon manganese steels (0.1–0.2% C) containing 1.3–1.7% Mn, 0.10–0.20% V, about

0.1% Ti, and ~0.05% Al can be classified as steels strengthened with disperse precipitates.

Such compositions favor the formation of disperse precipitates. Such compositions favor the

formation of disperse precipitates of vanadium and titanium carbonitrides or aluminum

nitrides. These disperse precipitates can improve not only the strength of the steel but also,

owing to grain refinement, its viscosity and cold resistance. A number of industrial alloys with
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carbonitride strengthening have been developed. Usually, these steels are used in the normal-

ized state. Their properties are determined by the degree of dissolution of strengthening

phases in the process of heating.

Another group of low-alloy precipitation-hardening steels includes low-pearlite steels,

which contain up to 0.1% C and up to 2% Mn as well as vanadium (~0.1%), niobium

(~0.06%), and sometimes molybdenum (~0.15–0.3%). Aluminum (up to 0.05%) can also be

present in these steels. The properties of the steels under consideration are formed in the

process of rolling during precipitation of disperse particles of the strengthening phase and

grain refinement. The conditions of rolling should ensure maximum dissolution of compon-

ents that subsequently cause the formation of disperse particles. These particles strengthen

ferrite, which leads to grain refinement. The rolling temperature of low-pearlite steels depends

on their composition and the strength and viscosity requirements. A high-heating tempera-

ture (~12008C; 21908F) ensures more complete dissolution of vanadium and niobium. This

contributes to the strengthening effect during precipitation of phases containing these elem-

ents. However, owing to the grain growth, the strength of these alloys is lower than in the case

of heating at 1050–11008C (1920–20108F).

The temperature at the end of rolling of low-pearlite steels is usually reduced to 700–8008C
(1300–14758F). This is due to (1) a decrease in the austenite grain size; (2) an increase in the

degree of dispersion of the strengthening phase and, hence, enhancement of the hardening

effect; and (3) displacement of the g! a transformation to the region of lower temperatures,

which results in a finer ferrite grain.

4.5.5.2 Spring Steels

Alloys based on Fe–Ni, Fe–Ni–Cr, Co–Ni–Cr, Ni–Cr, and other systems, predominantly with

titanium and aluminum or niobium additions, are used for spring steels strengthened by

precipitation hardening. The particles of strengthening phases in these alloys precipitate

during aging (tempering). Additional improvement of the strength properties of these alloys

can be achieved through plastic deformation between quenching and aging. In this case the

precipitation of the supersaturated solid solution may proceed according to a discontinuous

mechanism. If the discontinuous precipitation cells completely occupy each grain (which is

possible for a very fine grain structure), a very strong strengthening of alloys takes place. In

the process of aging, additional refinement of the initial grain occurs during discontinuous

precipitation.

Strengthening is observed in alloyed martensite-aging steels under developing of disperse

particles of precipitating phases. A large number of steels differing in composition and prop-

erties are used in the industry. In addition to 0.4–0.8% C, they contain at least two of such

alloying elements as Si, Cr, V, Mo, Mn, more rarely Ni and W. Isothermal quenching with

subsequent tempering is advantageous for these steels, especially for those containing silicon.

The maximum elastic limit in alloyed steels is attained with tempering at 300–3508C (570–

6608F). These tempering conditions correspond to the conditions of a sufficiently complete

precipitation of austenite accompanied by preservation of a high density of dislocations, since

disperse particles of carbides hammer the redistribution and annihilation of dislocations. In

addition, the carbide particles increase the resistance to low-plastic deformation.

For carbon steels, the amount of carbides can be increased and the martensite point can be

lowered owing to the higher carbon content. This brings about a significant improvement of

the strength characteristics of such steels, the highest properties achieved when strong

carbide-forming elements (e.g., vanadium) enter into their composition.

Martensite-aging alloys containing nickel and titanium possess the best set of properties.

Such alloys are quenched from 870 to 11508C (1600–21008F) depending on their titanium
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content; the greater the titanium content, the higher the quenching temperature. The finer the

grain, the higher the properties of these steels. Fine grain can be attained either by multiple

g! a transformations or through deformation and recrystallization processes. To reduce the

quantity of austenite retained upon quenching, a deep freezing treatment (�708C; �948F)

is employed. Then comes aging at 4508C (8408F) for 6 h, during which NiTi or Ni3Ti

phases precipitate.

Austenitic steels are also strengthened as a result of precipitation hardening. They may

contain chromium, nickel, titanium, or molybdenum. Upon quenching, these alloys have the

structure of the g-solid solution with chromium, titanium, and titanium carbonitride inclu-

sions. The properties of aged alloys depend on the quenching temperature, which determines

the degree of supersaturation of the solid solution, and on the cooling rate, which should be as

high as possible. Aging may proceed by the discontinuous or continuous mechanism.

4.5.5.3 Tool Steels

Tool steels strengthened by precipitation-hardening tempering on the basis of the initial

martensite structure are used to manufacture dies for cold deformation of steels. As a result

of tempering, the hardness and strength characteristics of steels are enhanced when strength-

ening phases (carbides) precipitate from martensite. The retained austenite, a phase with low

hardness, transforms to martensite. These processes increase the yield stress under compres-

sion but reduce viscosity.

Precipitation-hardening strengthening is also characteristic of heat-resistant steels. The

structure of these steels represents a martensite matrix with particles of the strengthening

phases—carbides or intermetallics—precipitating during tempering.

The main principles of heat treatment of precipitation-hardening tool steels are now

considered in great detail. The basic operations of heat treatment are annealing, quenching,

and tempering.

The annealing heating temperature is chosen a little higher than A1. It is 760–7808C
(1400–14358F) for carbon steels, 780–8108C (1435–14908F) for alloy steels, and 830–8708C
(1525–16008F) for high-alloy chromium steels, with 2–3 h as the holding time .

Quenching of tool steels is aimed at obtaining martensite with a high concentration of

carbon and alloying components with retained fine-grain structure. That is why quenching is

carried out at temperatures corresponding to complete dissolution of the basic carbides in

austenite. These temperatures, however, should not be conducive to austenite grain growth.

Usually, the quenching temperature corresponds to the temperature of heating; it is a

little higher than A1 for steels in which the main carbide phase is cementite; up to 1000–

10608C (1832–19408F) for steels with a chromium-based carbide phase of types Me7C3 and

Me23C6, and 1080–11008C (1975–20108F) for steels with greater carbide content of the

type Me23C6.

At tempering, the assigned level of properties is achieved by changing the structure of the

quenched steel. Heating a quenched steel during tempering to 150–2008C (300–3908F) causes

the precipitation of small e-carbide plates from martensite and reduces the carbon con-

centration. Such tempering only slightly impairs the steel’s hardness but significantly

improves its strength and viscosity. Heating to 250–2808C (480–5358F) during tempering

noticeably decreases the carbon concentration in martensite and enhances the strength and

viscosity characteristics of the steel. This tempering permits almost complete removal of the

retained austenite.

An appreciable increase in the hardness of steels results from the precipitation of a large

number of small carbide particles (intermetallics of alloying elements of the types Me2C,

Me23C6, MeC, and Me7Me6) from martensite.
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4.5.5.4 Heat-Resistant Alloys

A vast group of heat-resistant alloys consists of austenitic steels strengthened with carbides

and intermetallics. To increase heat resistance, elements that strengthen the solid solution and

induce precipitation hardening are introduced into iron–nickel-based alloys. These elements

include Cr, Mo, W, Nb, V, Ti, and Al. To acquire high heat resistance, the alloys undergo

double quenching. The purpose of the first quenching is to obtain grains of a certain size and

to transform the excess g0-phase [intermetallic phases g0-Ni3(Al, Ti, B)] to a solid solution.

Quenching is followed by cooling in air. The g0-phase partially precipitates in this process.

The aim of the second quenching (10508C; 19208F) with subsequent aging is to obtain

disperse precipitates of the g0-phase 200–500 Å in diameter. As a result of these quenching

procedures, the strengthened alloy contains a certain number of larger precipitates along with

fine inclusions. This structure ensures high strength and the necessary margin of ductility.

4.5.6 TRANSFORMATION-INDUCED PLASTICITY STEELS

There are numerous examples for improving the plasticity of load-bearing samples under the

influence of phase transformations of the diffusion and shear types. The term transformation-

induced plasticity was proposed to denote an improvement of plasticity under martensite

transformation. High plasticity of steels below the critical point was called subcritical super-

plasticity by A.P. Gulyaev.

The Transformation-induced plasticity (TRIP) effect appears under the action of high stresses

that exceed theyield stressof austenite. In the segmentwhere localizationof flowsets in,martensite

deformation occurs. This segment is stronger than austenite, and because of this the flow extends

to theneighboring segmentsof the sample.Thus, thequasiequilibrium flow inTRIP steels is due to

high deformation strengthening. The index of the flow stress rate sensitivity remains low.

TRIP is observed at fixed test temperatures. In the case of isothermal transformations, the

volume that undergoes such a transformation reaches a certain level and does not increase

further. Therefore, the greatest overall effects of plasticity improvement are observed at cyclic

temperature changes that lead to multiple occurrences of the phase transformation.

TRIP is found when the temperature of the sample is changed (within limits exceeding the

temperature range of the phase transformation), with a constant load. The load applied is

usually lower than the yield stress of any of the phases involved in the transformation.

In each temperature-changing cycle, the value of deformation is in tenths of a percent.

With a large number of cycles it may amount to several hundred percent. The deformation

value in one cycle is directly proportional to the applied stress. An increase in the applied

stress above a certain limit disrupts the linear dependence of deformation (per cycle) on stress.

This is caused by transition from the plastic deformation to the usual deformation at

comparatively high stresses. As the volumetric effect of phase transformation increases, the

deformation value per cycle increases.

TRIP can be observed in metals with any grain size, among them coarse-grain metals,

and at any temperature, including low temperatures. For example, after 150 temperature-

changing cycles in the range of 204–6488C (400–12008F), a sample of Fe–15.4% Ni alloy with

an initial grain size of 150 mm became 160% longer, with no neck formed, owing to the

reversible martensite transformation under load.

The deformation mechanisms typical of TRIP have not been clearly established because of

difficulties in using direct structural methods during phase transformation when the structure

of a sample changes constantly. Among the proposed hypotheses the following may be quoted:
� 20
1. Accelerated transfer of dislocations owing to an excess of vacancies formed during

volumetric changes
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2. Weakening of bonding forces between atoms at the interface at the moment of trans-

formation

3. Changes in the form associated with realization of particular orientations of the formed

martensite

4. Summation over the phase and applied stress, which determines the plastic deformation

of the weaker phase (ferrite in the case of a!g transformation)

5. Formation of ultrafine grain in the course of phase transformation
4.5.7 TOOL STEELS

Tool steels can be classified into four groups according to their application: (1) steels for

cutting tools used in mild conditions; (2) steels for cutting tools used in severe conditions; (3)

measuring tools; and (4) die steels.

Steels for cutting tools must have high hardness exceeding 60Rc. Therefore, such tool

steels contain a minimum of 0.6% C. The main requirement imposed on steels used in severe

conditions (high-speed steels) is stable hardness under long heating. All tool steels fall into four

categories: (1) carbon tool steels, (2) alloy tool steels, (3) die steels, and (4) high-speed steels.

4.5.7.1 Carbon Tool Steels

Carbon tool steels contain 0.60–0.74% C, 0.25–0.35% Mn, and 0.30% Si. The quenching

temperature of these steels is chosen in conformity with the Fe–C equilibrium diagram. The

tetrahedral structure of martensite and internal stresses in quenched steels bring about

considerable brittleness. That is why tempering after quenching is an obligatory operation.

The tempering temperature is determined by the required working hardness of the tools.

Usually it ranges between 180 and 2408C (350 and 4658F).

Of great importance in terms of machinability is the structure of annealed steels. Steels

with the structure of lamellar pearlite are difficult to machine. Therefore, with the help of

annealing at a temperature slightly above Ac1, easily worked steels with the structure of

globular pearlite are obtained. As a rule, carbon steels are quenched in water. Because of this,

tools made of such steels have a soft unannealed core and are less brittle than tools made of

through-hardened steels.

4.5.7.2 Alloy Tool Steels

Compared with carbon steels, alloy tool steels possess greater hardenability and wear resist-

ance. This is achieved by the introduction of small quantities of alloying elements, predom-

inantly chromium. For chromium steels, it is imperative that quenching be accompanied by

subsequent tempering. If it is necessary to preserve hardness at the level of the quenched state,

the tempering temperature should not exceed 150–1708C (300–3408F).

In all cases where quenching should be accompanied by minimum deformation during the

pearlite ! martensite transformation (pearlite is the initial structure in this process), low-

deformation tool steels are used. Such steels can be obtained by alloying with elements that

increase the amount of retained austenite in the quenched state, namely, chromium and

manganese. These steels contain about 12% Cr and ~1.5% C. The formation of a large

amount of carbides (Cr,Fe)7C3 significantly improves their wear resistance.

These high-chromium steels belong to the ledeburitic class. In the cast state, the initial

carbides form the eutectic ledeburite. In forging, the eutectic breaks down and the structure of

the steels consists of sorbite-forming pearlite with inclusions of excess carbides. When heated

for quenching, the carbides dissolve in austenite. The highest hardness of the steel is achieved

upon quenching at ~10508C (~19208F).
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To obtain high hardness, the steel is quenched in oil. The retained austenite precipitates in

the process of cold treatment and tempering. Owing to the greater stability of martensite

compared to other steels, the tempering temperature is increased to 200–2208C (390–4308F).

4.5.7.3 Die Steels

Dies operating in the cold state need high-hardness steels. The steel to be used in hot pressing

should have low sensitivity to local heating. Different grades of steels—from carbon to

complex alloy steels—are used in the production of dies. Carbon steel is used for dies

operating under mild conditions and alloy steel for dies operating under severe conditions.

Carbon steel contains 0.6–1% C. Alloy steel includes 0.3–0.7% C, Cr, Si, and sometimes Ni.

Dies made of alloy steels are usually quenched from ~8508C (15608F) in oil with subse-

quent tempering at 500–5508C (930–10208F). Hardness of the steel amounts to 350–400HB.

Dies for cold pressing are quenched in the temperature range of 860–10508C (1580–19208F)

(depending on the steel grade) in oil with subsequent tempering at 200–3008C (390–5708F).

Depending on the tempering temperature and the steel grade, the steel hardness is within

Rc¼ 56–62.

4.5.7.4 High-Speed Steels

High-speed steels must not only possess high hardness in the hot state, but also be able to

retain it during long heating (red hardness). To preserve hardness during heating, it is

necessary to hamper the process of carbide coagulation. For this purpose, special carbides

should be formed. Such carbides can be produced if the steel is alloyed with 3% Cr. The

special carbide Cr7C3 coagulates at high temperatures to a lesser degree than cementite.

Noticeable precipitation and coagulation of special Cr, Mo, W, and V carbides occur at

temperatures over 5008C (9308F).

All high-speed steels are rated in the ledeburite class and in the cast state have the

structure of white hypoeutectic cast iron. As a result of forging, the structure of the high-

speed steel changes and the eutectic is broken down into individual carbides. In the annealed

state, three types of carbides are observed: coarse primary carbides, smaller secondary

carbides, and fine-grain carbides entering into the composition of upper bainite. Ferrite,

which is found in upper bainite, also contains some alloying impurities.

Heating of the high-speed steel to the point Ac1 (800–8508C; 1470–15608F) is not accompan-

ied by structural changes. Above this point, the eutectoid transforms to austenite, the secondary

carbides dissolve in the austenite, and it is saturated with carbon and alloying elements.

Solubility of carbides depends on how long the steel is held at the quenching temperature.

With an increase in the holding time, there is more complete dissolution of carbides

in austenite.

Carbon and alloying elements contained in austenite lower the martensite point and

increase the content of retained austenite. At quenching temperatures above 10008C
(18328F) the martensite point decreases to 08C (328F) or lower. This peculiarity is taken

advantage of in the heat treatment of tools made of high-speed steels.

In the process of steel tempering, the following structural changes take place. Heating to

100–2008C (212–3908F) causes a small compression, since the tetragonal martensite trans-

forms to the cubic modification. At 300–4008C (570–7508F), hardness deteriorates owing to a

decrease in the work hardening of retained austenite. At 500–6008C (930–11108F), finely

disperse carbides precipitate from austenite. Cooling the steel from these temperatures brings

about the secondary formation of martensite: depleted austenite transforms to martensite in

larger quantities.
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The higher the tempering temperature or the longer the tempering time, the greater the

amount of retained austenite transformed to martensite. Complete transformation of auste-

nite can be attained by multiple tempering. The microstructure of the quenched and tempered

steel should consist of finely dispersed martensite and carbides.

The quenching temperature of high-speed steel should be as high as possible, but at the

same time it should not allow intensive grain growth (1260–12808C; 2300–23408F). During

quenching the steel may be cooled comparatively slowly owing to a low-critical rate of

quenching (in air or oil). Tempering is an obligatory operation and is usually realized at

560–5808C (1040–10758F) for 3 h. To obtain still better properties, two- or threefold temper-

ing is used, with the holding time at each stage at least for 1 h.
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5.1 DEFINITION OF HARDENABILITY

Hardenability, in general, is defined as the ability of a ferrous material to acquire hardness

after austenitization and quenching. This general definition comprises two subdefinitions: the

ability to reach a certain hardness level (German: Aufhärtbarkeit) and the hardness distribu-

tion within a cross section (German: Einhärtbarkeit).

The ability to reach a certain hardness level is associated with the highest attainable

hardness. It depends first of all on the carbon content of the material and more specifically on

the amount of carbon dissolved in the austenite after the austenitizing treatment, because only

this amount of carbon takes part in the austenite-to-martensite transformation and has relevant

influence on the hardness ofmartensite. Figure 5.1 shows the approximate relationship between

the hardness of the structure and its carbon content for different percentages of martensite [1].
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FIGURE 5.1 Approximate relationship between hardness in HRC and carbon content for different

percentages of martensite. (From G. Spur (Ed.), Handbuch der Fertigungstechnik, Band 4=2, Wärmebe-

handeln, Carl Hanser, Munich, 1987, p. 1012.)
The hardness distribution within a cross section is associated with the change of hardness

from the surface of a specified cross section toward the core after quenching under specified

conditions. It depends on carbon content and the amount of alloying elements dissolved in

the austenite during the austenitizing treatment. It may also be influenced by the austenite

grain size. Figure 5.2 shows the hardness distributions within the cross sections of bars of

100 mm diameter after quenching three different kinds of steel [2].

In spite of quenching the W1 steel in water (i.e., the more severe quenching) and the other

two grades in oil, the W1 steel has the lowest hardenability because it does not contain

alloying elements. The highest hardenability in this case is that of the D2 steel, which has the

greatest amount of alloying elements.
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FIGURE 5.2 Hardness distributions within cross sections of bars of 100mm diameter for three different

kinds of steel, after quenching. Steel W1 was water-quenched; the rest were oil-quenched. (From

K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984, p. 145.)
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When a steel has high hardenability it achieves a high hardness throughout the entire

heavy section (as D2 in Figure 5.2) even when it is quenched in a milder quenchant (oil).

When a steel has low hardenability its hardness decreases rapidly below the surface (as W1 in

Figure 5.2), even when it is quenched in the more severe quenchant (water).

According to their ability to reach a certain hardness level, shallow-hardening high-

carbon steels may reach higher maximum hardness than alloyed steels of high hardenability

while at the same time achieving much lower hardness values across a cross section. This can

be best compared by using Jominy hardenability curves (see Section 5.3.2). Hardenability is

an inherent property of the material itself, whereas hardness distribution after quenching

(depth or hardening) is a state that depends on other factors as well.
5.2 FACTORS INFLUENCING DEPTH OF HARDENING

Depth of hardening is usually defined as the distance below the surface at which a certain

hardness level (e.g., 50 HRC) has been attained after quenching. Sometimes it is defined as the

distance below the surface within which the martensite content has reached a certain min-

imum percentage.

As a consequence of the austenite-to-martensite transformation, the depth of hardening

depends on the following factors:
� 20
1. Shape and size of the cross section

2. Hardenability of the material

3. Quenching conditions
Quenching conditions include not only the specific quenchant with its inherent chemical

and physical properties, but also important process parameters such as bath temperature and

agitation rate.

The cross-sectional shape has a remarkable influence on heat extraction during quenching

and consequently on the resulting hardening depth. Bars of rectangular cross sections always

achieve less depth of hardening than round bars of the same cross-sectional size. Figure 5.3 is

a diagram that can be used to convert square and rectangular cross sections to equivalent

circular cross sections. For example, a 38-mm square and a 25 � 100-mm rectangular cross

section are each equivalent to a 40-mm diameter circular cross section; a 60 � 100-mm

rectangular cross section is equivalent to an 80-mm diameter circle [2].

The influence of cross-sectional size when quenching the same grade of steel under the

same quenching conditions is shown in Figure 5.4A. Steeper hardness decreases from surface

to core and substantially lower core hardness values result from quenching a larger cross

section.

Figure 5.4B shows the influence of hardenability and quenching conditions by comparing

an unalloyed (shallow-hardening) steel to an alloyed steel of high hardenability when each is

quenched in (a) water or (b) oil. The critical cooling rate (ncrit) of the unalloyed steel is higher

than the critical cooling rate of the alloyed steel. Only those points on the cross section that

have been cooled at a higher cooling rate than ncrit could transform to martensite and attain

high hardness. With unalloyed steel this can be achieved up to some depth only by quenching

in water (curve a); oil quenching (curve b) provides essentially no hardness increase. With

alloyed steel, quenching in water (because of the high cooling rate of water) produces a

cooling rate greater than ncrit even in the core, resulting in through-hardening. Oil quenching

(curve b) provides, in this case, cooling rates higher than ncrit within quite a large depth of

hardening. Only the core region remains unchanged.
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5.3 DETERMINATION OF HARDENABILITY

5.3.1 GROSSMANN ’S HARDENABILITY C ONCEPT

Grossmann’s method of testing hardenability [3] uses a number of cylindrical steel bars of

different diameters hardened in a given quenching medium. After sectioning each bar at

midlength and examining it metallographically, the bar that has 50% martensite at its center is

selected, and the diameter of this bar is designated as the critical diameter ( Dcrit). The

hardness value corresponding to 50% martensite will be determined exactly at the center of

the bar of Dcrit. Other bars with diameters smaller than Dcrit have more than 50% martensite

in the center of the cross section and correspondingly higher hardness, while bars having

diameters larger than Dcrit attain 50% martensite only up to a certain depth as shown in

Figure 5.5. The critical diameter Dcrit is valid for the quenching medium in which the bars

have been quenched. If one varies the quenching medium, a different critical diameter will be

obtained for the same steel.

To identify a quenching medium and its condition, Grossmann introduced the quenching

intensity (severity) factor H. The H values for oil, water, and brine under various rates of

agitation are given in Table 5.1[4]. From this table, the large influence of the agitation rate on

the quenching intensity is evident.

To determine the hardenability of a steel independently of the quenching medium,

Grossmann introduced the ideal critical diameter DI, which is defined as the diameter of a

given steel that would produce 50% martensite at the center when quenched in a bath of

quenching intensity H ¼1. Here, H ¼1  indicates a hypothetical quenching intensity that

reduces the surface temperature of the heated steel to the bath temperature in zero time.

Grossmann and his coworkers also constructed a chart, shown in Figure 5.6, that allows the

conversion of any value of critical diameter Dcrit for a given H value to the corresponding

value for the ideal critical diameter (DI) of the steel in question [2].

For example, after quenching in still water ( H ¼ 1.0), a round bar constructed of steel A

has a critical diameter ( Dcrit) of 28 mm according to Figure 5.6. This corresponds to an ideal

critical diameter (DI) of 48 mm. Another round bar, constructed of steel B, after quenching in

oil ( H ¼ 0.4), has a critical diameter ( Dcrit) of 20 mm. Converting this value, using Figure 5.6,

provides an ideal critical diameter (DI) of 52 mm. Thus, steel B has a higher hardenability

than steel A. This indicates that DI is a measure of steel hardenability that is independent of

the quenching medium.
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TABLE 5.1
Grossmann Quenching Intensity Factor H

H Value (in.21)

Method of Quenching Oil Water Brine

No agitation 0.25–0.30 1.0 2.0

Mild agitation 0.30–0.35 1.0–1.1 2.0–2.2

Moderate agitation 0.35–0.40 1.2–1.3

Good agitation 0.40–0.50 1.4–1.5

Strong agitation 0.50–0.80 1.6–2.0

Violent agitation 0.80–1.10 4.0 5.0

Source: Metals Handbook, 8th ed., Vol. 2, American Society for Metals, Cleveland, OH, 1964, p. 18.
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(From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984, p. 145.)
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FIGURE 5.7 The ideal critical diameter (DI) as a function of the carbon content and austenite grain size

for plain carbon steels, according to Grossmann. (From K.E. Thelning, Steel and its Heat Treatment,

2nd ed., Butterworths, London, 1984, p. 145.)
If DI is known for a particular steel, Figure 5.6 will provide the critical diameter of that

steel for various quenching media. For low- and medium-alloy steels, hardenability as

determined by DI may be calculated from the chemical composition after accounting for

austenite grain size. First, the basic hardenability of the steel as a function of carbon content

and austenite grain size is calculated from Figure 5.7 according to the weight percent of each

element present. For example: if a steel has an austenite grain size of American Society for

Testing and Materials (ASTM) 7 and the chemical composition C 0.25%, Si 0.3%, Mn 0.7%,

Cr 1.1%, Mo 0.2%, then the basic value of hardenability from Figure 5.7 (in inches) is

DI ¼ 0.17. The total hardenability of this steel is

DI ¼ 0:17 � 1:2 � 3:3 � 3:4 � 1:6 ¼ 3:7 in: (5:1)

For these calculations, it is presumed that the total amount of each element is in solution at

the austenitizing temperature. Therefore the diagram in Figure 5.8 is applicable for carbon

contents above 0.8% C only if all of the carbides are in solution during austenitizing. This is

not the case, because conventional hardening temperatures for these steels are below the

temperatures necessary for complete dissolution of the carbides. Therefore, decreases in the

basic hardenability are to be expected for steels containing more than 0.8% C, compared to

values in the diagram. Later investigations by other authors produced similar diagrams that

account for this decrease in the basic hardenability that is to be expected for steels with more

than 0.8% C, compared to the values shown in Figure 5.8 [6]. Although values of DI

calculated as above are only approximate, they are useful for comparing the hardenability

of two different grades of steel.

The most serious objection to Grossmann’s hardenability concept is the belief that the

actual quenching intensity during the entire quenching process can be described by a single H

value. It is well known that the heat transfer coefficient at the interface between the metal
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DI value, according to AISI. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths,

London, 1984, p. 145.)
surface and the surrounding quenchant changes dramatically during different stages of the

quenching process for a vaporizable fluid.

Another difficulty is the determination of the H value for a cross-sectional size other

than the one experimentally measured. In fact, H values depend on cross-sectional size [7].

Figure 5.9 shows the influence of steel temperature and diameter on H values for an 18Cr8Ni

round bar quenched in water from 845 8C [7]. It is evident that the H value determined in this

way passed through a maximum with respect to terminal temperatures. It is also evident that

H values at the centers of round bars decreased with increasing diameter.

Values of the quenching intensity factor H do not account for specific quenchant

and quenching characteristics such as composition, oil viscosity, or the temperature of the

quenching bath. Table of H values do not specify the agitation rate of the quenchant either

uniformly or precisely; that is, the uniformity throughout the quench tank with respect to

mass flow or fluid turbulence is unknown. Therefore, it may be assumed that the tabulated H

values available in the literature are determined under the same quenching conditions. This

assumption, unfortunately, is rarely justified.

In view of these objections, Siebert et al. [8] state: ‘‘It is evident that there cannot be a

single H-value for a given quenching bath, and the size of the part should be taken into

account when assigning an H-value to any given quenching bath.’’

5.3. 1.1 Harden ability in High-C arbon Steels

The hardenability effect of carbon and alloying elements in high-carbon steels and the case

regions of carburized steels differ from those in low- and medium-carbon steels and are

influenced significantly by the austenitizing temperature and prior microstructure (normal-

ized or spheroidize-annealed). Using Grossmann’s method for characterizing hardenability

in terms of the ideal critical diameter DI, multiplying factors for the hardenability effects of

Mn, Si, Cr, Ni, Mo, and Al were successfully derived [9] for carbon levels ranging from 0.75

to 1.10% C in single-alloy and multiple-alloy steels quenched at different austenitizing

temperatures from 800 to 930 8C. These austenitizing temperatures encompass the hardening

temperatures of hypereutectoid tool steels, 1.10% C bearing steels, and the case regions of
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FIGURE 5.9 Change of the H value with temperature and size of the round bar. Calculated from cooling

curves measured at the center of bars made of 18Cr8Ni steel quenched in water from 8458C, according

to Carney and Janulionis. (From D.J. Carney and A.D. Janulionis, Trans. ASM 43:480–496, 1951.)
carburized steels. All of these steels, when quenched, normally contain an excess of undis-

solved carbides, which means that the quantity of carbon and alloying elements in solution

could vary with the prior microstructure and the austenitizing conditions. The hardenability

of these steels is influenced by the carbide size, shape, and distribution in the prior micro-

structure and by austenitizing temperature and time. Grain size exhibits a lesser effect because

hardenability does not vary greatly from ASTM 6 to 9 when excess carbides are present.

As a rule, homogenous high-carbon alloy steels are usually spheroidize-annealed for

machining prior to hardening. Carburizing steel grades are either normalized, i.e., air-cooled,

or quenched in oil directly from the carburizing temperature before reheating for hardening.

So different case microstructures (from martensite to lamellar pearlite) may be present, all of

which transform to austenite rather easily during reheating for hardening. During quenching,

however, the undissolved carbides will nucleate pearlite prematurely and act to reduce hard-

enability.

In spheroidize-annealed steel, the carbides are present as large spheroids, which are much

more difficult to dissolve when the steel is heated for hardening. Therefore the amount of

alloy and carbon dissolved is less when one starts with a spheroidized rather than a normal-

ized or quenched microstructure. Nevertheless, it has been demonstrated that a spheroidized

prior microstructure actually yields higher hardenability than a prior normalized microstruc-

ture, at least for austenitizing temperatures up to approximately 8558C. This effect occurs

because larger carbides are not as efficient nuclei for early pearlite formation upon cooling as

fine and lamellar carbides and the nuclei are present in lower numbers. With either prior

microstructure, if strict control is maintained over austenitizing temperature and time, the

solution of carbon and alloy can be reproduced with sufficient consistency to permit the
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FIGURE 5.10 Average relationships among hardenability values (expressed as DI) in terms of 50, 95,

and 99.9% martensite microstructures. (From Metals Handbook, ASM International, Cleveland,

OH, 1948, p. 499.)
derivation of multiplying factors. For all calculations, it was important to establish whether

pearlite or bainite would limit hardenability because the effects of some elements on these

reactions and on hardenability differ widely.

The multiplying factors were calculated according to a structure criterion of DI to 90%

martensite plus retained austenite (or 10% of nonmartensitic transformation) and with

reference to a base composition containing 1.0% C and 0.25% of each of the elements Mn,

Si, Cr, and Ni, with 0% Mo to ensure that the first transformation product would not be

bainite. The 50% martensite hardenability criterion (usually used when calculating DI) was

selected by Grossmann because this structure in medium-carbon steels corresponds to an

inflection in the hardness distribution curve. The 50% martensite structure also results in

marked contrast in etching between the hardened and unhardened areas and in the fracture

appearance of these areas in a simple fracture test. For many applications, however, it may be

necessary to through-harden to a higher level of martensite to obtain optimum properties of

tempered martensite in the core.

In these instances, D1 values based on 90, 95, or 99.9% martensite must be used in

determining the hardenability requirements. These D1 values can be either experimentally

determined or estimated from the calculated 50% martensite values using the relationships

shown in Figure 5.10, which were developed for medium-carbon low-alloy steels [10]. A curve

for converting the D1 value for the normalized structure to the DI value of the spheroidize-

annealed structure as shown in Figure 5.11 is also available. New multiplying factors for D1

values were obtained from the measured Jominy curves using the conversion curve modified

by Carney shown in Figure 5.12.

The measured DI values were plotted against the percent content of various elements in

the steel. These curves were then used to adjust the DI value of the steels whose residual

content did not conform to the base composition. Once the DI value of each analysis was

adjusted for residuals, the final step was to derive the multiplying factors for each element

from the quotient of the steels D�I and that of the base as follows:

fMn ¼
D�I at x % Mn

DI

(5:2)

where DI is the initial reference value.
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FIGURE 5.11 Correlation between hardenability based on normalized and spheroidize-annealed prior

structures in alloyed 1.0% C steels. (From C.F. Jatczak, Metall. Trans. 4:2267–2277, 1973.)
Excellent agreement was obtained between the case hardenability results of carburized

steels assessed at 1.0% carbon level and the basic hardenability of the 1.0% C steels when

quenched from the normalized prior structure. It was thus confirmed that all multiplying

factors obtained with prior normalized 1.0% C steels could be used to calculate the hard-

enability of all carburizing grades that are reheated for hardening following carburizing.

Jatczak and Girardi [11] determined the difference in multiplying factors for prior nor-

malized and prior spheroidize-annealed structures as shown in Figure 5.13 and Figure 5.14.

The influence of austenitizing temperature on the specific hardenability effect is evident. The

multiplying factors shown in Figure 5.15 through Figure 5.18 were principally determined in

compositions where only single-alloy additions were made and that were generally pearlitic in

initial transformation behavior. Consequently, these multiplying factors may be applied to
2

10

20

30

40

50

60

70

4 6 8 10 12 14 16 18 20 22 24 26 28 30 32

.2 .4 .6 .8 1.0
Distance from end-quenched end—sixteenths

D
 I

Distance from end-quenched end—in.
1.2 1.4 1.6 1.8 2.0

Sixteenths
3.0 4.0

6456484032

80

70

60

2.0
in.

FIGURE 5.12 Relationship between Jominy distance and DI. (From C.F. Jatczak, Metall. Trans.

4:2267–2277, 1973.)
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Hypereutectoid Steels Hardened from 17008F, Climax Molybdenum Company, Ann Arbor, MI, 1958.)
the calculation of hardenability of all single-alloy high-carbon compositions and to those

multialloyed compositions that remain pearlitic when quenched from these austenitizing

conditions. This involves all analyses containing less than 0.15% Mo and less than 2% total

of Ni plus Mn and also less than 2% Mn, Cr, or Ni when they are present individually. Of

course, all of the factors given in Figure 5.15 through Figure 5.18 also apply to the calculation

of case hardenability of similar carburizing steels that are rehardened from these temperatures

following air cooling or integral quenching.
0
0

1

2

3

M
ul

tip
ly

in
g 

fa
ct

or

4

5

6

0.25 0.50

Mo

Si-Multi-alloy steels

Mn

Cr

% C
0.75

0.70

0.80

Carbon factor

Annealed prior structure

Base : DI — 1.42

0.90

1.00

1.00 1.25 1.50

NiNi

Mn, Cr, Si

0.75 1.00 1.25
Percent element

1.50 1.75 2.00 2.25

Si-Single-alloy steels

FIGURE 5.14 Multiplying factors for calculation of hardenability of high-carbon steels of prior

spheroidize-annealed structure. (From C.F. Jatczak and D.J. Girardi, Multiplying Factors for the

Calculation of Hardenability of Hypereutectoid Steels Hardened from 17008F, Climax Molybdenum
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For steels containing more Mo, Ni, Mn, or Cr than the above percentages, the measured

hardenability will always be higher than calculated with the single-alloy multiplying factors

because these steels are bainitic rather than pearlitic and also because synergistic harden-

ability effects have been found to occur between certain elements when present together. The

latter effect was specifically noted between Ni and Mn, especially in steels made bainitic by

the addition of 0.15% or more Mo and that also contained more than 1.0% Ni.

The presence of synergistic effects precluded the use of individual multiplying factors for

Mn and Ni, as the independence of alloying element effects is implicit in the Grossmann

multiplying factor approach. This difficulty, however, was successfully surmounted by com-

puting combined Ni and Mn factors as shown in Figure 5.19.

The factors from Figure 5.15 through Figure 5.18 can also be used for high-carbon steels

that are spheroidize-annealed prior to hardening. However, the calculated DI value must be

converted to the annealed DI value at the abscissa on Figure 5.11. The accuracy of hard-

enability prediction using the new factors has been found to be within +10% at DI values as

high as 660 mm (26.0 in.).
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800 to 8558C, to be used in place of individual factors when composition contains more than 1.0% Ni
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5.3.2 JOMINY E ND-Q UENCH HARDENABILITY T EST

The end-quench hardenability test developed by Jominy and Boegehold [12] is commonly

referred to as the Jominy test. It is used worldwide, described in many national standards, and

available as an international standard [13]. This test has the following significant advantages:
FIG

� 20
1. It characterizes the hardenability of a steel from a single specimen, allowing a wide

range of cooling rates during a single test.

2. It is reasonably reproducible.
The steel test specimen (25 mm diameter � 100 mm) is heated to the appropriate auste-

nitizing temperature and soaked for 30 min. It is then quickly transferred to the supporting

fixture (Jominy apparatus) and quenched from the lower end by spraying with a jet of water

under specified conditions as illustrated in Figure 5.20. The cooling rate is the highest at the

end where the water jet impinges on the specimen and decreases from the quenched end,

producing a variety of microstructures and hardnesses as a function of distance from the

quenched end. After quenching, two parallel flats, approximately 0.45 mm below surface, are

ground on opposite sides of the specimen and hardness values (usually HRC) are measured at

1=16 in. intervals from the quenched end and plotted as the Jominy hardenability curve (see

Figure 5.21). When the distance is measured in millimeters, the hardness values are taken at

every 2 mm from the quenched end for at least a total distance of 20 or 40 mm, depending on

the steepness of the hardenability curve, and then every 10 mm. On the upper margin of the

Jominy hardenability diagram, approximate cooling rates at 7008C may be plotted at several

distances from the quenched end.
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URE 5.20 Jominy specimen and its quenching conditions for end-quench hardenability test.
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FIGURE 5.21 Measuring hardness on the Jominy specimen and plotting the Jominy hardenability

curve. (From G. Krauss, Steels Heat Treatment and Processing Principles, ASM International, Metals

Park, OH, 1990.)
Figure 5.22 shows Jominy hardenability curves for different unalloyed and low-alloyed

grades of steel. This figure illustrates the influence of carbon content on the ability to reach a

certain hardness level and the influence of alloying elements on the hardness distribution

expressed as hardness values along the length of the Jominy specimen. For example, DIN

Ck45, an unalloyed steel, has a carbon content of 0.45% C and exhibits a higher maximum

hardness (see the value at 0 distance from the quenched end) than DIN 30CrMoV9 steel,
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FIGURE 5.22 Jominy hardenability curves (average values) for selected grades of steel (designations

according to German DIN standard). (From G. Spur (Ed.), Handbuch der Fertigungstechnik, Band 4=2,

Wärmebehandeln, Carl Hanser, Munich, 1987, p. 1012.)
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FIGURE 5.23 Reproductibility of the end-quench hardenability test. Hardenability range (hatched

area between curves) based on tests by nine laboratories on a single heat of SAE 4068 steel. (From

C.A. Siebert, D.V. Doane, and D.H. Breen, The Hardenability of Steels, ASM International, Cleveland,

OH, 1997.)
which has only 0.30% C. However, the latter steel is alloyed with Cr, Mo, and V and shows a

higher hardenability by exhibiting higher hardness values along the length of the specimen.

The Jominy end-quench test is used mostly for low-alloy steels for carburizing (core

hardenability) and for structural steels, which are typically through-hardened in oils and

tempered. The Jominy end-quench test is suitable for all steels except those of very low or very

high hardenability, i.e., D1 < 1.0 in. or D1> 6.0 in. [8]. The standard Jominy end-quench test

cannot be used for highly alloyed air-hardened steels. These steels harden not only by heat

extraction through the quenched end but also by heat extraction by the surrounding air. This

effect increases with increasing distance from the quenched end.

The reproducibility of the standard Jominy end-quench test was extensively investigated,

and deviations from the standard procedure were determined. Figure 5.23 shows the results of

an end-quench hardenability test performed by nine laboratories on a single heat of SAE 4068

steel [8]. Generally, quite good reproducibility was achieved, although the maximum differ-

ence may be 8–12 HRC up to a distance of 10 mm from the quenched end depending on the

slope of the curve. Several authors who have investigated the effect of deviations from the

standard test procedure have concluded that the most important factors to be closely

controlled are austenitization temperature and time, grinding of the flats of the test bar,

prevention of grinding burns, and accuracy of the measured distance from the quenched end.

Other variables such as water temperature, orifice diameter, free water-jet height, and transfer

time from the furnace to the quenching fixture are not as critical.

5.3.2.1 Hardenability Test Methods for Shallow-Hardening Steels

If the hardenability of shallow-hardening steels is measured by the Jominy end-quench test,

the critical part of the Jominy curve is from the quenched end to a distance of about 1=2 in.

Because of the high critical cooling rates required for shallow-hardening steels, the hardness

decreases rapidly for every incremental increase in Jominy distance. Therefore the standard

Jominy specimen with hardness readings taken at every 1=16 in. (1.59 mm) cannot describe

precisely the hardness trend (or hardenability). To overcome this difficulty it may be helpful
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to (1) modify the hardness survey when using standard Jominy specimens or (2) use special L

specimens.

5.3.2.1.1 Hardness Survey Modification for Shallow-Hardening Steels
The essential elements of this procedure, described in ASTM A255, are as follows:
FIG
in m

� 20
1. The procedure in preparing the specimen before making hardness measurements is the

same as for standard Jominy specimens.

2. An anvil that provides a means of very accurately measuring the distance from the

quenched end is essential.

3. Hardness values are obtained from 1=16 to 1=2 in. (1.59–12.7 mm) from the quenched

end at intervals of 1=32 in. (0.79 mm). Beyond 1=2 in., hardness values are obtained at

5=8, 3=4, 7=8, and 1 in. (15.88, 19.05, 22.23, and 25.4 mm) from the quenched end. For

readings within the first 1=2 in. from the quenched end, two hardness traverses are

made, both with readings 1=16 in. apart: one starting at 1=16 in. and completed at 1=2
in. from the quenched end, and the other starting at 3=32 in. (2.38 mm) and completed

at 15=32 in. (11.91 mm) from the quenched end.

4. Only two flats 1808 apart need be ground if the mechanical fixture has a grooved bed

that will accommodate the indentations of the flat surveyed first. The second hardness

traverse is made after turning the bar over. If the fixture does not have such a grooved

bed, two pairs of flats should be ground, the flats of each pair being 1808 apart. The

two hardness surveys are made on adjacent flats.

5. For plotting test results, the standard form for plotting hardenability curves should be

used.
5.3.2.1.2 The Use of Special L Specimens
To increase the cooling rate within the critical region when testing shallow-hardening steels,

an L specimen, as shown in Figure 5.24, may be used. The test procedure is standard except

that the stream of water rises to a free height of 100+5 mm (instead of the 63.55 mm with a

standard specimen) above the orifice, without the specimen in position.
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URE 5.24 L specimens for Jominy hardenability testing of shallow-hardening steels. All dimensions

illimeters.
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FIGURE 5.25 Estimation of area according to SAC method. (From Metals Handbook, 9th ed., Vol. 1,

ASM International, Metals Park, OH, 1978, pp. 473–474.) [15]
5.3.2.1.3 The SAC Hardenability Test
The SAC hardenability test is another hardenability test for shallow-hardening steels, other

than carbon tool steels, that will not through-harden in sizes larger than 25.4 mm (1 in.) in

diameter. The acronym SAC denotes surface area center and is illustrated in Figure 5.25.

The specimen is 25.4 mm (1 in.) in diameter and 140 mm (5.5 in.) long. After normalizing at

the specified temperature of 1 h and cooling in air, it is austenitized by being held at

temperature for 30 min and quenched in water at 24+58C, where it is allowed to remain

until the temperature is uniform throughout the specimen.

After the specimenhasbeenquenched, a cylinder 25.4mm(1 in.) in length is cut from itsmiddle.

The cut faces of the cylinder are carefully ground parallel to remove any burning or tempering

that might result from cutting and to ensure parallel flat surfaces for hardness measuring.

First HRC hardness is measured at four points at 908 to each other on the surface. The

average of these readings then becomes the surface reading. Next, a series of HRC readings

are taken on the cross section in steps of 1=16 in. (1.59 mm) from the surface to the center of

the specimen. From these readings, a quantitative value can be computed and designated by a

code known as the SAC number.

The SAC code consists of a set of three two-digit numbers indicating (1) the surface hardness,

(2) the total Rockwell (HRC)-inch area, and (3) the center hardness. For instance, SAC 60-54-43

indicates a surface hardness of 60 HRC, a total Rockwell-inch area of 54, and a center hardness

of 43 HRC. The computation of the total Rockwell-inch area is shown in Figure 5.25.

5.3.2.1.4 Hot Brine Hardenability Test
For steels of very low hardenability, another test has been developed [15] that involves

quenching several specimens 2.5 mm (0.1 in.) thick and 25 mm (1.0 in.) square in hot brine

at controlled temperatures (and controlled quench severity), and determining the hardness

and percent martensite of each specimen. The brine temperature for 90% martensite structure

expressed as an equivalent diameter of a water-quenched cylinder is used as the hardenability
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criterion. Although somewhat complex, this is a precise and reproducible method for experi-

mentally determining the hardenability of shallow-hardening steels. By testing several steels

using this method, a linear regression equation has been derived for estimating hardenability

from chemical composition and grain size that expresses the relative contribution of carbon

and alloying elements by additive terms instead of multiplicative factors.

5.3.2 .2 Har denab ility Test Methods for Air-Har dening Steel s

When a standard Jominy specimen is used, the cooling rate at a distance of 80 mm from the

quenched end (essentially the opposite end of the specimen) is approximately 0.7 K =s. The

hardenability of all steel grades with a critical cooling rate greater than 0.7 K =s can be

determined by the standard Jominy end-quench hardenability test as a sufficient decrease in

hardness will be obtained from increasing amounts of nonmartensite transformation products

(bainite, pearlite, ferrite). However, for steels with a critical cooling rate lower than 0.7 K =s
there will be no substantial change in the hardness curve because martensite will be obtained

at every distance along the Jominy specimen. This is the case with air-hardening steels. To

cope with this situation and enable the use of the Jominy test for air-hardening steels, the

mass of the upper part of the Jominy specimen should be increased [16] by using a stainless

steel cap as shown in Figure 5.26. In this way, cooling rates of the upper part of the specimen

are decreased below the critical cooling rate of the steel itself.

The complete device consists of the conical cap with a hole through which the specimen can be

fixed with the cap. When austenitizing, a leg is installed on the lower end of the specimen as shown

inFigure 5.26 to equalize heating so that the same austenitizing conditions exist along the entire test

specimen. The total heating time is 40 min plus 20 min holding time at the austenitizing tempera-

ture. Before quenching the specimen according to the standard Jominy test procedure (together

with the cap), the leg should be removed. Figure 5.27 illustrates cooling rates when quenching

a standard Jominy specimen and a modified specimen with added cap. This diagram illustrates

the relationship between the cooling times from the austenitizing temperature to 5008C and the

distance from the quenched end of the specimen for different austenitizing temperatures.

Figure 5.27 shows that at an austenitizing temperature of 8008C up to a distance of 20 mm

from the quenched end, the cooling time curves for the standard specimen and the modified
All dimensions
     in mm

Cap

Leg

26 f

30 f

32 f
43 f

45 f

70 f

58 f
42 f

66 f

65
47

.5
8

84

27
87

FIGURE 5.26 Modification of the standard Jominy test by the addition of a cap to the specimen for

testing the hardenability of air-hardening steels. (From A. Rose and L. Rademacher, Stahl Eisen

76(23):1570–1573, 1956 [in German].)
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FIGURE 5.27 Cooling times between austenitizing temperature and 5008C for the standard Jominy

specimen and for a specimen modified by adding a cap. (From A. Rose and L. Rademacher, Stahl Eisen

76(23):1570–1573, 1956 [in German].)
specimen have the same path and thus the same cooling rate. At distances beyond approxi-

mately 20 mm, the cooling time curve for the modified specimen exhibits increasingly slower

cooling rates relative to the standard specimen. By adding the cap, the cooling time is nearly

doubled, or the cooling rate is approximately half that exhibited by the unmodified test piece.

Figure 5.28 shows two Jominy hardenability curves, one obtained with the standard

specimen and the other with the modified specimen, for the hot-working tool steel DIN

45CrMoV67 (0.43% C, 1.3% Cr, 0.7% Mo, 0.23% V). Up to 20 mm from the quenched end,

both curves are nearly equivalent. At greater distances, the retarded cooling exhibited by the

modified specimen causes the decrease in hardness to start at 23 mm from the quenched end,

while the decrease in hardness for the standard specimen begins at approximately 45 mm.

The full advantage of the test with modified specimens for an air-hardening steel can be

seen only if a quenched Jominy specimen is tempered at a temperature that will result in a

secondary hardening effect. Figure 5.29 illustrates this for the tool steel DIN 45CrVMoW58
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FIGURE 5.28 Jominy hardenability curves of grade DIN 45CrMoV67 steel for a standard specimen and

for a specimen modified by adding a cap. (From A. Rose and L. Rademacher, Stahl Eisen 76(23):1570–

1573, 1956 [in German].)
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FIGURE 5.29 Jominy hardenability curves of grade DIN 45CrVMoW58 steel after quenching (solid

curve) and after quenching and tempering (dashed curves) for a specimen modified by adding a cap.

(From A. Rose and L. Rademacher, Stahl Eisen 76(23):1570–1573, 1956 [in German].)
(0.39% C, 1.5% Cr, 0.5% Mo, 0.7% V, 0.55% W). After tempering at 3008C, the hardness near the

quenched enddecreases.Within this regionmartensitic structure is predominant.At about 25mm

from the quenched end the hardness curve after tempering becomes equal to the hardness curve

after quenching. After tempering to 5508C, however, the hardness is even more decreased up to a

distance of 17 mm from the quenched end, and for greater distances a hardness increase up to

about 4 HRC units can be seen as a result of the secondary hardening effect. This increase in

hardness can be detected only when the modified Jominy test is conducted.

Another approach for measuring and recording the hardenability of air-hardening steels

is the Timken Bearing Company Air hardenability Test [17]. This is a modification of the

air-hardenability testing procedure devised by Post et al. [18].

Two partially threaded test bars of the dimensions shown in Figure 5.30 are screwed into a

cylindrical bar 6 in. in diameter by 15 in. long, leaving 4 in. of each test bar exposed. The total

setup is heated to the desired hardening temperature for 4 h. The actual time at temperature is

45 min for the embedded bar sections and 3 h for the sections extending outside the large

cylinder. The test bar is then cooled in still air. The large cylindrical bar restricts the cooling of

the exposed section of each test bar, producing numerous cooling conditions along the bar length.
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FIGURE 5.30 Timken Roller Bearing Company air hardenability test setup. Two test specimens with

short threaded sections as illustrated are fixed in a large cylindrical bar. (From C.F. Jatczak, Trans.

ASM 58:195–209, 1965.)
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The various positions along the air-hardenability bar, from the exposed end to the

opposite end (each test bar is 10 in. long), cover cooling rates ranging from 1.2 to 0.28F=s.
The hardenability curves for six high-temperature structural and hot-work die steels are

shown in Figure 5.31. The actual cooling rates corresponding to each bar position are

shown. Each bar position is equated in this figure to other section sizes and shapes produc-

ing equivalent cooling rates and hardnesses at the section centers when quenched in air. To

prevent confusion, equivalent cooling rates produced in other media such as oil are not plot-

ted in this chart. However, position 20 on the air-hardenability bar corresponds to the center

of a 13-in. diameter bar cooled in still oil and even larger cylindrical bars cooled in water.
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5.3.3 HARDENABILITY BANDS

Because of differences in chemical composition between different heats of the same grade of

steel, so-called hardenability bands have been developed using the Jominy end-quench test.

According to American designation, the hardenability band for each steel grade is marked by

the letter H following the composition code. Figure 5.32 shows such a hardenability band for

1340H steel. The upper curve of the band represents the maximum hardness values, corre-

sponding to the upper composition limits of the main elements, and the lower curve represents

the minimum hardness values, corresponding to the lower limit of the composition ranges.

Hardenability bands are useful for both the steel supplier and the customer. Today the

majority of steels are purchased according to hardenability bands. Suppliers guarantee that 93

or 95% of all mill heats made to chemical specification will also be within the hardenability

band. The H bands were derived from end-quench data from a large number of heats of a

specified composition range by excluding the upper and lower 3.5% of the data points. Steels

may be purchased either to specified composition ranges or to hardenability limits defined by

H bands. In the latter case, the suffix H is added to the conventional grade designation, for

example 4140H, and a wider composition range is allowed. The difference in hardenability

between an H steel and the same steel made to chemical specifications is illustrated in

Figure 5.32. These differences are not the same for all grades.

High-volume production of hardened critical parts should have close tolerance of the depth

of hardening. The customer may require, at additional cost, only those heats of a steel grade

that satisfy, for example, the upper third of the hardenability band. As shown in Figure 5.33,

the SAE recommended specifications are: means-different ways of specifications
. A minimum and a maximum hardness value at any desired Jominy distance. For example,

J30---56 ¼ 10 =16 in : (A---A, Figure 5:33) (5:3)

If thin sections are to be hardened and high hardness values are expected, the selected Jominy

distance should be closer to the quenched end. For thick sections, greater Jominy distances

are important.
. The minimum and maximum distance from the quenched end where a desired hardness

value occurs. For example,
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J45 ¼ 7=16 � 14 =16 in : (B--B, Figure 5.33) (5 :4)

. Two maximum hardness values at two desired Jominy distances. For example,

J52 ¼ 12 =16 in : ( max ); J38 ¼ 16 =16 in : (max) (5 :5)

. Two minimum hardness values at two desired Jominy distances. For example,

J52 ¼ 6=16 in : ( min ); J28 ¼ 12 =16 in : (min) (5 :6)

Minimum hardenability is significant for thick sections to be hardened; maximum harden-

ability is usually related to thin sections because of their tendency to distort or crack,

especially when made from higher carbon steels.

If a structure–volume fraction diagram (see Figure 5.34) for the same steel is available, the

effective depth of hardening, which is defined by a given martensite content, may be deter-

mined from the maximum and minimum hardenability curves of the band. The structure—

volume fraction diagram can also be used for the preparation of the transformation diagram

when limits of the hardenability of a steel are determined. If the structure—volume fraction

diagram is not available, the limit values of hardness or the effective depth of hardening can

be estimated form the hardenability band using the diagram shown in Figure 5.35. Hardness

depends on the carbon content of steel and the percentage of martensite after quenching.

Figure 5.36. shows the hardenability band of the steel DIN 37MnSi5; the carbon content may

vary from a minimum of 0.31% to a maximum of 0.39%.

The tolerance in the depth of hardening up to 50% martensite between a heat having

maximum hardenability and a heat with minimum hardenability can be determined from the

following examples. For Cmin ¼ 0.31% and 50% martensite, a hardness of 38 HRC can be

determined from Figure 5.35. This hardness corresponds to the lower curve of the hard-

enability band and found at a distance of 4 mm from the quenched end. For Cmax ¼ 0.39%

and 50% martensite, a hardness of 42 HRC can be determined from Figure 5.35. This

hardness corresponds to the upper curve of the hardenability band and is found at 20 mm

from the quenched end.

In this example, the Jominy hardenability (measured up to 50% martensite) for this steel

varies between 4 and 20 mm. Using conversion charts, differences in the depth of hardening

for any given diameter of round bars quenched under the same conditions can be determined.
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F¼ ferrite, P¼ pearlite, B¼ bainite, Ms¼martensite. (From B. Liščić, H.M. Tensi, and W. Luty,

Theory and Technology of Quenching, Springer-Verlag, Berlin, 1992.)
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information can be obtained. (From B. Liščić, H.M. Tensi, and W. Luty, Theory and Technology of

Quenching, Springer-Verlag, Berlin, 1992.)
Effective depth of hardening is not the only information that can be derived from the

hardenability band. Characteristic features of every hardenability band provide information

on the material-dependent spread of hardenability designated the maximum hardness differ-

ence as shown in Figure 5.36. The hardness difference at the same distance from the quenched

end, i.e., at the same cooling rate, can be taken as a measure of material-dependent deviations.

Another important technological point that can be derived from the hardenability band is the

hardness gradient. In Figure 5.36, this is illustrated by the minimum hardenability curve for

the steel in question where there is a high gradient of hardness (22 HRC for only 5 mm

difference in the Jominy distance). High hardness gradients indicate high sensitivity to cooling

rate variation.
5.4 CALCULATION OF JOMINY CURVES FROM CHEMICAL COMPOSITION

The first calculations of Jominy curves based on the chemical composition of steels were

performed in the United States in 1943 [21,22]. Later, Just [23], using regression analysis of

fictitious Jominy curves from SAE hardenability bands and Jominy curves of actual heats

from the USS Atlas (USA) and MPI-Atlas (Germany), derived expressions for calculating the

hardness at different distances (E) from the quenched end of the Jominy specimen. It was

found that the influence of carbon depends on other alloying elements and also on the cooling

rate, i.e., with distance from the quenched end (Jominy distance).

Carbon starts at a Jominy distance of 0 with a multiplying factor of 50, while other

alloying elements have the factor 0 at this distance. This implies that the hardness at a Jominy

distance of 0 is governed solely by the carbon content. The influence of other alloying elements

generally increases from 0 to values of their respective factors up to a Jominy distance of about

10 mm. Beyond this distance, their influence is essentially constant. Near the quenched end the
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influence of carbon prevails, while the influence of other alloying elements remains essentially

constant beyond a Jominy distance of about 10 mm. This led Just to propose a single expression

for the whole test specimen, except for distances shorter than 6 mm:

J6�80 ¼ 95
ffiffiffiffi
C
p
� 0:00276E2

ffiffiffiffi
C
p
þ 20Crþ 38Moþ 14Mnþ 5:5Niþ 6:1Siþ 39V

þ 96P� 0:81K � 12:28
ffiffiffiffi
E
p
þ 0:898E � 13HRC (5:7)

where J is the Jominy hardness (HRC), E the Jominy distance (mm), K the ASTM grain size,

and the element symbols represent weight percentage of each.

In Equation 5.7, all alloying elements are adjusted to weight percent, and it is valid within

the following limits of alloying elements: C< 0.6%; Cr< 2%; Mn< 2%; Ni< 4%; Mo< 0.5%;

V< 0.2%. Calculation of hardness at the quenched end (Jominy distance 0), using the

equation for the maximum attainable hardness with 100% martensite, is

Hmax ¼ 60
ffiffiffiffi
C
p
þ 20 HRC, C < 0:6% (5:8)

Although Equation 5.7 was derived for use up to a distance of 80 mm from the quenched end

of the Jominy specimen, other authors argue that beyond a Jominy distance of 65 mm the

continuous decrease in cooling rate at the Jominy test cannot be ensured even for low-alloy

steels because of the cooling effect of surrounding air. Therefore, newer calculation methods

rarely go beyond a Jominy distance of 40 mm.

Just [23] found that a better fit for existing mutual correlations can be achieved by

formulas that are valid for groups of similar steels. He also found that multiplying hard-

enability factors for Cr, Mn, and Ni have lower values for case-hardening steels than

for structural steels for hardening and tempering. Therefore, separate formulas for case-

hardening steels were derived:

J6�40(case-hardening steels) ¼ 74
ffiffiffiffi
C
p
þ 14Crþ 5:4Niþ 29Moþ 16Mn� 16:8

ffiffiffiffi
E
p

þ 1:386E þ 7HRC (5:9)

and for steels for hardening and tempering,

J6�40(steels for hardening and tempering) ¼ 102
ffiffiffiffi
C
p
þ 22Crþ 21Mnþ 7Niþ 33Mo

� 15:47
ffiffiffiffi
E
p
þ 1:102E � 16HRC (5:10)

In Europe, five German steel producers in a VDEh working group jointly developed formulas

that adequately define the hardenability from different production heats [24]. The goal was to

replace various existing formulas that were used individually.

Data for some case-hardening steels and some low-alloy structural steels for hardening and

tempering have been compiled, and guidelines for the calculation and evaluation of formulas

for additional families of steel have been established. This work accounts for influential factors

from the steel melting process and for possible deviations in the Jominy test itself. Multiple

linear regression methods using measured hardness values for Jominy tests and actual chemical

compositions were also included in the analyses. The number of Jominy curves of a family of

steel grades necessary to establish usable formulas should be at least equal to the square of the

total number of chemical elements used for the calculation. Approximately 200 curves were

suggested. To obtain usable equations, all Jominy curves for steel grades that had similar

transformation characteristics (i.e., similar continuous cooling transformation [CCT] diagram)
� 2006 by Taylor & Francis Group, LLC.
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TABLE 5.2
Regress ion Coefficien ts for the Calculatio n of Jominy Hardn ess Values for Structural Steels

for Hardening an d Te mpering Alloy ed with ab out 1% Cr

Jominy

Distance 
Regression Coefficients

(mm) Constant C Si Mn S Cr Mo Ni Al Cu N

1.5 29.96 57.91 2.29 3.77 �2.65 83.33

3 26.75 58.66 3.76 2.16 2.86 �2.59 59.87

5 15.24 64.04 10.86 �41.85 12.29 �115.50

7 �7.82 81.10 19.27 4.87 �73.79 21.02 4.56 �176.82

9 �27.29 94.70 22.01 10.24 �37.76 24.82 38.31 8.58 �144.07

11 �39.34 100.78 21.25 14.70 25.39 6.66 52.63 7.97

13 �42.61 95.85 20.54 16.06 26.46 30.41 54.91 9.0

15 �42.49 88.69 20.82 17.75 25.33 38.97 47.16 8.89

20 �41.72 78.34 17.57 20.18 23.85 26.95 7.51 9.96

25 �41.94 72.29 18.62 20.73 �65.81 24.08 35.99 7.69 9.64

30 �44.63 72.74 19.12 21.42 �81.41 24.39 27.57 10.75 9.71

Source: R. Caspari, H. Gulden, K. Krieger, D. Lepper, A. Lübben, H. Rohloff, P. Schüler, V. Schüler, and H.J. Wieland,

Härterei Tech. Mitt. 47(3):183–188, 1992.
when hardened were used. Therefore, precise equations for the calculation of Jominy hardness

values were derived only for steel grades of similar composition [24].

The regression coefficients for a set of equations to calculate the hardness values

at different Jominy distances from 1.5 to 30 mm from the quenched end are provided in

Table 5.2. The chemistry of the steels used for this study is summarized in Table 5.3. The

regression coefficients in Table 5.2 do not have the same meaning as the hardenability factors

in Equation 5.7, Equation 5.9, and Equation 5.10; therefore, there is no restriction on the

calculation of Jominy hardness values at less than 6 mm from the quenched end. Because the

regression coefficients used in this method of calculation are not hardenability factors, care

should be taken when deriving structural properties from them.

The precision of the calculation was determined by comparing the measured and calcu-

lated hardness values and establishing the residual scatter, which is shown in Figure 5.37. The
TABLE 5.3
Limit ing Valu es of Chemical Compo sition of Structu ral Steels for Hardening and Temper ing

Alloy ed with ab out 1% Cr a 

Content (%)

C Si Mn P  S  Cr Mo Ni Al Cu N

Min. 0.22 0.02 0.59 0.005 0.003 0.80 0.01 0.01 0.012 0.02 0.006

Max. 0.47 0.36 0.97 0.037 0.038 1.24 0.09 0.28 0.062 0.32 0.015

Mean 0.35 0.22 0.76 0.013 0.023 1.04 0.04 0.13 0.031 0.16 0.009

s 0.06 0.07 0.07 0.005 0.008 0.10 0.02 0.05 0.007 0.05 0.002

aUsed in calculations with regression coefficients of Table 5.2.

Source: R. Caspari, H. Gulden, K. Krieger, D. Lepper, A. Lübben, H. Rohloff, P. Schüler, V. Schüler, and H.J. Wieland,

Härterei Tech. Mitt. 47(3):183–188, 1992.
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FIGURE 5.37 Comparison between measured (O) and calculated (.) hardness values for a melt with

adequate consistency (top) and with inadequate consistency (bottom). (From R. Caspari, H. Gulden,

K. Krieger, D. Lepper, A. Lübben, H. Rohloff, P. Schüler, V. Schüler, and H.J. Wieland, Härterei Tech.

Mitt. 47(3):183–188, 1992.)
upper curve for a heat of DIN 41Cr4 steel, having a residual scatter of s ¼ 2.94 HRC, shows

an adequate consistency, while the lower curve for another heat of the same steel, with a

residual scatter of s ¼ 7.45 HRC, shows inadequate consistency. Such checks were repeated

for every Jominy distance and for every heat of the respective steel family. During this process

it was found that the residual scatter depends on the distance from the quenched end and that

calculated Jominy curves do not show the same precision (compared to measured curves) at

all Jominy distances. For different steel grades with different transformation characteristics,

the residual scatter varies with Jominy distance, as shown in Figure 5.38. In spite of the

residual scatter of the calculated results, it was concluded ‘‘that properly calibrated predictors

offer a strong advantage over testing in routine applications’’ [25].

When judging the precision of a calculation of Jominy hardness values, hardenability

predictors are expected to accurately predict (+1 HRC) the observed hardness values from

the chemical composition. However, experimental reproducibility of a hardness value at a

fixed Jominy distance near the inflection point of the curve can be 8–12 HRC (see Figure 5.23

for J10mm). Therefore it was concluded ‘‘that a properly calibrated hardenability formula will

always anticipate the results of a purchaser’s check test at every hardness point better than an

actual Jominy test’’ [25].

5.4.1 HYPERBOLIC SECANT METHOD FOR P REDICTING JOMINY HARDENABILITY

Another method for predicting Jominy end-quench hardenability from composition is based

on the four-parameter hyperbolic secant curve-fitting technique [26]. In this method, it is
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 5.38 Residual scatter between measured and calculated hardness values versus distance to the

quenched end, for different steel grade families. (From R. Caspari, H. Gulden, K. Krieger, D. Lepper,

A. Lübben, H. Rohloff, P. Schüler, V. Schüler, and H.J. Wieland, Härterei Tech. Mitt. 47(3):183–188,

1992.)
assumed that the Jominy curve shape can be characterized by a four-parameter hyperbolic

secant (sech) function (SECH).

The SECH curve-fitting technique utilizes the equation

DHx ¼ Aþ B{sech[C(x� 1)D]� 1} (5:11)

or alternatively

DHx ¼ (A� B)þ B{sech[C(x� 1)D]} (5:12)
DH(P )

x = P
Jominy Position, x

B = IH − DH∞

DH(∞)

DH(P )

IH = A

FIGURE 5.39 Schematic showing the relationships between the hyperbolic secant coefficients A and B

and Jominy curve characteristics. (From W.E. Jominy and A.L. Boegehold, Trans. ASM 26:574, 1938.)
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where the hyperbolic secant function for any y value is

sechy ¼
2

e y þ e � y 
(5:13)

where x is the Jominy distance from the quenched end, in 1/16 in., DHx the hardness at the

Jominy distance x, and A, B, C, D are the four parameters, which can be set such that DHx

conforms closely to an experimental end-quench hardenability curve. The relationship

between parameters A and B and a hypothetical Jominy curve is illustrated in Figure 5.39.

The parameter A denotes the upper asymptotic or initial hardness (IH) at the quenched

end. The parameter B corresponds to the difference between the upper and lower asymptotic

hardness values, respectively (DH1). This means that for a constant value of A, increasing the

value of B will decrease the lower asymptotic hardness, as shown in Figure 5.40a.
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FIGURE 5.40 Effect of SECH parameter variation on Jominy curve shape. (From W.E. Jominy and

A.L. Boegehold, Trans. ASM 26:574, 1938.)
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FIGURE 5.41 Experimental end-quench hardenability data and best-fit hyperbolic secant function.

(From W.E. Jominy and A.L. Boegehold, Trans. ASM 26:574, 1938.)
The parameters C and D control the position of, and the slope at, the inflection point in

the calculated Jominy curve. If the A, B, and C parameters are constant, lowering the value of

parameter D will cause the inflection point to occur at greater Jominy distances, as shown in

Figure 5.40b and Figure 5.40c. A similar result will be obtained if parameters A, B, and D are

kept constant, and parameter C is shown by comparing Figure 5.40b and Figure 5.40c. In

fact, it may be appropriate to set C and D to a constant value characteristic of a grade of steels

and describe the effects of compositional variations within the grade by establishing correl-

ations with the other three parameters.

It should be noted that some Jominy curves cannot be well described by a general

expression such as Equation 5.11 or Equation 5.12. For example, if a significant amount of

carbide precipitation were to occur in the bainite or pearlite cooling regime, a ‘‘hump’’ in the

Jominy curve might be observed that could not be calculated.

To calculate the values of the four SECH parameters for each experimentally obtained

Jominy curve, the minimum requirement is a data set from which the predictive equations will

be developed. This data set should contain compositions of each steel grade (or heat), with

associated values of Jominy hardness at different end-quench distances, as determined by the

experiment. Other metallurgical or processing variables such as grain size or austenitizing

temperature can also be included. The data set must be carefully selected; the best predictions

will be obtained when the regression data set is both very large and homogeneously distrib-

uted over the range of factors for which hardenability predictions will be desired.

A linear–nonlinear regression analysis program using least squares was used to calculate

separate values of the four parameters for each experimental Jominy curve in the regression

data set by minimizing the differences between the empirical and analytical hardness curves,

i.e., obtaining the best fit.

Figure 5.41 provides experimental end-quench hardenability data and best fit hyperbolic

secant function for one steel in a data set that contained 40 carburizing steel compositions.

Excellent fits were obtained for all 40 cases in the regression data set. Once the four
� 2006 by Taylor & Francis Group, LLC.
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TABLE 5.4
Multiple Regression Coefficients for Backward-Elimination Regression Analysis

Dependent Variable (SECH Parameter)

A B C D

Ind. Var. Coeff. Ind. Var. Coeff. Ind. Var. Coeff. Ind. Var. Coeff.

C*C*C 481.27031 Cr*Mo �28.17764 Cr*Mo �0.79950 Cr*Mo 1.19695

(Constant) 41.44362 Mn*Si �61.55499 Mn*Si �1.04208 Mn*Si 1.97624

GS �1.71674 Ni*Ni*Ni �0.04871 Ni*Ni*Ni 0.09267

Ni*Ni*Ni �1.35352 C*C*C* �14.85249 C*C*C 33.57479

(Constant) 60.23736 33.57479 0.92535 (Constant) �0.26580
parameters A, B, C, and D have been obtained for each heat as described above, four separate

equations with these parameters as dependent variables are constructed using multiple

regression analysis by means of a statistical analysis computer package.

Table 5.4 provides multiple regression coefficients obtained with the backward elimin-

ation regression analysis of the above-mentioned 40 cases. In this elimination process, 31

variables were arbitrarily defined for possible selection as independent variables in the

multiple regression analysis. The list of these variables consisted of all seven single-element

and grain size terms, the seven squares and seven cubes of the single element and grain

size terms, and all 10 possible two-way element interaction terms that did not include carbon

or grain size.

Based on the multiple regression coefficients from Table 5.4, the following four equations

for SECH parameters were developed for the regression data set of 40 carburizing steels:

A ¼ 481C3 þ 41 :4 (5:14)

B ¼ �28 :7CrMo � 61 :6MnSi � 1:72GS � 1:35Ni3 þ 60 :2 (5:15)

C ¼ �0 :8CrMo � 1:04MnSi � 0:05Ni3 � 14 :9C3 þ 0:93 (5:16)

D ¼ 1:2CrMo þ 1:98MnSi þ 0:09Ni3 þ 33 :6C3 � 0:27 (5:17)

where an element name denotes percentage of that element in the steel and GS denotes grain

size. Equation 5.14 through Equation 5.17 are valid for steel compositions in the range of

0.15–0.25% C, 0.45–1.1% Mn, 0.22–0.35% Si, 0–1.86% Ni, 0–1.03% Cr, and 0–0.76% Mo,

with ASTM grain sizes (GS) between 5 and 9.

After the four parameters are calculated, they are substituted into Equation 5.11 or Equation

5.12 to calculate distance hardness (DH) at each Jominy distance x of interest. To validate this

method, the Jominy curves were predicted for an independently determined data set of 24 heats,

and this prediction was compared with those obtained by other two methods (AMAX [27] and

Just [28] prediction methods). The SECH predictions were not as accurate as distance hardness

predictions based on the two methods developed earlier because of the limited size and sparsely

populated sections (not homogeneously distributed) of the initial data set.

5.4.2 COMPUTER CALCULATION OF JOMINY HARDENABILITY

The application of computer technology has greatly enhanced the precision of these calcula-

tions. Commercial software is available for the calculation of Jominy hardness. For example,
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 5.42 Outputs from Minitech Predictor data processing program for best fit to measured

Jominy data. (a) Initial trial; (b) final trial. (From J.S. Kirkaldy and S.E. Feldman, J. Heat. Treat.

7:57–64, 1989.)
the Minitech Predictor [25] is based on the initial generation of an inflection point on the

Jominy curve. Figure 5.42 shows a typical output of the Minitech Predictor operating in the

data processing mode. Input values are Jominy hardness values, chemical composition, and

estimated grain size.

The Minitech program generates a predicted Jominy curve ( Jn) and a predicted inflection

point distance from quenched end x’ and displays a comparison of the predicted and

experimentally obtained curves as shown in Figure 5.42a. A weighting pattern Jn is accessed

that specifies a weight of 1.5 for all distances from n ¼ 1 to n ¼ 2x ’ and a weight of 0.75 for

n > 2x’ to n ¼ 32 mm (or any limit of the data). Using an effective carbon content and grain

size as adjustable parameters, the theoretical curve is then iterated about J’n and x’ to
minimize the weighted root mean square deviation of the calculated curve from the experi-

mental curve. The final best-fit calculated curve is plotted along with the main processed data

as shown in Figure 5.42b.
Jominy distance (mm) Hardness (HV)

1.5 460

5.0 370

9.0 270

HV is the Vickers pyramid hardness.
Calculated Jominy hardness curves are used to replace Jominy testing by equivalent

predictions for those steel grades (e.g., very shallow-hardening steels) that it is difficult or

impossible to test. Although the accurate prediction of hardenability is important, it is more

important for the steel manufacturer to be able to refine the calculations during the steelmak-

ing process. For example, the steel user indicates the desired Jominy curve by specifying three

points within H band for SAE 862OH as shown in Figure 5.43 [29].

Using these data, the steel mill will first compare the customer’s specification against two

main criteria:
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FIGURE 5.43 (a) Customer’s specification of hardenability within an H band for SAE 8620H. (b) Jominy

curve for finished heat. (From T. Lund, Carburizing Steels: Hardenability Prediction and Hardenability

Control in Steel-Making, SKF Steel, Technical Report 3, 1984.)

� 20
1. That the hardenability desired is within limits for the steel grade in question

2. That the specified points fall on a Jominy curve permissible within the analysis range for

SAE 862OH, i.e., the specified points must provide a physically possible Jominy curve
When the actual heat of steel is ready for production, the computer program will auto-

matically select the values for alloy additions and initiate the required control procedures.

The samples taken during melting and refining are used to compute the necessary chemical

adjustments. The computer program is linked directly to the ferroalloy selection and dispens-

ing system. By successive adjustments, the heat is refined to a chemical composition that

meets the required hardenability specification within the chemical composition limits for the

steel grade in question.

The use of calculated Jominy curves for steel manufacturing process control is illustrated

in the following example. Quality control analysis found that the steel heat should have a

manganese value of 0.85%. During subsequent alloying, the analysis found 0.88% Mn. This

overrun in Mn was automatically compensated for by the computer program, which adjusted

hardenability by decreasing the final chromium content slightly. The resulting heat had

the measured Jominy curve shown in Figure 5.43b. In this case, the produced steel does

not deviate from the required specification by more than +10 HV at any Jominy distance

below 19 mm.

5.5 APPLICATION OF HARDENABILITY CONCEPT FOR PREDICTION
OF HARDNESS AFTER QUENCHING

Jominy curves are the preferred methods for the characterization of steel. They are used to

compare the hardenability of different heats of the same steel grade as a quality control

method in steel production and to compare the hardenability of different steel grades when

selecting steel for a certain application. In the latter case, Jominy curves are used to predict

the depth of hardening, i.e., to predict the expected hardness distribution obtained after

hardening parts of different cross-sectional dimensions after quenching under various condi-

tions. Such predictions are generally based on the assumption that rates of cooling prevailing
06 by Taylor & Francis Group, LLC.
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FIGURE 5.44 Correlation of equivalent cooling rates at different distances from the quenched end of

the Jominy specimen and at different locations on the cross section of round bars of different diameters,

quenched in (a) water agitated at 1 m=s and in (b) oil agitated at 1m=s. (From Metals Handbook, 9th ed.,

Vol. 1, ASM International, Metals Park, OH, 1978, p. 492.)
at different distance from the quenched end of the Jominy specimen may be compared with

the cooling rates prevailing at different locations on the cross sections of bars of different

diameters. If the cooling rates are equal, it is assumed that equivalent microstructure and

hardness can be expected after quenching.

The diagrams shown in Figure 5.44 have been developed for this purpose. These diagrams

provide a correlation of equivalent cooling rates at different distances from the quenched end

of the Jominy specimen and at different locations (center, half-radius, three-quarter radius,

surface) on the cross section of round bars of different diameters. They are valid for the

specified quenching conditions only. Figure 5.44a is valid only for quenching in water at an

agitation rate of 1 m=s, and the diagram in Figure 5.44b is valid only for quenching in oil at

an agitation rate of 1 m=s.
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FIGURE 5.45 Relationship between cooling rates at different Jominy distances and cooling rates

at different points below the surface of round bars of different diameters quenched in moderately

agitated oil. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London,

1984, p. 145.)
Another diagram showing the relation between cooling rates at different Jominy distances

and cooling rates at different distances below the surface of round bars of different diameters,

taken from the ASTM standard, is shown in Figure 5.45. From this diagram, the same

cooling rate found at a Jominy distance of 14 mm prevails at a point 2 mm below the surface

of a 75-mm diameter bar, at 10 mm below the surface of 50-mm diameter bar, and at the

center of a 38-mm diameter bar when all the bars are quenched in moderately agitated oil.

Using this diagram, it is possible to construct the hardness distribution curve across the

section after hardening. This type of diagram is also valid for only the specified quenching

conditions.

To correlate the hardness at different Jominy distances and the hardness at the center of

round bars of different diameters that are quenched in various quenchants under different

quenching conditions, the critical diameter (Dcrit), the ideal critical diameter ( DI), and

Grossmann’s quenching intensity factor H must be used. The theoretical background of

this approach is provided by Grossmann et al. [5], who calculated the half-temperature

time (the time necessary to cool to the temperature halfway between the austenitizing

temperature and the temperature of the quenchant). To correlate Dcrit and H, Asimow

et al. [31], in collaboration with Jominy, defined the half-temperature time characteristics

for the Jominy specimen also. These half-temperature times were used to establish the rela-

tionship between the Jominy distance and ideal critical diameter DI, as shown in Figure 5.46. If

the microstructure of this steel is determined as a function of Jominy distance, the ideal critical

diameter can be determined directly from the curve at that distance where 50% martensite is

observed as shown in Figure 5.46. The same principle holds for Dcrit when different quenching

conditions characterized by the quenching intensity factor H are involved. Figure 5.47 shows

the relationship between the diameter of round bars (Dcrit and DI) and the distance from the

quenched end of the Jominy specimen for the same hardness (of 50% martensite) at the center of

the cross section after quenching under various conditions [31].
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FIGURE 5.46 Relationship between the distance from the quenched end of the Jominy specimen and

the ideal critical diameter. (From M. Asimov, W.F. Craig, and M.A. Grossmann, SAE Trans.

49(1):283–292, 1941.)
The application of the Figure 5.47 diagram can be explained for the two steel grades

shown in Figure 5.48. The hardness at 50% martensite for the unalloyed steel grade Ck45

(0.45% C) is 45 HRC, while for the low-alloy grade 50CrMo4 steel (0.5% C) the hardness is 48

HRC. The lower part of the diagram depicts two H curves taken from the diagram in Figure

5.47. One is for vigorously agitated brine ( H ¼ 5.0), and the other for moderately agitated oil

( H ¼ 0.4). From both diagrams in Figure 5.48, it is seen that quenching the grade 50CrMo4

steel in vigorously agitated brine provides a hardness of 48 HRC in the center of the cross

section of a round bar of 110-mm diameter. Quenching the same steel in moderately agitated

oil provides this hardness at the core of round bars of only 70-mm diameter. The unalloyed

grade Ck45 steel, having lower hardenability when quenched in vigorously agitated brine,

provides a hardness of 45 HRC in the center of a 30-mm diameter bar. Quenching in

moderately agitated oil provides this hardness in the center of a round bar of only 10 mm

diameter.
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the Jominy specimen, giving the hardness in the center of the cross section after quenching under

different quenching conditions, a, water; b, oil; c, air. (From M. Asimov, W.F. Craig, and M.A.

Grossmann, SAE Trans. 49(1):283–292, 1941.)
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the center) from the Jominy hardenability curves of two steel grades quenched in vigorously agitated

brine (H¼ 5.0) and in moderately agitated oil (H¼ 0.4). (Steel grade designation according to DIN.)

(From G. Spur (Ed.), Handbuch der Fertigungstechnik, Band 4=2, Wärmebehandeln, Carl Hanser,

Munich, 1987, p. 1012.)
5.5.1 L AMONT METHOD

The diagram shown in Figure 5.47 permits the prediction of hardness only at the center of

round bars. Lamont [32] developed diagrams relating the cooling rate at a given Jominy

distance to that at a given fractional depth in a bar of given radius that has been subjected to a

given Grossmann quenching intensity ( H) factor. Analytical expressions have been developed

for the Lamont transformation of the data to the appropriate Jominy distance J:

J ¼ J( D, r=R, H) (5:18)

where D is the diameter of the bar, r =R the fractional position in the bar ( r =R ¼ 0 at the

center; r =R ¼ 1 at the surface), and H the Grossmann quenching intensity factor. These

expressions [33] are valid for any value of H from 0.2 to 10 and for bar diameters up to

200 mm (8 in.).

Lamont developed diagrams for the following points and fractional depths on the cross

section of round bars: r=R ¼ 0 (center), r=R ¼ 0.1, r=R ¼ 0.2, . . . , r=R ¼ 0.5 (half-radius),

r=R ¼ 0.6, . . . , r=R ¼ 1.0 (surface). Each of these diagrams is always used in connection with

Jominy hardenability curve for the relevant steel. Figure 5.49 through Figure 5.51 show the

Lamont diagram for r=R ¼ 0 (center of the cross section), r=R ¼ 0.5, and r=R ¼ 0.8, respectively.

The Lamont method can be used for four purposes:
� 20
1. To determine the maximum diameter of the bar that will achieve a particular hardness

at a specified location on the cross section when quenched under specified conditions.

For example, if the Jominy hardenability curve of the relevant steel grade shows a

hardness of 55 HRC at a Jominy distance of 10 mm, then the maximum diameter of the

bar that will achieve this hardness at half-radius when quenched in oil with H ¼ 0.35

will be 28 mm. This result is obtained by using the diagram in Figure 5.50 for r =R ¼ 0.5

and taking the vertical line at a Jominy distance of 10 mm to the intersection with the

curve for H¼ 0.35, giving the value of 28 mm on the ordinate.
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Lamont, Iron Age 152:64–70, 1943.)
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2. To determine the hardness at a specified location when the diameter of the bar, the

quenching intensity H, and the steel grade are known. For example, if a 120-mm

diameter bar is quenched in still water (H¼ 1.0), the hardness at the center (r=R¼ 0)

will be determined at a distance of 37.5 mm from the quenched end on the Jominy curve

of the relevant steel grade (see Figure 5.49).
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� 20
3. To select adequate quenching conditions when the steel grade, the bar diameter, and

the location on the cross section where a particular hardness should be attained are

known. For example, a hardness of 50 HRC, which corresponds to the distance of

15 mm from the quenched end on the Jominy curve of the relevant steel grade, should

be attained at the center of a 50-mm diameter bar. The appropriate H factor can be

found by using Figure 5.49. In this case, the horizontal line for a 50-mm diameter and

the vertical line for a 15-mm Jominy distance intersect at the point that corresponds to

H ¼ 0.5. This indicates that the quenching should be done in oil with good agitation.
If the required hardness should be attained only up to a certain depth below the surface,

the fractional depth on the cross section must be first established to select the appropriate

transformation diagram. For example, if 50 HRC hardness, which corresponds to a distance

of 15 mm from the quenched end on the Jominy curve of the relevant steel grade, should be

attained at 7.6 mm below the surface of a 76-mm diameter bar, then

r

R 
¼ 38 � 7:6

38
¼ 0:8 (5:19)

This calculation indicates that the diagram for r =R ¼ 0.8 (Figure 5.51) should be used. In this

case, the horizontal line for 76 mm diameter intersects the vertical line for 15-mm Jominy

distance on the interpolated curve H ¼ 0.6. This indicates that quenching should be per-

formed in oil with strong agitation (see Table 5.1).
4. To predict the hardness along the radius of round bars of different diameters when

the bar diameter and steel grade and its Jominy curve and quenching intensity H are
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known. For this calculation, diagrams for every ratio r=R from the center to the surface

should be used. The following procedure should be repeated with every diagram. At the

point where the horizontal line (indicating the bar diameter in question) intersects

the relevant H curve, the vertical line gives the corresponding distance from the

quenched end on the Jominy curve from which the corresponding hardness can be

read and plotted at the corresponding fractional depth. Because some simplifying

assumptions are made when using Lamont diagrams, hardness predictions are approxi-

mate. Experience has shown that for small cross sections and for the surface of large-

diameter bars, the actual hardness is usually higher than predicted.
5.5.2 STEEL SELECTION BASED ON HARDENABILITY

The selection of a steel grade (and heat) for a part to be heat-treated depends on the

hardenability that will yield the required hardness at the specified point of the cross section

after quenching under known conditions. Because Jominy hardenability curves and hard-

enability bands are used as the basis of the selection, the method described here is confined to

those steel grades with known hardenability bands or Jominy curves. This is true first of all

for structural steels for hardening and tempering and also for steels for case hardening (to

determine core hardenability).

If the diameter of a shaft and the bending fatigue stresses it must be able to undergo are

known, engineering analysis will yield the minimum hardness at a particular point on the

cross section that must be achieved by hardening and tempering. Engineering analysis may

show that distortion minimization requires a less severe quenchant, e.g., oil. Adequate

toughness after tempering (because the part may also be subject to impact loading) may

require a tempering temperature of, e.g., 5008C.

The steps in the steel selection process are as follows:

Step 1. Determine the necessary minimum hardness after quenching that will satisfy the

required hardness after tempering. This is done by using a diagram such as the one shown in

Figure 5.52. For example, if a hardness of 35 HRC is required after hardening and then

tempering at 5008C at the critical cross-sectional diameter, the minimum hardness after

quenching must be 45 HRC.
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Metals Park, OH, 1978, pp. 473–474, p. 481.)
Alternatively, if the carbon content of the steel and the percentage of as-quenched mar-

tensite at the critical point of the cross section is known, then by using a diagram that correlates

hardness with percent carbon content and as-quenched martensite content (see Figure 5.53),

the as-quenched hardness may then be determined. If 80% martensite is desired at a critical

position of the cross section and the steel has 0.37% C, a hardness of 45 HRC can be expected.

Figure 5.53 can also be used to determine the necessary carbon content of the steel when a

particular percentage of martensite and a particular hardness after quenching are required.

Step 2. Determine whether a certain steel grade (or heat) will provide the required as-

quenched hardness at a critical point of the cross section. For example, assume that a shaft is

45 mm in diameter and that the critical point on the cross section (which was determined from

engineering analysis of resultant stresses) is three fourths of the radius. To determine if a

particular steel grade, e.g., AISI 4140H, will satisfy the requirement of 45 HRC at (3 =4)R

after oil quenching, the diagram shown in Figure 5.54a should be used. This diagram

correlates cooling rates along the Jominy end-quench specimen and at four characteristic

locations (critical points) on the cross section of a round bar when quenched in oil at 1 m =s
agitation rate (see the introduction to Section 5.5 and Figure 5.44). Figure 5.54a shows that

at (3 =4) R the shaft having a diameter of 45 mm will exhibit the hardness that corresponds

to the hardness at a distance of 6.5 =16 in. (13 =32 in.) from the quenched end of the

Jominy specimen.

Step 3. Determine whether the steel grade represented by its hardenability band (or

a certain heat represented by its Jominy hardenability curve) at the specified distance

from the quenched end exhibits the required hardness. As indicated in Figure 5.54b, the

minimum hardenability curve for AISI 4140H will give a hardness of 49 HRC. This

means that AISI 4140H has, in every case, enough hardenability for use in the shaft

example above.

This graphical method for steel selection based on hardenability, published in 1952 by

Weinmann and coworkers, can be used as an approximation. Its limitation is that the diagram

shown in Figure 5.54a provides no information on the quality of the quenching oil and its

temperature. Such diagrams should actually be prepared experimentally for the exact condi-

tions that will be encountered in the quenching bath in the workshop; the approximation will

be valid only for that bath.

5.5.3 COMPUTER-AIDED STEEL SELECTION BASED ON HARDENABILITY

As in other fields, computer technology has made it possible to improve the steel selection

process, making it quicker, more intuitive, and even more precise. One example, using a
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software package developed at the University of Zagreb [35], is based on a computer file of

experimentally determined hardenability bands of steels used in the heat-treating shop. The

method is valid for round bars of 20–90-mm diameters. The formulas used for calculation of

equidistant locations on the Jominy curve, described in Ref. [23], were established through

regression analysis for this range of diameters.

The essential feature of this method is the calculation of points on the optimum Jominy

hardenability curve for the calculated steel. Calculations are based on the required as-

quenched hardness on the surface of the bar and at one of the critical points of its cross

section [(3 =4) R, (1=2) R, (1=4) R, or center]. The input data for the computer-aided selection

process are the following:
. Diameter of the bar ( D mm)

. Surface hardness HRC

. Hardness at a critical point HRC

. Quenching intensity factor I (I equals the Grossmann quenching intensity factor H as

given in Table 5.1)
. Minimum percentage of martensite required at the critical point
The first step is to calculate the equidistant locations from the quenched end on the Jominy

curve (or Jominy hardenability band). These equidistant locations are the points on the

Jominy curve that yield the required as-quenched hardness. The calculations are performed

as follows [23]:
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On the surface:

Es ¼
D0:718

5:11I1:28
(5:20)

At (3=4)R:

E3=4R ¼
D1:05

8:62I0:668
(5:21)

At (1=2)R:

E1=2R ¼
D1:16

9:45I0:51
(5:22)

At (1=4)R:

E1=4R ¼
D1:14

7:7I0:44
(5:23)

At the center:

Ec ¼
D1:18

8:29I0:44
(5:24)

[Note: The calculated E values are in millimeters.]

After calculating the equidistant locations for the surface of the bar (Es) and for one of

the critical points (Ecrit), using the hardenability band of the relevant steel, the hardness values

achievable with the Jominy curve of the lowest hardenability (Hlow) and the hardness

values achievable with the Jominy curve of the highest hardenability (Hhigh) for both Es

and Ecrit locations are then determined as shown in Figure 5.55.

The degree of hardening S is defined as the ratio of the measured hardness after quenching

(at a specified point of the cross section) to the maximum hardness that can be achieved with

the steel in question:

S ¼ H

Hmax

(5:25)
0 E s E crit Jominy distance, mm

H
R

C

H high

H high
crit

s

H low
s

H low
s

FIGURE 5.55 Determination of minimum and maximum hardness for equidistant location Es and Ecrit

from a relevant hardenability band. (After T. Filetin, Strojarstvo 24(2):75–81, 1982 [in Croatian].)
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TABLE 5.5
Correlation between Degree of Hardening S and

Percentage of Martensite in As-Quenched Structure

Percent Martensite Degree of Hardening S

50–60 0.70–0.74

60–70 0.74–0.76

70–80 0.76–0.78

80–85 0.78–0.81

85–90 0.81–0.86

90–95 0.86–0.91

95–97 0.91–0.95

97–100 0.95–1.00

Source: T. Filetin and J. Galinec, Software programme for steel

selection based on hardenability, Faculty of Mechanical Engineering,

University of Zagreb, 1994.
It can be easily calculated for the equidistant location Ecrit on the upper and lower curves of

the hardenability band, taking the value for Hmax from the relevant Jominy curve at distance

0 from the quenched end (J¼ 0). In this way, two distinct values of the degree of hardening,

Supper and Slower, are calculated. Each corresponds to a certain percentage of martensite in the

as-quenched structure as shown in Table 5.5.

It is also possible to determine whether the required percentage of martensite can be

achieved by either Jominy curve of the hardenability band. Instead of providing the percent-

age of martensite in the as-quenched structure as input data, the value of S (degree of

hardening) may be given. For statically stressed parts, S < 0.7; for less dynamically stressed

parts, 0.7<S< 0.86; and for highly dynamically stressed parts, 0.86<S< 1.0. In this way, a

direct comparison of the required S value with values calculated for both Jominy curves at the

Ecrit location can be performed. There are three possibilities in this comparison:
� 20
1. The value of S required is even lower than the S value calculated for the lower curve of

the hardenability band (Slower). In this case all heats of this steel will satisfy the

requirement. The steel actually has higher hardenability than required.

2. The value of S required is even higher than the S value calculated for the upper curve of

the hardenability band (Supper). In this case, none of the heats of this steel can satisfy

the requirement. This steel must not be selected because its hardenability is too low for

the case in question.

3. The value of required degree of hardening (S) is somewhere between the values for the

degree of hardening achievable with the upper and lower curves of the hardenability

band (Supper and Slower, respectively).
In the third case, the position of the S required, designated as X, is calculated according

to the formula:

X ¼ S � Slower

Supper � Slower
06 by Taylor & Francis Group, LLC.
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where X is the distance from the lower curve of the hardenability band on the ordinate Ecrit

to the actual position of S required, which should be on the optimum Jominy curve. This

calculation divides the hardenability band into three zones:

The lower third, X � 0.33

The middle third, 0.33 < X � 0.66

The upper third, 0.66 < X

All heats of a steel grade where the Jominy curves pass through the zone in which the

required S point is situated can be selected as heats of adequate hardenability. This zone is

indicated in a graphical presentation of the method. Once the distance X is known, the

optimum Jominy hardenability curve can be drawn. The only requirement is that for every

distance from the quenched end the same calculated ratio ( X) that indicates the same position

of the Jominy curve relative to the lower and upper hardenability curves of the hardenability

band is maintained.

The following example illustrates the use of this method in selecting a steel grade for

hardening and tempering.

A 40-mm diameter shaft after hardening and tempering should exhibit a surface hardness

of Hs ¼ 28 HRC and a core hardness of Hc ¼ 26 HRC. The part is exposed to high dynamic

stresses. Quenching should be performed in agitated oil.

The first step is to enter the input data and select the critical point on the cross section (in

this case the core) as shown in Figure 5.56. Next, the required percentage of martensite at the

critical point after quenching (in this case 95%, because of high dynamic stresses) and the

quenching intensity I (in this case 0.5, corresponding to the Grossmann value H ) are selected.

The computer program repeats the above-described calculations for every steel grade for

which the hardenability band is stored in the file and presents the results on the screen as

shown in Figure 5.57. This is a list of all stored steel grades regarding suitability for the

application being calculated. Acceptable steel grades, suitable from the upper, middle, or

lower third of the hardenability band, and unacceptable steel grades with excessively high

hardenability are determined.
Selection of steel in hardened and tempered condition

Diameter, mm (0–90):40

Critical point on <1> 3/4R
the cross-section: <2> 1/2R

<3> 1/4R
             Core <4> Core

Required value: <1> Hardness, HRC (20–50)

Hardness, HRC

– On the surface: 28 Hs
– At the critical point: 26 Hc

 <2> Tensile strength, N/mm2

   (750–1650)

FIGURE 5.56 Input data for computer program. (From T. Filetin and J. Galinec, Software programme for

steel selection based on hardenability, Faculty of Mechanical Engineering, University of Zagreb, 1994.)
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Results of steel selection

  JUS AISI
C4181  Not suitable
C4730 4130 Not suitable
C4731 E4132 Suitable heats from upper third of band
C4781  Suitable heats from upper third of band
C4732  4140 Suitable heats from middle third of band
C4782  Suitable heats from middle third of band
C4733  4150 Suitable heats from middle third of band
C4738  Too high hardenability
C4734  Too high hardenability

FIGURE 5.57 List of computer results. (From T. Filetin and J. Galinec, Software programme for steel

selection based on hardenability, Faculty of Mechanical Engineering, University of Zagreb, 1994.)
For each suitable steel grade, a graphical presentation as shown in Figure 5.58 can be

obtained. This gives the optimum Jominy hardenability curve for the case required and

indicates the desired zone of the hardenability band.

In addition, the necessary tempering temperature can be calculated according to the formula:

Ttemp ¼ 917

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ln ¼ H�8

crit

H�8
temp

S

6

vuut
(5:26)

where Ttemp is the absolute tempering temperature (K) (valid for 4008C< Ttemp < 6608C), Hcrit

the hardness after quenching at the critical point HRC (taken from the optimum Jominy

curve at the distance for the critical point), Htemp the required hardness after tempering at the

critical point HRC, and S the degree of hardening (ratio between hardness on the optimum

Jominy curve at the distance Ecrit and at the distance E¼ 0).
0
10

20

30H
ar

dn
es

s,
 H

R
C

40

50

60

70

5 10 15 20 25

Jominy distance, mm

30 35 40E s E crit

FIGURE 5.58 Graphical presentation of the optimum Jominy hardenability curve. (From T. Filetin and

J. Galinec, Software programme for steel selection based on hardenability, Faculty of Mechanical

Engineering, University of Zagreb, 1994.)
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Tensile strength (Rm, N=mm2 ) is also calculated at the relevant points using the formula:

Rm ¼ 0:426H2 þ 586:5 [N=mm
2
] (5:27)

where H is the corresponding hardness value in HRC. Knowing the tensile strength (Rm),

other mechanical properties are calculated according to the formulas:

Yield strength:

Rp 0:2 ¼ (0:8þ 0:1S)Rm þ 170S� 200 [N=mm
2
] (5:28)

Elongation:

A5 ¼ 0:46� (0:0004� 0:00012S)Rm [%] (5:29)

Contraction:

Z ¼ 0:96� (0:00062� 0:00029S)Rm [%] (5:30)

Bending fatigue strength:

Rd ¼ (0:25þ 0:45Z)Rm [N=mm
2
] (5:31)

Impact energy (toughness):

KU ¼ [460� (0:59� 0:29S)Rm](0:7) [J] (5:32)

For every steel grade (and required zone of the hardenability band) that has been found

suitable, the mechanical properties for the surface and for the critical cross section point can

be calculated. The computer output is shown in Figure 5.59.

Compared to the previous steel selection processes, these computer-aided calculations

have the following advantages:
(AISI 4140)

Heats from the middle third of the band

Mechanical properties Surface
Critical
point

Yield strength: Rp0.2, N/mm2

Tensile strength: Rm, N/mm2

Bending fatigue strength: Rd, N/mm2

Elongation: A5, %
Contraction: Z, %
Impact engergy: KU, J

920
499
20
65

125

793
874
474
21
65

123

735

Calculated tempering temperature: 643�C

FIGURE 5.59 Computer display of calculated mechanical properties. (From T. Filetin and J. Galinec,

Software programme for steel selection based on hardenability, Faculty of Mechanical Engineering,

University of Zagreb, 1994.)
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1. Whereas the previously described graphical method is valid for only one specified

quenching condition for which the relevant diagram has been plotted, the computer-

aided method allows great flexibility in choosing concrete quenching conditions.

2. Selection of the optimum hardenability to satisfy the requirements is much more

precise.

3. Calculations of the exact tempering temperature and all mechanical properties after

tempering at the critical point that give much more information and facilitate the steel

selection are possible.
5.6 HARDENABILITY IN HEAT TREATMENT PRACTICE

5.6.1 HARDENABILITY OF CARBURIZED STEELS

Carburized parts are primarily used in applications where there are high surface stresses.

Failures generally originate in the surface layers where the service stresses are most severe.

Therefore, high case strength and high endurance limits are critical factors. High case

hardness improves the fatigue durability. Historically, it was thought that core hardenability

was required for the selection of carburizing steels and heat treatment of carburized parts and

that core hardenability would ensure adequate case hardenability. Equal additions of carbon,

however, do not have the same effect on the hardenability of all steel compositions; therefore

the historical view of core hardenability may not be correct. In fact, hardenability of both case

and core is essential for proper selection of the optimum steel grade and the heat treatment of

carburized parts.

It is now also known that the method of quenching after carburizing, i.e., direct quenching

or reheat and quench, influences case hardenability. The case hardenability of carburized steel

is determined by using the Jominy end-quench test.

Standard Jominy specimens are carburized in a carburizing medium with a high C

potential for sufficient time to obtain a carburized layer of the desired depth. In addition to

the Jominy specimens, two bars of the same steel and heat, the same surface finish, and the

same dimensions (25 mm diameter) are also carburized under identical conditions. These bars

are used to plot the carbon gradient curve shown in Figure 5.60a, which is produced by

chemical analysis of chips obtained from machining of the carburized layer at different layer

thicknesses. In this way, as shown in Figure 5.60a, the following carbon contents were found

as a function of case depth:
Measured carbon
content curve
carburized at 925�C
for 4.5 h

d1 d2 d3 d4

0
0.2

0.4

0.6

0.8

%
 C

(a) (b)

1.0

1.2

0.2 0.4 0.6
Depth from surface, mm

0.8 1.0 1.2

d4 = 0.57d1 = 0.2
0.7% C

0.9% C

0.8% C1.0% C

d3 = 0.45

d2 = 0.32

URE 5.60 (a) Measured carbon gradient curve after gas carburizing at 9258C for 4.5 h. (b) Grinding

he carburized Jominy specimen. (From T. Filetin and B. Liščič, Strojarstvo 18(4):197–200, 1976 [in

atian].)
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1.0% C at 0.2mm depth (distance from the surface of the bar)—d1

0.9% C at 0.32mm depth—d2

0.8% C at 0.45mm depth—d3

0.7% C at 0.57mm depth—d4
One of the carburized Jominy specimens should be end-quenched in the standard way

using the Jominy apparatus directly from the carburizing temperature (direct quenching), and

the other should be first cooled to room temperature and then reheated and quenched from a

temperature that is usually much lower than the carburizing temperature (reheat and quench).

After quenching, all Jominy specimens should be ground on four sides of the perimeter to the

depths, d1, d2, d3, and  d4, as shown in Figure 5.60b. Hardness is measured in the standard way on

each of the ground surfaces, and the corresponding Jominy curves are plotted. Figure 5.61a
0.9 67

1.0
0.7

0.8
% C

65

60

55

H
R

C

H
V

Direct quenching from 925�C

50

45

40
35
30
25
20

0
0

100

200

300

400

500

600

700

800

900

2 4 6 8 10 121416 20 24

Jominy distance, mm(a)
28 32 36 40 44 48

0.17

67

65

60

55

H
R

C

H
V

Indirect quenching from 820�C

50

45

40
35
30
25
20

0
0

100

200

300

400

500

600

700

800

900

2 4 6 8 10 121416 20 24

Jominy distance, mm(b)
28 32 36 40 44 48

1.0

0.8

0.7

0.9
% C

FIGURE 5.61 Jominy case hardenability curves of carburized DIN 16MnCr5 steel (a) after direct

quenching from 9258C and (b) after reheating followed by quenching from 8208C. (From T. Filetin

and B. Liščič, Strojarstvo 18(4):197–200, 1976 [in Croatian].)
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provides an example of Jominy hardenability curves for the carburizing steel grade DIN

16MnCr5 (0.17% C, 0.25% Si, 1.04% Mn, 1.39% Cr). The carbon contents in the case were 1.0,

0.9, 0.8, and 0.7% C, and the core carbon content was 0.17% C after direct quenching from the

carburizing temperature, 9258C. Figure 5.61b provides Jominy curves for the same carburized

case after indirect quenching (reheated to 8208C). From both diagrams of Figure 5.61 the

following conclusions can be drawn:
� 20
1. The hardenability of the core is substantially different from the hardenability within the

carburized case.

2. The best hardenability of the carburized case is found for this steel grade at 0.9% C with

direct quenching and at 0.8% C with indirect quenching (reheat and quench).
Consequently, the carburizing process should be controlled so that after carburizing a

surface carbon content of 0.9% is obtained for direct quenching and one of 0.8% for indirect

quenching.

5.6.2 HARDENABILITY OF S URFACE LAYERS WHEN S HORT-TIME HEATING METHODS ARE USED

When short-time (zero time) heating processes for surface hardening are used, e.g., flame

hardening, induction hardening, or laser hardening, the same metallurgical reactions occur as

in conventional hardening except that the heating processes cycle must be much shorter than

that of conventional hardening. Heating time for these proceses vary by one to three orders of

magnitude; approximately 100 s for flame hardening, 10 s or less for induction hardening, and

1 s or less for laser hardening. This means that the heating rates are very high. Problems

associated with these high heating rates are twofold.
1. The transformation from the bcc lattice of the a-iron to the fcc lattice of the g-iron does

not occur between normal temperatures Ac1 and Ac3 as in conventional hardening

because the high heating rate produces nonequilibrium systems. The Ac1 and Ac3

temperatures are displaced to higher temperatures as shown in Figure 5.62. Although

an austenitizing temperature may be sufficiently high to form austenite under slow

heating conditions (conventional hardening), the same temperature level may not be

sufficient to even initiate austenization under high heating rates [37]. Therefore, sub-

stantially higher austenitizing temperatures are used with flame, induction, and laser

hardening (especially the latter) than for conventional hardening of the same steel.

2. For quench hardening, the austenitization must dissolve and uniformly distribute the

carbon of the carbides in the steel. This is a time-dependent diffusion process (sometimes

called homogenization), even at the high temperatures used in short-time heating

methods. At very high heating rates, there is insufficient time for diffusion of carbon

atoms from positions of higher concentrations near carbides to the positions of lower

concentrations (areas that originated from practically carbon-free ferrite). This diffusion

depends on the path length of carbon atoms and therefore is dependent on the distribu-

tion of carbon in the starting structure. Coarse pearlitic structures, spheroidized struc-

tures, and (particularly) nodular cast iron with a high content of free ferrite are

undesirable in this regard. Tempered martensite, having small and finely dispersed

carbides, provides the shortest paths for carbon diffusion and is therefore most desirable.
Figure 5.62a illustrates a time temperature transformation diagram for continuous

heating at different heating rates when austenitizing an unalloyed steel with 0.7% C with

a starting structure of ferrite and lamellar pearlite. Figure 5.62b shows a similar diagram for
06 by Taylor & Francis Group, LLC.
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Austenite + ferrite + carbide

Austenite + ferrite + carbide

Austenite

Austenite + carbide

Tempered martensite

FIGURE 5.62 Time temperature transformation diagram for continuing heating with different heating

rates, when austenitizing an unalloyed steel with 0.7% C. (a) Starting structure, ferrite and lamellar pearlite;

(b) starting structure, tempered martensite. (From A. Rose, The austenitizing process when rapid heating

methods are involved, Der Peddinghaus Erfahrungsaustausch, Gevelsberg, 1957, pp. 13–19 [in German].)
a starting structure of tempered martensite. A comparison of the two diagrams illustrates the

influence of starting structure on the austenitizing process. Whereas for the ferrite–pearlite

starting structure at maximum heating rate the upper transformation temperature Ac3 is

8658C, for the starting microstructure of tempered martensite, the Ac3 temperature is 8358C.

This means that the austenite from a starting structure of tempered martensite has a better

hardenability than the austenite of a pearlite–ferrite starting structure. The practical conse-

quence of this is that prior to surface hardening by any short-time heating process, if the steel

is in the hardened and tempered condition, maximum hardened case depths are possible. If

the annealed material has a coarse lamellar structure, or even worse, globular carbides,

minimum hardening depths are to be expected.

5.6.3 EFFECT OF DELAYED QUENCHING ON THE HARDNESS DISTRIBUTION

Delayed quenching processes have been known for a long time. Delayed quenching means

that austenitized parts are first cooled slowly and then after a specified time they are quenched

at a much faster cooling rate. Delayed quenching is actually a quenching process in which a

discontinuous change in cooling rate occurs. In some circumstances, depending on steel
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 5.63 Measured hardness distribution on the cross section of 50mm diameter � 200 mm bars

made of AISI 4140 steel quenched according to conditions given in Table 5.6. (From B. Liščić, S. Svaic,

and T. Filetin, Workshop designed system for quenching intensity evaluation and calculation of heat

transfer data. ASM Quenching and Distortion Control, Proceedings of First International Confererence

On Quenching and Control of Distortion, Chicago, IL, 22–25 Sept. 1992, pp. 17–26.)
hardenability and section size, the hardness distribution in the cross section after delayed

quenching does not have a normal trend (normally the hardness decreases continuously from

the surface toward the core) but instead exhibits an inverse trend (the hardness increases

from the surface toward the core). This inverse hardness distribution is a consequence of the

discontinuous change in the cooling rate and related to the incubation period (at different

points in the cross section) before changing the cooling rate. This process has been explained

theoretically by Shimizu and Tamura [40,41] in Figure 5.63.

In every experiment, the delay in quenching was measured as the time from immersion to

the moment when maximum heat flux density on the surface ( tqmax) occurred. As shown in

Figure 5.63 and Table 5.6 for AISI 4140 steel with a section 50 mm in diameter, when the

delay in quenching (due to high concentration of the PAG polymer solution and correspond-

ing thick film around the heated parts) was more than 15 s ( tqmax > 15 s), a completely inverse

or inverse to normal hardness distribution was obtained. In experiments where tqmax was less

than 15 s, a normal hardness distribution resulted.

Besides the inherent hardenability of a steel, delayed quenching may substantially increase

the depth of hardening and may compensate for lower hardenability of the steel [39].

Interestingly, none of the available software programs for predicting as-quenched hardness

simulates the inverse hardness distribution because they do not account for the length of the

incubation period before the discontinuous change in cooling rate at different points in the

cross section.
5.6.4 A C OMPUTER-A IDED METHOD TO PREDICT THE HARDNESS DISTRIBUTION

AFTER QUENCHING B ASED ON JOMINY HARDENABILITY C URVES

The objective here is to describe one method of computer-aided calculation of hardness

distribution. This method, developed at the University of Zagreb [44], is based on the Jominy
� 2006 by Taylor & Francis Group, LLC.
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TABLE 5.6
Tim e from Immers ion ( tqmax) until Maximum Heat Flux Dens ity unde r Various

Quench ing Condi tions for AISI 4140 Bars (50 mm Diame ter 3 200 mm ) a

Figure 63 Curve No. Quenching Conditions tqmax (s)

1 Mineral oil at 20 8C, without agitation 14

11 Polymer solution (PAG) 5%; 408C; 0.8 m=s 16

12 Polymer solution (PAG) 15%; 408C; 0.8 m=s 33

13 Polymer solution (PAG) 25%; 408C; 0.8 m=s 70

14 Polymer solution (PAG) 20%; 358C; 1 m=s 30

15 Polymer solution (PAG) 10%; 358C; 1 m=s 12

16 Polymer solution (PAG) 5%; 358C; 1 m=s 13

17 Polymer solution (PAG) 20%; 358C; 1 m=s 47

aSee Figure 63.

Source: B. Liščić, S. Svaic, and T. Filetin, Workshop designed system for quenching intensity

evaluation and calculation of heat transfer data. ASM Quenching and Distortion Control,

Proceedings of First International Confererence On Quenching and Control of Distortion,

Chicago, IL, 22–25 Sept. 1992, pp. 17–26.
hardenability curves. Jominy hardenability data for steel grades of interest are stored in a

databank. In this method, calculations are valid for cylindrical bars 20–90 mm in diameter.

Figure 5.64 shows the flow diagram of the program, and Figure 5.65 is a schematic of the

step-by-step procedure:

Step 1. Specify the steel grade and quenching conditions.

Step 2. Harden a test specimen (50 mm diameter � 200 mm) of the same steel grade by

quenching it under specific conditions.

Step 3. Measure the hardness (HRC) on the specimen’s cross section in the middle of the

length.

Step 4. Store in the file the hardness values for five characteristic points on the specimen’s

cross section (surface, (3 =4) R, (1=2) R, (1=4) R, and center). If the databank already contains

the hardness values for steel and quenching conditions obtained by previous measurements,

then eliminate steps 2 and 3 and retrieve these values from the file.

Step 5. From the stored Jominy hardenability data, determine the equidistant points on

the Jominy curve ( Es, E3=4R, E1=2R, E1=4R, Ec) that have the same hardness values as those

measured at the characteristic points on the specimen’s cross section.

Step 6. Calculate the hypothetical quenching intensity I at each of the mentioned charac-

teristic points by the following regression equations, based on the specimen’s diameter Dspec

and on known E values:

Is ¼
D0 :718

spec

5:11 Es

" #0 :78

(5:33)

I3=4 R ¼
D1:05

spec

8:62 E3 =4 R

" #1 :495

(5:34)
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Start

Stop

Search in database—files

All data
available?

Input of the actual
diameter, D

Input: Steel grade,
quenching conditions

no Additional
experiments

– Measuring of
  quenching
  intensity

– Hardening of
  test specimen

yes

Input parameters: Steel grade; quenching medium
and conditions; Jominy hardenability data;

hardness on the test specimens cross section

Calculation of the "hypothetical quenching intensity"
within the test specimens cross section

Ii = f (Dsp, Ei)

Reading of the hardness data from the Jominy
hardenability curve for Jominy distances

corresponding to: E'S, E'3R/4, E'R/2, E'R/4, E'C

Results obtained: Hardness
data in five points on the
cross section of the bar.

Hardness curve, graphically

Another
diameter?

no

noyes

yes

Calculation of Jominy distances
corresponding to the diameter, D (E'i = f (D, li))

Reading of the corresponding Jominy
distances (Ei)

Another steel
grade and/or
quenching
conditions

Database—stored
data into files:

–  Jominy hardenability

– Hardness distribution
  on the test specimens
  cross section

– Quenching intensity
  recorded as functions:
  T = f (t ), q = f (t ), q = f (Ts)

FIGURE 5.64 Flowchart of computer-aided prediction of hardness distribution on cross section of

quenched round bars. (From B. Liščić, H.M. Tensi, and W. Luty, Theory and Technology of Quenching,

Springer-Verlag, Berlin, 1992.)
I1=2R ¼
D1:16

spec

9:45E1=2R

" #1:495

(5:35)

I1=4R ¼
D1:14

spec

7:7E1=4R

" #2:27

(5:36)
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FIGURE 5.65 Stepwise scheme of the process of prediction of hardness distribution after quenching. (From B. Liščić, H.M. Tensi, and W. Luty, Theory and

Technology of Quenching, Springer-Verlag, Berlin, 1992.)
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Ic ¼
D1:18

spec

8:29 Ec

" #2:27

(5 :37)

Equation 5.33 through Equation 5.37 combine the equidistant points on the Jominy curve,

the specimen’s diameter, and the quenching intensity and were derived from the regression

analysis of a series of Crafts–Lamont diagrams [22]. This analysis is based on Just’s relation-

ships [42] for the surface and the center of a cylinder:

Ei ¼ A
D B1

I B2
(5 :38)

where Ei is the corresponding equidistant point on the Jominy curve, A, B1, B2 the regression

coefficients, D the bar diameter, and I the quenching intensity (H according to Grossmann)

Step 7. Enter the actual bar diameter D for which the predicted hardness distribution

is desired.

Step 8. Calculate the equidistant Jominy distances E ’s, E ’3=4R, E ’1=2R, E ’1=4R, E ’c that

correspond to the actual bar diameter D and the previously calculated hypothetical quenching

intensities Is – Ic using the formulas:

E 0s ¼
D0:718

5:11 I1:28 
(5 :39)

E 03 =4 R ¼
D1 :05

8:62I0:668 
(5 :40)

E 01 =2 R ¼
D1 :16

9:45 I0:51 
(5 :41)

E 01 =4 R ¼
D1 :14

7:7I0:44 
(5 :42)

E 0c ¼
D1:18

8:29 I0:44 
(5 :43)

Step 9. Read the hardness values H ’s, H ’3=4R, H ’1=2R, H ’1=4R, and H ’c from the relevant

Jominy curve associated with the calculated Jominy distances and plot the hardness distribu-

tion curve over the cross section of the chosen actual diameter D.

Figure 5.66 provides an example of computer-aided prediction of hardness distribution

for 30-and 70-mm diameter bars made of AISI 4140 steel quenched in a mineral oil at 20 8C
without agitation. Experimental validation using three different steel grades, four different

bar diameters, and four different quenching conditions was performed, and a comparison to

predicted results is shown in Figure 5.67. In some cases, the precision of the hardness

distribution prediction was determined using the Gerber–Wyss method [43]. From examples

2, 3, 5, and 6 of Figure 5.67 it can be seen that the computer-aided prediction provides a better

fit to the experimentally obtained results than the Gerber–Wyss method.
� 2006 by Taylor & Francis Group, LLC.
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1/2 Radius ............... = 40.7
1/4 Radius ............... = 39.6
Center .................... = 39

Graphic presentation (yes = 1, no = 0)
Another diameter (yes = 1, no = 0)

Graphic presentation (yes = 1, no = 0)
Another diameter (yes = 1, no = 0)

Diameter for hardening, mm: 70

FIGURE 5.66 An example of computer-aided prediction of hardness distribution for quenched round

bars of 30 and 70mm diameter, steel grade SAE 4140H. (From B. Liščić, H.M. Tensi, and W. Luty,

Theory and Technology of Quenching, Springer-Verlag, Berlin, 1992.)
5.6.4 .1 Selec tion of Optim um Quenchi ng Conditio ns

The use of above relationship and stored data permits the selection of optimum quenching

condition when a certain hardness value is required at a specified point on a bar cross section

of known diameter and steel grade. Figure 5.68 illustrates an example where an as-quenched
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FIGURE 5.67 Comparison of the hardness distribution on round bar cross sections of different dia-

meters and different steel grades, measured after experiments and obtained by computer-aided prediction

as well as by prediction according to the Gerber–Wyss method. (From B. Liščić, H.M. Tensi, and

W. Luty, Theory and Technology of Quenching, Springer-Verlag, Berlin, 1992.)
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FIGURE 5.68 An example of computer-aided selection of quenching conditions (From B. Liščić, H.M.

Tensi, and W. Luty, Theory and Technology of Quenching, Springer-Verlag, Berlin, 1992.)
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hardness of 51 HRC (Hq) at (3=4) R of a 40-mm diameter bar made of SAE 4140H steel is

required. Using the stored hardenability curve for this steel, the equivalent Jominy distance

E3 =4 R yielding the same hardness can be found. Using E3 =4 R and the actual diameter D,

hypothetical quenching intensity factor I3 =4 R can be calculated according to Equation 5.34.

That equation also applies to the test specimen of 50-mm diameter and can be written as

I3=4 R ¼
7:05

E3 =4R

� �1 :495

(5:44)

By substituting the calculated value of I3=4R and D ¼ 50 mm, the equivalent Jominy distance

E3=4R corresponding to (3=4) R of the specimen’s cross section, can be calculated:

E 03=4 R ¼
10 :85

0:668 
I3 =4 R (5:45)

For calculated E ’3=4R, the hardness of 48 HRC can be read off from the Jominy curve as

shown in Figure 5.68. This means that the same quenching condition needed to produce a

hardness value Hq ¼ 51 HRC at (3=4)R of a 40-mm diameter bar will yield a hardness Hs ’ of

48 HRC at (3 =4) R of the 50-mm diameter standard specimen.

The next step is to search all stored hardness distribution curves of test specimens made of

the same steel grade for the specific quenching condition by which the nearest hardness Hq’
has been obtained (tolerance is +2 HRC). As shown in Figure 5.68, the required hardness

may be obtained by quenching in four different conditions, but the best-suited are conditions

1 and 2.

The special advantage of computer-aided calculations, particularly the specific method

described, is that users can establish their own databanks dealing with steel grades of interest

and take into account (by using hardened test specimens) the actual quenching conditions

that prevail in a batch of parts using their own quenching facilities.
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6.1 FUNDAMENTALS OF HEAT TREATMENT

6.1.1 HEAT T RANSFER

Heat treatment operations require a direct or an indirect supply of energy into the treated

workpieces and its subsequent removal to effect the heating and the cooling, respectively, of

these pieces. Because this chapter deals only with heat treatment operations involving the

whole volume of treated workpieces, let us consider only the relevant heat transfer problems,

not taking into account other heating methods 

ations. As an example, Figure 6.1 shows the temperature distribution on the cross section of a

connected to surface heat treatment oper-

plate during heating (Figure 6.1a) and during cooling (Figure 6.1b).

In heat treatment operations, when heating or cooling the treated workpieces, nonsta-

tionary temperature fields develop in which the temperature distribution changes with time.

Through the surface F of the plate of thickness s (Figure 6.1), the heat flux Q is supplied

(during heating) or extracted (during cooling):

Q ¼ dQ

dt
¼ �lF

dT

dx 
, x ¼ 0, . . . , s =2 (6:1)

where T is temperature (K); t is time (s); l is heat conductivity (W/(m K)); F is surface area

(m2); and dT/dx is the temperature gradient (K/m).
F F
t = t2 > t1
t = t1 > t0
t = t0

t = t0
t = t1 > t0
t = t2 > t1

Q Q Q

X X

Tu

Tu

Q

SS

(a) (b)

FIGURE 6.1 Temperature distribution on the cross section of a plate (a) during heating and (b) during

cooling. t0, Beginning of temperature change; Tu, surrounding temperature; Q, heat flux; s, thickness of

the plate. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebe-

handeln, Carl Hanser, Munich, 1987.)
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From the other side, based on the first law of thermodynamics,

dQ ¼ r dx FCp zd T (6:2)

where r is the density of the workpiece (kg/m3) and Cp the specific heat capacity of the

workpiece at constant pressure (J/(kg K)).

From Equation 6.1 it follows that

d

dx

dQ

dt

� �
¼ �l F

d2 T

dx2 
¼ d

dt

d Q

dx

� �
(6:3)

From Equation 6.2 it follows that

d

dt

dQ

dx

� �
¼ �r FCp

dT

d t 
(6:4)

and for the one-dimensional heat flux, the time-dependent temperature distribution inside the

workpiece is

dT

dt
¼ l

r Cp

d2 T

dx2 
¼ a

d2 T

d x2 
(6:5)

where a¼ l/rCp (m
2/s) is the temperature diffusivity.

In the case of three-dimensional heat flux, Equation 6.5 reads

dT

dt
¼ a

d2 T

dx2
þ d2 T

dy2
þ d2 T

dz2

 !
¼ a

�

T (6:6)

where

�¼ d2

dx2
þ d2

dy2
þ d2

dz2

is the Laplace operator.

Equation 6.5 and Equation 6.6 are the temperature conduction equations in which the

temperature diffusivity represents the amount of the time-dependent temperature change of a

workpiece because of nonstationary heat conduction.

A heat flux dQ flowing through a surface of area F is, according to Fourier’s heat

conduction law, proportional to the temperature gradient at the relevant position:

d Q ¼ �l
dT

dx 
F dt (6:7)

or, expressed as heat flux density per unit time (s) and unit surface (m2),

q ¼ �l
dT

d x
¼ �l grad T [W =m2] (6:8)

Equation 6.8 clearly shows that the temperature gradient is the driving force of the heat flux.

The heat conductivity ( l), as a proportional factor in this heat conduction equation, repre-

sents the influence of the material’s properties on the heat transport. Table 6.1 gives approxi-

mate values for heat conductivity l (in W/(m K)) for selected materials.

In the above equations, the heat conductivity l is assumed to be a constant value, but in

reality it depends on temperature. Figure 6.2 shows the temperature dependence of heat
� 2006 by Taylor & Francis Group, LLC.
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TABLE 6.1
Approximate Values for Heat Conductivity l, W/(m K)

Metals Stiff inorganic materials

Copper 350 Chamotte 0.5–1.2

Aluminum 170–230 Brick 0.8

Brass 80–115 Concrete 0.8–1.4

Gray iron 58 Mineral wool 0.05–0.1

Steel 40

Liquids Gases

Water 0.6–0.7 Air (20–20008C) 0.026–0.11

Oil 0.1–0.2 H2 (20–20008C) 0.18–0.75

Source: From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl

Hanser, Munich, 1987.
conductivity for groups of steel. As can be seen, the biggest differences in heat conductivity

among different steel grades are at room temperature. Whereas for unalloyed steels the heat

conductivity decreases with increasing temperature, for high-alloy steels it slightly increases

with increasing temperature. At about 900 8C (1652 8F), the value of l is almost the same for

all steel grades. The specific heat capacity Cp depends also on temperature.

The transport of thermal energy through a solid body, described by the heat conduction

equation (Equation 6.8), extends naturally beyond the body surface; i.e., heat transfer takes

place between the body and its environment. This heat transfer is expressed as the amount of

heat exchanged between the surface of the body and its environment per unit surface area and

per unit time. According to Newton’s law of cooling, the amount of heat exchanged between a

body and its environment depends on the difference between the body surface temperature

and the temperature of its environment. The relevant heat flux density is

q ¼ dQ

dFdt
¼ a (TK � TU) for TK > TU (6:9)

where TK is the body surface temperature, TU is the temperature of the environment, and a is

the heat transfer coefficient, W/(m2 K).
Temperature T,  8C

H
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t c
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FIGURE 6.2 Temperature dependence of the heat conductivity l for selected steel groups. (a) Pure iron;

(b) unalloyed steels; (c) low-alloy steels; (d) high-alloy steels. (From G. Spur and T. Stöferle (Eds.),

Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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The actual conditions of the heat transfer in each case are represented by the relevant heat

transfer coefficient a, which depends on
� 20
1. The shape and cross-sectional size of the body

2. The position of the body (standing or lying)

3. The surface condition of the body

4. The physical properties of the body’s material

5. The physical properties of the surrounding fluid (density, specific heat capacity,

dynamic viscosity)

6. The agitation (flow) rate of the surrounding fluid
During every heating or cooling process, the temperature difference between the body surface

and its environment becomes smaller with time, i.e., the exchanged heat quantity becomes

smaller. The heat transfer coefficient a is therefore not a constant but varies with the body

surface temperature.

Gases, liquids, and vacuums are the environments in which heat transfer occurs during

heat treatment operations. Heat can be transferred by three different heat transfer mechan-

isms: heat conduction, heat convection, and heat radiation.

Heat conduction (in fluids) is the heat transfer that occurs in a nonagitated liquid or

gaseous medium between directly adjoining particles owing to a temperature gradient.

Heat convection is directly connected to the movement (flow or agitation) of the heat-

carrying fluid, because it is realized through movement of the fluid particles from one place to

another. Therefore heat convection is possible only in liquids and gases. The amount of heat

transferred by heat convection in a gas also depends on the number of particles in the gas.

Because this number depends on gas pressure, heat convection is proportional to gas pressure.

If the only cause of particle movement is the difference in density caused by the temperature

difference, the movement is called free or natural convection. When the movement of particles

of the fluid is caused by an outside force, the movement is called forced convection. Generally,

free and forced convections take place simultaneously. The amount of free convection

contributing to the heat transfer depends on the temperature gradient within the fluid, and the

contribution of the forced convection depends on the flow velocity, i.e., on the agitation rate.

When an air stream passes toward a cylinder, the convective heat transfer coefficient aK

can be calculated, according to Eckstein [2], by using the formula

aK ¼ (4:64þ 3:49� 10�3DT)
v 0:61

D 0:39
[W=(m2 K)] (6:10)

where D is the diameter (m); DT is the temperature difference between air and cylinder

surface; and v is the air velocity (m/s).

The third heat transfer mechanism is heat radiation. Solid bodies, liquids, and gases can

all transfer heat in the form of radiation. This kind of heat transfer does not depend on any

heat transfer carrier; therefore, it can take place in vacuum also. Heat radiation is in the form

of electromagnetic waves whose length is in the range of 0.3–500 mm. When radiation strikes

the surface of a body, part of it will be absorbed, part of it will be reflected, and the rest may

pass through the body. Every body emits radiation corresponding to its temperature. The

body that, at a certain temperature, emits or absorbs the largest amount of radiation is called

a blackbody. All other bodies emit or absorb less radiation than the blackbody. The ratio of

the radiation of a body to that of a blackbody is called the emission-relation coefficient «.

The total heat flux density emitted by radiation from a body can be calculated according

to the Stefan–Boltzmann law

q ¼ «sT4 (6:11)
06 by Taylor & Francis Group, LLC.
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where « is the emission-relation coefficient, « < 1.0; s is the Stefan–Boltzmann constant,

s¼ 5.67� 10�8 W/(m2 K4); and T is the absolute temperature (K).

If two bodies mutually exchange radiant heat, then not only is the warmer body emitting

heat to the colder one, but the colder body is also emitting heat to the warmer body, so that

the transferred heat consists of the difference of the amounts of heat absorbed by the two

bodies. The total heat transferred by radiation from one body having a surface area F1 to

another solid body of any surface area can be calculated according to

Q ¼ «1;2 s F1( T
4
1 � T4

2 ) (6:12)

where «1,2 is the emission-relation coefficient, which depends on the emission-relation coeffi-

cients of both bodies, their surface relation, and their mutual position in space; T1 is absolute

temperature of the emitting body; and T2 is absolute temperature of the absorbing body.

In industrial furnaces, heat is transferred substantially by simultaneous heat convection

and heat radiation. The heat transferred by heat conduction (in fluids) is negligible compared

to the heat transferred by convection and radiation. When calculating the total heat trans-

ferred by both mechanisms, it is appropriate to express the heat transferred by radiation with

a formula similar to Newton’s law

q ¼ a«( T1 � T2) (6:13)

The heat transfer coefficient for radiation a« can be calculated by combining Equation 6.12

and Equation 6.13:

a« ¼ «1,2s
T4

1 � T4
2

T1 � T2

(6:14)

The total heat transfer coefficient is then

a ¼ ak þ a« (6:15)

where ak is the heat transfer coefficient for convection.

Table 6.2 gives, according to Eckstein [2], the average values of the heat transfer coeffi-

cient for cooling or quenching in liquid or gaseous media. This complex heat transfer

coefficient depends in each case on many specific factors, discussed earlier, but also depends

strongly on the surface temperature of the workpiece. It is a temperature-dependent and

location-dependent value that changes during heat transfer as the body surface temperature

equalizes to the environment’s temperature. According to Eckstein [2], the complex heat

transfer coefficient can increase 30 to 50 times between 50 and 15008C (122 and 27328F).

At temperatures below 3008C (5728C), heat transfer by convection is predominant. With

increasing temperature, heat transfer by radiation becomes more important, and at about

8008C (14728F) it reaches 80% of the total heat transfer.

Especially in operations that employ immersion quenching in liquids, where two-phase

heat transfer takes place with high heat flux densities under nonstationary conditions, the

heat transfer coefficient value changes very much. Therefore nowadays when heat transfer

calculations are carried out by computer a temperature-dependent function of the heat

transfer coefficient instead of an average value should be used. One practical way to obtain

this function in each actual case is to measure the surface temperature of an adequately

instrumented probe (cylinder or plate of adequate dimensions) placed appropriately in the

quenching tank and, from the measured surface temperature vs. time history, calculate the

corresponding heat flux density and heat transfer coefficient vs. temperature functions.
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TABLE 6.2
Average Values of the Heat Transfer Coefficient a When Cooling

or Quenching in Liquid or Gaseous Media

Medium a [W/(m2 K)]

Furnace 15

Still air 30

Moving air 40

Compressed air 70

Air–water mixture 520

Hardening oil 580

Liquid lead 1200

Water 3500

Source: From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB

Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.
Figure 6.3 shows, as an example, the heat transfer coefficient vs. surface temperature for

quenching a stainless steel cylinder of 50-mm diameter� 200 mm in still oil of 20 8C (68 8F) [3].

If there is no adequate thermocouple to measure the surface temperature of the probe, the

temperature can be measured near the surface and, by using the inverse heat conduction

method and an adequate mathematical procedure finite element method (FEM), the surface

temperature of the probe can be calculated.

To explain the dependence between the heat transfer conditions and the temperature fields

in solid bodies, let us consider the heating of a plate of thickness s (see Figure 6.4). At the

beginning of heating (t¼ 0), the plate has a temperature TK¼ 0 and is suddenly transferred in

standing position into a furnace, where the environmental temperature is TU. Equal amounts

of heat are transferred from both sides of the plate. Because boundary conditions of the third
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FIGURE 6.3 Heat transfer coefficient vs. surface temperature when quenching a stainless steel cylinder

of 50-mm diameter� 200 mm in still oil of 208C, calculated from the measured surface temperature–time

history. (From B. Liščić, S. Švaić, and T. Filetin, Workshop designed system for quenching intensity

evaluation and calculation of heat transfer data, Proceedings of the First International Conference on

Quenching and Control of Distortion, Chicago, IL, September 1992, pp. 17–26.)
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FIGURE 6.4 Change of the temperature distribution with time when heating a plate of thickness s,

depending on different heat transfer conditions expressed by the ratio l/a. (From H.J. Eckstein (Ed.),

Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB Deutscher Verlag für Grundstoffindustrie,

Leipzig, 1987.)
kind exist, the ratio between the heat conductivity and the heat transfer coefficient (l/a) gives a

point at temperature TU outside the plate. The straight line connecting this point and the

relevant surface temperature is the tangent on the temperature distribution curve at the body

surface. As time progresses, both the surface temperature and the temperature in the middle of

the plate increase. The temperature gradient inside the body is different for different l/a ratios

and changes over time. If the heat conductivity l of the body’s material is small or the heat

transfer between the environment and the body surface is large, the ratio l/a is small and heat

accumulates in the surface region because the amount of heat transferred is greater than the

amount transported by conduction into the body’s interior. The smaller the ratio l/a, the faster

the surface temperature equalizes to the temperature of the environment. The relevant changes

of temperature at points x1 and x2 and the value and the change in the temperature gradient

over time are also greater. This can be seen in Figure 6.5 when comparing the curves for (l/a)1
small to (l/a)2 big. If the heat conductivity l is big or the heat transfer coefficient a is small, i.e.,
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FIGURE 6.5 Change of the plate temperatures at points x1 and x2 and temperature gradients at point

x1 in the cross section of the plate shown in Figure 6.4 when different heat transfer conditions (l/a)1 and

(l/a)2, respectively, exist. (From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl, 2nd

ed., VEB Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
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the heat is transported from the surface to the core of the body faster than it is transferred

from the environment to the body’s surface, the l/ a ratio becomes big, and the temperature in

the interior of the body increases relatively faster than the surface temperature.

Other factors that should be taken into account when analyzing such heat transfer

problems are the shape and cross-sectional size of the body. As to the influence of different

shapes of workpieces it should be borne in mind that at constant heat transfer conditions and

constant thermal properties of the material and equal temperature of the environment, the

temperature change with time depends on the surface-to-volume ratio of the body. The

greater the ratio is, the greater is the temperature change over time.

6.1.2 L ATTICE DEFECTS

Generally the lattice of a metal crystal contains imperfections, i.e., aberrations from a perfect

atomic arrangement. These imperfections may be divided, from the geometrical standpoint,

into the following categories:

Zero-dimensional or point imperfections

One-dimensional or linear

Two-dimensional or superficial

Three-dimensional or spatial

The most important lattice defects that occur in metals are shown schematically in Figure 6.6.

Figure 6.6a shows a plane consisting of equal regular atoms a of which the spatial lattice is

built, with four different types of lattice point defects. At position b one atom is missing; this

defect is called a vacancy. Atom c occupies a place between the regular places in the lattice

and it is called an interlattice atom; in this case c is the same kind of atom as the regular

atoms. In position d, a strange atom (of an alloying element) with a larger diameter has taken

the place of a regular atom; therefore it is called a substitutional atom. A practical example of

this is a manganese atom dissolved in iron. In position e, a strange atom with a much smaller

diameter than the regular atoms of the lattice is inserted between regular atoms in a position

that is not occupied by regular atoms. It is called an interstitial atom. A practical example of

this is a carbon atom dissolved in iron. Both substitutional and interstitial atoms cause local

deformations and microstresses of the crystal lattice.

Figure 6.6b shows at f a linear lattice defect. A row of atoms in the outlined atomic plane

terminates at this point. If we imagine the outlined atomic plane as a section through a crystal

that stretches perpendicular to the plane shown, then the row of atoms terminating at f

becomes a half-plane of atoms that has been inserted between regular planes of atoms and

ends inside the crystal. The boundary line of the inserted half-plane of atoms that stretches

through the greater lattice region, perpendicular to the plane shown, is a linear lattice defect

called an edge dislocation. Every edge dislocation is connected with characteristic deform-

ations and microstresses of the lattice.

The lattice defects g and h are superficial defects. The line g–g represents schematically a

low-angle grain boundary that consists of edge dislocations arranged regularly one under the

other. The inserted half-plane of each edge dislocation terminates at the associated atom

shown in black. The dashed area is a section through a low-angle grain boundary between

neighboring parts of the crystal lattice that are inclined at a low angle to each other. The line

h–h represents a twinning boundary. It is characterized by the fact that the atoms on both

sides of the boundary are symmetrically distributed, and therefore neighboring parts of the

crystal lattice are completely equal, looking like twins in a mirror.

Figure 6.6c shows at i a superficial imperfection (in the outlined plane) where a group of

atoms is missing. This zone of missing atoms could have developed by way of an accumulation

of vacancies. It can be stretched to other planes of atoms perpendicular to the outlined one. The

imperfection k is amore or less irregular distribution of atoms between twoneighboring parts of
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FIGURE 6.6 Lattice defects. (a) Lattice point defects; (b) linear and superficial lattice defects; (c)

superficial lattice defects; (d) spatial lattice defects. a, Regular lattice atom; b, vacancy; c, interlattice

atom; d, substitutional atom; e, interstitial atom; f, edge dislocation; g, low-angle grain boundary; h,

twinning boundary; i, vacancy zone; k, high-angle grain boundary; l, strange atoms zone; m, phase

boundary; n, precipitate; o, inclusion; p, microcrack; q, micropore. (From G. Spur and T. Stöferle (Eds.),

Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
the crystal lattice with big differences in orientation, which interrupts the continuity of the

lattice. It is called a high-angle grain boundary, or simply a grain boundary. The superficial

imperfection at l is a section through a zone of strange atoms that stretches in two dimensions

perpendicular to the plane shown. The boundary plane m between two different lattices is called

a phase boundary, which is also a two-dimensional lattice defect.

Figure 6.6d shows schematically the characteristic three-dimensional lattice defects. In

many metal alloys, within the lattice of grains under specific thermodynamic conditions, new

lattice regions with changed structure are formed. Such a lattice defect shown at n is called a

precipitate. The spatial imperfection at o is called an inclusion. Such inclusions, which

develop unfailingly during the production of alloys, are nonmetallic or intermetallic com-

pounds. Like precipitates, inclusions have their own structure and phase and are separated by

a phase boundary from the surrounding lattice. Microcrack is denoted by p, a spatial

imperfection that is created by three edge dislocations that came to a phase boundary and

formed a hollow among the three half-planes of the lattice. The hollow stretches perpendicu-

lar or at a slope to the plane shown. At q a sphere-like hollow inside the crystal’s lattice is
� 2006 by Taylor & Francis Group, LLC.
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shown; this is called a micropore. Such defects can originate from the accumulation of either

vacancies or gases.

Of all the lattice defects discussed above, vacancies and edge dislocations are especially

important in the heat treatment of metals. Vacancies enable neighboring atoms or substitu-

tional atoms of alloying elements to change their positions and thus enable diffusion processes.

The diffusion of interstitial atoms (e.g., a carburizing process) is possible without vacancies.

Dislocations can move, increase in number, and accumulate. By lowering the share force (as a

consequence of the intermittent movement of the atoms), compared to the case of a perfect iron

crystal (whisker), dislocations facilitate the plastic deformation of the material.

6.1.3 APPLICATION OF TTT (IT) AND CCT DIAGRAMS

Time–temperature–transformation diagrams for isothermal transformation (IT diagrams)

and for continuous cooling transformation (CCT diagrams) are used to predict the micro-

structure and hardness after a heat treatment process or to specify the heat treatment process

that will yield the desired microstructure and hardness. The use of the either type of diagram

requires that the user be acquainted with its specific features, possibilities, and limitations.

6.1.3.1 Isothermal Transformation Diagram

Figure 6.7 shows an IT diagram of the low-alloy steel DIN 50CrV4. The regions of trans-

formation of the structural phases ferrite (F), pearlite (P), and bainite (B) as positioned in

the time–temperature diagram (the abscissa of which is always in logarithmic scale) are valid

only under conditions of fast quenching from the austenitizing temperature to the chosen

transformation temperature and subsequent holding at that temperature. This is the way
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FIGURE 6.7 Isothermal transformation (IT) diagram of DIN 50CrV4 steel. (From A. Rose and

W. Strassburg, Archiv. Eisenhüttenwes. 24(11/12):505–514, 1953 [in German].)
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FIGURE 6.8 Relation between the amount of transformed structure (M) and time in IT diagrams, accord-

ing to Equation 6.16. (From H.P. Hougardy, Härterei-Tech. Mitt. 33(2):63–70, 1978 [in German].)
the diagram itself was developed. Therefore the IT diagram may be read only along the

isotherms. The beginning and end of transformation of ferrite, pearlite, and bainite in

isothermal processes take place according to the function

M ¼ 1� exp (�bt n) (6:16)

where M is the fraction of phase transformed; t is time (s); and b¼ 2� 10�9 and n¼ 3.

Because, as shown in Figure 6.8, this function starts and ends very flat, the actual

beginning and end of transformation are difficult to determine exactly. Therefore, an agree-

ment is reached, according to which the curve marking the beginning of transformation

denotes 1% of relevant phase originated, and the curve marking the end of trans-

formation denotes 99% of the austenite transformed.

Only the formation of martensite takes place without diffusion, instantly, depending only

on the temperature below the Ms point. Hougardy [5] gave the following formula (valid for

structural steels for hardening and tempering) for this transformation:

Ma ¼ 1� 0:929 exp[�0:976� 10�2( Ms � T)1 :07] (6:17)

where Ma is the amount of martensite, Ms is the martensite start temperature, and T is a

temperature below Ms.

Some IT diagrams, when read along the isotherms, enable the user to determine the

percentages of phases transformed and the hardness achieved. Figure 6.9, for example,

shows that when the DIN 41Cr4 steel (austenitized at 840 8C (1544 8F) with 5-min holding

time) is fast quenched to 650 8C (1200 8F) and held at this temperature, after 12 s ferrite starts

to form. After 30 s the formation of pearlite begins. After 160 s the transformation is

completed with 5 vol% of ferrite and 95 vol% of pearlite formed. The hardness achieved is

about 20 HRC. If a specimen of this steel is quenched to 300 8C (572 8F), instantly, 50% (v/v)

of martensite will be formed.

The accuracy of an IT diagram with respect to the position of isotherms can generally be

taken as +10 8C (50 8F), and with respect to the time ordinates, as +10%.

6.1. 3.2 Continuous Cooling Transform ation Diagram

Figure 6.10 shows the CCT diagram of the same heat (as Figure 6.7) of the low-alloy DIN

50CrV4 steel.
� 2006 by Taylor & Francis Group, LLC.
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When comparing the curves for the start of transformation in CCT and IT diagrams for

the same heat and steel grade (Figure 6.7 and Figure 6.10), we found that in the CCT diagram

the curves are slightly shifted to longer times and lower temperatures. For example, in the IT

diagram of Figure 6.7, the shortest time to start the transformation of ferrite is 16 s at 650 8C
(1200 8F) and the corresponding time for bainite is 9 s at 480 8C (9008F). In the CCT

diagram of Figure 6.10, however, the shortest transformation start time for ferrite is 32 s

at 620 8C (1150 8F) and the corresponding time for bainite is 20 s at 380 8C (716 8F). This

indicates that in CCT processes the transformation starts later than in IT processes. The basis

of this phenomenon is related to the incubation time and can be found in a hypothesis of

Scheil [6].

It should also be noted that with higher austenitizing temperature the curves denoting the

start of transformation of a particular phase can be shifted to longer times. Figure 6.11 shows

the CCT diagram of DIN 16MnCr5 steel after austenitizing at 870 8C (1600 8F) (a), and after

austenitizing at 1050 8C (1922 8F) (b). In the latter case, the regions of ferrite and pearlite are

shifted to longer times. It is necessary, therefore, when using a CCT diagram, to ascertain that

the austenitizing temperature used to develop the CCT diagram corresponds to the austeni-

tizing temperature of the parts treated.

A CCT diagram is developed in the following way. Many small specimens (e.g., 4-mm

diameter� 2 mm for high cooling rates, and 4.5-mm diameter� 15 mm for medium and

low cooling rates) are austenitized and cooled within a dilatometer with different cooling

rates. Start and finish of transformation of relevant phases with each cooling curve are

recorded and these points are connected to obtain the regions of transformation for the

relevant phases (see Figure 6.10). Therefore, a CCT diagram can be read only in the way in

which it was developed, i.e., along the cooling curves. As can be seen from Figure 6.10, a single-

phase structure occurs only in cases of very high cooling rates (martensite) and very slow

cooling rate (pearlite). In all other cooling regimes a mixture of more structural phases results.

How much of each phase such a mixture contains can be read in percentage from the numbers

along the cooling curve (usually marked in CCT diagrams of German origin). The numbers at

the end of each cooling curve denote the relevant hardness after quenching (usually in HRC

(two-digit numbers) or in HV (three-digit numbers)). For example, as shown in Figure 6.10 for

grade DIN 50CrV4 steel, if cooling proceeds at the rate marked with �, a mixture of 10%

ferrite, 30% pearlite, 30% bainite, and (the rest) 30% martensite will result at room tempera-

ture, and the hardness after quenching will be 47 HRC. It should be noted that the part of the

area (region) of a phase that the cooling curve intersects is by no means a measure of the

amount of transformed phase.

Sometimes a CCT diagram can be supplemented with a diagram showing portions of each

structural phase and hardness after quenching; see the lower part of Figure 6.12. The abscissa

of this diagram denoting time enables the cooling time to 500 8C (9328F) to be determined for

every cooling curve. To determine the portions of structural phases and hardness after

quenching, one should follow the relevant cooling curve until its intersection with the

500 8C (932 8F) isotherm and from this point down along the vertical line read the phase

portions and hardness after quenching. For example, for cooling curve C, which intersects the

500 8C (932 8F) isotherm at 135 s, the readings are 4% ferrite, 7% pearlite, 78% bainite, and

11% martensite and a hardness of 34 HRC.

It should be noted that every CCT diagram is exactly valid only for the heat of a steel that

was used for its construction. The influence of different heats (having slightly different

compositions) of the same grade of steel on the position of transformation curves in the

relevant CCT diagram, as an example, is shown in Figure 6.13.
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structural phase and hardness after quenching depending on the cooling time to 5008C. (From H.P.

Hougardy, Härterei-Tech. Mitt. 33(2):63–70, 1978 [in German].)
As for IT diagrams, the accuracy of a CCT diagram, according to Hougardy [5], with

respect to the position of isotherms is +10 8C (50 8F) and with respect to time ordinates +10%

of the relevant time.

6.1. 3.3 Heat Treatment Process es for Wh ich an IT or CCT Diagram May Be Use d

Taking into account what was explained above about how IT and CCT diagrams can be read,

Figure 6.14 shows the isothermal heat treatment processes for which only IT diagrams may be

used. The first is isothermal annealing to obtain a coarse ferritic–pearlitic structure, for better

machinability (Figure 6.14a). In this case, the IT diagram gives the crucial information, the

optimum temperature at which annealing should take place to achieve the full transformation

in the shortest possible time.

The second process is isothermal transformation to bainite, i.e., the austempering process

(Figure 6.14b). In this case, the IT diagram is used first of all to ascertain that the steel in

question is applicable for this process, i.e., has enough hardenability (which means that its

start of transformation curves are not too close to the ordinate). If this condition is fulfilled,

the diagram enables the heat treater to select the appropriate temperature according to the

hardness desired and read the minimum time needed at this temperature to achieve the full

transformation to bainite.
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The third process is the martempering process (Figure 6.14c), an interrupted quenching in

a hot bath to obtain the martensite structure with minimum stress and distortion. The

applicability of a steel for the martempering process may be checked in the same way as

above. In this case the diagram gives information about the necessary temperature of the hot

bath and the maximum time the parts can be immersed in it (in order to obtain only

martensite) before they are taken out to be cooled in air.

Figure 6.15 shows, as an example, the only three cases of continuous cooling for which

only a CCT diagram may be used. The first case (Figure 6.15a) is direct quenching to obtain

full martensitic structure. In this case the diagram enables the user to determine the critical

cooling rate for the steel in question. The second case (Figure 6.15b) is a continuous slow

cooling process, e.g., cooling in air after normalizing annealing. In this case the diagram

enables the user to select the cooling rate required to yield the desired hardness of the ferritic–

pearlitic structure at room temperature. The percentage of ferrite and pearlite can be read as

described above if the diagram allows it. The third case (Figure 6.15c) represents any

continuous cooling regime that results in more than two structural phases. In any of these

cases the diagram enables the user to determine the portion of each phase and the hardness

after quenching.

6.1.3 .4 Usin g the CCT Diagram to Predic t Structu ral Consti tuents and Har dness

upon Quenchi ng Real Wo rkpieces

Each CCT diagram describes only those transformations of the structure that occur along

the cooling curves of specimens used for its construction. This means that a CCT diagram

is valid only for the cooling conditions under which it was constructed. The cooling law for the

specimens of small diameter and small volume that were used in constructing the

CCT diagram can, according to Rose and Strassburg [4], be described by the exponential

function
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T ¼ T0e
��t (6 :18)

where T0 is the austenitizing temperature, a the heat transfer coefficient, and t the time.

The exactness of the predictions of structural constituents (phases) and hardness values

upon quenching depends on the extent to which the cooling law at different points in the cross

section of real workpieces corresponds to the cooling curves of specimens drawn in the CCT

diagram. Experimental work [4] using round bars of 50-mm diameter� 300 mm with ther-

mocouples placed 1, 5, 10, 15, and 25 mm below the surface showed that the cooling curves in

different points of a round bar’s cross section correspond in form to the cooling curves in CCT

diagrams to the extent that the structural transformation, i.e., the resulting structural

constituents and hardness values, can be compared. Figure 6.16 shows how a hardness

distribution can be predicted by using this correspondence.

If the temperature–timescales of the measured cooling curves and the CCT diagram are

the same (as in Figure 6.16a and Figure 6.16b), then by using a transparent sheet of paper the
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measured cooling curves on CCT diagrams of different steel grades can be superimposed, and

in this way steel grade can be selected that will develop the required structure and hardness at

the desired point of the cross section. The accuracy of such prediction from a CCT diagram

decreases as the radius of the workpiece’s cross section increases. According to Peter and

Hassdenteufel [8], sufficiently exact predictions are possible using CCT diagrams for round

bars up to 100 mm in diameter when quenching in oil and up to 150 mm in diameter when

quenching in water.

It appears that the main problem in the practical use of CCT diagrams for prediction

of structural constituents and hardness upon quenching is to establish exactly the cooling

curve for the specified point on the workpiece’s cross section. This can be done either by

calculation (if symmetrical parts and one-dimensional heat flow are involved and the bound-

ary conditions are known) or experimentally (for asymmetric parts) by measuring the
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quenching, obtained by reading the hardness values from (b).
temperature–time history with a thermoelement. The correspondence between cooling curves

of real workpieces and cooling curves drawn on CCT diagrams also enables the reverse, to

draw conclusions about the cooling history (curve) at a specified point of the cross section of a

workpiece of any shape and size based on metallographic analysis of the structure and

measured hardness upon quenching.

When CCT diagrams (of American origin) are used, the manner of predicting structural

constituents and hardness is slightly different. For example, in Figure 6.17, instead of dilato-

metric cooling curves, cooling curves taken at different distances from the quenched end of

the Jominy test specimen are superimposed.

If one follows one of these cooling curves, e.g., the one for 19.1 mm (3/4 in.) from the

quenched end (the heavier line in the diagram), one can read that after 25 s of cooling, the

Jominy specimen made of AISI 3140 steel at this distance from the quenched end starts to

develop ferrite, after 30 s, pearlite; and after 45 s bainite. After 90 s of cooling 50% of the

austenite is already transformed. After 140 s, when the temperature at this point has fallen to

315 8C (599 8F), formation of martensite begins.

The corresponding Jominy curve at the bottom of Figure 6.17a shows that this cooling

curve (at this Jominy distance) with the steel in question will yield a hardness of 48 HRC. To

correlate this hardness to different points of the round bars’ cross sections of different

diameters, an auxiliary diagram (valid in this case only for quenching in moderately agitated

oil) such as that shown in Figure 6.17b should be used. From this diagram one can see that the

same hardness of 48 HRC can be met, after quenching in moderately agitated oil, 9 mm below

the surface of a round bar of 75-mm diameter.
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There also exist CCT diagrams of another type, developed by Atkins [9]; an example

is given in Figure 6.18. These diagrams were developed by cooling and quenching round

bars of different diameters in air, oil, and water, recording their cooling curves in the center

of the bar, and later simulating these cooling curves in a dilatometric test in order to identify

the transformation temperatures, microstructures, and hardness. These diagrams therefore

refer only to the center of a bar. Instead of a timescale on the abscissa, these diagrams have

three parallel scales, denoting bar diameters cooled in air, quenched in oil, and quenched in

water. A scale of cooling rates (usually at 700 8C (1292 8F)) in 8C/min is added.

These diagrams are to be read only along vertical lines (from top to bottom), denoting

different cooling rates. For example, to determine the microstructure developed and resulting

hardness in the center of a 10-mm bar of the steel in question when cooling it in air, one takes

the vertical line at 10-mm diameter on the scale for air cool (see Figure 6.18), starts in the

austenite region and proceeds downward. Transformation in this case (unalloyed steel grade

with 0.38% C) starts at 700 8C (1292 8F) with the formation of ferrite, continuing to nearly 50%

transformation at 640 8C (1184 8F) when pearlite begins to form. At 580 8C (1076 8F), a trace of

bainite is indicated before transformation is complete.

If oil quenching of a 10-mm bar is now considered, the 10-mm position should be located

on the oil-quenched bar diameter scale in Figure 6.18. Again starting in the top region and

following the vertical line down, it is seen that in this case bainite is the first phase to form

from austenite at 560 8C (1040 8F). At 330 8C (626 8F), after about 40% transformation, the

remaining austenite transforms to martensite until the reaction is complete at 150 8C (3008F).

Similarly, the center of a water-quenched 10-mm diameter bar will transform to martensite

starting at 360 8C (6808F) and finishing at 150 8C (300 8F).

Relevant hardness values after quenching (and in some cases after tempering to different

specified temperatures) can be read following the same vertical line further down into the

hardness after transformation diagram.

An examination of the left-hand side of the upper diagram in Figure 6.18 for the steel in

question shows that martensite will form on air cooling with bars up to 0.18 mm in diameter, on

oil quenching up to 8 mm in diameter, and on water quenching up to 13 mm in diameter.

A special feature of this type of CCT diagram is that the hardenability of the steel can be

assessed at a glance. Figure 6.19a is a CCT diagram for a very low hardenability steel

previously rolled and austenitized at 950 8C (1242 8F). It shows early transformation to ferrite

and pearlite (even with oil and water quenching of smallest diameters). Figure 6.19b shows a

similar diagram for a high-hardenability steel previously rolled, softened at 600 8C (11128F),

and austenitized at 830 8C (1526 8F). In this case the austenite changed predominately to

martensite and bainite over a wide range of bar diameters and quenching rates. Diagrams

of this type representing 172 steel grades have been published in the British Steel Corporation

(BSC) atlas [9].

6.1. 3.5 Special Cases and Limitatio ns in the Use of CCT Diagram s

When dealing with carburized steels, one should be aware that, because of the big difference

in carbon content between the core (�0.2%) and the case (�0.8%), the CCT diagram for the

case will be totally different from the one for the core of the same steel, as shown in Figure

6.20 and Figure 6.21. The increased carbon content in the case increased the hardenability and

caused the pearlite and bainite regions to be shifted to much longer times. The ferrite region

disappeared, and the Ms point was lowered. Cooling at the same rate results in different

portions of structural constituents and substantially different hardness values.
� 2006 by Taylor & Francis Group, LLC.
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Another limitation in the use of CCT diagrams concerns cooling regimes with discontinu-

ous change in cooling rate, as for example a delayed quenching in air followed by water or oil

quenching. The left-hand part of Figure 6.22a shows the start of transformation as in the

conventional CCT diagram for the steel in question. The right-hand part (Figure 6.22b) of

this diagram holds for air cooling to approximately Ac1, followed by water quenching

(a delayed quenching process). It shows a significant displacement of the ferrite and bainite

regions to longer times. Such a cooling mode enhances hardenability and results in

higher hardnesses than expected from the conventional CCT diagram for the same steel.

The effect of discontinuous change in cooling rate is based on nucleation and on incubation

time before the change in cooling rate occurs and is theoretically explained by Shimizu and

Tamura [11].
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6.1.4 OXIDATION

Oxidation takes place as an undesirable accompanying phenomenon during every heat

treatment of metals in a noninert atmosphere. Chemical reactions that occur during the

oxidation of a metal are generally expressed by the formula

2x

y
MeþO2  ��!

2

y
MexOy (6:19)

where x and y denote integer numbers.

The oxidation process proceeds at a set temperature spontaneously from left to right

(according to formula 6.19). During this process the free enthalpy of the reaction products

(GR) becomes smaller than the enthalpy of the original materials (GA), i.e., the difference can

be expressed as
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DG0 ¼ GR � GA for GA > GR (6:20)

If D G0 > 0, reaction 6.19 will take place from right to left, i.e., the metal oxide will be reduced.

When the oxygen pressure (pO
2
) equals 1 bar, DG0 is called the free standard creating

enthalpy. Figure 6.23 shows the temperature dependence of the free standard creating enthalpy

( DG0) for oxidation reactions of some metals.

If ( pO
2
) at temperature T differs from 1 bar, then the characteristic change of the free

creating enthalpy may be calculated as follows:

DG ¼ DG0 � RT ln pO2 
(6:21)

where R is the universal gas constant and T is absolute temperature.

As can be seen from Figure 6.23 for all of the metals represented except silver, the values

of D G0 are negative with an increasing trend at higher temperatures. In the case of silver,

DG0¼ 0 at 190 8C (324 8F). At this temperature, equilibrium exists between Ag, O2, and Ag2O,

i.e., the disintegration pressure of Ag2O has reached the oxygen pressure of 1 bar that was

taken as the basis. At higher temperatures the disintegration pressure of Ag2O becomes

higher and the metal oxide (Ag2O) will be disintegrated.

From Figure 6.23 it can be concluded that the chosen metals, with the exception of silver,

within the shown temperature range would form oxides. Because the oxidation takes place on

the surface, the oxide layer that is formed separates the two reaction partners, i.e., the metal

and the oxygen. This oxide layer, which is material-specific, becomes thicker with time. There

are several formulas expressing the dependence of the oxide layer thickness on time. For

higher temperatures a parabolic law is usually used:

y ¼
ffiffiffiffi
A
p

1t (6:22)
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where y is the oxide layer thickness, A1 is a material-specific constant, and t is time. This

parabolic law is valid for oxidation processes when the rate of oxidation depends on the

diffusion of metal ions and oxygen ions through the oxide layer.

When the oxide layer is porous, i.e., permeable for the gas, and therefore the metal and

oxygen are not separated, build-up of the layer follows a linear law:

y ¼ A2 t (6 :23)

where A2 is another material-specific constant.

An oxide layer of a pure metal is constituted of uniform chemical compound if a single

valency is involved, e.g., FeO. If more valencies are involved, the oxide layer consists of

sublayers with oxygen valencies increasing from the inside to the outside, e.g., FeO, Fe3O4,

and Fe2O3, as shown in Figure 6.24. In Figure 6.24a, an oxide layer of pure iron, created

during a 5-h annealing at 1000 8C (18328F), is shown. Relevant processes during development

and build-up of the layer are schematically shown in Figure 6.24b.
6.1. 4.1 Scaling of Steel

When metallic parts are heated above 560 8C (10408F) (this is the temperature at which the

creation of wüstite or FeO begins), after creation of the first part of the layer in the starting

phase, the reaction follows by diffusion of Fe2þ ions from the steel toward the outside and the

diffusion of oxygen ions at the scale–metal interface toward the inside. As time passes, the

linear law of oxidation valid for the starting phase changes to a parabolic law.

The growth of the oxide layer (scale) depends very much on the chemical composition of

the steel. Different alloying elements, having different diffusion abilities, have different

influences on the oxidation process and the build-up of scale. The chemical composition of

the original material on the surface is subject to changes.
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FIGURE 6.24 Oxidation of pure iron. (a) Oxide layer and (b) processes during the build-up of the oxide

layer; a, transition of Fe2þþ 2e� from the metal into FeO; b, creation of FeO; c, creation of Fe3O4 and

Fe2O3; d, input of oxygen. (From. G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol.

4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
According to their affinity for oxygen, the alloying elements in steel can be divided into

three groups with respect to their influence on the scaling process [2]:
FIG
(Fr

� 20
Group I contains those elements whose oxygen affinity is less than the affinity of the

richest oxide compound wüstite (FeO), e.g., Ni and Co. After saturation of the basic

metal with oxygen, the outer oxidation of iron begins with the creation of wüstite. The

alloying elements become richer at the scale–metal interface.

Group II contains those elements whose oxygen affinity is greater than that of iron (Cr, Si,

V, Al). After saturation of the basic metal with oxygen, inner oxidation begins. Because

of the creation of internal oxides of alloying elements, a diffusion barrier builds up

against the diffusion of metal and oxygen ions, hampering the development of scale.

Group III contains those elements whose oxygen affinity is similar to that of wüstite (Mo,

W). No inner oxidation takes place. The alloying elements become richer in the basic

metal at the scale–metal interface.
Figure 6.25 shows the influence of Cr additions to a steel on the depth of scale (mm/year)

at temperatures of 600, 700, and 8008C (1112, 1292, and 14728F). A particularly high

oxidation resistance of steels may be achieved by Cr additions of 6–30% by mass.
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URE 6.25 Influence of Cr on the oxidization of a steel at temperatures of 600, 700, and 8008C.

om ISI, Decarburization, ISI Publication 133, Gresham Press, Old Woking, Surrey, England, 1970.)
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6.1.5 DECARBURIZATION

Under conditions that cause the oxidation of iron, the oxidation of carbon is also to be

expected. Decarburization of a metal is based on the oxidation at the surface of carbon that is

dissolved in the metal lattice. It should be noted that, depending on the carbon potential of

the surrounding atmosphere, decarburization can take place independently of scaling. How-

ever, in heat treatment processes iron and carbon usually oxidize simultaneously. During the

oxidation of carbon, gaseous products (CO and CO2) develop. In the case of a scale layer,

substantial decarburization is possible only when the gaseous products can escape, i.e., when

the equilibrium pressures of the carbon oxides are high enough to break the scale layer or

when the scale is porous.

The carbon consumed on the surface has to be replaced by diffusion from the inside.

Hence the process of decarburization consists of three steps:
FIG
Pub

� 20
1. Oxygen transport within the gas to the metal surface

2. Carbon exchange at the gas–metal interface

3. Diffusion of carbon within the metal
Generally the diffusion of carbon within the metal is the most important factor in

controlling the rate of decarburization, which after a short starting period follows a parabolic

time law. When a mild steel is heated below 9108C (16708F), a surface layer of ferrite is

formed that acts as a barrier to carbon transport owing to the very low solubility of carbon in

ferrite. Above 9108C (16708F) the steel remains austenitic throughout, and decarburization

becomes severe. The model used to represent decarburization in the fully austenitic condition

is shown in Figure 6.26. The steel surface is continually oxidized to form a scale, while the

carbon is oxidized to form the gases CO and CO2. The scale is assumed to be permeable to

these gases, which escape to the atmosphere.

The carbon content at a scale–metal interface is assumed to be in equilibrium with the

oxygen potential of the scale, which at that position corresponds to the equilibrium between

iron and wüstite. The carbon concentration profile in the metal varies from the low surface

concentration to the original carbon content within the metal, as shown in Figure 6.26. In

using this model, distances are measured from the original metal surface; the instantaneous

scale–metal interface lies at the position x¼X at time t. This means that scaling has consumed

a thickness X of metal during time t.
SteelScale

Original metal
surface C0

Cs

O

C

X x

URE 6.26 Model for decarburization in fully austenitic condition. (From ISI, Decarburization, ISI

lication 133, Gresham Press, Old Woking, Surrey, England, 1970.)
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To calculate the depth of decarburization, the distribution of carbon in the metal is

calculated by solving Fick’s second law for the relevant boundary condition:

dC

dt
¼ D

d2C

dx2
for x > X (6:24)

C ¼ C0, x > 0; t ¼ 0 (6:25)

C ¼ Cs, x ¼ X ; t > 0 (6:26)

Equation 6.25 indicates that initially the carbon concentration was uniform throughout the

specimen; Equation 6.26 indicates that the carbon concentration at the metal–scale interface

is constant (in equilibrium with the scale). It is assumed that decarburization does not extend

to the center of the specimen and that the diffusion coefficient of carbon in austenite is

independent of composition; enhanced diffusion down grain boundaries is neglected. Under

these conditions the solution at a constant temperature (for which the diffusion coefficient is

valid) reads

C0 � C

C0 � Cs

¼ erfc (x=2
ffiffiffi
2
p

Dt)

erfc (kc=2D)1=2
(6:27)

where C0 is the original carbon content of the metal, Cs is the carbon concentration at the

metal–scale interface, D is the carbon diffusion coefficient, t is time, erfc¼ 1� erf (here erf is

the error function), and kc is the corrosion constant of the metal (kc¼X2/2t).

Equation 6.27 provides the carbon content within the metal for x>X as a function of time

and position.

The value of kc for the relevant steel in the relevant atmosphere is expressed as

kc ¼ 0:571 exp(�43,238=RT) cm2=s (6:28)

Although the variation of the diffusion coefficient of carbon in austenite was ignored in

solving Equation 6.24, it was found that the best agreement between calculated and measured

carbon profiles was obtained when values relating to very low carbon content were used.

Therefore, in this calculation, a diffusion coefficient for zero carbon content was used, which

reads

D(C¼ 0) ¼ 0:246 exp(�34,900=RT) cm2=s (6:29)

A comparison of measured decarburization depths with values calculated using these data

showed that with 12 measurements of isothermal treatments between 1,050 and 1,2508C (1922

and 22828F) for time between 900 and 10,800 s, the mean prediction was 97% of the measured

value [12]. It was found that the inner limit of the decarburized zone is placed, by metallo-

graphic examination, at the position where the carbon content is 92.5% of the original carbon

content.

To ascertain the effect of scaling rate on decarburization, it may seem logical to try to

reduce decarburization by reducing the oxidizing potential of the atmosphere. This is a

fallacy, as the carbon concentration at the metal–scale interface is constant in equilibrium

with iron oxide as long as scale is present. However, the scaling rate can be affected by

changing the atmosphere, and this will affect the observed depth of decarburization.
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FIGURE 6.27 Effect of scaling rate on decarburization of an 0.85% C steel after 1.5 h at 10508C. The

position where the carbon profile cuts the x-axis indicates the position of the scale–metal interface for

the three kc values. (From ISI, Decarburization, ISI Publication 133, Gresham Press, Old Woking,

Surrey, England, 1970.)
To illustrate this, carbon profiles have been calculated and plotted in Figure 6.27 for a

0.85% C steel heated for 1.5 h at 10508C (19228C). The carbon profiles are plotted relative to

the original metal surface, while the point at which a carbon profile cuts the x-axis indicates

the position of the scale–metal interface for the related conditions. The curves refer to kc

values of 0, 4.1� 10�8, and 4.1� 10�7 cm2/s. The depth of decarburization is determined by

the position at which C¼ 0.925C0 (see the horizontal line drawn in Figure 6.27). From Figure

6.27 it appears that with increased values of kc the scale–metal interface on the x-axis shifts

progressively toward the inside of the metal, while the depth of decarburization (which is the

horizontal distance between the intersection of a carbon profile curve with the horizontal

0.925C0 line and its intersection with the x-axis) is found to decrease as kc increases. These

results are shown in Table 6.3. This reveals an interesting situation where, by reducing the

oxidation rate, the depth of decarburization is increased yet less metal is wasted.

When scaling and decarburization take place simultaneously, decarburization is prevented

during the starting phase of scaling. It takes place substantially only after the equilibrium

pressures of CO and CO2 increase at increased temperatures and the adhesion strength of the

scale (because of its increased thickness) diminishes or the scale becomes porous.

6.1.5.1 The Effect of Alloying Elements on Decarburization

Alloying elements may affect decarburization due to their effect on
TABLE 6.3
Effect of Scaling Rate on Decarburization

Total Depth of Metal Affected Depth of Decarburized Layer

Scaling Rate k (cm2/s) cm in. cm in.

0 0.119 0.047 0.119 0.047

4.1� 10�8 0.130 0.051 0.109 0.043

4.1� 10�7 0.150 0.059 0.084 0.033

Source: From ISI, Decarburization, ISI Publication 133, Gresham Press, Old Woking, Surrey, England, 1970.
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� 20
1. The ferrite–austenite transformation temperature

2. The activity of carbon in solution

3. The diffusion coefficient of carbon in solution

4. The scaling characteristics of iron
Although this subject is a complex one, even when considered only qualitatively, the

following statement is generally valid. Decarburization increases with (1) increased rate of

carbon diffusion, (2) increased carbon activity, and (3) increased ferrite–austenite transform-

ation temperature.

A complication arises due to the fact that during scaling alloying elements tend to

concentrate either in the scale or in the metal at the scale–metal interface. In special cases,

when strong carbide-forming elements are involved, decarburization may also be influenced

by the rate of dissolution of carbides in the matrix. When the alloying elements are less

valuable than iron, the possibility of oxidation arises; an external oxide layer may also be

formed under circumstances that are normally protective to iron. If either type of oxide

formation occurs, the concentration of the alloying element in solution is reduced at the metal

surface, and so the effect on carbon behavior will be altered correspondingly.

When an external scale is formed, the effect of the alloying element on the scaling rate

must also be considered. If the scaling rate is increasing, then, in the absence of other factors,

the observed depth of decarburization will be reduced.

Although quantitative predictions are not possible, it is instructive to predict what the

effects of a few common alloying elements may be:

Nickel will concentrate at the scale–metal interface and, although the scaling rate may not

be greatly affected, the solubility of carbon in the surface layers may be reduced, thus

restricting carbon diffusion outward and reducing the depth of decarburization.

Manganese is taken into the scale in solid solution in the wüstite and magnetite layers.

Scaling rates are hardly affected, and any effect on decarburization will be restricted to

its effects on carbon activity and the diffusion coefficient. Since manganese is denuded in

the surface layers of the metal, however, the effect may be only slight.

Silicon also concentrates in the scale and forms fayalite, which reduces the scaling rate. This

should lead to deeper observed decarburization. Silicon also increases the activity of

carbon and therefore increases the tendency of carbon to diffuse out to the scale–metal

interface. Thus the general effect expected of silicon is to increase decarburization.

Chromium concentrates in the scale, forming spinel, depending on its concentration. In

general, scaling rates are reduced. The formation of stable carbides introduces the

possibility of a slow carbide decomposition step into the mechanism. At the usual

reheating temperatures and times, however, the chromium carbides may dissolve com-

pletely. In this case the effect of chromium would be to reduce the activity of carbon in

solution, thus tending to reduce the rate of migration to the surface. There are therefore

two conflicting factors. The lower scaling rate would tend to increase the observed

decarburization, whereas the reduction of carbon activity would tend to reduce it. The

later factor may be expected to predominate and reduce decarburization.
6.1.5.2 Definitions and Measurement of Decarburization

The strength of a steel depends on the presence of carbides in its structure; therefore, loss of

carbon from the surface softens and weakens the surface layers. In such a case the wear

resistance is obviously decreased, and in many circumstances there can be a serious drop in

fatigue resistance.
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To avoid the real risk of failure or inferior performance of engineering components, it is

essential to minimize decarburization at all stages in the processing of steel. This requires

inspection and the laying down of specifications for decarburization in various components

and semiproducts. The decarburization limits in such specifications must be related to the

function of the component and must enable checking by the use of agreed-upon preferably

standardized measuring techniques.

There are several different definitions of decarburization. A rigorous definition is that the

depth of decarburization is the thickness of the layer in which the carbon content is less than

that of the core, i.e., the distance from the surface to a boundary at which the carbon content

of the core is reached. This boundary corresponds to the asymptote of the graph of carbon

content vs. distance from the surface and is therefore somewhat diffuse and difficult to locate

with precision. Thus the depth of decarburization according to this definition is difficult to

measure reproducibly. A functional definition is that the depth of decarburization is the

thickness of the layer in which loss of carbon has a significant effect on properties that affect

the functioning of the final component. The limit of this layer can be expressed as a carbon

content or a hardness level. Finally, a practical definition of the depth of decarburization is

that it is the thickness of the layer in which the structure differs significantly from that of the

core. This definition is suitable when a metallographic examination is undertaken.

There is a distinction between complete decarburization and partial decarburization.

Complete decarburization leaves the surface layer entirely ferritic, which can be clearly

distinguished under the microscope. The depth of complete decarburization is the thickness

of the ferrite layer, i.e., the distance from the surface to the first particle of a second phase.

In the zone of partial decarburization, the carbon content increases progressively from the

ferrite layer to the core and approaches the core composition asymptotically.

The total thickness of the decarburization layer, i.e., the distance from the surface to the

inner boundary of the core, is the total depth of decarburization—the sum of the depths of

complete and partial decarburization. It should be noted also that the depth of decarburiza-

tion may vary around the circumference of a component.

A number of methods for measuring decarburization are available. The requirements that

such techniques have to meet are:
� 20
1. Ability to measure a clearly defined depth of decarburization, e.g., compatibility with

the functional definition of the depth of decarburization

2. Reproducibility of measurement

3. Ease and convenience of measurement
Optical metallography is the most useful and convenient method. A cross section of the

component or sample around the periphery is examined, and the depth of decarburization is

measured from the surface to the practical boundaries of complete and partial decarburiza-

tion. This method is suitable for ferrite–pearlite structures only.

For the metallographic examination of high-speed steels, a method has been established

that depends on color staining by means of etching in alcoholic nitric acid (Nital). A polished

cross section of annealed high-speed steel is etched in 4% Nital. During the first 30 s in the

etchant the specimen surface progresses through a gray color to a purplish-blue, which changes

suddenly after about 60 s to a blue-green. Where the functional definition of decarburization

calls for the development of the full hardness in the surface layers, the practical boundary is

the start of the general core structure, i.e., the edge of the blue-green zone.

The arrest-quench method consists of austenitizing a very thin specimen in a neutral

atmosphere or salt bath and quenching it in a hot bath held at an appropriate temperature.

This is the Ms temperature corresponding to the carbon content at which it is desired to

place the boundary. The specimen is held at that temperature for about 5 s and is then
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water-quenched. During this short arrest the decarburized zone, which has an Ms temperature

above the temperature of the bath, will partly transform to martensite; the core will remain

austenitic. As soon as martensite has formed in the decarburized zone, martensite needles will

begin to temper slightly. Thus, after water quenching the core will consist of fresh light-

etching martensite, while the decarburized zone will contain dark-etching tempered martens-

ite needles. A very sharp contrast is achieved at the boundary between the decarburized zone

and the core, and the boundary can be located with considerable accuracy at any desired

carbon content below the original carbon content of the core.

Figure 6.28 shows specimens taken from the same hot-rolled rod that have been arrest

quenched at different temperatures to place the decarburization boundary at different carbon

contents. The micrographs are placed on a graph of carbon content vs. depth of decarburiza-

tion, and the carbon profile has been drawn through the microstructures. This technique is

compatible with the functional definition of the depth of decarburization based on a particu-

lar carbon content and gives very reproducible results.

Microhardness measurement is a fairly convenient method for quantitatively accurate

determinations of a functional decarburization limit by determining the variations of hard-

ness with distance from the surface of the test piece. As this involves polishing a cross section,

it is invariably preceded by a metallographic scan that facilitates the location of the best area

for the hardness survey.

A graph of hardness vs. distance from the surface is plotted, and the deviation from the

core hardness can be detected. Chemical analysis of successive surface layers is the classical

referee method for measuring decarburization. The sample has to be large enough to permit

accurate chemical analysis, and yet each surface layer must be fairly thin in order to give an

adequate number of points on a graph of carbon content vs. distance from the surface. The

graph of carbon content against distance can be used to indicate the first deviation from the

core composition or to locate any decarburization boundary. Complete decarburization is not

very easy to locate on this graph, because the carbon content of ferrite is too low for very

accurate chemical analysis.

Chemical analysis can be replaced by the carbon determination with a vacuum spectro-

graph. This has several advantages, particularly in speed and convenience and also because
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FIGURE 6.28 Depth of decarburization to various carbon contents, established by the arrest-quench

method. (From ISI, Decarburization, ISI Publication 133, Gresham Press, Old Woking, Surrey,

England, 1970.)
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the sample size required is much smaller than for other methods. The only limitation is the

need to place the spark accurately on a flat area parallel to the original surface and at least

15 mm in diameter. Successive layers have to be exposed by grinding, because the maximum

depth measured in one exposure is limited to about 500 mm.
6.1.6 RESIDUAL STRESSES , DIMENSIONAL C HANGES , AND DISTORTION

Residual stresses are stresses in a body that is not externally loaded by forces and moments.

They are in mechanical equilibrium within the body, and consequently the resultant force and

the resultant moment produced by residual stresses must be zero. Residual stresses are

classified, according to the area within which they are constant in magnitude and direction

(i.e., in which they are homogeneous), into three categories:

Residual stresses of the first kind are those homogeneous across large areas of the

material, i.e., across several grains. Internal forces resulting from these stresses are in

equilibrium with respect to any cross section, and mechanical moments resulting from

these stresses are in equilibrium with respect to any axis. Any intervention in the

equilibrium of forces and moments of a volume element containing such residual stresses

will change the element’s macroscopic dimensions.

Residual stresses of the second kind are those homogeneous across microscopically small

areas (one grain or subgrain region) and are in equilibrium across a sufficient number of

grains. Macroscopic changes in the dimensions of a volume element possessing these

stresses may become apparent only if distinct disturbances of this equilibrium occur.

Residual stresses of the third kind are those inhomogeneous across microscopically small

areas (within several atomic distances of single grains) and are in equilibrium across

subgrain regions. No macroscopic changes of the dimensions of the stressed material will

result when such equilibria are disturbed.

Residual stresses of the first kind are called macroresidual stresses, and those of the

second and third kinds are called microresidual stresses.

Typical residual stresses of the third kind are stresses connected with dislocations and

other lattice defects. An example of residual stresses of the second kind are stresses within

grains of a material consisting of two structural phases with different expansion coefficients.

In practice, only residual stresses of the first kind are considered, and they are characterized

by the technological processes by which they originate. The main groups of residual stresses are:

Casting residual stresses

Forming residual stresses

Working-out residual stresses

Heat treatment residual stresses

Joining residual stresses

Coating residual stresses

In every stressed workpiece all three kinds of residual stresses are present.

Figure 6.29 is a schematic presentation of all three kinds of residual stresses and their

superposition in a two-phase material after quenching. (RS I–III denote residual stresses of

the first to third kinds, respectively.)

Estimation of residual stresses in a workpiece is very important because they represent a

preloading of the material. There is always a linear superposition of internal (residual) and

external stresses, and the resulting stress affects the strength of the material and its deform-

ation behavior.
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FIGURE 6.29 All three kinds of residual stresses in a two-phase material after quenching and their

superposition (shown schematically). (From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and

Technology of Quenching, Springer-Verlag, New York, 1992.)
In the case of a dynamic loading on a component, the residual stresses act as a constant

preloading. Tensile stresses decrease the fatigue strength, and compression stresses increase it.

The fatigue strength of a component depends not only on the resulting stresses on the surface

but also on the distribution of stresses across the section. Figure 6.30 shows schematically two

cases with the same external stress (straight line c) and some fatigue strength (straight line a).

The only difference is in the distribution of residual stresses (curve b). In case I, a high residual

stress (compressive) on the surface rapidly decreases below the surface, while in case II the

residual stress, although smaller at the surface, decreases more slowly below the surface. The

component can withstand the applied load only when the curve cþ b representing the sum of

the external and residual stresses does not intersect the fatigue strength (straight line a). In

case I, in spite of higher compressive residual stresses at the surface, at a distance below the

surface the sum of external and residual stresses is higher than the fatigue strength, and a

crack can be expected to form at this point. In case II, although the compressive residual

stress is lower at the surface, its distribution below the surface is more favorable and the sum

of external and residual stresses does not intersect the fatigue strength curve at any point.

There is a further point to consider when dealing with resulting stresses. This is their

multiaxis nature. In practice, the estimation of the sum of external and residual stresses is

complicated by the difficulty of determining the direction of the stresses at the critical point of

the workpiece.
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FIGURE 6.30 Schematic presentation of superposition of the external load and residual stresses at a

fatigue test. (From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB

Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
6.1.6.1 Thermal Stresses in the Case of Ideal Linear-Elastic Deformation Behavior

When a metallic body is heated or cooled, as soon as a temperature difference between the

surface and the core is established, residual stresses of the first kind occur. In heat treatment,

quenching processes usually produce the biggest temperature gradients across the section and

hence the greatest residual stresses. Let us therefore discuss thermal stresses due to local and

temporal differences in shrinking during quenching of ideal linear-elastic cylinders in which

no plastic deformation can arise.

Transformation-free cooling of cylinders is accomplished by the development of a se-

quence of inhomogeneous temperature distributions, which, as a consequence of the thermal

shrinking behavior, in turn cause locally and temporally different thermal strains and

hence shrinking stresses. It is assumed that linear-elastic cylinders can elastically accommo-

date these stresses at all temperatures. At the beginning of quenching, the surface of such a

cylinder contracts more rapidly than its core. As a result, the surface zones of the cylinder are

subject to tensile stresses in the longitudinal and tangential directions, while radially com-

pressive stresses are created, as shown in Figure 6.31. In order to establish equilibrium, these

stresses are counterbalanced by longitudinal, tangential, and radial compressive stresses

within the core of the cylinder.
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FIGURE 6.31 Thermal stresses in the surface zone and core of an ideal linear-elastic cylinder during

rapid cooling (quenching). (From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and Technology of

Quenching, Springer-Verlag, New York, 1992.)
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FIGURE 6.32 Top to bottom: time–temperature history, temperature difference between surface and

core, and development of longitudinal stresses during transformation-free quenching of an ideal linear-

elastic cylinder. (From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and Technology of Quenching,

Springer-Verlag, New York, 1992.)
Figure 6.32 shows the temperature–time history at the very surface and at the core of

the cylinder, the temperature difference between surface and core, and the development

of longitudinal stresses during quenching of an ideal linear-elastic cylinder. The largest

temperature difference D Tmax is attained at t¼ tmax, where the slopes of temperature–time

curves are identical for the core and the surface. Obviously, the surface reaches its maximum

thermal stress before t¼ tmax; the core, however, reaches its maximum later than t¼ tmax.

The magnitude of the developed longitudinal stresses depends on cylinder diameter, as

shown in Figure 6.33 for cylinder diameters of 30, 50, and 100 mm, when the cylinders were

quenched from 800 8C (1472 8F) in water at 20 8C (688F). Because the maximum temperature

difference between surface and core occurs later for the larger diameter cylinders, the

maximum stresses also occur later for larger diameters. The longitudinal surface stress

maximum always occurs at t < tmax, whereas those of the core occurs later than tmax. At

t < tmax, steep temperature gradients are present near the cylinder surface (see Figure 6.32),

which cause high tensile stresses. In contrast, at t > tmax, relatively steep core temperature

gradients are established, which cause large compressive stresses in the core. Upon reaching

the temperature balance at 20 8C (68 8F) ( t¼ t20), the ideal linear-elastic cylinders are free of

residual stresses.

6.1.6 .2 Tran sformati onal Stres ses

Let us consider the development of pure transformational stresses in a material whose

coefficient of thermal expansion is zero. Furthermore, assume that if in the course of

quenching the martensite start temperature Ms is passed, complete martensitic transform-

ation occurs, with corresponding volume increase.
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FIGURE 6.33 Dependence of longitudinal stresses at surface and core of ideal linear-elastic cylinders on

their diameters, when quenched in water from 800 to 208C. Calculated for unalloyed steel with medium

carbon content. (From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and Technology of Quenching,

Springer-Verlag, New York, 1992.)
The temperature–time curves for the surface and core of a cylinder of such a material are

shown in Figure 6.34. After passing the Ms temperature at time t¼ t1, as a consequence of

transformation-induced volume increase, compressive transformational stresses develop at

the surface. These stresses within the surface zone must be compensated for by tensile

transformational stresses within the core of the cylinder. The magnitudes of both stresses

increase in the course of further surface cooling.
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FIGURE 6.34 Temperature–time history and development of longitudinal transformation stresses, when

quenching an ideal linear-elastic cylinder that transforms only to martensite. (From B. Liščić, H.M. Tensi,

and W. Luty (Eds.), Theory and Technology of Quenching, Springer-Verlag, New York, 1992.)
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FIGURE 6.35 Combined thermal (shrinking) and transformation stresses during quenching of an ideal

linear-elastic cylinder that transforms from austenite to martensite. (From B. Liščić, H.M. Tensi, and

W. Luty (Eds.), Theory and Technology of Quenching, Springer-Verlag, New York, 1992.)
When the core temperature reaches Ms at time t¼ t2, a transformation-induced volume

increase occurs in the core, which leads to a reduction of the tensile stresses present there. The

surface compressive stresses are correspondingly reduced. After reaching temperature equal-

ization at t¼ t20, the same amounts of martensite are present across the whole cylinder, so

that finally a residual stress-free state is established. If, however, different amounts of

martensite are formed within distinct areas, also under the idealized assumptions made

here, some transformational residual stresses will remain.

In addition to the longitudinal stresses, tangential and radial residual stresses are caused

by structural transformation. Within the surface zone, tangential compressive and radial

tensile stresses are to be expected, while in the core all components should be tensile stresses.

When thermal (shrinking) and transformational stresses act simultaneously during

quenching of an ideal linear-elastic cylinder that transforms from austenite to martensite,

superposition of the two types of stresses occurs as shown in Figure 6.35. The upper graph

shows the time dependence of the longitudinal components of thermal and transformational

stresses at surface and core. The lower graph shows the time dependence of the total stress

after the formal superposition of the two. The initiation of martensitic transformation

immediately reduces the absolute stress value within both core and surface.

Further increasing martensitic transformation causes a stress inversion in both regions.

Provided that the transformation occurs uniformly across the whole cylinder, at t¼ t20 the

tensile core stresses and the compressive surface stresses approach zero. Hence when tem-

perature equalization is achieved in an ideal linear-elastic cylinder no residual stresses remain.

6.1.6.3 Residual Stresses When Quenching Cylinders with Real Elastic–Plastic

Deformation Behavior

In real practice there is no ideal linear-elastic deformation behavior as assumed above. The

yield strength (Ry) of metallic materials, which limits the elastic deformation range, is strongly

temperature-dependent and decreases with increasing temperature.
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FIGURE 6.36 Yield strength (Ry) and tensile strength (Rm) of the steels DIN 16MnCr5 and DIN

17CrNiMo6 as a function of temperature. (From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory

and Technology of Quenching, Springer-Verlag, New York, 1992.)
At any temperature, plastic deformations will develop when stresses surpass the

corresponding yield strength. The ultimate tensile strength, which limits the uniaxial

loading capacity of the material, is also temperature-dependent as shown in Figure 6.36

for two low-alloy steels. During quenching of a cylinder, biaxial longitudinal and

tangential stresses develop in its surface zone, whereas triaxial longitudinal, tangential, and

radial stresses develop in the cylinder core. Plastic deformations can occur only if the local

equivalent stresses equal or exceed the yield strength of the material at the corresponding

temperature.

Equivalent stresses can be calculated according to various hypotheses. Assuming the

validity of the van Mises criterion, the equivalent stress of a triaxial stress state, given by

the principal stresses s1, s2, s3, is

�eq ¼
1ffiffiffi
2
p [( �1 � �2)

2 þ ( �2 � �3)
2 þ (�3 � �1)

2]1=2 (6 :30)

During quenching of a cylinder in its surface zone, s1¼sl and s2¼st, while in its core

s1¼sl, s2¼st, and s3¼sr.

The condition for the onset of plastic deformation will be fulfilled when seq¼ Ry. The

local shrinking and transformational stress components and consequently the equivalent

stress (seq) depend on temperature, cooling conditions, geometry, and the mechanical and

thermal properties of the material, and the yield strength ( Ry) depends on temperature and

the structure of the material.

The temperature dependence of the yield strength is obviously of particular importance

for the stresses that result upon quenching. Figure 6.37 shows the temperature–time history

and development of yield strength for surface and core of a cylinder during quenching. Figure

6.37a depicts the case of transformation-free cooling, and Figure 6.37b is valid for cooling

with martensitic transformation. To determine the occurrence of plastic deformations at any

instant, the local yield strength must be compared with the local equivalent stress. Because

plastic deformations never occur homogeneously over the whole cross section of the cylinder,

residual stresses always remain after temperature equalizations. Plastic deformations can be

caused by either thermal (shrinking) stresses or transformational stresses or by a combination

of the two.
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FIGURE 6.37 Temperature–time history and development of yield strength for surface and core during

quenching of a cylinder (a) without and (b) with martensitic transformation. (From B. Liščić, H.M. Tensi,

and W. Luty (Eds.), Theory and Technology of Quenching, Springer-Verlag, New York, 1992.)
6.1.6.3.1 Thermal (Shrinking) Residual Stresses
Figure 6.38 shows the cooling curves for the surface and core of a cylinder during quenching

without martensitic transformation and the temperature- (and time-) dependent yield

strengths, which at the same temperature are assumed to be identical for tensile and com-

pressive loading. At the start of quenching, the surface temperature decreases faster than the

core temperature (Figure 6.38a). As a result, longitudinal tensile stresses develop at the

surface and compressive stresses develop at the core. If they were elastically accommodated,
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FIGURE 6.38 Longitudinal thermal (shrinking) residual stresses when quenching a cylinder. (From

B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and Technology of Quenching, Springer-Verlag, New

York, 1992.)
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their development would be as shown in Figure 6.38b. However, because of the temperature

dependence of the yield strengths for surface and core, neither the surface nor the core can

withstand these stresses without plastic deformation, and so the surface zone is plastically

extended and the core is plastically compressed. After the time t¼ tmax, the temperature of the

core decreases faster than that of the surface, leading to a reduction of the magnitudes of

shrinking stresses in both regions. However, the stress values of core and surface reach zero at

different instants, as they can no longer coexist at the same time in a stress-free state because

of plastic extension at the surface and plastic compression in the core. Upon further cooling,

this extension and compression cause compressive and tensile stresses, respectively, which are

opposed by those due to the temperature differences still existing between core and surface.

These latter stresses ultimately vanish after reaching the temperature equalization at the end

of quenching, and hence thermal (shrinking) residual stresses remain that are compressive at

the surface and tensile in the core, as depicted in Figure 6.38c.

6.1.6.3.2 Transformational Residual Stresses
Figure 6.39 shows cooling curves for surface and core when quenching a cylinder that, upon

cooling below the Ms temperature, transforms completely to martensite. For simplicity, it is

assumed that no thermal (shrinking) stresses occur. Figure 6.39b shows the yield strengths for

surface and core, showing their strong increase with the onset of martensitic transformation.
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FIGURE 6.39 Longitudinal transformation residual stresses when quenching a cylinder. (From B. Liščić,

H.M. Tensi, andW. Luty (Eds.), Theory and Technology ofQuenching, Springer-Verlag, New York, 1992.)
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The surface of the cylinder starts to transform to martensite at t¼ t1. At that time the

volume expansion of the surface zone is impeded by the core not yet transformed. As a result,

compressive transformational stresses are established at the surface that are compensated for

by tensile stresses at the core. From Figure 6.39b it can be concluded that both areas

plastically deform. In the course of further cooling, the tensile stressed core reaches Ms at

t¼ t2. The immediate volume increase reduces both the tensile stresses of the core and the

compressive stresses of the surface. Due to the differently sized and opposing plastic deform-

ations generated, the stresses at surface and core pass zero values at different time. Upon

further cooling the still existing volume incompatibilities between surface and core create

transformational stresses of opposite sign to those that are produced by the plastic deform-

ations. After reaching temperature equalization, compressive residual stresses remain in the

core and tensile residual stresses remain at the surface, as shown in Figure 6.39c.

It should be noted also that transformation-induced plastic deformations that occur under

local tensile or compressive stresses may enhance the local strains.

6.1.6 .3.3 Hard ening Re sidual Stresses
When austenitized steel cylinders are quenched to room temperature, both thermal (shrink-

ing) and transformational stresses develop, causing hardening residual stresses, which cannot

be described by simply superimposing the shrinking and transformational stresses. Of funda-

mental importance is the fact that any local martensitic transformation coupled with a volume

increase always shifts the existing stress (irrespective of its sign) to more negative values. As a

reaction, for reasons of equilibrium, the unaffected material zones react with positive stress

changes. Structural transformations that occur in tensile-stressed material regions are there-

fore inevitable to reduce the stresses, while transformations that take place in compressively

stressed zones always enhance the (negative) values of the stresses. Consequently, because the

thermal (shrinking) stresses of core and surface change sign in the course of cooling during the

time interval tc,0�ts,0 as depicted in Figure 6.40a, the positions of the initiation time of

transformation at the surface (ts,i) and in the core (tc,i) relative to this time interval are of

key importance for the hardening residual stresses that will remain at the end of quenching.

The average time that passes before the quenching stresses invert is

t0 ¼ (1=2)(ts,0 þ tc,0) (6:31)

Because for full-hardening steel cylinders the time for surface transformation (ts,i) always

occurs earlier than the time for core transformation (tc,i), it is appropriate to distinguish

between the following cases:

t0 < ts,i < tc,i (Figure 6:40b)

t0 � ts,i < tc,i (Figure 6:40c)

ts,i < tc,i � t0 (Figure 6:40d)

ts,i < tc,i < t0 (Figure 6:40e)

Figure 6.40 shows schematically the development of longitudinal stresses as a function of time

and remaining longitudinal residual stress distributions across the section of cylinder
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FIGURE 6.40 Different possibilities of generation and development of hardening residual stresses (b–e)

compared to pure thermal (shrinking) residual stresses (a), when quenching a cylinder with real elastic–

plastic deformation behavior. (From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and Technology

of Quenching, Springer-Verlag, New York, 1992.)
specimens with real elastic–plastic deformation behavior after complete temperature equal-

ization at the end of the quenching process.

Figure 6.40a shows a transformation-free quenching, and Figure 6.40b–Figure 6.40e dem-

onstrate the combined effects of thermal (shrinking) and transformational processes. The

numbers 1–4 depict the initiation of transformation at the surface, while 1’–4’ represent that of

thecore.Figure6.40b illustrates thecasewhenbothsurfaceandcore transformafter t0.At theend

of this cooling process, compressive stresses at the surface and tensile stresses in the core remain.

Figure 6.40c illustrates the stress development in the case when the surface transforms

slightly before t0 and the core transforms later. At the end of this cooling process, both core
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and surface remain under compressive residual stresses, while the regions in between are

subjected to tensile residual stresses.

Figure 6.40d illustrates the case when the surface transforms before t0 and the core at

about t0. At the end of this cooling process, tensile surface residual stresses and compressive

core residual stresses remain.

Figure 6.40e illustrates the case when both surface and core transform before t0. In this

case the start of transformation at the surface caused a rapid reduction of the tensile stresses.

For reasons of equilibrium, the longitudinal stresses at the core must also change during

further cooling. Martensitic transformation in the core takes place when tensile stresses are

acting there. This again causes stress inversions in the surface zone and in the core. At the end

of this cooling process, tensile stresses at the surface and compressive stresses in the core

remain.

When full hardening of equal-sized cylinders with different Ms temperatures is compared

with respect to residual stress distributions, one finds that cylinders made of steels with low

Ms temperatures show tensile surface residual stresses, whereas cylinders made of steel with

high Ms temperatures give compressive surface residual stresses, as schematically illustrated in

Figure 6.41.

Because the high-temperature yield strength usually increases with decreasing Ms tem-

perature, the largest tensile shrinking stresses develop at the surface of the steel with Ms,3 and

the smallest at the surface of the steel with Ms,1. The martensitic transformation, however,

begins earliest for the steel with the highest and latest for the steel with the lowest Ms

temperature.

When high shrinking stresses and high Ms values act together, no secondary stress

inversion occurs during further cooling, and ultimately compressive residual stresses remain

within the surface zone.

On the basis of the preceding discussion, the whole range of expected hardening residual

stress distributions in quenched steel cylinders can be divided into three main groups, as
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FIGURE 6.41 Influence of different Ms temperatures on the development of surface residual stresses.

(From B. Liščić, H.M. Tensi, and W. Luty (Eds.), Theory and Technology of Quenching, Springer-

Verlag, New York, 1992.)
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FIGURE 6.42 Basic types of hardening residual stresses. (From B. Liščić, H.M. Tensi, and W. Luty

(Eds.), Theory and Technology of Quenching, Springer-Verlag, New York, 1992.)
schematically illustrated in Figure 6.42. The arrows indicate how local transformations under

existing stress states will affect the residual stress distribution.

It should be emphasized that the residual stress distributions that are created during

quenching of cylinders with different diameters but made of the same steel can be shifted

from the transformation type to the shrinking type with increasing cylinder diameter as well

as with the higher quenching intensity, i.e., higher cooling rates. Some cylinder diameter and

quenchants are specified for the unalloyed steel DIN Ck45 where the basic residual stress

types occur.

The above statements and specifically the principle that local stresses are shifted to more

negative values due to transformation-induced volume increase also hold for all nonmarten-

sitic transformations that are accompanied by volume changes. In the individual case, the

effect of volume changes on the final residual stress state depends on when the transform-

ations start at the core and surface relative to time t0.

6.1.6.4 Dimensional Changes and Distortion during Hardening and Tempering

As a consequence of thermal (shrinking) stresses and transformational stresses, changes occur

in both the shape and size of workpieces during hardening and tempering. Because there are

many factors that influence dimensional changes and distortion, the most difficult problem in

practice is to predict the amount of dimensional changes and distortion. It is likely that

computer modeling of the quenching process, which can account for the influence of all

relevant factors, will in the future enable more precise prediction. Let us therefore discuss

only some basic mechanisms of dimensional changes and distortion during hardening and

tempering.

6.1.6.4.1 Influence of Thermal (Shrinking) Stresses
Because of thermal (shrinking) stresses during quenching, generally all bodies whose shape is

different from a sphere tend by deformation to assume a spherical shape, which offers the
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least resistance during deformation. This means, at the practical level, that bodies that have

the shape of a cube will assume spherically distorted sides, bodies with the shape of a prism

will become thicker and shorter, and plates will shrink in area and become thicker. These

deformations are greater with greater temperature differences between the surface and the

core, i.e., with higher quenching intensity (which also corresponds to bigger differences

between the austenitizing temperature and the temperature of the quenchant); with greater

cross-sectional size of the workpiece; and with smaller heat conductivity and smaller high-

temperature strength of the material.

The effect of thermal (shrinking) stresses can be studied in a low-carbon steel or an

austenitic steel, in which the martensitic transformation can be disregarded. Figure 6.43

shows, according to Frehser and Lowitzer [15], the effect of different quenching intensities

on dimensional changes and distortion of plates made of low-carbon steel (0.10% C) after

quenching in water, oil, molten salt bath, and air. In Figure 6.43a the plate is solid, and in

Figure 6.43b the plate has an inner square hole of 100� 100 mm. The outer full lines denote

the original size of each plate. To illustrate the dimensional changes more clearly, they have

been drawn to a larger scale (see the 0.4-mm scale). From this figure it is evident that the more

drastic the quench, the greater are the dimensional changes and distortion.

Figure 6.44 shows that a greater difference between the austenitizing temperature and the

temperature of the quenchant causes greater dimensional changes and distortion. Figure 6.45

shows the effect of the high-temperature strength of the material. The steel having the greatest

high-temperature strength (18/8 steel) exhibits the highest dimensional stability.
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FIGURE 6.43 Dimensional changes and distortion of plates made from low-carbon steel (0.10% C) after

cooling in water, oil, molten salt bath, and air. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd

ed., Butterworths, London, 1984.)
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FIGURE 6.44 Effect of difference between the austenitizing temperature and the temperature of the

quenchant on dimensional changes after quenching plates of low-carbon steel in oil. (From K.E.

Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
6.1. 6.4.2 Inf luence of Transform ation Stresses
During heating and cooling, steels pass through various structural transformations accom-

panied by volume changes. These changes are usually studied by using a dilatometer and are

registered as changes in length of the specimen, as shown, for example, in Figure 6.46

for eutectoid steel. During heating a continuous increase in length occurs up to Ac1, where

the steel shrinks as it transforms to austenite. After the austenite formation is completed, the

length increases again. However, the expansion coefficient for austenite is not the same as

the expansion coefficient for ferrite.
0.1% C steel
920�C/water

17% Cr steel
920 �C/water

18/8  steel
920�C/water

Dimensional change scale: ∧= 0.04 mm

20
0

20
0

40 40

FIGURE 6.45 Dimensional changes and distortion after quenching steel plates of different composition

from 9208C in water. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths,

London, 1984.)
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FIGURE 6.46 Dilatometer curves showing change in length during heating and rapid cooling of a

eutectoid (0.8% C) steel. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths,

London, 1984.)
On cooling, thermal contraction takes place, and when martensite starts to form at the Ms

temperature, the volume increases and the length of the specimen therefore increases. After

cooling to room temperature, most martensitic steels contain some retained austenite, the

amount of which increases with increased carbon content, with higher austenitizing tempera-

ture, and with the amount of some alloying elements dissolved during austenitization. The

larger the quantity of retained austenite contained in the steel after hardening, the smaller the

increase in volume and in length of the specimen.

Various structural constituents have different densities and hence different values of

specific volume, as shown in Table 6.4. The amount of carbon dissolved in austenite, in

martensite, or in different carbides has a relatively strong effect on the specific volume as the

formulas for calculating specific volume in this table indicate. When calculating the changes in

volume that take place during the transformations of different structural phases, the carbon

content must be taken into account, as shown in Table 6.5.
TABLE 6.4
Specific Volume of Phases Present in Carbon Tool Steels

Phase or Phase

Mixture

Range of

Carbon (%)

Calculated Specific

Volume at 208C (cm3/g)

Austenite 0–2 0.1212þ 0.0033� (%C)

Martensite 0–2 0.1271þ 0.0025� (%C)

Ferrite 0–0.02 0.1271

Cementite 6.7+ 0.2 0.130+ 0.001

e-Carbide 8.5+ 0.7 0.140+ 0.002

Graphite 100 0.451

Ferriteþ cementite 0–2 0.271þ 0.0005� (%C)

Low carbon content martensite e-carbide 0.25–2 0.1277þ 0.0015� (%C – 0.25)

Ferriteþ e-carbide 0–2 0.1271þ 0.0015� (%C)

Source: From K.E. Thelning, Steel and its Heat Treatment, 2nd ed., Butterworths, London, 1984.
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TABLE 6.5
Changes in Volume during Transformation to Different Phases

Transformation Change in Volume (%)

Spheroidized pearlite! austenite �4.64þ 2.21� (%C)

Austenite ! martensite 4.64� 0.53� (%C)

Spheroidized pearlite! martensite 1.68� (%C)

Austenite ! lower bainite 4.64� 1.43� (%C)

Spheroidized pearlite! lower bainite 0.78� (%C)

Austenite ! upper bainite 4.64� 2.21� (%C)

Spheroidized pearlite! upper bainite 0

Source: K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths,

London, 1984.
Taking as a basis the proportions of martensite and austenite, together with the amount of

carbon dissolved therein, and using the data from Table 6.5, one can calculate the changes in

volume that occur during hardening. If the steel contains undissolved cementite, this volume

has to be deducted during the calculation. The following equation should be used:

D V

V
¼ 100� Vc � Va

100
� 1:68 C þ Va

100
(�4 :64þ 2:21 C) (6:32)

where DV/V is the change in volume in %, Vc is the amount of undissolved cementite in vol%,

Va is the amount of austenite in vol%, 100� Vc� Va is the amount of martensite in vol%, and

C is the carbon dissolved in austenite and martensite, respectively, in % by weight.

The increase in volume during martensitic transformation depends not only on the carbon

content but also on the kind and amount of alloying elements in the steel. Consequently,

different groups of steels undergo different changes in volume during hardening. The un-

alloyed water-hardening steels experience the greatest volume changes, followed by low-alloy

oil-hardening steels, while the high-alloy ledeburitic Cr alloy steels show the least volume

increase during hardening, as shown in Figure 6.47. The austenitizing temperature, as men-

tioned earlier, has an influence on the amount of retained austenite after hardening. Because

the retained austenite producing volume contraction (compared to the original volume)

counteracts the volume increase caused by martensitic transformation, the austenitizing

temperature may influence the volume changes during hardening.

It should also be noted that engineering steels are not isotropic materials (because of the

rolling process they have undergone), which means that the linear change occurring during

hardening will not be the same in the direction of rolling as in the direction perpendicular to it.

6.1. 6.4.3 Dimens ional Chang es during Te mpering
During tempering, relaxation as well as structural transformations occur, which change the

volume of the hardened steel and its state of stress. Martensite decomposes to form ferrite and

cementite, which implies that there is a continuous decrease in volume. The continuous

decomposition of martensite during tempering causes at the same time a continuous reduc-

tion in the state of stress. Figure 6.48 is a schematic presentation of the effect of changes of

structural constituents on the volume changes during tempering of a hardened steel. The

dashed curves represent increases in volume during different tempering stages. The retained

austenite, which in carbon steels and low-alloy steels is transformed to bainite in the second

stage of tempering at about 3008C (5728F), results in an increase in volume.
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.47 Volume changes of different steels during hardening when martensite is formed across the

whole section. (From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB

Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
When high-alloy tool steels are tempered at 500–600 8C (932–1112 8F), very finely distrib-

uted carbides are precipitated. This gives rise to a stress condition that results in increased

hardness and greater volume. Simultaneously with the precipitation of carbides the alloy

content of the matrix is reduced, which implies that the Ms point of the retained austenite will

be raised to higher temperatures. During cooldown from the tempering, the retained austenite

will transform to martensite, which also results in an increase in volume.

Figure 6.49 shows changes in length for different steels as a function of tempering

temperature. For low-alloy steels (105WCr6, see curve 1 of Figure 6.49), one can easily

recognize the particular tempering stages. At low tempering temperatures (first tempering

stage), a volume contraction takes place as a consequence of e-carbide precipitation. At

higher tempering temperatures (second tempering stage), transformation of the retained
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austenite again causes a certain volume increase, and in the third tempering stage the

progressive decomposition of martensite leads to the volume decrease.

For high-alloy tool steels (e.g., 210CrW46, curve 3 of Figure 6.49), a stabilization of

austenite is evident, so that the effect of the volume increase (due to austenite–bainite or

austenite–martensite transformation) takes place only at higher temperatures. In most cases,

as can be seen from Figure 6.49, a reduction in length, i.e., a volume decrease, can be found

after tempering.

It should be noted that the changes in length shown in Figure 6.49 represent only the order

of magnitude of the expected changes, because the actual value depends in each case on the

specific heat treatment conditions. The austenitizing temperature, which determines the

amount of carbon dissolved and the amount of retained austenite, has a strong influence

on expected volume changes.
6.2 ANNEALING PROCESSES

6.2.1 STRESS-RELIEF ANNEALING

Stress-relief annealing is an annealing process below the transformation temperature Ac1,

with subsequent slow cooling, the aim of which is to reduce the internal residual stresses in a

workpiece without intentionally changing its structure and mechanical properties.

Residual stresses in a workpiece may be caused by
� 20
1. Thermal factors (e.g., thermal stresses caused by temperature gradients within the

workpiece during heating or cooling)

2. Mechanical factors (e.g., cold-working)

3. Metallurgical factors (e.g., transformation of the microstructure)
In processes that involve heat, residual stresses are usually caused by the simultaneous

existence of thermal and transformational stresses (e.g., during the solidification of liquid

metals, hot forming, hardening, or welding). Thermal stresses are always directly propor-

tional to the existing temperature gradient, which further depends on the cross-sectional size

and on the heating or cooling rate.

In workpieces made of steel, for the above reasons, local residual stresses may amount to

between about 10 N/mm2 and values close to the yield strength at room temperature. The

consequences of residual stresses may include
1. Dimensional changes and warpage of the workpiece

2. Formation of macroscopic and microscopic cracks

3. Asymmetric rotation of shafts

4. Impairment of the fatigue strength of engineering components
06 by Taylor & Francis Group, LLC.
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Residual stresses in a workpiece can be reduced only by a plastic deformation in the

microstructure. This requires that the yield strength of the material be lowered below the

value of the residual stresses. The more the yield strength is lowered, the greater the plastic

deformation and correspondingly the greater the possibility or reducing the residual stresses.

The yield strength and the ultimate tensile strength of the steel both decrease with increasing

temperature, as shown in Figure 6.50 for a low-carbon unalloyed steel. Because of this, stress-

relief annealing means a through-heating process at a correspondingly high temperature. For

plain carbon and low-alloy steels this temperature is usually between 450 and 6508C (842 and

12008F), whereas for hot-working tool steels and high-speed steels it is between 600 and

7508C (1112 and 13828F). This treatment will not cause any phase changes, but recrystalliza-

tion may take place. Tools and machine components that are to be subjected to stress-relief

annealing should be left with a machining allowance sufficient to compensate for any warping

resulting from stress relief.

When dealing with hardened and tempered steel, the temperature of stress-relief annealing

should be about 258C (778F) below that used for tempering. If the tempering temperature was

quite low, after stress-relief annealing quite a high level of residual stresses will remain. In

some other cases, for instance with a gray iron, the maximum temperature of the stress-relief

annealing should be limited because of possible strength loss. Therefore gray iron must not be

stress-relief annealed above 5508C (10228F).

In the heat treatment of metals, quenching or rapid cooling is the cause of the greatest

residual stresses. A high level of residual stress is generally to be expected with workpieces that

have a large cross section, are quenched at a high cooling rate, and are made of a steel of low

hardenability. In such a case high-temperature gradients will arise on the one side, and on the

other side structural transformations will occur at different points of the cross section at

different temperatures and different times. In contrast to heat treatment processes with con-

tinuous cooling, processes with IT (e.g., austempering) result in a low level of residual stresses.

To activate plastic deformations, the local residual stresses must be above the yield

strength of the material. Because of this fact, steels that have a high yield strength at elevated

temperatures can withstand higher levels of residual stress than those that have a low yield

strength at elevated temperatures.
A

1000

Y
ie

ld
 s

tr
en

gt
h 

an
d 

ul
tim

at
e 

te
ns

ile
st

re
ng

th
, M

P
a

E
lo

ng
at

io
n,

 %

Temperature, �C

800

600

400

200

–200 –100 100 200 300 400 500 600

Rm

sso

ssu

0

0

10

20

30

40

50

0
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temperature, according to Christen. A, Elongation; Rm, ultimate tensile strength; sso, upper yield
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FIGURE 6.51 Increase in yield strength at elevated temperatures when 0.5% of each alloying element

indicated is added to an unalloyed steel. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigung-

stechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
The level of yield strength at elevated temperatures depends on the alloying elements in

the steel. Figure 6.51 shows the increase in yield strength at temperatures of 300–550 8C (572–

1022 8F) when 0.5% of each element was added to an unalloyed steel. It can be seen from this

diagram that additions of Mo and V are most effective in increasing the yield strength at

elevated temperatures.

To reduce residual stresses in a workpiece by stress-relief annealing, a temperature must

be reached above the temperature corresponding to the yield strength that is adequate to the

maximum of the residual stresses present. In other words, every level of residual stress in a

workpiece corresponds to a yield strength that in turn depends on temperature. In addition to

temperature, soaking time also has an influence on the effect of stress-relief annealing, i.e., on

the reduction of residual stresses, as shown in Figure 6.52.

The relation between temperature and soaking time during stress-relief annealing can be

described by Hollomon’s parameter:

P ¼ T( C þ log t) (6:33)

where P is Hollomon’s parameter (heat treatment processes with the same Hollomon para-

meter value have the same effect), C is the Hollomon–Jaffe constant, T is temperature (K),

and t is time (h).

The Hollomon–Jaffe constant can be calculated as

C ¼ 21 :3� (5 :8� % carbon) (6 :34)

Figure 6.53 shows (according to Larson–Miller method) calculated values of the yield strength

at elevated temperatures (for 0.2% strain) for three grades of alloyed structural steels for

hardening and tempering (designations according to DIN). Using this diagram, the abscissa

of which represents the actual Hollomon parameter P, knowing the temperature and time of the

stress-relief annealing, one can read off the level of residual stresses that will remain in the

workpiece after this annealing process, i.e., the level up to which the residual stresses will be

reduced by this stress-relief annealing. If, for instance, for DIN 24CrMoV5.5 steel, a
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.52 Effect of soaking time (at different temperatures) of stress-relief annealing on the

reduction of residual stresses for hardening and tempering steels. (From G. Spur and T. Stöferle

(Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)

P = T−(20+log t)−10−3

Temperature T, �C

Hollomon's parameter P

H
ol

di
ng

 ti
m

e,
 t

30C
rM

oN
iV5.11

a
b

400

200

80

60
50
40

30

20

10(a) h

(b)

15

0.1

5

10

20

16 17 18 19 20 21 22 23

100

700650550 600

700650550 600

700650550 600

700650550 600

Y
ie

ld
 s

tr
en

gt
h 

or
 m

in
im

um
 r

es
id

ua
l s

tr
es

s
af

te
r 

st
re

ss
-r

el
ie

f a
nn

ea
lin

g,
 N

/m
m

2

24C
rM

oV
5.5

28N
iC

rM
o7.4
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Larson–Miller method for three grades of alloyed structural steels for hardening and tempering

(designations according to DIN). (a) Calculated values and (b) experimentally obtained values. (From

G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser,

Munich, 1987.)
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temperature of 600 8C (1112 8F) and a soaking time of 10 h are chosen for stress-relief annealing,

the residual stresses will, after this annealing, be reduced to a maximum of 70 N/mm2. Higher

temperatures and longer times of annealing may reduce residual stresses to lower levels, as can

be seen from Figure 6.53.

As in all heat treatment processes where Hollomon’s parameter is involved, selection of a

higher temperature may dramatically shorten the soaking time and contribute substantially to

the economy of the annealing process.

Dealing with structural steels for hardening and tempering, the stress-relief process and the

tempering process can be performed simultaneously as one operation, because Hollomon’s

parameter is also applicable to tempering. In such a case the stress-relief diagram may be used

in combination with the tempering diagram to optimize both the hardness and the level of

reduced residual stresses.

The residual stress level after stress-relief annealing will be maintained only if the cool-

down from the annealing temperature is controlled and slow enough that no new internal

stresses arise. New stresses that may be induced during cooling depend on the cooling rate, on

the cross-sectional size of the workpiece, and on the composition of the steel. Figure 6.54

shows the effect of cooling rate and cross-sectional diameter of forgings made of a CrMoNiV

steel on the level of tangential residual stresses after stress-relief annealing.

A general conclusion about stress-relief annealing is the following: In the temperature

range 450–6508C (842–12008F), the yield strength of unalloyed and low-alloyed steels is

lowered so much that a great deal of residual stress may be reduced by plastic deformation.

The influence of the steel composition on the level of residual stresses after annealing can be

considerable. While unalloyed and low-alloy steels with Ni, Mn, and Cr after stress-relief

annealing above 5008C (9328F) may get the residual stresses reduced to a low level, steels

alloyed with Mo or Mo þ V will retain a much higher level of the residual stresses after stress-

relief annealing at the same temperature because of their much higher yield strength at

elevated temperature.

6.2.2 NORMALIZING

Normalizing or normalizing annealing is a heat treatment process consisting of austenitizing

at temperatures of 30–808C (86–1768F) above the Ac3 transformation temperature (for
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FIGURE 6.54 Tangential residual stresses in a CrMoNiV alloy steel depending on the cooling rate and

cross-section diameter. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2,

Wärmebehandeln, Carl Hanser, Munich, 1987.)
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FIGURE 6.55 Time–temperature regime of normalizing. a, Heating; b, holding at austenitizing tem-

perature; c, air cooling; d, air or furnace cooling. (From G. Spur and T. Stöferle (Eds.), Handbuch der

Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
hypoeutectoid steels) followed by slow cooling (usually in air), the aim of which is to obtain a

fine-grained, uniformly distributed, ferrite–pearlite structure.

Normalizing is applied mainly to unalloyed and low-alloy hypoeutectoid steels. For

hypereutectoid steels normalizing is performed only in special cases, and for these steels the

austenitizing temperature is 30–80 8C (86–1768F) above the Ac1 transformation temperature.

Figure 6.55 shows the thermal cycle of a normalizing process, and Figure 6.56 shows the

range of austenitizing temperatures for normalizing unalloyed steels depending on their

carbon content. The parameters of a normalizing process are the heating rate, the austenitiz-

ing temperature, the holding time at austenitizing temperature, and the cooling rate.

Normalizing treatment refines the grain of a steel that has become coarse-grained as a

result of heating to a high temperature, e.g., for forging or welding. Figure 6.57 shows the

effect of grain refining by normalizing a carbon steel of 0.5% C. Such grain refinement and
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FIGURE 6.56 Range of austenitizing temperatures for normalizing unalloyed steels depending on their

carbon content. (Temperature range above the line S–E is used for dissolution of secondary carbides.)

a, ferrite; g, austenite; Fe3C, cementite. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigung-

stechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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FIGURE 6.57 Effect of grain refining by normalizing a carbon steel of 0.5% C. (a) As-rolled or forged,

grain size ASTM 3 and (b) normalized, grain size ASTM 6. Magnification 500�. (From K.E. Thelning,

Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
homogenization of the structure by normalizing is usually performed either to improve the

mechanical properties of the workpiece or (previous to hardening) to obtain better and more

uniform results after hardening. In some cases, normalizing is applied for better machinability

of low-carbon steels.

A special need for normalizing exists with steel castings because, due to slow cooling after

casting, a coarse-grained structure develops that usually contains needlelike ferrite (Wid-

mannstätten’s structure), as shown in Figure 6.58. A normalizing treatment at 780–950 8C
(1436–1742 8F) (depending on chemical composition) removes this undesirable structure of

unalloyed and alloyed steel castings having 0.3–0.6% C.

After hot rolling, the structure of steel is usually oriented in the rolling direction, as shown

in Figure 6.59. In such a case, of course, mechanical properties differ between the rolling

direction and the direction perpendicular to it. To remove the oriented structure and obtain

the same mechanical properties in all directions, a normalizing annealing has to be performed.

After forging at high temperatures, especially with workpieces that vary widely in cross-

sectional size, because of the different rates of cooling from the forging temperature, a

heterogeneous structure is obtained that can be made uniform by normalizing.
FIGURE 6.58 Structure of a steel casting (a) before normalizing and (b) after normalizing. (From H.J.

Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB Deutscher Verlag für

Grundstoffindustrie, Leipzig, 1987.)
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FIGURE 6.59 Structure of DIN 20MnCr5 steel (a) after hot rolling and (b) after normalizing at 8808C.

Magnification 100�. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2,

Wärmebehandeln, Carl Hanser, Munich, 1987.)
From the metallurgical aspect the grain refinement and the uniform distribution of the

newly formed ferrite–pearlite structure during normalizing treatment can be explained with

the following mechanism. At normalizing, the steel is subjected first to a a ! g (ferrite–

pearlite to austenite) transformation, and after the holding time at austenitizing temperature,

to a recurring g! a (austenite to ferrite–pearlite) transformation. The effect of normalizing

depends on both austenitization and cooling from the austenitizing temperature.

During austenitizing a far-reaching dissolution of carbides is aimed at, but this process

competes with the growth of austenite grains after complete carbide dissolution, which is not

desirable. Besides the carbide dissolution, the degree of homogenization within the austenite

matrix is important for obtaining a new arrangement of ferrite and pearlite constituents in the

structure after normalizing. Both dissolution and homogenizing are time- and temperature-

dependent diffusion processes that are slower when the diffusion paths are longer (higher

local differences in carbon concentration) and the diffusion rates are smaller (e.g., increasing

amounts of alloying elements). Therefore, especially with alloyed steels, lower austenitizing

temperatures and longer holding times for normalizing give advantages taking into account

the austenite grain growth. As shown in Figure 6.60, high austenitizing temperatures result in

a coarse-grained austenite structure, which yields a coarse structure after normalizing.

Holding time at austenitizing temperature may be calculated using the empirical formula

t ¼ 60þ D (6:35)

where t is the holding time (min) and D is the maximum diameter of the workpiece (mm).

When normalizing hypoeutectoid steels (i.e., steels with less than 0.8% C), during cooling

from the austenitizing temperature, first a preeutectoid precipitation of ferrite takes place.

With a lower cooling rate, the precipitation of ferrite increases along the austenite grain

boundaries. For the desired uniform distribution of ferrite and pearlite after normalizing,

however, a possibly simultaneous formation of ferrite and pearlite is necessary. Steels having

carbon contents between 0.35 and 0.55% C especially tend to develop nonuniform ferrite

distributions as shown in Figure 6.61. The structure in this figure indicates overly slow

cooling in the temperature range of preeutectoid ferrite precipitation between Ar3 and Ar1.

On the other hand, if the cooling through this temperature region takes place too fast, with

steels having carbon contents between 0.2 and 0.5%, formation of an undesirable needlelike

ferrite (oriented at austenite grain boundaries), the so-called Widmannstätten’s structure,

may result as shown in Figure 6.62. Formation of pearlite follows only after complete
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.60 Schematic presentation of the influence of austenitizing temperature on the grain size of

the structure of a eutectoid steel after normalizing. (From H.J. Eckstein (Ed.), Technologie der Wärme-

behandlung von Stahl, 2nd ed., VEB Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
precipitation of ferrite by transformation of the remaining austenite structure at temperature

Ar1. It starts first at the boundaries of ferrite and austenite and spreads to the interior of the

austenite grains. The greater the number of the pearlitic regions formed, the more mutually

hindered the pearlite grains are in their growth, and consequently the finer the grains of the

normalized structure. The influence of alloying elements on the austenite to ferrite and

pearlite transformation may be read off from the relevant CCT diagram.

Care should be taken to ensure that the cooling rate within the workpiece is in a range

corresponding to the transformation behavior of the steel in question that results in a pure

ferrite–pearlite structure. If, for round bars of different diameters cooled in air, the cooling

curves in the core have been experimentally measured and recorded, then by using the

appropriate CCT diagram for the steel grade in question, it is possible to predict the structure

and hardness after normalizing. To superimpose the recorded cooling curves onto the CCT

diagram, the time–temperature scales must be equal to those of the CCT diagram.

Figure 6.63 shows, for example, that the unalloyed steel DIN Ck45 will attain the desired

ferrite–pearlite structure in the core of all investigated bars of different diameters cooled in
FIGURE 6.61 Nonuniform distribution of ferrite and pearlite as a consequence of unfavorable tem-

perature control during normalizing of unalloyed DIN C35 steel. Magnification 100�. (From G. Spur

and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser,

Munich, 1987.)
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FIGURE 6.62 Formation of needlelike ferrite at grain boundaries after normalizing of the unalloyed

steel DIN C35, because of too fast a cooling rate. Magnification 500�. (From G. Spur and T. Stöferle

(Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
air. On the other hand, as shown in Figure 6.64, the alloyed steel DIN 55NiCrMoV6 cooled

in the same way in air will transform to martensite and bainite. In this case, to obtain a

desired structure and hardness after normalizing, a much slower cooling of about 10 8C/h

(50 8F/h), i.e., furnace cooling, has to be applied from the austenitizing temperature to the

temperature at which the formation of pearlite is finished (�600 8C (�1100 8F)).

6.2.3 I SOTHERMAL A NNEALING

Hypoeutectoid low-carbon steels for carburizing as well as medium-carbon structural steels

for hardening and tempering are often isothermally annealed, for best machinability, because
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FIGURE 6.63 CCT diagram of the unalloyed steel DIN Ck45 (austenitizing temperature 8508C), with

superimposed cooling curves measured in the core of round bars of different diameters cooled in air.

(From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl

Hanser, Munich, 1987.)
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FIGURE 6.64 CCT diagram of the alloyed steel DIN 55NiCrMoV6 (austenitizing temperature 9508C),

with superimposed cooling curves measured in the core of round bars of different diameters cooled in

air. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln,

Carl Hanser, Munich, 1987.)
a well-differentiated, nontextured ferrite–pearlite structure is the optimum structure for

machinability of these steels. If low-carbon steels are soft annealed, they give long shavings

when turned and a bad surface appearance (sometimes called ‘‘smearing’’ or ‘‘tearing’’)

because of the accumulation of the material on the tool’s cutting edge. On the other hand,

nonannealed workpieces, having harder structural constituents like bainite, result in heavy

wear of the cutting edge when machined.

An isothermally annealed structure should have the following characteristics:
� 20
1. High proportion of ferrite

2. Uniformly distributed pearlite grains

3. Fine lamellar pearlite grains

4. Short pearlite lamellae

5. Coarse ferrite grains
Figure 6.65 shows the structure of a thin-wall die forging made of low-alloy steel for

carburizing (DIN 16MnCr5) after a normalizing anneal (Figure 6.65a) and after an isother-

mal annealing process (Figure 6.65b). The desired ferrite–pearlite structure originates during

an isothermal annealing, the principle of which is explained by Figure 6.66. This figure shows

an IT diagram of a low-alloy steel for carburizing (DIN 15CrNi6) with superimposed cooling

curves for different cooling rates at continuous cooling. The slowest cooling rate of 3 K/min

relates to a furnace cooling, and the fastest cooling rate of 3000 K/min relates to a quenching

process. From the diagram in Figure 6.66 it can be clearly seen that bainite formation can be

avoided only by very slow continuous cooling, but with such a slow cooling a textured

(elongated ferrite) structure results (hatched area in Figure 6.66). There is only one way to

avoid both the formation of bainite and the formation of a textured structure (see the open

arrow in Figure 6.66), and this is the isothermal annealing process, which consists of
06 by Taylor & Francis Group, LLC.
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FIGURE 6.65 Structure of a forging made of low-carbon steel for carburizing (DIN 16MnCr5) (a) after

normalizing and (b) after isothermal annealing. Magnification 200�. (From G. Spur and T. Stöferle

(Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
austenitizing followed by a fast cooling to the temperature range of pearlite formation

(usually about 650 8C (1200 8F)), holding at this temperature until the complete transform-

ation of pearlite, and cooling to room temperature at an arbitrary cooling rate. The tempera-

ture–time diagram of an isothermal annealing is given in Figure 6.67. The metallurgical

mechanism of a good isothermally annealed structure depends on the austenitizing conditions

as well as on the temperature and time of the isothermal transformation and on cooling from

the austenitizing temperature to the isothermal transformation temperature.

The austenitizing temperature and time should be high enough to completely dissolve all

carbides, to homogenize the austenite matrix, to stabilize the austenite structure, and achieve

a coarse-grained ferrite–pearlite structure after cooling. The undesired textured structure

originates by preeutectoid ferrite precipitation along stretched phases acting as germs, for

instance manganese sulfides, carbon segregations, or aluminum nitride precipitations. These

phases have been stretched as a consequence of a preliminary hot-forming process.

To avoid the textured structure the steel has to contain as little sulfur, nitrogen, and

aluminum as possible, and during austenitizing a complete dissolution of nitride precipita-

tions and carbides should be achieved. Therefore the austenitizing temperature is adequately

high, i.e., about 1008C (2128F) above Ac3, and the holding times are usually about 2 h.
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FIGURE 6.66 The principle of isothermal annealing. TTT diagram of the low-alloy steel for carburizing

DIN 15CrNi6. (From J. Wünning, Härterei-Tech. Mitt. 32:43–49, 1977, pp. 43–49 [in German].)
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FIGURE 6.67 Temperature–time cycle of isothermal annealing. (From G. Spur and T. Stöferle (Eds.),

Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
Another very important condition to avoid a textured structure is to realize a minimum

cooling rate between the austenitizing temperature (�950 8C (�1750 8F)) and the isothermal

transformation temperature (�650 8C (1200 8F)). Thus, about 300 8C (572 8F) decrease should

pass through at a minimum cooling rate of 20–40 K/min. This means that the whole batch of

treated workpieces should be cooled from about 950 8C (1750 8F) to about 650 8C (1200 8F) in

less than 10 min. During this cooling process an undercooling below the chosen isothermal

transformation temperature must be avoided to prevent the formation of bainite.

The physical mechanism that accounts for the manner and magnitude of ferrite precipi-

tation is the carbon diffusion during cooling from the austenitizing temperature. To achieve a

good structure after isothermal annealing, all measures that reduce the carbon diffusion rate

or restrict the diffusion time for carbon atoms during cooling are useful.

Figure 6.68 shows three structures after isothermal annealing of the low-alloy steel DIN

16MnCr5. It can be seen that cooling too slowly from the austenitizing temperature to the

transformation temperature results in an undesirable textured structure of ferrite and pearlite,

and if during this cooling process an undercooling takes place (i.e., the transformation

temperature has been chosen too low) before the pearlite formation, then bainite will be

present in the structure, which is not allowed.

Big companies usually have internal standards to estimate the allowable degree of texturing

of the isothermally annealed structures, with respect to machinability, as shown in Figure 6.69.

The transformation temperature and the necessary transformation time for the steel in question

may be determined by means of the appropriate IT diagram. Figure 6.70 shows such a diagram

for the steel DIN 17CrNiMo6. As can be seen, the lower the transformation temperature chosen,
FIGURE 6.68 Different structures after isothermal annealing of the low-alloy steel DIN 16MnCr5 (left).

Well-distributed ferrite–pearlite; correct annealing (center). Textured ferrite–pearlite structure; too slow

cooling from the austenitizing to the transformation temperature (right). Ferrite – pearliteþ bainite;

undercooling before pearlite transformation. (From J. Wünning, Härterei-Tech. Mitt. 32:43–49,

1977, pp. 43–49 [in German].)
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FIGURE 6.69 Internal standard of the German company Edelstahlwerke Buderus A.G.-Wetzlar for

estimation of the allowable degree of texturing of the structure after isothermal annealing. Magnifica-

tion 100�. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebe-

handeln, Carl Hanser, Munich, 1987.)
the sooner the transformation starts, up to a temperature (the so-called pearlite nose) atwhich the

shortest time to start the transformation is achieved. Below this temperature, longer times are

again necessary to start the transformation. In the range of the pearlite nose temperature, fine

lamellar pearlite will be formed, and the time to complete pearlite transformation is the shortest.

For unalloyed steels, the pearlite nose temperatures are between 550 and 5808C (1022 and

10768F), while for alloyed steels they are between 640 and 6808C (1184 and 12568F). The

optimum isothermal annealing temperature is 10–208C (50–688F) above the pearlite nose

temperature.

The necessary transformation time depends on the alloying elements in the steel. In the

practice of isothermal annealing the holding time at the transformation temperature includes

an adequate reserve because of compositional tolerances in different steel heats. Usually for

low-alloy steels for carburizing and structural steels for hardening and tempering the trans-

formation times are below 2 h.

From the technical standpoint, when a batch of workpieces has to be isothermally

annealed, the biggest problem is to realize sufficiently fast cooling from the austenitizing
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.70 Isothermal transformation (IT) diagram of the steel DIN 17CrNiMo6. Austenitizing

temperature 8708C. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2,

Wärmebehandeln, Carl Hanser, Munich, 1987.)
temperature to the chosen transformation temperature without any undercooling. This cool-

ing process depends on several factors, and the main factors include the workpiece cross-

sectional size, the loading arrangement, the temperature difference between the austenitizing

temperature and the temperature of the cooling medium, and the heat transfer coefficient

between the workpieces’ surface and the ambient.

6.2.4 SOFT A NNEALING (SPHEROIDIZING A NNEALING)

Soft or spheroidizing annealing is an annealing process at temperatures close below or close

above the Ac1 temperature, with subsequent slow cooling. The microstructure of steel before

soft annealing is either ferrite–pearlite (hypoeutectoid steels), pearlite (eutectoid steels), or

cementite–pearlite (hypereutectoid steels). Sometimes a previously hardened structure exists

before soft annealing. The aim of soft annealing is to produce a soft structure by changing all

hard constituents like pearlite, bainite, and martensite (especially in steels with carbon

contents above 0.5% and in tool steels) into a structure of spheroidized carbides in a ferritic

matrix.

Figure 6.71 shows the structure with spheroidized carbides (a) after soft annealing of a

medium-carbon low-alloy steel and (b) after soft annealing of a high-speed steel. Such a soft

structure is required for good machinability of steels having more than 0.6% C and for all cold-

working processes that include plastic deformation. Whereas for cold-working processes the

strength and hardness of the material should be as low as possible, for good machinability

medium strength or hardness values are required. Therefore, for instance, when ball bearing

steels are soft annealed, a hardness tolerance is usually specified. In the production sequence,

soft annealing is usually performed with a semiproduct (after rolling or forging), and the

sequence of operations is hot working, soft annealing, cold forming, hardening, and tempering.

The required degree of spheroidization (i.e., 80–90% of globular cementite or carbides) is

sometimes specified. To evaluate the structure after soft annealing, there are sometimes

internal standards, for a particular steel grade, showing the percentage of achieved globular
� 2006 by Taylor & Francis Group, LLC.
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(a) (b)

FIGURE 6.71 Structures of (a) a medium-carbon low-alloy steel DIN 50CrMoV4 after soft annealing at

720–7408C and (b) a high-speed steel annealed at 8208C. Magnification 500�. (From G. Spur and

T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich,

1987.)
cementite, as shown in Figure 6.72 for the ball bearing steel DIN 100Cr6. The degree of

spheroidization is expressed in this case as percentage of remaining lamellar pearlite.

The physical mechanism of soft annealing is based on the coagulation of cementite

particles within the ferrite matrix, for which the diffusion of carbon is decisive. Globular

cementite within the ferritic matrix is the structure having the lowest energy content of all

structures in the iron–carbon system. The carbon diffusion depends on temperature, time, and

the kind and amount of alloying elements in the steel. The solubility of carbon in ferrite, which

is very low at room temperature (0.02% C), increases considerably up to the Ac1 temperature.

At temperatures close to Ac1, the diffusion of carbon, iron, and alloying atoms is so great that

it is possible to change the structure in the direction of minimizing its energy content.

The degree of coagulation as well as the size of carbides after soft annealing is dependent

also on the starting structure before annealing. If the starting structure is pearlite, the spher-

oidization of carbides takes place by the coagulation of the cementite lamellae. This process can

be formally divided into two stages. At first the cementite lamellae assume a knucklebone

shape, as shown in Figure 6.73. As annealing continues, the lamellae form globules at their ends

and, by means of boundary surface energy, split up into spheroids, hence the name spheroidiz-

ing. During the second stage, some cementite (carbide) globules grow at the cost of fine carbide

particles, which disappear. In both stages, the rate of this process is controlled by diffusion. The

thicker the cementite lamellae, the more energy necessary for this process. A fine lamellar

pearlite structure may more easily be transformed to a globular form.

In establishing the process parameters for a soft (spheroidizing) annealing, a distinction

should be drawn among hypoeutectoid carbon steels, hypereutectoid carbon steels, and

alloyed steels. In any case the value of the relevant Ac1 temperature must be known. It can

be taken from the relevant IT or CCT diagram or calculated according to the formula

Ac1 ¼ 739� 22(% C)þ 2(% Si)� 7(% Mn)þ 14(% Cr)þ 13(% Mo)þ 13(% Ni)

þ 20(% V), [�C] (6:36)

The temperature range for soft annealing of unalloyed carbon steels may be taken from the

iron–carbon diagram as shown in Figure 6.74. The holding time at the selected temperature is

approximately 1 min/mm of the workpiece cross section.

For alloyed steels, the soft annealing temperature may be calculated according to the

empirical formula
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.72 Internal standard of the German company Edelstahlwerke Buderus A.G.-Wetzlar for

evaluation of the degree of spheroidization after soft annealing of grade DIN 100Cr6 steel. Magnifica-

tion 500�. Amount of lamellar pearlite remaining 1, 0%; 2, 8%; 3, 20%; 4, 35%; 5, 60%; 6, 80%. (From

G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser,

Munich, 1987.)

FIGURE 6.73 Schematic presentation of the process of transforming cementite lamella to spheroids

during soft annealing. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths,

London, 1984.)
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FIGURE 6.74 Temperature range for soft annealing of unalloyed steels having carbon contents of

0.6–1.35% C. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärme-

behandeln, Carl Hanser, Munich, 1987.)
T ¼ 705þ 20(% Si�% Mnþ% Cr�% Mo�% Niþ% W)þ 100(% V) [�C] (6:37)

This formula is valid only up to the following values of the alloying elements: 0.9% C; 1.8% Si;

1.1% Mn; 1.8% Cr; 0.5% Mo; 5% Ni; 0.5% W; and 0.25% V. If the steel has higher amounts

of alloying elements, only these indicated maximum values are to be taken into account.

Figure 6.75 shows possible temperature–time regimes for soft annealing. The swinging

regime (Figure 6.75c) is used to accelerate the transformation of cementite lamellae to globular

form. Increasing the temperature above Ac1 facilitates the dissolution of cementite lamellae. At

subsequent cooling below Ac1 this dissolution process is interrupted and the parts broken off

(which has less resistance to boundary surface energy) coagulate more easily and quickly.

On the basis of the investigations of Köstler, a degree of spheroidization e has been

established that gives the amount of globular cementite compared to the total amount of
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FIGURE 6.75 Temperature–time regimes at soft annealing. (a) Annealing at 208C below Ac1, for

unalloyed steels and for alloyed steels with bainitic or martensitic starting structure; (b) annealing at

108C above Ac1 (start) and decreasing temperature to 308C below Ac1 for alloyed steels; (c) swinging

annealing +58C around Ac1 for hypereutectoid steels. (From G. Spur and T. Stöferle (Eds.), Handbuch

der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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FIGURE 6.76 Time–temperature diagram for soft annealing of the unalloyed steel DIN C35 (previously

deformed 50%), to achieve the required degree of spheroidization. (After Köstler; see H.J. Eckstein

(Ed.), Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB Deutscher Verlag für Grundstoffin-

dustrie, Leipzig, 1987.)
cementite in a steel after soft annealing. e ¼ 1 means that 100% of the globular cementite (i.e.,

no lamellar cementite) has remained. Because the degree of spheroidization depends on the

time and temperature of the soft annealing process, diagrams may be established that

correlate the degree of spheroidization with the time and temperature of soft annealing.

Figure 6.76 shows such a diagram for the unalloyed steel DIN C35.

The degree of spheroidization, especially above 80% (e ¼ 0.8), has considerable influence on

ultimate tensile strength, yield strength, and elongation, as shown inFigure 6.77 for the unalloyed

eutectoid steel DIN C75. The hardness after soft annealing depends on the time and temperature

of spheroidization, as shown in Figure 6.78 for an unalloyed steel with 0.89% C.

The machinability of steels with more than 0.6% C can be increased by soft annealing as

shown in Figure 6.79, from which it can be seen that decreasing tensile strength and increasing

the degree of spheroidization allows a higher turning speed (v60) in m/min.

The cooling after soft annealing should generally be slow. Depending on the steel grade,

the cooling should be performed as follows:
For
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ization of an unalloyed eutectoid steel, DIN C75. (From H.J. Eckstein (Ed.), Technologie der

ehandlung von Stahl, 2nd ed., VEB Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
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FIGURE 6.78 Hardness of an unalloyed steel with 0.89% C after soft annealing, depending on the

spheroidization time and temperature. (From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung

von Stahl, 2nd ed., VEB Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
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ther cooling below the temperatures indicated is usually performed in air
6.2.5 RECRYSTALLIZATION ANNEALING

Recrystallization annealing is an annealing process at temperatures above the recrystalliza-

tion temperature of the cold-worked material, without phase transformation, that aims at

regeneration of properties and changes in the structure that exists after a cold-forming process
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6.79 Influence of the ultimate tensile strength and degree of spheroidization on machinability

for carburizing and structural steels for hardening and tempering, expressed as 1 h turning

60) in m/min. (a) Spheroidization degree less than 30%; (b) spheroidization degree between 40

; (c) spheroidization degree greater than 70%. (From G. Spur and T. Stöferle (Eds.), Handbuch

igungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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FIGURE 6.80 Low-carbon steel with 0.05% C (a) after cold working with 20% reduction (hardness 135

HV) and (b) after subsequent recrystallization annealing at 7508C (hardness 75 HV). Magnification

200�. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
such as cold rolling, deep drawing, or wire drawing. Materials that are to be subjected to a

cold-forming process and subsequent recrystallization annealing must possess good cold-

forming ability. These materials include soft unalloyed steels, microalloyed steels for deep

drawing, microalloyed high-strength steels, unalloyed and alloyed carbon steels, stainless

steels, and soft magnetic steels.

The prerequisite to recrystallization on annealing is that the degree of deformation during

cold working has been large enough to produce the required number of defects in the crystals

to initiate nucleation, which is then followed by grain growth. Figure 6.80 shows the micro-

structure of a low-carbon steel (a) after cold working and (b) after subsequent recrystalliza-

tion annealing. During cold working of metallic materials, by far the greatest amount of the

energy applied for deformation is transformed into heat, but a relatively small part (less than

5%) of it remains accumulated in the material due to the formation of crystal lattice defects. It

is a known fact that every cold-working process (i.e., plastic deformation of the material)

increases the dislocation density by some orders of magnitude. Because every dislocation is a

crystal defect associated with internal stresses, the increase in the dislocation density causes

the accumulation of internal stresses (i.e., of internal energy) and thereby increases the free

enthalpy. Such a thermodynamically unstable material condition tends, at increased temper-

atures, to decrease the free enthalpy by rearranging and demolishing lattice defects. The

greater the plastic deformation in a cold-forming process, the greater the strengthening of the

material, which is characterized by an increase in tensile strength and yield strength and a

decrease in elongation as shown in Figure 6.81. The material becomes harder and more
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FIGURE 6.81 Strengthening of a low-carbon steel by the cold-rolling process. (From G. Spur and

T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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brittle, so that in some cases a further step in the forming process cannot be applied without a

recrystallization annealing. Also the anisotropy of the material, i.e., the dependence of

mechanical properties on the direction of the cold-forming process, can be annulated by

recrystallization annealing, by bringing the oriented grains that are deformed in one direction

back to the original globular form.

Thermic activation, i.e., increasing the temperature at recrystallization annealing, can be

used to reestablish the original structure (before cold working) with the original density of

dislocations, which results in decreased hardness and strength and increased ductility and

formability. The recrystallization annealing process includes the following phenomena: grain

recovery, polygonization, recrystallization, and grain growth.

6.2.5.1 Grain Recovery

Grain recovery is a process of tempering a cold-worked metallic structure at low temperatures

(150–3508C (300–6628F)) without causing any discernible changes in the microstructure. It

results only in decreasing the internal stresses without substantially decreasing the strength of

the material.However, during this process characteristic changes occur in the electrical resistance

and its temperature coefficient of the cold-worked material. The activation energy needed for

grain recovery depends on the degree of cold working. The higher the degree (i.e., the greater the

deformation), the less the activation energy required. The temperature of grain recovery correl-

ates with the recrystallization temperature of the same material according to the formula

TGR ¼ TR � 300 [�C] (6:38)

6.2.5.2 Polygonization

Polygonization of a cold-worked structure is the creation of a new polygonal arrangement of

edge dislocations in the metallic crystal lattice that takes place at temperatures close above the

grain recovery temperature. As shown in Figure 6.82, in such a case the applied thermal

energy is sufficient to rearrange the edge dislocations. In this case the originally bent sliding

planes take a polygonal shape, forming segments within a grain called subgrains. The angles

between subgrains are very small (about 18). As a consequence of a substantial energy

discharge by discharge of internal stresses, material strength is decreased. Polygonization

takes place primarily in heavily cold-worked structures, especially in ferritic matrices, below

the recrystallization temperature.
a

b

b

(b)(a)

FIGURE 6.82 Schematic presentation of polygonization. Arrangement of edge dislocations and sliding

planes (a) before polygonization and (b) after polygonization. a, Edge dislocations; b, sliding planes.

(From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl

Hanser, Munich, 1987.)
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FIGURE 6.83 Decrease in hardness during recrystallization of a steel having 0.03%C, 0.54%Si, and 0.20%

Mn that was cold rolled (805 deformation), as a function of annealing temperature. (Heating rate 208C/h.)

a, Begin formation of new grains; b, end formation of new grains. (From G. Spur and T. Stöferle (Eds.),

Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
6.2.5.3 Recrystallization and Grain Growth

The process of recrystallization begins when the recrystallization temperature is overstepped.

The recrystallization temperature of amaterial is the temperature atwhich the formation of new

grains begins within a cold-worked microstructure, as shown in Figure 6.83. From this figure

one can conclude that for the steel in question the recrystallization temperature is 5208C
(9688F). During recrystallization, as can be seen from Figure 6.83, hardness and strength

decrease substantially while ductility increases. In practice, the recrystallization temperature

TR is often considered the temperature of a cold-worked material at which recrystallization is

completed after 1 h of annealing. There is a correlation between the recrystallization tempera-

ture (TR) and the melting temperature (TM) of the material, which reads

TR ¼ 0:4TM (6:39)

Figure 6.84 shows that this correlation holds for practically all pure metals if both

temperatures TR and TM are taken in deg. K. The recrystallization temperature can be
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FIGURE 6.84 Correlation between the recrystallization temperature and the melting temperature for

pure metals. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärme-

behandeln, Carl Hanser, Munich, 1987.)
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influenced by the degree of deformation during cold working, the heating rate, and the

starting microstructure.

In contrast to the grain recovery process (which follows a parabolic law), the recrystal-

lization process begins only after an incubation period (because of nucleation), starting

slowly, reaching a maximum rate, and finishing slowly. The nuclei from which new grains

grow are situated preferably at the grain boundaries of compressed cold-worked grains. New

grains grow from these nuclei until they meet up with other grains. Recrystallization brings

about the formation and movement of large-angle grain boundaries.

Figure 6.85 is a schematic presentation of new grain formation and growth during the

recrystallization process as a function of annealing time. As time passes, the new grains,

starting from nuclei, grow unhindered within the cold-worked grains. Simultaneously, new

nuclei are formed. At the movement of large-angle grain boundaries, new grains consume the

previously deformed grains. The recrystallization process is locally finished when new neigh-

boring grains collide with each other. The size, form, and orientation of the new structure, as

well as the condition of the lattice defects in it, differ substantially from those of the previous

structure. The recrystallization process itself can be hindered by precipitations, dispersions,

and a second phase.

The most important technological parameters of recrystallization annealing that influence

the rate of recrystallization and the material properties after recrystallization are:
FIGUR
proces

Fertigu

� 2006 by
1. Material-dependent parameters—the chemical composition and the starting struc-

ture (including the degree of deformation)

2. Process-dependent parameters—annealing temperature, annealing time, and heat-

ing and cooling rates
The course of a recrystallization process can be presented in an isothermal time–tempera-

ture–recrystallization diagram as shown in Figure 6.86. As can be seen from this diagram,

the higher the temperature of recrystallization annealing, the shorter the necessary annealing

time. The lower the degree of deformation at cold working, the higher the required
t1 t2 > t1 t3 > t2 

t6 > t5 t5 > t4 t4 > t3 

E 6.85 Schematic presentation of new grain formation and growth during the recrystallization

s as a function of annealing time t. (From G. Spur and T. Stöferle (Eds.), Handbuch der

ngstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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FIGURE 6.86 An isothermal time–temperature–recrystallization diagram. (From H.J. Eckstein (Ed.),

Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB Deutscher Verlag für Grundstoffindustrie,

Leipzig, 1987.)
recrystallization temperature, as shown in Figure 6.87. The higher the heating rate, the

higher the recrystallization temperature. It can be concluded from Figure 6.86 that with

substantially longer annealing times, a full recrystallization can be achieved at relatively

low temperatures.

The degree of deformation at cold working has a very important influence on the size

of newly formed grains during recrystallization. If the cold working is carried out with a

very low degree of deformation but without sufficient strengthening of the material to

enable the process of recrystallization, a decrease in stresses can still be achieved by movement

of the deformed grain boundaries. In this case grains with low dislocation density

grow (because there are only a few nuclei) and a coarse-grained structure develops as

shown in Figure 6.88. Consequently, there is a critical degree of deformation at cold

working that at subsequent recrystallization annealing leads to sudden grain growth, as

shown in Figure 6.89 for a low-carbon steel. With an increase in the carbon content of

the steel, this critical degree of deformation shifts from about 8 to 20% of deformation at

cold working.
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FIGURE 6.87 Recrystallization temperature of a- and g-iron as a function of the degree of deformation

at cold working. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2,

Wärmebehandeln, Carl Hanser, Munich, 1987.)
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(b)(a)

FIGURE 6.88 Development of coarse-grained structure during recrystallization of soft iron. (a) Micro-

structure before cold working and (b) microstructure after cold working with very low degree of deform-

ation (10%) and subsequent recrystallization annealing at 7008C. Magnification 500�. (From G. Spur and

T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich,

1987.)
6.3 HARDENING BY FORMATION OF MARTENSITE

6.3.1 A USTENITIZING

Austenitizing is the first operation in many of the most important heat treatment processes

(hardening, carburizing, normalizing) on which the properties of heat-treated parts depend.

Let us assume the bulk heat treatment of real batches of workpieces and consider the

metallurgical and technological aspects of austenitizing.

6.3.1 .1 Meta llurgi cal Aspec ts of Austeni tizing

The way austenite is formed when a certain steel is heated depends very much on the steel’s

starting microstructure. Let us take as an example an unalloyed eutectoid steel with 0.8% C

and follow the process of its austenitization using the schemes shown in Figure 6.90. At room

temperature the cementite (Fe3C) plates of the pearlite are in direct contact with ferrite ( a-Fe,

see Figure 6.90a). The carbon atoms from cementite have a tendency to diffuse into the ferrite

lattice. The higher the temperature, the greater this tendency is. Upon heating, on reaching

the Ac1 temperature (7238C (13338F)), the transformation of ferrite into austenite (g-Fe)
G
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FIGURE 6.89 Grain growth in the range of the critical degree of deformation (at 10%) for a steel with

0.06% C. Recrystallization temperature, 7008C. (From G. Spur and T. Stöferle (Eds.), Handbuch der

Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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FIGURE 6.90 Transformation of a pearlitic structure to austenite when heating an unalloyed eutectoid

steel of 0.8% C.
starts immediately adjacent to the cementite plates (see Figure 6.90b). After that the cementite

plates start to dissolve within the newly formed austenite, becoming thinner and thinner

(Figure 6.90c and Figure 6.90d). So two processes take place at the same time: the formation

of austenite grains from ferrite and the dissolution of cementite plates in the austenite lattice.

Experiments have shown that the process of ferrite-to-austenite transformation ends before

all the cementite has been dissolved. This means that after all the ferrite has transformed into

austenite, small particles of cementite will remain within the austenite grains (Figure 6.90e).

Figure 6.91 shows the formation of austenite in a microstructure of eutectoid steel. Areas of
FIGURE 6.91 Formation of austenite (light patches) from pearlite as a function of time. (From G. Krauss,

Steels: Heat Treatment and Processing Principles, ASM International, Materials Park, OH, 1990.)

� 2006 by Taylor & Francis Group, LLC.

User
Rectangle

User
Rectangle



(a) (b) (c)

a1

2
2

2

1

1

3

Austenite
Carbide

3
a2

a3

a3

a2 a2a1
a1

FIGURE 6.92 Nucleation sites for austenite formation in microstructures of (a) ferrite; (b) spheroidite;

(c) pearlite. (From G. Krauss, Steels: Heat Treatment and Processing Principles, ASM International,

Materials Park, OH, 1990.)
austenite formation are visible as white patches within the lamellar pearlitic structure. Some of

the cementite persists in the form of spheroidized particles (the small dark spots in the

white areas). They dissolve only with longer holding times at temperature. Once these cementite

particles completely dissolve, the structure consists of only one phase—austenite (see Figure

6.90f). In this state, however, there are still differences in carbon concentration among particu-

lar austenite grains. In spots where cementite plates were previously to be found, the carbon

concentration is high, while in other spots far from cementite plates it is low.

Equalizing of the carbon concentration proceeds gradually by diffusion, resulting in a

homogeneous austenite structure at the end of this process. The holding time at austenitizing

temperature necessary for this process is called the homogenization time. During pearlite–

austenite transformation, several austenite grains are formed from one pearlite grain, i.e., the

newly formed austenite is fine-grained.

Nucleation sites for austenite formation depend on the starting microstructure as

shown in Figure 6.92. In ferrite the nucleation sites are situated primarily at grain bound-

aries. In spheroidized structures nucleation starts on carbide particles, whereas in pearlitic

structures it starts primarily at the intersection of pearlite colonies but also at cementite

lamellae.

6.3.1 .1.1 Kinet ics of Transf ormatio n during Aus tenitizin g
Figure 6.93 shows the volume percent of austenite formed from pearlite in eutectoid steel as a

function of time at a constant austenitizing temperature. From the beginning of austenitization
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FIGURE 6.93 Volume percent austenite formed from pearlite in eutectoid steel as a function of time at a

constant austenitizing temperature. (From G. Krauss, Steels: Heat Treatment and Processing Principles,

ASM International, Materials Park, OH, 1990.)
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a certain incubation time is necessary to form the first nuclei, and then the process proceeds at a

more rapid rate as more nuclei develop and grow. At higher temperatures the diffusion rate

increases and austenite forms more rapidly, as shown in Figure 6.94.

The duration of austenitizing process depends on the austenitizing temperature and the

steel composition. The influence of time at austenitization can best be explained by the

diagrammatic illustrations shown in Figure 6.95. From Figure 6.95a and Figure 6.95b,

which apply to eutectoid carbon steel of 0.8% C, one can see that if an austenitizing

temperature of 7308C (13468F) is maintained (after a rapid heating to this temperature), the

transformation will start in about 30 s. If instead an austenitizing temperature of 7508C
(13828F) is chosen, the transformation will begin in 10 s, and if a temperature of 8108C
(14908F) is selected, in about 1 s. The transformation of pearlite to austenite and cementite is

in this case completed in about 6 s. If the steel is to be fully austenitic (all carbides dissolved,

hatched area), it must be held at this temperature for about 2 h (7 � 103 s).

Figure 6.95c and Figure 6.95d apply to a hypoeutectoid plain carbon steel of 0.45% C.

They show that in this case at an austenitizing temperature of 8108C (14908F) the transform-

ation from pearlite to austenite starts in about 1 s. In about 5 s the pearlite has been

transformed and the structure consists of ferrite, austenite, and cementite. About 1 min

later the carbon has diffused to the ferrite, which has thereby been transformed to austenite.

Residual particles of cementite remain, however, and it takes about 5 h at this temperature to

dissolve them completely.

Figure 6.95e and Figure 6.95f apply to a hypereutectoid steel containing 1.2% C. If this

steel is austenitized at 8108C (14908F), the pearlite starts to transform in about 2 s, and in

about 5 s the structure consists only of austenite and cementite. It is not possible for the

cementite to be completely dissolved at this temperature. To achieve complete solution of the

cementite, the temperature must be increased above Acm, in this case to at least 8608C
(15808F).

The holding time at austenitizing (hardening) temperature depends on the desired degree

of carbide dissolution and acceptable grain size, taking into account that the grain growth

increases with higher austenitizing temperatures and longer holding times. Since the amount

of carbide is different for different types of steel, the holding time (from the metallurgical

point of view) depends on the grade of steel. However, carbide dissolution and the holding

time are dependent not only on the austenitizing temperature but also the rate of heating to
751�C
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FIGURE 6.94 Effect of austenitizing temperature on the rate of austenite formation from pearlite in a

eutectoid steel. (From G. Krauss, Steels: Heat Treatment and Processing Principles, ASM International,

Materials Park, OH, 1990.)
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FIGURE 6.95 Structural transformations during austenitizing steels containing (a, b) 0.8% C; (c, d)

0.45% C; (e, f) 1.2% C. A, austenite; C, cementite; F, ferrite; P, pearlite. (From K.E. Thelning, Steel and

Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
this temperature. Varying the rate of heating to this temperature will have an effect on the rate

of transformation and dissolution of the constituents.

The influence of the role of heating (and correspondingly of the holding time) on carbide

dissolution, grain growth, and hardness after hardening for various grades of steel has been

studied in detail and published in Refs. [18,19]. These time–temperature–austenitizing dia-

grams (Zeit-Temperatur-Austenitisierung Schaubilder in German) have been produced either as

isothermal diagrams (the steel specimens were heated rapidly at the rate of 1308C/s (2668F/s)

to the temperature in question and held there for a certain predetermined time) or as continuous

heating diagrams (the steel specimens were heated continuously at different heating rates).
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Consequently, isothermal diagrams may be read only along the isotherms, and the continuous

heating diagrams may be read only along the heating rate lines.

Figure 6.96 shows an isothermal type of time–temperature–austenitizing diagram of grade

DIN 50CrV4 steel. From this type of diagram one can read off, for instance, that if the steel is

held at 830 8C (1526 8F), after about 1 s, pearlite and ferrite will be transformed to austenite,

but more than 1000 s is necessary to completely dissolve the carbides to achieve a homoge-

neous austenite.

In practice, the continuous heating diagrams are much more important because every

austenitizing process is carried out at a specified heating rate. Figure 6.97 shows a time–

temperature–austenitizing diagram of the continuous heating type for grade DIN Ck45 steel.

The continuous heating was carried out at various constant rates ranging from 0.05 to

24008C/s (32.09 to 43528F). If the heating rate was extremely slow (e.g., 0.228C/s (32.48F/s))

to about 7758C (14278F), on crossing the Ac3 temperature after about 1 h all pearlite

and ferrite would have been transformed to inhomogeneous austenite. At a heating rate
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FIGURE 6.96 Isothermal time–temperature–austenitizing diagram of the steel grade DIN 50CrV4

(0.47% C, 0.27% Si, 0.90% Mn, 1.10% Cr). (From J. Orlich and H.J. Pietrzenivk (Eds.), Atlas zur

Wärmebehandlung der Stähle, Vol. 4, Zeit-Temperatur-Austenitisierung-Schaubilder, Part 2, Verlag

Stahleisen, Düsseldorf, 1976 [in German].)

� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



Heating rate, �C/s

2400
1300

1200

1100

1000

900
Ac3

Ac1

Ac2

800

700
10−1 1 10

Time, s

T
em

pe
ra

tu
re

, �
C

102 103 104 105

1000 300 100 30 10 3 1 0.22 0.05

Austenite

Ferrite + pearlite

Inhomogeneous
austenite

Homogeneous austenite

Ferrite + pearlite

FIGURE 6.97 Time–temperature–austenitizing diagram for continuous heating of the steel grade DIN

Ck45 (0.49% C, 0.26% Si, 0.74% Mn). (From J. Orlich, A. Rose, and P. Wiest (Eds.), Atlas zur

Wärmebehandlung der Stähle, Vol. 3, Zeit-Temperatur-Austenitisierung-Schaubilder, Verlag Stahleisen,

Düsseldorf, 1973 [in German].)
of 108C/s (508F/s) the pearlite and ferrite would have been transformed to inhomogeneous

austenite after crossing the Ac3 temperature at about 8008C (14728F) after only 80 s.

A remarkable feature of such diagrams is that they show precisely the increase of Ac1 and

Ac3 transformation temperatures with increasing heating rates. This is especially important

when short-time heating processes like induction hardening or laser beam hardening, with

heating rates ranging to about 10008C/s (18328F/s), are applied for surface hardening. In such

a case this diagram should be consulted to determine the required austenitizing temperature,

which is much higher than in conventional hardening of the same grade of steel. For the steel

in question, for example, the conventional hardening temperature would be in the range of

830–8508C (1526–15628F), but for induction or laser beam hardening processes the hardening

temperatures required are between 950 and 10008C (1742 and 18328F). When heating at a rate

of 10008C/s (18328F/s) to the austenitizing temperature of 10008C (18328F), only 1 s is

necessary, and the above-mentioned short heating time processes operate in approximately

this time range. As Figure 6.97 shows, much higher temperatures are necessary to achieve the
� 2006 by Taylor & Francis Group, LLC.
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homogeneous austenite structure. In such a case one is, of course, concerned with the grain

growth.

Figure 6.98 shows the grain growth (according to American Society for Testing and

Materials [ASTM]) when grade DIN Ck45 steel is continuously heated at different heating

rates to different austenitizing temperatures. Figure 6.99 shows the achievable Vickers hard-

ness after hardening for grade DIN Ck45 steel austenitized at various heating rates to various

temperatures. It shows, for example, that maximum hardness would be achieved upon

austenitizing the steel at 850 8C (1562 8F) for about 900 s (or heating at a heating rate of

18C/s (33.88F/s)), which corresponds to the field of homogeneous austenite (see Figure 6.97).

The hardness after quenching, which depends on the amount of carbide dissolution, is also

dependent on the initial structure of the steel. This is illustrated in Figure 6.100. Figure 6.100a

shows that a structure of spheroidized cementite (after soft annealing) of the hypoeutectoid

DIN Cf53 carbon steel will attain the maximum hardness of 770 HV when heated at a rate

of 18C/s (33.88F/s) to 8758C (16098F) (holding time 855 s or 14 min). The hardened and
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FIGURE 6.98 Time–temperature–austenitizing diagram for continuous heating showing the grain

growth of steel grade DIN Ck45. (From J. Orlich, A. Rose, and P. Wiest (Eds.), Atlas zur Wärmebe-

handlung der Stähle, Vol. 3, Zeit-Temperatur-Austenitisierung-Schaubilder, Verlag Stahleisen, Düssel-

dorf, 1973 [in German].)
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FIGURE 6.99 Time–temperature–austenitizing diagram for continuous heating showing the achievable

hardness after hardening steel grade DIN Ck45. (From J. Orlich, A. Rose, and P. Wiest (Eds.), Atlas zur

Wärmebehandlung der Stähle, Vol. 3, Zeit-Temperatur-Austenitisierung-Schaubilder, Verlag Stahleisen,

Düsseldorf, 1973 [in German].)
tempered structure (tempered martensite) of the same steel, as shown in Figure 6.100b,

will attain the maximum hardness of 770 HV, however, if heated to 875 8C (1609 8F) at the

rate of 1000 8C/s (1832 8F/s) (holding time less than 1 s). For this reason, when short-time

heating processes are used, the best results are achieved with hardened and tempered initial

structures.

For eutectoid and hypereutectoid steel grades, which after quenching develop substantial

amounts of retained austenite, the attainment of maximum hardness after quenching is more

complicated. Figure 6.101 shows the hardness after quenching for the ball bearing hypereu-

tectoid grade DIN 100Cr6 steel (1.0% C, 0.22% Si, 0.24% Mn, and 1.52% Cr). The maximum

hardness of 900 HV after quenching is attained on heating to a very narrow temperature

range, and furthermore this temperature range is displaced toward higher temperatures as the

heating rate is increased. If this steel is quenched from temperatures that exceed the optimum

range, the resulting hardness is reduced owing the presence of an increasing amount of

retained austenite.
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FIGURE 6.100 Hardness after quenching as a function of the rate of heating and austenitizing tem-

perature for grade DIN Cf53 steel (hypoeutectoid carbon steel) (a) for soft-annealed condition and (b)

for hardened and tempered condition. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed.,

Butterworths, London, 1984.)
For plain carbon and low-alloy structural steels, which contain easily dissolved carbides, a

holding time of 5–15 min after they have reached the hardening temperature is quite enough

to make certain that there has been sufficient carbide dissolution. For medium-alloy struc-

tural steels this holding time is about 15–25 min. For low-alloy tool steels, it is between 10 and

30 min; and for high-alloy Cr steels, between 10 min and 1 h.

6.3.1.2 Technological Aspects of Austenitizing

In heating metallic objects to their austenitizing (hardening) temperature, there are two kinds

of heating rates to be distinguished: those that are technically possible and those that are

technologically allowed.

The technically possible heating rate is the heating rate the heating equipment could

realize in actual use. It depends on
� 2006 by
1. The installed heating capacity of the equipment

2. The heat transfer medium (gas, liquid, vacuum)

3. The temperature difference between the heat source and the surface of the heated

objects (workpieces put in a hot or cold furnace)

4. The mass and shape of the workpiece (the ratio between its volume and superficial

area)

5. The number of workpieces in a batch and their loading arrangement
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FIGURE 6.101 Hardness after quenching as a function of the rate of heating and austenitizing tem-

perature for grade DIN 100Cr6 steel initially soft annealed. (From K.E. Thelning, Steel and Its Heat

Treatment, 2nd ed., Butterworths, London, 1984.)
The technologically allowed heating rate is the maximum heating rate that can be applied

in actual circumstances, taking into account the fact that thermal stresses that develop within

the workpiece must not exceed the critical value because this could cause warping or cracking,

since sections having different dimensions heat up at different speeds and large temperature

gradients can arise between the surface and the core of the workpiece. This heating rate

depends on
� 2006 by
1. The mass and shape of the workpiece (the ratio between its volume and superficial

area)

2. The chemical composition of the material

3. The initial microstructure
When workpieces of heavy sections or of complicated shapes are heated, temperatures

between 250 and 6008C (482 and 11128F) are particularly dangerous, because in this tem-

perature range the steel does not have enough plasticity to compensate for thermal stresses.

If the heating of an object is asymmetrical, the object will warp. If thermal stresses are

developed that overstep the strength of the material (which is substantially lower at higher

temperatures), cracks will result.

If the heating rate is too high through the transformation temperature range (between Ac1

and Ac3), warping may occur because of volume change of the structure lattice. The tendency

of a steel to crack during heating depends on its chemical composition. Carbon content has

the decisive influence. The higher the carbon content, the greater the sensitivity to cracking.

The complex influence of carbon and other alloying elements is expressed by the following

empirical formula termed the C equivalent (Cekv):

Cekv ¼
C þMn

5
þ Cr

4
þMo

3
þNi

10
þ V

5
þ Si� 0:5

5
þ Ti

5
þW

10
þAl

10
(6:40)

where the element symbols represent wt% content. This formula is valid up to the following

maximum values of alloying elements.
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C � 0.9% V � 0.25%

Mn � 1.1% Si � 1.8%

Cr � 1.8% Ti � 0.5%

Mo � 0.5% W � 2.0%

Ni � 5.0% Al � 2.0%
The values of the alloying elements actually present are put into the formula in wt%. If

the amount of an alloying element exceeds the limit given above, then the indicated maximum

value should be put into the formula.

The higher the calculated Cekv value, the greater the sensitivity of the steel to cracking. For

instance,
FIGURE

� 2006 by T
Cekv � 0.4: The steel is not sensitive to cracking (it may be heated quite rapidly).

Cekv ¼ 0.4–0.7: The steel is medium sensitive to cracking.

Cekv � 0.7: The steel is very sensitive to cracking (when heating up a preheating

operation should be included).
The initial microstructure also has some influence on the technologically allowed heating

rate. A steel with a homogeneous microstructure of low hardness may be heated more rapidly

than a steel of high hardness with inhomogeneous microstructure.

The thermal gradients and consequently the thermal stresses developed when heating to

austenitizing temperature can usually be diminished by preheating the workpiece to tempera-

ture lying close below the transformation temperature Ac1 and holding it there until

temperature equalizes throughout the cross section.

The theoretical time–temperature diagram of the austenitizing process is shown in Figure

6.102. Practically, however, there is no such strict distinction between the heating and soaking
1—preheating 
2—heating up
3—heating through (thermal soaking)
4—structure homogenizing (metallurgical
     soaking)
Ta—austenitizing temperature
 ta —austenitizing time

Ta
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6.102 Austenitizing process (theoretically).

aylor & Francis Group, LLC.

User
Rectangle

User
Rectangle

User
Rectangle



∅1 × 4 in. I ∅ 25 × 100 mm
∅2 × 7 in. II ∅ 50 × 175 mm
∅4 × 8 in. III ∅ 100 × 200 mm

I II

III

Temperature

min

10001832

1652

1472

1292

1112

932

752

572

392

212

32

800

900

700

600

500

400

300

200

100

0
0 2 4 86 10 12 14 16 18 20 22 24 26 28

Heating-up time

�F �C

FIGURE 6.103 Time–temperature curves for steel bars of different diameters heated in a salt bath at

10008C. Full line, measured temperature at surface; dashed line, measured temperature at center. (From

K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
times. Contrary to the generally widespread belief that the surface of the steel reaches the

preset temperature considerably earlier than the center, the closer the temperature of the steel

approaches the preset temperature, the smaller the temperature difference between surface

and core, as shown in Figure 6.103. It can therefore be assumed that when the surface has

reached the preset temperature, part of the soaking time (depending on the cross-sectional

size) has already been accomplished. Certainly, one has to be aware of the corner effect—

corners, sharp edges, and thin sections reach the preset temperature much earlier than the

core of the workpiece.

The most important parameters of every austenitizing process are:
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1. The austenitizing temperature

2. The heat-up and soak time at austenitizing temperature
For each grade of steel there is an optimum austenitizing (hardening) temperature

range. This temperature range is chosen so as to give maximum hardness after quenching

and maintain a fine-grained microstructure. It can be determined experimentally as shown

in Figure 6.104 and Figure 6.105. From Figure 6.104 it is clear that the lowest possible

hardening temperature for the steel in question is 850 8C (1562 8F). A lower hardening

temperature would result in the formation of bainite and even pearlite with inadequate

hardness.

When the hardening temperature is increased (see Figure 6.105), the grain size and

the amount of retained austenite increase. At 920 and 970 8C (1688 and 1778 8F) the retained

austenite may be discerned as light angular areas. On the basis of these experiments,

the optimum hardening temperature range for the steel in question has been fixed at 850–

880 8C (1562–1616 8F). The optimum hardening temperature range for unalloyed steels can be

determined from the iron–carbon equilibrium diagram according to the carbon content

of the steel. This range is 30–50 8C (86–1228F) above the Ac3 temperature for hypoeutectoid

steels and 30–50 8C (86–1228F) above Ac1 for hypereutectoid steels, as shown in Figure 6.106.

Because the curve S–E in this diagram denotes also the maximum solubility of carbon
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FIGURE 6.104 Microstructures of a steel having 1% C, 1.5% Si, 0.8% Mn, and 1% Cr, hardened from

hardening temperatures between 800 and 8508C. Dimensions of test pieces: 30-mm diameter� 100 mm.

Magnification 400�. (a) Hardening temperature 8008C, hardness 55 HRC; (b) hardening temperature

8258C, hardness 61.5 HRC; (c) hardening temperature 8508C, hardness 66 HRC. (From K.E. Thelning,

Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
in austenite, it is clear that the higher the austenitizing (hardening) temperature, the

more carbon can be dissolved in austenite. For alloyed steels the optimum austenitizing

(hardening) temperature range depends on the chemical composition, because different

alloying elements shift the A1 temperature to either higher or lower temperatures. For
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.105 Microstructures of steel having 1% C, 1.5% Si, 0.8% Mn, and 1% Cr, hardened from

hardening temperatures between 870 and 9708C. Dimensions of test pieces: 30-mm diameter� 100 mm.

Magnification 400�. (a) Hardening temperature 8708C, hardness 62.5 HRC, retained austenite 12%; (b)

hardening temperature 9208C, hardness 62 HRC, retained austenite 20%.; (c) hardening temperature

9708C, hardness 61 HRC, retained austenite 28%. (From K.E. Thelning, Steel and Its Heat Treatment,

2nd ed., Butterworths, London, 1984.)
these steels, therefore, data from the literature on the optimum hardening temperature range

have to be consulted.

It should also be mentioned that increasing the austenitizing temperature causes the

following effects.
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FIGURE 6.106 Optimum hardening temperature range for unalloyed steels, depending on the carbon

content.
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1. It increases the hardenability of the steel because of the greater amount of carbide

going into solution and the increased grain size.

2. It lowers the martensite start temperature ( Ms). Owing to the more complete carbide

dissolution, the austenite becomes more stable and starts to transform upon quench-

ing at lower temperature.

3. It increases the incubation time, i.e., the time until the isothermal transformation to

pearlite or bainite starts. This is expressed as a shift in the start of transformation

curves in an IT diagram to later times.

4. It increases the amount of retained austenite after quenching due to stabilization of

the austenite, which at higher temperatures is more saturated with carbon from

dissolved carbides.
Heat-up and soak time at austenitizing temperature is a very important parameter for

bulk heat treatment because it not only determines the furnace productivity and economy

(consumption of energy) but may also affect the properties of the treated workpieces. Until

recently there was no reliable, objective method for accurately predicting heat-up and soak

times for heat treatment cycles that took into account all workpiece characteristics, variations

in furnace design, and load arrangement. Current determinations of heat-up and soak time

are based on either a very conservative and general rule (e.g., 1 h/in. of cross section) or some

empirical method, the results of which [20] differ substantially.

By heat-up and soak time we mean the time it takes for the heated workpiece to go from

starting (room) temperature to the preset temperature in its core. The main factors that

influence heat-up and soak time are diagrammed in Figure 6.107.

On the basis of experiments with 26 specimens (cylinders, round plates, and rings of

various dimensions) made of unalloyed and low-alloy structural steels, Jost et al. [20] found

from core temperature measurements that the heat-up and soak time depends substantially on

the geometry of the heated workpiece and its mass. They found the heat-up and soak time to

be directly proportional to the mass/surface area ( m/A, kg/m2) ratio, as shown in Figure 6.108.

By regression analysis for their conditions (the specimens were heated in an electrically heated

chamber furnace of 8 kW capacity and 240 � 240 � 400 mm working space, to the hardening
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Heat-up and soak time
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Surface area 
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Heat conductivity
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Heating mode and 
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Heat transfer-
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Temperature
distribution

Actual
conditions

Furnace

FIGURE 6.107 The main factors that influence the heat-up and soak time. (From S. Jost, H. Langer,

D. Pietsch, and P. Uhlig, Fertigungstech. Betr. 26(5):298–301, 1976 [in German].)
temperature, 8708C (15988F)), they found that the heat-up and soak time (t) can be calculated

using the equation

t ¼ 0:42(m=A)�3:7 (6:41)

The regression coefficients 0.42 and 3.7 are, of course, valid for their experimental conditions

only. Comparison with their experimentally obtained results (see the points in Figure 6.108)

showed a standard deviation of s2 ¼ 1.4 min2, or s ¼ +1.2 min, indicating that this way of

predicting heat-up and soak time in specific circumstances may be quite precise.

The Jost et al. [20] approach may be used generally for prediction of heat-up and soak

times according to the general expression

t ¼ a(m=A)þ b (6:42)

provided that for a given situation the straight line of regression and relevant values of the

regression coefficients a and b are fixed by means of some preliminary experiments. It should

be stressed, however, that the described results of this investigation are valid for single

workpieces only.

In another investigation [21], a method enabling heat treaters to accurately determine the

heat-up and soak times for different loads treated in batch-type indirect fired furnaces was
40
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m
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FIGURE 6.108 Dependence of the heat-up and soak time on the mass/surface area ratio, (m/A). (From

S. Jost, H. Langer, D. Pietsch, and P. Uhlig, Fertigungstech. Betr. 26(5):298–301, 1976 [in German].)

� 2006 by Taylor & Francis Group, LLC.

User
Rectangle

User
Rectangle

User
Rectangle

User
Rectangle



developed. To develop the method, a statistical and experimental investigation of load

temperature conditions was performed. A computer-aided mathematical model of heat and

mass transfer throughout the furnace and load was developed. The computer model accur-

ately predicts the suitable heat-up and soak times for various types of furnace loads, load

arrangements, workpiece shapes, and thermal properties. The treated loads were divided into

several groups in terms of workpiece allocation and aerodynamic patterns of the furnace

atmosphere, as shown in Figure 6.109.

The experiments with six different loads were conducted in indirectly fired batch furnaces,

the working space of which was of length 915–1680 mm, width 610–1420 mm, and height 610–

1270 mm. The furnaces were equipped with four burners firing into the trident burner tubes

located on the side walls, with a circulating fan located on top of the furnace as shown in Figure

6.110. The thermocouples were located in different parts of the load (measuring always the

surface temperature of the workpieces)—on the top and bottom, in the core, at the corners, and

on the surfaces facing radiant tubes—to determine temperature variations across the load.

As can be seen from Figure 6.110, the heat and mass transfer in the furnace and load are very

complicated and are characterized by nonlinear three-dimensional radiation and convection

and by nonlinear heat conduction within the workpieces. In this case, the mathematical
Monolayer, horizontally oriented, ordered loads

Monolayer, horizontally oriented, random loads

Multilayer ordered and random loads

Vertically oriented loads

Packed
(a)

(b)

(c)

(d)

Spaced

Packed Spaced Bulk

FIGURE 6.109 Load characterization. (a) Monolayer, horizontally oriented, ordered loads; (b) mono-

layer, horizontally oriented, random loads; (c) multilayer ordered and random loads. (d) Vertically

oriented loads. (From M.A. Aronov, J.F. Wallace, and M.A. Ordillas, System for prediction of heat-up

and soak times for bulk heat treatment processes, Proceedings of the International Heat Treatment

Conference on Equipment and Processes, April, 18–20, 1994, Schaumburg, IL, pp. 55–61.)
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FIGURE 6.110 Heat transfer in the used furnace and load. (From M.A. Aronov, J.F. Wallace, and

M.A. Ordillas, System for prediction of heat-up and soak times for bulk heat treatment processes,

Proceedings of the International Heat Treatment Conference on Equipment and Processes, April, 18–20,

1994, Schaumburg, IL, pp. 55–61.)
model to describe the heat and mass exchange is a system of integral and differential nonlinear

equations. The input parameters to the computer program were as follows:
� 2006 by T
Geometrical data of the furnace and load: Furnace working space dimensions,

radiant tube diameter and layout in the furnace, dimensions of the baskets, number

of trays in the basket, workpiece characteristic size

Type of load (according to load characterization, see Figure 6.109)

Type of steel (carbon, alloyed, high-alloy)

Load thermal properties

Load and furnace emissivities

Temperature conditions (initial furnace and load temperature)

Fan characteristic curve parameters

Composition of protective atmosphere
As an example, maximum and minimum steel part temperatures for a test (heating of

shafts) together with the calculated data are shown in Figure 6.111. The experimental data

show that the temperature curve of the load thermocouple usually reaches the set furnace

temperature well within the soak time requirements. The experimentally determined soak

time is seen to be considerably shorter than the soak time defined by the heat treater. It was

found that the discrepancy between soak times determined from the test data and calculations

does not exceed 8%, which is acceptable for workshop practice.

The developed computer model was used for simulation of temperature conditions for

different load configurations, and a generalized formula and set of graphs were developed.

The generalized equation for the soak time determination is

ts ¼ tsb k (6:43)

where ts is the calculated soak time, min; tsb is soak time for baseline temperature conditions,

min; and k is a correction factor for the type of steel.

The basic soak time ( tsb) is obtained from graphs derived from the computer simulation.

Such a graph for packed loads is shown in Figure 6.112. Other load shapes and configurations
aylor & Francis Group, LLC.
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FIGURE 6.111 Computer simulation for heating of shafts. (From M.A. Aronov, J.F. Wallace, and

M.A. Ordillas, System for prediction of heat-up and soak times for bulk heat treatment processes,

Proceedings of the International Heat Treatment Conference on Equipment and Processes, April, 18–20,

1994, Schaumburg, IL, pp. 55–61.)
require different graphs. The correction factor k depends on the type of steel. The generalized

equation (Equation 6.43) for the heat-up and soak time determination was set into a user-

friendly computer package that incorporates charts for the calculation. This resulted in a

straightforward way of determining the soak time without the use of charts while allowing for

a quick and accurate soak time calculation.

6.3.2 QUENCHING INTENSITY MEASUREMENT AND E VALUATION B ASED ON HEAT F LUX DENSITY

In designing the method for practical measurement, recording, and evaluation of the quench-

ing and cooling intensity in workshop conditions, in contrast to the Grossmann H value

concept, which expresses quenching intensity by a single number, the main idea of Liščić was

to express the quenching intensity by continuous change of relevant thermodynamic functions

during the whole quenching process. Instead of recording only one cooling curve (as in

laboratory-designed tests) in the center of a small (usually 1/2 in.) cylindrical specimen, the
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FIGURE 6.112 Thermal soak time for a packed load. (From M.A. Aronov, J.F. Wallace, and M.A.

Ordillas, System for prediction of heat-up and soak times for bulk heat treatment processes, Proceedings

of the International Heat Treatment Conference on Equipment and Processes, April, 18–20, 1994,

Schaumburg, IL, pp. 55–61.)
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heat flux density at the surface of a standard-size probe becomes the main feature in

measuring, recording, and evaluating the quenching intensity.

The first substantial difference between using the small laboratory specimen and using the

probe applied in the method described below is that when quenching, for example, in an oil

quenching bath, because of its small mass and small heat capacity the former will cool down

in 15–30 s, whereas the latter will take 500–600 s to cool to the bath temperature, allowing the

entire quenching process of real components to be followed.

This workshop-designed method is applicable to
� 2006 by
1. All kinds of quenchants (water and brine, oils, polymer solutions, salt baths, fluid

beds, circulated gases)

2. A variety of quenching conditions (different bath temperatures, different agitation

rates, different fluid pressures)

3. All quenching techniques (direct immersion quenching, interrupted quenching,

martempering, austempering, spray quenching)
The method is sufficiently sensitive to reflect changes in each of the important quenching

parameters (specific character of the quenchant, its temperature, and mode and degree of

agitation).

This method

. Enables a real comparison of the quenching intensity among different quenchants,

different quenching conditions, and different quenching techniques
. Provides an unambiguous conclusion as to which of two quenchants will give a greater

depth of hardening (in the case of the same workpiece and same steel grade) and

enables the exact calculation of cooling curves for an arbitrary point on a round bar

cross section of a specified diameter, to predict the resulting microstructure and

hardness (an exception is the case of delayed quenching, where the cooling rate is

discontinuously changed; for an explanation see Ref. [23])
. Furnishes information about thermal stresses and possible superposition of structural

transformation stresses that will occur during a quenching process
. Provides the basis for automatic control of the quenching intensity during the

quenching process

The method itself, known in the literature as the temperature gradient method, is based on

the known physical rule that the heat flux at the surface of a body is directly proportional to the

temperature gradient at the surface multiplied by the thermal conductivity of the body material:

q ¼ l
dT

dx 
(6:44)

where q is the heat flux density (W/m2) (i.e., quantity of heat transferred through a surface

unit perpendicular to the surface per unit time); l is thermal conductivity of the body material

(W/(m K)), and dT/dx is the temperature gradient at the probe surface perpendicular to the

surface (K/m).

The essential feature of the method is a cylindrical probe [32] of 50-mm diameter �
200 mm, instrumented with three thermocouples placed along the same radius at the half-

length cross section as shown in Figure 6.113. As can be seen, the thermocouple at the surface

reproducibly measures the real surface temperature of the probe (Tn), which is important

to register all the phenomena that are taking place on the surface during quenching. The

intermediate thermocouple (Ti) measures the temperature at a point 1.5 mm below the

surface. The readings of Tn and Ti enable the heat treater to easily calculate the temperature

gradient near the surface of the probe at each moment of cooling. The central thermocouple
Taylor & Francis Group, LLC.
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FIGURE 6.113 The Liščić-NANMAC probe (made by the NANMAC Corp., Framingham Center,

MA) for measurement of the temperature gradient on the surface.
(Tc), placed at the center of the cross section, indicates how long it takes to extract heat from

the core and provides at every moment the temperature difference between the surface and the

core, which is essential for the calculation of thermal stresses.

Specific features of probe are the following:
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1. The response time of the surface thermocouple is 10�5 s; the fastest transient

temperature changes can be recorded.

2. The intermediate thermocouple can be positioned with an accuracy of +0.025 mm.

3. The surface condition of the probe can be maintained by polishing the sensing tip

before each measurement (self-renewable thermocouple).

4. The body of the probe, made of an austenitic stainless steel, does not change in

structure during the heating and quenching process, nor does it evolve or absorb

heat because of structural transformation.

5. The size of the probe and its mass ensure sufficient heat capacity and symmetrical

radial heat flow in the cross-sectional plane where the thermocouples are located.

6. The heat transfer coefficient during the boiling stage, which, according to Kobasko

[22], depends on bar diameter, becomes independent of diameter for diameters

greater than 50 mm.
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When a test of the quenching intensity is performed, the probe is heated to 850 8C (1562 8F)

in a suitable furnace and transferred quickly to the quenching bath and immersed.

The probe is connected to the temperature acquisition unit and a PC. Adequate software

enables the storage of the temperature–time data for all three thermocouples and the

calculation and graphical display of relevant functions. The software package consists of

three modules:
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Module I. TEMP-GRAD (temperature gradient method)

Module II. HEAT-TRANSF (calculation of heat transfer coefficient and cooling

curves)

Module III. CCT-DIAGR (prediction of microstructure and hardness after quenching)
As an example let us compare two different quenching cases:
Case A. Quenching in a mineral oil bath at 20 8C (688F) without agitation (Figure

6.114a through Figure 6.114f)

Case B. Quenching in a 25% polyalkalene glycol (PAG) polymer solution at 40 8C
(104 8F) and 0.8 m/s agitation rate (Figure 6.115a through Figure 6.115f)
By comparing Figure 6.114b and Figure 6.115b it is clear that case B involves delayed

quenching with a discontinuous change in cooling rate, because in case A the time when

maximum heat flux density occurs (tqmax) is 15 s whereas in case B it is 72 s.

In case A (oil quenching), by 20 s after immersion (see Figure 6.114e) the extracted

amount of heat was already 34 MJ/m2, and by 50 s, it was 50 MJ/m2, whereas in case B

(high concentration polymer solution quenching; see Figure 6.115e) by 20 s, the extracted

heat was only 5 MJ/m2 and by 50 s this value was only 20 MJ/m2. However, immediately after

that in the period between 50 and 100 s, in case A the extracted amount of heat increased from

50 to only 55 MJ/m2, whereas in case B it increased from 20 to 86 MJ/m2. Both of the

calculated integral (
Ð
q dt) curves, designated with the open square symbols in Figure 6.114e

and Figure 6.115e, have been calculated as the area below the heat flux density vs. time

curves, designated similarly in Figure 6.114b and Figure 6.115b. That is, they represent the

heat extracted only through the surface region between the point 1.5 mm below the surface

and the surface itself.

Comparing the time required to decrease the heat flux density from its maximum to a low

value of, e.g., 100 kW/m2 (see Figure 6.114b and Figure 6.115b), one can see that in case A 45 s

is necessary, whereas in case B only 28 s is necessary. This analysis certifies that case B

(quenching in PAG polymer solution of high concentration) is a quenching process with

delayed burst of the thick polymer film.

Discontinuous change in cooling rate is inherent to this quenching regime. In this respect

it is interesting to analyze the cooling rate vs. surface temperature diagrams of Figure 6.114f

and Figure 6.115f. While in oil quenching (case A), the cooling rate at the surface of the probe

(*) has a higher maximum than the cooling rates at 1.5 mm below the surface (&) and at the

center (D), in case B the maximum cooling rate at 1.5 mm below surface (during a certain

short period between 350 and 3008C (662 and 5728F) surface temperature) is higher than the

maximum cooling rate at the surface itself. This can also be seen in Figure 6.115a, which

shows that the slope of the cooling curve Ti between 500 and 3008C (932 and 8428F) is greater

than the slope of the cooling curve for the very surface (Tn). This is another experimental

proof that in delayed quenching cooling rates below the workpiece surface can be higher than

at the surface itself.

Another analysis, with respect to thermal stresses during quenching (on which the residual

stresses and possible distortion depend), is possible by comparing Figure 6.114d and

Figure 6.115d. This comparison shows that quenching in a PAG polymer solution of high
aylor & Francis Group, LLC.
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concentration (case B), compared to oil quenching (case A), resulted in 27% lower maximum

temperature difference (read thermal stress) between the center and surface of the probe (*)

or 36% lower maximum temperature difference between the center and the point 1.5 mm

below the surface, (D), contributing to lower distortion than in oil quenching. Whereas with

oil quenching the maximum temperature difference between the center and the point 1.5 mm

below the surface (D) is higher than the maximum temperature difference between the point
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FIGURE 6.114 Graphical display from Module I, TEMP-GRAD, when quenching the Liščić-

NANMAC probe in a 208C mineral oil bath without agitation. (a) Measured and recorded temperature

vs. time, T¼ f(t); (b) calculated heat flux density vs. time, q¼ f(t); (c) calculated heat flux density vs.

surface temperature, q¼ f(Tn).
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FIGURE 6.114 (Continued ) (d) Calculated temperature differences vs. time, DT¼ f(t). (e) Calculated

integral
Ð
q dt¼ heat extracted vs. time. (f) Calculated cooling rates vs. surface temperature dT/dt¼ f(Tn).
1.5 mm below the surface and the surface itself. ( &), In the case of delayed quenching (case

B), the maximum temperature difference between the point 1.5 mm below the surface and

the surface itself (& in Figure 6.115d) is slightly higher than the maximum temperature

defference between the center and the point 1.5 mm below the surface ( D), which is reached

about 20 s later. This also shows an abrupt heat extraction when the polymer film bursts.

On the other hand, Figure 6.114d shows that in oil quenching the maximum temperature

difference between the center and surface ( *) occurs 20 s after immersion, when the surface

temperature is 450 8C (842 8F) (see Figure 6.114a), i.e., above the temperature of the Ms point. In
� 2006 by Taylor & Francis Group, LLC.
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PAG polymer solution quenching (Figure 6.115d), the maximum temperature difference be-

tween the center and the surface (*) occurs much later, when the surface temperature has

already fallen to 3608C (6808F) (see Figure 6.115a). In this respect, dealing with steels that have

a high Ms temperature, water-based polymer solutions always run a higher risk of overlapping

thermal stresses with those created due to austenite-to-martensite transformation.
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FIGURE 6.115 Graphical display from Module I, TEMP-GRAD, when quenching the Liščić-NAN-

MAC probe in a PAG polymer solution of 25% concentration, 408C bath temperature, and 0.8 m/s

agitation rate. (a) Measured and recorded temperature vs. time data, T¼ f(t). (b) Calculated heat flux

density vs. time, q¼ f(t). (c) Calculated heat flux density vs. surface temperature, q¼ f(Tn).

� 2006 by Taylor & Francis Group, LLC.

User
Rectangle



450

500

400

350

300

250

200

150

100

50

0
1 2 5 10 20 50 100 200 300 1000

180

200

460

140

120

100

80

60

40

20

0

25

20

15

10

5

0

1 2 5 10 20 50 100 200 300 1000

0 100 200

(f)

(e)

(d)

300 400 500 600 700 800 900 100011001200

Time t, s

Time t, s

Temperature  Tn, �C

T
em

pe
ra

tu
re

 d
iff

er
en

ce
s 

ΔT
, �

C

C
al

cu
la

te
d

C
al

cu
la

te
d

C
al

cu
la

te
d

1c-n 3c-i2i-n

1c-n 3c-i2i-n

1n 3c2i

C
oo

lin
g 

ra
te

dT dt
, K

/S
∫ q

 d
t, 

 M
J/

m
2

t 0

t x

FIGURE 6.115 (Continued ) (d) Calculated temperature differences vs. time, DT¼ f(t). (e) Calculated

integral
Ð
qdt¼ heat extracted vs. time. (f) Calculated cooling rates vs. surface temperature,

dT/dt¼ f(Tn).
The probability of crack formation can be seen at a glance by comparing the surface

temperature of the probe at the moment the maximum heat flux density occurs ( Tqmax). As

seen in Figure 6.114c, Tqmax is 515 8C (959 8F) for oil quenching (case A), while for water-

based polymer solution (case B), Tqmax is 380 8C (716 8F) (see Figure 6.115c). The lower the

value of Tqmax, the higher is the risk of crack formation, especially with steel grades having

high Ms temperature.
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When direct immersion quenching is involved with continuous cooling (not delayed

quenching with discontinuous cooling), the depth of hardening, when comparing two quench-

ing processes, is determined as follows: The larger the values of qmax and
Ð 

q dt and the shorter

the time tqmax,, the greater will be the depth of hardening.

Module II of the software package, HEAT-TRANSF, makes it possible (based on the

input of measured surface temperatures and calculated heat flux density on the very surface)

to calculate (by a numerically solved method of control volumes) and graphically present
FIGUR
Liščić-

� 2006 by
1. The heat transfer coefficient between the probe’s surface and the surrounding fluid

vs. time, a ¼ f( t) (Figure 6.116a)

2. The heat transfer coefficient between the probe’s surface and the surrounding fluid

vs. surface temperature, a ¼ f( Tn) (Figure 6.116b)
Using the calculated values of a, the software program enables the calculation of cooling

curves at any arbitrary point of the round bar cross section of different diameters, as shown in

Figure 6.117a and Figure 6.117b.

The Module III of the software package, CCT-DIAGR, is used to predict the resulting

microstructure and hardness after quenching of round bar cross sections of different diameters.

This module contains an open data file of CCT diagrams in which users can store up to 100 CCT

diagrams of their own choice. The program enables the user to superimpose every calculated

cooling curve on theCCT diagram of the steel in question. From the superimposed cooling curves

shown on the computer screen, the user can read off the percentage of structural phases trans-

formed and the hardness value at the selected point after hardening as shown by Figure 6.118.
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NANMAC probe (50-mm diameter� 200 mm) in a 208C mineral oil bath without agitation.
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solution, 408C bath temperature, and 0.8 m/s agitation rate.
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If for a round bar cross section of the chosen diameter the cooling curves are calculated at

three or five characteristic points (surface, (3/4) R, (1/2) R, (1/4) R, center), using the HEAT-

TRANSF module, the CCT-DIAGR module enables the user to read off the hardness values

after quenching at those points and to obtain the hardness distribution curve displayed

graphically on the computer screen. In the case of delayed quenching with discontinuous

change of cooling rate, the prediction of structural transformations and hardness values after

quenching from an ordinary CCT diagram is not correct because the incubation time

consumed (at any point of the cross section) before the cooling rate abruptly changes has

not been taken into account.

For a detailed explanation see Shimizu and Tamura [11].

6.3.3 RETAINED A USTENITE AND C RYOGENIC TREATMENT

The martensite start ( Ms) and martensite finish (Mf) temperatures for unalloyed steels depend

on their carbon content, as shown in Figure 6.119. As can be seen from this diagram, when

steels of more than 0.65% C are quenched the austenite-to-martensite transformation does

not end at room temperature (20 8C (68 8F)) but at some lower temperature, even at temper-

atures much lower than 08C (32 8F). Consequently, after these steels are quenched to room

temperature, a portion of austenite will remain untransformed; this is referred to as retained

austenite. The greater the amount of carbon in the steel, the greater the amount of retained

austenite after quenching, as shown in Figure 6.120c.

Retained austenite, which is a softer constituent of the structure, decreases the steel’s

hardness after quenching. If present in amounts of more than 10%, a substantial decrease in

the hardness of the quenched steel may result (see curve a of Figure 6.120a).

When quenching hypereutectoid steels from the usual hardening temperature (Figure

6.120b) i.e., from the g þ Fe3C region, the same hardness will result independently of carbon

content (curve b in Figure 6.120a), because the hardness of martensite depends only on the

carbon dissolved in austenite (g), which further depends (according to the solubility limit, line

S–E) on the hardening temperature. The structure of hardened hypereutectoid steels therefore

consists of martensite þ Fe3C þ retained austenite.

When quenching hypereutectoid steels from the region of pure austenite (g), i.e., from

above the Acm temperature (which is not usual), the structure after hardening consists only of

martensite and retained austenite, and the hardness decreases with carbon content as shown
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FIGURE 6.119 Martensite start (Ms) and martensite finish (Mf) temperatures vs. carbon content in

unalloyed steels.
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(From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl, 2nd ed., VEB Deutscher Verlag

für Grundstoffindustrie, Leipzig, 1987.)
by curve a of Figure 6.120a. If the retained austenite is transformed (e.g., by subsequent

cryogenic treatment) to 100% martensite, the hardness would follow curve c in Figure 6.120a.

When after hardening the steel is kept at room temperature for some time or is heated to

the temperature range corresponding to the first tempering stage, the retained austenite is

stabilized, which implies that it has become more difficult to transform when subjected to

cryogenic treatment. The stabilization of retained austenite is assumed to be due to the

dissolution, at the arrest temperature, of the martensite nuclei formed during cooling from

the austenitizing temperature.

When martempering is performed, i.e., the quenching process is interrupted somewhere

around the Ms temperature, a similar stabilization of retained austenite occurs. When the

cooling to room temperature is then continued, the same effect, in principle, results as that

obtained by the subzero cryogenic treatment with respect to the transformation of retained

austenite to martensite.

The initial amount of retained austenite (after quenching) is dependent to a very large

extent on the austenitizing (hardening) temperature. The higher the hardening temperature,

the greater the amount of retained austenite, but greater amounts of retained austenite may

also be transformed to martensite by subzero cryogenic treatment for the same stabilizing

temperature and same stabilizing time as shown in Figure 6.121. The stabilizing effect
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.121 Influence of stabilizing temperature and time on the amount of retained austenite

that transforms on being subzero treated at �1808C for the ball bearing steel AISI 52100. (a) Austenitiz-

ing temperature 7808C; 9.4% retained austenite after quenching; (b) austenitizing temperature 8408C;

18% retained austenite after quenching; (c) austenitizing temperature 9008C; 27% retained austenite

after quenching. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London,

1984.)
increases as the stabilizing temperature and time increase. After quenching from, say, 8408C
(15448F) (Figure 6.121b), there is 18% retained austenite. If the subzero treatment is carried

out within 5 min after the temperature of the steel has reached 208C (688F), about 70% of the

retained austenite will be transformed. If 40 min is allowed to pass before the subzero

treatment, 60% will be transformed, and after 50 h holding at 208C (688F) only 30% of the

retained austenite will respond to the subzero cryogenic treatment.

If the steel is held after quenching at a higher temperature, e.g., at 1208C (2488F), for only

10 min before subzero treatment, only 30% of the retained austenite will be transformed. In

order to transform the greatest possible amount of retained austenite, the subzero cryogenic

treatment should be performed immediately after quenching before tempering.

The question of whether the retained austenite in the structure is always detrimental or

whether in some cases it can be advantageous has still not been answered unambiguously.

When dealing with carburized and case-hardened components, because of the high carbon

content in the case, the problem of retained austenite is always a real one, especially with

steels containing nickel. The higher alloy nickel steels, such as types AISI 4620, 4820, and
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FIGURE 6.122 Improvement of contact fatigue of carburized and case-hardened steels containing 50%

retained austenite, according to C. Razim. (From J. Parrish, Adv. Mater. Process. 3:25–28, 1994.)
9310, are particularly likely to have retained austenite in their microstructures after heat

treatment because nickel acts as an austenite stabilizer.

Tests performed by M. Shea (cited in Ref. [24]), showed marked improvement in tensile

bending strain values when retained austenite was present in the 20–30% range for AISI 8620

and 4620 steels and up to 40% for AISI 3310 steel. This report indicated that the transform-

ation of retained austenite in the range of more than 20% allows more plastic strain to be

accommodated before crack initiation because the austenite deforms and subsequently trans-

forms to martensite.

The graph in Figure 6.122, taken from work done by C. Razim, shows where large

quantities of retained austenite (in the range of 50%) improve contact fatigue of carburized

and case-hardened steels. In another publication [24], several grades of carburized and case-

hardened steels were compared (both before and after subzero treatment), and a clear

improvement in bend ductility is reported for those having retained austenite.

As a result of the above-mentioned investigations, when dealing with carburized and case-

hardened gears, an amount of 10–20%, and in some instances up to 25%, of retained austenite

is not objectionable for most applications and may be beneficial. On the other hand, retained

austenite can be detrimental, causing premature wear of sliding on the components’ surface or

of sliding and rolling of gear teeth, because it is a softer constituent of the microstructure. The

presence of retained austenite in cases of carburized and case-hardened components that are

to be subsequently ground is definitely detrimental because under certain grinding conditions

it causes severe grinding burns and cracking. The susceptibility of carburized and case-

hardened components to cracking during grinding becomes greater, the greater the amount

of retained austenite, this amount further depending on the steel grade and carburizing

temperature as shown in Figure 6.123.

6.3.3 .1 Tran sforming the Re tained Aus tenite

When steels are tempered, retained austenite decomposes to bainite during the second

tempering stage (230–280 8C (446–536 8F)). For high-alloy chromium steels, hot-work steels,

and high-speed steels, the range of decomposition of retained austenite is shifted toward

higher temperatures. The product of decomposition, i.e., whether it is bainite or martensite,

depends on the tempering temperature and time. Bainite formation occurs isothermally, i.e., at
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.123 Influence of the Cr content of low-alloy steels for carburizing on the amount of retained

austenite at carburizing. The amount of retained austenite was determined metallographically 0.05 mm

below the specimen’s surface. (From H.J. Eckstein (Ed.), Technologie der Wärmebehandlung von Stahl,

2nd ed., VEB Deutscher Verlag für Grundstoffindustrie, Leipzig, 1987.)
constant temperature during the tempering process, whereas martensite forms as the steel is

cooling down from the tempering temperature.

Subzero cryogenic treatment may be applied to transform the retained austenite to

martensite, substantially lowering its amount, sometimes to as little as about 1 vol%, which

cannot be detected metallographically but only by x-ray diffraction.

Decreasing the amount of retained austenite achieves
FIG

� 200
1. Increase in hardness and consequently in wear resistance

2. More dimensional stability in the finished part (smaller change in dimensions due to

structural volume change in use)

3. Less susceptibility to the development of cracks at grinding
Figure 6.124 shows a heat treatment cycle that includes subzero treatment. The most

important parameters of the treatment are (1) the temperature below 08C (328F) that should
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URE 6.124 A heat treatment cycle including subzero treatment.
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be attained and (2) the cooling capacity of the equipment. In some cases, temperatures of �80

to �100 8C (�112 to �148 8F) are sufficient, but for other steels, especially high-alloy ones,

lower temperatures of �1408C (�280 8F) or even �1808C (�292 8F) are necessary. Holding

time at low temperature is unimportant, because the transformation of retained austenite to

martensite does not depend on time, but only on the temperature to which the metal has been

cooled. Only that portion of the retained austenite will be transformed to martensite that

corresponds to the cooling temperature realized. Further transformation will take place only

if the temperature is lowered further.

There are four methods using different types of equipment for the subzero treatment:
FIGUR
cooled

� 2006 by
1. Evaporation of dry ice (CO2 in the solid state). This method is capable of reaching at

most �75 8C (�103 8F) or �78 8C (�108 8F) and is used for small quantities and small

mass of parts.

2. Circulating air that has been cooled in a heat exchanger. This low-temperature

cascade system (Figure 6.125) cools the parts put in a basket with air circulated by

a fan. The air flows from top to bottom, extracting the heat of the parts, exiting

through a grate at the bottom of the basket and flowing further through the heat

exchanger, which is cooled by two or four compressors. Such metal-treating freezers

have been built with a capacity to cool a mass of 270–680 kg of parts to �85 8C
(�1218F) in about 2 h.

3. Evaporation of liquid nitrogen. For subzero treatment of relatively small quantities

of parts down to �180 8C (�292 8F), equipment such as that shown in Figure 6.126 is

used. The parts to be cooled are put in the working space 1, and the liquid nitrogen

is in the container 4. Because of heat coming through the walls, the pressure in the

container 4 increases. Using this pressure, when the valve 6 is opened, liquid

nitrogen is injected into the working space, where it evaporates instantly. A fan 7

circulates the evaporated nitrogen through the working space, taking the heat out of

parts and lowering their temperature. The amount of the injected liquid nitrogen

and consequently the temperature of cooling can be controlled by adjusting the

valve 6. The overpressure that develops in the working space because of constant

nitrogen evaporation is let out through the exhaust valve 8. A temperature of

�1808C (�2928F) can be reached in less than 10 min.

4. In a container connected to a cryogenerator. This method enables subzero treatment

of large quantities of parts to as low as�1908C (�3108F). The cryogenerator powered
E 6.125 Low-temperature cascade system for subzero cooling by circulating air that has been

in a heat exchanger.
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FIGURE 6.126 Subzero treatment equipment with evaporation of liquid nitrogen.

FIGUR
cryoge

� 2006 by
by an electric motor works on the principle of the Stirling cycle. By continuous

circulation of air the working space with parts is gradually cooled to desired tempera-

ture. Figure 6.127 shows the cooling curve from room temperature to �1808C
(�2928F) and the natural reheating curve from �180 to 08C (�292 to 328F) for the

empty container of 100 dm3, connected to a cryogenerator. It can be seen that after 1 h

of cooling a temperature of �1208C (�1848F) has already been reached, but an

additional 1.5 h is necessary to reach �1808C (�2928F). The natural reheating from

�180 to 08C (�292 to 328F), as shown, takes much longer (about 20 h).
6.4 HARDENING AND TEMPERING OF STRUCTURAL STEELS

6.4.1 MECHANICAL PROPERTIES REQUIRED

A combined heat treatment process consisting of hardening plus tempering (to temperatures

between 450 and 6808C (842 and 12568F)) applied to structural steels (in German called

Vergütung) is performed to achieve maximum toughness at a specified strength level. Tough-

ness is a very important mechanical property, especially for components that must be able to
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FIGURE 6.128 Schematic presentation of ductility, toughness, and brittleness. (From E. Just, VDI-Ber.

256:125–140, 1976 [in German].)
withstand dynamic loading or impact. The aim of hardening and tempering structural steels

will be better understood if one has a clear notion of the difference between toughness and

ductility.

Ductility is the property denoting the deformability of a material and is measured in a

tensile test as elongation ( A in %) and reduction of area (Z in %). It is a one-dimensional

property. Toughness of a material, however, is a two-dimensional property because it is an

integral (or product) of strength and ductility, as schematically shown in Figure 6.128. Steels

of the same ductility but different strength levels can differ in toughness. As Figure 6.128

shows, a normalized steel (N) having the same ductility as a hardened and tempered steel (V)

will have lower toughness because of its lower strength level. Toughness is measured in

separate tests as impact toughness ( ak, J/cm
2) or as fracture toughness ( KIC, N/mm3/2). The

lower the ductility of a material, the more brittle it is. Total brittleness accordingly denotes

zero ductility of the material.

The aim of the hardening and tempering process can also be explained by means of the

stress–strain diagram schematically shown in Figure 6.129. As hardened, a steel has high yield

strength but low ductility, and a small area below the stress–strain curve (curve 2) indicates

low toughness. As-hardened and tempered (curve 3) steel has higher yield strength than in its

normalized condition but also much higher ductility than in its hardened condition. The

greatest area below the stress–strain curve indicates a substantial increase in toughness

compared to either normalized or hardened conditions.

For a certain steel grade, the relation between mechanical properties and the tempering

temperature can be read off from a diagram as shown in Figure 6.130 for the steel

DIN 20CrNiMo2 (0.15% C, 0.20% Si, 0.88% Mn, 0.53% Cr, 0.50% Mo, 0.86% Ni). It can

be clearly seen from the lower part of this diagram how the impact toughness increases when

the steel is tempered to a temperature above 550 8C (1022 8F). Such diagrams enable precise

optimization of the strength level and toughness by selection of the proper tempering

temperature.
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.129 Stress–strain diagram of a steel after different heat treatments. 1, Normalized; 2,

hardened; 3, hardened and tempered.
The properties of a hardened and tempered steel correlate to a high degree with the

microstructure after hardening and tempering. Maximum toughness values are obtained

when tempering a structure that after quenching consists of fine-grained martensite (having

a grain size of ASTM � 6) (see Figure 6.131). How different microstructures after different

heat treatment processes influence the impact toughness of 3.5% Ni steel at low temperatures
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FIGURE 6.130 Hardening and tempering diagram of DIN 20CrNiMo2 steel. Hardening temperature

9508C; quenched in water. Specimen from a plate of 25-mm thickness; testing direction longitudinal.

(From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl

Hanser, Munich, 1987.)
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FIGURE 6.131 Microstructure of DIN 34CrNiMo6 steel after hardening and tempering. Tempered

fine-grained martensite. Magnification 500�. (From G. Spur and T. Stöferle (Eds.), Handbuch der

Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
is shown in Figure 6.132. The maximum toughness is achieved after tempering water-

quenched specimens (tempered martensite). When testing the impact toughness at low tem-

peratures, the so-called transition temperature (the temperature at which a substantial drop in

impact toughness begins) is of special interest. The lower the transition temperature, the

higher the toughness. Certainly, when hardening workpieces of big cross section, not only

martensite is obtained, but also other constituents such as bainite, pearlite, and even pre-

eutectoid ferrite, depending on the decrease in cooling rate at quenching, below the surface

toward the core of the workpiece. So after tempering, besides tempered martensite, other

structural constituents having lower toughness are present.

Figure 6.133 shows the relationships among transition temperature, yield strength, and

microstructure. For high strength values especially, the superiority of fine-grained martensite

structure with respect to toughness is evident.

From a series of tests with hardened and tempered steels with about 0.4% C, Figure 6.134

shows a general relation between the structural constituents and the properties characterizing

ductility (elongationand reductionof area) and impact toughness, respectively, fordifferent levels

of yield strength. It is clear that temperedmartensite always gives the best ductility and toughness.
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FIGURE 6.132 Influence of different microstructure and respective heat treatments on the impact

toughness at low temperatures (ISO notch specimens) of a 3.5% Ni alloyed steel. a, Hardened by

quenching in water and tempered; b, normalized and tempered; c, normalized only; d, hardened

by quenching in water only. (From G. Spur and T. Stöferle (Eds.), Handbuch der Fertigungstechnik,

Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
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Munich, 1987.)

M

M

(a)

(b)

(c)

25

20

15

70

50

60

40

30

20

10

0

250

200

150

100

50

0
300 500 700

Yield strength Rp, N/mm2

900 1100 1300

10

5

E
lo

ng
at

io
n,

 %
C

on
tr

ac
tio

n 
Z

, %

0

B

B

F + P

F + P

M

B

F + PIm
pa

ct
 e

ne
rg

y 
(2

0�
C

)

FIGURE 6.134 (a) Elongation; (b) reduction of area; and (c) impact toughness of hardened and

tempered steels having about 0.4% C, as a function of structure constituents and yield strength. F,

Ferrite; P, pearlite; B, bainite; M, martensite. Grain size: ASTM 6–7. Impact toughness: ISO notch

specimens. Testing direction: longitudinal. (From G. Spur and T. Stöferle (Eds.), Handbuch der Ferti-
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FIGURE 6.135 Impact toughness as a function of tensile strength and carbon content for the structure

of tempered martensite. Grain size: ASTM 6–7. (From G. Spur and T. Stöferle (Eds.), Handbuch der

Fertigungstechnik, Vol. 4/2, Wärmebehandeln, Carl Hanser, Munich, 1987.)
When comparing the impact toughness of tempered martensite at different strength levels

(different hardness levels), one can perceive the influence of carbon content. As shown in

Figure 6.135, of steels for hardening and tempering, those with 0.2–0.3% C have the best

impact toughness. When testing the impact toughness of a steel, one should be aware that

toughness is usually higher in the longitudinal direction (rolling direction) than in the

transverse direction. That is because some phases or nonmetallic inclusions that are present

in every steel (carbides, oxides, and sulfides) are stretched during rolling in the longitudinal

direction. In this way a textured structure originates that has lower impact toughness in the

transverse direction than in the longitudinal direction. As a measure of this effect, the factor

of isotropy (the ratio of transverse impact toughness to longitudinal impact toughness) is

sometimes used.

The great influence of the microstructure after hardening (before tempering) on the

impact toughness of a steel is evident from Figure 6.136. Appearance of preeutectoid
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FIGURE 6.136 Influence of the microstructure after hardening (before tempering) on the impact

toughness of DIN 16MnCr5 steel. (From H.J. Spies, G. Münch, and A. Prewitz, Neue Hütte

8(22):443–445, 1977 [in German].)
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ferrite or ferrite and pearlite in the structure results in a substantial decrease in the impact

toughness.

When selecting a structural steel for hardening and tempering, in order to better adapt the

mechanical properties to the requirements of the treated parts, the expected microstructure

must be considered. To be able to reproducibly influence mechanical properties, one should

know the relationships among the heat treatment regime, microstructure, and resulting

mechanical properties.

Unalloyed steels for hardening and tempering, because of their low hardenability, exhibit

a high degree of section sensitivity with respect to hardness distribution after hardening as

shown in Figure 6.137. After quenching a bar specimen of 30-mm diameter of the steel in

question in conventional quenching oil, a hardness of only 40 HRC was achieved at the

surface. When specimens of the same diameter were quenched in fast quenching oil, the

hardness was 45 HRC; when quenched in 10% aqua-quench solution the hardness was 56

HRC; and when quenched in water containing 5% Na2CO3, it was 58 HRC (see Figure 6.138).

This example leads to two important conclusions:
FIGUR
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1. By using different quenchants and quenching conditions, different hardness distri-

butions can be obtained with the same steel grade and same cross-sectional size.

2. With an unalloyed steel (shallow-hardener), even when the most severe quenchant is

used, for large cross-sectional sizes, the depth of hardening will be small and the core

will remain unhardened.
Because of the second conclusion, when selecting a structural steel grade for hardening

and tempering, its hardenability must always be adapted to the workpiece’s cross-sectional

size and the required strength level. Figure 6.139 shows the preferred fields for the application

of some common steel grades for hardening and tempering according to the actual bar

diameter and the strength level required. This recommendation is based on the assumption

that a minimum impact toughness of about 50 J/cm2 at room temperature will be achieved.

As can be seen from Figure 6.139, for bigger cross-sectional sizes (bigger diameters) and
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made of unalloyed steel (0.52% C, 0.24% Si, 0.90% Mn, 0.06% Cr) quenched from 8608C in water

containing 5% Na2CO3. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths,

London, 1984.)
higher strength levels, steels of higher hardenability (i.e., with more alloying elements) are

required.

6.4.2 TECHNOLOGY OF THE HARDENING AND TEMPERING PROCESS

Hardening, which is the first operation of the hardening and tempering process, will yield a

martensitic structure (provided a correct austenitization and quenching with a cooling rate

greater than the critical rate for the steel in question have been realized), the hardness of

which depends on the dissolved carbon content, according to the empirical formula

H100 % mart � 60
ffiffiffiffi
C
p
þ 20 (6:45)

where C is the carbon content in wt%.
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The required critical cooling rate for unalloyed steels is about 250 8C/s (482 8F/s). Alloyed

steels have lower critical cooling rates or a higher hardenability, which means that the same

quenching conditions yield a greater depth of hardening.

As a measure of hardenability, the ideal critical diameter D1 (see Chapter 5) can be

applied. The actual depth of hardening, however, is influenced by, in addition to the alloying

elements, the austenitizing temperature (especially for steels containing carbides difficult to

dissolve) and quenching conditions. Consequently, two steels having the same D1 value may

give different depths of hardening.

For a designer, therefore, information based only on the percentage of martensite does not

seem practical, because even for the same D1 values the designer might get different depths of

hardening. Besides, microstructures having the same amount of martensite do not always give

the same hardness. The hardness of martensite depends on dissolved carbon content and may

be calculated for 50% martensite according to the empirical formula

H50% mart � 44
ffiffiffiffi
C
p
þ 14 for C < 0:7%  (6:46)

More practical information for the designer, about expected depth of hardening, may be

obtained for round bars from the correlation among the applied radius of the bar (R in mm),

quenching intensity according to the Grossmann H factor (see Chapter 5), and the equivalent

distance (E in mm) on the relevant Jominy curve. According to Just [25], this correlation for

the surface of round bars reads

Esurf ¼
R1=2

(3 =4)H3=4 
� 3 [mm] for R < 50 mm; E < 30 mm (6 :47)

and for the core of round bars:

Ecore ¼
R

2H1 =4 
[mm] (6 :48)

After calculating the equivalent Jominy distance E, one can read off the hardness from the

relevant Jominy curve. Figure 6.140 shows this correlation as a diagram (for radii from 0 to

50 mm and H values from 0.3 to 2) for convenient use.

As already explained, the properties of hardened and tempered parts depend first of all on

how well the hardening operation has been performed. The higher the percentage of mar-

tensite at a specified point of the cross section after hardening, the better will be the properties

after subsequent tempering. To check the quality of hardening achieved, the degree of

hardening (S ) can be used. It is the ratio between the achieved (measured) hardness and

the maximum hardness attainable with the steel in question:

S ¼ H

Hmax

¼ H

60
ffiffiffiffi
C
p
þ 20

(6:49)

where H is the actual hardness measured at a specified point of the cross section, in HRC, and

Hmax is the maximum attainable hardness in HRC. The degree of hardening is valid, of

course, for the point of the cross section where the hardness was measured.

For highly stressed parts that are to be hardened and tempered to high strength levels,

the required degree of hardening is S > 0.95, whereas for less stressed components values of

S > 0.7 (corresponding to about 50% martensite) are satisfactory.
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When hardening and tempering structural steels, the value of hardness after hardening

and tempering is usually specified. The required degree of hardening can also be expressed as

a function of the hardness after hardening and tempering ( Ht):

S � 1

1þ 8e� Ht =8 
(6:50)

Figure 6.141 shows the minimum values of the required degree of hardening as a function of

hardness after hardening and tempering, limiting the allowed area.

By specifying the required degree of hardening, one can avoid the risk of an incorrect

hardening and tempering. It is known that too low a value of hardness after hardening (not

enough martensite) can be covered up by tempering intentionally at a lower temperature.

Although in such a case the final hardness after hardening and tempering may correspond to

the required value, the toughness and other mechanical properties important for dynamically

stressed parts will be insufficient because of an inadequate microstructure. Such a risk can be

avoided by specifying the minimum degree of hardness for the critical point of the cross

section, which can easily be checked after hardening.

In selecting sufficiently severe quenchants to obtain a high percentage of martensite and

great depth of hardening, one has to be aware of the risk of cracking. Hardening cracks are

dependent on:
� 2006 by
1. The shape of the workpiece (big differences in the size of the cross section, edges,

and corners favor the formation of cracks)

2. The heat treatment process (high austenitizing temperatures and severe quenching

conditions favor the formation of cracks)

3. The steel grade itself (the lower the Ms temperature of the steel, the greater the risk

of cracking)
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The Ms temperature can be calculated using the formula
Ms ¼ 548� 440 C� 14Si� 26Mn� 11Cr� 9Mo� 14Niþ 2V [�C] (6:51)

where contents of alloying elements are in wt%.

The carbon content, as is known, has the greatest influence on the Ms temperature and on

the risk of cracking. Tempering, which is the second important operation, decreases high

hardnesses more than low hardnesses, as can be seen in Figure 6.142. This figure shows the

Jominy curve of the steel DIN 28Cr4 (0.24–0.31% C, 0.15–0.36% Si, 0.62–0.78% Mn, 0.75–

1.07% Cr) in hardened condition and after tempering the Jominy specimen to 500 and 6008C
(932 and 11128F). It can be seen that high hardness near the quenched end of the specimen has
Hh = 20 + 60  C

Steel DIN  28Cr4
Hardness after Jominy test
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E 6.142 Influence of tempering temperature on level of hardness at various Jominy distances.

E. Just, VDI-Ber. 256:125–140, 1976 [in German].)
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been decreased much more by tempering than low hardness values at greater distances from

the quenched end. With respect to the cross section of hardened real components, this effect

means that tempering more or less equalizes the hardness differences between surface and core.

It is known that the hardness after tempering is a linear function of tempering temperature (in

the range from about 320 to 7208C (608 to 13288F)) and a logarithmic function of tempering

time, according to the following formula [25], which is valid for a 100% martensite structure:

Ht ¼ 102� 5:7� 10�3[Tt(12þ log t)] [HRC] (6:52)

where Tt is the tempering temperature (K) and t is tempering time (s).

Tempering temperature and tempering time are consequently interchangeable with respect

to resulting hardness; however, very short or very long tempering times do not yield optimum

toughness. To obtain the optimum toughness for chromium steels, the tempering times

should be between 1 and 5 h.

There is a firm relationship between the hardness after tempering and the hardness after

hardening. Spies et al. [26] have, by using multiple linear regression, quantified the influence

of hardness after hardening, chemical composition, and tempering temperature on hardness

after tempering and developed the formula

HB ¼ 2:84Hh þ 75(% C)� 0:78(% Si)þ 14:24(% Mn)þ 14:77(% Cr)

þ 128:22(% Mo)� 54:0(% V)� 0:55T t þ 435:66 (6:53)

where HB is hardness after hardening and tempering (Brinell), Hh is hardness after hardening

(HRC), and Tt is tempering temperature (8C).

Equation 6.53 is valid for the following ranges:
Hh 20–65 HRC

C 0.20–0.54%

Si 0.17–1.40%

Mn 0.50–1.90%

Cr 0.03–1.20%

Tt 500–6508C (932–12028F)
According to the German standard DIN 17021, an average relation between the hardness

after hardening (Hh) and the hardness after hardening and tempering (Ht) reads

Hh ¼ (Tt=167� 1:2)Ht � 17 [HRC] (6:54)

where Tt is tempering temperature (8C); and Ht is hardness after hardening and tempering

(HRC). This formula is valid for 4908C (9148F) < Tt < 6108C (11308F) and for tempering time

of 1 h. Because, as already mentioned, high hardnesses decrease at tempering much more

than low hardnesses, the prediction is more precise if the degree of hardening (S) is accounted

for.

Hh ¼ 8þ (Ht � 8) exp [S(Tt=917)6] [HRC] (6:55)

where S is the degree of hardening, S < and Tt is tempering temperature (K).
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.143 Relationship among hardness after hardening, degree of hardening, tempering tempera-

ture, and hardness after tempering. (From E. Just, VDI-Ber. 256:125–140, 1976 [in German].)
Figure 6.143 shows a diagram from which it is possible to predict at a glance the hardness

required after hardening for a desired hardness after tempering, taking into account the actual

tempering temperature and the necessary degree of hardening.

It is also possible to calculate the necessary tempering temperature for a specified hardness

after hardening and tempering when chemical composition and the degree of hardening are

known:

Tt ¼ 647[ S(60
ffiffiffi
c
p
þ 20) =Ht � 0:9]1 =4 � 3:45 SHt þ (537� 561 S)(%g C)þ 505S(%gV)

þ 219S(% Mo)þ 75S(% Cr)þ 66 S(% Si)� 51(C) (6 :56)

where Ht is hardness after hardening and tempering [HRC]; S is the degree of hardening, S �
1.0; and alloying elements are given in wt%. This formula is valid for a tempering time of 2 h.

There are also diagrams for practically every steel grade from which the tempering

temperature may be determined if the ultimate tensile strength or yield strength required

after hardening and tempering is known. Figure 6.144a and Figure 6.144b show such

diagrams for the unalloyed steel DIN Ck45 after quenching in water (25-, 50-, and 100-

mm-bar diameter) and in oil (25- and 50-mm-bar diameter), respectively.

6.4.3 COMPUTER -AIDED DETERMINATION OF PROCESS P ARAMETERS

Increasingly, modern heat treatment equipment incorporates microprocessors for automatic

control of temperature–time cycles, protective or reactive atmosphere, material handling,

and, to some extent, quenching operations. On the other hand, determination of the process

parameters necessary to achieve the heat-treated properties required is normally based on

empirical results.

For routine often-repeated heat treatment processes (e.g., carburizing, hardening, and

tempering), computer programs can be written to establish treatment parameters provided

that adequate data are available on workpiece geometry, material properties desired after

heat treatment, steel grade used, and the actual heat treatment equipment itself. The aims of

such an approach are to optimize the heat treatment operation by saving time and energy and

to maintain close tolerances on the material properties imparted. The basic prerequisite is the
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 6.144 Tempering diagrams for the unalloyed steel DIN C45 when quenched (a) from 830 to

8508C in water, for bar diameters 25, 50, and 100 mm and (b) from 840 to 8708C in oil, for bar diameters 25

and 50 min. (From K.E. Thelning, Steel and Its Heat Treatment, 2nd ed., Butterworths, London, 1984.)
availability of satisfactory mathematical models that enable the presentation and prediction

of relevant metallurgical and physical phenomena.

As described by Liščić and Filetin [27], the process of hardening and tempering has been

divided into operations of austenitization (A), quenching (Q), and tempering (T) as shown in

Figure 6.145. Within the austenitization operation, the phases are (1) preheating, (2) heating

to austenitization temperature with workpiece equalization at that temperature, and (3)

homogenization of the structure. Within tempering, the phases are (5) heating to the temper-

ing temperature and temperature equalization, (6) soaking at tempering temperature, and (7)

cooling down from the tempering temperature.

Computer-aided determination of process parameters has a greater number of advantages

compared with earlier methods:
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1. Planning of the process and preparation of the technological documentation are

incomparably faster and simpler.
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FIGURE 6.145 Operations and phases in the process of hardening and tempering.
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� 2006 by
2. Since the computer program takes into account the influences of all relevant factors,

provided that all necessary input data are used, the resulting parameters and time–

temperature profiles can be determined more precisely.

3. The professional level of the technological documentation is always high and

consistent, irrespective of the ability and experience of an individual technologist.

4. It is possible (by using appropriate subprograms and inserting the data for alterna-

tive equipment) to examine the potential energy savings or economy of using some

other equipment for the same process.

5. If modern heat treatment equipment with microprocessor control is available, the

resulting treatment parameters can be distributed directly (online) to all units where

the process will be performed and controlled automatically.
The general scheme of computer-aided planning of the hardening and tempering process is

shown in Figure 6.146. Use of a computer for this purpose requires
Equipment
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Data on
quenching
conditions

Feedback
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on resultant
properties

Database
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steel
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E 6.146 Scheme of computer-aided planning of the hardening and tempering process. (From

ić and T. Filetin, Heat Treat. Met. 3:62–66, 1987.)
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� 2006 by
1. A database on characteristics of the steel grades treated

2. A database on the equipment employed (especially data on quenching severities

available)

3. Subprograms stored in the computer memory for the necessary calculation of

parameters
The input data in a particular case are:
1. Data on the steel grade in question

2. Data on the workpiece (shape, critical cross section, surface condition, number of

pieces in a batch)

3. Data on mechanical properties required, after hardening and tempering, at a speci-

fied point of the cross section (hardness or ultimate tensile strength, yield strength,

ductility, impact toughness, minimum grade of hardening or minimum percentage

of martensite after quenching)

4. Data on the equipment used for all operations and phases of the process (preheat-

ing, austenitization, quenching, tempering)
The database on steels contains the following information for every specified steel grade

or heat: chemical composition; carbon equivalent; austenitizing temperature; time for hom-

ogenization of the structure; Ms temperature; Jominy hardenability curve; holding time at

tempering temperature; and susceptibility to temper brittleness.

To determine the parameters of the hardening and tempering process, the following

relationships must be known and stored in the computer memory in the form of adequate

mathematical equations:
1. The effect of shape and cross-sectional size of the workpiece on the time necessary for

heating and austenitization under the specific heat transfer conditions of the equip-

ment employed. For the case of a 40-mm bolt made of grade BS 708A37 (En 19B) steel

(see Figure 6.147), because of the high value of the carbon equivalent (0.82), a

preheating stage at 450 8C (842 8F) was necessary. For calculation of preheating time,

as well as the time for heating to austenitizing temperature and temperature equaliza-

tion, formula 6.42 was used (see Section 6.3.1) whereby the regression coefficients a

and b were experimentally determined for the equipment used.

2. The influence of steel grade, cross-sectional size, and actual quenching conditions on

the depth of hardening. This is necessary for selection of optimum quenching

conditions (quenching medium, temperature, and agitation rate) to satisfy the

required degree of hardening. The method by which this selection was performed

is described in Chapter 5 (see Section 5.6.4).

3. The relationship between hardness after tempering and tempering temperature for

the steel in question.
The necessary tempering temperature (Tt) was calculated by means of the formula

Tt ¼ 917
ln (Hh � 8)=( Ht � 8)

S

� �1 =6

�273 [8C] (6:57)

where Hh is hardness after hardening, HRC; H t is required hardness after tempering, HRC;

and S is degree of hardening. This equation is valid for tempering temperatures between 390

and 660 8C (734 and 1220 8F).

The time necessary for heating up to the tempering temperature and for temperature

equalization through the cross section was calculated in the same manner as for austenitiza-

tion, taking into account the data for the specific tempering furnace. The holding time at

tempering temperature was taken from the database for the steel grade in question.
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FIGURE 6.147 An example of the computer-generated parameters and time–temperature cycle for

hardening and tempering a 40-mm diameter bolt made of BS 708A37 (En 19B) steel. (From B. Liščić

and T. Filetin, Heat Treat. Met. 3:62–66, 1987.)
Cooling from the tempering temperature is carried out in air or inert gas in all cases where

the steel is not prone to temper brittleness. If it is susceptible, faster cooling in oil or in air

blast in necessary.

By using the described subprograms, the input data are processed by means of stored

equations into the following output data or process parameters:
� 2006 by
1. Temperature and time of preheating

2. Temperature and time for austenitization

3. Quenching conditions (quenching medium, its temperature, its agitation rate; time

required for complete cooling of the workpiece)
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TABLE 6.6
Comparison of Required and Measured Hardness at the Center of Cylinders Made of Steel

Grade BS 708A37 (En 19B), after Hardening and Tempering under Computer-Calculated

Conditions

Dimensions (mm) Required Values Measured Values

Diameter Length

Hardening

Grade (S)

Ultimate

Tensile

Strengtha

(N/mm2)

Hardness

after

Tempering

(HRC)

Tempering

Temperature (8C)

Ultimate

Tensile

Strength

(N/mm2)

Hardness

after

Tempering (HRC)

30 120 0.95 1240 38 519 1210 37.3

50 200 0.84 1000 31 583 1050 32.6

80 320 0.65 850 24.5 621 900 27.7

aCalculated from the hardness (DIN 50150).

Source: From B. Liščić and T. Filetin, Heat Treat. Met. 3:62–66 (1987).

FIGUR
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4. Temperature and time for tempering

5. Mode of cooling from tempering temperature to room temperature
Figure 6.147 shows an example of computer-generated documentation for hardening and

tempering a 40-mm diameter bolt made of BS 708A37 (En 19B) steel.

Table 6.6 compares the required hardness (ultimate tensile strength) for the center of bars

of 30-, 50-, and 80-mm diameters made of grade BS 708A37 steel with the measured hardness

after hardening and tempering under computer-calculated conditions.
6.5 AUSTEMPERING

The austempering process (see Figure 6.148) consists of austenitization, quenching into a hot

bath maintained between 260 and 4508C (500 and 8428F), holding at this temperature until

the transformation of austenite to bainite is complete, and cooling to room temperature at
Ta
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E 6.148 Scheme of an austempering process (a) in time–temperature diagram and (b) in isother-

nsformation (IT) diagram.
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will. Compared with the process of hardening and tempering, there are the following sub-

stantial differences:
FIGUR
harden

17(4):2
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1. At austempering there is no austenite-to-martensite transformation, but the final

structure (bainite) is obtained gradually during the isothermal transformation of

austenite to bainite.

2. After austempering there is no tempering.

3. While hardening and tempering is a two-operation process, austempering is per-

formed in one cycle only, which is an advantage for the automation of the process
Dealing with austempering one should use the IT diagram of the steel in question to

optimize the process parameters, among them first of all the transformation temperature (Ttr)

and holding time at this temperature.

Austempering of steel offers two primary potential advantages:
1. Reduced distortion and less possibility of cracking

2. Increased ductility and toughness, especially in the range of high strength (hardness)

values between 50 and 55 HRC
Reduced distortion and less possibility of cracking are the result of lower thermal stresses,

as well as lower transformational stresses compared to conventional hardening. Although

at austempering there are also temperature differences between the surface and core of

the workpiece, during quenching, these differences are substantially smaller, as shown in

Figure 6.149, because the difference between the austenitizing temperature and the tempera-

ture of the quenching bath is much smaller (for 200–4008C (392–7528F)) than in conventional

hardening. Smaller temperature gradients across the section mean smaller thermal stresses.

On the other hand, at austempering there is no momentary austenite-to-martensite trans-

formation, connected with the volume increase, taking place at different moments at different

points of the cross section. Instead there is a gradual transformation from austenite to bainite,

which takes place almost simultaneously in thin and thick cross sections. Both effects

contribute to much lower risk of cracking and distortion, thereby minimizing the production

of scraped parts and additional cost for straightening or grinding to repair the distortion.
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E 6.149 Temperature differences between surface and core of the workpiece in conventional

ing and in austempering. (From K.H. Illgner, Fachber. Hüttenpraxis Metallweiterverarb.

81–288, 1979 [in German].)
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Increased ductility and toughness as well as increased bendability and fatigue life are the

strongest reasons to apply austempering instead of hardening and tempering. Figure 6.150

shows the relation of impact toughness and Brinell hardness (HB) of a Cr–Mn–Si steel after

conventional hardening and tempering and after austempering, as a function of tempering

temperature and austempering temperature, respectively. The most important difference is

that a good combination of hardness and toughness after conventional hardening and

tempering is possible only at high tempering temperatures, which means low hardness,

whereas at austempering a good combination of hardness and impact toughness may be

achieved at high hardness values.

Another comparison of impact toughness of a carbon steel after hardening and tempering

and after austempering, as a function of hardness, is shown in Figure 6.151. It is evident that

austempering yields much better impact toughness, especially at high hardness, around 50

HRC. It is necessary to emphasize that high toughness after austempering is possible only

under conditions of complete transformation of austenite to bainite. Table 6.7 shows a

comparison of some mechanical properties of austempered and of hardened and tempered

bars made of AISI 1090 steel. In spite of having a little higher tensile strength and hardness,

austempered specimens have had remarkably higher elongation, reduction of area, and

fatigue life.

Figure 6.152 shows the fatigue diagram of DIN 30SiMnCr4 steel after conventional

hardening and tempering and after austempering. The increase in fatigue resistance values

is especially remarkable for notched specimens.

Regarding bendability, Figure 6.153, from an early work of Davenport [30], shows the

results of bending a carbon steel wire austempered and hardened and tempered to 50 HRC.

When selecting a steel for austempering, IT diagrams should be consulted. The suitability

of a steel for austempering is limited first of all with minimum incubation time (the distance of

the transformation start curve from the ordinate). Another limitation may be the very long

transformation time. Figure 6.154 shows the transformation characteristics of four AISI

grades of steel in relation to their suitability for austempering. The AISI 1080 steel has only

limited suitability for austempering (i.e., may be used only for very thin cross sections)
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FIGURE 6.150 Impact toughness and hardness (HB) of five heats of a Cr–Mn–Si steel after conven-

tional hardening and tempering and after austempering, as a function of tempering temperature and

austempering temperature, respectively. (From F.W. Eysell, Z. TZ Prakt. Metallbearb. 66:94–99, 1972

[in German].)
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FIGURE 6.151 Comparison of impact toughness of a carbon steel after conventional hardening and

tempering and after austempering, as a function of hardness. (From G. Krauss, Steels: Heat Treatment

and Processing Principles, ASM International, Materials Park, OH, 1990.)
because the pearlite reaction starts too soon near 5408C (10048F). The AISI 5140 steel is well

suited to austempering. It is impossible to austemper the AISI 1034 steel because of the

extremely fast pearlite reaction at 540–5958C (1004–11038F). The AISI 9261 steel is not suited

to austempering because the reaction to form bainite is too slow (too long a transformation

time) at 260–4008C (500–7528F).

The austempering process is limited to sections that can be cooled at a sufficient rate to

prevent transformation to pearlite during quenching to the austempering bath temperature.

Maximum section thickness is therefore important in determining whether or not a part can

be successfully austempered. For eutectoid or hypereutectoid carbon steels like AISI 1080, a

section thickness of about 5 mm is the maximum that can be austempered to a fully bainitic

structure. Unalloyed steels of lower carbon content are restricted to a proportionately lesser

thickness (except those containing boron). With increasing alloy content, heavier sections can

be austempered, in some alloy steels up to 25 mm cross section. When some pearlite is

permissible in the microstructure, even carbon steels can be austempered to sections signifi-

cantly thicker than 5 mm. Table 6.8 lists section sizes and hardness values of austempered

parts made of various steels.

Process parameters for the austempering process are:
� 2006 by
1. Austenitizing temperature and time

2. Quenching intensity when cooling from the austenitizing temperature to the aus-

tempering bath temperature

3. Temperature of transformation, i.e., the austempering bath temperature

4. Holding time at austempering temperature
The austenitizing temperature and time (as in any hardening process) are responsible for

carbide dissolution and homogenizing of the structure, which has a substantial influence on

the impact toughness of treated parts.
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TABLE 6.7
Comparison of Some Mechanical Properties of Austempered and of Hardened

and Tempered Bars Made of AISI 1090 Steel

Propertya Austempered at 4008C (7508F)b Quenched and Temperedc

Tensile strength, MPa (ksi) 1,415 (205) 1,380 (200)

Yield strength, MPa (ksi) 1,020 (148) 895 (130)

Elongation, % 11.5 6.0

Reduction of area, % 30 10.2

Hardness, HB 415 388

Fatigue cyclesd 105,000e 58,600f

a Average values.
b Six tests.
c Two tests.
d Fatigue specimens 21 mm (0.812 in.) in diameter.
e Seven tests: range 69,050–137,000.
f Eight tests: range 43,120–95,220.

Source: From ASM Handbook, 9th ed., Vol. 4, Heat Treating, ASM International, Materials Park, OH, 1991,

p. 155.
Quenching must be severe enough to avoid any pearlite formation on cooling from the

austenitizing temperature to the temperature of the austempering bath. Molten nitrite–nitrate

salts are used as quenching media for austempering. To increase the quenching severity,

agitation and sometimes the addition of some percentage of water is used. When adding water

to a hot salt bath, care must be taken to prevent spattering. The higher the temperature of the

salt bath, the less water should be added. Because of evaporation, the amount of water added

must be controlled.
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FIGURE 6.152 Fatigue of DIN 30SiMnCr4 steel after conventional hardening and tempering and after

austempering. (From F.W. Eysell, Z. TZ Prakt. Metallbearb. 66:94–99, 1972 [in German].)
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Hardness: Rockwell C 50

Quenched and temperedAustempered

FIGURE 6.153 Carbon steel wire (0.78% C, 0.58% Mn) of 4.6-mm diameter, (left) austempered

and (right) hardened and tempered to 50 HRC and bent under comparable conditions. (From E.S.

Davenport, Steel, March 29, 1937.)
Transformation temperature, i.e., austempering bath temperature, is one of the two most

important parameters as it directly influences the strength (hardness) level of the treated

parts. The higher the austempering temperature, the lower the strength (hardness) of the

austempered parts. The bainitic region can be divided according to austempering temperature

into upper and lower bainite regions, the boundary between them at about 3508C (6628F).

The structure of upper bainite in steels (consisting of parallel plates of carbides and ferrite) is

softer and tougher, whereas the structure of lower bainite (needlelike, with small carbides

under 608 within the needles) is harder and more brittle.
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FIGURE 6.154 Transformation characteristics of steel of AISI grades (a) 1080; (b) 5140; (c) 1034; and

(d) 9261 in relation to their suitability for austempering (see text). (From ASM Handbook, 9th ed., Vol.

4, Heat Treating, ASM International, Materials Park, OH, 1991.)
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TABLE 6.8
Section Sizes and Hardness Values of Austempered Parts of Various Steel Grades

Section Size Salt Temperature Ms Temperaturea

Steel nm in. 8C 8F 8C 8F Hardness (HRC)

1050 3b 0.125b 345 655 320 610 41–47

1065 5c 0.187c —d —d 275 525 53–56

1066 7c 0.281c —d —d 260 500 53–66

1084 6c 0.218c —d —d 200 395 55–58

1086 13c 0.516c —d —d 215 420 55–58

1090 5c 0.187c —d —d — — 57–60

1090e 20c 0.820c 315f 600f — — 44.5 (avg.)

1095 4c 0.148c —d —d 210g 410g 57–60

1350 16c 0.625c —d —d 235 450 53–56

4063 16c 0.625c —d —d 245 475 53–56

4150 13c 0.500c —d —d 285 545 52 max

4365 25c 1.000 —d —d 210 410 54 max

5140 3b 0.125b 345 655 330 630 43–48

5160e 26c 1.035c 315f 600f 255 490 46.7 (avg.)

8750 3b 0.125b 315 600 285 545 47–48

50100 8c 0.312c —d —d — — 57–60

a Calculated.
b Sheet thickness.
c Diameter of section.
d Salt temperature adjusted to give maximum hardness and 100% bainite.
e Modified austempering; microstructure contained pearlite as well as bainite.
f Salt with water additions.
g Experimental value.

Source: From ASM Handbook, 9th ed., Vol. 4, Heat Treating, ASM International, Materials Park, OH, 1991, p. 155.
Because not only the strength (hardness) level but also the impact toughness varies with

austempering temperature, the temperature of the austempering bath must be kept within

close tolerance (+68C (+438F)).

The holding time at austempering temperature should be sufficient to allow complete

transformation. Therefore the IT diagram of the steel grade in question should be consulted.

Allowing parts to remain in the bath for longer than the required time will increase the cost of

treatment but it is not harmful to the mechanical properties of austempered parts.
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 B. Liščić, S. Švaić, and T. Filetin, Workshop designed system for quenching intensity evaluation and

calculation of heat transfer data, Proceedings of the First International Conference on Quenching and

Control of Distortion, Chicago, IL, September 1992, pp. 17–26.
6 by Taylor & Francis Group, LLC.

User
Highlight

User
Highlight



4.
� 200
A. Rose and W. Strassburg, Anwendung des Zeit-Temperatur-Umwandlungs-Schaubildes für
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 B. Liščić and G.E. Totten, Controllable delayed quenching, Proceedings of the International Con-

ference on Equipment and Processes, April 18–20, 1994, Schaumburg, IL, pp. 253–262.
24.
 J. Parrish, Retained austenite: new look at an old debate, Adv. Mater. Process. 3:25–28 (1994).
25.
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7.1 GENERAL INTRODUCTION

Heat treatment of components is to date mostly accomplished in gaseous atmospheres, the

more so if plasma and vacuum are regarded as special cases of gaseous atmospheres. In

comparison, heat treatment in solid or liquid media is negligible in numbers. Heat treatment

in gaseous atmospheres falls into two categories: processes with the aim of avoiding a mass

transfer between the gaseous atmosphere and the material, and processes with the aim of

achieving just such a transfer. Mass transfer occurs when there is a difference in the potential

between the constituents of a gaseous atmosphere and those of the microstructure of a

component. The direction of such a mass transfer is determined by the potential difference,

which leaves two fundamental possibilities with regard to the component. One is the intake
cis Group, LLC.
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of elements of the gaseous atmosphere into the component and the other is the emission of

elements of the component into the gaseous atmosphere. This kind of heat treatment falls

under heat treatment with gas, which is the subject of this chapter. The deposition of

constituents of a gaseous atmosphere onto the surface of a component (coating), which is

not connected with the described mass transfer mechanism, is therefore excluded from the

subject of heat treatment with gas.

Consequently, a protective gas is a gaseous atmosphere that is free from a potential

difference with respect to those elements of both gas and steel that have the ability to transfer

mass. A central matter of concern with all the homogeneity treatments (annealing, austenitiz-

ing, tempering) is to prevent oxidation. Gas compositions suitable for reducing oxidation may

have a potential difference against carbon; furthermore, a reduction of oxide layers makes it

always possible for carbon to get into the gas. Protective gases with a reducing effect must

hence be adjusted to the carbon content of the steel to prevent decarburization. Inert gases

such as rare gas or pure nitrogen as well as high-quality vacua do not contain any reactant

constituents and thus prevent a mass transfer. In processes without a mass transfer, the

gaseous atmosphere as a protective gas is an important and basic requirement of heat

treatment but not used as a parameter to attain or alter certain properties of the component.

Processes like these are therefore referred to as heat treatment in gas.

Transport of matter and heat conduction can formally be calculated by applying the same

rules. The heat conduction in steel, however, is of a much higher order than the transport of

matter, which as a diffusion process causes a uniformly directed flow of atoms. Heat

treatments with gases are therefore always isothermal processes. As a rule, the rather slow

process of diffusion determines the time needed for the technical processing of a heat

treatment with mass transfer. This in turn determines essential processing conditions.

During a technically and economically justifiable treatment time, only the atoms that are

interstitially soluted in iron are absorbed in adequate quantity and sufficiently deep to meet the

given requirements. Therefore elements used in heat treating are carbon, nitrogen, oxygen, and

hydrogen. With these interstitally soluted atoms too, the exchange is limited to the case, with

the exception of thin sheets and hydrogen as the smallest element that diffuses most easily,

where it is possible to influence the bulk material. Heat treatment with gases is therefore mostly

a surface phenomenon. The corresponding thermochemical surface hardening processes with

gases are carburizing and decarburizing, nitriding and denitriding, and soaking as well as the

combined processes carbonitriding and nitrocarburizing. Treatments with oxygen as the react-

ant cause almost always an oxide layer (controlled oxidizing, blueing) or lead to a reduction of

oxide layers. Boriding with gaseous boron sources is seldom done in practice because the

predominant medium, diborane B2F6, is highly toxic and the boron halides BBr3, BF3, or

BCl3 are also seldom used due to their corrosive effect in humid condition. Plasma-assisted

boriding with trimethyl borate B(OCH3)3 is still on the laboratory scale.

A focus of the industrial heat treating of steel with gases is above all carburizing, surface

heat treatment in the austenite phase field, nitrocarburizing and, to a lesser extent, nitriding,

surface heat treatment in the ferrite phase field. Consequently, these heat treating processes

will be dealt with in detail as to the fundamental principles of introducing carbon, nitrogen, or

a mixture of both into the case of a steel, as to the characteristics of the heat treated

microstuctures and the properties of carburized or nitrocarburized components. Oxidation,

reduction, and the effect and composition of protective gases are often connected with

decarburizing processes. Hence this topic will be dealt with following the discussion on

carburizing. Some conditions of a desired oxidation will also be treated in connection with

oxynitriding. A discussion of the fundamental principles of reactions in and with gaseous

atmospheres and of diffusion in solid metals the above-mentioned processes have in common

will precede the main chapters.
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7.2 FUNDAMENTALS IN COMMON [1–5]

The absorption of material from a gaseous atmosphere occurs in several steps [6,7]:

Processes in the gaseous atmosphere: Formation of transportable gas molecules and

transfer of these molecules through the gas phase onto the surface of the metal with

subsequent physical adsorption of the gas molecules

Processes in the interface: Dissociation of the gas molecules and chemisorption of the gas

atoms, penetration of the atoms through the surface of the metal with transition of the

atoms from the state of chemisorption to the interstitially solute state in the solid solution

Diffusion of the atoms from the surface into the core of the material

These steps are based on the premise that there is a potential difference between gas and steel.

By analogy, the described steps are also valid for the emission of material, the atoms emitted

from the solid solution recombine into molecules at the surface of the material and penetrate

into the gaseous atmosphere.

Independent of the composition of the initial gases, the gaseous atmospheres used in heat-

treating at processing temperatures consist of the elementary molecules carbon monoxide

CO, carbon dioxide CO2, hydrogen H2, water vapor H2O, oxygen O2, ammonia NH3, and

sometimes also methane CH4, all of which are able to react with one another and with the

catalyzing surface of the component (and the furnace wall), thus releasing or absorbing

carbon, oxygen, nitrogen, and hydrogen. Reactions among the constituents of the gas are

described as homogeneous reactions; reactions between elements of the gas and elements of

the component surface are described as heterogeneous reactions. The heterogeneous reactions

that take place in the interface between gaseous atmosphere and component surface are

chemophysical processes and responsible for the mass transfer. The reactions, i.e., the

transition from an initial state to a final state, are accompanied by a change in the energy u,

which is determined by the first law of thermodynamics

du ¼ qþ w (7:1)

where q is the amount of heat added during the change of states and w the work done by the

system. In many cases it suffices to just consider the work against the surrounding pressure

(volume work):

w ¼ �P � dv (7:2)

Thus Equation 7.1 can be rewritten

du ¼ q� P � dv (7:3)

Combined with the entropy derived from the second law of thermodynamics

ds ¼ dqrev

T
(7:4)

follows the basic equation for reversible thermodynamic processes, at constant pressure and

constant temperature:

du ¼ T � ds� p � dv (7:5)
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This relationship allows the derivation of thermodynamic potentials, one of which is the free

enthalpy, or Gibbs’ free energy

g ¼ uþ p � v� T � s (7:6)

which is subsequently needed.

In a closed system the gas reactions approach a dynamic equilibrium state, which is

determined by pressure, temperature, gas composition, and material composition. In this

dynamic equilibrium state, the Gibbs’ free energy is at its minimum and reactions and reverse

reactions, on average, take the same amount of time, i.e., the total of locally absorbed and

emitted particles equals zero, thus causing the net flow to cease. The rate of a chemical

reaction is in proportion to the active masses of the involved elements, which for gaseous

material are described by their partial pressures pA (volume of constituent A� total pressure

in the system). From the fact that reaction and reverse reaction take the same amount of time,

it follows for a general reaction

aAþ bB ¼ cCþ dD (7:7)

(a through d are the stoichiometric factors of the reaction components A through D) that the

equilibrium constant Kp of the process is

Kp ¼
pc

C � pd
D

pa
A � pb

B

(7:8)

where, by agreement, the reaction products C and D are placed over the reactants A and B.

Thus, the gas composition is replaced by the equilibrium constant Kp, which is independent of

pressure.

The Gibbs’ free energy for standard state is thus

dg0 ¼ �R � T � ln dg0 pc
C pd

D

pa
A pb

B

¼ �RT ln Kp (7:9)

Values of the Gibbs’ free energy for standard state reactions have been studied for many

reactions and can be found in special tables [8,9].

The values of the partial pressures of the gaseous atmospheres discussed here vary

between 10�17 and 10�25 bar at treatment temperature and are thus for reasons of conveni-

ence often replaced by the activity ai of the gases by relating the partial pressure p to a

standard state pressure. It is most usual to choose as standard state the partial pressure p0¼ 1

of the pure component in the same phase at the same temperature, which for carbon, for

instance, is the steam pressure pC
0 of graphite (i.e., the activity of the graphite-saturated

austenite is by definition aCarbon¼ 1 [10]).

Equation 7.9 can thus be rewritten as

dg0 ¼ �R � T � ln
aC � aD

aA � aB

(7:10)

These deductions are only valid for reactions where substance is neither added to nor

emitted from the system. On changing the amount of substance, the constituents must be taken

into consideration by means of their chemical potential, which as partial Gibbs’ free energy
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mi ¼
@ g

dni

� �
T , p , j
¼ @ e

dni

� �
S , V , j

(7: 11)

is de fined with dni moles of the substa nce i . In this case it is necessa ry to complete

Equation 7.5

du ¼ T � ds� p � dvþ Smi � dni (7:12)

The mass transfer within the interface is technically described by the mass transfer coefficient b,

which determines how fast the particles move, with the mass transfer equation

~mm ¼ b(agas � asurface) (7:13)

and is therefore also called effective reaction rate constant. The direction of the mass transfer is

determined by the activity gradient between gaseous atmosphere and the surface of the steel.

The reaction rate constant indicates the total of mass transfer in the interface and comprises as

a global value the effects of material, the microgeometrical state of the surface, flow conditions,

pressure, and temperature on the mass transfer. The individual physicochemical reactions that

occur in the interface cannot be described by the mass transfer coefficient.

Single-phase systems are homogeneous when at thermodynamic equilibrium, differences

in the distribution of the involved atoms such as those caused during production are equalized

by matter flowing from regions of higher concentration toward regions of lower concen-

tration. The cause of this flux, which is called diffusion, is the difference in the chemical

potential mc of the diffusing substance. The partial molar Gibbs’ free energy, according to

Equation 7.11, can be rewritten

mc ¼
dg

dc
(7:14)

where c is the concentration of the diffusing substance.

The potential difference is equalized by the flux

~mm ¼ � D�

RT
c
@mc

@c
grad c (7:15)

where m is the number of atoms c that penetrate the area F in the time t, R is the general gas

constant (8.314 J=mol K), and D* the diffusion coefficient (or diffusivity).

In multiphase systems with different chemical potentials it is likely that potential jumps

occur at the phase boundaries; in this case it may happen that the flux is opposed to the

concentration gradient (uphill diffusion). On carbide formation, for instance, carbon diffuses

from the saturated austenite into carbide with a higher concentration of carbon which,

however, has a lower chemical potential in the carbide.

In dilute solutions, i.e., when the amount of the diffusing material is small, it is possible to

use, with adequate precision, the more easily accessible concentration gradient as a driving

force. This approach is valid for the thermochemical surface treatment and leads to Fick’s

first law of diffusion [11]

@c

@t
¼ �D

@c

@x
(7:16)
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accord ing to which the variation in tim e of the conc entration de pends on the concen tration

gradie nt @c =@ x parallel to the x-axi s. The effecti ve diff usion co efficient D has the unit

area =time and is usuall y express ed in cm 2=s. Fick’s first law is vali d when there is change in

time of the concentration gradient and thus none of the flux. Frequently, diffusion causes a

change in the concentration gradient and thus becomes dependent on time and location. This

is covered by Fick’s second law [11]:

@ c

@t
¼ � @

@ x
D
@ c

@x 
with D ¼ f (c) (7:17)

or, if D is ind ependent of concentration and consequently of location,

@ c

@t 
¼ �D

@  
2c

@ x2 
with D 6¼ f (c ) (7:18)

In the case of a semiinfinite system, that is when the diffusion flow does not reach the end of

the specim en as is the case in therm ochemic al surfa ce treatment , Fick’s second law as given in

Equation 7.18, the van Orstrand–Dewey solution [12–14] applies

c(x,t)� c0 ¼ (cs � c0) 1� erf
x

2
ffiffiffiffiffiffi
Dt
p

� �� �  

(7:19)

wher e c (x ,t ) is the co ncentra tion c at a dist ance x from the surface of a steel with the init ial

con centration c0 followin g a diffusion time t , and c s is the surfa ce co ncentra tion of the

diffu sing elem ent (erf is the Gaussian error functi on). Accor ding to this relation, the depth

of pene tration increa ses in pro portion to the root of the diffusion time, which leads to the

empirical rule that to get double the depth of penetration it is necessary to quadruple the

diffusion time.

Fick’s second law can also be resolved when substance is emitted, i.e., when cs is smaller

than c0, in the form

c(x,t)� cs ¼ (c0 � cs) erf
x

2
ffiffiffiffiffiffi
Dt
p

� �  

(7:20)

The diff usion coefficie nt is given by the empirical relationship

D ¼ D0 exp � Q

RT

� �
(7 :21)

with the e lement-depende nt con stant D0 and the activati on energy Q of the diffusion. From

Equat ion 7.16 and Equation 7.19 it follo ws that the diff usion time whi ch is ne eded for a

specif ic depth of penetra tion can onl y be red uced by higher tempe ratur es T and an increa se in

the concentra tion grad ient @ c =@ x. The activati on energy Q is de pendent on the mechanisms

of solid-state diff usion. The diffusion of the gases nitr ogen, oxygen, hydrogen, and of carbon,

which are located interstitially mainly on octahedral voids in the lattice, occurs primarily by

the interstitial mechanism that is the cause of the alrea dy mentio ned rather fast diffusion of

the above elem ents, which can still oc cur at room temperature and even lower temperatures.

The diffusion coefficients DH, DC, DN, and DO have been thoroughly studied for a-iron.

Figure 7.1 [15] offers a compari son of the magni tudes be tween hy drogen, carbo n, oxygen , and

nitrogen and of substituted atoms. Figure 7.2 [4] shows a detailed plot of the diffusion
� 2006 by Taylor & Francis Group, LLC.
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coeff icients of carbon, oxyge n, and nitrogen. The diff usion co efficients in g-iron are app roxi-

mate ly low ered by the second power of 10, and detai ls on this will be dealt wi th in Se ction 7.3

on carburi zing. It ough t to be noted that the diffu sion proceed s faster a longside grain

bounda ries than in the matrix [3,4 ]. The directed exchange of matt er require s a difference in

potenti al or activity that is establ ished and maint ained by the gas composi tion. With pro-

cesses near equili brium it is pos sible to relate them to their final stat e and to descri be them by

specif ically derived and easily obtaina ble values such as the carbon poten tial, an d to con trol

them accordi ngly. W ith process es far from equilib rium, wher e it is not possibl e to ascertain

how great the differences in poten tial or activit y are, it has pro ved helpful to use process

charact eristic s that allow to maintain a requir ed gas composi tion, pro vided that the pro cess-

ing conditi ons a re fixe d.
7.3 CARBURIZING

7.3.1 INTRODUCTION

Car burizing produ ces a ha rd and compared with their dimens ions often shallo w surface on

relative ly soft componen ts when the surfa ce micr ostructure of steel s with a (core) c arbon

con tent of usually 0.15–0.25% is carburi zed to carbon co ntents in the range of 0.7–0. 9 (1.0 )% C

and trans formed to martensit e. This treatment leads to the formati on of a hardness grad ient

and to a distribut ion of residual stresses with compres sive stre sses in the surface micro struc-

ture due to the changes in volume dur ing the martensit ic trans formati on. The combined effect

of these two parame ters causes the main pro perties of the componen ts, i.e., fatigue streng th,

roll ing con tact fatigue stren gth, and tough ness to reach the high est values possible in one

part. Carburizi ng thus compri ses the pr ocessing steps carbon diffusion, with the result of a

carbon g radient, and quen ching with the hard ness gradie nt and the distribut ion of resi dual

stre sses as resul ts, wher e it is pos sible to establ ish equal carbon gradien ts in diff erently alloy ed

steels while the respective hardness gradie nts can differ because of the alloy dep endence of the

harden ability. The foll owing chapter s de al with the fund amentals of carburi zing (carbon

diffu sion), the hardena bility as a criteri on for the selection of suitab le carburizing steel s,

and the micr ostruc tures resul ting from hard ening. The propert ies of carb urized components

will be de scribed in Sectio n 7.6.
7.3.2 CARBURIZING AND DECARBURIZING WITH GASES

Car burizing is achieve d by heating the steel at tempe ratures in the homogeneo us austenite

pha se field in an environm ent of appropri ate carbon sources . The carburiz ing time de pends

on the de sired diffusion de pth. The process es in use are class ified accordi ng to their carbon

sources in pack carburi zing (solid compoun ds), salt bath carburi zing (liquid carbon sources ),

and gas and plasm a carb urizing (gase ous carbon sources), the pr ocess of which is

subsequently described. Pack carburizing, too, produces a gas atmosphere, which means

that the phenomena described for gas carburizing are, in essence, also true for pack

carburizing. The processes in the gas phase and in the interface can be described for the

present as states of equilibrium [16–23], the enforced transition to a nonequilibrium leads to

carburizing or decarburizing. This approach is valid since during the carburizing process the

diffu sion in the steel is consider ably slow er than the pr eceding steps describ ed in Chapt er 4.

Carburizing procedures for which this condition is no longer valid [24,25] as well as
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plasm a carburi zing [26–29 ] will not be covered in this co ntext. (See Chapt er 18 for plasm a

caburiz ing.)

7.3.2 .1 Gas Equilibr ia

Gaseous carbo n sources in wi de use are hydrocarbon gases such as metha ne or prop ane

[19–21 ], alcohol s and alcohol de rivative s (abo ve all metha nol [30] ), and other organic carbo n

compou nds [31]. These carbo n sources decompose at carburi zing temperatur e to the con-

stituent s carbon monoxide (CO) and hyd rogen (H2) with smal l amounts of carbon dioxide

(CO2), water vapor (H2O), oxygen (O 2), and metha ne (CH 4). In general , certain constant

propo rtions of carbon mon oxide and hydroge n diluted with nitr ogen N2 are used as a carrier

gas, whi ch can be produc ed separat ely in a gas generat or or in the furnace direct ly. Such a

carrier gas has a carbu rizing or decarburi zing effe ct due to the reactions

2CO ¼ C( g ) þ CO2 (Bo udouard react ion) (7: 22)

CO þ H2 ¼ C( g ) þ H 2 O (hete rogeneo us wat er gas rection) (7: 23)

CO ¼ C( g ) þ 1=2O2 (7: 24)

CH4 ¼ C( g ) þ 2H 2 (7: 25)

and the homogen eous water gas equili brium

CO2 þ H 2 ¼ CO þ H 2 O (7: 26)

with which the react ion prod uct carbon dioxide is decomposed again. This means that afte r a

suffici ently long carburi zing time, an eq uilibrium be tween carburiz ation and decarburi zatio n

is establis hed whose carbon content is descri bed as carbon potenti al (C-pote ntial Cp ) [32] can

be measur ed by shim stock an alysis [33] . (It is custom ary to define the carbon potenti al, in

mass percen t, as the carbon content of pure iron within the homogene ous au stenite pha se

field a t a given tempe rature that is in equilibrium with the furnace atmos phere.) Figure 7.3

[16,18] shows the equilibrium between carbu rization and decarburi zation for the Boudo uard

react ion in presence of pure carbo n depen dent on pressur e and temperatur e. The equilibrium

can be descri bed by the eq uilibrium co nstant

log kB ¼ log
p2

CO

pCO2
p0

C

¼ log
p2

CO

pCO2

(7: 27)

with the concen tration of the gas co nstituent s as the respect ive partial pressur es and the

carbon concentration as vapor pressure p0
C of pure carbon (is equal to unity). The equilibrium

curve shown in Figure 7.4 at pabs¼ 0.2 bar is equivalent to an amount of 20% carbon

monoxide in the carrier gas.

In the carburizing of steel, the influence of the carbon content and the alloy composition

of the steel on the carbon concentration must be considered by means of the activity of

carbon aC [25], which is defined as the ratio of the vapor pressure pC of carbon in the given

condition to the vapor pressure p0
C of pure carbon
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aC ¼
pC

p0

(7 :28)

The a ctivity of carbon for plain carbon steel s can be calcul ated [19, 23] acco rding to

log aC ¼
10,500

4:575 T
� 3: 95 � 0: 69C

4: 575
þ C

0:785C þ 21 : 5 
(7 :29)

or, less complic ated but suffici ently precis e, as follows :

log aC ¼
2300

T
� 2: 21 þ 0: 15C þ log C (7 :30)

and is shown in Figure 7.4 [34] in the form of isoactivi ty plots [22, 34].

The infl uence of the alloy ing elements on the ac tivity of carbo n is de scribed by the ratio of

the C-po tential Cp of the carbu rizing atmos phere (carbon content of pure iron a t equ ilibrium)

to the carb on content CL of the alloy ed steel at equilib rium [19,21 ,35,36]

log(Cp =C L ) ¼ 0:055(% Si) þ 0:0 14(%Ni) � 0: 013(% Mn) � 0:040(% Cr)

� 0: 013(% Mo) (Ref : [35] ) (7 :31)

log(Cp = CL ) ¼ 0: 062(%S i) þ 0: 014(%Ni ) � 0: 016(% Mn) � 0:057 (%Cr) � 0: 015(%M o)

� 0: 102(%V) � 0: 014(% Al) � 0:006(% Cu) (Ref : [19]) (7 :32)

log(Cp =CL ) ¼ 0: 075(% Si) þ 0: 02(% Ni) � 0:04(% Cr) � 0: 01(%M n)

� 0: 01(% Mo) (Re f : [36] ) (7 :33)
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On calcul ating the value of a requir ed carbon pot ential of a carbu rizing atmos phere, the

influen ce of the alloy ing elem ents on the ac tivity of carbon is taken into account by means of

the alloy factor f ¼ CL =C p for a specif ic steel [37]. Ni- alloyed steels have alloy facto rs smaller

than 1, Cr-alloye d, Cr-Mn-a lloye d, and Cr-Mo -alloyed steels ha ve alloy fact ors higher than 1,

which is why on ca rburizing these steels in a carburi zing atmosp here wi th a C-p otential of 1%,

the case c arbon co ntent of Ni-all oyed steel s is smaller than 1% where as the case carbo n

content of the other steels is higher than 1%.

The eq uilibrium constant of the Boudouar d react ion in the carb urizing pro cess of steel

[19,20,22 ]

log KB ¼ log
p2

CO

pCO2 
aC

� 8817

T
þ 9: 071 (7: 34)

thus contain s the activit y of carbon , whic h can be de rived from

log aC ¼ log
p2

CO

pCO2

� 8817

T
� 9:071 (7: 35)

The carburi zing equ ilibria of the Boudouar d react ion in the homo geneous austenite phase

field are shown in Figure 7.5 [19] .

The equilib rium constant s of the reactions 7.23 throu gh 7.25 are

log KH2
¼ log

pH2 
pCO

pH2 O aC

� 7100

T
þ 7:496 (7: 36)
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log KO2
¼ log

pCO

pO2 
aC

� 9927

T
þ 4: 545 (7 :37)

log KCH4
¼ log

pCH4

pH2 
aC

� 4791

T
þ 5:789 (7:38)

By analogy, it is pos sible to derive the corres ponding relat ions valid for the activit ies from

Equat ion 7 .35.

Given a certain composition and volume of gas, the described processes cease even-

tually, having established an equilibrium with the corresponding carbon potential. With the

reactions

CH4 þ CO2 ! 2COþ 2H2 (7:39)

CH4 þH2O! COþ 3H2 (7:40)

methane decomposes the reaction products carbon dioxide and water vapor of the hetero-

geneous carburizing reactions 7.22 and 7.23, thus regenerating the carburizing atmosphere.

Compared with the carburizing reactions 7.22 through 7.24, in particular with the hetero-

geneous water gas reaction, the reactions with methane are sluggish, which makes it necessary

to add large quantities of methane (or propane, which decomposes to methane at carburizing

temperature) to maintain the carburizing processes.

7.3.2.2 Kinetics of Carburizing

In the carburizing process, a carrier gas of a composition as constant as possible is enriched

with a carburizing agent (for instance propane) to establish and maintain, by means of further
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additio ns of the carbu rizing agent, a desired carbon potenti al whi ch exceeds the carbon

content of the steel to be carburi zed. In this noneq uilibrium con dition [38], the activity of

carbon in the carburi zing atmos phere ac(gas) is higher than the activit y of carbo n in the steel

ac(steel) . The differen ce in the acti vities leads to the desire d carbo n transfer into the steel , the

flux m (number of atoms M that pen etrate the area F in unit time) pro portio nal to the

difference in activit ies [22]

~mm ¼M

F
dt ¼ �b( aC(gas) � aC(s teel) ) (7: 41)

The carbon trans fer co efficie nt b is in parti cular dependen t on the composi tion of the

carburi zing atmosp here and the carburiz ing tempe ratur e, as given in Figure 7.6 [20] with

values for b¼ 1.25 � 10 � 5 cm =s for en dotherm ic gas consis ting of metha ne–prop ane up to

b¼ 2.5 � 10 �5 cm =s for undilut ed decomposed alcoho ls. The surfac e rate c onstant is ascer-

taine d by means of thin iron foil s (thi ckness of abou t 0.05 mm or thin iron wires) [20, 39], the

quan titative conne ctions are howeve r not yet suff iciently known in de tail. Figure 7.7 [40]

shows the influen ce of the carbon trans fer coeff icient on carburi zing tim e.

By combini ng Equation 7.16— Fick’s fir st law—and Equat ion 7.41, a formu la for

the effect of time on the growth of the carbo n diffusion depth can be derive d [23,41,42 ]

x ¼ At ¼ 0: 79
ffiffiffiffiffiffi
Dt
p

0:24 þ CAt � C 0

Cp � C 0

� 0: 7
D

b 
(7: 42)

wher e the limit ing carbon content CAt determ ines the dep th At of carbo n diffusion. For a

limit ing carbo n c ontent of 0.3% the depth At0.3%C can be assessed [42] as

At0: 3%C ¼ k
ffiffi
t
p
�D

b
[mm ] (7: 43)
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wher e the proportio nal value k dep ends on tempe ratur e, carbon potential, and the surfa ce

react ion rate constant . The
ffiffi
t
p 

-rule, as descri bed in Chapt er 4, stating that to doubl e the

carburi zing dep th it is necessa ry to quadru ple the carburiz ing time, is vali d for k ¼ 0.5 and of

suff icient accuracy with carburi zing dep ths of abou t 1 mm and more [38,42,43 ]. The formal

meani ng of the co mpensat ing facto r D =b is that the point of inter section of carb on diagra m

and C- potential is shifted from the surfa ce into the gas atmos phere [38,42,43 ].

Effective decarburi zing reactions are [6,4 4]

2C( a,g ) þ O2 ! CO 2 (7 :44)

C( a ,g ) þ 2H2 ! CH 4 (7 :45)

C( a, g ) þ H2 O ! CO þ H 2 (7 :46)

wher e molec ules from the gaseous atmos phere react with the carbon to form new molec ules at

the surfa ce of the steel that in turn are emitted in the g aseous atmos phere. Reaction 7.46,

occu rring in several steps , is used for con trolled decarbu rization, i.e., compon ents such as

elect ric sh eets are annealed in moist hyd rogen. Taking consider ably more tim e, reaction 7.45,

whi ch is also involv ed, is of minor impor tance, wher eas react ion 7.44 tends to ha ve a sligh tly

delet erious effe ct when using oxygen contai ning protective gases or ann ealing in air.
7.3.2.3 Control of Carburizing

The carbon gradient as the major aim of the carburizing process is determined by the

carburizing depth At and the case carbon content CS and can be controlled at a given

tempe ratur e by the carb urizing tim e accordi ng to Equat ion 7.43 and by the carbo n potenti al.

In indust rial carburi zing, the ca rbon potential is control led by eithe r using [37] Equat ion 7.22,
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monit oring of carb on diox ide content ; Equat ion 7.23, ascert aining of wate r vapor content ; or

Equation 7.24, monito ring of content . The parti al pressur e of CO2 in the gaseous atmosphere

is continually measured by infrared absorption, which is based on the different attenuation of

an infrared beam by the content of CO2 of the gas. The interrelationship between CO2

content, C-potential, and temperature

log pCO2
¼ 6552

T
� 6:841� 0:15Cþ log

pCO2

C
(0:785Cþ 21:5)

" #
(7:47)

contains the CO content, which is generally held constant by means of an adequate carrier gas

composition to avoid undesirable influences. The measuring accuracy, then, is about 0.005–

0.01 relative to the C-potential. Figure 7.8 shows an evaluation of Equation 7.47 for a carrier

gas generated of propane and propane as the enriching gas [45].

The partial pressure of oxygen, which is about 10�17–10�24 bar within the furnace, is

measured by means of an oxygen probe [46] whose measuring element consists of a zirconia

electrolytic solid that projects into the interior of the furnace in form of a tube. The electric

potential or electromotive force E of such an electrolytic solid is according to Nernst’s law
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E ¼ RT

4 F
ln

pO2

p0
O2

(7 :48)

or, with R ¼ 8.344 J =mol �grad and F ¼ 96.572 7 J =mV � mol (Farad ay co nstant)

E ¼ 0: 0216 T ln
pO2

p0
O2

¼ 0:04 97 T log
pO2

p0
O2

[mV] (7 :49)

The parti al pressure p0
O2

is the pa rtial pressur e of the refer ence g as on the inside wall of the

tube, usuall y surroundi ng air ( ¼ 0.21 ba r). By means of Equation 7.39 an d Equation 7.48

and air as the refer ence g as, it is possibl e to co mbine the measur ed electric potenti al, which is

abo ut 1 V, with the C-po tential [22]

E ¼ 0: 09992 T (log pCO � 1: 995 � 0:15C � log C) � 816 (7:50)

or, rewritten [45]

E ¼ 807 � T

100
36 : 86 þ 1: 5C þ 4: 3 ln

0:45 7C

pCO (0 :785 C þ 21 : 5)

� �� �
(7 :51)

The interrelationship between the electric potential of the probe, temperature, and C-potential

accord ing to Equation 7.51 is illu strated in Figure 7.9 [45] for an atmos phe re con sisting of

end othermic gas as a carrier gas and propa ne as en riching gas. The linea r progres sion

faci litates a high resolution that allows the C-p otential to be measur ed with an accuracy

smal ler than 0.005.

Methane (C H 4) reacts rather slow ly accordi ng to Equat ion 7.25 but forms rapidl y at

carburi zing tempe rature on cracki ng of the previous ly mention ed carburi zing gases; this is the

reason why in actual practice ca rburizing atmosph eres contain more CH 4 than woul d cor-

respon d the state of equili brium, thus making the con tent of metha ne, which can also be

measur ed by infrared an alysis, an unsu itable means of control ling carbu rizing potential. Dew

point analys is for measur ing the wat er vap or content accordi ng to Equat ion 7.23 has lost its

impor tance by the de velopm ent of, a bove all, the ox ygen probe. Thus , the C-potent ial is

always de termined indir ectly, and direct proc edures such as measur ement of the electric

potenti al of carbon [47] ha ve so far not pro ved safe enoug h in process ing.

With the develop ment in computer techni que , the van Ors trand–D ewey solution (Equa-

tion 7.19, Sectio n 7.2) for carbo n could be applie d for carbon control ling online [43, 48–53] . It

suffices to calculate the diffusion coefficient Dg

C
step by step with appropriate formulae that

have been derived from test results [54,55] by regression analysis

Dg

C
¼ 0:47 exp �1:6C� 37,000 � 6,600C

RT

� �
(Re f : [54]) (7:52)

or 

D 
g
C ¼ 0:78 exp � 18,900

t
þ 4,300

T
� 2:63

� �
C 1: 5

� �
(Re f : [56] ) (7 :53)

The exact an d continuous qua ntitative determ ination of the C-potential as a controlling

factor and the online calculation of the carbon profile have facilitated computer-controlled
� 2006 by Taylor & Francis Group, LLC.



0 850
1080

1090

1100

1110

1120

1130

1140

1150

V
ol

ta
ge

 o
f o

xy
ge

n 
se

ns
or

 (
m

V
)

1160

1170

1180

1190

1200

1210

1220

900 950
Temperature (�C)

100 1050

1.7
1.6
1.5
1.4

1.3
1.2

1.1

1.0

0.9

0.8

0.7

0.6

0.5

0.4

0.3

Saturation (ac = 1)

C-potential

FIGURE 7.9 Carbon potential control by means of the oxygen sensor (endo gas enriched with propane).

(From D. Liedtke, Messen und Regeln beim Aufkohlen, Einsatzhärten, (J. Grosch, Ed.), expert-Verlag,

Renningen, 1994, p. 16.)
carburi zing, that is stat e of the art in he at treat ment techni que [57–59 ]. In particular with

establis hing deeper carbo n diffu sion depths this techn ique is frequent ly applie d in a two -stage

process (boost–d iffuse method of carburizing) . In the fir st stage a C- potential is establis hed,

which can be held by means of comp uter control , just below satur ation, avoidi ng the

form ation of carbide s or soot. The steep carbon concentra tion gradie nt, accordi ng to Equa-

tion 7.16, c auses a rapid carbon diffusion. In the secon d stage , the C- potential is adjust ed to

the desir ed surfa ce carbo n content an d the initial carbon gradie nt is equali zed by some of the

carbon diff using de eper into the compo nent and some of it diffusing into the ga seous

atmos phere until the appropri ate carbon gradie nt is reached [59,60]. The overal l carburi zing

time is sho rtened consider ably. At high er carburi zing tempe ratures Equat ion 7.21 offer s a

second way to accelerate the carbon diffusion (a carbon diffusion depth of 1 mm is reached at

9308C=17068F in 6 h, at 10508C=19228F in 2 h (Cp¼ 1.0) [61], which has not been used until

now because grain sizes of convenient carburizing steels (i.e., DIN EN 10084) remain stable

up to 9508C=17428F only. Recent developments of carburizing steels allow carburizing

temperatures up to 10508C=19228F without grain growth [62] (and plasma furnaces handle

high temperatures much better than atmosphere furnaces [63].

7.3.2.4 Carbonitriding

In carbonitriding, ammonia NH3 is introduced into the carburizing atmosphere. NH3

decomposes at carburizing temperature and releases nitrogen with the ability to be absorbed
� 2006 by Taylor & Francis Group, LLC.



by the steels. The sim ultane ous and compet ing diff usion of carbon a nd nitr ogen leads to some

parti culariti es [64, 65] that are techn ically used. Solute nitro gen that occupies an inter stitial

posit ion in the austeni te lattice causes the GSE cu rve of the homogeneo us austenite pha se field

(see Figu re 7.4) to shif t to low er tempe ratur es and reduces the carbon content of the eu tectoid

compo sition. Nitrogen stabiliz es the austenite, thus reducing the diffusion- control led trans-

form ation of the austenite to ferrite and pearli te and lowering the martensit e start temperatur e

Ms . Marte nsite is also stabi lized by soluted nitr ogen. The essent ial ad vantage of carbonitridi ng

lies in the better harden ability (st abilized austeni te) becau se this also allows to better con trol

hardn ess profiles in steels that are not intende d to be carburize d as well as in sintered iron an d to

use milder quenchants with less distortion. Moreover, C–N-martensite has a better tempering

beh avior. W hereas carburi zing tempe ratures g enerally exceed 900 8 C=16 52 8F, carbonit riding is

perfor med at lower tempe ratures in the range of 815–900 8 C=1499–1 652 8F because at tempe r-

atures of more than 900 8C =1652 8 F ammoni a decomposes too fast an d the nitro gen potential

[65] becomes too high, thus causing increa sed co ntents of retained austeni te and even pores.

Conse quen tly, carbo nitriding is us ually applie d wi th produ cing case depths of less than 0.5 mm,

whi ch can be bette r accompl ished in carbonit riding than in carburi zing.

7.3.3 HARDENABILITY AND MICROSTRUCTURES

After having be en carburi zed, the co mponents are subjecte d to a hardening process in

whi ch they are que nched in oil (wh ose tempe ratur e is usuall y held at 60 8 C =140 8 F), for

econ omic reason s sometime s from their carburi zing temperatur e (gener ally 93 0 8C =1076 8 F)

or more often from a low er tempe rature (830–8 50 8 C =1526–156 28 F) that is adapted to the

tempe ratur e of their case carbo n con tent (dir ect quen ching). Rehea ting is a heat treatment

in which a compo nent is slow ly cooled from its carbu rizing tempe rature to a tempe ratur e

below Ac3, mo st often to room tempe ratur e, and subsequ ently au stenitize d at hardening

tempe ratur e, co rrespondi ng to the establ ished case carbon con tent. Reheating is a suitable

heat treatment for large or single components but otherwise not in wide use. Double

quenching from austenitizing temperatures that are adapted to the carbon content of

case and core, respectively, is seldom used in commercial practice, with the ensuing distor-

tions caused by two subsequent martensitic transformations only tolerable with simple

geomet ries. The carbo n gradien t (Figur e 7.10 [66] ) beco mes the desired ha rdness gradie nt

(Figur e 7.11 [66] ), whi ch is determined accordi ng to DIN 50190, Par t 1, by means of HV1 and
ESMA
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FIGURE 7.10 Carbon gradients of alloyed steels, computer-controlled carburized. (From O. Schwarz,
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Figure 7.10. (From O. Schwarz, J. Grosch, C. Genzel, W. Reimers, Hä rterei Techn. Mitt. 49:134, 1994.)
contai ns the case (hardeni ng) de pth that is determ ined by the limit ing ha rdness of 550 HV1.

The carbon gradie nts in Figure 7.10 verify that it is possible to establ ish the same grad ients as

to case carbon content and case dep th for differen tly alloye d carburiz ing steel s when draw ing

upon the discus sed knowled ge on carbu rizing and taking in consider ation the influe nce of the

alloy on the carbon absorpt ion by con trolling the C-potent ial. The corres ponding hardness

gradie nts contai n the ha rdenabil ity [67] , which has an obvious infl uence on the ha rdness of

case and core, cau sing the case ha rdness values to dr op and the co re hard ness values to rise

with risi ng alloy ing con tents. The bette r harden ability of alloy ed microstr uctures is compre-

hensibl e, maxi mum hardne ss is howeve r general ly attribut ed to the carbo n con tent (which is

equal in the above discussion) . The influ ence of the alloy on the ha rdness of the ca se is an

indir ect one since an increase in the alloy ing content (and in the carbo n content ) causes a dro p

in the mart ensite start tempe rature Ms [68,69], thus causing a dro p in the marten site form a-

tion becau se the mart ensite fini sh tempe ratur e Mf is low er than the quen ch tempe ratur e

(usual ly 60 8 C=140 8 F). The austenite that has not trans formed to mart ensite is called retain ed

austeni te, its micr ostruc ture is soft and thus responsib le for a drop in the hardness . The

amount of retained austenite still existing on quenching (Figure 7.12 [66]) can be reduced by
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FIGURE 7.13 Amount of retained austenite, deep-cooled conditions. (From O. Schwarz, J. Grosch,

C. Genzel, W. Reimers, Härterei Techn. Mitt. 49:134, 1994.)
deep coo ling, whi ch cau ses further amounts of austenite to transform into martensit e (Figur e

7.13 [66]). The case hardn ess of deep cooled micro structures does not differ within the

measur ing accuracy (Figure 7.14 [66]). Hence, the hardenab ility of the case [70] is prim arily

determ ined by the co ntent of soluted carbo n, the maxi mum case hardne ss is determ ined by

the amoun t of retai ned austeni te in the case microstr ucture, whi ch dep ends on the ca rbon

con tent and the alloy ing elem ents. In co ntrast, the hardenabil ity of the co re is markedl y

dep endent on the alloy (Figur e 7.15 [71]) an d serves as a crit erion for the selec tion of suitable

alloy steels, the preferred alloying elem ents are chromiu m, mangan ese, molybd enum, and

nickel [72], to a lesser extent also boron [71] .

The case micr ostruc ture thus con sists of (plat e) mart ensite an d retained au stenite. The

influ ence of the carbon content on the formati on of the case micr ostruc ture is clearly visible in

Figure 7.16 [66] (0.7% C, 25% retain ed austeni te) and Figu re 7.17 [66] (1.0% C, 40% retai ned

austeni te). Reliable values for the content of retai ned austenite can be obtaine d by x-ray
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analys is only. The c ore micro structure con sists of (lath) mart ensite (Figur e 7 .18 [66]) or, given

large r components , of bainite or ferr ite an d pearlite. The diffusionl ess, mart ensitic trans form-

ation can only occu r wi thin the au stenite grains. At low marten site start tempe ratur es, i.e.,

when the carbo n content s of the case micr ostruc ture are high, single mart ensite plates form

success ively within the austeni te grain with {22 5}A an d {25 9}A habit planes [73–77], or igin-

ating from nuc lei on the austeni te grain bounda ries [78]. The possible variants of the habit

planes lead to the de velopm ent of nonpa rallel, irre gularly distribut ed mart ensite plates that,

starting from grain diame ter size, suc cessively beco me smal ler until they take up as much

space in the austenite grain a s is pos sible. The irregu larly dist ributed single plates are clearly

visible in the scanning elect ron micrograph (SE M) (Figur e 7.19), single needles that seem

jagged, obtaine d from cross sectio ns of the plate s toget her with retained austeni te, are shown

in the light micr ograph (Figur e 7.16 and Figure 7.17) . This mart ensite morp hology is call ed

plate martensite, and is characteristic of the carburized case microstructure. With carbon
FIGURE 7.16 Plate martensite and retained austenite in the case (14NiCr18, 0.7% C, 20% retained

austenite). (From O. Schwarz, J. Grosch, C. Genzel, W. Reimers, Härterei Techn. Mitt. 49:134, 1994.)
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FIGURE 7.17 Plate martensite and retained austenite in the case (14NiCr18, 1.0% C, 60% retained

austenite). (From O. Schwarz, J. Grosch, C. Genzel, W. Reimers, Härterei Techn. Mitt. 49:134, 1994.)
con tents of up to 0.4% carbon in su persaturat ed solut ion, marten site con sists of plates that

are arrange d in packets of different orient ations wi thin the form er au stenite grain bounda ries

(Figur e 7.18). The singl e plate s ha ve a thickne ss of abo ut 0.1–0. 5 mm, and their large st

diame ters are in the range of 1–5 mm. The single plate s are clearly visible in SEM magni fi-

cati on (Figur e 7.20), as is their arrange ment in layer ed pack ets. Light micrograph s allow often

just to discer n cross sectio ns of the plates. From studies using the trans mission electron

micr oscope it follo ws that the disl ocatio n den sity of the single plate s is high, in the size

range of 10 11 –10 12 disl ocatio ns pe r squ are centi meter [75].

It is possibl e to make the austeni te grain bound aries visible in the carbu rized micr ostruc-

ture as the prior austeni te grain size (Figur e 7.21) , they can usually only be etched separat e

from the matrix microstr ucture. The prior austeni te grain size is a furth er ch aracteris tic of

carburized microstructures, fine-grained microstructures having a better behavior under all

loading conditions. Martensitic transformations within large grains may cause microcracks in
FIGURE 7.18 Lath martensite in the core microstructure (14NiCr18, 0.15% C). (From O. Schwarz,

J. Grosch, C. Genzel, W. Reimers, Härterei Techn. Mitt. 49:134, 1994.)
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FIGURE 7.19 Lath martensite, SEM micrograph (16MnCr5).
marten site plate s (Figur e 7.22) if a rapidl y grow ing marte nsite plate (in the size range of 10 � 7 s

[75,76]) in the plate martensit e impi nges on an alrea dy existing plate , thus con verting its

kinetic energy into an impac t that causes the plate to crack. Low trans formati on temperatur es

contri bute to the developm ent of micr ocracks [79,80].

In direct ha rdening, it is necessa ry to use steels whose au stenite grain sizes do not grow

much during carburi zing. Suitable fine-grai ned steel s are alloyed with alumi num an d nitro gen

and sub jected to a thermo mechani cal treat ment in which a fine grain develops that is

stabili zed by aluminu m nitr ide precipi tation on grain bounda ries [81–84 ]. The rati o of

alumin um to nitr ogen oug ht to be abou t 3 to 5. The absorpt ion of carbon into the case

micro structure a nd the martensit ic transform ation lead to an increa se in volume with respect

to the initial microstructure. In combination with the cooling and the tranformation process,
FIGURE 7.20 Plate martensite, SEM micrograph (16MnCr5).
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FIGURE 7.21 Austenite grain boundaries in carburized steel (15CrNi6).
resi dual stresses develop in the carbu rized micr ostruc ture, with co mpressive resi dual

stre sses in the case that turn into tensile resi dual stresses when reachi ng the case depth

(Figur e 7.23 [66] ).

Carbu rized micr ostruc tures are almos t alway s tempe red to transform the unstabl e and

brit tle as-quenc hed martensit e into the more stabl e tempered mart ensite. This leads to an

increa se in ductility and thus minimiz es the occurrence of delayed fract ure [86] . The trans-

form ation of retained austeni te tends to decreas e distortio n. With common carburizing steels

the tempe ring tempe ratures are lim ited to 180–200 8 C =365–392 8 F to en sure that the usu ally

requir ed surfa ce ha rdness of more than 60HRC is still maint ained, an d for econ omic reasons

the tempe ring time is almos t a lways no more than 2 h. With high-a lloye d steels such as the

M50-N iL =AMS 6278 [87,88] a change in tempering conditio ns may become necessa ry. In

tempe ring, carbon diffu ses from the sup ersaturat ed mart ensite lattice in severa l tempe rature-

dep endent stages and segreg ates at lattice defect s or form s ca rbides with the iron atoms of the

matr ix [85,89–93] . In the tempe rature range be tween 1 00 8C (212 8 F) and 200 8 C (392 8 F), i.e., in

the temperature range of conventional tempering of carburized microstructures, transition

carbides are precipitated from the martensite in steels with a carbon content higher than 0.2%
FIGURE 7.22 Microcracks in the plate martensite (16MnCr5).
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(stated are hexagon al e -carbide s Fe2C and , particular ly with higher carbon content s, ortho-

rhombi c h-carbide s Fe2,4 C and mono clinic g -carbides Fe 2,5 C) [91–97]. As a supersa turat ed

a’ -solid so lution, the martensit e con tains up to 0.2% carbon segreg ated at lattice defects. The

tetragon ality and en suing hardness of the marte nsite decreas e [98] . W ith carbo n content s

lower than 0.2% , e -carbide pr ecipitat ion is highly impro bable for energy- related reasons .

Under the tempe ring cond itions that are common practi ce in carburi zing, only a smal l

amount of retained austenite is trans form ed, the comp lete trans formati on of retained au ste-

nite would take 2 h of tempe ring at 300 8 C=572 8 F [99] or more than 50 h of tempe ring at

180 8 C=3568F [100] since the effe cts of tempering tim e and tempe ring tempe rature are inter-

changea ble [101, 102]. It is also pos sible to decreas e the co ntent of retaine d austenite by means

of deep cooling , howeve r only a t the expenses of mech anical propert ies, in pa rticular at the

expense of fati gue resi stance [65] . The trans form ations that occu r in a micr ostructure sub-

jected to 2 h of tempe ring at 180 8 C =365 8 F cannot be resolved in the optical microsco pe.

Impurity atoms, phosp horus in pa rticular , may segreg ate at the au stenite grain bounda r-

ies during carbon diff usion. In the diffusionl ess transform ation, this state of segregati on is

inheri ted from the martensite and can lead to its embri ttlement if retain ed au stenite is

trans formed in tempe ring and cement ite is precipitat ed at the former austeni te grain bound-

aries that are segreg ated with phosph orus [103–1 08]. This one -step-temp er-embrittl ement

occurs at tempe ratur es around 300 8 C (572 8 F) and is onl y effe ctive in rapid loading . In the

common tempe ring practi ce, tempe r embri ttlement of carburi zed componen ts is hence very

unlikel y. Temp ering causes a shift in the hardness gradie nt tow ard lower values an d de eper

case depth (Figur e 7.24) , the residu al stre sses become smaller (Figur e 7.25) .

In all the ox ygen-cont aining carburi zing atmos pheres, oxyg en react s with the elem ents of

the case micr ostruc ture, with chromi um, mangan ese, and silicon oxidiz ing under carburi zing

cond itions, wi th the reductio n of iron, molybdenum , and nickel [109] . As a con sequence,

surfa ce oxidat ion oc curs and is most promi nent alongsi de the grain bounda ries wher e

diffusion is faster [109–1 11]. The sil icon con tent of the carbu rizing steels seems to be a

measur e of the surfa ce oxidat ion depth, wherea s the mangen ese co ntent co ntrols the intensit y

of the intergranul ar oxidat ion [111]. The inter granula r surface oxidat ion (Figur e 7.26) is a

characteristic of carburized microstructures [110,111] that can be avoided only by oxygen-free

carburizing atmospheres as generally used in low-pressure carburizing or in plasma carbur-

izing [26–29]. Carbide formation in carburized microstructures occurs when the C-potential is
� 2006 by Taylor & Francis Group, LLC.
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in the tw o-phase austeni te =cementite field or when a micr ostruc ture, carb urized in the

homo geneous austeni te pha se field, in a sub sequent heat treatment has stayed in the two-

pha se field for suff iciently long time. It should be taken into co nsideration that the ca rbon

con tent of the eu tectoid co mposition an d the S–E line in the Fe–C diagra m shift tow ard lower

values by alloy ing eleme nts, particu larly by chro mium [112] . W ith a C- potential near the

cement ite poin t in a two -stage carburi zation , ledges carburi zed by tw o planes are especi ally

vulnera ble (Figure 7.27). Car bides are almost alw ays unwel come, the more so if precipitat ed

on grain bounda ries (Figur e 7.28) . Nonmet al inclusions in steel such as sulf ides or oxides

remai n unchange d by carb urizing (appear ing as da rk areas in Fig ure 7.29) .
7.4 REACTIONS WITH HYDROGEN AND WITH OXYGEN

Atom ic hydrogen with the ability to diff use into steel de velops in electroch emical process es

[113] , wel ding [114] and heat treatmen ts such as carburiz ing [115]. Hydroge n in steel can
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W. Reimers, Härterei Techn. Mitt. 49:134, 1994.)
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FIGURE 7.26 Surface intergranular oxidation (15CrNi6).
recombine to molecular hydrogen or cause failure by coupling with lattice defects, imperfec-

tions, and microcracks, with the hydrogen-induced embrittlement of high-strength steels as

the most severe failure [116]. The partial pressure of hydrogen pH2
¼ 5.3�10�7 in an atmos-

phere of 1 bar is very low, therefore it ought be possible for hydrogen as a highly diffusable

element in interstitial position to effuse into the air making effusion annealing (soaking)

unnecessary. Hydrogen, however, besides being interstitially soluted is also attached to lattice

defects [117–119] such as vacancies, dislocations, and grain boundaries, to elements of the

microstructure [120] such as precipitations and inclusions as well as to imperfections [121]

such as pores and microcracks. These linkage conditions are zones of increased absorption of

hydrogen (hydrogen traps) during intake and act as hydrogen sources in degassing, and

therefore solubility and diffusion coefficient are dependent on morphology at temperatures

below about 4008C (7528F) [122,123]. Carburizing steels [123] for instance are cited with

diffusion coefficients of DH¼ 3.4� 10�7 cm2=s for the core microstructure (0.2% carbon) and

DH¼ 0.9� 10�7 cm2=s for the case microstructure (0.8% carbon). Moreover, the combined

hydrogen means that the maximum degassing rate [6]

f ¼ ct � c0

cs � c0

(7:54)
FIGURE 7.27 Globular carbides in the case microstructure (15CrNi6).
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FIGURE 7.28 Carbides on grain boundaries in the carburized case (15CrNi6).
is depend ent on dega ssing tim e and tempe ratur e (Figur e 7.29 [124]). In Equation 7.54 c0 is the

initial hydrogen concentration and ct the concentration after the degassing time t in a

component, cs is the concentration at the surface. At room temperature, normalized steel

has a content of H ¼ 0.05�0.1 mgH=gFe [114], which may rise up to 16 mgH=gFe [125] in

deformed microstructures that have a high lattice defect density. As oxide layers impede the

diffusion of hydrogen into the atmosphere, degassing is usually carried out in an oxygen-

reducing atmosphere.
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Iron is produced from iron oxide (and iron sulfide) ores by energy supply and therefore

oxidizes in every atmosphere in which the oxygen partial pressure is higher than the oxygen

partial pressure of iron oxide [32]. Figure 7.30 shows the dependence of the oxygen partial

pressures of iron and its oxides on temperature [126–128]. Oxygen partial pressures above the

Fe curve stimulate oxidation. The iron oxides are reduced on falling below their respective

partial pressure. It follows that iron and steel with similar behavior oxidize in air ( po2
¼ 0.2

bar). In technical terms, the surface of a steel is referred to as bright when the oxide layer,

which inevitably forms in air, is only about 20-nm thick and thus not visible to the eye.

Tarnished surfaces that are equivalent to oxide layers between roughly 50 nm (straw color)

and roughly 70 nm (blue color) are regarded as technically clean. Layers of more than about

1 mm are discernible in the light microscope and develop up to about 5 mm during blueing,

turning black. Oxide layers starting from about 10-mm thickness that form at temperatures

exceeding 5008C (9328F) are no longer dense and scale off because of the different volumes of

oxide and substrate.

Thick oxide layers may adversely affect the properties of a component whereas thin oxide

layers obstruct the mass transfer and must therefore be reduced, in particular prior to

carburizing or nitriding. It has been pointed out earlier that oxidation can be avoided either

by lowering the (overall) pressure in the furnace (vacuum processing) or by displacing the air

in the furnace by a protective gas. The partial pressure of wüstite Fe0.947O is according to

[128] 1.07� 10�19 bar at a temperature of e.g., 8008C (14728F), i.e., to avoid oxidation caused

by air ( pO2
¼ 0.21 bar) it would be necessary to decrease the pressure within the furnace to

less than 10�18 bar. In vacuum furnaces, however, considerably smaller vacuum values in the
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range of 10� 5 bar suffice to attain bright surfaces. During heating and evacuating, some of the

trapped hydrogen will escape and react with the low-oxygen contents in the vacuum according to

2H2 þ O2 $ 2H2 O (7:55)

to generat e water vap or, whose ox ygen parti al pressur e is consider ably low er than that of free

oxygen . The redu ced ox ygen partial pre ssure may result in the reduction of iron ox ides.

Oxyge n mo lecules that hav e not trans forme d to water vapor react with the steel to form

invis ible oxide layer s. This phe nomenon be comes clear by studyi ng how the leakage rate of

the vacu um furnace affe cts the growth of the oxide layer [126]. Figure 7.31 [126] shows the

relation ship be tween the maximu m thickne ss of the layer (and the decarbu rizing depth of

the case related to 1% carbon in the steel) and the leakage rate of a vacuum furnace with the

parame ters final pressur e, furnace volume , and treat ment tim e. W ith leakage rates smaller

than 10 �2 mbar � l =s, whi ch can be obtaine d wi thout much techni cal difficul ty, the pe netrating

oxygen is of virtually no impor tance to the thickn ess of the ox ide layer (and to the decar-

burizi ng depth). It follo ws that in ind ustrial vacuu m furnace s oxidat ion is avo ided by

gas react ions and thus the vacuu m (heat) treatmen t can be de signated as heat treatment

with gases.

Pure nitrog en is inert with respect to steel and thus an eco nomica l protect ive gas. In a

nitrogen atmosphere with an oxygen partial pressure of zero, iron oxide is reduced until the

oxygen partial pressure of the atmosphere, which has developed from the emitted oxygen,

reaches the same level as the oxygen partial pressure of the oxide. The oxygen partial

pressur es of the iron oxides (Figur e 7.30) are minimal , and the nitr ogen atmos phere scarce ly

reduces. Industrial nitrogen contains moreover small amounts of oxygen that are equivalent

to an oxygen partial pressure in the size range of 10�5 bar and even purified nitrogen still

contains oxygen equivalent to a partial pressure of about 10�6 bar [129]. Therefore, at least

2 Vol% hydrogen are generally added to a nitrogen atmosphere to ensure that according to
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Equation 7.56 wat er vapor is generat ed via the trans formati on of the total of the existing or

developi ng oxygen that with leakin g furnace s diffuses into the furnace from the ambie nt air.

The ox ygen partial pr essure of such an atmosp here can be calcul ated accordi ng to

pO2
¼ kp pH2 O

pH2

(7: 56)

with the equilib rium constant kp listed in Ref. [128] . Atmosp heres consis ting of nitr ogen,

hydroge n, and wat er vapo r can easil y be asses sed because the rati o of H2O to H2 of their

respect ive pa rtial pressur es is ind ependent of tempe rature. Figure 7.32 [126] shows the

interrela tions hip be tween the ratio of pa rtial pressur es, oxygen potenti al, and temperatur e,

and also plots of the pha se fields of iron and iron oxides. From these it is possibl e to ascert ain

gas compo sitions with neutral , reducing, or oxidiz ing effects. The HN gases, or mono gases,

composed of nitrogen and hydrogen, are generated from ammonia decomposing completely,

2NH3 ! 3H2 þN2 (7:57)

or from a pur ified a nd dr ied generat or gas. Accor ding to Equation 7.45 these gases have a

decarburizing effect, with a rather sluggish reaction [44] that is only effective at treatment

temperatures of about 5008C (9328F) and more. HN gases are therefore mainly used in the

heat treatment of steels with a low carbon content or at temperatures below 5008C (9328F)

such as for tempering. Pure hydrogen atmospheres have excellent heat conduction properties

and are utilized as a protective gas, for instance in bell-type annealing furnaces. Thereby to

avoid explosive mixture of oxygen and hydrogen, it is necessary to control the oxygen content

by means of the oxygen sensor. In controlled oxidizing or blueing, annealing is accomplished

in an atmosphere of saturated water vapor (99.9%), the reaction according to Equation 7.56

proceeding from H2O, thereby forming a black oxide layer of about 1–5 mm thickness whose
Fe2O3

Fe3O4

FeO

Fe

bar

10−10

10−20

10 −30

10 −30

1

pO2

p H
2O

/p
H

2

0 500 1000

Temperature (�C)

1500

106

103

10−3

10−6

1

FIGURE 7.32 Partial pressure relation pH2O
/pH2

versus temperature. (From R. Hoffmann, Härterei

Techn. Mitt. 39:61, 99, 1984.)

� 2006 by Taylor & Francis Group, LLC.



106

103

1

10−3

10−6

0 500

Temperature �C

p c
o2

/p
co

1000 1500

Fe2O3

Fe3O4

pO2

bar

10−10

10−20

10 −30

10 −40

Fe

1

FeO

FIGURE 7.33 Partial pressure relation pCO2
/pCO versus temperature. (From R. Hoffmann, Härterei

Techn. Mitt. 39:61, 99, 1984.)
corrosi on resi stance is better than that of iron. This procedu re is mainly app lied for pr otecting

tools against corrosio n from hand ling.

Decar burization is avo ided by using gases comp osed of CO2 an d CO, H 2 and H 2O dilut ed

with N2 (referre d to as CCHN gases or exo ga ses) as protective gases, wi th their C-potent ials

adjust ed to the carbon co ntent of the steel acco rding to the inter relationshi ps as discus sed in

Secti on 7.3. 2. At thermod ynami c equilibrium , whi ch is establis hed at higher tempe ratures

accord ing to the homogen eous water gas react ion 7.26, there is a corres ponde nce among the

oxygen partial pressur es calculated from the ratio of H2O =H 2 and that of CO 2=CO, and also

with the free oxygen . This means that in addition to the interrela tionsh ip of the H2O =H 2 ratio

as shown in Figure 7.32, the corres pondi ng inter relationshi p of the CO2=CO ratio as shown in

Figure 7.33 [126] has to be taken into co nsideration. As a rule, CCHN gases are gen erated as

generat or gases by the comb ustion of hy drocarbons such as metha ne (natural gas) or pro pane

with air, the ratio of comb ustion g as to air determ ining the quantitati ve compo sition, and

thus the C- potential.
7.5 NITRIDING AND NITROCARBURIZING

7.5.1 INTRODUCTION

The ind ustrial ap plication of nitr iding star ted with studi es by Ma chlet [130] and Fry [131, 132],

who intro duced the classical g as nitr iding in ammoni a atmosp heres at the temperatur e range

of a-ir on. This gas nitriding process as recomm ende d by Mach let and Fr y is sti ll applie d

to date as a treatment that causes mini mal distortio n in compone nts consis ting primaril y of

nitr iding steel s that have to endure ab rasion, rolling fatigu e, and fati gue. Dep ending on the

desir ed nitriding ha rdness depth, a treatmen t time of up to 120 h is necessa ry. Based on

studies by Kinzel and Egan [133], nitriding in cyanide-containing molten salts has subse-

quently been developed [134–136]. In this procedure both carbon and nitrogen are introduced

into the case, and the process is termed salt bath or liquid nitrocarburizing. Nitrocarburized
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micro structures also de velop in gaseous atmos pheres when ammoni a is blende d with a

carbon-e mitti ng gas [137–1 44]. Gas nitro carburiz ing is wi dely ap plied, with the use of add-

itional gases such as endo gas, exo gas, carb on dioxide , methy lami ne, an d metha nol resulting

in several process ing v ariants. Thi s chap ter descri bes gas nitriding and gas nitroca rburizing.

At standar d pressur e, soli d and liqui d iron dissol ve only a small amount of nitr ogen,

a-iro n up to an optim um of 0.005 wt % at 810 8 C (1490 8 F) on the trans ition to g-ir on, which at

this tempe ratur e has also its maxi mum solubi lity of 0.035 wt% for nitr ogen (Figur e 7.34

[145]), a binary phase diagra m of no inter est. Accor ding to Siever ts, solubi lity can be

impr oved by increasing the pa rtial pressur e of nitr ogen in pro portio n to the sq uare roo t of

the pa rtial pressur e of nitr ogen,
ffiffiffiffiffiffiffi
pN2

p
. The main con stituent of nitriding atmosp heres is

ammoni a, NH3, which on decomp osing causes the partial pressur es of nitr ogen to increa se

consider ably, thus responsi ble for the form ation of diff erent solid pha ses at equ ilibrium

[146,147] that vary in their respective pressure–temperature–concentration diagrams accord-

ing to their nitrogen content and can be projected on a joint temperature–concentration

surfa ce plane in a Fe–N phase diagram (Figur e 7.35 [146–148]) that is consequen tly not at

equilibrium at p¼ 1 bar. In technical application, processing is done mainly in the phase field

a-iron, which at 5908C (10948F) dissolves a maximum of 0.115 wt% nitrogen. The low

solubility of nitrogen in a-iron together with the necessity of producing high partial pressures

for nitriding has so far made it almost impossible to use nitrogen potentials that lead to a

nitrogen absorption only in the a-iron. The aim of the generous nitrogen supply is the

formation of both nitrides and a microstructure that consists of a compound layer of nitrides

and an adjoining diffusion zone. The nitriding atmospheres are at a nonequilibrium in this

process, making a quantitative treatment such as in carburizing impossible. In actual practice,

a processing characteristic indicating the nitriding power or nitriding potential [149–153], or

sensors [154–155] are therefore used, allowing to adjust the gas composition to the desired

microstructure, i.e., characteristic and sensor signals are calibrated with regard to the nitriding
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microstructures. Hence, the following discussion starts with describing nitriding and nitro-

carburizing microstructures and subsequently deals with the processing.

7.5.2 STRUCTURAL DATA AND MICROSTRUCTURES

7.5.2.1 Structural Data

Nitrogen has a (homopolar) atom diameter of 0.142 nm and is soluted in iron in interstitial

position in octahedral voids of the cubic lattice, which has a maximum diameter of 0.038 nm

in body-centered cubic a-iron and a maximum diameter of 0.104 nm in face-centered cubic

g-iron. Nitriding of pure iron at temperatures of up to 5908C (10948F) with an increasing

nitrogen content according to Figure 7.35 leads to the formation of the following phases:
� 20
1. Body-centered cubic a-iron, which dissolves 0.001 wt% nitrogen at room temperature

and 0.115 wt% nitrogen at 5908C (10948F)

2. Face-centered cubic g’-nitride, Fe4N, which dissolves 5.7–6.1 wt% nitrogen (stoichio-

metric 5.88 wt%)

3. Hexaedral e-nitride, Fe2–3N, which exists in the range of 8–11 wt% nitrogen

4. Orthorhombic z-nitride, Fe2N, forms at temperatures below about 5008C (9328F) and

nitrogen contents exceeding 11 wt%, i.e., at formation conditions that are not used in

technical practice
At temperature above 5908C (10948F), g-iron is formed according to the binary Fe–N

phase diagram (Figure 7.35), and it dissolves a maximum of 2.8 wt% nitrogen at 6508C
(12028F). At 5908C (10948F) and 2.35 wt% nitrogen, an eutectoid microstructure designated

as braunite is produced that consists of a-iron and g’-nitride. Nitrogen has a stabilizing effect

on austenite, which therefore transforms slowly. Martensite formed on a Fe–N basis is

moreover rather soft, the technical nitriding processes are therefore usually limited to the

ferrite field. The structural data discussed above are valid only if pure iron is nitrided, that is

to say they are valid only as an exception because generally the carbon present in the steel,
06 by Taylor & Francis Group, LLC.
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and in nitrocarburizing also present in the nitriding medium, is incorporated into the case

microstructure during the process and competes with the nitrogen. The nitrides absorb

carbon, causing the range at which the carbonitrides Fex–Ny– Cz exist to broaden relative

to the binary system Fe–N, which can be inferred from the ternary system Fe–C–N (Figure

7.36 [156] and Figure 7.37 [157]). Moreover, there is the possibility of u-carbide (cementite)

formation. In nitriding or nitrocarburizing alloyed steels, it should also be taken into

account that nitrogen and carbon are prone to form nitrides or carbonitrides with alloying
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elem ents such as aluminu m, ch romium, an d vanad ium, whose co mposi tion can only be given

in the gen eral term Mx –N y or M x –Ny–C z , wher e M stands for meta l. Present knowl edge

allows only to ap ply the van Orstrand– Dew ey solution (Equa tion 7.19) of the diff usion

equ ation for nitroge n in the a -iron [158]. The diffusion coefficie nts (as listed in Ref . [153])

are: in a-iro n, Da
N 
¼ 6.6 � 10 �3 ex p(� 77,820 =RT ); in g’ -nitride , D g

N 
� (1=25) D a

N 
; and in

e -nitride , De
N 
� (1 =60)D a

N 
.

Nitrides develop by g’ -nucle ation at the interface between nitriding atmos phere an d the

substr ate, and subsequent nuc leation of e -nitride s at the interface between the atmos phere

and the alrea dy formed g’ -nitride s (F igure 7.38 [159]) unt il the build- up of a co mplete layer of

g’ -nitride tow ard the substrate and of e -nitride tow ard the surface, which is called the

compo und layer . This compo und layer allows control led process ing bec ause of its define d

con centration gradie nts, nitr ogen diff usion is howeve r consider ably slower in the compou nd

layer than in the ferrite.

7.5. 2.2 Microst ructur es of Nitrided Iron

The describ ed micro structural formati on is found in nitr ided pure iron (Figur e 7.39), the

sequen ce of nitride layer s is clearly visi ble in SEM micrograp hs (Figur e 7.40). The e -nitride

layer shows pores that, according to pressure theory [159], form when nitrogen atoms in the

e-nitride layer recombine to nitrogen molecules, thus creating high pressures. A consistent
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FIGURE 7.39 Pure iron nitrided, etched with Nital.
theory on the c auses of porosit y ha s howeve r not been offered yet [160]. Carbon ch anges

the morpholog y of the compoun d layer, causing part of the e -nitride and g ’-nitride to arrange

side-b y-side. The c arbon may origin ate in the steel or in the nitriding atmos phere (Figur e

7.41, nitr ocarburi zed pur e iron), in compari son with nitr ided pure iron (Figur e 7.42) .

The samples in Figure 7.41 and Figu re 7.42 are etched wi th Murakami solution, whic h has

a strong er effe ct on carbo n-conta ining micr ostructure areas, hen ce mak ing them appear dark.

The hardness of the co mpound layer is in the range of 570 HV0.02 an d not signi ficantly

affected by the descri bed morph ological difference s. Bene ath the comp ound layer , nitrogen is

solut ed in a-iron (dif fusion z one) at nitr iding tempe ratur e and segreg ates during cooling in

corres ponde nce with the decreas ing of solubi lity in a-ir on as coarse- shaped he xaedral body -

center ed a’’ -nit rides, Fe8N (Figure 7.39). In que nched micr ostruc tures, nitr ogen remai ns in

supersa turate d solut ion, and subsequen t aging leads to more unifor mly disper sed finer

a’’ -nitride s (Figur e 7.43, aged 20 min at 325 8 C =617 8 F). A co nsiderab le increa se in the

hardness of the diffusion zone is only achieved by the amount of supersaturated soluted
FIGURE 7.40 Pure iron nitrided, SEM micrograph.

� 2006 by Taylor & Francis Group, LLC.



FIGURE 7.41 Pure iron nitrocarburized, etched with Murakami.
nitr ogen (solid solut ion stre ngtheni ng) and is decreas ed again to the values charact eristic of

the slowly cooled diffusion zone by aging.

7.5. 2.3 Microst ructur es of Nitrided an d Nitrocarb urized Steels

With steels, there are no major chan ges in the described micr ostruc tures, some sp ecific

charact eristic s howeve r are alte red by the existing carbo n content an d by nitr ide-formi ng

alloy ing elem ents. With respect to the cond itions at which those nitrides form, it should be

noted that the tempe ratur es and concen trations of the phase limit s in Figure 7.35 through

Figure 7.37 are shif ted by a lloying elem ents. Give n equ al nitriding con ditions as to nitr ogen

supp ly and nitr iding tim e, the compo und layer of plain carbon steels is alw ays thicke r than

that of steel s a lloyed with nitr ide-formi ng elemen ts (Figur e 7.44 [161]) because nitrides or

carbon itrides form ed with alloy ing elem ents co ntain more nitro gen than nitr ides or carbo ni-

trid es formed wi th iron. The thickne ss of the compoun d layer, whi ch is eq uivalen t to the area

of increased nitro gen co ntent, is further depend ent on the nitr iding time (Figur e 7.45) , the
FIGURE 7.42 Pure iron nitrided, etched with Murakami.
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FIGURE 7.43 Pure iron, nitrided, quenched and aged (3258C, 20 min).
nitriding tempe rature (at set nitriding tim e, Figure 7.46) an d, most markedl y, on its prelim-

inary treatment (Figur e 7.47, different ly process ed). The share of the por osity frin ge is lower

with alloy steels than wi th plain c arbon steels, the nitriding pro cess howeve r has littl e

influen ce on the formati on of the compou nd layer (Figur e 7.44) as well as on the ov erall

micro structure morpho logy, on conditio n that the respect ive nitriding con ditions are equal.

The co mpound layer con tains carbon, whic h is locat ed as carbon enrichm ent in the form of a

carbon hill at the inner inter face betw een compound layer and diffusion zone and can be

made visible by means of an adeq uate etchi ng techni que (Figur e 7.42, Murakami solution) as

well as by analytical method s (Figur e 7.48). Withi n the diffusion zone of a lloy steels, the total

of the diffusing nitrogen is tied up in nitrides or carbonitrides that do not resolve under the
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light microsco pe. The form ation of a sup ersaturat ed a-iron occurs only with plain c arbon

steels, by slow co oling from nitriding tempe rature s or by aging of the quen ched micro struc-

ture (Figur e 7.43) is possible for this a-iron to segreg ate iron nitrides.

The comp ound layer s of plain carbon steels, which form iron nitr ides or iron carbon i-

trid es, reach a ha rdness of 5 00 to 8 00 HV0.02, that of alloy steels in which the iron in the

nitr ides or the carbo nitrides is replac ed by alloy ing elem ents, reach abou t 900–1000 HV 0.02.

Nitridi ng steels that are alloy ed with aluminum or molybdenu m can ha ve a hard ness of up to

1200 HV0.02. Deno ting the carbo n atoms (soluted or prec ipitated as nitrides or carbon i-

trid es), the ha rdness of the diffu sion zone must be related to the hard ness of the mate rial prior

to its heat treatment . The initial hardness is depend ent on mate rial proper, above all on its

carbon co ntent, and on its micr ostructure, the higher hardness of que nch and tempe r

microstructures is only maintained if at nitriding temperatures the material has good
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tempe ring propert ies. Figure 7.49 sho ws a resul t typical of a ga s nitrocarburi zed que nch an d

tempe r steel. The nitr ides of nitriding steel s contai n more nitr ogen, acco unting for the

form ation of harder compoun d layer s and more shall ow nitriding case depths (Figur e 7.50)

at eq ual nitr ogen supply.

Cr- and Cr– Ni-all oyed stai nless steel s are compara tive ly soft and thus have a rather poor

wear resistance . In recent years nitriding process es were developed that led to a higher

hardness of the case and thus to a better wear resi stance of these steel s wi thout dimi nishi ng

their c orrosion resistance . The pro cesses can be distingu ished by their nitr iding tempe ratures.

At the low -temperat ure nitr iding process es [162–1 64] nitr iding is carried out at tempe ratur es

between 250 and 45 08C, prefer ably in plasm a, a nd a layer of us ually 6–20 mm thickne ss is

produ ced in whi ch arou nd 8–12 wt% nitro gen are solut ed. The meta stable tetr agonal
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FIGURE 7.49 Hardness gradient of gas nitrocarburized steel 42CrS4 (hardness of compound layer 928

HV0.015, surface hardness 352 HV10, core hardness 189 HV0.1).
face-centered solid solution is markedly expanded and is designated as S-phase.* The corrosion

resistance of the stainless steel remains unchanged, or enhanced by the soluted nitrogen as

long as no Cr-nitrides are precipitated. The high hardness of the S-phase in the range of 1400–

1600HV changes abruptly to the core hardness, i.e., the layer enhances the wear resistance at

abrasive and adhesive loading with high relative rates and low pressure directed to the

surface. At the high-temperature nitriding processes [165–167] of Cr- and Cr–Ni-alloyed

stainless steels, the temperatures range between 1050 and 11508C. At these temperatures

molecular nitrogen is dissociated, nitrogen diffuses into the case at pressures applied between

0.2 and 3 bar, with usually 0.3–0.9 wt% homogeneous soluted nitrogen and depths up to

2.5 mm. Cr- or Cr–Mo-alloyed martensitic stainless steels are diffusionless transformed,

Cr–Ni-alloyed stainless steels are cooled down in such a way that Cr-nitride precipitation

does not occur and nitrogen remains soluted. In both cases a hardness profile is established,

the hardness increase is more marked in the Cr–Ni-alloyed steels (at an overall lower level).

7.5.2.4 Microstructural Specialites

On slow cooling, nitriding and nitrocarburizing at temperatures above 5908C the eutectoid

transformation of austenite to ferrite and g’-nitride leads to a special microstructure
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FIGURE 7.50 Hardness gradients of nitrided steels.

*An S-phase in stainless steels can also be obtained by lower temperature carburizing.
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FIGURE 7.51 Braunite (St 37, nitrided at 6408C for 16 h).
(Figur e 7.51) , which is somet imes call ed Br aunite [132]. In quen ched microstr uctures the

austeni te beneath the comp ound layer is retain ed (Figur e 7.52). Car bides in the initial

micro structure a bsorb nitr ogen and a re transform ed to carbon itrides. With large r carbide s

and carbide s with alloy ing elemen ts, the nitriding time necessa ry to complet ely dissol ve the

carbide s in the compound layer is often not long enough , thus explai ning the existence of left-

over carbide s in the compoun d layer (Figur e 7.53) . The nitr ogen absorpt ion in the carbide s is

plainly visib le by their changed etchabi lity. Nonmeta llic inclus ions do not respon d to nitro gen

and remai n existent; exampl es are graphite in globula r cast iron (F igure 7.54) an d manganes e

sulfides in mach ining steels (Figur e 7.55).

7.5.3 NITRIDING AND NITROCARBURIZING P ROCESSES

7.5.3 .1 Nitri ding

A nitriding atmos phere con sists always of ammoni a, NH3, somet imes dilut ed with add itional

gases such as nitrogen , N2, and hydrogen, H2. At the usual nitriding temperatures of 500–5708C
(932–10588F), ammonia is in instable thermodynamic state and dissociates according to

2NH3 ! 2N(ad) þ 6H(ad) ! N2 þ 3H
2

(7:58)
FIGURE 7.52 N austenite (Ck35, nitrocarburized at 6308C for 40 min and quenched in water).
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FIGURE 7.53 Carbides in the nitrocarburized case of chill-cast iron.
This react ion, v alid for thermal equilib rium, leads to de grees of dissoc iation higher than 99%

and thus to the formati on of a protect ive gas without an y nitriding effe ct, as mention ed in

Chapt er 10 (Equ ation 7.57). Despite the be neficial, catalyti c effect of the surfa ces of the

workpieces and the furnace wall, the dissociation of ammonia in the furnace is a very sluggish

process, probably because the mean residence time of the gas in the furnace is too short for

reaching an equilibrium by recombining to molecular nitrogen [152,168]. Technically used

ammonia-based nitriding atmospheres contain therefore rarely less than 20%, frequently up

to 50% ammonia, hence their degree of dissociation is far from equilibrium. The remaining

ammonia content is decisive for the effect of nitriding, during which nitrogen diffuses into the

steel according to the reaction

NH3 ! N(a) þ (3=2)H
2

(7:59)

that occurs within the boundary layer. The nitrogen activity, which is the driving force in the

mass transfer, can be calculated according to

aN ¼ KN

pNH3

p
3=2
H

(7:60)
FIGURE 7.54 Graphite spheroides in the compound layer (GGG 70).
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FIGURE 7.55 MnS in the compound layer (9SMnPb28K).
As the nitr ogen trans fer is compara tively low, the release of hydrogen from the ammoni a

molec ules de termines the rate of the process [168]. Therefor e, as mention ed earlier, nitriding

times are rather long, up to 120 h [169].

The nitriding effe ct of a nitriding atmos phere is define d by its de gree of dissoc iation an d

can be used for control ling the nitriding pro cess, wi th high de grees of dissoc iation always

indica ting a near-e quilibrium state where the nitr iding effe ct is low . In process ing, it is

common practi ce to use a constant degree of dissoc iation but sometime s a two -stage proced-

ure involv ing varia tions of tempe rature and of dissoc iatio n degree is app lied (Floe process

[170,171 ]. How ever, the measur ed ammoni a content is not equival ent to the actual degree of

dissoc iation. In ammonia dissoc iation acco rding to Equation 7.58, tw o molec ules of ammo-

nia dissociate to one molec ule of nitr ogen and three molecules of hydrogen. This increase in

volume dilutes the ammoni a con tent, as do add itional gases, an d must be taken into a ccount

in ascert aining the actual degree of dissoc iatio n. The nitriding effect can be determined more

easily by means of the nitriding charact eristic NK (nit riding power or nitr iding potential)

[149–1 52]

NK ¼ pNH3

p
3 =2
H

(7: 61)

that, followin g Equat ion 7.62, is to da te general ly used for descri bing the nitr idabilit y of an

ammoni a atmosp here. The hy drogen parti al pressur e originates from the dissoc iation of

ammoni a a nd can be alte red an d co ntrolled by additiona l gases. Accor ding to the Lehr er

diagra m (Figur e 7.56 [172]), the microstr ucture morpholog ies that can be obta ined in a

compou nd layer are de termined by both nitr iding charact eristic and temperatur e. The validity

of the diagra m has, in essence, been corrob orated in practice, the pha se bounda ries are vali d

for pure iron wi th respect to qua ntity, and with steels are dep endent on their alloy content .

From Figure 7.56 it is discer nible that at nitriding tempe ratures of more than 500 8 C (932 8 F) a

nitriding characteristic of NK¼ 5 entails the formation of e-nitride only, the necessary

nitriding atmosphere would have to be composed of about 65 Vol% NH3 and 25 Vol% H2

at a standard pressure of 1 bar. The reaction

N2+( 2N(ad) (7:62)
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 7.56 Lehrer diagram. (From E. Lehrer, Z. Elektrochemie 36:3832, 1930.)
that occurs at the surfa ce of the steel is also able to transfer nitrogen , its react ion rate is

howeve r too slow to be of actual influence. The revers e reaction, from atomic to mo lecular

nitr ogen, is consider ably faster a nd causes an increa se in volume , which co uld account for the

form ation of pores [151].
7.5. 3.2 Nitroca rburizing

In nitrocarbu rizing, an ammonia atmosp here is blended with carbo n- and-oxyge n-con taining

gases that are usually based on carbo n dioxide or allow carbon dio xide to be generat ed [139–

144]. In accordance with the homogeneo us water gas react ion as discus sed in Se ction 7.2.1,

carbon dioxide react s unde r near-eq uilibrium cond itions with the hydrogen generat ed accord-

ing to the react ion 

CO 2 þ H 2 ! H 2O þ CO (7 :26)

Give n a constant ammoni a partia l pr essure, this leads to a drop in the hydrogen partial

pressur e and a rise in the nitriding charact eristic NK. A state of near-equili brium is also

maint ained in the react ion of ammoni a with carbo n monoxide from Equat ion 7.22 or from an

additional gas

NH3 þ CO! HCNþH2O (7:63)

where hydrogen cyanide (HCN) is generated [149,151]. In addition to reaction 7.61, nitrogen

transition is furthermore promoted by the reaction

HCN! N(a)þ C(a)þ (1=2)H2 (7:64)
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in whi ch carbo n too diffuses into the steel. Car bon, moreover , diffuses into the steel via the

Boudouar d reaction an d the heterog eneou s wat er gas reaction (Equatio n 7.22 and Equat ion

7.23, Se ction 7.3.2.2). Fol lowing Equation 7.61, the carburi zing effec t of a nitr ocarburi zing

atmosphere is described by the carburizing characteristic CK

CK ¼ pCO

pCO2

(7:65)

The interrelationship between nitriding characteristic NK, carburizing characteristic CK, and

the nitrocarburized microstructures is shown in Figure 7.57 [157]. This diagram has been

corroborated in practice, as to quantity it is valid for the test conditions established by

Langenscheidt [156]. More recent results are given in Refs. [144,157,173,174]. The addition

of gases that release CO2 at nitriding temperature to the original nitriding atmosphere

consisting of NH3 thus enhances the nitriding effect of a nitrocarburizing atmosphere because

of the increased nitriding characteristic and the transformation of nitrogen from the decom-

position of HCN. In such atmospheres, at the usual nitrocarburizing temperature of about

5708C (10588F) for ferrous materials, processing times of 2–4 h are enough to lead to the

formation of nitrocarburized microstructures, consisting of a compound layer and a diffusion

zone, whose properties are such as to greatly enhance the component behavior under many

loading conditions. Above all the economic advantage of a considerably shorter processing

time and an easier solution to the problem of waste management than in salt bath nitro-

carburizing have made gas nitrocarburizing as the most often used process with ferrous

materials to date. The advantage of nitriding with ammonia atmospheres lies above all in

achieving deep nitriding depths, up to 1 mm, to meet the requirements of specific loading

conditions [169].

7.5.3.3 Processing Effects on the Nitriding and Nitrocarburizing Results

By means of Figure 7.57 it is possible to assess the gas composition that has to be established

and maintained for a specific microstructure at a given temperature. The thickness of the
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FIGURE 7.57 Influence of the gas composition on nitride formation in the compound layer. (From
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compo und layer and the nitriding ha rdness dep th are dependen t on treatment time an d

tempe ratur e, on pretr eatmen t (see Figure 7.45 through Figure 7.47) , an d on the mate rial.

The rate at which the layer grows corresponds roughly with the square root of the treatment

time (Figur e 7.48), if proc essing conditio ns are such as to guarant ee that in nitr iding with

100% ammonia the rate of the gas exchange reaches a value that is at least five times higher

than that of the furnace volume [175]. Nitrogen-diluted atmospheres have a less distinct

nitriding effect, thus requiring increased rates of gas exchange. At an equal rate of gas

exchange, additional gases yielding oxygen and carbon accelerate the growth of the com-

pound layer considerably [176] by absorbing hydrogen and thus causing a rise in the nitriding

characteristic because of the diminished hydrogen partial pressure. The content of e-nitride in

the compound layer can be controlled via the level of carbon dioxide (Figure 7.58 [177]).

To control the nitriding and the nitrocarburizing process, it is common practice to

determine the degree of dissociation and then calculate the nitriding characteristic NK.

Values to be measured are the volume percent of ammonia or hydrogen in the atmosphere.

A more recent development is the utilization of nitriding sensors, which are either designed

following a magnetoinductive measuring principle [154] or as a solid-state electrolyte

[152,155]. Nitriding and nitrocarburizing cause the electric and magnetic properties of the

material to change. These changes are measured by special sensors [154] that are introduced

into the furnace atmosphere and calibrated according to the nitriding result, with the material

and the surface of the components as the parameters. This measuring technique also allows to

seperately determine microstructural features such as thickness of compound layer or case

depth. The oxygen partial pressure can be used as an indirect measurement of the nitriding

characteristic NK [152,155] if water vapor or oxygen or carbon dioxide is present in the

nitriding atmosphere or is added in small amounts to make this measuring technique work.

From the signal of the oxygen sensor it is possible to infer the oxygen partial pressure and

thus the degree of dissociation and the nitriding characteristic NK.
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Prior to gas nitriding and gas nitrocarburizing, the surfaces must be thoroughly cleaned

because adherent layers and impurities such as oils, forging scales, and preservatives are not

entirely susceptible to the treatment at the comparatively low nitriding temperature, inhibit-

ing adsorption and diffusion and diminishing the nitrogen transfer. The thickness of the

compound layer and the case depth are therefore shallower than the expected from their

nitriding time, or soft zones may develop. As cleaning systems containing halogenated

hydrocarbons are not allowed any more for environmental reasons, or only permitted on

expensive conditions, thorough cleaning is accomplished by use of hydrous cleaners [174,178]

that sometimes are enforced by ultrasonics. Layers still existing on cleaning are frequently

further reduced by special preoxidation at about 3508C (6628F) [179].

Oxidizing, frequently carried out in the form of a water vapor treatment at a temperature

of at least 4508C (8428F) following nitriding [180–183], leads to the development on the

compound layer of iron oxides FeO, a-Fe2O4, or Fe3O4, depending on processing modes.

These oxide layers, above all the seemingly black magnetite layer Fe3O4, have a very

beneficial effect on corrosion resistance. Magnetite adheres better on nitride layers than on

iron because oxide layer and substrate reach a tighter fit (Pilling–Bedworth relationship) by

the intermediate nitride layer.
7.6 PROPERTIES OF CARBURIZED AND NITRIDED
OR NITROCARBURIZED COMPONENTS

The properties of a component [184] can be modified according to its loading requirements by

means of heat treatment, the parameters and possibilities of which must be focussed on this

aim. Hence, this chapter deals with the essential properties that can be improved by carbur-

izing and nitriding or nitrocarburizing. The properties of a component have their origin in the

interrelationship between the microstructure properties within the component and the load-

ing conditions the component has to endure.

One common characteristic of carburized and nitrided or nitrocarburized microstructures

is the hardness gradient with its parameters case hardness, hardness difference between case

and core, and case depth. The heat treatment of the surface results moreover in a specific

residual stress distribution with compressive residual stresses in the case that turn into tensile

residual stresses reaching the case depth. Heavily loaded engineering components demand

surface and substrate properties such as resistance to applied loads, to adhesive and abrasive

wear, to rolling contact fatigue and to corrosion, all of which must of course be provided in

one component. Most of the applied loads result in maximum stresses at the surface of the

component or in an area near the surface. Corrosion and wear, as per definition, affect the

component surfaces. Nearly all components are therefore stressed by a combined loading,

wear, and corrosion system with a maximum effect at or near the surface. Frequently, the

required material properties contradict each other as can be observed for instance in the

demand for a material that combines high hardness, enhanced abrasive wear resistance, with

ductility, enhanced toughness necessary to withstand single impact loads. Surface hardening

leads to a distribution of properties that fits the loading demands of most components

excellently. In contrast nontreated components, surface hardened components have therefore

always much higher fatigue and rolling contact fatigue strength as well as a better wear

resistance in all those tribological systems in which a high case hardness is beneficial.

A composite with a hard case and a soft core is tougher than a through-hardened component

(as to case behavior) but more brittle than a nonhardened microstructure (as to core

behavior). A better corrosion resistance can only develop in nitrided or nitrocarburized

components as their microstructures have a higher (more positive) corrosion potential.
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The fatigue strength of case-hardened components is improved due to the combined effect

of higher case hardness and residual compressive stresses (Figure 7.59 [185]), which results in

a local endurance limit [185,186]. This has proved valid with carburized [187] and nitrocar-

burized [188] specimens. In carburizing, the highest values of fatigue resistance are obtained

with case depths in the range of 10–20% of the component size (Figure 7.60 [189]). Given the
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same percentage of case depths, fine-grained microstructures [190,191] and a content of

retained austenite as low as possible to yield the best results [191], Figure 7.61 [191]. However,

the content of retained austenite must not be reduced by deep cooling because deep cooling

causes high tensile residual stresses to build up in the retained austenite at the surface [66],

which may initiate local cracks. Reheated microstructures have always a better fatigue

resistance than as-quenched microstructures [192], where the detrimental effect of phosphorus

segregation at the austenite grain boundaries is more distinct [103–107,192,193]. Nitriding

and nitrocarburizing lead also to a substantial increase in fatigue resistance, caused by the

above-discussed mechanisms (Figure 7.62 [194]), the best effect can be expected starting

from about 10% case depth relative to the component size [186]. At equal nitriding conditions,
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fatigue resistance is better in microstructures with a high core strength (Figure 7.63), and the

nitrocarburizing process has no significant influence.

The case hardness of carburized and nitrided or nitrocarburized microstructures causes a

better resistance to abrasive wear. To obtain maximum hardness, carburized microstructures

ought to have carbon contents of about 0.7%. The case depth can be determined correspond-

ing to the maximum value of tolerable wear depths. An additional effect of the compound

layer is to increase the resistance to adhesive wear, which is best achieved with the formation
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of e-nitride [195] and a small band of porosity. Nitride precipitations and a high strength,

which can be obtained by a quench and temper process, have an overall beneficial effect on

the wear resistance of the diffusion zone.

With the exception of stainless steels, nitrided microstructures have a higher chemical

potential than nonnitrided steels and thus a better corrosion resistance [195,196] that can be
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FIGURE 7.66 Effect of nickel content on bending-crack-stress of carburized specimens. (From
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D. Liedtke, Nitrieren und Nitrocarburieren (E.J. Mittemeijer, J. Grosch, Eds.), AWT, Wiesbaden, 1991,

p. 365.)
furt her impr oved by add itional, passi vating oxide layer s [180–1 83], which has be en verif ied by

means of potential–c urrent diagra ms (Figur e 7.64 [183] ). Porosity always accele rates the

corrosi ve effect.

The toughness of carburi zed co mponents de creases with increa sing relat ive case depth,

whi ch describes the amount of brittle case micr ostruc ture in the compo site. On reachi ng

abo ut 30% relative case de pth, the toughness has dimi nished to the value of the through-

harden ed micr ostruc ture (Figur e 7.65) [197] . At equal relative case depth, tou ghness can be

impr oved by using nickel alloyed carburi zing steel s (Figur e 7 .66) [198] with tempe red micro-

struc tures always tougher than nont empered one s. In nitrocarbu rized micro structures , the

influ ence of the core is predomi nant, micr ostruc tures consis iting of ferrite and pearli te ought
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FIGURE 7.68 Gear tooth bending endurance strength and pitting endurance strength, influence of case

depth, carburized steels. (From J. Sauter, I. Schmidt, U. Schulz, Härterei Techn. Mitt. 45:98, 1990.)
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to be avoided, Figure 7.67 [199]. The diff erent nitr ocarburi zing process es ha ve obviousl y

no effe ct.

As for roll ing contact fatigue, the actin g stress accordi ng to Mises’ criteri on reach es its

highest value be neath the surface at low-frict ion coefficie nts, with increa sing frictio n the

maxi mum value shifts toward the surface [200]. Depending on the app lied load, eithe r case

depth or surface con dition (surface inter granula r ox idation, porosity) must be fixe d [201].

A high nitriding case de pth, whi ch can be produc ed in the gas nitriding of nitr iding steel s, is

advantag eou s for gears, but their case de pth shou ld howeve r not exceed 0.2 � modu lus to

avoid nitr iding of the tooth tips that woul d entail embri ttlement [202]. The maxi mum values

that can be reach ed for the flank load capac ity of carbu rized gears can be reached with case

depths in the size range of 0.25 � modulus (Figure 7.68 [203]). The optim um case de pth for the

tooth bending fatigue strength, which is also sho wn in Figure 7.68 illustrates that in de ter-

mining the heat treatment parameters it is necessary to weigh optimal tooth bending fatigue

strength against optimal flank load capacity.
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42. U. Wyss, Wärmebehandlung der Bau- und Werkzeugstähle (H. Benninghoff, Ed.), BAZ Buchverlag,

Basel, 1978, p. 237.
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8.1 INTRODUCTION

As was stated in the first edition of this handbook, interest in the subject of nitriding has grown

even more as a recognized and proven surface engineering process. Further to this (and particu-

larly during the past 10 years) has become recognized as a very simple process and one with-

out serious problems that can arise, such as the problem of distortion. As all heat treaters,
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metallurgists, and engineers are aware distortion can be a very serious problem. The process of

nitriding, while not distortion free, is a process that can incur minimal distortion such as that seen

on the other surface treatment process techniques, which involve higher process temperatures as

well as a quench from a high austenitizing temperature. The processes referred to are carburizing

and carbonitriding. Both of these processes are high-temperature operations and require metal-

lurgical phase changes in order to induce carbon, or carbon plus nitrogen into the steel surface.

This ch apter should be read in con junction with the previous ed ition [see chapter 10]. This

chapter reviews the process techniques of both gas nitriding and ion nitriding, ferritic

nitrocarburizing (FNC) and austenitic nitrocarburizing (ANC). Further to this the chapter

will also discuss the resulting metallurgy, mechanical results, and performance of the diffused

case under operational conditions. During the past 6 years, an awareness of the performance

benefits has been shown in the surface treatments of:

. FNC

. ANC

Great interest has been demonstrated by engineers and metallurgical process engineers in the

methods of the four low-temperature thermochemical treatment procedures such as:

. Gaseous nitriding

. Plasma nitriding (ion)

. Salt bath nitriding

. Fluidized bed nitriding

There have also been developments in the applications arena of the process selection in relation

to products and applications. The automotive industry has displayed serious interest in the use

of high-strength low-alloy materials that are surface enhanced to reduce material costs as well

as giving good performance in particular application. Still, the majority of the work on all of the

process methods and process metallurgy is still conducted on ferrous materials (iron-based

metals) and a very small amount of research work into nonferrous materials such as aluminum.

The application of aluminum in the nitriding process was investigated because aluminum is an

excellent nitride former. Another area of development with nonferrous materials is that

of investigatory work on the surface treatment of titanium to form a nonbrittle surface

layer of titanium nitride. Another area of investigation is in the field of nitriding after the

process of boronizing to form flexible, but very hard, surface boron nitrides.

It has been noted that specialized gear manufacturers are making greater use of the

nitriding process on what is considered to be high-performance gears. The gear manufactur-

ing industry has been very reluctant to consider the nitride process because of a potential

surface spalling or surface fracturing at the contact point on the gear flank. With the advances

made in the control of the formation of the surface compound layer, it is now possible to

almost eliminate the the concerns raised by the automobile industry. The formation of the

compound layer can now be accurately controlled to produce a monophase layer, a dual-

phase layer, and no compound layer. This can be accomplished in both gas and plasma nitride

systems. This is due mainly to the gas delivery and exhaust gas analysis control by the use of

mass flow controllers as well as a greater use of the computer [2].

However, the use of the nitriding process as a competitive surface treatment method com-

pared to carburizing,which is followed by austenitizing, quench, and temper, is still a contentious

issue especially in terms of production volumes and process cycle times. There is a new thinking

applied now with regard to what is really necessary as far as case depth requirements are

concerned. The question asked is whether deep case depths are really required. Considerable

thought is given for producing a good core hardness to support the formed nitrided case.
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Pa
Nitridin g can not be complet e in the cycle time consumed for the carburi zing process . Eve n

with a shallo w case depth and a good core suppo rt, the cycle times are still not compet itive

with the carb urizing pro cedure. Howeve r the pr ocess techniq ues of FNC and ANC can

compe te to some extent when the mate rial selected is low -alloy or eve n med ium-allo y steel .

The use of the low-al loy, surface -enhanced steel by the FN C process is making great

inroads into the manufa cturin g indu stry. It is used extens ively (as previous ly stated) in the

automot ive indust ry, in the forgi ng indust ry for the surfa ce enhan cement of forge dies, and in

the die-c asting indu stry for the surface en hancement of the hot-formi ng dies. Cer tainly Nort h

Ame rica is now follo wing the indu strial trends of Eur ope for both manufa cturing a nd process

methods , due to the amal gamation of the au to manu facturers in both con tinents.

The pro cess of nitr iding an d its deriva tive proce sses are seen today as a futur e surface-

enh ancement techni que for man y ferr ous an d nonf errous meta ls. Thus Mach let’s process and

Dr. Fry’s pr ocess are now perhap s gaini ng the recogni tion that they deserve [3]. The process

of nitriding is coming of age in this new millennium.
8.2 PROCESS TECHNOLOGY

Each of the four process techniques are used at temperature range described in the tree

illustr ation. Figure 8.1 describes the nitriding process , whi ch is the only low -temperat ure

process that does not require a rapid cooling from an elevated temperature such as is required

in some instances of the FNC process. The process technique takes the distinct advantage of

utilizing the low-temperature transformation range on the iron–carbon equilibrium diagram,

which is the ferrite region. This means that the steel does not undergo any phase change at all

(Figure 8.2) [4]. The area on the iron–carbon equilibrium diagram, which is below the Curie

line, is known as the A1 line. This is a very focused area that all of the nitriding and FNC

processes take place in. The nitriding process requires perhaps the lowest temperature range

of all the thermochemical diffusion techniques: 315 (600) to 5408C (10008F). It should be

noted, however, that the higher the nitriding process temperature the greater the potential for

the phenomenon of nitride networking (Figure 8.3).
Thermochemical diffusion techniques

Carburize

Diffuses carbon
into the steel 

surface. 
Process

temperatures:
1600–1950�F
(870–1065�C).
Case depth:

medium

Diffuses boron into
the steel surface. 

Process
temperatures:
1400–2000�F

(760 –1095�C).
Case depth:

shallow

Diffuses carbon
and nitrogen into

 the steel surface. 
Process

temperatures:
1550–1650�F
(845–900�C).
Case depth:

shallow

Diffuses nitrogen into
the steel surface. 

Process
temperatures:
600–1020�F
(315–550�C).
Case depth:

shallow

Diffuses carbon,
nitrogen, sulfur,

 oxygen
 (individually 

or combined) into 
the steel surface. 

Process
temperatures:
1050–1300�F
(565–705�C).
Case depth:

shallow

Salt lonlonlon Pack Gas Salt

Carbonitride Ferritic nitrocarburize Boronize Nitride

lonGas Gas Gas SaltGas Packck Salt

FIGURE 8.1 Comparison of various diffusion surface hardening techniques. (From Pye, D., Practical

Nitriding and Ferritic Nitrocarburizing, ASM International, Cleveland, OH, 2004.)
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FIGURE 8.2 Iron–carbon equilibrium diagram. (From Totten, G.E. and Howes, G.A.H., The Steel

Heat Treatment Handbook, Marcel Dekker, New York, 1997.)
This phenomenon occurs with the conventional gas nitriding procedure, which relies on

the decomposition of ammonia. However, with the new developments of gas nitriding, which

measure and control the exhaust process gases, the problem of precipitation of the nitride

networks at corners can now be controlled. The solubility of nitrogen in iron diagram can

now play a significant role in accurately determining the area of control necessary to control

the formation of the compound layer, and of course the precipitation of networks [5]. In order

to take advantage of the diagram and to control the process, the values of the points of the

limits of saturation can be determined with a moderate degree of accuracy. What the diagram

does not consider is the influence of alloying elements on the critical phase lines of the

diagram.

It can be seen that if the Curie temperature of 4808C (8828F) is exceeded in this diagram,

then the solubility level of nitrogen will begin to increase, particularly if the process gas

dissociation is operating at higher decomposition values. The resulting surface metallurgy in

the compound layer will begin to be dominated by the epsilon phase if the weight percentage

of nitrogen is greater than 8%. If the temperature selection is high, say in the region of 5458C
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Nitride networks in corner

Stable nitrides

Fractured
corner

Fractured
corner

Stable nitrides

(a)

(b)

FIGURE 8.3 A schematic illustration of the corner fracturing due to the excessive nitride networks.

(Courtesy to Pye D., Practical Nitriding and Ferritic Nitrocarburizing ASM, 2003)
(1000 8 F), it is advisa ble to redu ce the nitr iding potenti al of the pr ocess gas (2NH3 ). This is

accomp lished simp ly by reducing the ammonia flow.

If the nitr ide network is allowed to form , then particular ly at sha rp corners on the

compo nent, the nitriding case will be extremely brittle and will chip very easil y (Figur e 8.4)

[6]. This mean s that both tempe rature control as well as g as flow control are of paramount

impor tance to the success of both the surfa ce metallur gy (compound zone) as wel l as the

diffu sion zone. The diff usion zone is the area beneath the form ed surfa ce compoun d zone in

whi ch the stable nitrides of the nitride- form ing elemen ts are form ed (Figur e 8.5) [6]. It is also
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Stable
nitrides
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Nitride
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Diffusion
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Core
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Compound
layer

N

N

FIGURE 8.4 (a) Illustration of nitride networking. (Courtesy to Pye, D., Practical Nitriding and Ferritic

Nitrocarburizing, ASM, 2003.)
an impor tant feat ure of the nitriding process to obs erve an d control the catal ytic reaction that

takes place at the steel surfa ce inter face a s a result of the gas deco mposi tion. The mechani cs of

the nitriding ne twork is simply based on the fact that the high er the process tempe rature, the

great er the vo lume of ammoni a, the greater the risk of the form ation of the ne tworks. It also

means that the great er is the level of solubi lity of nitro gen in iron. This is the same princi ple

for a satur ated so lution of salt and water (Figure 8.6) .

It is for this reason that it is most impor tant to maintain and most impor tantly con trol a

process tempe ratur e that is economic ally achieva ble and accu rately con trollabl e. In additio n

to the tempe rature con trol, the gas flow rates must be equ ally control lable. This wi ll begin to

reduce the potential for the netwo rks form ed at sharp corners [7].

There are many commer cially accepte d methods of control ling the nitr iding potential of

the nitr ogen, as a result of the decomposi tion of the ammoni a process gas. Thr ee of these

methods are:

. Volu me metr ic flow control

. Nitrogen gas dilution

. Plasm a (ion)

8.3 COMPOSITION OF THE CASE

The case compo sition of the nitrided steel surfa ce wi thin the form ed case is determ ined by the

. Nitride potential of the steel (composition)

. Process temperature

. Process gas composition
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Compound zone,
dual phase

Diffusion zone consisting
of formed nitrides

Transition zone from
diffusion zone to core
material

Core material

FIGURE 8.5 A typical nitrided structure. (From Totten, G.E. and Howes, G.A.H., The Steel Heat

Treatment Handbook, Marcel Dekker, New York, 1997.)

Water and
salt solution

Solution to saturated solution

Salt

FIGURE 8.6 Solution to saturated solution. (From Pye, D., Practical Nitriding and Ferritic Nitrocar-

burizing, ASM International, Cleveland, OH, 2004.)
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. Process gas volume

. Process method

The principle of the nitriding process is based on the long-known affinity of nitrogen for iron

at elevated temperatures. Nitrogen has the ability to diffuse interstitially into steel at temper-

atures below the Ac1 line on both ferritic steel and cementite-type steels. (These steels are

known as hypo- and hypereutectoid steels as defined by the traditional iron–carbon equilib-

rium diagram.) As the steel’s temperature is increased toward the Ac1 line, the iron’s (steel)

crystalline structure will begin to vibrate around their discrete lattice points. The vibration is

further seen at the molecular level of the body-centered cubic (bcc) structure. With the

vibration at the molecular level, and nitrogen at the atomic level, the nitrogen is small enough

to pass through the iron-based lattice structure. The nitrogen will then combine with the iron

to form iron nitrides as well as stable nitrides with the alloying elements of the steel chemistry.

The diffusion or absorption rate will increase with temperature.
Property of Molecular Nitrogen (N2)

Atomic weight 14.008

Atomic number 7

Melting point �2108C
Boiling point �195.88C
Liquid density (g/cc) 0.808

Solubility of nitrogen at atmosphere in

g/cc all the water at 208C (1008C ¼ 0.00069) 0.00189

Atomic radius (nm) 0.074
Nitrogen is in the periodic table of nonmetals in Group IVA, along with four other

nonmetals. Nitrogen will readily form gases with both hydrogen and oxygen. In addition,

nitrogen is diffusible into metals especially at low temperature. Further, it not only will

diffuse, but it will also react with metals that it can form nitrides with.

Nitrogen is colorless, odorless, and tasteless, does not support respiration. Although it is

not considered to be a poisonous gas, it is however considered to be an almost inert gas. This

is not quite true because it will react with oxygen, hydrogen, and certain other metals to form

nitrides of those gases and metals.

Nitrogen is generally sourced (in the instance of gas nitriding) by the decomposition of

ammonia in the following reaction sequence during the gas nitriding procedure using heat as

the method of decomposition and the steel as the catalyst:

2NH3 $ N2 þ 3H2

The structure of the nitrogen atom and its associated bonding mechanism allow nitrogen to

bond with iron and certain other elements found in steel. These elements are carbon, sulfur,

and other metals that will dissolve readily in iron to form alloys of iron and remain in

solution. Steel has the unique property and ability to absorb other elements such as carbon,

nitrogen, sulfur, boron, and oxygen into the steel surface in such a manner as to form a new

alloy within the steel surface. The group of processes are as follows:

. Surface treatment

. Surface modification

. Surface engineering
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The abov e terms ha ve become the descri ptive an d colle ctive terms for both chemi cal and

therm ochemic al treatment s. The process es are all diff usion pro cesses and not depo sition

process es, such as is seen with the thin-fi lm hard-coa ting process es (Figur e 8.7) [8]. The

process tempe rature for the gas nitride proced ure is based only on

. An econo mical diffusion tempe rature

. A tempe rature that will not mo dify the steel’s core propert ies, by decreas ing the core

hard ness value
. A tempe ratur e that wi ll not cause a satur ated solut ion of nitrogen in iron at the surfa ce

of the treat ed steel

The steel parts to be treated are placed into a seale d gas tight contai ner that is fitted with a

gas inlet port plus a gas exhaust port. The engineering design of this container is very

sim ple (Figur e 8.8) [9]. The type of steel recommen ded for the process co ntainer should be

of a heat-resisting type such as:

. AISI SS309

. AISI SS310

. AISI SS316

. Inconel

. Inconel 600

It is not recommended to use a mild steel or boilerplate to construct the container. These

materials are usually surface contaminated with oxides or decarburization. The container

should be completely sealed using a recognized engineering sealing method, taking cognizance

of the process operating temperature. The container is then placed in the furnace and the

temperature is raised to the appropriate nitriding process temperature. As the temperature of

the furnace begins to be distributed within the process container and conducted to the steel

through the process gas (ammonia) then the following reactions occur:

NH3 ! 3H2 þN (8:1)
2N! N2 (8:2)
2H! H2 (8:3)
Method Type of Furnace

Comparison of the nitriding process

Treatment Medium Temperature Time (h)
Bonding

Layer
Diffusion Layer

Nitrides (carbo
nitrides)

Nitrides
(carbonitrides)

Nitrides (carbo-
nitrides)

 Carbonitrides

 Carbonitrides

Nitrides, carbo-
nitrides (free from
grain boundary)

950−1060 10−90 Fe4 + Fe2−3N
(Fe2−3N)

Fe4 + Fe2−3N
(Fe2−3N)

Fe4N + Fe2−3N
(Fe2−3N)

Fe4N + Fe2−3N
(free from mixed

phases)

Fe2−3N

(Fe2−3N)

0.1−90

10−90

3−30

0.1−4

0.1−30

950−1060

950−1060

800−1060

950−1060

800−1060

Anhydrous ammonia

Anhydrous ammonia

Anhydrous ammonia

Calcium cyanamide
and additives

Cyanide-based salts

Hydrogen + nitrogen
+ methane

Gas nitride Gas tight

Fluidized bed furnace

Pressure vessel

Annealing furnace with boxes

Titanium lined or solid titanium

Vacuum-type furnace

Fluidized bed

Pressure nitride

Powder nitride

Salt bath nitride

Plasma ion nitride

FIGURE 8.7 Surface modification diagram (tree type). (From Pye Metallurgical Consulting, Nitriding

Notes, 1996.)

� 2006 by Taylor & Francis Group, LLC.

User
Highlight

User
Rectangle

User
Highlight

User
Highlight

User
Rectangle

User
Highlight

User
Highlight

User
Highlight

User
Highlight

User
Highlight

User
Rectangle

User
Highlight

User
Highlight

User
Highlight

User
Highlight

User
Highlight

User
Highlight

User
Highlight



Load preparation
table

Process delivery
gas (ammonia)

To atmosphere
exhaust

Exhaust ammonia
gas outlet tube

Furnace door

Door lift mechanism

Fan drive motor

Air circulating
fan

Refractory
insulation

Furnace
thermocouple

Nitride process
chamber

Process chamber
thermocouple tube

Ammonia gas
inlet tube

FIGURE 8.8 Simple ammonia gas nitriding furnace. (From Pye, D., Practical Nitriding and Ferritic

Nitrocarburizing, ASM International, Cleveland, OH, 2004.)
It is known that both atomic nitrogen and hydrogen in reaction 8.1 are unstable and will

combine with other like atoms to form molecules as shown in reaction 8.2 and reaction 8.3.

When the nitrogen is in the atomic state, diffusion will take place. The diffusion will initiate

and take the form of nucleation at the surface of the steel (Figure 8.9) [10].

The formation of compound zone will begin to occur. The composition of the compound

layer will depend largely on the composition of the steel, which again will be influenced
N N N

Surface

Formation of the compound zone

g � g � g �e e

FIGURE 8.9 Formation of the compound zone. (From Pye, D., Practical Nitriding and Ferritic Nitro-

carburizing, ASM International, Cleveland, OH, 2004.)
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Precipitation
hardening

ExoticsTool steels
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carbon
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Shock
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(S)

Cold-work
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(D)

Mold
steels

(P)

Applications

Hot-
work
steels

(H)

High-
speed
steels
(M and T)

Low-alloy
special
steels

(L)

Plain carbon steels Alloy steels Stainless steels

FIGURE 8.10 Steels that can be Nitrided. (From Pye. D. Course notes Pye Metallurgical Consulting.)
strongly by the carbon content of the steel. The carbon content will greatly influence the

formation of the epsilon nitride phase (the hard brittle layer). Below this phase, the com-

pound zone will consist of nitrogen, which has diffused into the a-Fe. It can, therefore, be said

that the analysis of the steel will also affect the thickness of the compound zone. In other

words, plain carbon steels for the same given operating conditions will always produce a

thicker compound layer than what will be produced by an alloy steel. Time and temperature

will also increase the compound layer thickness. It can be further said that the higher the alloy

content of the steel, the shallower or thinner the compound layer will be. The alloy steels with

their alloying elements will be more saturated with nitrogen than with a plain carbon steel.

Hence the total case that will be shallower on alloy steel will be seen with the plain carbon

steels (Figure 8.10) [10].

The question now arises as to the hardness of the nitrided case. We tend to measure the

success of heat treatment by the accomplished hardness as far as both case hardening and

hardening are concerned. Therefore if we measure the hardness value of plain carbon steel or

low-alloy steel after nitriding, we will find a hardness value in the region of 35 Rockwell C

scale. By normal standards of accomplished hardness, this will be considered to be low

hardness value. However, hardness is relevant. If the wearing surface of another part is in

contact with the nitrided surface of a low-alloy steel, and the hardness of that part is of a

lower value than the low-alloy nitrided steel, then the nonnitrided part will wear in relation to

the low-alloy nitrided steel. What is not often recognized of the nitrided low-alloy steel,

although its hardness is of a low value, is that its corrosion resistance is extremely high.

Therefore one should not always consider hardness, but also other properties and advantages

the nitrided surface of a low-alloy steel will produce.
8.4 COMPOSITION OF THE FORMED CASE

The properties of the compound layer, also known as the white layer, have generated much

interest among engineers and metallurgists. The use of the terms compound layer and white

layer seems to cause some confusion. It is correct to use both terms for the surface layer. The
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term compound means more than one and within the layer there are generally two phases

present (unless of course no compound layer is formed). The formed phases within the surface

layer are known as:

. The epsilon phase

. The gamma prime phase

When selecting nitriding gas flow ratios and process conditions, and hydrogen, plus the process

cycle time, it is necessary to consider the thickness and composition of the compound layer.

The thickness of the compound layer on plain carbon steel will always be of greater

thickness than that of the alloy and conventional nitriding steels that contain the strong

nitride-forming elements. Once again the thickness of the compound layer will be determined

by time, temperature, steel chemistry, and the process gas composition. The thickness of the

compound layer is generally seen to be (dependent on steel chemistry and process gas ratios)

approximately 10% of the total thickness of the diffused nitrided case. This will of course vary

according to the steel treatment. The compound layer is soft and brittle to the point that it can

spall and fracture during service, which will cause accelerated wear and premature failure. A

simple spot test for the presence of the compound layer (without destroying the component)

can be accomplished by using a solution of copper sulfate.

8.4.1 EPSILON PHASE

During the gas nitriding process the compound layer is formed and it has been previously

stated that the compound layer comprises the two metallurgical phases that are mixed

together. Generally each of the two phases is present on the surface. The value of each

phase is approximately 50%. The epsilon phase is strongly influenced by the presence of

carbon in the steel, and if carbon is present in the gas flow. A compound layer of predom-

inately epsilon phase will create a surface with good wear characteristics, but it will have no

impact strength. To create a dominant phase of epsilon in the compound layer it can be

accomplished simply by raising the process temperature to 5708C (10608F) and adding

methane to the gas flow.

8.4.2 GAMMA PRIME PHASE

The gamma prime phase is a phase that is present in the compound layer and it will give

reasonably good impact strength without surface fracture, provided that the compound layer

is not excessively thick. To accomplish this, one would simply maintain a process temperature

of 5008C (9308F) and reduce the nitriding potential of the process gas.

Control of the thickness of the compound layer is simply accomplished by process

temperature and gas flow manipulation for the process of gas nitriding. The Floe process

(two-stage process) is perhaps the simplest method of controlling the thickness of the

compound layer. This is done by the manipulation of temperature–time and gas flow. All

the dilution processes can control the thickness of the white lead or compound layer. The

most effective way of controlling the compound layer is to consider the use of the ion nitride

process. The ion nitriding process can be used effectively to create a dual-phase compound

layer condition, or a monophase condition or eliminate the compound layer entirely.

8.4.3 DIFFUSION LAYER

As the nitrogen diffuses interstitially into the body of the material it will flow out and

combine with the nitride-forming elements in the steel. This means that the diffused
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TABLE 8.1
The Harris Formula Factors Based on a Simple Nitriding Steel

Temperature

8C 8F Temperature Factor

460 865 0.00221

470 875 0.00233

475 885 0.00259

480 900 0.00289

500 930 0.0030

510 950 0.0033

515 960 0.0035

525 975 0.0037

540 1000 0.0038

The above values are suggested factors only.
nitrogen will be tied up in nitrides and will form nitrides. The diffusion layer is, when

examined microscopically, the main body of the nitrided case. The hardness value of the

diffusion layer will be determined by the chemistry of the steel treated, and the gas

composition in relation to the decomposition of the ammonia and the selected process

temperature.

The formation of the total nitrided case is determined (as has been previously stated) by

time, temperature, and gas composition. The depth of case is determined by the rate of

nitrogen diffusion into the steel surface. Harris of the Massachusetts Institute of Technology

concluded that on any given surface treatment procedure, the rate of diffusion is determined

by the square root of time, multiplied by a temperature-driven factor. The table above shows

the square root of time and the temperature-driven factor (Table 8.1).

It must be pointed out that the above values relate only to alloy nitridable steel. It must

not be construed that the table is applicable for all steels. This table is intended only as a guide

and not as a reference. On alloying the level of steels increases, and the rate of diffusion of

atomic nitrogen into the steel is retarded.
NITRIDING

8.5 TWO-STAGE PROCESS OF NITRIDING (FLOE PROCESS)

The chapter on nitriding in the first edition of this handbook discussed briefly the work of

Carl Floe of the Massachusetts Institute of Technology, which was investigated in the early

1940s. His work was recognized as one of the major investigative research programs regarding

the formation of the compound layer. His work is still valued today and is used on a daily

basis by many companies. It is interesting to note that Floe process has become a very

popular method of nitriding. This is because control of the surface metallurgy is far easier

than it is with the conventional gas nitriding process. By this is meant that the control of the

formation of the compound layer in terms of its thickness and of phase content, is controlled

by the higher process temperature and the minimized availability of nitrogen. This process is

most popular with the gear manufacturers, but it is not confined to that industry. Once again

the reason for its popularity is the better control of the surface metallurgy in terms of the

compound layer thickness.
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The Floe process is carried out as two distinct events. The first portion of the cycle is

completed at a normal nitride process temperature of 4958C (9258F) and is carried out for

approximately one third of the total cycle. As the event is concluded, then the temperature is

raised approximately to 5608C (10308F) and the gas dissociation is now run at approximately

75 to 80%. Because now the nitride potential is reduced, which means the nitrogen availability

is reduced, the preexisting nitrided case from the first stage of the process will begin to diffuse

further into the case and at the same time it will dilute. As a result of this dilution and now

with the reduced nitrogen availability, the net result is a thinner compound layer. For

applications that require a more precise control of the surface compound layer, the Floe

process as well as the precision nitride process are considered. It is important to note that

when considering the two-stage process, the tempering temperature of the steel component

treated should also be taken into account. The reason is that the process temperature should

be kept below the pretempering temperature so as not to affect the core hardness that will

support the case. There is of course a very simple way of reducing the thickness of the

compound layer to the point that there is no compound layer and that is to simply grind

the compound layer off. This would mean having the knowledge of how thick the compound

layer is in order to grind it off.
8.6 SALT BATH NITRIDING

The salt bath nitriding can be more likened to the FNC treatment rather than to a pure

nitriding treatment. The salt bath treatments employed today are more closely aligned to the

FNC process. The control of the salt bath chemistry is of paramount importance and should

be tested on a frequent basis in order to ensure a consistent and repeatable surface metallurgy.

As with the gaseous process of nitriding and ion nitriding, the case depth is still related to

time, temperature, and steel chemistry. The longer the time at temperature, the deeper would

be the case depth. With a new bath, it is necessary to age the bath for approximately 24 h to

ensure that the bath is settled and aged to the point that surface pitting will not occur. The

source of nitrogen for the process comes from the decomposition of cyanide to cyanate. Once

the bath has been aged, the processed components would come out of the bath with the

traditional matte gray finish. With continual use of the bath, the cyanide level will continue to

decrease. Conversely, the cyanate and carbonate levels will increase. If a high cyanate level is

experienced, the surface finish of the treated steel will be somewhat darker than the conven-

tional matte gray finish [11].

If it is determined that there is a high cyanate level as a result of a titration, the cyanate can

be reduced simply by increasing the temperature of the bath to a temperature of 650 to 7008C
(1200 to 13008F) for approximately 1 h at that temperature. Once the time at the temperature

has been completed, it is not advisable to process work through the bath. The bath should be

allowed to cool down and then analyzed. Once the titration shows the correct cyanate

concentration, then treatment can be carried out. It is recommended that the bath be tested

at the commencement of each shift operation and the cyanate level adjusted accordingly. The

bath tends to collect sludge at the bottom of the salt bath; therefore, one should desludge the

bath periodically. The sludge is created by iron oxide precipitates released into the bath from

work support fixtures, holding wires, and of course from the work itself. There will also be

some carbonates, some iron oxides, and possibly some cyanide residues mixed in.

8.6.1 SAFETY IN OPERATING MOLTEN SALT BATHS FOR NITRIDING

When operating a molten salt bath of any description it requires a very careful handling by

the furnace operator in order to maintain a high degree of safety for both the operator and
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the work to be processed [11]. Given below is a simple list of operating procedures and

precautions:

. It is essential that all operators ensure good personal hygiene and of course great care

when handling any type of heat treatment salts in particular cyanide-based salts.
. Ensure that operators, who are involved with the use of heat treatment salts, are fully

aware of the appropriate material data sheets for the salts used. They should also be

aware that the salts are extremely poisonous, dangerous, and should be handled with

extreme care.
. The operator of the salt bath should wear the appropriate safety clothing and protective

equipment such as full arm gloves (not plastic), arm shields, eye protection, safety

masks, a fire-resistance apron, plus leggings, and safety shoes.
. It is important that no one mixes cyanide-based salts with nitrate salts, otherwise there is

a very serious risk of explosion or fire.
. All work processed through a molten bath should be preheated to remove all traces of

surface moisture and to reduce the thermal shock that the work will experience when

immersed into a molten bath.
. Store and accurately label all storage drums and containers. Identify the drums as

poisonous or toxic. Once again, do not mix cyanide sludge with a nitrate sludge. This

leads to a risk of serious explosion or fire.
. It is most important that adequate ventilation be provided around the top of the salt

bath and in close proximity to the top of the bath. This will ensure that any fumes that

are generated from the molten salt will be exhausted away from the operator.
. Provide a rack for the support of all work fixtures, lifting hooks, desludging tools, and

any other tooling required for the operation of the bath.
. Provide a hot water rinse tank in order to ensure not only tooling cleanliness, but also

processed work cleanliness after the treatment has been carried out.

8.6.2 MAINTENANCE OF A NITRIDING SALT BATH

As with any furnace, its maintenance is a necessity. Salt bath furnaces are no exception, and

they may even require a greater maintenance schedule than with a normal conventional

atmosphere furnace. There are both daily and weekly maintenance routines that the operator

of the furnace should perform to ensure optimal performance of the equipment. The follow-

ing is suggested as routine of both a daily and a weekly maintenance program.

8.6.2.1 Daily Maintenance Routine

. It is necessary that a titration of the bath be conducted on every shift that the furnace is

operated on. If the furnace is operated only on a daily basis, then the titration should be

conducted every 24 h. The results of the titration should be recorded, and if any trends are

observed, they should be noted. The necessary addition of each type of salt required to bring

the cyanide–cyanate level to the required concentration level should also be recorded.
. A visual check should be made of the temperature measuring the equipment (the control

thermocouple, over temperature thermocouple, controll instrument, and over tempera-

ture instrument) that it is completely functional and operational.
. When using an aerated bath, it is necessary that the air pumps and flow meter are

operating without any restrictions. If using a compressed airline, ensure that the air is

both clean and dry. If the air is wet, moisture will be introduced into the bath and this

could have some serious complications such as an explosion.
. Visual observation of the part as it comes out of the salt bath canprovidemore information.

Check the surface color, appearance, and in particular if any surface pitting is occurring.
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. On the commencement of each shift, or each day’s operation, desludge the bath to remove

free iron oxides, carbonates, and other contaminants from the bottom of the bath.

8.6.2.2 Weekly Maintenance Routine

. It is important to check the outside surface of the salt pot. Therefore at the commence-

ment of each operational week, lift out the salt pot and examine the external surface of

the pot (especially if gas-fired) for heavy-duty surface oxides (scale). Also check for the

size of the salt bath. Remember that the salt bath is carrying a heavy load of molten salts

and distortion can occur as a result of the salt mass.
. Regenerate the bath each week by raising the temperature to approximately 6008C

(11128F) and increase the aeration flow into the bath. The iron oxides, carbonates,

and other contaminants that are in suspension and in solution will precipitate out of the

salt and settle at the bottom of the bath, i.e., ready for desludging.
. Each week ensures that the hot water cleaning the system for washing and rinsing the

parts after treatment is drained and cleaned off any salt sludge that may be in the

bottom of the cleaning tank. Be aware that the wastewater should not be drained into

any city or a municipal drain. If this occurs, serious consequences can arise. The

contaminated wastewater will contain residual cyanides and carbonates.
8.7 PRESSURE NITRIDING

As was stated in the previous edition of this handbook, there still remains an interest in

pressure nitriding. The same leading German company that was previously mentioned still

has a strong investigatory research program on pressure nitriding. Pressure nitriding is

becoming as interesting as low-pressure carburizing as a surface treatment method. It is felt

that the investigating metallurgists have proposed that the pressure nitriding system takes

place at around 2 to 5 bar over pressure. It seems to be the optimum pressure at which to take

advantage of pushing the process gas into fine holes without any gaseous stagnation within

the hole. Although higher operating pressures will work, the value added to the component is

not worth the addition engineering design cost for the furnace.

The procedure is a relatively simple process, in fact the same as gas nitriding. The

differing exception will be of course the pressure of the process gas and the chamber pressure.

At these process pressures, the retort must be considered to be a pressure vessel, and be

manufactured as a pressure vessel with all of the appropriate insurance inspections. As was

stated in the previous edition, no advantage is gained by operating at high pressures, higher

than 5 bar.

As far as the cost of processing the work with the pressure nitriding technique, it would be

more expensive than with conventional gas nitriding. This is because a pressure vessel system

is involved and all of the necessary high-pressure gas lines and delivery system are in place to

ensure a sound and safe system. What sort of success the pressure nitriding system will enjoy

in the future is not known.
8.8 FLUIDIZED BED NITRIDING

The growth of fluidized beds for the nitriding process has grown considerably during the past

10 years. A great deal of investigatory work has been carried out by an Australian company

with the purpose of developing a better control system of the decomposed process gas for

diffusion into the steel. The investigatory work has been carried out on the tool steels, and in
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particular the hot-work group of tool steels, principally for extrusion dies, forging dies, and

ejector pins [8].

The principle of nitriding into a fluidized bed as far as gas decomposition is concerned is

still the same principle, with the ammonia decomposing into its primary constituents, namely

nitrogen and hydrogen. The advantage of the fluidized bed is that process cycle times are

reduced simply because of faster temperature recovery and the ability to rapidly change the

atmosphere composition when necessary. With the advantages, there are also disadvantages.

The principal disadvantage is the volume of the reactive gas required to fluidize the bed is

considerably higher than the gas flow that would be required for say, an integral quench

furnace. The consumption can increase as much as tenfold [8]. In addition to having the

ability to gas nitride in a fluidized bed, one can also accomplish FNC in a fluidized bed simply

by a change of gas composition to the appropriate gas mixture. The fluidized bed can also be

used for ANC. Claims are also made that the surface finish of the workpiece remains

reasonably constant. In other words there is no surface erosion [12], and it is also claimed

that the distortion is at an absolute minimum. For example, when measuring pitch diameter

on a fluidized bed-nitrided gear, it is claimed that the pitch diameter run out is less than

0.0002 in. per side of all linear growth on measurements over steel balls [13]. The process

temperatures and process times are still the same as they would be when using an integral

quench furnace, or even a conventional gas furnace [12]. The only process parameter to

change will be that of a process gas volumes. Whatever steel can be nitrided in the gaseous

system can be nitrided equally so in the fluidized bed furnace.
8.9 DILUTION METHOD OF NITRIDING

It is important to mention, as was mentioned in the previous edition, that Machlet’s original

patent application reads ‘‘for the nitrogenization of irons and cast irons using ammonia

diluted with hydrogen.’’ This statement still stands, and has been used to form the basis of

the present operating dilution technology that was developed in Europe. The process is

designed to reduce the thickness of the compound layer formed at the surface of the steel

during the nitriding process. The principle of the process is to either dilute or enrich the

available nitrogen for diffusion into the surface of the steel. This is accomplished by precise

control methods using a computer in combination with a programmable logic control system.

The gas delivery system now relies on precise metering of the process gas flow [14].

The dilution or enrichment is with nitrogen (sourced from ammonia) or hydrogen. This

method of nitriding will considerably reduce the thickness of the compound layer. It will also

control the phases of the compound layer. In other words, the phase can be dominantly

epsilon or gamma prime, depending upon the steel being treated and its application. The

control method of this procedure has changed from the traditional dissociation method of

measurement of decomposition. It is this change that is making the application of this process

most attractive to users. The change in gas decomposition is now with the measurement of the

insoluble exhaust gases (nitrogen and hydrogen) that offers a more precise process control

than has been accomplished by the traditional control methods.

The method of process control in conjunction with the PC/PLC is seriously competing

with the pulsed plasma nitriding control method. The principal advantages of the process are

in the following areas:

. Capital investment

. Reliability, because no pulse power generation power pack is necessary

. Controllability of the surface compound layer

. Repeatable surface metallurgy
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One can also use the dilution method principle to accomplish the FNC and ANC processes,

simply by changing the gas composition and adding a hydrocarbon-based gas. This means

that low-alloy steels can be treated quite easily.

The normal precautions are to be applied when using ammonia and hydrogen in terms of

fire risk and safety. The furnace should have an effluent stack, which includes an after burner

to ignite and burn the effluent gas coming from the process chamber. This is so as not to have

raw ammonia as an effluent blowing into the outside surrounding atmosphere.

The resulting formed case will have as good a controlled surface metallurgy as would a

formed case by plasma technology. The distinct advantage is of course that the initial capital

investment will be considerably less. The growth of this technology is growing each day and is

becoming a widely accepted and an almost preferred process.

There are claims that the compound layer is of a much denser nature than that accom-

plished by plasma processing technology. There will be, of course, the arguments that abound

with the superiority of each of the different surface metallurgy by each of the rival process

technologies. That debate will continue for many years to come [15].

8.10 PLASMA NITRIDING

Since the writing of this chapter in the previous edition of this handbook, there has been

tremendous growth in the use of the process technology and the process has also undergone

considerable changes. There is a greater awareness now about the value of plasma processing

techniques, which is not confined only to plasma nitriding. Significant changes are seen in the

process requirements on engineering drawings, which are required for plasma nitriding

technology. It is believed that this awakening has arisen from a greater understanding into

what the process involves, and its benefits, ease of control, and its ability to be user-friendly.

This growth is beyond that achieved in understanding of the process metallurgy. It is believed

that the greater awareness and understanding of plasma nitriding has arisen due to a greater

exposure of the process, resulting from the presentation of technical papers and educational

courses. Further to this, a greater realization has been made regarding the safety and

environmental aspects of using nitrogen and hydrogen as opposed to ammonia [14].

8.10.1 PLASMA GENERATION

The generation of a plasma can be a natural phenomena. For example, the formation of the

northern lights is pure plasma. This is the result of atmospheric gases such as hydrogen,

nitrogen, argon, oxygen, and other gases present in the upper atmosphere in a low-pressure

environment and exposed to the effects of the sun’s magnetic rays. This causes the gas to be

ionized and as a result of the gas ionization, the gases emit a luminous glow. The gas present

in the upper atmosphere will determine the color of the glow. The movement or dancing to

affect the northern lights is due to the movement of air at that particular altitude.

Another common display of plasma energy seen during heavy storms is through lightning.

Lightning is an intensified flash of energy, or ionized gas into the air, which has become

charged with negative ions. The energy buildup is such that the arc will migrate from its

charge (cloud activity) to a ground source. This energy is so intense that it can kill animal or

person or ignite, for example, a tree.

Other examples of plasma generation are the lumina storm lamps that are sold in the gift

shops. The lamp consists of a sealed glass dome that contains air at a partial pressure. Inside

the glass dome is an anode connected to a power source. Once the power is turned on, there is

electrical discharge between the anode ball inside the dome and inside the glass bowl. The

discharge is seen as random discharges over what might appear to be small bolts of lightning
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occurring between the discharge of all the glass wall. This is what can be considered as

uncontrolled plasma. Another common application of plasma is the fluorescent light tube.

This is simply a sealed glass tube that contains a gas at normal atmospheric temperature and

pressure. The tube is then connected to a power source and voltage is applied to a sealed tube.

The gas within the tube will conduct electricity just as an electrical copper cable conducts

electricity. The difference in this instance between the gas and the copper is that the gas will

ionize as the gas molecules are excited, which results in a glow. The type of gas present in the

tube will determine the color of the glow. Another application, which is commonly seen, is the

colored glowing shop window signs that are seen in many store windows, indicating whether

the store is open or closed. The colored tubes are also used to identify products.

Plasma technology is used in the field of heat treatment and it is not a new technology. It

has been in use since 1932 and was developed by Wehnhelt and Berghaus in Germany. Their

partnership led to the formation of a well-known international company. This technology was

known as continuous DC power technology. This means that the voltage is switched on and is

set at a particular voltage level in relation to pressure within the process chamber and the

surface area of the workpiece under treatment, and is continued throughout the process on a

continuous basis [14].

In the early 1950s, Claude Jones, Derek Sturges, and Stuart Martin of General Electric in

Lynn, Massachusetts, began to work on the commercialization of the plasma nitriding

technique in the United States. They were successful with their work and a production unit

was developed, which was finally closed in the year 2000 after several years of a very

successful process work [8].

In the late 1970s, three scientists at the University of Aachen in Germany began to

investigate ways to eliminate the risk of the continued problem of arc discharging. It was

their contention that if the continuous power can be interrupted before an arc is discharged,

then the risk of arc discharge can be eliminated. The problem of arc discharging is that,

should the arc strike a sharp corner of a workpiece, then localized overheating occurs. This is

followed by the possibility of burning the steel at the point of contact by the arc. Not only can

there be metal loss, but there will be evidence of a localized grain growth as a result of

overheating.

The three scientists at Aachen University discovered a method of interrupting the con-

tinuous power. This was a birth of the pulsed plasma generation technique. This technology

began to be commercialized in the early 1980s and began to be seen in applications where

high wear, abrasion resistance, and corrosion resistance are necessary for the success of

the performance of the workpiece. It was also seen that by the manipulation of the

process gas flows (nitrogen and hydrogen) that one could manipulate the compound layer

(white layer or compound layer) surface metallurgy. This was seen as a major break-

through in the process technique of nitriding. Thus with gas nitriding and salt bath nitriding,

the final results are that the surface metallurgy is fixed. In other words the compound layer is

of a mixed phase (usually in equal proportions) of epsilon nitride and the gamma prime

nitride [16].

The new technology was named pulsed plasma technology. The conventional plasma

furnace equipment manufacturers were skeptical about the technology. The users of the

conventional plasma nitriding were also skeptical. Due to the belief and persistence of

the scientists in Aachen, the technology began to be recognized and accepted by the industry.

The principle of the technology is based on the ability to interrupt the continuous DC

power at specific and variable time intervals. The variable time interval can range anywhere

from 3 to 2000 ms. Not only can the power be interrupted, but also the voltage power setting is

also variable. This enables the user to have the freedom of power requirements in relation to

power time on and power time off. It further means that the power time on and power time
� 2006 by Taylor & Francis Group, LLC.
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off are also variable. Given now the ability to manipulate the following items, the metallurgy

of the surface can now be created to suit the application of the workpiece.

. Voltage. The voltage can be set to operate anywhere between the normal glow discharge

region on the Pashen curve (Figure 8.11) and the arc discharge region.
. Pulse time. The pulse time of both power on and power off can be varied to suit the part

geometry (Figure 8.12).
. Process pressure. The process pressure can now be manipulated to suit the part geom-

etry. This means that blind holes can be more readily nitrided without the risk of gas
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stagnation as it is sometimes seen in gas nitriding. In addition to this, control of the

process pressure can be utilized in order to stop the potential for overheating the sharp

corners of the workpiece.
. Process gas. The process gases used in the ion nitriding process are nitrogen and

hydrogen, and can be significantly reduced in terms of volume in relation to gas

nitriding. The gas ratios between nitrogen and hydrogen can be adjusted once again

to suit the surface metallurgy necessary for the success of the workpiece in its working

environment. The process gases of hydrogen and nitrogen can now be utilized to create

the surface metallurgy required. In addition to this, the volumes of the process gas

required for the ion nitriding process are significantly reduced in relation to the volumes

required during the gas nitriding process.
. Temperature. It is now not necessary to use the temperature as the source of decompos-

ition of the process gas (ammonia) during the gas nitriding process. The gas nitriding

process relies on two sources for decomposition of the gas: the first the process tempera-

ture, and the surface of the steel acting as a catalyst. There is now no need for a catalyst to

sustain the decomposition of the process gas. The process gas used is already in a

molecular form and is simply decomposed to the atomic form by the use of electricity.

Because there is no requirement of a set process temperature as it is with gas nitriding, the

user can manipulate the temperature from as low as 315 (600) to 5408C (10008F). This

gives the user a very broad range of temperature selection for the process.
. Process time. Because the process gas is prepared in a completely different manner to

that of gaseous nitriding (by gas ionization), the net result is shorter process cycle

time. The inference is that plasma nitriding is a faster process, and that of the rate of

diffusion is faster than it is with gas nitriding. This is not true, simply because of the laws

of the physics of diffusion are still the same, be it gas or plasma. Because the process gas

for plasma is prepared for diffusion in a completely different manner to that of the

gaseous technique the net result is a faster cycle time. Gaseous nitriding relies on the gas

decomposition as a result of temperature and surface catalytic reaction. With ion

nitriding the gas is converted into nascent nitrogen almost instantaneously, simply by

the gas ionization.

It is believed that the future of plasma ion nitriding lies with the pulsed DC technology. This

technology offers an almost infinitely variable control of plasma power. Combining this with

the previously mentioned features, the process technique can offer the metallurgist and the

engineer a very controllable (and most importantly) repeatable surface metallurgy [15].

8.11 POST-OXY NITRIDING

The process of postoxy nitriding has generated a great deal of interest during the past 10 years

as a result of the process in normal heat treatment circumstances known as black oxide

treatments. In gaseous nitriding techniques, if the processor retort was opened too early at the

cool down portion of the cycle, surface discoloration was often seen in the form of random

colors on the surface of the workpiece. The end user was usually suspicious of the quality of

the nitriding as a result of the formation of the surface colors. In reality, opening of the retort

too early had oxidized the surface. Thus, the ingress of air into the process retort will attack

the surface of the workpiece. A thin oxide film is formed on the surface of the workpiece.

The black oxide treatment (chemical process) gives surface protection in terms of corro-

sion resistance and a very pleasant mat black surface finish. The manufacturers of heat-

treating salts, and particularly the nitriding salts, were very quick to take advantage of the

black surface finish. They accomplished this by treating the surface of the steel by the salt
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bath nitride process, which is then followed by polishing the surface of the workpiece. Once

this polish has been done, the workpiece is then placed into a molten caustic soda bath

(sodium hydroxide). This means that the surface on the polished steel is then oxidized leaving

the black finish.

Gaseous nitriding processes then sought to accomplish an oxide finish by purging the

process retort after completion of the nitriding process using the nitrogen as the purge gas,

followed by the introduction of either oxygen or steam. This formed an oxide layer on the

surface of the nitrided steel. The thickness of the oxide layer was dependent on the tempera-

ture at which the oxygen-bearing medium was introduced into the process retort and the time

that it was held at the temperature at which the oxygen-bearing gas was introduced. The

temperature at which the oxygen-bearing gas is introduced into the process retort also

determines the color of the surface finish. If the gas is introduced into the retort at 5008C
(9358F), the surface color is most likely to be black. If the gas is introduced into the process

retort at 3708C (7008F) the finish is likely to be a blue color. However, the thickness of the

oxide layer will not be very thick.

The manufacturers of plasma nitriding the equipment were very quick to see an oppor-

tunity of improving their process techniques. The advantage of using the plasma system is

that the process is operating at partial pressure. The vacuum pumping system is controlling

this partial pressure. On completion of the nitriding cycle, one would simply allow the

vacuum pumping system to evacuate the process retort. At this point, the choice of oxidizing

gas is the choice of the particular equipment manufacturer. Some manufacturers introduce

water vapor into the process retort, which could have a long-term detrimental effect on the

interior walls of the process retort [15].

The technology of creating a surface oxide on steels has been taken across the field of

FNC treatments. Once the FNC process has been completed the immediate surface of the

compound layer is deliberately oxidized to form a thin surface oxide layer on the immediate

surface of the compound layer. This technique is used extensively on low-alloy steels and is

utilized to manufacture cost-effective parts (low-alloy steels), enhanced by the FNC treatment

followed by postoxidation treatments. Some of the components that are treated in the

automotive industry are:

. Gear shift levers

. Window lift drive gears

. Timing gears

. Windshield wiper arms

. Windshield drive motor housings

The above are a few of the items that are currently ferritic nitrocarburized followed by the

postoxidation treatment (Figure 8.13).
Nitriding

Gas nitridePack nitride Salt bath nitride Fluidized bed nitride Plasma nitride

RFGas
ionization

Intensified
plasma

FIGURE 8.13 Methods of Nitriding. (From Pye D. Nitriding course notes, 1998.)
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The pulsed plasma ion nitriding technology lends itself to the complete process technique

of nitriding followed by postoxidation treatments, or FNC followed by postoxidation tech-

niques. The postoxidation treatment offers the metallurgist and the engineer greater versatil-

ity in the equipment usage and process continuity.

8.12 GLOW DISCHARGE CHARACTERISTICS

As was mentioned in the previous section and in the previous edition of this book, it is

necessary to understand the glow discharge characteristics. A basic understanding of these

characteristics can be seen in the Paschen curve. The curve demonstrates the relationship

between voltage and current density. The voltage occupies the vertical axis of the graph and

the current density relationship to voltage is shown on the horizontal axis of the graph. The

graph indicates the points at which various events take place in the generation of a plasma

glow and will assist in determining the process voltage necessary to achieve good glow

characteristics in relation to the set-point voltage.

8.12.1 TOWNSEND DISCHARGED REGION

If a voltage is applied at partial pressure within this region (which is called the ignition

region), the electrical current will cause electrons from the gas atoms within the vacuum

chamber to leave the outer shell of the electron circulating around the nucleus of the atom.

The released electrons are now accelerated toward the anode, which in this case is the vacuum

vessel. Because of the operating partial pressure, the free electron will migrate and accelerate

toward another free electron. The distance traveled from one electron to impact with another

electron is known as the mean free path. At the point of collision within the partial pressure

environment there will be an appropriate release of energy along with ionization of the gas. This

is called ignition. If the set-point voltage is increased, then the current density l also increases.

Conversely, if the voltage is decreased the current density decreases with the energy output.

8.12.2 CORONA REGION

In order to achieve good plasma conditions for nitriding a workpiece, it is necessary to increase

the process voltage. This means that more electrons can be released by for the gas ionization

within this region. This means that the increase in released energy will cause further ionization,

thus making the region self-maintained which can be likened to a perpetual chain reaction.

8.12.3 SUBNORMAL GLOW DISCHARGE REGION

If the current limiting resistance is reduced, then the current density increases and continues

to increase, causing a voltage drop between the cathode (the workpiece) and the anode

(process retort). The voltage stability at this point cannot be maintained, hence the region

is called the transition region.

8.12.4 NORMAL GLOW DISCHARGE REGION

It is at this point that a uniform glow will completely cover the surface of the steel inside the

process retort that is treated with a uniform glow thickness. This will be seen without

variation and with a constant voltage drop.

8.12.5 GLOW DISCHARGE REGION

Within the glow discharge region, the entire work surface will be completely covered with a

uniform glow that will follow the shape and geometrical form of the workpiece. This will look
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almost like a glove that is bluish white. This is the region in which ideal conditions exist for

plasma nitriding. It is within this region that there will be no arc discharging, which means a

damaged surface metallurgy and possibly burning of the surface of the workpiece, if arc

discharging occurred.

8.12.6 ARC DISCHARGE REGION

This is the region in which a great deal of damage can be done to the work surface. On the

process instrumentation a noticeable increase in the voltage drop will occur as the current

density increases, in addition to which the power density at the workpiece increases. It will

also be seen that there will be a noticeable increase in the work surface temperature, which can

result in at least supersaturated solution of nitrogen in iron if the nitrogen potential is left to

run adrift. More importantly current density usually results in serious overheating of the

workpiece surface, and if this increase in surface temperature is allowed to persist, then

serious metallurgical problems will occur. The arc discharge region will usually occur at

sharp corners. It can also be in these areas of sharp corners that supersaturation of nitrides

will occur. If the process retort is fitted with a sight glass, then it will be seen almost as a

lightning storm inside the retort. This is clearly visible.

Control of the power necessary to accomplish good plasma conditions means a very

careful control of all aspects of the process:

. Power

. Current density

. Retort and process pressure

. Gas composition (ratios)

. Power on time

. Power off time

It can now be seen that control of the process is somewhat more complex than it would be

with gas nitriding. However, it appears that the process will require special control

parameters to maintain the surface metallurgy. It does require precise control of the process

to manage the complex control aspects. This use requires a very skillful handling. It was with

the advent of the pulse technology (as well as the PC/PLC combinations) that the process

control parameters could be accurately managed. Once the process technician has set the

process parameters, the parameters can be stored in a computer memory, which are permanent

until changed. The use of computers in the process means that the repeatability of the process is

now assured [17].

8.13 PROCESS CONTROL OF PLASMA NITRIDING

Because of the number of process parameters that have now been identified in the plasma

nitriding process, it is now necessary to find suitable method of control for the process. If one

considers the number of variables necessary for control, for example the salt bath process, one

needs to control only:

. Time

. Temperature

. Salt chemistry control

The same is applicable to the gas nitriding process, with the exception that it is necessary to

control the gas flow and gas dissociation.
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The plasma nitriding process demands that all of the process parameters be considered in

order to ensure good, uniform, and repeatable metallurgy. On that basis it is now necessary to

consider control of the following process parameters:

. Time

. Temperature of the workpiece

. Temperature of the process chamber

. Process gas flow (nitrogen, hydrogen, methane, and argon)

. Work surface area

. Support fixturing surface area

. Process power voltage

. Current density

. Power time on

. Power time off

. Process amperage

. Rate of temperature rise

. Process pressure (vacuum level)

This means that the use of a computer and programmable logic controller is taken advantage

to control all of the above-mentioned process parameters. The computers that are available

today are all of a very high speed and have a large memory, which means the computer is not only

able to receive the information generated as a result of processor signals, but also able to store all

of the received information. Another feature is the Internet. Access to the computer programs

makes it possible for the original furnace manufacturer to observe the equipment and trouble-

shoot in case of a problem. But there is a security risk now for the process user. The acquired and

stored information can be retrieved to compare the process parameters in relation to the

accomplished metallurgy. It can also display both current and historical trends. The computer

can also be programmed to identify maintenance schedules [14].

Computers are also able to identify and display the process parameter signals received

throughout the process. The received information, however, is only as good as the source of

the signal. For example, if the thermocouple has not been calibrated to a standard known

thermocouple, or if incorrectly positioned, then the information fed into the computer will be

erroneous. It is necessary, therefore, to ensure that the signal generated at their source is

accurate, which means regular checking and calibration.

The success of the process will depend largely on the correct interpretation of the generated

signal from the thermocouple. The displayed information on the computer screen is a product

of the signals received during the process from the various control points within the equipment.

If the thermocouple’s millivolt is not calibrated, then the displayed information will be out

of specification. It is, therefore, prudent to test the millivolt output of the thermocouple on a

very frequent basis. Further to this it is also necessary to check the cable lead from the cold

junction of the thermocouple to the programmable logic controller. This is done simply by

connecting the thermocouple table leads from the PLC and checking the millivolt output at the

connection points for the PLC. Once this reading is accurate, then the cable leads should be

reconnected to the PLC, and the PLC should then be tested for its ability to receive and interpret

the signal correctly.

The next step in ensuring that the signal is generated at the thermocouple point source is

to establish the accuracy of the PLC’s ability to determine the millivolt signal that is received

from the thermocouple. This means checking the accuracy of the PLC.

The information displayed on the computer screen is only as good as the information

received from the source of that information. The process parameters of
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. Temperature accuracy

. Gas ratios

. Temperature

. Operating pressure

. Power control

are perhaps the most important aspects of the heat treatment procedure.

The placement of the thermocouple into the process retort is also important to ensure that

accurate process temperature of the component is received. The ideal position for the control

thermocouple is as close to the workpiece as is practically possible to the part under

treatment. Usually in plasma nitriding the thermocouple is positioned inside a dummy test

coupon far inside the part. This means an almost accurate temperature reading of the

components is treated. During plasma nitriding, using the cold-wall, continuous DC method,

the thermocouple is fitted into a specially designed ceramic insert. The insert is designed in

such a manner that it is inserted into a steel test coupon, which is representative of the same

sectional thickness as that of the material treated. This gives an accurate part temperature to

the control PC. The process temperature is usually held to better than 58C (108F) of set-point

temperature of the inserted thermocouple in the dummy test block.

The set-point temperature is most important in the nitriding process, indicating control of

temperature generated by the load thermocouple. It is of no consequence if the retort

temperature into another area of the retort is 408C (1058F) over temperature so long as the

controlling thermocouple is indicative of the correct temperature.

8.13.1 PROCESSOR GAS FLOW CONTROL

With gas nitriding, control of the process gas was simply to open the ammonia gas flow main

valve and measure the volume of gas flow through a graduated flow meter. When ion

nitriding started to develop as a commercially acceptable process, it was recognized that the

gas flow control needed to be more accurate. So the gas flow was controlled using micrometer

needle valves. As the ion nitriding process began to develop into the pulse technology it was

quickly realized that the needle valve was not accurate enough to ensure controllable and

repeatable surface metallurgy. A new method has to be found. The answer was found in the

mass flow controller. The mass flow controller is a precision manufacturing process gas

delivery system, which can deliver the required process gases to the furnace in precise

measured volumes. The unit is calibrated for the particular process gas densities and volumes

that will be delivered from the gas force to the furnace and controlled by microelectronics. If

the user wishes to use a different process gas from the process gas that the mass flow

controller is calibrated to, then the gas will be delivered to the furnace in incorrect amounts.

For gas delivery piping from the gas source, it is usually manufactured from the

drawn stainless steel tube. The gas piping from the mass flow controller is also made from

the drawn stainless steel tube. This is because of the tube cleanliness within the bore. No

contamination of the process gas from within the stainless steel tube inner walls is most

important to the success of all the ion nitriding processes.

If the gas flow ratios begin to vary during the process cycle, then the current density at the

work surface can be affected. Depending upon the surface metallurgy necessary for the

successful function of the component, the gas flow can vary from 5 to 100 l/h. This will of

course completely depend on the surface area of the workload that is to be treated. If one

compares the gas consumption between gas nitriding and ion nitriding, it will be very clear

that the gas consumption on ion nitriding is considerably less. The obvious implication of

using less process gas on the ion nitride process is that the cost of the process gas is
� 2006 by Taylor & Francis Group, LLC.



considerably less. This is because the process gas is used only for the process, and not to use

that gas as a sweep gas during the procedure as it is with conventional nitriding methods. The

critical aspect of gas nitriding is to prevent the process gas from stagnating, so that the gas

flow tends to be on the high side. If time is not critical factor on the cool down cycle, then one

can cool down at the completion of the ion nitriding process under vacuum. If the cooling

time is critical then the cooling of the load can be accomplished by using recirculated nitrogen

from the gas source through an internal heat exchanger.

The quality of the process gas is important to the success of the procedure, and it will

be necessary to use clean dry nitrogen with a moisture content not greater than 55 ppm of

moisture or oxygen. The cleanliness of the hydrogen process gas should not be greater than

5 ppm of oxygen. Some furnace manufacturers argue that it is acceptable to use ordinary

commercial grade nitrogen. The author’s experience has shown that while it will work, the risk

of surface oxidation is always there. There is also the risk of grain boundary oxidation

occurring.

The success of the process metallurgy is dependent on the quality and composition of the

process gas. This is most evident with the gas nitriding procedure. It was because of this aspect

that the two-stage process (Floe process) was developed in order to reduce the thickness of the

formed compound layer on the surface over processed workpiece. The advent of ion nitriding,

which now uses two molecular gases as opposed to a gaseous compound, such as ammonia,

now opens the door to greater control of the surface metallurgy. This now demands greater

control of the individual molecular process gases. The precise and metered amounts of the

process gases are of paramount importance for the formation of the surface compound layer.

This is the reason why it is necessary to consider the use of the mass flow controller for the ion

nitride process as well as for the economics and operating costs of the process.

Using the mass flow controller can be likened to the comparison of the automobile

carburetor in relation to the fuel injection system. The mass flow controller is a unique

method of precisely controlling gas flow systems for each of the relevant process gases used

in the nitriding process. Be careful when ordering a new mass flow controller. The mass flow

controllers are calibrated for specific gases, and not for general use. Therefore it is important

to have the appropriate MFC. This is particularly true when using methane.

8.14 TWO-STAGE (FLOE) PROCESS OF GAS NITRIDING

As was stated in the previous edition, the Floe process (two-stage process) continues to enjoy

good and successful process results. The success of the process is continuous improvement

due to the methods of control in terms of

. Temperature control

. Gas flow control, using more accurate delivery systems

. Gas decomposition control

. Improved precleaning methods

Because the process uses the higher temperature for the second stage of the procedure, it is

most important that the process temperature does not exceed the previous tempering tem-

perature. If this occurs, then the core hardness is likely to be reduced. This will be followed by

premature collapse of the case during the service of the nitrided component.

This process is now using a higher gas dissociation of 75 to 85% during the second stage of

the process. This means that the amount of available nitrogen to form the case is reduced,

which means that the compound layer thickness will be reduced accordingly. Another reason

for the low availability of nitrogen is that nitride networking can be reduced at sharp corners.
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The main purpose of the two-stage process is to reduce the thickness of a formed

compound zone, and will produce deeper total case depths that can be obtained from a

single-stage process. This is because of the higher two-stage process temperature employed.

It will also produce a slightly lower surface hardness that can be obtained from a low-

temperature single-stage process. If it is necessary for the performance of the treated steel

that the compound layer be reduced or even eliminated, it may be more appropriate to use the

lower process temperature of the single-stage procedure and grind off the formed compound

layer. However, it is necessary to know the thickness of the compound layer before grinding.

8.15 SALT BATH NITRIDING

The traditional method of salt bath nitriding using cyanide-based compounds is perhaps no

longer in use today. However the development of low cyanide-based salts has grown tremen-

dously during the past two decades. The uses of the salts are seen in the process of FNC with

postoxidation treatments. The oxidation treatment is to accomplish a controlled oxide-

formed layer on the surface of the steel. The purpose of this oxide layer is to increase the

corrosion resistance of the steel surface. The oxide layer will also produce a very attractive

mat black surface finish. Its use is seen in applications where low-alloy steel is used to provide

a wear- and corrosion-resistant surface [18]. Such applications can be found for:

. Automotive applications, such as pressure plates, ball joints, gear drives in window lift

mechanisms, windshield drive systems, windshield wiper arms, manual gear change

levers
. Simple drive shafts
. Simple locking mechanisms
. Diesel engine locomotive cylinder liners

The aerated bath nitriding method is a proprietary process (U.S. patent 3,022,204). This

method requires specific amounts of air to be passed through the molten salt. The purpose of

the delivery of the air into the salt is to cause agitation of the salt and also the decomposition

of the salt from cyanide to cyanate. It is necessary to monitor the composition of the salt by

titration on a daily basis. The cyanide contents of the salt should be maintained around 55%

with the cyanate content at approximately 35% by volume over the bath. This type of bath

would be used to process plain carbon steel with a case depth of up to 0.3 mm (0.012 in.). It

should be noted that the case depth is a function of time and temperature.

As a direct result of concerns regarding the environmental influence of the cyanide-

bearing salts, the development of cyanide-free salts came into being. The salts are proprietary

salts (U.S. patent 4,019,928), which means that after completion of the FNC process, the steel

components are quenched into warm oxidizing quench salt, which will neutralize the cyanide

and cyanate compounds that are present as a result of carryover from the process salt. A direct

result of the quench procedure into the warm salt is a direct reduction of distortion [14].

This process is generating parallel interest as gaseous-based nitriding and FNC process

treatments.

8.16 DILUTION METHOD OF NITRIDING OR PRECISION NITRIDING

The control of the compound layer thickness will depend on the following process parameters:

. Process time

. Process temperature selection

. Process gas composition
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. Gas dissociation (if gas nitriding)

. Steel composition

Precise control of the above areas will determine the thickness and quality of the compound

layer. The dilution method of nitriding and FNC controls the process parameters in a very

precise manner. In order to accomplish this and control the process, precisely the use of a

combination of PC and programmable logic controller is necessary. In controlling the nitrid-

ing potential of the process gas, in relation to the steel treated, one can begin to control the

thickness of the formed compound layer.

If the nitriding potential is high (high nitrogen content), then the composition of the

compound layer is likely to be that of gamma prime. If the availability of the nitrogen source

is diluted with hydrogen then the nitride potential will be low. This means that the compos-

ition of the compound layer is likely to be dominant than that of an epsilon layer. This will of

course depend on the carbon content of the steel. If it is necessary to form the epsilon layer

and the steel does not have sufficient carbon, then carbon can be added in the form of

methane. The amount of methane added to the process gas should be very carefully controlled

up to a maximum of 2% of the total volume of process gas.

Hydrogen is often used as the dilutant gas during the process. Great care should be taken

when using hydrogen as a process gas. Very simple but effective rules apply when using

hydrogen and are as follows:

. Ensure that the furnace retort seals are in good condition, undamaged, and well cooled.

. Be sure that oxygen is not present in the retort before raising the process temperature of

the retort. If oxygen is present, then a serious explosion or fire risk can occur. It is

necessary to purge the process chamber with clean dry nitrogen before starting the

procedure, and immediately before opening the chamber. Do not open the chamber

until it is purged free and clear of hydrogen by nitrogen and at an inner retort

temperature of 1508C (3008F) or below.

These precautions will also be applied to conventional gas nitriding. The reason is that

hydrogen could be present as a result of ammonia gas in decomposition during the process.
8.16.1 CONTROL OF PRECISION NITRIDING

If the steel treated contains the appropriate alloying elements, then it can be nitrided. It is now

the resulting metallurgy that becomes the basis of the philosophy of control. Precision nitriding

offers the same (or similar) results as those obtained by the plasma nitride method. The only

significant difference in the process is not in the resulting metallurgy, but in the control

philosophy. The one major difference between the precision gas nitride and plasma processing

technology is that the procedure has almost the same time cycles, as does the gas nitride.

However, significant area of change is in the method of control. The principle advantage

of this system as opposed to the plasma system is that there is no requirement necessary for

the pulse power pack. This offers to the user a lower capital cost investment, as well as lower

maintenance, and spares cost. The user of the plasma system is vulnerable to the point where

it is almost mandatory that a pulse power pack generator is kept in stock.

There are many variations on the basic control philosophy, two of which are:

. Control based on the measurement of the exhaust process gas from the process retort.

The method of control for this variation on the conventional gas nitride system is the
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measurement of the insoluble nitrogen and insoluble hydrogen present in the exhaust gas.

Once the measurement has been completed, the additional gases for enrichment or dilution

are added from the probe signal to a modulating valve located at the gas flow delivery

manifold.
. Another method, which has been developed by a leading European international

furnace manufacturer, is a variation of the oxygen probe. This system is based once

again on the sensing of the insoluble gases, within the process retort. The retort is

now placed in the process chamber and not at the exhaust gas discharge side of the

system.

The attractiveness about the precision nitride method is that the furnace design is a relatively

simple design, which means that the investments will be kept low. The furnace designs are

proven designs, and have simple installation requirements. This technology has a promising

future. It seems to be the technology that is giving the process of nitriding a great boost.
8.17 FURNACE EQUIPMENT FOR NITRIDING

The equipment for gas nitriding is of a very simple design and has remained for many years. If

one considers a gas nitriding furnace designed today in relation to furnace designed 50 years

ago, there will not be a significant degree of a noticeable change. The critical area of furnace

design for nitriding procedures is that of temperature uniformity. In addition to this, signifi-

cant changes have been seen in the transmission and reporting of process data. It is important

to note that great faith is often placed in the use of computers for process control technology.

It is safe to say that the quality of a reported information displayed on the computer screen is

as good as the source and the method of acquiring that process signal. If thermocouples are

incorrectly positioned within the process chamber, the information seen on the screen will be

incorrect. It is important to ensure that all data reporting points are placed in such a manner

as to report accurate information to the computer display screen.

It is most important to have good temperature uniformity within the process chamber in

order to ensure good uniform case depth and case metallurgy. The temperature uniformity

should not vary more than 58C (158F) above or below the set-point temperature. If tempera-

ture uniformity varies greater, say 308C (558F), considerable variation will occur in the

surface metallurgy as well as surface hardness variations. This indicates the difference of

forming nitride networks in the case and normal nitride metallurgy. Another concern that

arises from nonuniformity of temperature is the fact that the core hardness, surface hardness,

and the case depth vary. In order to accomplish temperature uniformity, it is necessary to

have a gas circulation fan within the process chamber.

As with any heat treatment process, it is essential that a uniform temperature of the process

be maintained. Temperature control can be either single zone or multizone control system.

With a single zone control, a single thermocouple may be used in conjunction with an over

temperature control thermocouple. If the furnace is a multizone system, a master thermocouple

is employed in conjunction with slave thermocouples plus the necessary over temperature

thermocouples. This type of system may be set up in such a manner that the master thermo-

couple will not only control within the master zone but also within each of the remaining zones.

Temperature recording can be accomplished in many ways, such as:

. Conventional time–temperature control instrumentation that will transmit a millivol-

tage signal to a data-logging instrument or to the controlling PC/PLC.
. Conventional time–temperature controllers that will transmit a millivoltage signal

through a microprocess controller and onto the data-logging instrument. This system
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will reduce operator involvement, and thus the operator is available for performing other

functions.
. It has been during the past 15 years that greater usage of the PC/PLC has occurred.

However as has been stated previously, the use of the system is only as good as the quality of

signal it receives. There are many innovative screen displays, which show the occurrence of

individual and multiple events during the process. The display screen can also be programmed

to indicate the need and frequency of both furnace maintenance and system maintenance.

When selecting the points of insertion of each of the thermocouples, be it for a single

zone or multizone system, the thermocouple should be as close to the nitride retort as

conveniently possible. In addition to this, provision for a thermocouple to be placed inside

of the process retort should be made. This can be accomplished by fitting stainless steel

into the process retort with the end of the inside of the retort sealed and gas tight. This will

give the operator the facility to measure the internal temperature of the retort and thus

close approximation of the work temperature. The tube length of the retort should be

controlled to indicate a reasonable temperature average for the whole of the interior of

the retort.

Another development of the gas nitriding furnace is the use of vacuum-formed modules

for thermal insulation. Today we are seeing greater usage of these thermally efficient light-

weight modules [19]. This means:

. Faster production methods of furnace construction

. Cost-effective in terms of construction

. Better thermal efficiencies

. Better economical operating costs

. Less maintenance

8.17.1 SALT BATHS

Significant changes that have occurred in the salt bath manufacture, particularly for salt

bath nitriding systems, have been in the mechanical handling of the workpieces through the

system, event reporting, and the system reporting in terms of time and temperature. Unfortu-

nately, no method has been developed to automatically analyze the salt bath. This means a

manual analysis.

The salt pot is constructed either from low-carbon steel with a titanium liner or a highly

alloyed stainless steel (Inconel). There have not been any significant changes in the manufac-

ture of salt pot during the past two decades.

Heating systems are still the same, which means directly or indirectly fired electrical or gas

firing. The economics of gas or electrical firing will be determined by the geographic location

of the operation and the availability of either gas or electricity.

As far as the operation of the bath is concerned it is advisable to try and operate the bath

on a continuous 24-h basis. If this is not possible, then the temperature of the bath should be

turned down to a temperature that will keep the bath molten.
8.18 PLASMA NITRIDING

The use of plasma nitriding as a process system has received a great deal of success during the

past 10 years. Its acceptance by engineers and metallurgists has grown. It is now seen not so

much as a new process, but as an accepted process that has a great deal to offer in terms of

repeatable and consistent metallurgy. There still seems to be confusion arising as to what its
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process name really is. It is known as ion nitr iding, glow discharg e nitr iding, plasm a nitriding,

and plasm a ion nitr iding.

The phenomen a of plasm a are well- known na tural phenomen a as ha ve been previous ly

descri bed. Two German physici sts na med Drs. Wehn heldt and Berghaus first developed the

use of the plasma phen omena for metallur gical process ing in Germ any ea rly 1930s. Plasm a

process techn ology has matur ed greatly dur ing the pa st 15 years. Plasm a technol ogy is us ed

on a daily ba sis for (a) precle aning for surgical instrument s, (b) plasma coati ng technol ogy,

and in plasm a-assisted surfa ce treatmen ts, such as nitr iding, FNC, carb onitriding, and

carburi zing.

Plasma is a technol ogy that can be used for many process applic ations, whi ch include the

treatment s of a metal, plast ic, or other surfa ce treatment method s. The use of plasm a

assistanc e for thin- film hard coatings has grow n co nsider ably during the past 5 years [14].

It was stated in the prev ious edition that in the early 1950s Genera l Electr ic in Lynn,

Massac husett s had pion eered the use of plasm a technol ogy as a means of su rface treatment by

nitriding. The compan y is still employ ing plasm a process ing as a means of nitr iding for

surfa ce treatment . It is quite evident that the company believes in the techno logy of plasm a

nitriding as a method of pr ecisely producing a de sired, repeat able, and consis tent meta llur-

gically forme d ca se.

8.18.1 PLASMA GENERATION

When steel is placed in a gas en vironm ent at pa rtial atmosp heric atmosph ere and a v oltage is

applie d to the electro des, then the gas in the enclosed chamber will begin to glow and emit a

light, which will be de penden t on the type of gas in the chamber. As previous ly stat ed, an

exampl e of this is the fluor escent light tub e.

The basis of generating a plasma or a g low discharge is that even at atmos pheric

tempe rature and pressur e, gas molec ules are alw ays in a state of mov ement and are continu-

ally colliding with each oth er. As the co llision occu rs between two gas molec ules, energy is

relea sed, resul ting in a glow . If we now place the ga s in an enclosed ve ssel with tw o electrodes,

and seal the vessel in such a manner as to make it gas tight, then apply a volta ge across the

two elect rodes, the gas molec ules are excit ed and liberate free elect rons from their outer shell.

The molecules begin to move in a random manner, colliding with each other. If the gas is at

atmospheric pressure, then collision occurs by electrical excitation, there will be a release of

very small amount of energy. The energy that is released will be insignificant due to the high

probability of collision between the molecules, which means that the mean free path on the

molec ules is very small. An illustr ation of this can be seen in Figure 8.14. If the inter nal

pressure of the chamber is reduced to a high-vacuum level, then the probability of molecular

collision will be very low because the mean free path of the gas molecule will be very long. The

direct result of this is that there will be a large amount of energy released, but cannot be used

effectively because of the infrequent molecular collision. Therefore it follows that somewhere

between the two extremes of pressure there should be an ideal pressure band in which the

phenomenon of plasma can exist. This pressure band has been found to be between 50 and

550 Pa. Therefore process pressure within the process chamber is one of the principal elements

of control of the glow discharge, other parameters are voltage, gas composition, and the

surface area of the work to be nitrided.

When a nitriding temperature and a high-process operating pressure are used (one that

is closer to atmospheric pressure), then the glow will be seen to have incomplete

coverage of the surface treated (Figure 8.14). Conversely, if the process pressure is low

(that is, at high vacuum), then the area below will appear to be hazy or foggy from the

work surface treated.
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FIGURE 8.14 Probability of molecular collision at various sub-atmospheric pressures. (Courtesy of

Seco Warwick.)
8.18.2 GLOW DISCHARGE CHARACTERISTICS

The glow discharge characteristics are previously defined and a relationship between the

process voltage and the current density is drawn. The Paschen curve will then define the

relationship between voltage and current density. The relationship between voltage and

current density can be derived from the Paschen curve to determine the appropriate process

voltage for the ion nitride procedure.

A clear understanding of the characteristics of the plasma ignition conditions as well as an

understanding of the Paschen curve and its relationship to voltage and current density is

necessary to have a clear understanding of the glow discharge characteristics. It is a common

misconception that a scientist should operate and control a plasma-generated system. It is

necessary to have the understanding how the glow is created, and it is quite simple. The

understanding of the glow seam characteristics can be as simple or as complex as one wants to

make it [20].

Simply stated, the higher the process voltage in relation to the pressure then greater the risk

of reaching the arc discharge region with the potential for the occurrence of arcs. When the arc

occurs, it will usually occur on sharp corners (usually, but not limited to corners). This means

that there will be a heat-affected zone at and behind the point of the arc occurrence, which will

mean the potential for an enlarged grain size and a certain reduction in hardness. Very careful

control of the voltage and pressure is, therefore, an essential aspect of the process.

In order to ensure good surface metallurgy with consistent and repeatable results, a

careful control of the voltage, amperage, current density, gas composition, and pressure is

necessary for the successful and uniform nitriding to take place. It is now necessary to control
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the above parameters in a very precise and accurate manner. The control function is now

taken over by the integration and use of the PC/PLC combination. This method of control

makes the operation of the system much simpler for the process operator to ensure repeatable

and controllable results. The operator of the system is free to set up the necessary programs

that will produce the formed case in a manner that will best suit the operating conditions of

the processed workpiece:

. Dual-phase compound layer

. Single-phase compound layer

. No compound layer

With an understanding of the glow characteristics, the operator can create the necessary case

that will enable the component to function in its operating environment and can ensure

repeatability due to the memory storage capacity of the computer.

The advent of computers 20 years ago has made the use of computers affordable and their

ease of operation has made possible their utility in all walks of life, both at home and at

workplaces. The computer has probably had the same significant effect on everyday life as the

telephone has. The computer is probably the single most significant contribution to life in the

20th century and the early part of the 21st century. Simply put, if one can operate a computer,

then one can operate a plasma system.
8.18.3 PLASMA CONTROL CHARACTERISTICS

When a constant voltage is applied to the workpiece within the partial pressure range in

which gaseous ionization will take place, then the electron collision will generate a glow. The

glow will surround the workpiece and will also generate energy in the form of heat. The

generated heat can be used to assist in the heating of the workpiece. It can be seen that by using

different gases, such as nitrogen, hydrogen, methane, and combined gases (N2, H2, CH4), and

utilizing the phenomena of the glow discharge (gaseous ionization) many different thermo-

chemical process techniques can be performed. This is possible if the materials of construction

for the equipment are designed and built for the appropriate process temperature. The decom-

position of ammonia using heat is considered to be the classical nitriding formula, which is as

follows:

2NH3 $ N2 þ 3H2

The decomposition on the gas (left to right in the above formula) will liberate both nitrogen

and hydrogen as individual gases. Each gas will exist momentarily in its atomic form from

which a small proportion of nitrogen atoms are absorbed and diffuse into the steel surface,

forming nitrides with the appropriate alloying elements of the steel. The use of ammonia as

the process gas and the source for nitrogen dictates the use of fixed gas chemistry, thus

resulting in a fixed surface metallurgy [21].

This means that the nature of the formation of the compound zone will always be

the same. The composition of the compound layer will be determined by the analysis of the

steel.

Using the method of plasma nitriding and combining nitrogen and hydrogen by varying

the ratios of the two gases, we can now manipulate the surface metallurgy of the steel.

Therefore it can be said that with variable gas chemistry, one can accomplish a variable

surface metallurgy. In other words, the appropriate surface metallurgy can be created that

will best suit the steel and its application.
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The control parameters for gas nitriding is limited to four process areas, which are:

. Process time

. Process temperature

. Gas dissociation

. Work surface area

When one can control the gas dissociation and the nitride potential, by accurately controlling

the volume of ammonia that is delivered to the process chamber, then one can reasonably

control the thickness of the compound layer.

The process of ion nitriding has many more controllable variables that are necessary to

control. When all of the process parameters are managed, then one can manage the process

and the results will be more repeatable and consistent. The use of PC/PLC has made the

process control both meaningful and accurate (Figure 8.15). The process parameters that are

generally controlled are:

. Process time

. Process temperature (process chamber)

. Process temperature (workpiece)

. Process gas flows

. Surface area

. Power voltage

. Power amperage

. Current density

. Rate of temperature rise
Fan
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FIGURE 8.15 A typical PC screen configuration for a heat-treatment furnace. (Courtesy of Seco

Warwick Corporation, Meadville, PA.)
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8.18.4 EQUIPMENT TECHNOLOGY

In the ion nitriding process technology there are two distinct process techniques:

. The cold-wall technique (using continuous DC power)

. The hot-wall technique (using pulsed DC power)

8.18.5 COLD-WALL TECHNOLOGY

A typical cold-wall ion nitride furnace is shown in Figure 8.16. The furnace process chamber

is made up of two vessels. This means a smaller vessel positioned within a slightly smaller

vessel thus making the complete construction of a double wall vessel. The area between the

inner vessel and outer vessel will now become a water-cooling jacket to cool the inner process

chamber during the process operation. The inner process chamber is usually made from a

heat-resisting stainless steel. The outer vessel is usually made from a carbon steel. The two

chambers are separated by the bottom shell flange, which will mate with the top shell flange.

The bottom shell flange is usually water cooled for a vacuum seal protection. In order to

observe the plasma conditions and glow seam, which will surround the workpiece, a water-

cooled view port is usually fitted in line with the workload area.

The electrical plasma power feed throughs, which activate the cathode, are fitted

through the bottom shell. The power feed through it is of course grounded for operator safety.

It is also unusual to fit the process gas supply, thermocouple feed through, and the vacuum

pump out port.
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FIGURE 8.16 Schematic of a typical arrangement of a cold-wall, continuous DC plasma nitriding

system. (Courtesy of Seco Warwick Corporation, Meadville, PA.)
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8.18.6 POWER SUPPLY

In order to generate a plasma it is necessary to have a suitable continuous DC power supply

that is constructed in such a manner as it did respond to control signals from the process

controller. The purpose of the continuous DC generator is to develop a particular voltage that

ignite a gas in relation to the Paschen curve. The power supply will allow a continuous voltage

flow through the cathode potential located within the process retort. The power to be fed into

the cathode will excite the gas electrons and will also create energy in the form of heat at the

workpiece. The generated power will be fed to the cathode through the wall of the retort via

the power feed through. The usual location for the power feed through is generally located in

the place of the retort. The furnace hearth is in contact with the power feed through in order

to make the hearth at cathode potential. The power feed through design will allow an

uninterrupted passage of power to the cathode and is appropriately insulated from the

anode. The correct electrical insulation is necessary from a safety standpoint.

Some of the early power supplies that were initially employed used a continuous DC

power to generate the glow discharge. The power supply to the cathode is set up in such a

manner so as to create a voltage bias between the anode (vessel wall) and the cathode (furnace

hearth) when operating in the lower portion of the glow region (normal glow discharge).

Considerable problems to the glow seam stability by this method were particularly noticeable

when nitriding complex geometries and blind holes. In order to nitride these types of

components, it was necessary to use a higher process voltage as well as higher vacuum levels.

This tended to cause serious problems, which were often seen as localized overheating at

sharp corners. It was also seen as a high potential for arc discharge. If the arc persisted, then

serious metallurgical damage could be caused to the workpiece.
8.18.7 PROCESS TEMPERATURE MEASUREMENT

A very simple statement is that all metallurgical processing is temperature related. Tempera-

ture measurement is, therefore, perhaps the most single process parameter that requires

accurate measurement as well as good control and uniform temperature distribution through-

out the process chamber. As in the conventional heat treatment procedures, it is a common

practice to measure process temperature as close to the workpiece as practically possible.

If this can be accomplished, then it will give a good indication of the workpiece temperature.

Remember that one naturally assumes that the temperature indicated on the temperature

controller is the temperature of the process chamber. This is not necessarily so. All that

the thermocouple is indicating through its generated EMF is the temperature at the hot

junction of the thermocouple and not, as it is assumed, to be the temperature of the workpiece

or the furnace. The ideal position of the thermocouple should be either on the part, or in the

part, or in a dummy block that is representative into those of cross-sectional thickness of the

part.

The thermocouple is insulated from the cathode by a specially designed ceramic insert that

is inserted into the part or the dummy block. Generally there are two thermocouples. One

thermocouple will measure the temperature of the thickest part of the block, and the other

will measure the thinnest part of the block. The temperature uniformity within the process

chamber, from top to bottom and side to side, should not be greater than 58C (108F). The

EMF that is generated by the thermocouple is transmitted back to the process temperature

controller, and it is necessary to use a process computer to record the process parameters.

It is not an issue if the process retort temperature is not uniform. However, it is a problem

if the part temperature is not a uniform temperature. Any temperature variation greater than

108C (168F) will produce an irregular case depth and nonuniform metallurgy. This will apply
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to any nitriding process method. Temperature uniformity in the workpiece is critical to both

the metallurgy and the performance of the product.

It has been said on many occasions that the temperature is controlled by the computer;

therefore, the temperature displayed on the computer screen must be accurate. Please be

aware that the accuracy of the temperature readout shown on the computer screen is only as

accurate as the thermocouple, which transmits the EMF signal back to the computer. The

assumption is made that the temperature displayed on the computer screen is the temperature

within the process chamber on any heat treatment process. Once again it is stated that this is

not a correct assumption. All that is displayed on the computer screen is the temperature at

the hot junction of the thermocouple, nothing more and nothing less.

8.18.8 PROCESS GAS FLOW CONTROLS

The traditional method of controlling the process gas (e.g., ammonia) on the traditional gas

nitriding process was originally by flow meters. This idea was utilized in the early experiments

on plasma nitriding and in the early equipments. It was found that the flow meter was an

inadequate method for process gas flow control.

A more precise method of process gas delivery was needed. Later methods of plasma

nitriding equipment then began to make use of the micrometer needle valve gas control

system. It was found that this system worked reasonably well, but on a rather limited basis.

It was necessary to find a more accurate method of process gas flow control in order to

accomplish the precision and repeatability that is required of plasma nitriding.

It is well known that gas ratios and the gas flow relation to the process pressure can adversely

affect the current density at the work surface. Therefore it is necessary to deliver and monitor the

gas flow as accurately as possible. When ion nitriding, gas flows can be up to (in the total) 100 l/h

maximum during the nitriding procedure. It is to be noted that 100 l/h is the maximum flow.

More often than not, it is considerably less. The flow rate is dependent on the surface area of a

treated workpiece. The ion nitriding process makes very little demand on the gas consumption

when compared to conventional methods of gas nitriding. It is safe to say that for every 100 ft2 of

surface area treated by gas nitriding requires approximately 50 ft3 of ammonia gas per hour. The

reason for this is that most of the ammonia gas is used as a sweep gas through the process retort.

In other words, large quantities ammonia gas is wasted. However, with the dilution process the

gas flow rate is very carefully monitored and controlled in relation to the under treatment steel,

the case metallurgy required, and the nitriding potential.

With ion nitriding, the total gas flow requirement is considerably less than 5 ft3=h. The

reason is that only the gas necessary for ionization and diffusion is required. This means that

the process is extremely economical as far as process gas costs are concerned. On completion

of the process, cooling cycle can be accomplished either by a forced cooling using nitrogen,

which would be recirculated through the process chamber or by vacuum cooling, which is of

course a very slow method of cooling.

8.18.9 HOT-WALL, PULSED DC CURRENT

The hot-wall, pulsed DC technology employs a completely different approach to the ion

nitriding process. This technology differs from the cold-wall technology so much that the hot-

wall technology recognizes that at ambient temperature the power voltage necessary to

generate not only plasma but also heat makes the plasma glow seam very dangerous to the

metallurgical integrity of the workpiece. It is necessary to generate high voltages in order to

generate heat. This requires that the current density is relative to the process voltage. This will

be almost at the arc discharge region of the Paschen curve. It is also well known that most
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metallurgical damage to the workpiece occurs at ambient temperature owing to the high

voltages that are necessary for extended periods of time. This is to generate the process

energy, which in turn will heat the work up to the process temperature. A typical hot-wall

plasma furnace is shown in Figure 8.17.
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FIGURE 8.17 Hot-wall vacuum plasma nitride furnace. (Courtesy of PlaTeG Gmbh Siegen, Germany.)
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8.18.10 PLASMA POWER GENERATION

Most steel is sensitive to metallurgical damage, which will be the result of the phenomena of

arc discharge. Therefore it was necessary to find a very simple and effective solution. The

solution is based on a simple anthology. When one enters a darkened room it is necessary to

switch on the light in order to see. When one leaves the room (hopefully), one would switch

off the light. This analogy is taken into the field of power generation. The traditional method

of plasma power generation is by continuous DC voltage. This new method of power

generation is to interrupt power generation by consistent, repeatable, and variable time-

based interruptions of the continuous voltage.

The power is now pulsed into the power feed through, thus interrupting the power to

generate the plasma. Therefore (and depending on the pulse duration time), there will be

almost no possibility for an arc to develop during the process. The interrupted power can be

varied upwards from 3 to 2000 ms for power to remain on. Conversely the same will apply for

the time that the power will be off. The pulse duration time on and the pulse duration time off

can be varied during the program as is seen to be necessary for good and effective control.

This makes for a variable but controlled plasma power generation system.

This technology is called pulsed plasma ion nitriding. This method of power generation

has been a major breakthrough in the process technology. It disperses all the fears that were

previously held by process engineers of an uncontrollable process that was susceptible to arc

discharge. This now no longer applies.

8.18.11 PROCESS TEMPERATURE CONTROL

A new concept and method of temperature distribution was developed at the same time as the

pulse technology. This development was to separate the need to heat from the plasma. In order

to overcome this a thermally insulated bell furnace now surrounds a single vessel vacuum

process retort. The furnace is designed in such a manner that the heat generation from the

heating elements now directly heat the process retort. The air gap between the insulation and

the outside wall of the process chamber is used to control the process retort temperature. This

means that instead of using valuable recirculating water through a water jacket followed by

cooling the water through a heat exchanger, normal shop air is now used as a very effective and

inexpensive system of cooling and controlling the wall temperature of the process retort.

The use of pulse technology allows better penetration of plasma into holes and greatly

reduces the risk of what is known as hollow cathode. The pulse power can be adjusted to

accommodate geometrical section changes in the workpiece treated. With a part that has a

complex shape, when using the continuous DC pulse system, thin wall sections of that part

will reach temperature in a shorter time than the thicker sections. This means that thermal

differences in temperature are introduced to the workpiece, thus causing the potential for

stress risers to occur between thick and thin sections. The ability to pulse the power gives the

process technician the opportunity to adjust the power to the workpiece so that when

the power is off at the thin sections, the residual heat will have the opportunity to dissipate

to the thick section, which will be absorbing the heat. Temperature differentials between the

sectional differences can usually be kept at a maximum of 58C (108F) on either side of the set-

point temperature. The frequency of the pulsed power should be such that it is variable

enough to allow it to be adjusted in order to accommodate extreme changes in sectional

thickness. The pulse plasma system incorporates high-powered transfers to rise switching

converter system that operates between 1,000 and 10,000 Hz.

The benefits of this technology simply mean that the process temperature is now derived

from an external heating source as opposed to heating, simply by the use of plasma. Only the
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voltage necessary to initiate the plasma generation is now required, which means lower

process voltages can be used as opposed to the more traditional method of power generation

and heating by the use of high process voltage. In simple terms, it means that the risk of arc

discharging is dramatically reduced to the point of almost nonexistence.

8.18.12 TEMPERATURE CONTROL

When measuring process temperature in the hot-wall, pulsed DC furnace a different method

of measurement is used to that of the cold-wall, continuous DC technology. The thermo-

couple can be at cathode potential and protected by some method of shielding from being

nitrided, which will happen if the thermocouple is left exposed at cathode potential. An

alternative consideration could be where the thermocouple tip and strategic points of the

thermocouple are protected and insulated from cathode potential by a specially designed

ceramic insulator. The generated EMF from the thermocouple can now be transmitted to the

computer. This information is now displayed on the computer and is recorded.

8.18.13 PROCESS CONTROL

The methods of process control can be wide and varied, as well as simple or complex. The

degree of simplicity or complexity will be driven by the investment economics and by the

operational skills available to the user.

8.18.14 LOW CAPITAL INVESTMENT, HIGH OPERATIONAL SKILLS

This method of control will take cognizance of a simple pulsed power unit using manual

power output control system, with the temperature and pressure controls at a PID loop

system which will monitor both pressure and temperature. This type of control requires a high

degree of operator skills in terms of having the ability to both recognize the process activities

and fluctuations, as well as able to correct them.

8.18.15 MODERATE CAPITAL INVESTMENT, MODERATE OPERATOR SKILLS

This system operates on the basis of process-generated signals that are transmitted through a

microprocess controller. The controller can be either a proprietary unit or a commercially

developed unit. The process will usually manage itself with some operator involvement. It will

still require manual loading, unloading, and microprocessor programming.

8.18.16 HIGH CAPITAL INVESTMENT, LOW OPERATIONAL SKILLS

The development of the computer to be integrated as a primary process controller has grown

tremendously since this chapterwaswritten.The computer is a receiver and interpreter of signals

that are generated as a result of process events. The computer still works with a programmable

logic controller. The computer can be fitted with a modem control, which enables the manu-

facturer of the equipment to troubleshoot from a remote location. This also means that the

furnace status and programmed events can also be viewed from a remote location. The process

information gathered into a memory bank and stored, and can be retrieved and printed at any

time. The computer process displays the status of the process at any time during the process

sequence. Most operators have a basic computer literacy; therefore, the training of the operator

is neither complex nor time-consuming. This means that computer method is user-friendly and

all events are visibly displayed for interpretation at a moment’s glance.
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8.18.17 METALLURGICAL CONSIDERATIONS AND ADVANTAGES

There are many arguments against the justification of the equipment investment for ion

nitriding in relation to gas nitriding. There are also many arguments against the complexity

and handling of the ion nitriding process and many in-depth discussions as to which is the best

method of control. While all of these arguments may well have been justifiable in relation to the

more traditional methods of ion nitriding, in today’s process technology world, they are

unfounded. The current state-of-the-art ion nitriding equipment offers to the metallurgist

both control and process advantages that would not be previously possible with the early

continuous DC plasma generation nitriding techniques. It is possible not only to control but

also measure the work surface temperature and heating, as well as control gas composition, gas

species activity at the steel surface, process pressure within the retort, and the process time.

Another perceived advantage of the ion nitriding process is that the process does not rely

on the decomposition of ammonia by heat as it is with the gas nitriding process. Because the

ion nitriding process uses molecular process gases, the decomposition of these gases is

accomplished by the electrical ionization technique. Using heat to decompose the ammonia

process gas for gas nitriding, it is a time-consuming event. In addition to this, the steel surface

will act as the process catalyst in order to aid the diffusion of the nitrogen into the surface of

the steel. When using the ion nitriding process, no heat is required to ionize the process gas.

The ionization from molecular nitrogen to atomic nitrogen is almost instantaneous, however

the laws of physics of diffusion still govern the rate of diffusion into the surface of the steel.

However, the net result of the differences of gas preparation is that the floor-to-floor process

cycle time is considerably faster with the ion nitriding than with gas nitriding.

The ion nitriding process will also give the operator the ability to control the formation of

the surface metallurgy (white layer otherwise known as the compound layer). It can also be

made to single phase (epsilon or gamma prime phase), as well as completely eliminated. It will

be the engineering design requirements that will determine the choice of surface metallurgy. The

result of the process will be determined by the process settings, and in particular process gas

ratios.

It can be said that a more appropriate method of eliminating the compound layer will

be to grind or lap the compound layer off. While this is true, one needs to know the thickness

of the compound layer in order to effectively grind off the layer. Further to this, one needs to

be extremely careful with the grinding operation in order that the diffusion zone is not

stressed, and that stress patterns are not set up that may lead to crack generation and

propagation.

It can be seen that the surface metallurgy can be both controlled and created, in order to

suit the process application. Further to this, it has been said that only steels with specific

alloying elements in the composition can be nitrided. Because of the ion nitride process and

the ability to manipulate the process gases, one can even nitride iron as well as the more

complex steels, stainless steels, and some of the refractory materials. This ability to nitride

steels as well as irons, and to control the surface metallurgy requires a more versatile process.

Further to this, it means that both nitriding and FNC process as well as the postoxidation

treatment can be accomplished in the same furnace.

There appears to be some controversy in the basic philosophical thinking regarding the

formation of the compound layer. Metallurgists in Europe have a different belief and

understanding than the metallurgists in North America. The European philosophy tends to

promote the need for the compound layer on many product applications. On the other hand

American metallurgists tend to control the formation of the compound layer to suit the

application. This means to control the surface metallurgy from no compound layer to a

controlled dual-phase compound layer. It is felt by the author that the U.S. metallurgists
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make greater use of the ability to create the appropriate surface metallurgy innovation to the

European counterparts [14]. The thickness of the compound layer will be determined by:

. Process temperature

. Process gas ratios

. Process time at temperature

. Steel composition

Stainless steels and other more exotic steels have been successfully plasma ion nitrided when little

or nothing could be accomplished with more traditional methods of nitriding. However, with the

stainless steels (gas or ion nitriding) it is necessary to depassivate the chrome oxide surface layer

before nitriding can be effectively commenced. One of the significant advantages of plasma

nitriding is that plasma nitriding is able to treat a broader range of steels and irons that could not

be successfully treated using the more traditional gas nitriding techniques. A simple but general

rule of thumb is that the lower the alloy contents of the steel, the deeper is the formed case, but

with low hardness values [22]. The higher the alloy contents of the steel, the shallower the formed

case, but higher the surface hardness values. The speed of nucleation and that case development

used in the ion nitriding process tends to show that ion nitriding is at least as fast, and in a vast

majority of cases, considerably faster than the conventional methods of case formation.

Generally the process of ion nitriding offers a uniform, repeatable, and consistent nitrided

case. There appears to be a definite trend to the use of ion nitriding process. This trend has

always been apparent in Europe and the Far East, but the awakening is now occurring in North

America. The use of plasma generation techniques as a process method is now recognized as a

tool for other metallurgical process techniques, particularly in the field of surface treatments,

which includes both diffusion and deposition techniques. The metallurgical advantages of

plasma processing techniques offer a unique and versatile process method, with repeatable

and accurate results. The appropriate metallurgy can be created to suit the component appli-

cation. As has been previously stated, provided the materials of construction are capable of

withstanding the process temperatures, the plasma processing techniques open many doors for

surface treatments. The choice of plasma generation technique and process methods (cold-wall,

continuous DC method or hot-wall, pulsed DC method) is a matter of personal choice,

understanding the process techniques in relation to the advantages offered by each process

choice. That choice can be decided either by equipment cost or metallurgical requirements.

8.18.18 METALLURGICAL STRUCTURE OF THE ION NITRIDED CASE

All of the known nitriding techniques are based on nitrogen diffusion into the steel surface,

and its reaction with iron- and nitride-forming elements. The conventional gaseous nitriding

techniques are based on the decomposition of ammonia to provide the nitrogen source. The

decomposition of the ammonia is fixed: one part of nitrogen and three parts of hydrogen.

This is a fixed law of chemistry. Even if the ammonia gas is diluted with hydrogen, the

decomposition of the ammonia still remains in the same ratios, but now less nitrogen is

available for diffusion.

It is usual during plasma nitriding that the source of nitrogen is a molecular nitrogen from

a nitrogen storage tank, and the same for hydrogen. If the sources of the nitrogen and the

hydrogen are considered as a ratio of one nitrogen to one hydrogen, then the ratio of nitrogen

to hydrogen is completely different to that obtained during the gas nitriding process. The

method of decomposition of the nitrogen is now accomplished by electrical means. This

means that the nitrogen gas molecule is electrically decomposed into atomic nitrogen, and

the same is applicable to hydrogen. There is now an opportunity to manipulate the nitrogen

to hydrogen in gas ratios in order that a specific surface metallurgy can be created. In addition
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to this, there are other process parameters available to enable the technician to create the

appropriate surface metallurgy.

In alloying steel, the increased surface hardness gained by nitriding is attributable to the

formation and fine dispersion of both coherent and semicoherent nitrides that are formed with

the alloying elements of the substrate material. Specific alloys will readily form nitrides, such as

vanadium, chromium, titanium, aluminum, molybdenum, tungsten, and silicon. With the

exception of aluminum, all of these elements can form carbides as well as nitrides during the

nitriding procedure. They will also influence the rate of reaction taking place, and the nucle-

ation of the precipitates taking place at the steel surface during the interaction with the nitrogen

process gas. The carbon content of the steel nitrided will also have a direct influence on the

ratios of the compound layer phases. Carbon will also affect the rate of nitrogen diffusion. This

is in terms of its interaction with the carbide-forming elements and the phase transformation

from austenite to martensite at the preharden and temper operation before the nitriding

operation. The transverse microhardness profile of the nitrided case will increase as the alloying

contents of the steel increase, and conversely with some of the higher alloy concentrations such

as chromium, the steel will, to some extent, resist the diffusion of nitrogen.

When considering the use of ion nitriding process, it is accepted that the mixture of

nitrogen and hydrogen gases will influence the formation and the composition of the com-

pound zone. When processing highly alloyed steels, such as the martensitic stainless steels, it

will be seen that the steel will resist the formation of nitrides at the surface, as well as having

an influence on the formation of a compound zone. If it is a requirement of the nitrided case

to have little or no compound layer, then this can be accomplished by using a low gas ratio of

nitrogen to hydrogen. One also needs to be aware of the solubility of nitrogen in iron. There is

a very narrow window in which nitrogen is insoluble in iron (Figure 8.18) and one can very

easily step out of that window and create an undesirable surface metallurgy. It would,

therefore, follow that with high alloys one needs a low nitrogen to hydrogen ratio, and

conversely with low-alloy steels, will require high nitrogen to hydrogen ratio. (The latter

part of the statement is made due to the fact that there will be very few alloying elements, if

any to work with to form stable nitrides. However, the nitrogen will react with iron to form

iron nitrides.) Hydrogen takes a catalytic role in terms of the formation of epsilon compounds
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(Fe2N and Fe3N). On the other hand, if the gas compositions are reversed to give higher

ratios of nitrogen to hydrogen (3 nitrogen to 1 hydrogen) on pure iron or low-alloy steels, a

thick compound layer can be created with hardness values up to 700 VPN. This involves the

formation of an Fe2N phase at the steel surface, which will begin to decompose to Fe4

(gamma prime) or Fe2-3N (epsilon). The use of hydrogen in the process is really to act as a

catalyst. It has been seen that when nitrogen atmospheres are used during the ion nitriding

process the diffusion effect of nitrogen was not as great. The mechanism of the ion nitride

process is shown in Figure 8.19.

The ability to create and manipulate the process gases of nitrogen and hydrogen ratios will

affect both the formations of the compound zone and the diffusion zone of the total nitrided

case [22].

Plasma nitriding offers to the engineer and the metallurgist the following benefits:

. Environmentally friendly. This process is a nontoxic process. There are no obnoxious

smells or influences onto the environment. It, therefore, has no effluent problems.
. Operating costs. This process is a cost-effective method of heat treatment due to the fact

that there is reduced operator intervention (other than load–unload and program),

reduced flow space, reduced process consumables, and finally reduced energy costs.
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Althou gh the equipment is more cap ital-intensi ve than the conventi onal method s of

nitriding, it is a more prod uctive system due to the fact that the floor -to-floo r process

time is co nsiderab ly shorte r than with the tradi tional methods of nitr iding. The low er

operati ng costs and the producti vity impr ovement as well as the impr oved metallur gy

can offset the high er invest ment.
. Process or contr ol. The us e of the co mputer an d the accurat e delivery of process gas

ensure that close toleran ce, repeat ability, an d created meta llurgy can be accompl ished.

The meta llurgy of the case can also be created and repeat ed.
. Postt reatment -cleaning requi rements . It has been foun d that it is nece ssary to clean the

work surfa ces in a thorough man ner. How ever, this doe s not mean that it is necessa ry to

use high-tech precle aning equipment . Simpl e aqueous cleani ng syst ems wi th the appro-

priate cleaning additive add ed to the solut ion are suffici ent. It should be noted that it is

necessa ry to remove any surfa ce resid ual silicones, chloride s, and sulfides that c ould

be presen t as a result of previous meta l-cutti ng operati ons. Further cleani ng can be

accompl ished dur ing the init ial part of the pro cess cycle by the proced ure known as

sputt er cleani ng. Thi s is a method of surfa ce cleani ng by ionic bomb ardment of gaseous

ions onto the work surfa ce. When using this method of surfa ce preparat ion, the

intens ity and choice of spu tter cleaning gases will determ ine the intensit y of surfa ce

cleanl iness. Sputter cleaning can be likened to atomi c shot blasting, but instead of using

air as the carri er and the steel shot as the abrasive material , use is made of the trans fer of

gas ions from the ano de to the cathode at very high sp eeds. This will cause fine meta llic

particles to be disl odged.

8.18.19 METALLURGICAL R ESULTS

Becau se the process is controlled by the co mbination of PC/PLC, the resul ts can be more

accurat ely co ntrolled and determ ined during the proc ess cycle. The process now con trols

more of the pro cess pa rameters that can be control led with the more co nventio nal methods of

nitriding, thus more repeatab le metallur gy. Precis e control of the gas flow s can also determ ine

the thickne ss and pha ses of the co mpound zon e.

What the reader percei ves as a pana cea of all pro cesses is sim ply not a true percept ion. It

should be recogni zed that the ion nitriding process is firstly, a phase of proc ess developm en t,

and secondly that it is a niche process in the selection of nitriding methods in relation to

components and metallurgical requirements. Salt bath and gas nitriding have their place in

the ladder of requirements. In order to make the selection as to the choice of process method,

one needs to review the geometrical complexity of the component, the material of manufac-

ture, pre- and postmachining methods, distortion, and the desired surface metallurgical

requir ement s (Figur e 8.20 an d Fi gure 8.21) .

8.18.20 STEEL SELECTION

The selection of the steel for nitriding must be considered very carefully in relation to:

. What is the product to be manufactured, and how complex is the part geometry?

. What are the operating conditions that the component will operate under? It is the load

compressive and to what extent, are their impact load conditions, and to what

extent, tensile loads and to what extent, and cyclical loading conditions and to what extent?
. Are there abrasive conditions to be considered?
. To what extent will corrosion be a factor?
. Is thermal cycling necessary to consider?
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FIGURE 8.20 Photomicrograph showing plasma nitriding. (Courtesy of Nitrion, Munich, Germany.)
. Will there be adequate lubrication delivered to the finished component?

. Will further machining be required after nitriding?

Once the above conditions have been addressed, then considerations can be given to the steel

selection. It has been a popular belief, which has been held by many, that only certain steels

can be nitrided. This is not true, all steels will nitride including pure iron. The qualification for

this statement is based on the following facts:

. Nitrogen is soluble in iron.

. Ammonia will decompose by heat to provide a nitrogen source.

. Nascent nitrogen will diffuse into iron and steel.

. Nitrogen will react to form nitrides of iron and soluble alloys.
Nital 3%

Higher magnification

Oxide layer

White layer 20 – 40 μm

Fe4N precipitations

FIGURE 8.21 Photomicrograph showing plasma nitriding. (Courtesy of Nitrion, Munich, Germany.)
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The success of any heat treatmen t procedu re is usuall y determ ined by the resulting hardness

value. That hard ness value will be determ ined by what ever the process metho d that has be en

selec ted. Therefor e if nitr ogen is so luble in iron a nd it will react to form iron nitrides, then the

newly formed iron nitrides will have a differen t ha rdness value to the substra te of iron. This is

to say that the surfa ce ha rdness wi ll be higher than it was origi nally. Given this , a trans form-

ation ha s taken place, whi ch ha s resul ted in a higher hardn ess. In ad dition to this , the corrosio n

resistance of the surfa ce of the iron has now impr oved. This also applie s to the low-alloy steels.

It is a known fact that hardness is relative to the material , which is abrading it [23].

Further to this, it is not often recogn ized that the corrosio n resistance of the steel or iron

surfa ce has be en great ly impr oved. This means that the low -alloy mate rial now has a higher

degree of co rrosion resi stance than it had prev iously.

The con cept that was initial ly held in the formati ve years of nitriding was that onl y steels

with specia l alloying elem ents can be nitrided. While it is true that special steel s that con tain:

. Aluminu m

. Chrom ium

. Molybd enum

. Vanadi um

. Tungs ten

. Silicon

will nitr ide very read ily, it is equ ally true the steel s wi th iron (and this mean s all steels) will

nitride, but will onl y form iron nitrides, which are fairly soft in compari son to the steels that

contai n the aforem entione d alloy ing elem ents. How ever another consider ation to the low-

alloy and plain carbon steels is that when they are nitr ided, the corrosi on resistance will

impr ove dramatical ly (Table 8.2).

8.18.21 P RENITRIDE C ONDITION

In order for alloyed steel to be succe ssfully nitr ided, it is necessa ry to ensure a core metallur gy

of tempe red martensit e. Thi s ap plies to the tool steel s as wel l as to the alloy steel s. The

purpo se of the pretr eatm ent is to ensure an adequate core support of the nitrided case as well

as to ensure a tempered mart ensite core. It is essential that the pretr eatm ent pro cedure be

cond ucted in an atmosph ere that can be consider ed to be oxidiz ing thus providi ng goo d

control (over the furnace atmosp here is man datory). This is ne cessary to ensu re that the steel

surfa ce is complet ely free of surfa ce oxides as well as a decarburi zed free surfa ce. If the surfa ce

is oxidized , it is safe to assum e that the surfa ce will also be decarburi zed. This means that the

form ed case aris ing for the nitr iding pro cess will not be unifor m in its form ation. In additio n

to this , the nitrides will not form in the same manner as they woul d wi th a clean oxide an d

decarbu rized free surfa ce. The resul ting ne wly formed nitrided surfa ce will exhibi t an or ange

peel effect on the imm ediate surfa ce, whi ch will exfol iate from the steel surface.

If one consider s the molec ular shape of the austeni te molecule in relat ion to the tempe red

marten site molecule, it will be seen that the austeni te molec ule co nstruc tion is made up of 14

atoms in a c ubic constru ction, in relation to the mart ensite molec ule being a tetrago nal, nine-

atom struc ture (Figure 8.22). The diffusion of the nitrogen atom is much easie r with the

austenite structure than with the tetragonal structure. It is also known that the hardness of

austenite is much lower than that of the martensite structure. Therefore the newly nitrided

case will form, but will exhibit a lower surface hardness and will not have an adequate support

of the case. This is why, when nitriding a low-alloy or plain carbon steel, the surface hardness

will not be very high when compared to high-alloy steel. This is due to the fact that the core
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TABLE 8.2
Steels That Have Been Designed and Developed as Nitriding Steelsa

Alloy Steels C% Cr% Mo% Si% Mn% Ni% V%

SAE 4132 0.34 1 0.2 — — — —

SAE 4137 0.35 1 0.2 0.25 0.8 — —

SAE 4142 0.42 1 0.2 — — — —

SAE 4140 0.40 1 0.2 0.25 0.85 — —

SAE 9840 0.36 1 0.2 — — 1 —

SAE 4150 0.5 1 0.2 — — — —

28 Ni Cr Mo V 85 0.3 1.3 0.4 — — 2 0.1

32 Ni Cr Mo 145 0.32 1 0.3 — — 3.3 —

30 Cr Ni Mo 8 0.3 2 0.4 — — 2 —

34 Cr Ni Mo 6 0.34 1.5 0.2 — — 1.5 —

SAE 4337 0.38 0.8 0.4 — — 1.5 —

SAE 4130 0.26 1 0.2 — — — —

C% Si% Mn% P% Cr% Mo% Ni% V% Al%

Nitralloy 0.20–0.30 0.10–0.35 0.40–0.65 0.05 max 2.90–3.50 0.40–0.70 0.40 max — —

Nitralloy M 0.30–0.50 0.10–0.35 0.40–0.80 0.05 max 2.50–3.50 0.70–1.20 0.40 max 0.10–0.30 —

Nitralloy 135 0.25–0.35 0.10–0.35 0.65 max 0.05 max 1.40–1.80 0.10–0.25 0.40 max — 0.90–1.30

Nitralloy 135M 0.35–0.45 0.10–0.35 0.65 max 0.05 max 1.40–1.80 0.10–0.25 0.40 max — 0.90–1.30

Cold tool steels C% Si% Mn% Cr% Mo% Ni% V% W%

F2 1.45 — — 0.3 — — 0.3 3.0

Special-purpose tool steels C% Si% Mn% Cr% Mo% Ni% V% W%

H13 0.5 1.0 — 5 1.4 — 1.4 —

1.2 — — 0.2 — — 0.1 1.0

0.9 — — 0.2 — — 0.3 1.0

Dimensionally stable tool steels C% Si% Mn% Cr% Mo% Ni% V% W%

D2 1.55 — — 11.5 0.8 — 1.0 —

D3 2.0 — — 12.0 — — — —
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A2 1.0 — — 5.0 1.0 — 0.2 —

O1 0.95 — 10.5 — — 0.1 0.5

O2 0.9 — 20.4 — — 0.2 —

D6 2.1 — — 11.5 — — 0.2 0.7

D2 1.65 — — 11.5 0.6 — 0.1 0.5

S1 0.59 — — 1.1 — — 0.2 1.9

Die block steels C% Cr% Mo% Ni% V%

L6 0.55 5 0.5 1.7 0.1

L6 0.55 0.2 0.3 1.7 0.1

Hot-work tool steels C% Cr% Mo% Ni% V% W% Co%

H12 0.36 5.2 1.4 — 0.4 1.3

H13 0.4 5 1.3 — 1 — —

H11 0.4 5 1.3 — 0.6 — —

H21 0.3 2.7 — — 0.4 8.5 —

H19 0.4 4.3 0.4 — 2 4.3 4.3

H10 0.32 2.8 2.8 — �0.5 0.3 —

High-speed steel tungsten base C% Cr% Mo% V% W% Co%

T5 0.75 4 0.6 1.6 18 9.5

T4 0.8 4 0.7 1.6 18 5

T1 0.75 4 — 1 18 —

T15 1.5 5 — 5 12.5 5

M42 1.08 4 9.5 1.2 1.5 8

M41 0.92 4 5 1.8 6.5 5

M3 1.2 4 5 3 6.5 —

M2 0.87 4 5 1.8 6.5 —

M2 1.0 4 5 1.8 6.5 —

M7 1.0 4 8.7 2 1.8 —

M1 0.83 4 9 1.2 1.8 —

aThese are typical alloy steels that will gas or salt bath nitride.
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FIGURE 8.22 Crystal lattice changes that take place during high-temperature heat treatment processes

such as carburizing. Ferrite is bcc structure; austenite, fcc; martensite, bct. (From Stickes, C.A. and

Mack, C.M., Overview of Carburizing Processes & Modeling, Carburizing: Processing & Performance,

Krauss, G., Ed., ASM International, Cleveland, OH, 1989, pp. 1–9.)
will be a mixture of ferrite and pearlite and will not form any martensite when austenitized

and quenched.

Stainless steels will readily nitride because of the presence of high amount of chromium,

however the austenitic and ferritic stainless steels will not exhibit a high surface hardness due

to the fact that the carbon content is too low to transform the austenite to fresh martensite.

The hardenable groups of stainless steel such as the precipitation hardening stainless steels

will nitride very well. It should be noted that the precipitation hardening stainless steels will

benefit from the nitriding process, because the nitride procedure will act as a further ‘‘pre-

cipitation hardening’’ process and will assit with further dimensional stability. One should be

aware that the selected nitride temperature should be approximately 27.88C (508F) lower than

the previous precipitation treatment. All of the precipitation-treatable steels can be success-

fully nitrided.

The martensitic group of stainless steels will also nitride extremely well to form very high

surface hardness values. This is due to the ability of each of the martensitic stainless steels to

readily form the phase of martensite, followed by tempering to produce tempered martensite.

With the martensitic stainless steels, the nitrided surface hardness values will be relatively high.

If one considers gas nitriding, the hardness values will be around 1000 VPN with a

formed compound layer (albeit very thin), which will be formed in two phases, epsilon and

gamma prime. The compound layer will have a degree of porosity to it. If the steel is ion

nitrided, then the surface hardness can be as high as 1400 VPN with a controlled compound

layer created by the process gas ratios. If the compound layer will be formed, then the layer

will exhibit a high-density layer on the immediate surface. The ability to manipulate the gas

ratios enables the technician to accomplish a great deal in terms of the control of the surface

hardness, the formation of the phase composition, and the compound layer density.
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8.18.22 SURFACE PREPARATION

The surface cleanliness is a mandatory procedure be it for gas, salt, or ion nitriding condi-

tions. The surface should be free of any contamination otherwise it will interfere with the

formation of the formed case. The stainless steel groups require the surface to be free of any

oxide formation. It is well documented and well known that chromium has an affinity for

oxygen and will readily form chromium oxide in an air atmosphere. The chrome oxide is what

makes stainless steel corrosion-resistant. Therefore for the diffusion of nitrogen into the

surface, it is necessary to depassivate the surface chromium oxide. In other words, the chrome

oxide must be reduced to chromium to allow the nitrogen to react with the chromium to now

form chromium nitrides.

With gas or salt bath nitriding, this can be accomplished by glass bead blasting, shot blast,

or vapor blast. In addition there are chemical methods that can reduce the surface cleaning

such as pickling or other means of chemical reduction of the oxide layer. Once passivation is

completed, then extreme care should be exercised to ensure the freedom of the handler’s

fingerprints. Fingerprint contamination will deposit body oil onto the steel surface, which will

act as a nitrogen-resistant carbon barrier to the steel, and the diffusion of nitrogen will not

take place, which means a soft spot on the surface of the steel.

With ion nitride process, the surface preparation can simply be an aqueous wash followed

by sputter cleaning on the ramp up to the allotted process temperature. Sputter cleaning will

reduce the surface chrome oxide due to heat, hydrogen (reducing), and the sputtering action

of the hydrogen, which will remove any fine particulate matter lodged on the steel surface.

The steel will then readily nitride.

Precleaning of the steel is particularly important to the success of any nitride process

method, be it gas, salt, or ion. The ion nitride process is somewhat more forgiving than with

the gas method due to the presputter cleaning as the work is brought to the appropriate

process temperature. There should be no paint, marker ink, or any other marking material on

the surface of the steel. This will definitely inhibit the nitride process.

8.18.23 NITRIDING CYCLES

The gas nitride process is generally (but not in all cases) run as a single-stage procedure at a

process temperature around 5008C (9258F). The process temperature selection will be deter-

mined by:

. Material composition

. Surface metallurgy requirements

. Required surface hardness

When nitriding stainless steels, it should be noted that the corrosion resistance of the stainless

steel will be reduced. If a lower process temperature is selected, then the corrosion resistance

of the stainless steel can be protected to some extent. It would be necessary to study the

corrosion temperatures of the steel from the steel manufacturer handbook. However, it can be

safely assumed that the process temperature will be in the region of 400 (750) to 4258C
(8008F). The case depth accomplishment will of course take considerably longer due to the

lower process temperatures.

In some cases where it is necessary to have a reduced compound layer thickness, the process

selection method will usually consider the two-stage process. This process involves approxi-

mately one third of the cycle processed at approximately 5008C (9258F) with a gas dissociation

of 30%, followed by the second stage of the process at a higher temperature of 5508C (10258F)

and a dissociation of approximately 15%. This will ensure a reduction in the thickness of the
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compound layer. However, there is the danger of nitride networks forming at sharp corners due

to the greater solubility of nitrogen in iron at the higher process temperatures.

With the ion nitride process, there is no necessity to go to the higher second-stage

temperature due to the fact that the gas ratios are adjusted to reduce and sometimes eliminate

the compound layer. As a result, the risk is reduced for the potential to form nitride networks,

however nitride networks can still occur if the gas ratios are not controlled. Therefore with the

ion nitride process, accurate control is required for the process gas delivery.

Process temperature uniformity control during the process of nitriding is a mandatory

process requirement. This is due to the fact that, if there are wide temperature gradients with

in the process chamber (be it gas nitride or ion nitride) there will be:

. Varying case depth formation

. Varying compound layer formation

. Various areas of nitride network formations

. Varying surface hardness values

It is, therefore, necessary to have good temperature control to within 58C (108F) maximum

deviation from the set-point process temperature. This rule applies to all methods of nitriding,

be it gas, salt, fluid bed, or ion. Temperature uniformity is mandatory for good and consistent

metallurgical results from nitriding. This applies to any heat treatment process and not just

to nitriding.

8.18.24 DISTORTION AND GROWTH

Distortion is a term that is very familiar to all that are involved with thermal processing

techniques especially in the field of heat treatment. No matter how careful one is, distortion

cannot be avoided. It is important to at least understand the basic causes of the distortion

problem. Distortion describes the movement of a metal during its heat treatment process. The

distortion will manifest itself in one of two forms, or a combination of both:

. Shape distortion

. Size distortion

Shape distortion can occur as a direct result of one or any combinations of the following:

. Forging

. Rolling

. Casting

. Machining stresses induced due to manufacturing operations

. Grain size

. Variations in homogeneity of the material

. Incomplete phase changes

The only effective way that induced stress can be relieved is by the application of heat, and

heat is applied during the nitriding process. If there are any induced stresses, then the stress

will manifest itself in the form of twisting, bending, out of round. It is, therefore, most

important that the component be appropriately stress relieved before the nitriding process.

Size distortion occurs as a direct result of changing the surface chemistry of steel. The size

will change due to a surface volume change. In other words, the thicker the formed case, the

greater the growth that will occur.
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When a piece of steel is austeniti zed and cooled at various rates (as c an occur due to

section al thickne ss changes) , various structures can result. The structure of the austeni te

phase has the smal lest volume , and the untemper ed marten site pha se has the large st phase.

If there are mixe d phases, an y residual austeni te wi ll transform to martensit e over time or

with the ap plication of he at. This will cause a dimension al change in the steel .

With the diffusion of nitrogen into the steel surface, a volume change will occur,

which means a size change in the form of growth. The amount of growth that will take

place will be determined by the thickness of the formed case. The thickness of the formed

compound layer will also contribute to the amount of growth. With gas nitriding, and consider-

ing nitriding steel, the thickness of the compound layer is generally 10% of the total case

thickness. Do not be confused by this to mean the effective case. It is the total case. With the

ion nitride procedure, the thickness of the compound layer can be controlled by the gas ratios

selected for the process, which ultimately means the growth can be controlled more effectively.

There will always be a growth, no matter what process method is chosen. The growth will also

be uniform in all directions. Another method of ensuring dimensional stability is to subject the

steel to a cryogenic treatment followed by a final temper, followed by the final machine and then

the nitride procedure. The cryogenic treatment will ensure a complete phase change, which

means any residual retained austenite will be transformed to untempered martensite. This means

that no further phase transformation will occur and will thus ensure dimensional stability of

the part.
FERRITIC NITROCARBURIZING
8.19 INTRODUCTION

FNC is a low-te mperatu re proc ess that is process ed in the ferr ite region of the iron–ca rbo n

equilib rium diagra m at a pro cess tempe ratur e of approxim ately 580 8 C (1075 8 F). The object -

ive of the process is to form both carbide s and nitrides in the imm ediate surfa ce of the steel.

The process is usu ally ap plied to low-car bon and low-al loy steels to enhance the surfa ce

charact eristic s in terms of hardn ess an d corrosi on resi stance. In ad dition to this , the surface is

furth er enhan ced by delibe rately ox idizing the surfa ce to pro duce a corrosi on-res istant

surfa ce oxide barri er to the steel. The process has gained a great deal of populari ty during

the past 5 to 10 years (Figur e 8.23) .

The process is diffusional in nature an d intr oduc es both nitro gen and carbon into the steel

surfa ce while the steel is in the ferr ite pha se with respect to the tempe ratur e. Nitrogen is

solubl e in iron at the tempe rature range of 315 8 C (6008 F) and upwar d. Carbon is also solubl e

in iron at a tempe ratur e higher than 370 8 C (700 8F). These elem ents are soluble in a soli d

solut ion of iron. Genera lly the pr ocess oc curs at a temperatur e range of 537 (1000) to 600 8C
(1100 8 F). The diffused elem ents will form a surface co mpound layer in the steel which

produces good wear and fatigue properties in the steel surface. Below the compound layer

is the diffused nitrogen solid solution in a diffusion layer. In other words, the case formation

is very simila r to that of nitriding (Figur e 8.24) .

The process started life as a cyanide-based salt bath process around the late 1940s

and components such as high-speed auto components (including gears, cams, crankshafts,

valves) were processed. It was used primarily as an antiscuffing treatment. This process

was also used on cast iron components for an improvement in antiscuffing resistance.

During the 1950s, investigatory work was conducted in the U.K. into gaseous methods of

FNC [15].
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Salt bath ferritic nitrocarburizing

Ion (plasma) ferritic nitrocarburizing

Sulfinuz

Sursulf

Oxynit Fernit Plasox Plastek Planit

Tuffride

QPQ

KQ-500 SBN
nitride

Nitride

QPO Melonite

Meli 1

Gaseous ferritic nitrocarburizing

Nitrotec

Nitemper
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Soft
nitride

Triniding Nitroc
process

Vacuum
nitrocarburizing

Controlled
nitrocarburizing

Nitro wear

FIGURE 8.23 Various trade names for gases, salt bath, and ion (plasma). Ferritic nitrocarburizing

processes. Fluidized bed processes are also available. (From Pye, D., Practical Nitriding and Ferritic

Nitrocarburizing, ASM International, Cleveland, OH, 2004.)
8.20 CASE FORMATION

The case is formed by the diffusion of both nitrogen and carbon into a solid solution of iron in

the previously mentioned temperature range to produce the surface layer of carbonitrides and

nitrides. Because there is insufficient carbon in the low-alloy and plain carbon steels, it is

necessary to add a hydrocarbon gas to the gas flow control system. The hydrocarbon gas can
Higher magnification

White layer: 6 – 7 μm

Fe4N needles

1000�
Nital 3%

Abb.: 2

FIGURE 8.24 Photomicrograph showing diffused nitrogen solid solution in a diffusion layer. (Courtesy

of Nitrion, Munich, Germany.)
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be methane, propane, or acetylene. The choice will depend on gas availability and the ability

to control the release of carbon into the process chamber. The surface layer is known (as in

the nitriding process) as the compound layer or white layer. The layer is comprised of the

same two metallurgical phases as are seen in a nitrided case of both epsilon and gamma prime

nitrides. The balance of the two phases is determined by the carbon content of the steel and

the presence of nitride-forming elements on the steel surface and is also influenced by the

composition of the process atmosphere.
8.21 PRECLEANING

It is necessary to ensure a clean, oxide-free surface. The surface should have no contaminants

such as oil or grease surface residuals, or paint markings, or marker pen markings as these will

influence the final resulting metallurgy.

Cleaning can be done by washing in an aqueous solution followed by a good rinse and

dry, or by the use of ultrasonic cleaning methods and vapor degreasing. If the surface is

oxidized, the oxide layer should be removed either by vapor blast, or a fine glass bead blast. It

should be noted that the precleaning requirements are as with the nitriding process. It is

recommended that the components to be treated are stress relieved at a temperature of 288C
(508F) above the FNC process temperature.

As with any heat treatment process and in particular any surface treatment process, the

steel surface preparation is of paramount importance to the success of the particular process.

Any surface contamination can seriously and adversely affect the quality of the formed case,

be it for nitriding, carburizing, carbonitriding, or FNC.
8.22 METHODS OF FERRITIC NITROCARBURIZING

There are essentially three methods of FNC, each of these methods will be discussed separately:

. Salt bath FNC

. Gaseous FNC

. Plasma- or ion-assisted FNC

8.22.1 SALT BATH FERRITIC NITROCARBURIZING

Salt bath FNC was probably the first method that was developed for the technique. The

principle of the salt bath procedure is based on the decomposition of cyanide to cyanate at an

approximate process temperature of 5608C (10508F) and the part was held in the bath for

approximately 2 to 3 h at this temperature.

Probably the first salt bath process was developed by Imperial Chemical Industries (ICI)

in England and was known as the Sulfinuz process. It was followed closely by the Degussia

process, developed in Germany and was known as Tufftride [15].

The chemical reaction that takes place is a well-known reaction, which is as follows:

4NaCNþ 2O2 ! 4NaCNO [14]

This reaction is promoted by the introduction of air into the process salt bath when the salt is

molten. The volume of air required to activate the cyanide to cyanate will depend largely

on the volume of molten salt in the bath, in relation to the surface area treated, and in

relation to the frequency of use of the bath. It will be necessary to analyze the rates of

decomposition of the bath by chemical titration.
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The steel surface will act as a catalyst and assist in the breaking down of the cyanate. This

means that both carbon and nitrogen will be available for diffusion into the surface of the

steel, in the following reaction:

8NaCNO! 2Na2CO3 þ 4NaCNþ CO2 þ (C)Feþ 4(N)Fe [14]

The surface of the steel treated will begin to form a compound layer rich in carbon and

nitrogen. The compound layer will be predominantly epsilon phase nitrides and thickness,

which will be dependent on the material treated and the process cycle time.

The first derivative of the basic FNC process will be the ICI process known as a Sulfinuz.

This process will form an iron sulfide in the immediate surface of the steel. In addition to this

surface porosity will occur, and the net result is that the pores in the surface will hold oil that

is supplied as a lubricant.

Because of the toxicity of the cyanide-based salt bath, great concern was expressed

regarding the effluent waste product of the salt and its disposal. This led to the development

of the low cyanide-based salts. A new salt was developed, which offered extremely low

cyanide waste products [11].

In addition to this new salt development, an additional surface treatment was developed

which was that of postoxidation. The process rapidly gained recognition as a process which

could not only give a high degree of surface hardness to the steel treated, but it could also

produce an esthetically pleasing, yet corrosion-resistant surface.

8.22.2 GASEOUS FERRITIC NITROCARBURIZING

Joseph Lucas Ltd., of England applied for a patent for the gaseous process of FNC [15]. The

process essentially used a gaseous mixture, which is comprised of:

. Ammonia

. A hydrocarbon gas such as methane or propane

. Endothermically generated gases

The treatment was initially accomplished using partial pressure systems (below atmospheric

pressure). The treatment was carried out at an approximate temperature of 5708C (10608F).

The resulting metallurgy produced an epsilon-rich compound layer on the immediate surfaces

with presence of porosity. A further development of the process was to purge the process

chamber of the process gas with the nitrogen, followed by the controlled introduction of

oxygen. The purpose for the introduction of oxygen is to deliberately create a surface oxide

layer on the immediate surface of the steel. The oxide layer will act as a corrosion-resistant

barrier on top of the diffused-formed case.

There are numerous scientific reports as to the chemistry of the FNC process. T. Bell

reported that Prenosil conducted his investigations on the composition, and the structure of

the FNC-formed compound layer of pure iron using an atmosphere of 50% ammonia and

50% propane at a process temperature of 5808C (10758F). He found that the wear character-

istics of the iron were considerably improved as well as having a predominantly epsilon phase

in the compound layer [14].

Professor Bell reports the gaseous decomposition to be as follows:

NH3 ! [N]Feþ 3=2H2

This means that the active nitrogen will begin to diffuse into the steel surface and will become

saturated with the epsilon phase after the nucleation of the compound zone
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NH3 ! [N]eþ 3=2H2

It was then discovered that endothermic gas could be used as a source of carbon plus the

addition of ammonia. Professor Bell reports the decomposition reaction to be

2CO! [c]Eþ CO2

This reaction will control the atmosphere carbon potential necessary for the formation of the

epsilon phase within the compound layer of the formed case.

There have been many variations in the FNC process technique, each one with a slight

variation on the other and are:

. Nitroc

. Triniding

. Nitemper

. Deganit

. Controlled nitrocarburizing

. Vacuum nitrocarburizing

8.22.2.1 Safety

Great care must be exercised when using an endothermic atmosphere, ammonia, and propane

at temperatures below 7608C (14008F), because the gases can become exothermic below these

temperatures in the presence of oxygen. In other words if using a batch furnace, such as an

integral quench furnace, the furnace should be gas tight with no possible potential for gas

leaks, particularly around:

. Apertures into the furnace, especially pneumatic cylinders and particularly around the

gasket joints (both internal and external).
. All door safety interlocks and flame curtains must be operating satisfactorily.
. All the burn off ports must be fitted and are reliably operating.
. Pilot lights must be functional and operating to ignite any gas burn off that may

occur.
. The oil quench medium must be checked on a very regular basis for the presence of

water in the oil. If water is present, it can lead to a violent fire or explosion.
. Emergency nitrogen purge system must be provided to both the quench vestibule

chamber as well as the heating chamber.

Only if all of these precautions are taken, one can successfully implement the integral quench

furnace as the process unit. Please be aware that while the integral quench furnace is an

excellent choice of equipment, it can only be used if all of the appropriate safety compliance

measures are met.

8.22.3 PLASMA-ASSISTED FERRITIC NITROCARBURIZING

Plasma-assisted FNC has been accepted by the metallurgical processing industry for a

number of years as a proven and reliable process. This process is based on existing technol-

ogy, which is the gaseous process technique. However in this instance, the process is a partial

pressure process and uses both molecular, elemental- and hydrocarbon-based gases. This

procedure can also accomplish the postoxidation treatment, which makes it as versatile as the

salt bath process. This process is infinitely repeatable and consistent (probably more so)
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compared with the gaseous process techniques. Once the concept of plasma processing, and

the variability of the process gas mixtures are understood then the complete concept of

plasma-assisted FNC is easily understood.

8.22.3.1 Applications

The process is generally used for (but not limited to) low-alloy or plain carbon steels and is

used to provide a hardwearing surface without high core hardness. In addition to the FNC

process, the steel surface can be postoxidized at the completion of the FNC to produce

the deliberately oxidized layer for corrosion resistance. Typical applications for the process

would be:

. Simple timing gears

. Wear plates

. Windshield wiper arms

. Windshield drive motor housings

. Clutch plates

. Liners

. Sprocket gears

. Exhaust valves

. Wheel spindles

. Washing machine gear drives

. Rocker arms spacers

. Gear stick levers

. Pump housings

. Hydraulic piston rods

Obviously the above-mentioned components are not all of the components that can be treated

using the plasma-assisted FNC process, there are many others that can benefit from the

process. It is a question of once again understanding the process, its strengths, and its

limitations. Once that is understood then decisions can be made. It is strongly recommended

that a feasibility study of heat treat as to the advantages, disadvantages, and the material

selection is done.

8.22.3.2 Steel Selection

The steel selection has to be made based on the following operating conditions:

. Operating temperature

. Cyclical loading conditions

. Compressive load conditions

. Corrosive environment

. Wear requirements

. Material cost

. Plant available

. Plant capacity

The steels that are typically used for component manufacture are as follows:

. Plain low carbon steels

. Low-alloy steels
� 2006 by Taylor & Francis Group, LLC.



. Low carbon alloy steels

. High strength low-alloy steels

8.22.4 PROCESS TECHNIQUES

The process of FNC using the plasma-assisted method is almost the same technique as the

plasma nitriding process. The difference is that the steel processed usually does not have

sufficient nitride-forming elements, except of course iron. Iron will readily form iron nitrides

with nitrogen and this is the basis on which the process operates.

This process is based on the solubility of nitrogen in iron and the solubility of carbon

in iron. The compound layer will be formed at the component surface. At the surface

layer, nucleation will begin, with the first epsilon phase at low temperatures [24]. The

source for the carbon to form the epsilon phase, alongside the gamma prime phase will

be methane or propane as an additive gas. The volume of hydrocarbon gas used to

promote the epsilon phase will determine the amount of the epsilon phase. Another gas

that could be used (if kept at levels of 1% and no greater) is carbon dioxide. If the amount

increases to 1.5 to 2.0% by volume, then surface oxides begin to form and grain boundary

oxidation takes place.

There is no method of controlling the gas flow for the appropriate phases, as there is with

gas nitriding where one would simply measure the ammonia gas dissociation by the water

absorption method. With the plasma-assisted FNC, one simply cannot measure the gas

decomposition or the free oxygen, or the nitrogen potential of the process gases within the

plasma glow chamber. It is, therefore, controlled by gas ratios of:

. Nitrogen

. Hydrogen

. Hydrocarbon gas

A system of plasma photosynthesis and spectrometry was developed at the Moscow State

University in 1995 [22]. The author, under controlled experiments, observed the results, and

the results were analyzed and found to be accurate as far as both diffused carbon and nitrogen

were concerned. The system observed the glow seam around the workpiece and analyzed the

nitrogen and carbon potentials. It is not known if the system was ever commercialized outside

of the Soviet Union.

As a result of process work by the author and colleagues [22] it has been found that the

higher nitrogen potential (ratio of nitrogen to hydrogen) can control the surface iron nitride

formation. This provides surface hardness values up to 700 HVN (HVN, Vickers hardness

number). If an appropriate hydrocarbon gas is added, then the surface hardness of the formed

surface compound layer can exceed 700 HVN.
8.22.5 CASE DEPTH

8.22.5.1 How Deep Can the Case Go?

Do not be mislead by claims of case depths of 0.030 in. in an hour. There are many claims

made of case depth accomplishments that will surpass case depths that cannot be achieved by

carburizing other than by going up to temperatures around 10378C (19008F).

The laws of the physics of diffusion govern the rate of solid-state diffusion of any

element into the surface of any steel. In other words, the diffusion of the element cannot go

into the steel faster than the laws of physics will allow it go. Many claims are made of very deep
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case depths accomplished with very short cycle times at the process temperature (in the region

of 5808C or 10758F). The caveat emptor should be let the buyer beware. The case depth

definition is not usually made. Then one should ask, is the definition of the case depth total

or effective case? Also what is meant by core hardness? Is core plus 5 Rockwell C points, or is it

the actual core hardness itself This can and will make a very significant difference to the case

depth.

If the reported case depths are achievable and in the times specified, then the process has a

great deal more to offer both the engineer and the metallurgist than has been previously

thought. It would make great sense to dispense with the carburize process and go with the

ferritic nitrocarburize in terms of:

. Reduction of distortion

. Improved part cleanliness

. Improved productivity and efficiency

. Elimination postoperation cleaning

The following table is an approximate table of values and is given only as a guide. The guide is

based on the fact of plasma-assisted FNC. The guide is also based on plain low-carbon steel and

low-alloy steel. Once again using the formula of the square root of time multiplied by a

temperature-derived factor. The formula is based on the Harris formula and on the use of

plain carbon and low-alloy steels. The addition of alloying the elements to steel will influence

the rate of diffusion of nitrogen and carbon into the steel. As the alloying contents increase, the

rate of diffusion will decrease; therefore, the following table should only be used as a guide for

time at process temperature.
13,"8.23 Ferritic

Temperature Factor

8F 8C

1050 565 0.0021

1075 579 0.0025

1085 585 0.0027

1100 593 0.0029

1125 607 0.0031

1150 621 0.0033

1175 635 0.0036

1200 649 0.0039

1225 663 0.0042
The rate of nitrogen and carbon diffusions will begin to retard as the alloying content

is increased by the addition of chromium, molybdenum, nickel (particularly nickel), alumi-

num, tungsten, vanadium, and manganese. The higher the alloying content, the slower the

rate of nitrogen diffusion, but the higher the resulting surface hardness. The lower the alloy

contents of the steel, the faster the rate of nitrogen diffusion, but lower the resulting surface

hardness. Nickel is not a nitride-forming element, thus diffusion will be severely retarded. For

steel containing all of the above elements (not accounting for the percentage variations) the

rate of diffusion can be retarded by as much as 17 to 20% [8].
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8.23 FERRITIC OXYCARBONITRIDE

This process is simply an addendum at the end of the FNC procedure. The objective of the

deliberate oxidizing procedure after the nitride process or the FNC process is to enhance

the surface characteristics of the steel by producing a corrosion-resistant surface. This pro-

cedure involves introducing oxygen in a controlled manner into the process chamber. There

are many sources of oxygen for the procedure, however the source of the oxygen will need to

be carefully considered. Gases that can be used are as follows:

. Steam

. Oxygen

. Nitrous oxide

. Air

These gases are all suitable sources of oxygen for the oxidation process. The oxygen-bearing

process gas is introduced into the process chamber only on completion of the FNC procedure.

One needs to select the process gas with great care. Generally the vapor of steam could cause

problems with the electrical equipment such as power feed through and control systems of the

furnace. The preferred gases are either nitrous oxide or oxygen. The nitrous oxide tends to be

more user-friendly to valves and control systems rather than oxygen.

The thickness of the oxygen-rich compound zone after treatment will be determined by the

time at temperature and the time of cool down. The oxidizing gas will also play a part in

the oxide surface quality and finish. There are a number of gases that can be utilized as the

oxidizing gas, which include (among others) oxygen and air.

The primary reason for the oxygen treatment after the FNC treatment is to enhance the

surface characteristics in terms of corrosion resistance. The procedure is comparable to

the black oxide type of treatment and will enhance the cosmetic surface appearance of the

component. The surface finish of the steel component will depend on the quality of

the surface finish of the component before the treatment just as it does with the salt bath

treatments. The higher the polishes of the component before the ferritic nitrocarburize

treatment, the better the finish after the oxidizing procedure.

The surface corrosion resistance of the FNC-treated steels has been seen to exceed the

200-h mark by a considerable margin. The resistance to the salt spray corrosion test will be

determined by the created oxide layer thickness after the treatment.

The oxidization treatment after the FNC procedure has almost no cost attached to it,

other than a portion of the amortization of the original equipment. Generally there is no

power consumption, or if there were, it would only be for say 1 h at temperature after the

post-FNC treatment. Then of course, there would be the cost of the oxidation process gas,

followed by furnace occupancy. The FNC process offers the opportunity for the engineer to

enhance the surface characteristics of a low carbon or low-alloy steel.
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9.1 INTRODUCTION

The outst anding impor tance of steels in engineer ing is based on their abili ty to ch ange

mechan ical prop erties over a wi de range when su bjected to controlled heat treatment . For

una lloyed carbon steels, for exampl e, the hardness can be increa sed by up to 500% just by

chan ging the co oling rate from the austeni tizing tempe rature from extremely slow to

extre mely fast. However que nching at a rate faster than in sti ll air does not only de termine

the de sired mechani cal propert ies but is an impor tant side effect of que nching is the formati on

of therm al an d transform ationa l stresses that lead to chan ges in size and sha pe and thus may

resul t in quench ing cracks that da mage the workpi ece.

Figure 9.1 schema tica lly repres ents the coup ling effe cts among the three diff erent charac-

teristi cs of quenching—c ool ing rate, meta llic structure, and inter nal stresses . The co oling rate

influ ences the pha se trans form ation of the metallic struc ture, wher eas the late nt heat due to

struc tural chang es affe cts the cooling rate. All pha se trans form ations of austenite during

que nching are acco mpanie d by volume expansi on. In addition, steel s contrac t with decreas ing

tempe ratur e. As a conseq uence, local ly and tempo rally differen t changes of structure

and tempe rature cau se nonuni form volume tric chan ges in the que nched part that can result

in transform ationa l and thermal stresses . These stresses accele rate or hinder the phase trans-

form ation and influence the volume exp ansion. While the pha se trans formati on brings out a

define d metallic struc ture, the volume tric dilatati on and thermal and transform ationa l stresses

resul t in deform ation and resi dual stresses . At ro om temperatur e, both charact eristic s infl uence

the mate rial propert ies.

The co upling effects between tempe ratur e distribut ion dur ing que nching, meta llic struc-

ture, and stresses require correct cooling rate during heat treatment. This includes sufficient

reproducibility and predictability of quenching performance as well as the ability to exactly

control quenching intensity by varying the type of quenchant and its physical state. The main

objective of the quenching process is to achieve the desired microstructure, hardness, and

strength while minimizing residual stresses and distortion.

The most common quenchants in hardening practice are liquids including water, water

that contains salt, aqueous polymer solutions, and hardening oils. Inert gases, molten salt,

molten metal, and fluidized beds are also used.
Cooling rate dT/dt

Volume changes and
resulting stresses

Deformation and
residual stresses

Metallographic
structure

Material properties

Phase transformation

FIGURE 9.1 Coupling effects between cooling rate, phase transformation and stresses, and their

influence on the material properties.
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Quenchi ng techni ques used for liquid media are imm ersion quench ing and spray que nch-

ing. Immersi on que nching, wher e the part is sub merged into an una gitated or agit ated

quen chant, is the most widely us ed. The part may be quench ed direct ly from the austeni ti-

zing tempe ratur e to room tempe rature (direc t quench ing) or to a tempe rature above the

MS tempe ratur e, where it is held for a specif ied period of tim e, followe d by co oling in a

second medium at a slower cooling rate (time quench ing or inter rupted quench ing; see Sectio n

9.3). The quenc hing intensit y can be changed by varying the type of quenchan t, its co ncen-

tration an d tempe rature, and the rate of agit ation. Spr ay quench ing refers to sprayi ng the

liquid through noz zles onto those areas of the hot workpiece wher e higher coo ling rates are

desir ed. The heat transfer is mainl y determined by the impi ngement den sity an d its local

distribut ion.
9.2 METALLURGICAL TRANSFORMATION BEHAVIOR
DURING QUENCHING

9.2.1 I NFLUENCE OF C OOLING RATE

The transform ation beh avior during very slow coo ling of an una lloyed steel with 0.45 wt%

carbon (1040 steel) from austeni tizing tempe ratur e (abou t 850 8 C [1560 8 F]) is descri bed by the

meta stable iron–ce menti te eq uilibrium diagra m [1–3] (Figur e 9.2a). The stable iron–ca rbo n

system is not of interest for steel s. At 850 8 C (1560 8 F) the face-center ed cubic g-iron , call ed

austeni te after Sir Robert Austin, is the stable pha se. The trans formati on star ts a t 785 8 C
(1445 8 F) (A3 tempe rature) with a precipitat ion of the body-cent ered cubic a-ir on, call ed

ferrite . The trans form ation into pro eutectoid ferr ite is finished when the eutectoid tempe ra-

ture of 72 38C (1333 8 F) (A1 tempe rature) is reach ed. The concen tration of carbon in the

austeni te grains increa ses from the initial co ncentra tion of 0.45% at 785 8 C to 0.8% a t 723 8 C
(1333 8 F), wher e the co ncentra tion of the metastabl e eutecto id is at equ ilibrium . At 723 8 C
(1333 8 F), the austenite transform s into a lame llar-l ike struc ture of ferrite and cement ite call ed

pearlite* (see Figu re 9.3c). At room tempe ratur e there is a meta stable e quilibrium betw een

ferrite and pearlite (Figur e 9.3b) , whi ch, stri ctly speaking , doe s not co rrespond to the exact

therm odynami c equilib rium. Temperi ng this meta llogra phic structure over a long time (2 or 3

days) at a tempe rature just below the eutecto id temperatur e A1, a tempe rature wher e no phase
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FIGURE 9.2 Influence of cooling rate on the transformation temperatures of austenite. (a) Metastable

iron–cementite equilibrium diagram; (b) change of transformation temperatures of a 1040 steel with

increasing cooling rate; (c) CCT diagram of a 1040 steel.

*After the pearly appearance of the metallographically prepared surface.
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FIGURE 9.3 Microstructures of a 1040 steel obtained with increasing cooling rate from austenitizing

temperature (8508C). Magnification 1000�. (a) Globular cementite (gray) in a ferritic matrix (white),

after tempering at 6808C over 60 h starting from a ferrite–pearlite microstructure; (b) proeutectoid ferrite

(white) and pearlite (dark) in a normalized structure. Heat treatment: 8508C/still air; (c) pearlite–ferrite

(white) and carbide (dark) in an arrangement of parallel plates, and small amounts of proeutectoid

ferrite (white); (d) bainite. Heat treatment: 8508C/oil; (e) martensite. Heat treatment: 8508C/water;

(f) widmannstätten structure. Heat treatment: 11008C/still air.
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trans formati ons occu r accordi ng to the iron–ce mentite eq uilibrium diagra m, prod uces a

stabl e structure of globu lar cement ite in a ferritic matr ix by minimiz ing the surfa ce energy

betw een ferrite and carbide (Figur e 9.3a).

Nearly all quench treatment s, especi ally que nching from austeni tizing tempe rature, pro-

duc e struc tures that are not in accordan ce with the therm odyn amic equilibrium due to a

specif ied co oling rate. The effect of an increa sing cooling rate on the trans formati on behavior

of a 1040 steel from austeni tizing tempe rature is describ ed in Figure 9.2b. The tempe rature of

proeu tectoid ferr ite precipi tation (Ar3 ) and the eutect oid tempe ratur e (Ar1 ) decreas e with

increa sing cooling rate; the Ar3 poin t decreas es faster than the A r1 poi nt, so the dist ance

betw een them de creases until they join in a singl e curve call ed the Ar poi nt. Conse que ntly,

the vo lume fraction of proeu tectoid ferr ite pe rmanent ly decreas es with an increa sing

coo ling rate while the volume fract ion of pearlite increases [1]. At the Ar point, ferrite

precipitation is suppressed and the structure consists only of pearlite with an average

carbon content of 0.45 wt% (deviating from the carbon concentration of the eutectoid
� 2006 by Taylor & Francis Group, LLC.



Quenching and Quenching Technology 543
equilib rium of 0.8 wt %). The mechani cal behavior of the single pearlite struc ture (F igure 9.3c)

strong ly differs from that of the ferritic–p earlitic structure (Figur e 9.3b) . Ferrit e is nearly pure

iron wi th low tensile a nd yiel d stre ngths, Rm and Rp , and high elongation A . Pearlite, whi ch is

a mixture of ferr ite and cement ite, has high strength values a nd low elongat ion. Ther efore, the

stren gth dist ribution of ferritic–p earlitic struc tures is inhomo geneous.

If the coo ling rate is furt her increa sed and reaches a limit , whic h is ca lled the low er critical

(LC) coo ling rate, the diffusion- control led transform ation in the pearli te range is first pa rtly

and then c ompletely suppress ed. The solid solut ion of austeni te is maintained down to low er

tempe ratures an d transform s into bainite and martensit e (Figure 9 .3d an d Figure 9.3e) . The

micro structures of the bainite range grow partl y by a diffusion- control led pro cess whi le the

micro structures of the marten site range are mainl y diff usionl ess [4]. Similar to the Ar3 and A r1
points , the be ginning of ba inite trans formati on, Ab , shifts to lower tempe ratur es wi th increa s-

ing coo ling rate. The form ation of martensit e starts at a temperatur e call ed Ms , whi ch doe s not

depen d on the cooling rate.

The upper crit ical (UC) cooling rate is the upper lim it of the coo ling rate at which

plain martensit e is forme d. Ma rtensitic struc tures are the object ive of most hardening pro-

cesses , becau se mart ensite exh ibits the highest tensile and yiel d strength a steel of a given

chemi cal comp osition can achieve .

If the same 1040 steel is quen ched at a definite co oling rate from an ov erheat ed austeni tiz-

ing tempe rature, ferr ite may be form ed insi de large grains at cryst allog raphica lly prefer red

glide plains in spit e of the under-eut ectoi d carbo n con centration (Figure 9.3f). After precipi-

tation of ferrite , the retained au stenite transform s into pearli te. This structure, which is

practically useless for technical applications, is called the Widmannstätten arrangement.*

The correlation between the cooling rate and the microstructure for a given chemical

composition and definite austenitizing conditions is described in the continuous cooling

transformation (CCT) diagrams, which can also contain data on hardness [5]. An example

for a 1040 steel is shown in Figure 9.2c. For an infinitely slow cooling rate the trans formati ons

described by the CCT diagram are identical with that of the equilibrium diagram. The S-

shaped curves describe the beginning (B) and the completion (C) of the transformation of

austenite into the indicated microstructure. The microstructures that are formed with increas-

ing cooling rate from the austenitizing temperature of a steel are ferrite and pearlite, pearlite,

bainite, and martensite with retained austenite. For certain cooling rates these microstruc-

tures can occur in combinations. The prediction of the microstructures and microstructural

combinations formed during cooling is restricted by the fact that the shape of the cooling

curves has an essential influence on the course of phase transformation [6]. Therefore

transformation diagrams are valid only for specified temperature–time cycles. In addition,

deviation from the specified chemical composition and metallographic structure before

austenitizing as well as differences in the austenitizing conditions (temperatures and time)

exhibit a very strong influence on the transformation behavior.

An uncomplicated experimental procedure to describe the dependence of phase trans-

formation on cooling rate is given by hardenability curves derived from Joiminy end-quench

tests (see chapter 5.3.2). In the end-quench test, the cooling rate continuously decreases with

increasing distance from the water-quenched end. The change of hardness as a function of the

distance from the quenched end describes the hardenability of a steel. In addition to

the hardness values, structural changes along the mantle line can be observed. For a 1040

steel, for example, the hardness reaches from about 850 Vickers hardness (HV) (HRC 66)

at the water-quenched end (martensite microstructure) to 200 HV (HRA 56) at the upper end

of the sample (ferrite and pearlite microstructure). Deviations in the chemical composition

can be taken into account in the form hardenability bands that describe the upper and lower

limits of the measured hardness values as shown in Figure 5.23.
*Dr. Widmannstätten investigated the structure of parts of a meteor fell in Czechien in 1808. The friction of air in the

atmosphere caused extreme overheating of the alloy; the quenching was done by the marshy ground.
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9.2.2 INFLUENCE OF C ARBON C ONCENTRATION

The ha rdness of steels increa ses with the co ncentra tion of carbon dissolve d in austeni te before

que nching, as sho wn in Figure 9.4a. The increa se of hardness is caused by the increa sing

disl ocation density and distortio n of the body -cent ered martensit e lattice due to the inser ted

carbon atoms . If the carbon concen tration exceeds ap proxim ately 0.5 wt%, the hardness

increa ses only slightly [7] because the extremely high distorti on of the form ed mart ensite

hinders further trans form ation of austeni te; the tempe rature for complet ing the mart ensite

form ation Mf fall s below the roo m tempe ratur e (Figur e 9.4b) , and increa sing amou nts of

retain ed a ustenite remai n in the martensit e struc ture wi th increa sing con tent of dissol ved

carbon (Figur e 9.4c) [8]. Comp ared to martensite, retained austenite possesses a very low

yiel d strength an d hardness and is so unstabl e that it imm ediately trans forms to marte nsite or

bainit e if en ergy is induced in the struc ture during the applica tion. The volume expansi ons

that accompany this transform ation process cau se ch anges of shape and size and can resul t in

cracks that da mage the workpi eces. The vo lume expan sion of rollers in bearing s during the

roll ing motion , for ex ample, can burst the ball races. M oreover, with rising carbon co ntent,

the tough ness of mart ensite de creases wi th high local stre sses be cause of the carb on supe r-

satur ation. The conseq uence is that una lloye d steels with carbo n concen trations higher than

0.5 wt% are used only a fter tempe ring. Tem pering redu ces the volume fract ion of the retai ned

austeni te and releases the tensio n of mart ensite by red ucing the disl ocati on de nsity an d

carbon supersa turat ion by precipitat ion. In addition, tempering leads to a reductio n of

que nching stresses .
9.2.3 INFLUENCE OF A LLOYING ELEMENTS

As describ ed in the pr evious section, the concentra tion of carbon dissol ved in austenite before

que nching has a great effe ct on hardness and strength. While carbon is placed at inter stitial

locat ions in the iron lattice , alloy ing elem ents are dissol ved at the origi nal lattice sites. The

add itional warp ing of the iron lattice due to the alloy ing elem ents causes only a sligh t increa se

in hardness but strong ly affe cts the mobility of carbon , whi ch results in a drast ically reduced

transformation rate. This influence can be used to produce steels whose transformation

characteristics are adapted to the desired microstructure and to the geometry of the parts

to be quenched.

The influence of alloying elements at the beginning and at the end of austenite trans-

formation with regard to transformation time and temperature is graphically described in

Figure 9.5 for the alloying elem ent chromi um. Figure 9.5a throu gh Figure 9.5c repres ents

CCT diagrams of three different steels with similar carbon content and increasing chromium

content [5]. For the unalloyed 1040 steel, the incubation period of beginning austenite

transformation is very short. Fully martensitic structures can be achieved only for very

fast quenching rates with suppressed transformation in the pearlite and bainite range. The

incubation period of the subcooled austenite drastically rises with increasing chromium

concentration, as illustrated by Figure 9.5b and Figure 9.5c. In the unalloyed 1040 steel, a

low cooling rate, according to a cooling curve that crosses the temperature of 5008C (9328F)

at a time of about 300 s, produces a structure consisting only of ferrite and pearlite

(Figure 9.5a). After quenching at the same cooling rate, the austenite of the low-alloy

5140 steel transforms to mainly bainite and martensite and small amounts of ferrite and

pearlite (Figure 9.5b). After the same cooling, bainite and martensite are formed in the high-

alloy DIN 45CrMoV67 steel (Figure 9.5c).

To illustrate the effect of a reduced transformation rate on the hardenability of steels,

Figure 9.6 shows the measured hardness distributions over the cylindrical cross-section of a
� 2006 by Taylor & Francis Group, LLC.
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1040 and a 5140 steel for tw o sampl e diame ters (15 and 4 0 mm) afte r identical quen ching in

water. With the smaller diame ter of 15 mm and the unalloy ed 1040 steel, the hardness

decreas es from abo ut 850 HV (HR C 66) at the surface (mar tensite micr ostruc ture) down to

500 HV (HRC 49) in the core (ferrite, pearlite, ba inite, and mart ensite micro structure) .

In con trast, the hardness of the 5140 steel is co nstant ov er the cylin drical cross- section

because the martensit ic transform ation in the sampl e vo lume is due to the lon ger incubat ion

period of the subcoo led au stenite. As the cooling rate dramat ically de crease s with increa sed

section thickne ss, the cooling rate in the core of the large r diame ter is lim ited by the

rate of heat con duction from the inter ior to the surfa ce. The con sequence is that for the 40-

mm diame ter 1040 steel , austenite trans form s only to ferrite and pearlite in the inner regions

because of the red uced cooling rate. Comp ared to the 15-mm diame ter, this resul ts in a

decreas ed hardness in the core; hardn ess values of abo ut 220 HV (HR A 57) nearly

corres pond to the init ial ha rdness of the steel . Marten sitic hardening occurs only in a

thin outer shell of the cylin drical sample (Figur e 9.6b) . The higher carbon con centra tion of

abou t 1 wt% in the 5140 steel clear ly delays the trans formati on in the pearlite and ba inite
� 2006 by Taylor & Francis Group, LLC.
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range and results in only a slig ht decreas e in hardn ess with increa sing distance from the

cyli nder surface.

9.2.4 INFLUENCE OF S TRESSES

The internal stresses form ed during quen ching have a decisive influ ence on the trans form-

ation be havior of austeni te as alrea dy de scribed in Figure 9.1. Depending on the ch emical

compo sition and the coo ling rate, au stenite can transform in the pearlite, ba inite, or mar-

tensi te range. All these phase trans formati ons are a ccompani ed by volume expansi on. The

chan ge of lengt h during slow and rapid co oling of unstre ssed an d tensi le stressed austenite is

shown in Figure 9.7. After co oling austenite at a very slow cooling rate, close to the

equ ilibrium, ferr ite and pe arlite are form ed in the temperatur e ran ge between Ar3 and A r1
tempe ratur es (conti nuous line). With fast coo ling rates (dashed lines ), the diffu sion-co ntrolled

trans formati ons are sup pressed , and below the marten site star t tempe ratur e, Ms , the un-

stre ssed austeni te transform s into mart ensite with an increa se in specif ic volume . If tensile

stre sses occur within the sample, the mart ensite start tempe ratur e increa ses from Ms to M s’
and larger cha nges of length occur [9]. The oppos ite is true for co mpressive stre sses. This

phe nomenon is called trans formati on plastici ty.

The volume changes of the ferriti c–pearlitic trans forma tion as well as those of the

mart ensitic transform ation are due to the transform ation of the face- centere d cubic austenite

cryst al lattice into the body-cent ered cu bic ferrite lattice or the tetrag onal-de formed marten s-

ite lattice . The ferritic and mart ensitic crystal lattices have a higher sp ecific vo lume.

Accor ding to Kobasko [10], with increasing cooling rate within the marten sitic trans form-

ation range, the pro bability of quench crack form ation increa ses to a maxi mum value and

then decreas es to zero. This phenomen on can be explai ned by trans form ation plast icity

and the c hange of specific volume during phase transform ation. The higher the cooling

rate, and thus the tempe rature gradie nt, the great er the surfa ce layer expansi on at the moment

of superplasticity. During very fast cooling (‘‘intensive quenching’’), the surface layer com-

presses and tensile stresses occur because of the heated and expanded core. At room tem-

perature, high compressive stresses arise at the surface of the part. In this way martensitic

hardening of large parts made of unalloyed steels, e.g., a lorry axis, is possible.
� 2006 by Taylor & Francis Group, LLC.
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9.3 QUENCHING PROCESSES

Previousl y it was shown that the coo ling rate and the shape of the coo ling curve infl uence the

course of phase transform ations , residua l stresses and disto rtion. In quench harden ing, fast

cooling rates, depend ing on the ch emical composi tion of the steel and its secti on size, are

frequent ly a pplied to preven t diffu sion-co ntrolled trans formati ons in the pe arlite range and to

obtain a structure con sisting mainl y of martensit e a nd bainite. How ever, the reducti on of

unde sirable therm al and transform ationa l stresses due to volume ch anges usuall y requir es

slower co oling rates. Quench ing process es theref ore requir e the selec tion of coo ling rates that

are fast en ough to pe rmit the desir ed micro structure to form but slow enough to minimiz e

resid ual stresses and dist ortio n. These consider ations have resul ted in diff erent quen ching

methods such as direct que nching, inter rupted quen ching, spray que nching, and gas and fog

quen ching. The time–te mperat ure cycles that can be obtaine d wi th different quench ing

methods are shown in Figu re 9.8 for the center and surface of the quen ched part toget her

with the tim e–temp erature–tr ansfor mation diagra m [5].

Direct quenching, the most common quenching technique, refers to the quenching of the part

from the austenitizing temperature directly to room temperature by immersion into a vaporizable

liquid quenchant (Figure 9.8a). Petroleum solutions or aqueous polymer solutions are often used

for this process.

Interrupted que nching con sists of rapidl y quen ching steel from the au steniti zing tempe ra-

ture to a tempe rature above the Ms tempe ratur e, where it is he ld for a time suffici ent to affect

the desir ed trans formati on and then cooled in air. Interrupted que nching co mprises three

different quenching techni ques—m arquen ching, austem pering, and isoth ermal anneali ng—

which differ in the tempe rature at whi ch que nching is interrup ted and the time for which the

steel is held at this tempe ratur e. The que nchants usually used for inter rupted que nching are

molten salt ba ths and specia lty oils such as martemp ering oils .

Marquench ing con sists in rapidl y quenching the steel to a tempe ratur e just above the Ms

tempe rature, holding it at this tempe ratur e to eq ualize the tempe ratur e througho ut the work-

piece, and then removing it from the bath before transformation into bainite begins (Figure

9.8b). The martensite structure formed during marquenching is the same as after direct

quenching; however, residual stresses are minimized owing to the more homogeneous tem-

perature distribution throughout the part and slower cooling rate during martensite formation.
� 2006 by Taylor & Francis Group, LLC.
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Austempering is similar to marquenching in that the steel is rapidly quenched from the

austenitizing temperature to a temperature above Ms but differs in that the workpiece is held

at temperature for sufficient time to allow an isothermal transformation into bainite (Figure

9.8d). Relative to untempered martensite, bainite has better toughness and strength than

would be formed by marquenching. Martensite formed during direct quenching and mar-

quenching is often tempered, because tempered martensite exhibits a more homogeneous

elemental distribution and improved toughness and strength.

Isothermal annealing, differs from marquenching and austempering in that the bath

temperature is sufficiently high that isothermal transformation into pearlite occurs (Figure

9.8d). Pearlite exhibits high toughness and sufficient strength to be the optimal structure for

parts such as wires or cables and railroad rails.

Spray quenching with a liquid quenchant, generally water or an aqueous polymer solu-

tion, at sufficiently high pressures on the surface of the workpiece produces fast cooling rates

because the liquid droplets impact the surface and cause a high rate of heat transfer. The rate

of heat extraction can be varied over a wide range by varying the quantity of the sprayed

liquid or by spraying a mixture of water and air (fog quenching). Compared to immersion

quenching, spray quenching allows better control in cooling the workpiece.

In gas quenching, heat removal is achieved by blowing a stream of gas over the workpiece,

sometimes after austenitizing it in a vacuum furnace. Usually, the cooling rate is faster than

that obtained in still air but slower than that achieved in oil and is controlled by the type,

pressure, and velocity of the cooling gas. Inert gases including helium, argon, and nitrogen are

most commonly used.
� 2006 by Taylor & Francis Group, LLC.
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9.4 WETTING KINEMATICS

Duri ng que nching in liqui d media with boili ng temperatur es far below the initial tempe ratur e

of the body , three stages of heat remova l occur. These are refer red to as (1) the film boi ling or

vapor blanket stage, (2) the nucleate boili ng stage, and (3) the convecti on stage.

In the film-bo iling stage the surface tempe ratur e of the workpi ece is suff iciently high to

vaporiz e the quenching liqui d and form a stable film aroun d the part. The vapor film has an

insul ating effe ct; theref ore the co oling rate dur ing film boilin g is relative ly slow. The tem-

peratur e above which the stabl e vapor blan ket occurs is called the Leid enfros t tempe ratur e

after Johan n Gottlieb Leid enfros t.

When surface tempe rature is less than the Leidenfr ost tempe rature, the vapor film

colla pses an d the nuc leate boiling begins [11]. In this stage, the liqui d in co ntact with the

hot surfa ce evapo rates, and immediat ely the vapor bubbl es leave the surfa ce. This causes

strong convectio n, whi ch results in a high rate of heat trans fer from the meta l to the fluid.

Upon furth er co oling, the surface tempe ratur e becomes less than the boiling poin t of the

liquid , and the surfa ce is permanent ly wet ted by the fluid . The co oling rate is low and

determ ined mainl y by the rate of co nvection an d the viscos ity of the liqui d quenchan t.

Some typic al examp les of the wetti ng sequen ces on steel an d silver sampl es quench ed in

water, oil, an d aq ueous polyme r solut ions are depict ed in Figu re 9.9 throu gh Figure 9.12.

Quenchi ng in wat er and oil usually resul ts in slow wetti ng with a clear ly visib le wetti ng front.

Figure 9 .9 and Fig ure 9.10 show tw o wetti ng pro cesses that were obs erved dur ing quench ing of

a cylind rical CrNi steel specimen in water at 30 8 C (86 8 F) and oil at 60 8 C (140 8 F) with an

agitati on rate of 0.3 m/s [12,13]. Wett ing begins at the lower e dge of the sample and the wetti ng

front , which is the interface between film boiling and nuc leate boiling, and then ascends to the

top in an almost an nular manner. An add itional descend ing wettin g front can be observed from

the uppe r edge that is more charact eristic of que nching in oil. The time requir ed for co mpletely

wetti ng the sample is about 14 s for the water quench and abou t 13 s for the oil que nch. Thus , the

three pha ses of cooling , with their widely varyi ng he at trans fer coefficie nts, are simulta neously

present on the sample surface an d the coo ling of the part is inherent ly nonuni form.

When quenching of prismatic cylinders, the wetting front is parabolically shaped as shown

in Figure 9.11 [14, 15]. The wetti ng along the cyli nder ed ges accelerates the wetti ng front of the

flanks and reduces the time interval of simultaneous presence of film boiling and nucleate

boiling.

The wetting process can be strongly influenced by the addition of additives [12,14–18].

Figure 9.10a and Figure 9.10b show two wetting sequences that were obtained in water with

different chemical admixtures. On the surface of the sample, a polymer film forms that

provides a uniform breakdown of the vapor blanket and reduces heat transfer in the lower

temperature range. When the polymer film has completely redissolved, heat transfer is

achieved entirely by convection.

The velocity of the spreading wetting front and the time interval of the simultaneous

presence of film boiling and nucleate boiling can be strongly influenced by changing the

physical properties of the quenchant and the sample. The items varied are:
� 20
1. Type of quenchant as described by its boiling temperature, viscosity, thermal capacity,

and surface tension

2. Additives to the quenchant, and their concentration

3. Temperature and agitation rate of the quenchant

4. Thermal characteristics of the body and its transformation behavior
06 by Taylor & Francis Group, LLC.
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FIGURE 9.9 Wetting process on the surface of CrNi steel specimens quenched from 8508C into water

and oil. (a) Cylinder (25-mm diameter� 100mm) in water at 308C flowing at 0.3 m/s; (b) cylinder

(25-mm diameter� 100 mm) in oil at 608C flowing at 0.3m/s; (c) prismatic cylinder (15� 15� 45mm)

in water at 608C without forced convection.
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� 20
5. Surface roughness of the body and surface layers

6. Geometry and initial temperature distribution of the sample
An overview of the effect that varying these properties has on the wetting kinematics is

extensively described in Ref. [19]. The influence of some selected properties on the time when
06 by Taylor & Francis Group, LLC.
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FIGURE 9.10 Wetting process on the surface of cylindrical samples which is quenched in water with

different admixtures. (a) CrNi steel cylinder (25-mm diameter� 100mm) quenched in 5% aqueous

polymer solution at 308C without forced convection and (b) silver cylinder (15-mm diameter� 45 mm)

quenched in a 10% aqueous polymer solution with a chemical additive at 258C without forced convection.
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wetti ng starts ts , the tim e when wetti ng is finished t f, the time inter val of wet ting D tw ¼ tf � ts ,

and the heat trans fer co efficient a is summ arize d in Tabl e 9.1.

The great impor tance of the wet ting kinema tics for steel harden ing can be explai ned with

respect to the wettin g pro cess and the corres pondin g su rface hardness along the length of a

cylin der of the 1040 steel, which is que nched in wat er with different agitatio n rates (Figure 9.11

and Figure 9.12). Agi tation increases the wetti ng sp eed an d reduc es the tim e during which the

different coo ling pha ses are simu ltaneou sly pr esent. In Fi gure 9.11 the finishing tim e of wetti ng

is reduced from 9 to 2.5 s by a gitation at 1 m/s . Consi dering that the he at trans fer from the

surfa ce to the fluid dramat ically increa ses at the trans ition from film boili ng to nucleat e boili ng

(see Figu re 9.22) , it becomes apparent that a change of the wettin g pro cess ha s a signi ficant

effect on the cooling behavior and ha rdness dist ribution . Figure 9.12 compares the hardness

profi le and the wetti ng time related to the distan ce z from the sample bottom for cooling in sti ll

and a gitated water [20] . The wet ting tim e tk increa ses toward the top of the sampl e in accord-

ance with the migratio n of the wetti ng front (see Fi gure 9.12) . With increa sing wetti ng tim e, a

decreas e of surface and core hardness becomes apparent for the sti ll-water quench . With water

agitated at 1 m/s, the wettin g front proceeds to the top in approxim ately 2 s, resul ting in a

constant hardn ess along the cy linder lengt h. Othe r exampl es of the effect of wet ting kinema tics

on steel harden ing are given in Refs. [12, 15,21,22] .
9.5 DETERMINATION OF COOLING CHARACTERISTICS

9.5.1 ACQUISITION OF COOLING CURVES WITH THERMOCOUPLES

The most common way to describe the complex mechanism of quenching is to use cooling

curves. In almost all the heat treatment processes, cooling curves are measured with metal test
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 9.11 Wetting process on the surface of a 1040 steel (15-mm diameter� 45 mm) quenched from

8508C in water at 508C (a) without forced convection and (b) with an agitation rate of 1 m/s.
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pieces (probes) instrumented with thermocouples [23]. A thermocouple consists of two

metallic wires of different chemical composition that are brought into contact at their ends

and usually the wires are welded. When this assembly is connected to a measurement

apparatus and the two metal junctions have different temperatures, a voltage can be measured
TABLE 9.1
Influence of Some Physical Properties of the Fluid and the Body on the Characteristics Data

of Wetting and the Heat Transfer Coefficient for Immersion Quenching

Properties of the Fluid ts, tf Dtw a

Type of quenchant "# "# "#
Additives to the fluid "# "# "#
Rate of agitation v (") # # "
Bath temperature Tb (") " " #

Properties of the Sample

Thermal diffusivity a (") " " "
Sample diameter (") " "
Surface roughness (") # # "
Surface oxidation (") # # #
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that is independe nt of the absolut e tempe ratur e but dependen t on the tempe ratur e diff erence

between the tw o end s of the thermoco uple. Therefor e, one end, called the cold jun ction or

referen ce junction , is immersed in melting ice at the co nstant refer ence tempe ratur e of 0 8 C
(32 8 F). The temperatur e at the other end, called the hot or measuring juncti on, can then be

determ ined. In practice , instead of melting ice, electro nic tempe ratur e co mpensat ion is used.

For many ap plications , especi ally very fast cooling process es, it is impor tant to identify

the exact response time of the thermo couples. Respo nse time is prim arily a functi on of the

therm ocouple dimens ion and its constr uction, therm al propert ies of the therm ocoup le ma-

terials , the method of inst allation, and heat exchan ge con ditions wi thin the surroun ding

meta l.

Commerci al therm ocou ples con sist of tw o thermoelect ric wi res, insulati on mate rial, and a

surround ing sheath that protect s the therm oelect ric coup le agains t high-t empera ture corro-

sion and ox idation (Figur e 9.13) . The most common type of hot junctio n is the insul ated

versio n (Figur e 9.13a) . Despi te the de layed he at co nductance due to the electrica l insul ation

of the hot junction , a sh ort response time can be ach ieved by cho osing smal l diame ters down

to 0.25 mm. Figure 9.14 compares the respo nse time of tw o sheathe d therm oco uples with

outsi de diame ters of 0.5 and 1.0 mm [24]. The therm ocou ples were installed into the test piece

as shown in Figure 9.13a. For exactly the same que nching pro cess, the maxi mum coo ling rate

and the tempe ratur e–time gradie nt are signi ficantly greater for the smaller dimens ion. The
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 9.13 Construction of different thermocouples. (a) Mantle-sheathed thermocouple with insu-

lated hot junction; (b) mantle-sheathed thermocouple with sheath-welded hot junction; (c) mantle-

sheathed thermocouple with open sheath and thermoelectric wires are welded to the sample material;

(d) thermocouple in which the thermoelectric wires are welded to the sample material and insulated with

a ceramic tube.
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response time can also be slightly reduced by welding the hot-junction wires to the metal

sheath (Figure 9.13b) provided the samples do not contain an electric charge that can

influence the measuring process.

An elegant method to determine the true change of temperature during quenching is

shown in Figure 9.13c and Figure 9.13d. In Figure 9.13c, the metal sheath of the thermo-

couple is opened and the thermoelectric wires are welded to the sample material. The

advantage of this assembly is that the response time is minimized and the integral temperature

of the crosshatched region is measured. An error in the thermoelectric voltage may be due to

the sample volume, which is not known.

Figure 9.13d describes a similar thermocouple assembly where the hot-junction wires are

insulated with a ceramic tube. As the thermophysical properties of ceramics and steels differ,

this thermocouple construction may produce significant errors in temperature measurement.

When measuring cooling curves, it is important to minimize the amount of material

removed from the workpiece when drilling a hole for thermocouple placement. The cooling

behavior of a part, especially a part with a small cross-section, changes dramatically with

increased hole diameter. Therefore, all investigations concerning the cooling behavior of
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FIGURE 9.14 Response sensitivity of mantle-sheathed thermocouples with different outer diameters.

The temperature–time cycles were measured in the center of a cylindrical CrNi steel sample of 8-mm

diameter during spraying with water of room temperature: 1, 0.5-mm diameter; 2, 1.0-mm diameter.
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workpi eces with respect to tempe ratur e measur ement requir e good therm ocouple-to -speci-

men contact an d minimal therm ocou ple diame ter an d material remova l.

Cooling curves are usuall y obtaine d by que nching a test probe and measur ing the

tempe rature as a functi on of time at a specified poin t within the specim en. Fro m the

tempe rature– time curve, a tempe rature–co oling rate curve ca n be calcul ated. The test pr obes

may be cylind ers, plate s, and spheres . The most common test prob e is a cyli nder with a lengt h

three to four tim es its diame ter and with a therm ocou ple locat ed at its geomet ric center (see

diagra m at left of Figu re 9.15) [25, 26].

There a re various nationa l an d inter nationa l standar ds for cooling curve analys is. The

most common are: ASTM D6200 (based on ISO 9950) for una gitated quen chants and AST M

D6482 and D6549 for agit ated que nchants.

Two charact eristic parame ters that can be obtaine d from cooling curves are the maxi mum

cooling Ṫmax and the coo ling rate at 300 8 C (572 8 F) ( Ṫ 
300 8 C ). When harden ing the steel , the

maxi mum cooling rate and the tempe ratur e at which it occurs must be suff iciently high to

minimiz e ferrite and pearlite transform ation. The cooling rate of 300 8 C (572 8 F) can be used to

indica te the probabil ity of dist ortion and cracki ng be cause it is near the mart ensite tempe ra-

ture of most carb on and low-al loy steel s.

The main limit ation of cooling cu rve analys is is that relat ively little informat ion can be

derive d ab out the wetting process . The tempe ratur e in the sample center at the transitio n

point from lower to higher cooling velocity (the so-called trans ition tempe rature, Ttrans) only

descri bes the wetti ng of the corresp onding surfa ce poin t and gives no informat ion ab out the

time when wet ting starts ( ts) and the time when wetti ng is finished (t f) (Figur e 9.16).

Figure 9.16a compares the cooling curves that were measur ed in the cen ter of a cylind rical

CrNi steel sampl e (25-mm diame ter � 100 mm), which is que nched in water and a 10%

aqueo us polyme r solut ion [27, 28]. The ba th tempe rature is 30 8C (86 8 F), and the rate of

agitati on is 0.3 m/s . Though the sampl e center cools in almost the same way, the process of

wetti ng diff ers consider ably, as evidenced by the near-s urface tempe ratur es measur ed at three

height s of the sampl e (Figur e 9.16b) . Quen ching in water causes a slow wetti ng with a total

wetti ng time of about 14 s. W etting begins at the low er edge of the sampl e, and the wetti ng

front ascends to the upper edge. This results in high local ized tempe ratur e diff erences

(continuous lines in Figure 9.16b).

When the sample is quenched in the polymer solution, explosive wetting occurs after 6 s of

stable film boiling. The temperature–time curves for the three locations near the same surface

are almost congruent (dashed lines in Figure 9.16b). As the wetting process controls the

temperature distribution in the quenched part, it directly influences the hardness distribution.

Whereas the slowly wetted sample will have a characteristic axial hardness gradient, similar
� 2006 by Taylor & Francis Group, LLC.
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hardness values along a centerline can be expected in the suddenly wetted sample (with the

exception of a small range near the ends). This explains why low concentrations of a polymer

quenchant may be added to water to eliminate or significantly reduce cracking or distortion.

9.5.2 MEASUREMENT OF WETTING KINEMATICS

9.5.2.1 Conductance Measurement

A method better suited for determining the wetting process is to measure the electrical

conductance between the sample and the quenchant and between the sample and a counter

electrode and measure the temperature change at the specimen center [21,29,30] (Figure

9.17a). When a vapor blanket forms around the entire sample surface, the conductance

between the sample and the counter-electrode is low. When the vapor blanket collapses at
(a)

G(t ) T(t )

T(t)

ts tfΔ tw t

G(t)

T, G

(b)

FIGURE 9.17 Determination of the percentage of the wetted surface area. (a) Measuring principle and

(b) temperature–time T(t) and conductance–time G(t) curves with corresponding wetting state of the

quenched sample (schematic).
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an arbit rary position on the sample su rface, cond uctance increa ses (F igure 9.17b) . The

increa se in condu ctance is app roximatel y pro portion al to the wetted portion of the sampl e

surfa ce. Cond uctance is at its highest value when the surfa ce is co mpletely wetted. (Note that

the formati on of bubbles after wetti ng can reduce con ductance. Thi s may resul t in a failure to

identify the end of wetti ng.) The main pa rameters provided from condu ctance– time curves

are the time when wetti ng starts ( ts) and the time when wet ting is fini shed (t f).

In Figu re 9.18a, wet ting starts at time ts , and is comp leted at tim e t f (usually for que nching

in wat er, oil, and some aqu eous pol ymer solut ions; see Figu re 9.9 through Figu re 9.11). In

Figure 9.18b, the transitio n from fil m boi ling to nucleat e boilin g is explosi ve (see Figure 9.10).

In Figure 9.18c, the wetting tim e is also infin itely sh ort, but bubbles or pol ymer separat ions

remain on the surfa ce, whi ch reduces con ductance. In Figure 9.18d, sud den wetti ng occurs,

but imm ediately a new vapor blank et forms, then co llapses again. This sequence may be

repeat ed severa l times [13].

9.5.2 .2 Te mperature Measur ement

A seco nd method to a scertain the wet ting process is by inser ting therm oco uples in near-

surfa ce pos itions along the cylindrical sample [31]. Figure 9.19 shows the basic infor matio n

that can be derived from the near-surface cooling curves when a wetting front migrates from

the lower end of the sample to its top. Each temperature cycle defines a period of slow cooling

and a subsequent period of fast cooling. The point of transition indicates the transition from
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FIGURE 9.18 Schematic temperature–time and conductance–time curves for different wetting pro-

cesses. (a) Slow wetting; (b) explosive wetting; (c) explosive wetting with large bubbles remaining on

the surface; (d) repeatedly explosive wetting with large bubbles remaining on the surface.
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560 Steel Heat Treatment: Metallurgy and Technologies
film boiling to nucleate boiling at the thermocouple location. The onset and conclusion of

wetting, and thus the velocity of the wetting edge, can be calculated by extrapolating the local

transition times to the front ends of the sample. The cooling curves in Figure 9.19 were

obtained during quenching of a CrNi steel cylinder (15-mm diameter� 100 mm) in water at

508C (1208F) without forced convection.
9.6 QUENCHING AS A HEAT TRANSFER PROBLEM

9.6.1 HEAT TRANSFER IN A SOLID

When a part is heated to a specified temperature, heat is transferred to it by the furnace.

Conversely, when the part is quenched, heat is transferred to the surrounding medium. This

produces localized temperature gradients where there is conductive heat transfer from the

higher temperature region to the lower temperature region. The heat transfer rate per unit

area is proportional to the local temperature gradient and can be expressed by Fourier’s law

of heat transfer,

Q ¼ �lA
dT

dx
(9:1)

where Q is the heat transfer rate in J/s, l is the thermal conductivity in J/(s m K), A is the unit

area in m2, T is the temperature in K, and x is a local coordinate. The minus sign is inserted

because the heat flows from higher to lower temperature areas according to the second law of

thermodynamics.

Heat transfer in a solid where temperature changes with time and no heat sources are

present within the body is

qT
qt
¼ a

d2T

dx2
þ d2T

dy2
þ d2T

dz2

� �
(9:2)

where t is the time in s, a is the thermal diffusivity in m2/s, and x, y, and z are local

coordinates. According to Equation 9.2 the temperature distribution within a body depends
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not only on the local tempe rature gradie nts but also on the therm al diffu sivity, which includes

all therm odynami c parame ters of the mate rial. The therm al diffusiv ity a is define d as

a ¼ l

r Cp

(9: 3)

wher e r is the density in kg/m 3 and Cp is the specific heat cap acity under constant pre ssure in

J/(kg K). The large r the value of a, the more quickly heat will diff use through the material . A

high value of a can be ach ieved by eithe r high thermal condu ctivity l or low -heat capacit y

rCp, which means that less of the heat moving through the mate rial is ab sorbed which will

increa ses the tempe rature of the mate rial. This fact is illustrated by faster coo ling of silver

relative to au stenitic steels. In the sim ple form of the Fourier equ ation (Equati on 9.2) , thermal

diffusivity is assumed to be constant, but in reality l, r, and Cp, and therefore a, are

temperature dependant.

The heat capacity rCp of steel does not vary considerably with the chemical composition.

However, the thermal conductivity (l) of iron alloys does vary with temperature as illustrated

in Figure 9.20 [26]. At room temperature, the value of l is drastically reduced with increasing

carbon content and to a lesser extent with the content of other alloying elements. The decrease

of l is caused by the distortion of the iron lattice due to insertion of foreign atoms. The

thermal conductivities of pure iron, plain carbon steel with 0.45% carbon (1045 steel), and an

austenitized (CrNi) stainless steel are 75, 55, and 1415 W/(m K), respectively [27]. Above

8008C (14728F), there is no significant influence of chemical composition on thermal con-

ductivity. Figure 9.20 shows that l decreases with increasing temperature for pure iron, plain

carbon steels, and low-alloy steels. Low-alloy steels exhibit a maximum value that increases

with higher amounts of alloying elements and shifts to a higher temperature.

High-alloy steels such as ferritic and austenitic steels exhibit an inverse temperature

dependence [32]. In addition to temperature and alloying elements, thermal conductivity is

also influenced by internal stresses and structural changes. During transformation from

austenite to ferrite, l increases discontinuously by approximately 7% for pure iron [32].

Every phase transformation is also accompanied by a change of latent heat and specific

volume. Because exact information about the influence of temperature, chemical compos-

ition, structural changes, and stresses on the thermodynamic data is not available, the
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FIGURE 9.20 Influence of temperature and alloying elements on the thermal conductivity of steels.
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TABLE 9.2
Approximate Values of Thermal Conductivity l and Thermal Diffusivity a of Selected

Materials at Room Temperature

Material Thermal Conductivity [J/(s m K)] Thermal Diffusivity (106 m2/s)

Silver 407 165

Inconel 600 15.0 3.8

Austenitic steel 15.0 3.8

Ferritic steel 19 5.1

1040 steel 55 14.3

Iron 75 21
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accuracy of calcul ations of the tempe rature dist ribution during heati ng or cooling of steels is

limit ed. For exami nation of the coo ling charact eristic s of que nchan ts, test probes con structed

from sil ver, nickel -base alloy s such as Inc onel, and stainles s steel (1040 steel) are often used.

Ther modynami c data for these material s are compared to those of a usteniti c and ferr itic steels

in Table 9.2.

9.6.2 HEAT T RANSFER ACROSS THE SURFACE OF A B ODY

Anothe r impor tant pro blem for the de terminat ion of the cooling beh avior of steels concerns

heat trans fer across the surface of the body to the surroundi ng medium . This is mathe mat-

ical ly descri bed in term s of the (interf acial) he at trans fer coeff icient a:

a ¼ Q

A( T1 � T2 ) 
(9 :4)

wher e the units of a are J/(s m 2 K) 8, T1 is the su rface tempe ratur e of the body, and T2 is

the tempe ratur e of the medium . Dete rminati on of the heat transfer coeff icient is based on

Four ier’s law of heat trans fer (Equ ation 9.1), which states that heat flow across the surfa ce of

a body is pro portio nal to the tempe ratur e gradien t at the surfa ce. In practice, the surfa ce

tempe ratur e of a body can only be determ ined with high-pr ecision measu ring equ ipment.

Ther efore a is often calcul ated from cooling curves that are recorded just beneath the surfa ce

of the test piece being measur ed.

Durin g que nching, the heat trans fer coefficie nt of steel is strongly depend ent on the

surfa ce tempe ratur e and may vary by mo re than an order of magni tude be tween the a uste-

nitizing an d quencha nt ba th tempe ratur es due to variations in the inter facial film heat

trans fer such as film boili ng and nucleat e boiling. The temperatur e depen dence of a during

que nching of an austeni tic steel in water and oil is sho wn in Figure 9.21 [12].

Three cooling stage s can be present sim ultane ously on the surface of an immersi on-

que nched part for a signi ficant pe riod of tim e. Therefor e, the he at transfer coeff icient varies

not only with tempe ratur e but also with surface locat ion. Figure 9.22 sh ows the wetti ng state

of a cylin der of 1040 steel during quenching in water for a constant cooling tim e and the

corres pondi ng varia tion of the heat trans fer coeff icient. Stable film boilin g produ ces a low

heat trans fer coeff icient due to the insul ating prop erties of the surrou nding vapor blanket

[ aFB � 400 W /(m 2 K)]. Just be low the wetti ng front, nucleat e boilin g occurs. The heat trans fer

coeff icient a reache s its maximum value of app roximatel y 15,000 W/(m 2 K) an d subsequen tly

decreas es. When the surfac e tempe ratur e decreas es to less than the boili ng point of the fluid,

heat transfer occurs by convection and conduction, with a reaching even lower values, or
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 9.21 Heat transfer coefficient versus surface temperature of an austenitic steel cylinder (25-mm

diameter� 100mm) quenched into water at 308C and into a fast oil at 608C flowing at 0.3 m/s.
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aconv � 1500 W/(m 2 K). This exampl e demo nstrates that heat trans fer conditi ons dur ing

quen ching can be complicate d, especi ally when consider ing wettin g behavior varia tion

througho ut the quench ing pro cess.

An examp le of the influence of wetti ng kinema tics on heat remova l dur ing imm ersio n

quen ching is illustrated in Fi gure 9.23a, which shows the change of wetting time and

Leidenfr ost tempe rature TL , i.e., the surface tempe ratur e of the body at the trans ition from

film boili ng to nucleate boiling , along the lengt h of a soli d cyli ndrical CrNi steel test pro be

during que nching in water. Wett ing starts at the low er edge of the cylin der, a nd the wetti ng

front ascen ds from the bottom to the top (see also Figure 9.9) . Thi s resul ts in an almos t linea r

decreas e of Leidenfr ost temperatur e with increa sing wettin g time. The change in the corre-

spond ing heat transfer coeff icient a at half-he ight of the cyli ndrical sampl e ( z ¼ 5 mm) with

the migrati ng wettin g front is given in Figu re 9.23b. Here, a is plotted as a functi on of the

distan ce x from the actual position of the wetti ng ed ge. In the case of a negati ve value of x, the

surface point at half-height is covered with the vapor film, whereas for positive values of x,
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FIGURE 9.22 Wetting state on the surface of a cylindrical sample quenched into water at 308C and

schematic of variation of the corresponding heat transfer coefficient along the length of the cylinder for

a given cooling time.
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nuc leate boi ling and sub sequentl y conv ective he at transfer oc cur. When the edge of nuc leate

boili ng passes the consider ed surfa ce point ( x ¼ 0), the heat trans fer coeff icient rapidl y

increa ses to its maxi mum value and then decreas es with decreas ing surfa ce tempe rature.

Heat trans fer coefficie nts are req uired for fini te-eleme nt or finite-d ifference heat transfer

calcul ations of tempe rature dist ribut ion during que nching. Calculat ed co oling curves may be

used to determ ine as-quenc he d micr ostruc tures and mech anical propert ies such as the hard-

ness an d yield streng th of steel. The wettin g kinema tics of the quenching process , expressed by

the varia ble Leiden frost tempe ratur e, must also be incorpora ted in these calculati ons. Figure

9.24 compares calculati ons achieve d with diff erent hea t trans fer coeff icients [33, 34]. In Figure

9.24a, the he at transfer coe fficient was assum ed to be equal for all surfa ce locat ions. This

woul d corres pond to a very fast veloci ty of the wetti ng front (see Figu re 9.10). It is apparent

that the lines of constant tempe ratur e are paralle l alon g the lengt h of the cyli nder and parallel

to the cyli nder end-face in the region of the lower front-end . Howe ver, high a xial temperatur e

differen ces actual ly occur when the wetti ng front migrates from the bot tom to the top of the

cyli nder with an infi nite wetti ng speed.
� 2006 by Taylor & Francis Group, LLC.
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Figure 9.24b illustrates the calcul ated temperatur e dist ribution dur ing co oling, at four

points in time, for a wetti ng velocity of 9 mm/s. This calculati on procedure is identical with

the assum ption that the heat trans fer coeff icient a varie s with the surfa ce tempe ratur e and the

distan ce from the low er front -end. Fro m these figur es, it can be seen that the axial tempe ra-

ture difference is g reater than 600 K even for the small sampl e used . As alrea dy sh own, this

wetti ng process may have a substa ntial impact on harden ing resul ts.

Thermal stre sses are depen dent on tempe rature gradie nts wi thin the sampl e. Figure 9.25

and Figure 9.26 are for solid austeni tics stainles s solid steel cylin ders (15 mm in diame ter � 45

mm). Fi gure 9.25 shows the distribut ions of radial and axial heat flux for the relat ively slow

wetti ng speed of 9 mm/ s. The lines of co nstant radial and axial heat flux, qr and qa,

respect ively expand in the oppos ite direction to the ascen ding wetti ng front . Dis tributions
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of axial heat flux are de termined by relative ly high heat remova l in the region below the

wetti ng front and by heat remova l at the cylind er end. The highest values of rad ial and axial

heat flux occu r along the wetti ng front. With increa sing wetting veloci ty, the maximum value

of radial heat flux increa ses, whi le the axial heat flux decreas es after it has reached a

maxi mum at a wetti ng veloci ty of appro ximatel y 3 mm/s a re shown in Figure 9.26. Ther efore,

high wet ting velocitie s reduce therm al gradie nts along the lengt h of the cylinder, whi ch may

decreas e the distortio n and cracki ng.

In quen ch hardening, heat remova l is often express ed by the Gross mann num ber or H

fact or inst ead of the heat transfer coefficie nt a . The Gross mann numb er [35] is defined as

H ¼ a=2 l (9 :5)

Thus , the H facto r is equal to the interfaci al heat trans fer coeff icien t divide d by twice the

therm al condu ctivity. Wh en the H facto r is mult iplied by the diame ter of the body D , their

prod uct co rresponds to the well-k nown dimen sionless BiOT num ber (Bi):

HD ¼ Bi
a

l 
R (9 :6)

The BiOT number is important because all bodie s with the same BiOT number exh ibit sim ilar

heat flow. If therm al conduc tivity l is constant , althoug h it is de penden t on the ch emical

compo sition of the steel, the structural chan ges during quenching are as sho wn in Figure 9.20,

and the value of H de pends onl y on the heat transfer at the surfa ce an d thus on the cooling

capacit y of the quen chant.

The most signifi cant defic iency of the H fact or is the incorrect assump tion that cooling

occu rs at a constant rate (Newt onian cooling ) dur ing que nching. The he at trans fer coeff icient

and theref ore the H -value vary througho ut the three stage s of coo ling and also with the

surfa ce wettin g pr ocess as shown in Figure 9.21 an d Figure 9.22. Eve n with this limit ation,

H -valu es have been wid ely accep ted by heat treaters and are often req uired a s inpu t data in

soft ware pa ckages for predict ing the hardness dist ribution of quen ched comp onents. Table

9.3 provides some illustrati ve H -value data along with the corres pondin g interfacial heat

transfer coefficients for selected quenchants [36].
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TABLE 9.3
Grossman H Factor and Corresponding Heat Transfer Coefficient for Selected Quenchants

Quenchant

Quenchant

Temperature (8C)

Quenchant

Velocity (m/s) H-Value (in.21)

Heat

Transfer

Coefficient

[W/(m2 K)]

Air 27 0.0 0.05 35

5.1 0.08 62

Conventional oil 65 0.51 0.7 3,000

Fast oil 60 0.00 0.5 2,000

0.25 1.0 4,500

0.51 1.1 5,000

0.76 1.5 6,500

Water 32 0.00 1.1 5,000

0.25 2.1 9,000

0.51 2.7 12,000

0.76 2.8 12,000

55 0.00 0.2 1,000

0.25 0.6 2,500

0.51 1.5 6,500

0.76 2.4 10,500
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9.7 PROCESS VARIABLES AFFECTING COOLING BEHAVIOR
AND HEAT TRANSFER

Steel hardening requ ires a wi de varia tion and suff icient reprodu cibility of heat transfer across

the cooling surfa ce to achieve the requir ed cooling rate (which is depende nt on the hard-

enabil ity of the steel and the section size of the sample) and the desir ed mechan ical propert ies.

The infl uence of the cooling behavior during various que nching process es will now be

descri bed.

9.7.1 I MMERSION QUENCHING

Heat trans fer during imme rsion quen ching is influenced by many facto rs such as the dimen-

sions and shape of the part that is que nched, the quench ant, and the que nching facility. In the

heat treatmen t sh op only a few of these pa rameters can be realist ically varie d, includi ng

bath tempe rature, agitati on rate, and the qua ntity and racking arrange ment of the parts

during the que nching process . Of these, only agit ation is readil y varie d during the que nch,

because rapid bath tempe rature changes and varia tion of the quench ant (and con centration,

if an aqueo us poly mer solut ion is used) can not reali stically be accompl ished during the

quenching process itself.

9.7.1.1 Bath Temperature

The principal mechanism of heat transfer for vapor blanket cooling during immersion

quen ching is illu strated in Figure 9.27. Heat is trans ported across the surface throu gh the

vapor blanket by conduction (q̇l) and radiation (q̇g). Only a fraction of the heat is released to

the liquid by convection (q̇a). The remainder (q̇v) vaporizes and stabilizes the fluid into the

vapor blanket. The hot vapor flows upward, and at the vapor–liquid interface bubbles pass
� 2006 by Taylor & Francis Group, LLC.
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from the vapor fil m into the flui d, especi ally at the top of the cooling workpi ece. A local

decreas e of the thickne ss d of the vapor film imm ediately increa ses the heat flow by conduc-

tion (q̇l ), resul ting in additio nal vap orization of the fluid , thus sustaining the va por fil m.

When the surfa ce tempe rature decreas es, the thickne ss d of the vapo r film is reduced until

the fluid co ntacts the hot metal, which is the star t of wetti ng. Heat is no longer passed through

the v apor film, and fluid is evaporat ed upon direct contact with the sample surfa ce, dramat-

ical ly increa sing the rate of the he at flow. With increa sing liquid tempe ratur e T1, the energy

requir ed for fluid evaporat ion is reduced an d is proportio nal to the difference be tween the

boili ng point and the liquid tempe ratur e. The thickne ss d of the vapor film is increa sed, and

film boilin g oc curs at lower surfa ce tempe ratures. Figure 9.27 shows that within the vapor

film the temperatur e dro ps from the surfa ce tempe ratur e Ts to the boilin g tempe rature Tb of

the fluid and furt her de creases to the liqui d tempe rature T1.

The effe ct of water tempe ratur e on cooling curves in the center of an Inco nel 6 00 probe

(12. 5-mm diame ter � 60 mm) is illustrated in Figu re 9.28 [37] . With increa sing wat er tem-

peratur e the duration of film boili ng increa ses, which is indica ted by the de layed trans ition

from low cooling to fast cooling . In additio n, the cooling rates of the three differen t stage s of

heat transfer are red uced.

9.7. 1.2 Effect of Agita tion

In addition to bath tempe ratur e, the stability of the vapor film is great ly influen ced by the

veloci ty profile in the liquid . As illustr ated in the low er part of Figure 9.27, the veloci ty profile

is caused by the buoyancy-driven vapor flow and possibly by agitation (forced convection). A

high flow velocity increases the heat transfer by convection (q̇a) and reduces d, therefore

reducing the duration of film boiling. With agitation, heat transfer during the three stages of

cooling is increased.
� 2006 by Taylor & Francis Group, LLC.
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Figure 9 .29 shows the effe ct of selected liquid veloci ties (0, 0.3, an d 0.6 m/s) on cooling

curves measure d in the cen ter of an au stenitic stain less steel sp ecimen quen ched in 60 8 C
(140 8 F) wat er [13] . In the range of stable film boilin g, the tempe rature of the cylind er

decreas es slowly, almost independ ently of the liqui d flow velocity. As the vap or film collapses,

the steel tempe ratur e decreas es rap idly. Thus, the trans ition from lower to higher cooling

rates may be strong ly influ enced by the liqui d flow velocity and turbul ance.

9.7.1 .3 Effe ct of Quenchan t Selec tion

The quenchan t also exhibi ts dr amatic effects on co oling be havior. The cooling curves in

Figure 9.30a were obtaine d wi th a 25-m m diame ter prob e quenched in wat er a t two tempe r-

atures , a 10% aqueo us pol ymer solut ion, an d a fast quench ing oil. All que nchan ts were

evaluat ed at 0.6 m/s. Usi ng the same pro be size (cros s-se ction) and flow veloci ty, different

cooling curves wer e obtaine d for each que nchant.

The effect of the quenchan t and flow velocity becomes even more apparent when the

time tA/5 from austeniti zing tempe ratur e (for this exampl e 850 8 C [1562 8 F]) to 500 8 C [932 8 F] is

consider ed as shown in Figure 9.30b [12, 13]). While the values of tA/5 strong ly differ for the

quen chants shown, only a smal l influenc e of the flow veloci ty can be observed in water at

30 8 C (86 8 F) and oil at 60 8C (1408 F) for the cross-sect ion size used (25- mm diame ter). The tA/5

time can be drastical ly redu ced with increa sing slow velocity in water at 60 8C (140 8 F) and the

10% aqu eous polyme r solution at 30 8 C (868 F). As exp ected, the effect of the flow veloci ty

becomes clear er when smaller cross-sect ions are used.

9.7.1 .4 Su rface Oxi dation and Roug hness Effects

The surfa ce roughness of the body and surfa ce layers, su ch as oxides or org anic substa nces,

also strongly influences the cooling process. Chromium-alloy steels are oxidation-resistant

due to concentration of chromium oxide at the surface. Oxide layers have greater surface

roughness and a lower thermal conductivity.
� 2006 by Taylor & Francis Group, LLC.
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polymer solution at 308C.

570 Steel Heat Treatment: Metallurgy and Technologies
In Figure 9.31, the time interval of wetti ng ( tf � ts ) of austeni tic stain less steel cy linders

heated to 850 8 C (1562 8 F) in an oxidiz ing atmosp here after annea ling at 820 8 C (1508 8 F) for

20 h in air is c ompared to that of sim ilar cyli nders heated to the same temperatur e in a

protect ive, reducing atmos phere [20]. Water at 20 and 50 8 C (68 and 122 8 F) flowing at various

flow veloci ties was used as the quen chant. The wet ting time is shorte r for the oxidized surfa ce

and is furth er reduced with increasing liquid flow veloci ty susta ined by a de creasing bath

tempe ratur e as shown in Figure 9.31. When the oxidiz ed specim en was que nched in an

aqu eous polyme r solution, the rough oxide layer faci litated imm ediate contact between the

specim en su rface and the liquid. A identical specim en that had be en hea ted in a protective

atmos phere was surround ed by a vap or en velope for a much longer tim e.

A more distinct effect of su rface oxidat ion on wetti ng behavior is given in Fig ure 9.32 [13].

In addition to the oxidiz ed an d bright surfa ces, the a usteniti c stain less steel specim en was

passi vated by etchi ng wi th 1.5 an d 3% nitr ic acid ov er 10 min in all. Ther e is no observabl e

influ ence on ts , the time when wetti ng starts, but tf, the time when wet ting is finished,

decreas es and the tim e inter val of wetting tf – ts becomes shorter with increasing surface

oxidation. In addition, the variance of the tf values increases significantly.
� 2006 by Taylor & Francis Group, LLC.
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9.7.1 .5 Effe ct of Cross- Section Size on Cooling

With large cross- section s, the cooling rate in the specim en center is limited by the rate of heat

cond uction from the inter ior to the surface. The effect of c ross-sect ion size on the cen ter-

cooling curves produ ced when 15-, 25-, and 40-m m diameter probes wer e quench ed in water

at 30 8 C (86 8 F) flowing at a veloci ty of 0.3 m/s is illustrated in Figu re 9.33a. Cool ing is

propo rtionatel y slower with increa sing test probe diame ter. Rapi d cooling at the center of

test probes with large cross-sect ions is theref ore impossibl e wi th any quen ching method . Full
� 2006 by Taylor & Francis Group, LLC.
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through -hardenin g of large secti ons requires a high-ha rdenabil ity steel because cooling rates

are limited by the therm al diffu sion of the steel .

Sectio n size also exhibi ts a dramat ic influ ence on the wettin g kine matics as sho wn in

Figure 9 .33b. In wat er at 30 8 C (86 8 F), wettin g starts immed iately upon immersi on at the

low er cylind er edge an d the time ts remai ns una ffected wi th varyin g size. The veloci ty of the

spreadi ng wetting front is reduced an d the tim e interval of wetting increa ses with increa sed

sectio n size [12].

The wetti ng kinema tics vary with water temperatur e. As the water temperatur e increa ses,

the vapor blanket surrounds the surface for a lon ger time an d the time ( ts) of first con tact

betw een the specim en surfa ce and the wat er increa ses substa ntially with increa sing diame ter.
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into water at 308C without forced convection.
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Practi cally, this means that water tempe rature must be carefu lly control led to get reprodu-

cible hardness resul ts, as increa sing wetting times results in decreas ed co oling rates and

soft spots on pa rts. For exampl e, hardness values of the 1045 steel bars que nched in water

at 60 8 C (140 8 F) (Figure 9.33b) are less than Rc ¼ 30 (HRC 30) and are indepe ndent of the

section size.

9.7.1 .6 Effe cts of Cooling Edge Geometr y

As the initial rup ture of the vapor blanket is always related to the decreas e of surface

tempe ratures below the wet ting tempe ratur e (L eidenfrost tempe rature), wetting beh avior is

strong ly influenced by the radius of the lower edg e of a cylind rical steel sampl e. Figure 9.34

shows the influence of diff erent types of lower-e dge geomet ries on the starting temperatur e Ts

during wet ting of au stenitic stainles s steel test pro bes in water at different bath tempe ratur es

[14,20].

A sharp edge will cause high heat remova l rates across the surface and a premat ure

breakdo wn of the vapo r blanket . In creasingly, the lower surface radius from a rounded

edge to a radius of 2.5 mm redu ces the initial wetti ng tempe ratur e an d the influen ce of bath

tempe rature is dimi nished due to the great er thickne ss of the vapo r blank et.
� 2006 by Taylor & Francis Group, LLC.
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9.7. 1.7 Effects of Steel Comp osition

The chemi cal compo sition of steel de termines the thermo dynami c parame ters of the material,

the transform ation be havior of austeni te, and oxidation of the surfa ce and therefore influ-

ences the wetti ng a nd co oling behavior during que nching. The effe ct of chemi cal comp osition

on cooling curves a nd coo ling rate cu rves produce d in the cen ter of steel cyli nders with 25-mm

diame ter quench ed in water at 60 8 C (140 8 F) and 0.3 m/s agitatio n is illu strated in Figure 9.35a

[12] . All sampl es wer e austeniti zed at 850 8 C (1562 8 F), except the 20MnC r5 steel, which was

austeni tized at 870 8 C (1600 8 F).

Cooling cu rves for different alloy s were obtaine d wi th the same diame ter and cooling

con ditions. High co oling rates for 1045 carbon steel are related directly to its high thermal

con ductivity .

The minima in the coo ling rate curves are cau sed by the late nt heat of trans formati on

of austeni te into ferrite –pearlite, ba inite, or mart ensite. The trans form ation tempe ratur e

and the amount of latent heat dep end on the ha rdenabil ity of the steel grade an d the

coo ling rate.

Thermod ynamic propert ies of the material also exh ibit a marked effect on the

wetti ng kinema tics as indica ted in Figure 9.35b, whi ch shows the time when wetti ng

star ts (ts ) and the time when wetti ng is fini shed (t f) as a functi on of the therm al co nductiv ity

l at 20 8C (68 8F). Sample s were quench ed into different fluids agitated at 0.3 m/s. In 30 8C
(86 8 F) water an d 60 8 C (140 8 F) oil, the start of wetti ng remai ns unaffe cted by effe cts from

the thermal conductiv ity. However, wat er at 60 8 C (140 8 F) and the 10% aqueou s polyme r

solut ion at 30 8 C (86 8 F) exhibi t de layed wettin g start time for l values great er than about

30 W /(m K). The time when wetti ng is finished increa ses with increa sing therm al co nductiv ity

for all fluids.

Surface effe cts wer e ne glected because the probes wer e heated and trans ferred into the

quenching bath in a protective, reducing atmosphere. For practical applications, unalloyed

steels must be quenched very fast because of their transformation sensitivity and their

unfavorable wetting process [12,28].
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9.7.2 S PRAY QUENCHING

For spray que nching, high-pre ssure stre ams of liqui d are directed through nozzles ont o

selec ted pa rts of the hot surfa ce, thus permi tting local ized cooling . In ad dition to local ized

cooling , the prim ary ad vantage of spray quench ing compared with imm ersion que nching is

that the degree of he at transfer across the surfa ce can be control led during the c ooling

operati on by varyi ng the quantity of the sprayed liqui d, thus allowi ng comp uter-control led

cooling . How ever, ca reful ada ptation of the quench ing nozzles to the geo metry of the

workpi ece is necessa ry becau se the coo ling ope ration is extremely sensi tive to any variations

of the sprayi ng action [38] .

As with immersio n quenching, a stabl e vapor film initial ly form s ov er the hot su rface,

reducing heat remova l across the surfa ce an d resul ting in slow co oling. Subs equen tly, nucle-

ate boi ling from the surfac e allows high heat flux densit ies.

The initial wetti ng process and the mecha nism of heat trans fer from steel to the liqui d in

the film boili ng stage are shown in Figu re 9.36. The sprayed liquid may flow upwar d or
� 2006 by Taylor & Francis Group, LLC.
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downward. Vapor flow is also affected by the liquid flow. As heat transfer is defined primarily

by the velocity distribution within the liquid, it depends on the amount of sprayed fluid and

thus on the impingement density, which is the amount of liquid at the metal surface per unit

time per unit area.

Figure 9.37 shows the dependence of the heat transfer coefficient during film boiling on

the impingement density for water spray cooling [39–41]. It is evident that the heat transfer
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coeff icient values of film bondin g ( aFB ) may be much higher than with imm ersio n que nching

(see Figu re 9.21) be cause of the higher de nsity of sprayed wat er on the coo ling surfa ce.

The add ition of air to the water spray, as sho wn in Figure 9.37, influences local distribut ion

of the impi ngement de nsity but does not increa se heat transfer. It sh ould be noted that heat

trans fer coeff icients may also be influ enced by the liqui d tempe ratur e. For water, this influ ence

increa ses with increasing impingement densities at tempe ratur es ab ove 20 8 C (68 8 F) [42] .

In Figu re 9.38a, the total heat transfer coefficie nt for water is given as a function of the

surfa ce tempe ratur e with va rious impi ngement de nsities [43] . Increas ing the impi ngement

densit ies increa ses heat transfer across the surface an d shifts the wetting tempe ratur e to higher

values . In the range of stabl e film boiling, the heat trans fer coefficie nt does not depen d on the

surfa ce tempe ratur e; howeve r, significa nt varia tion is observed at low er tempe ratur es.

Figure 9.38b indica tes that the heat transfer coeff icient dep ends not onl y on the impi nge-

ment density but also on heat flow within the specim en and thus on the type of metal. This

influen ce can be de scribed by the coefficie nt of heat penetra tion b:

b ¼ (lr Cp ) 
1= 2

The maximum heat trans fer coeff icient increa ses with increa sing values of b. The value of b in

Figure 9.38b varies from nickel [ b ¼ 14.3 kW � s 1/2 /(m K)], brass [ b ¼ 21.3 kW s 1/2 /(m K)], an d

aluminum [b¼ 23.6 kW s1/2/(m K)] to copper [b¼ 35.5 kW s1/2/(m K)].

When a mixture of water and air is sprayed, heat transfer varies with air and water

pressur e as illu strated in Figure 9.39 [44] wher e heat flux densit y is plotted ve rsus surfa ce

temperature for three sets of air and water supply conditions (air only, varying air pressure

with no water pressure, varying water pressure with maximum air pressure). A control system

for water and air pressure provides continual variation of the heat flux across the surface

following a predetermined cooling curve [45].
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In Figure 9.40a, an isothermal pe arlitic trans formati on of an AISI 1034 steel was obtaine d

by real-time controlled spray quen ching. The desired set-po int cu rve (curve 2) is nearly

complet ely reprodu ced by the regula ted spray- quench operatio n (curve 3). Bec ause the

isot hermally form ed pe arlite is very thin, the mechani cal prope rties are higher co mpared to

these in the continuou s trans formati on (curve 1).

A second exampl e, shown in Figure 9.40b, illustr ates the effect of surfa ce heat treatment

of carbon steel . Ind uction he ating of cylin drical parts was coup led wi th c omputer -controlle d

coo ling, prov iding a fully automa ted heat treatmen t process . Here too, the real-ti me cooling

con trol (irregul ar curve) allow s the ex traction of heat acco rding to the desir ed temperatur e–

time curve (straig ht-line segme nts).

9.7.3 GAS QUENCHING

In gas que nching, the hot workpiece is cooled by blowing gas over the surfa ce. Gas que nching

is general ly used when cooling rates obtaine d in still air are too slow to pro duce the requir ed

hardn ess a nd oil quenching is unde sirable becau se of resi dual stre sses, cracki ng disto rtion, or

han dling (ecol ogical, toxico logical, or safet y) problem s.

Figure 9.41 compares coo ling curves that wer e obtaine d during que nching of AISI 4130

steel tubing with an outer diame ter of 31.7 mm and a wall thickne ss of 1.6 mm in still air, gas

(the specific g as que nchant was not identifi ed), and oil [37]. It is evident that the cooling rate

achieve d in gas is low er than that obtaine d in oil. This exampl e illustr ates that the favora ble

use of gas que nching depend s on ha rdenabilit y of the steel and size of the workpiece.

An ad vantage of gas que nching compared to liqui d quench ants (oil, water, and aq ueous

polyme rs) is that que nching with gas proceed s more uniformly, mini mizing residu al stresses

and dist ortion . Vapor izable liquid s such as oils may exhibi t an extended film boiling phase,

and the be ginning of nucleate boili ng is variable (see Section 9.4). This nonuniform heat

remova l from the surfa ce may produce a nonuni form hardn ess (soft sp ots) an d an unfavor-

able stress distribut ion, leadi ng to c racking an d dist ortio n.

In add ition to pot entially impr oved que nch uni formity , gas quench ing is a clean pro cess,

eliminat ing the need for the vapo r degreas ing step often used for oil quen ching pro cesses.

Poten tial fir e ha zards an d disposa l problem s are also eliminat ed.
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Cooling operati on can be precis ely co ntrolled by varyi ng the type, pressur e, v elocity, an d

tempe rature of the gas, thus pro viding unifor m heat trans fer across the surface and a v ariety

of possible co oling rates . The use of inert gases avoids chemi cal react ions with the steel

surfa ce, elim inating the need for any surfa ce cleani ng or finishing treatment afte r que nching.

Gas que nching is usuall y used after austeniti zation in vacuu m furnace s. During que nch-

ing, gases are blow n through nozzles or vanes tow ard the workl oad. After ab sorbing heat

from the load, the gas is co oled by passage through water-co oled heat exch angers and then

recycl ed to the nozzles for subsequ ent reuse.

Cooling rates obtaina ble for gas que nching a re limited by the type, pressur e, veloci ty, an d

tempe rature of the co oling gas an d by the surfa ce conditio ns, geo metry, and therm al prop-

erties of the material [46]. The most common cooling gases used in vacuum furnace s are

argon, nitro gen, he lium, and, to some extent, hyd rogen. The phy sical propert ies of these gases

are summ arized in Table 9.4 [47] . Ther mal con ductivity , spe cific heat, den sity, an d dynami c

viscos ity influen ce the heat transfer coefficie nt. Figu re 9.42 sho ws that the large st heat

trans fer coefficie nt is achieve d wi th hyd rogen, foll owed by helium , nitro gen, and argon , in
� 2006 by Taylor & Francis Group, LLC.
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that order. Heat trans fer coefficie nts are direct ly proporti onal to the thermal cond uctivity and

specif ic heat of these gases.

Hydroge n is explosive an d exhibi ts decarbu rizing prop erties above 1000 8 C (18328 F).

Heliu m is relative ly expensi ve and is therefore used only wi th a recycl ing facility. Argon

exhibi ts relative ly low cooling rates. Nitrogen is the gas most co mmonly us ed in vacuum

furnace s today. Both nitr ogen and argon pressure are limited to approxim ately 10 6 Pa

becau se of the high flow-r esistance of these gases, whi ch is due to their high den sity and

dyn amic viscos ity.

Figure 9.42 shows that he at trans fer coefficie nts increa se wi th gas pressur e [48] . The heat

trans fer co efficie nt was calcul ated for a solid cyli nder that was radial ly quenche d with a

veloci ty of 20 m/s an d a tempe ratur e of 200 8 C (392 8 F). In practice, gas pressur es vary be tween

1 an d 10 bar for argo n and nitrogen and be tween 1 an d 20 ba r for helium an d hyd rogen. At

these gas pressur es, heat trans fer coefficie nts are con siderably less than those for oil que nch-

ants. How ever, oil quench ing produ ces less unifor m surfa ces during he at transfer be cause of

wid ely varying heat trans fer co efficients exh ibited by the three differen t co oling stages.

(Incr easing the flow veloci ty of the gas also increa ses the he at trans fer coeff icient.)

Figure 9.43 sho ws the e ffect of the ba r diame ter an d the type of gas on the center cooling

curves of a DIN 1.2080 steel cylin der with a lengt h of 20 0 mm, which was quenched , after

vacuu m heat treat ment, in nitr ogen and hy drogen at a pre ssure of 5 bar [49] . The cooling rate

decreases with increased section size and greater cooling rates will be achieved with hydrogen

than with nitrogen under the same quenching conditions. The center cooling curve of the
TABLE 9.4
Physical Properties of Hydrogen, Helium, Nitrogen, and Argon

Property Hydrogen Helium Nitrogen Argon

Density (kg/m3) 0.303 �0.601 4.207 6.008

Specific heat (J/(kg K)) 14,450 5,200 1,050 520

Heat conductivity (�104 W/(m K)) 2,256 1,901 326 222

Dynamic viscosity (�106 N s/m2) 10.8 24.4 21.6 28.2
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80-m m diame ter sampl e que nched in nitro gen is simila r to that obtaine d in the center of

the 120-m m diameter sampl e quenc hed in hydro gen. Correspon ding hardness values in the

core are almost iden tical: HRC ¼ 63 versus 62. For an 8 0-mm diame ter, the core hardness es

can be impr oved to HRC ¼ 66 by quenching with hydrogen .

Figure 9.44 co mpares the coo ling curves produ ced when steel cyli nders with a diame ter of

20 mm and a lengt h of 500 mm, arrange d in a 520-kg net mass workl oad, wer e que nched in

nitro gen at 6 ba r and in hydrogen at 6 and 20 bar [49] . It is eviden t that co oling times can be

decreas ed by 30% with the use of hydrog en instead of nitrogen at the same gas pressur e.

Increas ing the hyd rogen pressur e from 6 to 20 bar furth er increa ses the co oling rate by about

75% compared to the 6-bar nitrogen que nch.

Figure 9.45 comp ares the hardness values in the core and in the bounda ry region of a case-

hardene d DIN 1.7131 steel that was obtaine d when 20-, 40-, and 60-m m diameter prob es wer e

quen ched in helium at a pressur e of 17.5 bar and in oil [48]. Exa mination of the 60-m m diame ter

probe shows that the oil quench can be replac ed by the high-pr essure helium que nch (see Figure

9.45a) and that the surface and core hardnesses are slightly higher for the helium quench.
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Figure 9.45b illustrates that when the secti on size is reduced from 40- to 20-mm diame ter,

core hardness increa ses and the hardness increa se is higher for helium than oil. These resul ts

show that the more unifor m que nching obt ained by gas que nching is ad vantage ous for large

sectio ns. Conver sely, for smal ler diame ter section s, oil quench ing is prefer red because the film

boili ng stage decreas es with decreas ing section size an d nucleat e boili ng begins at a higher

tempe ratur e, resul ting in higher he at trans fer coeff icients at higher tempe ratures.

A compari son of nitrogen at 5 bar and molt en salt for high-s peed quenching of steel after

vacuu m heat treat ment has also be en repo rted [46,47]. Cool ing curve an d hard ness results

showe d that the two process es were nearly identic al. An example of an automa ted gas

que nching faci lity for parts is presen ted in Figure 9.46 [50–52 ]. The hot ball-beari ng races
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FIGURE 9.45 Hardness of case-hardened DIN 1.7131 steel bars of 20-, 40-, and 60-mm diameter during

quenching in oil and in helium at a pressure of 17.5� 105 Pa. (a) Hardness distribution in the boundary

region of the 60-mm steel bar and (b) hardness in the center of the 20-, 40-, and 60-mm bars.
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fall with the help of a cone in the quench ing device, wher e they are multidirecti onally sprayed

with stre ams of gas. The pieces a re turned during the quenc hing operatio n to minimiz e the

differences in he at trans fer in the region of a singl e gas stream. The prim ary advan tage of this

quen ching syst em is the uni formity of heat transfer across the surface , which can not be

achieve d with other quench ing method s. In an oil or water quen ch, he at trans fer increa ses

during the trans ition from film boilin g to nucleate boi ling. Becau se the br eakdown of the

vapor film doe s not occur simulta neously arou nd the circum ferenc e of the ball race, this

process results in dist ortion and high resi dual stresses .

9.7.4 I NTENSIVE QUENCHING

Duri ng quench ing from austeniti zing temperatur e, localized tempe ratur e diff erences occur

within the workpi ece, creat ing therm al stresses . These are due to the tempe rature depend ence

of the specific volume of the micr ostruc tures form ed in the steel dur ing que nching. The

trans formati on-induced volume chan ges combined with the trans form ation plastici ty cause

additio nal transform ation stresses that interact with the therm al stress state. Both therm al

and transform ationa l stresses c ause plast ic deform ations if they are in excess of the yiel d

stren gth of the material . This may result in quench cracks if the e quivalen t stresses exceed the

tensile streng th of the hot steel.

Traditiona lly, heat treaters hav e striven to ach ieve the critical cooling rate necessa ry to

form 100% marten site. (This critical co oling rate is the coo ling rate at the initial transitio n

from austeni te, pearlite, an d ba inite.) Howev er, maximizi ng co oling rates may increase the

risk of quench crack form ation. Numer ous experi menta l studi es have shown that as cooling

rates wi thin the martensit ic trans form ation ran ge increa se, the prob ability of quench crack

form ation first increa ses to a maxi mum, then redu ces to zero as shown in Figure 9 .47 [10].

This was confir med by c alculati on of the thermal and transform ationa l quen ching process es

using finite-elem ent method s and a mathemati cal model that included the equ ation of non-

stationar y heat condu ction and equ ations for thermoelas tic–p lastic flow with kinema tic

strengthening under the appropriate boundary conditions. It was found that the tensile

residual stresses first increase to a maximum value with increasing cooling rate, then decrease

and change to compressive stresses. The probability of quench cracking decreases with

increasing cooling rate due to the presence of high compressive stresses at the cooling metal
� 2006 by Taylor & Francis Group, LLC.
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surfa ce. Thes e resul ts were vali dated by measur ement of the surface residu al stress of

que nched parts .

The de velopm ent of stre sses dur ing rap id co oling of soli d steel cyli nders is schema tica lly

illustr ated in Figure 9.48. (Re fs. [4,4a] provide an excellent overvi ew on the formati on of

que nch stre sses.) The tempe ratur e at the surfa ce and c ore of the solid cylinder a nd the

corres pondi ng stress componen ts will be consider ed as function s of the cooling time. For

sim plification, ideal elast ic de formati on behavior and trans form ation-fr ee quench ing wi ll be

assum ed.

Initial ly, the surfa ce tempe rature de creases fast er than the core tempe rature, as shown in

Figure 9.48a. This cau ses the surfa ce of the cylin der to c ontract more rapidl y than the core,

resul ting in tensile residual stresses in the longitu dinal and tangent ial direct ions. Thes e

stre sses are ba lanced by co mpres sive stre sses in the core of the cylin der, as shown in Figure

9.48b. M aximu m therm al stresses develop when the maximum tempe rature differenc e be-

tween surfa ce and core ( Tmax) is atta ined at cooling time tmax . Maxim um surfa ce stresses

occu r at t < tmax , and maxi mum core stresses oc cur at a later time, t > tmax . At  t ¼ t max , the

tempe ratur e of the core decreas es faster than that of the surfa ce, leadi ng to a red uction of the

stre sses in bot h regions . If these stre sses a re elastic, the c ylinder is free of resid ual stresses after

it reaches therm al equ ilibrium.

In reality, metals always exh ibit elastic– plastic deform ation beha vior. The elastic

deform ation is limited by the yiel d stre ngth of the mate rial, whi ch increa ses with decreas ing

mate rial tempe ratur e. In Figure 9.48b, the yield stre ngth of surfa ce (S) and core (C) are plo tted

(in broken lines ) assum ing a transform ation-fr ee quenc hing pr ocess. As the longit udinal

stre sses approach the yield stre ngth, plast ic deform ation begins. The surfa ce is plastical ly

extended , and the co re is plastical ly co mpressed. Both effe cts redu ce the stre sses in the core

and surfa ce regions compared to the ideal elastic deform ation behavior shown in Figure 9.48c.

At t > tmax , the tempe ratur e differen ce between the core and surface de crease s and the

shrinkage stresses in both regions are reduced. As a result of the plastic compression in the

core and the plastic extension at the surface, the stresses of the core and surface become zero

before the temperature balance is reached. At the end of the cooling process, the plastic

deformations of core and surface produce tensile residual stresses at the core and compressive

stresses at the surface.
� 2006 by Taylor & Francis Group, LLC.
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If pha se transform ations occur during que nching, they will resul t in therm al trans form-

ation stre sses. For simp licity, it will be a ssumed that austeni te is co mpletely trans form ed into

marten site and that the co efficient of therm al expansi on is zero. This con dition wi ll prod uce

no therm al stresses . Temp erature–ti me cu rves for the surface and core of such a material are

illustr ated in Figu re 9.49a. The surfa ce of the cyli nder begins trans formati on at t1, at or below

the mart ensite start tempe ratur e Ms . Vol ume exp ansions due to the formati on of marten site

produ ce compres sive stre sses at the surfa ce, whic h are compensat ed for by tensi le stresses

within the core as shown in Figure 9.49b. Both stre ss compo nents increa se until the tempe ra-

ture of the core reach es the martensit e star t tempe ratur e, at time t ¼ t2. The volume increase of

the core transform ation imm ediately red uces the tensi le stresses at the core an d compres sive

stresses at the surface. Below the mart ensite fini sh tempe ratur e ( Mf) in the core, the same

amounts of mart ensite are form ed within the c ylinder a nd no residu al stresses will occur if

ideal elast ic trans formati on behavior is assum ed.

In elastic– plastic de formati on, the tempe ratur e-dependen t yield strength mu st be consid-

ered. Figu re 9.49b sho ws yield strength variation at the surfa ce and co re with respect to

cooling time. Marte nsitic formati on strong ly increa ses the yield stre ngth at T < Ms . As the

stresses approach the yiel d strength, the surface and co re are plast ically de formed as shown in

Figure 9.49c. Upon furt her cooling , the stress values increa se until the core tempe ratur e

reaches Ms. The corresponding volume increase in the core reduces the stress values of both

areas, and at temperature equilibrium, compressive stresses remain in the core and tensile

stresses at the surface.
� 2006 by Taylor & Francis Group, LLC.
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Durin g quench ing of ha rdenable steels, thermal and transform ationa l stresses occur

sim ultaneo usly. Residu al stress after cooling is prim arily determined by the time when

trans formati on be gins at the surface and in the core as express ed by the times t1 and t2,

respect ively, in relation to the tim e t0 when the therm al stresses of surfac e and core change

sign as shown in Figure 9.50a. Genera lly, trans formati ons occu rring in comp ressively stressed

mate rial increa se the stresses , whereas trans formati ons occurri ng in tensi le-stressed areas

reduce stresses . Figure 9.50b and Figu re 9.50c illustr ate the simu ltaneou s formati on of both

therm al and trans formati onal stresses . Figure 9.50b illustr ates that both surface an d core

trans formati on start afte r time t0. In this pa rticular case, surfa ce compres sive stre sses and

tensi le stresses occur in the core after quench ing. Figure 9.50c sho ws the dev elopment of

stre sses when surfa ce an d core begin to transform before t0. The increa se of the specific

volume at the surface after trans formati on init ially reduces tensi le stresses and causes

surfa ce compres sive stre sses upon furt her cooling . Tens ile stre sses occu r when mart ensitic

trans formati on begins in the core. Thi s invert s the stre ss state in both areas, leadi ng to

compres sive resi dual stresses in the core and tensile residua l stresses at the surfa ce a fter

thermal equilibrium.

Figure 9.50 shows that the final stress state after quenching depends on the temperature

gradient within the sample and on the transformation behavior of the material. However,
� 2006 by Taylor & Francis Group, LLC.
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measur ement s of resi dual stresses at the surface of que nched cylin ders have shown that the Ms

tempe rature strong ly influen ces the sign of the stress values . Increas ing Ms tempe rature

decreas es yiel d strength, a nd the tensile residu al stresses change to trans formati on stresses

as shown in Figure 9.51 [9]. Therefor e, the effects of trans form ation plasticity must also be

consider ed. (See Se ction 9.2. 4.)

The developm en t of resi dual stresses during intensive que nching is cau sed by transform -

ation plasticity and chan ges in the specific volume due to the trans form ation of austeni te into

marten site. With rapid cooling rates, the surface tempe rature is cooled imm ediate ly to the

bath tempe rature , whi le the core tempe ratur e is nearly unaffe cted. Rapi d cooling causes

surfa ce layer contrac tion and high tensi le stresses , which are balanced by stre sses in the

core. Inc reasing tempe rature gradie nts pro duce increa sing tensile stresses at the beginni ng

of marten site trans formati on, and increasing Ms temperatur es prod uce surfa ce layer expan-

sions due to trans form ation plastici ty as shown in Figure 9.7. If high Ms tempe ratur es

accompan y high volume expansi on during mart ensite trans form ation, surfa ce tensile stresses

are signi fican tly reduced, ch anging to compres sive stre sses. The amount of surfac e compres -

sion is proporti onal to the amou nt of surface marten site formed. These surfac e compres sive

stresses dicta te whet her the mart ensitic transform ation at the core occurs unde r compres sion

or forces a tensi le stress invers ion at the surfa ce during furt her coo ling. If the volume increa se

of the core upon martensit e transform ation is suffici ently large and if the surfa ce marten site

layer is very hard and brittle, destruction of the surface layer may occur due to stress inversion.
� 2006 by Taylor & Francis Group, LLC.
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Therefore, to ensure surface compressive stresses, martensite formation in the core must be

retarded [10].

These results indicate that the intensive quenching process is stopped when surface

maximum compressive stresses are formed. The isothermal cooling process is then held at

approximately the Ms temperature. This will delay cooling at the core, thus retarding

martensite formation, which will produce high surface compressive stresses. The intensive

quenching process is completed when an optimal depth of the surface layer is achieved

corresponding to maximum compressive stresses.

A second method for minimizing quench crack formation is to ensure material plasticity,

which will occur if there is less than about 30% newly formed martensite in the supercooled

austenite [10,53]. Initially, intensive quenching occurs until the surface temperature of the

part is maintained at such a level that not more than 30% martensite can be formed in the

subcooled austenite. Then the intensive quenching process is interrupted and the part is

cooled in air until temperature equilibrium is achieved over the cross-section. The newly

formed martensite in the surface zone is self-tempered and quench crack formation is

hindered because stresses are decreased. Subsequently, intensive cooling to room temperature

is applied to transform the rest of the austenite into martensite. The intensification of cooling

within the martensite range improves the plastic characteristics of the material and increases

its strength properties.

The advantage of intensive quenching methods is that high residual surface compressive

stresses are created, reducing the probability of quench crack formation, with a correspond-

ing improvement in hardness and strength values. Microstructures consisting of 100% mar-

tensite can be achieved at the surface, and a maximum hardening depth can be obtained for

a given steel grade. In this way, an unalloyed carbon steel may be used instead of a more

expensive alloy steel. Intensive quenching also produces more uniform mechanical properties
� 2006 by Taylor & Francis Group, LLC.
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and minimal distortion. Furthermore, it has been demonstrated that the service life under

cyclic loads may be increased by approximately one order of magnitude [54].

Intensive quenching requires appropriate quenching facilities and quenching media.

Quenching media include pressurized water streams, water containing various additives,

and liquid nitrogen. Figure 9.52 shows a quenching chamber for the intensive cooling of an

automobile semiaxis using pressurized water flow.

The water supply to the chamber and the charging and discharging of the axles are

controlled by two sensors. The first sensor (5 in Figure 9.52) analyzes the process of film

boiling and nucleate boiling, and the second, 6, describes the transformation of austenite into

martensite by the change of the ferromagnetic state of the material. One method of intensive

quenching has been used that achieves maximum compressive stresses at the surface when

sensor 6 indicates a specific magnetic phase transformation. In this case, sensor 5 is used to

minimize the duration of film boiling by regulating the water flow velocity. A second method

has also been used, with sensor 5 indicating the beginning and completion of nucleate boiling,

while sensor 6 controls the water pressure and determines the end of intensive quenching, so

that no more than 30% martensite is formed.

Intensive quenching methods offer many possibilities for the successful cooling of parts

with optimized strength properties and improved service life. However, a precondition for the

use of this technology is the development of appropriate quenching equipment that enables

precise control of the quenching performance. Ref. [4c] provides an overview of intensive

quenching probes design.
9.8 PROPERTY PREDICTION METHODS

There are increasing demands on the heat treater to achieve as-quenched properties while

simultaneously reducing heat treatment costs. To achieve these goals it is becoming increas-

ingly important that experimentally or mathematically based methods to predetermine the as-

quenched strength and hardness properties be applied with sufficient accuracy. Currently, a

computer-based selection of steels and optimization of quenching conditions according to the

desired service properties are generally possible. Hardenability is one of the most important

properties to be predicted because it determines as-quenched microstructure formation. The

ability to predict hardenability curves from chemical composition has already been described

in Chapt er 5, Secti on 5.4. How ever, these harden ability curves pro vide only lim ited informa-

tion about the distribution of mechanical properties in the quenched part. It is necessary to

correlate steel chemical composition, cooling rates during quenching, metallurgical trans-

formation behavior, and the final physical properties. These correlations are often complex.
� 2006 by Taylor & Francis Group, LLC.
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This sectio n discus ses various methods , ranging from relative ly simple to more compli-

cated methods , for determ ining the as-quen ched hardness distribut ion. Tradit ionally only

hardn ess v alues ha ve been effe ctively predict ed. However, with the app lication of computer

techno logy, add itional calculati ons of residu al stre sses and dist ortio n are be coming increa s-

ingly possible , at least for simp le shap es. A detailed ov erview of publish ed methods for

predict ion of hardness is given in Ref . [55] . Ref . [46] provides an overvi ew of the current

statu s of predict ing mechan ical propert ies such as fatigue.

9.8.1 POTENTIAL LIMITATIONS TO HARDNESS P REDICTION

The final hardn ess of a steel is determ ined by the amount of different micr ostructural constitu-

ents formed dur ing coo ling and by their indivi dual hardness es. The micr ostruc tures that

develop with increa sing co oling rate from the austeniti zing tempe rature are ferr ite–pearli te,

bainit e, an d marten site, pr obably contai ning retained austenite. The indivi dual hardn esses of

these micro structures depend pr imarily on the ch emical composi tion of the steel, especi ally the

carbon con tent, an d the cooling rate an d form ation tempe ratur e. For exampl e, in a 1040 plain

Car bon steel, austeni te fully transform s into martensit e with a HV of approxim ately 850 (HR C

66) at high co oling rates . At low cooling rates, ferrite and pearli te are form ed with HV of about

200 (HRA 57). At medium co oling rates, micro structures co nsisting of ferr ite, pe arlite, bainite,

and marte nsite are produced . To make ha rdness predict ion more difficult, differen t micro-

struc tural combinat ions can have the same ha rdness, so that there is a one -way relationshi p

betw een micr ostructural combinat ions and final hard ness [56,57]:

Microstruct ure and microstr uctural combinat ions½ � ! Final ha rdness½ � (9 :7)

A tw o-way relationshi p exists only betwe en the course of cooling and microstr ucture

form ation:

T ( t) curve dur ing coo ling½ � $ M icrostruct ure an d micr ostruc tural combinat ions½ � (9 :8)

Ther efore, accurat e prediction of the final hardness from the course of cooling alw ays

requir es a qua ntificat ion of the transform ation struc ture:

T ( t) curve dur ing coo ling½ � ! M icrostruct ure an d micr ostruc tural combinat ions½ �
! Fin al hardness½ �  (9 :9)

Eve n wi th these restrictions, several methods of hardness prediction have been deve loped that

use the simplified, but phy sically incorrec t, assignment of ha rdness from cooling curves:

T ( t ) curve during cooling½ � ! Final hardn ess½ �  (9 :10)

Cool ing curves obtaine d at diff erent poi nts ov er the cross-sect ion of real parts are compared

to temperature–time relationships obtained from Jominy end-quench tests or CCT diagrams.

However, these data describe only those transformations of austenite that occur along the

cooling curves of the specimens used for their construction. Therefore, the accuracy of

predicted hardness values depend on how well cooling curves in real parts correlate to the

cooling of the steel that was used for the construction of the CCT diagrams or Jominy end-

quench hardness curves.

An exampl e of insuf ficient conform ity between these data is pr ovided in Figure 9.53,

which compares cooling curves that were obtained at different points in solid austenitic
� 2006 by Taylor & Francis Group, LLC.
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stainles s steel cylinder that was immersi on-quen ched in 60 8 C (140 8 F) water flow ing at 0.3 m/s

(solid lines) and spray que nched with 12 8 C (54 8 F) wat er at the low er end-fa ce of a test bar

from a Jominy end-quench test (dashed lines ) [12]. Cooling curves obtaine d in the end-quen ch

test have progres sively low er coo ling rates with increa sing dist ance from the water- quench ed

end and diff er completely from those pro duced with the imm ersion-quen ched cyli nder,

which have low c ooling rates in the vap or blanket stage an d highest co oling rates in the

nucleat e boili ng stage . Therefor e, for the same cooling time tg/5 , from 800 to 500 8 C (1472 to

932 8 F), the microstr ucture form ed may be quite different if differen t tempe rature–ti me cycles

are applied .

In add ition to prop er modeli ng of the co oling process , exact prediction of the mate rial

propert ies also requir es that all the meta llur gical and therm al bounda ry conditio n refer ence

curves and the prod uction que nching process be simila r. These are mate rial compo sition an d

initial micr ostruc ture be fore austeni tizing, the au stenitiz ing con ditions (temp erature and

time), and the chemical pro perties of the que nchant an d its phy sical stat e (viscosi ty, tempe ra-

ture an d flow co ndition s).

9.8.2 GROSSMANN H-VALUES

A practical method to predict the hardne ss dist ribut ion in a steel cylind er after que nching is

based on the Gross mann H -value [35] . The H -val ue reflects the ability of a que nchant to

remove heat from the surface of a hot workpiece during quench ing and is define d by the heat

trans fer coeff icient divide d by twice the therma l con ductivity (see Equat ion 9.5). The H -val ue

of still water at 18 8 C (64 8 F) is usu ally taken as 1.0. H -values of oil, wat er, and brine with

different bath temperatur es and flow velocitie s a re provided in Table 9.3 (see Secti on 9.6.2)

[58]. They are commonly determined by recording a cooling curve in the center of a test probe,

determining the average cooling rate within a temperature region (e.g., from 7008C to 6008C
[1292 to 11128F]) and comparing it with the cooling rate at standard conditions, i.e., for still
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water at 18 8 C (64 8 F). A poly nomial express ion has been publish ed that allow s a direct

estimat ion of the H -valu e from the cen ter cooling rate at 7 00 8C (1292 8F) [59, 60].

When using H -values, it is impor tant one has to be awar e that H is a constant and does

not de scribe the heat trans fer co nditions at the surfa ce of a workpie ce quenched in a

vapo rizable fluid . It is wel l know n that the he at trans fer c oefficient a varies substa ntially

with the three different stage s of cooling —film boili ng, nucleat e boilin g, and con vection —and

also varie s with the wet ting seq uence, i.e., with the actual pos ition of the wet ting front (see

Secti on 9.6) . The therm al con ductivity ( l) of steel dep ends on tempe rature a nd possibl e

micr ostructural changes.

Figure 9.54 compa res the temperatur e–ti me curve and the tempe rature–h eat flux de nsity

curve of a n actual cooling process with values calcul ated using a co nstant H -val ue [61] . The

soli d line was obt ained at the center of an 8-mm diame ter silver cyli nder que nched in oil; the

dashed line was calcul ated accordi ng to Newton’s law of coo ling wi th a constant H-val ue of

0.42 in.� 1. As Figu re 9.54a illustrates , the calculated cooling curve doe s not show the rapid

decreas e in tempe ratur e that occurs in the nuc leate boiling stage an d inter sects the actual

coo ling curve at tempe rature TH (temperat ure halfway be tween austeni tizing tempe ratur e and

bath tempe ratur e).

Anothe r limitation of H -val ues is that sampl e size is not accounted for when the H-val ue

is determ ined from core coo ling curves. Cool ing curves measu red in the core of steel

cylinders do not reflect the heat flux at the surface due to the damping effect of thermal

conductivity (l).

Figure 9.55 illustrates that the tempe rature difference between surfa ce and core increases

with increasing bar diameter [9]. For example, after 40 s, when the temperature within the

cylinder of smallest cross-section has decreased below 1808C (3568F) and the convection stage

begins, the surface temperature of the 100-mm diameter cylinder has only cooled to approxi-

mately 3808C (7168F), and the temperature at the core is 7008C (12928F). This shows that the
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heat transfer conditio ns at the surfa ce diff er su bstantial ly from those at the core. Dep ending

on sampl e dimension s and the cooling conditio ns, heat extrac tion from the surfa ce can occur

during the film boili ng, nucleat e boiling, or con vection stage. Ther efore, app lication of

H -value s determ ined from a relative ly smal l cross- section (a diame ter of 12.7 mm is often

used) to large r c ross-sect ions is fundame ntally erroneous.

For hardness pr edictions, refer ence H -values are typic ally taken from a referenc e table

(see Table 9.3) , accounti ng for the pa rticular quen chant bath tempe ratur e and agitati on.

(Anoth er fundame ntal limitation of this approach is that the refer ence data do not adequatel y

quan tify either flow rates or turbul ence.) Temperat ure–time cycles at different locat ions over

the cross-sect ion are calculated from the solution of the heat trans fer equati on (Equ ation 9.2)

using the determined H -valu e. The calculati on of hardn ess is based on the supposit ion that

specim ens that were made of the same steel grade have follo wed the same law of coo ling if

they have the same hardn ess. That mean s that if a point of the cro ss-section of a quench ed

part has the same hardn ess as the point shown, e.g. , at a given distance from the que nched en d

of a Jominy specim en made from the steel that is que nched , both points have unde rgone

identica l co oling process es. Therefor e, a calcul ated coo ling cu rve at a point on the cross-

section of the que nched part is relat ed to an equival ent Jo miny dist ance whose cooling curve

shows the identi cal half-temp erature time tH (time until TH is reached, as shown in Figure

9.54a). The corresp onding hardn ess of the Jominy harden ability curve yields the hardne ss at

the cross-sect ional location in questi on. Of course, this supposit ion is not necessa rily correct

and ca n be taken only as a n approxim ation, be cause the shape of the co oling cu rve obtaine d

in the actual que nching process and that ach ieved in the end -quench test may diffe r consid-

erably (see Figure 9.53).
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Grossman n et al. [62] or Lam ont [63] diagrams inter relate the H-val ue, bar diame ter, and

harden ability of the steel an d have been used to calcul ate hardness . The Lamon t diagra m

shown in Figure 9.56 is applic able for the center of round bars. Lamont de veloped these

diagra ms for diff erent radius rati os in the rang e 0 � r/R � 1, in steps of 0.1. In this diagra m,

H -valu es are plo tted as follows . If a 25-m m bar is que nched in a strong ly agitated oil quench,

whi ch is assi gned an H-val ue of � 0.7 in. �1, the value of 6.35 mm of the Jominy hardenabil ity

specim en is obtaine d by read ing the diagram acro ss the 25-m m horizont al line to the line of

H ¼ 0.7 in. � 1 and then down a s shown. This means that the co re of the bar will ha ve the

indica ted hardness at 6.35 mm from the quen ched end of the Jominy hardenab ility specim en

made of the steel that is quen ched.

9.8.3 THE QTA METHOD

As oppos ed to the Gross mann approach , the QTA method deve loped by Wü nning et al.

[61, 64,65] does account for the three stage s of coo ling—fi lm boilin g, nucleat e boiling, and

con vective heat transfer— which are descri bed by the three model parame ters Q, T, and A.

Q is the average heat flux de nsity on the surfa ce of the quench ed part until it co ols to the

surfa ce temperatur e at whi ch the vapor envelope collap ses, i.e., the wetti ng tempe rature TL .

Bec ause TL values are general ly unavail able (the wet ting tempe ratur e is influenced by many

fact ors, some of whi ch can not be exactly quantified) , Wü nning recomm end s the use of a

con stant TL v alue of 50 08C (932 8 F). To determ ine the value of Q for each particular

que nching process , a standar d steel probe with a known hardenabil ity is used.

T is the tempe rature at whi ch the e xtrapolate d line of the heat flux density in the nuc leate

boili ng stage inter sects the zero tempe rature axis as sho wn in Figu re 9.57. This tempe ratur e
� 2006 by Taylor & Francis Group, LLC.
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approximately corresponds to the boiling temperature of the quenchant and therefore does

not depend on the cooling conditions (T�Tb).

A is the average heat transfer coefficient of the convention phase and can be calculated

using known heat transfer relationships.

Surface heat transfer described by the QTA model is illustrated in Figure 9.57. During the

film boiling stage, the temperature variations are calculated using the heat flux density Q. The

parameter Q depends on the properties of the fluid (thermal conductivity, viscosity, etc.), the

subcooling and flow conditions, and the geometry of the part. The assumption of constant

average heat flux density is valid because the cooling course in the film boiling stage is usually

linear. At the wetting temperature TL (5008C [9328F]), transition from the film boiling to the

nucleate boiling occurs.

The heat transfer coefficient increases by up to two orders of magnitude so that the heat

extraction from the surface can be calculated using the first boundary condition assuming

that the surface temperature drops immediately to temperature T. To dampen this infinitely

high heat transfer rate, the temperature T is arbitrarily assigned the distance r’ on the sample

surface. According to Wünning, r’ is 1 mm for quenching in water and 2 mm for quenching

in oil.

The transition from nucleate boiling to convective cooling occurs when the heat flux

densities become equal. This temperature (T’) is approximately the boiling temperature of the

quenchant, Tb¼T.

The value A depends on the agitation rate and on the dimensions of the workpieces.

Although A-values can be calculated from the physical conditions of the quenchant and the

T-value can be determined from a laboratory test, the Q-value must be measured under

workshop conditions. Wünning claims that only one hardness measurement is necessary to

define the Q-value of a steel part quenched under known conditions, provided that a

calibration curve is available describing the relationship between different Q-values and

the resulting as-quenched hardness. The calibration curve is determined using a standard

Q-probe made of low-alloy steel (Wünning suggests DIN 46Cr2 steel) with 25–30-mm

diameter and a length of 100 mm. Using different quenching conditions, the temperature–

time cooling curve at radius ratio r/R¼ 0.7 and the corresponding hardness value are

measured. Calculations have shown that for most applications the average cooling curve

follows the cooling curve at r¼ 0.7R. The Q-value is then inversely proportional to the
� 2006 by Taylor & Francis Group, LLC.
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coo ling time down to 500 8 C (932 8 F) ( T ¼ 500 8 C) and de pends on the therm odynami c prop-

erties of the mate rial and the volume –surface relat ion:

Q ¼ r Cp

V

A
TA � T

50 0	 C

t500 	 C

 !
(9 :11)

The Q value for a batch of workpi eces under parti cular que nching conditio ns can be de termined

by measur ing the hardn ess at the point 0.7 R of the Q -probe quenc hed in exactly the same

manne r. Figu re 9.58 illustr ates the calibrati on curve for the Q -probe and interrela tes the

Q -valu es to the appropri ate Jominy hardenabil ity curve. If, after que nching, a hardness of 44

HRC is measur ed a t poin t 0.7R , Q yields a v alue of 1.05 MW/m 2 while the same hardn ess is

found at a distan ce of 6 mm from the water- cooled en d of the Jominy sampl e.

Figure 9.59 valid ates that the rapid de cline of tempe ratur e dur ing the nucleat e boili ng

stage can be modeled by calculati ons ba sed on the QTA model but that co oling to 5 00 8C
(932 8 F) is less accurat e relative to the actual co oling curve. A more precis e calculati on can be

obtaine d using the actual value of wettin g tempe ratur e. Accor ding to Lü bbe n et al. [66], the

QTA model is lim ited by the assum ption that Q-val ues and hard ness strong ly depen d on the

boili ng tempe ratur e of the fluid . The use of a singl e Q -probe made of a parti cular steel is not

suff icient for establ ishing the calibrati on cu rve because the hardness at point 0.7 R of the

standar d Q -probe (steel 46Cr 2) is oc casiona lly insens itive to varia tions of Q, especially for hot

oils . Ho wever, the QTA model can sti ll prod uce reasonab ly accu rate ca lculations of cooling

curves at diff erent points of a workpi ece taking into acco unt the boilin g effe cts. Thus the

resul ts can be used as input data in propert y prediction method s such as tho se de scribed ne xt.

9.8.4 CORRELATION BETWEEN HARDNESS AND WETTING K INEMATICS

One limitation of property prediction methods is that correlations between wetting kinemat-

ics and metallurgical properties for various still alloys have not been performed. Therefore,
� 2006 by Taylor & Francis Group, LLC.
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correlation diagrams between surface hardness and wetting time have recently been developed

for various steels. Figure 9.60 shows that a wetting time of more than 25 s was observed for a

1040 steel quenched in 308C (868F) water flowing at 0.3 m/s. The vapor envelope first

collapses at the bottom of the cylinder, and the wetting time increases toward the top for

solid cylindrical test piece. The hardness values measured along the cylinder length decrease

with the progression of the wetting front. From this plot, a correlation between surface

hardness and wetting time can be derived that may be used as a calibration curve for hardness

prediction. The prediction method itself is based on the fact that the heat extraction on the

surface of a quenched part varies with the position of the wetting front but varies only slightly
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with the quen ching conditio ns in iden tical quenching liqui ds. Ther efore, the same hardness

can be expecte d at points showi ng the same wettin g tim e [15, 22,57,67] .

The correlati on be tween surfa ce hardn ess and wet ting tim e shown in Figu re 9.61 was

develop ed from a series of calibrati on tests in wat er wi th five different soli d steel cylin drical

specim ens (100- mm long and 25 mm in diame ter) [12]. Hardnes s increa sed with carbo n

con centration and decreas ed with decreas ing co ncentra tion of other alloy ing elements. The

higher ha rdenabilit y of the 1045 steel compared to the 1040 steel (nominall y both steel s have

the same c oncentra tion of carbon an d alloying elem ents) depen ds on deviations in the

chemi cal composi tion and the higher austeniti zing tempe rature (880 8 C [1616 8 F] and 850 8C
[1562 8 F], respectivel y). Thi s resul t shows that the relat ionship between surface ha rdness and

wetti ng time is valid only for the initial stat e of the material , meta llurgically define d by a lloy

compo sition and the austeni tizing temperatur e. Simi lar calib ration curves mu st be de veloped

for other que nchants.

Calibra tion curves permi t reliable pred iction of surface hardness obtaine d with varyi ng

wetti ng conditio ns such as bath temperatur e and agitati on rate. Two pr ocedures have been

develop ed for obtainin g wetting times, one by recordi ng co oling cu rves at diff erent he ights of

a cylin der with mu ltiple therm ocou ples as descri bed previous ly in Secti on 9.5.2.2 and the

other by measur ing the change of con ductance be tween the quen ched workpiece and a

cou nter elect rode, de scribed previou sly in Section 9 .5.2.1. The hardness at a certa in poin t of

the workpiece surface is then derived from the calibration curve and wetting time. Interest-

ingly, no effect on section size was found for the calibration curves when 15-, 25-, and 40-min

diameter probes were quenched in water [12]. These calibration curves are used to correlate

the critical wetting time with hardness. A 100% martensitic microstructure can be achieved

only when the time tf at the conclusion of wetting is less than the cooling time where

martensite is formed.

For hardness determination across the cylinder cross-section, a method is suggested that is

based on the Grossmann H-value and the Jominy hardenability curve for the steel which is

quenched [15,57,67]. However, the H-values are not taken from a table but are determined

from the Lamont diagram of the surface r/R¼ 1. The equivalent distance from the quenched

end of the Jominy sample is determined from the surface hardness of the cylindrical section

desired, which is obtained from the calibration and wetting time. Then, from the Lamont
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diagra m for the surfa ce, the intersect ion of the hor izonta l line of the ba r diame ter an d the line

of the determined Jominy distance pr ovides the H -val ue. This H -value is then used to

calcul ate the Jominy distances co rrespondi ng to different radius ratio s r/R of the quench ed

sampl e. From the Jo miny hardenabil ity cu rve, e ach Jominy dist ance is assi gned to a specific

hardness value. If these hardness values are transferr ed to the imm ersion -coole d cylinde r, the

radial hardn ess profi le is de termined.

If the three de termined phases of cooling v apor blank et, nucleate boili ng, and convecti ve

heat trans fer are sim ultane ously present on the sampl e surfa ce, large varia tions in axial

cooling occ ur, whi ch wi ll pro duce axial hardne ss g radients as sh own in Figure 9.60. In this

case, diff erent ha rdnesse s along the cyli nder lengt h produc e diff erent H -val ues for each

distan ce z from the low er cyli nder end-fac e.

9.8.5 C OMPUTER -BASED C ALCULATION OF HARDNESS PROFILE

Finit e-element modeli ng has be en used to compute the trans ient temperatur e field s in a

quen ched pa rt an d to pre dict micr ostruc ture and propert ies such as ha rdness or resi dual

stresses . In this method , the tempe rature and corres pondin g pha se transform ation are pre-

dicte d, and in the seco nd step the corres pondi ng mechani cal propert ies are calcul ated. Thes e

micro structural calcul ations assum e that the trans form ation of austeni te during co ntinuous

cooling is predict ed by dividing a cooling curve into discrete tempe ratur e–time increm ents

and comparin g the amount of tim e at each horizont al step with the trans formati ons that

occur at that tempe ratur e in the isothermal tim e–temp erature–tr ansfor mation (TTT) diagra m

[68–71 ] (F igure 9.62) . The trans fer from isothermal to continuous coo ling con ditions at a

certa in tempe ratur e is determined using the Avrami equatio n

wf =p= b ¼ 1 � exp � b(t =t 0 ) 
n½ �  (9: 12)

wher e wf/p/b is the volume fraction of austeni te transform ed into ferrite –pearlite or bainite,

t is the transform ation tim e, t0 is the reference time, b is the coefficie nt of the

austeni te trans formati on kinetics, and n is the ex ponent of the austenite transform ation

kinetics. The values of b an d n dep end on the trans formati on tempe ratur e and are fitted for

each individu al steel grade from the trans formati on curves plott ed in the isot hermal TTT

diagra m.

The microstr uctural compu tation sequence is illustr ated in Figure 9.63. Austenit e trans -

form ation begins when the actual tim e step repres ents the line for 1% volume fraction

trans formed. If at tempe ratur e Ti the volume fract ion of trans formed austeni te is w i, then

accordi ng to Equat ion 9.11 the fictit ious time tiþ 1,fict. is calculated where the same volume

fraction woul d trans form at tempe ratur e Ti þ 1. Thi s tim e is add ed to the time inter val D ti þ 1

and then the total trans form ed volume fract ion of austeni te wi þ1 at tempe ratur e Ti þ 1 is

calcul ated. The ne w transform ed volume fraction is wiþ 1 � w i.

If in a known tempe rature ran ge the austenite trans form s into tw o micro structures , e.g.,

into micr ostructures a and b, then it is assum ed that microstr ucture a c eases to grow when

micro structure b has increa sed to 1%. If correct data are avail able, an ov erlappin g trans form-

ation can likewise be represented.

The athermic transformation of austenite into martensite below the martensite start

temperature Ms is described by the equations

wM ¼ 1� exp [c(Ms � T)m] (9:13)

or
� 2006 by Taylor & Francis Group, LLC.
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wM ¼ 1� T �Mf

Ms �Mf

� �m

(9:14)

where wM is the volume fraction of the austenite that transformed into a martensite, Ms is the

martensite start temperature, T is the transformation temperature, c is the coefficient of

austenite transformation, and m is the exponent of austenite transformation.

The final hardness after quenching can be determined by applying an additivity rule

provided that the hardness values of the different microstructures formed at the individual

temperatures are known [72]:

HV ¼ S{S[Dwk(Ti)HVk(Ti)]} (9:15)

where HV is the final hardness at a defined location, wk is the volume fraction of microstruc-

ture k formed at temperature Ti, and HVk is the microhardness of microstructure k formed at

temperature Ti.

This method can be used to predict the transformation behavior of austenite during

continuous cooling and then to calculate the mechanical properties of the final product
� 2006 by Taylor & Francis Group, LLC.
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based on the predict ed micro structure. The effect of latent heat evolution on the tempe ratur e–

time cycle and the transform ation kineti cs can be taken into accoun t. But this method is

limit ed by the isoth ermal TTT diagra m, which usually fails to give reliab le informat ion on the

trans formati on be havior of an actual quen ched pa rt because of deviations in the chemi cal

composi tion within the standar d range, segreg ations within the workpi ece, and va riations in

the init ial microstr uctures prior to austeni tizing. In additio n, the effects of transform ation

plastici ty are not quan tified. Anothe r limitation is that Equation 9.11 is based only on

empir ical data for the trans form ation be havior. Theor etical app roaches to nuc leation an d

nuclear growth are more suit able an d provide a great er range of applic ation. Finall y, it is

questi onable wheth er the app lication of isothermal transform ation kinetics of austenite to a

continuou s cooling curve that is divide d into a step function is even permissi ble.
LIST OF SYMBOLS

A surface, m 2

A elongation, %

A parame ter of the QTA mode l, average heat trans fer c oefficient of the convectio n

stage, W/(m 2K)

Ab temperatur e of be ginning ba inite formati on depen dent on cooling rate, 8C
Ar1 temperature of beginn ing pearli te formation depe ndent on c ooling rate, eutect oid

temperatur e, 8 C
Ar3 temperatur e of pro eutecto id ferr ite precipitat ion dependent on cooling rate, 8C
Ar’ temperature of beginning pearlite transformation and suppression of ferrite precipi-

tation dependent on cooling rate, 8C
Bi BiOT number, dimensionless

G electrical conductance, S

H heat transfer equivalent, m�1 or in.�1

HV Vickers hardness

Mf temperature for completing the martensite formation, 8C
Ms temperature at beginning of martensite formation, 8C
Q parameter of the QTA model, average heat flux density of the vapor blanket stage

from austenitizing temperature to 5008 (9328F), W/m2
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R probe radius, m

Rm tensile strength, Pa

Rp yield strength, Pa

T temperature, 8C
T parameter of the QTA model, temperature at which the extrapolated line of heat flux

density of the nucleate boiling stage intersects the zero temperature axis, 8C
TA starting temperature in sample (austenitizing temperature), 8C
TE temperature at the end of cooling, 8C
TH half-temperature [¼ (TA�TE)/2þTE], 8C
Tb boiling temperature of the quenchant, 8C
Ts core temperature at which wetting begins, 8C
Ts surface temperature of the probe, 8C
Ttrans transition temperature, core temperature at the point of transition from lower to

higher cooling rate, 8C
Ṫmax highest core cooling rate, K/s

Ṫ3008C cooling rate at 3008C (5728F), K/s

V probe volume, m3

a thermal conductivity (¼l/rCp), m2/s

b coefficient of heat penetration, W s1/2(m K)

Cp specific heat capacity, J/kg K

q̇ heat flux density, W/m2

q̇l heat transfer by conduction, W/m2

q̇e heat transfer by radiation, W/m2

q̇v heat transfer by vaporization of the fluid, W/m2

t time, s

tA/5 time from austenitizing temperature down to 5008C (9328F), s

tb wetting time, s

ts time at which wetting starts, s

tf time at which wetting is finished, s

w average velocity of the ascending wetting front, mm/s

wf/p/b volume fraction of austenite transformed into ferrite/pearlite or bainite, %

wM volume fraction of austenite transformed into martensite, %

a heat transfer coefficient, W/(m2 K)

aconv heat transfer coefficient of the convection stage, W/(m2 K)

aFB heat transfer coefficient of the film boiling stage, W/(m2 K)

aNB heat transfer coefficient of the nucleate boiling stage, W/(m2 K)

d thickness of film boiling phase, m

l heat conductivity, W/(m K)

r density, kg/m3

Dtw time interval of simultaneous presence of film boiling and nucleate boiling (¼tf� ts), s
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 U. Reiners, Wärmeübertragung durch Spritzwasserkühlung heisser Oberflächen im Bereich der

stabilen Filmverdampfung, Doctoral Thesis, Technical University of Clausthal, 1987.
43.
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chreckung, Z. Wirtschaftl. Fertigung 9: 1–4 (1982).
51.
 J.W. Bauwmann, Erfahrungen mit der Hochdruckgasabschreckung in Vakuumöfen und desses
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10.1 INTRODUCTION

In various manufacturing processes of steel components, heat treatment is the most sensitive

and least controllable operation because it involves unexpected and uncontrollable distortion.

To assure high quality and reliability of steel components, manufacturers perform heat

treatments. As long as parts have been heat-treated, distortion has been a concern. As greater

dimensional accuracy is required for components, distortion becomes even more of a prob-

lem. The main industrial concern is therefore to account for distortion during design and

manufacturing. Recent studies and contacts with industry have often highlighted the frustra-

tions experienced by manufacturers trying to control dimensions consistently.

It is known that almost every step in the manufacturing process can affect the final shape

of the part. If it could be accurately predicted what the new shape of a part would be after

heat treatment, then this could be included in the design during manufacturing. However,

there are so many variables interacting in so many ways that the problem is often beyond the

present capacity for analysis, and thus distortion cannot be accurately predicted. This leads to

a definition of heat treatment distortion: Distortion is an unexpected or an inconsistent

change in size or shape caused by variations in manufacturing process conditions.

Although distortion of parts may become noticeable after heat treatment, the root

cause may lie in another manufacturing process that is contributing to variability, such as

variable residual stress, due to differences in machining. However, heat treatment of steel

often requires that the steel be heated to high temperatures, held at that temperature for long

periods, and then rapidly cooled by quenching. These processes are necessary to generate
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high mechanical properties but they can also cause parts to change shape in unpredictable

ways unless conditions are closely controlled.

This chapter will provide an overview of the effects of various factors on distortion,

residual stress, and cracking of steel components. The subjects that will be discussed include:

. Basic distortion mechanisms

. Residual stresses

. Distortion during manufacturing

. Distortion during postquenching processing

. Measurement of residual stresses

. Tests for propensity for distortion and cracking

. Prediction of residual stress and distortion

10.2 BASIC DISTORTION MECHANISMS

The shape and size changes of a part during heat treating can be attributed to three

fundamental causes:

. Residual stresses that cause shape change when they exceed the material yield strength.

This will occur on heating when the strength properties decline.
. Stresses caused by differential expansion due to thermal gradients. These stresses will

increase with the thermal gradient and will cause plastic deformation as the yield

strength is exceeded.
. Volume changes due to transformational phase change. These volume changes will be

contained as residual stress systems until the yield strength is exceeded.

10.2.1 RELIEF OF RESIDUAL STRESSES

If a part has locked-in residual stresses, these stresses can be relieved by heating the part until

the locked-in stresses exceed the strength of the material. A typical stress–strain curve

obtained from a tension test is shown in Figure 10.1. Initial changes in shape are elastic but

under increased stress they occur in the plastic zone and are permanent. Upon heating, the

stresses are gradually relieved by changes in the shape of the part due to plastic flow. This is a

continuous process and as the temperature of the part is increased, the material yield stress
Stress, s =

Elastic Plastic

Uniform
elongation

Necking
Fracture

Offset Strain, e =

Ultimate
tensile

strength
yield

stress

P
A0

L − L0

L0

FIGURE 10.1 Various features of a typical stress–strain curve obtained from a tension test.
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Canonico, in ASM Handbook, Vol. 4, ASM International, Materials Park, OH, 1991, pp. 33–34.)
decreas es as shown in Figu re 10.2 [1]. It is a functi on not only of tempe ratur e but also of time,

becau se the mate rial will creep unde r lower applie d stresses . It is ap parent that stresses can

never be reduced to zero, becau se the material wi ll always pos sess some level of yield strength

below which the residual stresses cannot be reduced.

10.2.2 MATERIAL MOVEMENT DUE TO T EMPERATURE GRADIENTS DURING

HEATING AND COOLING

Wh en parts are heated during heat treatment , a thermal grad ient e xists across the cross-

sectio n of the compo nent. If a section is heated so that a portio n of the compo nent becomes

hotter than the surroundi ng material , the hotter material expand s and occu pies a greater

volume than the adjacent mate rial an d will thus be exposed to applied stresses that will cause

a shape chan ge when they exceed mate rial strength. Thes e movem ents can be relat ed to

heati ng rate and secti on thickne ss of the co mponent.

10.2.3 V OLUME C HANGES DURING P HASE TRANSFORMATIONS

Wh en a steel part is heated, it transform s to au stenite with an accompan ying reductio n in

volume as shown in Figu re 10.3 [2]. W hen steel is slowly coo led, it unde rgoes a crystal

struc ture (size) change as it trans form s from a less densely packed au stenite (face-cent ered

cub ic or fcc) to a more densely pack ed body -cent ered cub ic (bcc) structure of ferr ite. At faster

coo ling rates, the form ation of ferr ite is suppress ed, an d mart ensite, which is an even less

den sely pack ed body-cent ered tetrago nal (bct) structure than austeni te, is form ed. This resul ts

in a volume tric expan sion at the Ms tempe ratur e, as shown in Figure 10 .3. If these volume

changes cause stresses that are constrained within the strength of material, a residual stress

system is created. If the stresses cannot be contained, then material movement will occur,

which will cause cracking under extreme conditions.

The expansi on is relat ed to the composi tion of steel. Figure 10.4 shows that the crystal

lattice of austenite expands with increasing carbon content [3]. It has been reported that,

typically, when a carbide–ferrite mixture is converted to martensite, the resulting expansion

due to increasing carbon content is approximately 0.002 in./in. at 0.25% C and 0.007 in./in. at

1.2%C [3]. The fractional increase in size when austenite is converted to martensite is

approximately 0.014 in./in. for eutectoid compositions. This illustrates the effect of carbon

structure and steel transformation on residual stresses and distortion leading to dimensional

changes.
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While these physical changes are well known, the situation is more complex when all three

events occur simultaneously. In addition, other events such as heating rate, quenching, and

inconsistent material composition cause further complications that are discussed later in this

chapter.
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10.3 RESIDUAL STRESSES

10.3.1 RESIDUAL STRESS IN COMPONENTS

Residual stresses are present in parts after any process that strains the material. Heavy metal

working such as forging, rolling, and extrusion causes stresses that remain in the metal if the

process is performed below the hot-working temperature. If a material is hot-worked,

stresses are continually removed. Processes such as cutting, grinding, and shot peening also

cause residual stress formation but to much shallower depth. While compressive residual

stresses are desirable in a finished component to enable it to resist applied stress systems, the

stresses that exist during manufacture will be relieved during heating with consequent move-

ment in the material as the stress system readjusts.

Residual stresses result not only from heat treatment but also from cold-working through

metalworking, machining processes, and so forth. Within any steel parts there is a balanced

stress system consisting of tensile and compressive residual stresses. If the finished part has the

compressive stresses at the surface, these stresses increase the strength of the part under

normal tensile loading and are thus beneficial. Processes like shot peening are also used to

increase surface compressive stresses to improve performance and compensate for structural

defects. This type of residual stress is intentional and is part of the design. The problem arises

when a metal part has a residual stress system prior to heat treatment. Then an unpredictable

shape change will occur.

10.3.2 RESIDUAL STRESSES PRIOR TO HEAT TREATMENT

Parts for heat treatment should have not only correct dimensions but also a consistent

residual stress pattern. Ideally, the part should be absolutely stress-free so that movement

due to stress-relief can be disregarded, but in practice some final machining passes are

necessary before heat treatment. The best compromise is to completely stress-relieve the

part before the final machining. Several stress-relieving treatments may be necessary during

initial machining to prevent dimensions from going out of control. If a part with a preexisting

stress system is machined and has thus had some of the stresses removed, the system will

constantly rebalance itself by changing its stress pattern.

Any forming or machining processes leave stress systems that will be relieved by a dimen-

sional change during heat treatment. Thus, if the part is heavily stressed prior to heat treatment,

the shape will change due to this factor alone. Processing should be designed so that virtually

stress-free parts are heat-treated. Variations in heat treatment parameters such as case carbon

level and processing temperatures will also cause final shape and size differences.

10.3.3 HEAT TREATMENT AFTER WORK-HARDENING PROCESS

After metalworking, forgings or rolled products are often given an annealing or normalizing

heat treatment to reduce hardness so that the steel may be in the best condition for machining.

These processes also reduce residual stresses in the steel.

Annealing and normalizing are terms used interchangeably, but they do have specific

meaning. Both terms imply heating the steel above the transformation range. The difference

lies in the cooling method. Annealing requires a slow cooling rate, whereas normalized parts

are cooled faster in still, room-temperature air. Annealing can be a lengthy process but

produces relatively consistent results, whereas normalizing is much faster (and therefore

favored from a cost point of view) but can lead to variable results depending on the position

of the part in the batch and the variation of the section thickness in the part that is stress-

relieved.
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Normalizing always involves transforming the steel to the austenitic condition by heating

to about 508C (1008F) above the AC3 temperature as defined in the iron–carbon phase

diagram. Cooling then usually occurs in air, and the actual cooling rate depends on the

mass which is cooled.

This treatment (normalizing) have three main purposes:

. To control hardness for machinability purposes.

. To control structure. Heating to above the austenitizing temperature range will allow

the material to recrystallize on cooling and to form a fine-grain structure having

superior mechanical properties.
. To remove residual stresses on heating. However, if cooling is not controlled, a new

stress system may result after cooling.

Stress-relief heat treating involves controlled heating to a temperature below AC1, holding for

the required time, and then cooling at a rate to avoid the introduction of thermal stresses. The

stress relaxation involves microscopic creep and the results will be dependent on both time

and temperature as correlated by the Larson–Miller equation

Thermal effect ¼ T( log tþ 20)=1000

where T is temperature in Rankine degrees and t is time in hours [1].

Resistance of a steel to stress-relief is related to the yield strength at the treatment

temperature. The temperature should be selected at the point where the material yield

strength corresponds to an acceptable level of residual stress remaining in the part. After

treatment, uniform cooling is absolutely necessary. Otherwise the thermal stresses can cause a

new system of residual stresses.

10.4 DISTORTION DURING MANUFACTURING

The causes of distortion of steel parts will be considered during five separate stages of

manufacturing and processing:

. Prior to heat treatment

. During heat-up for heat treatment

. At treatment temperature, i.e., during carburizing, nitriding, etc.

. During quenching and cooling

. During postquenching processing
10.4.1 MANUFACTURING AND DESIGN FACTORS PRIOR TO HEAT TREATMENT

THAT AFFECT DISTORTION

Manufacturing and design factors that will affect distortion prior to heat treatment may be

summarized as:

. Material properties

. Homogeneity of properties across the cross section of the material

. Residual stress system magnitude and distribution

. Part geometry
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10.4.1.1 Material Properties

Material properties affect distortion response in several ways. As discussed above, the

strength properties have important effects on the response to stress-relieving treatments, on

the movement during differential thermal expansion, on the and on the residual stresses

caused during quenching. The composition also is related to hardenability, which determines

the phase changes during quenching. These properties can vary according to actual compos-

ition of the steel used. The composition specification allows a range for each element, which

means, in practice, that each batch of steel is unique and will respond slightly differently.
10.4.1.2 Homogeneity of Material

The first variable that must be considered is the material source, starting with the steel

supplier. Compositional variations across the section of the cast ingot can cause different

responses during heat treatment. Processing of the steel into the form required by the

manufacturing process can cause further variations and may leave high levels of residual

stress, which may be removed partially by normalizing or another stress-relieving process. As

these heat treatments are usually conducted on large batches, they produce variable results

from part to part, which causes different responses in subsequent processing. Steel supplied to

the manufacturers of precision parts is typically either forgings or rolled products, which are

made from ingots or continuously cast products. In rolling and forging, the steel is heated to

the 1050–12008C (1900–22008F) range and then worked by hammering, pressing, or rolling to

break down the cast structure and produce a homogeneous cross section in both composition

and structure. However, the effects of earlier processing are never totally eradicated, and they

cause variable responses in hardenability, microstructure after heat treatment, residual stress

levels, and consequently distortion.
10.4.1.3 Distribution of Residual Stress System

If the source of steel supply is consistent and the steel is processed under the same way every

time, these effects cause consistent, predictable residual stress behavior that is acceptable.

However, if the steel is coming from different melt shops, rolling mills, and forgers with

different processing schedules, heat treatment and residual stress responses can vary, often

without apparent explanation. Most steel is hot-rolled, and after rolling, it is allowed to cool

in air on a hot bed. This causes a difference in cooling due to conduction of heat from the

bottom of the bar and convection cooling from the top. If the bar is allowed to cool

completely in this position, the top of the bar will have residual tensile stresses that will

tend to bend the bar and make straightening necessary. Straightening can produce very high

levels of residual stresses, and further stress-relieving treatment must be performed.
10.4.1.4 Part Geometry

Nonuniform heating and quenching can be caused by changes in section thickness in the same

component. When a part is designed, most designers recognize the need to keep section sizes

as uniform as possible to minimize temperature gradients and the tendency to produce high

stresses due to differential expansion and contraction during heating and quenching. If a part

is made with features such as gear teeth, however, it is unavoidable that these areas will have

higher surface-to-volume ratios than the rest of the parts and that gear teeth will often tend to

heat and cool faster than the rest of the section. As a result, the base of the tooth will be
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restrained by the rim , an d this area will tend to go into compres sion during heati ng and into

tensio n during co oling. Simi lar e ffects will take place elsewhere in the pa rt wher ever there is a

change of section .

10.4.2 DISTORTION DURING COMPONENT HEATING

The major effects dur ing he at-up are initiat ed by three disto rtion-causi ng mechani sms acti ng

at the same time:
� 20
1. Shape chan ge due to relief of resi dual stress

2. Shape chan ge due to therm al stre sses causing plastic flow

3. Volume change due to phase chan ge on he ating
10.4. 2.1 Shape Chang e Due to Relief of Residua l Stress

As discus sed earli er, the presence of resi dual stre sses from prior ope rations will cause sh ape

changes if the stre sses are relieved by he ating the part to a point wher e the yiel d strength of the

mate rial decreas es below the resid ual stre ss level in the mate rial. The extent of the resulting

plastic de formati on wi ll theref ore de pend on the magnitud e and distribut ion of the stress

fields in the part.

10.4. 2.2 Shape Chang e Due to Therma l Stresses

If a pa rt co uld be heated at the same rate throughou t the sectio n, it would expand

unifor mly at a rate de termined by therm al expan sion coeff icient but maintain the same

shape. In actual practi ce, as the pa rt heats up, the surfa ce will heat first and expand or try

to occupy a great er volume than the c older inter nal material . Expa nsion of the outer layer s

is therefore con strained by the colder, strong er inner layer s of the mate rial. Compressi ve

stresses will be present in the outer layer s on heati ng, ba lanced by tensile stre sses in the

interior of the compon ent. Fur therm ore, shape chan ges will occur if these stre sses resul t in

the plastic deform ation when the yield stre ngth of the heated mate rial decreas es be low the

stress level in the mate rial. Ther efore, shape change depen ds on the geomet ry of the pa rt,

heati ng rate, the coefficie nt of therm al expansi on, mate rial pro perties, and fixturin g of

the part.

10.4.2.3 Volume Change Due to Phase Change on Heating

When a steel is heated from room temperature, thermal expansion occurs continuously up to

Ac1, and then steel contracts as pearlite (or pearlite–ferrite mixture) transforms to austenite

(i.e., the pea rlite-to-a ustenite pha se ch ange causes approxim ately 4% co ntraction; see Figure

10.3). The extent of decreas e in volume tric contrac tion is relat ed to the carbon content in the

steel composition. Further heating expands the newly formed austenite. The shape and

volume changes as transformation occurs depend on the heating rate, the part geometry,

and the phase volume change.

The major source of control of distortion during heat-up is the heating rate. Differences in

heat-up rate (due, for example, to position in load) will lead to inconsistent distortion. Rapid

heating or nonuniform heating causes severe shape changes. Slow heating and preheating

of parts prior to heating to the austenitizing temperature yield the most satisfactory result.

Unfortunately slow heating is in direct conflict with normal practice, since to increase produc-

tion rate, parts are usually heated as fast as possible to the treatment temperature.
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10.4.3 DISTORTION DURING HIGH-TEMPERATURE PROCESSING

Once the parts are at a constant temperature there are some minor factors that will cause

shape change, but the major changes will occur on further cooling. Carburized parts can be

directly quenched from carburizing temperature or just below the carburizing temperature,

or they can be slowly cooled, given an optional temper, reheated to austenitizing temperature,

and quenched. The latter treatment is used to give optimum case properties. The factors to be

considered during and after high-temperature processing are

. Volume expansion during diffusion treatments

. Distortion due to creep

10.4.3.1 Volume Expansion during Case Diffusion

The major heat treatment used for high-quality parts is a case hardening process designed to

form a hard surface layer on the gear surface. This layer not only gives the part a hard, wear-

resistant finish but also sets up a compressive stress system at the surface that helps to resist

fatigue failures. There is a measurable volume expansion during diffusion treatments depend-

ing on the diffused element (carbon, nitrogen, etc.), the depth of diffusion, the concentration

profile, the furnace temperature, and the atmosphere uniformity. The volume expansion in

the case causes a stretching of the core, which results in tensile stresses that are balanced by

compressive stresses in the case. Distortion due to the expansion will occur when these stresses

exceed the yield stress of the material.

Carburizing involves the diffusion of carbon from a gaseous atmosphere while the part is

heated in an atmosphere or vacuum furnace. Carbon is introduced to a level of 0.70–1.00% at

the surface. After carburizing, the part is quenched, usually in oil to produce a hard marten-

sitic layer on the surface. Diffusion times are usually in the range of 4–20 h depending on the

temperature of treatment and the case depth required. The case depth required by the

designer is related to the size of the part and is often greater for the larger part to produce

the correct residual stress pattern.

Nitriding involves the diffusion of nitrogen from a gaseous atmosphere in the temperature

range of 495–5658C (925–10508F). It may be performed in an atmosphere furnace or in

vacuum ion nitriding equipment. After nitriding, the parts are hard without quenching, and

the increase in volume in the case causes a stretching of the core, which results in tensile

stresses that are balanced by compressive stresses in the case. The magnitude of stresses in the

core and the case is affected by yield strength of the material, thickness of the case, and

amount and properties of nitrides formed.

Nitriding takes everywhere from one day to one week because of the slow diffusion rates.

As nitriding is performed at relatively low temperatures and quenching is unnecessary,

distortion is a minor problem. Another diffusion process sometimes used is carbonitriding,

the simultaneous diffusion of carbon and nitrogen, generally for lower cost parts. Carboni-

triding is a modified form of gas carburizing, rather than a form of nitriding.

10.4.3.2 Distortion Caused by Metal Creep

Distortion due to creep will depend on the geometry of the part, the support during process-

ing, the temperature and time of treatment, and the creep strength of the material. A part

subjected to elevated temperatures for extended times (as in carburizing) could creep under its

own weight unless it is properly fixtured and supported. Long slender parts are best sus-

pended vertically. If this is not practical, the support should have the same contour as the

component rests on it.
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10.4.4 DISTORTION DURING QUENCHING PROCESS

Among the various processes involved in heat treatment, quenching is one of the most

important processes related to distortion, cracking, and residual stress in quenched steel

parts. Although quench cracking can be eliminated, quench distortion cannot be. Instead,

the issue is distortion control, not elimination. Both quenching-related distortion control and

quench cracking will be discussed here.

One form of distortion that may occur upon quenching is defined as shape distortion such

as bending, warpage, and twisting. A second form of distortion is size distortion that includes

dimensional changes observable as elongation, shrinkage, thickening, and thinning. Size

distortion is due to volumetric variation that accompanies each of the transformational

phases formed upon quenching [4].

Distortion during quench hardening is related to following factors:

. Cooling characteristics in quenching—quenchant selection and agitation

. Quenching uniformity

. Parts shape and size—component design

. Surface condition of parts

. Steel grade selection

10.4.4.1 Effect of Cooling Characteristics on Residual Stress and Distortion from

Quenching

Steel quenching requires a wide variation in cooling rates to achieve the required hardness

and strength, which is dependent on the hardenability of the steel and section size of the

workpiece. At the same time, distortion and crack formation must be minimized. However,

these are often contradictory objectives. For example, although increasing cooling rates

increases hardness, they often increase the potential for distortion, stress, and cracking.

Similarly, distortion and stress during quenching are affected by many factors, such as

quenchant, bath temperature, and agitation. The dimensions, shape, and material of the

workpiece also influence the distortion, stress, and cracking.

10.4.4.1.1 Effect of Quenchant Selection
The selection of quenchant is the most basic factor affecting the cooling characteristics

of workpieces. Therefore, it is the basic factor to be considered for stress and distortion

control during quenching. The selection of a particular quenchant depends on the quench

severity desired. For example, water, brine, or lower concentrations of aqueous polymer

solutions are used for plain carbon steels. Accelerated oils are used for low-alloy steels.

Conventional oils or higher concentrations of polymers are used for high-alloy steels.

Molten salts or liquid metals are often used for martempering (marquenching) and

austempering processes.

Dimensions and shape of the workpiece that is quenched should also be considered in

selecting a quenchant. In general, the thicker the workpiece, the more severe the quenchant.

However, severe quenching often increases stress and distortion of the quenched workpiece.

For steel parts with thick and thin cross sections, the selection of a quenchant is more

difficult. Many such shapes increase the nonuniformity of cooling, and therefore increase

the potential for stress, cracking, and distortion.

Wetting behavior during quenching in a volatile quenchant, such as water, oil, or aqueous

polymer solutions, results in nonuniform (uneven) cooling of the workpieces producing high

surface thermal gradients and often increasing distortion and stress. Many aqueous polymer
� 2006 by Taylor & Francis Group, LLC.



que nchants will provide more unifor m wettin g propert ies, whi ch will result in substa ntial

reducti ons in crack ing and dist ortion [5].

Figure 10.5 an d Figure 10.6 sho w the distorti on and resid ual stre ss of 30 mm diameter

and 10-mm thick carbon steel disk specimens quenched in various quenchants without

agitation. Different stress distributions and distortions were obtained for each quenchant.

This is a result of the difference of the cooling power of each quenchant, which dominates the

cooling path on the continuous cooling transformation (CCT) curve and therefore the

internal distribution of martensite and ferrite–pearlite. The wetting process on the surface

of the specimen during water, polymer, and oil quenching also affects the stress and distor-

tion. After vapor blanket cooling, a collapse of the vapor blanket (i.e., wetting) occurs

progressively during water quenching (WQ). This results in nonuniform cooling of a steel

specimen and increases stress and distortion. However, if the vapor blanket collapses simul-

taneously or explosively, as in polymer quenching, the simultaneous collapse provides uni-

form quenching that is effective for reducing stress and distortion. The results shown in

Figure 10.5 and Figure 10.6 illustrate the effectiveness of uniform quenching by using a

polymer quenchant.
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FIGURE 10.5 Effect of quenchants on quench distortion of JIS S45C carbon steel disk quenched in still

quenchants. Specimen dimensions were 30 mm in diameter by 10 mm thick. (a) Distribution of axial

distortion. (b) Distribution of radial distortion. (From M. Narazaki, M. Kogawara, A. Shirayoria, and

S. Fuchizawa, Proceedings of the Third International Conference on Quenching and Control of Distortion,

24–26 March, 1999, Prague, Czech Republic, pp. 112–120; M. Narazaki, G.E. Totten, and G.M.

Webster, in Handbook of Residual Stress and Deformation of Steel, G.E. Totten, M.A.H. Howes, and

T. Inoue, Eds., ASM International, Materials Park, OH, 2002, pp. 248–295.)
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FIGURE 10.6 Effect of quenchants on residual stresses on side surface of JIS S45C carbon steel disk

quenched in still quenchants. Specimen dimensions were 30 mm in diameter by 10 mm thick.

(a) Circumferential stress on end surface. (b) Radial stress on end surface. (From M. Narazaki, G.E.

Totten, and G.M. Webster, in Handbook of Residual Stress and Deformation of Steel, G.E. Totten,

M.A.H. Howes, and T. Inoue, Eds., ASM International, Materials Park, OH, 2002, pp. 248–295.)
Molten salt and liquid metal quenching also provide uniform quenching, decreased cool-

ing rate, and nonuniformity of the temperature of a steel part because of the high quenchant

temperature. These characteristics are effective for the reduction of stress, distortion, and

cracking.
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FIGURE 10.7 Effect of agitation of water on quench distortion of JIS S45C carbon steel disk. Specimen

dimensions were 30 mm in diameter by 10 mm thick. Quenchant was 308C city water. Flow velocity:

(a) still water, (b) 0.3 m/s, and (c) 0.7 m/s. (From Ref. M. Narazaki, M. Kogawara, A. Shirayoria, and

S. Fuchizawa, Proceedings of the Third International Conference on Quenching and Control of Distortion,

24–26 March, 1999, Prague, Czech Republic, pp. 112–120; M. Narazaki, G.E. Totten, and G.M.

Webster, in Handbook of Residual Stress and Deformation of Steel, G.E. Totten, M.A.H. Howes, and

T. Inoue, Eds., ASM International, Materials Park, OH, 2002, pp. 248–295.)
10.4. 4.1.2 Effect of Agit ation
Quench nonuni formity may aris e from nonuni form flow fields around the part surfa ce during

the quench or nonuniform wetting of the surface . In ad dition, poor ag itation design is a major

source of que nch nonuni formity . The purp ose of the ag itation is not only to increa se cooling

power of que nchant, but also to pro vide unifor m cooling to supp ress excess ive dist ortion and

stre ss of quench ed steel pa rts.

Figure 10.7 and Figure 10.8 show the effe ct of agit ation of que nchants on the profi le of the

flat surface of the steel disk after que nching [5,6 ]. Figure 10.7 shows that nonuniform surfa ce

coo ling in still-w ater quen ching on a c oncave surfac e of the steel disk test specimen an d that

agit ation of the water signific antly decreas es quench dist ortio n in WQ. This occurs because

agit ation reduces the nonuni formity of the surface cooling of the steel disk becau se agitati on

accele rates the propagat ion of the va por blanket colla pse on the surface . How ever, agitati on

of a polyme r que nchant doe s not decreas e quench distorti on (see Figure 10.8) because the

inst antaneous an d explosi ve co llapse of the vapor blanket on the surfa ce occurs wi th or

withou t the agitati on.

Figure 10.9 and Figu re 10.10 show the effect of agit ation methods of a que nchant on

que nch dist ortion of a 20 mm diame ter and 60 mm long 0 .45% carb on steel bars quen ched in

water and a polymer quenchant [6]. Figure 10.9a shows that nonuniform surface cooling in

still-water quenching results in an uneven diameter of the steel bar. The increases of diameter

near the ends of bars were observed, which are attributable to heat extraction from the edges
(a) (c)

100�m100�m100�m

(b)

FIGURE 10.8 Effect of agitation of polymer quenchant on quench distortion of JIS S45C carbon steel

disk. Specimen dimensions were 30 mm in diameter by 10 mm thick. Quenchant was 308C 10% polymer

(PAG) quenchant. Flow velocity: (a) still water, (b) 0.3 m/s, and (c) 0.7 m/s. (From M. Narazaki,

M. Kogawara, A. Shirayoria, and S. Fuchizawa, Proceedings of the Third International Conference on

Quenching and Control of Distortion, 24–26 March, 1999, Prague, Czech Republic, pp. 112–120;

M. Narazaki, G.E. Totten, and G.M. Webster, in Handbook of Residual Stress and Deformation of

Steel, G.E. Totten, M.A.H. Howes, and T. Inoue, Eds., ASM International, Materials Park, OH, 2002,

pp. 248–295.)
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Change of diameter, (b) change of length. (From M. Narazaki, G.E. Totten, and G.M. Webster, in

Handbook of Residual Stress and Deformation of Steel, G.E. Totten, M.A.H. Howes, and T. Inoue, Eds.,

ASM International, Materials Park, OH, 2002, pp. 248–295.)
of the bar by an edge-ef fect. Upward flow of water decreas es the edge-ef fect, beca use

agitati on reduc es the nonuni form ity of surfac e cooling of the steel bar. How ever, the diame ter

near the bottom end is large r than that near the top end beca use upwar d agitati on pro duces

great er heat loss at the bottom end than at the top end.

Lateral submer ged a nd ope n spray decreas e the diame ter and increa se the lengt h of the

steel bars, because the lateral flow c auses fast c ooling of the side-surf ace and therm al

shrinka ge of the diame ter which also results in elongat ion of the lengt h of the steel ba r

(Figur e 10.9b) . On the other ha nd, agita tion of the pol ymer quench ant hardly affects quen ch

disto rtion (see Fi gure 10.10) because the instan taneous and explosi ve colla pse of the va por

blanket on the su rface of specimen will oc cur with or withou t agit ation.

Figure 10.11 an d Figure 10.12 sho w the effect of agitati on of a que nchan t on the resi dual

stresses on the side surfa ce of 20-mm in diame ter and 60 mm long carbon steel ba rs que nched in

water an d a polyme r quench ant [6]. Figu re 10.11 shows that nonuni form surface cooling in

still-w ater quench ing results in nonuni form resi dual stress dist ribution on the surface of the

steel bar. Agitat ion of water results in ununifor m stress distribut ions except near the bot h

ends. In add ition, sub merge d an d ope n spray coo ling resul t in high compres sion stresses .

Figure 10.12 shows the effect of agitati on on stre ss dist ribution afte r polyme r quen ching.

Agitat ion of the polyme r quenc hant resul ts in uniform stress dist ribution and high compres sion

stresses except near both t he ends. However, still-polymer quenching may r esult i n uni form

and high compression stress because uniform cooling occurs with or w ithout the agitation.

Table 10.1 shows the effe ct of agit ation on the frequency of quen ch cracki ng in water

and polyme r quenching of steel disks with respect to geo metry and dimens ional varia tion is
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 10.10 Effect of agitation methods on distortion in polymer quenching of JIS S45C steel rod

(20-mm diameter by 60 mm long). Quenchant was 308C 10% polymer (PAG) quenchant. Agitation

methods were still, 0.3 m/s upward flow, and 0.7 m/s upward flow in immersion quenching. (a) Change

of diameter, (b) change of length. (From M. Narazaki, G.E. Totten, and G.M. Webster, in Handbook of

Residual Stress and Deformation of Steel, G.E. Totten, M.A.H. Howes, and T. Inoue, Eds., ASM

International, Materials Park, OH, 2002, pp. 248–295.)
shown in Figure 10.13 [6]. The test specim en (30 mm diame ter by 1 0-mm thick) co ntains an

eccentr ically locat ed 10-mm-di ameter hole. This specimen , was used in the work of Owak u [4]

and was adopted by the Quench Crack ing Working Grou p of the J apan Heat Trea tment

Soc iety. The steel material s that wer e used wer e Japanese standar d S4 5C, SK4, and SCM43 5.

Thes e results show that agit ation of wat er largely suppress es the occurrence of que nch

cracki ng. On the other hand , que nch-cra cking suscept ibilit y to agitati on of the polyme r

que nchant is not clear be cause there is no crack on polyme r-quenched specim en with or

withou t agit ation.

10.4. 4.1.3 Workpiece Size Effe cts
The c ooling rate of a quen ched workpie ce cau sed by a shows a n invers e relationshi p with

increa sing thickne ss caused by a mass effect. In addition , cooling rates of the core are lim ited

by therma l diffusion in the workpi ece. Therefor e, stre ss and distorti on dur ing quen ching are

affe cted by the dimens ions, shape, and mate rial of the workpi ece that is quen ched.

Figure 1 0.14 [7] shows the axial stress dev elopment during WQ of AISI 1045 solid steel

cyli nders. The 10-m m (0.4 in.) diameter cyli nder starts to trans form to mart ensite at the

surfa ce and the trans form ation front mo ves gradu ally inward, resulting in a typical tensile

stre ss at the surfa ce. Larg e diame ter cyli nders first trans form to ferrite –pearl ite at inter medi-

ate radii and then to martensite at the surface. This cau ses tw o stress mini ma as seen in the

dashed cu rves in Figure 10.14a through Figure 11.14c . The final resi dual stre ss is co mpressive

at the surfa ce and tensi le in the co re. The relat ionship of stre ss to specimen diame ter and

que nching medium is su mmarized in Figure 10.15 [7,8 ]. The difference betw een oil an d water

quenching decreases with increasing diameter.
� 2006 by Taylor & Francis Group, LLC.



60

20

600

400

200

0

0

(a)

(b)

10

Still water
Spray (open) lateral
Spray (submerged) lateral

Spray (open) lateral
Spray (submerged) lateral

0.3m/s upward
0.7m/s upward

0.3m/s upward
0.7m/s upward

20 30

Distance from lower end, mm

40 50 60

0 10

Still water

20 30

Distance from lower end, mm

40 50 60

R
es

id
ua

l s
tr

es
s,

 M
P a

−200

−400

−600

−800

−1000

600

400

200

0

R
es

id
ua

l s
tr

es
s,

 M
P a

−200

−400

−600

−800

−1000

A

B

sz
sq

101064

FIGURE 10.11 Effect of agitation methods on residual stress after water quenching of JIS S45C steel

rod (20-mm diameter by 60 mm long). Quenchant was 308C city water. Agitation methods were still,

0.3 m/s upward flow, 0.7 m/s upward flow, and lateral submerge in immersion quenching, and lateral

open spray quenching in air. (a) Axial stress on surface, (b) tangential stress on surface. (From

M. Narazaki, G.E. Totten, and G.M. Webster, in Handbook of Residual Stress and Deformation of

Steel, G.E. Totten, M.A.H. Howes, and T. Inoue, Eds., ASM International, Materials Park, OH, 2002,

pp. 248–295.)
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still, 0.3 m/s upward flow, and 0.7 m/s upward flow in immersion quenching. (a) Axial stress on surface,

(b) tangential stress on surface. (From M. Narazaki, G.E. Totten, and G.M. Webster, in Handbook of

Residual Stress and Deformation of Steel, G.E. Totten, M.A.H. Howes, and T. Inoue, Eds., ASM

International, Materials Park, OH, 2002, pp. 248–295.)
10.4.4.2 Effect of Surface Condition of Components

10.4.4.2.1 Effect of Surface Roughness
Surface texture and roughness are very important factors for quench cracking because the

microscopic geometry and roughness of the surface affect the tendency for cracking. Narazaki

et al. have shown an example of such a case [6,9]. The results were as follows:

. Surface roughness increases the tendency for quench cracking of steel if surface rough-

ness (maximum height of irregularities Ry, or ten points height of irregularities Rz) is

larger than approximately 1 mm.
. Surface texture made by lapping tends to cause a higher occurrence of quench cracking

than by grinding or emery-polishing when the surface roughness is approximately the

same.

This phenomenon is caused mainly by the stress concentration at the surface of the steel

workpieces. The geometric shapes on the surface such as polishing marks, lapping marks,

grinding marks, cutting tool marks, and micronotches act as stress riser, providing a trigger

for inducing quench cracking.

10.4.4.2.2 Effect of Oxide or Coating Layer
The presence of a thin layer such as oxide scale and or a coating may cause a cooling

acceleration effect by suppression of vapor blanket formation or by acceleration of the
� 2006 by Taylor & Francis Group, LLC.



TABLE 10.1
Effect of Agitation on Quench Cracking in Water and Polymer Quenching of Steel Disks

Shown in Figure 10.13. Steel Materials Are Japanese Standard S45C, SK45 and SCM435

Quenchants and their Agitation

Frequency of Occurrence of Quench Cracking

S45C

0.45%C–0.67%Mn

SK4

0.98%C–0.77%Mn

SCM435

0.35%C–0.76%Mn–

1.06%Cr–0.20%Mo

City water (308C)

Still (non-agitated) 100% 100% (flat surface) 100%

0.3m/s upward 70% 30% (flat surface) 100%

70% (hole surface)

0.7m/s upward 0% 0% (flat surface) 60%

100% (hole surface)

5m/s open spray 0% 10% (flat surface) 0%

90% (hole surface)

10% polymer quenchant (308C, PAG)

Still (non-agitated) 0% 0% 0%

0.3m/s upward 0% — —

0.7m/s upward 0% 0% 0%

Source: From M. Narazaki, G.E. Totten, and G.M. Webster, in Handbook of Residual Stress and Deformation of

Steel, G.E. Totten, M.A.H. Howes, and T. Inoue, Eds., ASM International, Materials Park, OH, 2002, pp. 248–295.
collapse [6]. In addition, uniform cooling is caused by the existence of such a thin layer.

Therefore, the existence of an oxide scale or clay coating largely suppresses the occurrence of

quench cracking. However, a heavy oxide scale of the steel workpiece often causes unstable

cooling and decarburization [6].

10.4.4.3 Minimizing Quench Distortion

10.4.4.3.1 Component Design
One of the causes of unacceptable distortion and cracking of steel parts is component design.

Poor component design promotes distortion and cracking by accentuating nonuniform and

nonsymmetrical heat transfer during quenching. The basic principle of successful design is to
2

7
f10

10

f30

FIGURE 10.13 Disk specimen for quench-cracking test. Specimen dimensions were 30-mm diameter by

10 mm thick; specimen contains an eccentrically located 10-mm-diameter hole. (From M. Narazaki,

G.E. Totten, and G.M. Webster, in Handbook of Residual Stress and Deformation of Steel, G.E. Totten,

M.A.H. Howes, and T. Inoue, Eds., ASM International, Materials Park, OH, 2002, pp. 248–295.)
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with diameter D, at selected times (in seconds) after the start of quenching from 8508C (15608F) in 208C
(70 8F) water. The final microstructure of the 10-mm (0.4 in.) diameter cylinder is completely martensite,

while the others have a ferritic–pearlitic core. (From T. Ericsson, ASM Handbook, Vol. 4, Heat Treating,

ASM International, Materials Park, OH, 1991, p. 16; H.J. Yu, U. Wolfstieg, and E. Macherauch, Arch.

Eisenhüttenwes., 51, 1980, 195.)
select shapes that will minimize the temperature gradient through the part during quenching.

Component designs that minimize distortion and cracking are as follows:

. Design symmetry: It is important to provide greater symmetry. One of techniques for

design symmetry is to add dummy holes, key grooves, or other shapes to steel parts.
. Balance of cross-sectional area: The difference between large cross-sectional area and

thin one should be decreased by using several techniques as follows:
. Avoiding abrupt cross-sectional size changes by using large radii
. Adding dummy holes to large cross-sectional areas
. Changing from blind holes to through-type holes
. Changing from thick solid shapes to thin hollow shapes
. Dividing a complicated shape to sectional components

. Avoiding sharp corners and edges: Distortion and cracking encountered when quenching

a part with sharp corners and edges that increase cooling nonuniformity and act as stress

risers. Therefore, it is effective to round corners and edges or to employ a tapered shape.

10.4.4.3.2 Steel Grade Selection
Although quench distortion and cracking are most often due to nonuniform cooling, material

selection canbe an important factor. Someattention shouldbepaid to select amaterial as follows:

. The compositional tolerances should be checked to assure that the alloy is within the

specification.
. It is often better to choose a low-carbon content, because the high-carbon content often

causes the higher susceptibility for distortion and cracking.
. If possible, it is better to choose a combination of a high-alloy steel and a very slow

cooling. As a matter of course, the selection of high-alloy steels markedly rises the

material cost.
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 10.15 Dependence of axial residual stresses on cylinder diameter. Same steel as in Figure

10.14. The core is martensite for 10-mm (0.4 in.) diameter, but is ferrite–pearlite for larger

diameters. (From T. Ericsson, ASM Handbook, Vol. 4, Heat Treating, ASM International, Mater-

ials Park, OH, 1991, p. 16; H.J. Yu, U. Wolfstieg, and E. Macherauch, Arch. Eisenhüttenwes., 51,

1980, 195.)
Crack ing propen sity increa ses as the Ms tempe rature a nd the carb on equ ivalent (C E)

increa se. Quench cracks were preval ent at carbon equ ivalent values abo ve 0.525, as illu strated

in Figure 10 .16 [2].

10.4. 4.3.3 Selec tion of Quenchant a nd Agitation
Quenchan ts must be selected to provide cooling rates cap able of prod ucing an accepta ble

micro structure in the section thickne ss of inter est. However, it is not desirable to use

quen chants with exce ssively high he at-remova l rates . Typical ly, the greater the quenc h

severity, the great er the propen sity for increa sed disto rtion or crackin g. Alt hough a reductio n

of que nch severi ty leads to reduced dist ortion, it may also be accompani ed by undesir able

micro structures . Ther efore, it is difficul t to selec t an opt imal quench ant an d agitati on. Cool-

ing power (quen ch severity) of quen chant should be as low as possibl e while maintaini ng a

suffici ently high cooling rate to en sure the requir ed microstr ucture, hardn ess, and strength in

critical secti ons of the steel parts .

Quench severi ty is define d as the ab ility of a quenc hing medium to extra ct heat from a hot

steel workpi eces express ed in terms of the Gross mann num ber (H ) [10]. A typical range of

Grossmann H-values (numbers) for commonly used quench media are provided in Table 10.2,

and Figure 10.17 provides a correlati on between the H -valu e an d the ab ility to harden steel , as

indica ted by the Jominy dist ance ( J-dis tance) [11]. Altho ugh Tabl e 10.2 is useful to obta in a

relative measur e of the quench severity offered by different quen ch media , it is diff icult to

apply in practice, becau se the actual flow rates for moderat e, good , strong , a nd viole nt

agitati on are unknown.

Alternativel y, the measur ement of a ctual cooling rates or heat fluxe s pro vided by a

specific quen ching med ium does provide a quantita tive meani ng to the quench severi ty

provided. Some illustra tive values are provided in Table 10.3 [12] .
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FIGURE 10.16 Effect of MS temperature and carbon equivalent on the quench cracking of selected

steel. (From C.E. Bates, G.E. Totten, and R.L. Brennan, in ASM Handbook, Vol. 4, ASM International,

Materials Park, OH, 1991, pp. 67–120.)
Typically, the greater the quench severity, the greater the propensity of a given quenching

medium to cause distortion or cracking. This usually is the result of increased thermal stress,

not transformational stresses. Specific recommendations for quench media selection for use

with various steel alloys is provided by standards such as Aerospace Material Specification

(AMS) 2759.
TABLE 10.2
Grossmann H-Values for Typical Quenching Conditions

Quenching Medium Grossmann H-Value

Poor (slow) oil quench—no agitation 0.20

Good oil quench—moderate agitation 0.35

Very good oil quench—good agitation 0.50

Strong oil quench—violent agitation 0.70

Poor water quench—no agitation 1.00

Very good water quench—strong agitation 1.50

Brine quench—no agitation 2.00

Brine quench violent agitation 5.00

Ideal quench

It is possible with high-pressure impingement to achieve H-values greater than 5.00.

Source: From R. Kern, Heat Treat., 1985, 41–45.
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FIGURE 10.17 Quench severity in terms of Grossman (H ) values. Jominy distance (J-distance). (From

R. Kern, Heat Treat., 1985, 41–45.)
10.4.4.4 Quench Uniformity

Quench nonuniformity is perhaps the greatest contributor to quench distortion and cracking.

Nonuniform cooling can arise from nonuniform flow fields around the part surface during

quenching or nonuniform wetting of the surface [4,11,13,14]. Both lead to nonuniform heat

transfer during quenching. Nonuniform quenching creates large thermal gradients between

the core and the surface of a steel part, or among the surfaces of the parts.

Poor agitation design is a major source of quench nonuniformity. The purpose of the

agitation system is not only to take hot fluid away from the surface to the heat exchanger but

also to provide uniform heat removal over the entire cooling surface of all of the parts

throughout the load that is being quenched.

In the batch quench system where vertical quenchant flow occurs throughout a load, the

bottom surfaces of the parts experience greater agitation than the top surfaces. Agitation

produces greater heat loss at the bottom, creating a large thermal gradient between the top

and the bottom surfaces.
TABLE 10.3
Comparison of Typical Heat Transfer Rates for Various Quenching Media

Quench Medium Heat Transfer Rate, W/m2 K

Still air 50–80

Nitrogen (1 bar) 100–150

Salt bath or fluidized bed 350–500

Nitrogen (10 bar) 400–500

Helium (10 bar) 550–600

Helium (20 bar) 900–1000

Still oil 1000–1500

Hydrogen (20 bar) 1250–1350

Circulated oil 1800–2200

Hydrogen (40 bar) 2100–2300

Circulated water 3000–3500

Source: From P.F. Stratton, N. Saxena, and R. Jain, Heat Treat. Met., 24(3), 1997, 60–63.
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FIGURE 10.18 Effect of quenchant flow direction on distortion. (From R.T. Von Bergen, in

Quenching and Distortion Control, G.E. Totten, Ed., ASM International, Materials Park, OH, 1992,

pp. 275–282.)
If a submerged spray manifold is used to facilitate more uniform heat removal, the

following design guidelines are recommended:

. The total surface of the part should experience uniform quenchant impingement.

. The sufficiently large holes and proper spacing between holes should be used.

. The manifold face should be at least 13 mm (0.5 in.) from the surface of the part that is

quenched.
. The repeated removal of hot quenchant and vapor should be possible.

Excessive distortion was also obtained with an agitation system illustrated in Figure

10.18 when the quenchant flow was either in the same direction relative to the direction

of part immersion or in the opposite direction [14]. The solution to this problem was to

minimize the quenchant flow to that required for adequate heat transfer during the

quench and to provide agitation by mechanically moving the part up and down in the

quenchant. Identifying sources of nonuniform fluid flow during quenching continues to

be an important design goal for optimizing distortion control and minimizing quench

cracking.

Nonuniform thermal gradients during quenching are also related to interfacial wetting

kinematics which is of particular interest with vaporizable liquid quenchants including: water,

oil, and aqueous polymer solutions [15]. Most liquid vaporizable quenchants exhibit boiling

temperatures between 100 and 3008C (210 and 5708F) at atmospheric pressure. When parts

are quenched in these fluids, surface wetting is usually time-dependent which influences the

cooling process and the achievable hardness.

Another major source of nonuniform quenching is foaming and contamination. Contam-

inants include sludge, carbon, and other insoluble materials. It includes water in oil, oil in

water, and aqueous polymer quenchants. Foaming and contamination lead to soft spotting,

increased distortion, and cracking.

10.4.4.5 Quenching Methods

Part design, material and quenchant selection, agitation, etc. are the most important factors

to suppress quench distortion and cracking of steel parts. In addition, several methods for

minimizing distortion and eliminating cracking are employed; for example, interrupted

quenching, time quenching, marquenching, austempering, press quenching, and plug quench-

ing. These quenching methods are based on the improvement of cooling uniformity by

controlling of cooling, or restraint of distortion by using restraint fixtures. For the detailed

description of these methods, the reader is referred to Ref. [2,6].
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10.5 DISTORTION DURING POST QUENCH PROCESSING

There are many possibl e treatmen ts that can be carri ed out afte r quen ching. The typic al

operati ons are:

. Straigh tening

. Tempe ring

. Stabilizat ion with tempering and subzero treat ment

. Metal remova l by grindin g, etc.

10.5.1 STRAIGHTENING

If it is necessa ry to reduce the disto rtion of que nch-hardene d parts , straight ening is done by

flexing or selec tive peening the pa rts. Flexing or pe ening resul ts in the change of the stress

distribut ion and poses a risk of cracki ng. Therefor e, it is the usu al pra ctice to stra ighten after

tempe ring. Straighteni ng whi le parts are still hot from the tempe ring furnace is often per-

form ed to avoid cracki ng.

10.5.2 TEMPER ING

Steel parts are often tempe red by reheat ing after quench-harde ning to obtain sp ecific values

of mechani cal prop erties. Temperi ng of steel increa ses ductilit y and toughness of que nch-

hardene d steel, relieves que nch stresses , and en sures dimens ional stabi lity. The tempe ring

process is divide d into four stage s:
� 20
1. Temperi ng of mart ensite struc ture

2. Transfor mation of retained au stenite to mart ensite

3. Temperi ng of the decomp osition produc ts of mart ensite

4. Decompos ition of retained au stenite to marte nsite
Micros tructural varia tion during tempe ring results in vo lume chan ges dur ing the tempe ring

of hardened steel [16]. In addition to dimensional change by microstructural variation,

tempering may also lead to dimensional variation due to relaxation of residual stresses and

plastic distortion which is due to the temperature dependence of yield strength.

Figure 10 .19 shows the dist ortion of round steel bars (200 mm diame ter and 500 mm

in length) by quenching and by stress relieving during tempering [17]. A medium-carbon steel

bar (upper diagrams) and a hardenable steel bar (lower diagrams) were used in this experi-

ment. Figure 10.19a and d shows the results of quenching from 6508C without phase

transformation. The distortion in each case is almost the same regardless of the different

quenchants and the different steel chemical composition. These convex distortions are caused

by nonuniform thermal contraction and resultant thermal stress during cooling. Figure 10.19b

and Figure 10.19e shows the results of quenching from 8508C with phase transformation. The

distortion in Figure 10.19e (hardenable steel) shows a convex configuration, but the distortion

in Figure 10.19b (medium-carbon steel of poor hardenability) shows a configuration that

combines convex and concave distortions. In addition, WQ has a greater effect on distortion

than oil quenching (OQ). Figure 10.19c and Figure 10.19f shows the configurations after

tempering. These results show that tempering after quenching results in not only volumetric

changes but also convex distortions. Such distortions seem to be related to relieving of

residual stresses by tempering.

Figure 10.20 and Figure 10.21 [18] show the examples of st ress-relief by temper ing.

A solid cylinder with 40 mm diameter and 100 mm length was examined for analyses
06 by Taylor & Francis Group, LLC.
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FIGURE 10.19 Deformation of medium-carbon and hardenable steel bars by quenching from below

and above transformation temperature and by stress-relieving. lC, change of length. (a) and (d) quenched

from 6508C. (b) and (e) quenched from 8508C. (c) and (f) tempered at 6808C. (a) to (c) JIS S38C steel

(0.38%C). (d) to (f) JIS SNCM 439 steel (0.39C–1.80Ni–0.80Cr–0.20Mo). (From Y. Toshioka, Mater.

Sci. Technol., 1, 1985, 883–892.)
and e xper iments of tempering performed after W Q. Calculated residual s tress distributions

after W Q are illustrated in Figure 10.20. Open and s olid circles i n the figure correspo nd to

measured stresses on the s urface of the c yli nder by x -ray diffraction. Residual stress

distributions afte r t em pering at 4008 C is s hown in Figure 10.21a and Figure 10.21b for

typical elapsed times of 2 and 50 h with measured values on the s urface. These r es ults show

that the s tresses i n all directions decrease with elapsed t empering time.

10.5.3 S TABILIZATION WITH T EMPERING AND S UBZERO T REATMENT

To achieve dimens ional stabi lity ov er long periods , the amo unt of retain ed austeni te in

que nched parts sho uld be reduced. Dim ensional stability is a vital requir ement for gauges

and test block s.

Stabilizat ion can be obtaine d by multiple tempering and subzero treatment (cold treat-

ment) . It is the usu al practice to con duct a single or repeat ed subzero treatment afte r the

initial tempe ring. Subz ero treatment is normal ly accompl ished in a refr igerator at tempera-

ture of � 60 to � 90 8 C (� 75 to � 130 8 F). Subz ero treatment may cau se a size ch ange by further

austeni te-to-m artensit e trans formati on resul ting in further expan sion. If the size change is

rest rained, then ad ditional stre sses will be locked in. This effe ct de pends on the Ms –M f
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FIGURE 10.20 Stress distribution in steel cylinder after quenching. (From T. Inoue, K. Haraguchi, and

S. Kimura, Trans. ISIJ, 18, 1978, 11–15.)
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and S. Kimura, Trans. ISIJ, 18, 1978, 11–15.)
tempe rature range, the tempe ratur e and time of sub zero treatment , and the creep strength of

the mate rial. Tools must be retem pered immed iately after returning to room tempe ratur e

followi ng subze ro treatment to reduce inter nal stress an d increa se toughn ess of the fres h

marten site [19].

10.5.4 METAL R EMOVAL AFTER HEAT TREATMENT

A finishing proc ess such as grindi ng is often required to correct dimens ional changes caused by

heat treatment . The tendency is to try to use parts as he at-treated wi thout touch ing the surfa ce

again bec ause in this cond ition the part may exhibi t a much great er fatigue stre ngth [20] . This

is particu larly true for parts loaded under concentra ted co ntact such as bearing s or gears.

For parts with close tolera nces, howeve r, the comp onent size must be brought unde r

control in the fini sh grinding . This leads to a dilemma: if excess material is left on the part

prior to heat treatment, there will be enou gh stock to ena ble the size to be brough t unde r

control . Ho wever, if too much is taken off, the most effective regions of the carburized (or

nitrided ) case are remove d.

Figure 10.22 shows a g ear with excess ive material remove d from a tooth afte r case

hardening treatmen t [21]. In the exampl e shown in Figure 10.22, if the tooth has dist orted

to the right, more mate rial has to be groun d from the right side of the tooth. Thi s has severa l

serio us con sequences. First , the lack of uniformit y in case dep th leads to uneven resi dual

stress dist ribution. Seco nd, its mechanical strength will be less than optimum performance.

Third, a considerable thickness of material has to be removed during grinding, increasing the

probability of grinding burns and cracking.
10.6 MEASUREMENT OF RESIDUAL STRESSES

In the previous discussion, it was shown that propensity for distortion and cracking is dependent

on thermally-inducedand transformation-inducedstresses.X-raydiffractionmethodsareusually

used for these stresses. There are, however, applicable measurement methods. Detailed descrip-

tion on various measurement methods of residual stress are provided in Refs. [22–24].
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FIGURE 10.22 Schematic of material ground from a distorted gear tooth after case hardening treat-

ment. (From M.A.H. Howes, in Quenching and Control Distortion, G.E. Totten, Ed., ASM Inter-

national, Materials Park, OH, 1992, pp. 251–258.)
10.6.1 X-R AY DIFFRACTION METHOD

X-ray diffract ion is the most co mmon method for measur ement of stre sses [25] . This proced-

ure involv es irrad iating a sampl e with x-rays. When steel is irra diated with x-ray, a charac-

teristi c diffract ion pa ttern that is de pendent on the c rystal struc ture of the iron and alloy ing

elem ents is present . The spacing betw een the lattice points , or d-spaci ng, can be calcul ated

from the diffract ion patte rn.

The inter planar d-spacing for any set of parall el planes is calcul ated from the x-ray

diffract ion data using Bra gg’s equati on:

nl ¼ 2d sin u;

wher e n is an integ er, l is the wave lengt h of the x-ray beam, d is the spacing between reflec ting

planes, an d u is the angle of incide nce of the beam with sampl e. This relationshi p is ill ustrated

in Figure 10.23.

When a load is ap plied to the sample, there wi ll be a perturb ation in the d-spacing. Thus,

chan ges in the measur ed diffract ion patterns ( Dd) are related to the lattice strain ( Dd/d). The

stra in ( Dd/d ) is calculated from the diffract ion data:

Dd

d
¼ �cot

D2u

2

� �
;

Ther e are a numbe r of experimenta l proced ures for c alculati ng stress from the diffract ion

data. The most common method is the sin2 � mehtod, in which the sample is irradiated and
� 2006 by Taylor & Francis Group, LLC.



q

q

q

q

P

l

FIGURE 10.23 Illustration of the Bragg relation.
changes in the diffraction angle � are related to the interplanar spacing d and to strain Dd/d.

The change in interplanar spacing is determined by measuring d with different applied

stresses. The stress s is calculated from

s ¼ d � d0

d0

E

1þ n

� �
1

sin2 c

� �
;

where n is Poisson’s ratio. The d-spacing is determined from the Bragg equation. If a Dd/d

versus sin2 � plot is constructed, the stress can be calculated from the slope of the straight line

as follows:

Slope ¼ s(1þ n)

E
;

which can be rearranged to solve for s:

s ¼ slope� E

(1þ n)
;

Because Poisson’s ratio n is known and the (or preferably measured) modulus E is also

known, the stress s can be readily calculated.

Possible sources of x-ray measurement errors include [26]:

. Error in peak position

. Stress-relief by aging

. Sample anisotropy

. Grain size

. Round surfaces (flat surfaces are preferable)

10.6.2 HOLE-DRILLING METHODS

Residual stress may be measured by a method in which a hole is drilled into the material

tested and the change in strain is measured, usually with strain gauges. Residual stress is then

calculated from the magnitude and direction of this strain, hole size, and material properties.

There are many hole-drilling methods. However, one of the most commonly used methods is

the classical Sachs bore-out method [27]. Changes in residual stress with depth can be

determined by incrementally drilling the hole and measuring the changes in stress with depth.
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The Sachs bore-out method involves following assumptions [28]:

. The metal is effectively isotropic and has a constant Young’s modulus and Poisson’s

ratio.
. The residual stresses are distributed with rotational symmetry about the axis of the bar.
. The tube formed by boring the bar is circular in cross section, and its inner and outer

walls are concentric.
. The specimen is sufficiently long (or thick) to prevent bending.

The Sachs bore-out procedure, while one of the best-known methods for the determination of

residual stresses, has a number of disadvantages [28,29]:

. It is slow and relatively expensive.

. Care must be taken to ensure that plastic deformation does not occur during hole-

drilling process.
. Strain gauge corrections for drift measurement must be made.
. It can only measure final stress thus cannot be readily applied to stress during cooling.
. It results in damage to test specimen.

10.6.3 BENDING AND DEFLECTION METHODS

Bending and deflection methods involve the measurement of a change in the diameter of a slit

tube or the curvature of a flat plate [30]. The use of such methods requires knowledge of the

interrelationship of stress and the amount of deflection observed. Although these methods are

not applicable to the determination of radial stresses, with appropriate procedural adaptation

they may be low-cost options for the determination of a systematic distribution of residual

stress and uniform biaxial stresses in bars, tubes, sheets, and plates [28].

For best results, to properly account for material variation, the elastic modulus should be

determined experimentally instead of using reference book values. The modulus is determined

by attaching a strain gauge to the test specimen and then measuring the corresponding

deflection with the application of different loads.

10.6.4 OTHER RESIDUAL STRESS MEASUREMENT METHODS

There are a number of other less commonly used but valuable experimental methods that

have been used for residual stress measurement. These include magnetic method [31,32],

ultrasonic method [33–35], and neutron diffraction method [36].

The magnetic method is based on the stress dependence of the Barkhausen noise amplitude.

As Barkhausen noise depends on composition, texture, and work hardening, it is necessary to

do calibration for each application. In addition, the use of this method is limited to only

ferromagnetic materials. Ultrasonic method has the potential for greater capability and use-

fulness in the future, but has the disadvantage that it requires transducers shaped to match the

inspected surface. Neutron diffraction method has a much deeper penetration than x-ray, but

has the disadvantages of safety and cost of the apparatus.
10.7 TESTS FOR PROPENSITY FOR DISTORTION AND CRACKING

Numerous tests have been applied to evaluate the potential of a steel to undergo distortion or

cracking upon heat treatment. In most cases, the test specimens are manufactured specifically

for these test procedures. One of the most difficult challenges is to devise a testing procedure
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 10.24 Example of C-ring test specimen used for quench distortion studies. (From H. Webster

and W.J. Laird, ASM Handbook, Vol. 4, ASM International, Materials Park, OH, 1991, p. 144.)
that accounts for the statistical nature of the occurrence of cracking, because it is seldom that

100% of all parts actually undergo cracking in the heat treatment process.

10.7.1 NAVY C-RING AND SLOTTED DISK TEST

One of the oldest standard tests for evaluating quench distortion is the so-called Navy C-ring

test (see Figure 10.24) [37]. A modified Navy C-ring test specimen (see Figure 10.25) has also

been reported [38]. This notched test specimen has greater crack sensitivity to evaluate

propensity for cracking in addition to distortion.

10.7.2 CYLINDRICAL SPECIMENS

Many workers have simply quenched cylindrical specimens and observed them for cracking

and volumetric changes. For example, Moreaux [39] used round bar test specimens of 0.60%

C, 1.6% Si, and 0.5% Cr steel whose length was three times their diameter. These studies

showed that the transition temperature from film to nucleate boiling contributes primarily to

thermal stress. The nucleate boiling to convective cooling transition will primarily affect the
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FIGURE 10.25 Modified Navy C-ring distortion test specimen. (From C.E. Bates, G.E. Totten, and

R.L. Brennan, ASM Handbook, Vol. 4, ASM International, Materials Park, OH, 1991, p. 100.)
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FIGURE 10.26 Quench-cracking pattern in a 34-mm-diameter cylinder of 60SC7 steel quenched in

water. (From G. Beck, Mem. Etud. Sci. Rev. Metall., July 1985, pp. 269–282.)
form ation of transform ationa l stre sses. Bec k [40] studied the effect of the inter relationshi p

betw een quen ch severity and average co oling rates on the severi ty of crack form ation. The

work was perfor med using 34-m m (1.3 in.) diameter 60S C7 steel cyli ndrical test specimens,

and the resul ts are shown in Figure 10.26.

10.7.3 S TEPPED BAR TEST

A stepped bar test using the test specim en shown in Figure 10.27 has be en used to measur e the

effe ct of cross-sect ional size on distortio n [41] . In this test, the running distortio n of a long bar

per unit lengt h is measur ed.

10.7.4 K EY -SLOTTED CYLINDRICAL B AR T EST

Naraz aki an d Ninom iya us ed a key-slo tted cylindrical ba r specim en sho wn in Figu re 10.28 to

measur e the effe ct of que nchants on distortio n [42]. Fur thermore, they evaluat ed que nch

sim ulation accuracy to compare simulat ed distorti on and measur ed distorti on of the key-

slot ted cyli ndrical bar specim en [43].

10.7.5 DISK WITH AN ECCENTRIC -POSITIONED HOLE

Owak u [44] us ed steel cyli nders an d disk plate s with eccentr ic-posit ion and holes totally

exami ne cracki ng mech anisms. Naraz aki et al. [6] also us ed a disk plate with an ecce ntrically-

posit ioned hole (see Figure 10.13) to exami ne the effects of surfa ce co ndition, steel material s,

and que nchants [6,9]. Se veral cracki ng patte rns sho wn in Figure 10.29 wer e observed after

que nching of steel disk specim ens (30-mm diame ter by 10-mm thick) with an eccentr ically

located 10-mm-diameter hole. The cracking susceptibility and patterns depended on surface

condition and materials of the steel disk specimen in addition to the quenchant and agitation

used [6,45].
Step A
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f2
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f1
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f1
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Step B Step C

Stepped bar test
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FIGURE 10.27 Stepped bar test. (From W.A.J. Moerdijk, Adv. Mater. Process., 137(3), 1990, 19–28.)
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7.5

10 mm diameter

M3 � 0.5

Maximum deviation

R
10

0

4

FIGURE 10.28 Key-slotted cylindrical bar specimen. (From Narazaki and S. Ninomiya, Proceedings of

the 13th International Federation for Heat Treatment & Surface Engineering & ASM Surface Engineering

Congress, Columbus, OH, October 2002, pp. 464–470.)
10.7.6 FINNED T UBES

The dist ortion of hollow tubes ha s been studi ed by Mikita and cowor kers [46, 47] using the

finned tube test specim en shown in Figure 10.30, wher e a large hole is dril led into a soli d

block, effecti vely creat ing a fin on one end. In this test , two types of cracks, fin and vertica l,

were qua ntified. The suscept ibility for fin-cracki ng can be increa sed by cu tting a V-notch in

the fin [46]. M ikita and Nakabaya shi [47] determ ined the relat ive cracki ng frequency using a

limit ed numb er n of test specimens by quen ching each specimen repeat edly until a crack

appeared . Sensit ivity for quen ch crackin g was de signated as the 1/ n value.
Hole Surface Cracking

Crack

Only on flat surface

Combination of 2
and 3

1  Cracking only on hole
    surface

Flat Surface Cracking

1
2 3

2

3

4

4

Extending into hole
surface

FIGURE 10.29 Cracking patterns observed on steel disk specimen (Figure 10.13). 1: cracking only on

hole surface, 2: cracking only on flat surface, 3: combination of 1 and 2, 4: combination of 2 and 3.

(From K. Arimoto, D. Lambert, K. Lee, W.T. Wu, and M. Narazaki, Heat Treating: Proceedings of the

19th Conference, S.J. Midea and G.D. Pfaffmann, Eds., ASM International, Materials Park, OH, 1999,

pp. 435–440.)
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25

f25

f23

(a)

Fin crack Vertical crack
(b)

FIGURE 10.30 Finned tube specimen and types of cracks. (From Y. Mikita, I. Nakabayashki, and

K. Sakamaki, Heat Treat., 1989, 21–24; Y. Mikita and I. Nakabayashi, Nipon Kikai Gakkai, Ronbunshu

(A-hen), 53(489), 1987, 884–889.)
10.8 PREDICTION OF DISTORTION AND RESIDUAL STRESSES

The computer prediction of thermo-mechanical behavior in the heat-treating process is useful

for determining a heat-treating condition because it is possible to predict the microstructure,

hardness, distortion, and stress of steel parts after heat treating. To predict thermo-mechan-

ical behavior, residual stresses, and distortion in the heat-treating process of steel parts,

a simulation method based on metallo-thermo-mechanical theory [48,49] and finite-element

analysis is often applied.
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Usual procedures for numerical analysis of the heat-treating process of steel parts would

be as follows:

. Define the shape. The dimensions of the part can be defined, preferably as a three

dimensional CAD (computer-aided design) presentation of the part as a solid model.
. Construct a finite-element model. The solid model can be translated into a finite-

element network, the complexity of which will be determined by the size, shape, and

form of the part. Experience will show the optimum number of mesh elements to be

used. This will also be related to the available computer power and the desired accuracy.
. Perform quenching calculations. The cooling of every network cell during the quench

can be calculated based on the known characteristics of the quenching medium and the

part. These will include the heat transfer coefficient of the quenchant under the condi-

tions specified by the designer and those naturally present in the quenching system, as

well as the following items: initial temperature of the part, temperature of the quench-

ant, cooling characteristics of the quenchant, agitation of the quench medium, orienta-

tion of quenchant flow to surface that is cooled, complexity of surface features,

conductivity of the part, specific heat and latent heat data.
. Calculate the phase transformations. Phase transformations can be calculated using

time–temperature–transformation (TTT) data available on the source material for the

part. For carburized and nitrided steels the differences in composition and thus hard-

enability and phase boundary temperatures must be allowed for. Continuous cooling

Transformation (CCT) data will be the preferred source.
. Calculate deformation and stress. These calculations can be made with available data on

the Poisson’s ratio, modulus of elasticity yield strength, work-hardening modulus, linear

thermal expansion coefficient and density changes due to phase changes. All these data

are obviously temperature-dependent.

The metallo-thermo-mechanical theory is coupled with temperature, phase transformation,

and stress–strain fields. In the heat-treating process, the fields of metallic structures and stress–

strain as well as temperature are affected by each other. The triangular diagram illustrated in

Figure 10.31 shows such coupling effects [50]. In carburizing–quenching process, the effect of

carbon content on the three fields is also represented by the dashed lines in the figure. A series of

theoretical models with consideration of the effect of carbon diffusion and distribution is

introduced.
Thermal stress

Heat generation due to work

Carbon content

Temperature

Latent

heat

Stress−strain

Stress−induced
transform-
ation

            Transformation
      stress and
 transformation plasticity

     Temperature-
            dependent
phase transformation

Metallic structure

FIGURE 10.31 Coupling effects of temperature, stress–strain and metallic structure in heat treatment

process. (From T. Inoue, D.Y. Ju, and Y. Arimoto, Proceedings of the First International Conference on

Quenching and Distortion Control (Chicago), 1992, pp. 205–212.)
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10.8.1 GOVERNING EQUATIONS

An example of introducing the governing equations in the framework of thermo-mechanical

behavior for describing temperature and stress–strain fields incorporating metallic structures

in the quenching process is summarized as follows [50–53].
10.8.1.1 Mixture Rule

When a material point undergoing a heat treatment process is assumed to be composed of a

multiphase structure, an assumption is made that a material parameter x is described by the

mixture law:

x ¼
XN
I¼1

xIjI and
XN
I¼1

jI ¼ 1, (10:1)

where jI denotes the volume fraction for the I-th phase.
10.8.1.2 Heat Conduction Equations and Diffusion Equation

The temperature field is governed by a special heat conduction equation coupled stress work

and latent heat due to phase transformation during quenching process is given as

rc _TT � ›

›xi

(k
›T

›xi

)� sij _««p
ij þ

X
rI lI

_jjI ¼ 0; (10:2)

where k and lI denote the coefficient of heat conduction and the latent heat produced by the

progressive I-th constituent.

The boundary conditions of heat transfer on the outer surface is assumed to be

�k
›T

›xi

ni ¼ h(T � Tw), (10:3)

where h is a function that depends on temperature. h and Tw denote the heat transfer

coefficient and the temperature of coolant on heat transfer boundary with unit normal ni,

respectively.

Carbon content during carburizing process is solved by the diffusion equation

_CC ¼ ›

›xi

�D
›C

›xi

� �
, (10:4)

where C is content in the position xi -direction, D is the diffusion constant determined by the

boundary condition, which is specified by the reaction across the surface layer

D
›C

›xi

ni ¼ hc(Ce � Cs), (10:5)

where hc and Ce are the surface reaction rate coefficient and the known content of the external

environment, respectively.
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10.8.1.3 Constitutive Equation

Total strain rate _««ij is assumed to be divided into elastic, plastic, thermal strain rates and those

by structural dilatation due to phase transformation and transformation plasticity such that

_««ij ¼ _««e
ij þ _««ij

p þ _««T
ij þ _««m

ij þ _««tp
ij : (10:6)

Here, the elastic strain

«e
ij ¼

1þ n

E
sij �

n

E
(skk)dij, (10:7)

with Young’s modulus E and Poisson’s ratio n.

The thermal strain is the function of initial temperature of material T0 and thermal

expansion coefficient a as follows:

«T
ij ¼ a(T � T0)dij: (10:8)

The plastic strain rate is reduced to the form by employing temperature-dependent material

parameters

_««p
ij ¼ l

›F

›sij

, (10:9)

� ¼ ĜG
›F

›skl

_sskl þ
›F

›T
_TT þ

XN
I¼1

›F

›jI

_jjI þ
›F

›C
_CC

( )
, (10:10)

1

ĜG
¼ � ›F

›«
p
mn

þ ›F

›k
smn

� �
›F

›smn

, (10:11)

with a temperature-dependent yield function

F ¼ F (T , C, sij , «p, jI , k), (10:12)

where k is the hardening parameter.

Strain rates due to structural dilatation and transformation plasticity depending on the

I-th constituent are as follows:

_««m
ij ¼

XN
I¼1

bI
_jjIdij and _««tp

ij ¼
3

2

XN
I¼1

KIh(jI ) _jjI sij , (10:13)

where b and KI stand for the dilatation due to structural change and parameter due to

transformation plasticity depending on the I-th constituent.

10.8.1.4 Kinetics of Quenching Process

In the case of quenching, two kinds of phase transformation are anticipated: One is governed

by the diffusionless or martensite mechanism. From thermodynamic consideration, the

formula for this type of reaction from austenite is often assumed to be governed by the

modified Magee’s rule [54] as
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jM ¼ 1� exp c1T þ c2(C � C0)þ c31sij þ c32J
1=2
2 þ c4

n o
; (10:14)

where jM is the volume fraction of martensite which is the function of carbon content,

temperature, and stress. Here J2 is the second invariant of deviatory stress. f1, f2, f3, and

f4 are all coefficients obtained from experiments.

The other type of phase transformation is controlled by diffusion mechanism, and the

volume fraction of developing phase such as pearlite may be expressed by modifying the

Johnson–Mehl relation [55] as

jp ¼ 1� exp �
ðt

0

ft(T)fs(sij)fc(C)(t� t)3 dt

� �
: (10:15)

In this equation, ft(T), fs(sij), and fc(C ) are the function of temperature T, stress sij, and

carbon content C, respectively. Because the TTT diagram under the applied mean stress sm

in logarithmic scale deviates from the one without stress, which is represented by the

function f(T ), the kinetic equation of diffusion type is often applied to the variations of

pearlite or ferrite structure in quenching processes. An identification of the function f(T )

can be made possible by the use of some experimental data of the structure change.
10.8.1.5 Transformation Plasticity

Transformation plasticity is known as the phenomenon of accelerated plastic deformation

caused by a low level of applied stress during the phase transformation. In addition to the

coupling effects between stress and phase transformation, this phenomenon is also expected

to influence the stress and strain distribution during quenching. Following Desalos et al. [56],

the transformation plastic strain rate _««ij
tp is determined by

_««tp
ij ¼

XN�1

I

3

2
KIh(jI )

_jjI sij

� �
and h(jI ) ¼ 2(1� jI ): (10:16)

Here, KI the transformation plasticity coefficient for martensitic or pearlitic transformation,

in this case, may be identified by the experimental results’ dependence on dilatation–

temperature diagrams.
10.8.2 COUPLING ALGORITHM IN SIMULATION BY FINITE-ELEMENT ANALYSIS

Based on the metallo-thermo-mechanical theory [50,51], The formulated finite-element equa-

tion system considering the coupling between increment of nodal displacement {Du} and

temperature {T} as well as volume fraction of structure jI can be expressed as

[P]{T}þ [H]{T} ¼ {Q(jI ), sij} (10:17)

and

[K(ui)]{Dui} ¼ {DF (T , jI )}: (10:18)

Here, matrices [P], [H], and [K] represent the matrices of heat capacity, heat conduction, and

stiffness, respectively, and the vectors {Q} and {DF} are heat flux and increments of thermal
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load. Thes e equati ons are strong nonlinear equatio ns, whi ch a re derive d by the us e of the

express ion of stre ss increm ent ve ctor as

{ds } ¼ [D ] {d«} � 3d �««c

2 �ss
{ s } �

XN
I ¼ 1

{ �aa} dT �
XN
I ¼ 1

{ �bb} djI

 !
�
XN � 1

I

3

2 
K I h(j I ) dj i { s}

þ 1

S0

›�ss 
2

›T
d T þ

XN
I ¼ 1

›�ss 
2

›jI

djI

 !
fs g; (10: 19)

wher e �«« 
c an d {s } are equival ent creep stra in and de viatoric stress ve ctor. [D ] denotes an

elastic– plastic matr ix based on Mises’ type yiel d functi on. Here, the functions de pending on

tempe rature and pha se trans form ation ��� and ��� can be written as

{ �aa} ¼ ›

›T 
([D e ]� 1 {s }) þ

XN
I ¼ 1

aI j I {1} þ ›aI

›T
jI dT {1}

� �
(10: 20)

and

{ �bb} ¼ ›

›jI

[ D e ] � 1 {s }
� �

þ bI {1}, (10: 21)

aI and bI a re the coefficie nts of thermal expansi on and dilatati on due to I -th pha se trans -

form ation, respect ively. [ D e ] deno tes the e lastic matr ix of material s.

In order to treat unsteady coup led equ ations depen ding on time, a tim e integ ration

scheme step- by-step time integ ratio n method and New ton–R aphson method are intr oduc ed

in numeri cal calculati on, while an increm ental method is used for de formati on and stress

analys is. Becau se he at trans fer coefficie nt is depen dent on the varia tion of the tempe rature on

the bounda ry of he at trans fer, we also use the time step of nonuni form to calcul ate tempe ra-

ture, pha se trans forma tion, and deform ation field s [51] .

10.8.3 EXAMPLE OF S IMULATION R ESULTS

10.8. 3.1 Predicti on of Warpage of Steel Shafts with Keywa y

The finite-elem ent method system DE FORM -HT [57] was used for simulat ing quen ching of

a JIS S45C (0.45 % C) steel shaft with ke yway [43]. A cyli nder, 10 mm in diame ter and 100 mm

long, was wi th a keywa y, 2.5 mm de ep and 4 mm wide (see Figure 10.28) . A tetr ahedral mesh

contai ning approxim ately 33,000 elem ents was applie d to one half of the specim en; symmetry

cond itions were applied to the cen ter surfac e. The resul ts were evaluat ed against the exp eri-

menta l data. The simu lated quench disto rtion history was co mpared agains t its real coun ter-

part. Excell ent resem blance was found betwe en them as sho wn in Figu re 10.32. In both reality

and simulat ion, the shaft be nt toward the ke yway side in the beginni ng 1.7 s and bent to the

other direction afte r 1.7 s. This phen omenon was believed to be caused by the combinat ion of

therm al stress, deforma tion, and trans formati on-induced volume changes.

10.8. 3.2 Predicti on of Distorti on during Carburi zed Quenchin g

Process of Cr –Mo Steel Ring

Yam anaka et al. [58] co nducted a coup led meta llo-ther mo-m echanical analysis by using the

heat-treatment simulation code HEARTS for a ring-shaped model (see Figure 10.33) of Cr–Mo
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FIGURE 10.32 Distortion behavior of S45C steel shaft (10 mm in diameter and 100 mm long, was with a

keyway, 2.5 mm deep and 4 mm wide, see Figure 10.28) during 308C still-water quenching, and simulation

result by using DEFORM-HT. (From T. Inoue, D.Y. Ju, and Y. Arimoto, Proceedings of the First

International Conference on Quenching and Distortion Control (Chicago), 1992, pp. 205–212.)
steel under carburized quenching. Diffusion equation for carbon content was solved

and coupled with metallo-thermo-mechanical analysis. The results were compared with

the experimental data to verify and evaluate the influence of transformation plasticity on

simulation results.
f75

f25

10

(a)

FIGURE 10.33 Dimension of ring-shaped specimen of chromium–molybdenum steel and mesh division

near an edge of a ring-shaped model. (From S. Yamanaka, T. Sakanoue, T. Yoshii, T. Kozuka, and

T. Inoue, in Heat Treating Including the Liu Dai Memorial Symposium, Proceedings of the 18th

Conference, R.A. Wallis and H.W. Walton, Eds., ASM International, Materials Park, OH, 1998,

pp. 657–665.)
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(b)

FIGURE 10.33 (Continued)
Figure 10.34 shows the simu lated dist ortion of cross section of the ring at final step.

Expe rimental resul ts of dist ortio n are plotted as solid marks in the figur e. Change s in

the disto rtion with time an d withou t trans form ation plastici ty a re shown in Figure 10.35.

The m ost r emarkable difference between with and without effects of trans formation

plastici ty carburized qu enching lies i n the mode of distortion. Transformation plasticity

gives convex shape on all the surfaces, but concave without the effect. Experimental data

agree well wi th sim ulat ed distortion wit h the effect in both c ases of carburized and normal

quenching.
(a)

(b)
With transformation plasticity
Without transformation plasticity
Initial
Experimental

FIGURE 10.34 Simulated distortion after quenching with measured data. Distortion is enlarged by

100 times. Central axis is the left side. (a) Carburized quenching, (b) normal quenching. (From

S. Yamanaka, T. Sakanoue, T. Yoshii, T. Kozuka, and T. Inoue, in Heat Treating Including the Liu

Dai Memorial Symposium, Proceedings of the 18th Conference, R.A. Wallis and H.W. Walton, Eds.,

ASM International, Materials Park, OH, 1998, pp. 657–665.)
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With transformation plasticity With transformation plasticity

Without transformation plasticityWithout transformation plasticity(a) (b)

Time
10 s
60 s
2400 s

FIGURE 10.35 Comparison of simulated results depending on the effect of transformation plasticity

in course of quenching. Distortion is enlarged by 100 times. Central axis is the left side. (a) Carburized

quenching, (b) normal quenching. (From S. Yamanaka, T. Sakanoue, T. Yoshii, T. Kozuka, and

T. Inoue, in Heat Treating Including the Liu Dai Memorial Symposium, Proceedings of the 18th

Conference, R.A. Wallis and H.W. Walton, Eds., ASM International, Materials Park, OH, 1998, pp.

657–665.)
10.9 SUMMARY

This article provides a detailed explanation of the contributing factors affecting distortion,

residual stress, and cracking of heat-treated steel components. Although mechanism of

distortion and stress in heat treating is complex, an understanding of these factors allows

the engineer to keep the heat-treating process under control.
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11.1 INTRODUCTION

Tool steels are very special steels used to shape, cut, and form an extremely wide variety of

metals and othermaterials under demanding conditions. The first known toolmade of iron date

back 60 centuries. The heat treatment to harden tool iron, consisting of heating and water
oup, LLC.



que nching, was known 30 cen turies ago. The earli est tool steels were ba sed on plain carbon steel.

In the mid-19th century and early in the 20 th century , highly alloy ed tool steel s wer e de veloped

to meet very stringent req uirements for specific applic ations. This ev olution was taking place in

parall el with the unde rstand ing of the benefi t of the alloy ing elemen ts such as manganes e,

tungst en, molybd enum, vanad ium, and chromi um, and their availab ility. In pa rallel to this

evolut ion, steelmaki ng evo lved toward more con trolled cond itions to impr ove the qualit y and

cleanl iness of the tool steel s. This advance in technol ogy and knowl edge allows designi ng

specia lized tool steels for cold and hot worki ng of metals, mo lding plast ics, as well a s for

many other specia l purp oses. This chap ter reviews manufa cturi ng and heat treat ment of various

types of tool steels to achieve the required prop erties for specif ic applic ations.
11.2 CLASSIFICATION AND SELECTION OF TOOL STEELS

Tool steels have been or ganized into gro ups that ha ve evolved to perfor m spe cific function s,

such as forgi ng, cold working, die casting, and high -speed machin ing, in a varie ty of ope rating

con ditions. Within each group may be many grad es that diff er slightly from one another to

accomm oda te somew hat diff erent pro cessing requir ement s, ope rating cond itions, or work

mate rials.

Various systems are used to classify tool steels. The most widely used system was developed

by the American Iron and Steel Institute (AISI). It arranges tool steels into groups that are based

on prominent characteristics such as alloying, application, or heat treatment. Table 11.1 lists nine

main groups of tool steels and their identifying letter symbols [1,2]. Table 11.2 presents the AISI

classification and the nominal compositions of the most widely used tool steels [1,2]. These steels

are also identified by designation in the United Numbering System (UNS) for metals and alloys.

Other independent classification systems for tool steels from other countries such as Germany,

Japan, Great Britain, and France, exist, and are listed in Table 11.3 [1,3,4].

11.2.1 SELECTION OF TOOL STEELS

The selection of tool steel for a specific operation is based on two major criteria: (1) the

performance of the steel for a given application; and (2) analysis of the limitation associated
TABLE 11.1
Main Groups of Tool Steels and AISI Letter Symbols

Group Identifying Symbol

Water-hardening tool steels W

Shock-resisting tool steels S

Oil-hardening cold-working tool steels O

Air-hardening, medium-alloy cold-working tool steels A

High-carbon, high-chromium cold-working tool steels D

Mold steels P

Hot-working tool steels, chromium, tungsten, and molybdenum H

Tungsten high-speed tool steels T

Molybdenum high-speed tool steels M

Source: From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International,

Materials Park, OH, 1998, p. 7; Tool steels, Heat Treater’s Guide: Practices and Procedures for

Irons and Steels, H. Chandler, Ed., ASM International, Materials Park, OH, 1995, pp. 517–669.
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TABLE 11.2
AISI Classification and Nominal Compositions of Major Tool Steels

Identifying Elements, %

AISI UNS No. C Mn Si Cr V W Mo Co Ni

Water-hardening tool steels

W1 T72301 0.60–1.40 (a) — — — — — — — —

W2 T72302 0.60–1.40 (a) — — — 0.25 — — — —

W5 T72305 1.10 — — 0.50 — — — — —

Shock-resisting tool steels

S1 T41901 0.50 — — 1.50 — 2.50 — — —

S2 T41902 0.50 — 1.00 — — — 0.50 — —

S5 T41905 0.55 0.80 2.00 — — — 0.40 — —

S6 T41906 0.45 1.40 2.25 1.50 — — 0.40 — —

S7 T41907 0.50 — — 0.75 — 1.75 — — —

Oil-hardening cold-work tool steels

01 T31501 0.90 1.00 — 0.50 — 0.50 — — —

02 T31502 0.90 1.60 — — — — — — —

0.6 (b) T31506 1.45 0.80 1.00 — — — 0.25 — —

07 T31507 1.20 — — 0.75 — 1.75 — —

Air-hardening, medium-alloy cold-work tool steels

A2 T30102 1.00 — — 5.00 — — 1.00 — —

A3 T30103 1.25 — — 5.00 1.00 — 1.00 — —

A4 T30104 1.00 2.00 — 1.00 — — 1.00 — —

A6 T30106 0.70 2.00 — 1.00 — — 1.25 — —

A7 T30107 2.25 — — 5.25 4.75 1.00 (c) 1.00 — —

A8 T30108 0.55 — — 5.00 — 1.25 1.25 — —

A9 T30109 0.50 — — 5.00 1.00 — 1.40 — 1.50

A10 (b) T30110 1.35 1.80 1.25 — — — 1.50 — 1.80

High-carbon, high-chromium cold-work steels

D2 T30402 1.50 — — 12.00 1.00 — 1.00 — —
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TABLE 11.2 (Continued )
AISI Classification and Nominal Compositions of Major Tool Steels

Identifying Elements, %

AISI UNS No. C Mn Si Cr V W Mo Co Ni

D3 T30403 2.25 — — 12.00 — — — — —

D4 T30404 2.25 — — 12.00 — — 1.00 — —

D5 T30405 1.50 — — 12.00 — — 1.00 — —

D7 T30407 2.35 — — 12.00 4.00 — 1.00 — —

Low-alloy special-purpose tool steels

L2 T61202 0.50–1.10 (a) — — 1.00 0.20 — — — —

L6 T61206 0.70 — — 0.75 — — 0.25 (c) — 1.50

Mold steel

P2 T51602 0.07 — — 2.00 — — 0.20 — 0.50

P3 T51603 0.10 — — 0.50 — — — — 1.25

P4 T51604 0.07 — — 5.00 — — 0.75 — —

P5 T51605 0.10 — — 2.25 — — — — —

P6 T51606 0.10 — — 1.50 — — — — —

P20 T51620 0.35 — — 1.70 — — 0.40 — 3.50

P21 T51621 0.20 1.20 (Al) — — — — — — 4.00

Chromium hot-work tool steels

H10 T20810 0.40 — — 3.25 0.40 — 2.50 — —

H11 T20811 0.35 — — 5.00 0.40 — 1.50 — —

H12 T20812 0.35 — — 5.00 0.40 1.50 1.50 — —

H13 T20813 0.35 — — 5.00 1.00 — 1.50 — —

H14 T20814 0.40 — — 5.00 — 5.00 — — —

H19 T20819 0.40 — — 4.25 2.00 4.25 — 4.25 —

Tungsten hot-work tool steels

H21 T20821 0.35 — — 3.50 — 9.00 — — —

H22 T20822 0.35 — — 2.00 — 11.00 — — —

H23 T20823 0.30 — — 12.00 — 12.00 — — —

H24 T20824 0.45 — — 3.00 — 15.00 — — —

H25 T20825 0.25 — — 4.00 — 15.00 — — —

H26 T20826 0.50 — — 4.00 1.00 18.00 — — —
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Molybdenum hot-work tool steels

H42 T20842 0.60 — — 4.00 2.00 6.00 5.00 — —

Tungsten high-speed tool steels

T1 T12001 0.75 (a) — 4.00 1.00 18.00 — — — —

T2 T12002 0.80 — — 4.00 2.00 18.00 — — —

T4 T12004 0.75 — — 4.00 1.00 18.00 — 5.00 —

T5 T12005 0.80 — — 4.00 2.00 18.00 — 8.00 —

T6 T12006 0.80 — — 4.00 1.50 20.00 — 12.00 —

T8 T12008 0.75 — — 4.00 2.00 14.00 — 5.00 —

T15 T12015 1.50 — — 4.00 5.00 12.00 — 5.00 —

Molybdenum high-speed tool steels

M1 T11301 0.80 (a) — — 4.00 1.00 1.50 8.00 — —

M2 T11302 0.85–1.00 (a) — — 4.00 2.00 6.00 5.00 — —

M3, class 1 T11313 1.05 — — 4.00 2.40 6.00 5.00 — —

M3, class 2 T11323 1.20 — — 4.00 3.00 6.00 5.00 — —

M4 T11304 1.30 — — 4.00 4.00 5.50 4.50 12.00 —

M6 T11306 0.80 — — 4.00 2.00 4.00 5.00 — —

M7 T11307 1.00 — — 4.00 2.00 1.75 8.75 — —

M10 T11310 0.85–1.00 (a) — — 4.00 2.00 — 8.00 5.00 —

M30 T11330 8.00 — — 4.00 1.25 2.00 8.00 8.00 —

M33 T11333 0.90 — — 4.00 1.15 1.50 9.50 8.00 —

M34 T11334 0.90 — — 4.00 2.00 2.00 8.00 8.00 —

M36 T11336 0.80 — — 4.00 2.00 6.00 5.00 8.00 —

Ultra hard high-speed tool steels

M41 T11341 1.10 — — 4.25 2.00 6.75 3.75 5.00 —

M42 T11342 1.10 — — 3.75 1.15 1.50 9.50 8.00 —

M43 T11343 1.20 — — 3.75 1.60 2.75 8.00 8.25 —

M44 T11344 1.15 — — 4.25 2.00 5.25 6.25 12.00 —

M46 T11346 1.25 — — 4.00 3.20 2.00 8.25 8.25 —

M47 T11347 1.10 — — 3.75 1.25 1.50 9.50 5.00 —

(a) Available with different carbon contents. (b) Contains graphite. (c) Optional.

Source: From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International, Materials Park, OH, 1998, p. 8; Tool steels, Heat Treater’s Guide: Practices and

Procedures for Irons and Steels, H. Chandler, Ed., ASM International, Materials Park, OH, 1995, pp. 517–669.
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TABLE 11.3
Cross-References of AISI Tool Steels Designations to Designations in Other National Systems

United States (AISI) West Germany (DIN)a Japan (JIS)b
Great Britain

(B.S.)c France (AFNOR)d Sweden (SS14)

Molybdenum high-speed steels (ASTM A600)

M1 1.3346 — 4659 BMI A35-590 4441

Z85DCWV08-04-02-10

2715

M2, reg C 1.3341, 1.3343, 1.3345,

1.3553, 1.3554

G4403 SKH51 (SKH9) 4659 BM2 A35-590 4301

Z85WDCV06-05-04-10

2722

M2, high C 1.3340, 1.3342 — — A35-590 4302

Z90WDCV06-05-04-02

—

M3, class 1 — G4403 SKH52 — — —

M3, class 2 1.3344 G4403 SKH53 — A35-590 4360

Z120WDCV06-05-04-03

(USA M3 class 2)

M4 — G4403 SKH54 4659 BM4 A35-590 4361

Z130WDCV06-05-04-04

—

M7 1.3348 G4403 SKH58 — A35-590 4442

Z100DCWV09-04-02-02

2782

M10, reg C — — — — —

M10, high C — — — — —

M30 1.3249 — 4659 BM34 — —

M33 1.3249 — 4659 BM34 — —

M34 1.3249 — 4659 BM34 — —

M35 1.3243 G4403 SKH55 — A35-590 4371

Z85WDKCV06-05-05-04-02

—

A35-590 4372

Z90WDKCV06-05-05-04-02

M36 1.3243 G4403 SKH55,

G4403 SKH56

— A35-590 4371

Z85WDKCV06-05-05-04

—

M41 1.3245, 1.3246 G4403 SKH55 — A35-590 4374

Z110WDKCDV07-05-04-04

2723

M42 1.3247 G4403 SKH59 4659 BM42 A35-590 4475

Z110DKCWV09-08-04-02

2736

M43 — — — A35-590 4475 —
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Z110DKCWV09-08-04-02-01

M44 1.3207 G4403 SKH57 4659 (USA M44) A35-590 4376

Z130KWDCV12-07-06-04-03

—

M46 1.3247 — — — —

M47 1.3247 — — — —

Intermediate high-speed steels

M50 1.2369, 1.3551 — — A35-590 3551 Y80DCV42.16 (USA M50)

M52 — — — — —

Tungsten high-speed steels (ASTM A600)

T1 1.3355, 1.3558 G4403 SKH2 4659 BT1 A33-590 4201

Z80WCV18-04-01

—

T2 — — 4659 BY2, 4659 BT20 4203 18-02 —

T4 1.3255 G4403 SKH3 4659 BT4 A35-590 4271

Z80WKCV18-05-04-01

—

T5 1.3265 G4403 SKH4B 4659 BT5 A35-590 4275

Z80WKCV18-10-04-02

(USA T5)

T6 1.3257 — 4659 BT6 — —

T8 — G4403 SKH10 — — —

T15 1.3202 4659 BT15 A35-590 4171

Z160WKVC12-05-05-04

(USA T15)

Chromium hot-work steels (ASTM A681)

H10 1.2365, 1.2367 G4404 SKD7 4659 BH10 A35-590 3451 32DCV28 —

H11 1.2343, 1.7783, 1.7784 G4404 SKD6 4659 BH11 A35-590 3431 FZ38CDV5 —

H12 1.2606 G4404 SKD62 4659 BH12 A35-590 3432 Z35CWDV5 —

H13 1.2344 G4404 SKD61 4659 BH13, 4659 H13 A35-590 3433 Z40CDV5 2242

H14 1.2567 G4404 SKD4 — 3541 Z40WCV3 —

H19 1.2678 G4404 SKD8 4659 BH19 — —

Tungsten hot-work steels (ASTM A681)

H21 1.2581 G4404 SKD5 4659 BH21, 4659 H21A A35-590 3543

Z30WCV9

2730

H22 1.2581 G4404 SKD5 — — —

H23 1.2625 — — — —

H24 — — — — —

H25 — — — — —

H26 — — 4659 BH26 — —
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TABLE 11.3 (Continued )
Cross-References of AISI Tool Steels Designations to Designations in Other National Systems

United States (AISI) West Germany (DIN)a Japan (JIS)b
Great Britain

(B.S.)c France (AFNOR)d Sweden (SS14)

Molybdenum hot-work steels (ASTM A681)

H42 — — — 3548 Z65WDCV6.05 —

Air-hardening, medium-alloy cold-work steels (ASTM A 681)

A2 1.2363 G4404 SKD12 4659 BA2 A35-590 2231 Z100CDV5 2260

A3 — — — — —

A4 — — — — —

A5 — — — — —

A6 — — 4659 BA6 — —

A7 — — — — —

A8 1.2606 G4404 SKD62 — 3432Z38CDWV5 —

A9 — — — — —

A10 — — — — —

High-carbon, high-chromium cold-work steels (ASTM A681)

D2 1.2201, 1.2379, 1.2601 G4404 SKD11 4659 (USA D2),

4659 BD2

4659 BD2A

A35-590 2231 Z100CFV5 —

D3 1.2080, 1.2436, 1.2884 G4404 SKD1,

G4404 SKD2

4659 BD3 A35-590-2233 Z200C12 —

D4 1.2080, 1.2436, 1.2884 G4404 SK1,

G4404 SKD2

4659 BD3 A35-590 2233 Z200C12 —

D5 1.2880 — — A35-590 2234 Z200CD12 2312

D7 1.2378 — — 2237 ZC30CVA12.04 —

Oil-hardening cold-work steels (ASTM A681)

O1 1.2510 G4404 SKS21,

G4404 SKS3,

G4404 SKS93,

G4404 SKS94,

G4404 SKS95

4659 BO1 A35-590 2212 90 MWCV5 2140

O2 1.2842 — 4659 (USA 02)

4659 BO2
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O6 1.2206 — — A35-5902132 130C3 —

O7 1.214, 1.2419, 1.2442,

1.2516, 1.2519

G4404 SKS2 — A35-590 2141 105WC13 —

Shock-resisting steels (ASTM A681)

S1 1.2542, 1.2550 G4404 SKS 41 4659 BS1 A35-590 2341 55WC20 2710

S2 1.2103 — 4659 BS2 A35-590 2334 Y45SCD6 —

S5 1.2823 — 4659 BS5 — —

S6 — — — — —

S7 — — — —

Low-alloy special-purpose steels (ASTM A681)

L2 1.2235, 1.2241,

1.2242, 1.2243

G4404 SKT3,

G4410 SKC11

— A35-590 3355 55CNDV4 —

L6 1.2713, 1.2714 G4404 SKS51,

G4404 SKT4

— A35-590 3381 55NCDV7 —

Low-carbon mold steels (ASTM A681)

L2 1.2235, 1.2241,

1.2242, 1.2243,

1.2713, 1.2714

G4404 SKT3,

G4410 SKC11

— A35-590 33335 55CNDV4 —

L6 1.2713, 1.2714 G4404 SKS51,

G4404 SKT4

— A35-590 3381 55NCDV7 —

Low-carbon mold steels (ASTM A681)

P2 — — — — —

P3 1.5713 — — 2881 Y10NC6 —

P4 1.2341 — — — (USA P4)

P5 — — — — —

P6 1.2735, 1.2745 G4410 SKC31 — 2882 10NC12 —

P20 1.2311, 1.2328, 1.2330 — 4659 (USA P20) A35-590 2333 35CMD7 (USA P20)

P21 — — — — —
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TABLE 11.3 (Continued )
Cross-References of AISI Tool Steels Designations to Designations in Other National Systems

United States (AISI) West Germany (DIN)a Japan (JIS)b
Great Britain

(B.S.)c France (AFNOR)d Sweden (SS14)

Water-hardening steels (ASTM A686)

W1 1.1525, 1.1545, 1.1625,

1.1654, 1.1663,

1.1673, 1.1744, 1.1750,

1.1820, 1.1830

G4401 SK1, G4401 SK2,

G4401 SK3, G4401 SK4,

G4401 SK5, G4401 SK6,

G4401 SK7, G4410 SKC3

4659 (USA WI),

4659 BW1A,

4659 BW1B,

4659 BW1C

A35-590 1102 Y(1) 105,

A35-590 1103 Y(1) 90,

A35-590 1104 Y(1) 80,

A-35-590 1105 Y(1) 70,

A35-590 1200 Y(2) 140,

A35-590 1201 Y(2) 120,

A35-596 Y75, A35-596 Y90

—

W2 1.1645, 1.2206, 1.283 G4404 SKS43, G4404 SKS44 4659 BW2 A35-590 1161 Y120V,

A35-590 1162 Y105V,

A35-590 1163 Y90V,

A35-590 1164 Y75V,

A35-590 1230 Y(2) 140C,

A35-590 2130 Y100C2

(USA W2A) (USA

W2B) (USA W2C)

W5 1.2002, 1.2004, 1.2056 — — A35-590 1232 Y105C —

aDeutsche Industries Normen (German Industrial Standards).

bJapanese Industrial Standard.

cBritish Standard.

dL’Association Française de Normalization (French Standards Association).

(a) Available with different carbon contents. (b) Contains graphite. (c) Optional.

Source: From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International, Materials Park, OH, 1998, pp. 10–12; J.G. Gensure and D.L. Potts, International

Metallic Materials Cross-Reference, 3rd ed., Genium Publishing, New York, 1988; C.W. Wegst, J.C. Hamaker, Jr., and A.R. Johnson, Tool Steels, 3rd ed., American Society for

Metals, Materials Park, OH, 1962.
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with the manufa cture of the tool die or mold. After the prelimina ry selec tion ba sed on the

above two crit eria, the final selec tion wi ll be based on the final cost per unit pa rt produ ced by

the tool [1].

11.2.2 MANUFACTURING CHARACTERISTICS A RE RELATED TO HEAT -TREATMENT R ESPONSE

Servic e charact eristics are related to tough ness, resi stance to soft ening, an d wear resi stance. An

overvi ew an d compari son of the most impor tant manu facturing and service ch aracteris tics of

tool steels are given in Tabl e 11.4. This qua litative ranking helps asses sing various tool steels.
11.3 MANUFACTURING OF TOOL STEELS

Tool steels are pre pared using various process es such as steelmaki ng and casting, powder

meta llurgy (P=M), and the Ospray pro cess. A summ ary of these manu facturing process es is

present ed along with their benefits and limit ations in terms of impr oved quality and low er co st.

11.3.1 STEELMAKING

Tool steels are process ed through an electrica l arc furnace (EAF) ; seconda ry refining pro-

cesses ha ve been intro duced recent ly such as argon–oxyg en de carburiza tion (AOD) , va cuum–

oxygen dec arburizati on (VOD ), and the use of ladle furnace s [7]. The princip le benefi ts

associ ated with secondary refi ning are reduced furnac e time, increased overal l cap acity,

impr oved yield qua lity, con sistency, an d rep roducibi lity.

Most too l steels are process ed using EAFs. The cleanl iness of the liqui d steel and the control

of the chemi stry are perfor med in ladle furnace , the AOD pro cess, and vacuum arc degassi ng

process (VAD ) [8,9]. In the latter process , opt imum tempe ratur es for vacuum degassi ng,

refining, as well as final alloy composi tion and subsequ ent ingot teeming can be accurat ely

control led. In addition, stirri ng the argon unde r vacuum pro vides melt unifor mity and maxi -

mize s the remova l of unde sirable gases and nonmeta llic inclus ions from the steel . Next to

vacuum arc melting, the VAD pro cess impro ves cleanl iness and he nce, mechani cal prop erties

in the final pr oduct. This process is requir ed when higher levels of polish ability and impr oving

toughne ss of tool steels are required . If more cleanl iness and impr oved prop erties are requir ed,

vacuum arc remel ting (VAR ) is employ ed. In this process , the molt en steel from the VA D is

teem ed into a cy lindrical ingot. The ingot is then remelted unde r vacuum into a water-c ooled

copp er mold. The resul tant VAR ingot is forged into inter media te billets or to the final product.

To improve cleanl iness by reducing nonm etallic inclusions of the steel a nd to reduce segreg a-

tion of oth er pro cesses such as elect roslag remel ting, P =M, an d spray forming are used.

Electroslag remeltin g, which is employ ed in the producti on of a relative ly smal l percent age

of tool steels, involves passing an electrical current through a consumable electrode of similar

chemistry as that desired in the final ingot, that resistance melts under a protective, refining

slag, and is then solidified into an ingot. The electrode is usually of the similar chemistry as

the final ingot [10]. The cleanliness of ESR-melted product is superior to that of air-melted

EAF product due to the reduction of sulfur and the removal of inclusions by the ESR slag,

which results in better prop erties such as fatigue resi stance , as illu strated in Figure 11.1, an d

improved hot workability.

P=M has been used in the past to produce high-alloy tool steels. It is now a major

manufacturing process for various types of tool steels such as cold-work and hot-work tool

steels. The powder process involves melting the steel to the desired chemistry and then

producing the powder by impinging a thin stream of molten steel with jets of water or gas.

The powder is then processed through a series of operations such as drying, screening,
� 2006 by Taylor & Francis Group, LLC.



TABLE 11.4
Manufacturing and Service Characteristics of Tool Steels

Hardening and Tempering Fabrication and Service

AISI Designation

Resistance to

Decarburization

Hardening

Response

Amount of Distortion (a) Resistance to

Cracking

Approximate

Hardness (b), HRC

Machinability Toughness Resistance

to Softening

Resistance

to Wear

Molybdenum high-speed steels

M1 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Very high Very high

M2 Medium Deep A or S, low, O, medium Medium 60–65 Medium Low Very high Very high

M3 (class 1 and

class 2)

Medium Deep A or S, low, O, medium Medium 61–66 Medium Low Very high Very high

M4 Medium Deep A or S, low, O, medium Medium 61–66 Medium Low Very high Very high

M6 Low Deep A or S, low, O, medium Medium 61–66 Medium Low Highest Very high

M7 Low Deep A or S, low, O, medium Medium 61–66 Medium Low Very high Very high

M10 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Very high Very high

M30 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Highest Very high

M33 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Highest Very high

M34 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Highest Very high

M36 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Highest Very high

M41 Low Deep A or S, low, O, medium Medium 65–70 Medium Low Highest Very high

M42 Low Deep A or S, low, O, medium Medium 65–70 Medium Low Highest Very high

M43 Low Deep A or S, low, O, medium Medium 65–70 Medium Low Highest Very high

M44 Low Deep A or S, low, O, medium Medium 65–70 Medium Low Highest Very high

M46 Low Deep A or S, low, O, medium Medium 67–69 Medium Low Highest Very high

M47 Low Deep A or S, low, O, medium Medium 65–70 Medium Low Highest Very high

Tungsten high-speed steels

T1 High Deep A or S, low, O, medium High 60–65 Medium Low Very high Very high

T2 High Deep A or S, low, O, medium High 61–65 Medium Low Very high Very high

T4 Medium Deep A or S, low, O, medium Medium 62–66 Medium Low Highest Very high

T5 Low Deep A or S, low, O, medium Medium 60–65 Medium Low Highest Very high

T6 Low Deep A or S, low, O, medium Medium 60–65 Low to

medium

Low Highest Very high

T8 Medium Deep A or S, low, O, medium Medium 60–65 Medium Low Highest Very high

T15 Medium Deep A or S, low, O, medium Medium 63–68 Low to

medium

Low Highest Highest

Chromium hot-work steels

H10 Medium Deep Very low Highest 39–56 Medium

to high

High High Medium

H11 Medium Deep Very low Highest 38–54 Medium

to high

Very high High Medium
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H12 Medium Deep Very low Highest 38–55 Medium

to high

Very high High Medium

H13 Medium Deep Very low Highest 38–53 Medium

to high

Very high High Medium

H14 Medium Deep Low Highest 40–47 High High High Medium

H19 Medium Deep A or S, low, O, medium High 40–57 High High High Medium to high

Tungsten hot-work steels

H21 Medium Deep A or S, low, O, medium High 36–54 Medium High High Medium to high

H22 Medium Deep A or S, low, O, medium High 39–52 Medium High High Medium to high

H23 Medium Deep A or S, low, O, medium High 34–37 Medium Medium Very high Medium to high

H24 Medium Deep A or S, low, O, medium High 45–55 Medium Medium Very high High

H25 Medium Deep A or S, low, O, medium High 35–44 Medium High Very high Medium

H26 Medium Deep A or S, low, O, medium High 43–48 Medium Medium Very high High

Molybdenum hot-work steels

H42 Medium Deep A or S, low, O, medium Medium 50–60 Medium Medium Very high High

Air-hardening medium-alloy cold-work steels

A2 Medium Deep Lowest Highest 57–62 Medium Medium High High

A3 Medium Deep Lowest Highest 57–65 Medium Medium High Very high

A4 Medium to high Deep Lowest Highest 54–62 Low to

medium

Low to

medium

Medium Medium to high

A6 Medium to high Deep Lowest Highest 54–60 Low to

medium

Low to

medium

Medium Medium to high

A7 Medium to high Deep Lowest Highest 57–67 Low Low High Highest

A8 Medium to high Deep Lowest Highest 50–60 Medium Medium High Medium to high

A9 Medium to high Deep Lowest Highest 35–56 Medium Medium High Medium to high

A10 Medium to high Deep Lowest Highest 55–62 Medium

to high

Medium

to high

Medium High

High-carbon, high-chromium cold-work steels

D2 Medium Deep Lowest Highest 54–61 Low Low High High to very high

D3 Medium Deep Lowest High 54–61 Low Low High Very high

D4 Medium Deep Lowest Highest 54–61 Low Low High Very high

D5 Medium Deep Lowest Highest 54–61 Low Low High High to very high

D7 Medium Deep Lowest Highest 58–65 Low Low High Highest

Oil-hardening cold-work steels

O1 High Medium Very low Very high 57–62 High Medium Low Medium

O2 High Medium Very low Very high 57–62 High Medium Low Medium

O6 High Medium Very low Very high 58–53 Highest Medium Low Medium

O7 High Medium W, high, O, very low W, high, O,

very low

58–64 High Medium Low Medium
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TABLE 11.4 (Continued)
Manufacturing and Service Characteristics of Tool Steels

Hardening and Tempering Fabrication and Service

AISI Designation

Resistance to

Decarburization

Hardening

Response

Amount of Distortion (a) Resistance to

Cracking

Approximate

Hardness (b), HRC

Machinability Toughness Resistance

to Softening

Resistance

to Wear

Shock-resisting steels

S1 Medium Medium Medium High 40–68 Medium Very high Very high Medium

S2 Low Medium High Low 50–60 Medium

to high

Highest Highest Low

S5 Low Medium Medium High 50–60 Medium

to high

Highest Highest Low

S6 Low Medium Medium High 54–56 Medium Medium Very high Low

S7 Medium Deep A, lowest, O, low A, highest,

O, high

47–57 Medium Very high High Low to medium

Low-alloy special-purpose steels

L2 High Medium W, low, O, medium W, high,

O, medium

45–63 High Very

high (c)

Low Low to medium

L6 High Medium Low High 45–62 Medium Very high Low Medium

Low-alloy special-purpose steels

P2 High Medium Low High 58–64 (c) Medium

to high

High Low Medium

P3 High Medium Low High 58–64 (c) Medium

to low

High Low Medium

P4 High High Very low High 58–64 (c) Medium High Medium High

P5 High — W, high, O, low High 58–64 (c) Medium High Low Medium

P6 High — A, very low, O, low High 58–64 (c) Medium High Low Medium

P20 High Medium Low High 28–37 Medium

to high

High Low Low to medium

P21 High Deep Lowest High 30–40 (d) Medium Medium Medium Medium

Water-hardening steels

W1 Highest Shallow High Medium 50–64 Highest High (e) Low Low to medium

W2 Highest Shallow High Medium 50–64 Highest High (e) Low Low to medium

W5 Highest Shallow High Medium 50–64 Highest High (e) Low Low to medium

A, Air cool; B, brine quench; O, oil quench; S, salt bath quench; W, water quench. (b) After tempering in temperature range normally recommended for this steel. (c) Carburized case

hardness. (d) After aging at 510 to 5508C. (e) Toughness decreases with increasing carbon content and depth of hardening.

Source: From A.M. Bayer, T. Vasco, and L.R. Walton, Wrought tool steels, in ASM Handbook, Vol. 1, Properties and Selection: Iron, Steels, and High-Performance Alloys, 10th ed.,

1990, p. 772 Tool Steels, Products Manual, American Iron and Steel Institute, Washington, D.C., 1978.
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FIGURE 11.1 S–N curves for tension–compression fatigue testing of transverse air-melted and ESR A2

specimen. (From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International,

Materials Park, OH, 1998, p. 33; T.V. Philip, Met. Technol., 1975, 554–564.)
annealing, sintering, and pressing into billets that are conventionally forged or rolled into

bars. This process is more suitable for the production of more highly alloyed tool steels such

as high-carbon, high-chromium, and high-speed steels. These steels are very difficult to

produce by cast ingot process due to slow cooling rates, resulting in macrosegregation and

the formation of eutectic-carbide structure that are difficult to be broken down during hot

working [12]. Rapid solidification associated with P=M process reduces segregation and

produces uniform and fine microstructure of an atomized powder. High-speed steels pro-

duced by P=M have better grindability than the same steel produced by casting due to their

fine and uniformly distributed carbides. Figure 11.2 illustrates the finer and uniformly

distributed carbides and homogeneous microstructure in bars produced by P=M compared

to that in ingot casting [13].

The spray forming process [1] is attracting more attention because of its economy and

capability of producing dense, preformed products of metals of different shapes. This process

consists of gas atomization of molten metal by nitrogen or argon into small droplets. These

droplets are deposited into a rotating collector that can produce products with different
Powder-metallurgically produced bars Bars produced by ingot casting

250 μm

(a) (b)

FIGURE 11.2 Microstructure in 100-mm diameter. Bars of high-speed steel M3 produced by (a) P=M
and (b) ingot casting. (From S. Wilmes, H-J. Becker, and R. Krumpholz, ‘‘Tool Steels’’, A Handbook for

Materials Research and Engineering, Vol. 2, Applications, ed., Verein Deurscher Eisenhuttenleute, 1993,

p. 327.)
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shapes such as billet, hollows, and sheet. Tool steels have been produced in Japan using the

Ospray process since 1986. High-carbon, high-speed steel, and high-chromium cast iron are

the alloy sprayed [8,14]. High-alloy steels made using Ospray have uniform and fine carbides

of a size close to P=M products. A comparison of properties of high-speed steel tools

manufactured by Ospray, powder metallurgy, and ingot metallurgy, is given in Table 11.5.

It shows that the performance of tools produced by the Ospray process is equivalent to that

produced by P=M.

11.3.2 THERMOMECHANICAL PROCESSING

The purpose of hot working such as hot forging and hot rolling is to produce tool steels close

to the final shape and dimension and to improve the properties and performance of the final

tool through grain refinement and uniform carbide distribution. After hot working, the

forged or rolled bars must be annealed usually to avoid cracking during machining, grinding,

or reheating for further work. The typical hot working start temperature range is about 1190

to 10908C and the finish temperature range is about 955 to 10108C, depending on the steel

grade and the process used to produce it.

Usually, in finish rolling after forging, a rapid heating of a 135-mm diameter billet from

room temperature to the hot rolling temperature of approximately 11508C in 10 min is used to

prevent decarburization. Hot workability of tool steels depends on their chemistry and high

alloying reduces it. It improves with grain refinement and reduction of segregation. Hot

working of a cast structure is lower than that of the forged or rolled billet because of the

coarser grain size and carbides, as well as higher segregation degree of the former micro-

structure.
11.4 IMPORTANT STEEL PROPERTIES RELEVANT TO THE MANUFACTURE
OF TOOLS

The properties of steels that are important in the manufacturing of tools include dimen-

sional accuracy, hot ductility, cold formability, machinability, grindability, polishability, and

resistance to decarburization.

11.4.1 DIMENSIONAL ACCURACY DURING HEAT TREATMENT

Distortion, which is the sum of all changes in dimension and shape that appear after heat

treatment, is a common concern in tool steel manufacturing. Usually it is difficult and
TABLE 11.5
Comparison of Properties (Relative Values) of High-Speed Tool Steel Made

by Various Processes

Property Ospray Metallurgy Powder Metallurgy Ingot Metallurgy

Carbide size, mm 5–6 2–3 15–20

Bend strength 90 100 60

Wear resistance 100 90 100

Grindability 80 100 25

Toughness 90 100 60

Source: From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International,

Materials Park, OH, 1998, p. 41.
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expensive to machine tool steels in the hardened condition. The final shape of some tool steels

is produced by machining in the soft-annealed condition [13]. To prevent distortion that

cannot be avoided during heat treatment, this process is carried out prior to manufacturing of

tool steel. The factors that affect dimensional accuracy are (1) specific volume differences of

phases existing before and after heat treatment; (2) thermal stresses caused by temperature

differences between the surface and the core of heat-treated tool; and (3) stresses that are

caused by phase transformation.

Segregation affects distortion through its influence on transformation. Segregation can be

reduced by homogenization heat treatment.

11.4.2 HOT FORMABILITY

The hot ductility of tool steels is important because it prevents cracking during hot rolling or

forging. Hot ductility is reduced by the presence of carbides along grain boundaries, inclu-

sions, sulfur, and tramp elements such as Cu, Sn, and Sb. Improving steel cleanliness by

remelting process is beneficial in preventing transverse cracking during hot forming of highly

alloyed tool steels, such as ledeburitic steels that have poor hot ductility. Crack initiation

could be prevented by improving the surface quality.

11.4.3 COLD FORMABILITY

Soft annealing that produces microstructure with large and spheroidized carbides improves

cold forming such as hobbing and lowers hardness. Tool steels with very high-carbide content

such as ledeburitic carbides, that cannot be influenced strongly by soft annealing, are rarely

manufactured by cold forming.

11.4.4 MACHINABILITY

Machinability is characterized by all the properties of a material that play a role in shaping

steels by the use of cutting tools. Soft steels such as low-carbon tool steels with high-ferrite

content are difficult to machine due to adhesion between the tool and workpiece. In this case,

tool steel is machined in the normalized condition with a ferrite–pearlite microstructure, and

not in the soft-annealed condition. Steels with a high-carbon content are machined under

soft-annealing condition with spheroidized carbides [13]. The best machining results are

obtained with a hardness between about 180 and 230 HB.

Machinability is reduced by the presence of hard particles such as alumina and silica and

special carbides, which increase cratering on the cut surface and abrasion on the top surface.

It is well known that sulfur improves machinability through its influence on chip formation.

Sulfur is generally limited to 0.1% to avoid high anisotropy of properties, such as toughness.

11.4.5 GRINDABILITY

Grindability is the ability to remove a large amount of material by grinding in a short period

of time without damaging the tool surface. The grindability index is the volume of metal

removed per volume of wheel wear. Usually, tools, that are heat treated after machining, are

shaped by grinding after heat treatment. Surface damaging can be caused by the accumula-

tion of heat in the surface, which may cause surface tempering or hardening. Stresses

developed during such heating through volumetric changes may create grinding check defects.

Grindability, which can be measured by abrasion, decreases with increasing hardness, carbide

content, hardness of carbides, and carbide size.
� 2006 by Taylor & Francis Group, LLC.



11.4.6 P OLISHABILITY

Tool steels wi th polish ed surfa ces are used in stam ping, forming, and plastic pro cessing.

Lede buritic tool steels are more difficul t to polish due to the presence of hard ca rbides.

Micros truct ure inhomogen eities result in poor response to polish ing. Cl ean steels with fewer

nonm etallic inclusion s and redu ced segreg ation have excellent polis hability. Hard inclus ions

such as alumina or silicates are de triment al to the qua lity of polis hed tool steels. Polisha bility

increa ses with the hardness , but this is not the only fact or to take into accou nt for designi ng

tool steels with high hard ness.
11.5 IMPORTANT PROPERTIES REQUIRED FOR VARIOUS APPLICATIONS

Tool steels are high-qu ality steels as oppos ed to constru ction steels, for which new steel grades

are developed more econo mically with mechani cal propert ies obtaine d directly from forgi ng

or rolling. The Me chanical prop erty of tool steel s requ ires very highly con trolled heat

treatmen t. The micr ostruc ture and propert ies of tool steel s resulting from heat treatment

dep end on the chemical composi tion for a given grade, on the anneali ng c ondition s.

Tool steels are used for many applications dealin g with manufa cturing. Their field of

app lication includes machi ning, cutting, form ing by stamping, pressi ng or forgi ng, forming of

shapes from the molt en stat e in glass , plastics , or metals, and die castin g. All tool steel s are

charact erize d and identifi ed on the basis of their use for a pa rticular applic ation. Thei r

charact eristic s ca nnot be fou nd in the chemi cal co mposition or the pro perties.

The important pro perties of tool steel s are constant hardness at low and high tempe rat-

ures, harden ability, retention of hardness , high compres sion stre ngth and pressur e resi stance,

fatigue stre ngth, tough ness at operatio nal tempe ratur es, wear resi stance at room and high

tempe ratur es, therm al fatigue resi stance, and corrosi on resistance .

Tool steels are associated with high hardness. However, the hardness of a tool must only be

high in relation to the hardness of the material to be machined or processed. It is generally an

order of magnitude related to quenched and tempered structural steels. Normal hardness values

vary between about 200 HV for glass-mold steels at the lower level, and 900 HV for forming and

machining tools at the upper level [13]. Hardness is the most important characteristic of steels

from which their potential application can be recognized. The wear resistance of tool steels

increases with increasing hardness, and toughness is reduced with increasing hardness.

11.5.1 HARDNESS

The hardness of tool steels is related to the material to be processed. It varies between about

200 HV for glass-mold steels at the lower level and 900 HV for forming and machining tools at

the upper level. Obtaining high hardness and microstructures that have high hardness are the

major objectives of final heat treatment applied to tool steels.

Carbon content is the dominant factor controlling the strength of martensite through its

inter action with other structural elemen ts of a mart ensitic microstr ucture [15–17 ]. Figu re 11.3

illustrates hardness as a function of carbon for various microstructures obtained from the

austenite transformation and heat treatment of carbon steels. Martensite transformation

from austenite is never complete. At the end of the transformation corresponding to the

temperature Mf a certain amount of austenite is untransformed (retained austenite [RA]) [18].

This amount of RA depends on the martensite temperature range Ms–Mf; it increases as the

range narrows, and this range narrows as Ms is lowered.

Hardness is the most important characteristic of a tool steels that indicates their potential

application. The hardness also allows to draw a conclusion on the working stress limit and
� 2006 by Taylor & Francis Group, LLC.
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thus, on the shape stability of a tool. Due to this shape stability, hardness must be sufficiently

high that the yield stress is above the highest load stress on the tool. The relationship between

hardness and flow stress in the case of tool steels is shown in Figure 11.4. However, increasing

the hardness for shape stability could affect other properties such as toughness, which is

usually reduced, and thus, the susceptibility to fracture of the tool steel is increased. Wear

resistance increases with increasing hardness.
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The ha rdness of tool steels decreas es with increa sing tempe rature. Figure 11.5 illustrates

the variation with tempe rature of hardness of various types of tool steels. Tools that ope rate

abo ve 200 8 C must have high hardne ss as possibl e at elevated tempe ratur es to ensure the shape

stabi lity and an adequate value of wear resistance of the tool steel at the ope rating co ndition s.

At tempe ratures higher than 600 8 C the hardness of mart ensitic tool steels is no longer

suff icient to cop e wi th the stress. Rel iable hardness is to be found in some austeni tic steel

and in nick el and cobalt alloy s that on the oth er hand are not suit able for tools at low

ope rating tempe ratur es due to their low hardn ess. In too l steel s, mart ensite formati on is the

most efficient method of improving hardn ess.

Hardnes s is us ually measur ed with various loads on the Rock well C scale (HRC ), whi ch

uses a diamond cone indente r, and on the Vickers scale (HV ), whi ch uses a diamon d pyrami d

indente r. The equival ent ha rdness num bers betw een HRC and HV are given in Table 11.6.

Soft anneali ng, which pro duces ferrite matrix with inter stitial carbide s, could redu ce

hardn ess. Cr is the elem ent that has less influen ce on the solid solution stre ngtheni ng as

illustr ated in Figure 11.6.

The most e ffective way of impr oving hardness in tool steels is through mart ensite forma-

tion during quenching and precipi tation of fine carbide s of M o, Cr, and V.

11.5.2 HARDENABILITY

Hardena bili ty, whi ch is of equal impor tance as ha rdness, includes maxi mum achieva ble

hardn ess during que nching, and the dep th of harden ing obtaine d by que nching in a specific
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TABLE 11.6
Approximate Conversion of Hardness Values and Tensile Strengths for Steels

Rockwell Hardness C

Vickers Hardness

No. HV

Brinell Hardness

No. 3000 kg Load

10 mm Ball

C Scale 150 kg Load

Diamond Cone HRC

A Scale 60 kg Load

Diamond Cone HRA

Superficial 30-N

10 kg Load

Diamond Cone

Scleroscope

Hardness No.

Tensile Strength

(Approx.)a

100 95 — 43 — —

120 115 — 46 — 393

140 135 — 50 21 455

160 155 53 24 517

180 175 56 27

579

200 195 58 30 634

220 215 60 31 696

240 235 20.3 60.6 41.7 34 765

260 255 24.0 62.4 45.0 37 827

280 275 27.1 63.8 47.8 40

889

300 295 29.8 65.2 50.2 42 952

320 311 32.2 66.4 52.3 45 1007

340 328 34.4 67.6 54.4 47 1069

360 345 36.6 68.7 56.4 50 1131

380 360 38.8 69.8 58.4 52

1207

400 379 40.8 70.8 60.2 55 1289

420 397 42.7 71.8 61.4 57 1372

440 415 44.5 72.8 63.5 59 1461

460 433 46.1 73.6 64.9 62 1537

480 452 47.7 74.5 66.4 64 1620

500 471 49.1 75.3 67.7 66 1703

520 487 50.5 76.1 69.0 67 1793

540 507 51.7 76.7 70.0 69 1862

560 525 53.0 77.4 71.2 71 1951
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TABLE 11.6 (Continued)
Approximate Conversion of Hardness Values and Tensile Strengths for Steels

Rockwell Hardness C

Vickers Hardness

No. HV

Brinell Hardness

No. 3000 kg Load

10 mm Ball

C Scale 150 kg Load

Diamond Cone HRC

A Scale 60 kg Load

Diamond Cone HRA

Superficial 30-N

10 kg Load

Diamond Cone

Scleroscope

Hardness No.

Tensile Strength

(Approx.)a

580 545 54.1 78.0 72.1 72 2020

600 564 55.2 78.6 73.2 74 2089

620 582 56.3 79.2 74.2 75 2186

640 601 57.3 79.8 75.1 77 2262

660 620 58.3 80.3 75.9 79 2358

680 638 59.2 80.8 76.8 80 2448

700 656 60.1 81.3 77.6 81

720 670 61.0 81.8 78.4 83

740 684 61.8 82.2 79.1 84

760 698 62.5 82.6 79.7 86

780 710 63.3 83.0 80.4 87

800 722 64.0 83.4 81.1 88

820 733 64.7 83.8 81.7 90

840 745 65.3 84.1 82.2 91

860 — 65.9 84.4 82.7 92

880 — 66.4 84.7 83.1 93

900 — 67.0 85.0 83.6 95

920 — 67.5 85.3 84.0 96

940 — 68.0 85.6 84.4 97

aThese values are substracted from Ref. [15] and converted to MPa.

Source: From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International, Materials Park, OH, 1998, p. 83; Smithells Metals Reference Book, 9th ed.,

pp. 21-4, and 21-5.
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FIGURE 11.6 Influence of alloying elements on solid solution strengthening of ferrite. (From E.C. Bain

and H.W. Paxton, Alloying Elements in Steel, 2nd ed., American Society for Metals, Metals Park, OH,

1961, p. 62.)
manner. With the same hardness, a tempered martensite has better toughness than a bainitic

or pearlitic microstructure.

Steels for forging and pressing dies and for cutting tools need a thin surface zone with very

high surface-hardness but with a soft core. These steels are used in tools subjected to bending

or impact, due to their lack of susceptibility to cracking. Jominy tests for hardenability

assessment used for structural steels are not suitable for tool steels due to their high degree

of hardenability. Depth hardening of the tool steels is assessed using time–temperature–

transformation (TTT) curves.

Alloying elements that stabilize austenite increase hardenability. However, with tool steels

the choice of alloying elements depends on many other properties such as carbide formation,

carbide hardness, decarburization tendency, nitridability, and deformability. The following

examples illustrate the effects of some alloying elements: (1) adding Ni gives good harden-

ability without carbide formation but with lower transformation temperature; (2) Si increases

the tendency of decarburization; and (3) Cr, Mo, W, and V result in carbide formation and

make the steels easy to nitride.

In tool steels, carbide quantities are up to 5 vol.% in hot-work tool steels, up to 20% in high-

speed tool steels, andup to 25 vol.% in ledeburitic steel with 12%Cr.WithC content above 0.7%,

the result of increasing the hardening temperature produces a more stable austenite, which

results in large quantities of retained austenite, and therefore the hardness is decreased.

11.5.3 TOUGHNESS AT OPERATIONAL TEMPERATURE

The toughness of tool steels that are subjected to dynamic stresses is the ability to release stress

peaks by a small local plastic deformation that prevents a crack formation. Toughness is a generic

term for all influenceswhich concern the resistanceof a tool to fracture [13]. The toughness of tool

steels that are used with service hardness below about 55HRC is better assessed by impact energy

onnotchedandunnotchedspecimens. In the caseof tool steelswithhardness in servicehigher than
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55 HRC, static bending tests and the static torsion tests have been shown to be reliable. When

comparing materials having the same hardness, only plastic bending energy or torsional energy

needs to be considered in assessing toughness. Toughness properties are influenced strongly by the

microstructure, and they show improvement with a more homogeneous microstructure. Finer

spheroidized carbides also improve toughness. It is improved by segregation reduction, cleanli-

ness, and reduction of inclusions such as oxides, sulfides, and carbides. To reduce toughness

anisotropy, producing clean steel is not enough; there is a need for additional homogenizing which

reduces the degree of segregation. In the case of alloyed steels, a reduction of segregation can be

a chi ev ed by P=M, which also produces very fine carbides. Toughness properties deteriorate with

the presence of an upper bainite microstructure due to carbide precipitation.

11.5.4 R ESISTANCE TO THERMAL FATIGUE

The failu re of material by heat ch ecking is ca used by the creep be havior of tool steels. Steel s that

are used for forgi ng tools, pressur e castin g dies, glass forming, and plast ic molds are subject ed

to therm al cycli ng during whi ch heat checking is caused. The form ation of these crack s is

delayed by the use of mate rials with a high yiel d stre ngth and high toughness at elevat ed

tempe ratur es [13] . The prop agation of hea t check ing is conn ected with oxidation process es. It is

then impor tant to use ch romium-al loyed steel s because chromi um impr oves the scali ng resi st-

ance. At higher tool tempe ratures, such as those susta ined by a glass form ing molds , the

chromi um content should be high er. The resistance to heat checking can be impr oved by

using steels with high therm al c onductiv ity. It is advantag eous to use steels with a homog eneous

que nched, and tempe red micr ostructure.
11.6 HEAT TREATMENT

The prop erties of tool steel s depen d strong ly on heat treatmen t process ing, which depends on

their chemical compo sition and their application. The he at treat ment of tool steels consis ts of

a three-stage process: (1) heating the steel to the austenite region to form austenite; (2) cooling

the steel from the austenitization temperature to transform the austenite to martensite; and

(3) tempering to eliminate RA and to form carbides within the martensite.

The schematic diagrams of heat treatment steps required for producing tool steels are

illustr ated in Figure 11.7 and Figure 11.8 [8,2 3,24].

After casting or powder manufacturing and hot working, heat treatment processing steps

include normalizing, annealing, machining, and stress relief followed by hardening. The final

shaping of tool steels by forming and machining is performed before the final hardening heat

treatment step, due to the very high as-heat treated hardness that makes tool steels very

difficult to shape. However, final dimensions can be adjusted by grinding with highly abrasive

materials or by electrodischarge machining [25].

Two aspects are of importance to tool steels; the first is homogenization or reduction of

microstructure heterogeneity that is produced by segregation phenomenon during solidi-

fication and the second is the refinement of grains, which improves the required mechanical

properties. Annealing to homogenize the microstructure is based on diffusion phenomenon.

This heat treatment consists of maintaining the tool steel at a given temperature for a period

of time followed by a controlled cooling rate. A coarse grain size may result from this. The

homogenizing treatment is followed by a grain refinement step. This treatment is carried

out at a temperature 508C above Ac3 for hypoeutectic steels, and above Ac1 for hypereu-

tectic steels. This cycle consists of reheating the steel at the required temperature for a

minimum period of time required, followed by cooling in a manner to prevent the formation

of bainite [28].
� 2006 by Taylor & Francis Group, LLC.



Time

Air
cool

Stress relief

Machining

Hardening

Slow cooling (−108C/h)Annealing

Normalizing

Forging/rolling

Tool steel processing

Solidification/casting
T

em
pe

ra
tu

re

L

A + C

F + C

RT

A + F + C

Ms

FIGURE 11.7 Schematic diagram of tool steel processing and heat treatment prior to final hardening

heat treatment. A, austenite; C, carbides; F, ferrite; M, martensite. (From G. Roberts, G. Krauss, and

R. Kennedy, Tool Steels, 5th ed., ASM International, Materials Park, OH, 1998, p. 67; G. Krauss,

Steels: Heat Treatment and Processing Principles, ASM International, Materials Park, OH, 1990.)
The heat treatment of tool steels is implemented to achieve one of the following targets:
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1. To obtain a desired microstructure and properties suitable for machining or cold

deformation

2. To release residual stresses accumulated during previous thermal and mechanical

treatments

3. To homogenize the microstructure with globular carbides by a spheroidization

treatment

4. To dissolve by a normalizing treatment the intergranular carbides that are detrimental

to the mechanical properties of tool steels
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11.6.1 NORMALIZING

Norm alizing is a hea t treatment that is perfor med in hot forged or hot -rolled tool steels to

prod uce more unifor m, fine- grained micr ostruc tures for su bsequent anneali ng an d hardening

heat treatment s. The normalizi ng treatment helps to produ ce a more unifor m dist ribution of

precipi tates. In tool steels wi th more stable carbide s such as Cr and W carbide s, the precipi tates

may be prefer entia lly align ed in the hot-w orking direction, or present at g rain bounda ries .

The normal izing pro cess con sists of heati ng the steel to the temperatur e region indica ted in

Figure 11.9 by the crossha tched area, follo wed by air-co oling. Duri ng hea ting an d holding at

the nor malizing tempe ratur e, the initial ferr ite–carbide struc ture that is stable at low temper-

atures transform s to austenite. The dissolu tion of carbide s during heati ng depend s on the alloy

con tent of the tool steels. Durin g cooling au stenite transform s to ferr ite and cemen tite. In the

case of the low-al loy tool steels, cement ite and pearli te will form during air- cooling . The

carbide s in this struc ture will be spheroi dized in subsequen t an nealing treat ments. In high-

alloy tool steel s, due to their high hardenab ility, marte nsite may form dur ing a ir-cooling , whi ch

may cause c racking , an d thus, a normal izing treat ment should be avoided for these tool steel

grades. Table 11.7 lists nor malizing and ann ealing tempe ratur es for differen t tool steel grades

[5,2 6]. As pr eviously indica ted, high-alloy steels shou ld not be normalized.

11.6.2 S TRESS -RELIEF HEAT TREATMENTS

Heat treatment usu ally causes resi dual stresses , quen ch cracks, and dist ortio n. Residual

tensi le surface stresses may cause cracki ng during manu facturing, or fracture in service,

wher eas compres sive surfa ce stresses are general ly beneficial , they prevent cracki ng during

manufa cturi ng an d servi ce and hence impro ve fatigue strength and resistance to stress

corrosi on cracki ng. The object ive of a stre ss-relief heat treatment is to reduce resid ual stresses
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TABLE 11.7
Normalizing and Annealing Temperatures of Tool Steels

Type

Normalizing

Temperature, 8C

Annealing

Temperature, 8C Rate of Cooling, 8C=h Hardness, HB

Molybdenum high-speed steels

M1, M10 Do not normalize 815–870 22 207–235

M2 Do not normalize 870–900 22 212–241

M3, M4 Do not normalize 870–900 22 223–255

M7 Do not normalize 815–870 22 217–255

M30, M33, M34, M35,

M36, M41, M42, M46, M47

Do not normalize 870–900 22 235–269

M43 Do not normalize 870–900 22 248–269

M44 Do not normalize 870–900 22 248–293

M48 Do not normalize 870–900 22 285–311

M62 Do not normalize 870–900 22 262–285

Tungsten high-speed steels

T1 Do not normalize 870–900 217–255

T2 Do not normalize 870–900 223–255

T4 Do not normalize 870–900 229–269

T5 Do not normalize 870–900 235–277

T6 Do not normalize 870–900 248–293

T8 Do not normalize 870–900 229–255

T15 Do not normalize 870–900 241–277

Intermediate high-speed steels

M50 Do not normalize 830–845 22 197–235

M52 Do not normalize 830–845 22 197–235

Chromium hot-work steels

H10, H11, H12, H13 Do not normalize 845–900 22 192–229

H14 Do not normalize 870–900 22 207–235

H19 Do not normalize 870–900 22 207–241

Tungsten hot-work steels

H21, H22, H25 Do not normalize 870–900 22 207–235

H23 Do not normalize 870–900 212–255

H24, H26 Do not normalize 870–900 217–241

Molybdenum hot-work steels

H41, H43 815–870 22 207–235

H42 Do not normalize 845–900 22 207–235

High-carbon, high-chromium cold-work steels

D2, D3, D4 Do not normalize 870–900 22 217–255

D5 Do not normalize 870–900 22 223–255

D7 Do not normalize 870–900 22 235–262

Medium-alloy, air-hardening, cold-work steels

A2 Do not normalize 845–870 22 201–229

A3 Do not normalize 845–870 22 207–229

A4 Do not normalize 740–760 14 200–241

A6 Do not normalize 730–745 14 217–248

A7 Do not normalize 870–900 14 235–262

A8 Do not normalize 845–870 22 192–223

A9 Do not normalize 845–870 14 212–248

A10 Do not normalize 765–795 8 235–269

Continued
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TABLE 11.7 (Continued )
Normalizing and Annealing Temperatures of Tool Steels

Normalizing
Annealing

Type Temperature, 8C Temperature, 8C Rate of Cooling, 8C=h Hardness, HB

Oil-hardening cold-work steels

O1 870 760–790 22 183–212

O2 845 745–775 22 183–212

O6 870 765–790 11 183–217

O7 900 790–815 22 192–217

Shock-resisting steels

S1 Do not normalize 790–815 22 183–229 (c)

S2 Do not normalize 760–790 22 192–217

S5 Do not normalize 775–800 14 192–229

S7 Do not normalize 815–845 14 187–223

Mold steels

P2 Not required 730–815 22 103–123

P3 Not required 730–815 22 109–137

P4 Do not normalize 870–900 14 116–128

P5 Not required 845–870 22 105–116

P6 Not required 845 8 183–217

P20 900 760–790 22 149–179

P21 900 Do not anneal

Low-alloy special-purpose steels

L2 871–900 760–790 22 163–197

L3 900 790–815 22 174–201

L6 870 760–790 22 183–212

Carbon–tungsten special-purpose steels

F1 900 760–800 22 183–207

F2 900 790–815 22 207–235

Water-hardened steels

W1, W2 790–925 (d) 740–790 (e) 22 156–201

W5 870–925 760–790 22 163–201

Source: From A.M. Bayer, T. Vasco, and L.R. Walton, Wrought tool steels, in ASM Handbook, Vol. 1, Properties

and Selection: Iron, Steels, and High-Performance Alloys, 10th ed., 1990, p. 769.
caused by phase trans form ation during therm omecha nical process ing, machin ing or grindi ng.

Ther e is no micr ostruc tural change dur ing this process , whi ch should be perfor med at

temperatures below Ac1 as shown in Figure 11.9. Stres s relief is accompl ished by a recover y

mechanism. The duration of such a treatment is short and is in the range of 1 to 2 h depending

on the section thickness. Stress relieving is performed in air furnaces or salt baths. In this

process heating and cooling rates are not critical; however, cooling rates should be slow

enough (3008C=h maximum) to prevent the introduction of new residual stress.

11.6.3 ANNEALING

Annealing is a heat treatment process consisting of heating the tool steel above a certain temp-

erature and holding at this temperature for a given length of time. This is followed by cooling at a

predetermined rate, usually in the furnace, to room temperature in order to produce a micro-

structure that is stable at or below room temperature. The stable structure consists of a mixture of
� 2006 by Taylor & Francis Group, LLC.



ferri te and carbides, the d istribution of w hi ch depends on thermomechanical hi story o f the tool

steels. Tool steels subjected to an annealing treatment ar e soft a nd thus, e as ily machined and heat

treated. If the t ool steel i s cold or hot rolled, it must be annealed again b efor e subsequent

o pe ra t io ns . A n ne al i ng is a l so ne ed e d b efo re a h ar de n i ng op e ra t io n, p ar t ic ul arl y in the ca se o f

high-alloy steels, to pr oduce a homogeneou s microstructure n eede d for subs equent heat treatment.

The req uired anneali ng con ditions de pend on tool steel applic ation and its alloy con tent.

Hypoeu tectoid and hypereut ectoi d steels are ann ealed to just abo ve the uppe r critical tem-

peratur e Ac3, an d the lower critical tempe rature A cm1 , respect ively. The range of these

tempe ratures is indica ted schema tically in Figure 11.10.

There are various types of ann ealing such as full a nnealin g, isoth ermal anneali ng, an d

spheroi dizing .

Full anneali ng co nsists of he ating the steel above the transform ation tempe ratur e Ac3 into

the singl e-phase au stenite for hy poeutect oid steel, and above A1 in the tw o-phase field of

austeni te an d carbide s, in the case of hypereut ectoi d steels. If the hy pereute ctoid steels are

heated above Acm, carbide s will form during slow cooling at grain bounda ries of austeni te an d

may cause fracture dur ing form ing or in service. The holding time at the reheat ing tempe ra-

ture is abou t 1 h pe r 25-mm thickne ss to dissolve the carbide s present in steel and to form

austeni te [28]. The hol ding step is foll owed by very slow cooling rate in the furnace . The

cooling rates are low er than 25 8 C =h to allow trans formati on of austenite to ferr ite and the

form ation of globula r carbide s. The anneali ng tempe ratures are in the range of 730 to 900 8 C
depen ding on the chemi cal composi tion of the steel , as indica ted in Table 11.8.

Isothermal annealing is another variant of full annealing. The reheating and holding steps are

similar to that of full annealing, followed by cooling the workpiece very rapidly to a temperature

just below the transformation range and holding it at this temperature for 1 h or more, to allow

complete transformation of the austenite to ferrite–pearlite or pearlite–cementite. Air-cooling

follows this holding step. The isothermal process is useful for small parts where the cooling rate

from the homogenization temperature can be achieved.
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TABLE 11.8
Effect of Alloying Elements in Tool Steels

Ferrite-Stabilizing Elements Austenite-Stabilizing Elements

Chromium Carbon

Molybdenum Cobalt

Niobium Copper

Silicon Manganese

Tantalum Nickel

Titanium Nitrogen

Tungsten

Vanadium

Zirconium

Source: From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th

ed., ASM International, Materials Park, OH, 1998, p. 50.
11.6.4 S PHEROIDIZING

Ther e are many heat treatment approache s for producing spheroi dized micr ostructures . The

sphero idizing method used for tool steel s consis ts of he ating the steel just below Ac1, main-

tainin g it for a period of time, with cycli c heati ng an d cooling ab ove A1 and below Ar1,

follo wed by slow coo ling rates, lower than 150 8 C=h. The tempe ratur e range for sphero idizing

treatmen t is indica ted in Figu re 11.11.

The micro structure pr oduced by spheroi dization consis ts of spheri cal carbide s uniformly

dist ributed in a matr ix of ferr ite. It is the most stabl e micr ostruc ture and ha s a go od

machi nabili ty compared to other micr ostructures formed in tool steel s. Figure 11.12 sho ws

a spheroidized microstructure of 1.0% carbon steel.

The first step of spheroidization will produce a distribution of very fine-spheroidized

particles from the pearlitic, bainitic, or martensitic start microstructure. In the case of highly

alloyed steel coarser alloy carbide particles are produced.
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FIGURE 11.12 Spheroidized microstructure 1.0% C steel, 2000� magnification. (From E.C. Bain and

H.W. Paxton, Alloying Elements in Steel, 2nd ed., American Society for Metals, Metals Park, OH,

1961, p. 101.)
Another key microstructural change associated with the development of spheroidized

carbide–ferrite microstructures concerns the transformation of austenite on cooling

from the annealing temperature. In the absence of carbide particles, the austenite on slow

cooling will transform to pearlite, a lamellar mixture of ferrite and cementite. However, if

dispersed undissolved carbides are present, pearlite does not nucleate and grow; instead,

further spheroidization and growth of carbides take place as the austenite transforms to

ferrite and additional carbides. This is why the annealing temperature has to be kept low

enough to ensure that sufficient undissolved carbides are present in the austenite at the start

of cooling to promote nucleation and growth of additional spherical carbide on furnace

cooling [8].
11.6.5 CARBIDES IN TOOL STEELS

The microstructure of annealed tool steels consists of ferrite and carbides. The nature of these

carbides depends on the chemical composition of the steel. The types of carbides and some of

their characteristics are listed below [8,28]:
� 20
1. M3C,which is an orthorhombic carbide of cementite type. M could be iron,manganese, or

chromium with a minor substitution of W, Mo, or V. They are present in low-alloy tool

steels for cold-working applications and in high-alloy steels for hot-working applications.

2. M7C3 is a hexagonal-type carbide mostly present in Cr steels. They are resistant to

dissolution at high temperature and are hard and abrasion resistant; these carbides are

found in tempered high-speed steels.

3. M23C6 is a face-centered cubic (fcc)-type carbides found in high-Cr steels and all high-

speed steels. The Cr can be replaced with Fe to yield carbide with W and Mo.

4. M6C is fcc-type carbide; W or Mo-rich carbides may contain amounts of Cr, V, and Co

present in all high-speed steels. They are extremely resistant to abrasion.
MC is fcc-type carbide. These carbides are vanadium-rich carbides that resist dissolution. The

small amount that dissolves plays a role on secondary hardening by reprecipitation.
06 by Taylor & Francis Group, LLC.



In hy poeutect oid steels and cold-worki ng tool steels, the most favorab le annealed struc-

ture for machin ing is pearli te with a fine-lam ellar struc ture. In hypereut ectoid C steels used

for cold-worki ng tool steel , the favora ble struc ture for machi ning is globula rized cemen tite.

All alloy steel s have a globula rized carbide structure in the annealed state. Fine-gl obular

carbide s unifor mly distribut ed have bette r propert ies in servi ce. This is obtaine d by reducing

segreg ation through approp riate steelmaki ng practices, large reducti ons during hot working,

and ap propria te cooling conditi ons after hot-transf ormation cycles .

Durin g the anneali ng operati ons, the forma tion of pro eutecto id carbide s at grain bound-

aries sho uld be avo ided. Thes e carb ides are not so luble during austeni tization [28].

11.6.6 HARDENING

The hardening operation of tool steels consists of three heat treatment steps: austenitization,

quenching to obtain martensite, and finally tempering [8,19,28]. These steps are discussed below.

11.6. 6.1 Austeni tizing

The austeni tizing heat treatment is the most critical step perfor med on tool steels. The

follo wing precaut ions hav e to be obs erved dur ing austeni tizing: to prevent abnormal grain

grow th, distorti on or loss of duc tility, excess ive carbide so lution that wi ll affe ct austenite

chemi stry and he nce hardenabil ity, an d decarburi zation that may mod ify surface chemi stry,

the austeni tizing tempe rature an d holding time shou ld be very wel l co ntrolled. The au stenitiz-

ing tempe rature is pa rticular ly impor tant for high-a lloy steels such as high-sp eed steels wher e

the austeni tizing temperatur es are close to the soli dus tempe ratur e [19].

Figure 11.13 illustr ates the austenite- phase field and the associ ated critical trans formati on

temperatures [8,19] including the eutectoid temperature, Ac1, which corresponds to the

trans formati on dur ing heatin g of ferrite and carbide to austeni te. The effect of alloy ing

elem ents on eu tectoid tempe rature and eu tectoid composi tion is given in Figure 11.14a
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and Fi gure 11.14b, respect ivel y. Allo ying elemen ts used in tool steel s are categorized eithe r as

ferrite -stabil izing elem ents that reduce austeni te-pha se dom ain, or austeni te-stabiliz ing elem-

ents that extend it. They are indica ted in Tabl e 11.7 [8]. Figure 11.15 through Figure 11.17

show the effect of M n, Cr, and M o on the extend of the pha se field of pure a ustenite at

elevated tempe ratur e [18].

During reheat ing in the austeni te region, the ferritic structure with carbide s transform s

into au stenite with or witho ut carbide s, depending on the chemi cal compo sition of the tool

steels. In low-al loy steel , a hom ogeneou s austeni tic microstr ucture wi thout carbide s may form

during austeniti zation treatment . In high-alloy too l steel, the resul tant micro structure co nsists

of au stenite a nd carbide s that are not dissolved. In ledebu ritic steels, not all carb ides are

dissolve d during reheat ing, even at the liquid us tempe ratur e [28]. It is of interest to note that

in high-s peed tool steel s made by P =M in which the carbide s are finer than that in the same

steels made by conventi onal methods , carbide dissolu tion occu rs more readily, particular ly if

these c arbides are of M C type [28].

The microstr ucture of annealed low -alloy tool steels consists of ferrite and M3C

type carbide s, whi ch are easil y dissolved in the austenite region. Genera lly, the quen ching

tempe rature is 50 8C above Ac3. Thes e tempe ratur es are a goo d comprom ise betw een dissol-
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ution of carbides and minimizing austenite gain growth. The austenitizing treatment, 30 min

per 25-mm thickness of the heat-treated tool in the temperature range of 750 to 9008C, is

sufficient for homogenization.

In highly alloyed steels and ledeburitic steels, the austenitizing temperatures are higher

than the low-alloy steels, due to the difficulty of dissolution of carbides of the type M7C3,

M23C6, M6C, and MC present in the annealed microstructure. The dissolution of these

carbides depends on the annealing temperature, austenitizing temperature, and the holding

time at this temperature.

11.6.6.2 Quenching

During quenching from the austenitizing temperature, austenite may transform to martensite

with some volume fraction of RA. This is possible when the austenite to ferrite–carbide

transformation is suppressed by high cooling rates [8] or alloying elements that retard
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this transform ation. Quenchi ng med ia are typicall y water, brine, oil, salt, inert gas, or air

depen ding on the comp osition and the thickne ss of the tool steel [26].

11.6. 6.3 Retained Aus tenite

After que nching, the microstr ucture of tool steels consists of marten site and RA . The latter

reduces the ha rdness of the steel and affe cts the pro perties of tools in service. During work

hardening RA trans forms to martensit e. The qua ntity of RA that is related to the redu ction of

Mf depe nds on the chemi cal co mposition, austeni tizing tempe rature, and coo ling rate. RA

increa ses with increa sing austeni tizing tempe ratur e due to the increa se of carbon content an d

other alloy ing elem ents by the dissoluti on of carbide s present in the an nealed structure [28].

All of the alloy ing elem ents, except c obalt, lower Ms . Carbo n ha s the most power ful effect

on Ms temperatur e. The higher the alloy co ntent of austenite, the lower the M s tempe ratur e

and the greater the amount of RA at room tempe rature [8].

For a given tool steel alloy an d austeni tizing conditio ns, the con tent of RA varies with

cooling rate and is maxi mum around the critical co oling rate for marten site.

11.6. 6.4 Temper ing

Temperi ng, which is the final step of the heat treatment of tool steels, consis ts of heati ng the

as-quenc hed micro structure to tempe ratur es below the trans formati on tempe ratur e Ac1. It is

a very complex pheno menon originati ng from the as-quen ched microstr ucture of tool steels,

which co nsists pr imarily of martensit e wi th RA and carbide s. The micr ostruc ture and

tempe ring react ions are reviewed in more detail in Refs. [8,2 9,34]. Du ring tempe ring there

are three or five trans formati on steps that occur depending, on the alloying of too l steels:
� 20
1. In the first step between 50 and 200 8 C, there is precipi tation of epsilon carbide s, whi ch

de lays soft ening of the as-quenc he d structure. Duri ng this step a volume tric contrac tion

oc curs.

2. The second step is betwee n 200 an d 350 8 C, during which dissol ution of epsil on carbide

an d pr ecipitat ion of cement ite are occurrin g alon g wi th a reducti on in ha rdness.

3. The tempe rature range of the third step dep ends on the chemi cal co mposition of the

steel and corresp onds to a reducti on in the stability of RA. This inst ability is produ ced

by carbide precipi tation, which redu ces the alloy co ntent in solution in the austenite,

the and he nce increa ses Ms . This instabil ity star ts at 150 an d 450 8 C, for carbon steels

an d high-a lloy tool steels, respect ively. The trans formati on of RA to mart ensite or

ba inite dur ing coo ling resul ts in a volume increa se. Thi s expan sion increa ses wi th

increa sing volume fract ion of RA .

4. The fourt h stage corres ponds to highly alloy ed tool steels co ntaining carbide -forming

elem ents. There is an exchange of carbon between cement ite an d other c arbides; this

phe nomenon is associated a large volume tric expan sion.

5. The fifth stage, which is also associated with highly alloyed tool steels, starts at 6008C
and continues until Ac1. It corresponds to the coalescence of carbides and results in an

annealed microstructure. This phenomenon is associated with a volumetric contraction.
It is necessary that the person designing the heat treatment be familiar with the nature of the

dilatations that occur during the tempering operations in order to arrive at the proper final

dimensions prior to heat treatment.

The variation of the hardness of tool and die steels with respect to the tempering

tempe rature could have one of the four princi pal be haviors given in Figure 11.18. Cl ass 1 is

typical of carbon and low-alloy tool steels in which the hardness is decreasing progressively
06 by Taylor & Francis Group, LLC.
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with increa sing tempe rature due to the precipi tation and coarseni ng of cement ite, or of other

low -alloy carbide s. Class 2 is charact eris tic of medium - to high-a lloy cold-work ing die steels

in which the alloy ing a ddition retard s carbide precipitat ion a nd related softening. Curv es

betw een Class 1 and Class 2 could be obtaine d for low - to medium-al loy steel s. Class 3 is

repres entat ive of high ly alloy ed high-s peed steels in whi ch seco ndary ha rdening occurs at

high-t emperin g tempe ratures. The final hardness of these steels cou ld exceed that in the

untemper ed conditio n. Class 4 is repres entat ive of the medium - to high-a lloy hot -working

tool steels that e xhibit a secondary ha rdening, as is the case wi th Cl ass 3. In Class 4, the as-

que nched hardne ss is low er than that of class 3 due to its lower carbon content .

Second ary hardening is a result of the transform ation of RA to mart ensite on coo ling from

the tempe ring tempe rature, and of precipitat ion of an ultr afine disper sion of alloy carbide s [30].

Tungsten, vanadium , chromiu m, and molybden um that are the strong carbide -forming

elem ents are most commonl y used to ach ieve seco ndary harden ing. To take advan tage of their

precipi tation characteris tics, they must be dissol ved in a ustenite during the austeniti zing

treatmen t in order to be incorpora ted into the marten site form ed dur ing quench ing with

suff icient supersa turat ion for secondary hardening dur ing tempe ring. Figure 11.19 through

Figure 11.22 show the effect of strong carbide -for ming elements on the secondary hardening of

0.5% C tool steel [8].

The recomm ended tempe ring co ndition s for optimu m perfor mance with reco mmended

austeni tizing tempe ratur es of each of the tool steels are given in Tabl e 1 1.9. The tempe ring

treatmen t sh ould be pe rformed as soon as possible afte r quen ching, and he ating to tempe ring

tempe ratur es should be slow to en sure tempe rature hom ogenizat ion within the tool steel and

the prevention of cracking. Slow cooling in still air is also recommended to minimize the

development of residual stresses [8].

In carbon and low-alloy steels, tempering increases the toughness of hardened steels from

the low value characteristic of as-quenched martensite. In high-alloy tool steels, tempering
� 2006 by Taylor & Francis Group, LLC.
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(From G. Roberts, G. Krauss, and R. Kennedy, Tool Steels, 5th ed., ASM International, Materials

Park, OH, 1998, p. 104.)
increases the hardness in addition to producing a dispersion of stable alloy carbides resistant

to coarsening during exposure to heating. Such coarsening would lower hardness and limit

tool life during high-speed machining or high-temperature forging.

11.7 CHARACTERISTIC STEEL GRADES FOR THE DIFFERENT FIELD
OF TOOL APPLICATION

For more information on the selection of tool steels the reader could consult Refs. [1,6,8,13].

The selection of tool steels for some applications is presented below.
� 20
1. Steels for plastic molds

During the formation of plastics, dies are subjected to heat and pressure. The tempera-

ture of the dies is as high as 2508C and the strength of about 100 MPa. In this case,

hardness retention and strength requirements are of minor importance. However, good

machining properties and a low degree of distortion in hardening of plastic molds are

very important. P20 steel is a good choice for molds due to its low degree of distortion

and good machinability. In the case of abrasive plastics, the molds are made of steels

O2 and D2. During processing of aggressive plastics, which decompose into a chem-

ically reactive products, molds are made of corrosion-resistant steel containing 0.38%

C, 16% Cr, 1.2% Mo. For operating temperatures higher than 3008C, the use of H11

steels is an excellent material choice.
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� 20
2. Steels for high-pressure die casting molds

In die casting, tools are heated to about 5008C and are subjected to high mechanical

forces and erosion. Molds in this process are subjected to temperature changes that

may lead to a heat checking defect. The occurrence of this defect could be delayed by

increasing the steel hardness of the molds that should be adapted to thermal stresses of

the tool surface, which in turn depends on the wall thickness of the cast. The relationship

between hardness and wall thickness of the cast is given by the following formula [13]:
HRC ¼ 56 � S�(0:14)
06 by
HRC is in the Rockwell C hardening and S is the wall thickness of the cast in mm.
Dies used for light metal casting are commonly made of H11 and H13 steels. The steel

H10, due to its hardness retention and its higher hardness at high temperature, is used for

copper casting. Die parts that are subjected to high thermal stresses are made of tool steels

with high retention of hardness such as H19 and H21.
3. Steels for cold-forming tools

Cold-forming processes such as cold rolling, stamping, deep drawing, extrusion, and

bending have the advantage of making parts with high-dimension accuracy and good

surface quality that does not need machining. In these processes, tools are subjected to

high stresses from pressure and friction. Tool steels with a high hardness are used in

these applications. Dies for extrusion are made of tool steels such as M2, M48, and H11

that are good for compressive stresses higher than 300 MPa. Other steels are suitable
Taylor & Francis Group, LLC.



TABLE 11.9
Hardening and Tempering of Tool Steels

Hardening

Type Rate of Heating

Preheat

Temperature, 8C

Hardening

Temperature, 8C

Holding

Time, min

Quenching

Medium (a)

Tempering

Temperature, 8C

Molybdenum high-speed steels

M1, M7, M10 Rapidly from preheat 730–845 1175–1220 2–5 O, A, or S 540–595 (c)

M2 Rapidly from preheat 730–845 1190–1230 2–5 O, A, or S 540–595 (c)

M3, M4, M30, M33, M34 Rapidly from preheat 730–845 1205–1230 (b) 2–5 O, A, or S 540–595 (c)

M6 Rapidly from preheat 790 1175–1205 (b) 2–5 O, A, or S 540–595 (c)

M36 Rapidly from preheat 730–845 1220–1245 (b) 2–5 O, A, or S 540–595 (c)

M41 Rapidly from preheat 730–845 1190–1215 (b) 2–5 O, A, or S 540–595 (d)

M42 Rapidly from preheat 730–845 1190–1210 (b) 2–5 O, A, or S 510–595 (d)

M43 Rapidly from preheat 730–845 1190–1215 (b) 2–5 O, A, or S 510–595 (d)

M44 Rapidly from preheat 730–845 1200–1225 (b) 2–5 O, A, or S 540–625 (d)

M46 Rapidly from preheat 730–845 1190–1220 (b) 2–5 O, A, or S 525–565 (d)

M47 Rapidly from preheat 730 845 1180–1205 (b) 2–5 O, A, or S 525–595 (d)

Tungsten high-speed steels

T1, T2, T4, T8 Rapidly from preheat 815–870 1260–1300 (b) 2–5 O, A, or S 540–595 (c)

T5, T6 Rapidly from preheat 815–870 1275–1300 (b) 2–5 O, A, or S 540–595 (c)

T15 Rapidly from preheat 815–870 1205–1260 (b) 2–5 O, A, or S 540–650 (d)

Chromium hot-work steels

H10 Moderately from preheat 815 1010–1040 15–40 (e) A 540–650

H11, H12 Moderately from preheat 815 995–1025 15–40 (e) A 540–650

H13 Moderately from preheat 815 995–1040 15–40 (e) A 540–650

H14 Moderately from preheat 815 1010–1065 15–40 (e) A 540–650

H19 Moderately from preheat 815 1095–1205 2–5 A or O 540–705

Molybdenum hot-work steels

H41, H43 Rapidly from preheat 730–845 1095–1190 2–5 O, A, or S 565–650

H42 Rapidly from preheat 730–845 1120–1220 2–5 O, A, or S 565–650

Tungsten hot-work steels

H21, H22 Rapidly from preheat 815 1095–1205 2–5 A or O 595–675

H23 Rapidly from preheat 845 1205–1260 2–5 O 650–815
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H24 Rapidly from preheat 815 1095–1230 2–5 O 565–650

H25 Rapidly from preheat 815 1150–1260 2–5 A or O 565–675

H26 Rapidly from preheat 870 1175–1260 2–5 O, A, or S 565–675

High-carbon, high-chromium, cold-work steels

D1, D5 Very slowly 815 980–1025 15–45 A 205–540

D3 Very slowly 815 925–980 15–45 O 205–540

D4 Very slowly 815 970–1010 15–45 A 205–540

D7 Very slowly 815 1010–1065 30–60 A 150–540

Medium-alloy air-hardening cold-work steels

A2 Slowly 790 925–980 20–45 A 175–540

A3 Slowly 790 955–980 25–60 A 175–540

A4 Slowly 675 815–870 20–45 A 175–425

A6 Slowly 650 830–870 20–45 A 150–525

A7 Very slowly 815 955–980 30–60 A 150–540

A8 Slowly 790 980–1010 20–45 A 175–595

A9 Slowly 790 980–1025 20–45 A 510–620

A10 Slowly 650 790–815 30–60 A 175–425

Oil-hardening cold-work steels

O1 Slowly 650 790–815 10–30 O 175–260

O2 Slowly 650 760–800 5–20 O 175–260

O6 Slowly — 790–815 10–30 O 175–315

O7 Slowly 650 O: 790–830 10–30 O or W 175–290

W: 845–885

Shock-resisting steels

S1 Slowly — 900–955 15–45 O 205–650

S2 Slowly 650 (f) 845–900 5–20 B or W 175–425

S5 Slowly 760 870–925 5–20 O 175–425

S7 Slowly 650–705 925–955 15–45 A or O 205–620

Mold steels

P2 — 900–925 (g) 830–845 (h) 15 O 175–260

P3 — 900–925 (g) 800–830 (h) 15 O 175–260

P4 — 970–995 (g) 970–995 (h) 15 A 175–480

P5 — 900–925 (g) 845–870 (h) 15 O or W 175–260

P6 — 900–925 (g) 790–815 (h) 15 A or W 175–230

P20 — 870–900 (h) 815–870 15 O 480–595 (i)
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TABLE 11.9 (Continued)
Hardening and Tempering of Tool Steels

Hardening

Type Rate of Heating

Preheat

Temperature, 8C

Hardening

Temperature, 8C

Holding

Time, min

Quenching

Medium (a)

Tempering

Temperature, 8C

P21(j) Slowly Do not preheat 705–730 60–180 A or O 510–550

Low-alloy special-purpose steels

L2 Slowly — W: 790–845 10–30 O or W 175–540

O: 845–925

L3 Slowly — W: 775–815 10–30 O or W 175–315

O: 815–870

L6 Slowly — 790–845 10–30 O 175–540

Carbon–tungsten special-purpose steels

F1, F2 Slowly 650 790–870 15 W or B 175–260

Water-hardening steels

W1, W2, W3 Slowly 565–650 (k) 760–815 10–30 B or W 175–345

(a) O, oil quench; A, air cool; S, salt bath quench; W, water quench; B, brine quench. (b) When the high temperature heating is carried out in a salt bath, the range of temperatures

should be about 148C lower than given here. (c) Double tempering recommended for not less than 1 h at temperature each time. (d) Triple tempering recommended for not less

than 1 h at temperature each time. (e) Times apply to open furnace heat treatment. For pack hardening, a common rule is to heat 1.2 min per mm (30 min per in.) of cross section

of the pack. (f) Preferable for large tools to minimize decarburization. (g) Carburizing temperature. (h) After carburizing. (i) carburized per case hardness. (j) P21 is a

precipitation-hardening steel having a thermal treatment that involves solution treating and aging rather than hardening and tempering. (k) Recommended for large tools and

tools with intricate sections.

Source: From A.M. Bayer, T. Vasco, and L.R. Walton, Wrought tool steels, in ASM Handbook, Vol. 1, Properties and Selection: Iron, Steels, and High-Performance Alloys, 10th

ed., 1990, pp. 770–771.
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� 20
for lower compressive stresses such as the ledeburitic chromium steel D2. In the case of

deep drawing dies subject to friction forces, steel D2 is suitable for drawing punches

and drawing rings and steel O2 is used for ejectors and blank holders. Nitriding could

be applied to avoid cold welding.

Stamping tools that are subject to pressure and friction stresses lower than those

encountered in extrusion can be made from O2 for blank holders and S1 for tools to

produce coins. In rolling, suitable tool materials for cold rolls are steels L3, O, A2, D2,

and M4 for thread rolls and multiroll stands.

4. Steels for hot forging

In the case of hammer forging that is characterized by impact loading between the tool

and the forged part, there is no need for a die material with hardness retention. The L6

family of tool steels is a good material for massive dies. Also, high-carbon (1.45%) steel

with 3.3% vanadium due to its wear resistance and its hardness is suitable for dies with

flat cutting. Wear resistance on the surface of these steels can be increased by nitriding

or chromium plating for flat cuts.

The hot-working steels H10, H11, and H13 are suitable for press forging dies that

are heated during forging process due to the longer time contact between forged parts and

die. Martensitic-hardened microstructure is suitable for delaying heat checking in dies

for forging copper alloys. For hot-rolling steels H11, H20, and H21 are suitable.

5. Steel alloys for hot extrusion

Hot extrusion is a hot-forming process used to produce long, straight, semifinished metal

products such as bar, solid, and hollow sections, tubes, wires, and strips. The forming

temperature depends on the alloys to be extruded. Tool steels used in extrusion must have

high-temperature strength due to the high pressing forces involved in this process. Hot-

working steels are generally adequate except in the isothermal extrusion of titanium, for

which superalloys are more appropriate [35]. The tool steels H11 and H13 are suitable for

the extrusion of light metals; while in the case of extrusion of heavy metals such as copper

and steels Ni-base super alloy tool steels H26 and T15 are more suitable. For tube

extrusion the mandrel steels H10 and H19 are more appropriate.

6. Steels for machining

In machining operations, tools for turning are made of high-speed steels. Abrasive wear

resistance and hardness at high temperature are the two important properties for

machining tool steels. Cobalt addition in the range of 5 to 12% to the base alloy M2

improves the hardness at higher temperatures. Steel M41 which contains 4.8% Co, is

used for milling cutters and screw taps. The addition of V in the range of 3 to 5%

increases wear resistance. The alloy M3 with 3% V is used for countersinks, broaches,

and threading taps. More information on high-speed steels is to be found in Ref. [8].

M40 type steels are used for machining aerospace materials such as Ti and nickel-base

alloys. Due to its high wear resistance T15 tool steels are used for lathe tools and

machining materials with high-tensile strength.
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12.1 HISTORICAL BACKGROUND

Stainless steels are frequently classified according to their microstructure into five types:

austenitic, ferritic, martensitic, duplex (ferritic–austenitic), and precipitation-hardenable

(PH). More common types, such as the austenitic, ferritic, and martensitic stainless steels,

have been discovered in the first decade of the 20th century. This brief historical introduction

[1–4] initially deals with the century before the actual discovery of stainless steel and the

following section will describe the discovery of each of the five types of stainless steels.
oup, LLC.



Chromium, which is the main alloying element in stainless steels, has been isolated chem-

ically some 200 years ago initially from crocoite (PbCrO4), known as the red lead ore of Siberia.

In 1797, L.N. Vauquelin, a Frenchman, demonstrated that this material contained a new

element, unknown until then. He produced chromic acid by reacting potassium carbonate

with the crocoite, removing the lead. This chromic acid was further heated in graphite crucibles,

which resulted in some colored chromium compounds. Following the suggestion given by R.J.

Hardy, Vauquelin named the new metal chromium, derived from the Greek word meaning

color. Later, in 1798, T. Lowitz, a German chemist, isolated chromium from an iron ore of the

Urals, the chromite (FeCr2O4), which is nowadays the main source of chromium.

In 1821, P. Berthier, a Frenchman, observed that when chromium (1 to 1.5 wt%) was added

to iron, it would give an improved resistance against acid attack and increase with chromium

content. He was also the first to produce ferrochromium and use it in steel production. His

ferrochromium contained high carbon and 17 to 60 wt% chromium. In 1891, H. Goldschmidt

patented in Germany an aluminothermic production process to obtain low-carbon metallic

chromium. In 1906, L.B. Guillet published in France a study on the constitution and properties

of ternary steels, containing chromium and nickel. A.M. Portevin, a Frenchman, published in

1909 in England, a study on martensitic and ferritic steels, containing 17.4 wt% chromium and

0.12 wt% carbon, which is in other terms AISI 430. In 1909, the German W. Giesen published,

in England, a long and interesting work on austenitic chromium–nickel steels. In 1911,

P. Monnartz published his classical work ‘‘A study on iron–chromium alloys with emphasis

on its chemical resistance to acids’’ [5]. This work clearly showed that starting from about

12 wt% chromium, the steels became resistant to the chemical attack of nitric acid and a series

of other corrosive media. He explained his results based on the passivation theory, recognized

the deleterious effect of carbon, studied the stabilization through the addition of carbide-

forming elements that were more stable than chromium carbide, and recognized the positive

effect of molybdenum. Monnartz, Guillet, Portevin, and Giesen established the scientific

foundations that lead to the discovery and utilization of stainless steels.

Despite the effort of metallurgists, a problem remained unsolved until early 20th century:

steel products were not sufficiently resistant to corrosive attack. At the beginning of this

century, the problem began to be solved in different countries simultaneously.

In England, Harry Brearley, in two articles, described his experiences with corrosion-

resistant alloys containing 12.8 wt% chromium and 0.24 wt% carbon. ‘‘When microscopic

observation of these steels were being made, one of the first things noticeable was that

reagents would not etch, or etched very slowly, those steels containing low carbon and high

chromium.’’ (H. Brearley, Daily Independent of Sheffield, 2.2.1924.) The martensitic stainless

steels have been discovered. (Brearley’s patent covered the 9 to 16 wt% chromium and less

than 0.7 wt% carbon alloys.) Inventiveness frequently comes with modesty, as shown by

Brearley’s declaration to the Daily Independent in 2.2.1924: ‘‘The reader will observe that

my early work on high-chromium steels was not inspired by any intention or hope on my part

of discovering a stainless steel.’’ Brearley’s feat was not fully understood immediately to its

full extent: ‘‘Nobody was impressed with my suggestion, perhaps the idea of producing on a

commercial scale a steel which should not corrode sounded ridiculous, at least my directors

failed to grasp the significance of it.’’

In the United Steels, in 1911, Christian Dantsizen and Frederick Becket started their

experiences with alloys containing 14 to 16 wt% chromium and low-carbon contents (from

0.007 to 0.015 wt%), using ferrochromium obtained via the aluminothermical method. Fer-

ritic stainless steels were discovered. Early as 1915 they suggested using these alloys in

turbines, a procedure which is still used by project engineers.

In 1896, the Physical Chemistry Laboratory of Krupp (Chemisch-Physikalischen Ver-

suchsanstalt der Firma Friedrich Krupp AG), in Essen, Germany, had a new head, namely
� 2006 by Taylor & Francis Group, LLC.



Dr. Brenno Strauss. In 1909, Dr. Eduard Maurer, the first metallurgist, started to work in this

sector, following the experimental work he started in Paris under the supervision of Osmond,

in the area of steel heat treatment, obtaining his doctorate in 1908 in Aachen. Between 1908

and 1910 both Strauss and Maurer worked with chromium and nickel–chromium-containing

steels and by 1910 they introduced the 35 wt% nickel and 13 to 14 wt% chromium

(Nichrotherm 4) steels.

In October 1912, F. Krupp (a German company) entered the German Patent Office

(Reichspatentamt), in Berlin, with the patent requests DRP 304126 and 304159: ‘‘Herstellung

von Gegenstanden, die hohe Widerstandskraft gegen Korrosion erfordern . . . ’’ (‘‘Fabrication

of objects that require high corrosion resistance . . .’’). Both patent requests did not mention

the true inventors and they were registered in the name of the company’s patent bureaucrat

called Pasel. From the initial work of Strauss and Maurer, two classes of stainless steels have

been developed: the martensitic VM steels (containing 0.15 wt% carbon, 14 wt% chromium,

and 1.8 wt% nickel) and the austenitic VA steels (containing 0.25 wt% carbon, 20 wt%

chromium, and 7wt% nickel). V stands for Versuch that in German means trial. The products

manufactured from these steels have been exhibited in 1914 Fair of Malmoe in Sweden.

F. Krupp was the first firm to commercialize these stainless steels. By the end of the first

semester of 1914, some 18 tons of the V2A (austenitic) steel have been supplied to Badisch

Anilin-und Sodafabrik (BASF) in Ludwigshafen. Thomas Firth & Sons Ltd. of Sheffield

produced about 50 tons of the martensitic type in 1914. In 1915, in the United States, Firth-

Sterling near Pittsburgh started its production. Ferritic stainless steels usage and commer-

cialization started later on, probably around 1920, when Brown Bayley’s Steel Works Ltd. of

Sheffield made its first 5 to 6 tons of a 11.7 wt% chromium and 0.07 wt% carbon steel.

Duplex ferritic–austenitic stainless steels have been developed later and presented an

interesting combination of properties: a yield strength (YS) twice higher than the one for the

austenitic and ferritic common types, greater plasticity and toughness than the martensitic and

precipitation-hardening ones, excellent intergranular, pitting and stress corrosion resistance.

In 1927, Bain and Griffiths [6] reported their results on the Fe–Cr–Ni-system and men-

tioned the existence of a two-phase field comprising austenite and ferrite. This was probably

the first mention of the duplex-type stainless steels. Few years later the first tons have been

produced and studied [7,8]. By 1930, AVESTA of Sweden started the development of two

duplex alloys, namely the 453 E (25 wt% Cr–wt% Ni) and the 453 S (27 wt% Cr–5 wt%

Ni–1.5 wt% Mo). The values with seawater corrosion tests, reported in 1930, showed excellent

results in terms of intergranular corrosion resistance. From thereon these two compositions

have been included in AVESTA’s product list. The first forged axel in the 453S duplex alloy

was supplied in 1932 for a Brobeck heat exchanger, i.e., only some 70 years ago.

In 1947, a new duplex alloy, the UR50 containing 21 wt% Cr–7wt% Ni–2.5 wt%

Mo–1.5 wt% Cu–0.07 wt% N, became a standard in the French Navy [7,8]. YS was higher

than 400 MPa and cast or mechanically worked components were produced. At that time,

control of oxygen, sulfur, and carbon was not satisfactory and products made out of UR50

frequently presented cracks and were fragile. Nevertheless, some producers fabricated small

quantities of the duplex steel for the chemical, salt extraction, petroleum refining, food, paper,

pharmacy, and diving instrument industries.

An interesting application of duplex steels back in the 1960s was the first submarine employ-

ing UR50, by the French company Comex. In 1970, some tons of UR50 plate have been used in

three oil tankers (Zambese, Zelande e Zeebrugge) in the Dunkerque Shipyards [7,8].

Until 1940, the available stainless steels presented an excellent corrosion resistance, yet

had poor mechanical properties. PH steels have been developed in the 1940s, initially by the

United States Steel (USS) Corporation (Stainless W), to overcome this deficiency. Three

classes have been developed: austenitic (with YS in the range of 600 to 700 MPa. Ex: A286,
� 2006 by Taylor & Francis Group, LLC.



17-10P), martensitic (with YS in the range of 1100 to 1600 MPa. Ex: 17-4 PH, 15-5 PH,

Custom 450, Stainless W, PH 13-8 Mo, Custom 455), and semiaustenitic (with YS between

1200 and 1800 MPa. Ex: 17-7 PH, PH 15-7 Mo, AM-350, and AM-355).

With the discovery of the stainless steels the chemical industry and the high-temperature

applications had a new class of materials available, more adequate to their aggressive media in

their installations. The production numbers clearly show the impact these materials caused. In

1934, some 56,000 tons were produced whereas in 1953 world production was over 1 million tons.

The development of the AOD process (argon–oxygen decarburization) made possible the

large-scale production of stainless steels that we know today. The first AOD plant started

operation in Fort Wayne in 1968, resulting from the joint development of Linde Division of

Union Carbide Corporation and the Stainless Steel Division of Joslyn Manufacturing and

Supply Company. In 1985, the world stainless steel consumption was over 5 metric tons. In

1991, stainless steel productionwas about 10metric tons and in 2004 itwas about 22metric tons.

Stainless steel plays an important role in the modern world, even if its tonnage represents only

2.2% of the total steel production. Austenitic stainless steels represent about 60% whereas

ferritic stainless steels represent about 30% of the world’s total stainless steel production.
12.2 PHASE DIAGRAMS AND STAINLESS STEEL TYPICAL PHASES

Phase diagrams are important to predict the phases that are present in the stainless steels;

therefore, they are also very important as a guide to their heat treatments. However, they do

have limitations due to the complexity of the multicomponent thermodynamic calculations

and also due to the transformation kinetics that may prevent the attainment of the equilib-

rium phases. Regarding the first limitation, the number of relevant components is often more

than five and published diagrams are rarely found to contain more than four components. As

to the second limitation, the diffusion of alloying elements in the solid state can be very slow,

especially in the case of austenitic stainless steels, where the precipitation of certain inter-

metallic compounds can take thousands of hours.

12.2.1 E QUILIBRIUM DIAGRAMS

In this section the most relevant features of the binary diagrams [9–13] Fe–Cr, Fe–Ni, Cr–Ni,

Fe–Mo, Fe–Ti, Ni–Ti, Fe–Nb, Fe–Mn, and Fe–Si are considered. Next the Fe–Cr–Ni

and Fe–Cr–Mo ternary diagrams and the quaternary Fe–Cr–Ni–Mo diagram will be

discussed briefly.

The three main features of the Fe–Cr diagram [9–13], shown in Figure 12.1, which are

relevant to stainless steels, are the ferrite-stabilizing character of Cr and the presence of sigma

(s) and alpha prime (a’) phases. The reader should be cautioned that in the stainless

steel technical literature the alpha prime (a’) designation is unfortunately used for both

deformation-induced martensite in austenitic stainless and for the phase formed in ferrite of

stainless steels (mainly in ferritic and duplex types) around 4758C (8858F).

The Fe–Ni diagram [9–13] clearly shows the strong austenite-stabilizing effect of Ni. The

intermetallic compound Ni3Fe is not normally observed in stainless steels. Also the CrNi2
compound present in the Cr–Ni diagram does not form in stainless steels. The Fe–Mo

diagram [9–13] shows that Mo is a strong ferrite stabilizer and also that it forms four

intermetallic compounds with iron. Of these, the sigma (s) phase and the Laves phase,

Fe2Mo, often occur in stainless steels. The mu (m) phase, Fe7Mo6, occurs less frequently in

stainless steels. In the Fe–Ti diagram [9–13] one can also see the very strong ferrite-stabilizing

character of the Ti and also the presence of a Laves phase, Fe2Ti, that can occur in stainless

steels, particularly in those in which the relationship Ti:C is high, the so-called over-stabilized
� 2006 by Taylor & Francis Group, LLC.
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of ASM International1. All rights reserved www.asminternational.org.)
steels. The Ni–Ti diagram [9–13] shows the presence of the Ni3Ti that can be used to produce

precipitation strengthening in Ni-containing stainless steels.

The Fe–Nb diagram [9–13] shows the ferrite-stabilizing character of the Nb and also the

presence of a Laves phase, Fe2Nb. Fe2Nb, similar to Fe2Ti, can occur in stainless steels in

which the relationship Nb:C is high, which are also called over-stabilized steels.

As to the Fe–Mn diagram [9–13] the most relevant characteristic is the austenite-stabiliz-

ing character of Mn. Finally, the Fe–Si diagram [9–13] shows a strong ferrite-stabilizing effect

of Si but none of the five intermetallic compounds is found in commercial stainless steels.

The ternary Fe–Cr–Ni diagram is the basic diagram for stainless steels (see Figure 12.2). It

shows the presence of only three solid phases: austenite, ferrite, and sigma phase. For a high

Cr=Ni ratio delta ferrite may occur during solidification and sigma phase may occur during

aging at temperatures between 550 8C (1020 8F) and 900 8C (1650 8F). The compositional range

of the sigma-phase field increases as the temperature is below 900 8C as shown in Figure 12.2.

The Fe–Cr–Mo diagram (see Figure 12.3) shows the presence of six phases: (Fe,Cr) ¼
solid solution; (Cr,Mo) ¼ solid solution; Fe7Mo6 ¼mu (m) phase; s¼ sigma phase; x¼ chi

phase; the Laves phase h-Fe2Mo.

The three intermetallic phases most frequently found in stainless steels are the sigma (s),

chi ( x), and Laves ( h) phases. Other intermetallic phases can also be occasionally found such

as the G, R, mu ( m), gamma prime (g ’), gamma double prime ( g’’), h-Ni3Ti, and d-Ni3Nb. The

precipitation of intermetallic phases is normally associated with undesirable consequences

like matrix depleting of alloying elements such as chromium, molybdenum, and niobium as

well as loss of ductility, toughness, and corrosion resistance. Exceptions to this pattern are the

phases causing PH such as g’-Ni3(Al,Ti) and b-NiAl.
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permission.)
Intermetallic phases that occur in stainless steels (see Table 12.1) can be classified into two

groups: (i) topologically close-packed (TCP) phases, like s, x, Laves ( h), G, R, and Mu ( m)

and (ii) geometrically close-packed phases, like g’, g’’, h-Ni3Ti, and d-Ni3Nb. TCP phases are

characterized by close-packed layers of atoms separated from each other by relatively large

interatomic distances. The layers of close-packed atoms are displaced from one to the other

by sandwiched large atoms, developing a characteristic topology. In contrast, the GCP phases

are close packed in all directions. GCP phases have been observed to form mainly in nickel-

base alloys whereas the TCP phases have been observed mainly in the iron-base alloys. The

precipitation of these phases in the stainless steels will be discussed in more detail.

The nonmetallic elements carbon, nitrogen, boron, and sulfur are usually present in relatively

small quantities but their effect can be extremely important. Table 12.1 presents information on

the main carbides, nitrides, borides, and sulfides that may occur in stainless steels.

12.2.2 S CHAEFFLER, DELONG , AND OTHER NONEQUILIBRIUM DIAGRAMS

However useful equilibrium-phase diagrams might be, they are rarely sufficient to predict the

resulting microstructure after solidification. As a result practical methods were developed.

Of these, the best-known is the Schaeffler diagram. Schaeffler [15–17] divided the alloying

elements into two groups: ferrite and austenite stabilizers. He also developed a formula by

means of which the elements of each group could be expressed as a chromium equivalent and

as a nickel equivalent. An example of such a diagram is presented in Figure 12.4. The regions

of the diagram represent the microstructures that can be observed for each class of stainless

steels. Schaeffler’s method therefore allows a rough evaluation of the microstructure as a

function of the steel composition, however it does not take into consideration the influence of
� 2006 by Taylor & Francis Group, LLC.
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Duplexstählen mit 4758-Versprödund. Materialkundlieh-Technische Reihe, Vol. 9 (Gefüge und Bruch),

K.L. Maurer and M. Pohl (Eds.), Gebrüder Borntraeger. Berlin, pp. 305–314, 1990. With permission.)
the cooling rate and aging heat treatments. These diagrams have also been used to estimate the

microstructure of the weld metal. The empirical formulas and the experiments present a consid-

erable scatter with regard to the determination of the amount of delta ferrite in austenitic weld

metal. DeLong [18] suggested a comparativemethod for delta-ferrite determination that has been

adopted as a standard procedure by the International Welding Institute.

Other researchers adopted a similar methodology, such as Hull [19], who analyzed as

much as 1400 specimens in order to determine the effect of 14 alloying elements (Al, C, Cu,

Co, Cu, Mn, Mo, N, Nb, Si, Ti, Ta, V, and W) in addition to chromium and nickel in order to

predict the occurrence of delta ferrite and intermetallic phases. Espy [20] proposed an

extended Schaeffler diagram based on his study of the effects of Cu, N, V, and Al. An

interesting historical discussion, especially about the diagrams that preceded Schaeffler

work, can be found in Ref. [21].

These diagrams although lacking the sound thermodynamical basis of the equilibrium

diagrams are nevertheless technological charts of practical importance.

Stainless steels can solidify by several mechanisms or modes: ferritic or mode A (L !
Lþ d! d); ferritic–austenitic or mode B (L! Lþ d! Lþ dþ g! gþ d); austenitic–ferritic

or mode C (L! Lþ g! Lþ gþ d! gþ d); and austenitic or mode D (L! Lþ g! g). The

prediction of their solidification mode and sequence can also be successfully evaluated

beforehand using chromium and nickel equivalent ratios [22].
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TABLE 12.1
Crystal Structures and Compositions of Phases That May Occur in Stainless Steels

Phase Unit Cell Atoms per Cell Space Group Lattice Parameters (nm) Composition

Intermetallic phases

Sigma (s) bct 30 P42=mnm a¼ 0.87–0.92; (Fe,Ni)x(Cr,Mo)y

c¼ 0.4554–0.48

Chi (x) bcc 58 I43m a¼ 0.881–0.895 Fe36Cr12Mo10;

(Fe,Ni)36Cr18Mo4

Laves (h) hex. 12 P63=mmc a¼ 0.473–0.483; Fe2Mo; Fe2Nb; Fe2Ta;

Fe2Ti; Fe2Wc¼ 0.772–0.786

G fcc 116 Fd3m a¼ 1.115–1.120 Ni16Nb6Si7; Ni16Ti6Si7;

(Ni,Fe,Cr)16(Nb,Ti)6Si7

R hex. 53 (159) R3 a¼ 1.090; Fe22Mo18Cr13;

(Fe,Ni)10Cr5Mo3Si2c¼ 1.934

Mu (m) rhombohedral 13 R3m a¼ 0.4762; (Fe,Co)7(Mo,W)6;

c¼ 2.5015 (Cr,Fe)7(Mo)2

(Cr, Fe,Mo)4

g’ fcc 4 Pm3m a¼ 0.3565–0.3601; (Ni,Co,Fe,Cr)3(Al,Ti)

g’’mnm a¼ 0.3624 Ni3Nb

I4=mmm

c¼ 0.7406

h hex. 8 P63=mmc a¼ 0.5109; Ni3Ti

c¼ 0.8299

d orthorhombic 8 Pmmn a¼ 0.5116; Ni3Nb

b¼ 0.4259;

c¼ 0.4565

b ord bcc 2 Pm3m a¼ 0.2865–0.2887 NiAl

Carbides

M23C6 fcc 116 Fm3m a¼ 1.057–1.068 (Cr,Fe,Mo)23C6;

(Cr16Fe5 Mo2)C6

MC ord fcc 8 Fm3m a¼ 0.4131–0.4698 (Ti,Nb,V)C

M6C fcc 112 Fd3m a¼ 1.085–1.128 (Fe,Mo,Nb,Cr)6C

M7C3 pseudo hex. 40 Pnma a¼ 1.398; (Cr,Fe)7C3

c¼ 0.4523

Nitrides

MN ord fcc 8 Fm3m a¼ 0.4097–0.4577 ZrN; TiN; NbN; VN

M2N hexagonal 9 P31m a¼ 0.478–0.480; (Cr,Fe)2N

c¼ 0.444–0.447

Z-phase tetragonal 6 P4=nmm a¼ 0.3037; CrNNb

c¼ 0.7391

Borides

M2B orthorhombic 48 Fddd a¼ 1.4585; Cr1.04Fe0.96B

b¼ 0.7331;

c¼ 0.4223

M3B2 tetragonal 10 P4=mbm a¼ 0.5807; FeMo2B2

c¼ 0.3142

Sulfides

M4C2S2 hexagonal 8 P63=mmc a¼ 0.320–3.39; Ti4C2S2

c¼ 1.118–1.210 Zr4C2S2

Source: From A.F. Padilha and P.R. Rios: ISIJ International (Japan), 42, 325–337, 2002.
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FIGURE 12.4 Schaeffler’s constitution diagram for stainless steels. The typical compositional ranges of

the ferritic, martensitic, austenitic, and duplex alloys have been superimposed on this diagram. (From

J.R. Davis (Ed.): ASM Speciality Handbook: Stainless Steels, ASM International, Materials Park, OH,

1994; W. Reick, M. Pohl, and A.F. Padilha: Metalurgia International, 3, 46–50, 1990; M. Pohl,

A.F. Padilha, and O. Fossmark: Bruchvorgänge in ferritisch-austenitischen Duplexstählen mit 4758-
Versprödund. Materialkundlieh-Technische Reihe, Vol. 9 (Gefüge und Bruch, K.L. Maurer and M. Pohl

(Eds.), Gebrüder Borntraeger, Berlin, pp. 305–314, 1990. With permission.)
12.3 AUSTENITIC STAINLESS STEELS

The discovery of stainless steels could be linked to a significant advance in the development of

corrosion- and oxidation-resistant materials. At the time of their discovery, however, the

austenitic stainless steels were frequently susceptible to intergranular corrosion, also called

sensitization, caused by chromium depleting in the areas next to grain boundaries, due to the

precipitation of the M23C6 carbide, known at the time as Cr4C. (Westgren [23] in 1933 has

shown that the correct formula was Cr23C6 and not Cr4C.) Two approaches have been

attempted, around 1930, to solve this problem: reduction of the carbon content (that resulted

in the low carbon, or L-type, such as the AISI 304L and 316L types), and the addition of

alloying elements that had more affinity with carbon as compared to Cr, such as Ti and Nb

(that resulted in the stabilized types, such as the AISI 321 and the 347, respectively). Another

important alloying modification in the austenitic stainless steels was the addition of Mo aiming

at the resistance to pitting corrosion, with additions usually about 2 to 3 wt%, such as the AISI

316 and 316L types, although higher contents, such as 3 to 4wt%, are present in the AISI 317

and 317L types. Table 12.2 presents the most frequently used types of austenitic stainless steels.

The austenitic stainless steels usually present an excellent combination of corrosion

resistance, ductility, toughness, and weldability. However, for the common types their strength

level, particularly the YS in the annealed condition, is relatively low, around 200 to 250 MPa.

Higher levels of nitrogen additions can increase their YS to over 400 MPa. These steels, called

superaustenitic, can contain up to about 0.9 wt% N, however their usual N content is about

0.2 wt%. To increase the weldability of the nitrogen-containing steels, an addition of Mn can

be made. Furthermore Mn also partially replaces Ni as an austenite stabilizer and increases

nitrogen solubility. Superaustenitic steels can contain up to 8 wt% Mo. One of the best-known
� 2006 by Taylor & Francis Group, LLC.



TABLE 12.2
Chemical Compositions (in wt%) of Some Typical Austenitic Stainless Steels

Type UNS Designation C Mn Si Cr Ni Mo N Others

AISI 201 S20100 �0.15 5.50–7.50 �1.00 16.00–18.00 3.50–5.50 — 0.25 —

AISI 202 S20200 �0.15 7.50–10.0 �1.00 17.00–19.00 4.0–6.0 — 0.25 —

AISI 205 S20500 0.12–0.25 14.00–12.50 �1.00 16.50–18.00 1.0–1.75 — 0.32–0.40 —

AISI 301 S30100 �0.15 �2.00 �1.00 16.00–18.00 6.0–8.0 — — —

AISI 302 S30200 �0.15 �2.00 �1.00 17.00–19.00 8.0–10.0 — — —

AISI 303 S30300 �0.15 �2.00 �1.00 17.00–19.00 8.0–10.0 0.6 — —

AISI 304 S30400 �0.08 �2.00 �1.00 18.00–20.00 8.0–10.5 — — —

AISI 304H S30409 0.04–0.10 �2.00 �1.00 18.00–20.00 8.0–10.5 — — —

AISI 304L S30403 �0.03 �2.00 �1.00 18.00–20.00 8.0–12.0 — — —

AISI 304N S30400 �0.08 �2.00 �1.00 18.00–20.00 8.0–10.5 — 0.10–0.16 —

AISI 304LN S30451 �0.03 �2.00 �1.00 18.00–20.00 8.0–12.0 — 0.10–0.16 —

AISI 308 S30800 �0.08 �2.00 �1.00 19.00–21.00 10.0–12.0 — — —

AISI 309 S30900 �0.20 �2.00 �1.00 22.00–24.00 12.0–12.0 — — —

AISI 310 S31000 �0.25 �2.00 �1.00 24.00–26.00 19.0–22.0 — — —

AISI 316 S31600 �0.08 �2.00 �1.00 16.00–18.00 10.0–14.0 2.0–3.0 — —

AISI 316H S31609 �0.08 �2.00 �1.00 16.00–18.00 10.0–14.0 2.0–3.0 — —

AISI 316L S31603 �0.03 �2.00 �1.00 16.00–18.00 10.0–14.0 2.0–3.0 — —

AISI 316LN S31653 �0.03 �2.00 �1.00 16.00–18.00 10.0–14.0 2.0–3.0 0.10–0.16 —

AISI 316N S31651 �0.08 �2.00 �1.00 16.00–18.00 10.0–14.0 2.0–3.0 0.10–0.16 —

AISI 317 S31700 �0.08 �2.00 �1.00 18.00–20.00 11.0–12.0 3.0–4.0 — —

AISI 317L S31703 �0.03 �2.00 �1.00 18.00–20.00 11.0–12.0 3.0–4.0 — —

AISI 321 S32100 �0.08 �2.00 �1.00 17.00–19.00 9.0–12.0 — — Ti� 5 � %C

AISI 321H S32109 0.04–0.10 �2.00 �1.00 17.00–19.00 9.0–12.0 — — Ti� 5�%C

AISI 347 S34700 �0.08 �2.00 �1.00 17.00–19.00 9.0–13.0 — — Nb� 10�%C

AISI 347H S34709 0.04–0.10 �2.00 �1.00 17.00–19.00 9.0–13.0 — — 1.0�Nb� 10�%C

654 SMO1 S32654 �0.02 2.00–4.00 �0.50 24.00–25.00 21.0–23.0 7.0–8.0 0.45–0.55 Cu¼0.30–0.60

AISI¼American Iron and Steel Institute; UNS¼Unified Numbering System.
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superaustenitic stainless steels is the UNS S32654 (see Table 12.2), also known as 654 SMO1.

This steel offers a very interesting combination of mechanical and corrosion properties: high

pitting corrosion resistance (pitting resistance equivalent [PRE]� 55) combined with a YS of

about 450 MPa, tensile strength of about 750 MPa, and 40% elongation.

Another very efficient alternative to increase the strength of the austenitic stainless steels is

work hardening. The low stacking fault energy and the formation of deformation-induced

martensite give rise to high strain-hardening, leading to a YS higher than 1200 MPa, even in

the common AISI 304 type. Heating up of work-hardened material during weld processing or

usage can cause recovery, martensite reversion, and even recrystallization, with a consequent

loss in mechanical strength. Figure 12.5, with the help of a time–temperature–transformation

(TTT) diagram, schematically presents the main transformations that occur in austenitic

stainless steels during processing or utilization.

Before going into the different heat treatments for austenitic stainless steels, it is important

to remember two particularly important properties of these steels, namely their low thermal
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conductivity and high thermal expansion coefficient. The thermal conductivity of the auste-

nitic stainless steels is low; about one fifth of the value for pure iron and one third of the

conductivity of an AISI 1025 carbon steel. The thermal expansion coefficient of the stainless

steels is about 50% higher than for pure iron or of an AISI 1025 carbon steel. While the low

thermal conductivity limits the heating up and cooling speeds, the high thermal expansion

coefficient requires special care concerning the spacing between pieces to be treated.

12.3.1 S OLUTION A NNEALING

Solution annealing is the heat treatment most frequently specified for austenitic stainless

steels, before their actual usage. The main objective of this treatment, as the name implies, is

to dissolve the phases that have precipitated during the thermomechanical processing of the

material, especially the chromium-rich carbides of the M23C6-type (see Figure 12.6), where

M ¼Cr, Fe, Mo. As the precipitation of M23C6 occurs in the 450 to 900 8C (840 to 1650 8F)

temperature range, the lower temperature limit for solution annealing should be over 900 8C.

Carbides should be completely dissolved but they dissolve slowly. Grain growth limits the

maximum solution-annealing temperature. In particular, abnormal grain growth, also known

as secondary recrystallization, must be avoided.

For the more conventional stainless steels, such as AISI 201, 202, 301, 302, 303, 304, 304L,

305, and 308, recommended solution-annealing temperatures are around 1010 to 1120 8C (1850

to 2050 8F). For higher carbon-containing steels such as the AISI 309 and 310 or steels contain-

ing molybdenum such as AISI 316, 316L, 317, and 317L, the minimum temperature should be

increased to 10408C whereas the maximum should be kept at 11208C (1900 to 20508F). In the

case of the stabilized steels (see Figure 12.7), which are more prone to secondary recrystalliza-

tion or abnormal grain growth [25], as compared to the nonstabilized steels, the solution-

annealing temperature range should be at a lower level, between 955 and 10658C
(1750 and 19508F), for titanium-stabilized AISI 321 type, and narrower, between 980 and

10658C (1800 and 19508F), for the niobium-stabilized AISI 347 and 348 (nuclear grade) types.
FIGURE 12.6 Grain boundary M23C6 precipitates in an austenitic stainless steel observed using trans-

mission electron microscopy. (From A.F. Padilha and P.R. Rios: ISIJ International (Japan), 42, 325–

337, 2002. With permission.)
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FIGURE 12.7 Optical micrograph showing secondary recrystallization start in a titanium-stabilized

austenitic stainless steel after solution annealing. Etched with V2A-Beize. (From A.F. Padilha, R.L.

Plaut, and P.R. Rios: ISIJ International (Japan), 43, 135–143, 2003. With permission.)
Cooling from heat treatment temperatures should be sufficiently fast to avoid chromium-

carbide precipitation. On the other hand, too fast cooling rates cause component distortions.

In the case of nonstabilized grades such as AISI 201, 202, 301, 302, 303, 304, 305, 308, 309,

316, and 317, if distortion considerations permit, water quenching may be utilized. In the case

of the AISI 309 and 310 types that contain maximum allowed carbon content and are

susceptible to carbide precipitation, water cooling is mandatory. In the case of stabilized

AISI 321, 347, and 348 types, water cooling is not needed and air cooling is sufficient to avoid

sensitization. Molybdenum-containing steels, such as AISI 316, 316L, 317, and 317L, present

an intermediate tendency toward sensitization when compared to nonstabilized conventional

and the stabilized types, i.e., they do not require water cooling from the solution-annealing

temperature, however their usage in the 540 to 760 8C (1000 to 1400 8F) temperature range

should be avoided. In the case of molybdenum-containing steels, such as AISI 316, 316L, 317,

and 317L types, long exposure times at temperatures in the 650 to 870 8C (1200 to 1600 8F)

temperature range should be avoided, to avoid the precipitation of intermetallic phases (see

Figure 12.5), such as sigma (s), chi ( x), and Laves (Fe2Mo) phases.

During solidification or welding, the formation of d-ferrite may occur, which may be difficult

to eliminate completely during the thermomechanical treatment and it may be present before the

solution-annealing heat treatment or even may survive it. If the material has d-ferrite it may be

even more susceptible to the precipitation of the intermetallic phases mentioned previously [26].

12.3.2 STABILIZE A NNEALING

Stabilize annealing is used for stabilized austenitic stainless steels in order to assure maximum

intergranular corrosion resistance. After the solution-annealing treatment, only part of the

carbon is bound in the form of primary phases, such as carbides, MC, carbonitrides, M(C,N),

nitrides MN, or carbosulfides M4C2S2, where M¼Ti, Nb, or V. The remaining carbon stays

in solid solution and may precipitate as secondary carbides MC or M23C6 at lower temper-
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atures, since the carbon solubility in austenite under 900 8C (1650 8F) is very low. Careful

observation of Figure 12.5 reveals that the precipitation start temperature of the thermo-

dynamically more stable MC carbides is displaced to higher temperatures if compared to the

precipitation start temperature of the less stable Cr-rich carbides of the M23C6 type. There-

fore, exposing the steel, after solution annealing, to temperatures in the 845 to 9558C (1550 to

17508F) temperature range for up to 5 h (depending on component size), favors MC precipi-

tation in detriment to M23C6. Furnace atmosphere control, avoiding carburizing or exces-

sively oxidizing conditions, should be employed and the sulfur content in oil- or gas-fired

furnaces should be kept at low levels.

12.3.3 STRESS-RELIEF ANNEALING

The most effective way to relieve stresses is to cool the component slowly from the solution-

annealing temperature. During slow cooling, some M23C6 precipitation may occur with

consequent sensitization. On the other hand, fast cooling may reintroduce residual stresses

and make the component susceptible to stress-corrosion cracking (SCC). In general, a small

amount of intergranular corrosion is preferable to a failure in few weeks due to SCC.

Moreover, the selection of a low carbon or of a stabilized steel would be a more appropriate

solution. The selection of a lower working temperature range, say in the 925 to 10108C
(1700 to 18508F) range, would allow longer time exposure without significant grain growth.

Another alternative would be to stress relieve at a lower temperature range, between 425

and 5508C (800 and 10008F), where M23C6 precipitation is very slow, allowing the material to

be exposed for some hours without sensitization occurrence. This treatment may not be very

efficient to reduce residual stresses, nevertheless it may be sufficient to reduce residual stresses

sufficiently to significantly reduce the risk of SCC. In the case of low-carbon steels, such as

AISI 304L, 316L, and 317L, the sensitization risk is even smaller.

12.3.4 BRIGHT ANNEALING

All austenitic stainless steel types can be bright annealed in a pure hydrogen or dissociated

ammonia atmosphere, provided that its dew point is kept below �508C (�608F) and that the

components are dry and clean before entering the furnace. If the dew point is not kept

sufficiently low, some thin green oxide film may be formed, which will be difficult to remove.

12.3.5 MARTENSITE FORMATION

Austenite in stainless steels in general and the austenite in the 300 steels series in particular is

not a stable phase. In the solution-annealed condition, the Ms temperature is normally below

room temperature. For the majority of these steels, the Md temperature (the temperature

below which martensite will form under deformation) is above room temperature.

Two kinds of martensite can occur in stainless steels: a’ (bcc, ferromagnetic) and e (hcp,

nonferromagnetic). The transformation of austenite to martensite can be also induced in auste-

nitic stainless steels by cathodic charging with hydrogen [27]. The lattice parameters are typically:

aa0 ¼ 0:2872 nm

and

ae ¼ 0:2532 nm; ce ¼ 0:4114 nm
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Assuming [28] ag¼ 0.3585 nm, we may estimate that the g ! a’ transformation causes a

volume increase of 2.57%, while the g! e transformation causes a volume decrease of 0.81%.

12.3. 5.1 Transform ation during Cooling

There are several empirical equations that relate the Ms temperature to the chemical com-

position. Eichelman and Hull’s [29] is one of the most widely used:

Ms ( 
�C) ¼ 1302 � 42 (% Cr) � 61 (% Ni) � 33 (% Mn) � 28 (% Si)

� 1667 (% [C þ N]) (12:1)

where compositions are in wt%.

Equation 12.1 suggests that many steels in Table 12.2, when cooled to cryogenic temper-

atures, will form alpha prime (a’) martensite. The ability to form alpha prime (a’) martensite

becomes more significant during cooling after sensitization. M23C6 precipitation at grain

boundaries causes depletion of chromium, carbon, and other alloying elements in the vicinity

of the grain boundaries. This leads to a higher Ms temperature, making the material more

susceptible to the formation of alpha prime (a’) martensite close to grain boundaries during

cooling [30]. For epsilon (e) martensite no equations like Equation 12.1 are reported. How-

ever, it is reasonable to expect that the formation of epsilon (e) martensite increases with a

decrease in the stacking fault energy of austenite [31,32].

12.3.5.2 Strain-Induced Transformation

The most frequent case of martensite formation at room temperature in stainless steels is that

of strain-induced martensite.

The formation and the amount of alpha prime (a’) and epsilon (e) depend on steel

composition, on its stacking fault energy, and on the temperature, amount, and rate of

deformation. According to Kaieda and Oguchi [33], the amount of a’ depends also on the

stress state during deformation.

There are several empirical equations that relate the Md temperature with the chemical

composition. One of the most often employed is due to Angel [34]:

Md(30=50)(�C) ¼ 413� 13:7 (% Cr)� 9:5 (% Ni)� 8:1 (% Mn)� 18:5 (% Mo)

� 9:2 (% Si)� 462 (% [CþN]) (12:2)

where compositions are in wt%. Md(30=50)(8C) is the temperature at which 50 vol% a’ is

formed after a true tensile strain of 30%.

For the majority of austenitic stainless steels, the Md temperature is above room tem-

perature. For epsilon (e) martensite such empirical equations are not available. Susceptibility

of the austenite to form martensite and the amount of martensite formed increases with

decreasing deformation temperature.

When stainless steels containing deformation-induced martensite are annealed, the mar-

tensite may revert to austenite. This reversion usually occurs at temperatures about 1008C
lower and for shorter times than those required for the recrystallization of the deformed

stainless steel [35]. The formability of the austenitic alloys is influenced greatly by martensitic

transformation during straining [36,37].

12.4 FERRITIC STAINLESS STEELS

It is common to classify ferritic stainless steels according to their generation [11]. The first

generation of ferritic stainless steels was developed during the 20th century, when the
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decarburization processes were quite inefficient and, therefore, the carbon and consequently

chromium contents were relatively high. The main representatives of this generation were the

AISI 430 and 446 steels (see Table 12.3). Steels of this generation were not fully ferritic in their

composition and temperature range. The second generation of ferritic stainless steels had

lower carbon and nitrogen contents with carbon and nitrogen getter elements, such as

titanium and niobium. Moreover, we must remember that titanium, eventually in excess in

solid solution, is a ferrite-forming element. Therefore, this generation presented a fully ferritic

microstructure. The AISI 409 steel is a typical representative of this generation, which

represents about two thirds of the total ferritic stainless steel production. The third generation

of ferritic stainless steels came into scene about 1970 and possessed all the benefits of a more

efficient decarburization. Carbon and nitrogen contents were typically in the order of 0.02

wt% or even lower, they were titanium- or niobium-stabilized and frequently contained

molybdenum. Their typical representative is the AISI 444 steel. The development of the

VOD and the AOD processes (carbon-reducing metallurgical processes) opened up new

perspectives for steels, among them the ferritic stainless steels. Raising the chromium content

to levels higher than 25 wt%, as well as additions of molybdenum, a strong ferrite-forming

elements leads to the development of the superferritic steels. Further raising of chromium,

molybdenum, and lowering of carbon levels, allowed nickel to be added, without ferrite

destabilization. The main effect of nickel is to increase toughness. Nickel also has a positive

effect on corrosion resistance under reducing conditions and it increases the pitting and

crevice corrosion resistance. The 28Cr–4Ni–2Mo–Nb (in wt%) and 29Cr–4Mo–2Ni

(in wt%) steels shown in Table 12.3 are typical representatives of this generation.

Ferritic stainless steels have a high brittle-ductile transition temperature compared to

duplex ferritic–austenitic stainless steels. The transition temperature strongly depends on

the amount of interstitials, mainly the carbon and nitrogen levels in the steel. Ferritic steels

have only reasonable mechanical properties relative to the other types of stainless steels. The

ferritic steels are not hardenable by heat treatment and have a low strain-hardening coeffi-

cient when compared to the austenitic types. Ferritic steels, specially the superferritic ones, are

selected for numerous applications because of their corrosion resistance. They have an

excellent resistance to generalized corrosion, pitting and crevice stress corrosion in media

containing chloride ions. Their major application is in the chemical, petrochemical, pulp and

paper industries, and in desalinization installations. The high levels of alloying elements that

are typical in ferritic stainless steels have some negative consequences when it comes to

microstructural stability [38–40]. High chromium- and molybdenum-containing steels,

such as in the case of the 28 wt% Cr–4wt% Ni–2wt% Mo–Nb and 29 wt% Cr–4 wt%

Mo–2wt%Ni superferritic types, are susceptible to sigma- (s) and chi (x)-phase precipitation.

Ferrites containing more than 18wt% chromium are susceptible to the so-called 4758C
embrittlement, caused by the alpha prime (a’) phase. The presence of these phases in the

microstructure has negative effects both on toughness and on corrosion resistance. The

dissolution of phases during solution-annealing treatments may lead [25] to excessive grain

coarsening (secondary recrystallization), which in turn is associated with loss in toughness.

The much faster diffusion in ferrite than in austenite leads to the fact that the phenomena

mentioned above are more critical in the ferritic steels than in the austenitic steels.

12.4.1 THE 4758C (8858F) EMBRITTLEMENT

Ferritic stainless steel embrittlement caused by their exposure to temperatures around 4758C
(8858F) has been discussed in the literature for more than half a century [41,42]. It is caused by

the presence of the alpha prime (a’) phase in the 300 to 5508C temperature range. This phase

contains mainly chromium and iron, richer in chromium than in iron, as shown in the Fe–Cr
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TABLE 12.3
Chemical Composition (in wt %) of Some Typical Ferritic Stainless Steels

Type UNS Designation C Mn Si Cr Mo Ni Other Elements

AISI 430 S43000 �0.12 �1.00 �1.00 16.0–18.0 — �0.75

AISI 446 S44600 �0.20 �1.50 �1.00 23.0–27.0 — — N � 0.25

AISI 409 S40900 �0.08 �1.00 �1.00 10.6–11.75 — �0.5 6� %C� Ti � 0.75

AISI 444 S44400 �0.025 �1.00 �1.00 17.5–19.5 1.75–2.50 �1.0 Nb þ Ti � 0.20 þ 4(C þ N)

AISI 448 S44800 �0.01 �0.30 �0.20 28.0–30.0 3.50–4.20 2.00–2.50 C þ N � 0.025

W. Nr. 1.4575 �0.015 �1.00 �1.00 26.0–30.0 1.80–2.50 3.00–4.50 12 � %C � Nb � 1.20
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diagram in Figure 12.1. The alpha prime ( a’) phase has a bcc structure and is coherent with

ferrite. The alpha prime (a’) precipitates are small, in the range of 20 to 200 Å. They have a

high coarsening resistance, even for long exposure times. The alpha prime (a’) precipitates

contain essentially chromium and iron. These two atoms show very similar atomic sizes,

x-ray, and electron scattering amplitudes, which along with the small precipitate size, make

their direct observation difficult even using transmission electron microscopy. Structural

analysis by electron or x-ray diffractions presents similar difficulties. For the same reasons,

it is also difficult to analyze them through chemical microanalysis techniques. Some special

techniques, such as low-angle neutron scattering [43,44] and Mössbauer spectroscopy [45–47],

are frequently employed in their study. The presence of the a’-phase has an important effect

on the mechanical and corrosion properties. Significant changes in electric properties in

specific weight and in the coercive force were also observed. These changes in physical

properties can be removed by annealing at about 6008C (11008F) for 1 h [42].

Hardness, yield, and tensile strength are increased, while elongation and impact resistance are

decreased by the presence of alpha prime (a’). Ferrite without alpha prime (a’) presents wavy

glide lines because of the numerous gliding systems in the bcc structure and its high stacking fault

energy facilitating dislocation cross-slip. The presence of alpha prime (a’) changes this situation,

it makes the dislocation movement difficult, restricting slip to a few crystal planes. This causes

some straight slip lines, typical of fcc and low stacking fault energy alloys, such as in austenitic

stainless steels or brass. Some authors consider that alpha prime (a’) containing ferrite predom-

inantly deforms by twinning [43,44,48,49] and that the straight deformation lines mentioned

above are, in reality, deformation twins. Ferrite embrittled due to the presence of alpha prime

(a’), in general, presents a cleavage type brittle fracture at room temperature.

Corrosion resistance is also affected by the presence of alpha prime (a’). Bandel and

Tofaute [41] observed that the presence of alpha prime (a’) significantly reduced the corrosion

resistance in a solution of boiling nitric acid. Pitting corrosion resistance, determined by cyclic

polarization tests, in a solution of 3.5 wt% NaCl, is also significantly reduced by the presence

of alpha prime (a’) [50]. It is important to remember that superferritic stainless steels have as

one of their main features an excellent resistance to pitting corrosion in seawater.

The magnitude of the effects of alpha prime (a’) on the properties depends chiefly on

the chromium content of the alloy and it increases with an increase in chromium content. For

example, in alloys containing 25 to 30wt% chromium, aging at temperatures around 4758C for

long times may lead to doubling its hardness [41,51]. Its maximum hardness may reach values

higher than 350HV. In an alloy containing 21wt%chromium, the increase inmaximum hardness

was about 80% and its maximum hardness was 298HV [49]. For a still lower Cr content, in an

alloy containing 18wt% chromium, the increase in maximum hardness was about 50% [41,52,53].

If, on the one hand, there is large agreement with regard to the effect of the alpha prime

(a’) precipitation on properties, on the other hand, there is an ongoing dispute [43–53] on the

mechanism of the precipitation of the alpha prime (a’) phase. It is not yet fully established

whether it is by spinodal decomposition or by nucleation and growth. The kinetics of

formation of alpha prime (a’) and of the consequent 4758C embrittlement is generally

presented in the form of TTT (temperature, time, transformation) curves, with their nose

around 4758C. Folkhard [12] compares TTT curves for the formation of a’ in several ferritic

and duplex stainless steels. He mentions that for steels containing only 12wt% chromium 105

h are needed for this phenomenon to show up. As the chromium content increases, incubation

time is reduced, i.e., the C-type TTT curves are displaced to shorter times and the temperature

range for this transformation to occur is enlarged. Cold working performed prior to aging

in 18 wt% Cr–2 wt% Mo steels has a minor effect on the 4758C embrittlement, at least when

the phenomena are followed by hardness measurements, impact and tensile testing [54].

Literature analysis shows that alpha prime (a’) formation through spinodal decomposition
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seems to be concentrated in alloys containing more than 20 wt% chromium [43–45]. In alloys

containing chromium in the 14 to 18wt% range, there is evidence that ferrite embrittlement

occurred due to a’ precipitation on dislocations [52,53]. Kuwano and coauthors [47], using

results from Mössbauer spectroscopy, suggest that the addition of 5wt% nickel to an alloy

containing 28 wt% chromium caused a modification in the precipitation mode from nucle-

ation and growth toward spinodal.

12.4.2 SIGMA (s)-PHASE EMBRITTLEMENT

Sigma phase is probably the most studied intermetallic compound. Already in 1907, even

before the discovery of the stainless steels, Treischke and Tamman [55] studied the Fe–Cr

system and proposed the existence of an intermetallic compound containing chromium in the

30 to 50 wt% range. In 1927, Bain and Griffiths [6] studied the Fe–Cr–Ni system and observed

a hard and fragile phase, which they called constituent B, from brittle. In 1936, Jett and Foote

[56] called it sigma (s) phase and in 1951, Bergmann and Shoemaker [57] determined through

crystallography its structure in the Fe–Cr system.

The precipitation of sigma phase in stainless steels can occur in the austenitic, ferritic, and

ferritic–austenitic phases with duplex structure types. The precipitation of this Fe–Cr–Mo

intermetallic, of tetragonal structure with 30 atoms per unit cell, causes loss in toughness and

results in the matrix becoming depleted of chromium and molybdenum.

In the austenitic steels, precipitation generally requires hundreds or even thousands of

hours and the precipitated volumetric fraction is generally smaller than 5 vol% [58]. Precipi-

tation can be represented by a common precipitation reaction: g ! g*þs, where g* is a

chromium- and molybdenum-depleted austenite, if compared to the original austenite. Pre-

cipitation occurs predominantly at grain boundaries, especially at triple points.

In the case of duplex stainless steels, precipitation can be complete in a few hours and

consumes all ferrite of the microstructure [59]. Precipitation in this case can be represented by

a eutectoid-type reaction: a ! g*þs, where g* is a chromium- and molybdenum-depleted

austenite if compared to a nontransformed austenite. Precipitation starts at the a–g interface

and moves into the ferrite grain.

The quantity, speed, and probably the mode of the sigma-phase precipitation in ferritic

stainless steels strongly depend on the steel composition, especially on the chromium and

molybdenum contents. Increasing chromium and molybdenum levels displace precipitation

start to shorter times and to higher temperatures. For example, a steel containing 18 wt%

chromium, sigma precipitation occurs around 5508C and demands 1,000 to 10,000 h [60]. In a

steel containing 17 wt% chromium and 2 wt% molybdenum sigma precipitation occurs at

6008C in just 200 h [61]. In steels containing 28 wt% chromium and 5wt% molybdenum [39],

large quantities of sigma precipitate in a few minutes at 9008C. Molybdenum additions can

also cause chi (x)-phase precipitation, which will be discussed in the next section. Streicher

[62] studied the relationship between microstructure and properties, especially corrosion

resistance, in the Fe–28 wt% Cr–4 wt% Mo and Fe–28 wt% Cr–4wt% Mo–2 wt% Ni alloys.

He detected the sigma- (and chi-) phase precipitation at grain boundaries in the 704 (13008F)

to 9278C (17008F) temperature range, after exposure for 1 h. The temperature for maximum

precipitation was around 8168C (15008F) and heat treatments at 10388C (19008F) caused

dissolution of the previously precipitated phases. Nana and Cortie [63] observed that sigma-

and chi-phase precipitations were delayed by aluminum additions and could be eliminated

if additions were sufficiently high. Copper has a similar effect on the formation of these

two phases [63]. For a Fe–39 wt% Cr–2 wt% Mo–2 wt% Ni superferritic steel it has been

observed [64] that while aluminum and niobium additions delay the sigma (s)-phase

formation, titanium and zirconium may favor its formation. Recent studies [40,65] on a X 1
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FIGURE 12.8 Sigma-phase precipitation in aged samples (8508C for 30 h) of a superferritic stainless

steel X 1 CrNiMoNb 28 4 2 (W. Nr. 1.4575). Etched with V2A-Beize. (From A.F. Padilha, F.C. Pimenta

Jr., and W. Reick: Zeitschrift für Metallkunde, 92, 351–354, 2001; F.C. Pimenta Jr, A.F. Padilha, and

R.L. Plaut: Materials Science Forum, 426–432, 1319–1324, 2003. With permission.)
CrNiMoNb 28 4 2 (DIN W. Nr. 1.4575) steel showed that the kinetics of sigma ( s)-phase

precipitation is faster than for the austenitic stainless steels, however slower than for the

duplex stainless steels. The micrograph shown in Figure 12.8 illustrates the copious precipi-

tation of sigma phase in the DIN W. Nr. 1.4575 superferritic stainless steel.

12.4.3 T HE C HI (x ) PHASE

Chi (x) phase was identified, for the first time, by Andrews [66] in 1949 in residues extracted

from the Cr–Ni–Mo steel. Later, Kasper [67] synthetically produced the chi (x) phase with the

Fe36Cr12Mo10 composition and studied its crystal structure in detail.

Chi ( x) phase, for example, may occur also in austenitic, ferritic, and duplex (ferritic–

austenitic) stainless steels and its precipitation is associated with negative effects on proper-

ties. While sigma phase is present in the binary Fe–Cr system, chi phase appears only in the

Fe–Cr–Mo ternary and in the Fe–Cr–Ni–Mo and Fe–Cr–Ni–Ti quaternary systems [67–69].

Still in comparison with the sigma phase, chi ( x) phase is richer in molybdenum and poorer in

chromium [39].

The occurrence of (x)-phase in ferritic stainless steels is conditioned to a minimum in the

molybdenum content. For example, around 600 8C, about 2wt% of molybdenum is, in

principle, sufficient for the x-phase formation [70]. The same work [70] points out that at

700 8C, some 10,000 h of aging is insufficient to attain equilibrium. Therefore, it is most

probable that in various reports in which x-phase has not been mentioned, the aging time

was not sufficient to reach equilibrium. The effect of molybdenum, as a promoter of the sigma

s- and x-phase formation becomes very clear if we compare the various TTT diagrams for

precipitation start, as shown in Figure 12.9. It is interesting to observe in Figure 12.9, the

appearance of x-phase may precede the appearance of s-phase.

12.4.4 OTHER PHASES

Intergranular corrosion is a much less important phenomenon in ferritic than in austenitic

stainless steels. Several reasons may contribute for this difference: (i) diffusion in ferrite is
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FIGURE 12.9 Effect of molybdenum on the sigma (s)- and chi (x)-phase formation in the Fe–28 wt% Cr–

Mo system. (From R.D. Campbell: Key Engineering Materials, 69, 70, 167–216, 1992; H. Brandis,

H. Kiesheyer, and G. Lennartz: Archiv für das Eisenhüttenwesen, 46, 799–804, 1976. With permission.)
about two orders of magnitude faster than in austenite, reducing the possibility of the

occurrence of composition gradients; (ii) carbon content in the ferritic stainless steels is

normally kept at levels that are lower than those for the austenitic ones, due to its negative

effect on toughness; (iii) some ferritic stainless steels, such as the superferritic, present

chromium levels over 25 wt%. Carbide precipitation at grain boundaries and the consequent

chromium depleting in the surroundings are the preferred mechanism used to explain inter-

granular corrosion in ferritic steels [72]. The carbide formed is the M23C6 [73,74]. Bäumel [73]

compared in a TTT diagram the intergranular corrosion behavior of two stainless steels

containing similar carbon and chromium contents, with one of them ferritic without

nickel and the other austenitic containing 8 wt% nickel. The intergranular corrosion (due to

M23C6) region of the ferritic steel was displaced to shorter times and lower temperatures,

when compared to the austenitic steel. The precipitation of M23C6 occurred so fast in the

ferritic steels, which it is unavoidable for some compositions, thicknesses, and processes. The

higher diffusivity in ferrite (as compared to austenite) leads to a faster M23C6 precipitation.

On the other hand, chromium gradients around these grain boundary precipitates in ferritic

stainless steels probably are less pronounced (hence less susceptible to intergranular corro-

sion) than the gradients adjacent to grain boundaries in austenitic stainless steels.

Titanium and niobium additions used as stabilizers are also common in ferritic stainless

steels. According to Steigerwald and coauthors [75], effective titanium and niobium contents

are given by Equation 12.3 and Equation 12.4, respectively:

Ti ¼ 0:15þ 3:7(CþN) (12:3)

Nb ¼ 7(CþN) (12:4)

where Ti, Nb, C, and N are in wt%.
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The presence of titanium in stainless steels invariably leads to the appearance of three

phases: Ti4C2S2, TiN, and TiC. The carbosulfide and nitride are primary phases that form

during solidification. The carbide may be present as a primary or secondary phase. Zirconium

has the same effect as titanium. The presence of niobium produces Nb(C,N), which may be

present either as primary coarse particles or as fine secondary particles.

If the contents of titanium and niobium used are much higher than those given by

Equation 12.3 and Equation 12.4, some Laves-phase precipitation of the Fe2M (M¼Ti,

Nb, and Mo) type may occur. Sawatani and coauthors [76] studied a steel containing

(in wt%) 0.008% C, 0.0079% N, 18.64% Cr, 1.97% Mo, 0.32% Ti, and 0.30% Nb, and were

able to detect some fine Laves (Fe,Cr)2(Mo,Nb,Ti) phase particles after aging at 700 8C.

12.4.5 P ROCESSING AND HEAT T REATMENT

Ferritic stainless steel ingots have a coarse grain size, are relatively brittle, and should not be

submitted to thermal shocks. Cast plates are ground, slowly heated, and hot rolled into strips.

The hot-rolled coils are then annealed, slit, and pickled. Cold rolling, used to obtain inter-

mediate gages, is followed by recrystallization-annealing.

Ferritic stainless steels are normally used only after solution annealing. The solution-

annealing temperature varies substantially according to the steel type. The first-generation

steels are treated at lower temperatures, for example, AISI 430 steel is treated in the 705 to

790 8C (1300 to 1450 8F) temperature range and the AISI 446 in the 760 to 830 8C (1400 to

1525 8F) range. The second-generation steels are treated at somewhat higher temperatures, for

example, AISI 409 is treated in the 870 to 925 8C (1600 to 1700 8F) range. The third-generation

steels, such as the AISI 444, are treated at even higher temperatures, in the 955 to 1010 8C (1750

to 18508F) range. Steels with higher chromium contents, such as the superferritic, should be

water cooled in order to avoid the 475 8C embrittlement due to alpha prime ( a’) formation.

Ferritic stainless steels can be cold worked by most of the mechanical working processes.

In comparison with the austenitic stainless steels, the ferritic steels have higher YS before

work hardening, lower ductility and therefore considered to be less workable than the

austenitic steels. Moreover, the ferritic stainless steels work harden less and may show, after

mechanical working, a typical defect known as roping or ridging, which is associated with the

crystallographic texture [77]. Despite the mentioned disadvantages, ferritic stainless steels can

be cold formed adequately and are easily hot formed.
12.5 DUPLEX STAINLESS STEELS

One of the most frequently used duplex stainless steels in the 1960s was the AISI 329 type. At

that time, nitrogen additions were still not intentionally added (see Table 12.4) and the AISI

329 type was predominantly ferritic. At the end of the 1960s, metallurgists had already a

reasonable idea of the aimed austenitic–ferritic relationship as well as the maximum residual

impurities acceptable levels in stainless steels. However, this could not be achieved owing to

the unavailability of fabrication processes. Only with the introduction of the VOD and the

AOD processes it has been possible to produce duplex steels with low sulfur, oxygen, and

other elements, with controlled properties. One of the first steels produced using this process

was the AVESTA 3RE 60 (see Table 12.4). It was introduced into the market around 1972

and had about 40 vol% austenite [8]. In 1974, its composition was slightly changed and since

then it has been produced continuously. Another development of that time was the DIN W.

Nr. 1.4460 steel, standardized in Germany in 1973 [78]. Some time later, the DIN W. Nr.

1.4462, having high corrosion resistance, was developed, which is the duplex composition

most frequently employed nowadays.
� 2006 by Taylor & Francis Group, LLC.



TABLE 12.4
Chemical Composition (in wt%) of Some Typical Duplex Stainless Steels

Type UNS Designation C Mn Si Cr Ni Mo N Others PRE-Range

AISI 329 S32900 �0.20 �1.00 �0.75 23.0–28.0 2.50–5.00 1.00–2.00 26.3–34.6

Avesta 3RE60 S31500 �0.03 1.2–2.0 1.4–2.0 18.0–19.0 4.25–5.25 2.5–3.0 0.05–0.10 27.1–30.5

W. Nr. 1.4460 �0.07 �2.0 �1.0 25.0–28.0 4.5–6.0 1.3–2.0 0.05–0.20 30.1–37.8

W. Nr. 1.4462 S31803 �0.03 �2.00 �1.00 21.0–23.0 4.50–6.50 2.50–3.50 0.08–0.20 30.5–37.8

S31200 �0.03 �2.0 �1.0 24.0–26.0 5.5–6.5 1.2–2.0 0.14–0.20 30.2–35.8

S32550 �0.04 �1.50 �1.00 24.0–27.0 4.50–6.50 2.00–4.00 0.10–0.25 Cu¼ 1.50–2.50 35.2–43.0

S32950 �0.03 �2.0 �0.60 26.0–29.0 3.50–5.20 1.00–2.50 0.15–0.35 31.7–42.8

SAF 2507 S32750 �0.03 �1.2 �1.0 24.0–26.0 6.0–8.0 3.0–5.0 0.24–0.32 Cu¼ 0.50 37.7–47.6

W. Nr. 1.4464 0.30–0.50 �1.50 �2.0 26.0–28.0 4.0–6.0 2.0–2.50

W. Nr. 1.4822 0.30–0.50 �1.50 1.0–2.0 23.0–25.0 3.50–5.50
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Duplex stainless steels present high levels of alloying elements, such as chromium, nickel,

molybdenum, and nitrogen, which should be properly balanced in order to achieve similar

volumetric fractions of both phases and to give, both ferrite and austenite, a proper corrosion

and mechanical resistance. YS in these steels is more than twice that of the single-phase stainless

steels either ferritic or austenitic. They also have superior toughness and ductilitywhen compared

to the ferritic and martensitic types, in addition to superior intergranular and stress corrosion

resistance in comparison to the austenitic type. This favorable combination of properties makes

this class of stainless steels widely employed in oil and gas, petrochemical, pulp and paper, and

pollution control industries. They are frequently used in aqueous solutions containing chlorides,

where they have substituted with advantage (major reductions in weight and welding time) the

austenitic stainless steels that are more susceptible to stress and pitting corrosion.

Pitting corrosion resistance in stainless steels is mainly linked to the chromium, molyb-

denum, and nitrogen contents. At the end of the 1960s, some relationships [79,80] were

suggested relating pitting corrosion resistance (PRE) to the content of these three elements:

PRE ¼ % Crþ 3:3% Mo þ (16 or 30)% N (12 :5)

where compositions are in wt%.

The value of 30 for nitrogen in Equation 12.5 is valid for austenitic steels, while 16 is used

for duplex steels. Chromium and molybdenum are ferrite formers and they concentrate

mainly in ferrite, and nitrogen goes mainly to austenite. In the initial development steps,

duplex steels had low nitrogen levels and were quite susceptible to pitting corrosion. Some

modern duplex steels have higher nitrogen levels (0.2 to 0.32 wt%), which give a higher pitting

corrosion resistance to austenite, comparable to ferrite. Here it should be mentioned that an

exaggerated increase in the nitrogen level leads to an increase in the austenite level beyond the

level adequate for mechanical resistance. For long exposure times in chloride-rich environ-

ments, such as seawater, a level of PRE > 40 is nowadays considered satisfactory. Alloys

containing PRE > 40 are known as superduplex. Duplex stainless steels are practically im-

mune to stress corrosion, when compared to austenitic stainless steels. They are also, in

general, more resistant to intergranular corrosion.

Numerous duplex compositions having different combinations of mechanical properties,

corrosion, and wear resistance are produced with continuous improvements in composition

and secondary metallurgy. Due to all these developments, numerous alloys have been intro-

duced into the market. Some had their production discontinued owing to insufficient per-

formance for long exposure time applications. Today, about 20 major world producers supply

nearly 80 different compositions.

12.5.1 THREE TYPES OF EMBRITTLEMENT IN DUPLEX STAINLESS STEELS

Ferritic–austenitic stainless steels with a duplex microstructure can be classified into two

subgroups (see Table 12.4):
� 20
1. Alloys with low-carbon content (0.01wt% � C � 0.08 wt%), frequently mechanically

worked and heat treatable

2. Alloys with high-carbon content (0.3 wt% � C � 0.5 wt%), used in the as-cast

condition or after solution annealing
Duplex steels of higher carbon content show lower toughness and ductility but have an

excellent wear resistance [81]. Duplex steels of lower carbon content have better formability

and weldability compared to ferritic stainless steels.
06 by Taylor & Francis Group, LLC.



Duplex stainless steels are susceptible to three types of embrittlement [82,83]:
FIG
M.

� 20
1. Embrittlement caused by the presence of a carbide network, particularly in the

austenite, in alloys with higher carbon content

2. Embrittlement caused by precipitation of the a ’-phase, 475 8C embrittlement of

ferrite

3. Embrittlement caused by precipitation of the s-phase, particularly in the ferrite
Duplex steels of lower carbon content solidify in a ferritic structure and the austenite forms in

the solid state (see phase diagram of Figure 12.10). During hot working, between 900

(1650 8F) and 1200 8C (2200 8F), a microstructure forms with alternating ferrite and austenite

lamellae. The lamellar microstructure (see micrograph of Figure 12.11) forms because the

interface energy of the a–g interface is lower than the energies of the a–a and the g–g grain

boundaries.

After solidification, the volume fraction of austenite and ferriteis is almost the same.

Below 1000 8C (1830 8F) the proportion of ferrite to austenite can be only slightly modified.

Ferrite strengthening occurs by solid solution hardening with preferential participation of

chromium, molybdenum, and silicon, whereas austenite is stabilized and strengthened by

nitrogen.

In the case of duplex steels with higher carbon content, the first phase that solidifies is also

ferrite. The residual liquid enriched in carbon solidifies forming austenite and a chromium-

rich M23C6-type carbide network. This carbide network within the austenite leads to an

improved wear resistance. During cooling, austenite islands can also form in the ferrite grains.

Some secondary carbide may also precipitate in austenite in the solid state. With the appli-

cation of mechanical stresses, these carbides initiate fractures and cracks that propagate along

the carbide network (see micrograph of Figure 12.12).
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URE 12.10 Section of the ternary Fe–Cr–Ni (in wt%) diagram at 65 wt% Fe. (From W. Reick,

Pohl, and A.F. Padilha: Metalurgia International, 3, 46–50, 1990. With permission.)
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FIGURE 12.11 Three-dimensional composed micrograph of rolled duplex stainless steel. Optical

microscopy. Ferrite is the darker phase. Etched with Behara II. (From W. Reick, M. Pohl, and A.F.

Padilha: ISIJ International (Japan), 38, 567–571, 1998. With permission.)
The schematic TTT diagram (Figure 12.13) shows the regions in which alpha prime ( a’)
and sigma ( s) precipitation can occur. These precipitates increase the hardness and decrease

ductility and the toughness. It must be pointed out that s-phase precipitates within the

ferrite [82–85]. In comparison to austenitic and ferritic stainless steels, precipitation of

s-phase in duplex alloys occurs at shorter times, at higher temperatures and larger volume

fractions may be formed (see micrograph of Figure 12.14). For example, an aging treatment
FIGURE 12.12 Crack propagation along carbide network in the high-carbon duplex stainless steel

W. Nr. 1.4464. Scanning electron microscopy with secondary electrons. Etched with V2A-Beize.

(From W. Reick, M. Pohl, and A.F. Padilha: Metalurgia International, 3, 46–50, 1990; M. Pohl, A.F.

Padilha, and O. Fossmark: Bruchvorgänge in ferritisch-austenitischen Duplexstählen mit 4758-Versprö-

dund. Materialkundlich-Technische Reihe, Vol. 9 (Gefüge und Bruch), K.L. Maurer and M. Pohl (Eds.),

Gebrüder Borntraeger, Berlin, pp. 305–314, 1990. With permission.)

� 2006 by Taylor & Francis Group, LLC.



1000

900

800

700

600

T
em

pe
ra

tu
re

 (
�C

)

500

400

300

2 min 6 min 20 min 1 h

Cr2N, Chi
M23C6

Time

3 h 10 h 30 h

475�C Embrittlement

Sigma

FIGURE 12.13 Schematic TTT diagram showing precipitation of sigma (s), alpha prime (a’), and other
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3, 46–50, 1990. With permission.)
of the alloy DIN W. Nr.1.4462 for 200 min in the 800 to 850 8C temperature range is sufficient

for the formation of 15 to 20% of s-phase [85]. In contrast to the carbides that form an

almost continuous network in the austenitic regions, s-phase is finely distributed within the

ferrite. Applying mechanical stresses, s-phase particles suffer brittle fracture. Once again,

residual ductility can be linked to the austenitic regions.

The precipitation of a’ in ferritic and duplex stainless steels has been frequently discussed

in the literature [80–83]. These precipitates are rich in chromium, have a cubic structure, are

coherent with ferrite, and have an enormous coalescence resistance, even for very long

exposure times at the 350 to 550 8C (660 to 1020 8F) temperature range. This renders their

detection more difficult, even by transmission electron microscopy. This type of

embrittlement leads to a cleavage fracture in the ferritic regions (see micrograph of Figure

12.15). Ductility is determined by the austenitic regions and is portrayed by the dimple-like

fracture. Austenite volume fraction also plays an important role. Increasing chromium

content in the alloy (and thereby the ferrite volume fraction) raises the sensitivity of the

material to this type of embrittlement. The extent of embrittlement increases with aging

time in the 350 to 550 8C (660 to 1020 8F) temperature range, while a maximum occurs at

about 475 8C (885 8F).

In conclusion, ferritic–austenitic duplex stainless steels are susceptible to three types of

embrittlement: carbides can form an almost continuous network in the austenitic regions,

thereby offering a path for crack propagation; s-phase particles, dispersed in the ferritic

regions that suffer brittle fracture, and embrittle the material; and the a’-phase also causing

embrittlement in the ferrite, leading to cleavage fracture. For all three embrittlement types,

material residual ductility is given by the austenitic areas that undergo ductile dimple-like

fracture. Owing to the s-phase and a’-phase embrittlement, the upper application tempera-

ture is about 280 8C (535 8F) for nonwelded material and 250 8C (480 8F) for welded structures.

Duplex alloys maintain excellent toughness at low temperatures and can be used down to

�508C (�588F) or even lower temperatures, however the weld-metal behavior is not as good

as the base metal.
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 12.14 Sigma phase precipitation in duplex stainless steels observed using scanning electron

microscopy with secondary electrons. Etched with V2A-Beize. A¼ austenite; F¼ ferrite; S¼ sigma

phase. (a) Low-carbon duplex stainless steel W. Nr. 1.4462. (From A.F. Padilha, F.C. Pimenta Jr.,

and W. Reick: Zeitschrift für Metallkunde, 92, 351–354, 2001. With permission.) (b) High-carbon duplex

stainless steel W. Nr. 1.4464. (From M. Pohl, A.F. Padilha, and O. Fossmark: Bruchvorgänge in

ferritisch-austenitischen Duplexstählen mit 4758-Versprödund. Materialkundlich-Technische Reihe,

Vol. 9 (Gefüge und Bruch), K.L. Maurer and M. Pohl (Eds.), Gebrüder Borntraeger, Berlin, pp. 305–

314, 1990. With permission.)
12.5.2 PROCESSING AND HEAT TREATMENT

The favorable combination of properties of duplex steels is intrinsically related to its micro-

structure. These steels solidify with ferritic structure and the austenite is formed in the solid

state. Austenite nucleates at about 13008C (23708F) and grows first at the ferrite grain

boundaries and later within the ferrite grains. Solidification cracks are rare and castability

is excellent. Recrystallization kinetics are faster in ferrite than in austenite, despite the higher

driving force for the recrystallization in austenite [84]. During hot deformation, at temperat-

ures between 1000 (18308F) and 12008C (21908F), alternate layers of ferrite and austenite are
� 2006 by Taylor & Francis Group, LLC.



FIGURE 12.15 Ferrite brittle cleavage fracture (4758C embrittlement) caused by alpha prime (a’) in a

duplex stainless steel. Scanning electron microscopy with secondary electrons. A¼ austenite; F¼ ferrite.

(From W. Reick, M. Pohl and A.F. Padilha: Metalurgia International, 3, 46–50, 1990; M. Pohl, A.F.

Padilha, and O. Fossmark: Bruchvorgänge in ferritisch-austenitischen Duplexstählen mit 4758-Versprö-

dund. Materialkundlich-Technische Reihe, Vol. 9 (Gefüge und Bruch), K.L. Maurer and M. Pohl (Eds.),

Gebrüder Borntraeger, Berlin, pp. 305–314, 1990. With permission.)
developed in the microstructure. Phase volumetric fractions must be nearly equal and the

volumetric fraction of the minor phase should not be lower than 30% [86]. It must be

remembered that the volume fraction of each phase is a function of composition and heat

treatment. Furthermore, alloy compositions are adjusted to obtain equal amounts of ferrite

and austenite after solution annealing at about 1050 8C (1900 8F). Cooling from the solution-

annealing temperature should be sufficiently fast, generally into water, in order to avoid

precipitation (see schematic TTT diagram of Figure 12.13), especially the 475 8C (885 8F)

embrittlement due to alpha prime ( a’). After welding, the solution-annealing treatment is

recommended, followed by proper cooling.
12.6 MARTENSITIC STAINLESS STEELS

Martensitic stainless steels (see Table 12.5) are essentially Fe–Cr–C alloys, containing

chromium in the range of 11.5 to 18wt% and carbon in range of the 0.1 to 1.2wt%. As chromium

level is increased, carbon level has to increase also inorder to stabilize austenite (seeFigure 12.16).

For the martensitic steels, it is, of course, essential to form austenite from which martensite is

obtained on cooling. For example, for a complete austenitization, steels containing 13wt%

chromium need to have carbon content in excess of 0.15wt% carbon and to be heated to at

least 9508C (17408F). Steels containingmore chromium, say 17wt%, need to have carbon content

higher than 0.3wt% carbon and to be heated to at least 11008C (20008F). As mentioned previ-

ously, both nitrogen and nickel expand the g-loop, as shown in Figure 12.17 and Figure 12.18,

respectively.

Other alloying elements frequently observed in martensitic stainless steels are nickel and

molybdenum. Nickel entitles the usage of lower carbon contents and, as a consequence,

higher toughness and corrosion resistance may be obtained. For soft but tougher martensitic

steels containing lower carbon levels, nickel content may reach 5 wt%. These soft martensitic

steels are frequently precipitation hardened as will be discussed in the next item. Molybdenum

also improves corrosion resistance, in addition to improvement in toughness. It must be

remembered that corrosion resistance in martensitic stainless steels is significantly lower if
� 2006 by Taylor & Francis Group, LLC.



TABLE 12.5
Chemical Composition (in wt%) of Some Typical Martensitic Stainless Steels

Type UNS Designation C Mn Si Cr Others Austenitizing (˚C) Tempering (˚C) Tensile Strength (MPa)

AISI 403 S40300 �0.15 �1.00 �0.50 11.50–13.00 Mo � 0.60 925–1010 150–370 1105–1515

AISI 410 S41000 �0.15 �1.00 �1.00 11.50–13.00 S � 0.15 925–1010 150–370 1105–1515

AISI 416 S41600 �0.15 �1.25 �1.0 12.0–14.0 Ni ¼ 1.25–2.50 925–1010 150–370 1105–1515

AISI 420 S42000 �0.15 �1.00 �1.00 12.0–14.0 Mo � 0.75 980–1065 205–370 1550–1930

AISI 431 S43100 �0.20 �1.00 �1.00 12.0–17.0 Mo � 0.75 980–1065 205–370 1210–1515

AISI 440A S44002 0.60–0.75 �1.00 �1.00 16.0–18.0 Mo � 0.75 1010–1065 150–370 HRC¼ 49–57

AISI 440B S44003 0.75–0.95 �1.00 �1.00 16.0–18.0 Ni ¼ 0.40–0.60 1010–1065 150–370 HRC¼ 53–59

AISI 440C S44004 0.95–1.20 �1.00 �1.00 16.0–18.0 Mo � 0.75 1010–1065 150–370 HRC� 60

AISI 440F S44004 0.95–1.20 �1.25 �1.00 16.0–18.0 S ¼ 0.10–0.35

N � 0.08

1010–1065 150–370 HRC� 60
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FIGURE 12.16 Projection of the ternary Fe–Cr–C diagram on the temperature x% Cr (in wt%) plane.

(From P. Lacombe and G. Béranger: Structure and equilibrium diagrams of various stainless steel

grades (Chapter 2). In: Stainless steels. P. Lacombe, B. Baroux, and G. Beranger (Eds.), les editions de

physique, Les Ulis, France, pp. 13–58, 1993. With permission.)
compared to other stainless steels discussed previously in this chapter. They are inadequate

for usage in more aggressive media [87–89].

The most popular composition (AISI 410) contains about 12.5 wt% chromium and

0.1 wt% carbon. In the hardened condition, its YS may reach about 1300 MPa, however

upon tempering at higher temperatures its strength decreases significantly. The YS attained
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and I.M. Bernstein (Eds.), McGraw-Hill, New York, pp. 6-1–6-23, 1977. With permission.)

� 2006 by Taylor & Francis Group, LLC.



1600

1400

1200
T

em
pe

ra
tu

re
 (

�C
) 

1000

800

600
0 10 13 20

T1

0% Ni
Ni
4% 

1050�C

10% Ni

T2

Cr (wt %)

δ- or α-Ferrite

γ

26 30

α-Ferrite

FIGURE 12.18 Influence of nickel on the extent of the g-loop in ternary Fe–Cr–Ni alloys (in wt%).

(From P. Lacombe and G. Béranger: Structure and equilibrium diagrams of various stainless steel

grades (Chapter 2). In: Stainless steels. P. Lacombe, B. Baroux, and G. Beranger (Eds.), les editions de

physique, Les Ulis, France, pp. 13–58, 1993. With permission.)
by a martensitic stainless steel depends mainly on its carbon level and some compositions may

reach a YS of the order of 1900 MPa. The maximum chromium level is about 18 wt% and

some compositions have up to 1 wt% molybdenum. As mentioned previously, both chromium

and molybdenum shrink the austenitic field, which may be expanded by carbon and nickel.

For example, a steel containing 17 wt% chromium and 0.2 wt% carbon will require 2wt%

nickel to avoid delta-ferrite formation.

Martensitic stainless steels may be subdivided (see Table 12.5) into three subgroups: (a)

low-carbon steels for turbines; (b) medium-carbon steels for cutlery; and (c) high-carbon

wear-resistant steels. The microstructure of each group is also characteristic: (a) martensitic

needle-like microstructure; (b) very fine martensitic microstructure; and (c) ultrafine marten-

sitic microstructure containing primary carbides, respectively. Moreover, higher carbon

steels, such as the 440C, or nickel containing, such as the AISI 431, may present large

amounts (more than 30% in volume) of retained austenite after quenching. Sigma-phase

precipitation is of minor importance in this class of steels [88]. Depending on tempering

temperature and chemical composition, especially the Cr =C ratio, several carbides may

precipitate (see micrographs of Figure 12.19 and Figure 12.20), such as the M2X, M3C,

M7C3, M23C6, and MC types [87–89].

Low-carbon martensitic stainless steels containing up to 12 wt% chromium are the most

commonly used in this class. Carbon content is low because the main application of these

steels is for structural purposes where high mechanical strength as well as weldability,

workability, and toughness are required. They are employed in blades or other components

in steam turbines, pump shafts, axels, and other components for the chemical, petrochemical

and oil industries, railway axles, components for the pulp and paper industry, and oven parts

that operate under 400 8C (750 8F).

A typical representative of the medium-carbon martensitic stainless steels is the AISI 420,

containing 13 wt% chromium and 0.35 wt% carbon. Increasing the carbon content in mar-

tensitic steels leads to higher hardness and mechanical resistance with a corresponding loss in

toughness and weldability. Furthermore, the higher austenitizing temperature leads to the
� 2006 by Taylor & Francis Group, LLC.



FIGURE 12.19 AISI 410 martensitic stainless steel, quenched and tempered to 20 HRC. Microstructure

of tempered martensite with fine-carbide precipitates. Optical microscopy. Etched with Villela. (Cour-

tesy of José Belotti Neto, IPT, S. Paulo, Brazil.)
possibility of M23C6 grain boundary precipitation (see micrograph shown in Figure 12.20).

These steels are employed in cutlery, surgical and dental instrumentation, axles, valves,

pumps, steam turbine blades and other components, plastic molds, and in the glass industry.
FIGURE 12.20 AISI 420 martensitic stainless steel. Microstructure of tempered martensite with inter-

granular and intragranular precipitates. Scanning electron microscopy using secondary electrons.

Etched with Villela. (Courtesy of José Belotti Neto, IPT, S. Paulo, Brazil.)
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The main representative of the higher carbon martensitic stainless steels is the AISI 440

series. The high-chromium levels make adequate their usage in marine atmospheres or in

seawater. High-carbon content stabilizes austenite, increases hardness, mechanical resistance,

adhesive and abrasive wear resistance. While adhesive wear resistance mainly requires higher

hardness, abrasive wear also requires primary carbides. Normally, these steels are not welded.

Some typical applications are roller bearings, valve needles, and spray nozzles.

12.6.1 P ROCESSING AND HEAT T REATMENT

Prior to final hardening and tempering heat treatments, martensitic stainless steels are

annealed in order to be machined and cold worked. For example, an AISI 410 is annealed

in the 750 (1380 8F) to 900 8C (1650 8F) temperature range for 2 to 4 h and furnace or air

cooled. In such a condition, hardness is about 160 HB, YS of 300 MPa, tensile strength of

500 MPa, elongation of 20%, with an area reduction of 60%.

Prior to their final usage, martensitic stainless steels are submitted to the same heat

treatment sequence as that for carbon steels, namely they are austenitized, hardened by

quenching, and tempered in order to improve ductility and toughness. At high temperatures,

their stable structure is austenitic and at room temperature it is a stable mixture of ferrite and

carbide. Table 12.5 presents some typical austenitizing temperatures. As the stainless steels

have a low thermal conductivity, depending on the cross-sectional size and complexity,

preheating in the 550 to 800 8C (1020 to 1470 8F) temperature range, prior to final austenitizing

temperature, is recommended. Air heating may cause decarburization.

The formation of a more stable (ferrite þ carbides) microstructure is very sluggish (see

Figure 12.21a) and the tendency toward martensite formation (high hardenability) is very

high. Therefore, the majority of martensitic stainless steels form martensite on air cooling,

even for sections that are up to about 300 mm in thickness. Hardening media may be air or

oil. While oil cooling is preferred in order to avoid carbide precipitation, air cooling may be

needed to avoid distortions in more complex sections. Martempering is also possible in this

class of steels. Martensite hardness depends essentially on carbon content varying from about

35 HRC for a 0.1 wt% carbon to 60 HRC for 0.5 wt% carbon, thereon increasing little for

carbon higher than 0.5 wt%. For low-carbon martensitic steels, such as the AISI 410, the Ms

and Mf temperatures are relatively high, 350 (660 8F) and 250 8C (480 8F), respectively, and

decrease with increasing carbon content. High-carbon steels may present retained austenite

and a subzero treatment around �75 8C (�95 8F), immediately after hardening, is recom-

mended. Double tempering is also very common. Tempering temperature is determined by

the required mechanical properties (see Figure 12.21b). In general, the 420 (790 8F) to 600 8C
(1110 8F) temperature range must be avoided, because within this range brittleness may be

induced apart from loss in corrosion resistance.
12.7 PRECIPITATION-HARDENABLE STAINLESS STEELS

Steels of this class have been developed in order to offer high mechanical resistance and

reasonable toughness, with superior corrosion resistance when compared to the martensitic

steels of the Fe–Cr–C system. PH stainless steels may be classified [90,91] according their

microstructure resulting from the solution-annealing heat treatment into austenitic, semiaus-

tenitic, and martensitic stainless steels (see Table 12.6) Semiaustenitic steels will transform into

martensite during subsequent heat treatments. Practically all PH steels have a low-carbon level

(�0.1 wt%) with nickel additions. Molybdenum is added to increase mechanical and corrosion

resistance. PH is attained through additions of aluminium, titanium, niobium, or copper.
� 2006 by Taylor & Francis Group, LLC.



1,000

900

800
A + 25% F

Ac1B = 795�C

Ms

10 30

60
90 100

F + C
P

M

422 413 395
320

247
189 158

Vickers
hardness

700

600

500

T
e
m

p
e
ra

tu
re

 (
�C

)

400

300

200

100

0
10 100 1,000 10,000

1 10

1 10 24

100 1,000

100,000Time (s)

Time (min)

Time (h)

(a)

100

100

100 200 300 400

Tempering temperature (�C)

Yield strength

Elongation

Tensile strength

Reduction of area

500 600 700 800

200

300

400

500

600

700

800

Y
ie

ld
 a

n
d
 t
e
n
si

le
 s

tr
e
n
g
th

 (
N

/m
m

2
)

900

1,000

1,100

1,200

1,300

1,400

1,500

1,600

10

20

30

E
lo

n
g
a
tio

n
 (

L
 =

 5
d
) 

a
n
d
 r

e
d
u
ct

io
n
 o

f 
a
re

a
 (

%
)

40

50

60

70

80

(b)

FIGURE 12.21 AISI 410 steel. (a) Continuous cooling transformation diagram and (b) tempering

temperature effect on mechanical properties (After Krupp Stahl AG catalogue, Druckschriften-nr.

4.102, October, 1984, Germany.)
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TABLE 12.6
Chemical Composition (in Wt%) of Some Typical Precipitation-Hardenable Stainless Steels

Type UNS Designation C Mn Si Cr Ni Mo Others

Austenitic

A286 S66286 �0.08 �2.00 �1.00 13.50–16.00 24.0–27.0 1.00–1.50 Ti¼ 1.90–2.35

Al¼ 0.35

V¼ 0.10–0.50

B¼ 10–100 ppm

17–10P 0.07 0.75 0.50 17.0 10.5 P¼ 0.30

Martensitic

Stainless W S17600 �0.08 �1.00 �1.00 16.0–17.5 6.0–7.5 — Al¼ 0.4

Ti¼ 0.4–1.2

17–4 PH S17400 �0.07 �1.00 �1.00 12.50–17.50 3.00–5.00 — Nb¼ 0.15–0.45

Cu¼ 3.00–5.00

15–5 PH S15500 �0.07 �1.00 �1.00 14.00–12.50 3.50–5.50 — Nb¼ 0.15–0.45

Cu¼ 2.50–4.50

Custom 450 S44000 �0.05 �1.00 �1.00 14.00–16.00 5.00–7.00 0.50–1.00 Nb�8 � %C

Cu¼ 1.25–1.75

Custom 455 S45500 �0.05 �0.50 �0.50 11.00–12.50 7.50–9.50 0.50 Nb¼ 0.10–0.50

Cu¼ 1.50–2.50

PH 13–8 Mo S13800 �0.05 �0.20 �0.10 12.25–13.25 7.50–8.50 2.00–2.50 Al¼ 0.90–1.35

N¼ 0.01

Semiaustenitic

17–7 PH S17700 �0.09 �1.00 �1.00 16.00–18.00 6.50–7.75 — Al¼ 0.75–1.50

15–7 PH S15700 �0.09 �1.00 �1.00 14.00–16.00 6.50–7.75 2.00–3.00 Al¼ 0.75–1.50

AM-350 S35000 0.07–0.11 0.5–1.25 �0.5 16.0–17.0 4.0–5.0 2.5–3.25 N¼ 0.07–0.13

AM-355 S35500 0.10–0.15 0.5–1.25 �0.5 12.0–16.0 4.0–5.0 2.5–3.25
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Several precipitates lead to hardening effects, according to the alloy type and the heat treatment

procedure: nickel- and aluminium-rich intermetallic phases such as g’-Ni3(Al,Ti), Ni3Ti and

b-NiAl, iron-, molybdenum-, and niobium-rich Laves phases such as Fe2(Mo,Nb), copper-rich

or even nitrides of the Cr2N type, may be formed. In a majority of the cases they are

intermetallic phases that are rich in nickel, of the Ni3M type, where M¼Al, Ti, Nb, or Mo.

Titanium and niobium are also nitride and carbonitride formers which are very stable and are

of the MN and M(C,N) types, taking carbon and nitrogen out of solid solution. Copper, in

addition to causing hardening through precipitation, enhances corrosion resistance when in

solid solution. Seetharaman and coauthors [92] investigated the precipitation behavior of the

martensitic PH 13-8 Mo stainless steel. Aging in the temperature range 450 to 5758C leads to

finely distributed coherent particles of NiAl, which have a B2 of the CsCl-type crystal structure.

The mean size of the particles, even after aging at 6258C (11608F) for 4 h, was about 70 Å. Thus

these precipitates were found to be highly resistant to overaging.

Compared to martensitic stainless steels of the Fe–Cr–C system, PH steels present a

superior ductility and toughness. Some alloys have YS of up to 1700 MPa. Relative to

other stainless steel types, PH steels have a moderate-to-good corrosion resistance.

The A-286 (UNS S66286) alloy is probably the most well-known austenitic PH type. It is

an alloy containing (in wt%): Fe–15% Cr–25 % Ni–1.25% Mo–2% Ti–0.3% Al. Its matrix is

very stable and even after large cold reductions no deformation-induced martensite formation

or sigma-phase precipitation due to high temperature exposure may be formed. Solution-

annealing heat treatment is performed at around 10508C. Aging is done in the 700 to 7608C
(1290 to 14008F) temperature range and causes precipitation of intermetallic phases, g’-
Ni3(Al,Ti), with a fcc-ordered crystal structure, rich in nickel, titanium, and aluminium.

Upon full aging, YS of about 600 MPa may be expected. If from one hand, this strength

level is substantially lower when compared to the PH martensitic or semimartensitic steels, on

the other hand, they present excellent toughness and corrosion resistance. Among the three

types of PH steels the austenitic steels are least used.

Within the PH martensitic steels, the 17-4 PH (UNS S17400) is the most popular, contain-

ing (in wt%) 17% Cr, 4% Ni, 4% Cu, and 0.3% Nb. The Ms temperature is above room

temperature. On air cooling from the solution-annealing temperature (10408C or 19008F) the

matrix does not have any retained austenite, however it may present some delta-ferrite

stringers. Aging treatment is performed in the 480 to 6208C (900 to 11508F) temperature

range and leads to very fine precipitation of copper particles. On solution annealing, YS goes

up to about 750 MPa and after full aging it may reach 1200MPa.

Within the PH semiaustenitic steels, the most well-known composition is the 17-7 PH

(UNS S17700), containing (in wt%): 17% Cr, 7% Ni, and 1.2% Al. Its composition is balanced

so that austenite has a low thermodynamic stability so it may be destabilized by heat

treatment or cold working. When austenitized at high temperatures, practically all alloying

elements are in solid solution. The Ms temperature is somewhat above room temperature. On

air cooling, from solution annealing, its microstructure is predominantly austenitic. Austenite

is destabilized due to the increase of the Ms temperature of the depleted matrix, through the

precipitation of intermetallic phases and carbides in the 750 to 9508C (1380 to 17408F)

temperature range. Cold working or subzero cooling may also cause austenite to transform

into martensite. Final aging treatment is performed in the 455 to 5658C (850 to 10508F)

temperature range and leads to precipitation in the martensitic matrix of nickel- and alumin-

ium-rich intermetallic compounds. After heavy cold working and aging, YS is about

1600 MPa. The semiaustenitic stainless steels may have up to 20% delta ferrite, which remains

practically unaltered during heat treatments.
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FIGURE 12.22 Stainless steel of the 15-5 PH type after hardening and tempering, hardness of 40 HRC:

(a) and (b) Optical micrographs illustrating ferrite islands (F), fine-carbide precipitation in a tempered-

martensite matrix; (c) Scanning electron microscopy using secondary electrons illustrating carbide

precipitation. Etched with Villela. (Courtesy of José Belotti Neto, IPT, S. Paulo, Brazil.)
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FIGURE 12.23 Stainless 17-7 PH-type steel in the RH 950 (i.e., refrigerated and tempered at 9508F or

5108C) condition, of the ASTM A 564 standard. Optical microscopy shows ferrite stringers and fine-

carbide precipitates within the martensitic matrix. Etched with Villela. (Courtesy of José Belotti Neto,

IPT, S. Paulo, Brazil.)
12.7.1 PROCESSING AND HEAT T REATMENT OF MARTENSITIC PH STAINLESS S TEELS

PH steels that form martensite can be subdivided into two groups, namely single heat

treatment (martensitic) stainless and double heat treatment (semiaustenitic) stainless steel.

The alloys that require a single heat treatment are solution annealed at about 1040 8C
(1900 8F), leading to a martensitic microstructure without retained austenite at room

temperature. Then these alloys are precipitation aged by intermetallic phases, through tem-

pering in the 480 to 620 8C temperature range. The properties obtained depend mainly on the

alloy chemical composition and tempering treatment procedure. For example, for a 17-4 PH

alloy, after aging for 1 h at 480 8C (9008F), YS may reach 1310 MPa, and after 4 h aging at

620 8C (1150 8F), YS is only 930 MPa. Typical examples of these alloys are the 17-4 PH,

15-5 PH, and custom 450 types. Micrographs shown in Figure 12.22 illustrate the typical

microstructure of a martensitic stainless steel of this type (15-5 PH) after quenching and

tempering.

Alloys requiring double heat treatment are semiaustenitic, which after solution annealing,

remain austenitic. A typical example of this group is the 17-7 PH, which is hardened in water

from 1065 8C (1950 8F). Austenite conditioning is performed at about 760 8C (1400 8F) in order

to precipitate (mainly the M23C6 carbides) destabilizing austenite so that it transforms into

martensite on cooling under 15 8C. This treatment leads to the T condition. Aging is per-

formed in the 565 (1050 8F) to 595 8C (1100 8F) temperature range, leading to a tensile strength

from 1030 to 1240 MPa. This heat treatment cycle is known as the TH treatment. Another

alternative aiming at austenite conditioning is to perform the heat treatment conditioning at a

higher temperature, typically 955 8C (17508F), where less carbides precipitate, austenite

destabilization is less accentuated and martensite transformation requires a subzero

(�758C) treatment. This procedure is the R condition. Austenite to martensite transformation

can also be obtained by severe cold working, between 60 and 70% reduction. This procedure
� 2006 by Taylor & Francis Group, LLC.



TABLE 12.7
Mechanical Properties of a 17-7 PH Steel, for Several Heat Treatments

Condition Treatment Yield Strength

(MPa)

Tensile Strength

(MPa)

Elongation (%)

‘‘A’’ 1040 to 10808C, air or water cooled <380 <1030 18

TH 1050 ‘‘A’’þ 90 min 9558C air cooledþ 60 min

at room temperatureþ 90 min at 5658C
960–1030 1170–1240 5–6

RH 950 ‘‘A’’þ 10 min at 9558C with air coolingþ 8 h

at –738Cþ 60 min at 5108C (9508F)

1240–1310 1370–1450 4–5

‘‘C’’ ‘‘A’’ þ 50% cold working >1200 >1400 1

CH 900 ‘‘C’’þ 60 min at 4808C >1580 >1650 1
is the C condition. After the austenite to martensite transformation, using any of these

procedures, tempering follows in the 510 (9508F) to 5958C (11008F) temperature range,

leading to a tensile strength of 1035 to 1450 MPa. Typical examples of alloys of this group

are the 17-7 PH and 15-7 PH. The micrograph shown in Figure 12.23 illustrates the typical

microstructure of a 17-7 PH steel of this group. Table 12.7 presents the large variety in

mechanical properties that can be obtained in a steel of the 17-7 PH type.
12.8 FINAL REMARKS

The world production of stainless steels, despite its greater growth rate compared to the

average of all other steel types, represents only a little more than 2% of the total world steel

production. However, stainless steel strip costs 5 to 10 times more than mild steel strip,

despite the fact that both may offer similar YS in the annealed condition. Nevertheless, the

construction of various parts and equipments and even some industrial sectors is unthinkable

without the availability of stainless steel. About 70% of the stainless steel production is of the

austenitic type. The almost centenary composition of the V2A or AISI 304 is the most

consumed type of stainless steel in the world. Despite this fact, the standards in the industri-

alized countries show hundreds of different stainless steel compositions of different types,

making available for the designer a vast range of properties. Stainless steels are produced in a

variety of forms and geometries, with a strong predominance of flat products. During steel

selection, a rule of thumb is that mechanical strength gains are linked to losses in toughness

and ductility. In the case of the stainless steels this situation is even more critical because, in

general, the steels that have higher mechanical properties, such as the martensitic or PH types,

have low corrosion resistance when compared with the traditional austenitic or ferritic steels.

Duplex stainless steels have an intermediate position between these two one-phase groups and

have a superior corrosion resistance, hence their substantial growth in the last decades. The

challenge is to develop a high strength stainless steel with a YS higher than 1500MPa and

with a high corrosion resistance. Nowadays, in order to achieve these levels of strength and

high corrosion resistance, nitrogen additions of over 0.5 wt% and cold work hardening have

been made, however these materials cannot be welded without undesirable phase transform-

ations such as recrystallization or precipitation.

Recently, a new class of high-strength nanograin size austenitic stainless steels has

been developed by combining solid solution hardening and grain-boundary hardening

employing high nitrogen (ca. 1 wt%). Average grain diameters as fine as 50 to 250 nm were
� 2006 by Taylor & Francis Group, LLC.



achieved, and YS levels of more than 2000 MPa in the solution-annealed condition have been

measured [93].

As to the martensitic stainless steels, considerable progress has been made recently [94].

Normally, martensitic stainless steels rarely attain hardness higher than 60 HRC, even for

high-carbon levels, due to retained austenite. A careful combination of carbon and nitrogen

contents, together with cold working and deep-freezing, can result in hardness between 61

(in this case even after tempering) and 68 HRC [94].

In summary, it may be mentioned that for austenitic, ferritic, and duplex stainless steels

the solution-annealing heat treatment followed by proper cooling is the most important

practice. However, caution should be exercised during actual usage of these steels because

deleterious precipitation can occur, as discussed in detail in several parts (Section 12.2

through Section 12.5) of this chapter. On the other hand, martensitic and PH stainless

steels demand more complex heat treatment cycles, as pointed out in Section 12.6 and

Section 12.7.
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der Säurebeständigkeit. Metallurgie, 8, 161–176, 193–203, (1911).
6.
 E.C. Bain and W.E. Griffiths: Introduction to the iron–chromium–nickel alloys. Transactions

AIME, 75, 166–213 (1927).
7.
 C.V. Roscoe and K.J. Gradwell: The history and development of duplex stainless steels. In:

International Conference on Duplex Stainless Steels. Den Haag, Holland, pp. 126–135, (1986).
8.
 W. Reick, M. Pohl, and A.F. Padilha: Development of ferritic–austenitic duplex stainless steels-

historical and perspectives. Metalurgia & Materiais ABM (Brazil), 48, 551–563 (1992) (in

Portuguese).
9.
 Metals Handbook, 8th ed.: Metallography, Structures and Phase Diagrams, Vol. 8, ASM

International, Materials Park, OH (1973).
10.
 H. Baker (Ed.): ASM Handbook, Vol. 3: Phase Diagrams, ASM International, Materials Park, OH

(1992).
11.
 J.R. Davis (Ed.): ASM Speciality Handbook: Stainless Steels, ASM International, Materials Park,

OH (1994).
12.
 E. Folkhard: Welding Metallurgy of Stainless Steels, Springer-Verlag, Wien (1984).
13.
 V.G. Rivlin and G.V. Raynor: Phase equilibria in iron-ternary alloys. I. Critical evaluation of

constitution of chromium–iron–nickel system. International Metallurgical Reviews, 25, 21–38 (1980).
14.
 A.F. Padilha and P.R. Rios: Decomposition of austenite in austenitic stainless steels. ISIJ Inter-

national (Japan), 42, 325–337 (2002).
15.
 A.L. Schaeffler: Selection of austenitic electrodes for welding dissimilar metals, Welding Journal, 26,

Res. Suppl., 603s–620s (1947).
16.
 A.L. Schaeffler: Welding dissimilar metals with stainless electrodes. Iron Age, 162, 73–79 (1948).
17.
 A.L. Schaeffler: Constitution diagram for stainless steel. Metal Progress, 56, 680, 680B (1949).
18.
 W.T. DeLong: Ferrite in austenitic stainless steel weld metal. Welding Journal, 53, Res. Suppl.,

273s–286s (1974).
19.
 F.C. Hull: Effects of composition on embrittlement of austenitic stainless steels. Welding Journal,

52, Res. Suppl., 193s–203s (1973).
6 by Taylor & Francis Group, LLC.



20.
� 200
R.H. Espy: Weldability of nitrogen-strengthened stainless steels. Welding Journal, 61, Res. Suppl.,

149s–156s (1982).
21.
 M. Schirra: Die historisch-empirische Entwicklung des Gefügediagrammes der Cr-Ni-Stähle. Stahl
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 M. Anglada, J. Rodriguez, and A. Isalgué: Influence of the plastic strain amplitude on the stability

of the spinodal microstructure in the cyclic deformation of a Fe–28Cr–2Mo–4Ni–Nb alloy. Scripta

Metallurgica, 23, 1633–1638 (1989).
6 by Taylor & Francis Group, LLC.



44.
� 200
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13.1 INTRODUCTION

While the heat treatment of powder metallurgy (P=M) parts can be exactly the same as other

parts produced by other methods, majority of time, there are significant differences that must

be taken into account. Porosity, composition, and homogeneity are usually the causes for

these differences. Understanding the process of P=M is necessary to allow the heat-treatment

professional to anticipate these differences and adjust for them. In addition, many P=M
compositions exist that do not have wrought analogs, and hence can only be properly treated
oup, LLC.



with a knowledge of the specific system. Finally, there are also differences in the measurement

of some mechanical properties and the manner of proof tests.

P=M is increasingly used to produce near-net-shaped parts inexpensively. In 2000, almost

80% of all powders produced were of iron or steel [1]. Iron and steel powder shipments

increased 55% from 1993 to 2000. This amounted to 445,000 short tons; 93.5% is made into

P=M parts. While shipments are relatively unchanged in the last few years due to the

economic conditions, this growth is expected to continue over the long run as more and

more P=M parts are specified in automotives, appliances, lawn and garden equipments,

recreational products, power tools and hardware, business equipments, and electronics. The

typical U.S. passenger car contains more than 41 lb of P=M parts, a figure that will go higher

within the next several years. More than 500 million P=M hot forged connecting rods have

been made for cars produced in the United States, Europe, and Japan. Commercial aircraft

engines contain 1,500–4,400 lb of P=M superalloy extruded forgings per engine. It is likely

that the heat-treatment supplier will continue to see more P=M parts in the future.

P=M itself is not a single process but an umbrella of processes that includes, but is not

limited to press and sinter, metal injection molding (MIM), powder forging, hot isostatic

pressing, powder rolling, spray forming, and more. The common theme among these pro-

cesses is the use of metal powders as the feedstock for the manufacture of parts. The most

likely processes to be encountered in the heat treatment of manufactured steel components

are press and sinter, MIM, and powder forging.

As an example of just how different a P=M part can be to apply a required heat treatment,

let us consider a case where a part is received that is made from wrought 4620 steel. A check of

the standards for 4620 shows the composition limits for this material, including the carbon,

which varies from 0.17 to 0.22%. For many heat treatments, this along with part dimensions

may be the only information necessary to determine the proper parameters. Future experi-

ences with 4620 will usually require the same conditions. Combining different parts of 4620

into a single furnace load can often be done without any adjustments.

A contrast to P=M parts made of a close equivalent is FL-4605. Not only has the

nomenclature changed with 05 indicating a nominal 0.5% C but many other things as well.

A check of the standards indicates that the FL-4605 may have anywhere from 0.4 to 0.7% C.

This means that the part can have over 40% greater or lesser carbon content than nominal.

While the Ni contents have similar ranges, the Mo can range from 0.4 to 1.10% as compared

to 0.2 to 0.3% for wrought. Adding to this is the possibility that the original powders used for

creating the P=M part may have used admixed Ni powder, which may lead to inhomogeneities

in composition and altered hardening response.

Finally, the physical properties of the part are dependent on density and will change

depending on the requirements for that part. Many times, the lower densities of P=M parts

can be such that the surface has connected pores, which absorb quenchant or lead to larger

than expected case depths.

All of these things means that different batches of P=M parts can behave very differently

and special furnace loads may be required to meet the unique parameters of the parts. No

wonder some commercial heat-treatment shops shudder when asked to heat-treat P=M parts.

Despite all of these problems, P=M parts can be properly heat-treated, given an understanding

of the differences in P=M steel and prior knowledge of the parts fabrication details.

13.2 OVERVIEW OF P=M PROCESSING

Different P=M processing methods will cause different effects during heat treatment. The high

porosity of press and sinter parts has a large effect on the heat-treatment response. Metal

injection molded parts have less porosity than sand-cast parts, but a very fine grain size.
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Powder- forged parts have a great er hom ogeneit y than many wroug ht parts . In order to

properl y heat-trea t P =M parts, greater knowl edge of the specifics of the fabri catio n of the

part is needed than for tradi tional steel parts . Ther efore, an overvie w of the different methods

is helpful when discus sing the differences in various P=M parts . A side- by-sid e comp arison of

these method s is given in Table 13.1.

13.2.1 PRESS AND S INTERING

Press and sintering is the P=M proc ess that is most commonl y encou ntered by he at treaters .

Parts that have two -dimensiona l complex ity, but have a lim ited numb er of flat surfa ces in the

third dimens ion, are espec ially suitable to be pro duced by this method. A power trans mission

gear is an ideal part to be made by press and sinter with its compli cated outli ne, but sim ple

shaped along the ax is of the gear. The most important attr ibute of a press an d sint er part is its

dimens ions. If the dimens ions of each part can be con trolled, then press and sintering is an

extre mely co st-effecti ve way to manu facture meta llic parts . The general steps in the press an d

sinter process are sho wn in Figure 13.1.

Compacti on is pro bably the most critical step in the P =M process since it sets both the

densit y of the powder an d the unifor mity of that de nsity throu ghout the prod uct. It is also

wher e almost all of the shap ing of the part occu rs. A typical compact ion seque nce using a

mechani cal press would star t with the bottom punc h in its fully raised posit ion with the

powder feed in position ov er the die. The bottom punc h then descend s to a preset fill de pth

and the powder -feed retracts , level ing the powder . Next , the upper punc h de scends into the

die and compa cts the powder . The uppe r punc h then retr acts, and the bottom punc h rises to

eject the powder compact . As the powder feed advan ces to the next cycle, its forward edge

clear s the compact ed part from the press, and the cycle repeat s.

The object ive of compact ion is to pro duce a high -density compact wi th suff icient green

strength for in-process handling and transport to the sintering furnace. Since final properties

strongly depend on density, uniform properties require uniform density. Most compaction is

performed with mechanical or hydraulic presses and rigid tooling. Compacting pressures

range from 3 to 120 t=in.2, with 10 to 50 t=in.2 as the most common. Because of press capacity

limitations, most P=M products have pressing areas less than 10 in.2.
ABLE 13.1
omparison of Powder Metallurgy Techniques Discussed

haracteristic

Conventional Press

and Sinter

Metal Injection

Molding

Hot Isostatic

Pressing P=M Forging

ze of workpiece Intermediate (<5 lb) Smallest (<1=4 lb) Largest (1–1,000 lb) Intermediate (<5 lb)

ape complexity Good Excellent Very good Good

roduction rate Excellent Good Poor Excellent

roduction quantity >5,000 >5,000 1–1,000 >10,000

imensional precision Excellent

(+0.001 in.=in.)

Good

(+0.003 in.=in.)

Poor

(+0.020 in.=in.)

Very good

(+0.0015 in.=in.)

ensity Fair Very good Excellent Excellent

echanical

properties

80–90% of wrought 90–95% of wrought Greater than

wrought

Equal to wrought

ost Low $0.50–5.00=lb Intermediate $1.00–10.00=lb High >$100.00=lb Somewhat low

$1.00–5.00=lb
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FIGURE 13.1 Simplified flowchart of the press and sinter process.
Another important consideration in the compaction of P=M parts is the ability of the

green part to survive the ejection process and subsequent handling prior to sintering. Since the

greatest stress is usually seen during ejection from the die, and die wall friction also leads to

greater bending moments on the part, surviving ejection typically means the part will survive

until sintering. The green strength of the part is critical to this step and impacts design

considerations for compaction, even at the expense of final properties. Ejection forces are

reduced by adding a dry lubricant to the powder mix. This also aids in compaction, but

reduces green strength to a small extent. The amount of admixed lubricant is balanced to

provide the best combination of attributes.

The properties of P=M parts are strongly dependent upon the density of the part, and part

density in turn depends upon the amount of pressure that is applied and the characteristics of

the powder (including size, shape, surface texture, and mechanical properties). When the

powder particles are pressurized, density can increase for a variety of reasons, including the

bulk movement and rearranging of particles, the deformation of individual particles, and

particle fracture or fragmentation. The characteristics of the powdered material controls

which of these mechanisms dominates. For examples, Elemental metal powders are usually

highly deformable and a great deal of deformation can occur during compaction. Ceramic

powders are usually brittle and will fracture. Metal powders that are cold-worked or highly

alloyed will be between the two extremes.

Densities are usually reported as a pure value (such as grams per cubic centimeter) or as a

percentage of the theoretical value, where the difference between this number and 100% is the

amount of void space left within the compact. Adjectives before the word density define the

conditions of the part when the density was determined. Apparent density refers to the density

of the loose, uncompacted powder. Green density provides the value after compaction, but

before sintering. Final density is determined after sintering.
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Since uniform, high density is a common objective of compaction, various means have been

developed to assist the densification. As mentioned above, lubricants are frequently added to

reduce die wall friction and promote transmittance of the compacting pressure. Unfortunately,

lubricants also reduce the green strength, and too much lubricant can actually reduce mechanical

properties because of the voids produced when the lubricant is removed from the compact.

Another technique that is having an expanded use, particularly in automotive applica-

tions, is warm compaction. The powder is preheated prior to pressing, i.e., softening the metal

for better response to the applied pressure. Heated dies are typically used to prevent cooling

of the powder during application of the pressure. The advantages of warm compaction are

higher green and sintered densities, higher green and final mechanical properties, and greater

uniformity of density in the sintered part.

With good mechanical compaction practice, the density of loose powder can be raised to

about 80% of an equivalent cast or forged material. At this stage, the parts generally have

sufficient strength (green strength) to hold the shape and permit a reasonable amount of

handling. In addition, the compaction operation determines both the nature and distribution

of the remaining porosity.

In the sintering operation, the pressed compacts are placed in a controlled atmosphere

environment and heated. A burn off or purge is first conducted to combust any air, volatilize

and remove lubricants or binders, and raise the temperature of the compacts in a controlled

manner. The temperature is then increased to a level where solid-state diffusion occurs

(typically 70 to 80% of the melting point for metals and near 90% for refractory materials),

and sufficient time is provided to form bridging bonds between the particles. The mechanical

bonds of compaction become metallurgical bonds.

With additional time, diffusion acts to decrease the size of the remaining pores, with a

parallel improvement in properties. However, pore reduction is strongly affected by the

driving force for densification, the reduction in surface area, and the ability to transport

atoms to pores. As densification reduces the driving force, the process slows down. In

addition, at densities exceeding 90%, grain growth leads to the separation of grain boundaries

from the pores and the transport of atoms slows significantly. The closer to full density, the

harder it is to fully densify by sintering alone. So, the additional cost of maintaining the

temperature and protective atmosphere is weighed against the ever-increasing level of prop-

erties, and an acceptable compromise is determined. The protective atmosphere is then

maintained while the product is cooled to room temperature.

Atmosphere control is critical to successful sintering. Compacted powder typically con-

tains between 10 and 25% residual porosity, and some of these voids are interconnected to

exposed surfaces. If the material were heated in air, rapid oxidation would occur, and this

would severely impair the bond formation and resultant properties. Reducing atmospheres

break down any oxide that may be present on particle surfaces, and combust any harmful

gases that may enter the furnace or be generated during the sintering. Inert gases cannot

perform these tasks, but serve to prevent the formation of any additional contaminants.

Vacuum sintering is often performed and nitrogen atmospheres are also common.

Ferrous alloys are often produced by mixing graphite with iron powder to form steel or

stainless steel. While the high mobility of carbon allows for good homogeneity of the

interstitial element, this mobility also means that carbon is free to interact with the atmos-

phere. This situation is similar to that found in heat-treating wrought or cast steel parts and

has similar answers. The control of the carbon potential of the atmosphere may be necessary

to maintain correct carbon levels. A typical microstructure of a press and sintered plain

carbon steel is sh own in Figure 13.2.

During the sintering operation, metallurgical bonds form between the powder particles.

With the increase in density, strength, ductility, toughness, and electrical and thermal
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FIGURE 13.2 F-0008, compacted 50 tsi and sintered 9808C in Argon. Etched with 2=5 Nital.
conductivities also increase. If different materials were blended together, interdiffusion may

promote the formation of alloys or intermetallic phases. As a consequence of the density

increase, size decreases. To meet the desired tolerances, the compacted shape must be appro-

priately oversize. Not all of the porosity is removed, however, final-pressed and -sintered P=M
products generally retain between 5 and 25% residual porosity. A typical pore structure from a

press and sintered part is shown in Figure 13.3.

Higher densities along with greater homogenization can also be achieved by the use of

high-temperature sintering. High-temperature sintering will result in improved pore rounding

and uniformity in alloying, which allows better heat-treating response for the same alloy

content. Most of the oxides are reduced during the conventional sintering at 11508C (21008F)

but oxides of certain elements like manganese and chromium are reduced at higher temper-

atures in a reducing atmosphere. These oxides not only deteriorate the mechanical properties

but also interfere with the heat-treatment response of the alloy. High-temperature sintering

not only results in better mechanical properties, but also the benefits, which extend even in the

heat-treatment stage of P=M part.

Sintering of P=M steel compacts is usually performed in mesh belt furnaces with a

maximum operating temperature of about 11508C (21008F). Furnaces are now readily avail-

able, which overcome the temperature limitations of a mesh belt. Pusher furnaces are widely

used when the sintering temperature is greater than 21008F. One of the issues while using

higher temperatures 1150 to 13158C (2100 to 24008F) is the increased cost of maintenance.

An alternative route for achieving higher densities with press and sintered parts is with

double pressing and sintering (DPDS). The difficulty here is that normally, after the sintering

operation, die P=M steel is too hard to compress, primarily because of the dissolved carbon.

By lowering the initial sintering temperature until the solution of graphite is minimized, the

presintered compacts can be more easily densified by repressing. After a second sintering

treatment at or above the normal temperature, an alloyed steel can be produced with densities

up to 95% of the theoretical value.

In a conventional press and sinter operation, the compaction operation sets dimensions,

but these dimensions then change as the part shrinks during the densification of sintering. In
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FIGURE 13.3 737SH sinter-hardened. Unetched.
addition, warping or distortion may occur as a result of nonuniform heating and cooling.

Repressing, coining, or sizing may be employed to restore or improve dimensional precision.

The accompanying cold working and further increase in density can combine to provide a 25

to 50% increase in product strength.

Conventional finishing operations, such as heat treatment, machining, and surface treat-

ment, can also be performed. High-density parts, those with less than 10% porosity, can be

treated as conventional parts. Parts with lower density usually require some form of special

precautions, such as protective atmospheres, special coolants or quenchants, or adjusted

processing conditions. This is due to the fact that the porosity will most likely be connected

throughout the part when the porosity exceeds 10%, allowing the atmosphere to penetrate to

the internal surfaces of the part.

P=M steel parts can be quenched and tempered to achieve high strength or hardness as

required. However, the hardenability of steels depends in part on the density of the parts since

the thermal conductivity of the metals is affected by the density. In addition, the homogeneity

of the parts, prepared from mixed powders, will be affected by sintering conditions and can

result in changes in hardenability due to composition variations. In addition to these problems,

hardness measurements on a P=M sample will result in a lower hardness value due to residual

porosity. If a certain heat-treated hardness is expected and used to measure the formation of

martensite, the resulting lower measured hardness, called the effective hardness, due to poros-

ity will make the steel appear not to be fully hardened. Microhardness tests, which do
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not interact with the pores in the material, do give a true reading of the state of the part. These

factors must be taken into account when specifying the heat treatment of the sintered steel parts.

Sinter hardening is a process wher e normal sinte ring provides the austeni zation treatment

of steel compact s. Then que nching must be done in the furnace be fore remova l of the pa rt and

the subsequ ent tempe ring. This process provides a significan t eco nomic be nefit by the

eliminat ion of reheat ing to the austeni te temperatur e. However, material s wi th very go od

harden ability are requir ed to a llow for suffici ent depth of mart ensite formati on at relat ively

slow coo ling rates possibl e in the sintering furnace .

The presence of porosit y an d permea bility a lso open s up the pos sibility of unique second-

ary process ing, such as impregnati on and infiltratio n. Du ring impr egnati on, oil or other

liqui d, such as polyme ric resi n, is intro duced into the por ous network. The most common

app lication is the oil-im pregnat ed be aring, which contain s between 10 and 40% oil by vo lume.

Parts impr egnated with Teflon offer the co mbined propert ies of high stre ngth and low

fricti on. If the pores are filled wi th a soli d material , such as a lower melting poin t meta l,

the process is called infiltratio n. Strength and toughn ess impr ove due to the absence of por es.

Com ponen ts can be mad e g as- or liquid -tight, machi nab ility and corrosion resistance im-

prove, and smoot h surfac e plati ngs are now possible.

13.2.2 METAL I NJECTION MOLDING

MIM is sim ilar to conven tional P= M process in severa l ways and diff erent in other important

areas. Thi s leads to ne w consider ations for the de sign of MIM parts when compared to

conventional P=M. It also offers many new advantages that can be utilized to produce cost-

effective, high-performance parts.

Like conventional P=M, MIM uses powdered metals as the starting material, and proper-

ties are controlled by the density produced during sintering. Every other aspect of the process is

differen t. An overview of the process is sho wn in Figure 13.4. The meta l powder is mixe d with a

specially designed plastic binder, often with thermoplastic properties. This mixture is often

produced in the form of pellets, which makes for ease of handling and uniformity of compos-

ition. The mixture is called the feedstock and can contain up to 50 vol% binder. The feedstock is

heated to the plastic range and injected into a mold under pressure. The mold temperature is

such that the part becomes harder and can then be ejected from the mold with excellent green

strength. The part is now treated to remove the plastic binder. Techniques such as solvent

extraction, controlled heating to volatilize the binder, or catalytic debinding using acids are

used to remove the binder. The resulting part is very fragile and must be treated carefully before

sintering. The part is sintered similarly to conventional P=M parts, except that the lower density

of the part before sintering leads to large amounts of shrinkage, often up to 25% or more.

In conventional P=M, the powder is often chosen to flow well during filling and compaction,

aswell as to result in low shrinkages so that dimensions are closely held. Since inMIMthepowder is

carried by the plastic binder, flow characteristics are not the major attributes of the powder chosen,

and instead the powders are often chosen on the basis of sinterability instead. The powders are very

fine, usually in the range of 2 to 20 mm in diameter. The fine powder sinters to high densities.

Densities of 99% of the theoretical value are common. This has a significant effect on the properties

of MIM parts usually making them superior to other fabrication techniques.

While the size of conventional P=M products is generally limited by press capacity, the size of

MIM is more limited by two factors: the cost of the fine powders and the ability to completely

remove the binder from all areas of the part. Typically, MIM parts are complex-shaped metal

parts with thicknesses as large as 6.3mm (1=4 in.) and weights under 60 g (2oz). Section thick-

nesses as small as 0.25mm (0.010 in.) are possible because of the fineness of the powder. Special

binders are now available, which allows much larger parts to be successfully debound [2].
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FIGURE 13.4 Simplified flowchart of the metal injection molding process.
The heat treatment of MIM parts is much like that of wrought parts. Their small size

means that they heat up fast and cool down quicker. The only difference is that there is

usually a smaller grain size, sometimes the composition does not have an exact wrought

equivalent, and sometimes admixed additives, such as nickel, are used. The heat treatment of

MIM will not be covered separately as there are no special treatments involved.

13.2.3 POWDER FORGING

Forging can be used to form complex shapes from canned powder or simple-shaped sintered

preforms. One approach for making a complex-shaped product that would be difficult to

compact is to first produce a simple-shaped preform by conventional press and sinter

manufacture. Subsequent hot forging converts this material to the desired final shape, while
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adding the benefits of both metal flow and further densification as a result of the shear under

compression that occurs during forging. By starting with P=M, forged products that can be

produced and are free of segregation, have uniform fine grain size throughout, and utilize the

novel alloys and unique combinations that are possible through the blending of powders.

Because of the initial porosity and permeability, protective atmospheres may be required

during heating and forging operation. Powder-forged properties can be exceptionally good.
13.3 DESIGNATION SYSTEM FOR P=M STEELS

P=M steels are designated according to a system adopted by the Metal Powder Industry

Federation (MPIF) [3]. This system uses a combination of letters indicating alloying elements

and numbers, which give the nominal compositions. In addition, another set of numbers is

attached, which indicates a minimum strength value to which the part was made. When the

powder is prealloyed, there is a modified system that is used. This occurs for a number of

alloyed steels or stainless steels.

Table 13.2 gives the entire list of letter codes used in designation system for P=M steels.

The first letter in the code gives the base metal for the alloys, so C in the first position is for

copper-based alloys such as brass and N would be for nickel-based alloys, etc. Since the topic

is P=M steels, then the operative letter is F for iron. If the P=M steel contains any alloying

elements of significance besides carbon, they are then added after the iron designation. The

fact that an alloying element is not represented in the designation does not mean that it is not

included in the alloy, so the standard composition needs to be checked. Still this system does

identify the more important elements, making it easier to keep track off.

The letter code is usually followed by four digits. Unfortunately, there are differences in the

significance of these four digits. For nonferrous alloys, the first two digits are the percentage by

weight of themajor alloying element and the second twodigits are the percentageof theminor or

second alloying element. For ferrous alloys, the first two digits have the same meaning, but

the second two digits represent the carbon content in tens of percent. Typical American Iron

and Steel Institute (AISI) designations for wrought steel would use 80 to represent 0.8% C,

while the Metal Powder Industries Federation (MPIF) designation would use 08 for the same

amount of carbon.

The last digits following the four alloying digits is the minimum tensile strength of the

material. Once again, there are two different significances to these numbers depending on
TABLE 13.2
Letter Code for Designating P=M Alloys

A Aluminum G Free graphite

C Copper M Manganese

CT Bronze N Nickel

CNZ Nickel silver P Lead

CZ Brass S Silicon

F Iron SS Stainless steel (prealloyed)

FC Iron–copper or copper steel T Tin

FD Diffusion-alloyed steel U Sulfur

FL Prealloyed ferrous (not SS) Y Phosphorous

FN Iron–nickel or nickel steel Z Zinc

FX Copper-infiltrated iron or steel
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wheth er the steel was heat-trea ted or not. Par ts that have not been heat-trea ted wi ll always

give the mini mum yield stren gth here. Heat -treated parts are given with the ulti mate tensile

stren gth. The reason for this is that hea t-treated (harden ed) P =M steels usually do not ha ve

suffici ent ductil ity to measur e with a standar d tensile test , resulting in the yield strength an d

the ultimate tensi le stre ngth, whi ch a re essent ially the same.

Excepti ons to each of these sets of digits occu r. One set of exception s is for soft magnet ic

mate rials and steels with phos phorus add itions. Thes e mate rials are not usu ally subject ed to

heat treatment s other than an nealing and are not included here. The reader sh ould co nsult the

MPIF standard s for the co des for these mate rials.

Anothe r exceptio n is for the use of preall oyed powder s. Powder blen ds, whi ch ha ve a

preallo yed steel powder as one of the componen ts, have a designa tion that begins with FL. If

the steel powder is mixe d with graphit e only the designa tion is usually mod ified from the AISI

alloy cod es. FL-4605 is a 4600 steel powder or near eq uivalent with 0.5% C nominal ly. This

designa tion may or may not be foll owed by more digit s givin g the strength, as discus sed

above, and the letters HT, if it is he at-treated .

Elemental alloying additio ns to the prea lloyed powder other than graphit e are designa ted

with one or tw o more letters foll owing the FL. If addition al Ni is blend ed wi th the FL-4605, it

becomes FLN-4605 . Ther e may also be Ni and Cu additives for alloys de signated as FLN C-

4405. Wh en Ni is a dded to a steel nor mally not contai ning Ni, the amount is somet imes given

directly after the letter cod e, such as FLN2-440 8.

Diffusion -alloyed powder s lead to designa tions of FD, followe d by the Ni amoun t an d

graphit e, such as FD -0208, which con tains nominal ly 2% Ni. A check of the composi tions for

this material reminds us that there is also 1.5% Cu.

Finally, copper-infiltrated steels will have the FX designation. The first digit is the

approximate amount of copper, which has been infiltrated into the open porosity, not the

copper added to the powder blend or prealloyed powder. Thus FX-1005 is approximately

10% copper-infiltrated and 0.5% graphite.

Table 13.3 lists many commonl y used P =M steel s and their compo sition ran ges. Depend-

ing on the starting powders used, there may also be up to 0.5% Mn. Other possible tramp

elements include P, S, and O. The O2 content of the powder is typically reduced during

sintering in a reducing atmosphere and can vary depending on processing.

13.4 OVERVIEW OF HEAT TREATMENT

There are a number of considerations when heat-treating P=M parts depending upon the

chosen heat treatment. The following suggestions act as a guide to general considerations for

heat treatment of P=M parts:
� 20
1. Since the cost benefit of P=M often involves avoiding machining, most parts are not

machined after heat treatment. This means that any type of surface damage, dent, or

scratch created during handling can reduce the functionality of the parts. Therefore, extra

care must be exercised in loading parts for heat treatment and any subsequent handling.

2. Parts that have seen some sort of secondary operation (sizing, coining, machining, or

rolling) prior to heat treatment probably contain residual oils. These substances,

partially entrapped inside the open porosity, may adversely affect the properties that

could be achieved on heat-treating and may also reduce the life of some part of the

furnace. In this case, a suitable washing operation, with a proper choice of solvent,

should be carried out prior to heat treatment.

3. Loading patterns of parts to be heat-treated must permit a free flow of a carburizing

gas or quenching fluid. When parts are small, closely spaced parts may have little
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TABLE 13.3
Compositions of Common P=M Steels

MPIF Designation C Ni Cu Mo

F-0000 0.0–0.3

F-0005 0.3–0.6

F-0008 0.6–0.9

FC-0200 0.0–0.3 1.5–3.9

FC-0205 0.3–0.6 1.5–3.9

FC-0208 0.6–0.9 1.5–3.9

FC-0505 0.3–0.6 4.0–6.0

FC-0508 0.6–0.9 4.0–6.0

FC-0808 0.6–0.9 7.0–9.0

FC-1000 0.0–0.3 9.5–10.5

FN-0200 0.0–0.3 1.0–3.0

FN-0205 0.3–0.6 1.0–3.0

FN-0208 0.6–0.9 1.0–3.0

FN-0405 0.3–0.6 3.0–5.5

FN-0408 0.6–0.9 3.0–5.5

FL-4205 0.4–0.7 0.35–0.55 0.50–0.85

FL-4405 0.4–0.7 — 0.75–0.95

FL-4605 0.4–0.7 1.70–2.00 0.40–1.10

FLN-4205 0.4–0.7 1.35–2.50 0.49–0.85

FLN2-4405 0.4–0.7 1.00–3.00 0.65–0.95

FLN4-4405 0.4–0.7 3.00–5.00 0.65–0.95

FLN6-4405 0.4–0.7 5.00–7.00 0.65–0.95

FLNC-4405 0.4–0.7 1.00–3.00 1.00–3.00 0.65–0.95

FLN2-4408 0.6–0.9 1.00–3.00 0.65–0.95

FLN4-4408 0.6–0.9 3.00–5.00 0.65–0.95

FLN6-4408 0.6–0.9 5.00–7.00 0.65–0.95

FLN-4608 0.6–0.9 3.6–5.0 0.39–1.10

FLC-4608 0.6–0.9 1.60–2.00 1.00–3.00 0.39–1.10

FLC-4908 0.6–0.9 — 1.00–3.00 1.30–1.70

FLNC-4408 0.6–0.9 1.00–3.00 1.00–3.00 0.65–0.95

FD-0200 0.0–0.3 1.55–1.95 1.3–1.7 0.4–0.6

FD-0205 0.3–0.6 1.55–1.95 1.3–1.7 0.4–0.6

FD-0208 0.6–0.9 1.55–1.95 1.3–1.7 0.4–0.6

FD-0405 0.3–0.6 1.3–1.7 0.4–0.6

FD-0408 0.6–0.9 1.3–1.7 0.4–0.6

FX-1000 0.0–0.3 8.0–14.9

FX-1005 0.3–0.6 8.0–14.9

FX-1008 0.6–0.9 8.0–14.9

FX-2000 0.0–0.3 15.0–25.0

FX-2005 0.3–0.6 15.0–25.0

FX-2008 0.6–0.9 15.0–25.0

Up to 0.5% Mn may be present depending on starting powder.

� 20
permeability of the gas or fluid. This low permeability may cause uneven flow of active

form of both carburizing gas and quenching fluid. A controlled pattern loading, using

wide mesh supports and choice of suitable spacers between layers of parts, decrease the

unevenness of active fluids. For best results, parts should be single-spaced in layers.
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4. Care should be exercised in stacking parts with flat faces in an orderly way so that

there are no dead zones, where the carburizing gas and the quenching medium cannot

reach, leading to insufficient carbon enrichment and low-quenching speed. The final

result is typically a low hardness.

5. As mentioned above, P=M parts do not typically undergo finishing operations after

heat treatment, so exposing the parts to air before oil quenching, even for very short

times, should be avoided.

6. Due to open porosity in the P=M parts, the amount of quenching oil, which penetrates

into the open and interconnected porosity, cannot be neglected. Also, if the part is going

to be immersed in oil during normal service, all of the quenching oil should be removed,

to avoid any dangerous pollution of the suitable lubricant. A specific solvent extraction

operation may become unavoidable after quenching and before stress relieving. More

than one washing step is likely to be required to completely remove the oil from the pores.

7. In the case of induction hardening, a preliminary washing operation may be needed.

This cleaning operation is aimed at removing residuals of cutting fluids or sizing

lubricants.

8. Also in the case of induction hardening, the use of water as a quenchant may lead to

rust formation on the interior of the parts, if the density is low enough to still have

significant open porosity. A mild stress relieving, carried out immediately after water

quenching, can be used to avoid this problem.

9. The heat-treatment conditions for a P=M part, which is replacing a full density part

must be altered from those previously used, especially when case hardening. In the

case where the chemical compositions are comparable, there does not usually need to

be a change in temperature. However, there is almost always a need to use a faster

quenching medium to account for the reduced hardenability.

10. Unless the part density exceeds 7.4 g=cm, gaseous or liquid nitriding must be preceded

by a suitable pore closure treatment. Steam treatment is an effective treatment that

gives consistent results. On the contrary, plasma (or ion) nitriding does not require

any pore closure pretreatment. However, if the parts are not adequately cleaned prior

to plasma nitriding, the remaining contaminants may deleteriously affect the results.
While these general rules do not cover all of the differences in the heat treatment of P=M
steels, they do give an introduction to many of them. Many of these rules are covered in this

chapter. The two basic differences are the large amount of porosity and the typically

inhomogeneous microstructure. Each of these has several effects on the heat treatment of

P=M steels. Also, there are often subtle to considerable differences in the starting composi-

tions picked for a given part.

The most common problem in heat-treating P=M parts is overloading. Most commercial

heat treaters base their pricing on the amount of furnace hours required to process the load

and the capacity of their furnace baskets. This tendency is contrary to good practice in the

heat treatment of P=M parts. Once a critical loading is reached, adding more parts is going to

increase the variability in hardening. The critical load for typical P=M parts is lower than for

comparable wrought materials.

Heat treatment of P=M parts is most widely done in endothermic gas with additions of

methane and air to control the carbon potential. Heat treaters of P=M parts have the liberty

to select from a variety of atmospheres. Endothermic gas, nitrogen–methanol blends, or any

nitrogen-based atmosphere can be used if the carbon potential of the atmosphere is controlled

to prevent oxidation or reduction.

During case hardening, additives like methane or propane and ammonia are added to the

atmosphere. The amount of additions added depends on the part density and surface
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poro sity. For exa mple, a low-densi ty pa rt or a part having ope n-surface morpho logy wi ll result

in great er nonuniform ity of case dep th. This varia tion can be mini mized by close co ntrol of the

atmos phere gas composi tion and case harden ing at low er au stenizing tempe ratures.

13.5 EFFECT OF POROSITY ON THE HEAT TREATMENT OF P= M STEELS

As menti oned, severa l fact ors chan ge the respon se of P =M steel s to heat treatment when

compa red to conven tional steels, howeve r, porosit y pro bably ha s the great est single effe ct.

Wh ile it is possible to achieve very high densit ies in P=M steel material s, the increa sed

difficul ty, and hence cost, combined with the de creased dimens ional co ntrol mean that few

P =M steels are made to be fully den se. The major ity of parts ha ve porosities between 5 and

15 vol%, far more than is foun d in a typic al casting. Eve ry mechan ism in press and sinter is

subject ed to dimi nishing retur ns. Com pact den sity ha s a decreas ing dep endence on compac-

tion pressur e, as does sintering and homogeniz ation.

Porosit y can infl uence the he at-treatmen t process through its effect on:

. Densi ty

. Ther mal cond uctivity

. Pro of test ing (part icularly hardness )

. Permeab ility (to gases and liqui ds)

. Electr ical resisti vity (in inducti on harden ing)

The first two factors hav e an effe ct on the ha rdenabilit y of P =M steels. The third affects the

percep tion of the results of he at treat ment, potenti ally leadi ng to an unexpectedl y low resul t.

Thes e fact ors are talke d about next in great er detai l.

Maxim um hardness in steel s is achieve d when the avail able austeni te full y trans forms into

mart ensite. Sufficient ly rapid cooling is required to suppress the eutect oid reaction and

subseq uently to form marte nsite. Hardena bili ty for a wroug ht steel can then be define d as

the depth below the surfa ce, where the cooling rate is just adequa te to transform the austenite

into martensite. Hardenability depends directly on the thermal conductivity of the steel and

the composition. Since the hardenability of steel is much more sensitive to changes in

composition than it is to the relatively small changes in the thermal conductivity, we generally

consider only the composition changes when designing a heat treatment.

The effect of porosity on the hardenability of a P=M steel is given in Figure 13.5, where the

results of a series of Jominy tests on sintered carbon steel test pieces are compared with those for

wrought steel [8]. The P=M specimens were prepared from iron powder, mixed with 0.8%

graphite, pressed, and sintered to various densities from 6.0 to 7.1 g=cm3. These corresponded

to porosity levels ranging from 9 to 24%. The P=M test specimens and wrought C1080 steel

specimen were austenitized at 8708C (16008F) for 30 min in a protective neutral atmosphere. The

test specimens were then quenched in a Jominy end quench and the hardness was measured.

Figure 13.5 graphically points out two important differences of P=M heat treatment: Not

only hardenability is reduced by porosity through its influence on thermal conductivity, but

the porosity also reduced the apparent hardness of the P=M materials. This is seen in the

lower hardness readings at the first Jominy distance with succeeding lower densities.

As evidenced above, the hardenability of P=M steels depends on both the composition and

the porosity of part. The thermal conductivity of P=M parts has been shown to be strongly

influenced by porosity, which acts as an insulator in slowing heat transfer. One model of the

effect of porosity on the thermal conductivity is:

l ¼ lm(1� 2«)
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FIGURE 13.5 Hardenability curves for F-0008 compared to wrought 1080 steel. The wrought alloy has

higher manganese content. The plus signs indicate the depth at which at least 50% martensite was

observed in the microstructure. (Data from H. Ferguson, Metal Progress, ASM, 107(6), 81–83, June

1975; 108(2), 66–69, July 1975.)
where l is the thermal conductivity of the P=M part, lm is the theoretical conductivity of the

fully dense material, and « is the fractional porosity (% porosity=100) of the part.

A study using simulation and experimental data resulted in a confirmation of the above

equation for porosity levels between 0.1 and 10% [4]. For porosity levels greater than 12% the

water-quenched samples showed higher cooling rate than expected. This was attributed to

water entering the pores and cooling the samples faster.

The flow of heat from the center of a P=M part has been estimated by Bocchini [11]. The

heat quantity to be removed on quenching can be given by the following relation:

H ¼M(1� «)cm�T (13:1)

where H is the heat quantity to be removed, M is the mass of a fully dense body having the

same shape of the sintered component, cm is the average heat capacity of the constituting

metal, and DT is the temperature difference between the part and the quenching medium.

One estimate of the relative cooling speed of a porous P=M part to a fully dense part is

given by

Relative cooling speed ¼ lm

cm

� 1� 3«

1� 2«
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FIGURE 13.6 The relative cooling speeds of a porous steel part compared to a fully dense as predicted by

two different theoretical treatments. The lower curve ignores fluid flow inside the pores. (From

Bocchini., G.F., Advances in Powder Metallurgy and Particulate Materials—2001, Vol. 6, Metals Powder

Industries Federation, Princeton, NJ, 2001, pp. 56–86.)
This approximated formula indicates, as expected, that the internal cooling speed of a part,

made of porous steel, is lower than the internal cooling speed of a comparable part, made of

fully dense steel. The deviation from the cooling speed of an equivalent fully dense steel

increases as the porosity increases. The curve showing the decrease of internal cooling speed

on quenching versus density, calculated by means of this formula, is plotted in Figure 13.6.

The flow of fluids inside pores may influence the heat exchange. A second relation gives

the relative cooling speed taking this factor into account:

Relative cooling speed ¼ lm

cm

(1� «)

The straight line corresponding to this formula is also plotted in Figure 13.6. The difference

between the curves is insignificant above 7.4 g=cm3, but nearly attains 6% at 6.8 g=cm3.

Unfortunately, no experimental results are available to eliminate the curve (or the line),

which does not correspond to the practical results.

Considering the heat release at the part surfaces, two different factors should be taken into

account:

. The surface porosity, which may be thought of as an increase of the roughness,

consequently slowing down the speed of the cooling medium, which is removing heat

from the part surfaces
. The suction effect exerted by the hot gas present inside porosity, which, by contracting

itself during cooling, tends to stop and suction the vapor bubbles, originating from the

quenching liquid
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Since the coefficient of external heat exchange—sometimes defined as the coefficient of

adduction—is linked with the state or microgeometry of the surfaces through a constant

coefficient, usually between 1 and 2.5, the stage of the whole cooling process corresponding to

heat removal from the external surfaces of a porous part may be considered to be slowed down

to about half the typical speed of fully dense materials. In other words, the cooling of a PM

component during quenching, internally and from the surface, may be visualized as a slow-

motion version of the same succession of mechanisms, occurring during quenching of a

nonporous body of material. Soak time is as much as 50% longer for P=M steels [5].

Usually the porosity of sintered materials is completely closed when the relative density

exceeds 97%. On the contrary, porosity is completely opened, when the relative density is lower

than 75 to 80%. Altogether, between porosity levels of 3 and 20%, which is typical of most

mechanical components, there is a combination of opened and closed porosity. The relative

amount is difficult to measure and depends on the starting material and processing conditions.

Additionally the porosity in most compacts is not uniform. This is particularly important

on the upper and lower faces, which were in contact with the press punches. On these faces,

the porosity is higher at the surface in press and sinter parts [6]. Figure 13.7 illustrates this

effect for a F-0000 compact, which had either admixed lubricant or the die wall was

lubricated. The overall porosity was approximately 8.5%, but rises to almost 15% within

0.2 mm of the surface. This creates a higher degree of open porosity on these surfaces.

While the effect of porosity on the measured hardness, called the apparent hardness, is

easy to observe, it is hard to take into account. Hardness deviations from the expected values

caused by porosity are generally greater, the lower the density. The relationship is generally

exponential, but varies with the pore shape and dimensions, which change with the processing
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and star ting powd er. One general trend de rived from experi mental data is shown in Figure

13.8. The trend is sho wn as linea r, but the resul ting dep endence is shown as ba nds, rather than

exact numbers.

The difference betw een app arent hardness and actual hardness is clear ly seen in Figure

13.9. The figure shows the standar d Vick ers hardness for loads great er than 1 kg c ompared to

the microh ardness , also measur ed by Vickers us ing loads less than 100 g. In the low er set of

data, the Vi ckers inden ter is pro ducing an indent that covers large regions of the micr ostruc-

ture, essential ly averagi ng the hard ness of the mate rial with the hard ness of air (the por es).

The uppe r set of data shows that the microh ardness is essent ially unc hanged with density. The

differen ce that can occur from sim ply ch anging the load is obv ious. A plot of the ch ange

in Vickers ha rdness numb er with density is shown in Figure 13.10, which emphasi zes

the difference.

13.6 EFFECT OF ALLOY CONTENT ON P= M HARDENABILITY

The most impor tant functio n of alloying elem ent in heat-trea table steel is to increa se hard-

enab ility, whethe r for quenching and tempe ring or sint er ha rdening. This increa se in hard-

enab ility makes possibl e the ha rdening of large r sectio ns and the use of oil rather than water

que nch to mini mize distorti on and to avoid que nch crack ing. It is known that increa sing the

carbon con tent of steel raises the tensi le stren gth and hardness levels in propo rtion to the

add ed carbon . In wroug ht steel, this ratio is maintained to abou t 1.2% C. In sintered P =M
steels, the maximum tensile strength is reached at the eutectoid composition of 0.8% C. When

carbon content is increased above this level, carbide networks begin to form at grain
� 2006 by Taylor & Francis Group, LLC.
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bounda ries and along porosit y chann els, whi ch cause e mbrittlement an d loss of stren gth. As

alloy ing elem ents suc h as nickel , molybden um, chromi um, and co pper are added , the opti-

mum carbon level con tent is low ered. In sintered steels, the most co mmon alloy ing elemen ts

are copper and nickel .

13.6.1 C OPPER C ONTENT

The additio n of cop per increa ses both hardn ess and tensi le strength in the sintered co ndition.

On he at treatment , they increa se depth of hardness but reduce tough ness and elongation . As

cop per co ntent increa ses, rupture stren gth rise s to an optimu m level a nd then de clines.

In the plain iron–ca rb on composi tions , peak strength occu rs ne ar the euc tectoid compo s-

ition in the as-sinte red cond ition a nd at ap proxima tely 0.65% C in the heat-trea ted co ndition.

Fe– C systems soften pro gressivel y as the tempering tempe rature is raised wher eas Fe– C–Cu

syst ems show significa nt tempe r resistance of up to 371 8 C (700 8 F) [7]. Figu re 13.11 shows the

effe ct of tempering tempe ratur e and composi tion on hardness for Fe–C and Fe–C–Cu

compo sitions.

The varia tions in the app arent ha rdness can be due to the effec t of compo sition on the

mart ensite pe rcentage formed along with the effe ct of tempering. Figure 13.12 and Figure

13.13 illustrate plots showin g varia tion of hardness and transverse rupture stre ngth in the a s-

sint ered an d he at-treated cond ition. Fr om the above figures, it is clear that for Fe– C–Cu

compo sition, the best heat- treated propert ies are obtaine d at around 2% co pper. Heat -treated

stre ngth ove rlaps with the sintered strength at higher copper levels as shown in Figure 13.13.

13.6.2 NICKEL CONTENT

Nicke l increases tensile prop erties of as-s intered P =M steels approxim ately one half as much

as coppe r but provides signifi cantly higher stren gths afte r he at treatmen t. This is because of

the heterog eneous nature of nickel alloy steels made from blended elem ental powder s. Copper

melts at 1083 8 C (1980 8 F) and form s a liqui d phase on sintering at 1120 8 C (2050 8 F), creat ing a

more homogen eous iron–copper alloy. Nickel has a higher melting point than the sintering

tempe ratur e, and it alloy s by solid-st ate diffusion. This produces a duplex micro structure

con sisting of parti ally a lloyed iron-surrou nding nickel -rich island s. On quench ing, the matrix

trans forms to marte nsite but the nickel -rich areas remain austeni tic. This combinat ion resul ts

in a stronger matrix with some tou ghness an d ductility retai ned.

13.6.3 NICKEL –COPPER C ONTENT

The effe ct of increa sing nick el and copper content s on the ha rdenabilit y of P=M steels is

illustr ated in Figu re 13.14. J ominy bars were presse d to a density of 6.7 g=cm 3 with increa sing

level s of copper an d nickel , while carbon c ontent was maint ained at 0.5% C. After sint ering,

all the Jominy bars wer e austeni tized at 850 8C (1560 8 F) for 2 h and quench ing. The add ition

of 2.5% copper prod uced only a relative ly small increa se in ha rdenabilit y compared to the

iron–ca rbon alloy. How ever, the surfac e hardness increa sed dramat ically. Adding 1% nickel

to the iron–copper –carbo n alloy pro duced little ch ange in the surfa ce hardn ess but a signifi-

cant improvemen t in hardena bility, while a 2.5% nickel additio n impr oved surface hardness

slightly, but dramatically increased the hardenability.

Many P=M components that require optimum heat-treated properties contain both nickel

and cop per. Figure 13.15 sho ws Jominy curves for FLC -4608 at diff erent den sity values [8]. It

shows that there is no significant drop in the hardness through Jominy position 36, which

indicates its relatively high hardenability.
� 2006 by Taylor & Francis Group, LLC.
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13.6.4 MOLYBDENUM CONTENT

Molybdenum is a more effective alloying element than nickel for enhancing hardenability.

Also it has lower affinity for oxygen and lower effect on compressibility as compared to

nickel. Typical additions range from 0.5 to 1.5%. The addition of molybdenum promotes
� 2006 by Taylor & Francis Group, LLC.
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respon se to heat treatment , and increa ses hardness , wear resistance , and strength to the

requir ed level for highly loaded P =M applications such as he lical gears.

A co mparison of the effect of cooling rate on prop erties for P =M steels contai ning nickel,

cop per, and molybden um is shown in Figure 13.15 throu gh Figure 13.18. Figure 13.16 sho ws

the increa se in hardenab ility with higher nickel and copper of up to 4% Ni and 2.25% Cu. The

effe ct of these alloy ing addition s is particular ly ap parent in the tensile stren gth resul ts (Figur e

13.17) . The ductility is also impro ved signi ficantly at all cooling rates tested (Figur e 13.18).

Figure 13.19 shows the effect of a lloying an d cooling rate on the dimens ional chan ge in the

alloy s. The highest ad dition likewi se resul ts in the smallest ch ange in dimens ions, whi ch is the

optim um resul t. Also, the small chang es in dimens ions at all coo ling rates should resul t in

low er que nching stresses a nd residua l stresses .
13.7 EFFECT OF STARTING MATERIAL ON HOMOGENIZATION

Anothe r difference betw een P=M steel s an d wrough t steel s is the de gree of inho mogenei ty,

whi ch is co mmon in P=M pa rts. The alloy ing additio ns, discus sed abo ve, typic ally a re ad ded

by blending powder s, called admix ed, of the alloying elemen ts with iron powder . The mo st

impor tant reason that the alloy ing is done this way, rather than melting the elem ents toget her

and prod ucing the powder , calle d preall oyed, is to have a soft powd er mixture that can be

easily compact ed. It is possibl e that a given P =M steel part could have one of four different

powders as its starting material, which affects the properties and heat treatment of the steel.
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10a,b, Springer-Verlag, Heidelberg, 1993, pp. 129a–209a, 72b–141b.)
The four types are as follows:

. Admixed—Elemental or master alloy powders are added to a base iron powder [9]. This

method is used widely and has the lowest cost. Due to the high fraction of the mix exists

as compressible (easy to compact) iron powder, it usually retains most of the compress-

ibility. Elements that form intermetallic alloys with a low-diffusion rate are not included

and the degree of alloying is limited by the mutual diffusivity of the other components.

This precursor material typically has the higher degree of inhomogeneity and is par-

ticularly prone to powder segregation during handling.
. Diffusion alloyed—The alloying elements are diffusion-bonded to the base iron powder

particles such that the core iron retains its high compressibility. Segregation of the

powder during handling is essentially eliminated, but the powder still produces a very

inhomogeneous microstructure with an alloying gradient varying between the center of

the former powder particles and the highly alloyed interparticle boundaries.
. Prealloyed—All alloying elements, except carbon, are added to the melt, which is

atomized to produce the powder. The sintered powder has homogeneous microstruc-

tures and compositions. However, the compressibility suffers with most alloying elem-

ents compared to admixed- and diffusion-alloyed powders and hence prealloyed

powders are often considered undesirable for many turnkey operations.
. Hybrid alloys—Molybdenum is one alloying element, which can be in solution in iron

and still be very compressible. Prealloyed- or diffusion-alloyed powders of molybdenum
� 2006 by Taylor & Francis Group, LLC.
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in iron have mast er alloy add itions to create a series of hybrid alloy steel powder s. The

sintered powder typicall y ha s a less he teroge neous microstr ucture but retains most of

the compres sibility.

Carb on is also typicall y added in the form of graphite powder . However, carbon diffu sivity is

high at the sintering tempe ratures. The easy diffu sion of carbo n leads to hom ogenou s

distribut ions and uniform micr ohardn ess values when no other alloy ing a dditions are presen t.

The ben eficial effects of nickel ad ditions hav e been shown abo ve. Ho wever, nickel diffuses

slower than oth er elements, making homoge nization more diff icult. Conse quently , it is

common for the nickel comp osition to have a greater de gree of nonuniform ity than

other elem ents [11]. Figure 13.20 illustr ates a plot of the diffusiv ity of nick el in au stenite

compared to those for molybdenum an d chromi um [10] . The diffu sion of nickel in iron

between 900 and 9 50 8C (1650 to 1790 8 F), common au stenizatio n tempe ratures, is only 1%

of the rate at sintering tempe ratures.

A rise from 1100 to 11508C (2010 to 21008F) produces a doubling of the diffusivity. In this

temperature range, an error of only 258C can cause a 50% difference in nickel diffusion rate. This

makes the control of temperature uniformity in the furnace very important and affects loading of

parts in the furnace.

Figure 13.21 shows the effe ct of compo sition and starting powder on the hardenabil ity.

The preall oyed FL-4605 is simila r in composi tion to the FN-020 5, but has a much great er

hardena bility, althoug h the surfa ce hardne ss is only slightl y better. The ad dition of nickel to

F-0005 to mak e F-020 5 also increa ses harden ability an d surface hardness .

As a con sequence of the varie ty of local chemi cal composi tions, which are present after

sintering, unless co mpletely preall oyed powde rs are used, different micr ostruc tures will be

form ed on cooling . As the degree of difference in compo sitions local ly can be very signi ficant,

it is better to look at the concept of critical cooling speed in terms of these local variations [11].

Figure 13 .22 shows the conditi ons of maxi mum an d mini mum hardenab ility, an d assum ing that

some carbon is present, it can be pointed out that [12]
� 2006 by Taylor & Francis Group, LLC.



1E−18

1E−17

1E−16

1E−15

1E−14

1E−13

1E−12

1E−11

850 900 950 1000 1050 1100 1150 1200

Temperature (�C)

D
iff

us
iv

ity
 (

m
2 /

s)
Cr

Mo 

Ni 

FIGURE 13.20 Difficulty of Cr, Mo, and Ni in Fe at sintering temperatures calculated from data from

Smithels Metals Reference Book, 7th ed., Brandes, E.A., and Brook, G.B., Butterworth-Heinemann,

Oxford, 1999, pp. 13–70 to 13–97
. When cooling speeds are lower than Vp, only pearlitic structures are formed. The V ’p
would be the critical speed to form only pearlite in the regions richest in alloying elements.

. When cooling speeds are higher than Vm, the structure becomes completely martensitic

on cooling. Likewise, V ’m would be the critical speed to form only martensite in the

regions, richest in alloying elements.

The cooling speeds used in typical industrial practice after sintering are generally between V 0p
and Vm. This situation typically occurs when materials based on admixed- or diffusion-

bonded powders containing Ni and Mo are used. Consequently, even without a specific
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heat treatment, it is possible to observe some martensite (or possibly bainite) islands in the

as-sintered state. In sintered steels, many small areas of hard phases—regularly distributed—

are surrounded by softer microconstituents, which can plastically deform, through a

self-adapting mechanism in case of high-applied stresses, by a cushion or damper effect [11].

Moreover, the slow diffusion of nickel results in high local concentrations in many points.

When the local concentration exceeds a given threshold, austenite will survive independently

of the cooling speed.

This austenite should be clearly differentiated with respect to retained or residual auste-

nite, because it is stable or incoercible. The areas of soft austenite increase the resistance to

stresses when the part is put in operation by means of local plastic-yielding and self-adapting.

Lindskog and Boccini [13] explained in more detail the favorable combination of properties,

typical of steels obtained from diffusion-bonded powders.

According to Boyer [14], in many instances, finely dispersed residual austenite of amount

up to 30% is not detrimental to pitting fatigue strength of fully dense steels. This is partly

because small amounts of retained austenite apparently allow mating surfaces to conform

slightly faster and to spread the load more evenly, thus reducing the local area of high stress.

This is similar to running-in bearings at low load to prolong their life at high loads. As

demonstrated by repeated experiences, P=M steels from Ni-containing diffusion-bonded

powders frequently exhibit randomly distributed (or finely dispersed) austenite areas. Fol-

lowing Boyer, this peculiarity should be seen as a favorable factor explaining several positive

results of P=M parts, which have undergone demanding stress conditions. However, much

lower amounts of austenite can be harmful if the austenite is not finely dispersed.
13.8 QUENCH AND TEMPERING

The as-quench properties of P=M steels depend on the cooling medium (severity of quench)

and the P=M steel’s hardenability. Quenching in water, salt, brine, or water-based polymer

solution improves the rate of heat transfer, leading to a faster quench, but in many cases, it

accelerates corrosion due to the residual quenchant trapped in surface pores. Oil quenching,

although less severe than cooling in water or brine, is favored due to minimized distortion and

cracking. Control of oil temperature is a must for achieving consistent results from
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load-t o-load. A fast oil (9 to 11 s in the magnet ic quench omete r test) can be used to impr ove

the heat trans fer ch aracteris tics and is theref ore reco mmended.

The P =M parts can ab sorb nearly 2 to 3% oil (by weight) , whi ch can cause prob lems during

postqu ench treatment . If the oil is not co mpletely remove d, it results in heavy smoke dur ing the

tempe ring ope ration. Thi s can not only lead to healt h hazard but also pos es safety concerns

due to the large amount of oil in the tempering furnace . Also, the much higher amoun t of drag

out of the oil needs to be consider ed during pro cessing. M ost seale d que nch furnace s are

designe d to quench out 0.5 kg (1 lb) of pa rts per ga llon of quench oil. For P=M pa rts, it is

recomm end ed that 11 to 15 l (3 to 4 gal) of quench oil be used per 0.5 kg (1 lb) of pa rts.

Usually pa rts ha ving densit ies great er than 6.7 g=cm 3 should be tempe red afte r hardening.

Recom mended tempe ring tempe ratur es for P=M pa rts range from 150 to 200 8 C (300 to

392 8 F) with 177 8 C as very common. The effect of tempe ring tempe ratur e on impact proper-

ties is shown in Figure 13.23 for FL- 4205 at various densit ies. Temperi ng above 200 8 C
(390 8 F) resul ts in impr oved tou ghness and fatigu e propert ies of the ha rdened pa rt, while

making a comprom ise in tensi le stre ngth and impac t resi stance . How ever, when tempe ring at

tempe ratur es higher than 200 8C (3928 F), care sho uld be exerci sed as entrappe d oil can ignite.

Temperi ng is also done to redu ce the effects of retai ned austenite formed in low -alloy

steels when rapidly que nched. Freezing by cryogeni c treatment (below �100 8 C or  � 148 8 F)

trans forms the retai ned austeni te (not the stable austeni te in some nickel steels) to mart ensite.

Follow ing the cryogen ic treat ment, a second tempe r is done at 200 8 C (3908 F) to relieve the

stre sses in newly formed mart ensite.

Table 13.4 shows the he at-treat propert ies of four different low -alloy steel s tempe red at

176 8 C (350 8 F) for 1 h [15] . The sintered carbon content s for the nom inal 0.5% carbon level

alloy s varie d from 0.47 to 0.53% carbon for all the listed alloys. The effe ct of varyi ng carbon

con tent on the mechan ical propert ies of FL- 42XX and FL- 46XX alloy system is listed in

Table 13.5.

Table 13.6 lists some recommended quench and temper parameters to achieve good wear

resistance and core strength based on different ranges of porosity. These are of course general

conditions and should be used only for a starting point in deciding how to heat-treat P=M steels.
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FIGURE 13.23 True hardness (VHN100 converted to Rockwell C) of several P=M steels vs. tempering

temperature. With porosity effect removed the response during tempering is close to wrought. (From

Moyer, K.H. and Jones, W.R., Heat Treating Progress, 2(4), 65–69, 2002.)
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TABLE 13.4
Heat-Treated Properties of Low-Alloy Steels

Alloy Grade

Density (g=cm3)

TRS (psi) UTS (psi) YS (psi) Elongation (%) Impact Energy (ft-lbf) Hardness (HRC)TRS Tensile Impact

FL-4205 6.72 6.78 6.72 190,100 129,700 — <1 6.0 28.9

6.95 6.97 6.95 (232,000) 150,700 — <1 (9.0) 34.8

7.17 7.15 7.17 270,100 179,600 159,400 <1 10.5 40.5

FL-4405 6.76 6.75 6.75 185,900 121,900 — <1 6.3 28.2

7.00 6.94 6.94 227,100 155,900 — <1 8.7 35.0

7.29 7.31 7.31 299,700 202,200 — <1 13.2 41.4

FL-4605 6.61 6.73 6.61 168,700 125,000 — <1 5.7 27.6

6.95 6.96 6.95 (240,000) 147,900 — <1 (8.5) 33.5

7.17 7.19 7.17 280,600 175,300 — <1 11.5 37.8

FL-4205 þ 1.5 Ni 6.70 6.72 6.72 177,100 115,100 — <1 7.0 31.6

7.06 7.01 7.01 255,200 159,900 146,700 <1 10.2 39.7

7.32 7.33 7.33 336,000 202,600 179,900 1 17.3 45.2

Note: Values in parentheses estimated from density carbon content data.

Source: From Sanderow, H.I. and Prucher, T., Advances in Powder Metallurgy and Particulate Materials—1994, Vol. 7, Metals Powder Industries Federation, Princeton, NJ,

1994, pp. 355–366.
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TABLE 13.5
The Effect of Varying the Carbon Content on Heat-Treated Properties of Low-Alloy Steels

Alloy Grade % Carbon UTS (psi) TRS (psi) Impact Energy (ft-lbf) Hardness (HRC)

FL-42XX 0.12 88,200 147,600 18.2 8.5

0.38 180,300 270,100 10.5 39.8

0.50 179,600 — — 40.5

0.67 151,300 255,400 9.7 45.5

FL-46XX 0.16 121,200 202,800 13.5 19.8

0.44 175,600 280,600 11.5 40.3

0.50 175,300 — — 37.8

0.68 141,700 249,400 12.2 43.3

Note: All samples tempered at 1768C (3508F) for 1 h with sintered density range of 7.15–7.20 g=cm3.

Source: From Sanderow, H.I. and Prucher, T., Advances in Powder Metallurgy and Particulate Materials—1994,

Vol. 7, Metals Powder Industries Federation, Princeton, NJ, 1994, pp. 355–366.
Other specia l co nsideration for que nch and tempe ring P=M parts is the large amount

of surfa ce area associ ated with the porosit y. The signi ficance of this effect can be seen in

Table 13.7. A steel P=M part with a density of 6.81 g=cm 3 c ould have app roximatel y 100 times

the activ e su rface area than expecte d ba sed on part size an d loading . Thi s has important

effe cts on the unifor mity of the load, as the atmos phere composi tion wi ll have a greater

chan ge from the inlet to the exhau st. Ver y good circulati on of gases must be maintained to

achieve a higher de gree of unifor mity.

Table 13.8 lis ts a number of P =M steel alloys and their harden abilities. The harden abilities

are in term s of the depth in Jominy distance (1 =16 in.) to whi ch the Jominy bar was ha rdened

to a minimum of 65 HRA (~29.5 HRC ). The effec ts of de nsity an d alloy content can be

readil y seen .
13.9 SINTER HARDENING

It is common to have a separat e, postsi ntering heat-trea tment unit, but in so me cases, it is

possibl e to incorpora te the hea t treatment in the cooling por tion of the sint ering cycle, as

done in sinter hardening. The term sinter hardening refers to a process in which the cooling

rate, experienced in the cooling zone of the sintering furnace, is fast enough to transform a
TABLE 13.6
Recommended Heat Treatment Conditions for Best Wear Resistance and Core Strength

at Different Densities

Quenching

Tempering (8C [8F])Density (g=cm3)

Austenizing

Temperature (8C [8F])

Soak Time

(min)

Transfer

Time (s)

Transfer

Medium

6.4–6.8 870–890 (1600–1635) 30–45 <8 Fast oil —

6.8–7.2 850–870 (1560–1600) 45–60 <12 Fast oil 150–180 (300–355)

>7.2 820–850 (1510–1560) 60–75 <25 Medium to fast oil 170–220 (340–430)

Source: From Ferguson, H.A., Metals Handbook, 10th ed., Heat Treating, 10th ed., Vol 4, ASM, Materials Park, OH,

1991, p. 229.
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TABLE 13.7
Extra Surface Area Associated with Porosity in P=M Parts

Density (g=cm3) 5.71 6.81 7.22

Total porosity 27.4% 13.5% 8.3%

Open porosity 26.8% 10.4% 4%

Ratio open–total porosity 97.8% 77% 48%

Total pore surface (mm2) 451,000 274,000 209,000

Total surface of open pores (mm2) 440,000 211,000 100,000

Ratio open porosity=external area 220x 105x 50x

Source: From Rudnayova, E., Salak, A., and Zabavnik, V., Zbornik Vedeckych Prac VST,

Kosice, No. 1, 1975, p. 177.

TABLE 13.8
Hardenability of P=M Steels vs. Density

Depth to 65 HRA

Material

Designation

Density

(g=cm3)

Depth

(1=16 in.)

Material

Designation

Density

(g=cm3)

Depth

(1=16 in.)

6.65 <1.0 6.72 8.5

F-0005 6.87 1.0 FLN4-4405 7.10 14.5

7.03 1.0 7.23 17.5

6.78 1.5 6.79 13.0

F-0008 6.91 2.0 FLN6-4405 7.15 18.0

7.06 2.0 7.30 26.0

6.50 <1.0 6.63 26.0

FC-0205 6.82 1.5 FLC-4608 7.06 36.0

6.96 1.5 7.14 36.0

6.40 1.5 6.72 8.5

FC-0208 6.81 2.0 FLC-4908 7.08 9.5

7.15 2.5 7.16 10.5

FN-0205 6.90 1.5 FLN-4608 6.82 22.5

7.10 1.5 7.08 36.0

7.38 2.5 7.27 36.0

6.88 2.0 6.65 9.0

FN-0208 6.97 2.0 FLNC-4408 7.06 11.0

7.37 3.0 7.22 15.5

6.75 2.5 6.98 2.5

FL-4205 7.00 3.5 FD-0205 7.24 2.5

7.20 3.5 7.32 4.5

6.64 2.0 6.78 4.0

FL-4405 6.94 3.0 FD-0208 6.97 9.5

7.20 4.5 7.29 12.0

6.76 2.5 6.70 2.0

FL-4605 6.99 5.0 FD-0405 7.13 4.0

7.12 7.0 7.26 10.0

6.68 2.0 6.70 3.0

FLN-4205 7.00 5.0 FD-0408 7.08 8.0

7.29 6.0 7.21 15.0

6.71 7.5 FX-1005 7.40 2.0

FLN2-4405 7.11 10.5 FX-1008 7.39 2.5

7.22 10.5 FX-2005 7.38 <1.0
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signi ficant por tion of the mate rial matrix into martensit e. The sinter-ha rdening route has

beco me increa singl y popul ar due to its cost- effectiv eness.

Advant ages of sinter harden ing:

. Seco ndary quench -hardeni ng treat ment is eliminate d.

. Less severe quench leads to be tter dimension al control .

. Ret ention of quenc h oil in pores eliminat ed is leadin g to fewer steps during tempe ring.

. Oil does not have to be remove d to perfor m seco ndary operatio ns such as plating

Dis advantag es of sint er harden ing:

. Sinter hardened parts may not be able to be machi ned due to high hardness .

. Sinter ha rdened parts need tempe ring to relieve stre sses and impr ove dy namic mechan-

ical pro perties.
. High ap parent hardn ess of sinter-ha rdened parts may mak e sizing or other secondary

ope rations impr actical

Cool ing rate dur ing sint er harden ing can have a signi ficant effect on the final propert ies.

Wh ile there are co mposi tions, whi ch do not requir e any form of accelerated cooling to

harden , there is still a gain in prope rties with faster coo ling rates . Fans, which circulate the

atmos phere in the cooling zon e of the furnace , can increa se the cooling rate, whi le even faster

coo ling rates can be achieve d with a pressure gas quen ch.

Figure 13 .17 through Figure 13.20 show the effe ct of co oling rate during sinter hardening

on the mechan ical propert ies an d dimension al chan ge of three 0.45% C diffusion preall oyed

steels. As discussed e arlier, co mposition con trol can lead to very goo d hardenabil ity upon

coo ling from the sintering tempe rature.

Pressur ized gas que nching is also effe ctive in producing high er hardness when sinter

harden ing. How ever, this requir es that the sintering furnace be equipp ed wi th an integral

gas que nch chamber. Since this pro cess is of more ba tches than co ntinuous , there is usuall y a

reducti on in throughput .

Vacuum sint er hardening and gas que nching show some pro mise for another method to

achieve higher hardness. A comparison of vacuum sinter-hardened materials to wrought 4600

steel is shown in Figure 13.24. The P=M steels wer e sint ered for 2 h at 1260 8 C (2300 8 F) in H2,

followed by a 2-bar helium gas quench. The time maintained at each temperature is 1 h. As

shown, the hardness is very comparable with the wrought equivalent.
13.10 WARM COMPACTION

A major advance in P=M technology has been the warm compaction process, which yields

higher density levels along with uniform density distribution. The process is applicable to

both ferrous and stainless steels (still in developmental stage). The raw material consists of

conventional powder mixed with a special lubricant. The lubricant system has excellent

flowability and filling behavior at increased temperatures. The equipment consists of a slot

heater filled with powder and fitted with oil-heated elements. The heated powder from the slot

heater flows freely through electrically heated insulated hose to the filling shoe and the die

assembly, which are also heated. The die assembly consists of the die, upper punch, and the

adaptor table. The temperature range is 100 to 1508C (212 to 3028F). The lubricant begins to
� 2006 by Taylor & Francis Group, LLC.
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FIGURE 13.24 Effect of tempering temperature and density on the impact properties of FL-4205. (From

ASM Handbook, Powder Metal Technologies and Applications, Vol. 7, ASM International, Metals Park,

OH, 1998, p. 650.)
break down at tempe ratur es higher than 150 8 C (302 8 F). The app arent density is decreas ed

and the flow rate increa ses, which limits the working temperatur es for war m compact ion.

Green machi ning of warm compact ed parts is possibl e partl y due to the increa sed green

stren gth of the c ompact .

The mechan ical prop erties for warm-c ompact ed, heat- treated singl e press single sint er

(SPSS ) FLN 2-4405 are given in Table 13.9 [16] . The sp ecimens were sint ered in a belt furnace

at 1120 8 C (2050 8 F) for 20 min in a 90–10 N2–H 2 a tmosph ere. Hardeni ng was perfor med in an

integ ral quench furnace at 870 8 C (1600 8 F) at a 0.8% carbon potenti al with a subseq uent oil

quen ch. Tem pering was done at 175 8 C (350 8 F) for 1.5 h.
13.11 POWDER FORGING

The he at treat ment of powder -for ged parts is simpler in that there is a relative ly small amount

of por osity. Therefor e c oncerns with low therm al co nductiv ity and open surfa ce porosity are

practica lly none xistent. The prefor m can be made from preall oyed powder s or diffusion-

bonde d powder s. Give n suff icient forgin g stra in and tempe ratur e, the chemi cal inh omogen-

eity of the diffu sion-bo nded preform can be reduced signi fican tly. Prop erties depe nd on the

forgin g de sign, as it con trols por osity and homogen eity. Par t surfa ces tend to ha ve somew hat

higher porosit y than the bulk, howeve r, prop er de sign elim inates most of these from consid-

eration when the parts are heat-trea ted.

The diff erence of forged parts from typical wroug ht pa rts is the composi tion used.

Powders tend to have lower M n content s than wroug ht steels an d a few other diff erences in

minor alloy ing elem ents. These changes are relative ly small. Figures 13.25 through Figure

13.27 sh ow Jominy curves for severa l powder -for ged steels.
� 2006 by Taylor & Francis Group, LLC.



TABLE 13.9
Heat-Treat Mechanical Properties for SPSS Warm-Compacted FLN2-4405 at Different Compaction Pressures

Compaction

Pressure (tsi) (MPa)

Green Density

(g=cm3)

Quench and Tempering

Density (g=cm3)

TRS (103

psi) (Mpa)

Apparent

Hardness HRA

Tensile Strength

(103 psi) (MPa)

0.2% Yield Strength

(103 psi) (MPa) Elongation (%)

Impact Energy

(ft-lbf) (J)

30 6.92 6.95 184 72 102 — 0.7 5

(415) (1270) (572) (7)

40 7.17 7.19 242 75 145 143 0.9 7

(550) (1670) (690) (490) (9)

50 7.29 7.33 270 76 165 160 0.9 8

(690) (1860) (779) (538) (10)

60 7.32 7.39 287 77 163 161 0.9 9

(825) (1980) (759) (587) (12)
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FIGURE 13.25 Jominy curves for various powder-forged P=M steels.
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13.12 CASE HARDENING

As mentioned earlier, when porosity levels are such that there is significant open porosity, the

pores are interconnected by small channels. This allows gases to penetrate with little hindrance.

When case-hardening P=M parts contain gases with a high-carbon potential, this interconnected

porosity allows diffusion of carbon into the internal pore surfaces as well as to the external

surfaces of the part. This can result in carburization to a significant depth and consequent loss of

any sharply defined case-hardening effect. The same condition can also be applied to other

gaseous surface-hardening procedures such as nitriding or carbonitriding. In fact, the swelling,

which occurs during nitriding, can be very detrimental if it occurs internally due to open porosity.

Figure 13.28 sho ws the e ffect of den sity on the c ase dep th dur ing vacu um carburizing of

an iron–copp er alloy . Lower densities produce much higher case depth. The line for 50 HRC

indica tes the effecti ve case.

P=M parts are ca se-harden ed to obt ain higher hardn ess, wear, fatigue, or impac t prop er-

ties. The pr imary pur pose of case hardening low-car bon steels is to provide a hard, wear-

resi stant surface whi le maint aining a soft-duct ile core. This combinat ion impar ts optim um

wear resi stance an d toughness propert ies to these mate rials.

13.12.1 CARBURIZING

The mate rial us ually specified for carburizing contai ns allowi ng elements such as nickel ,

molybden um, and co pper to increa se hardenabil ity, but with relat ively low-car bon co ntent.

To de velop optim um dynami c pro perties at porosity levels between 10 and 15%, a combined

carbon level of 0.30 to 0.35% is recomm ended. As poro sity is reduced below 10%, combined

carbon can be reduc ed to 0.15 to 0.25%. As impr oved dynami c prop erties are also associ ated

with high densities, it is recommended that combined carbon can be adjusted to a level best

suited to repressing after sintering. Parts with porosity levels much higher than 15% are not
� 2006 by Taylor & Francis Group, LLC.
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recommended for carburizing because of the penetration of the pores by the carburizing gas.

As already mentioned, liquid carburizing is not suitable for P=M parts because of the problem

of washing the parts free of salt after the treatment. Table 13.10 gives some expected results

from carburizing for different ranges of porosity.

In wrought steel, carburization is normally characterized by a surface-hardness range and

an effective case depth. Microhardness measurements can accurately show the hardness

profile in a cross section of wrought steel but can be erratic when used on P=M steels,

where subsurface porosity can influence the hardness readings. It is recommended that at
TABLE 13.10
Effect of Density on Features of Carburized Layers on P=M Steels

Density, g=cc Typical Properties of Carburized Layers

>7.1 Definite thickness, repeatable with precision, analogously to the one, which occurs when

carburizing fully dense steels

7.1 to >6.9 The thickness may exhibit a certain scattering, which is fairly controllable through careful

control of the carburizing process, carried out in a reliable equipment

6.9 to >6.6 The thickness may exhibit nonnegligible scattering, not withstanding the care and the precision in

conducting the carburizing process

<6.6 The thickness may exhibit very high variations, from lot to lot, from part to part, and below

differently oriented part surfaces

Source: From Bocchini, G.F., Advances in Powder Metallurgy and Particulate Materials—2001, Vol. 6, Metals

Powder Industries Federation, Princeton, NJ, 2001, pp. 56–86.
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least three readings be taken at each level below the surface and averaged to determine

effective case depth (a detailed review of this procedure can be found in Ref. [13]).

P=M steels are usually gas-carburized at temperatures between 900 and 9308C (1650 and

17058F). Time cycles are normally short because of the rapid diffusion of carbon through the

interconnected porosity. Therefore, atmospheric carbon potentials for P=M steels need to be

somewhat higher than those required for wrought steels of similar composition.

The rate of carbon penetration into steel is controlled by the diffusion of carbon in

austenite and not by the kinetics of the chemical reactions at the surface [17,18]. As a general

guideline, the carburizing of ferrous P=M components can be achieved with a lower carbon

potential and in a shorter time compared to their wrought and cast counterparts. For an 86%

dense P=M alloy, the carbon can be raised from 0.04 to 0.5% at a depth of 2mm (0.08 in.) in

just 2 h at 0.90% carbon potential. Figure 13.29 shows the effects of density and atmosphere

on the case depth achieved at 8708C (16008F).

13.12.2 CARBONITRIDING

Carbonitriding is a modified form of gas carburizing, which uses additions of up to 10%

ammonia into the gas-carburizing atmosphere, and results in the addition of nitrogen to the

carburized case. Dissociated nitrogen forms at the workpiece surface from the ammonia in the

furnace atmosphere. Nitrogen diffuses into the steel surface simultaneously with the carbon,

retarding the critical cooling rate on quenching and leading to a more consistent martensite

transformation. It also produces a more consistent surface hardness profile, which improves

wear resistance and toughness of the P=M steel. Process temperatures for carbonitriding are

lower (800 to 8508C (1470 to 15608F)), providing better control of distortion than carburizing.

Carbonitriding is a shallow case-hardening treatment. Case depths greater than 0.5 mm

(0.02 in.) are seldom specified. For this reason, cycle times are relatively short, usually on the
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order of 30 to 60 min. As in neutral hardening, carbon co ntrol is a critical aspect of the

treatment . Norm ally, carbon poten tials of 1.0 to 1.2% are specified to maintain the carbo n

profi le in the pa rt.

13.12.3 I NDUCTION HARDENING

Spur gears, be vel gears, spli ned hubs , and cams are ideal co mponents for the prod uction using

P=M . Thes e parts usu ally requir e hard, wear-re sistant surfa ces at some locat ion, an d a more

tougher duc tile matrix. Locally hardening the piece he lps to maintain dimens ions. Inductio n

hardening is common ly specified for these applic ations. The inducta nce of P=M mate rials is

typic ally less than that of a wroug ht mate rial of sim ilar composi tion due to por osity; a higher

power setting is normal ly requir ed to reach a given depth of hardening. Furtherm ore, as the

heat is rapidl y dissi pated, a rapid transfer to the quench is mandat ory.

As with wroug ht steels, the respo nse to hardening by ind uction is dep endent on co mbined

carbon con tent, alloy content , and surfa ce de carburiz ation. This latter varia ble can be a

major conce rn with P=M parts. W ith today’s conventi onal belt- type sintering furnace s using

an end ogas atmosph ere, decarbu rization can occu r as the parts leave the hot zone an d cool

slowly through the 11 00 to 800 8 C (2010 to 1470 8 F) tempe ratur e range.

In most inst ances, indu ction-heate d P =M parts a re que nched in a wat er-based solut ion,

contai ning some type of rust prevent ative to forestal l intern al corrosion . In those ap plica-

tions , where inducti on ha rdening is co nsidere d, densit ies above 90% should be specified. With

a decreas e in density, the resi stivity of the steel increa ses and permea bility decreas es. For this

reason, integ ral que nch coils using a high-v eloci ty spray quench are general ly used to a ttain

maxi mum surfa ce hardn ess in the P =M pa rt. Drag out of the quencha nt will depen d on the

open surfa ce porosity as discus sed wi th oil quencha nts.

The effect of por osity on the inductio n-hardeni ng pro cess is depend ent on the mate rial, as

mentio ned above . The magnet ic prop erties of P =M steels are not all known , so pred icting

behavior is somewhat diff icult. One study consider ed some measur ed pa rameters an d calcu-

lated the relative penetra tion dep th as a functi on of por osity and is shown in Fi gure 13.30 [11].

Recently, pr ogress has been made in using inducti on-hardeni ng techni ques, which com-

bine two frequenc ies at the same time. The high frequen cy helps to achieve the desir ed level of

surfa ce ha rdness, while a mid-fre quency helps to pro vide the desir ed depth of ha rdening.

13.12.4 NITROCARBURIZING

Nitrocarburizing is increasingly performed on P=M parts. Gaseous nitrocarburizing is a diffu-

sion heat treatment that involves the addition of nitrogen and carbon to the surfaces of steel

parts. It differs from carbonitriding mainly in that the temperatures used are lower, within the

ferritic phase region, typically 570 to 6008C (1060 to 11108F). Since no phase transformations

occur, the dimensional changes and distortion are significantly reduced. Nitrogen is diffused

into the surfaces of the steel in sufficient concentration to form a thin layer of e-iron nitride on

the surface of the part, producing a thin, hard, wear-resistant case. The effect of nitrocarbur-

ization on improving the fatigue strength of two P=M steels is shown in Figure 13.31.

The nitrocarburizing process can be carried out in a conventional integral quench atmos-

phere furnace. The atmosphere usually consists of a 50:50 mixture of endothermic gas and

anhydrous ammonia. The control of the nitrided layer thickness, as with other treatments, is

dependent on density. If the nitrided layer is allowed to form on the internal pore surfaces to

any significant extent, a volume expansion can occur. For this reason, density of the P=M part

should be above 90% of the pore-free density. This nitrided layer can reduce the coefficient of

friction and improve the wear resistance better than conventional quench-hardening treat-

ments. The process is best used in applications where sliding wear and fretting are involved.
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relative penetration depth with porosity is shown. (From Bocchini, G.F., Advances in Powder Metallurgy

and Particulate Materials—2001, Vol. 6, Metals Powder Industries Federation, Princeton, NJ, 2001, pp.
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0

50

100

150

200

250

300

1E + 05 1E + 06 1E + 07 1E + 08

Cycles

F
at

ig
ue

 s
tr

en
gt

h 
(M

P
a)

F-0000

FC-0205

Nitrocarburized 

As-sintered 
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As the hard-nitrided layer is relatively thin, the process should not be applied where high

indentation or impact loading is involved. The e-nitride layer that is formed can attain a

surface hardness in excess of HRC 60, depending on the alloy content of the steel. Indentation

hardness testing is also not recommended when evaluating this process. Since no transform-

ation occurs, the P=M parts can be air-cooled without loss of surface hardness. Also no oil

absorption occurs, which leaves the porosity open for impregnation if desired.

13.12.5 NITRIDING

P=M parts can be nitrided using alkali salts, gases, or plasmas, with the majority of applica-

tions using gases. Alkali salts can be used in some applications, as the trapped salts may not

be detrimental if the part is constantly immersed in oil during service. This disadvantage can

be negated and increase in fatigue strength of 100% can be achieved [19].

Gas nitriding is most often done in ammonia or nitrogen-containing ammonia. Dissoci-

ation of ammonia in the presence of iron at temperatures above 4508C (8408F) can be used to

nitride up to ~9508C (~17408F). However, normally gas nitriding is performed at temperat-

ures below 5908C (10958F)as higher temperatures can lead to complete nitriding of the iron.

Depths of 0.5 to 1 mm are achieved in the range of 540 to 5608C (10058F to 10408F) [20].

The change from closed porosity to open porosity that occurs when density drops below

92% dramatically changes the nitriding behavior of P=M parts. The e-phase can form

internally if open porosity is present. Figure 13.32 [23] shows the fraction of e-phase formed

with nitriding time at 5408C (10058F) with different densities. Open porosity can lead to

nearly complete transformation to e-phase at these temperatures. Typically, lower density
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(From Rudnayova, E., Salak, A., and Zabavniks, V., Zbornik Vedeckych Prac VST, Kosice, No.1, 1975,

p. 177.)
parts will have higher nitr ided hardn ess, as sho wn in Figure 13.33. The form ation of e -phase

insi de por es can cause signifi cant swe lling, wi th the effect increa sing with tim e and por osity

(Figur e 13.34). In order to nitr ide pa rts with densities below 92%, some form of por e-closing

treatmen t is recomm end ed.

13.12.6 STEAM TREATING

Steam treating is often done on P=M parts to both seal surfa ce poro sity and to increa se the

hardn ess of the surfa ce. This tends to impr ove the corrosi on resi stance , pressur e tightn ess,

and wear resi stance. Unfor tunate ly, it also tends to reduce the tensile stre ngth and duc tility

from 10 to 20%, depend ing on cond itions and the steel chosen. Steam treatmen t usu ally

con sists of hea ting P=M parts in a steam atmos phere at elevated tempe ratures to form a

layer of iron oxide, most often Fe3O 4 at tempe ratur es be tween 510 and 570 8 C (950 to

1060 8 F). The oxide is form ed inside the surface poro sity as well, pinching off the ope ning

due to the volume expan sion a ssociated with the conversi on of the iron. In ad dition to

sealin g the surface the hardness of the surfa ce is rais ed, as magnet ite has a ha rdness

equ ivalent to HRC 50.

The recomm ended pro cedure for steam treat ing is as follo ws [21]:
� 20
1. Wash pa rts to remove any fluid s that may have been absorbed from prior ope ration s.

2. Load onto a fixture and place in a furnace preheated to 3158C (6008F).

3. Heat parts in air until the center of the load has stabilized as the set temperature
06 by Taylor & Francis Group, LLC.
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Swelling increases with increasing porosity. (From Rudnayova, E. Salak, A., and Zabavnik, V., Zbornik

Vedeckych Prac VST, Kosice, No.1, 1975, p. 177.)

� 20
4. Introduc e superh eated steam at a line pressur e of 35 to 105 kPa (5 to 15 psi) and purge

for at least 15 min

5. Increas e furnace tempe rature to de sired steam treatment tempe ratur e (between 510 an d

595 8 C (950 to 1100 8 F) and hold for no longer than 4 h at he at.

6. On complet ion of treatment , reduc e furnace temperatur e to 315 8 C (600 8 F). When parts

reach this tempe rature, the steam can be sh utoff and the parts unloaded
Caution shou ld be e xercised when ope ning the furnace afte r the treat ment, as hydro gen

gas, produ ced dur ing the process , can ignite. It is recomm end ed that a nitrogen purge be

applie d prior to unloading. The increa se in density and appa rent hardne ss produ ced by steam

treating on various P=M steels is shown in Tabl e 1 3.11 [10,2 2].

In steam-t reated P=M steel s, the duc tility is signi ficantly reduced due to the inter nal

stresses c reated by the form ation of the iron oxide. It is not recomm ended to steam treat

steels with more than 0.5% carbon , due to the high intern al stre sses, initiating micr ocracks

and causing extre mely low ductil ity.
13.12.7 B LACK OXIDING

Black ox iding is used to impr ove the ha rdness of steel parts and pro vide an oxidat ion-

resistant coatin g that impr oves the appearance of the steel. It is used with parts for fire arms,

auto parts, turbin es, bearing s, an d elect rical parts .

Black oxidizing is a chemical process, which uses a heated alkaline nitrate solution,

typically 1408C. The black-oxidizing solution can become trapped in the pores in the steel
06 by Taylor & Francis Group, LLC.



TABLE 13.11
Effects of Steam Treatment on Density and Hardness of P=M Steels

Material

Density (g=cm3) Apparent Hardness

Sintered Steam-Treated Sintered Steam-Treated

F-0000-N 5.8 6.2 7HRF 75HRB

F-0000-P 6.2 6.4 32HRF 61HRB

F-0000-R 6.5 6.6 45HRF 51HRB

F-0008-M 5.8 6.1 44HRB 100HRB

F-0008-P 6.2 6.4 58HRB 98HRB

F-0008-R 6.5 6.6 60HRB 97HRB

FC-0700-N 5.7 6.0 14HRB 73HRB

FC-0700-P 6.35 6.5 49HRB 78HRB

FC-0700-R 6.6 6.6 58HRB 77HRB

FC-0708-N 5.7 6.0 52HRB 97HRB

FC-0708-P 6.3 6.4 72HRB 94HRB

FC-0708-R 6.6 6.6 79HRB 93HRB

Source: From Pease, III, L.F., Collette, J.P., and Pease, D.A., Modern Developments in P=M, Vol. 21, Metals Powder

Industries Federation, Princeton, NJ, 1988, p. 275.
part if the density is low enough. In addition, copper-containing steel parts do not black oxide

well, leading to poor-quality surfaces.
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Appendix 1
Common Conversion Constants
� 2006 by Taylor & Fran
Quantity Traditional Units SI Equivalent
cis Group, LLC.
1 atmosphere
 1 atm¼ 760mmHg
 101,325N=m2
Avogadro’s constant
 NA ¼ 6:0225� 1023
 6.0225� 1023 mol�1
1 angstrom
 1 Å¼ 10�8 cm
 1� 10�10 m
1 bar
 1 bar¼ 1 dyn=cm2

105N=m2
Boltzmann’s constant
 k ¼ 1:380� 10�16 erg=�C
 1:380� 10�23 J=K
1 calorie
 1 cal¼ 2.61� 1019 eV
 4.184 J
1 dyne
 1 dyn¼ 2.25� 10�6 lb
 1� 10�5 N
1 dyne=cm2

1.45� 10�5 lb=in:2
 101N=m2
1 day
 86,400 s
 86.4 ks
1 degree (angle)
 18¼ 0.017 rad
 17mrad
1 erg
 6.24� 1011eV
 10�7J
2:39� 10�8 cal
1 erg=cm2

6:24� 1011 eV=cm2
10�3 J=m2
Gas constant
 R 8.3143� 107 erg-atom�1

1:987 cal (deg�1g-atom�1)
8:3143 J=mol=K
Electronic charge
 e�4:8� 10�10esu
 1:6021� 10�19C
1 electron volt
 eV 3.83� 10�20cal

1:6021� 10�12erg
1:6021� 10�19J
Faraday constant
 F ¼ NAe
 9.648� 104C=mol
1 inch
 1 in.¼ 2.54 cm
 2.54� 10�2m
1 kilocalorie
 1 kcal¼ 4.186� 1010erg
1 kilogram
 1 kg¼ 2.21 lb
 1 kg
1 kilogram=cm2

1 kg ¼ 2:21 lb
 1 kg
1 kilogram=cm2

1 kg=cm2 ¼ 14:22 lb=in:2
 104 kg=m2
1 liter
 1 L ¼ 1:057 qt
 1 dm3
1 micron
 �m ¼ 104Å10�4cm
 10�6 M
1 minute (angle)
 min¼ 2.91� 10�4 rad
 2:91� 10�4rad
Planck’s constant
 h¼ 6.6256� 10�27erg
 6.6256� 10�34Js
1 pound
 lb¼ 453.59 g
 0.45359kg
Mass of electron
 me ¼ 9:1091� 10�28g
 9:1091� 10�31kg
1 pound (force)
 1 lbf
 4.4482N
1 psi
 1 lbf=in:
2
 6.895� 103 N=m2
1 radian
 1 rad¼ 57.2968
 1 rad
1 ton (force)
 1 tonf
 9.96402kN
1 tsi
 1 tonf=in:
2 ¼ 1:5749 kg=mm

2

15:4443MN=m2
15.443MPa
1 tonne (metric ton)
 1 t¼ 2200 lb¼ 1.1 tons
 103 kg
1 torr
 1 torr¼ 1 mmHg
 133:322N=m2
Velocity of light
 c ¼ 2:997925� 1010 cm=s
 2:997925� 108 m=s
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Temperature Conversion Table
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8F/8C
 8F
�273
 �459.4
 —
�268
 �450
 —
�262
 �440
 —
�257
 �430
 —
�251
 �420
 —
�246
 �410
 —
�240
 �400
 —
�234
 �390
 —
�229
 �380
 —
�223
 �370
 —
�218
 �360
 —
�212
 �350
 —
�207
 �340
 —
�201
 �330
 —
�196
 �320
 —
�190
 �310
 —
�184
 �300
 —
�179
 �290
 —
�173
 �280
 —
�169
 �273
 �459.4
�168
 �270
 �454
�162
 �260
 �436
�157
 �250
 �418
�151
 �240
 �400
�146
 �230
 �382
�140
 �220
 �364
�134
 �210
 �346
�129
 �200
 �328
�123
 �190
 �310
�118
 �180
 �292
�112
 �170
 �274
�107
 �160
 �256
�101
 �150
 �238
�95.6
 �140
 �220
�90.0
 �130
 �202
�84.4
 �120
 �184
�78.9
 �110
 �166
�73.3
 �100
 �148
�67.8
 �90
 �130
Continued
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8F/8C
 8F
�62.2
 �80
 �112
�56.7
 �70
 �94
�51.1
 �60
 �76
�45.6
 �50
 �58
�40.0
 �40
 �40
�34.4
 �30
 �22
�28.9
 �20
 �4
�27.8
 �18
 �0.4
�26.7
 �16
 1.8
�25.6
 �14
 5.4
�24.4
 �12
 9
�23.3
 �10
 14
�17.8
 0
 32
�17.2
 1
 33.8
�16.7
 2
 35.6
�16.1
 3
 37.4
�15.6
 4
 39.2
�15.0
 5
 41.0
�14.4
 6
 42.8
�13.9
 7
 44.6
�13.3
 8
 46.4
�12.8
 9
 48.2
�12.2
 10
 50.0
�11.7
 11
 51.8
�11.1
 12
 53.6
�10.6
 13
 55.4
�10.0
 14
 57.2
�9.4
 15
 59.0
�8.89
 16
 60.8
�8.33
 17
 62.6
�7.78
 18
 64.4
�7.22
 19
 66.2
�6.67
 20
 68.0
�6.11
 21
 69.8
�5.56
 22
 71.6
�5.00
 23
 73.4
�4.44
 24
 75.2
�3.89
 25
 77.0
�3.33
 26
 78.8
�2.78
 27
 80.6
�2.22
 28
 82.4
�1.67
 29
 84.2
�1.11
 30
 86.0
�0.56
 31
 87.8
0
 32
 89.6
0.56
 38
 91.4
1.11
 34
 93.2
1.67
 35
 95.0
2.22
 36
 96.8
1.67
 35
 95.0
2.22
 36
 96.8
2.78
 37
 98.6
Continued
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8F/8C
 8F
3.33
 38
 100.4
3.89
 39
 102.2
4.44
 40
 104.0
5.00
 41
 105.8
5.56
 42
 107.6
6.11
 43
 109.4
6.67
 44
 111.2
7.22
 45
 113.0
7.78
 46
 114.8
8.33
 47
 116.6
8.89
 48
 118.4
9.44
 49
 120.2
10.0
 50
 120.0
10.6
 51
 123.8
11.1
 52
 125.6
11.7
 53
 127.4
12.2
 54
 129.2
12.8
 55
 131.0
13.3
 56
 132.8
13.9
 57
 134.6
14.4
 58
 136.4
15.0
 59
 138.2
15.6
 60
 140.0
16.1
 61
 141.8
16.7
 62
 143.6
17.2
 63
 145.4
17.8
 64
 147.2
18.3
 65
 149.0
18.9
 66
 150.8
19.4
 67
 152.6
20.0
 68
 154.4
20.6
 69
 156.2
21.2
 70
 158.0
21.7
 71
 159.8
22.2
 72
 161.6
22.8
 73
 163.4
23.3
 74
 165.2
23.9
 75
 167.0
24.4
 76
 168.8
25.0
 77
 170.6
25.6
 78
 172.4
26.1
 79
 174.2
26.7
 80
 176.0
27.2
 81
 177.8
27.8
 82
 179.6
28.3
 83
 181.4
28.9
 84
 183.2
29.4
 85
 185.0
30.0
 86
 186.8
30.6
 87
 188.6
Continued
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� 2006 by Taylor & F
a
8C
rancis Group, LLC.
8F/8C
 8F
31.1
 88
 190.4
31.7
 89
 192.2
32.2
 90
 194.0
32.8
 91
 195.8
33.3
 92
 197.6
33.9
 93
 199.4
34.4
 94
 201.1
35.0
 95
 203.0
35.6
 96
 204.8
36.1
 97
 206.6
36.7
 98
 208.4
37.2
 99
 210.2
37.8
 100
 212.0
38
 100
 212.0
43
 110
 230.0
49
 120
 248.0
54
 130
 266.0
60
 140
 284.0
66
 150
 302.0
71
 160
 320.0
82
 180
 356.0
88
 190
 374.0
93
 200
 392.0
99
 210
 410.0
100
 212
 413.0
104
 220
 428.0
110
 230
 446.0
116
 240
 464.0
121
 250
 482.0
127
 260
 500.0
132
 270
 518.0
138
 280
 536.0
143
 290
 554.0
149
 300
 572.0
154
 310
 590.0
160
 320
 608.0
166
 330
 626.0
171
 340
 644.0
177
 350
 662.0
182
 360
 680.0
188
 370
 698.0
193
 380
 716.0
199
 390
 734.0
204
 400
 752.0
210
 410
 770.0
216
 420
 788.0
208
 430
 806.0
227
 440
 824.0
232
 450
 842.0
238
 460
 860.0
243
 470
 878.0
249
 480
 896.0
Continued



Appendix 2 Temperature Conversion Table 795

� 2006 by Taylor & F
a
8C
rancis Group, LLC.
8F/8C
 8F
254
 490
 914
260
 500
 932
266
 510
 950
271
 520
 968
282
 540
 1004
288
 550
 1022
293
 560
 1040
299
 570
 1058
304
 580
 1076
310
 590
 1094
316
 600
 1112
321
 610
 1130
327
 620
 1148
332
 630
 1166
338
 640
 1184
343
 650
 1202
349
 660
 1220
354
 670
 1238
360
 680
 1256
366
 690
 1274
371
 700
 1292
377
 710
 1310
382
 720
 1328
388
 730
 1346
393
 740
 1364
399
 750
 1382
404
 760
 1400
410
 770
 1418
416
 780
 1436
421
 790
 1454
427
 800
 1472
432
 810
 1490
438
 820
 1508
443
 830
 1526
449
 840
 1544
454
 850
 1562
460
 860
 1580
446
 870
 1598
471
 880
 1616
477
 890
 1634
482
 900
 1652
488
 910
 1670
493
 920
 1688
499
 930
 1706
504
 940
 1724
510
 950
 1742
516
 960
 1760
521
 970
 1778
527
 980
 1796
532
 990
 1814
538
 1000
 1832
Continued
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� 2006 by Taylor & F
a
8C
rancis Group, LLC.
8F/8C
 8F
543
 1010
 1850
549
 1020
 1868
554
 1030
 1886
560
 1040
 1904
566
 1050
 1922
571
 1060
 1940
577
 1070
 1958
582
 1080
 1976
588
 1090
 1994
593
 1100
 2012
599
 1110
 2030
604
 1120
 2048
610
 1130
 2066
616
 1140
 2084
621
 1150
 2102
627
 1160
 2120
632
 1170
 2138
638
 1180
 2156
643
 1190
 2174
649
 1200
 2192
654
 1210
 2210
660
 1220
 2228
666
 1230
 2246
671
 1240
 2264
677
 1250
 2282
682
 1260
 2300
688
 1270
 2318
693
 1280
 2336
699
 1290
 2354
704
 1300
 2372
710
 1310
 2390
716
 1320
 2408
721
 1330
 2426
727
 1340
 2444
732
 1350
 2462
738
 1360
 2480
743
 1370
 2498
749
 1380
 2516
754
 1390
 2534
760
 1400
 2552
766
 1410
 2570
771
 1420
 2588
777
 1480
 2606
782
 1440
 2624
788
 1450
 2642
793
 1460
 2660
799
 1470
 2678
804
 1480
 2696
810
 1490
 2714
816
 1500
 2732
821
 1510
 2750
827
 1520
 2768
Continued
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� 2006 by Taylor & F
a
8C
rancis Group, LLC.
8F/8C
 8F
832
 1530
 2786
838
 1540
 2804
843
 1550
 2822
849
 1560
 2840
854
 1570
 2858
860
 1580
 2876
866
 1590
 2894
871
 1600
 2912
877
 1610
 2930
882
 1620
 2948
888
 1630
 2966
893
 1640
 2984
899
 1650
 3002
904
 1660
 3020
910
 1670
 3038
916
 1680
 3056
921
 1690
 3074
927
 1700
 3092
932
 1710
 3110
938
 1720
 3128
949
 1730
 3146
949
 1740
 3164
954
 1750
 3182
960
 1760
 3200
966
 1770
 3218
971
 1780
 3236
977
 1790
 3254
982
 1800
 3272
988
 1810
 3290
993
 1820
 3308
999
 1830
 3326
1004
 1840
 3340
1010
 1850
 3362
1016
 1860
 3380
1021
 1870
 3398
1027
 1880
 3416
1032
 1890
 3434
1038
 1900
 3452
1043
 1910
 3470
1049
 1920
 3488
1054
 1930
 3506
1060
 1940
 3524
1066
 1950
 3542
1071
 1960
 3560
1077
 1970
 3578
1082
 1980
 3596
1088
 1990
 3614
1093
 2000
 3632
1099
 2010
 3650
1104
 2020
 3668
1110
 2030
 3686
Continued
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� 2006 by Taylor & F
a
8C
rancis Group, LLC.
8F/8C
 8F
1116
 2040
 3704
1121
 2050
 3722
1127
 2060
 3740
1132
 2070
 3758
1138
 2080
 3776
1143
 2090
 3794
1149
 2100
 3812
1154
 2110
 3830
1160
 2120
 3848
1166
 2130
 3866
1171
 2140
 3884
1177
 2150
 3902
1182
 2160
 3920
1188
 2170
 3938
1193
 2180
 3956
1199
 2190
 3974
1204
 2200
 3992
1210
 2210
 4010
1216
 2220
 4028
1221
 2230
 4046
1227
 2240
 4064
1232
 2250
 4082
1238
 2260
 4100
1243
 2270
 4118
1249
 2280
 4136
1254
 2290
 4154
1260
 2300
 4172
1266
 2310
 4190
1271
 2320
 4208
1277
 2330
 4226
1282
 2340
 4244
1288
 2350
 4262
1293
 2360
 4280
1299
 2370
 4298
1304
 2380
 4316
1310
 2390
 4334
1316
 2400
 4352
1321
 2410
 4370
1327
 2420
 4388
1332
 2430
 4406
1338
 2440
 4424
1343
 2450
 4442
1349
 2460
 4460
1354
 2470
 4478
1360
 2480
 4496
1366
 2490
 4514
1371
 2500
 4532
1377
 2510
 4550
1382
 2520
 4568
1388
 2530
 4586
1393
 2540
 4604
1399
 2550
 4622
Continued
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� 2006 by Taylor & F
a
8C
rancis Group, LLC.
8F/8C
 8F
1404
 2560
 4640
1410
 2570
 4658
1416
 2580
 4676
1421
 2590
 4694
1427
 2600
 4712
1432
 2610
 4730
1438
 2620
 4748
1443
 2630
 4766
1449
 2640
 4784
1454
 2650
 4802
1460
 2660
 4820
1466
 2670
 4838
1471
 2680
 4856
1477
 2690
 4874
1482
 2700
 4892
1488
 2710
 4910
1493
 2720
 4928
1499
 2730
 4946
1504
 2740
 4964
1510
 2750
 4972
1516
 2760
 5000
1521
 2770
 5018
1527
 2780
 5036
1532
 2790
 5054
1538
 2800
 5072
1543
 2810
 5090
1549
 2820
 5108
1554
 2830
 5126
1560
 2840
 5144
1566
 2850
 5162
1571
 2860
 5180
1577
 2870
 5198
1582
 2880
 5216
1588
 2890
 5234
1593
 2900
 5252
1599
 2910
 5270
1604
 2920
 5288
1610
 2930
 5306
1616
 2940
 5324
1621
 2950
 5342
1627
 2960
 5360
1632
 2970
 5378
1638
 2980
 5396
1643
 2990
 5414
1649
 3000
 5432
aIdentify the desired value to be converted in the8F/8C column and then look to

either the8C column or the8F column for the conversion. For example, if the�200

in the8F/8C column is read as�2008F, then look to the8C column to find the value

converted to �1298C, but if the �200 in the8F/8C column is read as �2008C, then

look to the8F column to find the value converted to �3288F.





Appendix 3
Volume Conversion Table
� 2006 by Taylor & Fran
Cubic Meters
Cubic Feet (ft3)
cis Group, LLC.
/Cubic Feet (m3/ft3)
 Cubic Meters (m3)
35.3
 1
 0.0283
70.6
 2
 0.0566
105.9
 3
 0.0850
141.3
 4
 0.113
176.6
 5
 0.142
211.9
 6
 0.170
247.2
 7
 0.198
282.5
 8
 0.227
317.8
 9
 0.255
353.2
 10
 0.283
388.5
 11
 0.312
423.8
 12
 0.340
459.1
 13
 0.368
494.4
 14
 0.396
529.7
 15
 0.425
565.1
 16
 0.453
600.4
 17
 4.481
635.7
 18
 0.510
671.0
 19
 0.538
706.3
 20
 0.566
741.6
 21
 0.595
777.0
 22
 0.623
812.3
 23
 0.651
847.6
 24
 0.680
882.9
 25
 0.708
918.2
 26
 0.736
953.5
 27
 0.765
988.9
 28
 0.793
1024
 29
 0.821
1059
 30
 0.850
1095
 31
 0.878
1130
 32
 0.906
1165
 33
 0.935
1201
 34
 0.963
1236
 35
 0.991
1271
 36
 1.02
1307
 37
 1.05
1342
 38
 1.08
Continued
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� 2006 by Taylor & F
Cubic Meters/Cubic
Cubic Feet (ft3)
rancis Group, LLC.
Feet (m3/ft3)
 Cubic Meters (m3)
1377
 39
 1.10
1413
 40
 1.13
1448
 41
 1.16
1483
 42
 1.19
1519
 43
 1.22
1554
 44
 1.25
1589
 45
 1.27
1625
 46
 1.30
1660
 47
 1.33
1695
 48
 1.36
1730
 49
 1.39
1766
 50
 1.42
1801
 51
 1.44
1836
 52
 1.47
1872
 53
 1.50
1907
 54
 1.53
1942
 55
 1.56
1978
 56
 1.59
2013
 57
 1.61
2048
 58
 1.64
2084
 59
 1.67
2119
 60
 1.70
2154
 61
 1.73
2190
 62
 1.76
2225
 63
 1.78
2260
 64
 1.81
2296
 65
 1.84
2331
 66
 1.87
2366
 67
 1.90
2402
 68
 1.93
2437
 69
 1.95
2472
 70
 1.98
2507
 71
 2.01
2543
 72
 2.04
2578
 73
 2.07
2613
 74
 2.10
aIdentify the desired value to be converted to the m3/ft3 column and then look

to either the ft3 column or the m3 for the conversion. For example, if the 1 in the

m3/ft3 column is read as 1 m3, then look to the ft3 column to find the value

converted to 35.3 ft3, but if the 1 in the m3/ft3 column is being read as 1 ft3, then

look to the m3 column to find the value converted to 0.0283m3.



Appendix 4
Hardness Conversion Tables:
� 2006 by Taylor & Fran
Hardened Steel and Hard Alloys
Rockwell Scale
cis Group, LLC.
DPH

10 kg
KHNa 500 g

and Over
BHN

3000 kg
Tensile Strength

103 psi (Approx.)
C
 A
 D
 15 m
 30 m
 45 m
 g
80
 92.0
 86.5
 96.5
 92.0
 87.0
 —
 1865
 —
 —
 —
79
 91.5
 85.5
 —
 91.5
 86.5
 —
 1787
 —
 —
 —
78
 91.0
 84.5
 96.0
 91.0
 85.5
 —
 1710
 —
 —
 —
77
 90.5
 84.0
 —
 90.5
 84.5
 —
 1633
 —
 —
 —
76
 90.0
 83.0
 95.5
 90.0
 83.5
 —
 1556
 —
 —
 —
75
 89.5
 82.5
 —
 89.0
 82.5
 —
 1478
 —
 —
 —
74
 89.0
 81.5
 95.0
 88.5
 81.5
 —
 1400
 —
 —
 —
73
 88.5
 81.0
 —
 88.0
 80.5
 —
 1323
 —
 —
 —
72
 88.0
 80.0
 94.5
 87.0
 79.5
 —
 1245
 —
 —
 —
71
 87.0
 79.5
 —
 86.5
 78.5
 —
 1160
 —
 —
 —
70
 86.5
 78.5
 94.0
 86.0
 77.5
 —
 1076
 972
 —
 —
69
 86.0
 78.0
 93.5
 85.0
 76.5
 —
 1004
 946
68
 85.5
 77.0
 —
 84.5
 75.5
 —
 942
 920
 —
 —
67
 85.0
 76.0
 83.0
 83.5
 74.5
 —
 894
 895
 —
 —
66
 84.5
 75.5
 92.5
 83.0
 73.0
 —
 854
 870
 —
 —
65
 84.0
 74.5
 92.0
 82.0
 72.0
 —
 820
 846
 —
 —
64
 83.5
 74.0
 —
 81.0
 71.0
 —
 789
 822
 —
 —
63
 83.0
 73.0
 91.5
 80.0
 70.0
 —
 763
 799
 —
 —
62
 82.5
 72.5
 91.0
 79.0
 69.0
 —
 739
 776
 —
 —
61
 81.5
 71.5
 90.5
 78.5
 67.5
 —
 716
 754
 —
 —
60
 81.0
 71.0
 90.0
 77.5
 66.5
 —
 695
 732
 614
 —
59
 80.5
 70.0
 89.5
 76.5
 65.5
 —
 675
 710
 600
 —
58
 80.0
 69.0
 —
 75.5
 64.0
 —
 655
 690
 587
 —
57
 79.5
 68.5
 89.0
 75.0
 63.0
 —
 636
 670
 573
 —
56
 79.0
 67.5
 88.5
 74.0
 62.0
 —
 617
 650
 560
 —
55
 78.5
 67.0
 88.0
 73.0
 61.0
 —
 598
 630
 547
 301
54
 78.0
 66.0
 87.5
 72.0
 59.5
 —
 580
 612
 534
 291
53
 77.5
 65.5
 87.0
 71.0
 58.5
 —
 562
 594
 522
 282
52
 77.0
 64.5
 86.5
 70.5
 57.5
 —
 545
 576
 509
 273
51
 76.5
 64.0
 86.0
 69.5
 56.0
 —
 528
 558
 496
 264
50
 76.0
 63.0
 85.5
 68.5
 55.0
 —
 513
 542
 484
 255
49
 75.5
 62.0
 85.0
 67.5
 54.0
 —
 498
 526
 472
 246
48
 74.5
 61.5
 84.5
 66.5
 52.5
 —
 485
 510
 460
 237
47
 74.0
 60.5
 84.0
 66.0
 51.5
 —
 471
 495
 448
 229
Continued
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804 Steel Heat Treatment: Metallurgy and Technologies.
Rockwell Scale
� 2006 by Taylor & Francis Group, LLC.
DPH

10 kg
KHNa 500 g

and Over
BHN

3000 kg
Tensile Strength

103 psi (Approx.)
C
 A
 D
 15 m
 30 m
 45 m
 g
46
 73.5
 60.0
 83.5
 65.0
 50.0
 —
 458
 480
 237
 221
45
 73.0
 59.0
 83.0
 64.0
 49.0
 —
 446
 466
 426
 214
44
 72.5
 58.5
 82.5
 63.0
 48.0
 —
 435
 452
 415
 207
43
 72.0
 57.5
 82.0
 62.0
 46.5
 —
 424
 438
 404
 200
42
 71.5
 57.0
 81.5
 61.5
 45.5
 —
 413
 426
 393
 194
41
 71.0
 56.0
 81.0
 60.5
 44.5
 —
 403
 414
 382
 188
40
 70.5
 55.5
 80.5
 59.5
 43.0
 —
 393
 402
 372
 182
39
 70.0
 54.5
 80.0
 58.5
 42.0
 —
 383
 391
 362
 177
38
 69.5
 54.0
 79.5
 57.5
 41.0
 —
 373
 380
 352
 171
37
 69.0
 53.0
 79.0
 56.5
 39.5
 —
 363
 370
 342
 166
36
 68.5
 52.5
 78.5
 56.0
 38.5
 —
 353
 360
 332
 162
35
 68.0
 51.5
 78.0
 55.0
 37.0
 —
 343
 351
 322
 157
34
 67.5
 50.5
 77.0
 54.0
 36.0
 —
 334
 342
 313
 153
33
 67.0
 50.0
 76.5
 53.0
 35.0
 —
 325
 334
 305
 148
32
 66.5
 49.0
 76.0
 52.0
 33.5
 —
 317
 326
 297
 144
31
 66.0
 48.5
 75.5
 51.5
 32.5
 —
 309
 318
 290
 140
30
 65.5
 47.5
 75.0
 50.5
 31.5
 —
 301
 311
 283
 136
29
 65.0
 47.0
 74.5
 49.5
 30.0
 91.0
 293
 304
 276
 132
28
 64.5
 46.0
 74.0
 48.5
 29.0
 90.0
 285
 297
 270
 129
27
 64.0
 45.5
 73.5
 47.5
 28.0
 89.0
 278
 290
 265
 126
26
 63.5
 44.5
 72.5
 47.0
 26.5
 88.0
 271
 284
 260
 123
25
 63.0
 44.0
 72.0
 46.0
 25.5
 87.0
 264
 278
 255
 120
24
 62.5
 43.0
 71.5
 45.0
 24.0
 86.0
 257
 272
 250
 117
23
 62.0
 42.5
 71.0
 44.0
 23.0
 84.5
 251
 266
 245
 115
22
 61.5
 41.5
 70.5
 43.0
 22.0
 83.5
 246
 261
 240
 112
21
 61.0
 41.0
 70.0
 42.5
 20.5
 82.5
 241
 256
 235
 110
20
 60.5
 40.0
 69.5
 41.5
 19.5
 81.0
 236
 251
 230
 108
Note: Although conversion tables dealing with hardness can be only approximate and never mathematically exact, it

is of considerable value to be able to compare different hardness scales in a general way.

aKnoop Hardness Conversion: the values of the Knoop hardness number are approximate only, since they were

determined on a limited number of tests and samples. These values are only for loads of 500 g or heavier.

Source: From Hardness Testing Handbook, by Vincent E. Lysaght and Anthony DeVellis, American Chain & Cable

Co, PA, 1969.
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TABLE A5.1
Heat Treatment Procedure for Class A (Carbon and Low-Alloy) Steel

Heating and Cooling Requirements Approximate Tempering Temperature 8F

SAE,a AISI, or

Producer’s

Designation

Normalizing

Temperature

Rangeb

Annealing

Temperature

Rangec,d

Austenitizing

Temperature

Range

Approved

Quenchant

Tensile Strength Range—ksie

90–125 125–150 150–170 160–180 180–200 200–220 220–240 240–260 260–280 280–300

1025 1600/1700 1575/1650 1575/1650 Water or polymer 700 — — — — — — — — —

1035 1600/1700 1575/1650 1525/1575 Oil, water, polymer 900 — — — — — — — — —

1045 1600/1700 1550/1600 1450/1525 Oil, water, polymer — — 100 850 750 f — — — —

3140 1600/1700 1450/1525 1475/1525 Oil, polymer 1250 1100 100 825 700 — — — — —

4037 1600/1700 1525/1575 1525/1575 Oil, water, polymer 1200 1100 925 — — — — — — —

4130 1600/1700 1500/1600 1550/1600 Oil, water, polymer 1250 1050 925 850 725 — — — — —

4135 1600/1700 1525/1575 1550/1600 Oil, polymer — 1125 1025 900 800 — — — — —

4140 1600/1700 1525/1575 1550/1600 Oil, polymer 1300 1175 1075 950 850 725 — — — —

4150 1525/1650 1500/1550 1500/1550 Oil — 1200 1100 975 800 — — — — —

4330V 1600/1700 1525/1600 1550/1650 Oil — — — — 1000 800 500 — — —

4335V 1600/1700 1525/1600 1550/1650 Oil — — — — 1000 800 — — — —

4340 1600/1700 1525/1575 2500/1550 Oil — 1200 1100 1050 925 850 — — — —

4640 1600/1700 1525/1575 2500/1550 Oil 1200 1100 1000 900 750 — — — — —

6150 1600/1700 1525/1575 1550/1625 Oil — — — — — g — — — —

8630 1600/1700 1525/1575 1525/1600 Oil, water, polymer 1250 1050 925 850 725 — — — — —

8735 1600/1700 1525/1575 1525/1600 Oil, polymer — 1125 1025 800 785 — — — — —

8740 1600/1700 1500/1575 1525/1575 Oil — 1175 1075 950 850 725 — — — —

Hy-Tulh 1700/1750 1375/1425 1575/1625 Oil — — — — — — 550 — — —

300mh 1675/1725 1525/1575 1575/1625 Oil — — — — — — — — — 575

H-11i — 1550/1650 1825/1875 Air, oil, polymer — — — — 1150 1100 1025 — j —

98BV40 1550/1650 1525/1575 1540/1560 Oil — — — — — — — — — 500

D6AC 1700/1750 1525/1575 1675/1725 Oil — — — — 1150 1100 1025 — 600 —
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9nl-4cO-.20c 1600/1700 1250/1150k 1525/1575 Oil, water, polymerl — — — — 1050 — — — — —

9Ni-4Co-.30C 1625/1675 1250/1150k 1475/1525 Oill — — — — — 1000 — — — —

52100 1600/1700m 1400/1450n 1500/1575o Oil — — — — — — — — — p

AF1410 1625/1675q — 1500/1550 Oill — — — — — — 950 — — —

aSteel alloys listed are the most frequently used. Alloys not listed should be heat treated as recommended by their manufacturers.
bFor the purpose of this specification, normalizing describes a metallurgical process rather than a set of properties. All steels are air quenched from temperature range.
cFurnace cool to 10008F or below, except furnace cool 4330, 4335V to 8008F, 4640 to 7508F, 4340 to 8008F and 300M to 6008F. Rate of furnace cool for alloy steels, except 4130, 8630,

4037, and 8735 should be 508F per hour or slower.
dRecommended subcritical anneal temperature is 12508F.
eAbsence of values indicates the respective steel is not recommended for this tensile strength range.
fIn general, for spring temper, temper at 700–8008F for RC 40–45.
gIn general, for spring temper, temper at 725–9008F fir Rc 43–47.
ha. 4340, 260–280 tempering must be between 425 and 5008F. b. 300M and Hy Tuf—tempering is mandatory.
iMultiple cyclic annealing temper, temper at 725–9008F fir Rc 43–47.
jFinal tempering shall be at or above 10008F. Neither tempering temperature shall be less than that of previous temper nor more than 258F higher than the previous temper.
kDuplex anneal—hold 4+ 0.25 h at 1250þ 258F, air cool to room temperature, then reheat to 1150þ 258F and hold for 8 +0.25 h and air cool to room temperature.
lCool to �1008F for 1 h minimum within 2 h after quenching and before tempering.
mNormalizing is not recommended practice for 52100 steel.
nThe following annealing treatment for 52100 steel should be used: Heat to 14308F, hold for 20min, and cool at controlled rates as follows: 1430 to 13708F at a rate not to exceed 208F
per hour; 1370 to 13208F at a rate not to exceed 108F per hour; 1320 to 12508F at a rate not to exceed 208F per hour.
oSize stability may be enhanced by refrigeration. When required, cool to �1008F for 1 h within 2 h after quenching and before tempering.
pFor antifriction bearings, temper to Rc 58 to 65 at 300–4508F.
qOverage to facilitate machining by normalizing plus 1250þ 258F for not less than 6 h and air cool.
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TABLE A5.2
Heat-Treatment Procedure for Class B (Martensitic Corrosion-Resistant) Steel

SAE, AISI,

or Producer’s

Designation

Annealing 8F

Transformation

Hardening Cycle 8F Approximate Tempering Temperature 8F for Tensile Strength—ksi

Temperature

Furnace Cool

to Approx.

Temp. Shown

or Below

Austenitizing

Temp. Quenchanta

Recommended

Subcritical

Anneal

100

(minimum)

120

(minimum)

Avoid

Tempering of

Holding Within

Range Fromb

180

(minimum)

200

(minimum)

403 1500 to 1600 Furnace cool

25 to 508
per hour to

1100

1750 to

1850

Oil 1200 to 1450,

air cool

1300 1100 700 to 1100 500

410 1500 to 1600 Furnace cool

25 to 508
per hour to

1100

1750 to

1850

Air

Polymer

Oil

1200 to 1450,

air cool

1300 1100 700 to 1100 500

416 1500 to 1650 Furnace cool

25 to 508
per hour to

1100

1750 to

1850

Air

Polymer

Oil

1200 to 1450,

air cool

1300 1075 700 to 1075 500

420 1550 to 1650

for 6 h

Furnace cool

25 to 508
per h to 100

followed by

water

quenching

1750 to

1850

Air

Polymer

Oil

1350 to 1450,

air cool

1300c 1075 700 to 1075 600
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440C 1550 to 1600

for 6 h, or

1650 for 2 h,

þ1300 for

4 h

Furnace cool

25 to 508 per

hour to 1100

1900 to 1950 Air

Polymer

Oil Air Polymer

1250 to 1350,

air cool

Temper at

325 for

Rockwell C

58 minimum

1375 for

Rockwell C

57 minimum

450 for

Rockwell C

55 minimum

aWhen approved by the cognizant engineering organization, parts may be tempered in 1000–10508F range when 135–145 ksi tensile strength is required, providing the parts are not

subject to substantial impact loading or stress-corrosion conditions. Tempering these alloys in the range listed results in decreased impact strength and also reduced corrosion

resistance. However, tempering in this range is sometimes necessary to obtain the strength and ductility required. When approved by the purchaser, material may be tempered in this

range.
bControlled atmosphere quench is optional for small parts. The quench for 440C shall be followed by refrigeration to –1008F or lower for 2 h. Double temper to remove retained

austenite.
cTemper 420 steel: 3008F for Rc 52 minimum; 4008F for Rc 50 minimum; 6008F for Rc 48 minimum.
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810 Steel Heat Treatment: Metallurgy and Technologies

� 2006 b
TABLE A5.3
Annealing Procedure for Class C (Austenitic Corrosion-Resistant) Steel
y Taylor & Francis Group, LLC.
Annealing Treatment
SAE, AISI, or Producer’s Designation
 Heating 8F
 Coolinga
201 and 202b
 1850 to 2050
 Water quench
301, 302, and 303b
 1850 to 2050
 Water quench
304, 304L, and 308b
 1850 to 2050
 Water quench
309b
 1900 to 2050
 Water quench
310, 316, and 316Lb
 1900 to 2050
 Water quench
321c
 1750 to 2050
 Air or water quench
347c and 348
 1800 to 2050
 Air or water quench
aOther means of cooling permitted provided it is substantiated by tests that the rate is rapid enough to

prevent carbide precipitation.
bStress relieving of unstabilized grades, except 304L and 316L between 875þ 25 and 15008F is

prohibited. Stress relieving of stabilized grades should be at 16508F for 1 h.
cWhen stress relieving after welding is specified, hold for 1

2
h minimum at temperature specified in table

or holding for 2 h at 1650+ 258F.



TABLE A5.4
Heat Treatment Procedure for Class D (Precipitation-Hardening and Maraging) of Steel

Solution Treatment Austenite Conditioning Transformation treatment

Steel a Temp.8F Holdb Quenchc a Max Temp8F Hold mind Quenchc Temp. F8 Minimum min Min. Time hr

Wrought A 1900 g,h Air 4

17–4 PHc polymer

15.5 PHt Oili 1

Cast

17–4 PHb HC 2100 h Airi 11
2

15–5 PH A 1900 Airi

PH A 1700 h Air or Oilj 4

13–8 Mo

17–7 PHk,g A 1950 Water, polymer,

or airl
T 1450 90 Airm þ 60 30 11

2

R 1750 10 Airm �100 480 1

PH A 1950 Water T 1400 90 Airm þ 60 30 11
2

15–7Mo g R 1750 10 Airm �100 480 1
h R 1750 10 Airm �100 480 1

PH A 1825 g Water SR 1700 60 Airm �100 480 1

14–8 Mo

AM-350 A 1925 h Water oil or

polymer

SCT 1710 n Water �100m 180 3

AM-355 A 1900 p Water, Oil or T 1710 q Air 1400 180j 3

polymer SCT 1800 f Air �100 180 2

SCT 1710 Water �100o 180 3

A-286 A 1800 h Air-blast, oil,

water

or oil 16

Custom A

450 1700 60 Water, 4

455r 1525 polymer or oil 4

200s A 1500 h Air 3

250s,t A 1500 h Air 3

300s,t A 1500 h Air 3

Continued
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TABLE A5.4 (Continued )
Heat Treatment Procedure for Class D (Precipitation-Hardening and Maraging) of Steel

Aging temperature (8F)

For minimum tensile strength—Ksi

130 135 140 145 150 155 165 170 175 180 185 190 200 205 210 220

1150 1100 1075 1050 1025 925

900

1100 1000 925 900

935

1150 1100 1050 1025 1000 950

1050 950

1100 1080 1060 1050

1050 1000

950

950

1050 950

1000 950 850

850 (for castings

only)

850

1000 (For wrought

products only)

1325

(Air Cool)

1100 1050 1025 950 900 1000 950

900

aFor the purpose of this specification, normalizing describes a metallurgical process rather than a set of properties. All steels are air quenched from temperature range.
bRecommended subcritical anneal temperature is 12508F.
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cSize stability may be enhanced by refrigeration. When required, cool to �1008F for 1 h within 2 h after quenching and before tempering.
dStress relieving of unstabilized grades, except 304L and 316L between 875þ 25 and 15008F is prohibited. Stress relieving of stabilized grades should be at 16508F for 1 h.
eFurnace cool to 10008F or below, except furnace cool 4330, 4335V to 8008F, 4640 to 7508F, 4340 to 8008F, and 300M to 6008F. rate of furnace cool for alloy steels, except 4130,

8630, 4037, and 8735 should be 508F per hour or slower.
fNormalizing is not recommended practice for 52100 steel.
gCool to �1008F for 1 h minimum within 2 h after quenching and before tempering.
hFor antifriction bearings, temper to Rc 58 to 65 at 300–4508F.
iThe following annealing treatment for 52100 steel should be used:

Heat to 14308F, hold for 20 min, and cool at controlled rates as follows:

1430 to 13708F at a rate not to exceed 208F per hour; 1370 to 13208F at a rate not to exceed 108F per hour; 1320 to 12508F at a rate not to exceed 208F per hour.
jAbsence of values indicates the respective steel is not recommended for this tensile strength range.
kWhen stress relieving after welding is specified, hold for 1

2
h minimum at temperature specified in Table 1C or holding for 2 h at 1650+ 258F.

lMultiple cyclic annealing may be permitted to prevent grain growth.
mTemper 420 steel: 3008F for Rc 52 minimum; 4008F for Rc 50 minimum; 6008F for Rc 48 minimum.
nIn general, for spring temper, temper at 700–8008F for Rc 40–45.
oControlled atmosphere quench is optional for small parts. The quench for 440C shall be followed by refrigeration to �1008F or lower for 2 h. Double temper to remove retained

austenite.
pSteel alloys listed are the most frequently used. Alloys not listed should be heat treated as recommended by their manufacturers.
qIn general, for spring temper at 725–9008F for Rc 43–47.
ra. 4340, 260–280 tempering must be between 425 and 5008F. b. 300M and Hy Tuf—tempering temperature is mandatory.
sFinal tempering shall be at or above 10008F. Neither tempering temperature shall be less than that of previous temper nor more than 258F higher than the previous temper.
tOther means of cooling permitted provided it is substantiated by tests that the rate is rapid enough to prevent carbide precipitation.
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Appendix 6
Colors of Hardening
� 2006 by Taylor & Fran
and Tempering Heats
ci
TABLE A6.1
Correlation of Hot Steel Color with Temperature

Temperature
s Group, LLC.
8F
 8C
 Hot Steel Color
752
 400
 Red; visible in the dark
885
 474
 Red; visible in twilight
975
 525
 Red; visible in daylight
1077
 581
 Red; visible in sunlight
1292
 700
 Dull red
1472
 800
 Turning to cherry red
1652
 900
 Cherry proper
1832
 1000
 Bright cherry red
2012
 1100
 Orange red
2192
 1200
 Orange yellow
2372
 1300
 White
2552
 1400
 Brilliant white
2732
 1500
 Dazzling white
2912
 1600
 Bluish white
TABLE A6.2
Correlation of Tempering Temperature with Heated Steel Color

Temperature Held for 1 h Temperature Held for 8 min
8F
 8C
 Color of Oxide
 8F
 8C
370
 188
 Faint yellow
 460
 238
390
 199
 Light straw
 510
 265
410
 210
 Dark straw
 560
 293
430
 221
 Brown
 610
 321
450
 232
 Purple
 640
 337
490
 254
 Dark blue
 660
 349
510
 265
 Light blue
 710
 376
815





Appendix 7
Weight Tables for Steel Bars
� 2006 by Taylor & Fran
cis Grou
TABLE A7.1
Round and Square Bars, Specific Gravity 7.85

Weight (kg/m)
p, LLC.
Sizea
 Round Bars
 Square Bars
5
 0.15
 0.20
6
 0.22
 0.28
7
 0.30
 0.38
8
 0.39
 0.50
9
 0.50
 0.64
10
 0.62
 0.79
11
 0.75
 0.95
12
 0.89
 1.13
13
 1.04
 1.33
14
 1.21
 1.54
15
 1.39
 1.77
16
 1.58
 2.01
17
 1.78
 2.27
18
 2.00
 2.54
19
 2.23
 2.83
20
 2.47
 3.14
21
 2.72
 3.46
22
 2.98
 3.80
23
 3.26
 4.15
24
 3.55
 4.52
25
 3.85
 4.91
26
 4.17
 5.31
27
 4.49
 5.72
28
 4.83
 6.15
29
 5.19
 6.60
30
 5.55
 7.07
31
 5.92
 7.54
32
 6.31
 8.04
33
 6.71
 8.55
34
 7.13
 9.07
35
 7.55
 9.62
36
 7.99
 10.2
37
 8.44
 10.8
38
 8.90
 11.3
39
 9.38
 11.9
Continued
817



(Continued)

818 Steel Heat Treatment: Metallurgy and Technologies

� 2006 by Taylor & Franci
s Group, LLC.
Weight (kg/m)
Sizea
 Round Bars
 Square Bars
40
 9.86
 12.6
41
 10.4
 13.2
42
 10.9
 13.9
43
 11.4
 14.5
44
 11.9
 15.2
45
 12.5
 15.9
46
 13.1
 16.6
47
 13.6
 17.3
48
 14.2
 18.1
49
 14.8
 18.9
50
 15.4
 19.6
51
 16.0
 20.4
52
 16.7
 21.2
53
 17.3
 22.1
54
 18.0
 22.9
55
 18.7
 23.8
56
 19.3
 24.6
57
 20.0
 25.5
58
 20.7
 26.4
59
 21.5
 27.3
60
 22.2
 28.3
61
 22.9
 29.2
62
 23.7
 30.2
63
 24.5
 31.2
64
 25.3
 32.2
65
 26.1
 33.2
66
 26.9
 34.2
67
 27.7
 35.2
68
 28.5
 36.3
69
 29.4
 37.4
70
 30.2
 38.5
71
 31.1
 39.6
72
 32.0
 40.7
73
 32.8
 41.8
74
 33.8
 43.0
75
 34.7
 44.2
76
 35.6
 45.3
77
 36.6
 46.5
78
 37.5
 47.8
79
 38.5
 49.0
80
 39.5
 50.2
81
 40.5
 51.5
82
 41.5
 52.8
83
 42.5
 54.1
84
 43.5
 55.4
85
 44.5
 56.7
86
 45.6
 58.1
87
 46.7
 59.4
88
 47.7
 60.8
89
 48.8
 62.2
90
 49.9
 63.6
Continued



(Continued)

Appendix 7 Weight Tables for Steel Bars 819

� 2006 by Taylor & Franci
s Group, LLC.
Weight (kg/m)
Sizea
 Round Bars
 Square Bars
91
 51.1
 65.0
92
 52.2
 66.4
93
 53.3
 67.9
94
 54.5
 69.4
95
 55.6
 70.9
96
 56.8
 72.4
97
 58.0
 73.9
98
 59.2
 75.4
99
 60.4
 76.9
100
 61.7
 78.5
105
 68.9
 86.6
110
 74.6
 95.0
115
 81.5
 104
120
 88.8
 113
125
 96.3
 123
130
 104
 133
135
 112
 143
140
 121
 154
145
 130
 165
150
 139
 177
155
 148
 189
160
 158
 201
165
 168
 214
170
 178
 227
175
 189
 240
180
 200
 254
185
 211
 269
190
 223
 283
195
 234
 299
200
 247
 314
210
 272
 346
220
 298
 380
230
 326
 415
240
 355
 452
250
 386
 491
260
 417
 531
270
 449
 572
280
 483
 615
290
 518
 660
300
 555
 707
Molybdenum high-speed steels weigh approximately 3% more. High-speed

steels of 18–4 type weigh approximately 10% more.
aSize is diameter of circular cross section, side of square cross section.

Continued
819
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� 2006 by Taylor & Franc
TABLE A7.2
Hexagonal and Octagonal Bars, Specific Gravity 7.85
is Group, LLC.
Weight (kg/m)
Sizea
 Round Bars
 Square Bars
5
 0.17
 0.16
6
 0.25
 0.23
7
 0.33
 0.32
8
 0.44
 0.42
9
 0.55
 0.53
10
 0.68
 0.65
11
 0.82
 0.79
12
 0.98
 0.94
13
 1.15
 1.10
14
 1.33
 1.27
15
 1.53
 1.46
16
 1.74
 1.66
17
 1.97
 1.88
18
 2.20
 2.11
19
 2.45
 2.35
20
 2.72
 2.60
21
 3.00
 2.87
22
 3.29
 3.15
23
 3.60
 3.44
24
 3.92
 3.74
25
 4.25
 4.06
26
 4.60
 4.40
27
 4.96
 4.74
28
 5.33
 5.09
29
 5.72
 5.47
30
 6.12
 5.85
31
 6.53
 6.25
32
 6.96
 6.66
33
 7.41
 7.08
34
 7.86
 7.52
35
 8.33
 7.97
37
 9.31
 8.90
39
 10.3
 9.89
41
 11.4
 10.9
43
 12.6
 12.0
45
 13.8
 13.2
47
 15.0
 14.4
50
 17.0
 16.3
53
 19.1
 18.3
56
 21.3
 20.4
aDimensions are the length between opposite sides of the bar.
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