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CHAPTER 1

MAGNETRON SPUTTERED HARD AND YET TOUGH
NANOCOMPOSITE COATINGS WITH CASE STUDIES:

NANOCRYSTALLINE TiN EMBEDDED IN
AMORPHOUS SiNx

Sam Zhang∗, Deen Sun and Xuan Lam Bui

School of Mechanical and Aerospace Engineering
Nanyang Technological University

50 Nanyang Avenue, Singapore 639798
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1. Introduction

Nanocomposite thin films comprise at least two phases, a nanocrystalline
phase and a matrix phase, where the matrix can be either nanocrystalline
or amorphous phase. The general characteristics of nanocomposite coating
are a host material with another material homogenously embedded in it,
with one (or both) of these materials having a characteristic length scale of
1–100nm as schematically illustrated in Fig. 1.1.

An example is given in Fig. 1.2 where 10∼20nm (TiCr) CxNy crys-
tals were embedded into a diamond-like carbon (DLC) matrix to reach a
hardness of 40 GPa [1].

Nanocomposite thin films represent a new class of materials which
exhibit special mechanical [2–4], electronic [5, 6] magnetic [7] and opti-
cal properties due to their size-dependent phenomena [8–10]. Recently it
attracted increasing interest due to the endless possibilities of the synthe-
sizing materials of unique properties. By convention, hard materials usually
refer to materials with Vickers hardness less than 40GPa, and superhard
materials with Vickers hardness exceeding 40GPa. Hard and superhard
two- and multiphase thin films exhibit high hardness significantly exceed-
ing that given by the rule of mixture, i.e.

H(AaBb) =
aH(A) + bH(B)

a + b
, (1.1)

1
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Fig. 1.1. Schematic diagram of nanocomposite coating microstructure, showing
nanocrystalline phase embedded in matrix.

Fig. 1.2. Transmission electron microscopy (TEM) photo of TiCrCN nanocompos-
ite film showing nanosize TiCrCN crystals embedded into the amorphous DLC
matrix [1].

where H(A) is the hardness of pure A, H(B) the hardness of pure B. a is
the composition of A in the mixture and b is the composition of B in the
mixture. H(AaBb) is the hardness of the mixture.

The use of coated materials in engines, machines, tools and other wear-
resistant components is steadily increasing and has achieved a high level of
commercial success, compared to the common non-coated materials such as
steel [11]. Wear-resistant, superhard thin films for high speed dry machin-
ing would allow the industry to increase the productivity of expensive auto-
mated machines and to save on the high costs presently needed for envi-
ronmentally hazardous coolants. Depending on the kind of machining, the
recycling costs of these coolants amount to 10–40% of the total machining
costs. For example, in Germany alone, these costs can be close to one billion
US dollars per year [11, 12].
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2. Deposition

2.1. Design of Microstructure

In conventional bulk materials, refining grain size is one of the possibilities
for hardness increase. The same is true for films or coatings. With a decrease
in grain size, the multiplication and mobility of the dislocations are hin-
dered, and the hardness of materials increases according to the Hall–Petch
relationship [13, 14]:

H(d) = H0 + Kd−1/2, (2.1)

where H is hardness, K is a constant and d the grain size. This effect is
especially prominent for grain size down to tens of nanometers. However,
dislocation movement, which determines the hardness in conventional mate-
rials, has little effect when the grain size is less than approximately 10 nm.
At this size scale, further reduction in grain size brings about a decrease in
hardness (Fig. 2.1) because of grain boundary sliding [15]. Softening caused
by grain boundary sliding is mainly attributed to large amount of defects in
grain boundaries, which allow fast diffusion of atoms and vacancies under

Fig. 2.1. Hardness of material as a function of grain size. When grain size is greater
than the optimum value, with a decrease in grain size, hardness increases (Hall–Petch
relationship). When grain size is less than the optimum value, with a decrease in grain
size, hardness decreases (anti-Hall–Petch relationship) [16].
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stress [16, 17]. As such, further increase in hardness requires hindering of
grain boundary sliding. This can be realized through proper microstruc-
tural design, i.e. by increasing the complexity and strength of grain bound-
aries [18]. Multiphase structures are expected to have interfaces with high
cohesive strength, since different crystalline phases often exhibit different
sliding systems and provide complex boundary to accommodate a coher-
ent strain, thus preventing the formation of voids or flaws [19]. A variety
of hard materials can be used in nanocomposite coating microstructural
design. Figure 2.2 shows potential hard materials.

Apart from hardness, good mechanical properties also include high
toughness. High toughness can be obtained in nanocomposite thin films
through the nanosize grain structure as well as deflection, meandering
and termination of nanocracks [21]. Veprek proposed a design concept for
novel superhard ceramic/ceramic nanocomposite coatings with high tough-
ness [2, 12, 22]. In this design, multiphase structure is used to maximize
the interface complexity and ternary or quaternary systems with strong
tendency of segregating into binary compounds used to form sharp and
strong interface in order to avoid grain boundary sliding [15]. The crystal-
lite size is controlled to approximately 3–4nm and the separation distance
between crystallites maintained at less than 1 nm. Based on this design con-
cept, Veprek and co-workers prepared nc-TiN/a-Si3N4/a- & nc-TiSi2 [23],

Fig. 2.2. Hard materials for nanocomposite coatings in the bond triangle and changes
in properties with the change in chemical bonding. They include: (1) covalent bond-
ing materials with high hardness and high temperature strength, (2) metallic bonding
materials with good adhesion and toughness, and (3) ionic bonding materials with good
stability and inertness [20].



March 3, 2008 11:19 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch01

Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 5

nc-TiN/a-Si3N4 [24], nc-W2N/a-Si3N4 [25], nc-VN/a-Si3N4 [26], nc-TiN/a-
BN [27] and nc-TiN/a-BN/a-TiB2 [28] superhard nanocomposite coatings
by means of plasma CVD. In nc-TiN/a-Si3N4/a- & nc-TiSi2 nanocom-
posite coating system, TiN nanocrystals were embedded in amorphous
Si3N4 (existing in grain boundary). Also existing in grain boundaries were
amorphous TiSi2 and crystallite TiSi2 (Fig. 2.3). An ultrahigh hardness (Hv

exceeding 100GPa [23]) was obtained for this system. In addition, the
indentation test did not induce microcracks, indicating good toughness.
The authors attributed the toughness enhancement to the lack of large
stress concentration at the tip of the crack due to the nanoscale of the
crystals. In fact, the stress concentration factor at the tip can be estimated
through [29]

σtip

σapplied
= 1 + 2

√
c/2
r

, (2.2)

where c is crack length and r crack tip radius. For c/2 = 1–2 nm and
r = 0.2–0.3 nm (one atomic bond length), the stress concentration fac-
tor is only 4–6 (according to Eq. (2.2)), a very small number compared
to 30–100 in conventional microstructure [23]. The crack propagation is

TiSi2

α

TiN

Fig. 2.3. Schematic diagram of the nanostructure of nc-TiN/a-Si3N4/a- & nc-TiSi2
nanocomposite. TiN nanocrystals were embedded in amorphous Si3N4 (existing in grain
boundary). Also existing in grain boundaries were amorphous TiSi2 and crystallite TiSi2.
TiN crystallite size is approximately 3–4 nm and the separation distance between crys-
tallites is less than 1 nm [23].
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also strongly hindered in the nanocomposite structure due to the absence
of dislocation activity in crystallite of 3–6nm in size. In this case, the
crack can propagate only along grain boundaries. When the crack size
approaches that of the crystallite, the crack has to undergo bending or
branching. After that, only the component of the applied stress normal
to the plane of the bent or branched crack may cause further propagation.
Thus the stress that drives crack propagation decreases, resulting in a decel-
eration of crack propagation. In Veprek’s design, two immiscible nitrides
(nc-TiN and a-Si3N4) were used [30, 31] to achieve thermal stability. This,
however, may degrade the cohesive strength of the interface between the
crystal and boundary [3]. When local tensile stress at the crack tip is high
enough, unstable crack propagation eventually results [32].

In order to obtain superhardness, usually plastic deformation is strongly
prohibited, and dislocation movement and grain boundary sliding are pre-
vented, thus probably causing a loss in ductility. Today, more and more
researchers realize that a certain degree of grain boundary sliding is neces-
sary in order to improve toughness of nanocomposite coatings. Usually, to
overcome the brittleness of ceramic bulk materials, a second ductile phase
is incorporated to improve the toughness of the composite [33–35]. In recent
years, the microstructure of these composites has been further refined by
the addition of nanometer-sized metal particles [36, 37]. This should also
apply to thin films and coatings. Musil and co-workers embedded crys-
talline nitrides in metallic Cu [38, 39], Ni [40–42] and Y [43], etc. In these
coatings, the crystallite size of the ceramic phase is normally controlled
less than 10nm, and the volume of the boundary is greater than that of
hard phase [44]. The hardness of these coating systems varies from 35GPa
to approximately 60GPa. The existence of metal matrix is expected to
improve toughness by crack tip blunting and/or the increase of the work of
plastic deformation. In such a design, however, the metallic grain bound-
ary thickness cannot be too thin: a very thin grain boundary renders the
toughening mechanism ineffective because in the case of nanoscale grains,
dislocation movement is restricted [45]. Should this happen, the mechanical
response of the ceramic/metal nanocomposite will be effectively similar to
that of ceramic/ceramic nanocomposite (which will defeat the purpose of
incorporating the soft metallic phase). Another way of enhancing tough-
ness is to allow grain boundary sliding to take place (rather than cracking)
to release the accumulated strain. Voevodin et al. [45, 46] embedded hard
nanocrystalline carbide of 10–20nm in amorphous carbon (a-C) matrix.
Crystallite size of this magnitude can restrict initial crack size and create a
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large volume of grain boundaries [1]. The thickness of amorphous boundary
should be maintained above 2 nm to prevent interaction of atomic planes in
the adjacent grains and to facilitate grain boundary sliding, but less than
10 nm to restrict path of a straight crack. As a result, nc-TiC/a-C and nc-
WC/a-C nanocomposite thin films achieved a “scratch toughness” [47] 4–5
folds that of the nanocrystalline carbide alone, at expense of some hardness.

2.2. Synthesis of Thin Films

Nanocomposite thin films can be prepared by chemical vapor deposition
(CVD) or physical vapor deposition (PVD) techniques (Table 2.1). In both
CVD and PVD methods, one of the most critical deposition factors is the
kinetic energy of the vapor phase particle, which can generally be divided
according to the range of typically reported energies [48], into three regimes
as shown in Fig. 2.4:

1. Thermal regime (0∼ 0.3 eV), in which particles have low energy. Tech-
niques within this range include chemical vapor deposition and thermal
evaporation;

2. Mediate regime (1∼100 eV), in which particles have energies ranging
from the bonding strength to the lattice penetration threshold. Tech-
niques within this range include sputtering deposition, and arc vapor
deposition;

3. Implantation regime (>100 eV) in which particles energies are well able
to cause surface penetration and implantation. Technique within this
range includes ion implantation.

Table 2.1. Main preparation methods for nanocomposite thin films.

Group Sub-group Methods

Physical vapor Thermal evaporation Pulsed laser deposition (PLD)
deposition (PVD) (TE) Electron beam deposition (EB-PVD)

Sputter deposition Magnetron sputtering
Ion beam sputtering

Arc vapor deposition Vacuum arc deposition
Filtered arc deposition

Ion implantation Ion beam deposition (IBD)

Chemical vapor Plasma enhanced CVD (PECVD)
deposition (CVD) Plasma assistant CVD (PACVD)

Electron cyclotron resonance
CVD (ECR-CVD)
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Fig. 2.4. Approximate energy range (in electron volts) of deposited particles produced
by selected deposition methods.

Different techniques are now available for the preparation of nano-
composite thin films. The most promising methods are chemical vapor
deposition (CVD) [49, 50] and magnetron sputtering [51], although other
methods such as laser ablation, thermal evaporation, ion beam deposition
and ion implantation are also used by various researchers [52]. High deposi-
tion rate and uniform deposition for complicated geometries are the advan-
tages of the CVD method compared to magnetron sputtering. However,
the main concern for the CVD method is that the precursor gases, TiCl4,
SiCl4 or SiH4, may pose problems in production because they are corrosive
in nature and are fire hazards. Moreover, the incorporation of chloride in
protective films may induce interface corrosion problems during exposure
to elevated temperatures under working condition. For most applications, a
low deposition temperature is required to prevent substrate distortion and
loss of mechanical properties. This is difficult to realize in the CVD process.

At present, significant effort has been devoted to the preparation of
nanocomposite thin films using magnetron sputtering since this technology
is a low temperature and far less dangerous method compared to CVD [53].
Also, it is easily scalable for industrial applications. In magnetron sputter-
ing, energetic ion bombardment is used to vaporize the source material,
often referred to as the target, as illustrated in Fig. 2.5. The deposition
system is filled with a noble gas, often argon, to a total pressure of 0.01 to
0.1 mbar. A negative potential of some kV is applied to the target. Positive
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Fig. 2.5. Schematic diagram of the sputtering process. Argon gas is ionized by electrons
within the plasma. The argon ions are attracted and accelerate towards the target surface
where they result in sputtering.

ions naturally occurring in the gas will therefore be accelerated towards
the target. When they impinge on the target, they transfer their momen-
tum to surface atoms of the target, and if the value of the momentum in
both directions is higher than the surface binding energy, a target atom
will be ejected, i.e. sputtered. This ejected flux of target atoms, which has
a main direction, is then transported through the space towards the sub-
strate. Depending on the gas pressure and the distance between substrate
and target, the flux will be more or less scattered by the gas. The average
distance an atom can travel before a collision is called the mean free path.
The mean free path lm can be estimated through [54]

lm =
kTg√

2πPgd 2
g

, (2.3)

where k is the Boltzmann constant, Tg and Pg the gas temperature and pres-
sure respectively, and dg the diameter of the gas molecule (dAr = 0.364nm).
During sputtering process, the film surface is ion bombarded, which can
densify the growing film by enhancing the surface atom mobility. In addi-
tion, ion bombardment of the growing film can restrict the grain growth
and permit the formation of nanocrystalline. The size and crystallographic
orientation of grains can be controlled by the energy of bombarding ions.
Kinetic energy of ionized particles can be estimated by [55–57]:

Uk ∝ DwVs

Pg
1/2

, (2.4)
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where Uk is the kinetic energy, Dw the target power density, Vs the substrate
bias and Pg the gas pressure.

E303A magnetron sputtering system as shown in Fig. 2.6 was con-
ducted to deposit nanocomposite thin films. The system includes four
4-inch planar high performance water-cooled magnetrons and a heated

Fig. 2.6. Sputtering system used in this project: (a) the outlook, and (b) the schematic
structure of the main chamber. There are four individual targets in the chamber and
co-sputtering can be conducted.
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rotatable substrate holder. The substrate-to-target distance was 100 mm
to fully reactive between the working gas and sputtered target atoms.
The substrate can be heated to a maximum temperature of 500◦C. Two
600W RF generators and two 1 kW DC power supply can be automat-
ically selected to individual targets. Also, the substrate holder can be
earthed, floated or powered by a dedicated 600W RF generator. This
facilitates pre-sputter wafer cleaning and reverse bias sputter etching. The
vacuum system is of high specification, with 800 l/s cryogenic, ultrahigh
vacuum and high performance rotary backing pump. Gas flow control is
via mass flow control valves on three gas lines, with pressure control set
point achieved by automatic close loop throttle valve control. Reactive sput-
tering is assisted by inert argon gas to avoid target poising and to allow
higher sputtering rate. The system is designed to coat multiple 2–4 inch
wafers, and single 6–8 inch wafer at one time. A load lock is fitted with
an automatic wafer transfer arm. The dominant parameters during depo-
sition are target power density, deposition temperature, substrate bias an
gas ratio.

3. Characterization

Film characterization is an inevitable and vital step in ensuring high qual-
ity film for the intended application. Different characterization techniques
can be used to identify nanocomposite thin films; X-ray photoelectron
spectroscopy (XPS), Auger electron spectroscopy (AES), Rutherford back
scattering spectroscopy (RBS) and energy dispersive X-ray analysis (EDX)
are powerful tools for characterizing the chemical composition [58], each
with different penetrations and accuracies, as illustrated in Table 3.1.

3.1. Composition

For composition characterization, the most useful tool is X-ray photoelec-
tron spectroscopy (XPS). In XPS, if we measure the energy of the ejected

Table 3.1. Composition analysis methods [58].

Analysis Elemental Detection Spatial resolution Penetration
methods range limits (at.%)

XPS Li–U 0.1–1 100 µm 1.5 nm
AES Li–U 0.5 10 nm 0.5–7.5 nm
RBS Li–U 1.0 1–4 mm 2–30 nm
EDX Be–U 0.1 0.5–2.0 µm 1–3 µm
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photoelectrons we can calculate the binding energy, which is the energy
required to remove the electron from its atom:

EB = hν − EK − W, (3.1)

where EB is binding energy, hv the photon energy, EK the kinetic energy
of the electron, and W the spectrometer work function. From the binding
energy we can learn some important facts about the sample under investi-
gation [59]:

• the relative quantity of each element;
• the elements from which it is made;
• the chemical state of the elements present;
• depth distribution (profile).

In the calculation of the relative quantity of each element, the principle is
as follows: the complete XPS spectrum of a material contains peaks that
can be associated with the various elements (except H and He) present in
the outer 10 nm of that material. The area under these peaks is related
to the amount of each element present. Therefore, by measuring the peak
areas and correcting them for the appropriate instrumental factors, the
percentage of each element detected can be determined. The equation that
is commonly used for the calculation is [60]:

Iij = K∗T (EK)∗Lij(γ)∗σij
∗nij

∗λ(EK) cos θ, (3.2)

where Iij is the area of peak j from element i, K the instrumental constant,
T (EK) the transmission function of analyzer, Lij the angular asymmetry
factor of obital j of element i, and σij the photoionization cross-section of
peak j from element i. EK is the kinetic energy of the emitted electron, θ

the take-off angle of the photoelectrons measured with respect to surface
normal, and ni the concentration of element i.

There are several factors which affect the binding energy, therefore
affecting the composition determination. For conducting samples, it is the
work function of the spectrometer (W ) that is important. This can be cali-
brated by placing a clean Au standard in the spectrometer and adjusting the
instrumental settings such that the known EB values for Au are obtained.
However, some materials do not have sufficient electrical conductivity or
cannot be mounted in electrical contact with the spectrometer. These sam-
ples require an additional source of electrons to compensate for the positive
charge built up by the emission of photoelectrons. Therefore, the measured
EB of an insulated sample depends on its work function and the energy of



March 3, 2008 11:19 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch01

Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 13

the compensative flooding electrons. Under these conditions it is best to
use an internal reference. Generally speaking, all the factors that affect the
EB can affect the composition determination.

Chemical composition of as-prepared thin films was determined by XPS
analysis using a Kratos-Axis spectrometer with monochromatic Al Kα

(1486.71 eV) X-ray radiation (15 kV and 10mA) and hemispherical elec-
tron energy analyzer. The base vacuum of the chamber was 2.67 × 10−7

Pa. The survey spectra in the range of 0–1100eV were recorded in steps
of 1 eV for each sample, followed by high resolution spectra over different
element peaks in steps of 0.1 eV, from which the detailed composition was
calculated. The spectra were referenced to the C 1s line of 284.6 eV [61].
Curve fitting was performed after a Shirley background [62] subtraction
by nonlinear least square fitting using a mixed Gauss/Lorentz function.
In the least square fitting analysis of Ti 2p spectra, the area ratio of
the 2p3/2 to 2p1/2 envelope was kept constant at two with a constant
energy difference of 5.8 eV. The parameters used in fitting the Ti 2p, Si
2p and Ni 2p spectra are listed in Table 3.2. Also listed are binding ener-
gies available in the literature. Sputter depth profiles of the films were
obtained by recording the XPS spectra after sputtering with an acceler-
ating voltage of 4 keV Ar ion beam. The bombardment was performed
at an angle of incidence of 45◦ with respect to the surface normal. The
sputter rate determined on a 30 nm thick SiO2 sample was 3.0 nm/min.
Half of the intensity of the oxygen plateau was taken as the measure
of the oxide layer thickness. (It is useful to note that the thickness of
the specimen studied can only be roughly estimated from the thickness
and sputtering rate of the silicon dioxide standard, because the sputtering
yield of the elements in the specimen differs substantially from that in the
standard.)

3.2. Topography

Topography or surface morphology of the as-deposited film was character-
ized using atomic force microscopy (AFM) (Shimadzu SPM-9500J2). The
measurement was conducted in ambient atmosphere in contact mode with
a Si3N4 tip. The scan resolution is 256 pixels × 256 pixels, set point 2.000V
and scan rate 1.000Hz. In order to quantitatively describe the surface mor-
phology, scaling theory [75, 76] was used to analyze the AFM roughness
data. The height–height correlation function G(r) was defined as [77]

G(r) ≡ 〈[h(x, y) − h(0, 0)]2〉. (3.3)
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Table 3.2. Reported binding energy (eV) values for Ti 2p, Si 2p and Ni 2p photoelectron spectra.

Ni 2p

Element Ti 2p3/2 Si 2p Ni 2p1/2 Satel. peak Ni 2p3/2

State TiO2 TiNxOy TiN Ref SiO2 Si3N4 Free-Si Ref Metallic Ni Ref

Position(eV) 458.0 456.5 455.0 [63] 103.4 101.9 99.6 [64] 870.7 859.3 852.8 [65]
459.1 ± 0.2 ∼ 457.0 455.2 ± 0.2 [66] 103.6 101.6 [67] 870.7 859.6 853.0 *
459.2 457.5 455.2 [68] 103 ∼ 104 99.6 [69]
458.8 457.1 455.6 [70] 103.3 101.8 99.3 [71]
459.0 457.5 ± 0.1 455.2 [72] 103.4 101.8 99.6 *
458.0 456.4 455.0 [73]
458.7 456.9 454.8 [74]
459.0 457.6 455.0 *

∗Present work.



March 3, 2008 11:19 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch01

Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 15

Thus the dynamic scaling hypothesis [78] suggests that:

G(r) =
{

r2α as r � ξ

2ω2 as r � ξ
, (3.4)

where the interface width ω describes the vertical growth and the lateral
correlation length ξ characterizes the lateral growth.

3.3. Microstructure

The microstructure of the nanocomposite films was characterized using
TEM (JEOL JEM 2010). The acceleration potential was 200kV and the
camera constant changed from 1.5 to 2.5 nm × mm. An image analyzer was
used to measure the crystalline size and amount from TEM micrographs.
The size of the crystallite was measured from the TEM micrographs using
the image analyzer by measuring two perpendicular dimensions of a crys-
tallite. The average of these two-dimensional measurements was taken as
the crystallite size. The amount of the crystalline phase, termed crystalline
fraction, was estimated as the area ratio of the nanocrystalline phase to the
total image area. For each sample, a large number (at least 10) of TEM
micrographs were taken and the images analyzed for the average crystalline
fraction. Though this method results in approximately 10% uncertainties
due to a contrast problem, it does give a first-degree approximation with
a visual advantage. The sample preparation procedures for TEM/HRTEM
study are as follows.

1. Prepare potassium bromide (KBr) tablets with a diameter of 10mm and
thickness of 3 mm. The roughness (Ra) of the tablet is measured as 80µm.

2. Deposit nc-TiN/a-SiNx and Ni-toughened nc-TiN/a-SiNx nanocomposite
thinfilmsondifferentpotassiumbromide (KBr) tablets for 20 min fora thin
film of about 100 nm in thickness. Other deposition parameters are kept
the same as its counterpart which deposited on silicon wafer for 120min.

3. Float the as-prepared nanocomposite thin films off from the KBr tablets
by dissolving the coated tablets in de-ionized water followed by scooping
the films out onto a copper grid.

4. Dry the films for two hours for the TEM/HRTEM study.

To supplement the TEM results, XRD was used for microstructure and
phase identification [Philips PW1830 with Cu tube anode (λ = 0.15418nm)
at 30 kV and 20mA]. The step size was 0.01◦ and step time 0.5 seconds.
In order to reduce the interference from the substrate in case of thin films,
GIXRD (Rigaku MAX 2000 with Cu Kα radiation) was conducted at scan
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rate of 2◦/min, step size 0.032◦ and incident angle from 0.1◦ through 0.5◦

and 1.0◦ to 1.5◦. Based on the XRD/GIXRD data, grain size, preferential
orientation and the lattice parameter were obtained.

Grain Size

To estimate the grain size d, the well-known Scherrer formula [79] was
used by measuring the full width at half maximum (FWHM) of the
XRD/GIXRD peak at the angle of interest:

d =
Cλ

β cos θ
, (3.5)

where C is a constant (C = 0.91), d the mean crystallite dimension normal
to diffracting planes, and λ the X-ray wavelength. β in radians is the peak
width at half maximum peak height, and θ is the Bragg angle. It should
be noted that the Scherrer formula does not take into account the peak
broadening induced by microstraining.

Preferential Orientation

The degree of preferential orientation was quantitatively represented
through a coefficient of texture Thkl, defined as [80]:

Thkl =
Im(hkl)/I0(hkl)

1
n

n∑
1

[
Im(hkl)/I0(hkl)

] , (3.6)

where Im(hkl) is the measured relative intensity of the reflection from the
(hkl) plane, I0(hkl) is that from the same plane in a standard reference
sample and is listed in Table 3.3 for TiN. n is the total number of reflection
peaks from the coating. In the present study, n = 3, since only three major
peaks are selected (i.e. (111), (200) and (220) diffraction plane). For the
extremely preferential orientation, Thkl = 3, while for the random one,
Thkl = 1.

Table 3.3. Relative intensity of XRD peaks in a
standard reference TiN sample (JCPDS 38-1420).

Peaks (111) (200) (220)

Relative intensity 72 100 45
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Lattice Parameter

Lattice parameter of the solid solution for cubic structure was calculated
according to peak positions or the distance between the crystal planes
through [81]:

aexp = dhkl

√
h2 + k2 + l2 = f(θ), (3.7)

aexp = atrue + ∆a = atrue + CΦ(θ), (3.8)

Φ(θ) =
cos2θ

2

(
1

sin θ
+

1
θ

)
, (3.9)

where aexp is the experimentally calculated lattice parameter, atrue the true
value, ∆a the experiment error, dhkl the interplanar spacing, and (hkl) the
crystal plane indices. C is a constant, θ is the Bragg angle, and ∆a is 0
when Φ(θ) is 0. Therefore plotting aexp against Φ(θ) and extrapolating to
Φ(θ) = 0 gives rise to the true lattice parameter.

3.4. Mechanical Properties

3.4.1. Hardness

The materials handbook defines hardness as the resistance of materials to
plastic deformation, usually by indentation. Hardness can be calculated
through [19]:

H =
P

A
, (3.10)

where P is the test indentation load and A the contact area. Microindenta-
tion and nanoindentation can be carried out to measure thin film hardness.
The effect of the substrate on determining the mechanical properties of films
using indentation has been discussed in detail by Saha and Nix [82, 83]. It
is widely accepted that when the indentation depth is less than one tenth
of the thickness of the thin film, the effect of substrate on the film hardness
can be neglected [84]. In microindentation, the tester applies the selected
test loads from several hundred mN to about 10 N using deadweights. The
indentations are typically made using a Vickers indenter which is a regular
pyramid made of diamond with an angle of 136◦ between the opposite faces.
The hardness value of thin film as thin as a few microns can be calculated
using the test load and the contact area. Whereas in the nanoindentation
test, features less than 100nm across, and thickness as thin as less than
5 nm, can be evaluated [58, 85]. In contrast to microindentation where the
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indentation force ranges from several hundred mN to about 10N, nanoin-
dentation uses only 100µN to a few mN. Nanoindentation can be carried out
with a sharp indenter. The Berkovich indenter with an angle of 115◦ is use-
ful when one wishes to probe properties at the smallest possible scale [86].
During the indentation, the indenter is forced into the surface at a selected
rate and to a selected maximum force or a selected maximum indentation
depth. A load-displacement curve is obtained and the depth of the inden-
tation is measured to evaluate the actual contact area during indentation
which yields the hardness and elastic properties.

Today, the most widely used hardness measurement is that of Oliver–
Pharr method [84]. This method assumes that there is always some down-
ward elastic deflection or “sink-in” situation in the material surface upon
indentation (Fig. 3.1).

In this method, a small indentation is made with a Berkovich indenter,
and displacement (or penetration depth) h, is continuously recorded during
a complete cycle of loading and unloading and therefore a load-displacement
curve is obtained as illustrated in Fig. 3.2. The contact depth hc is estimated
from the load-displacement curve through

hc = hmax − ε
Pmax

S
, (3.11)

where hmax is the maximum indentation depth, Pmax the peak indentation
load, S the contact stiffness, and ε a constant which depends on the indenter
geometry. Empirical studies have shown that ε = 0.75 for a Berkovich
indenter. The contact area A is estimated by evaluating an indenter shape

Fig. 3.1. Schematic representation from a cross-section through an indentation, showing
the maximum indentation depth hmax, contact depth hc, minimum indentation depth
hmin, and sink-in situation.
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Fig. 3.2. Load-displacement curves for Oliver–Pharr method, showing the maximum
indentation depth hmax, contact depth hc, and minimum indentation depth hmin.

function at the contact depth hc:

A = f(hc). (3.12)

The shape function, f(hc), relates the cross-sectional area of the indenter to
the distance hc from its tip. For the Berkovich indenter, the shape function
is given by f(hc) = 24.56 hc

2. Once the contact area is determined from
the load-displacement curve, the hardness H , and effective elastic modulus
Eeff follow from:

H =
Pmax

A
, (3.13)

and

Eeff =
1
δ1

√
π

2
S√
A

, (3.14)

where δ1 is a constant which depends on the geometry of the indenter, and
δ1 = 1.034 for the Berkovich one [84, 87].

The Oliver–Pharr method of calculating contact area does not account
for the “extra” area due to pile-up, and hence underestimates the contact
area, thus overestimating the hardness and effective elastic modulus [83].
However, if the thin film is harder than the substrate material, this method
can be conveniently used to determine hardness with high precision, because
for a hard film on soft substrate, there is usually the “sink-in” situation on
the coating surface during indentation and very minimum pile-up.
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Hardness was evaluated using a Nano IITM with a Berkovich indenter.
The indentation depth was set less than one tenth of the film thickness to
avoid substrate effect. At least five indentations were made for each sample.
The results were an average of these readings from Oliver–Pharr method.

3.4.2. Toughness

Indentation is perhaps the most widely used tool in assessing thin film
toughness. Plastic deformation leads to stress relaxation in materials. The
easier the stress relaxation proceeds, the larger plasticity is inherent in the
material. Thus, comparing the plastic strain with the total strain in an
indention test directly gives a simple and rough, but quick indication of
how “tough” the material is. Plasticity is defined as the ratio of the plastic
displacement over the total displacement in the load-displacement curve [88]
(Fig. 3.3):

Plasticity =
OA

OB
, (3.15)

where OA is plastic deformation, and OB total deformation. A superhard
DLC film with hardness of 60 GPa has only 10% plasticity [48], whereas
a “tough” nc-TiC/a-C film with a hardness of 32 GPa has 40% plasticity
[46,47]. Hydrogen-free amorphous carbon films with hardness of 30 GPa has
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Fig. 3.3. Schematic diagram of load-displacement curve obtained from nanoindentation.
Plasticity is calculated by the ratio of OA/OB.
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a toughness of 50–60% in plasticity [89] depending on bias voltage during
sputtering. Magnetron sputtered 1µm thick Ti1−xAlxN films with hardness
31GPa obtained a plasticity of 32% [90].

However, “plasticity” is not fracture toughness. To measure a film’s
proper fracture toughness, and to avoid the difficulties in making the pre-
crack, many researchers directly indent the films without a pre-crack. When
the stress exceeds a critical value, a crack or spallation will be generated.
Failure of the film is manifested by the formation of a kink or plateau in
the load-displacement curve or crack formation in the indent impression
[91–93]. As a qualitative, crude and relative assessment, Holleck and Schulz
[94] compare the crack length under the same load, and Kustas et al. [95]
measures the “spall diameter” — the damage zone around the indenter.
More quantitatively, the length c of radial crack (Fig. 3.4) is related to the
toughness KIC through [96]:

KIC = δ

(
E

H

)1/2 (
P

c3/2

)
, (3.16)

where P is applied indentation load, and E and H are elastic modulus and
hardness of the film, respectively. δ is an empirical constant which depends
on the geometry of the indenter. For the standard Vickers diamond pyramid
indenter, the value of δ is taken as 0.016 ± 0.004 [97] and 0.0319 [98, 99],
respectively. The criterion for a well-defined crack is taken as c ≥ 2a [97],
where a is the half of the diagonal length of the indent (Fig. 3.4). Both
E and H can be determined from an indentation test at a much smaller

Fig. 3.4. Scanning electron microscopy (SEM) observation of radial cracks at Vickers
indentation. a is half of the diagonal length of the impression and c is the crack length.
A well-defined crack is taken as c ≥ 2a.
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load and analyzing of indentation load-displacement data [84]; crack length
c can be obtained using SEM, thus implementation of the method seems
straightforward [87].

However, the difficulty lies in the existence of cracking threshold, locat-
ing crack position and determining crack length. Although indentation can
be realized with a Vickers indenter, Berkovich indenter, or cube corner
indenter [100, 101], there exists a cracking threshold below which indenta-
tion cracks cannot form. Existence of the cracking threshold causes severe
restrictions on achievable spatial resolution. The occurrence of the inden-
tation cracking depends on the condition of the indenter tip [102]. Harding
et al. [103] found that indentation-cracking threshold could be significantly
reduced by employing a sharper indenter (cube corner indenter compared
to the Berkovich and Vickers indenters). The cube corner indenter induces
more than three times the indentation volume as compared to that by the
Berkovich indenter at the same load. Consequently, the crack formation is
easier with the cube corner indenter thereby reducing the cracking thresh-
old. For the cube corner indenter, the angle between the axis of symmetry
and a face is 35.3◦ (compared to 65.3◦ for the Berkovich indenter), and
there are three cracks lying in directions parallel to the indentation diago-
nal (Fig. 3.5). Cracks that are well defined and symmetrical around the cube
corner indentation are used to calculate the toughness. Different researchers
used different δ values: 0.0319 [98,99], 0.040 [103], and 0.0535 [104]. Despite
the inherited problems, due to its simplicity, the indentation method is

Fig. 3.5. Schematic diagram of median-radial crack systems for cube corner indentation.
a is the length of the edge of impression; c is the length of crack parallel to the indentation
diagonal direction.
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widely used in toughness evaluation of thin films. To cite a few: sputter
deposited DLC film (1.92 µm thick, 1.57MPam1/2) [105], plasma sprayed
Al2O3 (200–300 µm thick, containing 13% TiO2, 4.5MPam1/2) [106], atmo-
spheric pressure CVD SiC (3 µm, 0.78MPam1/2) [107], plasma enhanced
CVD nc-TiN/SiNx (∼1.5 µm, 1.3–2.4MPam1/2) [108] and TiCxNy/SiCN
(2.7–3.3 µm, ∼1MPam1/2) [109].

Micro hardness tester (DMH-1) was used to obtain well-defined radial
cracks for coatings on silicon wafer substrate. To ensure measurable crack
length, the indentation was conducted at load of 10.00, 5.00, 3.00, 2.00,
1.00, 0.50 and 0.25 N, respectively. For each load, at least five readings were
obtained. In order to reduce substrate effect on thin film toughness, Nano
IITM with Berkovich indenter was also used to characterize these samples.
The indentation was performed at the depths of 1300, 1000, 700, 400 and
200nm, respectively. For each depth, at least five readings were obtained.
Only samples with well-defined radial cracks were used to calculate thin
film toughness.

3.4.3. Residual Stress

Residual stress was measured using a Tencor FLX-2908 laser system by test-
ing the curvature changes of silicon substrate before and after film deposi-
tion. At least five measurements were performed for each sample at different
orientation of silicon wafer. The residual stress σ can be calculated through
Stony equation:

σ =
Et2s

(1 − v)6Rtf
, (3.17)

where E/(1− ν) is the biaxial elastic modulus of the substrate, and ts and
tf are thickness of the substrate and film, respectively. R is the substrate
radius of curvature, which is calculated through:

R =
1(

1
R2

− 1
R1

) =
R1R2

(R1 − R2)
, (3.18)

where R1 and R2 are the radius of silicon substrate before and after film
deposition.

3.4.4. Adhesion

Scratch test was conducted to testing films adhesion to substrate using
Shimadzu SST-101 scan scratch tester: the X–Y table of the scratch tester
was moved in the X-direction, and also moved sideways (in the Y-direction)
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Fig. 3.6. Schematic diagram of scan scratch test used in this project. The X–Y table of
the scratch tester moves in the X-direction, and also moves sideways (in the Y-direction)
to generate a “scanning scratch” effect, thus greatly increasing the coverage of each
scratch.

to generate a “scanning scratch” effect and thus greatly increase the cov-
erage of each scratch (Fig. 3.6). At the same time, an increasing normal
load was applied continuously to the surface of the film through a diamond
indenter of 15µm in radius until total failure of the film. A scratch speed
of 2 µm/s and scanning amplitude of 50µm were used. At least three tests
were performed on each sample.

3.5. Oxidation Resistance

To study films oxidation resistance, oxidation was performed using Elite
Furnace (BRF14/5-2416) at 450◦C, 550◦C, 625◦C, 700◦C, 750◦C, 800◦C,
850◦C and 900◦C to 1000◦C in static hot air. After a 10min heating ramp,
the temperature was kept constant for 15 min. After the specimen was
oxidized for the pre-determined time, the specimen was cooled down to a
temperature around 300◦C within 20min, then drawn from the furnace and
left until room temperature thereafter for oxidation resistance study using
XPS, AFM and GIXRD.

4. Case Studies: Silicon Nitride Nanocomposite Coating

4.1. Nanocrystalline TiN Embedded in Amorphous SiNx

or nc-TiN/a-SiNx

DC magnetron power was applied to Ti (99.99%) target, while RF power
was applied to Si3N4 (99.999%) target. Four-inch silicon (100) wafers were
used as substrates. The substrates were cleaned using an ultrasonic bath
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(ethanol absolute 99%) for 15min to remove the contamination, such as
spots, oils, grease, dust, fingerprints, etc. The substrates were heated to
450◦C for 30min prior to deposition. This process mainly removed water
molecules, which were adsorbed on surface. The substrate holder rotated
with 15 rpm during the deposition for uniformity. Deposition was performed
at a substrate temperature of 450◦C for 2 hours to obtain a film thickness of
0.6 µm. Base pressure for deposition was 1.33 × 10−5 Pa. During deposition,
the gas (purity of N2 are Ar are 99.9995%) pressure was 0.67Pa and gas flow
rate was 30 sccm (standard cubic centimetre per minute). Film deposition
parameters are listed in Table 4.1 according to which hard and superhard
nc-TiN/a-SiNx nanocomposite thin films were prepared.

The as-prepared nc-TiN/a-SiNx nanocomposite thin films were stud-
ied using different characterization techniques, such as XPS, AFM, XRD/
GIXRD, TEM/HRTEM, scratch, microindentation, and nanoindentation
tests. The results and discussions are presented in this chapter.

4.1.1. Composition

The nc-TiN/a-SiNx nanocomposite thin films were etched with Ar ion
beam for 15min before composition measurement. The chemical compo-
sitions obtained from XPS are listed in Table 4.2, in which the atomic
concentrations of Si, Ti and N are used to describe the samples. The results
show that N content for all samples are about 50 ± 5 at.%, while Si and
Ti contents vary greatly with the experimental conditions, mainly Si3N4

target power density.

4.1.1.1. Quantitative Compositional Analysis

Figure 4.1 shows a detailed XPS survey scan spectrum with indexed peaks.
XPS survey scan spectrum with binding energy from 0 to 1100 eV is

Table 4.1. Experimental conditions for deposition of hard and superhard
nc-TiN/a-SiNx nanocomposite thin films.

Sample code P1 P2 P3 P4 P5 P6 P7 P8

Deposition
condition

Si3N4 power
density (W/cm2)

1.1 2.2 3.3 4.4 5.5 6.6 6.6 7.7

Power ratio of
Ti to Si3N4

5.00 2.50 1.67 1.25 1.00 0.67 0.33 0

Gas ratio of
N2 to Ar

1.0 1.0 1.0 1.0 1.0 0.5 0.5 0
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Table 4.2. Chemical composition characteristics
of hard and superhard nc-TiN/a-SiNx nanocom-
posite thin films.

XPS chemical composition (at.%)
Sample code

Si Ti N

P1 1.7 50.4 47.9
P2 5.2 43.1 51.7
P3 7.2 38.1 54.7
P4 11.3 35.1 53.6
P5 14.9 29.4 55.7
P6 23.6 21.4 55.0
P7 32.5 15.7 51.8
P8 52.7 0 47.3

nc-TiN/a-SiN
with 23.6 at.% Si

Si 2p
3/2

Si 2s

C 1s

Ti 2s

O 1s

N 1s

Ti 2p
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n
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Fig. 4.1. XPS survey scan of nc-TiN/a-SiNx nanocomposite thin film with 23.6 at.%
Si (sample P6). The dominant signals are from C, O, N, Si, and Ti.

recorded. The dominant signals are from C, O, N, Si and Ti. The oxygen
and carbon contamination exist because the film is exposed to air (ambient
laboratory) and the XPS spectrum is obtained before the film surface is
etched.

Figure 4.2 shows one of the typical XPS depth profiles of the nc-TiN/a-
SiNx nanocomposite thin film. There is an inevitable oxygen contamination
in the topmost layer of the film. It is possible that the reaction with residual
gases in the spectrometer chamber or the ionic transport via impurities in
the Ar gas causes this residual oxygen content in films. Though oxygen
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Fig. 4.2. XPS depth profile of nc-TiN/a-SiNx nanocomposite thin film with 14.9 at.%
Si (sample P5). Silicon content remains almost constant, whereas nitrogen and titanium
content slightly increases in the first 10 nm and then remains at constant values.

exists as deep as 75nm, and carbon at approximately 25 nm, their con-
centrations are very low, which are expected to render a very insignificant
effect on the film’s mechanical properties, such as nanoindentation hard-
ness. (Should there be any influence on hardness owing to the existence
of oxides, the effect would be such that the measurements would under-
estimate the hardness because both Ti and Si oxides have low hardness:
16GPa for DC magnetron sputtered TiOx [110], approximately 10GPa in
the case of reactive cathodic vacuum arc deposited TiO2 [111], and 8GPa
in the case of pulsed magnetron sputtered SiO2 [112], etc.) Silicon content
remains almost constant, whereas nitrogen and titanium content slightly
increases in the first 10 nm and then remains at constant values. From
the depth profile (Fig. 4.2), the oxygen and carbon concentrations are too
low in comparison to Ti, Si and N, and are thus ignored in composition
computation.

Figure 4.3 shows the XPS spectra of Ti 2p and Si 2p as a function
of silicon content. It has been documented that the shoulders observed
on the high binding energy side of the Ti 2p3/2 and Ti 2p1/2 component
peaks are inherent characteristic features of stoichiometric TiN [113, 114].
This stoichiometric TiN characteristic feature has been observed in our nc-
TiN/a-SiNx nanocomposite thin films [Fig. 4.3 (a)]. Figure 4.3 (b) shows
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Fig. 4.3. Stacks of (a) Ti 2p, and (b) Si 2p XPS core level spectra for nc-TiN/a-SiNx

nanocomposite thin films with different Si content after surface layer removal.

the Si 2p peak intensity increases significantly with the increase in silicon
content.

In order to obtain more detailed information on the chemical compo-
sition, the acquired XPS core level spectrum of Ti 2p and Si 2p for the
nc-TiN/a-SiNx nanocomposite thin film with 23.6 at.%Si (sample P6) after
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15 min Ar ion beam etching were deconvoluted. Curve fitting was per-
formed after a Shirley background subtraction by nonlinear least square
fitting using a mixed Gauss/Lorentz function. The parameters used in the
fitting procedure are listed in Table 3.2. Figure 4.4 shows the XPS core
line fit for Ti 2p spectra. There are three main components of Ti–N, Ti–O
and Ti–X (combination of TiNx, TiNxOy and satellite peak); no unbound
Ti metallic bonds can be detected. The peak at 455.0 eV is attributed to
Ti–N bond or TiN. The peak at 459.0 eV is related to Ti–O or TiO2. The
peak at 457.6 eV is contributed from Ti–X. From Fig. 4.4, it can be seen
that the main contribution comes from TiN and Ti–X, and nearly no TiO2.
This is due to the high base vacuum (× 10−5 Pa) before film deposition.
Another reason is that before XPS narrow scan and core line fit, a 15min
Ar ion beam etching was conducted to remove the surface oxide due to air
exposure (ambient laboratory).

Figure 4.5 shows the quantitative deconvolution results of Ti 2p spectra
of nc-TiN/a-SiNx nanocomposite thin films with different silicon content.
The relative atomic ratios of Ti in TiN, TiO2 and TiX are calculated.
Ti–O remains low in concentration for all the films. Ti–X peak compo-
nent increases and TiN component decreases significantly with increases
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Fig. 4.4. Ti 2p deconvolution of nc-TiN/a-SiNx nanocomposite thin film with 23.6
at.%Si (sample P6). There are three main components of Ti–N, Ti–O and Ti–X (combi-

nation of TiNx, TiNxOy and satellite peak). The peak at 455.0 eV is attributed to Ti–N
bond. The peak at 459.0 eV is related to Ti–O bond. The peak at 457.6 eV is contributed
from Ti–X.
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Fig. 4.5. Changes of the different Ti 2p components of nc-TiN/a-SiNx nanocomposite
thin films with different Si content after deconvolution. Ti–O remains low in concen-
tration for all the films. Ti–X peak component increases and TiN component decreases
significantly with an increase in Si content.

in silicon content. There is a gradual shift of the Ti 2p peak to a higher
binding energy and the Ti–X component increases significantly with the
increases in silicon content. This can be partly attributed to the increase in
the non-stoichiometric component; another reason could be due to silicon
involvement into the titanium structures.

Figure 4.6 shows the Si 2p core level spectrum of nc-TiN/a-SiNx

nanocomposite thin film with 23.6 at.%Si (sample P6). Three chemically
distinct components are found in the Si 2p core level photoelectron spec-
trum. The peak corresponding to 101.8 eV is attributed to Si–N bond of
stoichiometric Si3N4. Another weak component at approximately 103.4 cor-
responds to the Si–O bond. Traces of Si peak (at 99.6 eV) can be detected,
belonging to free silicon. The existence of free Si is often observed to exist in
nc-TiN/a-SiNx thin films synthesized by magnetron sputtering [115]. The
Ti–Si bonding energy is at 98.8 eV — too close to that of elemental Si, and
thus difficult to eliminate the possibility of existence of TiSix in the sys-
tem. However, one thing is for sure: its amount is minute even if it exists.
Take TiSi as an example, from thermodynamics, the formation of Si3N4 is
much more favored compared to the formation of TiSi, since the formation
energy for Si3N4 (−665.4kJ/mol) is much more negative than that for TiSi
(−132.2kJ/mol).
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Fig. 4.6. Si 2p deconvolution of nc-TiN/a-SiNx nanocomposite thin film with 23.6
at.% Si (sample P6). The peak corresponding to 101.8 eV is attributed to the Si–N
bond of stoichiometric Si3N4. Another weak component at approximately 103.4 eV cor-
responds to the Si–O bond. Traces of Si peak at 99.6 eV can be detected, belonging to free
silicon.

Figure 4.7 shows the quantitative deconvolution results of Si 2p spectra
of nc-TiN/a-SiNx nanocomposite thin films with different silicon content.
The silicon element exists mostly as the Si–N bond, although Si–O as well
as traces of Si–Si and Si–Ti bonds can be occasionally observed.

4.1.1.2. Effect of Deposition Conditions

Figure 4.8 shows the relationship between silicon content and Si3N4 target
power density (from 1.1 to 5.5W/cm2) for the nc-TiN/a-SiNx nanocom-
posite thin films (samples P1 to P5) deposited at 450◦C with a constant
Ti target power density of 5.5W/cm2. It is obvious that as Si3N4 target
power density increases from 1.1 to 5.5W/cm2, the silicon content in the
as-prepared nanocomposite thin films increases linearly from 1.7 at.% to
14.9 at.%.

Figure 4.9 shows the relationship between silicon content and deposition
target power ratio of Ti to Si3N4 for the nc-TiN/a-SiNx nanocomposite thin
films (samples P1 to P8) deposited at 450◦C. With the increase in target
power ratio of Ti to Si3N4 from 0 to 1.5, the silicon content in the as-
deposited nc-TiN/a-SiNx nanocomposite thin films decreases significantly
from 52.7 at.% to 7.2 at.%, and then tails off.
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Fig. 4.7. Changes of the different Si 2p components of nc-TiN/a-SiNx nanocomposite
thin films with different Si content after deconvolution. The Si element exists primarily
in the Si–N bond.
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Fig. 4.9. Si content changes with target power ratio of Ti to Si3N4 target. With an
increase in target power ratio from 0 to 1.5, the Si content in the as-deposited nc-TiN/a-
SiNx thin films decreases significantly from 52.7 at.% to 7.2 at.%; with further increase
in power ratio, the trend no longer appears scientific.

4.1.2. Topography

To evaluate the effect of target power density of Si3N4 on surface mor-
phology, the Si3N4 target power density is changed from 1.1 to 5.5 W/cm2

while Ti target power density is kept constant at 5.5 W/cm2. Topography
characteristics of the as-prepared nanocomposite thin films are tabulated
in Table 4.3.

Figure 4.10 shows the AFM images (300 nm × 300 nm) of the nc-TiN/a-
SiNx nanocomposite thin films with different Si3N4 target power densi-
ties. With increasing Si3N4 target power density, the roughness gradually

Table 4.3. Topography characteristics of hard and superhard
nc-TiN/a-SiNx nanocomposite thin films.

Sample code Roughness Interface width Lateral correlation
Ra(nm) ω (nm) length ξ (nm)

P1 5.8 7.3 28.0
P2 2.5 3.4 13.8
P3 1.5 1.8 12.8
P4 0.9 1.0 9.6
P5 0.7 1.0 9.4
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Fig. 4.10. AFM topography of the nc-TiN/a-SiNx nanocomposite thin films with
increasing Si3N4 target power density (in W/cm2): (a) 1.1, (b) 2.2, (c) 3.3, (d) 4.4,
and (e) 5.5, with roughness (Ra, nm) 5.8, 2.5, 1.5, 0.9 and 0.7, respectively.
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Fig. 4.10. (Continued)

decreases. Numeric treatment of the images gives rise to the height–height
correlation function G(r). Figure 4.11 plots G(r) as a function of r for sam-
ple represented by Fig. 4.10 (e), i.e. 5.5 W/cm2 Si3N4 target power density.
As predicted by Eq. (3.4), when r is small, G(r) has a power law dependency
on distance r. At “distant” locations (as r is large), G(r) is nearly constant.
Fitting the curve to Eq. (3.4) gives the lateral correlation length ξ = 9.4 nm,
the interface width ω = 1.0nm and the smoothness exponent α = 0.854.
The oscillation is due to the insufficient sampling size [77]. Similar treat-
ment of other samples listed in Table 4.3 results in different parameters
of ω, ξ, and α as a function of Si3N4 target power density. Plotting these
values gives rise to Figs. 4.12 and 4.13.
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Fig. 4.11. Height–height correlation function G(r) for the nc-TiN/a-SiNx nanocompos-
ite thin film with Si3N4 target power density of 5.5 W/cm2 (Fig. 4.10 (e)). The oscillation
is due to the insufficient sampling size.
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Fig. 4.12. Interface width ω and lateral correlation length ξ vary with Si3N4 target
power density. With increase in Si3N4 target power density, both interface width and
lateral correlation length decrease.

The morphology of the growing surfaces is determined by the compe-
tition of vertical build-up and lateral diffusion (Fig. 4.14). The vertical
build-up is caused by the random angle incident of the arriving atoms
(due to the uniform rotation of the substrate), and the growth produces
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Fig. 4.13. Surface smoothness quotient α and roughness Ra vary with target power
density. With increase in Si3N4 target power density, surface roughness Ra decreases,
while the smoothness quotient α increases.

Fig. 4.14. Schematic diagram of the competition of vertical build-up. Lateral diffusion
determines the morphology of the growing surfaces [118].

columnar film structure. The lateral growth depends on surface diffusion
which is largely determined by kinetic energy of the arriving ions. This is
clearly seen from the trends of ω and ξ in Fig. 4.12. As Si3N4 target power
density increases from 1.1 to 5.5W/cm2, the interface width ω decreases
from ∼7 to ∼1 nm (Fig. 4.12), indicating that the film becomes smoother
(recall that ω is the root mean square of the vertical fluctuation), which is
more directly observable in terms of increasing smoothness quotient α or
decreasing roughness Ra in Fig. 4.13. As target power density increases, ξ

decreases from ∼28 to ∼10nm. Since ξ depicts the distance within which
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“height” values (i.e. roughness) are correlated, a larger ξ means that surface
topography is correlated in a wider area. This is seen as larger “humps”,
as in Fig. 4.10(a), for film deposited at a lower power density (1.1W/cm2).
The growth kinetic is controlled by the mobility of the impinging atoms on
the surface before they condense and become entrapped in the film. This
mobility can be enhanced by inputting energy to the system, such as by
increasing deposition temperature or supplying impact energy through ion
bombardment. At low target power densities, ions have low mobility and
thus would be more likely to “stick” at where it arrives: the surface diffusion
is slow and the chances of erasing the peaks and filling up the “valleys” are
small, thus resulting in a much rougher surface. In the same token, small ξ

indicates that the surface topography is correlated only in a small area, as
seen in Fig. 4.10 progressively from (b) through (e) as target power density
increases. As the Si3N4 target power density increases, the kinetic energy
obtained by each Si or SiNx (as well as amount) increases, which transforms
into faster lateral diffusion and smoothens out the roughness at locations
further away, making the “hump” more localized and smaller, giving rise
to a smaller value of ξ and greater values of α [116, 117].

4.1.3. Microstructure

The effect of sputtering power density of Si3N4 target on microstruc-
ture includes changes in crystal phase, grain size and distribution,
preferential orientation and lattice parameter. Microstructure charac-
teristics of the as-prepared nanocomposite thin films are tabulated in
Table 4.4.

Table 4.4. Microstructure characteristics of hard and superhard nc-TiN/a-SiNx

nanocomposite thin films.

Sample Code P1 P2 P3 P4 P5 P6 P7 P8

Crystallite
Fraction (%) 3.6 6.7 7.3 7.1 10.8 1.1 0.0 0.0
Size (nm) 7.2 8.2 7.5 5.8 6.0 3.2 0 0

Coefficient of
Texture Thkl

(111) 2.84 0.01 0.62 — 0.00 — — —
(200) 0.02 1.34 1.79 — 0.13 — — —
(220) 0.14 1.64 0.60 — 2.87 — — —

Lattice parameter
aTiN (nm) 0.42350 0.43788 0.42994 — 0.44408 — — —
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4.1.3.1. Crystal Phase and Amorphous Matrix

Figure 4.15 shows the bright-field HRTEM morphological appearance of nc-
TiN/a-SiNx nanocomposite thin film with 11.3 at.%Si (sample P4). Crys-
tallites are embedded in matrix. The grain size is about 6 nm. Analysis of
the selected area diffraction (SAD) pattern shows that these crystallites are
polycrystalline TiN. No crystalline TiSix and Si3N4 are found. In general,
TiN crystallographic planes of (111), (200) and (220) exhibit more distinct
rings than other diffraction rings (Fig. 4.16). Proof of the crystallites being
TiN also comes from XRD analysis (Fig. 4.17). The substrate on which film
was deposited is silicon wafer (100), and the peak at about 69◦ in Fig. 4.17
belongs to silicon (400) diffraction.

Analysis of the SAD pattern (where there is no crystallite) gives rise,
on the other hand, to a diffuse pattern typical of an amorphous phase
(Fig. 4.18). Together with XPS analysis (Sec. 4.1.1), where silicon is mostly
in Si–N bond, the results confirm that the amorphous phase is amorphous
silicon nitride (a-SiNx). Usually, the TiN deposited at such conditions is in
crystalline phase. Silicon nitride, however, stays amorphous even at 1100◦C
[119]. These results are in agreement with the idea of spontaneous formation
of such nanostructures due to spinodal decomposition which occurs during
deposition [31].

Figure 4.19 shows an empiric model for the phase formation in Ti–
Si–N coating system, including the formation of nanocrystalline titanium
nitride (nc-TiN) and amorphous silicon nitride matrix (a-SiNx). The deposi-
tion conditions for the Ti–Si–N coating system are: deposition temperature

Fig. 4.15. HRTEM bright-field micrograph of nc-TiN/a-SiNx nanocomposite thin film
with 11.3 at.%Si (sample P4) showing the crystalline in size of 6 nm embedded in matrix.
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Fig. 4.16. Selected area diffraction (SAD) pattern of nc-TiN/a-SiNx nanocomposite
thin film with 11.3 at.%Si (sample P4) showing the crystalline TiN (111), (200) and
(220) crystallographic planes exhibit more distinct rings than other diffraction rings.
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Fig. 4.17. XRD pattern of nc-TiN/a-SiNx nanocomposite thin film with 11.3 at.%Si
(sample P4). Formation of crystallite TiN is confirmed.
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Fig. 4.18. SAD pattern (where there is no crystallite) of nc-TiN/a-SiNx nanocomposite
thin film with 11.3 at.%Si (sample P4) showing a diffuse pattern typical of an amorphous
phase.
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Fig. 4.19. Empiric model for phase formation in Ti–Si–N coating system: forma-
tion of nanocrystalline titanium nitride (nc-TiN) and amorphous silicon nitride matrix
(a-SiNx) [120].

at 450◦C, and total deposition power densities of (Ti + Si3N4) targets
greater than 6.6 W/cm2. In such deposition conditions, the mobility of the
species at the growing Ti–Si–N surface can be enhanced by the high depo-
sition temperature and the ion bombardment effect which is due to the
high deposition target power density. This enhancement in mobility is high
enough to assure nanocrystals/amorphous phase segregation, forming the
nc-TiN/a-SiNx nanocomposite.
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4.1.3.2. Grain Size and Distribution

Usually, XRD results are used to calculate grain size with Scherrer for-
mula [79] or Williamson–Hall plot analysis [121] owing to convenient sam-
ple preparation compared to that of the TEM sample. However, grain size
calculated based on XRD results can be affected by some factors, such
as residual stress and texture. Thus, the bright-field TEM morphological
appearance of the nc-TiN/a-SiNx nanocomposite thin film is used to deter-
mine grain size and crystallite fraction. Typical bright-field TEM micropho-
tos and the corresponding SAD patterns of nc-TiN/a-SiNx thin films with
different silicon content are presented in Fig. 4.20 (with high magnification)
and Fig. 4.21 (with low magnification). Grain size and crystallite fraction
obtained based on the high magnification photos are consistent with those
based on the low magnification ones.

Figure 4.22 shows that nc-TiN grain size changes as a function of sili-
con content. The grain size of nc-TiN basically decreases with an increase
in silicon content. During the deposition, the Ti target power density does
not vary (5.5 W/cm2) while Si3N4 target power density varies from 1.1
to 5.5 W/cm2 (samples P1 through P5) with N2 to Ar gas ratio as unity.
Though the presence of a large amount of N2 may result in Ti target poi-
soning to a certain degree (by forming TiN on Ti target surface) that would
contribute to some lessening of the Ti ion partial pressure, this effect would
be the same for samples P1 to P5 since they have the same Ti target power
density and the same N2 flow rate. However, the increase in of Si3N4 target
power inevitably increases silicon ion mobility and partial pressure while
reducing the titanium ion partial pressure, giving rise to a higher probabil-
ity of SiNx formation than TiN crystals. By the same token, the growth of
TiN nanocrystals is hindered, resulting in a decrease in the crystallite size.
At Si3N4 target power density of 6.6 and 7.7 W/cm2 (samples P6 through
P8) and Ti target power density of 4.4 W/cm2 down to zero, the titanium
ions do not have enough mobility or energy to form nc-TiN, thus the films
deposited are basically amorphous.

Figure 4.23 shows the relationship between crystallite fraction and sili-
con content. The increase in silicon composition comes from the increase in
silicon nitride target power density. At a higher sputtering power density
of Si3N4, more ionic nitrogen should be available for the formation of TiN
crystallites from more complete ionization of reactive N2 gas and a certain
degree of dissociation from the Si3N4 compound. Also, higher target power
density effectively exerts stronger ion bombardment on the growing film,
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(a) 

(b)

(c)

Fig. 4.20. Bright-field TEM images (high magnification) and corresponding SAD pat-
terns of nc-TiN/a-SiNx nanocomposite thin films with different Si content: (a) 5.2 at.%
(b) 14.9 at.%, and (c) 52.7 at.%. Grain size decreases with an increase in Si content.
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(a)

(b)

(c)

Fig. 4.21. Bright-field TEM images (low magnification) of nc-TiN/a-SiNx nanocom-
posite thin films with different Si content: (a) 5.2 at.% (b) 14.9 at.%, and (c) 52.7 at.%.
Grain size decreases with an increase in Si content.
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Fig. 4.22. TiN crystallite size vs. Si content based on the TEM image observation. As
Si content increases from 1.7 at.% to 52.7 at.%, TiN crystallite size decreases from about
8 nm to zero.
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Fig. 4.23. TiN crystallite fraction vs. Si content based on the TEM image observation.
As Si content increases from 1.7 at.% to 14.9 at.%, TiN crystallite fraction increases
from 4% to 11%. Further increase in Si content to 52.7 at.% results in nearly no TiN
crystallite phase.
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thus supplying more nucleus for the formation of crystalline TiN. In addi-
tion, more kinetic energy can enhance segregation and formation of TiN.
Although this effect applies equally to the SiNx matrix, it does not show up
since it is amorphous. As a result, the nc-TiN crystallite fraction increases
with silicon content. The drastic dip in nc-TiN crystallite fraction from 23.6
at.%Si actually comes from the reduction in Ti target power density from
4.4W/cm2 down to zero, and very little or no nc-TiN is formed.

It should be pointed out that deposition time is only 20min for the
TEM samples, compared to 120min for those deposited on silicon wafers.
Therefore, the average grain size measured based on TEM microphotos
might be slightly smaller than the 120min ones due to grain growth.

4.1.3.3. Preferential Orientation

Figure 4.24 reveals that Si3N4 target power density has a significant effect
on the orientation of the TiN crystallites. The degree of preferential orien-
tation can be quantitatively represented using coefficient of texture, Thkl,
through Eq. (3.6). The calculated coefficient of texture is tabulated in
Table 4.4 and plotted in Fig. 4.25. At low Si3N4 target power density
level, the nc-TiN is mainly oriented in the [111] direction (open squares
in Fig. 4.25). Increasing the Si3N4 sputtering target power density level,
the preferential orientation changes from [111] to [200] (solid circles) and
[220] (open circles). Further increase of the target power density aligns
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Fig. 4.24. XRD patterns of the nc-TiN/a-SiNx nanocomposite thin films with different
Si3N4 target power densities, revealing a significant effect of Si3N4 target power density
on the orientation of the nc-TiN crystallites.
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Fig. 4.25. Coefficient of texture of nc-TiN crystallites changing with Si3N4 target power
density. As Si3N4 power density increases, the preferential orientation changes from [111]
to [200] (solid circles) and [220] (open circles). Further increase of the target power density
aligns the nc-TiN crystallites in mainly the [220] direction. At very high Si3N4 target
power densities, the crystallites predominantly orient along the [220] direction.

the nc-TiN crystallites mainly in the [220] direction. At very high Si3N4

target power density, the crystallites predominantly orient along [220]
direction.

The orientation and the evolution of the growing film depend basically
on the effective total energy: the rule of the lowest energy. This is also true
in the case of preferential growth orientation of TiN thin films [122]. The
most prominent competition energies are surface energy [123] and strain
energy [124]. The surface energy of a plane can be calculated using the sub-
limation energy and the number of free bonds per surface area. For TiN,
the surface energies for (111), (200) and (220) are 400, 230 and 260J/m2,
respectively. Sublimation energy is 6.5 × 10−19 J/atom [123, 125]. The
(200) plane is the plane of the lowest surface energy in the TiN crystal
(which has the NaCl-type structure [126,127]). Thus, as the surface energy
is the main driving force, the TiN crystallites will orient on (200) plane
(or [200] growth direction). At the very beginning of the deposition, it
should be a surface energy controlled process because the strain energy
has not kicked in yet, thus (200) crystallographic plane should be pre-
dominantly parallel to the substrate surface. Since the total strain energy
is proportional to the layer thickness and depends on the mean elastic
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moduli acting in the (hkl) plane parallel to the interface, competition from
strain energy kicks in as the film grows. For pure TiN, the strain energy
is minimized when the (111) plane is parallel to the interface [125]. In
our experiment, even though the crystallite is not pure TiN but a (Ti,
Si)N solid solution, at low Si3N4 target power densities, the amount of Si
atoms in the TiN lattice is very limited (less than 2 at.% in the whole film
at 1.1W/cm2, as revealed by XPS), thus the strain energy of the (111)
plane is dominant, resulting in the (111) texture. As deposition power den-
sity increases, the ions obtain greater kinetic energy which is even high
enough to force itself into the empty space in the TiN lattice and form
interstitial solid solution, as manifested in the lattice parameter increase
(Table 4.4). Meanwhile, simple calculation reveals that for the fcc struc-
ture (Fig. 4.26), the (111) plane has the highest planar density (PD) [19]
(defined as number of atoms per unit area in the plane): 0.29/r2, where
r is the radius of the atom forming fcc lattice. Thus squeezing into (111)
plane is more difficult (this would cause further increase in total system
energy). For (200), PD = 0.25/r2, and for (220), PD = 0.18/r2. Therefore,
it is more probable for arriving ions to insert into (200) or (220) planes,
resulting in the least increase in the total system energy is (less strain
energy is generated because the atoms or ions do not have to squeeze as
hard). Consequently, since the (220) plane has the lowest planar density,
at high deposition power density, the preferential orientation is the [220]
direction.

Fig. 4.26. Schematic diagram of fcc structure. The (111) plane has the highest planar
density: 0.29/r2, where r is the radius of the atom forming fcc lattice. For (200), PD =
0.25/r2, and for (220), PD = 0.18/r2.
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4.1.3.4. Lattice Parameter

During co-sputtering of Ti and Si3N4 targets in Ar and N2 atmosphere,
aside from forming amorphous SiNx in the matrix, silicon also enters into
TiN crystallites as solid solute which can affect the nc-TiN lattice param-
eters. The calculated lattice parameters are listed in Table 4.4 and plotted
in Fig. 4.27 as a function of Si3N4 target power density. With an increase in
Si3N4 target power density, the lattice parameter increases from 0.42350 to
0.44408nm. It is interesting to note that the measured TiN lattice parame-
ter of 0.42350nm at the lowest Si3N4 target power density (1.1 W/cm2) is
smaller than that of the database value of 0.42417nm; all other values are
larger than this value. At the 1.1 W/cm2 target power density level, there
is reason to believe that the silicon ions for this deposition has very low
kinetic energy and thus very low mobility. In such a case, silicon forms sub-
stitutional solid solution with TiN [128], i.e. (Ti, Si)N. Since the ionic radius
of Si 4+ (0.041 nm) is only about half of that of Ti 3+ (0.075nm) [129], sub-
stitution of titanium with silicon results in the reduction in lattice param-
eter. Thereafter, as the Si3N4 target power density is increased to 2.2, 3.3
and 5.5W/cm2, the silicon ion would have obtained much more kinetic

0 1 2 3 4 5 6 7
0.40

0.41

0.42

0.43

0.44

0.45

0.46

0.47

(TiN)
 =  0.42417 nm

L
at

ti
ce

 p
ar

am
et

er
 (

n
m

)

Si3N4 target power density (W/cm2)

Fig. 4.27. Calculated lattice parameter as a function of Si3N4 target power density.
With an increase in Si3N4 target power density from 1.1 to 5.5W/cm2, lattice parameter
increases from 0.42350 to 0.44408 nm.
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Fig. 4.28. Schematic diagram of microstructure of (Ti, Si)N solid solution, where Si is
in the interstitial position of TiN lattice.

energy, thus forming interstitial solid solution (Fig. 4.28) [129]. Therefore,
an increase in lattice parameter is observed.

4.1.4. Mechanical Properties

The effects of the sputtering power density of Si3N4 target on mechanical
properties, such as residual stress, Young’s modulus, hardness and adhesion
strength are summarized in Table 4.5.

Table 4.5. Mechanical characteristics of hard and superhard nc-TiN/a-SiNx nanocom-
posite thin films.

Sample code P1 P2 P3 P4 P5 P6 P7 P8

Residual stress
σ (MPa) −4.2 −5.6 −40.2 −82.0 −150.0 — −67.5 −52.5

Hardness
H (GPa) 7.6 16.6 20.7 25.8 36.8 16.4 15.5 15.0

Young’s modulus
E (GPa) 196 209 222 276 324 211 185 184

Critical load (mN)
LC1 200 300 250 225 175 50 50 50
LC2 350 375 450 375 325 200 225 250
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4.1.4.1. Residual Stress

The residual stress data obtained from Eq. (3.17) is plotted in Fig. 4.29
as a function of Si3N4 target power density. With an increase of Si3N4

target power density, the residual stress increases from near-zero to about
−0.15GPa. The minus sign indicates that the stress is in the compressive
state. This is a very small residual stress for magnetron sputtering deposited
thin films.

Assuming that the stress is zero, which results purely from a change
of temperature (as a result of slow cooling from deposition temperature
to room temperature), the residual stress σ in magnetron sputtered films
is structure related and results from the three aspects are as follows
(Eq. (4.1)): thermal stress σT, growth-induced stress σg and structural
mismatch-induced stress σm:

σ = σT + σg + σm. (4.1)

The thermal stress σT is an extrinsic stress resulting from the difference
in the coefficient of thermal expansion (CTE). The latter two stresses
(growth-induced stress σg and structure mismatch-induced stress σm) con-
stitute the intrinsic stress [130,131]. In our nc-TiN/a-SiNx nanocomposite
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Fig. 4.29. Relationship of residual stress with Si3N4 target power densities. With
increasing Si3N4 target power density, the residual stress increases from near-zero to
about −0.15GPa.
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thin films, since the matrix is amorphous, basically no effort is needed in
structure “matching” between nc-TiN and the a-SiNx matrix, therefore
σm ∼ 0. Thus in our system, the residual stress σ mainly comes from ther-
mal stress σT and growth-induced stress σg, which are analyzed in detail
below.

1. Thermal Stress (σT)

The thermal stresses originate from the fact that the CTE is different
between the thin film and the substrate. Hence the shrinkage of the film
differs from that of the substrate during post deposition cooling. The stress
in the film measured at room temperature Trm (usually 25◦C) can be cal-
culated using the following equation [132,133]:

σT =
Ef

1 − νf

∫ Trm

Tdep

(αs(T ) − αf (T )) · dT, (4.2)

where Tdep and Trm represent the deposition temperature and room tem-
perature, respectively. Ef and νf are the elastic modulus and the Poisson
ratio of the film. αf (T ) and αs(T ) are CTE of the thin film and substrate,
respectively. Though CTE normally varies with temperature, for a rough
estimation, if we do not take the temperature effect into account, we may
use the CTE data from the literature (listed in Table 4.6) to estimate the
thermal stresses. Our XPS analysis shows there is no trace of Ti–Si; even
if there is some, the amount is quite small. So we do not consider the TiSi
phase effect during the residual stress analysis. Using XPS composition
results (Table 4.2) and assuming only TiN and Si3N4 (for the simplicity
of estimating the fraction of a-SiNx) exist in the film, TiN fraction is esti-
mated. Based on the rule of mixtures between TiN and Si3N4, CTE values
of the nc-TiN/a-SiNx nanocomposite thin films are calculated and listed
in Table 4.7. Also listed in Table 4.7 are the thermal stresses calculated
using Eq. (4.2). Note that these values are positive, i.e. a tensile stress is
generated in the film due to thermal mismatch between the film and the

Table 4.6. Material constants used for calculation of thermal stress σT.

Constant Notation Value Ref.

CTE (Si substrate) αSi 2.6 × 10 −6/K [134]
CTE (TiN) αTiN 9.4 × 10 −6/K [135]
CTE (Si3N4) αSi3N4 2.5 × 10 −6/K [135]
Poisson’s ratio (for all films) νf 0.25 [136]
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Table 4.7. Calculated CTE and thermal stress σT.

Sample Si3N4 power TiN (%) CTE E σT

code density (W/cm2) (× 10 −6/K) (GPa) (GPa)

P1 1.1 98.86 9.3 196 0.75
P2 2.2 96.17 9.1 209 0.78
P3 3.3 94.07 9.0 222 0.80
P4 4.4 90.33 8.7 276 0.95
P5 5.5 85.56 8.4 324 1.05

substrate. This is easily understood since the CTE of the film is greater
than that of the substrate. Upon cooling, the shrinkage in the film would
be more than that in the substrate. Since the film is not delaminated, the
film must then be “stretched” (thus tensile stress) to satisfy the continuity
between the film and the substrate.

2. Growth-Induced Stress (σg)

The stress resulting from the growth of sputtered thin film depends on
substrate temperature, gas pressure and bias voltage, i.e. the kinetic energy
of the ions. In magnetron sputtering, the kinetic energy of the ions is of the
order of 100 eV [130,137], sufficient to create defects in the growing layer.
Increasing the bombardment leads to an increase in stress [131]. In general,
as sputtering power density increases, the kinetic energy of the impinging
ions increases, which results in an increase in the strain of the film [138].
Within a certain sputtering power range, this can be best understood by
relating the deposition ion energy Uk with the target power density Dw

together with substrate bias Vs and gas pressure Pg through Eq. 4.3:

Uk ∝ DwVs

Pg
1/2

. (4.3)

Therefore, this energetic ion generates stress in both the amorphous matrix
and the nanocrystalline phase. In the amorphous matrix, the energetic ionic
bombardment induces atomic distortion or atom displacement from their
equilibrium (stress-free) locations. In the crystalline phase, this energetic
ion generates lattice distortion in terms of substitutional or interstitial solid
solution (Table 4.4), resulting in the increase in the lattice parameter of
nc-TiN from 0.42350nm to 0.44408nm. The total growth-induced stress σg

can be seen from the difference of the total residual stress σ and the thermal
stress σT. From Eq. (4.1),

σg = σ − σT. (4.4)
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Since the total residual stress σ (neglecting structural mismatch-induced
stress σm) is from near-zero to −0.15GPa, and the thermal stresses σT are
about 1GPa (Table 4.5), the growth-induced stress σg is therefore about
−1GPa. These two components of residual stresses are opposite in sign,
thus they mostly cancel each other out, resulting in an almost stress-free
thin film.

4.1.4.2. Hardness

4.1.4.2.1. Nanoindentation

Figure 4.30 shows one typical nanoindentation load-displacement profile of
nc-TiN/a-SiNx nanocomposite thin film with 14.9 at.%Si (sample P5). The
film thickness is 600nm. The film roughness (Ra) in 300nm × 300 nm areas
is about 0.8 nm (less than 1% of the film thickness), which is identified using
AFM. The maximum load during indentation is 1.14mN and the maximum
indentation depth is 50 nm (less than one tenth of the film thickness). The
hardness and Young’s modulus analyzed using Oliver–Pharr method are
36.8GPa and 324GPa, respectively.

4.1.4.2.2. Effect of Indentation Depth

Nanoindentation with different indentation depth were performed on nc-
TiN/a-SiNx nanocomposite thin film with 11.3 at.%Si (sample P4, with
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Fig. 4.30. Nanoindentation load-displacement profile of nc-TiN/a-SiNx nanocomposite
thin film with 14.9 at.%Si (sample P5). Nanoindentation depth is less than one tenth of
the films thickness so as to avoid the effect of substrate on film hardness.
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Fig. 4.31. Hardness as a function of indentation depth. When indentation depth is less
than one tenth of the coating thickness, the hardness near keeps a constant value of
about 25.8 GPa. With increase in indentation depth, the measured hardness decreases
due to the effect of Si substrate (hardness 9.8GPa).

600 nm in thickness) to study the effect of indentation depth on film hard-
ness. Figure 4.31 shows the measured hardness as a function of indentation
depth. When indentation depth is within one tenth of film thickness, the
average measured hardness is nearly constant, which represents the intrinsic
hardness. The measured intrinsic hardness of nc-TiN/a-SiNx nanocompos-
ite thin film with 11.3 at.%Si is 25.8 GPa. Under lower indentation depth,
such as 25 nm, the deviation from the average value is much larger than that
under high indentation depth, for example 50 nm. This is due to the fact
that small indentation depth tends to be significantly affected by surface
roughness compared to high indentation depth. When indentation depth
exceeds one tenth of film thickness, with further increase in depth, the
measured hardness decreases linearly. This is because the elastic–plastic
deformation field in the film just below the indenter is not confined to the
film itself, but to a long range field that extends into the silicon substrate.
The effect of silicon substrate on film hardness is inevitable. The silicon
(100) wafer substrate has much lower hardness (9.8 GPa) than that of nc-
TiN/a-SiNx nanocomposite thin film (25.8 GPa) with 11.3 at.%Si (sample
P4). Therefore, with an increase in indentation depth, the measured hard-
ness decreases.
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4.1.4.2.3. Effect of Residual Stress

Figure 4.32 shows the relationship between hardness, residual stresses and
silicon content for nc-TiN/a-SiNx nanocomposite thin films. Veprek [12]
pointed out that the intrinsic hardness values for film are those with residual
stress less than 1GPa. Under that condition, the residual stress will not
contribute to the measured hardness value. Since all the as-prepared nc-
TiN/a-SiNx nanocomposite thin films have residual stresses far less than
1GPa, the enhancement of the hardness in these nanocomposite films is
not due to residual stress.

4.1.4.2.4. Effect of Grain Size and Crystallite Fraction

Plotting nanoindentation hardness against nc-TiN crystallite size gives rise
to Fig. 4.33. This clearly demonstrates: (a) as crystallite size decreases
(going from right to left on X-axis), film hardness increases drastically
(Hall–Petch relationship); (b) the maximum (37GPa) is approximately
6 nm crystallite size; (c) further decrease in crystallite size brings about
a decrease in hardness (the anti-Hall–Petch effect); and (d) the hardness
tails off to the hardness of an amorphous phase as crystallite size diminishes.
This result matches extremely well with Schiotz’s theoretical prediction [16].

-0.4

-0.2

0.0
0.40

0.41

0.42

0.43

0.44

0.45

0 10 20 30 40 50 60

0

10

20

30

40

 Residual stress

 R
es

id
u

al
 s

tr
es

s 
(G

P
a)

Si content (at.%)

 Hardness

H
ar

d
n

es
s 

(G
P

a)

Fig. 4.32. Relationship between hardness, residual stress and Si content for nc-TiN/a-
SiNx nanocomposite thin films. There is no impact on the film hardness from the residual
stress.
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Fig. 4.33. Nanoindentation hardness vs. nc-TiN crystallite size in the nc-TiN/a-
SiNx nanocomposite thin films: both Hall–Petch and anti-Hall–Petch phenomena are
observed.
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Fig. 4.34. Hardness varies with nc-TiN crystallite fraction and Si content. Film hard-
ness increases significantly to about 37 GPa at about 14.9 at.%Si, corresponding to the
maximum crystallite fraction of about 11%. Further increase in Si brings about drastic
decrease in hardness to about 15 GPa, which is a common value reported for Si3N4 film;
this again, corresponds to the reduction in crystallite fraction.
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Figure 4.34 displays the relationship between film hardness together
with crystallite fraction as a function of silicon content. The film hardness
increases significantly to about 37GPa at about 14.9 at.%Si, correspond-
ing to the maximum crystallite fraction about 11%. Further increase in
silicon brings about drastic decrease in hardness to about 15GPa, which
is a common value reported for Si3N4 thin film. This again, corresponds
to the reduction in crystallite fraction. In order to simplify the calcu-
lation, assuming crystallite is a ball-shape with diameter of d and the
grain boundary is the near out-layer (thickness ∆d) of the crystallite,
then the volume of grain boundary Vboundary can be roughly estimated
using

Vboundary =
Vcrystal

4
3π(d

2 )3
·
[

4
3
π

(
d

2
+ ∆d

)3

− 4
3
π

(
d

2

)3
]

. (4.5)

Taking the first two terms of Taylor expansion, Eq. (4.5) is simplified to

Vboundary ≈ Vcrystal

4
3π(d

2 )3
· 4π

(
d

2

)2

(∆d) = 6
Vcrystal

d
· ∆d, (4.6)

where Vcrystal is the volume of crystalline. From Eq. (4.6) it can be seen
that the grain boundary volume is proportional to crystalline volume and
reversely to grain size. With increase in silicon content to about 14.9 at.%,
the grain size decreases to about 5 nm (Fig. 4.22) while crystalline frac-
tion (represented in area ratio in this case) increases to 11% (Fig. 4.23).
Therefore, the grain boundary volume should increase significantly. Thus,
there is more grain boundary to effectively hinder dislocation propagation,
which contributes to the increase in hardness. With further increase in sil-
icon content, the crystallite fraction (represented in area ratio in this case)
decreases to less than 1%, and at the same time, grain size decrease to 3 nm.
Grain boundary strengthening is weakened. The grain boundary sliding is
more active, which contributes to the decreases in hardness.

4.1.4.2.5. Relationship Between Hardness and Young’s Modulus

Figure 4.35 shows the relationship between hardness and Young’s modulus
for a number of nc-TiN/a-SiNx nanocomposite thin films with different
silicon content. The experiment data show an approximately linear increase
in the Young’s modulus with the hardness. The Young’s modulus varies by
a factor of 5.45, showing a proportionality E = [122± 8)]+[5.45± 0.37]×H .
It is generally accepted that hardness of bulk material scales with the energy
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Fig. 4.35. Correlation between indentation hardness and Young’s modulus for nc-
TiN/a-SiNx nanocomposite thin films.

of dislocation because the plastic deformation of crystalline materials is due
to dislocation activity, and the energy of a dislocation is proportional to
the shear modulus through [139]:

Uscrew = Gb̄2, (4.7)

Uedge = G
b̄2

1 − v
, (4.8)

where Uscrew and Uedge are energies of screw dislocation and edge dislo-
cation, respectively. b̄ is Burgers’ vector. G is the shear modulus, which
is related to Young’s modulus E. Therefore, it is not surprising that such
correlation between the indentation hardness H and the Young’s modulus
E can be found for the hard and superhard nc-TiN/a-SiNx nanocomposite
thin films.

Figure 4.36 shows H3/E2 as a function of thin film hardness. The ratio
of H3/E2 is regarded by Tsui et al. [140] as an important criterion of the
resistance against plastic deformation for hard materials and is emphasized
by Musil [141] as an important criterion of mechanical properties for hard
nanocomposite thin films. Measured values of hardness H and Young’s
modulus E enable calculation of the ratio H3/E2, which gives information
on the resistance of materials to plastic deformation. The higher the ratio
of H3/E2, the higher the resistance to plastic deformation. From Fig. 4.36,
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Fig. 4.36. H3/E2 as a function of hardness. The resistance to plastic deformation
increases with the increase in film hardness.

it can be clearly seen that the resistance to plastic deformation increases
with the increase in film hardness.

4.1.4.3 Toughness

To investigate the repeatability of microindentation method in determin-
ing thin film toughness, microindentation under different indentation load
were conducted on 600 nm thick nc-TiN/a-SiNx nanocomposite coatings
with different silicon content. The well-defined (c ≥ 2a) cracks generated
by microindentation were used to calculate the thin films toughness through
Eq. (3.16). In order to obtain well-defined radial crack (c ≥ 2a) and to focus
and observe conveniently under SEM, indentation loads of 10.00, 5.00, 2.00
and 1.00 N were used. The sample information and calculated toughness
values are tabulated in Table 4.8 and plotted in Fig. 4.37. The extrapo-
lated toughness values in Table 4.8 were obtained by plotting the calcu-
lated toughness value and then extrapolating the curve to depth of about
one tenth of the film thickness.

Figure 4.37 shows the calculated toughness of nc-TiN/a-SiNx thin films
with different silicon content under different indentation loads. All the
curves obtained under different loads, such as 10.00, 5.00, 2.00 and 1.00 N,
confirm that the nc-TiN/a-SiNx nanocomposite thin film with 7.2 at.%Si
(sample P3) possesses the highest toughness. In addition, all the curves
plotted show a consistent trend, which indicates that the microindentation
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Table 4.8. Toughness of nc-TiN/a-SiNx nanocomposite thin films with different
Si content under different indentation loads.

Indentation load (N) Extrapolated
toughness value
(MPa m1/2)

Sample code 10.00 5.00 2.00 1.00

Calculated toughness value (MPa m1/2)

P1 1.13 1.40 1.18 1.53 1.31
P2 0.75 0.96 0.82 0.92 0.86
P3 1.20 1.40 1.89 2.00 1.62
P4 0.81 0.89 1.11 1.46 1.07
P5 0.75 0.73 0.72 0.94 0.78
P6 0.86 0.83 1.13 1.16 0.99
P7 0.95 0.80 0.99 1.15 0.97

P8 0.88 1.04 0.87 1.23 1.00
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Fig. 4.37. Toughness (under different test loads: 10.00, 5.00, 2.00 and 1.00 N) of nc-
TiN/a-SiNx nanocomposite thin films with different Si content. From the four curves
plotted, it can be concluded that microindentation is a reasonable method for thin film
toughness measurement with high consistency and repeatability.

method has high repeatability and can be used as a fairly reliable represen-
tation of toughness for thin films. However, it should be pointed out that
the measured toughness is affected by the silicon substrate under such high
indentation load due to the small thickness (0.6 µm) of the coatings.

It is worth pointing out that, in this section, we assess the tough-
ness measurement methodology. The drop of toughness for nc-TiN/a-SiNx

with 5.2 at.%Si is not due to the test method. This trend has also been
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observed for other testing approaches, such as scratch and nanoindentation
(Fig. 4.42). The mechanism of toughness of nc-TiN/a-SiNx nanocomposite
thin film varying with silicon content needs further study.

4.1.4.4 Adhesion

In a scratch test, the critical loads Lc1 and Lc2 can be determined through a
combination of optical observation (Fig. 4.38) and a sudden kink in friction
(expressed in terms of voltage ratio in Fig. 4.39) [12, 142]. The complete
peeling off of film from substrate is represented by a sudden large change
in friction.

Figure 4.38 shows the optical observations of scan scratch track on nc-
TiN/a-SiNx nanocomposite thin film surface at both low and high magni-
fications. Below the lower critical load Lc1, the thin film is scratched by
the scratch tip, associated with the plastic flow of materials. At and after

(a) 

(b)

Fig. 4.38. Optical observation with (a) low magnification, and (b) high magnification
of the film surface after scanning scratch, showing that cracking occurs and there is a
complete peeling off of coating from substrate.
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Fig. 4.39. One example of scratch test showing lower critical load Lc1, under which the
cracking occurs in coating, and higher critical load Lc2, under which there is a complete
peeling off of coating from substrate.

the lower critical load Lc1, cracks were observed. The schematic diagram of
scratch damage mechanism for the nc-TiN/a-SiNx nanocomposite thin film
is shown in Fig. 4.40. Before the lower critical load Lc1, if a film has good
toughness, scratch associated with the plastic flow of materials is respon-
sible for the damage of film [Fig. 4.40(a)]. If a film has a poor toughness,
cracking could occur during the scan scratch process, associated with cracks
and debris [Fig. 4.40(b)]. When the load increases up to the higher critical
load Lc2, delamination or buckling will occur, which induces complete peel
off of films from substrate [Fig. 4.40(c)].

Figure 4.41 shows the scratch toughness, which is represented by lower
critical load Lc1 varying with silicon content in nc-TiN/a-SiNx nanocom-
posite thin films. The scratch toughness is characterized using lower critical
load Lc1 obtained from the scratch test. The highest scratch toughness can
achieve approximately 300 mN for nc-TiN/a-SiNx nanocomposite films with
5.2 at.%Si. However, the critical load is not “fracture toughness” (and, of
course, the unit is wrong for fracture toughness). What the lower critical
load represents is a load bearing capacity, or crack initiation load. Perhaps
it can be treated as some sort of “crack initiation resistance”: the higher the
Lc1, the more difficult it is to initiate a crack in the film. However, initiation
of a crack does not necessarily result in fracture in the film; what important
is how long the film can hold and withstand further loading before a catas-
trophic fracture occurs. Thus, the film toughness should be proportional to
both the lower critical load Lc1 and the load difference (Lc2−Lc1) between
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(a)

(b)

(c)

Fig. 4.40. Schematic diagram of scan scratch damage mechanism of the nc-TiN/a-SiNx

nanocomposite thin film: (a) scan scratch associated with the plastic flow of materials,
(b) crack formation in film at the lower critical load Lc1, and (c) total peeling off of
coating from substrate at the higher critical load Lc2.

the higher and the lower critical load. The product of these two terms is
termed “scratch crack propagation resistance”, or CPRs:

CPRs = Lc1(Lc2 − Lc1) (4.9)

The parameter CPRs can be used as a quick qualitative indication of the
film toughness or used in a quality control process for tough film.

As a first degree approximation, the parameter “scratch crack prop-
agation resistance” (or CPRs) is used to qualitative estimate the film



March 3, 2008 11:19 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch01

Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 65

0 10 20 30 40 50 60

50

100

150

200

250

300 Scratchtip radius: 15 µm
Coaitng thickness: 600 nm

L
o

w
er

 c
ri

ti
ca

l 
lo

ad
 (

m
N

)

Si content (at.%)

Fig. 4.41. Scratch toughness represented by lower critical load Lc1 for nc-TiN/a-SiNx

nanocomposite thin films with different Si content. Sample P2 shows the best toughness
property.

toughness. The film toughness represented by CPRs for nc-TiN/a-SiNx

nanocomposite thin films with different silicon content is shown in Fig. 4.42.
A high Lc1 value means that the film has a high ability to resist cracking,
whereas a high Lc2 value means that the film is more durable, i.e. even if
cracking occurs, the film is not totally damaged. From a machining appli-
cation viewpoint, the nc-TiN/a-SiNx nanocomposite thin film prepared
with silicon content of 7.2 at.% is preferred for its good comprehensive
mechanical properties. This film has high crack initiation resistance (with
Lc1 = 250mN) and high adhesion strength (with Lc2 = 450mN). At the
same time, the film has a high hardness of about 20GPa. While the nc-
TiN/a-SiNx nanocomposite thin film with silicon content of 5.2 at.% shows
poor mechanical properties, the crack propagation resistance (CPRs) is
the lowest (Fig. 4.42). The ability to resist crack for this film (with 5.2
at.%Si) is not too low (Lc1 = 300mN). However, if cracking occurs, the
film will be totally damaged in a short time due to its lower adhesion
strength (Lc2 = 375mN).

4.1.5. Summary

The effect of Si3N4 target power density (and/or target power ratio of Ti
to Si3N4) on mechanical properties, such as residual stress, hardness and
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Fig. 4.42. Toughness (denoted by crack propagation resistance) of nc-TiN/a-SiNx

nanocomposite thin films with different Si content. Sample P3 shows the best tough-
ness property.

toughness, of the nc-TiN/a-SiNx nanocomposite thin films can be summa-
rized as follows:

1. The residual stress resulting from sputtering deposition of nc-TiN/a-
SiNx nanocomposite thin films comprise mainly of growth-induced
stress and thermal stress. Growth-induced stress increases with sputter-
ing target power density, but only reaches about −1GPa, even when
the highest target power density is used. Growth-induced stress is
opposite in sign and roughly equal in quantity to the thermal stress
induced by the difference in the coefficient of thermal expansion between
the film and the silicon wafer substrate. As a result, the magnetron
sputtered nc-TiN/a-SiNx nanocomposite thin films become almost
stress-free.

2. Hardness was measured using nanoindentation with a depth less than
one tenth of film thickness. The indentation data was analyzed using
the Oliver–Pharr method. The enhancement in hardness is due not to
low residual stress (less than −1GPa), but to microstructure. The rela-
tionship between the nc-TiN/a-SiNx nanocomposite thin film hardness
and the crystallite size of nc-TiN matches the Hall–Petch relationship at
larger crystallite size and anti-Hall–Petch relationship as the crystallite
size becomes very small (below 6nm in this study). The relationship
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between hardness and Young’s modulus is agreeable with that obtained
from the other nanocomposite thin film system.

3. Toughness measurement and assessment evaluation results confirm that
microindentation is a convenient and repeatable technique used to char-
acterize toughness of hard thin film deposited on brittle substrate. At
high indentation load, well-defined (c ≥ 2a) radial crack lengths gen-
erated are clear and can be easily used to calculate toughness. How-
ever, substrate effect may come into play and affect the actual values of
thin film toughness. At lower indentation load, substrate effect on thin
film toughness measurement can be reduced. However, there come other
difficulties, including generating a well-defined (c ≥ 2a) radial crack,
locating the crack, focusing the crack under electron microscopy and
measuring the crack length. A nanoindentation test can be conducted to
characterize thin film toughness both quantitatively and qualitatively. In
quantitative determination of thin film toughness, the substrate effect
can be significantly reduced, however, difficulties come from locating
the indentation impression and measuring crack length. In qualitative
characterization, plasticity can present consistent trends for series sam-
ples. However, plasticity is not “toughness”. Scratch test data can be
used indirectly to qualitatively characterize thin film toughness. Crack
propagation resistance parameter has been proposed. However, these
parameters are not the termed “toughness”. Two-step tensile test can
be conducted to measure the toughness of the thin films in the case of
satisfying the assumptions.

4. The toughness of as-prepared nc-TiN/a-SiNx nanocomposite thin films
(samples P1 to P8) has been measured using the microindentation
method due to its convenience. To deduce the film toughness from the
substrate-effected data, KIC values are plotted and the curve is then
extrapolated to a depth of about one tenth of the film thickness to obtain
the film toughness. The results show that the nc-TiN/a-SiNx nanocom-
posite thin film with 7.2 at.%Si has the highest toughness value of 1.62
MPa m1/2, while the thin film with 14.9 at.%Si has the poorest toughness
(0.78 MPa m1/2).

4.2. Ni-Toughened nc-TiN/a-SiNx

Irie et al. [143] proposed doping metallic nickel into hard and superhard
TiN coatings by cathodic arc ion plating to improve toughness. TiN and
Ni were selected for the high hardness phase and high toughness phase,
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respectively. In this study, in order to obtain thin films with high hardness
in combination with high toughness, Ni-toughened nc-TiN/a-SiNx films
were deposited by doping Ni into nc-TiN/a-SiNx with high hardness. TiNi
(atomic ratio of 50/50, 99.99%) target was used as the source of Ni. DC
magnetron powers were applied to Ti and TiNi targets, while RF power was
used on Si3N4 target. Four-inch silicon (100) wafers were used as substrate.
The substrate treatment was the same as that for deposition of nc-TiN/a-
SiNx samples. The base pressure for deposition was 1.33× 10−5 Pa. During
deposition, gas pressure was 0.67Pa, and gas flow rates for N2 and Ar were
both 15 sccm. Deposition was performed at a substrate temperature of
450◦C for two hours to obtain films with thickness of about 0.7µm. Film
deposition parameters are listed in Table 4.9 according to the Ni-toughened
nc-TiN/a-SiNx nanocomposite thin films prepared.

The as-prepared Ni-toughened nc-TiN/a-SiNx nanocomposite thin
films were studied using different characterization techniques, such as
XPS, AFM, XRD/GIXRD, TEM/HRTEM, scratch, microindentation
and nanoindentation. The results and discussions are presented in this
section.

4.2.1. Composition

All Ni-toughened nc-TiN/a-SiNx nanocomposite thin films are etched with
an Ar ion beam for 15 min before composition measurement. The chemical
compositions obtained from XPS are listed in Table 4.10, in which the
atomic concentration of Ni, Ti, Si and N are used to describe the samples.
The results show that titanium content for all samples is about 30 ± 5 at.%.
Ni content for all samples varies greatly from zero to 38.8 at.% with different
experimental conditions, mainly target power ratio of TiNi/(TiNi + Ti).

Table 4.9. Experimental conditions for deposition of Ni-toughened
nc-TiN/a-SiNx nanocomposite thin films.

Sample code S1 S2 S3 S4 S5 S6 S7 S8

Deposition
condition

Si3N4 target power
density (W/cm2)

6.6 6.6 6.6 6.6 6.6 6.6 6.6 4.4

TiNi target power
density (W/cm2)

0 0.2 0.7 1.1 1.4 1.6 2.2 4.4

Target power ratio
of TiNi/(TiNi+Ti)

0 0.04 0.12 0.20 0.25 0.30 0.40 1.00
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Table 4.10. Chemical composition characteristics of Ni-toughened nc-TiN/a-SiNx

nanocomposite thin films.

Sample code S1 S2 S3 S4 S5 S6 S7 S8

Deposition
condition

Si3N4 power
density (W/cm2)

6.6 6.6 6.6 6.6 6.6 6.6 6.6 4.4

TiNi power
density (W/cm2)

0 0.2 0.7 1.1 1.4 1.6 2.2 4.4

Power ratio of
TiNi/(TiNi+Ti)

0 0.04 0.12 0.20 0.25 0.30 0.40 1.00

XPS Chem. Ni

(at.%)

0 2.1 4.3 6.3 13.0 16.4 19.0 38.8
Com. Ti 35.7 37.2 33.2 29.3 26.2 26.6 27.4 26.8

Si 12.5 10.6 14.0 15.3 17.0 14.1 11.5 4.7
N 51.8 50.1 48.5 49.1 43.8 42.9 42.1 29.7

4.2.1.1 Quantitative Compositional Analysis

Figure 4.43 shows one detailed XPS survey scan spectrum with indexed
peaks. XPS survey scan spectra with binding energy from 0 to 1100 eV is
recorded. The dominant signals are from C, O, Ni, Ti, Si and N. Oxygen
and carbon contaminations exist because of film exposure to air (ambient
laboratory). The XPS spectrum is obtained without prior surface bombard-
ment by Ar ion beam.

Figure 4.44 shows one typical XPS depth profile of the Ni-toughened nc-
TiN/a-SiNx nanocomposite thin film with 4.3 at.%Ni (sample S3). There
is an inevitable oxygen and carbon contamination layer on the film surface,
which is expected to render an insignificant effect on the film’s mechanical
properties such as nanoindentation hardness. Ni and Si contents increase
at the beginning and then remain almost constant, whereas Ti and N con-
tents increase dramatically at the beginning and then increase slightly after-
wards.

Figure 4.45 shows the Ni 2p core level spectrum. The peaks at the bind-
ing energy value of 853.0 eV and 870.7 eV are confirmed to be 2p3/2 and
2p1/2 of metallic nickel, respectively. The peak at 859.6 eV is the satellite
peak, which is probably a consequence of sputter-damaged crystallites [69].
No nickel nitride exists, as has been reported by [143, 144]: nickel will not
react with N2 because the formation of nickel nitride is much more ther-
modynamically unfavorable than the formation of TiN.
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Fig. 4.43. XPS survey scan of Ni-toughened nc-TiN/a-SiNx nanocomposite thin film.
The main signals come from C, O, N, Si, Ni and Ti.

0 20 40 60 80 100 120 140
0

10

20

30

40

50

C

Ni
O

Si

N

Ti

A
to

m
ic

 c
o

n
te

n
t 

(a
t.

%
)

Depth (nm)

Fig. 4.44. XPS depth profile of the Ni-toughened nc-TiN/a-SiNx nanocomposite thin
film with 4.3 at.%Ni (sample S3).

4.2.1.2 Effect of Deposition Conditions

Figure 4.46 shows the relationship between chemical composition and tar-
get power ratio of TiNi/(TiNi + Ti) for the Ni-toughened nc-TiN/a-SiNx

nanocomposite thin films (samples S1 to S8) deposited at 450◦C. It is
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Fig. 4.45. Ni 2p core level spectrum. The peaks at the binding energy value of 853.0
and 870.7 eV are confirmed to be 2p3/2 and 2p1/2 of metallic Ni, respectively. The peak
at 859.6 eV is the satellite peak, which is probably a consequence of sputter-damaged
crystallites.
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obvious that Ni content in the as-prepared thin films increases linearly from
0 to 39 at.% with an increase in TiNi/(TiNi +Ti) from zero to unity, while
N content decreases linearly from 52 at.% to 30 at.%. Ti content decreases
from about 35 at.% to 26 at.% with an increase of TiNi/(TiNi +Ti) from
zero to 0.25; with further increase in target power ratio, Ti content keeps
constant at about 26 at.%. For Si content, with an increase in target power
ratio from zero to 2.5, silicon content increases from 12 at.% to 17 at.%;
with further increase of TiNi/(TiNi +Ti) to unity, silicon content decreases
to 5 at.%.

4.2.2. Topography

The effect of sputtering target power ratio of TiNi/(TiNi + Ti) on surface
topography is evaluated using AFM. Film topography characteristics are
listed in Table 4.11.

Figure 4.47 shows AFM images (1 µm×1 µm) of Ni-toughened nc-
TiN/a-SiNx nanocomposite thin films prepared with different target power
ratios of TiNi/(TiNi + Ti). With an increase in target power ratio, the
roughness gradually decreases. Numeric treatment of the images gives
rise to the height–height correlation function G(r) as described through
Eq. (3.1).

Figure 4.48 plots G(r) as a function of r for the Ni-toughened nc-TiN/a-
SiNx nanocomposite thin films (samples S1 to S7) represented by Fig. 4.47.
The oscillation is due to the insufficient sampling size [77]. As predicted by
Eq. (3.4), when r is small, G(r) has a power law dependence on distance
r. At “distant” locations (i.e. r is quite large), G(r) is nearly a constant.
Fitting the curves using Eq. (3.4) gives the interface width ω and lateral
correlation length ξ. Plotting these values gives rise to Fig. 4.49. The com-
petition of vertical build-up and lateral diffusion determines the morphol-
ogy of the growing surfaces. The vertical build-up is caused by the random

Table 4.11. Topography characteristics of Ni-toughened nc-TiN/a-SiNx nanocompos-
ite thin films.

Sample code S1 S2 S3 S4 S5 S6 S7 S8

Topography Roughness (nm) Ra 6.3 6.1 5.4 4.2 3.8 2.5 1.6 —

Interface
width (nm)

ω 8.0 7.4 6.6 6.4 3.9 3.2 1.3 —

Lateral correlation
length (nm)

ξ 14.6 13.9 11.3 10.5 9.8 9.4 — —
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Fig. 4.47. AFM topography of the Ni-toughened nc-TiN/a-SiNx nanocomposite thin
films with increasing power ratio of TiNi/(TiNi+ Ti): (a) 0, (b) 0.04, (c) 0.12, (d) 0.20,
(e) 0.25, (f) 0.30, and (g) 0.40, with roughness (Ra, nm) 6.3, 6.1, 5.4, 4.2, 3.8, 2.5, and
1.6, respectively.
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Fig. 4.47. (Continued)
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Fig. 4.47. (Continued)
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Fig. 4.48. Height–height correlation G(r) for the thin films with different
TiNi/(TiNi+Ti) power ratio. The oscillation is due to the insufficient sampling size.

angle incident of the arriving atoms (due to the uniform rotation of the
substrate), and the growth produces columnar film structure. The lateral
growth depends on surface diffusion which is largely determined by kinetic
energy of the arriving ions. This is clearly seen from the trends of ω and ξ in
Fig. 4.49. As target power ratio of TiNi/(TiNi + Ti) increases from 0 to 0.3,
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ratio of TiNi/(TiNi+ Ti). As target power ratio of TiNi/(TiNi+ Ti) increases from 0 to
0.3, ω decreases from ∼8 to ∼3 nm, and ξ decreases from ∼15 to ∼9 nm.

the interface width ω decreases from ∼8 to ∼3 nm (Fig. 4.49), indicating
that the film becomes smoother (recall that ω is the root mean square of
the vertical fluctuation). As target power ratio of TiNi/(TiNi +Ti) increas-
ing, ξ decreases from ∼15 to ∼9 nm. Since ξ depicts the distance within
which the “height” values (i.e. roughness) are correlated, smaller ξ means
the surface topography is correlated in a narrow area.

The growth kinetics is controlled by the mobility of the impinging atoms
on the surface before they condense and become entrapped in the film.
This mobility can be enhanced by inputting energy to the system, such
as increasing deposition temperature or supplying impact energy through
ion bombardment. The preferential sputtering of a compound target by ion
bombardment is well known [145]. Since titanium and nickel have different
melting points (1660 and 1453◦C [146]), Ni is apt to be sputtered. In addi-
tion, the presence of a large amount of N2 can result in a certain degree of
Ti target poisoning (by forming TiN on Ti target) that would contribute to
the lessening of Ti ion partial pressure. Preferential sputtering and target
poisoning are the reasons for ion bombardment effect strengthening with
increase of TiNi target power even though the (TiNi + Ti) total power is
kept constant for the Ni-toughened nc-TiN/a-SiNx thin films (samples S1
to S7). Thus, at low target power ratio of TiNi/(TiNi + Ti), ions have low
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mobility and would thus be more likely to “stick” at where it arrives: the
surface diffusion is slow, and the chances of erasing the peaks and filling
up the “valleys” are small, thus increasing a much rougher surface. In the
same token, small ξ indicates that the surface topography is correlated
only in a small area. As target power ratio of TiNi/(TiNi + Ti) increases,
the kinetic energy obtained by each Ni and/or TiN (as well as amount)
increases, which transforms into faster lateral diffusion and smoothens out
the roughness at locations further away, making the “hump” more localized
and smaller, giving rise to smaller values of ξ and ω [116, 117].

4.2.3. Microstructure

The effect of sputtering target power ratio of TiNi/(TiNi + Ti) on
microstructure, such as crystalline phase, grain size, preferential orienta-
tion and lattice parameter are tabulated in Table 4.12.

4.2.3.1 Crystal Phase and Amorphous Matrix

Figure 4.50 shows the bright-field HRTEM morphological appearance of Ni-
toughened nc-TiN/a-SiNx nanocomposite thin film with 2.1 at.%Ni (sam-
ple S2). Crystallites are embedded in matrix. The grain size is about 8 nm.
Analysis of the SAD patterns shows that these crystallites are polycrys-
talline TiN. No crystalline Ni, TiSi and Si3N4 are found (Fig. 4.51). In
general, (111), (200) and (220) TiN crystallographic planes exhibit more
distinct rings than other diffraction rings. Proof of the crystallites being
TiN also comes from the analysis of the GIXRD pattern (Fig. 4.52).

Figure 4.52 confirms the existence of crystalline TiN. In addition, no
peaks from crystalline metallic Ni and Si3N4 can be identified in the GIXRD
patterns. SAD analysis of the matrix (where there is no crystallite) gives
rise to a diffuse pattern typical of an amorphous phase. Together with XPS
analysis in Sec. 4.1.1, where nickel is in the Ni–Ni bond and silicon is mostly
in the Si–N bond, the results verify that the amorphous matrix comprises
amorphous metallic Ni and amorphous silicon nitride (a-SiNx).

4.2.3.2 Grain Size and Distribution

Grain size calculated using Scherrer formula is listed in Table 4.12 and plot-
ted in Fig. 4.53. In small amounts of Ni, for example, less than 4.3 at.%Ni,
the nc-TiN crystallite size increases as Ni content increases. This may be
due to the reason that small quantities of metallic nickel can decrease
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Table 4.12. Microstructure characteristics of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films.

Sample code S1 S2 S3 S4 S5 S6 S7 S8

Microstructure Grain size (nm) d 3.9 8.8 11.8 7.8 4.6 4.4 3.2 3.2

Latt. Param. (nm) aTiN 0.41889 0.41959 0.41678 0.41701 0.41603 0.41135 0.4225 0.43237

Coefficient of Texture T111 1.20 0.61 0.36 0.54 1.06 0.58 1.01 0.90
T200 1.05 1.54 1.67 1.62 0.97 1.62 1.22 1.25
T220 0.76 0.84 0.97 0.86 0.97 0.80 0.77 0.85
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Fig. 4.50. HRTEM bright-field micrograph of Ni-toughened nc-TiN/a-SiNx nanocom-
posite thin film with 2.1 at.%Ni (sample S2) showing the crystallite of size 8 nm.

Fig. 4.51. SAD pattern of the crystallite with pattern index, showing the crystalline
TiN phase.

the formation energy of TiN and excite crystallite growth. When Ni con-
tent is greater than 4.3 at.%, with an increase in target power ratio
TiNi/(TiNi + Ti), because surface mobility is sufficient, the segregated Si
and Ni are sufficient to nucleate and develop the SiNx phase and metallic
Ni phase, respectively, which form a layer on the growth surface, covering
the TiN nanocrystallites and limiting their growth. From the analysis of
peak widths in the GIXRD patterns, a decrease in grain size from ∼12 nm
to ∼3 nm (Fig. 4.53) is also evident, which is consistent with Si and Ni
segregation.

Grain size changes with the target power ratio of TiNi/(TiNi + Ti),
which is confirmed from TEM micrograph observation (Fig. 4.54). It
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Fig. 4.52. GIXRD patterns of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films
with (a) 2.1 at.%Ni (sample S2), and (b) 19.0 at.%Ni (sample S7), showing the existence
of crystalline TiN.

should be noted that the grain sizes in the TEM samples are smaller
than that from XRD analysis, because the deposition times for the TEM
samples are about 20 min, while the XRD ones are about 2 hours
(120min).
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Fig. 4.53. Change of grain size with target power ratio of TiNi/(TiNi+Ti).

4.2.3.3. Preferential Orientation

The peak orientation can be observed directly from Fig. 4.55. The degrees of
the preferential orientation denoted by the coefficient of texture calculated
through Eq. (3.6) are listed in Table 4.12 and plotted in Fig. 4.56. The coeffi-
cient of texture Thkl for (111), (200) and (200) are close to unity, indicating
a random orientation. That means that the addition of Ni results in the
deterioration of preferential orientation. In the synthesis of nc-TiN/a-SiNx

nanocomposite thin films, a competitive growth has been put forward to
explain the development of TiN (220) preferential orientation (Sec. 4.1.3.3).
Taking into consideration the effect of metallic Ni addition, it is reasonable
to deduce that the segregated additives Ni inhibit the growth of TiN crystals
to stimulate spores of other TiN nuclei. Consequently, competitive growth
is suppressed, resulting in weak texture. This is in agreement with the effect
of soft metal additives (Cu, Ag, etc.) on the weakening of texture reported
in [147,148].

4.2.3.4. Lattice Parameter

Table 4.12 lists the lattice parameter measurements of the nc-TiN crystal-
lites calculated using the GIXRD patterns shown in Fig. 4.55. The result is
also plotted in Fig. 4.57 together with the standard lattice parameter data
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(a)

(b)

(c)

Fig. 4.54. TEM micrographs of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films
with different power ratios of TiNi/(TiNi+ Ti): (a) 0.04, (b) 0.20, and (c) 0.40, showing
a reduction in grain size.
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Fig. 4.55. GIXRD patterns of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films
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dom orientations.
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Fig. 4.56. Calculated coefficient of texture of Ni-toughened nc-TiN/a-SiNx nanocom-
posite thin films (samples S1 to S8) with different target power ratios of TiNi/(TiNi+Ti).
The coefficient of texture Thkl for (111), (200) and (200) are close to 1, which indicates
a random orientation.
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Fig. 4.57. Calculated lattice parameter as a function of target power ratio of
TiNi/(TiNi+Ti). With an increase of TiNi/(TiNi+ Ti) from zero to 0.3, the lat-
tice parameter decreases from 0.41887 nm to 0.41135 nm. With further increase in
TiNi/(TiNi+Ti), the lattice parameter increases to 0.43237 nm.

for TiN crystals. At Ni =0 (without doping of Ni), the lattice parameter
of nc-TiN is 0.41889nm. However, pure TiN crystals should have a lat-
tice constant of 0.42417nm (JCPDS 38-1420). This is because the nc-TiN
embedded in a-SiNx already forms solid solution with Si to become nc-
(Ti, Si)N. Since Si4+ has a radius of 0.041nm, which is only about half of
that of Ti3+ (0.075nm) [129], substitution of Ti with Si results in a reduc-
tion in lattice parameter [128]. With the increase of TiNi/(TiNi +Ti) from
zero to 0.3, the lattice parameter decreases from 0.41889 to 0.41135nm.
With further increase of TiNi/(TiNi +Ti) to unity, the lattice parameter
increases to 0.43237nm. When target power ratio of TiNi/(TiNi + Ti) is less
than 0.3, the measured TiN lattice parameter is smaller than that of the
database value of 0.42417nm (JCPDS 38-1420). The ionic radius of Ni3+

(0.056nm [149]) is less than that of Ti3+ (0.075 nm), thus the reason for fur-
ther reduction of the (Ti, Si)N lattice parameter is clear: Ni enters nanocrys-
talline (Ti, Si)N by substituting Ti, thus forming nc-(Ti, Si, Ni)N. When
target power ratio of TiNi/(TiNi + Ti) becomes greater than 0.3, nc-(Ti,
Si, Ni)N becomes saturated with Ni, thus further increases in Ni forces it to
enter in the interstitial position. This results in an abrupt increase in lattice
parameter.
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4.2.4. Mechanical Properties

The effect of sputtering target power ratio of TiNi/(TiNi + Ti) on mechan-
ical properties, such as residual stress, Young’s modulus, hardness and
toughness are tabulated in Table 4.13.

4.2.4.1. Residual Stress

Figure 4.58 shows the measured residual stress of the Ni-toughened nc-
TiN/a-SiNx thin films as a function of target power ratio of TiNi/
(TiNi + Ti). With an increase of TiNi/(TiNi + Ti) target power ratio from
zero to 0.12, the residual stress increases from −400 to −1300MPa. With
further increase of TiNi/(TiNi + Ti) target power ratio to 0.30, the residual
stress decreases to near-zero. The minus sign indicates that stresses are in
compressive state. With an increase of TiNi/(TiNi +Ti) target power ratio
from 0.30 to 1.00, the residual stress changes from compressive to tensile
state with a value of 300MPa. The increase in compressive residual stress
from −407 to −1355MPa is possibly due to the ion bombardment. However,
the decrease with further increase of Ni needs to be studied further.

4.2.4.2. Hardness

Figure 4.59 displays the relationship between hardness and Ni content,
including a typical nanoindentation load-depth profile. The measured hard-
ness of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films increases
from 28 to 33GPa with Ni content increased from 0 to about 2.1 at.%.
A further increase in Ni content brings a decrease in hardness to 14GPa.
When Ni content is less than 2.1 at.%, the growth of amorphous metal-

Table 4.13. Mechanical characteristics of Ni-toughened nc-TiN/a-SiNx nanocomposite
thin films.

Sample code S1 S2 S3 S4 S5 S6 S7 S8

Mechanical
properties

Residual stress
(MPa)

σ −407 −566 −1355 −1122 −661 −33 230 320

Hardness (GPa) H 28.4 32.6 28.3 28.5 20.2 19.5 18.8 14.4

Young’s
modulus (GPa)

E 295 296 298 278 265 267 226 250

Toughness
(MPa m1/2)

KIC 1.15 1.21 1.36 1.23 1.73 1.95 2.25 2.60

Adhesion (mN) Lc2 587 618 628 627 821 882 785 717
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Fig. 4.58. Relationship of residual stress with target power ratio of TiNi/(TiNi+Ti).
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Fig. 4.59. Hardness varying with Ni content in the Ni-toughened nc-TiN/a-SiNx

nanocomposite thin films. With increase of Ni content, hardness decreases due to grain
boundary sliding.
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lic Ni is inhibited by the shortage of Ni atoms. The nickel atoms disperse
in the TiN lattice and result in lattice distortion (Fig. 4.57). Since lattice
distortion can stop dislocation propagation, an increase in measured hard-
ness is expected, due mainly to solution hardening. Further increase in Ni
results in more lattice distortion, thus the solution hardening effect should
be enhanced. However, the increase in nickel composition comes from the
increase in target power ratio of TiNi/(TiNi +Ti), which can improve the
mobility of sputtered Ni adatoms. Thus Ni adatoms conglomerate to form
network phase, together with a-SiNx phase to block the growth of TiN crys-
tals. When the TiN grain size decreases below a certain limit, the fraction
of grain boundary (Ni + Si3N4) increases rapidly and the hardness would
decrease due to grain boundary sliding. This should account for the decrease
in hardness with further increase in Ni content.

4.2.4.3. Toughness

The toughness of Ni-toughened nc-TiN/a-SiNx thin films was studied using
microindentation method, since the microindentation method can achieve
highly consistent results. In order to deduce the film toughness from the
substrate effected data, KIC values are plotted and the curve is then
extrapolated to a depth one tenth of the film thickness. Figure 4.60 shows
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Fig. 4.60. Toughness as a function of Ni content. With an increase in Ni content, the
film toughness increases, indicating a significant effect of ductile metallic Ni on film
toughness enhancement.
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the toughness of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films as
a function of Ni content. Compared to the high hardness nc-TiN/a-SiNx

nanocomposite thin film (sample S1) where there is no Ni, the Ni-toughened
nc-TiN/a-SiNx nanocomposite thin films (samples S2 to S8) show an
increased toughness. With increase of Ni content, the film toughness
increases. With increase in nickel content in the as-prepared thin films, the
main mechanisms responsible for toughness enhancement are (Fig. 4.61):
(1) Relaxation of the strain field around the crack tip through ductile phase
(metallic nickel) deformation or crack blunting, whereby the work for plastic
deformation is increased. (2) Ni adatoms can form network phase surround-
ing the TiN crystals. Bridging of cracks by ligaments of the ductile metallic
nickel phase behind the advancing crack tip, whereby the work for plastic
deformation is also increased [150,151].

4.2.5. Oxidation Resistance

4.2.5.1. Oxidation Variation with Depth

Chemical state of Ti, Si and Ni
Figure 4.62 shows XPS depth profiles of the Ni-toughened nc-TiN/a-SiNx

nanocomposite thin film with 2.1 at.% Ni (sample S2) oxidized at 850◦C.
Roughly judging from the oxygen and nitrogen concentration, the profiles
in Fig. 4.62 can be divided into five regions. Detailed analysis of the chem-
ical state of Ti (Fig. 4.63) gives rise to composition evolution from TiO2

to TiNxOy, and then to TiN while passing through the oxidation layer.

Fig. 4.61. Schematic diagram of ductile phase toughening mechanism through (1) duc-
tile phase deformation or crack blunting, and (2) crack bridging.
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Fig. 4.62. XPS depth profile of the Ni-toughened nc-TiN/a-SiNx nanocomposite thin
film with 2.1 at.%Ni (sample S2) oxidized at 850◦C in hot air for 15 min. A sharp
oxide/nitride interface exists and a nickel on the top layer of the oxidized coating is
observed. Five regions can be distinguished in this area from the surface to the non-
oxidized material core according to the chemical state of Ti and Si.

Figure 4.63(a) plots Ti 2p core level spectra in the binding energy range
from 452 to 468 eV for all the five regions. Sampling for Region I is at the
surface; for Region II–V, in the middle of each region. Figure 4.63(b) is the
quantitative deconvolution result of relative concentration of Ti in TiO2,
TiNxOy and TiN.

In Fig. 4.63(a), Ti 2p peaks of the oxidized film consist of three dou-
bles: Ti 2p3/2 at 459.0, 457.6, 455.0 eV, and Ti 2p1/2 at (459.0 + 5.8),
(457.6 + 5.8), (455.0 + 5.8) eV. The pair at 459.0 and (459.0 + 5.8) eV is
assigned to TiO2; the pair at 457.6 and (457.6+5.8)eV is ascribed to oxyni-
tride TiNxOy; the pair at 455.0 and (455.0 + 5.8) eV is for TiN (Table 3.2).
From Fig. 4.63(a), it is obvious that deep inside the coating (Region V), the
main composition is still TiN (the nanocrystalline TiN in the nanocompos-
ite thin film); moving more towards the surface (Fig. 4.62), regions IV and
III, the amount of TiN decreases while TiNxOy increases. At the same time,
TiO2 appears. As the oxidation degree becomes even more severe (Regions
II and I), both TiNxOy and TiN decrease to give way to the formation of
more and more TiO2. At the surface, TiN and TiNxOy completely disap-
pear while TiO2 prevails [Fig. 4.63(b)].

As seen also from Fig. 4.62, nitrogen content drops drastically from its
bulk composition of about 50 at.% in Region V to less than 2 at.% in the oxi-
dation layer (Regions II and I). This is in agreement with earlier analysis of
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Fig. 4.63. (a) Ti 2p core level XPS spectra evolution, a shift of the Ti 2p3/2 signal
towards higher binding energies indicates the formation of a TiO2 layer on top of the
oxidized coating. (b) Change of the different Ti 2p components in different regions (from
Regions I through II, III and IV to V).

the evolution of the compounds as depth varies in the oxide layer. Since the
total amount of N is low and it is responsible for TiN, TiNxOy, and Si3N4

(to be discussed later), it is reasonable to assume that x in TiNxOy is very
small while y is large (oxygen content is greater than 65 at.% in Region II).



March 3, 2008 11:19 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch01

Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 91

From the shape of the oxygen and nitrogen profiles, it is obvious that during
the oxidation process, oxygen diffuses inward and nitrogen diffuses outward.
It is interesting to note that nickel diffuses towards the surface from the
depth and builds up close to the surface (the drop of the relative amount
at the surface comes from the calculation involving surface adsorbed C).
It is believed that the surface enrichment of Ni will benefit the oxidation
resistance of the film.

Figure 4.64(a) plots Si 2p core level spectra in different regions of the
oxide layer. Si 2p spectrum has three possible states (Table 3.2): 99.6 eV for
atomic silicon (Si0); 101.8 eV corresponds to the Si–N bond (stoichiometric
Si3N4); 103.4 eV for the Si–O bond (stoichiometric SiO2). Some authors
have reported Si–Ti bonding at 98.8 eV or the existence of titanium silicide
[67]. This experiment does not observe any Si–Ti bonding. Figure 4.64(b)
is the quantitative deconvolution result of relative concentration of Si in
SiO2, Si3N4, and Si0.

Going from deep in the film outward to the surface of the oxide
layer [from Region V down to Region I in Fig. 4.64(a)], it is worth
noting:

1. The amorphous silicon nitride matrix is actually prominently a-Si3N4

with a very small amount of free silicon [<10 at.% of all silicon in the
film; see Fig. 4.64(b)]; the existence of free Si is due to a deficit in nitrogen
source compared to Si source during deposition process.

2. Moving towards the surface, the amount of free silicon decreases to zero,
the amount of Si in the state of Si3N4 drops from about 80 at.% to
15 at.% while Si in SiO2 increases from about 10 at.% to 85 at.%. In
other words, the free silicon and some of the Si3N4 become oxidized
into SiO2.

TiN films start to oxidize at a temperature level of 550◦C [152], while
Si3N4 is more oxidation resistant than TiN, as has been reported by Gogotsi
and Porz [153, 154]. In fact, this is also noticed by comparing the surface
oxidation state of Ti and Si from this experiment: at the surface, TiN is
completely oxidized into TiO2 [Region I in Fig. 4.63(b)]; while also at the
surface of the same sample, there is still about 15 at.%Si in the form of
Si3N4 free from oxidation [Region I in Fig. 4.64(b)].

Figure 4.65 shows Ni 2p core level spectra. Metallic nickel (Ni0) has a
binding energy value of 853.0 eV (2p3/2) and 870.7 eV (2p1/2) (Table 3.2).
The peak at 859.6 eV is the satellite peak probably due to the consequence
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Fig. 4.64. (a) Si 2p core level XPS spectra, a shift of Si 2p signal towards higher binding
energy indicates the formation of a SiO2 layer on top of the oxidized coating. (b) Change
of different Si 2p components in different regions (from Regions I through II, III and IV
to V).

of sputter-damaged crystallites [69]. A few points worth noticing in
Fig. 4.65:

1. There is no peak shift for Ni 2p, which indicates that the Ni does not
react with oxygen at 850◦C.

2. From deep within the film towards the surface, Ni peak intensities
increase from Region V to Region I, indicating Ni diffusion towards the
sample surface, as also illustrated in Fig. 4.62.
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Fig. 4.65. Ni 2p core level XPS spectra eVolution in different regions (from Regions I
through II, III and IV to V). Metallic nickel is confirmed and the decreasing of peaks
intensity from outer layer to inner layer indicates the existence of Ni enrichment in the
outer layer.

Figure 4.66 shows XPS depth profile of nc-TiN/a-SiNx nanocomposite
thin film oxidized at 850◦C for 15 min. The oxidation treatment for this
sample is the same as that for the Ni-toughened nc-TiN/a-SiNx nanocom-
posite thin film. The thickness of the oxide layer is about 420 nm, compared
to that (∼315nm, Fig. 4.62) for Ni-toughened nc-TiN/a-SiNx nanocom-
posite thin films; it can be concluded that Ni addition can improve the
oxidation resistance of the nc-TiN/a-SiNx nanocomposite thin films.

Phase Identification

Figure 4.67 shows the GIXRD patterns with different incident angles for
the Ni-toughened nc-TiN/a-SiNx nanocomposite thin film with 2.1 at.%Ni
(sample S2) oxidized at 550◦C for 15 min. No XRD peaks are observed for
crystalline Si3N4, SiO2 and Ni. Since XPS analysis indicates the existence
of Si3N4 and SiO2 [Fig. 4.64(b)], thus these phases must be in amorphous
state. XPS results indicate the existence of metallic Ni (Fig. 4.65) from
surface to the in-depth place of the film; this is also evident from Fig. 4.67:
as incident angle increases to 1.5◦, no crystalline peaks of Ni are observed.
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Fig. 4.66. XPS depth profile of the nc-TiN/a-SiNx nanocomposite thin film (without
Ni) oxidized at 850◦C in hot air for 15 min.
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Fig. 4.67. GIXRD patterns with different incident angles (from 0.1◦ through 0.5◦ and
1.0◦ to 1.5◦) for the Ni-toughened nc-TiN/a-SiNx nanocomposite thin film with 2.1

at.%Ni (sample S2) oxidized at 550◦C in hot air for 15min. On the surface (under low
incident angle 0.1◦) most are crystallite TiO2. In the inner coating (under high incident
angle 1.5◦), most are crystalline TiN.

At the low incident angle (such as 0.1◦), the presence of well-crystallized
TiO2 (rutile) and TiN are observed. With an increase in the incident angle,
the intensity of TiO2 peaks decreases while the intensity of TiN peaks
increases, indicating reduction in oxidation with depth. (X-ray penetration
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depth increases as incidence increases.) This agrees well with the XPS anal-
ysis [Fig. 4.63(b)].

4.2.5.2. Oxidation Variation with Temperature

Chemical Composition

Figure 4.68 shows the surface composition of the thin films oxidized at
450–1000◦C. With an increase in oxidation temperature, oxygen content
increases slightly, silicon decreases slightly, and titanium remains constant,
while nitrogen decreases sharply. At 450◦C nitrogen is about 25 at.%. A
hundred-degree increase to 550◦C brings about a significantly decrease to
7 at.% with further increase of temperature to 625◦C, N decreases to <4
at.%. The significant decrease in N comes from the oxidation of Ti from
TiN and the oxidation of Si from Si3N4. These reactions deplete N through
the formation of N2. The fact that nitrogen still persists in the surface layer
indicates that Si3N4 still exists even at 1000◦C. Also note from Fig. 4.68:
as the oxidation temperature increases from 450 to 900◦C, surface nickel
increases from 1 at.% to 9 at.%; i.e. higher temperature promotes outward
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Fig. 4.68. Change of Ti, Ni, Si, N and O species in the thin film surface with elevated
oxidation temperature. With an increase in oxidation temperature, oxygen content in
surface area increases slightly and titanium remains constant, while a decrease in nitrogen
amount is observed. A gradual enrichment of nickel and deficiency in silicon with elevated
oxidation temperature to 900◦C is observed.
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diffusion of nickel. With further increase to 1000◦C, however, surface nickel
drastically decreases to 3 at.% (the reason for this is still unclear).

Phase Identification

Figure 4.69 shows the GIXRD patterns of the Ni-toughened nc-TiN/a-
SiNx nanocomposite thin film with 2.1 at.%Ni (sample S2) oxidized at ele-
vated temperatures from 550◦C through 625◦C, 700◦C, 750◦C and 850◦C
to 950◦C. Since an incident angle of 0.5◦ is low enough to observe both TiN
and TiO2 peaks (Fig. 4.67), 0.5◦ is chosen for all the samples in Fig. 4.69.
As temperature increases, the intensity of the TiO2 peaks slowly increases
and that of TiN peaks decreases. At 850◦C and above, the number and
intensity of TiO2 peaks increase significantly, signaling the total collapse of
the film’s oxidation resistance.

Based on the GIXRD analysis for the Ni-toughened nc-TiN/a-SiNx

nanocomposite thin film with 2.1 at.%Ni (sample S2) oxidized at 950◦C,
taking 2θ = 42.528◦, 74.176◦ and 77.824◦, respectively, the calculated lat-
tice parameter of TiN is 0.4247nm, which agrees with the standard value
of TiN (aJCPDF = 0.42417nm) very well. (As stipulated by [155], an error
of 0.0005nm can be considered as perfect match.) This indicates that there
is no interstitial or substitutional solid solution existing after oxidation.
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Fig. 4.69. GIXRD patterns of Ni-toughened nc-TiN/a-SiNx nanocomposite thin film

with 2.1 at.%Ni (sample S2) oxidized at temperatures from 550◦C through 625◦C, 700◦C,
750◦C and 850◦C to 950◦C in static hot air for 15min. Formation of crystallized TiO2

on the surface is observed.
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In addition, the Ni-toughened nc-TiN/a-SiNx is stress-free after oxidation
even though transformation of Si3N4 into SiO2 leads to a 96% molar volume
increase. It is understandable that the high temperature involved facilitated
effective atomic diffusion that neutralized possible generation of internal
stresses.

Topography

Figure 4.70 shows the roughness change of Ni-toughened nc-TiN/a-
SiNx nanocomposite thin film with 2.1 at.% Ni (sample S2) oxi-
dized at 450◦C, 550◦C, 625◦C, 750◦C, 850◦C and 950◦C to 1000◦C.
With increases of oxidation temperature from 450◦C to 850◦C, the
roughness increases slightly from ∼1 to ∼4 nm. However, with fur-
ther increases to 1000◦C, the roughness increases drastically to ∼41
nm. The metallic nickel is known for its anti-oxidation properties
and its presence as a passive layer to maintain the stability of the
Ni-toughened nc-TiN/a-SiNx nanocomposite thin film at low oxidation
temperature by hindering migration of oxygen atoms. Above a thresh-
old temperature, in this case, 850◦C (depends on nickel content), the
barrier effect of metallic nickel can no longer prevent oxygen diffu-
sion. Consequently, rutile nucleation and growth occur, which induces
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Fig. 4.70. Surface roughness change with elevated oxidation temperature. With
increases in oxidation temperature from 450◦C to 850◦C, the roughness increases slightly
from ∼1 to ∼4 nm. With further increases to 1000◦C, the roughness increases dramati-
cally to ∼41 nm.
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a strong roughening of the surface that, in turn, allows penetration of
oxygen atoms further into the film to fuel an acceleration of the oxidation
process.

4.2.5.3. Discussions

The experiment suggests that the oxidation of the Ni-toughened nitride
is mainly a diffusional process; nickel atoms diffuse outward and oxygen
ions diffuse inward (Fig. 4.62). Oxidation is proceeded by a progressive
replacement of nitrogen with diffused oxygen. The oxidation of titanium
nitride to rutile or titanium dioxide (TiO2) starts at 450◦C according to:

TiN(s) + O2(g) ↔ TiO2(s) +
1
2
N2(g). (4.10)

This mechanism is in agreement with the general theory for the oxidation
of nitride, which considers that the process is controlled by anionic diffusion
[156–160]. The oxidation of silicon nitride to stoichiometric SiO2 starts at
∼450◦C according to this reaction:

Si3N4(s) + 3O2(g) ↔ 3SiO2(s) + 2N2(g). (4.11)

This oxidation is the result of the inward diffusion of oxygen through the
oxide layer [161,162]. Five regions can be distinguished in the oxidized layer
(Fig. 4.62) consisting of the following six components: TiO2, TiNxOy, TiN,
SiO2, Si3N4 and Ni (Figs. 4.63–4.65). The TiO2 and TiN are crystalline
phases while Si3N4, SiO2 are amorphous phases (Fig. 4.67). Following XPS
depth profile (Fig. 4.62) and GIXRD result at different incident angles
(Fig. 4.67) of the oxidized film, a schematic representation of the phase
distribution in the oxidized layer is proposed in Fig. 4.71, where white
circles represent crystalline TiO2, gray circles crystalline TiNxOy, black
circles crystalline TiN, small solid circles metallic Ni, and the background
is amorphous Si3N4 with amorphous SiO2.

From top to the core of the film, or from left to the right in Fig. 4.71,
Region I is composed of mainly crystalline TiO2, amorphous SiO2 and
metallic Ni in the amorphous matrix of Si3N4; in Region II the extent of
oxidation is lessened (less amount TiO2 and lots of TiNxOy); in Region III,
more TiN presents while TiNxOy reduces; in Region IV, even less TiN
crystalline is oxidized (reduced amount of TiO2 and TiNxOy); in Region
V, although there are still TiNxOy, basically no TiO2 exists. The presence
of a Ni-rich zone at the top of the oxide layer effectively blocked the inward
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Fig. 4.71. Proposed microstructural model for the Ni-toughened nc-TiN/a-SiNx

nanocomposite thin film after oxidation. Five regions can be distinguished from surface
to core material.

diffusion of O. This is similar to the oxidation resistance behavior of TiAlN,
where a strong aluminum migration to the surface forms a passive layer — in
this case, alumina — to protect the TiAlN coating [163]. As oxidation tem-
perature increases, the oxidation process becomes faster, presumably by the
increase in the diffusivity of O2 and N2. Combining the components infor-
mation at the oxide area from XPS (Fig. 4.68), GIXRD (Fig. 4.69) and the
topographical information from AFM observations (Fig. 4.70) allows us to
assume there is a threshold temperature (depending on the nickel content),
in this case 850◦C, below which the Ni-toughened nc-TiN/a-SiNx forms
a stable nickel rich layer, the number of diffusion paths (grain boundaries,
defects) would considerably decrease leading to the passivation regime, lim-
iting oxygen diffusion and thus increasing the oxidation resistance. Above
the threshold temperature, the barrier effect of metallic nickel can no longer
prevent oxygen diffusion. Consequently, oxide thickness increases signifi-
cantly, rutile nucleation and growth along random directions occur, and
roughness of the surface increases drastically.

4.2.6. Summary

The effect of target power ratio of TiNi/(TiNi +Ti) on chemical compo-
sition, topography, microstructure, mechanical properties, and oxidation
resistance of the Ni-toughened nc-TiN/a-SiNx nanocomposite thin films



March 3, 2008 11:19 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch01

100 S. Zhang et al.

can be summarized as follows:

1. The Ni-toughened nc-TiN/a-SiNx nanocomposite thin film can be pre-
pared by co-sputtering of Ti, TiNi and Si3N4 targets in Ar/N2 atmo-
sphere. XPS analysis shows that Ni is in the metallic state without
reaction with N2. Together with TEM and GIXRD results, it can be
concluded that metallic nickel is in an amorphous state.

2. As target power ratio of TiNi/(TiNi + Ti) increases from 0 to 0.3,
interface width decreases from ∼8nm to ∼3 nm and lateral correlation
length decreases from ∼15 nm to ∼9 nm, which confirms that increasing
the target power ratio of TiNi/(TiNi +Ti) results in smoother coating
surface.

3. The coefficient of texture for (111), (200) and (220) crystal plane of
nc-TiN in the Ni-toughened nc-TiN/a-SiNx nanocomposite are close to
unity, which indicates that the addition of Ni results in a random orien-
tation of nc-TiN.

4. Results from nc-TiN lattice calculation show that at low target power
ratio, the solid solution is substitutional with nickel taking the place
of titanium. With further increase of target power ratio the interstitial
components increase due to high energy ion bombardment.

5. The residual stress of Ni-toughened nc-TiN/a-SiNx thin films increases
from −400 to −1300MPa with increase in TiNi/(TiNi +Ti) target power
ratio from zero to 0.12. With further increase of TiNi/(TiNi +Ti) tar-
get power ratio to unity, the residual stress decreases and changes from
compressive to tensile state with value of 300MPa.

6. The hardness of Ni-toughened nc-TiN/a-SiNx nanocomposite thin films
keeps constant with little increase in Ni content, which is due to the
solid solution hardening. With further increase in Ni content, hardness
decreases, which is due to the grain boundary sliding.

7. The toughness of the Ni-toughened nc-TiN/a-SiNx nanocomposite thin
films increases with an increase in Ni content. Doping from 0 to 40
at.%Ni in nc-TiN/a-SiNx brings about an increase in toughness from
1.15 to 2.60MPa m1/2 at some expense of hardness (dropping from 30
to 14GPa). Ductile phase toughening through crack blunting and crack
bridging is responsible for the toughness increase.

8. The oxidation of Ni-toughened nc-TiN/a-SiNx thin film is mainly a dif-
fusional process; nickel atoms diffuse outward and oxygen ions diffuse
inward. Oxidation is proceeded by a progressive replacement of nitrogen
with diffused oxygen.
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Symbols

A Contact area
A(I) Area between loading and unloading curves
A(II) Area under loading curve
D Diagonal of Vickers indentation impression
Dw Target power density
E Elastic modulus
Eeff Effective elastic modulus
Ef Elastic modulus of film
Ei Elastic modulus of indenter
Er Reduced elastic modulus
G Shear modulus
Gc Critical strain energy release rate
G(r) Height–height correlation function
H Hardness
Hp Plastic hardness
HU Universal hardness
Hv Vickers hardness
Im(hkl) Measured relative intensity of the

reflection from (hkl) plane
I0(hkl) Standard relative intensity of the

reflection from (hkl) plane
K Stress intensity factor
KIC Fracture toughness
L Original length of beam (or substrate)
Lc1 Lower critical load in scratch
Lc2 Higher critical load in scratch
P Test indentation load
Pc Load at fracture
Pg Gas pressure
Pmax Peak indentation load
PN2 Partial pressure of nitrogen
R Radius of curvature
Ra Roughness
R1 Radius of silicon substrate before being coated
R2 Radius of silicon substrate after being coated
S Contact stiffness
Tdep Deposition temperature
Tg Gas temperature
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Thkl Coefficient of texture
Tm Melting point
Trm Room temperature
Ts Substrate temperature
∆U Strain energy difference before and after cracking
U c

fr Energy dissipated during indentation chipping
Uedge Energy of edge dislocation
Uk Kinetic energy of ionized particles
Uscrew Energy of screw dislocation
Vboundary Volume of grain boundary
Vcrystal Volume of crystalline
Vs Substrate bias
∆a Experiment error for lattice parameter
a Half length of the diagonal of Vickers indentation impression

Or length of the edge of cube corner indentation impression
aexp Experimental calculated lattice parameter
atrue Lattice parameter true value
−
b Burgers’ vector
b Crack spacing
c Crack length
d Grain size
dg Diameter of gas molecule
dhkl Interplanar spacing
fgb Volume fraction of grain boundary
h Indentation depth
hc Contact depth
hcorr Corrected depth
hf Thickness of film on tensile substrate beam
hmax Maximum indentation depth
hmin Minimum indentation depth
hs Thickness of tensile substrate beam
(hkl) Crystal plane indice
k Boltzmann constant
lm Mean free path
r Crack tip radius
s Span between two supporting positions
t
′

Effective thickness
tf Thickness of film
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ts Thickness of substrate
w Width of the specimen
α Smoothness quotient
αf Coefficient of thermal expansion of film
αs Coefficient of thermal expansion of substrate
β Peak width at half maximum peak height
δ Indenter geometry constant for fracture toughness calculation
δ1 Indenter geometry constant for elastic calculation
δ2 Indenter geometry constant for hardness calculation
δs Geometrical parameter of specimen
ε Indenter geometry constant for contact depth calculation
εf Elastic strain of film
εs Elastic strain of substrate
λ X-ray wavelength
ν Poisson’s ratio
νf Poisson’s ratio of film
νi Poisson’s ratio of indenter
θ Bragg angle
ρ Crack density
σ Residual stress
σapplied Applied stress
σf

c Effective critical cracking stress
σg Growth-induced stress
σm Mismatch-induced stress
σt Tensile stress
σtip Stress at the tip of the crack
σT Thermal stress
σy Yield stress
σs

y Yield stress of the substrate
ω Interface width
ξ Lateral correlation length

Abbreviations

AES Auger electron spectroscopy
AFM Atomic force microscopy
CPR Crack propagation resistance
CVD hemical vapor deposition
CTE Coefficient of thermal expansion
DC Direct current
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DLC Diamond-like carbon
ECR-CVD Electron cyclotron resonance CVD
EDX Energy dispersive X-ray analysis
FWHM Full width at half maximum
GIXRD Grazing incidence X-ray diffraction
HRTEM High resolution transmission electron microscopy
IBD Ion beam deposition
PACVD Plasma assistant CVD
PD Planar density
TE Thermal evaporation
PECVD Plasma enhanced CVD
PLD Pulsed laser deposition
PVD Physical vapor deposition
RBS Rutherford back scattering spectroscopy
RF Radio frequency
SAD Selected area diffraction
SEM Scanning electron microscopy
TEM Transmission electron microscopy
XPS X-ray photoelectron spectroscopy
XRD X-ray diffraction
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1. Al-doped Amorphous Carbon: a-C(Al)

Amorphous carbon (a-C) or diamond-like carbon (DLC) is a preferred
material for wear protective coatings in a variety of applications because of
its high hardness, high wear resistance and very low friction when sliding
against most engineering materials, compared to conventional hard ceram-
ics such as TiN, TiAlN, CrN, etc. However, the following drawbacks limit
its applications in engineering fields.

Deposition-inherited high residual stress: high residual stress limits the coat-
ing thickness to less than 2 µm since residual stress weakens the adhesion
strength of coatings on substrates [1]. A coating thickness of less than 2 µm
is not suitable for severe tribological applications where long working life
is crucial. Pure a-C also exhibits brittle behavior at applied high load [2],
thus its load-bearing capability is limited. Also, the thermal stability and
oxidation resistance of pure a-C is very poor, which restricts its application
at temperatures less than 400◦C [3]. Modification of the a-C structure to
overcome these drawbacks becomes imperative for effective utilization of
a-C in engineering applications.

Doping of aluminum is an effective way of reducing the deposition-
inherited residual stress but hardness of the coating sacrifies. To bring back
the coating hardness, nanocrystalline TiC grains are embedded in the amor-
phous matrix to form a nanocomposite. This chapter starts with doping of
Al into amorphous carbon to form Al-doped a-C (denoted as “a-C(Al)”)

111
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and moves on to the incorporation of nanocrystalline TiC (denoted as
“nc-TiC”) into pure a-C matrix and into a-C(Al) matrix to form nc-TiC/
a-C and nc-TiC/a-C(Al) nanocomposite coatings. In the end, the nc-TiC/a-
C(Al) nanocomposite coating of more than 20µm thick is deposited on a
piston ring and tested in engine operation. Results show that the coating
is superior to the best commercial coatings available in the market.

1.1. Composition and Microstructure

Generally, at the same power density, the sputtering yield of Al is 6–7 times
higher than that of C [4], therefore the power density of the Al target in
this study was selected at a much lower level (from 0 to 1.8W/cm2) than
that of the graphite target (10.5W/cm2). The composition of the C and
Al in the coating was determined from X-ray photoelectron spectroscopy
(XPS) by calculating the area under the peaks of C 1s at 284.6 eV, Al 2p
at 72.6 eV, and O1s at 532.4 eV [5–8]. Since the process pressure was low
enough (0.6Pa), the Ar inclusion in the coating was negligible and was
not taken into account during composition calculation. Figure 1.1 shows a
typical XPS spectrum of Al-doped a-C (without ion etching of the coating
surface). Except for the difference in the intensity and width of the peaks,
the XPS profile is almost the same for all the different power densities
applied to Al target. It is easy to recognize a large amount of oxygen con-
taminating the coating. Al 2p spectra (with fitting curves) of the Al-doped
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Fig. 1.1. XPS spectrum of Al-doped a-C coating.
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Fig. 1.2. XPS spectra of the Al 2p for Al-doped a-C deposited at different power den-
sities of the Al target under constant substrate bias and graphite target power density.

a-C coatings deposited under −150V bias with different power densities of
Al target are shown in Fig. 1.2.

The symmetrical single peaks at 74.2 eV indicate that almost all the Al
on the surface were bonded with oxygen to form aluminum oxide [9]. Al
is extremely reactive with oxygen. Therefore immediately after unloading
from the deposition chamber, Al on the coating surface was oxidized. If
the oxidation layer is removed, the Al 2p XPS spectra should shows shift
of binding energy and increase in intensity, as is shown in Fig. 1.3 before
and after 15min ion etching. After etching, the peak was shifted to 72.6 eV
with a higher intensity. It indicates that Al exists in the coating as elemental
aluminum. The higher intensity of the Al 2p peak after etching is a result
of the removal of carbon and oxygen contamination on the coating surface.
Also, a small amount of Al–O bonds was detected from the deconvoluted
peak at 74.2 eV. The oxygen is believed to have contaminated the coating
during the deposition process. Although the chamber was pumped to a base
pressure of 1.33 × 10−5 Pa, there was always a small amount of oxygen in
the chamber available to contaminate the coating. No bond between Al and
C at 73.6 eV [6] was seen in the coating even when the Al target was at
1.8W/cm2.

Figure 1.4 shows the XPS spectrum (after etching) of the C 1s where
the peaks of the C–C bonds at 284.6 eV and C–O bonds at 286.3 eV were
seen. It again confirms that no chemical bonding exists between C and
Al since no peak at 281.5 eV was observed. The composition of coatings
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Fig. 1.4. XPS spectrum of C 1s for Al-doped a-C after etching for 15 minutes.

as calculated from XPS spectra (after etching for 15 min) is tabulated in
Table 1.1. The Al content in the coating increased from 5.1 to 19.6 at.% as
the power density of the Al target increased from 0.6 to 1.8 W/cm2. The
oxygen content in the coating was 2–4 at.%, a small amount.

At the same target power density, the change of Al concentration at dif-
ferent bias voltages (in the range from −20 to −150V) was not significant,
as seen from Fig. 1.5 where the Al concentration in the Al-doped a-C is
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Table 1.1. Composition of the Al-doped a-C coating deposited under
−150 V bias and power density of the graphite target of 10.5W/cm2.

Power density of Al target (W/cm2) C (at.%) Al (at.%) O (at.%)

0.6 93 5 2
1.1 87 9 4
1.4 83 14 3
1.8 77 19 4
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Fig. 1.5. Relationship between bias voltage and Al concentration in Al-doped a-C coat-
ings deposited under different power densities of the Al target.

plotted as a function of bias voltage. Therefore, the parameter that can be
used to effectively control the composition of metal in the coating is the
power density on the metallic target.

Al-doped a-C coatings are amorphous. Figure 1.6 shows the XRD spec-
tra of an Al-doped a-C coating (19 at.%Al) on Si(100) wafer together with
that of the Si wafer without coating. The XRD profile of the Al-doped a-C
did not have any noticeable peak except the peak from the Si substrate
at around 69◦ 2θ. This indicates that the Al in the coating is not crys-
talline. This is supported by the TEM image (Fig. 1.7) with selected area
diffraction pattern where a broad halo was seen.

Figure 1.8 shows Raman spectra of Al-doped a-C for different Al compo-
sitions in the wavenumber range from 850 to 1900 cm−1. Outside this range,
no feature was observed. The ID/IG ratios calculated from the intensity of
the G and D peaks have also been put in the diagram. The ID/IG ratio
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Fig. 1.6. XRD spectra of Al-doped a-C coating (19 at.%Al) and a Si(100) substrate.
No noticeable peak is seen except the one of Si(100) wafer at 69◦ 2θ.

Fig. 1.7. TEM micrograph with diffraction pattern of Al-doped a-C coating (19
at.% Al). The coating is amorphous: a broad halo is seen from the diffraction pattern.

increased with increasing power density of the Al target. Without Al, the
ID/IG ratio was 1.1 and it increased to 2.7 as the Al content increased to
19 at.%. Since the sp3/sp2 ratio is inversely proportional to the ID/IG ratio,
an increasing ID/IG ratio indicates that incorporation of Al hinders the for-
mation of sp3 sites leading to an increase in sp2 fraction in the coating. As
the ID/IG ratio becomes high, more sp2 sites become available such that
they start organizing into small graphitic clusters [10, 11]. This is directly
attributed to the decreased energies of carbon atoms/ions coming to the
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Fig. 1.8. Raman spectra of Al “doped” a-C coatings with different Al concentrations.

substrate when Al is co-sputtered: a higher power density applied on the Al
target (leading to a higher Al content in the coating) results in more colli-
sions. At low bombarding energies, surface diffusion takes place. It should
be noted that surface diffusion is easier to take place than bulk diffusion,
since the activation energy is lower. Diffusion in the surface layers of the
coating tends to generate ordered clusters with high sp2 content, i.e. with
structures closer to the thermodynamically stable graphite phase than a
typical DLC arrangement.

1.2. Mechanical Properties

The hardness and Young’s modulus of Al-doped a-C coatings decreased
with increasing Al. Without Al, the hardness of a pure a-C coating was
32. 5 GPa and it decreased to a low level of 7.8GPa when the coating was
“doped” with 19 at.%Al as seen in Fig. 1.9. This is the consequence of
the increase in sp2 bonding structure as Al is added. In addition, Al is a
soft material; therefore the hardness of the coating is further decreased.
However, the increase of the sp2 bonding in the coating contributes to the
relaxation of the residual stress. It has been proven by Sullivan et al. [12]
that when the atomic volume of the sp2 sites exceeds that of the sp3 sites,
the in-plane size is less due to its shorter bond length. Thus the formation
of sp2 sites with their σ plane aligned in the plane of compression greatly
relieves biaxial compressive stress.
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Fig. 1.9. Hardness of a-C coating as a function of Al concentration.

Figure 1.10 plots the relationship between residual stress of Al-doped
a-C coatings (thickness of about 1.2 µm) and Al content. Without Al, the
residual stress was as high as 4.1GPa. When 5 at.%Al was added, the
stress dropped to 0.9GPa (a 24.5 times reduction) and the ID/IG ratio
increased from 1.1 to 1.7 (a 21.5 times increase). For a-C coatings with high
sp3 content, the stress decreases considerably with very little variation in
strains in the coating [13]. Therefore, continued addition of Al only resulted
in a gradual decrease in stress. At 19 at.%Al, the residual stress reduced to
0.2GPa.

Adhesion strength is related to the interfacial properties between coating
and substrate. Among the factors which affect the interfacial properties,
residual stress is an important issue. Addition of Al results in a considerable
increase in adhesion strength of the coating to the substrate. This is due to
two reasons: (1) the low residual stresses in the coating, and (2) the high
toughness achieved because Al is a tough material and the coating contains
a more graphite-like structure. Both effects can be seen from the results of
scratch tests: high critical load combined with plastic behavior.

Figure 1.11 shows the optical micrographs of scratches after scratch tests
on a-C “doped” with 5 and 19 at.%Al. Coatings with different Al content
exhibited different behaviors in the scratch tests.

The damage of coatings doped with 5 at.%Al occurred at an applied
load of about 367mN. However, at such a high load, the coating exhibited
only partial damage. This is different from the results obtained from pure
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Fig. 1.10. Residual stress as a function of Al content in Al-doped a-C coatings.

Fig. 1.11. Optical micrographs of scratches on the coatings after scratch tests of
Al-doped a-C coatings: (a) 5 at.%Al and (b) 19 at.%Al.

a-C coatings where at low applied loads (less than 240mN), the coatings
were totally damaged. As 19 at.%Al was added, no fracture was seen. Since
this coating had low hardness (7.8GPa), as the load reached about 180mN,
the diamond tip had already ploughed into the coating causing a gradual
decrease in the scanning amplitude. Even until the end of the test, when
the load reached 455mN, no fracture or interfacial failure was observed, an
indication of superior toughness and adhesion strength. It is clear that the
more the Al the more the adhesion improvement. However, this superiority
of toughness comes with the high price of hardness drop, therefore limitation
in applications.
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In summary, co-sputtering of Al and graphite targets results in a very
low stress and tough Al-doped a-C (or a-C(Al)) coating at the expense of
its hardness. Al exists as clusters of atoms in the coating.

2. Nanocrystalline TiC Embedded in Amorphous Carbon:
nc-TiC/a-C

2.1. Composition

Ti was added into a-C by co-sputtering of graphite and Ti targets. The
power density on the graphite target was 10.5W/cm2 whereas that on the
Ti target was changed for different compositions. The process pressure was
maintained at 0.6Pa and the substrate temperature was kept constant at
150◦C during deposition.

After unloading from the deposition chamber, the coatings were con-
taminated with large amounts of oxygen and carbon from the ambient
atmosphere. Therefore ion etching was carried out for 15 min before XPS
analysis. The oxygen incorporated into the coatings during deposition was
less than 5 at.% and was excluded from the calculations. Fitting the C 1s
and the Ti 2p3/2 peaks allows discrimination among the three concurrent
phases in the coating: a-C, TiC and metallic Ti. The C 1s positions of the
C–C in a-C and C–Ti in TiC are 284.6 and 281.8 eV, respectively [5]. The
Ti 2p3/2 peak of Ti in TiC is at 454.9 eV and that of metallic Ti is at
453.8 eV [14]. The Ti 2p also has another peak (Ti 2p1/2) at 461 eV for
Ti in TiC and 459.9 for metallic Ti (neutral or zero valence state). The
composition of the coatings deposited at different power densities on the
Ti target and under −150V bias is tabulated in Table 2.1. Those values
were calculated from the C 1s and Ti 2p XPS spectra, which are shown
in Fig. 2.1 and Fig. 2.2. At the same power density on the Ti target, the
Ti content in the coating remained almost unchanged when different bias
voltages (in the range from −20 to −150V) were applied. This is similar to
the case of adding Al to a-C (Fig. 1.5).

From Fig. 2.1, at 0 at.%Ti (i.e. 100% a-C), only the C–C bond was
observed at 284.6 eV. As the Ti content increased, the carbide (TiC) peak
at 281.8 eV appeared and grew in intensity while the a-C peak decreased. At
3 at.%Ti, almost no TiC was seen — Ti existed in the coating as elemental
Ti, which gave a peak at 453.8 eV of Ti 2p in Fig. 2.2. The limitation of the
formation of TiC at low Ti content can be attributed to the low power den-
sity applied to the Ti target (e.g. 0.8W/cm2 for 3 at.%Ti). At low power
densities, the energy of the sputtered Ti ions may not be high enough to
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Table 2.1. Composition of Ti doped a-C coatings deposited at different
power densities of Ti target under −150 V bias and graphite target power
density of 10.5W/cm2.

Power density of
Ti target (W/cm2) Ti (at.%) C (at.%) Coating structure

0 0 100 a-C
0.8 3 97 a-C(Ti)
1.4 8 92 nc-TiC/a-C
1.8 16 84 nc-TiC/a-C
2.1 25 75 nc-TiC/a-C
2.4 30 70 nc-TiC/a-C
2.7 36 64 nc-TiC/a-C
3.0 45 55 nc-TiC/a-C
3.3 48 52 TiC
4.0 53 47 TiC
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Fig. 2.1. XPS spectra of C 1s of Ti doped a-C coatings deposited under −150V bias [15].

support the formation of Ti–C bonds. The formation of TiC was seen as 8
at. %Ti was added (the power density of the Ti target was 1.4W/cm2) and
from the Ti 2p spectrum only part of Ti bonded with C to form TiC. At 16
at.%Ti and more, most Ti in the coating bonded with C to form TiC (as
seen from the Ti 2p3/2 XPS spectra in Fig. 2.2; a single peak, which can
be attributed to TiC, was seen at 454.9 eV). As the Ti content exceeded 48
at.%, the peak associated with a-C was almost undetectable from the XPS
spectra of the C 1s (Fig. 2.1) indicating that there was virtually no a-C in
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Fig. 2.2. XPS spectra of Ti 2p in Ti doped a-C coatings deposited under −150 V bias.

these coatings (all the carbon atoms bonded with Ti to form TiC). Also,
from Fig. 2.2, a considerable amount of metallic Ti was seen in the coat-
ing “doped” with 53 at.%Ti (the Ti 2p3/2 peak was considerably shifted
towards 453.8 eV). Figure 2.3 presents the composition of a-C, TiC, and Ti
(calculated from XPS) in the coatings at different atomic concentrations
of Ti. The amount of metallic Ti was calculated by subtracting the carbide
contribution to the Ti 2p obtained by peak fitting from the total Ti con-
tent. From the figure, the concentration of a-C and TiC was in the range
50–50 at.% at about 27 at.%Ti incorporation. Therefore, at Ti less than
27 at.%, a-C is dominant and TiC becomes dominant if Ti content exceeds
27 at.%.

2.2. Topography

Figure 2.4 plots AFM surface roughness of nc-TiC/a-C coatings (1.2µm
thickness, deposited on a Si wafer) as a function of Ti content. With increas-
ing Ti, surface roughness of the coatings increased. At 3 at.%Ti, the surface
roughness of the coating was 1.9 nm Ra, a little higher than that of pure
a-C (1.1 nm Ra). After that, Ra increased considerably to about 5 nm at
8 at.%Ti. From 8 to 36 at.%Ti, Ra very slowly increased from 5 to about
8 nm. From 36 at.%Ti, Ra increased drastically and reached a very high
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Fig. 2.4. Surface roughness (Ra) as a function of Ti concentration.

value of 18.3 nm at 48 at.%Ti. From XPS, XRD, TEM and Raman results,
it was clear that more Ti incorporation resulted in a large fraction of
crystalline phase (thus less amorphous carbon) with larger grain size, which
led to rougher surface morphologies.
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2.3. Microstructure

Figure 2.5 shows the XRD spectra of the coatings at different Ti. At
3 at.%Ti, the coating is amorphous. Also, as mentioned above, Ti exists
in this coating as elemental Ti. Therefore this coating was denoted as a-
C(Ti) in Table 2.1. Above 8 at.%Ti incorporation, the formation of the
TiC crystalline phase was observed. Peaks at 35.9, 41.7, and 60.4◦ (2θ)
were attributed to the (111), (200), and (220) diffraction planes of TiC.
The intensity of those peaks increased with increasing Ti. No dominant
texturing was observed. From 8 to 45 at.%Ti, as seen from XPS and XRD
results (Figs. 2.3 and 2.5), the crystalline TiC and a-C co-existed. There-
fore the coatings were denoted as nc-TiC/a-C (the prefix nc- stands for
nanocrystalline since the size of the TiC grains is in the nanometer range,
as will be shown later) in Table 2.1. At higher content of Ti, there was
almost no a-C in the coating but only crystalline TiC and a small amount
of metallic Ti. The coatings, in this case, were denoted as nc-TiC in Table
2.1. It can be seen that, at −150V bias, nanocomposite can be obtained
if the Ti content is from 8 to about 45 at.%Ti. Outside this range, the
resultant coating is a-C(Ti) or crystalline TiC. From 25 at.%Ti onwards, a
small shift of the TiC peaks to the smaller Bragg angle was seen. That was
believed to have come from the compressive stress generated in the coat-
ing during the deposition process. It was mainly intrinsic stress because the
coatings were deposited under low deposition temperature thus the thermal
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Fig. 2.5. XRD spectra of Ti-doped a-C coatings deposited under −150V bias.
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stress was negligible. At lower Ti content, the residual stress was low and
no shift of the peaks was seen.

Ignoring the effect of microstraining due to the compressive stress, the
average TiC crystalline size can be estimated using the Debye–Scherrer
formula [16]:

D =
Kλ

β cos(θ)
[nm],

where D is the mean crystalline dimension normal to diffracting planes, K

is a constant (K = 0.91), λ is the X-ray wavelength (λ = 0.15406nm), β in
radians is the peak width at half maximum peak height and θ is the Bragg
angle. The calculated grain size is plotted in Fig. 2.6.

The grain size increased with increasing Ti concentration. On average,
TiC [111] crystallites were largest, followed by that of TiC [200]; the TiC
[220] crystallites were smallest. For TiC [111], the grain size increased from
3 to 17nm as Ti increased from 8 to 48 at.%. With increasing Ti, there are
more Ti4+ ions readily available for the growth of TiC crystallites. At the
same time, as Ti increases, the relative amount of a-C is reduced (Fig. 2.3),
thus the constraints exerted on the growth of the crystallites are alleviated.
All these combine to result in an increase in the grain size of TiC with
increasing Ti incorporation.

Figure 2.7 shows the TEM micrographs of coatings with different Ti
content. At 3 at.%Ti, no TiC grains were seen; the coating was amorphous.
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Fig. 2.6. Grain size of TiC as a function of Ti concentration (calculated from XRD
results in Fig. 2.5).
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Fig. 2.7. TEM micrographs of coatings with different Ti content. At 3 at.%Ti, the
coating is amorphous. TiC nanograins are observed from 8 at.%Ti onwards. The size
and fraction of crystallites increase with increasing Ti content. At 45 at.%Ti, the coating
contains almost TiC grains [bright-field (BF TEM) is added for an easier recognition of
grains].
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Fig. 2.7. (Continued)
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At 8 at.%Ti, the TiC grains in the a-C matrix were observable: a few
grains scattered within an a-C matrix. The density of grains increased with
increasing Ti content in the coating. At 45 at.%Ti, very little a-C was
seen. The coating contains almost only large TiC grains. Also, it is diffi-
cult to recognize the grains in the matrix. Therefore, a bright field image
is included for easier recognition of the grains and estimation of their size.
Above 8 at.%Ti, the diffraction patterns of coatings were almost similar:
sharp rings with almost uniform intensity for the [111], [200] and [220]
directions (Fig. 2.8). This indicates a random orientation ([111], [200] or
[220]) of the TiC grains in the a-C matrix. The observation from TEM
agrees well with results obtained from XRD. The intensity of the TiC [311]
and TiC [222] is very weak, indicating that very few TiC crystallites are
oriented these directions. Therefore, the Braggs peaks of TiC [311] and
TiC [222] (at 72.3◦ and 76.2◦ 2θ, respectively) were not observable in the
XRD spectra. Grain sizes observed from the TEM micrographs as com-
pared to that calculated from XRD spectra are plotted in Fig. 2.9. The
trend of grain sizes observed from TEM and XRD was the same: grain sizes
increased as Ti content in the coating increased. However, the grain size
calculated from XRD was smaller than that observed from TEM. In the cal-
culation of grain size (using the Scherrer formula) the effect of microstrains
(due to the residual stress) in broadening the Braggs peak was ignored.

Fig. 2.8. Diffraction pattern of nc-TiC/a-C coatings indicating the random orientation
of the TiC crystallites.
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Fig. 2.9. Grain size of TiC determined from TEM and XRD. The grain size increases
as Ti content increases.

Taking microstraining into account, the grain size can be obtained through
Williamson–Hall Plot [17], thus,

D =
Kλ

β cos(θ) − 4ε sin(θ)
.

Ignoring microstrain ε thus enlarges the denominator, resulting in smaller
calculated grain size.

Raman spectra and the ID/IG ratio for nc-TiC/a-C coatings are shown
in Fig. 2.10. From the figure, the intensity of the carbon peak decreased as
more Ti was added into the coating and no peak was seen for the coating
“doped” with 45 at.%Ti. This is due to the decrease of a-C when more Ti
was added (Ti bonds with C to form TiC). As seen from Fig. 2.3, when
45 at.%Ti was added, the coating contained only 10 at.%C. Such a small
amount was not enough to produce a peak in the Raman spectrum.

The increase in the ID/IG ratio indicates that the sp3 fraction decreases
when Ti is added. That is the same as the case of addition of Al. However,
the addition of Al resulted in a greater decrease in sp3 bonding (increase
in ID/IG ratio). From Figs. 1.8 and 2.10, addition of 16 at.%Ti resulted in
an ID/IG ratio of 1.9, whereas the addition of only 9 at.%Al resulted in an
ID/IG ratio of 2. The Al added goes into the a-C matrix and disturbs the
carbon structure in comparison to the addition of Ti where the Ti forms
nanograin TiC with C.
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Fig. 2.10. Raman spectra of nc-TiC/a-C nanocomposite coatings for compositions of
Ti of 0, 16, 30, 36, and 45 at.% [15].

2.4. Mechanical Properties

2.4.1. Hardness and Residual Stress

The trend of hardness and Young’s modulus when “doping” Ti is different
from the case of “doping” Al. Al exists in the coating as elemental Al and
this leads to a decrease of hardness as more Al is added due to the decrease
of sp3 bonding in a-C, plus Al itself is a soft metal. In the case of Ti,
however, as Ti is added above a certain level, nanograins of strong phase
TiC form. In this case, the hardness of the coatings is not only dependent
on the sp3 fraction of a-C but also on the nanocrystalline phase of TiC (the
size of grains, their volume fraction and distribution in the a-C matrix).
Figure 2.11 plots the coating hardness and Young’s modulus as a function
of Ti concentration.

Pure a-C coating has hardness and Young’s modulus of 32.5 and
342.6GPa, respectively. On increasing Ti content, the coating hardness
decreases and then increases owing to different mechanisms: as discussed
before, at low Ti content (less than 16 at.%), the addition of Ti in the coat-
ing only serves as “doping” (virtually no TiC formation or very few TiC
crystallites are found scattered in the a-C matrix, Fig. 2.7 and Table 2.2).
Addition of Ti decreases the amount of sp3 bonding in the a-C matrix
(Fig. 2.10), which results in a decrease in hardness. Starting from 16 at.%Ti,
a considerable amount of TiC nanograins form and the amount increases
with increasing Ti (Table 2.2) resulting in a recovery of hardness to 32GPa
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Fig. 2.11. Hardness and Young’s modulus of nc-TiC/a-C as a function of Ti
concentration.

Table 2.2. Summary of the structure of nc-TiC/a-C deposited under −150V bias with
different compositions of Ti (from XPS, XRD and TEM results).

a-C
Tic phase interface

Ti content Tic grain volume thickness
(at.%) Composite description size (nm) (%) (nm)

0 Amorphous 0 0 N/A
3 Amorphous 0 0 N/A
8 Random inclusion of TiC grains

encapsulated into a-C matrix
2–5 5 > 10

16 2–5 18 < 10
25 Considerable amount of TiC

grains encapsulated in the a-C
matrix

3–7 28 < 10
30 3–8 39 < 8
36 3–11 69 < 5
45 Almost TiC grains with a minor

amount of a-C phase
10–25 93 < 2

at 36 at.%Ti after offsetting the effect of the high sp2 fraction in the
matrix. With further increase of Ti, the coating hardness decreases again
as a result of grain coarsening. A fitting curve connects the experimental
data in Fig. 2.11 indicating that a maximum hardness of about 32–33GPa,
which is comparable to that of pure a-C, can be obtained at Ti content
of 38–42 at.%. In this range of Ti content, the grain sizes of the TiC are
about 3–25nm, the a-C interface thickness is less than 5 nm and the volume
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fraction of TiC nanograins is about 70–90% (Table 2.2). It is clear that,
superhardness (higher than 40GPa) is not achievable in this case because
the two simultaneous conditions required for superhardness are not satis-
fied. Firstly, the grain size of TiC is not small enough (<10 nm) to totally
suppress the operation of dislocations. Secondly, the a-C interface is not
thin enough (<1 nm) to support the coherence strain-induced enhancement
of hardness [18].

The relationship between residual stress and Ti concentration is shown
in Fig. 2.12. When Ti was co-sputtered, the residual stress in the coating
decreased from 4.1GPa (a-C) to 0.9GPa (16 at.%Ti) then increased grad-
ually to 2.1GPa at 45 at.%Ti. At higher Ti content, it slightly decreased.
The decrease of residual stress as Ti is added is understandable from the
increase in sp2 fraction, which helps to relax the compressive stress accu-
mulated in the coating during the deposition process. Also, it should be
noted that the energy of the sputtered species coming to the substrate
during co-sputtering of two targets (graphite and Ti) is considerably lower
owing to higher probability of collisions between species in the plasma com-
pared to the case in which only the graphite target is sputtered. When a
considerable amount of TiC is formed (from 16 at.%Ti), associated with
less a-C inclusion, the hard phase of TiC hinders the relaxation of stress.
The more TiC nanograins form, the less stress is relaxed, leading to an
increase in residual stress as more Ti is added. However, the highest residual
stress in nc-TiC/a-C is about 2GPa, which is only half of that of the pure
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Fig. 2.12. Residual stress of nc-TiC/a-C coatings as a function of Ti concentration.
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a-C (about 4 GPa). However, a high hardness (about 32GPa) is obtained.
From Figs. 1.10 and 2.12, it is clear that Al is better than Ti in reduction
of residual stress.

2.4.2. Tribology

Figure 2.13 shows the coefficient of friction of the coatings containing vari-
ous amounts of Ti sliding against a 100Cr6 steel ball in ambient air (22◦C,
75% humidity). From the figure, the coefficient of friction increases from 0.17
to 0.24 as the Ti content increases from 3 to 36 at.%. The a-C matrix influ-
ences significantly the friction of nc-TiC/a-C coatings through formation of
a graphite-rich layer which acts as solid lubricant in humid air. When more
Ti is added, more TiC crystallites form, thus there is less a-C matrix in direct
contact with the wearing ball. This results in less solid lubricant between the
two sliding surfaces and a higher coefficient of friction is thus seen. Another
reason causing the increase in friction is the increase in surface roughness as
more Ti is added as mentioned above. The development of the coefficient of
friction exhibits an abrupt change at about 45 at.%Ti. At that Ti content, the
concentration of a-C is approximately 10 at.% (Fig. 2.3). Such a low amount
of a-C can no longer transform into graphitic lubricant, leading to a drastic
increase in coefficient of friction. The coatings, in this case, exhibit the same
friction behavior as polycrystalline TiC.
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Fig. 2.13. Coefficient of friction of nc-TiC/a-C coatings with different Ti content. The
coefficient of friction increases as more Ti is added to the a-C.
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2.5. Summary

Co-sputtering of graphite and Ti forms a nanocomposite with TiC
nanograins embedded in a matrix of amorphous carbon (nc-TiC/a-C). The
size of the nanograins is strongly dependent on the Ti content (thus the
power density of Ti target) and varies from a few to about 30 nm. Higher
Ti content (i.e. higher power density on the Ti target) results in a larger
grain size and rougher surface morphology. The hardness of the nanocom-
posite coatings is not only dependent on the sp3 fraction of the a-C matrix
but also (mainly) on the TiC nanograins (the size, the volume fraction and
the a-C interface thickness). At low Ti content (less than 8 at.%) the for-
mation of nanograins is very limited with very few nanograins scattered
in the a-C matrix. At high Ti content (more than 45 at.%) the coatings
mostly consist of nanocrystalline TiC and they exhibit polycrystalline TiC-
like properties (rough surface and high friction). A high hardness of 32GPa
can be obtained with 36 at.%Ti (the grain size is 3–11nm and the a-C inter-
face thickness is less than 5 nm) while the residual stress of this coating is
only 2 GPa (half of that of pure a-C).

3. Al-Toughened nc-TiC/a-C

As a result of the studies of a-C, a-C(Al) and nc-TiC/a-C, it is evident
that a combination of hard crystalline TiC and a tough, relatively hard
amorphous matrix of a-C(Al) would yield a coating of high toughness,
low residual stress and adequate hardness, and therefore good wear resis-
tance, thermal stability and oxidation resistance. The coating of interest
is nc-TiC/a-C(Al), or nanocrystalline TiC embedded in amorphous carbon
matrix doped with Al.

The power density on graphite target has been set at 10.5W/cm2 for
all samples. From analysis before, a power density of 2.7W/cm2 on the
Ti target yields an amount of TiC crystalline phase high enough to main-
tain a high hardness while the a-C content is adequate for self-lubrication
to take place. The power density on the Al target is varied from 0.6
to 1.8W/cm2 for different Al compositions. The substrate is biased at
−150V and the process pressure kept constant at 0.6Pa during deposi-
tion. The composition of the coatings is calculated from the areas under
the C 1s, Ti 2p and Al 2p peaks in XPS spectra. The results are tabu-
lated in Table 3.1 (the coatings are etched using an Ar ion beam for 15min
before analysis; less than 4 at.% of oxygen contaminated is ignored in the
calculations).
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Table 3.1. Composition of the nc-TiC/a-C(Al) nanocrystalline
coating.

Composition (at.%)
Power density of

Al target (W/cm2) C Ti Al Notation

0.6 62 35 3 C62Ti35Al3
1.1 60 34 6 C60Ti34Al6
1.4 57 32 11 C57Ti32Al11
1.8 56 31 13 C56Ti31Al13

3.1. Composition

Figure. 3.1 shows the C 1s, Ti 2p and Al 2p XPS profiles of C56Ti31Al13
coating. It should be noted that except for the intensity of the peaks, there
was no difference between the XPS spectra of all four coatings. The results
revealed from XPS spectra of the four coatings meet the expectations of
the coating design:

• The Al existed in the coating as elemental Al. A symmetrical single peak
at 72.6 eV was seen in the Al 2p spectra.

• Except for the bonds of the oxides, Ti–C was the only chemical bond
found in the coating. The peaks at 281.8 eV in the C 1s profile and at
454.9 eV (461 eV for Ti 2p1/2) in the Ti 2p profile are attributed to TiC.
This indicates that under the deposition conditions, other carbides such
as aluminum carbide or aluminum–titanium carbide did not form.

• All Ti bonded with C to form TiC. No shift of the Ti 2p peaks to lower
binding energies was seen from the spectra. Therefore there was no ele-
mental Ti in the coatings.

3.2. Microstructure

The XRD spectra of the nc-TiC/a-C(Al) nanocomposite coatings are shown
in Fig. 3.2. TiC was the only crystalline phase in these coatings and the
TiC nanograins were randomly oriented in [111], [200], and [220] direc-
tions. The more Al added, the lower the intensity of the peaks, since
the amount of TiC was lower as more Al was added into the coating.
However, as more Al was added, the peak intensities and the widths
in all directions became more consistent, indicating uniform grain size
and random orientation. With Al, no shift of the peaks was seen, which
indicated that the coating had low residual stress. The grain size of all
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Fig. 3.1. C 1s, Ti 2p and Al 2p XPS spectra of C56Ti31Al13 coating. (Power density of
graphite: 10.5W/cm2, Ti: 2.7W/cm2, and Al: 1.8W/cm2. 15 min etching was applied
before analysis.).
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Fig. 3.2. XRD spectra of the nc-TiC/a-C(Al) nanocomposite coatings.

nc-TiC/a-C(Al) coatings was 2–5 nm as calculated from the XRD spec-
tra using Scherrer formula. The calculated values should be very near the
real dimension since nc-TiC/a-C(Al) had low residual stress (not much
shift of TiC peaks was seen compared to the case of nc-TiC/a-C). There-
fore the effect of residual stress on Braggs peaks’ broadening would be
negligible.

Figure 3.3 shows the bright field (BF) TEM image with (a) diffrac-
tion patterns and (b) HRTEM micrographs of the C56Ti31Al13 coating.
The diffraction pattern confirmed the existence of randomly oriented TiC
nanograins. Also the BF TEM image shows a high volume fraction of
TiC nanograins in the matrix of Al-doped a-C. The grain size was deter-
mined to be 2–6 nm, which was very consistent with the results calculated
from XRD (2–5 nm). From Tables 2.1 and 2.2, co-sputtering of graphite
(at 10.5W/cm2) and Ti (at 2.7 W/cm2) resulted in a nanocomposite nc-
TiC/a-C coating (36 at.%Ti) with grain size from 3 to 11 nm. When Al
was incorporated by co-sputtering of graphite (at 10.5 W/cm2), Ti (at
2.7 W/cm2) and Al (at 0.6–1.8W/cm2), the grain size of the TiC was less
than 6 nm. It is clear that incorporation of Al reduces the grain size of TiC.
The interface thickness of the amorphous phase was determined to be less
than 5 nm, comparable to that of the nc-TiC/a-C coating.
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(a) (b)

Fig. 3.3. (a) BF TEM (with diffraction pattern), and (b) HRTEM of a nc-TiC/a-C(Al)
(C56Ti31Al13) nanocomposite coating. In BF TEM, the dark spots are TiC nanograins.

Figure 3.4 shows the surface morphology of the C62Ti35Al3 and
C56Ti31Al13 coatings. The surface roughness of C62Ti35Al3 and C56Ti31Al13
was 6.9 and 5.4 nm Ra, respectively. The nc-TiC/a-C(Al) coating has a
smoother morphology than nc-TiC/a-C and more Al added resulted in an
even smoother surface. The surface morphoplogy is closely related with thin
films growth. The growth kinetic is controlled by the mobility of the imping-
ing atoms on the surface before they condense and become entrapped in the
film. This mobility can be enhanced by inputting energy to the sytem, such
as increasing deposition temperature or supplying impact energy through ion
bombardment. In the present study, the C and Ti target power densities are
kept constant for all the samples while the Al target power density increased
from 0.6 to 1.8W/cm2. The Al atoms obtain more energy at higher Al target
power density therefore the mobility of Al atom is higher, which results in a
smoother surface.

3.3. Mechanical Properties

Mechanical properties of a-C, nc-TiC/a-C and nc-TiC/a-C(Al) coatings
investigated in this study are tabulated in Table 3.2.

3.3.1. Hardness, Toughness and Adhesion

The hardness and Young’s modulus of nc-TiC/a-C(Al) were less than that
of a-C and nc-TiC/a-C. However the big benefit here was the low resid-
ual stress of the nc-TiC/a-C(Al) coatings. Addition of Al or Ti into a-C
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Fig. 3.4. AFM images of (a) C62Ti35Al3, and (b) C56Ti31Al13 nanocomposite coatings.

considerably reduced the residual stress of the coating. When Al and Ti
were added into a-C at the same time a low residual stress was obtained.
Note that C56Ti31Al13 had very low residual stress of 0.5GPa while its
hardness was at a relatively high level of about 20GPa. More importantly,
the low residual stress allowed thick adherent coatings to be deposited,
leading to a long working life.
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Table 3.2. Mechanical properties of a-C, nc-TiC/a-C and nc-TiC/a-C(Al) coatings.

Deposition [Power
density (W/cm)2 ]

Coatings C Ti Al Bias (V) Stoichiometry Hardness (GPa) Young’s modulus (GPa) Stress (GPa)

a-C 10.5 0 0 −150 C 32.5 342.6 4.1
nc-TiC/a-C 10.5 2.7 0 −150 C64Ti36 31.8 324.5 2.1

nc-TiC/a-C(Al) 10.5 2.7 0.6 −150 C62Ti35Al3 27.3 297.5 1.3
nc-TiC/a-C(Al) 10.5 2.7 1.8 −150 C56Ti31Al13 19.5 220.4 0.5
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Fig. 3.6. Lower critical load obtained from scratch tests of a-C (−140 V bias), a-C
(bias-graded), nc-TiC/a-C, and nc-TiC/a-C(Al) coatings.

Figure 3.5 plots the load and unload curve of the C56Ti31Al13 coat-
ing. The plasticity (ratio of the unloaded displacement over total displace-
ment) during indentation deformation was estimated to be 58%. Such a
high plasticity indicates a very high toughness, as can be visually verified
from scratch tests.

Figure 3.6 plots the adhesion strength (in terms of the lower critical
load from scratch tests) of a-C (deposited at a constant bias of −140V),
bias-graded a-C (bias voltage is increased from 0 to −140V at a rate of
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−2V/min, see details in [19]), nc-TiC/a-C (C64Ti36) and nc-TiC/a-C(Al)
(C56Ti31Al13) coatings deposited on 440C steel substrates. As can be seen
from the plot, a-C deposited under a high bias voltage of −140V exhibited
the lowest adhesion strength (118mN). For bias-graded a-C, the adhesion
strength was more than three times higher (381mN). Since the surface
roughness was low for both a-C deposited under a constant bias of −140V
and bias-graded a-C (1.1 and 1.4nm Ra on the Si wafer), the consider-
able increase in adhesion was attributed to the combination of low residual
stress and high toughness of the bias-graded a-C, especially at the interface
between the coating and substrate. The adhesion strength of the nc-TiC/
a-C coating was 253mN, more than twice that of a-C deposited under
−140V bias owing to a much lower residual stress and the tough-
ness enhancement of the nanocomposite configuration (the size of the
cracks was limited and their propagation was hindered). However, this
critical load was still lower than that of the bias-graded a-C coat-
ing (381mN) because of two reasons. Firstly, the residual stress of
nc-TiC/a-C was higher than that of bias-graded a-C (2.1GPa versus
1.5GPa). Furthermore, it should be noted that the residual stress was
obtained from the change in curvature of a whole Si(100) wafer, i.e.
an average of the whole coating regardless of possible variation due
to structural grading in case of bias-graded deposition. In bias-graded
a-C coatings, the sp3 fraction increases from the substrate-coating interface
towards the outer surface of the coating. The local residual stress at the
interface should be a lot lower than that close to the surface (where sp3 is
the highest). Secondly, the roughness of nc-TiC/a-C was 8.2 nm Ra (on a
Si wafer), which was much higher than that of the bias-graded a-C coat-
ings (1.4 nm Ra on Si wafer). This resulted in higher friction and thus
higher shear stress at the contact area. These reasons gave rise to a higher
critical load (better adhesion) for the bias-graded a-C compared to that
of nc-TiC/a-C. In the case of the nc-TiC/a-C(Al), a very high critical
load of 697mN was obtained. The extremely low residual stress of 0.5GPa
played an important role in this coating. Another important contribution is
attributed to the extremely high toughness as a consequence of adding Al
to form an a-C(Al) matrix in which nanosized TiC grains were embedded.
In this case, the propagation of the microcracks generated in the scratch
process was hindered at the boundaries between the matrix and the grains.
Meanwhile, the crack propagation energy was relaxed in the tough matrix.
The smoothness of the surface (5.4 nm Ra on Si) also contributed towards
the high critical load.
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Fig. 3.7. Optical micrographs of scratch tracks on the coating of (a) a-C deposited under
constant bias of −140V, (b) bias-graded a-C, (c) nc-TiC/a-C, and (d) nc-TiC/a-C(Al).

As can be clearly seen from the optical micrographs of the scratch tracks
in Fig. 3.7, a-C coating deposited under constant −140V bias delaminated
in a brittle manner as the load reached 118mN, and the lower critical load
and the higher critical load were not distinguishable. For bias-graded a-C
and nanocomposite coatings, however, the scratch damages inflicted on the
coating was not continuous (sporadic) as the load continued to increase
[Figs. 3.7(b), (c) and (d)]. The fractured surface of the nc-TiC/a-C(Al)
coating appeared very “plastic” [Fig. 3.7(d)]: the cracks formed but did not
produce spallation, instead, the tip was seen to plough into the coating.
As the tip ploughed deeper, the scanning amplitude decreased because the
force exerted on the tip to vibrate in the transverse direction was not enough
to overcome the resistance created by the material pile-up.

3.3.2. Tribology

Tribological properties of a C56Ti31Al13 nanocomposite coating were inves-
tigated in comparison with that of the pure a-C (deposited under a constant
−140V bias) and nc-TiC/a-C (C64Ti36).
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Fig. 3.8. Coefficient of friction versus sliding distance of a nc-TiC/a-C(Al) coating
(C56Ti31Al13) and a nc-TiC/a-C coating (C64Ti36).

3.3.2.1. Dry Tribology

Figure 3.8 plots the coefficient of friction as a function of sliding dis-
tance of a nc-TiC/a-C(Al) coating (C56Ti31Al13) and a nc-TiC/a-C coating
(C64Ti36) when sliding against a 100Cr6 steel counterpart in ambient air.
It should be noted that the amount of a-C in these nanocomposites was 23
and 30 at.% in the nc-TiC/a-C(Al) coating and in the nc-TiC/a-C coat-
ing, respectively. For these two nanocomposite coatings, the a-C in the
matrix was mostly graphite-like with a high ID/IG ratio (3.1 for nc-TiC/
a-C(Al) and 2.6 for nc-TiC/a-C, respectively). Therefore, the graphite-rich
phase was available for lubrication. This is different from pure a-C, where
the graphite-rich lubricant layer can only form after graphitization takes
place.

As seen from the figure, the running-in stage of nc-TiC/a-C(Al) was
shorter (about 0.1 Km) with much lower coefficient of friction compared
to that of the nc-TiC/a-C coating. The hard nc-TiC/a-C coating (hard-
ness 32GPa) has a rougher surface (8.2 nm Ra on a Si wafer, Fig. 2.4)
than that of the nc-TiC/a-C(Al) coating (hardness 19.5GPa and 5.4 nm
Ra on a Si wafer, Fig. 3.4). Such a rough surface with hard and large
asperities (the size of TiC grains in nc-TiC/a-C is 5–11nm compared to
less than 6 nm in nc-TiC/a-C(Al)) in the nc-TiC/a-C resulted in higher
friction and more vibrations. It required a considerably longer duration to
reach the steady state. At steady state, the coefficient of friction of the
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nc-TiC/a-C(Al) coating was about 0.23, a bit lower than that of the nc-
TiC/a-C coating (0.24) even though the amount of a-C was lower (23 at.%
compared to 30 at.%). The main reason was that high hardness and rough-
ness of the nc-TiC/a-C caused more wear of the steel counterpart as seen
from the optical micrographs of the wear scars after the test (Fig. 3.9). The
higher wear rate of the counterpart contributed more iron oxide into the
tribolayer formed between the two sliding surfaces. The wear of the steel
counterpart was lower when sliding against nc-TiC/a-C(Al) and the wear-
ing coating contributed not only a-C but also Al (in the form of aluminum
hydroxide since the tribotest was carried out in a high humidity condition)
into the contact. As mentioned before, aluminum hydroxide has lower shear
strength compared to that of iron oxide, giving rise to a slightly lower fric-
tion observed in nc-TiC/a-C(Al). It is well known that the coefficient of
friction of pure a-C when sliding against a steel counterpart was in the
range of 0.11–0.15 depending on the deposition conditions (bias voltage).
Compared with these values, the coefficient of friction of the nanocomposite
coating was higher. This is due to the fact that the nanocomposite coating
has rougher surface and less graphite in the tribolayer (pure a-C contains
100%C). Even so, the coefficients of friction of the a-C nanocomposite coat-
ings are much lower than that of popular ceramic coatings currently used
in the industry, such as TiN, TiC, CrN, etc. The coefficients of friction of
these generally are from 0.4 to 0.9 [20–30].

The wear track profiles on the coatings and wear scars on the balls after
the tribotests for nc-TiC/a-C(Al) and nc-TiC/a-C are shown in Fig. 3.9. For
comparison, those of the a-C coating deposited under −140V bias (32.5GPa
hardness) are also added. From the wear track profiles, it can be seen that
the wear of nc-TiC/a-C and a-C coatings is very low and the wear track is
not detectable. These coatings have much higher hardness (about 32GPa)
compared to that of the steel counterpart (8 GPa). Wear of the counter-
parts, therefore, was very high, as is seen in the big wear scars. However,
the wear scar on the ball sliding against a-C is smaller than that on the ball
sliding against the nc-TiC/a-C (the wear scar diameter is 498 and 575µm,
respectively). Understandably, pure a-C has a much smoother morphology
compared to that of nc-TiC/a-C and it contains 100% a-C, which produces
a larger amount of graphite-like lubricant in the contact area, leading to a
lower wear of the counterpart and lower coefficient of friction. Softer than
nc-TiC/a-C and a-C, the nc-TiC/a-C(Al) coating exhibits a lower wear
resistance. The wear track on nc-TiC/a-C(Al) is observable. Meanwhile,
the wear of the counterpart, with a wear scar diameter of 387µm, is much
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Fig. 3.9. Wear track profiles on the coatings and wear scars on steel balls after 1Km
ball-on-disc tribotests in ambient air (22◦C, 75% humidity).
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lower than that formed by sliding against nc-TiC/a-C and a-C (where the
wear scar diameters are 498 and 575µm, respectively).

3.3.2.2. Oil-Lubricated Tribology

Under oil-lubricated conditions, the lubrication mechanism is totally differ-
ent from that under dry conditions. With oil lubrication, oil prevents the
formation of the tribologically beneficial layer, changes the friction mecha-
nism at the contact and governs the friction behavior of the oil-lubricated
contact. Therefore, the thickness and stability of the oil film between the
coating and counterpart surface plays an important role in friction and
wear of coatings and counterparts. In oil-lubricated tribotests, because the
oil is not pressurized into the contact, the oil film between the two con-
tacting surfaces will not be thick enough to separate the coating surface
and the counterpart. The lubrication regime, therefore, is boundary but
not hydrodynamic. As such, the asperities of the two surfaces are in con-
tact. Under this lubrication condition, the interaction between the coating
surface, counterpart surface with lubricating oil and the additive is vital in
order to maintain an oil film (even very thin) in the interface. Generally,
the mechanism of boundary lubrication includes [24]:

• Formation of layers of molecules by Van der Waals forces: To form such
layers a molecule must have a polar end, which attaches to the metal,
and a non-polar end, which associates with the oil solution. Therefore,
to assure good adhesion of the oil to the tribosurfaces, the first condition
is that an appropriate metal(s) must be added into lubrication oil (Ca,
Mg, and Zn are added to Shell Helix oil).

• Formation of high-viscosity layers by reaction of the oil component in the
presence of rubbed surfaces: these films may result in a hydrodynamic
effect and may be linked to the surface by Van der Waals forces.

• Formation of inorganic layers due to reactions between active oil compo-
nents and the tribosurface materials: These layers (sulphides, phosphides)
have low shear strength and help to prevent scuffing (for this, in Shell
Helix oil S and P are added).

Good boundary lubrication occurs when tribosurfaces are metallic and
for that purpose, active metals produce better results than inert met-
als [25]. Figure 3.10 plots the coefficient of frictions of nc-TiC/a-C(Al),
nc-TiC/a-C and a-C coatings as a function of sliding distance. Under the
oil-lubricated condition, very low vibration allows the accurate estimation
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Fig. 3.10. Coefficients of friction of the nc-TiC/a-C(Al) coating, the pure a-C coating,
and the nc-TiC/a-C coating, as functions of sliding distance under oil lubrication.

of the coefficients of friction up to two decimal places. From the figure,
after the running-in stage, all three coatings exhibited very low coefficients
of friction (0.04–0.05) compared to that under dry conditions (0.15, 0.23
and 0.24 for a-C, nc-TiC/a-C(Al) and nc-TiC/a-C, respectively). The nc-
TiC/a-C(Al) coating exhibits the lowest friction followed by the nc-TiC/a-C
coating. The pure a-C exhibits the highest coefficient of friction. Experi-
mental results are expected from the nature of these three coatings: pure
a-C is a chemically inert material, thus the interaction between the oil and
a-C coating is very limited. The a-C surface is therefore a “passive member”
in the contact; the chemical interactions occur only at the mating surface
(steel ball counterpart). In the case of nanocomposite coatings, there is not
only an interaction between steel counterpart and oil but also between the
oil and the coating surface because of the metals in the nanocomposite
coatings. This results in a thicker and more stable oil film at the interface
leading to the observed lower coefficient of friction. It can be easily seen
that the nc-TiC/a-C(Al) coating has the best interaction with oil since Al
is an active metal and it exists in the coating as elemental Al. Therefore,
it is not surprising that nc-TiC/a-C(Al) exhibits the lowest friction under
oil lubrication. The wear tracks on all the three coatings are not detectable
after the tests, indicating excellent wear resistance.

The wear scars on the ball are shown in Fig. 3.11. The smallest wear
scar was the one sliding against nc-TiC/a-C(Al) (with a diameter of
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(a) 

(b)

(c) 

Fig. 3.11. Wear scars on steel counterparts after 1 Km sliding against (a) a-C,
(b) nc-TiC/a-C, and (c) nc-TiC/a-C(Al) sliding under oil-lubricated condition.
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220 µm). The effective boundary lubrication, as mentioned above, resulted
in the low wear of the counterpart. The wear of the ball sliding against the
nc-TiC/a-C coating was the highest (the diameter of the scar was 246 µm);
a little bit smaller (240 µm scar) against pure a-C coating. The high wear
on the ball sliding against nc-TiC/a-C was probably the consequence of the
rough surface morphology of the nc-TiC/a-C coating. It is clear that the
nc-TiC/a-C(Al) coating is the winner: low coefficient of friction (0.04) and
excellent wear resistance (the wear was not detectable after 1 Km sliding
against a 100Cr6 steel ball), plus less wear on the counterpart.

3.4. Thermal Stability and Oxidation Resistance

A nc-TiC/a-C(Al) coating (C56Ti31Al13, hardness 19.5GPa) was used for
this study. Pure thermal stability can be evaluated through annealing in
inert gas (thus only temperature is allowed to take effect, not oxidation).
Figure 3.12 shows the Raman spectra of the coating after 60min annealing
in an Ar environment at different temperatures. The ID/IG ratio of a-C
in the matrix increased with increasing temperature. This behavior is the
same for pure a-C where a more graphite-like structure was formed at high
temperature. The change of the a-C structure happened as temperature
exceeded 300◦C. At high temperatures (> 500◦C) carbon in the matrix was
almost graphite-like with large cluster size. Further increase in temperature
did not cause much increase in ID/IG ratio (ID/IG ratio increased from 4.5
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Fig. 3.12. Raman spectra of nc-TiC/a-C(Al) nanocomposite annealed at different tem-
peratures for 60min in an Ar environment [26].
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Fig. 3.13. Hardness of nc-TiC/a-C(Al) nanocomposite as a function of annealing tem-
perature [26].

to 4.6 as the temperature increased from 500 to 600◦C). Although the
amount of graphite-like structure increased with temperature the coating
hardness did not change much and remained as high as the original value
of about 19GPa up to 400◦C (Fig. 3.13). Even after annealing at 600◦C
for an hour, the hardness still remained as high as 17GPa, i.e. about 90%
remained. This indicates a very good thermal stability. It should be noted
that after annealing for an hour at 400◦C, the hardness of the pure a-C
coating dropped to only half of its original 32.5GPa, and at 500◦C, only
about 8GPa or about 25% remained. For pure a-C, the major contribution
to the coating hardness is the sp3 bonding structure, which is sensitive
to temperature. The hardness of nanocomposite coatings, however, mainly
comes from the hard nanocrystalline phase of TiC, which is not influenced
as the temperature increases up to 600◦C. As can be seen from Fig. 3.14, the
XRD pattern of nc-TiC/a-C(Al) before and after annealing in Ar was not
noticeably different. Therefore, the hardness of the nanocomposite coating
was less sensitive to temperature than pure a-C.

The oxidation resistance can be evaluated from annealing in air.
Figure 3.15 shows XPS spectra (Al 2p) of the nanocomposite coating after
annealing at different temperatures in air. After unloading from the depo-
sition chamber into atmosphere, all Al on the surface reacted with oxygen
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Fig. 3.14. XRD pattern of nc-TiC/a-C(Al) coating before and after 60min annealing
in an Ar environment at 600◦C [26].
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Fig. 3.15. XPS spectra (Al 2p) of nc-TiC/a-C(Al) nanocomposite coating at different
annealing temperatures in air for 60 min [26].

to form aluminum oxide (the Al–O peak at 74.2 eV). As the annealing tem-
perature was increased to 600◦C, Al–O was the only chemical bond of Al
detected. The Ti 2p spectra are shown in Fig. 3.16. The peaks at 454.9
and 461 eV were attributed to TiC (2p3/2 and 2p1/2, respectively), at 458.6
and 464.3 eV to TiO2, and at 456.2 and 462 eV to TiCxOy. As investigated
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Fig. 3.16. XPS spectra (Ti 2p) of nc-TiC/a-C(Al) nanocomposite coating at different
annealing temperatures in air for 60 min [26].

before, Ti in the coating mostly bonded with C in the TiC nanocrystalline
phase. From the spectra, when the temperature was lower than 300◦C, the
oxidation of TiC was very limited. The oxygen existed in TiCxOy. The for-
mation of TiO2 was seen at an annealing temperature of 400◦C. From the
results, it can be seen that TiC was considerably oxidized at about 400◦C.
The oxidation, which leads to the formation of TiO2 is expressed by the
following reaction:

TiC + 2O2 → TiO2 + CO2. (3.1)

At 500◦C, a large amount of TiO2 was formed (51 at.%Ti bonded with oxy-
gen) and when the annealing temperature was increased to 600◦C, almost
all the TiC was oxidized to form TiO2.

As mentioned before, the reaction between carbon and oxygen at high
temperature (400◦C) resulted in the loss of coating thickness:

C + O2 → CO2. (3.2)

This also occurred on the surface of the nanocomposite coating where
the carbon dioxide was formed from the reactions between TiC and oxygen
[Eq. (3.1)] and between C (in the matrix) and oxygen [Eq. (3.2)]. Aside
carbon dioxide, aluminum oxide (formed at room temperature) and tita-
nium oxide (formed at high temperature) are also products of the oxidation.
These oxides remain on the coating and act as a barrier layer (especially
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Fig. 3.17. Coating thickness of nc-TiC/a-(Al) nanocomposite coating before and after
annealing in air at 600◦C obtained from profilometer [26].

aluminum oxide [27]) to prevent the diffusion of oxygen into the coating.
Therefore, the loss of coating thickness was not seen when annealing the
nc-TiC/a-C(Al) nanocomposite in ambient air, even at 600◦C for 60min
(Fig. 3.17). Also, it can be easily recognized that the formation of the oxide
layer resulted in a very rough morphology.

The thickness of the oxide layer was determined from an XPS depth
profile based on the oxygen percentage detected. It is determined as the
etching depth at which the oxygen content was less than 4 at.% (this oxy-
gen contaminated the coating during the deposition process) and does not
change when more etching is continued. Figure 3.18 shows the XPS depth
profiles of the coating without annealing, after 60 min annealing in air at
300◦C, and after 60 min annealing in air at 600◦C.

As seen from the figures, without annealing, the thickness of oxide
layer was about 4.2 nm. At 300◦C, the increase in thickness of the
oxide layer was not significant (the thickness of oxide layer was about
6.3 nm). It should be noted that without annealing the thickness of
oxide layer on the nanocomposite (Ti, Cr)CN/a-C was already about
20 nm [28]. At high temperature of 600◦C, the thickness of the oxide
layer drastically increased to about 55 nm. Under the same anneal-
ing condition, the oxide layer on the TiN coating was reported to be
200nm and that of TiAlN was 35–180nm depending on the Al con-
tent in the coating [27, 29]. These data illustrate the importance of Al
in the oxidation resistance of the nanocomposite coating. The addition
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of Al, even at low amounts considerably enhances the oxidation resistance.
As mentioned before, aluminum oxide is a good barrier to prevent oxygen
diffusing into and oxidizing the coating. From the experimental results, nc-
TiC/a-C(Al) exhibited much better oxidation resistance compared to that
of pure a-C, a-C-based nanocomposites which do not contain Al, such as
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Fig. 3.18. XPS depth profile of nc-TiC/a-C(Al) nanocomposite coating (a) without
annealing (b) after annealing at 300◦C for 60 min, and (c) after annealing at 600◦C for
60min in air [26].
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Fig. 3.18. (Continued)

(Ti, Cr)CN/a-C, and TiN. The oxidation resistance of nc-TiC/a-C(Al) was
comparable to that of TiAlN under testing temperatures up to 600◦C.

3.5. Application in Piston Ring

Till now, there is little systematic investigation concentrating on the appli-
cation of a-C or a-C-based nanocomposites as protective coatings for piston
rings in internal combustion engines. Pure a-C cannot be used as a protec-
tive coating for piston ring since the high residual stress does not allow
thick coatings to be deposited. Thickness of less than 1.5µm or even a few
µm (if bias-graded deposition is applied) cannot meet the requirement of
an acceptable mileage within one overhaul life of the engine. Furthermore,
pure a-C coatings exhibit brittle behavior, poor thermal stability and oxi-
dation resistance. The characteristics of nc-TiC/a-C(Al) indicate that this
material possesses excellent properties for tribological applications. The low
friction in dry and boundary-lubricated conditions (much lower than that
of conventional nitride and carbide coatings) will contribute much to the
reduction of friction losses in the engine, leading to a considerable decrease
in fuel consumption. A hardness of 20GPa (comparable to TiN and higher
than CrN) combined with good thermal stability and oxidation resistance
(much better than TiN) gives the coating good wear resistance under harsh
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working conditions of piston rings. In addition, the low residual stress allows
thick coatings to be deposited for a long working life.

In this study, the engine tests were carried out with a nc-TiC/ a-
C(Al) nanocomposite coating (C56Ti31Al13). The deposition conditions and
mechanical properties of this coating were stated in Table 3.2. As a control,
an 18GPa hard TiN coating was also deposited by reactive magnetron sput-
tering on a piston ring at Ti target power density of 4 W/cm2, bias voltage
of −80V and process pressure of 0.6Pa (40 sccm Ar + 10 sccm N2).

3.5.1. Engine

The engine used in this test is a two-stroke gasoline engine (Fig. 3.19) with
cylinder capacity of 41 cc, cylinder bore of 39.8mm and stroke of 32.5mm.
The cylinder bore is plated with Cr.

A propeller with size of 18–10 (diameter: 18 inches, pitch: 10 inches)
was installed to apply the load to the engine. An output of 2 horse power
(HP) is required for a revolution speed of 5000 r.p.m for this propeller.
The maximum combustion pressure is 5.2MPa. The maximum pressure
on the working surface of the first piston ring (thus, on the coating) is
estimated to be about 4MPa (0.76 × 5.2). During the tests, the r.p.m of
propeller was maintained at 5000± 100 by controlling the fuel feeding. The
fuel used for the engine was M92 gasoline mixed with 4% Shell Helix Plus
engine oil.

3.5.2. Piston Ring

The piston ring (Fig. 3.20) was made from cast iron with alloying elements.
The chemical composition is shown in Table 3.3.

The geometry of the ring. Inside diameter: 36.32mm. Outside diameter:
39.37mm. Thickness: 1.65mm.

The ring gap area (see Fig. 3.20) was investigated since the wear of the
ring gap area is more serious compared to other areas on the circumference
of piston ring [30].

3.5.3. Testing Procedure

There were two types of samples. One type comprised the whole piston
rings, which were utilized for engine tests. The other comprised pieces cut
from the rings; after deposition, these pieces were polished to measure the
coating thickness.
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(a) 

(b)

Fig. 3.19. The engine: (a) without propeller; (b) installed with propeller for testing.

The engine tests were carried out for 610 hours. After the first 30 hours
of running the piston rings were removed from the engine, then ultrason-
ically cleaned for 20 min to estimate the running-in wear by SEM. After
that, the rings were reinstalled and another 580 hours of testing was car-
ried out. Finally, the piston rings were removed then polished for SEM
investigation.
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Fig. 3.20. Piston ring and the ring gap area.

Table 3.3. Chemical composition of cast ion piston ring.

Element Fe C Si Mn Cr W V Ti P S

Content (at.%) 92.1 3.9 2.4 0.6 0.2 0.15 0.15 0.05 0.4 0.05

3.5.4. Results

The cross-sections of TiN and nc-TiC/a-C(Al) coatings deposited on pis-
ton rings are shown in Fig. 3.21. From SEM images, 20 points were
randomly chosen for measuring the coating thickness and the average
was considered the coating thickness. Coating thickness of 23.2 ± 0.3
and 21.3 ± 0.3 µm were estimated for TiN and nc-TiC/a-C(Al) coat-
ings, respectively. The thickness of both coatings were consistent along
the circumference of the piston ring. It can be recognized that the
nc-TiC/a-C(Al) coating exhibits a denser structure compared to the TiN
coating.

Figure 3.22 shows the fractography of the TiN and the nc-TiC/a-C(Al)
coatings on piston rings after the first 30 hours testing. The remaining
thickness was averaged from the values measured at 20 random points. The
remaining thickness was estimated to be 19.9 ± 0.8 and 18.4 ± 0.5 µm for
TiN and nc-TiC/a-C(Al), respectively.

Figure 3.23 shows the SEM images of the remaining coatings after a
“field test” of 610 hours. The TiN coating wore out completely whereas
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(a) 

(b)

Fig. 3.21. SEM cross-section images of (a) TiN, and (b) nc-TiC/a-C(Al) coatings,
deposited on piston ring. The thickness was estimated to be 23.2±0.3 and 21.3±0.3 µm
for TiN and nc-TiC/a-C(Al), respectively.

the nc-TiC/a-C(Al) coating, which still had a thickness of 2.1 ± 0.2 µm
remaining, continued to adhere very well to the piston ring with no sign of
spallation or peeling. The results from the engine tests are summarized in
Table 3.4.

Assuming that the TiN coating wore out right before completion of
the test, the wear rate of TiN would be 3.4 µm/100h. In reality, the wear
rate of the TiN coating may be higher or even a lot higher (depending on
when the coating was actually completely worn out). The wear of the nc-
TiC/a-C(Al) coating was considerably lower than that of TiN (13% lower
in the first 30 hours running-in time and more than 17% lower in the next



August 23, 2007 10:6 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch02

Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 161

(a)

(b)

Fig. 3.22. SEM images of TiN (a) and nc-TiC/a-C(Al) after 30 hours engine test.
The thickness remaining was estimated to be 19.9 ± 0.8 and 18.4 ± 0.5 µm for TiN and
nc-TiC/a-C(Al), respectively.

580 hours). With the nc-TiC/a-C(Al) coated ring, about 3% fuel was saved
for the first 30 hours and about 2% for the next 580 hours.

3.6. Summary

Bias voltage does not influence the composition of sputtered coatings. The
target power density does. Co-sputtering of graphite, Ti and Al deposits
a nanocomposite coating where nanosized TiC crystalline phase is embed-
ded in an amorphous carbon matrix doped with Al, or nc-TiC/a-C(Al).



August 23, 2007 10:6 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch02

162 S. Zhang et al.

(a) 

(b)

Fig. 3.23. Cross-section after engine test for 610 hours. (a) The TiN coating was com-
pletely worn out, but (b) the nc-TiC/a-C(Al) coating still had a thickness of 2.1±0.2 µm.

The average grain size of the nanocrystalline TiC grains is less than 6 nm.
There is no preferred orientation. The nc-TiC/a-C(Al) coating has a rela-
tively high hardness of about 20GPa, a very low residual stress of 0.5GPa,
a very smooth surface (5 nm in Ra for a 1.2µm thick coating deposited
on a Si wafer) and exhibits very high adhesion strength (lower critical
load of almost 700mN) and superior toughness (as evidenced by inden-
ter plaughing into the coating rather than peeling the coating off). The
plasticity during indentation is as high as 58%. The nc-TiC/a-C(Al) coat-
ing is thermally stable up to 400◦C. Even at 600◦C for one hour in Ar,
90% or 17GPa of the hardness remains. The oxidation resistance of the
coating is comparable to that of TiAlN, much better than that of pure
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Table 3.4. Results from engine tests.

Specific fuel
Thickness after (µm) Wear rate (µm/100h) consumption (g/HP.h)

Coatings 0 30 h (30+ 580) h First 30 h Next 580 h First 30 h Next 580 h

TiN 23.2 19.9 0 11 > 3.4 236 225
nc-TiC/a-C(Al) 21.3 18.4 2.1 9.6 2.8 227 221
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a-C or TiN. The nc-TiC/a-C(Al) coating exhibits a low coefficient of fric-
tion in dry air (0.23) and an extremely low coefficient of friction under oil
lubrication (0.04), thus resulting in good wear resistance. Engine test of the
coating deposited on piston rings illustrates a reduction of more than 17%
in the wear rate and 2% in fuel consumption as compared to TiN coating.
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NANOCRYSTALLINE DIAMOND AND

NANODIAMOND/AMORPHOUS CARBON
COMPOSITE FILMS

S. C. Tjong

Department of Physics and Materials Science
City University of Hong Kong, Tat Chee Avenue, Kowloon, Hong Kong
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1. Introduction

The use of hard coatings with combined functional and structural properties
for the protection of materials is widely recognized. Hard coatings improve
the durability of substrate materials in hostile environments against wear
and oxidation, thus prolonging the tool life. Transition nitride coatings like
TiN, TiCN and TiBN have been used frequently in manufacturing sectors to
increase the performance of cutting tools and drills. There is an increasing
need in industrial sectors for the development of high performance coatings
with better oxidation resistance, higher hardness and longer lifetime than
conventional TiN coatings. To meet industrial demands for improved coat-
ings, significant effort has been devoted to the design and synthesis of super-
hard coatings. Diamond is a very attractive material in this respect due to
its outstanding and unique properties, such as large bandgap, high chem-
ical inertness, low friction coefficient, high hardness, high refractive index,
high thermal conductivity, high optical transparency and good biocompat-
ibility. Potential applications include transparent protective coatings for
optical components, tribological coatings for microelectromechanical sys-
tems (MEMS), heat sinks, field emission displays and biomedical implant
materials, etc. [1–9]. Chemical vapor deposition (CVD) method is one of
the most promising techniques to producing low cost, large area and high
quality polycrystalline diamond films. Typical CVD deposition involves the
placement of silicon or diamond substrates under a flowing gas mixture of
hydrogen and hydrocarbon, activated with a hot filament, or plasma at

167
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microwave frequency. Diamond crystallites then nucleate on the substrates
under appropriate plasma chemistry conditions. The nucleation of diamond
is an important step in the growth of diamond thin films, because it strongly
affects the growth rate, film morphology and quality [10]. CVD diamond
nucleation and growth mechanism on diamond substrates is generally well
known [11, 12]. High quality homoepitaxial diamond (100) film can be syn-
thesized from high-power microwave plasma-enhanced CVD [12]. However,
the diamond nucleation mechanism on other non-diamond substrates is rel-
atively less well understood due to the difficulty of locating and identifying
the nucleation sites. Silicon is commonly employed as a substrate for the
diamond deposition owing to its widespread application in the microelec-
tronics industry. The high surface energy, small lattice parameter and small
coefficient of thermal expansion prevent diamond from growing heteroepi-
taxially on Si and other non-diamond substrates. Very few materials such as
cubic boron nitride (c-BN) and iridium are reported to be ideal substrates
for the hetero-epitaxial diamond nucleation [13–15]. Cubic boron nitride is
particularly suitable because its lattice constant (3.615 Å) matches with
the diamond lattice parameter (3.567 Å) closely, i.e. with a lattice mis-
match of less than 2%. Although the lattice misfit between diamond and
iridium is 7.6%, the iridium thermal expansion coefficient is closer to that
of diamond [15].

Diamond coatings with submicrometer and micrometer grain sizes fab-
ricated from the CVD method are rather rough and non-uniform over large
areas. Low nucleation densities in CVD process require longer deposition
times for forming continuous film, leading to large surface roughness due
to the large grain size. The high surface roughness poses a major prob-
lem for optical coating applications because it causes attenuation and scat-
tering of the transmitted lights [16]. Moreover, CVD coatings generally
exhibit a rough faceted surface, which is undesirable for many machin-
ing and sliding wear applications [17, 18]. To obtain a smoother surface,
mechanical polishing of diamond films is needed. This process is rather
tedious and difficult due to the extremely high hardness of diamond.
Mechanical polishing can also lead to an increase in the sp2 content of
the diamond films [16]. Roughness of the diamond films can be effec-
tively reduced when their grain size approaches nanometer level. In this
respect, efforts have been directed towards the preparation of nanocrys-
talline diamond (NCD) and ultrananocrystalline diamond (UNCD)
coatings having high nucleation rates with desired morphologies and
characteristics.
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In recent years, nanocrystalline (several nanometers and up to ∼100 nm)
materials have attracted increasing attention from material scientists,
chemists and physicists. When the grain size is below a critical value (∼10–
20 nm), more than 50 vol.% of atoms are associated with grain boundaries
or interfacial boundaries [19]. Bulk ultrafine diamonds with grain sizes of
5–10nm can be synthesized from detonation of explosives [20, 21] and from
fullerene (C60) at a high pressure of 20 GPa [22]. Nanocrystalline diamond
films with extremely high grain boundary atoms are emerging as new novel
materials with unique electrical, optical and mechanical characteristics [23].

Most NCD films have been deposited on non-diamond substrates via
microwave or hot filament CVD plasma consisting of methane–hydrogen
mixture (1% CH4, 99% H2) under bias-enhanced nucleation (BEN) mode
[24–29]. The process involves the surface hydrogen atom abstraction reac-
tion and formation of methyl radical by gas-phase hydrogen abstraction.
In this respect, the methyl, CH3, is considered the growth precursor for
the film deposited in a hydrogen-rich plasma. The substrate temperatures
for diamond deposition is typically in the range of ∼ 600–950◦C. Lower
substrate temperatures below 600◦C would make the hydrogen abstraction
reaction become sluggish, thereby causing lower diamond nucleation den-
sity and larger grain sizes. Several factors are known to affect the diamond
nucleation under BEN controlled mode. These include active carbonaceous
species concentration, process pressure, substrate temperature and electri-
cal bias field [24–29]. Recently, Zhou et al. [26] reported that composite
film consisting of nanocrystalites embedded in an amorphous carbon (a-C)
matrix can be prepared by a prolonged bias assisted hot filament CVD.
The average crystalline size and volume fraction of nanodiamond can be
controlled by changing the CH4 concentration of the CH4/H2 feeding gas.

On the other hand, UNCD films can be synthesized from the
microwave (2.45 GHz) assisted hydrogen poor plasmas (e.g. CH4/H2/Ar
or C60/H2/Ar), with Ar concentrations up to 97% or even without the
addition of molecular hydrogen [30–37]. Thus, the plasma chemistry is com-
pletely different from that of the hydrogen-rich methane–hydrogen mixture
mentioned above. Dense and continuous UNCD films can be grown at sub-
strate temperatures as low as 400◦C at reasonably high deposition rates
under optimized ultrasonic seeding process [1]. Growing films at lower tem-
peratures permits better control over the final films’ thickness and grain
size. Gruen and coworkers demonstrated that the carbon dimmer, C2, is
the growth precursor for the UNCD films. Such films exhibit smooth sur-
faces with grain sizes ranging ∼3–10nm. Excellent mechanical and field
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emission properties of the UNCD films have been found [36, 37]. The frac-
ture strength of UNCD films is much higher than that of conventional
MEMS materials such as polysilicon and SiC [36]. The excellent mechani-
cal and tribological properties render the UNCD coatings an ideal material
for MEMS applications. Furthermore, Gruen and coworkers indicated that
the microstructure of diamond films can be tailored by changing the gas-
phase chemistry of the plasma-enhanced CVD process. The sizes of diamond
crystallites ranging from microcrystalline to nanocrystalline can be varied
continuously by monitoring the Ar/H2 ratio of the Ar/H2/CH4 gas mixtures
[31]. Therefore, understanding the plasma chemistry, identification of the
primary growth precursors and the nucleation sites for diamond crystallites
are essential for preparation of the CVD nanodiamond and nanocomposite
films with desired mechanical and physical properties.

2. Chemical Vapor Deposition

Two versatile routes are commonly adopted to prepare thin films from
vapor phase: physical vapor deposition (PVD) and CVD. The former route
includes evaporation, sputtering, ion implantation and laser ablation that
involves no chemical reactions. CVD is a process involving chemical reac-
tions between gaseous adsorption species on a hot substrate surface to form
thin film or coating with desired properties. The main steps that occur in
the CVD process can be summarized as:

a. Transport of reacting gaseous species to the surface.
b. Adsorption of the species on the surface.
c. Heterogeneous surface reaction catalyzed by the surface.
d. Surface diffusion of the species to growth sites.
e. Nucleation and growth of the film.
f. Desorption of gaseous reaction products and transport of reaction prod-

ucts away from the surface [38, 39].

CVD films have better step or surface coverage compared to the films grown
by PVD. Moreover, CVD is capable of coating complex-shaped components
uniformly. In this aspect, CVD is widely used in the research laboratories
and industries to prepare metallic, ceramic and semiconducting thin films.
Depending on the activation sources for the chemical reactions, the deposi-
tion process can be categorized into thermally activated, laser-assisted and
plasma-assisted CVD.
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In conventional thermally activated CVD, resistive heating of hot wall
reactors provides sufficient high temperatures for the dissociation of gaseous
species. This leads to the entire heating of the substrate to a high tem-
perature before the desired reaction is achieved. It precludes the use of
substrates having melting points much lower than the reaction tempera-
ture. Alternately, one could heat the reacting gases in the vicinity of the
substrate by placing a hot tungsten filament inside the reactor. Plasma-
enhanced CVD is known to exhibit a distinct advantage over thermal CVD
owing to its lower deposition temperature. Various types of energy resources
e.g. DC, RF, microwave and electron cyclotron resonance microwave (ECR-
MW) radiation are currently used for plasma generation in CVD. In a
DC plasma, the reacting gases are ionized and dissociated by an elec-
trical discharge, generating a plasma consisting of electrons and ions.
Microwave plasmas are attractive because the excitation microwave fre-
quency (2.45 GHz) can oscillate electrons. Thus high ionization fractions
are generated as electrons collide with gas atoms and molecules. These CVD
techniques have been successfully used to grow diamond films on various
substrates.

Hot filament CVD (HFCVD) presents advantages like low cost, simplic-
ity, ease of scaling and the ability to form uniform diamond films in large
areas. In the process, the source gases are ionized by energetic electrons pro-
duced by a hot filament. In most cases, the grids have been added in order to
accelerate the ions impinging on to the substrate. The major shortcomings
are low nucleation density and contamination from the filament materials.
Such contamination can affect the electronic and optical properties of the
diamond films. Therefore, optical coatings and windows, thermal manage-
ment and semiconductor applications are commonly prepared by microwave
plasma-enhanced CVD [40]. MWCVD system in most research laboratories
employed a microwave frequency of 2.45 GHz. To scale up for commercial
applications, MWCVD systems equipped with a 915 MHz and 60 kW for
generating a large size plasma have been developed [41]. HFCVD is how-
ever very effective in producing tribological coatings, as non-planar parts
with complex shapes can be homogeneously covered [42]. The first diamond
films were synthesized by HFCVD technique from a gas mixture of methane
(0.5–2 vol.%) and hydrogen by Matsumoto et al. [43]. The gas mixture flows
through a refractory metal such as W, Ta or Mo heated at a temperature
above 2000◦C. Under this condition, H2 is dissociated into atomic hydrogen,
and CH4 undergoes pyrolysis reaction leading to the formation of radicals
such as CH3, C2H2 and other stable hydrocarbon species. The deposition
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rate is about 1–3 µm h−1 over a variety of substrate materials such as
titanium, chromium and silicon [44]. The typical chemical reactions occur
under thermal activation can be described as follows [40]:

H2 → 2H, (2.1)

CH4 + H → CH3 + H2. (2.2)

Atomic hydrogen is considered to play a crucial role in CVD deposi-
tion. These include adding and abstracting bonded hydrogen, formation of
methyl radical by gas-phase hydrogen abstraction and preferential etching
of the graphitic phase at the growing diamond surface in CH4/H2 plasma
[45, 46]. Removal of graphitic species stabilizes the sp3 structure, thereby
producing a good crystalline quality.

Nucleation of diamond, the early stage of crystal formation, is an impor-
tant step in the growth of diamond films. Despite rapid progress in the CVD
diamond synthesis, the mechanism of diamond nucleation on non-diamond
substrates still remains much less understood. As mentioned above, the
atomic hydrogen has been considered essential for etching the graphitic
phase. However, some workers reported that diamond could be synthesized
in a hydrogen-free environment [47, 48]. It is therefore necessary to under-
stand the basic chemical processes involved in CVD diamond nucleation.

Nucleation of a new phase involves a balance between the bulk energy
per atom and the interfacial or surface energy of the nucleus. The high sur-
face energy, small lattice parameter and small coefficient of thermal expan-
sion result in low nucleation densities on non-diamond substrates. Single
crystal silicon is widely used as a substrate material for the deposition
of diamond films. However, there exist large lattice mismatch and surface
energy differences between silicon and diamond. The lattice constant for sil-
icon is 0.543nm and surface energy of {111} silicon plane is 1.5 JM−2, while
the lattice constant of diamond is 0.357nm and the surface energy of {111}
diamond plane is 6 JM−2 [49, 50]. Diamond nucleation on pristine silicon
substrates is usually associated with an incubation period, high localization
and low nuclei density of ∼104 cm−2 [51]. Assuming diamond crystallites
are cubic, the minimum nucleation density, Nd, needed to form a continuous
layer of thickness d can be estimated from the relation: Nd = d−2 [40]. In
order to achieve a coalesced polycrystalline film of 1 µm thick, a minimum
density of 108 cm−2 is required. The growth of diamond crystallites on sil-
icon generally follows three-dimensional Volmer–Weber mode. This results
in a columnar growth in which the grain size tends to increase with increas-
ing film thickness. In the past, some methods such as seeding or abrading
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non-diamond substrates with diamond powders, ultrasonically vibrating the
substrate in the suspension containing diamond powders were commonly
used to enhance the diamond nucleation. Reported nucleation densities
after substrate abrasion vary from 108–1010 cm−2 [52–54]. However, the
abrasion method would introduce mechanical damage and contamination,
producing poor quality diamond–substrate interface. Such contamination is
rather difficult to remove through proper degreasing and water rinsing pro-
cedures. The effective method for diamond nucleation density enhancement
is in situ biasing of substrates during the initial stage of deposition [55–57].
This method is referred to as bias-enhanced nucleation (BEN). According
to the literature, the density of diamond ranges from 108–1011 cm−2 can be
achieved under BEN treatment [28, 50, 56–61]. Proper control of the nucle-
ation and subsequent growth parameters often leads to local heteroepitaxy
[62, 63].

Stoner et al. have studied in-depth the nucleation and growth of highly
oriented diamond (HOD) films on silicon via MPCVD with BEN step
using high resolution transmission electron microscopy (HRTEM), Raman,
Auger electron spectroscopy and X-ray photoelectron spectroscopy [56].
They reported that an amorphous SiC interfacial layer was developed on
silicon before significant diamond nucleation occurred. When the SiC layer
had reached a critical thickness (∼90 Å), carbon on the surface tended to
form clusters that were eventually favorable for diamond nucleation. It was
also found that the biasing pretreatment removed surface oxide and sup-
pressed oxide formation on the surface [57]. They further indicated that
the carbide forming nature of the substrate plays a decisive role when per-
forming BEN treatment. Nucleation densities of 1010 cm−2 can be achieved
in certain carbide forming refractory metals such as hafnium and titanium
[58]. It is worth noting that diamond nucleation is rather poor on these car-
bide forming substrates without biasing. This means that biasing is needed
for the nucleation of diamond film on these substrates.

The morphology of oriented diamond films can be controlled by taking
advantage of the growth competition between different orientations of dia-
mond grains. This behavior can be described by the growth parameter (α)
defined as [64]:

α =
√

3(V100/V111) (2.3)

where V100 and V111 are the growth rates along the 〈100〉 and 〈111〉
directions, respectively. The growth parameter depends upon the pro-
cessing conditions such as gas composition, substrate temperature and
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pressure [65]. When α is close to 1, cubic shape crystals are produced.
When α is close to 3, the fastest growth direction is 〈100〉, leading to the
formation of octahedral pyramid shape. The morphology of diamond crys-
tals vary from cubic, cubooctahedral to octahedral by increasing the growth
parameter from 1 to 3. Fig. 2.1 shows typical cubooctahedral diamond crys-
tals grown on Si(100) substrate from a CH4/H2 gas mixture with α = 1.8
using MPCVD [63].

In the case of non-diamond substrate forming no carbide, e.g. copper
with a cubic structure (lattice constant of 3.61 Å), the nucleation den-
sity is relatively low even after BEN treatment. Chuang et al. synthesized
diamond films on copper via MPCVD with and without BEN-treatment
in 2.5–25% CH4/H2 gas mixtures [66]. They reported that the diamond
density increases from ∼105 to 107 cm−2 with increasing methane concen-
tration and saturated at 10% CH4 under BEN treatment. These nucle-
ation density values are considerably lower than those of BEN-controlled Si
substrates, i.e. 108–1011 cm−2 [35, 56–61]. Figures 2.2(a)–(f) are the SEM
micrographs showing the effect of bias on diamond nucleation. The nucle-
ation density reached the highest value of 106 cm−2 when the bias voltage
was set at −250V with 5% CH4 [Fig. 2.2(d)]. The nucleation density tended

Fig. 2.1. SEM micrograph showing cubooctahedral diamond crystals on Si(100) sub-
strate from a CH4/H2 gas mixture with α = 1.8 using MPCVD [63].
Reprinted with permission of Elsevier.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch03

Properties of Chemical Vapor Deposited Nanocrystalline Diamond 175

Fig. 2.2. SEM micrographs showing the effect of bias voltage on diamond nucleation on
copper substrate with 5% CH4: (a) 0V, (b) −150 V, (c) −200 V, (d) −250V, (e) −300V
and (f) −350 V [66].
Reprinted with permission of Elsevier.

to decrease with further increase of the bias voltage beyond −250V due to
the etching effect of ions.

For CVD diamond synthesis, methane is commonly used as the source
gas of carbon. Wu and coworkers reported that chloromethane (CCl4) can
be used as an alternative replacement for methane during HFCVD diamond
on silicon using CCl4/H2 gas mixture. Chloromethane facilitates the low
temperature formation of diamond films mainly through the enhancement
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Fig. 2.3. Effect of CCl4 concentration on the formation of NCD and microcrystalline
diamond films on silicon substrates [69].
Reprinted with permission of Elsevier.

of nucleation [67, 68]. Because of the weaker C–Cl bond compared to C–H
bond of methane, CCl4 can dissolve readily near the filament, producing a
high concentration of gas phase chlorohydrocarbon free radicals (·CH2Cl2,
·H, etc.). Moreover, atomic Cl can be formed either through the dissociation
of CCl4 or through the Cl and H exchange reaction, i.e. H + HCl = Cl + H2.
Atomic Cl produced enhances the growth rate by increasing both the con-
centration of methyl radicals [CH3] in the gas and the concentration of car-
bon radical [Cd] on the surface. The relatively fast reaction of Cl atoms
with surface-bonded C–H compared to that of hydrogen atoms with surface-
bonded C–Cl increase the rate of diamond growth [68]. More recently, Ku and
Wu reported that NCD film can be formed on silicon via HFCVD using 2 and
2.5% CCl4/H4 at a substrate temperature of 610◦C (Fig. 2.3). The HRTEM
image and selected area diffraction pattern of NCD film deposited from 2.5%
CCl4 are shown in Fig. 2.4. The lattice spacing of 0.205nm in the HRTEM
image corresponds to the d-spacing of {111} crystal planes of diamond [69].

3. NCD Film Formation from Hydrogen-Deficient Plasma

Gruen et al. have carried out pioneering research in the synthesis of
UNCD films on Si substrates via MPCVD in hydrogen deficient plasmas,



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch03

Properties of Chemical Vapor Deposited Nanocrystalline Diamond 177

Fig. 2.4. (a) HRTEM image and (b) selected area diffraction pattern of the diamond
film deposited from 2.5% CCl4 [69].
Reprinted with permission of Elsevier.

e.g. CH4(1%)/Ar, or C60/Ar and C60/Ar/H2 [31, 34, 35]. In the process, Si
substrates were either pretreated with mechanical polishing using fine dia-
mond powders or ultrasonic seeding process for enhancing diamond nucle-
ation. The carbon dimmer, C2, is the growth species for UNCD films and
directly inserted to the diamond surface. Strong Swan band emission asso-
ciated with C2 radicals was observed [31]. Argon gas is known to readily
discharge into Ar+ and metastable Ar∗ due to its low ionization potential.
The addition of Ar also increases the electron density in the plasma. For
the CH4(1%)/Ar plasma at 1600 K, CH4 in the feed gas is thermally con-
verted into C2H2 that is further charge exchanged with Ar+ and Ar* to
produce C2H+

2 . The subsequent dissociative recombination of the acetylene
ion with electron yields C2 dimers [9]. These reactions can be summarized as
follows:

CH4
1600K−−−→ C2H2 + 3H2

Ar+,Ar∗−−−−→ C2H+
2 + Ar e−−→C2 + H2. (3.1)
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In the later case, fragmentation of the fullerenes in the plasma results in
strong Swan band emission due to C2 radicals. C60 is employed because it is
a hydrogen-free, pure carbon species having high vapor pressure. In the pro-
cess, a C60 sublimator source is attached to a MPCVD chamber. Fullerene
vapor is introduced into the plasma chamber by heating the sublimator to
550◦C while flowing Ar gas through it [34]. The possible reactions involve
both charge exchange collisions with Ar+ and Ar∗ to yield C+

60:

Ar+ + C60 → Ar + C+
60, (3.2)

Ar∗ + C60 → Ar + C+
60 + e−. (3.3)

Subsequent dissociative recombination of C+
60 with electrons produces C2

and C58 fragment cluster. This reaction can be written as follows:

C+
60 + e− → C58 + C2. (3.4)

The low level of atomic hydrogen in the plasma allows continuous renu-
cleation of the diamond phase on existing diamond crystallites. Owing to
the high renucleation rates of the C2 dimer, UNCD films have extremely
small grain sizes of 3–10nm. The grains are purely crystalline diamond on
the basis of TEM observation and electron energy loss spectroscopy. The
grain boundaries are near atomically abrupt as observed with TEM [32].
The grain boundary of UNCD films constitutes about 10% carbon atoms
that are π-bonded [9]. The UNCD films produced exhibit exceptionally
high surface smoothness. The surface topography and roughness of UNCD
films can be observed with the atomic force microscopy (AFM). Figure 3.1
shows the AFM images of microcrystalline and UNCD films grown in a
microwave plasma [70]. It can be seen that the UNCD films produced from
the C60/Ar/H2 plasma have very smooth surfaces compared to the micro-
crystalline diamond film counterpart.

For the Ar/CH4 gas mixture, the plasma may contain less than 1% H2

due to the decomposition of methane. For the UNCD film grown using an
Ar−1% CH4 plasma, the diamond grains are likely to nucleate from an
amorphous C layer on the Si substrate. However, addition of hydrogen to
the Ar/CH4 gas mixture would suppress formation of the amorphous C
layer due to the etching effect, leading to direct nucleation of diamond on
the Si surface. Gruen and coworkers studied the effect of hydrogen on the
nucleation and morphology of diamond crystallites [31, 71]. They reported
that the microstructure of diamond films can be controlled by varying the
Ar/H2 ratio of the Ar/H2/CH4 gas mixtures [31]. A transition from micro-
crystalline to nanocrystalline occurs at an Ar/H2 ratio of 9. They attributed
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Fig. 3.1. Atomic force microscopy images showing the surfaces of microcrystalline dia-
mond and UNCD thin films [70].
Reprinted with permission of Elsevier.

this to a change in growth mechanism from ·CHr radical in hydrogen rich
content to C2 species in low hydrogen content plasma. Figures 3.2(a)–(e)
are SEM micrographs showing the changes of NCD to microcrystalline dia-
mond morphology by increasing the hydrogen content in the Ar/H2/CH4

plasma [72]. In the absence of hydrogen, the UNCD film exhibits typical
cluster or the so-called ballast type morphology [Fig. 3.2(a)]. As hydrogen is
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Fig. 3.2. SEM micrographs showing a transition from nanocrystalline to microcrys-
talline diamond morphology by increasing hydrogen content in the Ar/H2/CH4 plasma:
(a) 0%, (b) 1%, (c) 5%, (d) 10% and (e) 20% H2 [72].
Reprinted with permission of Elsevier.

introduced into the plasma, the C2 density in the plasma decreases sixfold
for 20% H2 UNCD [73]. Two obvious changes in the morphology of UNCD
films can be observed. The average size of nanograins increases from 5
to 10 nm for 5, 10 and 20% H2. Moreover, the volume fraction of micro-
crystalline diamond in the composite film increases. The microcrystalline
diamond inclusions over a micron size are major components of the 10%
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and 20% H2 UNCD composite film. As mentioned above, the formation of
microcrystalline diamond depends greatly on the presence of methyl radi-
cals and the atomic hydrogen species in the plasma. Increasing the hydrogen
content in the Ar/H2/CH4 plasma inevitably increases the concentration
of these two species.

Raman spectroscopy is a versatile tool to determine the vibrational
modes of diamond and sp3 and sp2 configurations in amorphous carbon
or diamond-like coatings (DLC). Diamond has a single Raman active mode
at 1332 cm−1, which is a zone center mode of T2g symmetry [74]. In sp3

hybridization, a carbon atom forms four sp3 orbitals associated with the
combination of one 2s atomic orbital and three 2p atomic orbitals, pro-
ducing a strong σ covalent bond to the adjacent carbon atom. In the sp2

configuration, a carbon atom forms three sp2 orbitals resulting in three σ

bonds and the remaining p orbital forms a π bond. The three σ bonds and
π bond constitute a ring plane in sp2 clusters. Both the sp3 and sp2-bonded
carbon phases constitute the DLC. Due to the resonance effects, the Raman
cross-section for sp2 clusters is much larger than that for sp3-bonded carbon
in conventional, visible Raman excited at 514 or 488nm. Thus the Raman
scattering signal from the sp2 clusters often predominate [75]. The visible
Raman spectrum of DLC generally shows the presence of main G peak at
∼1550cm−1 and a D peak shoulder at ∼1350cm−1. Both are attributed to
graphitic sp2 bonding. The G peak arises from the bond stretching modes
of the sp2-bonded carbon in both rings and chains. The D peak is associated
with the breathing mode of A1g symmetry involving phonons near the K
zone boundary. This peak is forbidden in perfect graphite and only becomes
active in the presence of disorder [76]. Recently, UV Raman spectroscopy
has been used to characterize the hybridization configurations in the DLC
and nanocrystalline diamond thin films. The advantage of UV Raman is its
higher excitation energy than visible Raman. The Raman intensity from
sp3-bonded carbon can be enhanced while the dominant resonance Raman
scattering from sp2 cluster is suppressed [77].

It is noted that the sp2- and sp3-bonding configurations in the DLC and
NCD films can also be analyzed using the electron energy loss spectroscopy
(EELS). It is well established that carbon atoms with different structures
have very distinct K-shell absorption edge features. The energy absorption
caused by the transitions between π and antibonding π∗, and between σ

and antibonding σ* orbitals show different energy levels [78]. The onset
of the K absorption edge of the diamond phase with sp3-type covalent σ

bonding occurs at ∼289.1 eV due to its excitation into the unoccupied σ*
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electronic states. In contrast, graphite with the sp2-configuration having π

bonding exhibits an additional absorption edge at 284 eV owing to its lower
lying antibonding π∗ states.

Figures 3.3(a) and (b) show the visible and UV Raman spectra of
UNCD thin films grown with successive amounts of hydrogen added to
the Ar/H2/CH4 plasma [72]. The 1332 cm−1 peak in both the visible and
UV Raman spectra is assigned to the microcrystalline diamond phase. The
intensity of this peak tends to increase with increasing hydrogen content
in the plasma. From Fig. 3.3(a), the diamond peak disappears in UNCD
films grown with less than 10% H2 in the plasma. Several broad peaks and
shoulders located at 1140, 1330, 1450 and 1560 cm−1 can be observed. The
peaks at 1140 and 1450 cm−1 are assigned to carbon–hydrogen bonds in
the grain boundaries. The peaks at 1330 and 1560cm−1 are the D- and
G-bands of disordered sp2-bonded carbon. The peak at 1150 cm−1 is often
used as a simple criterion for nanocrystalline phase in CVD sample. Ferrari
and Robertson indicated that this peak cannot originate from sp3-bonded C
phase, but rather is associated with trans-polyacetylene segments at grain
boundaries of the nanocrystalline diamond sample [78]. Recently, Pfeiffer
et al. demonstrated that the 1150 cm−1 in visible Raman is due to the

Fig. 3.3. (a) Visible and (b) UV Raman spectra of UNCD films grown with successive
amounts of hydrogen added to the Ar/H2/CH4 plasma [72].
Reprinted with permission of Elsevier.
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trans-polyacetylene segments at the grain boundaries. It shows a disper-
sion of ∼25cm−1 eV−1 when it is excited by laser of different wavelength.
The 1150 cm−1 mode is always accompanied with the 1480 cm−1, which
also shows a similar dispersion [79]. It is worth noting that the transition
from microcrystalline to nanocrystalline morphology can also be observed
in the film grown from the Ar/H2/CH4 plasma via HFCVD [80].

As mentioned above, the grain boundaries of UNCD films have a large
fraction of sp2-bonded carbon atoms. Gruen and coworkers demonstrated
that the morphology of UNCD films and conductivity are greatly affected
by the introduction of nitrogen in a Ar/CH4 gas mixture, i.e. the presence
of CN species in the plasma [81]. TEM observation reveals that the width of
grain boundaries of the UNCD films increases dramatically to ∼1.5–2nm
by doping with nitrogen. As the carbon atoms at grain boundaries are
π-bonded, the electrical conductivity of the nitrogen-doped UNCD films is
enhanced accordingly. More recently, Popov and coworkers [82–84] and Wu
et al. [85] reported that the NCD/amorphous carbon nanocomposie coat-
ing can be synthesized via MWCVD in hydrogen deficient CH4/N2 plas-
mas with varying methane content. The morphology of synthesized coating
consists of diamond nanocrystallites of 3–5nm dispersed in an amorphous
matrix [Fig. 3.4(a)]. The bright-field TEM micrograph shows the diamond
nanocrcrystallites are separated by a fine network of grain boundaries with
a width of 1–1.5 nm [Fig. 3.4(b)]. The crystallite phase/amorphous matrix
ratio is close to unity. Raman and electron energy loss spectra show the
existence of sp2 carbon in the matrix or grain boundaries [82, 83]. The
methane content in the precursor gas mixture has a large influence on the
morphology of the coating. The coating prepared at 9% methane exhibit
discontinuous and independent nodule-like structure. In contrast, smooth
and uniform coating can be achieved using 17% methane [82, 84].

4. NCD Films Formation from Hydrogen-Rich Plasma

Methane and hydrogen mixtures are the most commonly used working gases
for the preparation of diamond films in hydrogen-rich plasma. BEN treat-
ment is an effective method for increasing the diamond nucleation den-
sity during microwave deposition from a methane/hydrogen gas mixture
on silicon substrate [46, 54–57]. High renucleation rates can be achieved by
increasing the relative methane content in the methane/hydrogen plasma.
Gu and Jiang reported that NCD films with 40 nm in grain size can be syn-
thesized via MPCVD in the methane/hydrogen plasma under appropriate
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Fig. 3.4. (a) Dark-field and (b) bright-field TEM images of an NCD/a-C amorphous
composite coating prepared with 9%CH4/91%N2 plasma [83].
Reprinted with permission of Elsevier.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch03

Properties of Chemical Vapor Deposited Nanocrystalline Diamond 185

conditions such as high bias voltage, substrate temperature and methane
concentration [55]. The proposed mechanisms responsible for diamond
nucleation under ion bombardment include preferential sputtering of non-
diamond component, etching of substrate surface to form an active step
surface and hydrocarbon subplantation. The first model relates preferential
sputtering of sp2 phase compared to sp3-bonded carbon under ion bom-
bardment [86]. This model does not explanation the actual nucleation of
sp3-bonded C phase that is necessary for diamond growth. The more appro-
priate model for explaining the mechanism underlying the BEN step is
subplantation [87, 88]. This model involves a shallow implantation of hydro-
carbon species with energy of ∼1–1000eV near subsurface region. After
occurrence of the glow discharge, CH+

x (x = 1, 2, 3) ions are produced. The
incident CH+

x ions of sufficient energy penetrate into the surface atomic
layers and enter a subsurface interstitial position. The increase in the con-
centration of trapped ions in the host lattice results in the formation of
an inclusion of new phase. It is likely that the preferential displacement
of sp2 atoms by the impact of incoming ions promote sp3 bonding [88].
McKenzie et al. reported that compressive stress can be induced by the
shallow implantation of carbon ions during the deposition of tetrahedral
amorphous carbon film. Such compressive stress tends to stabilize the sp3-
bonded carbon [89].

Two types of nucleation sites associated with BEN diamond nucleation
have been identified, they are the aligned graphitic layer [29, 90, 91], and
the SiC interlayer [56, 92]. Robertson and coworkers reported that the ion
flux is a critical factor for enhancing diamond nucleation on Si substrate
under a negative bias of 200–250V. They proposed that subplantation of
hydrocarbon ions causes deposition of nanocrystalline graphite carbon. Dia-
mond crystallites tend to nucleate on the graphitic planes that are locally
oriented perpendicular to the surface. In the process, bias pretreatment
causes ion beam deposition of an sp2-bonded carbon [85, 86]. Typical sp2

carbon tends to be quite disordered and would have its bonding planes
parallel to the surface, leaving a passive surface with few dangling bonds.
Moreover, ion deposition also creates the compressive stress which acts to
orient some sp2 planes perpendicular to the surface, and diamond nucleates
on dangling bonds of this surface [90, 91]. Garcia et al. studied the dia-
mond nucleation on silicon substrate immersed in a hydrogen and methane
plasma via MWCVD under BEN treatment. They reported that the car-
bonaceous species react at the surface forming a graphitic carbon layer.
Upon application of a bias voltage, the carbonaceous ions bombard the
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surface building up a compressive stress in the carbon layer. This leads to
a preferential orientation of the graphitic planes normal to the surface. The
surface termination of the oriented planes is considered as an active site for
the diamond nucleation [29]. Lee and coworkers also confirmed the forma-
tion of a graphitic film with its basal planes perpendicular to the substrate
on the basis of HRTEM observation. Diamond crystallites then nucleate
on graphitic edges [92]. Another possible nucleation site for diamond crys-
tallites is SiC interlayer. Stoner et al. reported that an amorphous SiC
interfacial layer was developed on silicon prior to diamond nucleation on
silicon via bias-enhanced MPCVD [56]. When the SiC layer had reached a
critical thickness (∼90 Å), the carbon on the surface tended to form clusters
that were eventually favorable for diamond nucleation. Stockel and cowork-
ers also reported that an epitaxial SiC layer of ∼100 Å thick was formed on
silicon substrate acting as a diffusion barrier for C and Si and as a template
for diamond nuclei [93].

5. Nanocomposite Film

As mentioned previously, uniform deposition of the diamond film is rather
difficult to achieve via MPCVD under BEN-controlled mode. Microwave
reactor creates a plasma ball that is hotter at the center than at the edge.
Moreover, the glow discharge associated with the BEN treatment also yields
non-uniformity along the radial direction of the substrate [94]. In this case,
HFCVD demonstrates distinct advantage of growing uniform diamond films
over MPCVD [95]. Recently, Lee and coworkers have studied systemati-
cally the diamond nucleation on silicon in a double biased-assisted HFCVD
system. The NCD/a-C composite film can be deposited on silicon under
prolonged negative bias voltage treatment [24–26, 50, 96]. In the process,
a negative bias is applied to the Si substrate and a positive bias voltage
is applied to a steel grid placed on top of the hot filament. Electrons can
be readily emitted from the hot filament and then accelerated towards the
grid. A stable plasma can be generated between the grid and hot filament
accordingly. Ions in the plasma are then drawn to the substrate by a nega-
tive substrate bias (Fig. 5.1). They reported that diamond crystallites could
nucleate either on silicon steps in which the diamond nucleate epitaxially or
on an amorphous matrix in which the diamond nucleate randomly. Further-
more, the SiC interlayer cannot be detected [24]. Figures 5.2(A) and (B)
are HRTEM images of diamond crystallites with sizes of about 2 and 6 nm
that form heteroepitaxially with respect to Si substrate surface, i.e. the step
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Fig. 5.1. Schematic diagram showing double bias-assisted HFCVD system [96].
Reprinted with permission of Elsevier.

surface sites of Si. The diamond crystallites were identified by measuring
the spacings of the lattice fringes and the angles of intersecting lattice
planes. From Fig. 5.2(A), the intersecting angle between the (111) planes
of the diamond crystallite and Si substrate is 109.5◦. The (111) plane of the
diamond crystallite deviates about 1 to 2◦ from the (111) plane of the Si
substrate. This deviation is due to large lattice mismatch between diamond
and Si [Fig. 5.2(C)]. However, diamond crystal that nucleates on the {111}–
{001} intersecting steps of the Si substrate exhibits perfect epitaxial orien-
tation. No misorientation between the diamond crystal and Si substrate is
detected [Fig. 5.2(D)]. They further demonstrated that diamond nucleation
and growth from energetic hydrogen and carbon species proceed as follows:
(a) formation of dense amorphous hydrogenated carbon (a-C:H) phase via
subplantation, (b) spontaneous precipitation of pure sp3 carbon clusters in
the a-C:H phase, a few of which are perfect diamond clusters, (c) annealing
of defects in the diamond cluster by incorporation of carbon interstitials
and by hydrogen termination, and (d) growth of the diamond cluster by
preferential displacement of amorphous carbons at the diamond/amorphous
carbon interface [97]. In other words, diamond crystallites initially nucle-
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Fig. 5.2. HRTEM images of diamond crystals of (A) 2 nm and (B) 6 nm nucleate directly
on a Si step with an epitaxial orientation. (C) and (D) are schematic diagrams showing
the interfaces between the diamond crystallites and Si substrate of (A) and (B), respec-
tively [24].
Reprinted with permission of The American Association for the Advancement of Science.

ate on either silicon steps or amorphous carbon. They grow concurrently
with their surrounding amorphous carbon matrix, which is not sufficiently
etched by the hydrogen-containing plasma. The surrounding amorphous
carbon further suppresses the growth of the diamond crystallites. Further
exposure to BEN-controlled CVD plasma initiates diamond renucleation on
amorphous carbon. Such repeating sequence of diamond encapsulation by
surrounding growing amorphous carbon boundaries and diamond renucle-
ation on top of the new amorphous carbon boundaries lead to the forma-
tion of nanodiamond/a-C composite [97]. In this respect, composite films
consisting of nanodiamond crystallites embedded in an amorphous carbon
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(a-C) matrix can be achieved by prolonged bias treatment. The structure
of the films is determined by the equilibrium between diamond nucleation
in the a-C matrix, diamond growth and diamond encapsulation by the a-C
matrix. The equilibrium can be manipulated by the CH4 concentration [25,
26, 96].

Figures 5.3(a)–(c) are the plan view TEM micrographs of the composite
films fabricated from 1, 2 and 5% methane under prolonged bias treat-
ment showing nanodiamond crystallites embedded in an amorphous car-
bon matrix. The inset in Fig. 5.3(a) is the selected area diffraction pattern
showing formation of randomly oriented diamond cystallites in amorphous
carbon lattice. The EELS spectrum also reveals the presence of amorphous
carbon and diamond phases [Fig. 5.3(b)]. The dispersion of diamond crys-
tallites in amorphous carbon matrix can also be readily seen in the cross-
sectional TEM micrograph (Fig. 5.4). The sizes of diamond crystallites
increase from 6.3 to 11.3 nm with increasing methane content from 1 to 5%
on the basis of XRD analysis of (111) peak broadening. The dimensions of
diamond crystallites determined from XRD analysis agrees reasonably with
those from high resolution TEM images as shown in Figs. 5.5(A)–(C).

6. Mechanical Behavior of NCD Films

In the past decade, extensive efforts have been directed towards the search
of nanocomposite coatings of superhardness for wear resistant applications.
Typical example is the MnN/α-Si3N4 nanocomposite coatings prepared via
plasma induced CVD method [98–101]. Mn represents transition metals
like Ti, W, V and Zr. Such coatings consist of the transition metal nitride
nanocrystallites with grain sizes in the nanometer range (∼4–6nm) embed-
ded into <1 nm thin matrix of amorphous Si3N4 matrix. In nanocomposite
coatings, the transition metal nitride phase is sufficiently hard to bear the
load while the amorphous nitride provides structural flexibility. Veprek et al.
reported that the hardness of these plasma CVD nanocomposite coatings
could reach the diamond hardness (70–80GPa) when the crystallite size
approaches about 2 nm [98]. However, the superhardness of the coatings is
offset by their low toughness, leading to severe delamination upon appli-
cation of an external load. Thus, the toughness of the coatings is another
critical factor that must be considered during the design of nanocompos-
ite coatings. Apart from high hardness, Voevodin et al. demonstrated that
toughness of the surface coatings play an important role in enhancing their
tribological performances [102].
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Fig. 5.3. Plan view TEM micrographs of the composite films prepared using (a) 1%,
(b) 2% and (c) 5% methane content under prolonged bias-enhanced HFCVD condition.
Insets show the corresponding electron diffraction pattern and electron energy loss spec-
trum [26].
Reprinted with permission of Elsevier.
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Fig. 5.4. Cross-section TEM micrograph of the composite film prepared from 1%CH4:
99%H2 [26].
Reprinted with permission of Elsevier.

Because of its chemical inertness, high hardness and fracture strength
and low coefficient of friction, diamond is particularly suited for tribological
applications as biomedical implants, MEMS and microelectronic devices.
In this respect, the wear resistance of diamond coatings is crucial to the
integrity and reliability of MEMS and microelectronic systems. However,
CVD diamond coatings generally exhibit rough surface and large grain size,
resulting in poor tribological performances. This issue can be resolved by
reducing the grain size of diamond coatings from micro- to nanometer scale.

It is well recognized that the mechanical properties of nanocrystalline
materials differ substantially from their microcrystalline counterparts. This
is due to the presence of large volume fraction of atoms at the grain bound-
aries. Moreover, impurities and other defects derived from the synthesis and
processing also influence the mechanical properties of nanomaterials signif-
icantly. For NCD coatings, several parameters such as processing defects,
density and bonding nature of carbon (sp2 or sp3) could affect the mechani-
cal properties of diamond coatings as their grain sizes approach the nanome-
ter regime.

The hardness and Young’s modulus of CVD diamond are known to vary
considerably with sp3/sp2 bonding ratio. Diamond films with higher sp3-
bonded C yield higher values of stiffness and hardness. Recently, Philip
et al. reported that the NCD films grown on silicon substrate by MWCVD
with high nucleation density in excess of 1012 cm−2 exhibit Young’s modu-
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Fig. 5.5. Plan view HRTEM images of the composite films prepared using (A) 1%,
(B) 2% and (C) 5% methane content [26].
Reprinted with permission of Elsevier.
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lus of 1120 GPa. This value is comparable to that estimated theoretically
for ideal polycrystalline diamond. However, the Young’s modulus of NCD
films grown with lower nucleation densities (≤1010 cm−2) is just about half
of that with high nucleation density. A higher nucleation density during
growth can result in faster film coalescence, lower volume of voids and
sp2-bonded carbon in the films [103]. In this respect, NCD/amorphous
carbon nanocomposite films grown by the CVD CH4/N2 plasma exhibits
much lower hardness (∼40GPa), Young’s modulus (∼387GPa) and den-
sity (2.75 g cm−3) due to the presence of the amorphous carbon matrix.
The amorphous carbon matrix is considered to be beneficial to prevent fast
brittle failure by improving the toughness of the coating. Moreover, the
NCD/a-C nanocomposite film is found to exhibit a strong adhesion on the
basis of scratch test [83].

Gruen and coworkers indicated that UNCD films exhibit a fracture
strength of ∼4.13GPa, which is much higher than those of polysilicon
(∼1.5GPa) and SiC (∼1.2GPa) [35]. Therefore, UNCD films with high
hardness and fracture strength, low coefficient of friction, smooth surface
as well as ease of rapid growth to a thickness of 2 µm show potential appli-
cations for MEMS devices [104]. The wear rates of UNCD coating against
a Si3N4 ball in air and dry nitrogen are two orders of magnitude lower than
that of microcrystalline diamond coating rubbing against a Si3N4 ball as
shown in Fig. 6.1. The smooth UNCN coating renders it to exhibit low
coefficient of friction [71, 104].

7. Field Emission Characteristics

Many carbon-based materials such as carbon nanotubes (CNTs) and dia-
mond films show superior electron emission properties at a low threshold
field and a high current density owing to the very low or negative electron
affinity characteristics [105–107]. They are particularly suitable for electron
field emission and display device applications. The electron field emission
depends on the work function and the morphology of emitter materials,
e.g. sharp edges or tips of surfaces. A good field emitter should exhibit low
threshold electric field strength, high electron emission current and good
emission stability. A threshold field for 1 µAcm−2 is commonly used to rank
the emission efficiency of emitter materials. CNTs are generally known to
exhibit better electron field emission than diamond films. However, the pro-
cessability of CNTs on the substrates for fabricating electronic devices is
rather poor because of the complication in the synthesis process such as
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Fig. 6.1. Wear rates of Si3N4 ball slid against smooth UNCD and rough microcrystalline
diamond coatings in air and dry nitrogen. Ball-on-disk test conditions: load, 2 N; velocity,
0.05 ms−1; sliding distance, 40 m; ball diameter, 9.55 mm; relative humidity, 37% [104].
Reprinted with permission of Elsevier.

the use of metallic catalysts. In this regard, there has been wide interest in
enhancing the electron field emission properties of diamond films by dop-
ing with nitrogen or boron [108, 109] or by reducing their grain sizes to
nanometer level. The high electron emission capabilities of the B-doped
diamond films are derived from the increase in volume fraction of the con-
ductive regions in the film and from high density of emission sites on the
film surface [109]. For NCD films, large volume fractions of grain bound-
aries act as the conducting path for electrons. Therefore, the grain bound-
aries containing sp2-bonded C provide effective sites for electron emission.
Gruen and coworkers reported that the n-type electrical conductivity of the
UNCD films increases by five orders of magnitude (up to 143 Ω−1cm−1)
by doping with nitrogen. They proposed that grain boundary conduction
involving π-bonded carbon atoms in the grain boundaries is responsible
for the high electrical conductivity in these films [81]. Similarly, Ma et
al. reported that the introduction of nitrogen into the CH4/H2 gas mixture
leads to a drastic reduction of the resistivity by six orders of magnitude from
1011 to 105 Ωcm. They attributed this to an increase of the sp3/sp2 ratio of
carbon bonds and to a reduction in grain sizes associated with the nitrogen
doping [110].

Figure 7.1 shows typical field emission characteristics of the MPCVD
microcrystalline diamond and NCD films prepared from CH4/H2 gas mix-
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Fig. 7.1. Field emission characteristics of MPCVD diamond and NCD films [111].
Reprinted with permission of Elsevier.

tures. Different CH4 concentrations were used to prepare the films. The
average grain size was ∼50 nm for the film grown at 10% CH4 [111]. Appar-
ently, microcrystalline diamond films exhibit a large emission field strength,
i.e. >35V µm−1. In contrast, the emission of the NCD films is shifted to
low field strength region. The threshold field for the emission current of
1 µA is 6 V µm−1. Generally, the electron field emission characteristics
of NCD composite films depend mainly on the grain size of the diamond
and amorphous carbon content in the films. Low emission threshold of
1 Vµm−1 and an emission current density of 10 mAcm−2 can be attained
in the NCD/a-C composite films prepared from the CH4/N2 plasma under
appropriate growth conditions [85]. NCD films with finer grain sizes and
higher amorphous carbon content can supply more electron emission tun-
nels, thereby enhancing the electron field emission [112]. From these, it
appears that the threshold electric field of NCD/a-C composite film is lower
than that of boron-doped [109] and undoped microcrystalline diamond films
[111], in which electron emission requires a field of ∼8–40V µm−1.

The electron field emission behavior of the materials under tunneling
mechanism is generally analyzed by the Fowler–Nordheim (F–N) equation.
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Fig. 7.2. Field emission characteristics of (a) CNT and (b) NCD samples [113].
Reprinted with permission of Elsevier.

Fig. 7.3. F–N plots for (a) CNT and (b) NCD samples [113].
Reprinted with permission of Elsevier.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch03

Properties of Chemical Vapor Deposited Nanocrystalline Diamond 197

In this equation, the field-emission current density, J , can be expressed
as a function of the applied electric field, E, the local work function of
the emitter tip, φ, and a field-enhancing factor, β. Mathematically, F–N
equation can be expressed as:

J =
Aβ2E2

φ
exp

(
−Bφ3/2

βE

)
, (7.1)

where A and B are constants. For a field-emission phenomenon, the plot of
ln(J/E2) versus (E−1) should yield a straight line. The slope (−Bφ3/2/β)
of F–N plot is related to the work function of the emitter. Figures 7.2
and 7.3 show the field emission behavior of NCD film with grain sizes of
10–15nm prepared from the CH4/Ar plasma and its corresponding F–N
plot, respectively [113]. It is apparent that the field emission in NCD film
can be well described by the F–N plot. The threshold electric field, at which
the current density is 1 µAcm−2, is 3.8 V µm−1. The emission current den-
sity approaches 540 µA cm−2 at an applied field strength of 6.65 V µm−1.
For the purpose of comparison, the field emission characteristics of CNT
are also plotted in Figs. 7.2 and 7.3. The CNT exhibits a lower threshold
electric field strength of 1.3 V µm−1 and a much higher emission current
density of 1620 µAcm−2 at 2.72 V µm−1. However, Wang et al. indicated
that the NCD film exhibits higher emission stability than the CNT [113].

As discussed above, the addition of nitrogen into CH4/H2 plasma is ben-
eficial in reducing the grain sizes and resistivity of UNCD films [81]. Similar
beneficial effect in electron field emission was observed by adding nitrogen
to CH4/Ar plasma during the deposition of UNCD film [37]. Figure 7.4(a)
shows the plot of onset field for 1 × 10−7 µA versus percent nitrogen in
the plasma. A representative field emission current plot against applied
field for 2% nitrogen doped UNCD film is shown in Fig. 7.4(b). Appar-
ently, the nitrogen incorporation reduces the onset field from 23 Vµm−1

for the nitrogen-free films to 5 V µm−1 or less for the nitrogen-containing
films. This is due to the preferential entering of nitrogen into the grain
boundaries, thereby promoting sp2 bonding in the neighboring atoms.
HRTEM images reveal that the width of grain boundaries increases con-
siderably with the addition of 20% N2 in the plasma [81]. The increase in
the sp2 content is beneficial to enhance the field emission of the UNCD
films [37].

We now consider the field emission behavior of boron-doped and
undoped NCD films prepared from BEN-controlled, MPCVD-produced
CH4/H2 plasma [114]. Figure 7.5 shows the effect of negative bias volt-
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Fig. 7.4. (a) Onset field versus percent nitrogen in the CH4/Ar plasma, and (b) current–
voltage and F–N plots of a 2% nitrogen containing UNCD film [37].
Reprinted with permission of Elsevier.
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Fig. 7.5. Effect of applied negative bias voltage on the grain size of diamond films
synthesized from MPCVD in CH4/H2 plasma [114].
Reprinted with permission of The American Institute of Physics.

Fig. 7.6. Effect of applied negative bias voltage on the field emission characteristics of
boron-doped and undoped diamond films [114].
Reprinted with permission of The American Institute of Physics.
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Fig. 7.7. Field emission characteristics of boron-doped NCD film samples (bias voltage
−180 V) under different anode–sample distance (d) values [114].
Reprinted with permission of The American Institute of Physics.

age on the grain sizes of synthetic diamond films. Apparently, a grain size
of ∼50 nm can be attained for both the boron-doped and undoped diamond
films under bias voltages of −180 and −140V, respectively. The field emis-
sion characteristics of these thin film specimens are depicted in Fig. 7.6.
It can be seen that the boron doped (bias voltage −180V) and undoped
(bias voltage −140V) NCD films exhibit much lower turn-on-field, which
is defined as the field required to emit a current of 0.01 mAcm−2 among



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch03

Properties of Chemical Vapor Deposited Nanocrystalline Diamond 201

all the thin films investigated. The undoped film (bias voltage −140V)
exhibits lower turn-on voltage (8V/µm) than that of boron doped (bias
voltage −180V) NCD film, i.e. 14V/µm. Although boron doping enhances
the p-type conductivity of NCD films, it shows no positive influence on the
electron emission. This is in sharp contrast to the microcrystalline diamond
films in which boron doping is beneficial for enhancing the conductivity and
electron emission of the films [109]. Figure 7.7 shows the emission char-
acteristics of boron doped (bias voltage −180V) NCD films at different
anode–sample distances. The corresponding F–N plots of these samples are
shown in the inset of this figure. The linearity observed in the plots of the
log (1/E2) versus 1/E indicates that these film samples follow the F–N field
emission theory.

8. Conclusions

This chapter presents a comprehensive review on the synthesis and prop-
erties of nanocrystalline diamond and nanodiamond/a-C composite films
prepared via MPCVD technique in different plasma chemistry environ-
ments, i.e. hydrogen-deficient and hydrogen-rich plasmas. UNCD films
grown from a hydrogen-poor plasma e.g. CH4(1%)/Ar, or C60/Ar exhibit
very fine grain diamond clusters of 3–5nm. The grain boundaries of
UNCD films are near atomically abrupt and constitute about 10% car-
bon atoms that are π-bonded. The C2 dimer is considered to be the
growth species in hydrogen deficient plasma. The grain boundary width
of UNCD films can be increased substantially by doping with nitrogen as
the nitrogen atoms enter grain boundary regions. Therefore, the nitrogen-
doped UNCD films possess excellent electron conductivity and field emis-
sion characteristics. The unique properties of UNCD films, such as high
hardness, strength, electron field emission and surface smoothness ren-
ders them potential candidate materials for applications in the MEMS
and display devices. Moreover, amorphous carbon content in the films can
be increased dramatically via MPCVD-produced CH4/N2 plasma, lead-
ing to the dispersion of nanocrystalline diamonds in an amorphous carbon
matrix. The crystallite phase/amorphous carbon matrix ratio is close to
unity. The NCD/amorphous carbon nanocomposite films grown from the
CH4/N2 plasma exhibit much lower hardness (∼40GPa), Young’s modulus
(∼387GPa) and density (2.75 g cm−3) due to the presence of the amorphous
carbon matrix. The amorphous carbon matrix is considered to be beneficial
in preventing fast brittle failure by improving the toughness of the films.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch03

202 S. C. Tjong

The synthesis of the NCD films prepared via the MWCVD technique under
BEN-controlled mode in the hydrogen-rich plasma is well recognized. The
CH3 species is responsible for the CVD diamond growth in the CH4/H2

plasma. The atomic hydrogen plays some important roles in the nucleation
process, such as abstracting bonded hydrogen and etching off the graphite
phase. Continuous ion bombardment results in enhancement of the nucle-
ation density and promotion of secondary nucleation, leading to the forma-
tion of nanocrystalline diamond films. The sizes of diamond nanocrystallites
(∼40–50nm) in the NCD films prepared in hydrogen-rich plasma appear
to be larger compared to those prepared from hydrogen-deficient plasma
(∼3–10nm). Finally, the NCD/a-C composite films can be synthesized in
the CH4/H2 plasma under prolonged bias-enhanced HFCVD conditions. By
using a double bias-assisted HFCVD system, high nucleation density, het-
eroepitaxial nucleation and growth of diamond crystallites can be achieved.
It appears that the diamond crystallites tend to nucleate preferentially on
the surface step sites of the silicon substrates.
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1. Synthesis of Diamond

1.1. History of Diamond

Diamond is in an extremely important position for both scientists and the
public at large. For ordinary people, the gemstones mean wealth and myth.
To the scientists, because of its wide range of extreme properties, diamond
is so impressive that research groups all over the world are performing
different studies on diamond.

Sir Isaac Newton was the first to propose diamond as an organic mate-
rial. Later Smithson Tennant discovered that diamond, graphite and coal
were the same elements. The structures of these materials were then char-
acterized following the invention of the X-ray and formulation of Bragg’s
law. It was discovered then that carbon has three different structures: cubic,
hexagonal and amorphous [1].

Although initial work in the synthesis of diamond at temperature
and pressure was carried out in 1960s [2, 3], worldwide interest in dia-
mond was only triggered years later by a Japanese group that published
several methods for diamond deposition on a non-diamond substrate at
high rates [4]. Almost 40 years ago, industrial diamond was synthesized
commercially using high pressure, high temperature (HPHT) techniques,
whereby diamond is crystallized from metal-solvated carbon at pressure
∼50–100kbar and temperature ∼1800–2300K. World interest in diamond

207
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has been further increased by the much more recent discovery that it is
possible to produce polycrystalline diamond films or coatings by a wide
variety of chemical vapor deposition (CVD) techniques using, as process
gases, nothing but hydrocarbon gas (typically methane) in an excess of
hydrogen. CVD diamond can show mechanical, tribological, and even elec-
tronic properties comparable with that of natural diamond. There is cur-
rently much optimism in the possibility to scale CVD methods to the extent
that they will be able to provide an alternative way to traditional HPHT
methods for producing diamond abrasives and heat sinks. Moreover, the
possibility of coating large surface areas with a continuous film of diamond
will open up a whole new range of potential applications for CVD methods.
Thus so with the development of CVD technology, diamond films can be
successfully synthesized and used in a variety of fields ranging from elec-
tronic to optical and mechanical applications.

1.2. Structure of Diamond

Diamonds are exclusively of face-centered diamond cubic structure, as
shown in Fig. 1.1. The structure of diamond unit contains eight corner
atoms (shown in black), six face-center atoms (shown in light grey), and

Fig. 1.1. Face-centered cubic structure of diamond crystal.
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four other atoms (shown as empty circles). These four other atoms are from
adjacent interpenetrating lattices and are spaced on quarter of a cube diag-
onal from the former. Every carbon atom is tetrahedrally coordinated to
four other carbon atoms via σ bonds emanating from sp3 hybrid atomic
orbital. The four (111) directions in cubic diamond are in the bond direc-
tions. In any (111) direction the lattice constant is 3.56 Å and the bond
length is 1.54 Å [1].

1.3. Properties of Diamond

As Table 1.1 shows, the diamond has many outstanding properties: it is
the hardest known material, has the lowest coefficient of thermal expan-
sion (CTE), is chemically inert and wear resistant, offers low friction, has
high thermal conductivity, is electrically insulating and optically trans-
parent from the ultraviolet (UV) to the far infrared (IR) range. Given
these unique properties, it should be unsurprising that diamond is already
used in many diverse applications that include not only electrical but also
mechanical and thermal applications. For example, it can be used as a
heat sink, as an abrasive, as inserts and/or wear-resistant coatings for
cutting tools. Given its many unique properties it is possible to envisage
many other potential applications for diamond as an engineering material.
However, progress in implementing these ideas has been hampered by the
scarcity of natural diamond. Moreover, to synthesize large area diamond
thin films with smoothness and uniformity, it becomes the most challenging
part for worldwide researchers and scientists to use diamond in industrial
applications.

Table 1.1. Some outstanding properties of diamond.

Extreme mechanical hardness (5,700∼ 10,400 kg/mm2).
Highest known value of thermal conductivity at room temperature (2 × 103 W/m/K).
High bulk modulus (1.2 × 1012 N/m2), low compressibility (8.3 × 10−13 m2/N).
Low thermal expansion coefficient at room temperature (0.8 × 10−6 K).
Broad optical transparency from the deep UV to the far IR region.
Excellent electrical insulator (room temperature resistivity is ∼ 1016 Ω cm).

Diamond can be doped to change its resistivity over the range 10–106 Ωcm.
Wide band gap material (5.5 eV).
Biologically compatible and bioinert.
Very resistant to chemical corrosion and radiation.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch04

210 Z. Xu and A. Kumar

1.4. Chemical Vapor Deposition (CVD)

As diamond is purely carbon, diamond growth can conceptually be effected
by adding one carbon atom at a time to an initial template, so that a
tetrahedrally-bonded carbon network (diamond) can be formed. The low
cost of the equipment and energy is the main advantage of this method
since it can be accomplished at lower pressure. In essence, this is the
concept behind the experiments of Derryagin et al. [3] and Eversole [5].
In their experiments, thermal depositions of carbon-containing gases at
less than 1 atmosphere pressure were used to grow diamond on natu-
ral diamond crystals heated to 900◦C. The rate of growth in such early
CVD experiments was very low. Graphite was also co-deposited with the
diamond.

An improvement was made by Angus who demonstrated that atomic
hydrogen could etch graphite rather than diamond [2]. Angus was also
able to incorporate boron into diamond during growth, giving it semi-
conduction properties. Subsequent Russian work extended the possibili-
ties of vapor phase diamond growth by showing that diamond could be
grown on non-diamond surfaces [3]. Japanese researchers at the National
Institute for Research in Inorganic Materials (NIRIM) were able to bring
all these findings together in 1981 by building a “hot filament” reactor
in which good quality films of diamond could be grown on non-diamond
substrates at significant rates (∼1 µm h−1) [6]. The system operated
using a few percent CH4 in H2 at 20 Torr (0.026 atm) pressure. Another
method was also reported for growing diamond films in a “microwave
plasma” reactor in the following years [7]. These discoveries led to world-
wide research interest in CVD diamond from the mid 1980s, both in
industry and academia, which has continued to present day. Numerous
methods for diamond film growth have been developed since, such as
DC Plasma, radio frequency (RF) plasma, microwave plasma jet, electron
cyclotron resonance (ECR), microwave plasma, and also combustion flame
synthesis [1].

A tentative ternary carbon allotropy diagram based on carbon valence
bond hybridization is shown in Fig. 1.2 [8]. We consider diamond, graphite,
fullerenes, and carbyne as four basic carbon forms. The classification is
based on the types of chemical bonds in carbon, including three bonding
states corresponding to sp3 (diamond), sp2 (graphite), and sp (carbine)
hybridization of the atomic orbitals. All other carbon forms are so-called
transitional forms, such as diamond-like carbon, fullerenes and nanotubes.
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Fig. 1.2. Ternary “phase” diagram of carbon allotropes. P/H corresponds to the ratio
of pentagonal/hexagonal rings [8].

The inorganic carbon family consisting of these four members has also been
classified by Inagaki [9]. The scheme suggested by Inagaki demonstrates
interrelations between organic/inorganic carbon substances at the scale of
molecules.

It is widely known that diamond is metastable while graphite is the
most stable carbon form at the macroscale. A very interesting transfor-
mation between carbon forms at the nanoscale was discovered in the mid-
1990s. It was found that nanodiamond particles could be transformed into
carbon onions after annealing at around 1300 to 1800K [10]. Moreover,
carbon onions could then be transferred to nanocrystalline diamond under
electron irradiation [11]. The phase diagram of carbon has been recon-
sidered several times and the most recent version is shown in Fig. 1.3.
It includes some recently observed phase transitions, such as rapid solid
phase graphite to diamond conversion, fast transformation of diamond to
graphite, etc [12].

Most of the methods for CVD diamond share the same characteris-
tics [13]:
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Fig. 1.3. Approximate phase diagram for 1,000 atom carbon clusters. The shadowed
region corresponds to estimated uncertainties in location of equilibrium lines derived
from available experimental data [12].

• A gas phase must be activated, either by high temperature or by
plasma excitation.

• The gas phase must contain carbon-containing species such as
hydrocarbon, alcohol, carbon dioxide or carbon monoxide.

• A sufficiently high concentration of a species that etches graphite
and suppresses gaseous graphite precursors (e.g. polycyclic aro-
matic hydrocarbons) must be provided. Atomic hydrogen is most
commonly used. However, additional “anti-graphite” species have
been proposed, including H2, OH, O2, atomic oxygen and F2.

• The substrate surface must be pretreated to support the nucleation
and growth of diamond from the vapor phase. This means that
any catalysts that promote formation of graphite should not exit
on the substrates surface and the surface should be at or near the
solubility limit for carbon so that it can support the precipitation of
diamond on the surface, instead of the diffusion of carbon into the
substrate.
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• A driving force must exist to transport the carbon-containing
species form the gas phase to the surface of the substrate. In most
CVD methods, the temperature gradient is the driving force for
the motion of diamond-producing species via diffusion because the
activated gas phase is typically much hotter than the substrate
surface.

• The ability to produce a large variety of diamond films and coat-
ings on different materials in either crystalline or vitreous form is
the main reason why CVD is the most popular diamond growth
method. Several different CVD methods, such as plasma-assisted
CVD (MPCVD), hot filament CVD (HFCVD), radio frequency
plasma assisted CVD (RFPACVD), wll be introduced and com-
pared in the following text.

Microwave plasmas were first used for diamond synthesis in 1982 at the
National Institute for Research in Inorganic Materials (NIRIM), Japan.
Because of its simplicity, flexibility and low cost, the microwave plasma-
enhanced CVD (MPECVD) system is the most widely used reactor among
all diamond deposition approaches. In order to explain the operation of such
a reactor a brief explanation of microwave propagation in waveguides will be
given as basic knowledge of how to operate the microwave plasma reactor.
The whole system, which includes the microwave plasma generator, the
waveguide and tuning, the vacuum and the pump, the mass flow system, the
substrate heater, the temperature readout system and the exhaust system,
will be introduced in the following.

Microwaves are nothing but electromagnetic radiation. So we can use
the wave equations and reflective boundary (waveguide) conditions to form
an analogue of the particle (wave) in a box problem. The solution to this
problem is to provide an integer number of half wavelengths into the box.
As a result, a spatially repeating electromagnetic field pattern can pro-
duce the waveguide. Hence the electric field strength E and the magnetic
field strength B vary periodically along the waveguide. A microwave fre-
quency of 2.45GHz (used by microwave ovens) is the most commonly used
in CVD reactors. However 915MHz reactors are now becoming more attrac-
tive because the lower frequency allows reactor size to be increased.

Unfortunately, in the NIRIM-type reactor, the substrate temperature
cannot be independently controlled by changing the plasma parameters
because the substrate is immersed in the plasma. To solve this problem, an
ASTeX-type reactor was designed by a commercial manufacturer of plasma
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systems based in the US. Using this reactor, plasma inside the chamber
can be generated above the substrate. Hence, the substrate temperature
can be controlled independently without the effect of plasma heating on
the coating surface.

The ASTeX-type reactor uses a microwave generator and rectangular
waveguide, with a mode converter to convert the transverse electric mode
in the rectangular waveguide to a transverse magnetic mode in a cylindrical
waveguide (the reactor vessel). A moveable antenna maximizes energy cou-
pling between the two waveguide sections. Generation of the plasma occurs
by the same mechanisms as discussed above for the NIRIM-type reactor, in
the region(s) where the local electric field strength is highest. The ASTeX-
type reactor is the most common type of microwave plasma CVD reactor.
Of course, in reality, reactors are much more complex than simple cylinders
due to the presence of service ports, welds, diagnostic probes, etc. Figure 1.4
shows a schematic drawing of the ASTeX-type MPECVD reactor.

Fig. 1.4. Schematic drawing of ASTeX-type microwave plasma-enhanced chemical
vapor deposition system.
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1.5. Growth Mechanisms of Microcrystalline Diamond

(MCD) Films

The conventional diamond deposition process utilizes temperature and pres-
sure conditions under which graphite is clearly the stable form of carbon,
but kinetic factors allow crystalline diamond to be produced by the typical
net reaction of

CH4(g) → C(diamond) + 2H2. (1.1)

The reaction mechanism is shown in Fig. 1.5
The chemistry of diamond deposition is complex in comparison to most

CVD systems because of competition for deposition among sp2 and sp3

types of carbon, and because of the many chemical reactions that can
be involved as a result of the complexity of organic systems in compar-
ison to the typical inorganic CVD systems. Instead of only one reaction

ACTIVATION

H2 2H

CH4+H

REACTANTS 

H2 + CH4 

FLOW AND REACTION 

Diffusion 

Si Substrate 

:
CH+H  C+H

CH3+H2

Fig. 1.5. Schematic reaction mechanisms of conventional diamond deposition [1].
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or important precursor species always dominating the deposition, several
reactions, whose importance depends on experimental conditions such as
temperature, pressure, gas composition, residence time, activation mode,
and reactor geometry, happen inside the chamber at the same time [1].

In order to understand diamond growth behavior, general kinetics have
to be considered. Regardless of specific growth mechanisms, there appears
to be a growing consensus on two general features of diamond growth reac-
tion kinetics. First, the principal element of diamond growth is the forma-
tion of an active site — a surface carbon sp3 radical — followed by the
addition of a carbonaceous gaseous species to the surface radical formed.
Second, the density of carbon surface radicals is determined primarily by
the balance between the abstractions of hydrogen from surface C–H bonds
by gaseous hydrogen atoms,

CdH + H → Cd • +H2, (1.2)

and the combination of the carbon surface radicals with free gaseous hydro-
gen atoms,

Cd • +H → CdH, (1.3)

first revealed by Frenklach and Wang [1]. The notations CdH and Cd•
denote the surface sites of C–H bond and surface radicals, respectively.
The reverse of the reaction (1.2),

Cd • +H2 → CdH + H, (1.4)

is too slow to compete with the reaction (1.3) under typical diamond con-
ditions. The density of the surface radicals is determined by the addition
of growth species to the surface radicals, and by thermal deposition of sp3

diamond surface radicals to sp2 surface carbons, and vice versa. Typical
reaction conditions include: highly diluted gas mixtures of hydrocarbons
in hydrogen, substrate temperatures of about 800 to 1000◦C, and a large
super-equilibrium of H atoms. With a deficit of H atoms, the density of
active sites is dependent on the concentration of H atoms.

The following are some major observations of conventional diamond
growth chemistry:

a. Activation of gas is required for achieving an appreciable diamond
growth rate. Activating the gas prior to the deposition increases the
diamond growth rate from Å/h to µm/h.

b. The carbon-containing precursor is needed in the deposition.
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c. Atomic hydrogen has to be present in the gas phase in a super-
equilibrium concentration. The activated hydrogen etches graphite at
a much higher rate than it does on diamond.

d. Oxygen added in small amounts to hydrocarbon precursor mixtures
enhances the quality of diamond deposits.

e. Graphite and other non-diamond carbons are usually deposited simul-
taneously with diamonds.

f. Deposition parameters such as temperature, pressure, and gas combina-
tion are related to diamond growth rate and quality.

g. A substrate pretreatment of substrate surface with a diamond powder
is common in order to enhance nucleation rates and densities. Electrical
biasing of substrates can also influence nucleation rates.

1.6. Growth Mechanisms of Nanocrystalline Diamond

(NCD) Films

With the development of nanomanufacturing and nanomaterials, nanotech-
nology is now a next-generation technique with huge influence on modern
science and technology. For diamond, with the ability to reduce grain size
to the nanometer range, the nanocrystalline diamond is now considered for
a wide variety of structural, biomedical, and microelectronical applications
due to its unique electrical, chemical, physical, and mechanical properties.
Thus, the fabrication of NCD films by CVD is of great interest because of its
potential experimental and theoretical applications. The drastic changes in
the mechanical and electrical properties of phase-pure diamond films, such
as changing from an insulating to an electrically conducting material as a
result of reductions in crystallite size (grain boundaries appear to conduct,
and because their numbers dramatically increase with decreasing crystal-
lite size, the entire film becomes electrically conducting and functions as
an excellent cold cathode [14]), are largely due to the fact that the grain
boundary carbon is π-bonded. Also, because of the small crystallite size of
NCD films, film surfaces become smooth and they can function extremely
well in tribological applications.

In conventional CVD diamond film growth, hydrocarbon–hydrogen gas
mixtures consist typically of 1% CH4 in 99% H2. Atomic hydrogen is gen-
erally believed to play a key role in various diamond CVD processes. As
mentioned in the previous section, atomic hydrogen is generated from the
collision process inside the microwave plasma. With a hydrocarbon precur-
sor such as CH4 used in MCD deposition, gas-phase hydrogen abstraction
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reactions lead to the generation of methyl radical –CH3 and additional
hydrogen abstraction reactions form carbon–carbon bonds resulting in dia-
mond lattice. Methyl radical CH3 and Acetylene molecule C2H2 are the
dominant growth species in CH4/H2 systems [15]. However, hydrogen is not
the only thing that can be used to produce diamond. Deposition of carbon
films from 5% CH4, 95% Ar microwave plasma has been shown by several
groups of researchers to result in graphite or amorphous carbon deposition
with only small amounts of diamond inclusions [16]. The presence of carbon
dimer, C2, in the plasma is believed to be responsible for the formation of
graphite or amorphous carbon. Phase-pure diamond films have been grown
from C60/Ar microwave plasmas and it was found that the sizes of dia-
mond grains are in the nanometer range. The deposition was carried out
under the following conditions: total argon pressure of 98 Torr, C60 partial
pressure of 10−2 Torr, flow rate 100 sccm, and microwave power of 800W.
A new growth mechanism has been proposed that C2 dimer is a growth
species to form diamond films with nanocrystalline microstructure [14].

Carbon dimer is known to be a highly reactive chemical species. It is
produced in microwave plasma under highly non-equilibrium conditions.
High C2 concentrations in the plasma, achieved by using C60 as the pre-
cursor, appear to increase heterogeneous nucleation rates and result in
small diamond grain size. Emission spectroscopy study shows that the
transition in crystallite size and morphology is correlated with C2 con-
centrations in hydrogen-rich or hydrogen-poor plasmas [17]. A schematic
diagram of growth of diamond lattice by insertion of C2 into C–H bands
on the (110) surface is shown in Fig. 1.6. It can be seen that the inser-
tion of C2 into C–H bonds on the hydrogenated (110) surface has small
activation barriers of less than 5 kcal/mol and is highly exothermic. Sub-
sequent steps involving linkage of C2 units also have low barriers and
lead to growth [18]. Further, nanocrystalline diamond films have also been
grown from CH4/Ar plasma [19]. It was also observed that the diamond
grain size decreased as more argon was included to replace hydrogen.
Further characterization will be discussed in the next part of this chap-
ter. Optical emission studies of the plasma have shown intensive green
Swan-band radiation, indicating the presence of a large number of C2

dimers in CH4/Ar plasma [17]. Interestingly, C2 concentration decreases
by about an order of magnitude upon the addition of 20% H2, which is
from the reaction of C2 with H2 to form hydrogen carbons. Therefore, this
reaction will drastically lower C2 concentrations in high hydrogen-content
plasmas.
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Fig. 1.6. Potential energy surface for C2 addition to diamond (110) surface (barriers
are underlined) [14].

The million-fold difference in crystallite size means that secondary nucle-
ation rates associated with growth in hydrogen-poor plasmas are 106 times
higher than conventional hydrogen-rich plasmas. The basic idea of sec-
ondary nucleation is that the unattached carbon atom can react with other
C2 molecules from the gas phase to nucleate a new diamond crystallite.
Extensive theoretical work has been done over the past years to under-
stand the growth mechanisms from CH4/H2/Ar plasma. Sternberg et al.
[20] demonstrated that stable C2 adsorption configurations which lead to
diffusion-assisted chain growth have been found on hydrogen-free (110) sur-
faces. Diamond (100) surfaces are the most typical growth surfaces and a
density-functional-based tight-bonding study has been carried out on a non-
hydrogenated diamond (100)-(2 × 1) surface by Sternberg et al. [21]. They
have simulated diamond growth steps by studying isolated and agglomer-
ated C2 molecules adsorbed on a reconstructed non-hydrogenated diamond
surface. Their calculations suggest that the most stable configuration is a
bridge between two adjacent surface dimers along a dimer row, and there
are many other configurations with adsorption energies differing by up to
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2.7 eV. The (110) face is the fastest growing one in the C2 regime while
(100) face is slow growing. However, from the simulation, both types of
growth result in same growth of small grain sizes.

Overall, diamond can nucleate and grow using carbon dimers as the
growth species without the intervention of hydrogen. This new method of
diamond synthesis results in very small diamond grains ranging from 5 to
20 nm and very smooth surface. Moreover, the cost of diamond CVD is
dramatically reduced since hydrogen is no longer necessary for growth.

2. Characterization of Nanocrystalline Diamond Films

The most apparent difference in films grown by hydrogen-poor plasmas
compared to conventional hydrogen-rich plasmas is the smaller diamond
grain sizes in the nanometer range. The nanocrystallinity of the films
grown by CH4/Ar plasma has been extensively characterized by various
techniques. Surface morphologies have been studied by scanning electron
microscopy (SEM), transmission electron microscopy (TEM), and atomic
force microscopy (AFM). Raman spectroscopy and near edge X-ray absorp-
tion fine structure (NEXAFS) have been used to characterize the bonding
structures of films. Nanoindentation has been employed to measure the
mechanical and tribological properties. The results of characterization stud-
ies on the nanocrystalline diamond films are discussed below.

2.1. Scanning Electron Microscopy (SEM)

Scanning electron microscopy is a very useful technique in the characteri-
zation of diamond thin films. Conventional light microscopes use a series of
glass lenses to bend light waves and create a magnified image. SEM creates
magnified images by using electrons instead of light waves. In a SEM sys-
tem, an electron gun emits a beam of high energy electrons, and this beam
travels downward through a series of magnetic lenses designed to focus the
electrons to a very fine spot. As the electron beam hits each spot on the
sample, secondary electrons are knocked loose from its surface and a detec-
tor counts these electrons and sends the signals to an amplifier. The final
image is built up from the number of electrons emitted from each spot on
the sample. SEM can show very detailed three-dimensional images at much
higher magnifications than is possible with a light microscope.

In the previous section, we discussed that the microstructure of diamond
films changes dramatically with the continued addition of Ar to reacting
gas mixtures during CVD. The transition from micro- to nanocrystallinity



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch04

Synthesis, Characterization and Applications of NCD Films 221

Table 2.1. Summary of reactant gases used for diamond
deposition in microwave plasma-enhanced CVD system.

Sample No. Ar (vol. %) H2 (vol. %) CH4 (vol. %)

1 2 97 1
2 20 79 1
3 40 59 1
4 60 39 1
5 80 19 1
6 90 9 1
7 97 2 1
8 99 0 1

by systematically adding argon to hydrogen-rich plasma has been charac-
terized by SEM micrographs as a function of argon content [19]. Different
combinations of gas mixtures are listed in Table 2.1. Note that when Ar gas
was added, the CH4 was kept at 1% all the time and the volume percentages
of H2 were changed accordingly.

Plan-view and cross-section SEM micrographs are shown in Fig. 2.1
and Fig. 2.2. It can be seen that the surface morphology of diamond films
changes dramatically with the continued addition of Ar. Figure 2.1(a) shows
the surface morphology of a diamond film grown with 2% Ar. Well-faceted
microcrystalline diamond grains with grain sizes ranging from 0.5 to 2.0µm
have been deposited. (111) and (110) planes can be found and the surface
is very rough. The plan-view SEM micrograph of a film grown with 20%
Ar, 79% H2, and 1% CH4 mixture shows that small diamond particles
start to form during the deposition process. For films grown with 40% and
60% Ar, the number density of the small crystals increases significantly
and most of these small crystals nucleate and grow between boundaries
of large diamond crystals. At 80% Ar, large diamond crystals begin to
disappear and well-faceted microcrystalline diamond grains no longer exist.
Diamond crystals change from microcrystalline to nanocrystalline when
90% Ar is added to the Ar/H2/CH4 plasma, shown in Fig. 2.1(f). Faceted
microcrystalline diamond crystals have disappeared and diamond crystals
at nanometer scale have been formed. For films deposited with 97% and
99% Ar, the crystals are further reduced to less than 20nm. Therefore,
it is demonstrated that the microstructure of the diamond film can be
controlled by varying the gas mixtures. The more the content of Ar in the
reactant gases, the smaller the diamond grain sizes and the smoother the
surfaces.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch04

222 Z. Xu and A. Kumar

Fig. 2.1. Plan-view SEM images of the as-grown films prepared from microwave plasmas
with different mixtures of Ar, H2, and CH4 as the reactant gases (listed in Table 2.1)
showing the transition of microcrystalline to nanocrystalline diamond films: (a) film 1;
(b) film 2; (c) film 3; (d) film 4; (e) film 5; (f) film 6; (g) film 7; (h) film 8 [19].
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In order to obtain information on the development of the growth mor-
phology, cross-section SEM micrographs of diamond films with different
Ar volume percentages are shown in Fig. 2.2. Columnar growth struc-
tures can be observed in film grown with 2% Ar, shown in Fig. 2.2(a).
This type of surface morphology can be explained by the van der Drift

Fig. 2.2. Cross-section SEM images of the as-grown films prepared from microwave
plasmas with different mixtures of Ar, H2, and CH4 as the reactant gases showing differ-
ent growth phenomena of microcrystalline and nanocrystalline diamond films: (a) film 1;
(b) film 2; (c) film 3; (d) film 4 [19].
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growth mechanism [22]. During conventional diamond growth, hydrogen
prevents diamond crystals from secondary nucleation by regasfying small
or non-diamond phase. Therefore, after a period of time, only large dia-
mond crystals can survive to form columnar crystallites, which are the
so-called “evolutionary selection of crystallites”. The columnar structures
become much smaller and narrower for films grown with 80% Ar. For films
deposited with more than 90% Ar, the columnar structure totally disap-
pears, as shown in Fig. 2.2(c). Very fine and smooth surfaces are observed
from the SEM micrographs, suggesting that the nanocrystalline diamond
does not grow from the initial nuclei at the substrates during nucleation but
from the second nucleation with C2 as the nucleation species. So far it has
been demonstrated that the changes in diamond microstructure are reflec-
tions of the changes in the plasma chemistry. During NCD growth, the C2

dimmer and atomic hydrogen concentrations in the microwave discharges
are monitored. Increasing the Ar content in the reactant gas mixtures sig-
nificantly promotes the concentration of C2 dimer, which is the nucleation
species for NCD growth. Besides the growth mechanism, surface morphol-
ogy and microstructure, the growth rate of diamond film has also been
found to depend on the ratio of Ar to H2 in the plasma. Zhou et al. [19]
have demonstrated that the growth rate doubles in value for films grown
with 60% Ar and then decreases rapidly in the 80–97% Ar range. So for
NCD growth, although the concentration of C2 dimer increased with the
inclusion of more Ar, the growth rate decreased. They also established the
relationship between the growth rate and the reactant gas pressure. When
pressure was less than 40 Torr, no C2 emission was detected and there was
no NCD growth. As the reactant gas pressure increased, both the emission
intensity of C2 and the growth rate of NCD films increased significantly.

2.2. Transmission Electron Microscopy (TEM)

TEM is a powerful technique due to its high spatial resolution (∼0.2 nm) in
imaging. A TEM works much like a slide projector. A projector transmits a
beam of light through the slide, as the light passes through it is affected by
structures and objects on the slide. This transmitted beam is then projected
onto the viewing screen, forming an enlarged image of the slide. TEM works
the same way except that it transmits a beam of electrons through the
specimen. The transmitted part is projected onto a phosphorous screen for
the user to see. Materials for TEM must be specially prepared to thicknesses
which allow electrons to be transmitted through. As the wavelength of



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch04

Synthesis, Characterization and Applications of NCD Films 225

electrons is much smaller than that of light, the optimal resolution of TEM
images is many orders of magnitude better than that of a light microscope.
Thus, TEM can reveal the finest details of internal structure as small as
individual atoms.

The first detailed electron microscopy examination of nanocrystalline
diamond films showed that various planar defects, common in diamond
synthesis by conventional method, such as twinning boundaries and stack-
ing faults, were hardly found in the films [23]. Zhou et al. [24] performed
TEM analysis for diamond films grown with different Ar/H2 ratio plasma
with 1% CH4. Films prepared with 90% Ar consisted of grains ranging
from 30 to 50 nm. However, films prepared with 97% Ar had grain sizes
in the range of 10 to 30 nm. Moreover, film prepared without hydrogen
had smallest grain sizes ranging from 3 to 20nm. Thus, the grain size of
the diamond films decreased strongly with the continuous addition of Ar to
the microwave plasma. Figure 2.3 shows a bright field TEM image revealing

Fig. 2.3. A plan-view TEM image of the diamond film prepared from an Ar/CH4 plasma
at 100 Torr showing that the diamond film consists of nanocrystalline grains ranging from
3 to 20 nm. The inset shows a sharp ring pattern of a selected area electron diffraction,
indicating that the diamond grains have a random orientation. No graphite or amorphous
carbon reflections can be observed from indicating the film is phase-pure diamond [24].
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the plan-view morphology of the NCD thin film. The grain boundary width
estimated from the TEM micrograph is 0.2 to 0.5 nm. The insert image
shows a selected area (over 10 µm in diameter) of the electron diffraction
pattern. Sharp Bragg reflections are located in concentric circles, indicating
the random orientation of nanocrystalline diamond grains.

Further TEM investigations of NCD films have been performed by Jiao
et al. [25] to compare the differences between NCD films grown with Ar/1%
CH4 and Ar/1% CH4/5% H2. Figure 2.4 shows two dark field images of
NCD films. Dark field imaging provides better contrast than bright field
imaging and can be used for determining the grain sizes with least effect
by grain overlapping. The median and average size for NCD films produced
with an Ar/1% CH4 plasma are 4 and 7 nm respectively, and 5 and 8 nm,
respectively, for films produced with Ar/1% CH4/5% H2 plasma.

However due to the limitation of the small objective aperture, results
obtained by tradition TEM might be incorrect as grain size decreases to the
nanometer scale diamond grains will overlap each other [26]. High resolution
electron microscopy (HREM) on the other hand offers high resolution and
more reliable results. Jiao et al. developed an interesting method to iden-
tify the grain boundaries by taking HREM images using different focusing
conditions. By adjusting the focusing conditions, the contrast could change
along grain boundaries from over-focus to under-focus. Figure 2.5 shows a
series of HREM images of an Ar/1% CH4 NCD film taken under different
focusing conditions. These images show Fresnel fringes on grain boundaries.

Fig. 2.4. Plan-view TEM dark field images of NCD films grown using (a) Ar/1% CH4

and (b) Ar/1% CH4/5%H2 microwave plasma CVD [25].
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Fig. 2.5. HREM images of an Ar/1% CH4–NCD film taken using different focusing con-
ditions: (a) over-focus, Df5170 nm; (b) in focus, Df50; and (c) under-focus, Df52100 nm.
Note the contrast change along grain boundaries from over-focus to under-focus, and the
effect of grain overlapping on fringes at GB [25].

In the over-focus image, grain boundaries appear dark while they appear
white in the under-focus one. Very little contrast is shown in the in-focus
image and lattice fringes are clearly visible. Therefore, it is estimated that
the grain boundary thickness ranges from 0.2 to 0.4 nm [25].

Cross-section TEM analysis have been performed by Jiao et al. [25]
and two different nucleation mechanisms have been proposed for NCD film
grown with and without a small amount of hydrogen in Ar/CH4 plasma.
Figure 2.6 shows the NCD/Si interfaces TEM bright field images of two
NCD films grown with Ar/1% CH4 and Ar/1% CH4/5% H2. For film grown
without any hydrogen, an amorphous carbon layer was formed where dia-
mond grains start to nucleate. No such layer can be observed for samples
grown with 5% H2, possibly due to the etching effect of atomic hydrogen.
Therefore, diamond grains nucleate directly on the Si substrate with the
aid of diamond seeds introduced during the seeding process.

2.3. Raman Spectroscopy

Raman spectroscopy is a method of chemical analysis that enables real-time
reaction monitoring and characterization of compounds in a non-contact
manner. The sample is illuminated with a laser and scattered light is col-
lected. The wavelengths and intensities of the scattered light can be used
to identify functional groups in a molecule. Raman Spectroscopy has found
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Fig. 2.6. Cross-section TEM bright field images of (a) Ar/1% CH4–NCD and (b) Ar/1%
CH4/5% H2–NCD films showing the NCD/Si interface [25].

wide application in chemical, polymer, semiconductor, and pharmaceuti-
cal industries because of its high information content and ability to avoid
sample contamination.

When light is scattered from a molecule most photons are elastically
scattered. The scattered photons have the same energy (frequency) and,
therefore, wavelength, as the incident photons. However, a small fraction
of light (approximately 1 in 107 photons) is scattered at optical frequen-
cies different from, and usually lower than, the frequency of the incident
photons. The process leading to this inelastic scatter is termed the Raman
Effect. Raman scattering can occur with a change in vibrational, rotational
or electronic energy of a molecule.

Raman scattering is about 50 times more sensitive to π-bonded amor-
phous carbon and graphite than to the phonon band of diamond. Hence,
Raman spectroscopy could be used to establish the crystalline quality of
diamond thin films by estimating the amount of sp2-bonded carbon in the
films. Lin et al. [27] performed Raman analysis of diamond films grown
with Ar/CH4/H2 plasmas with different gas mixtures. Figure 2.7 shows
the plots of micro-Raman spectra obtained of diamond films grown by dif-
ferent ratio of Ar/H2 with fixed 1% CH4 in Ar/H2/CH4 plasma. For the
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Fig. 2.7. Micro-Raman spectra of HFCVD diamond grown at increasing Ar volume
fraction: (a) 0%; (b) 20%; (c) 50%; (d) 80%; (e) 90%; (f) 92%; (g) 94%; and (h) 95.5%
for growth mixture using Ar–CH4–H2 [27].

film grown without Ar, a sharp diamond characteristic peak is observed at
1332 cm−1. No Raman scattering can be found in the range from 1400 to
1600 cm−1 suggesting that the diamond film contains very little sp2-bonded
carbon. With addition of argon to the reactant gas up to 92%, a sharp
diamond peak still exists indicating the presence of microcrystalline dia-
mond grains. However, the diamond peak shrinks and the full width at half



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch04

230 Z. Xu and A. Kumar

maximum (FWHM) of the peak increases. For films grown with more than
92% Ar, the spectra change dramatically compared to previous samples.
The sharp diamond peak at 1332 cm−1 no longer exists, and it is signifi-
cantly broadened as a result of decreasing the grain size to the nanometer
scale. A broad peak in the 1400–1600cm−1 is observed due to the pres-
ence of sp2-bonded carbon at the grain boundaries in the nanocrystalline
diamond films.

Further studies have been carried out to study the transition of dia-
mond films from micro- to nanocrystalline by UV Raman spectroscopy.
For visible Raman, when a laser with a wavelength in the visible region
is used, the energy of the incident photons is much lower than the energy
of the bandgap for sp3-bonded carbon. The spectra are thus completed
dominated by Raman scattering from sp2-bonded carbon [28]. However,
UV Raman can provide higher photon energy that is close to local gap of
sp3-bonded carbon at ∼5.5 eV [29]. Thus, UV Raman allows us to further
interpretation of some nanocrystalline diamond Raman signatures. Birrell
et al. [30] interpreted the Raman spectra of NCD films, especially the peak
at 1120 cm−1 using UV Raman spectroscopy. Figure 2.8(a) shows the vis-
ible Raman spectra of NCD films grown with different amounts of H2 in
Ar/H2/CH4 plasma. There are three peaks: a sharp diamond peak at 1332
cm−1, a shoulder at 1190 cm−1, and a broad peak at 1532cm−1. As less H2

is included in reactant gas, a shoulder at 1125 cm−1 and peaks at 1400–1600
cm−1 start to appear while the diamond peak shrinks. For the sample grown
with 0 and 1% H2, a shoulder at 1125 cm−1, a D-bank peak at 1330 cm−1,
a poorly defined peak at 1450 cm−1 and a peak at 1560 cm−1 are observed.
Figure 2.8(b) shows Raman spectra taken with UV excitation with a laser
wavelength of 266 nm. All spectra show the same three peaks: a sharp
peak at 1332 cm−1 due to diamond, a broad peak at 1580 cm−1 due to the
presence of sp2-bonded carbon at the grain boundaries, and a 1546 cm−1

feature caused by the excitation of oxygen molecules. It is widely believed
that the peak around 1120 cm−1 originated from the presence of confined
phonon modes in diamond. Nemanich et al. [31] suggested that this feature
was due to the regions of microcrystalline or amorphous diamond. Fayette
et al. [32] concluded that peak at 1140 cm−1 was one of the characteristics of
CVD diamond films. However, Birell et al. suggested that the peaks at 1120
and 1450 cm−1 were due to carbon–hydrogen bonds in the grain boundaries,
and the peaks at 1330 and 1560 cm−1 were due to the D-band and G-band
sp2-bonded carbon. Although NCD contains nearly 95% sp3-bonded car-
bon, as diamond thin films change from microcrystalline to nanocrystalline,
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Fig. 2.8. (a) Visible and (b) UV Raman spectra of UNCD thin films grown with suc-
cessive amounts of hydrogen added to the plasma [30].

the visible Raman signal was due entirely to the sp2-bonded grain boundary
materials in the sample. For nanocrystalline diamond films, the sp3-bonded
carbon can only be characterized UV Raman spectroscopy instead of regu-
lar visible Raman spectroscopy [30].

2.4. Near Edge X-Ray Absorption Fine Structure

(NEXAFS)

A technique that can distinguish between sp2-bonded carbon (graphite)
and sp3-bonded carbon (diamond) would be very useful for characterizing
the nanocrystalline diamond films. X-ray core level reflectance and absorp-
tion spectra are site and symmetry selective and the magnitudes and energy
positions of spectral features contain bonding information of the films. Par-
ticularly, the near-edge region of the core-level photoabsorption has been
used to relative quantity of sp2- or sp3-bonding in BN powders and thin
films [33]. Its sensitivity to the local bond order in a material arises from the
dipole-like electronic transitions from core states, which have well-defined
orbital angular momenta, into empty electronic (e.g. antibonding) states
[34]. Therefore, the symmetry of the final state can be determined and the
difference between sp2 and sp3 can be distinguished. Besides, NEXAFS
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with a photon beam of the size of millimeter has the ability to investigate
the film over a large area.

Capehart et al. [35] first demonstrated that NEXAFS studies on CVD
diamond films could be used to calculate the fraction of any sp2-hybridized
graphitic content inside the film. The characterization of NCD films by
core-level photoabsorption was first studied by Gruen et al. [34]. NEXAFS
measurements have been carried out on NCD films as well as two reference
samples, a highly oriented pyrolytic graphite (HOPG) that is 100% sp2-
bonded, and a single crystal diamond that is 100% sp3-bonded. Figure 2.9
shows the C (1s) photoabsorption data from four different samples: natu-
ral diamond, graphite, microcrystalline diamond deposited with Ar/CH4,
and nanocrystalline diamond deposited with Ar/C60 [34]. From previous
studies, we have found that amorphous carbon shows the characteristic
transition to sp2-bonded π∗ orbitals at ∼285 eV and bulk diamond shows a

Fig. 2.9. The C (1) photoabsorption data from four different samples: C60, nanocrys-
talline diamond film grown using the C60-based deposition method; CH4, diamond film
with micron-sized grains grown using a conventional CH4-based deposition method; dia-
mond, gem quality natural diamond; graphite, highly oriented pyrolytic graphite [34].
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sharp peak at ∼290 eV due to the bulk C-1s core exciton and characteristic
transitions to sp3-bonded σ∗ orbitals [36]. These two features are directly
related to the bonding structures of diamond and graphite and could be
used to determine the sp2 to sp3 ratio in a film. From Fig. 2.9 we can clearly
see that all of the qualitative features of sp3-bonding are presented in NCD
film. Based on the qualitative line shape of the spectra, no more than 1 to
2% of sp2-bonded carbon exists in these NCD films.

Chang et al. [37] studied the quantum-size effect on the exciton and
energy gap of NCD films. Exciton energy and conduction/valence band
energies were observed generally to shift to higher/lower energies when the
decrease of the crystal size. Their results showed that when the diamond
grain size decreased from 5µm to 3.6 nm, the C k-edge NEXAFS of NCD
shifted toward higher energies, especially for crystals smaller than 18nm,
as shown in Fig. 2.10. The inset of this figure reveals a similar trend to
excitonic binding energy, ∆Eex, where ∆Eex = |Eex − ECB|, the energy
separation between the Eex (exciton state) and the ECB (conduction band

Fig. 2.10. The exciton state and conduction band edge of the NCD are plotted as
a function of the crystallite radius. The dashed line is the least square fitting of all
conduction band edge data. The inset is the exciton binding energy shift of the NCD
films plotted as a function of the crystallite radius [37].
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edge). NCD films prepared with H2/1% CH4 by HFCVD have also been
characterized by NEXAFS [38]. The spectrum of NCD film exhibits a sharp
spike at 289 eV (an excitonic transition), and a secondary band at 302 eV,
both characteristics of pure diamond spectrum. A shift of exciton energy
around 0.25 eV has been observed for 10 nm NCD.

2.5. X-Ray Diffraction (XRD)

XRD is sensitive to the presence of crystalline carbons such as diamond
or graphite instead of amorphous carbon. Hence, it is frequently used to
characterize CVD diamond films. Figure 2.11 shows that NCD films exhibit
a similar pattern compared to conventional synthesized MCD films [24].
Three peaks, related to (111), (220) and (311) crystalline diamond peaks
are observed. Compared to MCD films, the diffraction peaks of NCD are
significantly broadened due to the very small diamond grain sizes.

2.6. Characterization of Mechanical Properties of NCD

Diamond has exceptional mechanical, electrical, thermal, and optical
properties. In particular, the high hardness and stiffness of diamond

Fig. 2.11. X-ray diffraction of the as-grown nanocrystalline diamond film prepared from
an Ar–CH4 plasma at 100 Torr. The labels show the diffraction peaks from different
planes of the cubic diamond [24].
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makes it desirable for many mechanical applications. Moreover, interest
in diamond-based applications is increasing as nanocrystalline diamond has
been successful synthesized due to its reduced intrinsic roughness and tribo-
logical properties. However, nanocrystalline diamond films have grain size
dependent mechanical properties that may significantly differ from those
of microsized diamond films. The changes in the mechanical properties of
NCD films are due to the presence of larger percentages of grain boundaries
that contain sp2-bonded carbon, broken bonds and amorphous regions [39].

The mechanical properties of nanocrystalline diamond films can be mea-
sured by nanoindentation. Indentation tests are perhaps the most com-
monly applied means of testing the mechanical properties of materials. In
such a test, a hard tip, typically a diamond, is pressed into the sample with
a known load. After some time, the load is removed. The area of residual
indentation in the sample is measured and the hardness, H , can be cal-
culated from the maximum load, P , divided by the residual indentation
area, A.

Figure 2.12 shows nanoindentation test results of NCD films. The aver-
age hardness of the NCD film is ∼88GPa, close to the value of bulk
diamond. Note that the measured hardness is independent of indenta-
tion depth, indicating that the results are reliable [40]. Guillen et al. [41]
demonstrated that the fracture strength, between 3.2 and 3.9GPa, and
the Young’s modulus, between 800 and 980GPa, of the NCD films were
independent of the film thickness. They suggested that the possibility to
control and adjust the absolute value of the stress inside the diamond film
with respect to Si substrate allowed one to use the built-in stress as a
design parameter of MEMS devices for bistable membrane configurations.
Philip et al. [42] suggested that the Young’s modulus of the NCD films
was affected by the nucleation rate. For films grown with lower nucleation
density (with lower nucleation density, 1010 cm−2 or lower), the Young’s
modulus was roughly half of those films grown with much higher nucleation
density (>1012 cm−2). For the latter case, the Young’s modulus (1120GPa)
was close to the values measured from natural diamond.

Microcrystalline diamond films have relatively high surface roughness
that precludes the immediate application of diamond films in machining
and tool wear applications. High surface roughness results in high friction
and severe wear losses on mating surfaces. Polish of these MCD are often
applied to smooth the film surface although it is costly and impractical in
some circumstances such as complex geometries. However, with the devel-
opment of growing smooth NCD films, low coefficient of friction (COF)
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Fig. 2.12. (a) Nanoindenter data (Berkovich indenter) for MCD and UNCD films;
(b) measured hardness versus indentation depth [40].

∼0.05–0.1 and fine finish of the sample surface (20–40nm, rms) have been
achieved. Espinosa et al. [43] studied the surface roughness of the NCD films
with different seeding techniques. Higher surface roughness (250–300nm)
was obtained for film seeded by mechanically polish, while lower surface
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Fig. 2.13. Roughness analysis of NCD surfaces using AFM. (a) The mechanically-seeded
sample has a root mean square root (rms) roughness of 107 nm and a distance from peak
to valley of 250–300 nm. (b) The ultrasonically-seeded one has a rms of 20 nm with a
distance from peak to valley of ∼70 nm [43].

roughness (20 nm) was obtained for film seeded ultrasonically with fine dia-
mond powders, as shown in Fig. 2.13. Clearly, ultrasonic seeding results in
much better nucleation and growth, no obvious porosity, no scratches, and
enhanced surface smoothness.

Several microscale testing techniques have been employed to investi-
gate fracture strength of thin films. Sharpe et al. [44] have performed
microtension tests to study the fracture toughness of SiC and polysilicon.
Espinosa et al. [45] have performed the membrane deflection experiment
(MDE) to investigate the strength of submicron freestanding NCD thin
films. Table 2.2 summarizes the fracture strength of some hard materials.

NCD films have been grown on Si films and pin-on-disk tests have been
carried out to evaluate the MCD and NCD films’ friction behavior against
Si3N4 balls in open air and dry N2 [46]. The friction results are shown in
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Table 2.2. Fracture strength of some hard materials [43].

Material Fracture strength (GPa)

Silicon 0.30
Microcrystalline diamond 0.88 ± 0.12
SiC 1.2 ± 0.5
Polysilicon 1.5 ± 0.25
NCD 4.13 ± 0.90
Single Crystal Diamond 2.8

Fig. 2.14. After the initial stage during which both films exhibit relatively
high values, the COF of NCD film decreases rapidly to 0.1 whereas the
COF of the MCD film remains high and unsteady in both air and dry
N2 environments. NCD films have also deposited on tungsten carbide sub-
strates to slide against Al-alloy, steel and Al2O3 [47]. Similar results have
been obtained to show that the COF of NCD film decreases to 0.1 after the
break-in period while the COF of uncoated WC sample are much higher
(0.6–0.9)

2.7. Electron Energy Loss Spectroscopy (EELS)

The electron energy loss spectroscopy (EELS) in TEM is a powerful tech-
nique to study the electronic structure of materials [48, 49]. The energy loss
near-edge structure (ELNES) is sensitive to the crystal structure. For sp2-
bonded carbon the π∗ states can be observed between 282 eV and 288 eV,
and σ∗ states, between 290 and 320 eV. For sp3-bonded carbon, σ∗ states
can be observed between 289 and 320 eV [50]. Therefore, diamond and non-
diamond carbon can be easily separated by EELS and ELNES. Figure 2.15
shows electron energy loss spectra taken from a single crystal diamond
and nanocrystalline diamond film, respectively. Identical spectra have been
obtained, suggesting that NCD film is phase-pure sp3-bonded [26]. Only
an EELS edge at 289 eV corresponding to diamond characteristic has been
shown and no other amorphous or graphite phases presented. The results
have also been confirmed by Zhou et al. [19] where no energy loss feature
at 284 eV has been observed, indicating the absence of sp2-bonded carbon.
Okada et al. [51] studied the sp2-bonding distributions in nanocrystalline
diamond particles by EELS. The EEL spectrum showed a peak at 290 eV
and a slight peak at 285 eV, which is similar to that of nanocrystalline
diamond thin films.
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Fig. 2.14. Friction coefficients of rough MCD and smooth NCD films against Si3N4

balls in (a) open air and (b) in dry N2. (Test conditions: load, 2N; velocity, 0.05m s−1;
relative humidity, 37%; sliding distance, 40 m; ball diameter, 9.55mm [46].)

2.8. Characterization of Electrical Properties of Doped

NCD Films

The use of diamond for electrical applications has attracted much attention
with the development of CVD techniques. Most doped diamond depositions
system use microwave-assisted CVD, which minimizes film contamination
with other materials. A special aspect of diamond is its capability of reveal-
ing a negative electron affinity (NEA) [52–55]. NEA means that electrons
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Fig. 2.15. PEELS spectra of (a) CVD-grown nanodiamond thin film and (b) single-
crystal diamond. A weak peak at 284 eV is identified in the nanodiamond film spectrum,
indicating that sp3-bonded carbons are present at the grain boundaries, which accounts
for about 5–10% of the total atoms in the nanocrystalline material [26].

can exit from conduction band edge into vacuum without further energy
barrier. The only way to take advantage of this NEA is to form ohmic or
tunnel contacts by n-type doping diamond. So far, nitrogen [56], sulfur [57]
and phosphorus [58] have been used to produce n-type diamond.

Chen et al. [59] reported that nitrogen-doped NCD thin films exhibited
semimetal-like electronic properties and could be used as electrochemical
electrodes over 4 eV potential range. Bhattacharyya et al. [56] studied the
synthesis and characterization of highly conductive nitrogen-doped NCD
films. Up to 0.2% total nitrogen content was observed with a CH4(1%)/Ar
gas mixture and 1% to 20% nitrogen gas included. The electrical conductiv-
ity of the film increased by five orders of magnitude (up to 143 Ω−1cm−1)
compared to that of undoped film. As N2 gas was added, the density of
C2 and CN radicals as well as their relative density increased substantially.
Conductivity and Hall measurements made as a function of temperature
showed that these films had the highest n-type conductivity and carrier
concentration for phase-pure diamond thin films. Figure 2.16(a) shows sec-
ondary ion mass spectroscopy (SIMS) data of the total nitrogen content in
the films as a function of N2 gas in the plasma along with the conductivities
measurements. Temperature-dependent conductivity data in the range of
300–4.2K are shown in the Arrhenius plot in Fig. 2.16(b). Finite conduc-
tion has been observed for temperatures as low as 4.2K. Nonlinear curves
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Fig. 2.16. (a) Total nitrogen content (left axis) and room-temperature conductivity
(right axis) as a function of nitrogen in the plasma. (b) Arrhenius plot of conductivity
data obtained in the temperature range 300–4.2 K for a series of films synthesized using
different nitrogen concentrations in the plasma as shown [56].
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have been observed, indicating thermally-activated conduction mechanisms
with different activation energies [60].

The bonding structures of nitrogen-doped NCD films haven been investi-
gated by NEXAFS measurements [61]. It is revealed that the globe amount
of sp2-bonded carbon in these films increased slightly with nitrogen doping.
Nitrogen exists primarily in the tetrahedrally coordinated sites while the
grains remain phase-pure diamond. The increased conductivity is attributed
to the nitrogen impurities incorporated into grain boundaries, providing
more midgap states in the bandgap which allows hopping conduction or
other thermally activated conduction mechanisms to occur.

The results of the total electron yield (TEY) NEXAFS experiments
on nitrogen-doped NCD are shown in Fig. 2.17(a), and a detailed set of
spectra of the π∗-bonding peak and the second bandgap feature are shown
in Figs. 2.17(b) and 2.17(c), respectively. The nitrogen-doped NCD films
show nearly identical spectra as single crystal diamond, indicating that they
are phase-pure diamond containing only a very small amount of sp2-bonded
carbon. As nitrogen is added to the plasma, the sp2-bonding increases, as
indicated by the increase of the π∗-bonding peak and the reduced diamond
exciton peak [61].

Fujimori et al. [62] indicated that doping with phosphorous produces
n-type diamond films, but the resistivity of the phosphorous doped dia-
mond films was too high for practical use. Koizumi et al. [63] reported
that P-doped CVD (111) films produced using PH3 showed n-type con-
ductivity by Hall-effect measurement. However, the mobility of the film
was only 23 cm2 V−1 s−1. Lightly P-doped diamond films have been syn-
thesized and the highest mobility values currently, 660 cm2 V−1 s−1, have
been achieved at room temperature by Katagiri et al. [58]. The phosphorous
concentration in the film was controlled at a low doping level of the order
of 1016 cm−3. Diamond films doped with sulfur have also been deposited
by introducing hydrogen sulfide into the CVD process [57]. The mobility of
electrons at room temperature was 597 cm2 V−1 s−1 and the conductivity
was 1.3×103 Ω−1 cm−1. The donor level introduced by sulfur was at 0.38 eV
below the conduction band. Koeck et al. [64] reported sulfur-doped NCD
films for field emission measurements. The sulfur-doped NCD films were
deposited using a 50 ppm hydrogen sulfide in hydrogen mixture. The films
showed diminished threshold fields at elevated temperatures as well as a low
effective work function. This emission behavior makes this material a prime
candidate for vacuum thermionic energy conversion where efficient electron
sources are requisite for the transformation of thermal into electrical energy.
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Fig. 2.17. TEY NEXAFS scans of nitrogen doped UNCD thin films: (a) full scan,
showing the relevant features for diamond, (b) detailed scan of the π∗-bonding peak,
and (c) detailed scan of the second bandgap feature. As the amount of nitrogen in
the growth plasma increases, the height of the π∗-bonding peak at 285 eV as shown in
(b) increases, the diamond exciton at 289.5 eV illustrated in (a) becomes less distinct,
and the depth of the second bandgap decreases, as shown in (c) [61].
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3. Applications of NCD

3.1. MEMS/NEMS Applications of NCD Films

Micro/Nano-electro-mechanical systems (MEMS/NEMS) devices are cur-
rently fabricated mainly using silicon. Complex shapes and devices, such as
gears, pinwheels, micromotors, etc. have been produced using stand litho-
graphic patterning and etching techniques [65, 66]. However, a major prob-
lem with the Si-based MEMS devices is that Si has poor mechanical and
tribological properties due to its hydrophilicity, high friction, poor brit-
tle fracture strength and poor wear properties. Rotating devices such as
microturbines [67] has been fabricated, but are frequently subjected to stic-
tion problems or wear-related failure after a few minutes of operation [66].
Until now, there are no commercially available MEMS devices that involve
sliding interfaces. With the rapid development of micro- and nanosystems
(MEMS/NEMS) such as optical switches, radio frequency resonators, pres-
sure sensors, a new type of material with significantly improved mechanical
and tribological properties is of great need for MEMS applications involving
rolling or sliding contact in harsh and hostile environment.

Diamond is a super hard material with extreme mechanical strength,
outstanding thermal stability and conductivity, and chemical inertness. Rel-
evant mechanical properties of Si, SiC and diamond are shown in Table 3.1.
Moreover, diamond has a much lower coefficient of friction (COF) than Si
and SiC. The COF of Si has a relatively high and constant value of ∼0.6
throughout the temperature ranges; whereas the COF of diamond is an
exceptionally low ∼0.05–0.1 at room temperature. The COF of Si is high
at room temperature ∼0.5, which drops to a value of ∼0.2 as the temper-
ature exceeds 200◦C. The COF of diamond drops to 0.01–0.02 due to the
formation of a stable adsorbed oxygen layer on the diamond surface that

Table 3.1. Selected mechanical and tribological properties of
Si, SiC, diamond (at room temperature).

Property Si SiC Diamond

Lattice Constant (Å) 5.43 ∼4.35 3.57
Cohesive Energy (eV) 4.64 6.34 7.36
Young’s Modulus (Gpa) 130 450 1,200
Shear Modulus (Gpa) 80 149 577
Hardness (kg/mm2) 1,000 3,500 10,000
Fracture Toughness 1 5.2 5.3
Flexural Strength (Mpa) 127.6 670 2,944
Coefficient of Friction (COF) 0.6 0.5 0.01–0.02
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saturates the diamond dangling bonds and minimizes bonding between con-
tacting diamond surface.

3.1.1. Fabrication of NCD MEMS/NEMS Devices

The new nanocrystalline and ultrananocrystalline diamond developed from
Ar/CH4 gas mixtures is emerging as one of the most promising materials
for MEMS/NEMS. In previous discussion of mechanical and tribological
properties of NCD film, we have mentioned that the average nanocrystalline
diamond film grain size is less than 50 nm and the surface roughness, 20 nm.

Numerous NCD-based MEMS components and devices have been devel-
oped in recent years. There are several ways to fabricate these devices by
taking advantage of the extraordinary properties of nanocrystalline dia-
mond. Among them, one of the most apparent ways is to form a conformal
NCD coating on existing Si products. Modern Si fabrication technology can
produce all kinds of devices in the nanometer scale. The basic idea is to form
a thin, continuous, and conformal coating with low roughness on the Si com-
ponent. However, this could not be realized until the recent development
of nanocrystalline deposition technique. Conventional diamond CVD depo-
sition results in discontinuous films with large grains and rough surface.
Figure 3.1(a) shows Si microwhiskers coated with (a) conventional CVD
diamond and (b) nanocrystalline diamond. Separated diamond grains can

Fig. 3.1. (a) Si microwhisker coated with conventional CVD diamond; (b) single Si
microwhisker coated with NCD [40].
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Fig. 3.2. Etching scheme for producing a freestanding NCD film [40].

be observed for MCD coating, whereas a very smooth conformal coating
was obtained for the NCD-coated microwhisker.

Selective deposition has been used for fabrication of NCD microdevices,
shown in Fig. 3.2 [40]. Nanocrystalline diamond deposition process needs
a nucleation layer, usually achieved by mechanical seeding with fine dia-
mond particles or by bias-enhanced nucleation. So NCD films can be selec-
tively deposited by selective seeding the substrates. Selective seeding can
be achieved by: (1) removing part of the seeded layer; (2) masking the film
during seeding to produce a patterned seeded layer. Note that it is hard to
achieve high feature resolution by selective seeding since precise control of
seeding is hard to define. Instead, a more advanced method has been devel-
oped by the lithographic patterning technique. Continuous NCD films are
deposited on the SiO2 layer, followed by a sacrifice SiO2 layer deposited by
CVD. Photoresist is deposited onto the top SiO2 layer and it is patterned
by RIE. The NCD film is then etched by oxygen plasma.

3.1.2. NCD Cantilever

Free standing NCD cantilever structures, shown in Fig. 3.3, have been fab-
ricated for microscale mechanical testing. The detailed procedures are sum-
marized as follows [45]:

1. Seeding the Si wafer and NCD growth (0.5–0.6 µm).
2. Deposition of 300 nm Al by sputtering. Al is used as mask material due

to its resistance to oxygen RIE.
3. Photoresist spin-coating with S 1805; exposure with Karl Suss MA6;

developing; postbaking.
4. Wet chemical etching of Al.
5. O2 reactive ion etching (RIE), 50mTorr, 200 W, until the exposed NCD

is etched away. During the etching, the photoresist is also removed.
Removal of Al mask is performed using wet etching.

6. Si wafer KOH etching from the front side (90 min, KOH30% at 80◦C)
using the NCD pattern as a masking layer. Cantilevers are released.
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Fig. 3.3. Optical image of three as-microfabricated NCD membranes [45].

Underetching of NCD cantilevers is possible due to a slight misalign-
ment of the Si wafer 〈110〉 direction with respect to the cantilever
structure.

3.1.3. SAW Devices

Surface acoustic wave (SAW) devices are critical components in wireless
communication systems. Diamond exhibits high acoustic phase velocity
which makes it an attractive material for high frequency (GHz range) SAW
devices. However, high surface roughness and large grain sizes prevent the
application of diamond for SAW applications. Time-consuming post deposi-
tion is required to smooth the MCD surface in order to obtain free-standing
smooth surface. Moreover, MCD-based SAW devices suffer from relatively
low performances due to propagation losses in polycrystalline structures. It
is reported that the propagation losses decreases while the diamond grain
size diminishes [68, 69]. Therefore, NCD based SAW devices are expected
to have better performance than MCD films.

A model has been established by Elmazria et al. [70] based on
AlN/NCD/Si layered structure to determine the acoustic phase velocity
V and the electromechanical coupling coefficient k2 as a function of NCD
thickness. Figure 3.4 shows a schematic drawing of an NCD-based SAW
device. NCD films are grown on (100)-oriented silicon substrate and smooth
piezoelectric AlN films with columnar structures and (002) orientations are
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Fig. 3.4. Schematic cross-sections of the two possible IDT configurations in the
AlN/NCD/Si layered structure [70].

deposited on top of NCD. Aluminium IDE of 16 and 32 um wavelengths on
AlN/NCD/Si is developed by photolighography. Figure 3.5 shows the phase
velocity of measured NCD SAW device as a function of NCD and AlN film
thickness, where khNCD is the normalized NCD thickness and khAlN is the
normalized AlN thickness. It is shown that devices working at frequency
f0 = 2.5GHz can be achieved with acoustic velocity as high as 9500m/s
and K2 = 1.4%. Note that the experimental values and the theoretical val-
ues agree very well and the phase velocity strongly increases with the NCD
normalized thickness.
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Fig. 3.5. Phase velocity measured from SAW device high frequency characterization
for several khNCD and khAlN values along with theoretical data calculated for the
AlN/NCD/Si layered structure [70].
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3.1.4. NCD RF MEMS Devices

The wide bandgap, small (or negative) electron affinity, high breakdown
voltage, high saturation drift velocity, high carrier mobility, radiation hard-
ness and high thermal conductivity make diamond a promising material
for the fabrication of high power, high frequency and high temperature
solid state microelectronic devices, sensors/MEMS and vacuum microelec-
tronic devices [71]. Polycrystalline diamond-based RF electronics have been
fabricated by various groups. Gildenblat et al. [72] have reported high
temperature Schottky diode with thin film diamond. Diamond field effect
transistors (FETs) have been investigated by Aleksov et al. [73]. Prins
reported the first diamond bipolar junction transistor (BJT) in 1982 on
natural, p-type single crystal diamond [74]. Aleksov et al. [75] presented
the p–n diodes and p+np BJT structures using nitrogen and boron doping
during CVD. It was thought that only polycrystalline diamond films could
be used for RF MEMS devices due to the difficulty of producing large areas
of NCD films. Surface area is needed for RF structures including active
devices, passive components, waveguide circuits and heat dissipation. Until
recently, large area deposition of nanocrystalline diamond becomes possible
by Ar/CH4 reactants with microwave chemical vapor deposition technique.
Due to the unique properties of nitrogen-doped nanocrystalline diamond, a
nanocrystalline/dingle crystal diamond heterostructure diode has been fab-
ricated and characterized [76]. As shown in Fig. 3.6, N -type doped NCD
films has been deposited on top of a p− active layer (on top of a p+ contact
layer) where all the structures are built based on a single crystal diamond
substrate. The diode characteristics show rectification and high tempera-
ture stability. Figure 3.7 shows that the device has been successfully tested
at 1050◦C which represents the highest temperature measurement of any
semiconductor to date. Low forward losses combined with high breakdown
strength have been achieved, which is not possible for any other polycrys-
talline diamond diodes.

Kusterer et al. [77] demonstrated a bistable microactuator based on
stress-engineered nanocrystalline diamond. The NCD film was compres-
sively pre-stressed controlled by different growth conditions. After release
from Si substrate, NCD film could buckle into two quasistable positions,
downwards or upwards. The transition between these two positions could
be realized by combining the diamond film with Ni/Cu strips acting as
thermal bimetal elements. Thus, a 10µm deflection could be achieved
with film thickness ∼ 2 µm resulting in a 12V threshold voltage to switch
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Fig. 3.6. (a) Schematic drawing and (b) SEM micrograph of a NCD/single crystal
diamond heterostructure diode [76].

Fig. 3.7. IV characteristics of a diode with 120 µm diameter at 1050◦C [76].

between two stable positions. The first hybrid structure based on NCD
as a RF switch was fabricated recently [77]. Figure 3.8 shows the princi-
ple of device structure and hybrid integration of NCD actuator and base
plate. NCD actuator is fixed on Al2O3 substrate including aninterrupted
co-planar waveguide. The actuator is fixed in the center of the waveguide,
and moves upwards and downwards during operation between two stable
positions. In the down-state position, the microbridge acts as signal con-
tact connecting the segments of the line. Numerical simulations show that
the diamond-based actuator and base plant can deliver large forces in the
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Fig. 3.8. Principle of device structure and hybrid integration of diamond actuator and
base plate. Here the microtool acts as signal contact to close the break of a coplanar
waveguide on a low loss Al2O3-substrate [77].

range of hundred µN. Therefore, this NCD actuator could also be used for
numerous purposes such as microsqueezer, micropunch or microanvil.

3.2. Electrochemistry Applications of NCD Films

3.2.1. History of the Electrochemistry of Diamond Films

Diamond was first reported for electrochemical applications by Iwaki et al.
[78]. Conducting diamond were obtained by ion implantation of natural dia-
mond with argon and zinc. With the development of CVD technology, CVD
diamond electrodes have been widely used in electrochemistry. Pleskov et al.
[79] and coworkers first extensively studied the electrochemical properties of
diamond electrodes. The diamond electrodes grown by CVD were normally
undoped, but had sufficient conductivity by using specific growth conditions
during deposition to introduce defects in diamond films for electrochemi-
cal measurements. Moreover, boron-doped diamond electrodes have been
studied by Swain [80, 81] and coworkers. Diamond electrodes exhibit low
capacitance and featureless background current which are highly desirable
for electroanalytical and sensor applications.
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3.2.2. Basic Diamond Properties in Electrochemistry

The electrochemical response of diamond electrodes is determined by the
nature of the diamond film as well as the surface termination of diamond.
The chemical inertness of diamond is remarkable compared to that of other
electrode materials. However, the diamond electrodes are not completely
electrochemically inert. The electrode surface can change from hydrophobic
to hydrophilic and chemically-bound oxygen is found on a diamond surface
after anodic polarization [82, 83]. Furthermore, cyclic voltammetry shows
that polycrystalline diamond has a redox couple at 1.7V versus standard
hydrogen electrode (SHE) whereas single crystal diamond does not [82].

As-deposited diamond electrodes that have been cooled down in a
hydrogen-rich environment are terminated with hydrogen. These hydrogen
terminated surfaces result in a wide potential range, which is illustrated in
Fig. 3.9. Note that various types of electrodes have been evaluated. A wide
potential range has been obtained for high quality diamond. Low qual-
ity diamond electrodes have a potential window similar to glass carbon
and graphite. With this wide “window”, other electrochemical reactions

Fig. 3.9. Cyclic voltammograms for diamond electrodes in 0.5MH2SO4. Scan rate was
200 mV/s; reference electrode was Pt/H2. (a) High quality diamond at mA/cm2 current
densities; (b) low quality diamond at mA/cm2 current densities, expanded view for
low quality diamond for potentials +0.5 to +2.0V (inset); (c) high quality diamond at
µA/cm2 current densities; and (d) low quality diamond mA/cm2 current densities [83].
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can be observed which makes diamond electrodes attractive for sensor
applications [83].

Most of the previous electrochemical applications of diamond use boron-
doped diamond electrodes. The electrical conductivity induced by boron has
been widely studied and its reviews can be found elsewhere [84]. During
deposition diamond changes its nature from a dielectric, to a wide gap
semiconductor and finally a quasimetal when boron is doped to diamond
electrodes. Thus, it is possible to tune the electrical properties of diamond
by changing the doping concentrations. It has been observed that as the
doping levels are increased, the potential window of water stability decreases
and the crystalline quality decreases [85]. Nitrogen and phosphorus are two
deep donors to make the diamond n-type. Recently, sulfur has been reported
to produce n-type diamond. Eaton et al. [86] have doped diamond with
sulfur and small quantities of boron to produce diamond electrodes with
n-type conductivity in the near surface region.

The electrochemical properties of nanocrystalline diamond were first
investigated by Fausett et al. [87]. The electrochemical activity of the NCD
electrodes was probed using Fe(CN)−3/−4

6 , Ru(NH3)+2/+3, methyl viologen
and 4-tert-butylcatechol. It was suggested by Fausett that the advantages
of using NCD electrodes in electrochemistry compared to microcrystalline
diamond included: (1) the ability to deposit continuous films at nanometer
thicknesses rather than micrometer thicknesses leading to time and cost sav-
ings, (2) easier coating of irregular geometry substrates like fibers and high
surface area meshes, and (3) different film morphologies and characteristic
electronic properties might lead to unique electrochemical behaviors [87].

3.2.3. Basic Principles of Electrochemical Measurements

The electrochemical measurement involves the measurement of an electrical
signal (e.g. potential, current or charge) associated with the oxidation or
reduction of a redox analyte dissolved in solution, and relating this signal
to the analyte concentration [88]. Diamond electrodes possess a number
of unique electrochemical properties compared to other sp2-bonded car-
bon electrodes, including linear dynamic range, limit of quantitation, fast
response time and response stability.

Figure 3.10 shows the design of a typical cell used for electrochemical
measurements [89]. The three-neck cell is constructed of glass. Three elec-
trodes, diamond working electrode, counter electrode (Pt) and reference
electrode (Ag/AgCl), are clamped to the bottom of the glass cell. Diamond
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Fig. 3.10. Diagram of the single-compartment, glass electrochemical cell used. (a) Cu
or Al metal current collecting plate, (b) diamond film electrode, (c) Viton O-ring seal,
(d) input for nitrogen purge gas, (e) carbon rod or Pt counter electrode, and (f) reference
electrode inside a glass capillary tube with a cracked tip [89].

film is placed on the bottom of the cell and ohmic contact is made on the
back side of the substrate for measurement.

3.2.4. Electrochemical Properties of NCD

Boron-doped diamond exhibits very low background current density and a
wide working window in voltammetric and amperometric measurements.
The comparison of nanocrystalline diamond has been studied, and it
appears that NCD films deposited from C60/Ar gas mixture have basic
electrochemical properties similar to boron-doped microcrystalline dia-
mond films. Low voltammetric background current (one order of magni-
tude lower than glassy carbon), a wide working potential window (3V) and
a high degree of electrochemical activity for several redox systems have
been obtained. Figure 3.11 shows cyclic voltammetric i–E curves for a
NCD film and a boron doped MCD film. Figure 3.11(a) shows voltammo-
grams for NCD and MCD films between −0.5 and 1.0V (versus SCE). The
curve of NCD film is basically featureless within this potential window.
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Fig. 3.11. Cyclic voltammetric i–E curves for a nanocrystalline diamond film deposited
from a 1% C60/Ar gas mixture and a boron-doped microcrystalline diamond film
deposited from a 0.3% CH4/H2 gas mixture over (A) a potential range from −0.5 to
1.0V (versus SCE) and (B) a potential range from −1.6 to 2.0V (versus SCE). The elec-
trolyte was 1M H2SO4 and the potential sweep rate for (A) was 50 mV/s and 25 mV/s
for (B) [87].

Figure 3.11(b) shows voltammograms for NCD and MCD films between
−1.6 and 2.0V (versus SCE). The response shows a large anodic peak at
1.5V and a smaller cathodic peak at 0.4V. The anodic peak at 1.5V is
likely due to redox-active carbon in the grain boundaries. A similar peak
has been observed in MCD films previously and been attributed to the
presence of reactive sp2-bonded grain boundary carbon [87].

Further experiments have been carried out for NCD films in different
redox analytes. Figure 3.12 shows cyclic voltammetric i–E curves for (A)
0.1mM Fe(CN)−3/−4

6 , (B) 0.1mM Ru(NH3)
+2/+3
6 , (C) 0.1mM methyl vio-

logen, and (D) 0.1mM 4-tert-butylcatechol at the nanocrystalline diamond
film. The active responses have been observed for all these analytes without
any doping or surface treatment for NCD films.

Nitrogen-doped electrically conductive NCD films has been obtained
by adding N2 gas to Ar/CH4 during deposition. The film deposited form
Ar/N2/CH4 mixtures are a little rougher morphologically with an average
cluster size of 150 nm. These kinds of NCD films also possess good elec-
trochemical activity without any conventional pretreatment. They exhibit
semimetal-like electronic properties over a wide potential range from at least
0.5 to −1.5V versus SCE, shown in Fig. 3.13. It is clear that the responses
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Fig. 3.12. Cyclic voltammetric i–E curves for (A) 0.1mM Fe(CN)
−3/−4
6 , (B) 0.1mM

Ru(NH3)
+2/+3
6 , (C) 0.1mM methyl viologen, and (D) 0.1mM 4-tert-butylcatechol at

the nanocrystalline diamond deposited from a 1% C60/Ar gas mixture. The analyte
concentrations were all 0.1mM and the electrolyte was 1M KCl. Potential sweep rate:
50mV/s [87].
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Fig. 3.13. Cyclic voltammetric i–E curves for nanocrystalline diamond thin films
deposited from 1% CH4/1% N2/98% Ar, 1% CH4/2% N2/97% Ar, 1% CH4/4% N2/95%
Ar and 1% CH4/5% N2/94% Ar. Electrolyte: 1 M KCl. Scan rate: 0.1V/s [59].

of the electrodes are independent of the level of nitrogen doping. For all
the films the background currents are mostly featureless within this poten-
tial range. Generally, disordered carbon electrodes exhibit oxidation and
reduction peaks between −200 and 500mV due to the formation of carbon–
oxygen functionalities. But only very small anodic and cathodic peaks can
be observed for NCD films. It is suggested that the low background cur-
rent of diamond is attributed to two factors: a reduced pseudocapacitance
from the absence of redox-active and/or ionizable surface carbon–oxygen
functional groups, and a slightly lower internal-charge carrier concentra-
tion, due to the semimetal-like electronic properties [84]. Wide potential
working windows have also been obtained for nitrogen-doped NCD films: 0,
2, 4, 5% N2 doped films have working potential windows of 4.27, 4.05, 3.85,
and 3.87V [59], respectively. These windows are 1V greater than what is
usually observed for glassy carbon.

Boron-doped nanocrystalline diamond have also been successfully
obtained by Swain [84]. The boron-doped NCD films consist of clusters
of diamond grains around 100nm in diameter and surface roughness of
34 nm [90]. The electrical conductivities of nitrogen doped NCD films are
dominated by the high fraction of sp2 bonded grain boundaries. However,
the electrical properties of boron-doped NCD films are dominated by the
charge carriers. Good electrochemical properties have been observed for
these boron-doped samples. A large potential window of around 3.1V has
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been observed for both types of nitrogen- and boron-doped films for cyclic
voltammetric i–E curves in 1M KCl. Well-defined symmetric curves are
observed with peak separations of 65 and 73 mV. This low separation value
indicates relatively rapid response of diamond electrodes [89].

3.2.5. Electroanalytical Applications

Nanocrystalline diamond provides a new type of electrochemical electrodes
with fast responsiveness, low background current, wide working potential
window and stability for a wide range of applications. The following are
some examples of functionalization of NCD films based on electrochemical
techniques.

Wang and Carlise [91] have developed a method to covalent immobilize
the glucose oxidase on conducting ultrananocrystalline diamond thin films
for glucose detection. Electrochemical glucose detection is based on the
enzyme glucose oxidase. A side product of the reactions between glucose
oxidase and glucose is hydrogen peroxide (H2O2), whose electroactivity
can be used to obtain a measurable current signal. Glucose oxidase was
attached to the NCD surface via tethered aminophenyl functional moieties
that were previously grafted to NCD surface by electrochemical reduction
of aryl diazonium salt. Figure 3.14 shows a schematic drawing of covalent
immobilization of glucose oxidase on diamond surface.

The functionalization of NCD film was monitored by XPS measure-
ments of C (1s), O (1s) and N (1s) core level spectra shown in Fig. 3.15.
The as-grown NCD film showed noticeable O (1s) signal due to chemisorp-
tion of oxygen or water left on the NCD surface. No N (1s) signals could
be observed. After surface functionalization with aminophenyl groups, an
intense O (1s) signal (O/C ration about 18.4%) was observed which arise
from the tethered carboxyl group. Enhanced N (1s) signal was observed

Fig. 3.14. Schematic drawing of covalent immobilization of glucose oxidase on diamond
surface [91].



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch04

Synthesis, Characterization and Applications of NCD Films 259

Fig. 3.15. XPS spectra for (a) bare, (b) succinic acid modified, and (c) glucose oxidase
modified UNCD thin films [91].

after the succinic acid modification with glucose oxidase due to the suc-
cessful attachment of protein molecules onto NCD surface.

Figure 3.16 shows the linear sweep voltammograms recorded in 0.1M
phosphate buffer solution (PBS) with and without the presence of glucose
(10mM). A significant increase of anodic peak in the presence of glucose
can be observed, corresponding to the anodic oxidation of hydrogen per-
oxide released from enzyme–glucose oxidation reaction. Oxidation current
density at 1.1V is plotted as a function of glucose concentration. Low detec-
tion limit about 0.1 mM and linear response of glucose concentration have
been achieved due to the low background current characteristic of NCD
electrodes.

Compared with surface oxidation approach in which oxygen functionali-
ties are introduced to diamond surface, the electrochemical approach causes
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Fig. 3.16. Linear sweep voltammograms for a glucose oxidase modified UNCD electrode
in oxygen-saturated 0.1M PBS solution (pH =7.2) with (solid line) and without (dashed
line) the presence of 10mM glucose. Scan rate =50 mV/s. The inset shows the plot
of the anodic oxidation current density recorded at 1.1V versus the concentration of
glucose [91].

less damage to diamond surface and results in more stable C–C linkage at
the interface, providing better detection limit and reproducibility.

3.3. Biomedical Applications of NCD Films

Diamond is known as a biocompatible material which is a good candidate
as a biointerface with soft materials for biomedical applications. However,
NCD biomedical applications require control of its surface properties such
as surface chemistry, wettability, optical properties, etc. The surface mod-
ification of synthetic diamond has been investigated by several methods:
(1) direct chemical functionalization of hydrogen-terminated surface [93];
(2) generation of oxygen-containing surface functionalities [94]; (3) electro-
chemical modification of NCD surface by functional groups [92].

The first DNA modification of NCD thin film was reported by Yang
et al. [93]. A photochemical modification scheme is shown in Fig. 3.17.
In order to chemically modify clean, H-terminated NCD surfaces grown
on silicon substrates, the H-terminated substrates were photochemically
reacted with a long-chain ω unsaturated amine, 10-aminodec-1-ene, that
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Fig. 3.17. Sequential steps in DNA attachment to diamond thin films [93].
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has been protected with the trifluoroacetamide functional group (TFAAD),
producing a homogeneous layer of amine groups for DNA attachment.
The protected amine was then de-protected, leaving behind a primary
amine [Fig. 3.17(c)]. The primary amine was reacted with a heterobifunc-
tional crosslinker sulphosuccinimidyl-4-(N-maleimidomethyl) cyclohexane-
1-carboxylate (SSMCC) and finally reacted with thiol-modified DNA
[Fig. 3.17(d)] to produce the DNA-modified diamond surface [Fig. 3.17(e)].
Hybridization reactions with fluorescently tagged compelementary and non-
complementary oligonucleotides showed good selectivity of NDA-modified
NCD films with matched and mismatched sequences. Comparison of NCD
with other substrates including gold, silicon, glass, and glassy carbon
showed that diamond surfaces exhibited extremely good stability, and
without loss of selectivity (Fig. 3.18). No decrease in intensity from a com-
plementary sequence, and no increased background after exposure to a non-
complementary sequence has been found by the end of 30-cycle stability
test [93].

Not only DNA but other proteins have been covalently attached to NCD
films by chemical functionalization [95]. H-terminated NCD films were mod-
ified by using a photochemical process and green fluorescent protein was
covalently attached. A direct electron transfer between the enzyme’s redox
center and the diamond electrode was detected. An enzyme-based amper-
ometric biosensor was fabricated by functionalizing the surface of a NCD
film with the enzyme catalase (from bovine liver). The device was fabricated
on top of the hydrogenated NCD film. Two small Ti/Au coated contacts
were oxidized on top of the diamond surface. The contacts and the hydro-
genated area in between were isolated from the rest of the sample surface
by second oxidation step. Then another layer of gold was evaporated to
establish good electrical contact between the hydrogenated area and the
contacts. A schematic drawing of the device is shown in Fig. 3.19. The
sample was then functionalized by a serious biofunctionalization process.
Detailed functionalization steps can be found in the paper published by
Hartl et al. [95]. They have demonstrated that biomolecules can be cova-
lently immobilized on NCD surfaces and these immobilized biomolecules
retain their functionality, shown in Fig. 3.20. The strong C–C covalent
bond at the diamond/biolayer interface provides an important advantage
over normally used metal electrodes such as gold.

Yang and Hamers [96] have reported the fabrication and characteri-
zation of a biologically sensitive field-effect transitor (Bio-FET) using a
NCD thin film. Biomolecular recognition capability was provided by linking
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Fig. 3.18. Stability of DNA-modified NCD and other materials during 30 successive
cycles of hybridization and denaturation [93].

human immunoglobulin G (IgG) to the diamond surface. The biomolecular
recognition and specificity characteristics were tested using two different
antibodies anti IgM and anti IgG. The results showed that the bio-FET
device responded only to the anti-IgG antibody. The chemical function-
alization process is shown in Fig. 3.21(a) and a schematic illustration of
diamond bio-FET device is shown in Fig. 3.21(b). The diamond surfaces
were first terminated with hydrogen in a radio frequency plasma system. An
organic protection monolayer film was covalently linked (step 1) to the sur-
face via photoexcitation at 254nm. De-protection in 0.36M HCl/methanol
(step 2) flowed by reaction with 3% solution of glutaraldehyde in a sodium
cyanoborohydride coupling buffer for 2 h (step 3) then produced a diamond
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Fig. 3.19. Schematic drawing of a biofunctionalized NCD-based bio sensor [95].

Fig. 3.20. Cyclic voltammograms of an untreated NCD electrode (black) and a catalase-
modified NCD electrode (red), measured in pure phosphate buffer. The inset shows
a schematic view of the functionalized electrode, illustrating direct electron transfer
between the diamond electrode and the haem group of the catalase [95].
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Fig. 3.21. (a) Overview of the chemistry for linking human IgG to diamond surfaces.
(b) Schematic illustration of diamond Bio-FET [96].

surface with some exposed aldehyde groups. Gold was then sputtered on the
diamond surfaces to form ohmic source and drain contacts. The metal chan-
nel was coved with epoxy to insulate them from the solution. The modified
diamond surfaces were immersed in human immunoglobulin G (IgG) solu-
tion for 8 h (step 4) which binds the IgG to the surface. The top electrodes
were finally deposited by sputtering a thin Pt layer. The results show that
the modification of diamond surface with IgG yields the ability to selec-
tively recognize and detect the corresponding anti IgG. The sensitivity of
the sensor is estimated to be ∼7 µg/ml of anti IgG [96].

Lu et al. [97] reported a newly developed DNA-modified diamond sur-
face that showed excellent chemical stability compared to modified gold and
silicon surfaces using similar chemical attachment under high temperature
(60◦C). Detection sensitivity was improved by a factor of ∼100 by replacing
the DNA-modified gold surface with a more stable DNA-modified diamond
surface. Experiments by Remes et al. [98] demonstrated the aminofunc-
tionalization of NCD diamond surface in RF plasma of vaporized silane
coupling agent n-(6-aminohexyl) aminopropyl trimethoxysilane. NCD films
were grown on low alkaline glass substrates at lower temperatures below
700◦C. Surface functionalization was performed for times ranging from 3
to 180min in two RF reactors with a standard excitation frequency of
13.56 MHz. It was found that low temperature and low RF plasma power
were two key factors in successfully functionalizing the NCD film. Uniform
coverage with a high density of the primary amines have been achieved.
Adsorption and immobilization of cytochrome C on nanodiamonds have
been achieved by Huang and Chang [99]. The immobilization started with
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carboxylation/oxidization of diamonds with strong acids, followed by coat-
ing the surfaces with poly-L-lysine (PL) for covalent attachment of proteins
using heterobifunctional cross-linkers. The functionalization was proved
with fluorescent labeling of the PL-coated diamonds by Alexa Fluor 488
and subsequent detection of the emission using a confocal fluorescence
microscope.

3.4. Field Emission Devices

Metal field emission diode and triode are the first developed field emission
devices [100–102]. However, these field emission devices have limited appli-
cations because of their high work functions and high turn-on electrics.
Furthermore, impurity adsorption on metal surfaces leads to instable cur-
rent and high turn-on voltage. Several approaches have been proposed,
such as Si and W emitters, although no significant improvement has been
achieved [103–105]. With the discovery of diamond negative electron affin-
ity (NEA) surfaces, diamond and related materials have attracted extensive
investigation of their electron field emission properties [54]. NEA means
that electrons can exit from conduction band edge into vacuum without
further energy barrier. A NEA occurs when the vacuum level lies below the
conduction band minimum at the semiconductor/vacuum interface. The
presence of a NEA for a semiconductor allows electrons in the conduction
band to be freely emitted into vacuum without a barrier. Experimental
results show that electron field emission from diamond or diamond-coated
surface yield large currents at low electric fields. The chemical inertness of
diamond allows diamond-based field emitters to work in a relatively low
vacuum compared to other materials. In addition, strong crystal structure
ensures the devices to be operated with long life. Furthermore, due to its
high electrical breakdown field and high thermal conductivity, diamond can
operate at high temperature or at high power. Thus, diamond emitters pos-
sess promising performances for potential applications, such as flat panel
displays or other field emission devices.

Wang et al. [106] were the first to report field emission from diamond
surfaces. Zhu et al. [107] demonstrated a correlation between the defect den-
sity present in undoped and p-type doped diamond films and the required
field for emission. It was proposed that defects in the film created sub-bands
just below the conduction band and facilitated the promotion of electrons
to the conduction band for subsequent emission. Although diamond has
negative electron affinity surface, it plays a minor role in enhancing the
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field emission in previous mentioned models for undoped or p-type doped
polycrystalline diamond films. All the electron emissions do not involve the
conduction band for these films [107]. However, n-type doping could solve
this problem. The electrons could be supplied to the diamond conduction
band via a low resistance ohmic contact and they would be emitted at
the NEA surfaces. From previous discussions, we know that n-type dop-
ing could be incorporated into nanocrystalline diamond films and made
n-type, which would result in a large number of researches on NCD-based
field devices.

Nitrogen has a high solubility in diamond and is found in both natural
and synthetic diamonds. Geis et al. [108] reported enhanced field emission
properties of nitrogen-doped single crystal doped diamond. Okano et al.
have reported threshold fields less than 1V/µm for nitrogen-doped dia-
mond films [109]. Zhou et al. [110] studied the field emission properties
of nanocrystalline diamond prepared from C60 precursors. Their results
showed that the field emission characteristics strongly depended on the
film’s microstructure which could be controlled by growth conditions. The
field emission properties were investigated by using a flat probe config-
uration apparatus shown in Fig. 3.22. A 1.8mm diameter stainless steel
electrode was used as an anode. The gap between the anode (probe) and
the cathode (diamond) was controlled by a computer system through a
stepping motor. The emission data were collected and the emission current

Fig. 3.22. Schematic diagram of the electron field emission test apparatus [110].
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was then plotted as a function of applied field at 0∼3000V at various
gaps. The measurements were performed at ultrahigh vacuum environment
at ∼10−8 Torr. NCD films were grown with Ar/C60 gas mixtures with
additions of 2, 5, 10% H2. It was found that emission properties improve
with successive hydrogen addition. They proposed that unlike single crystal
diamond, although electrons cannot be freely transported, nitrogen-doped
nanocrystalline diamond films contain sp2-bonded grain boundaries and
defects that may be sufficient to form a conduction channel to transport
electrons through the bulk to the surface. The microstructure analysis sug-
gested that film grown with 20% H2contained highest density of lattice
defects, providing an alternative mechanism of transporting electrons to
the surface and enhancing the electron emission at the surface under a low
field [110].

Krauss et al. [111] have investigated the field emission properties of
UNCD film coated Si tips. The NCD were grown by CH4-Ar plasma on
sharp single Si microtip emitters. Field emission results show that CND-
coated tips exhibit high emission current (60–100 µm/tip). The emission
turn-on voltage for diamond coated tips decreased dramatically compared
to uncoated Si tips. For uncoated Si tips, the threshold voltage was propor-
tional to the tip radius. For NCD-coated tips, the threshold voltage becomes
nearly independent of the diamond coating thickness, the tip radius and
the surface topography. A model which field emission occurs at the grain
boundaries of NCD has been proposed.

Subramanian et al. [112] have reported enhanced electron field emis-
sion properties of NCD tip array prepared from CH4/H2/N2 gas mixtures.
NCD films grown by this protocol have grain sizes as small as ∼5 nm. The
improved field emission behavior was attributed to their better geometrical
shapes, increased sp2-bonded carbon content and high electrical conductiv-
ity by incorporation of nitrogen impurity in the diamond. The NCD field
emission cathode array was fabricated by FIB nanomold transfer technique
[113]. The fabrication procedures are illustrated in Fig. 3.23. N -type sili-
con was nanomolded by high precision milling using a focused ion beam,
where a focused beam of gallium ions is used to form arrays of high-respect
ratio conical cavities of controlled diameter and depth. The mold can also
be created by anisotropic etching of Si with KOH solution although the
aspect ratio of this method is relatively low. NCD films were then deposited
with CH4/H2/N2 plasma on top of the mold followed by thick MCD layer
(∼ 30 µm) growth with conventional CH4/H2 plasma. A metal layer such
as Ti/Ni (1 µm) was deposited on diamond film followed by silicon etch-
ing using KOH solution to yield diamond nanotips with high aspect ratio.
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Fig. 3.23. Fabrication process of the nanodiamond vacuum field emission cathode by
the focused ion beam nanomold transfer technique [113].

Fig. 3.24. SEM micrographs of arrays of high aspect ratio diamond nanotips fabri-
cated using the FIB molds: (a) diamond nanotips with 1 µm space; (b) a single diamond
nanotip [113].
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Figure 3.24 shows the SEM micrographs of the nanotip array molds created
on a silicon substrate. The radius of curvature of the diamond nanotips is
about 25nm and the aspect ratio of the nanotips is found to be as high
as ∼120.

The effect of gases on the field emission properties of NCD films has been
studied by Hajra et al. [114]. A significant reduction of turn-on voltage and
an increase in the emission current has been observed with the exposure
of hydrogen. Tips exposed to Ar and N2 showed less emission current at
pressure ∼10−5 Torr while the current reached its original value after the
chamber was pumped down to 8 × 10−10 Torr.

The field emission properties of NCD nanotip array cathode has
been studied by Subramanian et al. [112]. The conductivity measurements
at NCD emitter tip surface showed low electrical resistance ∼2Ω. The
CH4/H2/N2 nanotips exhibit significantly enhanced field emission char-
acteristics compared to undoped NCD films grown by CH4/H2 method.
A low threshold electric field of 1.6V/µm and 10µA emission current
at ∼3.3V/µm has been obtained for CH4/H2/N2 film, whereas CH4/H2

tip has a high turn-on field of 14V/µm and 10µA emission current at
∼23V/µm. Figure 3.25 shows the I–J–E plot of the doped nanotips. A
high emission current of 19 mA at a low electric field of ∼6V/µm can be
observed from the plot. Note that the observed current is solely from field
emission phenomenon due to the linearity of the corresponding F–N plot

Fig. 3.25. I–J–E behavior of the CH4/H2/N2-nanodiamond microtip array cathode,
demonstrating ∼ 19mA/cm2 at ∼ 6V/µm, current density being ∼ 19mA/cm2; inset:
F–N plot with shallow slope [112].
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and the absence of reverse leakage. Current stability tests indicated that
over a time period of 30 min, nanotip showed stable emission current with
a fluctuation of ∼4%.

3.5. Other Applications of NCD Films

NCD films have recently attracted considerable interest with their out-
standing properties. In addition, NCD in an amorphous carbon matrix can
be realized where diamond and matrix could be combined to a nanocom-
posite coating with improved properties [115, 116]. The NCD/a-C films
were deposited by using a CH4/N2 gas mixture with a high methane con-
centration of 17%. The composite contains a mixture of sp2-bonded car-
bon (20–30%) and sp3-bonded carbon. 10% hydrogen was found inside the
film which is bonded to sp3-bonded carbon atom. Four point Hall mea-
surements showed the NCD/a-C film is p-type conducting (ρ = 0.14 Ωcm)
with a carrier concentration of p = 1.9 × 1017 cm−3 and a Hall mobility
of 250 cm2/Vs. This composite showed different electrical properties as
compared to the n-type NCD films grown from 1% CH4/N2/Ar plasma.
No growth mechanism has been proposed although high nitrogen content
within the film may play a role. The NCD/a-C film composite film showed
that good mechanical properties with hardness of 39.7GPa and Young’s
modulus of 387GPa. The tribological tests showed that the coefficient of
friction of the films is less than 0.1 after break-in period. The simulated
body fluid (SBF) test has shown that no hydroxyl apatite could be observed
after the film was exposed to the SBF, suggesting the NCD/a-C films are
bioinert.

Yang et al. [117] successfully deposited NCD films on quartz glass sub-
strate at a low temperature of 500◦C. An optimal transmittance of 65%
in the visible light range was achieved with coating thickness of 1.0µm.
The Viker’s hardness tests showed hardness of the film was between 61 and
95GPa. Thus, this NCD film could be used as a transparent protective
coating for optical components.

The outstanding tribological and mechanical properties make NCD film
a promising coating for cutting tools and inserts. Composites materials
and high silicon content aluminum alloys are extremely abrasive and corro-
sive which are difficult to be machined with conventional high speed steel
or tungsten carbide cutting tools. As a result, in order to machine these
kinds of materials, efficient and energy saving cutting tools are required
to reduce tool downtime, increase cutting productivity and improve the
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quality of the machined surface. Nanocrystalline diamond coating has been
developed to improve the performance of cemented carbide tools due to its
outstanding mechanical properties. Along with great wear resistance, the
advantages of NCD coating include high surface hardness, high thermal
conductivity, reduced friction, better corrosion protection, low coefficient
of friction and improved optical properties. Jian et al. [118] have developed
ultrafine diamond composite coatings on tungsten carbide. The mechanical
and tribological properties of the films have been studied. Low COF of the
film has been measured using pin on disk tests as 0.122, 0.143, 0165 for SiC
PRAMC, Cu-1, and Al-0 respectively.

Thermionic energy converters have been fabricated based on nitrogen-
doped NCD films by Koeck and coworkers [119, 120]. Thermionic energy
converters transfer thermal energy into more useful electrical energy. At
an elevated temperature, an electron emitter and a collector are separated
by a vacuum gap and a voltage is generated due to the temperature dif-
ference between the emitter and collector. The emission current density
J can be described in terms of the work function, the Richardson con-
stant A, the temperature and the Boltzmann constant. In order to obtain
high current, low work function materials such as tungsten and tungsten
impregnated with barium or thorium have been utilized earlier. However,
all the existing converters such as metallic electrodes require very high
temperatures, ∼1900K, to provide sufficient emission current. With the
unique negative electron affinity property of diamond surfaces, a low tem-
perature thermionic electron emitter could be achieved. The vacuum level
is located below the conduction band so that the electron could be dis-
charged from the solid due to the absence of a surface barrier for emission.
The NEA surface could be induced by exposing diamond film to hydro-
gen plasma. Koeck and Nemanich [119] demonstrated that thermionic elec-
tron emission has been observed for nitrogen-doped NCD films at tem-
peratures less than 900K with relatively low working function ranging
from 1.5–1.9 eV. Figure 3.26 shows that thermionic electron emission com-
mences at temperatures as low as ∼520K and increases with temperature.
The thermionic emission from boron-doped NCD films has been character-
ized by Robinson et al. [121]. Hydrogen- and nitrophenyl-terminated NCD
films have been produced and characterized. Surface termination plays an
important role for thermionic emission and it was found that the hydro-
genated sample has a more homogeneous work function. Lowest work func-
tions measured for the hydrogen- and nitrophenyl-terminated films were
3.95 and 3.88 eV, respectively. Sulfur-doped NCD films have been grown
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Fig. 3.26. Thermionic electron emission from a nitrogen-doped diamond film and fits
to the Richardson equation using three values of the Richardson constant, A [119].

and characterized at various emitter temperatures [122]. Electron emis-
sion from these films is non-uniform at room temperature. Enhanced field
emission with low work function ∼1.7 eV has been achieved at an elevated
temperature.

4. Conclusions

This chapter has reviewed the recent discovery of a new type of material
known as nanocrystalline diamond. Compared to conventional CVD dia-
mond growth from CH4/H2 plasma, the nanocrystalline diamond, rather
than of microcrystalline, is the result of new growth and nucleation mech-
anisms. The C2 dimmer, produced from carbon-containing noble plasmas,
is believed to be responsible for high secondary nucleation rates resulting
in small grains in the nanometer scale. By adjusting the hydrogen/noble
gas ratio, the continuous transition of diamond structure from micro- to
nanocrystalline has been achieved.

Extensive characterization studies have been carried out to ana-
lyze nanocrystalline diamond films. It has been demonstrated that
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nanocrystalline diamond films are nearly phase-pure diamond with π-
bonded carbon present in grain boundaries. The effects of the grain bound-
aries on the mechanical, electrical and electrochemical properties of dia-
mond are enormous, especially for nitrogen-doped films. The properties of
nitrogen-doped nanocrystalline diamond films as well as their prospective
applications have been the focus of a variety of research. In this chapter,
we have extensively characterized the nitrogen-doped films to investigate
the effect of doping on the bonding structures and the grain boundaries.
Although tremendous tasks remain to be undertaken in order to develop n-
type diamond films that have properties comparable to p-type boron-doped
ones, increased research activities in different fields based on nitrogen-doped
diamond films have already begun, including electrochemical electrodes,
field emission devices, and biomedical sensors. Some of the other applica-
tions of nanocrystalline diamond films, such as MEMS devices and con-
formal coatings, have also been reviewed. In summary, the nanocrystalline
diamond, with its unique properties, is a rapidly developing area for both
fundamental research as well as potential nanotechnological applications.
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1. Introduction

Nanocomposite coatings represent a new generation of materials. Nanocom-
posite films are composed of at least two separate phases with nanocrystalline
and/or amorphous structure. The nanocomposite materials, due to (1) very
small (≤10 nm) size of grains from which they are composed and (2) a sig-
nificant role of boundary regions surrounding individual grains, behave in a
different manner compared to that of the conventional materials with grains
greater than 100nm, and so they exhibit completely new properties. New
unique physical and functional properties of the nanocomposite films are a
main driving force stimulating a huge development of these materials [1–49].
This chapter reviews the state-of-the-art in the field of hard and superhard
nanocomposite films. At present, it is accepted that hard and superhard films
are films with hardness H ≥ 20 GPa and H ≥ 40GPa, respectively.

2. Present State of Knowledge

At present, it is known that

1. There are two groups of hard and superhard nanocomposites:
(i) nc-MeN/hard phase and (ii) nc-MeN/soft phase.

2. Nanocrystalline and/or X-ray amorphous films are created in transition
regions between (i) the crystalline phase and the amorphous phase,

281
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(ii) two crystalline phases and/or (iii) two different crystallographic ori-
entations of grains of the same material.

3. There are huge differences in the microstructure of single- and two-phase
films; here nc- denotes the nanocrystalline phase and Me = Ti, Zr, Ta,
Mo, W, Cr, Al, etc. are elements forming nitrides.

Using these findings a complete concept of nanocomposites with enhanced
hardness was developed [49]. This concept is based on the geometry
of nanostructured features, i.e. on the size of grains and the shape of
crystallites.

3. Enhanced Hardness

3.1. Origin of Enhanced Hardness

Main mechanisms responsible for the enhanced hardness H of hard films
are: (1) dislocation-dominated plastic deformation, (2) cohesion forces
between atoms, (3) nanostructure and (4) compressive macrostress σ gener-
ated in the film during its formation. The magnitude of material hardness
H depends on the deformation processes dominating in a given range of
the size d of grains, see Fig. 3.1. There is a critical value of the grain size
dc ≈ 10nm at which a maximum hardness Hmax can be achieved. A region
around Hmax corresponds to a continuous transition from the activity of

Fig. 3.1. Schematic illustration of material hardness H versus size d of grains.
Adapted from [45, 49].



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch05

Properties of Hard Nanocomposite Thin Films 283

intragranular processes at d > dc, dominated by the dislocation activity
and described by the Hall–Petch law (H ∼ d−1/2), to that of intergranular
processes at d < dc, dominated by a small-scale sliding in grain bound-
aries. The high macrostress σ in the film is detrimental and so it is usually
suppressed by proper control of the deposition parameters.

3.2. Formation of Nanocomposite Films

Nanocrystalline films are characterized by broad, low-intensity X-ray reflec-
tions. Such films are formed in the transition regions where the film struc-
ture (crystallinity) strongly changes. There are three groups of transitions:
(1) transition from the crystalline phase to the amorphous, (2) transition
between two phases of different materials and (3) transition between two
preferred orientations of grains of the same material, see Fig. 3.2.

3.3. Microstructure of Films Produced in Transition

Regions

3.3.1. Transition Region from Crystalline to Amorphous Phase

The transition from the crystalline phase to the amorphous occurs in the
case when the second element B added to the AN compound forms an
amorphous phase BxNy in the A1−xBxN film. The A1−xBxN films with
B ≈ B1 produced in the crystalline region (Fig. 3.2(a)) in front of the tran-
sition from the crystalline to the amorphous phase mostly exhibit a strong
preferred crystallographic orientation of grains. Such films have a colum-
nar microstructure and the columns perpendicular to the film/substrate

Fig. 3.2. Schematic illustration of three transition regions of A1−xBxN compounds.
(a) Transition region from crystalline to amorphous phase and (b) transition region
between two crystalline phases or two preferred crystallographic orientations of grains.
Reprinted from [45] with permission of Elsevier.
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Fig. 3.3. Schematic illustration of the columnar microstructure in the crystalline
A1−xBxN film. The amount of B element in A1−xBxN film is relatively low (<10 at.%).

interface are composed of small grains oriented in one crystallographic direc-
tion, see Fig. 3.3. As an example we can give Zr(Ni)Nx films analyzed in
detail in [50].

As the amount of B element in the A1−xBxN compound increases the
content of amorphous BxNy phase also increases. At first, the nanocompos-
ite with columnar microstructure (Fig. 3.3) is converted into an A1−xBxN
nanocomposite in which every A1−xN1−y nanograin is surrounded by a thin
(∼1–2ML) tissue BxNy phase (Fig. 3.4(a)); here ML is the monolayer. A
further increase of the content of a-BxNy phase results in the formation of
a nanocomposite in which the nanograins are embedded in the amorphous
BxNy matrix (Fig. 3.4(b)); a- denotes the amorphous phase. The separa-
tion distance w between the nanograins (Fig. 3.4(b)) increases and their
number decreases with increasing amount of B element in the film up to
the formation of a pure amorphous BN phase (Fig. 3.4(c)).

Nanograins surrounded     Nanograins   Amorphous phase
 with tissue phase  in  matrix 

Amount of 
2nd phase Low  High Very high

(a) (b) (c)

Fig. 3.4. Development of microstructure of films produced in the transition from crys-
talline to amorphous phase with increasing amount of B element in A1−xBxN film.
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Experiments show that both films with columnar microstructure and
those composed of nanograins surrounded by a tissue phase exhibit the
enhanced hardness H . To produce films with these microstructures only
a relatively low (≤10 at.%) amount of B element is sufficient. This is a
reason why the nanocomposites of the type nc-MeN/a-Si3N4 exhibit the
enhanced H only in the case when the amount of Si in the nanocomposite is
≤10 at.%.

3.3.2. Transition Between Two Preferred Crystallographic
Orientations of Grains or Two Crystalline Phases

The transition between two preferred crystallographic orientations of grains
or two crystalline phases can be easily formed in reactive magnetron sput-
tering of A(B)Nx and A1−xBxN nitrides. As an example, Fig. 3.5 dis-
plays the structure evolution of Ti(Fe)Nx films reactively sputtered from a
TiFe(90/10 at.%) target in Ar + N2 mixture with increasing partial pres-
sure of nitrogen, pN2. This figure clearly shows the transition region between
TiN(200) and TiN(220) preferred orientation of grains. Similar transitions
between two preferred orientations of grains have also been created in reac-
tive sputtering of other A(B)Nx films when the partial pressure of nitrogen,
pN2, increases [50]. If the magnetron discharge is sufficiently strong, two
transitions may be created; for details see the reference [51].

The films produced inside the transition region between the preferred
crystallographic orientations of grains exhibit an X-ray amorphous struc-
ture. This is a reason why the microstructure of A(B)Nx films produced
inside the transition region between two preferred crystallographic orienta-
tions of grains or two crystalline phases A(B)Nx and B(A)Ny , e.g. in the
system Ti1−xAlxN, is different from that of the nanocomposite films pro-
duced inside the transition from crystalline to amorphous phase. The films
formed inside the transition region between two preferred crystallographic
orientations of grains exhibit a dense globular microstructure and are com-
posed of a mixture of small grains of different crystallographic orientations.
Also, these films exhibit the enhanced H , see Fig. 3.5; more details are given
in [50, 51]. This means that a mixture of small grains of the same material
but different crystallographic orientation is another microstructure which
results in the enhanced hardness H of nanocomposite films. This finding
is of great importance because it can explain the enhanced hardness, H ,
in single phase composite films. Further experiments are, however, neces-
sary to be carried out to demonstrate the validity of the last statement.
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Fig. 3.5. Evolution of XRD patterns from the reactively sputtered Ti(Fe)Nx films with
increasing partial pressure of nitrogen, pN2.
Adapted from [51] with permission of Elsevier.

Particularly, a possibility of the segregation of element B from the nitride
of solid solution A(B)Nx must be investigated in detail.

On the contrary, the A(B)Nx films produced near edges (outside) of
the transition region between two preferred crystallographic orientations of
grains are characterized by strong X-ray reflections. Experiments show that
also these films exhibit columnar microstructure. Similarly as in the case of
the transition from crystalline to amorphous phase, these films with colum-
nar microstructure also exhibit the enhanced H . The existence of columnar
microstructure in the films with strong preferred crystallographic orien-
tation of grains was already demonstrated experimentally [50, 52–55]. A
schematic illustration of the microstructure of A(B)Nx films with enhanced
hardness, characterized by an X-ray amorphous structure (inside transition)
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columnar microstructure with globular microstructure with columnar microstructure with
(200) preferred orientation nanograins of different orientation (220) preferred orientation

of nanograins (X-ray amorphous structure) of nanograins 

(a) (b) (c)

Fig. 3.6. Microstructure of A(B)Nx film produced at edges [(a) and (c)] and inside (b)
transition region between two preferred crystallographic orientations of grains or two
crystalline phases.

and by a strong preferred crystallographic orientation (at edges and outside
transition), is given in Fig. 3.6.

3.3.3. FE-TEM of Cross-Section of Nanocomposite Films Based
on Nitrides

Many experiments performed to date have demonstrated that the nano-
structure of A(B)Nx nitride films strongly depends on the amount of the
second B element in the nanocomposite film. If the amount of B element is
lower than its solulibility limit a nitride of solid solution A(B)Nx is formed.
On the contrary, if the amount of B element exceeds its solulibility limit
the excess of B in the compound can segregate to grain boundaries and a
two-phase nanocomposite is formed.

Therefore, the microstructure of the nanocomposite film also depends
on the amount of B element incorporated in it. If B content is lower than its
solulibility limit a dense film is formed. On the contrary, if B content exceeds
its solulibility limit and further increases gradually cluster-like, plate-like
and columnar microstructures should be formed, see Fig. 3.7.

The development of the microstructure of A(B)Nx films with increas-
ing content of B element schematically shown in Fig. 3.7 has been observed
experimentally, see Fig. 3.8. This figure displays the evolution of the micro-
structure of Zr(Ni)Ny films reactively sputtered from ZrNi(90/10 at.%)
target in a mixture of Ar + N2 with increasing content of Ni. The obtained
experimental results are in a good agreement with the model schemati-
cally shown in Fig. 3.7. Selected area electron diffraction (SAED) patterns
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Fig. 3.7. Schematic illustration of microstructure evolution in A(B)Nx film with increas-
ing content of element B.

Fig. 3.8. Effect of Ni content on the microstructure of Zr(Ni)Ny films. (a) globular
microstructure at 2.9 at.% Ni, (b) plate-like microstructure at 3.4 at.% Ni and (c) colum-
nar microstructure at 4.4 at.% Ni.
Adapted from [50].

from these Zr(Ni)Ny films clearly show how the film microstructure influ-
ences the crystallographic orientation of its grains. A random orientation
of nanograins observed in the films with cluster-like microstructure changes
relatively rapidly into a preferred crystallographic orientation of grains in
the films with columnar microstructure with increasing Ni content. For
more details on the microstructure of Zr(Ni)Ny films see [50].
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Zr(N)Nx films with globular microstructure were produced inside the
transition between two preferred crystallographic orientations of grains and
exhibit enhanced hardness H ≈ 29GPa [50].

3.4. Microstructure of Nanocomposites with Enhanced

Hardness

Nanocomposites with enhanced H can exhibit different nanostructures.
The analysis given above shows that there are at least three types of
microstructure which results in the enhanced H of nanocomposite films: (1)
columnar, (2) nanograins surrounded by very thin (∼1–2ML) tissue phase
and (3) mixture of nanograins of different crystallographic orientation, see
Fig. 3.9; here ML is the monolayer. According to the film nanostructure,
the nanocomposites with enhanced H can be divided into three groups:

1. The nanocomposites with a columnar nanostructure composed of the
grains assembled in nanocolumns; there is insufficient amount of the
second (tissue) phase to cover all grains, Fig. 3.9(a).

2. The nanocomposites with a dense globular nanostructure composed of
nanograins fully surrounded by tissue phase, Fig. 3.9(b).

3. The nanocomposites with a dense globular nanostructure composed of
nanograins of different materials (two-phase materials) or nanograins
of different crystallographic orientations and/or lattice structure of the
same material (single-phase materials), Fig. 3.9(c).

(a) (b) (c)

Fig. 3.9. Schematic illustration of different nanostructures of nanocomposites with
enhanced H. (a) columnar, (b) nanograins surrounded by tissue phase and (c) mix-
ture of nanograins.
Reprinted from [45], with permission of Springer Science and Business Media.
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Columns in the film are perpendicular to the substrate/film interface.
The nanocomposites produced at crystalline edges of the transitions
(Figs. 3.2(a) and (b)) also exhibit the columnar nanostructure. The
nanocomposites composed of nanograins fully surrounded by tissue phase
are formed inside the transition from the crystalline to amorphous
(Fig. 3.2(a)). The nanocomposites composed of a mixture of small
nanograins of different material or nanograins of different crystallographic
orientation and/or lattice structure of the same material are formed inside
between two crystalline phases or two preferred crystallographic orienta-
tions of grains.

The classification given above was already confirmed experimentally, for
instance, see Fig. 3.8. It demonstrates that the origin of the enhanced H is
closely connected with the size and shape of the building blocks from which
the nanocomposite is composed. Based on this finding we can conclude that
both the geometry of building blocks and dimensions of grains are the key
factors which determine the new unique properties of nanocomposite films.

A very important issue is the finding that the enhanced hardness can
include films which are composed of a mixture of nanograins of the same
material but of different crystallographic orientations and/or different lat-
tice structures, Fig. 3.9(c). This nanostructure explains the enhanced hard-
ness of single-phase materials. The films with columnar nanostructure or
those composed of nanograins surrounded by tissue phase are two-phase
materials.

3.5. New Advanced Materials Composed of Nanocolumns

Many recent experiments clearly show that the materials composed of
nanocolumns perpendicular to the film/substrate interface exhibit not only
strongly anisotropic properties but also new unique properties. As an exam-
ple, we can introduce the enhancement of (1) the strength of materials or
(2) the photocalytic acitivity of materials due to the reduction of unwanted
electron scattering and recombination in more ordered columnar structures.
These effects are main reasons why the materials composed of nanocolumns
are expected to be new advanced materials in the very near future and why
they have been started to be intensively investigated in many labs.

Materials with nanocolumnar structure can be easily formed by reac-
tive magnetron sputtering. For instance, A(B)Nx nitride solutions with low
(≤10 at.%) content of added B element, e.g. Ti(Fe)Nx, exhibit nanocolum-
nar structure. Moreover, low (≤10 at.%) content of the added element B
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should decrease the melting point Tm of A(B)Nx compounds, i.e. the ratio
Ts/Tm will increase and consequently the macrostress σ generated in the
film during its growth will decrease due to the thermal recovery [49]; here
Ts is the substrate temperature during film deposition. This is another
advantage of these new materials which may realize new applications.

Here, it is worthwhile to note that also materials composed of nanotubes
belong to this new class of advanced materials. These materials offer further
unique properties.

4. Mechanical Properties of Nanocomposite Coatings

Mechanical properties of nanocomposite coatings are well characterized by
their hardness, Hf , effective Young’s modulus E∗

f = Ef/(1−ν2
f) and elastic

recovery We; here Ef is the Young’s modulus and νf is the Poisson’s ratio.
These quantities can be evaluated from loading/unloading curves measured
by a microhardness tester. Measured values of Hf and E∗

f permit to calcu-
late the ratio H3

f/E∗2
f which is proportional to the resistance of the material

to plastic deformation [56]. The likelihood of plastic deformation is reduced
in the materials with high hardness and low Young’s modulus E∗

f . In gen-
eral, a low Young’s modulus Ef is desirable as it allows the given load to be
distributed over a wider area. All data given in this chapter were measured
in our labs using a microhardness tester Fischerscope H 100.

The dependencies Hf = f(E∗
f ), H3

f/E∗2
f = f(Hf ) and We = f(Hf )

are basic relations between mechanical properties of thin films [19, 34, 57]
because they determine the mechanical behavior of thin films. For selected
oxides, carbides and nitrides these dependences are displayed in Fig. 4.1.

As can be seen from Fig. 4.1(a) the dependence Hf = f(E∗
f ) can be

approximated by a straight line

Hf [GPa] = 0.15E∗
f [GPa] − 12. (4.1)

Similarly, the dependence H3
f/E∗2

f = f(Hf ) given in Fig. 4.1(b) can be
approximated by a parabola:

H3
f/E∗2

f = 4.3 × 10−4H2
f . (4.2)

Experimental points are quite well distributed along the lines defined by
Eqs. (4.1) and (4.2). This finding seems to be of a fundamental impor-
tance for the prediction of mechanical behavior of the coating. At first, we
see that in all materials displayed in Fig. 4.1 there is a strong relation-
ship between Hf and E∗

f . Hf almost linearly increases with increasing E∗
f

(Fig. 4.1(a)). The scatter of experimental points around the straight line
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Fig. 4.1. The relationships between (a) Hf and E∗
f and (b) the ratio H3

f/E∗2
f and

H∗
f for selected oxides, carbides and nitrides prepared by magnetron sputtering under

different deposition conditions.
Reprinted from [58], with permission of Elsevier.

may be of different origin and needs a detailed investigation which is out
of the scope of this article. At second, Fig. 4.1 shows that it is possible
to control the mechanical behavior of the film, e.g. its resistance to plastic
deformation characterized by the ratio H3

f/E∗2
f , because the material hard-

ness Hf is not exactly (1/10) E∗
f but Hf ≤ (1/10)E∗

f for E∗
f ≤ 240GPa

and Hf ≥ (1/10)E∗
f for E∗

f > 240GPa. This fact indicates that the general
relationships between Hf , E∗

f and H3
f/E∗2

f defined by Eqs. (4.1) and (4.2)
could be used to predict the relation between the cracking of film and its
toughness. More details are given below in Sec. 6.

Another important characteristic of the material is its plastic deforma-
tion. The plastic deformation Wp of different films as a function of their
hardness Hf and the ratio H3

f/E∗2
f , i.e. Wp = f(Hf ) and Wp = f(H3

f/E∗2
f )

is given in Fig. 4.2. As expected Wp decreases with increasing both Hf and
H3

f/E∗2
f . The dependence of Wp versus H3

f/E∗2
f exhibits a smaller scatter of

experimental points. This is due to the fact that the ratio H3
f/E∗2

f already
expresses the combined action of Hf and E∗

f of films on their mechanical
behavior. The hard films with Hf ≥ 25GPa exhibit relatively low plastic
deformation of approximately 30%.

In summary, it is necessary to note that the mechanical properties of
the nanocomposite coating strongly depend on (1) elements which form
individual phases, (2) kind and relative content of phases, (3) chemical
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Fig. 4.2. Plastic deformation (a) Wp = f(Hf ) and (b) Wp = f(H3
f /E∗2

f ) of selected
oxides, carbides and nitrides prepared by magnetron sputtering under different deposition
conditions.

interaction between phases and (4) its microstructure. For details see, for
instance [19, 34, 57].

5. High Temperature Behavior of Hard Nanocomposites

5.1. Thermal Stability of Film Properties

As was already mentioned above, unique properties of the nanocompos-
ite films are due to their nanostructure. The nanostructure is, however,
a metastable phase. This means, if the temperature under which the film
is operated achieves or exceeds the crystallization temperature, Tcr, the
material of the film starts to crystallize. It results in a destruction of its
nanostructure and in the formation of new crystalline phases. This is the
reason why the nanocomposite films lose their unique properties at tem-
peratures T > Tcr. Simply said, the crystallization temperature Tcr, at
which the nanostructure of nanocomposite film is destroyed and new crys-
talline phases occur, determines the thermal stability of the nanocomposite
material. The crystallization temperature, Tcr, of the hard nanocomposite
films so far produced is lower than 1000◦C. However, it is insufficient, for
instance, for high speed cutting. Many other applications also require Tcr

to be higher than 1000◦C. Therefore now, it is vitally important to develop
new hard nanocomposite materials which will be thermally stable against
crystallization and oxidation at operating temperatures, T , considerably
exceeding 1000◦C.

High thermal stability and high-temperature (high-T ) oxidation resis-
tance are very desirable properties of the hard nanocomposite coatings.
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These properties strongly depend on the phase composition and thermal
stability of individual phases of which the coating is composed. There-
fore, it is not surprising that in the development of hard coatings with
high-T oxidation resistance their phase composition has been varied from
TiC (∼400◦C) [59] through TiN (∼650◦C) to (Ti, Al)N (∼850◦C) [60] and
recently also to (Ti, Al, Y)N [61] and Me–Si–N nanocomposites with a
low (≤10 at.%) Si content (∼950◦C) [62]; here Me = Ti, Zr, Cr, W, Ta,
Mo, Nb, etc. A common feature of all these coatings is their polycrystalline
structure. These coatings are composed of grains surrounded by boundaries
directly connecting their surfaces, exposed to an external oxidizing atmo-
sphere, with the substrates. Mainly this fact is responsible for a relatively
low (less than 1000◦C) oxidation resistance of the hard protective coatings.

5.2. Si3N4/MeNx Composites with High (≥ 50 vol.%)

of a-Si3N4 Phase

In principle, there is only one efficient way to increase the oxidation resis-
tance of hard coatings. It is based on the suppression of coating crystalliza-
tion, i.e. on the elimination of grains, and so on the removal of a continuous
connection between the coating surface and the substrate along the grains
through boundaries surrounding them. This means that the hard coating
with high-T oxidation resistance should be amorphous, see Fig. 5.1.

Fig. 5.1. Schematic illustration of the contact between external atmosphere and sub-
strate through the protective film.
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Recently, it was shown that a new family of Si3N4/MeNx composites
with a high (≥50 vol.%) content of a-Si3N4 phase can fulfil this require-
ment; a- denotes the amorphous phase [63–70]. These composite coat-
ings are amorphous and some of them exhibit two unique properties (1)
excellent oxidation resistance considerably exceeding 1000◦C and (2) the
high hardness ranging from 20 to 40GPa. Unique properties of these new
hard amorphous composites can lead to new applications not mastered
so far.

The structure, microstructure, surface morphology, mechanical proper-
ties and high-T oxidation resistance of the a-Si3N4/MeNx composites with
high (≥50vol.%) content of a-Si3N4 phase are analyzed in detail below. Spe-
cial attention is devoted to the effect of (1) the amount of a-Si3N4 phase in
the composite, (2) the thermal decomposition of the MeNx nitride phase,
(3) the interdiffusion of elements from the substrate into the coating and
(4) the elemental composition of the annealing atmosphere on the oxidation
resistance of hard Si3N4 based amorphous composites. Examples of hard
Si3N4 based amorphous composite coatings deposited on Si substrates with
high-T oxidation resistance (no increase in mass ∆m = 0 in oxidation test)
achieving up to 1300◦C are given below.

5.2.1. Film Preparation and Measurement of Their Oxidation
Resistance

The Si3N4/MeNx composite films were reactively sputtered with an unbal-
anced DC magnetron equipped with an alloyed MeSi2 target of diameter
100mm in a mixture of Ar + N2; here Me = Ta, Zr, Mo, W. Films were
deposited under the following conditions: discharge current Id = 1 and
2 A, substrate bias, Us, ranging from Ufl to −500V, substrate ion current
density, is, ranging from 0.5 to 1 mA/cm2, substrate temperature, Ts, rang-
ing from 100 to 750◦C, substrate-to-target distance ds−t = 50 and 60mm,
partial pressure of nitrogen, pN2, ranging from 0 to 0.7Pa and total pres-
sure pT = pAr + pN2 = 0.5 and 0.7Pa. Films were sputtered on polished
15330 CSN steel substrates (disk Ø25mm, 5mm thick) and Si(100) wafers
(20 × 7 × 0.42mm3). Typical thickness, h, of the Si3N4/MeNx composite
films ranged from 3000 to 5000nm.

The high-temperature oxidation resistance of films was measured in pure
air with a flow rate of 1 l/h using a symmetrical high resolution Setaram
thermogravimetric system TAG 2400. The heating rate was 10◦C/min and
heating temperature ranged from room temperature (RT) to (1) 1300◦C for
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Si substrate (temperature limit for Si substrate) and (2) 1700◦C for sapphire
substrate. Changes in the weight of measured sample caused during the oxi-
dation test by the oxidation of Si or Al2O3 substrate were eliminated. More
details on deposition conditions, sputtering process and characterization of
sputtered Si3N4/MeNx composite films are given in the following papers:
Si3N4/TaNx [63], Si3N4/ZrNx [64], Si3N4/MoNx [65] and Si3N4/WNx[66].

5.2.2. Elemental and Phase Composition

Based on the fact that the Si3N4 phase should be formed preferentially due
to (1) a higher affinity of N to Si (∆Hf Si3N4 = −745kJ/mol, ∆Hf ZrN =
−365kJ/mol [71]) and (2) lower affinity of Si to Me (e.g. ∆Hf ZrSi2 =
−159kJ/mol [72]), we assume that only the number of N atoms exceeding
that necessary to form the Si3N4 phase will be joined with Me atoms and
will form the MeNx phase [73]. On the contrary, in the case when the
amount of N is not sufficient to form Si3N4 with all Si atoms a MeSix phase
is formed. This assumption enables us to convert the elemental composition
of the film into its phase composition.

As an example, Fig. 5.2 illustrates the conversion of the elemental com-
position (Fig. 5.2(a)) of the film into its phase composition (Fig. 5.2(b))
for Zr–Si–N films. The Zr–Si–N films were reactively sputtered from a
ZrSi2 target using a DC unbalanced magnetron under the following depo-
sition conditions: magnetron discharge current Id = 1 A, substrate bias

Fig. 5.2. Conversion of the elemental composition of Zr–Si–N films into the phase com-
position based on known values of heat of formation ∆Hf of individual compounds.
Reprinted from [64] with permission of Elsevier.
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Us = −100V, substrate ion current density is = 1mA/cm2, substrate tem-
perature Ts = 500◦C, partial pressure of nitrogen, pN2, ranging from 0 to
0.5Pa, substrate-to-target distance ds−t = 50mm and total sputtering gas
pressure pT = pAr + pN2 = 0.7Pa. As can be seen from Fig. 5.2(b), the
phase composition of Zr–Si–N film gradually varies from ZrSi2 through a-
Si3N4 +(Zr, Si) to a-Si3N4 +ZrNx<1 and next to a-Si3N4 +ZrNx>1. Here, it
is necessary to note that the phase composition of the Zr–Si–N film strongly
depends on the combination of process parameters (Id, Us, is, Ts, pN2, pT,
ds−t) under which the film is produced. More details are given in [64].

The correctness of conversion of the elemental composition into the
phase composition was verified by measurement of the structure evolution
of the Zr–Si–N films using X-ray diffraction. The development of XRD
patterns from the Zr–Si–N films with increasing pN2 is displayed in Fig. 5.3.
In this figure, values of the film microhardness H and the ratio N/Si are
also given. Under the assumption that at first the Si3N4 phase is formed,
all sputtered films with N/Si ≥ 1.33 contain a stoichiometric Si3N4 nitride
with N/Si = 1.33. From this experiment the following important issues can
be drawn

1. The ZrSi2 films sputtered at pN2 = 0 Pa and Zr–Si–N films sputtered
at pN2 ≤ 0.03Pa are crystalline and characterized with a strong (200)
reflection (pN2 = 0Pa) and many weak, low-intensity (111), (131), (081)
and (280) reflections (pN2 ≤ 0.03Pa) from ZrSi2 grains; the intensity of
(200) reflection decreases with increasing ratio N/Si.

2. The films sputtered at pN2 > 0.03Pa are X-ray amorphous and are char-
acterized by one very broad, low-intensity reflection line with a maximum
located at 2θ ≈ 37.5◦.

3. The amorphous structure of Zr–Si–N films is created in consequence of
a very efficient formation of a-Si3N4 phase.

4. The transition from the crystalline to amorphous phase is caused by a
strong increase of the amount of N incorporated into the Zr–Si–N film
and by the formation of large (≥50 vol.%) amount of Si3N4 phase.

5. The microhardness H of amorphous Zr–Si–N films is high and only
slightly increases with increasing pN2 from approximately 30GPa at
pN2 = 0.1Pa to 35GPa at pN2 = 0.5Pa.

Based on measurements of the evolution of XRD patterns from the Zr–
Si–N films with increasing pN2 (Fig. 5.3) we can conclude that the phase
composition of the Zr–Si–N film changes from crystalline ZrSi2 through
a-Si3N4 + ZrSi2 to a-Si3N4 + ZrNx phase with increasing pN2. Similar
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Fig. 5.3. Development of structure of Zr–Si–N films sputtered at Id = 1 A, Us =
−100 V, is = 1mA/cm2, Ts = 500◦C, ds−t = 50mm, pT = 0.7Pa on steel substrates
with increasing pN2.

evolution of the XRD patterns from the Me–Si–N films with increasing
pN2 was found also for the films with Me = Ta, Mo, W and Ti.

The physical properties and thermal stability of Zr–Si–N film depend
on its phase composition. For instance, the Zr–Si–N films deposited at
pN2 ≤ 0.1Pa and pN2 > 0.1Pa strongly differ in the electrical conductivity
and the optical transparency. While the films sputtered at pN2 ≤ 0.1 Pa
are electrically conductive and optically opaque, those sputtered at pN2 >

0.1Pa are electrically insulating and optically transparent. This difference
in the film properties correlates well with strong changes in its phase compo-
sition with increasing pN2. The Zr–Si–N films sputtered at pN2 ≤ 0.1Pa are
composed of three a-Si3N4 + ZrNx<1 ≡ a-Si3N4 + Zr+ ZrN phases. Free Zr
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atoms are responsible for the electrical conductivity and nontransparency
(opaqueness) of these films. As soon as a sufficient amount of N is avail-
able, i.e. at pN2 > 0.1Pa, all Si atoms are converted into the Si3N4 phase
and the nanocomposite is composed of two a-Si3N4 +ZrNx>1 phases. These
films are (1) amorphous as shown in the XRD patterns given in Fig. 5.3,
(2) optically transparent and (3) electrically insulating.

5.3. Thermal Stability of Amorphous Me–Si–N

Nanocomposites

The thermal stability of amorphous films is determined by its crystalliza-
tion temperature, Tcr. Tcr depends on three factors: (1) the thermal stability
of individual components (phases) from which Me–Si–N film is composed,
(2) the elemental composition of annealing atmosphere and (3) the interdif-
fusion of the substrate elements into the film during annealing. The effect
of these three factors on the film crystallization is further illustrated on
an example of the crystallization of Zr–Si–N films during their thermal
annealing performed under different conditions.

5.4. Crystallization of Amorphous Zr–Si–N Films During

Post-Deposition Thermal Annealing

5.4.1. Crystallization of Amorphous Zr–Si–N Film on Si(100)
Substrate

A. Thermal Annealing in Vacuum

The thermal annealing of as-deposited amorphous Zr–Si–N films was inves-
tigated in vacuum at selected annealing temperatures Ta for 30 minutes.
The annealing temperature Ta was gradually increased in 200◦C steps from
500 to 700◦C and in steps 50◦C from 800 to 1150◦C. After each annealing
cycle the film structure was investigated by means of XRD measurements.
Results of this investigation are summarized in Fig. 5.4 and Table 5.1.

Figure 5.4 clearly shows that changes in the structure of a-Zr–Si–N film
strongly depend on their phase composition in as-deposited state. The phase
composition of as-deposited films, determined on the basis of known values
of the heat of formation of compounds from which the film is composed, i.e.
on ∆Hf Si3N4 = −743kJ/mol, ∆Hf ZrN = −365kJ/mol, and ∆Hf ZrSi2 =
−159kJ/mol [71, 72], is given in Table 5.1.

Differences in properties of both films can be briefly described as follows.
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Fig. 5.4. Evolution of the structure of two as-deposited amorphous Zr–Si–N films, mag-
netron sputtered at Id = 1 A, Us = −100 V, is = 1mA/cm2, Ts = 500◦C, pT = 0.7Pa
and (a) pN2 = 0.1 and (b) 0.4Pa, during thermal annealing in vacuum with increasing
annealing temperature Ta at heating rate 10 K/min and cooling rate 30 K/min [69].

Table 5.1. Crystallization temperature Tcr and phase composition of amorphous
Zr–Si–N films sputtered on Si(100) substrate.

Film Zr18Si25N57 Zr15Si24N61

Phase composition
of as-deposited film a-Si3N4 + ZrNx=1.3 a-Si3N4 + ZrNx=1.9

Tcr1[◦C] 850 ∼1050
First c-phase Zr5Si3 ZrSi2
Tcr2[◦C] 1000 1100
Next c-phases ZrN + ZrSi2 ZrSi2 + ZrO2

Tcr3[◦C] 1150 1150
Next c-phases ZrN + Si3N4 + ZrO2 + ZrSi2 ZrSi2 + ZrO2 + Si3N4+ZrN

c- is the crystalline phase, Tcr1, Tcr2 and Tcr3 are the crystallization temperature of the
first phase and next phases, respectively.

Zr18Si25N57/Si(100) System

The Zr18Si25N57 film is electrically conductive and optically opaque. In spite
of these facts, it exhibits an X-ray amorphous structure up to approximately
800◦C. During thermal annealing in vacuum the following crystalline phases
occur: (1) Zr5Si3 at Ta ≈ 850◦C, (2) ZrN+ZrSi2 at Ta ≈ 1000◦C, (3) ZrN+
Si3N4 + ZrO2 + ZrSi2 at Ta ≈ 1100◦C, see Fig. 5.4(a). It is worthwhile to
note that the reflections from some phases decrease with increasing Ta.
The reflection from Zr5Si3 grains almost disappear at Ta ≈ 950◦C. The
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Zr5Si3 phase is probably converted into ZrSi2 phase at Ta ≈ 1000◦C in
consequence of the enrichment of the film with Si from the Si(100) substrate.
On the contrary, the reflections from the ZrN phase are strongly reduced
at Ta ≈ 1150◦C. This may be due to the decomposition of or desorption
of N from the ZrN phase which can result in the formation of a new ZrO2

phase, see increasing of ZrO2 reflections with increasing Ta. The increase
of ZrSi2 reflection is probably connected with an enhanced interdiffusion of
Si from the substrate into the film as Ta increases.

Zr15Si24N61/Si(100) System

The Zr15Si24N61 film with a strongly overstoichiometric ZrNx=1.9 phase is
electrically insulating and optically transparent as well. It exhibits even
higher thermal stability, almost up to 1050◦C, compared with Zr18Si25N57

film. During thermal annealing in vacuum the following crystalline phases
occur: (1) ZrSi2 at Ta ≈ 1050◦C, (2) ZrSi2 + ZrO2 at Ta ≈ 1100◦C and
(3) ZrSi2 + ZrO2 + Si3N4 + ZrN at Ta ≈ 1150◦C, see Fig. 5.4(b). This
investigation shows that the crystallization of the ZrNx>1 phase at Ta ≈
1150◦C is very weak and is accompanied also with very weak crystallization
of the Si3N4 phase. Free Zr created after ZrN decomposition is converted
into the ZrO2 phase.

This experiment clearly shows that the thermal stability of Zr–Si–N film
increases with increasing content of N incorporated in the film and is max-
imum when the overstoichiometric metal nitride MeNx>1 is formed. It can
be expected that the thermal stability achieves a maximum value when the
columnar microstructure of the film is fully eliminated, i.e. nanocrystalline
structure of the film is converted into amorphous one. This hypothesis,
however, needs to be demonstrated in next experiments.

B. Thermal Annealing of Zr–Si–N Film with Overstoichiometric ZrNx>1

Phase in Flowing Argon

Thermal annealing of the Zr–Si–N films in flowing argon and vacuum
strongly differ. A comparison of experiments performed in the vacuum and
flowing argon clearly shows a strong effect of the elemental composition of
annealing atmosphere on the film crystallization. It is worthwhile to note
that already a small amount of O2 in the annealing atmosphere strongly
affects the crystallization process. This fact demonstrates the comparison of
the structure of Zr15Si25N60 film annealed in vacuum (10−2 Pa) and argon
(atmospheric pressure) at Ta = 1100◦C for 30min, see Fig. 5.5.
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Fig. 5.5. Structure of optically transparent and electrically insulating as-deposited
amorphous Zr15Si23N60 film sputtered on Si(100) substrate after its annealing in
(a) vacuum and (b) argon at Ta = 1100◦C for 30min.

From Fig. 5.5 it is clearly seen that while the film annealed in the vacuum
is well crystallized at Ta = 1100◦C (Fig. 5.5(a)), the film annealed at the
same temperature Ta in argon exhibits only a very weak crystallization of
ZrSi2 and Si3N4 grains from amorphous phase (Fig. 5.5(b)). Particularly,
ZrSi2, Si3N4 and ZrO2 reflections are quite strong when the film is annealed
in vacuum. This means that even a very small amount of O2 contained in the
residual atmosphere (vacuum of 10−2 Pa) is sufficient to influence strongly
the crystallization of amorphous material.

C. Thermal Annealing of Zr–Si–N Film with Almost Stoichiometric ZrNx≈1

Phase in Flowing Air

The thermal annealing of the electrically conductive and optically opaque
as-deposited amorphous Zr–Si–N film with almost stoichiometric ZrNx≈1

phase at Ta = 1300◦C in both the flowing air and argon results in its strong
crystallization, see Fig. 5.6. In spite of strong crystallization in both atmo-
spheres there are, however, huge differences in crystalline phases created
during annealing. The film annealed in Ar exhibits strong reflections from
ZrN and ZrSi2 grains and small reflections from Si3N4 grains. It shows that
the film annealed in Ar is composed of many ZrSi2 grains of different crys-
tallographic orientations but contains no ZrO2 grains (no ZrO2 reflections).
On the contrary, in the film annealed in air the crystallization of ZrN and
Si3N4 phases is strongly suppressed and ZrSi2, ZrSiO4, ZrO2 reflections
dominates. This indicates that the reaction of O2 with the film is very
strong. The oxidation process is now under detailed study in our labs. The
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Fig. 5.6. Structure of electrically conductive and optically opaque as-deposited amor-
phous Zr18Si25N57 films sputtered on Si(100) substrate after its annealing in flowing
(a) air and (b) argon at Ta = 1100◦C for 30 min.

slowdown of the crystallization of Si3N4 phase during thermal annealing in
air seems to be an interesting finding.

In summary we can conclude that the stoichiometry, x, of MeNx nitride
phase in Si3N4-based composites is a very important parameter that deter-
mines the crystallization of Me–Si–N films. The amorphous Zr–Si–N films
with a strongly overstoichiometric ZrNx�1 phase are more resistant to crys-
tallization during thermal annealing compared to Zr–Si–N films with nearly
stoichiometric (ZrNx≈1) or even substoichiometric (ZrNx≤1) phase. This
fact is demonstrated by the following experiments in which the film was
separated from the substrate and the interdiffusion of the substrate ele-
ments into the film during thermal annealing is excluded.

5.4.2. Crystallization of Amorphous Zr–Si–N Films Separated
from Substrate in Flowing Argon

Changes in the film structure during thermal annealing can also be strongly
influenced by the interdiffusion of substrate elements into the film. To avoid
this undesirable effect, the Zr–Si–N film was separated from the substrate
prior to thermal annealing and then only the film material was investigated
using differential scanning calorimetry (DSC). The crystallization temper-
ature Tcr is determined from the exothermic peaks (increase in heat flow)
created on the DSC curve. This procedure completely excludes the influ-
ence of the substrate elements on the evolution of the Zr–Si–N film structure
with increasing annealing temperature Ta.

As shown above the crystallization of as-deposited amorphous Zr–Si–N
film which is composed of two phases Si3N4 + ZrNx strongly depends on
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the stoichiometry x = N/Zr of ZrNx phase. The Zr–Si–N film containing
understoichiometric ZrNx≤1 phase should crystallize at a lower value of Ta

compared to that containing overstoichiometric ZrNx>1 phase. To confirm
the correctness of this statement the crystallization of two as-deposited
amorphous Zr–Si–N films were investigated in detail. The elemental and
phase composition of these two films are summarized in Table 5.2.

Results of annealing experiments are given in Figs. 5.7 and 5.8.
Figure 5.7 displays the DSC measurements and Fig. 5.8 displays the evolu-
tion of XRD patterns from Zr–Si–N films with increasing Ta. From Fig. 5.7
it is clearly seen that while the Si3N4 + ZrNx≈0.8 composite film crys-
tallizes at a relatively low temperature Tcr ≈ 1130◦C (Fig. 5.7(a)), the
Si3N4 + ZrNx≈1.2 composite film crystallizes at much higher temperature
Tcr ≈ 1530◦C (Fig. 5.7(b)). Lower value of Tcr for the Si3N4 + ZrNx≈0.8 is

Table 5.2. Elemental and phase composition of two Zr–Si–N films used in DSC
measurements.

N for Si3N4 N for Zr Phase
Film Zr Si N at.% NSi3N4 ∆N ∆N/Zr composition Tcr [◦C]

Zr18Si29N53 18 29 53 38.7 14 0.8 Si3N4 + ZrN0.8 1130
Zr16Si28N56 16 28 56 37 19 1.2 Si3N4 + ZrN1.2 1530

∆N/Zr = x is the stoichiometry of ZrNx phase.

Fig. 5.7. DSC curves of as-deposited amorphous Zr–Si–N films containing (a) understo-
ichiometric ZrNx≤1 and (b) overstoichiometric ZrNx>1 phase. Thermal annealing was
carried out in flowing argon at atmospheric pressure with heating rate 10K/min.
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Fig. 5.8. Development of XRD patterns from as-deposited amorphous Zr–Si–N films
containing (a) understoichiometric ZrNx≤1 and (b) overstoichiometric ZrNx>1 phase.

due to the fact that ZrNx<1 is Zr-rich compound, composed of a mixture
of ZrN + Zr, and free Zr atoms easily form new compounds.

XRD patterns from thermally annealed Zr–Si–N films fully confirm the
DSC measurements. Besides, the XRD measurements show clear differences
in the crystallization of the Zr–Si–N films with understoichiometric (x =
N/Zr < 1) and overstoichiometric (x > 1) ZrNx phase. The formation of
ZrN grains is shifted to higher values of Ta of at least 1450◦C for the Zr–
Si–N film with overstoichiometric ZrNx>1 phase compared to the Zr–Si–N
film with substoichiometric ZrNx<1 phase. Moreover, it is worthwhile to
note that the formation of ZrN grains is accompanied by the crystallization
of the Si3N4 phase. This means that the presence of free Zr or the deficiency
of N in the film accelerates the crystallization of a-Si3N4 phase. This result
seems to be of great practical importance.

In summary, we can conclude that the highest thermal stability of
the Zr–Si–N film can be achieved if the following conditions are fulfilled:
(1) the Zr–Si–N film should contain overstoichiometric ZrNx>1 phase,
(2) the annealing atmosphere should be inert and (3) the film has to be sepa-
rated from the substrate by a barrier interlayer to avoid the interdiffusion of
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substrate elements into the film, i.e. to avoid undesirable and uncontrolled
changes of its phase composition.

5.5. Oxidation of Amorphous Me–Si–N Films in Flowing Air

Recent experiments show that the oxidation resistance of the Me–Si–N
composite films depends on (1) thermal stability of their components, i.e.
MeNx and Si3N4 phases, (2) interdiffusion of the substrate elements into
the thermally annealed film and (3) type of oxide, MeOx, which can be
either a solid or volatile phase. The thermal stability of the Si3N4 phase
is higher (≈1530◦C in argon when MeNx>1, see Fig. 5.7(b)) than that of
the MeNx phase; also the thermal stability of MeNx>1 is higher than that
of MeNx≤1. The overstoichiometric MeNx>1 nitrides improve the oxidation
resistance. The interdiffusion of elements into the film from the substrate
should be avoided because this process changes the elemental composition
of the film and, therefore, its phase composition. After the decomposition
of MeNx nitride (MeNx1 → MeNx2 +Ng +Me), free Me atoms form a metal
oxide MeOx according to the following reaction: MeNx1 + O2 →MeNx2 +
Ng + MeOs or MeNx2 + Ng + MeOg; here the indexes x1 and x2 are the
stoichiometry of MeNx prior to and after the nitride decomposition, i.e.
x1 > x2, s and g denotes the solid and gas phase, respectively. Different
elements (Me) form nitrides with different thermal stability (resistance to
crystallization) and different types (solid or volatile) of oxides also with
diferent thermal stability. Therefore, the selection of the element Me in the
Me–Si–N composite is of the key importance when the Me–Si–N composite
films with the highest oxidation resistance are required to be developed.

5.5.1. SEM Cross-Section Images of Amorphous Me–Si–N Films
After Thermal Annealing in Flowing Air

The scanning electron microscope (SEM) cross-section images of 2500 to
4000 nm thick Ta–Si–N [63], Mo–Si–N [65] and W–Si–N [66] films with high
(≥ 50 vol.%) content of Si3N4 phase deposited on Si(100) substrates after
the thermal annealing in flowing air at Ta = 1300◦C are given in Fig. 5.9.
The film was heated with the rate 10K/min and immediately upon reaching
the temperature Ta = 1300◦C was cooled down with rate 30K/min.

From Fig. 5.9 the following issues can be drawn:

1. Ta–Si–N film is the best. The surface of film is covered by a thin (∼100
to 400nm) compact surface oxide layer. On the contrary, the bulk of the
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Fig. 5.9. Comparison of SEM cross-section images of amorphous (a) Ta–Si–N, (b) Mo–
Si–N and (c) W–Si–N films deposited on Si(100) substrates after thermal annealing in
flowing air at Ta = 1300◦C.

film under the surface oxide layer is amorphous. This means that there
is no direct contact between the external atmosphere and the substrate
so the oxidation resistance is excellent. Similar behavior exhibits also
Zr–Si–N films [64].

2. Mo–Si–N film is covered by ∼300nm thick porous surface layer. The
porous surface layer creates due to the formation of volatile MoOx oxides
at Ta ≈ 800 − 1000◦C. The release of volatile oxides from surface layer
results in the mass decrease (∆m < 0) in thermogravimetric measure-
ments. The bulk of the film remains amorphous. Therefore, the oxidation
resistance of film is good. However, there is an open question what hap-
pens when the time of annealing at Ta = 1300◦C will increase.

3. W–Si–N film is oxidized through the whole thickness of the film due
to very strong oxidation of free W which creates in consequence of a
strong decomposition of WNx → W + N at Ta ≥ 1100◦C. The WOx is
formed in consequence of the following reaction W+O2 → WOx. Because
WOx is volatile it escapes from the film. Therefore, its microstructure
is porous and its mass reduces (∆m < 0). The oxidation resistance of
W–Si–N film at Ta ≥ 1100◦C is very bad. The stronger oxidation of W
compared to Mo is also supported by values of the formation enthalpy
(∆HWO3 = −838kJ/mol compared with ∆HMoO3 = −746kJ/mol [71]).

Here, it is necessary to note that results given above can be influenced
by the interdiffusion of Si from the substrate into annealed film.

All experiments described in this paragraph clearly show that the high
(≥60 vol.%) content of a-Si3N4 phase in Me–Si–N films is not a sufficient
condition to produce the amorphous Si3N4/MeNx composite films with the
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oxidation resistance considerably exceeding 1000◦C. To reach high values of
the oxidation resistance exceeding 1000◦C the MeNx phase of Si3N4/MeNx

composites must exhibit (1) the highest temperature of its decomposi-
tion and (2) the lowest ability of Me element to form oxide, i.e. the low-
est negative value of the heat of oxide formation. Experiments performed
till now demonstrated that the highest oxidation resistance is exhibited
by Si3N4/ZrNx>1, Si3N4/TaNx>1 and Si3N4/TiNx>1 composite films with
high (≥50vol.%) content of a-Si3N4 phase.

5.6. Summary of Main Issues

The experiments described in this chapter show that the a-Si3N4/MeNx

composite films with high (≥50vol.%) content of a-Si3N4 phase exhibit
high crystallization temperature Tcr > 1000◦C, high oxidation resistance
considerably exceeding 1000◦C and good protection of the substrate
if (1) the metal nitride MeNx>1 phase is (i) overstoichiometric and
(ii) resistant to its decomposition during the thermal annealing, and (2) free
Me created during the decomposition of the MeNx phase forms the dense
solid state oxide; the formation of a volatile oxides needs to be avoided.
The crystallization of the Me–Si–N film strongly depends also on (1) the
elemental composition of the annealing atmosphere and (2) the interdiffu-
sion of elements from the substrate into the film. An interlayer barrier is
necessary to be included between the film and the substrate to suppress
the latter effect. At present, the a-Si3N4/MeNx composite films containing
Zr, Ta and Ti exhibit best thermal behavior. The Zr–Si–N nanocomposite
deposited on Si(100) substrate shows no increase in mass (∆m = 0) in ther-
mogravimetric measurements up to 1300◦C (thermal limit of Si substrate).
A similar behavior is reported also for the amorphous Si–B–C–N films on
Si(100) [74]. The a-Si3N4/ZrNx>1 film separated from Si(100) substrate is
stable during thermal annealing in flowing argon up to 1530◦C (Fig. 5.7).
Very recent experiments show that the a-Si3N4/TiNx>1 film deposited
on c-Al2O3 (sapphire) substrate exhibits no oxidation (∆m = 0) during
thermal annealing in flowing air up to 1400◦C and the strong oxidation
(∆m ≥ 0.025mg/cm2) starts at Ta = 1500◦C, see Fig. 5.10 [75]. Figure 5.10
clearly shows a dramatic effect of the structure (crystalline or amorphous)
of the as-deposited film on its oxidation resistance.

The present status in the oxidation resistance of hard coatings is sum-
marized in Fig. 5.11. Here, a weight gain ∆m as a function of the anneal-
ing temperature Ta is displayed. The temperature Ta corresponding to the
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Fig. 5.10. Comparison of oxidation resistance of as-deposited polycrystalline Ti–Al–N
film [60] and as-deposited X-ray amorphous Ti–Si–N film [75].

Fig. 5.11. Oxidation resistance of selected hard binary, ternary, quaternary nitrides and
hard amorphous Si3N4/MeNx composite films represented as ∆m = f(Ta) [70].

sharp increase of the film mass ∆m, is defined as a maximum temperature
Tmax which still avoids the oxidation of the film. The oxidation resistance is
higher as Tmax becomes higher. All films with a sharp increase in ∆m given
in Fig. 5.11 are crystalline or nanocrystalline. For all these films the oxi-
dation resistance is lower than 1000◦C. This fact is not surprising because
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the films composed of grains always allow the direct contact of the exter-
nal atmosphere at the film surface with the substrate via grain boundaries.
This phenomenon dramatically decreases the oxidation resistance of the
bulk of film and so its barrier action. Some improvement could be, how-
ever, expected to be achieved if an intergranular glassy phase is used. The
best high-T oxidation resistance is exhibited by the films which are in the
as-deposited state X-ray amorphous.

6. Toughness of Thin Nanocomposite Coatings

Up to recently, main attention was concentrated on the hardness H of
materials (coatings), ways of H enhancement and on the achievement of H

approaching or even exceeding that of diamond. New advanced nanocom-
posite films based on nitrides, particularly the composites of the type
nc-MeN/a-Si3N4 with low (≤10 at.%) Si content, were successfully devel-
oped. These nanocomposites exhibit enhanced H up to 50–70 GPa but
none of them exhibited H approaching that of diamond. This means that
the diamond still remains the hardest material.

Simultaneously it was recognized that the hard materials are often very
brittle. The high brittleness of hard coatings strongly limits their practical
utilization. It concerns mainly hard ceramic materials based on oxides with
a very wide application range from protective to functional coatings. This
is the main reason why now many labs all over the world try to develop
new advanced ceramics with a low brittleness and simultaneously with suf-
ficiently high (≥20GPa) hardness [44, 47, 76]. In spite of the fact that
hardness is one of the most important mechanical properties of the mate-
rial it is not sufficient to use hardness alone to select the material for a given
application. The hardness H must be combined with a sufficient toughness
because the film toughness can be for many applications more important
than its hardness. Therefore, it is vitally important to master the forma-
tion of hard films with high toughness. The hard films with high toughness
represent a new class of the advanced nanocomposite coatings, see Fig. 6.1.

6.1. Toughening Mechanisms

According to the definition, the toughness of a material is its ability to
absorb energy during deformation up to its fracture. This means that the
toughness can be enhanced if crack initiation and propagation are hindered
or at least reduced.
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Fig. 6.1. Classification of nanocomposites according to their hardness and toughness.
Adapted from [77].

There are several ways to reach this goal: (1) ductile phase toughen-
ing, i.e. the addition of certain ductile phases (metals) to ceramic matrices,
(2) nanograin toughening based on crack deflection or branching along grain
boundaries or grain boundary sliding, (3) multilayer structure toughening
based on alternation of many brittle and ductile thin layers, (4) fiber or
nanotube toughening based on bridging or deflection of cracks, (5) phase
transformation toughening based on the extraction of the fracture energy
and consuming it for the phase transformation and (6) compressive stress
toughening which prevents the initiation of cracks by their closing [47]. For
illustration, the principles of three toughening mechanisms are schemati-
cally displayed in Fig. 6.2.

6.2. Fracture Toughness of Bulk Materials and Thin Films

The length of cracks is commonly used for the determination of the fracture
toughness of bulk materials. Under the plane strain conditions, the fracture
toughness is related to the rate of strain energy release by the following
formula [76]:

Kc = σf [πa/(1 − ν2)]1/2, (6.1)
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→

Toughening 
using 

  ductile phase                              fibre or nanotube                    phase transformation 

       crack propagation                          crack propagation                       crack propagation 

1 ductile phase deformation or   1 crack deflection  1 absorption of fracture energy 
 crack blunting   2  crack bridging  results in transformation 

 2  crack bridging   3  fibre pull out 

(a) (b) (c)

→ →

Fig. 6.2. Schematic illustration of three toughening mechanisms: (a) ductile phase
toughening, (b) fibre or nanotube toughening and (c) phase transformation toughening.
Adapted from [47], Copyright (2005) with permission from Elsevier.

where σf is the fracture strength, a is the length of the crack and ν is the
Poisson’s ratio. Kc is called the critical stress intensity factor and fracture
toughness increases with Kc. Unfortunately, this formula can be used only
for thick films with a minimum thickness hmin = 2.5(Kc/σy)2 [78]; here
σy is the yield stress. For brittle materials with (Kc/σy)2 ≈ 0.1mm [79]
and the minimum film thickness hmin ≈ 0.25mm. This means that the
toughness of thin (≤10µm) films cannot be calculated from the formula
derived for bulk materials.

At present, the determination of the toughness of material is still a dif-
ficult task. There are some attempts to assess the toughness of thin films
using bending, indentation and scratch test measurements [47]. However, no
systematic study devoted to the determination of (1) the toughness of thin
films and (2) main factors influencing the toughness of thin films has been
carried out so far. Moreover, it is not clear if a relation between the cracking
of a thin film and its toughness really exists. Therefore, the determination
of key factors influencing the film cracking is the main aim of next few para-
graphs. The assessment of the toughness of thin films is based on a detailed
analysis of correlations between the formation of cracks, mechanical prop-
erties of both the film and the substrate, structure of film and macrostress,
σ, generated in the film during its growth. In this investigation, selected
ceramic films prepared by the reactive magnetron sputtering were used.
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6.3. Films and Methods Used for Characterization of Thin

Film Toughness

The Zr–Cu–O, Zr–Cu–C, Ti–Cu–C and Si–Me–N (Me = Ta, Zr, Mo, W)
nanostructured films were reactively sputtered using a DC unbalanced mag-
netron equipped with a round target of diameter 100mm under different
deposition conditions on steel and Si(100) substrates. Typical thickness,
h, of films ranged from 2 to 5 µm. The structure of films was charac-
terized by X-ray diffraction (XRD) and their mechanical properties, i.e.
microhardness Hf , effective Young’s modulus E∗

f = Ef/(1 − ν2
f ) and elas-

tic recovery We, were evaluated from the load versus displacement curves
measured using a computer controlled microhardness tester Fischerscope
H 100; here Ef is Young’s modulus of the film. The mechanical prop-
erties of the films were measured at low values of the diamond indenter
load L ≤ 50mN which ensured that the ratio d/h < 0.1 and so the mea-
sured values of Hf and E∗

f of the film are correct; here d is the depth
of diamond impression. The brittleness of thin films was characterized by
(1) the formation of cracks during the impression of diamond indenter into
the film under high loads L = 0.5 and 1 N and (2) the ratio H3

f/E∗2
f ,

which is proportional to the resistance of the film to plastic deforma-
tion [56].

6.4. Formation of Cracks

At present, it is well known that the fracture toughness Kc of bulk materials
and thick films can be calculated from the length of radial cracks created
during diamond impression from Eq. (6.1). Considerably less information
is, however, available on factors influencing the formation of cracks and par-
ticularly on cracks formed in thin films deposited on different base material
(substrate). Main factors that determine the formation of cracks are (1) the
structure and mechanical properties of the film, (2) the residual stress σ

generated in the film during its growth and (3) the mechanical properties of
the substrate. The formation of cracks is the result of a combined action of
all these factors. This is the reason why (1) the determination of the tough-
ness of thin films is a very difficult task and (2) the investigation of the
effect of individual factors influencing film cracking is needed. The effect of
individual factors on the formation of cracks in thin ceramic films is further
analyzed in detail.
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6.4.1. Effect of Substrate

To demonstrate the effect of the substrate on the formation of cracks in
the film, the same amorphous Zr–Cu–O film was sputtered onto three sub-
strates: (1) steel, (2) glass and (3) Si(100). These substrates strongly differ
in the values of their hardness Hs and effective Young’s modulus E∗

s and
this fact results in different deformation of the same film under the same
load (L = 1 N) of the diamond indenter, see Fig. 6.3.

The cracks are circular for soft substrate (steel). On the contrary, radial
cracks are formed on Si(100) substrate with Hs sligthly higher than Hf of
the film. This means that a transition between circular and radial cracks
should exist. Such a transition with no cracks was really found on the glass
substrate with Hs = 7.1GPa (glass). This experiment clearly shows that
the formation of cracks strongly depends on the mechanical behavior of
substrate, see Table 6.1. Moreover, it is worthwhile to note that there is no
formula which enables the calculation of the film toughness from circular
cracks. More details are given in [80].

Fig. 6.3. Micrographs of diamond indenter impressions at load L = 1 N into 2 µm thick
amorphous Zr–Cu–O film with 38 at.% Cu and tension macrostress σSi(100) = 0.3GPa
deposited on (a) 15330 steel, (b) glass and (c) Si(100) substrate.
Reprinted from [80], with permission of Elsevier.

Table 6.1. Mechanical properties of amorphous Zr–Cu–O film with 38 at.% Cu and
steel, glass and Si(100) used as substrates.

Structure d/h Crack
Material H[GPa] E∗[GPa] H3/E∗2[GPa] We[%] of substrate [%] in film

Zr–Cu–O 10 120 0.069 0.50
Steel 2.9 212 0.00054 0.10 polycrystalline 202 circular
Glass 7.1 69 0.075 0.57 amorphous 177 none
Si(100) 12.6 132 0.11 0.57 single crystal 158 radial

We is the elastic recovery, h is the film thickness and d is the depth of diamond indenter
impression.
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6.4.2. Effect of Film Structure

The diamond impression into the amorphous and crystalline film, deposited
on the same substrate, strongly differs even in the case if they are produced
at the same indenter load L, see Fig. 6.4

Two important facts were found: (1) lower load L is sufficient to produce
cracks in polycrystalline film and (2) cracks are (i) circular in the amor-
phous film and (ii) radial in the polycrystalline film. This indicates that
(a) amorphous films exhibit better fracture toughness compared to that of
polycrystalline ones and (b) grain boundaries in the crystalline films facili-
tate the propagation of cracks. Here, it is necessary to note that there is a
strong coupling between the film structure and macrostress, σ, generated in
the film during its formation. This fact considerably complicates an exact
determination of the resistance of film to cracking.

6.4.3. Effect of Residual Stress in Film

The macrostress, σ, generated in the film during its formation also influ-
ences the formation of cracks in indentation measurements. This fact was

Fig. 6.4. Micrographs of diamond indenter impressions at load L = 0.5 and 1 N into
(a) amorphous and (b) crystalline ZrCu films with 44 at.% Cu sputtered on Si(100)
substrate in pure argon at Id = 2 A, Ud = 250V, Us = Ufl, pAr = 1Pa and Ts = 300
and 550◦C, respectively [80]. Film structure is documented by XRD patterns.
Reprinted from [80] with permission of Elsevier.
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Fig. 6.5. Effect of macrostress σ on film cracking. Micrographs of diamond indenter
impressions into two Zr–Cu–O films with 38 at.% Cu with the same values of Hf , Ef ,
We and with (a) tensile and (b) compressive macrostress σ sputtered on Si(100) substrate
at load L = 1 N are shown.

demonstrated by the experiments performed with Zr–Cu–O films sputtered
on Si(100) substrate. It was found that a compressive (σ < 0) macrostress
prevents the formation of cracks, see Fig. 6.5. Here, micrographs of the dia-
mond indenter impressions into two Zr–Cu–O films with the same values
of Hf ≈ 11GPa, Ef = 110GPa, We ≈ 0.41 and H3

f/E∗2
f ≈ 0.1GPa but

with a different macrostress, σ, (tensile and compressive) at load L = 1 N
are compared. From Fig. 6.5 it is clearly seen that while the Zr–Cu–O
film in tension (σ > 0) cracks under load L = 1 N, the Zr–Cu–O film in
compression (σ < 0) exhibits no cracks.

It is worthwhile to note that already a small value of compressive
macrostress (σ ≤ −0.3GPa) is sufficient to prevent the formation of cracks
in the film during its loading by the diamond indenter. This experiment
clearly shows that the compressive σ helps to close the cracks. For more
details, see [58, 80].

6.4.4. Effect of Film Thickness

The thickness, h, of film also influences its cracking under a given external
load L. There is a direct proportionality between h, L and cracking. As
expected, no cracks are formed when the ratio d/h < 1. On the contrary,
the film cracks if the depth, d, of the diamond indenter impression under
the same load L approaches the film thickness, h, or is even greater than
h, i.e. in the case when d/h ≥ 1, see Fig. 6.6. Properties of two films of
different thickness, h, are compared, see Table 6.2. The cracks are formed
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thick film thin film 

  d/h = 0.49 d/h = 0.82

(a) (b)

Fig. 6.6. Effect of film thickness h on film cracking. Comparison of diamond indenter
impression into amorphous W–Si–N film of the same composition and two thicknesses
(a) h = 5700 nm and (b) h = 4100 nm on 15330 steel substrate produced at the same
load L = 1 N.

Table 6.2. Mechanical properties of two hard amorphous W–Si–N films of
different thickness h deposited on 15330 steel substrates. d is the depth of
diamond indenter impression into film after its loading at L = 1 N.

Hf E∗
f H3

f /E∗2
f h d

Film [GPa] [GPa] [GPa] [µm] [µm] d/h E∗
f /E∗

s Cracks

a 31.7 280 0.41 5.7 2.8 0.49 1.32 no
b 34.8 297 0.48 4.1 3.3 0.82 1.40 x

x denotes that the crack is formed.

in film b in spite of the fact that the ratios H3
f/E∗2

f and E∗
f/E∗

s are greater
than those of film a.

This experiment clearly shows that the ratio d/h is also important for
film cracking. To avoid the cracking, the ratio d/h should be 0.5 or lower.
Therefore, the thickness, h, of the protective coating must increase with
increasing load L to ensure that d/h ≤ 0.5.

6.5. Assessment of Toughness of Thin Films

Recently, Zhang et al. reported that the toughness of thin film can be
assessed from the depth, d, of the impression of the diamond indenter
created after the characterization of its mechanical properties using the
microindentation [81], i.e. from the depth of impression created in the film
after its loading by the diamond indenter at a small load L ensuring that
the ratio d/h ≤ 0.1. The plasticity of the film, measured as the ratio of the
plastic displacement, d, over the total displacement in the nanoindentation
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test, is considered as the first approximation of the film toughness. Accord-
ing to this definition the toughness is the higher the greater is d. This seems
to be valid for the material of thin film or the self-sustained film but it is
not a sufficient condition to prevent the cracking of the thin film deposited
on the substrate when the film is exposed to an external load. This fact
was confirmed experimentally.

6.5.1. Cracking of Hard Films with E∗
f ≤ E∗

s

Experiments indicate that a resistance of the thin film/substrate system
against cracking increases with the ratio H3

f/E∗2
f . At present, there is a

question as to what is the maximum value of the ratio H3
f/E∗2

f at which
no cracks in the film are formed. It is necessary to note that a maximum
resistance of the film against cracking is important for good protection of
the substrate but it cannot be achieved by a high toughness of the film
alone. Therefore, instead of the film toughness the ratio H3

f/E∗2
f should

be used to assess the protective efficiency of the thin film exposed to the
external load.

As an example, we present the mechanical behavior of Zr–Cu–O films
with high (≥30 at.%) amount of Cu, see Table 6.3. The Zr–Cu–O films
were prepared by reactive magnetron sputtering from ZrCu(90/10) target
in Ar + O2 mixture at Ts = 400◦C, pT = pAr + pO2 = 1Pa and different
values of pO2.

From Table 6.3 it is seen that (1) Wp increases with increasing ratio d/h

and decreases with increasing ratio H3
f/E∗2

f , (2) the films with Wp ≥ 50%
very easily crack during indentation test and (3) no cracks are formed in

Table 6.3. Mechanical properties of (i) nanocrystalline Zr–Cu–O films with high
(≥30 at.%) amount of Cu and (ii) substrates and formation of cracks during their
loading at high diamond indenter load L = 1 N.

pO2 Hf E∗
f H3

f /E∗2
f Wp σ Cracks

[Pa] [GPa] [GPa] [GPa] [%] [GPa] d/h Steel Si(100)

0.15 10.7 109 0.10 42 −0.1 0.45 no x
0.2 10.5 117 0.09 46 0.3 0.48 no small
0.3 8.9 127 0.04 56 0.4 0.57 x x
0.4 8.0 125 0.03 60 0.3 0.61 x x

Si(100) 12.6 132 0.115
Steel 2.9 212 0.0005

Wp = 1 − We is the plastic deformation and x denotes that the cracks are formed.
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Increase in resistance to plastic deformation 

Hf
3/Ef

2 =         0.03 0.04 0.09 0.10

→

Fig. 6.7. Development of micrograph of diamond impressions into ∼5000 nm thick Zr–
Cu–O films with large (≥24 at.%) content of Cu and Ef/Es < 1, sputtered on 15330
steel at Ts = 400◦C, with increasing ratio H3

f /E2
f . More details are given in [80].

films with H3
f/E∗2

f ≥ 0.1 and E∗
f ≤ E∗

s . These results indicate that the films
with H3

f/E∗2
f ≥ 0.1 and E∗

f ≤ E∗
s should exhibit a maximum toughness of

the thin film/substrate system.
The resistance of the film to the formation of cracks increases with

increasing ratio H3
f/E∗2

f , see Fig. 6.7. Therefore, the resistance of the film to
plastic deformation, i.e. the ratio H3

f/E∗2
f , should be maximized to improve

the film elastic recovery We and its toughness.

6.5.2. Cracking of Hard Films with E∗
f > E∗

s

It is well known that the film hardness Hf is determined by its elemen-
tal and phase composition, chemical bonding, structure (crystalline, amor-
phous) and microstructure (geometry of grains and building blocks). The
effect of the elemental composition of film on its hardness, Hf , is illustrated
in Fig. 4.1. This figure shows that while the films based on oxides are softer
with hardness, Hf , values up to 15GPa only, the films based on nitrides
and carbides exhibit much higher Hf up to 35GPa and also high values
of the ratio H3

f/E∗2
f up to 0.6GPa. This means that the films based on

nitrides exhibit considerably higher resistance to plastic deformation com-
pared to the films based on oxides. Here, it is also necessary to note that
the effective Young’s modulus E∗

f increases almost linearly with increasing
Hf , and, for Hf > 20GPa the value of E∗

f is, for the majority of materials,
greater than E∗

s . Therefore, there is an open question of whether hard films
with Hf ≥ 20GPa can be resistant to cracking.

Experiments show that even very hard thin films with Hf ≈ 30GPa
can exhibit no cracks in the case when (1) the film is (i) amorphous and
(ii) in compression (σ < 0) and (2) the substrate is hard (Hs ≈ 0.5Hf) and
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Fig. 6.8. Comparison of diamond indenter impression into amorphous (a) Mo–Si–N,
(b) Zr–Si–N and (c) W–Si–N films with high hardness Hf ≥ 25 GPa deposited on 15330
steel and Si(100) substrates.

its Young’s modulus E∗
f > E∗

s . This fact is illustrated in Fig. 6.8 for thick,
amorphous Zr–Si–N, Mo–Si–N and W–Si–N films with Hf ≥ 25GPa which
exhibit a compressive macrostress, σ, see Table 6.4.

From Fig. 6.8 it is seen that no cracks are formed in the films deposited
on the hard Si(100) substrate because E∗

f/E∗
s ≥ 1.5. On the contrary, cracks

are formed in the films deposited on the soft steel substrate if E∗
f/E∗

s ≤ 1.3.

Table 6.4. Physical and mechanical properties of selected amorphous
Me–Si–N films with high (>50 vol.%) of Si3N4 phase [64–66]. These films
were used in experiment whose results are given in Fig. 6.8.

h d Hf E∗
f H3

f /E∗2
f σ

Film [µm] [µm] [GPa] [GPa] [GPa] [GPa]

Mo–Si–N 3.1 2.5 25.4 201 0.41 −2.2
Zr–Si–N 5.2 3.3 30.3 252 0.44 −1.1
W–Si–N 5.3 2.4 31.7 280 0.41 −1.6

Si(100) 12.6 132 0.115
15330 steel 2.9 212 0.0005
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This means that the ratio E∗
f/E∗

s ≥ 1.3 is the necessary condition to avoid
film cracking.

6.6. Summary of Main Issues

The toughness of a material is defined as a resistance of the material to
cracking under loading by an external load L. There is a simple formula
which allows the calculation of the toughness of bulk materials from the
length of radial cracks produced at a given load L. This method can-
not, however, be used for the determination of the toughness of thin films
because (1) the formula was derived under the assumption that the mate-
rial thickness h ≥ 0.25mm and cracks are radial, (2) cracking of thin film
material is strongly influenced by the substrate and (3) geometry of cracks
can be different (radial or circular) and strongly depends on the mechanical
properties (Hs and E∗

s ) of the substrate. Therefore, the thin film/substrate
system must be considered as one unit if one wants to find conditions
under which cracking of the protective film can be avoided. The deter-
mination of the toughness of the thin film alone is not sufficient to achieve
this goal.

Experiments described in this chapter show that the toughness of thin
films should be assessed from the resistance of the thin film to cracking. The
toughness increases with increase in the resistance of the film to cracking.
This resistance depends on (1) the film structure (crystalline, amorphous),
(2) mechanical properties of both the film (Hf , E∗

f ) and the substrate
(Hs, E∗

s ) and (3) the macrostress, σ, (tensile, compressive) in the film.
It was found that:

1. Crystalline films are more brittle than amorphous films.
2. No cracks are formed in films which exhibit a compressive macrostress,

σ; even a small (≈ −0.1GPa) compressive σ is sufficient to prevent the
formation of cracks.

3. Cracks are formed in (a) crystalline films when the diamond inden-
ter load L is sufficiently high and (b) thin films with the ratio
d/h ≥ 0.5.

4. The geometrical form of cracks depends on the substrate hardness Hs.
The cracks are radial for hard substrates (Hs ≥ 0.5Hf). On the contrary,
the cracks are circular for soft substrates (Hs < 0.5Hf), e.g. 15330 steel
with Hs = 2.9GPa.

5. The resistance of films to cracking increases with increasing ratio
H3

f/E∗2
f similarly as Hf increases with increasing ratio H3

f/E∗2
f . This
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also means that hard amorphous films in compression can be resistant
to cracking when they are exposed to high loads (L ≥ 1 N). The max-
imum hardness Hf max, however, depends on the elemental and phase
composition of the film. This is the reason, why Hf max of individual
composite films strongly differ, see Fig. 4.1. It was found that the a-
Si3N4/MeNx composites with (1) high content of Si3N4 phase, (2) rel-
atively high (15 to 35GPa) hardness Hf and (3) no cracking can be
prepared. This fact indicates that the plasticity (Wp) of the film must
be accompanied by a certain elasticity (We) which prevents the forma-
tion of cracks. Since Wp + We = 1 and Wp decreases with increasing
Hf , the amorphous hard films resistant to cracking must also exhibit
Wp decreasing with increasing Hf .

6. There are general interrelationships between basic mechanical proper-
ties of material, i.e. Hf , E∗

f , H3
f/E∗2

f and We, which can be described
by simple empirical formulas enabling the prediction of the mechanical
behavior of thin films under loading.

In summary, we can conclude that the resistance of thin protective films
against cracking is not determined by the toughness of thin film alone but
by the combined action of both the thin film and the substrate. The resis-
tance of the film to cracking increases with increasing ratio H3

f/E∗2
f . This

means that the resistance of film to cracking can be easily assessed using
microindentation techniques.

7. Future Trends

Further research activity in the field of nanocomposite films will be con-
centrated mainly on the following problems: (1) the development of films
with controlled size of grains in the range from 1 to 10 nm with the aim
(a) to investigate size-dependent phenomena in nanocomposite films and
(b) to develop new advanced coatings with unique physical and functional
properties, (2) nanocrystallization of amorphous materials, (3) electronic
charge transfer between nanograins with different chemical composition
and different Fermi energies again with the aim to produce films with new
functional properties, (4) development of protective coatings with oxidation
resistance exceeding 2000◦C, (5) formation of crystalline films on unheated
heat sensitive materials such as polymer foils and polycarbonate and (6)
development of new PVD systems for the production of nanocomposite
coatings under new physical conditions. Also, it can be expected that in the
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very near future the thin nanocomposite films will be used as experimen-
tal models for the design of nanocomposite bulk materials with prescribed
properties.
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26. J. Musil and J. Vlček, Magnetron sputtering of hard nanocomposite coatings
and their properties, Surf. Coat. Technol. 142–144 (2001) 557–566.

27. J. Patscheider, T. Zehnder and M. Diserens, Structure-performance relations
in nanocomposite coatings, Surf. Coat. Technol. 146–147 (2001) 201–208.

28. H. Gleiter, Tuning the electronic structure of solids by means of nanometer-
sized microstructures, Scripta Mater. 44 (2001) 1161–1168.
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1. Introduction

Nanostructured coatings have recently attracted increasing interest because
of the possibilities of synthesizing materials with unique physical–chemical
properties [1,2]. A number of sophisticated surface-related properties, such
as optical, magnetic, electronic, catalytic, mechanical, chemical and tribo-
logical property can be obtained by advanced nanostructured coatings [3, 4].
There are many types of design models for nanostructured coatings, such as
three-dimensional nanocomposite coatings [2,5], nanoscale multilayer coat-
ings [6, 7], functionally graded coatings [1, 4], etc. The optimized design
of nanostructured coatings needs to consider many factors, e.g. ion energy
and ion flux of depositing species, interface volume, crystallite size, sin-
gle layer thickness, surface and interfacial energy, texture, epitaxial stress
and strain, etc., all of which depend significantly on materials selection,
deposition methods and process parameters [2, 8].

In particular, pulsed reactive magnetron deposition techniques have
been investigated, more recently, since it is possible to conduct reactive
sputtering without arcing during deposition. Pulsed reactive sputtering can
also change and control the plasma constituents, increase the ion energy
and ion flux, and microstructural growth of the thin film through ion bom-
bardment [8]. The applications of pulsing in reactive magnetron sputtering

329
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Processing

Structure 
Properties

Functionality

−Multilayer 
−Nanocomposite
−Functionally graded

architectures

−High hardness 
−High fracture toughness 
−Low friction coefficient
−Wear-resistance 
−Thermal stability
−Low residual stress 

Nanostructured, Multifunctional Tribological Coatings 

−Unbalanced Magnetron Sputtering (UBMS) 
−Hybrid Coating System (CAE+MS)
−Pulsed Closed-Field Unbalanced Magnetron Sputtering (P-CFUBMS) 
−High-Power Pulsed DC Magnetron Sputtering (HPPMS)

Fig. 1.1. Tetrahedron representing the relationship among processing, structure, prop-
erties, and functionality for nanostructured, multifunctional tribological coatings.

opens up considerable opportunities for the control of ion energy and ion
flux to optimize the deposition process and tailor the as-deposited coating
structure and properties.

The focus of this chapter is to introduce the relationships between pro-
cessing, structure, properties, and functionality of nanostructured coatings
using various magnetron sputtering deposition processes, such as unbal-
anced magnetron sputtering (UBMS), hybrid coating system of cathodic
arc evaporation (CAE) and magnetron sputtering (MS), pulsed closed-field
unbalanced magnetron sputtering (P-CFUBMS), and high-power pulsed
magnetron sputtering (HPPMS), as shown in Fig. 1.1.

2. Classification of Nanostructured, Multifunctional
Tribological Coatings

2.1. Nanoscale Multilayer Coatings

Research on using nanoscale multilayers (i.e. “Superlattices”) to increase
the hardness and toughness of coatings has provided significant advance-
ments in understanding the advantages of employing this type of coating
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architecture. Early research by Palatnik with multilayers of metals showed
that significant improvements in strength were achieved when layer thick-
ness was decreased below 500 nm [6,9]. In early modeling, Koehler [7] pre-
dicted that high shear strength coatings could be produced by alternat-
ing layers of high and low elastic modulus. Key elements of the concept
are that very thin layers (≤10 nm) inhibit dislocation formation, while
differences in elastic modulus between layers inhibit dislocation mobil-
ity. Lehoczky [47] demonstrated these concepts on metallic Al/Cu and
Al/Ag multilayers and showed that a Hall–Petch type equation could
be used to relate hardness to 1/(periodicity)1/2 in where periodicity is
a minimum periodic length between layers in the multilayer coating.
Springer and Catlett [10], and Movchan et al. [11] reported on mechanical
enhancements in metal/ceramic (e.g. Ti/TiN, Hf/HfN, W/WN, etc.) [12]
and ceramic/ceramic (e.g. TiN/VN [13], TiN/NbN [14,15], TiN/VxNb1−xN
[16, 17], etc.) laminate structures that followed a Hall–Petch relation-
ship. These pioneering works were followed by intensive research in mul-
tilayers [18, 19], which has produced coatings significantly harder than
the individual components making up the layers. To achieve increased
hardness, the layers must have sharp interfaces and periodicity in the
5–10nm range. The multilayer architectures, as shown in Fig. 2.1, exhibit-
ing high hardness are frequently called superlattices [20]. The different
design architectures have been classified and some reports have formal-
ized the multilayer design [4, 21]. Multilayer architectures clearly increase
coating hardness and have commercial applications, especially in the tool

(a)  (Ti, Al)N/SiN 50 nm (b)  (Ti, Al)N/WN 50 nm (c)  Cr N/BCN 50 nm

Fig. 2.1. Cross-sectional TEM images and selected area diffraction patterns (SADP) of
nanoscale multilayer coatings: (a) (Ti, Al)N/SiN, (b) (Ti, Al)N/WN, and (c) CrN/BCN
[20].
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industry. However, they can be difficult to apply with uniform thickness
on three-dimensional components and rough surfaces. If the layers are not
of the correct periodicity, the superlattice effect is lost. Another relatively
new technology, nanocomposites, offers the same advantages as multilayers
(plus other benefits) and their properties are not critically dependent on
thickness or substrate geometry.

2.2. Nanocomposite Coatings

Nanostructured composite (i.e. “Nanocomposite”) coatings are usually
formed from ternary or higher order systems and comprise at least two
immiscible phases: two nanocrystalline phases or, more commonly, an
amorphous phase surrounding nanocrystallites of a secondary phase. The
most interesting and extensively investigated nanocomposite coatings are
ternary, quaternary or even more complex systems, with nanocrystalline
(nc-) grains of hard transition metal-nitrides (e.g. TiN, CrN, AlN, BN,
ZrN, etc.), carbides (e.g. TiC, VC, WC, ZrC, etc.), borides (e.g. TiB2,
CrB2, VB2, WB, ZrB2, etc.), oxides (e.g. Al2O3, TiO2, SiO2, MgO, TiO2,
Y2O3, ZrO2, etc.), or silicides (e.g. TiSi2, CrSi2, ZrSi2, etc.) surrounded by
amorphous (a-) matrices (e.g. Si3N4, BN, C, etc.). The physical, mechan-
ical, and thermal properties of these hard materials are summarized in
Table 2.1 [22]. The synthesis of such nanocomposite (nc-/a-) coatings
critically depends on the ability to co-deposit both the nanocrystalline
and amorphous phases, such as Ti–Si–N (nc-TiN/nc-and a-TiSi2/a-Si3N4)
[2], Ti–Al–Si–N (nc-TiAlN/a-Si3N4) [5], W–Si–N (nc-W2N/a-Si3N4) [23],
Cr–Si–N (nc-CrN/a-Si3N4) [24],Ti–B–C–N (nc-TiB2 and TiC/a-BN) [25],
TiC/DLC (nc-TiC/a-C) [26], WC/DLC (nc-WC/a-C) [27], etc. as schemat-
ically presented in Fig. 2.2(a). A variety of hard compounds can be used
as the nanocrystalline phases, including nitrides, carbides, borides, oxides,
and silicides. Veprek et al. [28] suggested that the nanocrystalline grains
must be 3∼10nm in size and separated by 1∼2nm within an amorphous
phase as shown in Fig. 2.2(a). For example, Ti–B–N nanocomposite, which
consists of nanocrystalline TiN (∼5 nm in size) in an amorphous BN
matrix, has been synthesized and observed by Lu et al. [29], as shown
in Fig. 2.2(b).

2.3. Functionally Graded Coatings

In order to counteract brittle failure and improve fracture toughness, two
concepts have been explored. The first involves the use of graded interfaces
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Table 2.1. The physical, mechanical, and thermal properties of hard materials.

Phase

Crystal

structure

Lattice

parameters

(nm)

Density

(g.cm−3)

Melting

point

(◦C)

Linear

thermal

expansion, α

(10−6 K−1)

Thermal

conductivity,

λ (W

m−1K−1)

Electrical

resistivity

(10−6Ωcm)

Enthalpy

at 298K

(kJ

mol−1)

Young’s

modulus

(105 N

mm−2)

Micro

hardness

(10 N

mm−2)

Oxidation

resistance

(×100◦C)

Nitrides

AlN hex 0.311/0.498 3.05 2200 6 10 1011 288.9 3.15 1200 13

BN hex 0.251/0.669 2.25 3000 3.8 284.7 3×1014 252.5 0.9 4400 HV 10

CrN fcc 0.415 6.1 1050 2.3 11.72 640 118–124 4 1800–2100 7–7.5

cub-B1 0.4149 5.39–7.75 1450 2.3 11.72 640 123.1 3.236 1100

Cr2N Hex 0.4760/0.4438 5.9 1500 9.4 30.8 3.138 2250 HV 86.3–110.3

HfN Fcc 0.452 13.8 3310 6.9 11.3 26 369.4 3.33–4.8 1700–2000

Si3N4 hex 0.78/0.56 3.44 1900 2.4 20–24 1018 750.5 2.1 1410 HV 12–14

TaN hcp 0.52/0.29 13.6–13.8 3000 3.6 8.58 128 225.7 5.756 3240 5–8

Ta2N hex 0.30/0.493 15.8 3000 10.05 263 270.9 3000

TiN cub-B1 0.423 5.21 3220 9.35 30 21.7 336.2 2.512 2400 HV 5

VN fcc 0.41 6.13 2050 8.1 11.3 85–100 147.8 4.6 1520 5–8

ZrN fcc 0.46 6.93 3000 6 16.75 13.6 365.5 5.1 2000 12

Carbides

B4C rhom 0.5631/1.2144 2.52 2450 6 27.63 106 72 4.5 3700 11–14

Cr3C2 ortho 1.146/0.552/0.2821 6.68 1900 10.3 18.8 75 88.8 4 1500–2000 12

NbC fcc 0.45 7.78 3490 6.65 14.24 35–74 139.8 3.4 2400 11

SiC α :hex β : 0.4360 3.2 2200 5.68 15.49 105 71.6 4.8 3500 14–17

β :fcc α : 0.3–7.3/1–1.5 3.17 2700 5.3 63–155 105 73.3 3.9–4.1 1400 HV 13–14

TaC cub-B1 0.4454 14.65 3877 6.04 22.19 25 159.5 2.91 1490 11–14

TiC cub-B1 0.429–0.433 4.93 3150 7.4 17–23.5 68 179.6 3.22 3200 HV 11–14

VC cub-B1 0.4173 5.36 2770 6.55 4.2 156 105.1 4.34 2760 HV 8–11

WC hex 0.29/0.28 15.7 2600 5.2–7.3 121.42 17 35.2 7.2 2080 8

ZrC cub-B1 0.4989–0.476 6.51 3400 6.93 20.5 42 181.7 4 2600 HV 12

Borides

AlB2 hex 0.3006/0.3252 3.17 1975 67

CrB ortho 0.2969/0.7858/0.2932 6.05 1550 75.4 14–18

CrB2 hex 0.279/0.307 5.6 2200 11.1 56 94.6 2.15 2250

HfB2 hex 0.3141/0.3470 11.01 3200 5.3 430 10 336.6 2800 11–17

MoB2 hex 0.3/0.31 7.8 2100 45 96.3 1380 HV 11–14

NbB2 hex 0.31/0.33 6.8 3000 7.1–9.6 16.75 32 150.7 2.6 2600 11–14

SiB6 ortho 1.4470/1.8350/0.9946 2.43 1950 8.3 107 3.3 1910



A
u
g
u
st

2
2
,
2
0
0
7

1
4
:1

2
B

4
9
2

N
a
n
o
co

m
p
o
site

T
h
in

F
ilm

s
a
n
d

C
o
a
tin

g
s

9
in

x
6
in

ch
0
6

3
3
4

J
.
J
.
M

oo
re

et
a
l.

Table 2.1. (Continued)

Phase

Crystal

structure

Lattice

parameters

(nm)

Density

(g.cm−3)

Melting

point

(◦C)

Linear

thermal

expansion, α

(10−6 K−1)

Thermal

conductivity,

λ (W

m−1K−1)

Electrical

resistivity

(10−6Ωcm)

Enthalpy

at 298K

(kJ

mol−1)

Young’s

modulus

(105 N

mm−2)

Micro

hardness

(10 N

mm−2)

Oxidation

resistance

(×100◦C)

TaB2 hex 0.31/0.33 3150 5.1 21.35 68 209.3 2.62 2200 11–14

TiB2 hex 0.3/0.32 4.5 2900 6.39 25.96 9 150.7 3.7 3840 11–17

Ti2B tet 0.61/0.46 2200 2500

VB2 hex 0.3/0.31 4.8 2400 5.3 16 203.9 5.1 2080 13

WB tet 0.31/1.7 15.5 2860 3750

W2B tet 0.56/0.47 16.5 2770 4.7 21.43 2350 8–14

ZrB fcc 0.47 6.5 3000 163.3 3600

ZrB2 hex 0.32/0.35 6.1 3000 6.83 23.03 9.2 326.6 3.5 2200 11

Oxides

Al2O3-α hex 0.5127 3.99 2043 8 30.1 1020 1580.1 4 2100 HV 17

rhom 0.513 3.9 2030 7.2–8.6 4.2–16.7 1020 1678.5 3.6 2100 HV 20

BeO hex 0.2699/0.4401 3 2450 9 264 1023 569 3 1230–1490 HV 17

CrO2 tet 0.441/0.291 4.8 582.8

CrO3 ortho 0.573/0.852/0.474 2.81 170–198 579.9

Cr2O3 rhom 0.536 5.21 2440 6.7 1013 1130.4 1000 HV

hex 0.495876/1.35942 5.21 2400 5.6 1130.4 2300 HV

HfO2 mono 0.512 9.7 2900 10 3 5×1015 1053.4 900

MgO cub 0.4208 3.6 2850 11.2 36 1012 568.6 3.2 745 HV 17

SiO2 quartz 0.4093/0.5393 2.33 1703–1729 0.4 1.38 1022 911 0.5–1.0 1130–1260

trigonal 0.421/0.539 2.2 1713 0.5–0.75 1.2–1.4 1021 911.5 1.114 1200

ThO2 fcc 0.5859 10.05 3250 10 10 1016 1173.1 1.38 950 HV 17

TiO cub-B1 0.417 4.88 1750 7.6 11 520 1300

TiO2 tet 0.4593/0.2959 4.19 1900 4.21–4.25 8 1.2×1010 945.4 2.05–2.80 767–1000 HV

cub-B1 0.45933/0.29592 4.25 1867 9 0.8–2.0 1000 HV

Ti2O3 rhom 0.5454 4.6 2130 1019–1024 1433.1 980 HV

Ti3O5 mono 0.9828/0.3776/0.9898 1780 2461

ZrO2 cub 0.511 5.6 2750 7.5–10.5 0.7–2.4 1016 1035 1.63 1200 17
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Table 2.1. (Continued)

Phase

Crystal

structure

Lattice

parameters

(nm)

Density

(g.cm−3)

Melting

point

(◦C)

Linear

thermal

expansion, α

(10−6 K−1)

Thermal

conductivity,

λ (W

m−1K−1)

Electrical

resistivity

(10−6Ωcm)

Enthalpy

at 298K

(kJ

mol−1)

Young’s

modulus

(105 N

mm−2)

Micro

hardness

(10 N

mm−2)

Oxidation

resistance

(×100◦C)

Silicides

CrSi cub 0.4629 5.38 1550 53.2 1000

CrSi2 hex 0.442/0.655 4.91 1630 100.5 1100 14–18

Cr3Si cub 0.455 6.52 1710 105.5 900–980

MoSi2 tet 0.32/0.786 6.3 2050 8.4 221.9 21 108.9 3.84 1290 17

NbSi2 hex 0.48/0.66 5.5 1950 8.4 6.3 50.2 700 8–11

TaSi2 hex 0.4773/0.6552 9.2 2200 8.9/8.8 38 150.7 1410 11

TiSi2 ortho 0.8236/0.4773/0.8523 4.39 1520 11.5 18 134.4 2.556 892 11

VSi2 hex 0.46/0.64 4.5 1650 11 9.5 95 960

WSi2 tet 0.321/0.788 9.5 2165 6.5 45 12.5 92.1 5.3 1090 16

ZrSi2 ortho 0.372/1.416/0.367 4.87 1700 9.7 161 159.4 2.348 1030 HV 8–11

Legend:

HV: Vickers hardness, HK: Knoop hardness

hcp: hexagonal closed-packed, fcc: face-centered cubic

ortho: orthorhombic, hex: hexagonal, cub: cubic, cub-B1: cubic NaCl-type, rhom: rhombohedral/trigonal, tet: tetragonal, mono: monoclinic, tri: triclinic
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1~2 monolayer

3~10 nm

Hard nanocrystalline phases (nc-)
(nitrides, carbides, borides, oxides,  silicides, etc.) 

Amorphous matrix (a-) 
(ceramic, metal, carbon, etc.) 

(a) (b)

Fig. 2.2. (a) Schematic diagram of a nanostructured nanocomposite coating proposed
by Veprek et al. [28], and (b) HRTEM image and selected area diffraction pattern (SADP)
of nanocomposite Ti–B–N (nc-TiN/a-BN) [29].

between the coating and substrate and between layers in the coating. For
example, a WC–TiC–TiN (outside layer) graded coating for cutting tools
was reported by Fella et al. [30], which showed considerably less wear than
single layer hard coatings used in the cutting of steels. This type of coating
is functionally and chemically graded to achieve better adhesion, oxida-
tion resistance, and mechanical properties. One example of how function-
ally graded architectures improve coating performance is the adhesion of
DLC to steels. DLC, and especially hydrogen-free DLC, has a very high
hardness and generally has a large residual compressive stress. The coat-
ings are relatively inert, and adhesion failures of coated steel surfaces were
a roadblock to success. This problem was solved through designing and
implementing a graded interface between the coating and the substrate.
Examples of effective gradient compositions are Ti–TiN–TiCN–TiC–DLC
for hydrogenated DLC [31] and Ti–TiC–DLC for hydrogen-free DLC [32].
In the development of the later composition, the importance of a graded
elastic modulus through the substrate coating/interface was highlighted
as shown in Fig. 2.3. The gradual build-up in material stiffness from the
substrate with E = 220GPa to the DLC layer with E = 650GPa avoids
sharp interfaces that can provide places for crack initiation, good chemical
continuity, and load support for the hard DLC top-coat. This function-
ally graded approach can be combined with multilayer and nanocomposite
architectures to further enhance tribological properties.
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Material Hardness Elastic Modulus Thickness

DLC at 10−5 Pa 70 GPa 650 GPa 400 nm

DLC at 10−1 Pa 43 GPa 450 GPa 100 nm

Ti0.10C0.90 25 GPa 290 GPa 25  nm
Ti0.25C0.75 27 GPa 350 GPa 25  nm

Ti0.30C0.70 29 GPa 370 GPa 100  nm

Ti0.50C0.50 20 GPa 290 GPa 100  nm

Ti0.70C0.30 14 GPa 230 GPa 100  nm

Ti0.90C0.10 6 GPa 150 GPa 50  nm

Ti 4 GPa 140 GPa 50  nm

440 Steel 11 GPa 220 GPa Substrate

Functionally
graded

Ti: 100 at.%
C: 0 at.%  

Ti: 0 at.%
C: 100 at.%

Fig. 2.3. Schematic diagram of a functionally gradient Ti–TiCx–DLC coating, where
chemistry and elastic moduli are transitioned from metallic substrate to hard DLC top
layer [32].

3. Background of Nanostructured Superhard Coatings

Hardness is defined as the resistance to plastic deformation. Plastic
deformation of crystalline materials occurs predominantly by dislocation
movement under applied load. Therefore, a higher resistance to dislocation
movement of a material will generally enhance its hardness. One approach
to obtain high resistance to dislocation movement and plastic deforma-
tion is to preclude the formation of stable dislocations. “Superhard” coat-
ings, with a hardness value in excess of 40GPa, have attracted significantly
increasing interest during the past 10–15 years [33]. A concept for super-
hard nanocomposite coatings was suggested by Veprek and Reiprich [34].
The strength and hardness of engineering materials are orders of magnitude
smaller than the theoretically predicted values. They are determined mainly
by the microstructure which has to be designed in such a way as to efficiently
hinder the multiplication and movement of dislocations and the growth of
microcracks. This can be achieved in various ways known from metallurgy,
such as solution, work, and grain boundary hardening [35,36]. In this way,
the strength and hardness of a material can be increased by a factor of 3–7
times, i.e. superhard material should form when such enhancement can be
achieved starting from a hard material (HV > 20GPa). Solution and work
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hardening do not operate in small nanocrystals of about <10nm because
solute atoms segregate to the grain boundary and there are no dislocations.
Therefore, we consider the possibilities of extending the grain boundary
hardening in poly- and microcrystalline materials, described by the Hall–
Petch relationship [37,38], Eq. (3.1), down to the range of a few nanometers:

σC = σ0 +
kgb√

d
. (3.1)

Here σC is the critical fracture stress, d is the crystallite size, and σ0 and
kgb are constants. Many different mechanisms and theories describe Hall–
Petch strengthening [37,38]. Dislocation pileup models and work hardening
yield the d−1/2 dependence but different formula for σ0 and kgb, whereas
the grain–grain boundary composite models also give a more complicated
dependence of σC on d. The strength of brittle materials, such as glasses
and ceramics, is determined by their ability to withstand the growth of
microcracks. Brittle materials do not undergo any plastic deformation up
to their fracture. Their strength or hardness is proportional to the elastic
modulus. The critical stress which causes the growth of a microcrack of size
a0 is given by the general Griffith criterion:

σC = kcrack

√
2Eγs

π a0
∝ 1√

d
. (3.2)

Here E is the Young’s modulus, γs is the surface cohesive energy, and kcrack

is a constant which depends on the nature and shape of the microcrack
and on the kind of stress applied [35]. Thus, the d−1/2 dependence of the
strength and hardness in a material can also originate from the fact that the
size a0 of the possible flaws, such as voids and microcracks that are formed
during the processing of the material, also decreases with decreasing grain
size. For these reasons, the Hall–Petch relationship, Eq. (3.1), should be
considered as a semi-empirical formula which is valid down to a crystallite
size of 20–50nm (some models predict an even higher limit [39, 40]). With
the crystallite size decreasing below this limit, the fraction of the mate-
rial in the grain boundaries strongly increases which leads to a decrease of
its strength and hardness due to an increase of “grain boundary sliding”
[40, 41]. A simple phenomenological model (i.e. rule of mixtures) describes
the softening in terms of an increasing volume fraction of the grain bound-
ary material, fgb, with the crystallite size decreasing below 10–6nm [42]:

H(fgb) = (1 − fgb)Hc + fgbHgb. (3.3)
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Here fgb ∝ (1/d). Due to the flaws present, the hardness of the grain
boundary material, Hgb, is smaller than that of the crystallites Hc. Thus
the average hardness of the material decreases with d decreasing below
10 nm. The first report of a “Reverse” (or “negative”) Hall–Petch relation-
ship was by Chokshi et al. [43] Later on it was the subject of many studies,
with controversial conclusions regarding the critical grain size where “Nor-
mal” Hall–Petch relationship changes to the reverse one [39, 44]. Various
mechanisms of grain boundary creep and sliding were discussed and are
described by deformation mechanism maps in terms of the temperature and
stress [45, 46]. Theories of grain boundary sliding were critically reviewed
in [39]. Recent computer simulation studies [41] confirm that the nega-
tive Hall–Petch dependence in nanocrystalline metals is due to the grain
boundary sliding that occurs due to a large number of small sliding events of
atomic planes at the grain boundaries without thermal activation. Although
many details are still not understood, there is little doubt that grain bound-
ary sliding is the reason for softening in this crystallite size range. Therefore,
a further increase of the strength and hardness with decreasing crystallite
size can be achieved only if grain boundary sliding can be blocked by appro-
priate design of the material. This is the basis of the concept for the design
of superhard nanocomposites, suggested by Veprek and Reiprich [34].

As mentioned in Sec. 2.1, another possible way to strengthen a material
is based on the formation of nanoscale multilayers consisting of two different
materials with large differences in elastic moduli, sharp interface, and small
bilayer thickness (lattice period) of about 10 nm [7]. Because this design
of nanostructured superhard materials was suggested and experimentally
confirmed before superhard nanocomposites were developed, we will deal
with superlattice coatings in Sec. 3.1.

3.1. Nanoscale Multilayer Coatings

In a theoretical paper published in 1970, Koehler [7] suggested a concept for
the design of strong solids which are nowadays called superlattices. Origi-
nally he suggested depositing epitaxial multilayers of two different metals,
A and B, having as different elastic constants as possible EA < EB but
a similar thermal expansion and strong bonds. The thickness of the layers
should be so small that no dislocation source could operate within the lay-
ers. If under applied stress a dislocation, which would form in the softer
layer A, would move towards the A/B interface, elastic strain induced in
the second layer B with the higher elastic modulus would cause a repulsing
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force that would hinder the dislocation from crossing that interface. Thus,
the strength of such multilayers would be much larger than that expected
from the rule of mixture. Koehler’s prediction was further developed and
experimentally confirmed by Lehoczky who deposited Al/Cu and Al/Ag
superlattices and measured their mechanical properties [47]. According to
the rule of mixtures, the applied stress which causes elastic strain is dis-
tributed between the layers proportional to their volume fractions and elas-
tic moduli. Lehoczky has shown that the tensile stress–strain characteristics
measured on multilayers consisting of two different metals displayed a much
higher Young’s modulus and tensile strength than that predicted by the rule
of mixtures, and both of which increased with decreasing thickness of the
double layer (lattice period). For layer thicknesses of <70nm, the yield
stress of Al/Cu multilayers was 4.2 times larger and the tensile fracture
stress was 2.4–3.4 times higher than the values given by the rule of mix-
ture [47]. This work was followed by work of a number of researchers who
confirmed the experimental results on various metal/metal, metal/ceramic,
and ceramic/ceramic multilayer systems (see Sec. 2.1). In all these cases, an
increase in hardness by a factor of 2–4 was achieved when the lattice period
decreased to about 5–10nm. For a large lattice period, where the dislocation
multiplication source can still operate, the increase of the hardness and the
tensile strength (most researchers measured the hardness because it is sim-
pler than the measurement of tensile strength conducted by Lehoczky) [47]
with decreasing layer thickness is due to the increase in the critical stress,
which is dependent on multiplicate dislocations such as a Frank–Read dis-
location source,

σC =
Gb

lpp
∝ 1

lpp
, (3.4)

where G is the shear modulus, b the Burgers vector, and lpp the distance
between the dislocation pinning sites [35]. Usually one finds strengthening
dependence similar to the Hall–Petch relationship but with a somewhat
different dependence on the layer period (λ−n), instead of the crystallite
size d in Eq. (3.1), with n = 1/2 for layers with different slip systems and
n = 1 for layers with a similar slip systems [48]. A more recent theoretical
discussion of the Hall–Petch relationship for superlattices was published
by Anderson and Li [49]. According to their calculations, strong deviations
from continuum Hall–Petch behavior occur when the thickness of the layers
is so small that the pileup contains only one to two dislocations.
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In a remark added in the proof, Koehler mentioned that the ideas
described in his paper would also be valid if one of the layers is amor-
phous. Recently, several papers appeared in which one of the layers consists
of an amorphous CNx and a transition metal nitride such as TiN [50] or
ZrN [51]. However, with decreasing layer thickness the layered structure
vanished and a nanocrystalline composite (i.e. “Nanocomposite”) structure
appeared [50,51]. Such films also exhibit a high hardness of 40GPa or more.

3.2. Single Layer Nanocomposite Coatings

Using similar ideas for restricting dislocation formation and mobility as
used in multilayer approaches to “hardening”, nanocomposite coatings can
also be superhard [25,28]. These composites have 3–10nm crystalline grains
embedded in an amorphous matrix and the grains are separated by 1–3 nm.
This designs a “Architecture” which leads to ultrahard (hardness above
100GPa) coatings as reported by Veprek et al. [2]. The nanocrystalline
phase may be selected from the nitrides, carbides, borides, and oxides, as
shown in Table 2.1, while the amorphous phase may also include metals
and diamond-like carbon (DLC) as shown in Fig. 2.1(a). The initial model
proposed by Veprek to explain hardness in nanocomposites is that disloca-
tion operation is suppressed in small grains (3–5 nm) and that the narrow
space between them (1 nm separation) induces incoherence strains [34, 52].
The incoherence strain is likely increased, when grain orientations are close
enough to provide interaction between matched but slightly misoriented
atomic planes. In the absence of dislocation activity, Griffith’s equation, as
shown in Eq. (3.2), for crack opening was proposed as a simple description
of the nanocomposite strength. This equation suggests that strength can
be increased by increasing elastic modulus and surface energy of the com-
bined phases, and by decreasing the crystalline grain sizes. It is noted that
elastic modulus is inversely dependent on grain sizes that are in the nm
size range due to lattice incoherence strains and the high volume of grain
boundaries [2]. In practice, grain boundary defects always exist, and a 3 nm
grain size was found to be close to the minimum limit. Below this limit,
a reverse Hall–Petch effect has been observed and the strengthening effect
disappears because grain boundaries and grains become indistinguishable
and the stability of the nanocrystalline phase is greatly reduced [34,43,53].

Nanocomposites with metal matrixes are in a special category for this
discussion. They have been demonstrated to increase hardness, but also
have good potential for increasing toughness. Mechanisms for toughening



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch06

342 J. J. Moore et al.

within these systems are discussed in the next section, while mechanisms
for hardening are discussed here. The composite strength of ceramic/metal
nanocomposites may be described by the following form of the Griffith–
Orowan model [54] when the dimensions of the metal matrix permit oper-
ation of dislocations:

σC =

√
2E(γs + γp)

π a

rtip

3da
, (3.5)

where γp is the work done during plastic deformation, rtip is the curvature
of the crack tip, and da is the interatomic distance. It is noted that crack tip
blunting and the work of plastic deformation considerably improve material
strength, while the lower elastic moduli of metals cause a reduction in
strength as compared to ceramics. However, in nanocomposites, dislocation
operation may be prohibited because the separation of grains is very small.
For example, the critical distance, lpp, for a Frank–Read dislocation source
is very small. Matrix dimensions in hard nanocomposite coatings are from
1–3nm, which is well below the critical size for dislocation source operation,
even in very soft metal matrices. Therefore, the mechanical behavior of such
nanocomposites can be expected to be similar to that of ceramic matrix
composites.

Composite designs that increase elastic modulus and hardness, do not
necessarily impart high toughness. First, dislocation mechanisms of defor-
mation are prohibited and crack opening is the predominant mechanism for
strain relaxation when stresses exceed the strength limit. Second, Griffith’s
equation does not take into account the energy balance of a moving crack,
which consists of the energy required to break bonds and overcome fric-
tion losses, potential energy released by crack opening, and kinetic energy
gained through crack motion [55]. From crack energy considerations, a high
amount of stored stress dictates a high rate of potential energy release in the
moving crack. In such conditions, a crack can achieve the self-propagating
(energetically self-supporting) stage sooner, transferring into a macrocrack
and causing brittle fracture. However, nanocomposites contain a high vol-
ume of grain boundaries between crystalline and amorphous phases. This
type of structure limits initial crack sizes and helps to deflect, split, and
blunt growing cracks.

4. New Directions for Nanostructured Supertough Coatings

While superhard coatings are very important, quite notably for protection
of cutting tools, most tribological applications for coatings either require,



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch06

Nanostructured, Multifunctional Tribological Coatings 343

or would receive significant benefit from increased toughness and lower fric-
tion. In particular, “High Fracture Toughness” is necessary for applications
where high contact loads and, hence, significant substrate deformations,
are encountered [27]. A material is generally considered tough if it pos-
sesses both high strength and high ductility. High hardness (H) is directly
related to high elastic modulus (E) and high yield strength, but it is very
challenging to add a measure of ductility to hard coatings. For example,
the superhard coating designs, as stated earlier, prevent dislocation activ-
ity, essentially eliminating one common mechanism for ductility. Therefore,
designs that increase ductility must also be considered to provide tough tri-
bological coatings. Pharr [56] has suggested that an indication of fracture
toughness (i.e. H/E ratio) can be obtained by examining the surface radial
cracks created during indentation, described by the equation.

Kc = α1

(
E

H

)1/2 (
P

c3/2

)
, (4.1)

where P is the peak indentation load, c the radial crack length and α1 an
empirical constant related to the indenter geometry. Kc describes the “crit-
ical stress intensity” for crack propagation, but it is not an intrinsic param-
eter that can be used to measure fracture toughness directly. However, it
is proportional to fracture toughness. Thus, fracture toughness of coatings
would appear to be improved by both a high hardness and a “Low Elas-
tic Modulus”. In this work, the H/E values were calculated and discussed
relatively for each coating [57].

4.1. Functionally Graded Multilayer Coatings

An effective route for improving toughness in multilayers is the introduction
of ductile, low elastic modulus alternate layers into the coating structure
to relieve stress and allow crack energy dissipation by plastic deformation
in the crack tip. This approach will result in a decreased coating hardness,
but the gain in the fracture toughness improvement may be more impor-
tant in many tribological applications, excluding coatings for the cutting
tool industry. For example, [Ti/TiN]n multilayer coatings on cast iron pis-
ton rings relaxed interface stress and improved combustion engine perfor-
mance [58]. Figure 4.1(a) shows a schematic of a multilayer [Ti/DLC]n
coating on a graded load support foundation, where the ductile Ti layers
in the multilayer stack were graded at every DLC interface to avoid brittle
fracture [4]. A cross-sectional photograph of this coating with 20 [Ti/DLC]
pairs is shown in Fig. 4.1(b). The ductile Ti layers reduced the composite
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Fig. 4.1. A multilayer coating with multiple Ti/DLC pairs on top of a functionally
gradient layer for an optimum combination of cohesive and adhesive toughness: (a) design
schematic, and (b) cross-sectional photograph of the coating produced with 20 Ti/DLC
pairs [4].

coating hardness to 20GPa as compared to a single layer DLC coating,
which has a hardness of about 60GPa. However, due to dramatic improve-
ment in toughness the multilayer coating design permitted operation during
sliding friction at contact pressures as high as 2GPa without fracture failure
compared to 0.6–0.8GPa for single layer DLC.

In general, the combination of multilayer and functionally gradient
approaches in the design of wear protective coatings produces exceptionally
tough wear protective coatings for engineering applications. One potential
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drawback slowing the wide spread use of new coatings was the need for
reliable process controls to ensure that the correct compositions, structures,
and properties are implemented during growth. However, modern process
instrumentation and control technologies are able to meet the challenge
and permit successful commercialization [59]. Thus, functionally gradient
and multilayer designs are commonly utilized in the production of modern
tribological coatings.

4.2. Functionally Graded Nanocomposite Coatings

An alternative to employing multilayers to toughen coatings is embedding
grains of a hard, high yield strength phase into a softer matrix allow-
ing for high ductility. This approach has been widely explored in macro-
composites made of ceramics and metals which are known as cermets [60].
It was recently scaled down to the nanometer level in thin films made of
hard nitrides and softer metal matrices [28]. Combination of the nanocrys-
talline/amorphous designs with a functionally graded interface, as shown
in Fig. 4.2(a), provides high cohesive toughness and high interface (adhe-
sive) toughness in a single coating. Several examples of tough wear-resistant
composite coatings have been reported. Two of them combined nanocrys-
talline carbides with an amorphous DLC matrix designated as TiC/DLC
and WC/DLC composites. In another example, nanocrystalline MoS2 was
encapsulated in an Al2O3 amorphous matrix as shown in Fig. 4.2(b). In

(b)

Fig. 4.2. (a) Schematic representation of a tough nanocomposite coating design, com-
bining a nanocrystalline/amorphous structure with a functionally gradient interface
and (b) TEM image of an Al2O3/MoS2 nanocomposite coating consisted of an amor-
phous Al2O3 ceramic matrix encapsulating 5–10 nm inclusions of nanocrystalline MoS2

grains [61].
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all cases, the large fraction of grain boundary phase provided ductility by
activating grain boundary slip and crack termination by nanocrack split-
ting. This provided a unique combination of high hardness and toughness
in these coatings. Novel nanocomposite designs suggested by Voevodin and
Zabinski [61] for tough tribological coatings are very promising and provide
a very attractive alternative to multilayer architectures. One of these novel
designs incorporates the “Chameleon” approach in which components are
added to the coating that provide a low friction coefficient under extreme
environmental conditions such as low and high humidity and low and high
temperatures [61]. Nanocomposite coatings are more easily implemented,
since they do not require precise control in the layer thickness and fre-
quent cycling of the deposition parameters, as is required for fabrication of
multilayer coatings. They are however relatively recent developments, and
suitable scale-up of deposition techniques is currently under intense study.

5. Other Possible Properties of Nanostructured Coatings

To prevent tribological failures, there are additional requirements related
to the normal (load) and tangential (friction) forces. In general terms,
a tough “Wear-resistant” coating must support high loads in sliding or
rolling contact without failure by wear, cohesive fracture, and loss of adhe-
sion (delamination). A “Low Friction Coefficient” reduces friction losses
and may increase load capability. Tribological coatings where a low friction
coefficient is also required may be obtained by producing nanocomposite
coatings with a mix of hard and lubricating phases, in which a hard pri-
mary phase (e.g. nitrides, carbides, or borides, etc.) provides wear-resistance
and load-bearing capability and a lubricating secondary phase (e.g. a-C,
a-Si3N4, a-BN, etc.) reduces the friction between two contacting compo-
nents. Finally, “Thermal Stability” is required to optimize coating perfor-
mance and lifetime. The amorphous phases in grain boundaries can act as
diffusion barriers (e.g. a-Si3N4, a-SiO2, etc.) for improved thermal stabil-
ity. For instance, nc-TiN/a-Si3N4 coatings with amorphous Si3N4 matrix
did not show grain growth at temperatures up to 1050◦C as well as super-
hardness of about 45GPa [62]. Moreover, silicon nitride acts as an efficient
barrier against oxygen diffusion at the grain boundaries and also by form-
ing an oxidation resistant SiO2 surface layer, and thus resulting in excellent
thermal stability.

In summary, in addition to high hardness, other aspects such as, high
toughness, low friction coefficient, and high thermal stability are decisive
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characteristics of nanostructured coatings for their potential as protective
tribological coatings.

6. New Processes for Industrial Applications of Multifunctional
Tribological Coatings

6.1. Hybrid Coating System of Cathodic Arc Ion

Evaporation (CAE) and Magnetron Sputtering (MS)

For more than a decade, cathodic arc evaporation (CAE) has been widely
used to deposit various kinds of refractory and wear-resistant coatings such
as Ti–Al–N [63] and its variants [64] for cutting tools, and CrN [65] coatings
for automotive applications. The cathodic arc evaporation process is char-
acterized by a combination of a high deposition rate and a high degree of
ionization (≥90 %) of evaporated species and high ion energies (20–120eV),
which makes this process a versatile deposition technology for many indus-
tries. Due to the nature of the high-current vacuum arc discharge, however,
only target materials with good electro-conductivity can be used as evap-
oration sources. Also materials with a too high or low melting point or
poor mechanical strength cannot be used. On the other hand, the sputter-
ing process has fewer restrictions concerning the target material. Various
kinds of materials, which are hard to use in the arc process, are usable in
the sputtering process. One of the drawbacks of the sputtering process for
the deposition of hard coatings is its low degree of ionization, which is in the
range of a few percent. However, recently, this has been amended by the
introduction of unbalanced magnetron sputtering (UBM) [66] and, more
recently, by high-power pulsed magnetron sputtering (HPPMS) [67], which
enhances plasma irradiation during the deposition or ionization of sputtered
species. Recently, more complex coatings in composition and structure such
as nanocomposite coatings and multilayer coatings have been under devel-
opment to increase the service life of the coated tools and machine parts.
Considering this situation, combining the arc and the sputtering process
can be a way to enhance the possibility of depositing a coating system with
a more complex structure and composition for improved performance. In
this chapter, the microstructure and mechanical properties of the nanocom-
posite coating system will be discussed: Ti–Al–N and Ti–Al–Si–N coatings
deposited by a hybrid coating system of CAE and sputtering will be intro-
duced and discussed in Sec. 7.1; and Ti-B-C-N and Ti–Si–B–C–N coatings
deposited by UBMS will be discussed in Sec. 7.2.
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6.2. Pulsed Closed-Field Magnetron Sputtering

(P-CFUBMS)

DC magnetron sputtering is a state-of-art deposition technique to produce
coatings for diverse industrial applications, such as hard coatings, semicon-
ductor, optical and decorative films etc. In DC magnetron sputtering, a glow
discharge is created in low-pressure inert gas by applying a negative voltage
on metal targets under a vacuum condition. The use of a magnetic field in
the magnetrons behind the metal target allows sputtering to be performed
at low pressures and voltages and at high deposition rates [68, 69].

In recent years, there have been many improvements on DC mag-
netron sputtering. The development of unbalanced magnetron sputtering
(the inner magnet and the outer magnet magnetic strength is unbalanced)
has significantly increased the plasma generation area away from the tar-
get surface, see Fig. 6.1 [70]. With the development of closed-field unbal-
anced magnetron sputtering, a closed magnetic field is created by apply-
ing opposite magnetic poles in adjacent magnetrons, thereby resulting in
much higher ion current densities and dense, hard well-adhered coatings by
enhanced chemical reaction at the substrate [70]. A comparison of the mag-
netic configuration and plasma confinement in conventional, unbalanced
and dual-magnetron closed-field systems is presented in Fig. 6.1. Closed-
field systems can be configured using any even number of magnetrons. The
use of multiple magnetrons in conjunction with a two-axis or three-axis
substrate rotation system allows for the uniform deposition of large and
complex shaped components in the closed-field plasma. Applying a nega-
tive bias voltage to the substrate can increase the energy of the ions bom-
barding the substrate. The energetic ions increase the bombardment of
the substrate surface therefore producing coatings that exhibit high hard-
ness and good wear-resistance and good adhesion to the substrate. One
of the most important improvements in magnetron sputtering has been to
reactively deposit ceramic and compound coatings of various components.
Under normal magnetron sputtering, the sputtered targets generate a range
of species that include energetic ions (1–10%), and neutral atoms (Ti, Cr,
Ar, etc.). These species can chemically react with gas atoms that impinge
on the substrate surface to form a compound film. Reactive sputtering can
be used to deposit most nitride, carbide and oxide thin films with desired
composition as a controlled monolithic or compositionally graded structure.

The deposition of hard ceramic coatings such as TiN [71], CrN [72],
TiC [73], Ti–Al–N [74], Cr–Al–N [75], Al2O3 [76] etc., is achieved using
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Fig. 6.1. A comparison of the magnetic configuration and plasma confinement in con-
ventional, unbalanced and dual-magnetron closed-field systems [70].

reactive sputtering from the metal targets (Ti, Cr, Al, etc.) in a reac-
tive gas atmosphere, e.g. N2/Ar, CH4/Ar or O2/Ar gas mixture. How-
ever, for deposition of insulating films, the insulating film builds up on
the surface of the chamber and/or anode. When the insulating layer on
the anode becomes thick, the sputtering discharge becomes unstable. This
phenomenon is called “disappearing anode”. The target can also charge
up quickly due to a non-conductive layer formed on the target at which
point the target is said to “poisoned” which makes sputtering more diffi-
cult, decreases the sputtering rate and increases the power in the target.
The charges will generate arcing problems in which the microparticles will
be ejected from the target and incorporated into the deposited coatings.
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This condition leads to non-uniform deposition, and the inhomogeneity and
defects in the coatings, as well as reduced deposition rate [77].

In order to overcome this problem, the use of radio frequency (RF) to
sputter material was developed in the 1960s. However, RF sputtering is not
used extensively for commercial magnetron sputtering due to its low depo-
sition rate, high cost, and the generation of a high temperature from the
self-bias voltage associated with the RF power. In recent years, an alterna-
tive technique using a pulsed DC plasma has been developed and is called
pulsed DC magnetron sputtering. Pulsed DC magnetron sputtering utilizes
a pulsed potential to neutralize the positive charge on the target surface
and eliminate the arcing by appropriately controlling the pulsing parame-
ters of the target potential. Figure 6.2 exhibits some typical target voltage
potential waveforms used in pulsed DC magnetron sputtering. The con-
tinuous target voltage in DC mode is either turned off periodically in the
unipolar mode [Fig. 6.2(b)], or more commonly, switched to a positive volt-
age [Figs. 6.2(b) and (c)] in pulsed DC magnetron sputtering. During the
normal pulse-on (target-on) period (τon), the negative sputtering voltage is
applied to the target as in conventional DC sputtering. However, the tar-
get negative potential is periodically interrupted by a positive pulse voltage
with a period of τrev. The reversed positive voltage is variable depending on
the power supply allowance, which is reversed to a smaller positive voltage
than the nominal negative pulse voltage in the asymmetric bipolar mode
[Fig. 6.2(c)] or reversed to the same magnitude of positive voltage as the
nominal negative pulse voltage in the symmetric bipolar mode [Fig. 6.2(d)].
The duty cycle is defined as the negative pulse time divided by the period of
the pulsing cycle (τcycle). For a given positive pulse width, the full range of
frequencies may not be available due to the power supply limitation, e.g. for
an Advanced Energy Pinnacle Plus power supply, the smallest duty cycle is
50% [78]. In practice, the waveforms are virtually never as intended due to
nonlinearities of either the plasma or the power supply circuitry. Therefore,
the shapes of the resulting power waveforms are complex [79].

In the closed-field configuration, two or more magnetrons are commonly
used for reactive sputtering. All magnetrons can be run in pulsing condition,
thereby resulting in different combinations of pulsing modes. Normally, the
magnetron potential can be pulsed in either asynchronous bipolar mode
[Fig. 6.3(a)], in which the two target voltage waveforms are out of phase, or
in synchronous bipolar mode [Fig. 6.3(b)], in which the two target voltage
waveforms are in phase. The degree of out of phase in asynchronous mode
is totally dependent on the frequencies and reverse time on each target.
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During the reversed positive pulse, the charge built up on the insulat-
ing material during the negative pulse period is discharged to eliminate
breakdown and arcing. Therefore, a stable deposition process and smooth
coating structure can be obtained. Moreover, with precise control of the
reactive gas, high deposition rate can be achieved in depositing insulating
films. Kelly et al. [80] compared the microstructure of Al2O3 films deposited
by P-CFUBMS and normal DC magnetron sputtering. A fully dense and
smooth surface Al2O3 film was produced by P-CFUBMS. On the other
hand, the film deposited by DC magnetron sputtering exhibited a porous
structure with microparticles covering the film surface (Fig. 6.4).
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(a) (b)

Fig. 6.4. SEM photomicrographs of fracture sections of aluminum oxide coatings
deposited by (a) DC reactive sputtering, and (b) pulsed reactive sputtering [80].

6.3. High-Power Pulsed DC Magnetron Sputtering

(HPPMS)

Recently, high-power pulsed magnetron sputtering (HPPMS), operating in
an unipolar mode, has attracted wide attention. In this new method, a
high density plasma is created in front of the sputtering source by using
pulsed high target power density, ionizing a large fraction of the sputtered
atoms [81,82]. In normal DC magnetron sputtering, the degree of ionization
is low (typically less than 10%) which is due to the low power density (e.g. 3
Wcm−2) limited by the target overheating from the ion bombardment [83].
However, in high-power pulsed magnetron sputtering, the average thermal
load on the target is low by operating the target at high-power density
(e.g. 3000 Wcm−2) in a pulsed condition; therefore a considerably large
fraction of ionized species of the target material can be created by the
high probability for ionizing collisions between the sputtered atoms and
energetic electrons. It was reported that the fraction of ionized species in
high-power pulsed DC magnetron sputtering can be considerably increased
up to and beyond 70% [84]. The high degree of ionized ions with high energy
makes it possible to control the film growth behavior and thereby produce
high quality films. The potential of this emerging new high-power pulsed
magnetron sputtering technique includes depositing fully dense films with
equiaxed structure, controlling the orientation of the film, and depositing
thick (maybe up to 20µm or more) films with low residual stress. However,
this new technique is in its developing stage, and the deposition rate and
cost of the power supply are the most important challenges that need to be
considered.
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7. Preparation–Microstructure–Properties of
Nanostructured Coatings

7.1. Hybrid Coating System of Ti–Al–Si–N Coatings

Quaternary Ti–Al–Si–N coatings have been prepared by a hybrid coating
system, where CAE was combined with a magnetron sputtering technique.
Various analyses (e.g. HRTEM, XPS, XRD) revealed that the synthesized
Ti–Al–Si–N coatings exhibited nanostructured composite microstructures
consisting of solid–solution (Ti, Al, Si)N crystallites and amorphous Si3N4.
The Si addition caused the grain refinement of (Ti, Al, Si)N crystallites and
its uniform distribution with percolation phenomenon of amorphous silicon
nitride similar to that of the Si effect in TiN films [2]. Figure 7.1 shows dark-
field TEM images of Ti–Al–Si–N coatings containing different amounts of
Si. The (Ti, Al)N crystallites [in Fig. 7.1(a)] appear to be large grains with a
columnar structure. The (Ti, Al)N crystallites became finer with a uniform
distribution as the Si content was increased. In Fig. 7.1(b), the crystallites
were embedded in an amorphous matrix. These crystallites were revealed
to be solid–solution (Ti, Al, Si)N phases of typical fcc crystal structure
from the electron diffraction patterns. The (Ti, Al, Si)N crystallites showed
partly aligned microstructure penetrated (“percolated”) by an amorphous
phase, but were not distributed homogeneously in the amorphous matrix.
The microstructure, however, changed to that of a nanocomposite, having
much finer (Ti, Al, Si)N crystallites (approximately 10nm) and uniformly
embedded in an amorphous matrix as the Si content in films increased
to 9 at.% [Fig. 7.1(c)]. Such microstructure as shown in Fig. 7.1(c) was
in agreement with the concept of a nanocomposite architecture suggested
by Veprek and Reiprich [34]. Therefore, the Ti–Al–Si–N coatings with Si
content of 9 at.% exhibited a maximum hardness among the experimental
conditions. On the other hand, at a higher Si content of 19 at.% [Fig. 7.1(d)],
(Ti, Al, Si)N crystallites decreased (∼3 nm) and the film consisted mainly
of the amorphous phase.

Figure 7.2(a) shows the nanohardness and Young’s modulus of Ti–Al–
Si–N coatings with various Si contents and average grain sizes. As the Si
content increased, the nanohardness and Young’s modulus of the Ti–Al–
Si–N coatings steeply increased, and reached maximum values of approx-
imately 55GPa and 650GPa at Si content of 9 at.%, respectively, and
then dropped again with further increase of Si content. The reason for
the large increases in hardness and Young’s modulus of Ti–Al–N with Si
addition is due to the grain boundary hardening both by strong cohesive
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Fig. 7.1. Dark-field TEM and SEM images of Ti–Al–Si–Ncoatings containing (a) 0,
(b) 4, (c) 9, and (d) 19 at.% Si, respectively [5].

energy of interphase boundaries and by Hall–Petch strengthening derived
from crystal size refinement, as mentioned in Sec. 4, which were simul-
taneously caused by the percolation of amorphous Si3N4 (H =∼22GPa,
E =∼250GPa) [85] into the Ti–Al–N film. Another possible reason would
be due to solid–solution hardening of crystallites by Si dissolution into
Ti–Al–N. The maximum hardness value at the silicon content of about
9 at.% results from the nanosized crystallites and their uniform distribu-
tion embedded in the amorphous Si3N4 matrix as shown in Fig. 7.1(c).
On the other hand, the hardness reduction with further increase of Si con-
tent after maximum hardness as shown in Fig. 7.2(a) has been explained
with the thickening of amorphous Si3N4 phase with increase of Si con-
tent [86]. When the amorphous Si3N4 is increased, the ideal interaction
between nanocrystallites and the amorphous phase is lost, and the hard-
ness of the nanocomposite becomes dependent on the property of the amor-
phous phase. On the other hand, Young’s modulus, which must be related
with density and atomic structure of the film, also largely increased from
470GPa to 670GPa with Si addition. This latter result was attributed to
the densification of Ti–Al–Si–N films by filling the open structure of the
Ti–Al–N grain boundaries with amorphous silicon nitride. Young’s modulus
reduction with further increase of Si content above 9 at.% was explained
by the increase of volume fraction of amorphous Si3N4 phase, which has
a lower atomic density than crystalline (Ti, Al, Si)N phase. Figure 7.2(b)
shows the friction coefficients of the Ti–Al–N, Ti–Al–Si(9 at.%)–N, and
Ti–Al–Si(31 at.%)–N films against a steel ball counterpart. The average
friction coefficient of the film decreased from 0.9 to 0.6 with increasing Si
content. This result is caused by tribochemical reactions, which often take
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nanocomposite Ti–Al–Si–N [nc-(Ti, Al)N/a-Si3N4] coatings as a function of Si content.

place in many ceramics [87], e.g. Si3N4 reacts with H2O to produce SiO2

or Si(OH)2 tribolayer [88]. The products of SiO2 and Si(OH)2 are known
to play a role of a self-lubricating layer.

Figure 7.3 shows the surface morphologies of the wear track and com-
position analyses for the wear debris after a sliding test. The surface mor-
phology of the wear track for Ti–Al–N film was rough, and the width of
the wear track relatively narrow as shown in Fig. 7.3(a), whereas, the sur-
face morphology for the Ti–Al–Si(9 at.%)–N film was relatively smooth
and the width of wear track was wide [Fig. 7.3(b)]. This result is due to
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the adhesive wear behavior between the hard film (∼55GPa) and relatively
soft steel (∼700Hv0.2). Thus, the steel ball is worn and smeared onto the
Ti–Al–Si(9 at.%)–N film having higher hardness (∼55GPa). On the other
hand, the surface morphology of wear track for Ti–Al–Si(31 at.%)–N film
was very smooth, and the width of wear track narrowed again as shown in
[Fig. 7.3(c)]. This reflects that the formation of a self-lubricating tribolayer
such as SiO2 or Si(OH)2was activated on increasing the Si content. From
EDS analyses of the wear debris [Figs. 7.3(a) and 7.3(b)], the peak intensity
of Fe for Ti–Al–Si(9 at.%)–N film was higher than those for Ti–Al–N film,
and the peak intensities of Ti and Al were reversed for the two films. Sim-
ilar EDS results were found between Ti–Al–Si(9 at.%)–N and Ti–Al–Si(31
at.%)–N films. This indicates that the harder film was more wear-resistant
against the steel counterpart.

7.2. Unbalanced Magnetron Sputtering of Ti–Si–B–C–N

Coatings

Figure 7.4 shows the X-ray diffraction patterns of Ti–B–C–N and Ti–Si–
B–C–N films on AISI 304 stainless steel substrates with various Si target
powers at fixed TiB2–TiC composite target power of 700W. At the Si tar-
get power of 0W, the diffraction pattern of Ti–B–C–N film exhibited crys-
talline hexagonal TiB2 phase with preferred orientations of (001) or (002)
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of 700 W.

crystallographic planes. Any XRD peaks corresponding to crystalline TiC
or TiN phase were not observed from the Ti–B–C–N diffraction pattern.
As the Si target power was increased, the diffraction peak intensities of
TiB2 (001) and (002) gradually reduced and completely disappeared at the
Si target power of 300W. At the Si target power of 50W and 100W, the
TiB2 peaks corresponding to the same (001) and (002) planes as well as a
small TiC peaks for (111) and (311) crystallogaphic planes, were present.
And, at the Si target power of 150W, very small diffraction TiB2 peaks for
(001) and (002) as well as TiC peaks for (111) and (311) were observed.
Furthermore, at the highest Si target power of 300W, the XRD pattern
presented no diffraction peaks for the film, indicating that the film is com-
prised mainly of an amorphous phase. The gradual changes in the XRD
patterns of Ti–Si–B–C–N films with Si additions into Ti–B–C–N are sim-
ilar to the case of the N addition into Ti–B–C, as previously reported by
the authors for the Ti–B–C–N nanocomposite system [25].

In the report, it was revealed that the crystallites in Ti–B–C–N films
were composed with solid–solution (Ti, C, N)B2 and Ti(C, N) crystallite
(∼10 nm in size). Addition of nitrogen into the Ti–B–C film led to grain
refinement of (Ti, C, N)B2 and Ti(C, N) crystallites and their distribution
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is coupled with a percolation phenomenon of amorphous BN and carbon
phase. In order to determine the chemical composition and to investigate
the bonding status of Ti–Si–B–C–N coating, X-ray photoelectron spec-
troscopy (XPS) was performed on Ti–B–C–N and Ti–Si–B–C–N coatings
deposited by unbalanced magnetron sputtering from a TiB2–TiC composite
target and a Si target at different Si target powers. Figure 7.5(a) provides
the content of each element in the Ti–Si–B–C–N coating with two different
Si target powers and a fixed TiB2–TiC target power of 700W. As the Si
target power was increased, the Si content was increased in the Ti–Si–B–C–
N film from 0 to 14.2 at.%. Boron content steeply decreased. Figs. 7.5(b)
to 7.6(d) present the XPS spectra binding energies of Si [Fig. 7.5(b)], C
[Fig. 7.5(c)], and O [Fig. 7.5(d)] for the Ti–B–C–N and Ti–Si(14.2 at.%)–
B–C–N coatings. For Si 2p region [Fig. 7.5(b)], TiSi2 is clearly present with
smaller amount of SiC and SiB4. C 1s region [Fig. 7.5(c)], confirms the
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presence of TixByCz components in amorphous free carbon and CNx. With
addition of Si into the Ti–B–C–N coating, the free carbon peak intensity
significantly decreased. The large decrease in the free carbon peak intensity
of Ti–B–C–N with the 14.2 at.% Si addition is most likely the result of
formation of SiC as shown in Fig. 7.5(b).

Based on the results from the XRD and XPS analyses, it is concluded
that the Ti–Si–B–C–N coatings are nanocomposites consisting of nanosized
(Ti, C, N)B2 and Ti(C, N) crystallites embedded in an amorphous TiSi2
and SiC matrix including some carbon, SiB4, BN, CNx, TiO2, and B2O3

components.
Figure 7.6 presents the nanohardness and H/E values of the Ti–Si–B–

C–N coatings as a function of Si target power. The hardness of the Ti–
Si–B–C–N coating decreased from ∼42GPa at 0W Si target power to ∼36
GPa at 50W Si target power. The hardness was constant at about 35 GPa
from 50W to 150W Si target power and decreased again with the further
increase in Si target power to about 25 GPa at Si target power of 300W
(14.2 at.% Si in coating). The decrease in hardness of Ti–B–C–N with 50W
Si target power is most likely due to a reduction in hard TiB2 based crys-
tallites. The supporting evidence is shown in Fig. 7.5(a), where boron con-
tent decreases with increasing silicon content. However, the Ti–Si–B–C–N
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coating with Si target power of from 50W to 150W exhibited a high hard-
ness of about 35GPa. The reason for maintaining the high hardness (∼35
GPa) in Ti–Si–B–C–N coatings with a small amount of Si is most likely
due to percolation of amorphous TiSi2 and SiC in the grain boundaries.
Veprek et al. [28] have found that ultrahardness (80 GPa ≤ Hv ≤ 105GPa)
is achieved when the nanosized and/or amorphous TiSi2 precipitate in
the grain boundaries in their Ti–Si–N (nc-TiN/a-Si3N4/a- and nc-TiSi2)
nanocomposites. On the other hand, the hardness reduction with further
increase in Si target power above 200W can be explained by either an
increase in the soft amorphous TiSi2, SiC, and SiB4 phases or reduction
of hard TiB2-based crystallites. When the amount of amorphous phase is
increased the ideal interaction between nanocrystallites and the amorphous
phase can be lost, and the hardness of the nanocomposite becomes depen-
dent on the property of the amorphous phase [89]. In addition, H/E values,
the so-called “elastic strain to failure criterion”, were calculated from the
obtained hardness (H) and Young’s modulus (E). Recently, Leyland and
Matthews [57] have suggested that a high H/E value is often a reliable indi-
cator of good wear-resistance. In Fig. 7.6, the H/E values exhibited a simi-
lar tendency with hardness. As the Si target power increased, the H/E value
of Ti–Si–B–C–N coatings decreased from ∼0.105 to 0.087. From the results
of hardness and H/E, it can be suggested that the Ti–Si–B–C–N coating
with Si target power up to 150W could provide a better wear-resistance
with higher fracture toughness than that of Ti–Si–B–C–N coating with Si
target power above 200W.

Figure 7.7(a) shows the friction coefficients of the Ti–Si–B–C–N coat-
ing against a WC–Co ball as a function of Si target power. The average
friction coefficient of Ti–Si–B–C–N coating rapidly decreased by increas-
ing the Si target power and showed a minimum value of approximately
0.15 at Si target power of 50W, and then rebounded with the further
increase in the Si target power above 100W. This large decrease in fric-
tion coefficient of Ti–Si–B–C–N coating with the 50W Si target power
is most likely due to the formation of smooth solid-lubricant tribolayers
formed by tribochemical reactions during the sliding test. For example,
silicon compounds such as TiSi2, SiC, or SiB4in the coating react with
ambient H2O and oxygen to produce SiO2 or Si(OH)2 tribolayers. These
by-products of SiO2 and Si(OH)2have been known [87] to play a role as a
self-lubricating layer. This Si effect on tribological behavior in nanocom-
posites, has also been found by other authors [90]. In addition, the carbon
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Fig. 7.7. (a) Friction coefficients, and (b) wear rates of Ti–Si–B–C–N coating against
WC–Co ball as a function of Si target power.

and hydroxide phases in the coating, as shown in Figs. 7.5(c) and (d), with
a small Si content may also contribute to the minimum friction coefficient
value.

However, the friction coefficient slightly increased with further increase
of Si content in the coating. The increase in friction coefficient with increase
target power is most likely due to a reduction in free carbon and hydroxide
phase, which are self-lubricating phases, in the Ti–Si–B–C–N coating as
shown in Figs. 7.5(c) and (d). Figure 7.7(b) represents the wear rates of
Ti–Si–B–C–N coating on AISI 304 substrates as a function of Si target
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power. The wear rate of the Ti–Si–B–C–N coating slightly increased from
∼3×10−6 mm3/(N·m) at 0W to ∼10×10−6 mm3/(N·m) at Si target power
around 200W. These very low wear rates would be due to the adhesive
wear behavior between the hard coating (∼35 GPa) and relatively soft
WC–Co (∼22 GPa) ball. On the other hand, at the Si target power above
250W, the wear rate of the Ti–Si–B–C–N coating steeply increased to about
500× 10−6 mm3/(N·m) at Si target power of 300W. This large increase in
wear rate would be due to the abrasive wear behavior between the relatively
soft coating (∼25GPa) and the WC–Co ball. Combining the results of the
H/E [Fig. 7.6] values and wear rates [Fig. 7.7(b)], the Ti–Si–B–C–N coating
with a higher H/E of above ∼0.090 had a better wear-resistance against
WC–Co ball in agreement with Leyland and Matthews [57].

7.3. Pulsed Closed-Field Magnetron Sputtering of Cr–Al–N

Coatings

7.3.1. Characterization of Ion Energy and Ion Flux Change
in the P-CFUBMS

As described in the previous section, pulsed DC magnetron sputtering has
been used to eliminate arcing problems during the reactive sputter deposi-
tion of insulating films, stabilize the discharge and reduce the formation of
defects in the film. Besides its primary goal of eliminating arcing, it has been
found that applying pulsing in DC magnetron sputtering has significant
influence on the ion energy and ion flux change within the plasma. In addi-
tion, coating structure and properties will be benefit from additional ion
bombardment by the increased ion energy and ion flux. In recent years, time
and space-resolved Langmuir probe and electrostatic quadrupole plasma
mass spectrometer measurements have been intensively used to investigate
the plasma condition in pulsed DC magnetron sputter deposition [91, 92].
Bartzsch et al. [93] found that the ion current density was increased at
the substrate during pulsed bipolar magnetron sputtering. The ion current
increased nearly linearly with sputtering power for both bipolar and unipo-
lar pulsing modes. In addition, the ion current density increased with a
decrease in the duty cycle at a constant frequency and sputtering power.
Muratore et al. [91] compared the ion energy distributions (IED) of pulsed
DC magnetron sputtering and conventional DC magnetron sputtering dur-
ing deposition of TiO films using a Hiden Analytical Ltd., electrostatic
quadrupole plasma analyzer (EQP). An increased ion energy up to 140 eV
was observed in pulsed DC magnetron sputtering compared with a 17 eV in
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the DC discharge. Increase of crystallographic texture and an 11% increase
in hardness were observed in the TiO films processed with the pulsed mag-
netron sputtering. Backer et al. [94] calculated the ion energy impinging on
the pulsed DC magnetron sputtering of Ti and TiO2 films from the mea-
surements of plasma parameters using a planar Langmuir probe and found
that the ion energy values during the positive pulse period increased more
than tenfold the time-average value.

The use of high ion energy and ion flux from the pulsed plasma for
the reactive sputtering deposition is still a new field. Only a very limited
number of coating materials, such as Cr–Al–N [95], TiC [96], TiO2 [91,97],
BN [98], Al2O3 [99] have been studied in some detail. More investigation in
this field is needed in understanding the nature of the pulsed plasma and
its influence on the film structure and properties. One approach to under-
standing the nature of these states employs both laboratory measurements
and theoretical studies aimed at using an EQP to characterize the positive
ion energies and the flux change within the plasma. Then it is possible to
control ion bombardment energy and ion flux to deposit nanostructure films
during deposition of Cr–Al–N thin films using P-CFUBMS. This research
program will be described here in an effect to explain using P-CFUBMS to
produce nanostructured Cr–Al–N films.

Lin et al. [100] first investigated the ion energy and ion flux change
in the pulsed closed-field dual-magnetron sputtering of Cr–Al–N films. To
demonstrate how the dual-magnetron pulse influences the energy spectra
of the ions, the evolution of the IED in response to pulsing only one target
and pulsing both targets (Cr and Al) asynchronously and synchronously is
considered, see Fig. 7.8(a). A significant increase in ion energy up to 150 eV
and 170 eV were observed when both targets were pulsed asynchronously
and synchronously at 350kHz and 1.4 µs reverse time respectively. On the
other hand, when only one target is pulsed, the ion energy remained at 20 eV
which is similar to that of the threshold of conventional DC sputtering. The
low ion energy region also increases up to 30–40 eV when both targets are
pulsed compared with the 10 eV value when only one target is operated in
pulse mode [Fig. 7.8(a)].

It was also found that a target positive voltage overshoot is developed
at the beginning of the positive pulse period and the positive voltage over-
shoot can result in an increase in the ion energy, which can greatly improve
the film structure and properties due to the increased ion bombardment
of the substrate [91, 100]. The voltage waveforms on the Cr and Al targets
measured when only pulsing one target and pulsing both the Cr and Al
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only Al target and pulsing both targets synchronously and asynchronously at 350 kHz,
1.4 µs, (b) The voltage waveforms of targets for pulsing the Al target at 350 kHz, 1.4 µs
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pulsing both targets asynchronously at 350 kHz, 1.4 µs, and (d) The voltage waveforms
of targets for pulsing both targets synchronized at 350 kHz, 1.4 µs [100].

targets asynchronously and synchronously at 350 kHz and 1.4µs are pre-
sented in Figs. 7.8(b), (c) and (d) respectively. In Fig. 7.8(b), when only
the Al target is pulsed, the Cr target potential has a constant DC negative
value reaching −400V, and the Al target negative potential pulse is peri-
odically interrupted by the positive pulse voltage, which is about 10% of
the nominal negative pulse voltage, 40V in this case. On the other hand,
when both the Cr and Al targets are running in the pulse mode [Figs. 7.8(c)
and (d)], steep and large amplitude positive voltage overshoots appear at
the start of the positive pulse period in both targets and collapse to the
nominal positive pulse voltage value after 200–300 ns. Misina et al. [101]
demonstrated that the total ion energy at the substrate is mostly deter-
mined by the plasma potential. The fast voltage overshoot was observed at
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the beginning of the positive pulse period and contributed to an increase
in the plasma potential and the ion energy. Some physical models have
been proposed to explain the effect of the positive voltage overshoot on the
increased plasma energy [92]. Moiseev and Cameron [102] proposed that at
the beginning of the positive pulse time, a high positive potential is devel-
oped on the targets, and therefore a large electron current is extracted from
the plasma bulk. Due to the slow ion movement, compared with that of elec-
trons, the equilibrium cannot be reached in a short time period, therefore
a negative charge density gradient and a positive charge density gradient
will be created in the plasma bulk resulting in an electron field potential
being established under this charge gradient. Ions will be accelerated by
the electron field potential and will gain energy from it.

In pulsed closed-field dual-magnetron sputtering, the pulsed discharge
can not only change the ion energy but also vary the ion flux in the plasma.
The frequency and duty cycle of the applied pulses play an important role
in determining the ion energy and ion flux because the frequency sets the
timescale of the pulsing cycle, while the duty cycle establishes the time
within the cycle the pulse is set to positive and negative voltage [103].
As a result, different combinations of pulsing frequencies and duty cycles
can change the ion flux and the ion energy values in the plasma, which
has a great influence on the deposition process and the film structure and
properties. Figures 7.9(a) and (b) exhibit the maximum ion energy evolu-
tion (29N+

2 ) as a function of duty cycle at different pulsing frequencies in
the synchronized and asynchronized pulsing modes, respectively. The cor-
responding integrated ion flux values in the two pulsing modes are plotted
in Figs. 7.9(c) and (d) [100].

The ion energy will have higher values when both targets are pulsing at
higher frequencies in most cases. In the asynchronized mode, the maximum
ion energy decreases with increasing the duty cycle at most frequencies
and drops suddenly to the low energy region at certain duty cycles due
to the total separation of the two target positive pulse periods [100], see
Fig. 7.9(b). The ion flux decreases with an increase in the duty cycle at
all frequencies in both the synchronized and asynchronized pulsing modes
[Figs. 7.9(c) and (d)]. As the duty cycle decreases (the positive pulse time
increases), the cathode is switched proportionally to a positive voltage for a
longer period of time, which in turn provides more time for positive ions to
stream away from the target. This increased escape time results in a higher
number of ions gaining the additional kinetic energy available from the
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positive potential switch, thereby increasing the flux of higher energy ions
at the substrate. The negative voltage overshoot developed on the targets
at the beginning of the negative pulse period also contributes to the ion flux
change within the plasma. Bradley et al. [92] investigated the time evolution
of the electron density, the electron temperature, and the plasma potential
using a Langmuir probe in pulsed DC magnetron sputtering. It was found
that both the effective electron temperatures and densities were elevated
during pulse periods compared to the DC equivalent discharge. During the
positive pulse time of the cycle, electrons are drawn to the positive potential
on the target. When the target voltage switches back to negative, these
electrons are now reflected and accelerated back into the plasma, causing a
spike in the electron temperature. Under these latter conditions electrons
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will gain higher kinetic energy from the higher negative voltage overshoot
and may also contribute to ionization.

The change of the plasma composition in pulsed reactive magnetron
sputtering plays an important role in determining the as-deposited coat-
ing composition. During the deposition of Cr–Al–N thin films using P-
CFUBMS, the change in the Cr–Al–N coating composition was found to
be influenced by the Cr+, Al+, and N+ ion fluxes in the plasma, resulting
in improvements in film density, hardness, and stoichiometry [95]. In addi-
tion, some other studies [104, 105] have also demonstrated the importance
of applying a pulsed DC substrate bias to control the film properties, such
as adhesion, texture, morphology, and density of the film.

7.3.2. Microstructure and Properties of Cr–Al–N Coatings

The increased ion energy and ion flux in P-CFUBMS as discussed in the
previous section will strongly affect the structure and properties of the
films. The high ion energy and ion flux will apply additional ion bom-
bardment, increase the mobility of the atoms on the substrate, and reduce
the shadowing effect of the columnar structure, thereby changing the film
growth microstructure. Figure 7.10 shows the cross-section SEM images of
Cr–Al–N films deposited at two ion energy levels by changing the puls-
ing parameters in P-CFUBMS. For ion energy at 20 eV, which is obtained
by pulsing the Cr and Al targets asynchronously at 100kHz and 1.0µs, a
typical columnar structure with grain size of 60nm is observed [Fig. 7.10].

(a) (b)

Fig. 7.10. Scanning electron micrographs of cross section of Cr–Al–N films deposited
asynchronously at: (a) 100 kHz and 1.0 µs (20 eV ion energy), and (b) 350 kHz and 1.4 µs
(150 eV ion energy) [100].
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On the other hand, the film deposited at ion energy of 150 eV, which is
obtained by pulsing both targets asynchronously at 350 kHz and 1.4 µs,
exhibits a denser structure with nanocrystallized and equiaxed grains of
less than 60 nm [Fig. 7.10(b)] [100].

In the case when high ion energy and ion flux bombardment are used
in the film growth, the grain size and the surface roughness of the films
will be reduced. For example, a comparison of the grain size and surface
roughness of Cr–Al–N films deposited by P-CFUBMS through an increase
in ion flux by sevenfold near the substrate region is presented in Fig. 7.11.
Figures 7.11(a) and (b) are the 2D and 3D AFM images of Cr–Al–N film
surfaces deposited at relatively low ion flux. The morphology of film indi-
cates separated mounds of grains of relatively large lateral and vertical sizes
which indicate a large average grain size and porous structure with a sur-
face roughness of about 23.45nm. On the other hand, the mounds become
smaller (<100nm), more continuous when the ion flux is increased by seven-
fold in the plasma, thereby showing more nuclei and a denser microstructure
[Figs. 7.11(c) and (d)] [105].

The high ion energy bombardment created by pulsing in reactive sput-
tering deposition can result in different film surface growth processes. The
most dominant energy impact to the film is the direct implantation of the
energetic ions into the near-surface region. The ions carrying high energy
can be directly implanted into the voids of the growing film. This process
can increase the film density as well as the compressive stress of the film.
The energy imparted to the film also results in increase in the film growth
temperature, and can thus aid in surface diffusion and relaxation, which can
result in a higher defect annealing rate than the defect generation rate in
the film, thereby lowering the film internal stress. The temperature at which
this occurs depends on several factors such as film material, impinging ion
energy. However, as the temperature is increased the thermal stress will
also increase [106]. Another high ion energy effect on the film growth is the
knock-on implantation, which takes place when the incoming particles col-
lide with the surface atoms of the film. The ions with high energy can knock
the surface atoms out of their original lattice positions and move them
deep into the voids (interstitial) of the lattice structure of the film, thereby
increasing film density. The already bonded atoms in the near surface region
of the film may be removed again due to the high energy bombardment,
resulting in re-sputtering, which may change the film growth orientation
and decrease the deposition rate [Fig. 7.10(b)]. A schematic representation
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of the surface processes during the ion bombardment in Cr–Al–N films
deposition is presented in Fig. 7.12 [107].

7.3.3. Properties of Cr–Al–N Coatings

The improved microstructure of films at controlled ion energy and ion
flux levels by pulsing the targets results in significant improvement of
the mechanical and tribological properties. Figure 7.13 shows the increase
in hardness obtained by increasing ion energy from 20 eV to 150 eV in

Fig. 7.11. Two- and three-dimensional AFM images of Cr–Al–N films deposited at: (a)
and (b) relatively low ion flux, (c) and (d) high ion flux [sevenfold higher than in (a)]
[105].
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Fig. 7.11. (Continued)

Cr–Al–N films deposited using P-CFUBMS system. The different maximum
ion energy was achieved by varying the pulsing parameters asynchronously
on the Cr and Al targets [100]. The film hardness increased from 34GPa to
48 GPa when the maximum ion energy in the discharged plasma increased
from 20 eV to 150 eV accordingly. The Young’s modulus of film exhibits a
similar trend.

The improved hardness of the films as using the high ion energy and
ion flux bombardment is directly related to the dense microstructure and
decreased (nanocrystalline) grain size. According to the Hall–Petch rela-
tionship [37, 38], the hardness of the material increases with decreasing
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crystallite size. The contribution of development of internal residual stress
also needs to be considered. The bombarding particles will be implanted in
the growing film resulting in increased defect incorporation, provided their
energy is high enough. The density of defects such as dislocations, point
defects, trapped gases, etc., will strongly affect the stress state of the film.
The variation in the in-plane residual stress as a function of the maximum
ion energy in the discharged plasma is shown in Fig. 7.14 for P-CFUBMS
Cr–Al–N films. The internal stress increases with increased maximum ion
energy in the plasma and develops rapidly when the ion energy is between
72 eV to 130 eV. The film deposited with 150 eV ion energy exhibits a high



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch06

Nanostructured, Multifunctional Tribological Coatings 373

20 40 60 80 100 120 140 160

−2

−4

−6

−8

−10

−12

−14

R
es

id
ua

l s
tr

es
s 

[G
P

a]

Maximum ion energy [eV]

Fig. 7.14. The internal residual stress in Cr–Al–N films as a function of maximum ion
energy incorporated in deposition by P-CFUBMS.

residual stress of ∼13 GPa. Since stresses result from a change in the average
distance between atoms in the lattice away from their equilibrium positions,
the elastic response of the material will change. It is understandable that
highly compressive stressed materials will show large hardness values.
Also, a high defect concentration in a compressively stressed material will
restrict the plastic flow, and thus, be a contributing factor in enhancing the
hardness [106].

The wear-resistance of hard films is determined by many parameters
such as contact geometry, surface roughness, applied load, adhesion, etc.
Usually for hard coatings, with a combination of good surface finish and
adhesion strength, the wear mechanism is mainly governed by the surface
interaction between the tip and the coating itself. On the other hand, if
there is a low adhesion strength between the film and the substrate, the
adhesion of the film will totally control the wear properties. The steady-
state coefficient of friction (COF) value and calculated wear rate of Cr–Al–N
films deposited in asynchronized mode with different maximum ion energy
are plotted in Fig. 7.15. The COF and wear rate of Cr–Al–N films increased
with an increase in the maximum ion energy.

Figure 7.16 are optical photomicrographs of the wear track of Cr–Al–
N films deposited at different ion energy values after sliding against 1 mm
WC ball at a load of 3N for 100 meters travel length. The films deposited
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Fig. 7.16. Optical photomicrographs of wear tracks of Cr–Al–N films deposited at dif-
ferent ion energies after sliding against 1mm WC ball at a load of 3N for 100 meters
travel length.

with maximum ion energy of 23 eV and 72 eV exhibit good wear-resistance,
and there are no obvious defects inside the wear tracks [Figs. 7.16 (a)
and (b)]. On the other hand, the films deposited with 150 eV ion energy
bombardment exhibit extensively abrasive wear (black area) and cracking
in the wear track [Fig. 7.16(c)].

In the case of high ion energy and ion flux assisted deposition, the
increased ion energy and ion flux can facilitate the ion bombardment on
the substrate, increase the mobility of the atoms on the substrate surface,
resulting in a denser film with decreased grain size, and films with super-
hardness (Fig. 7.13). The superhard Cr–Al–N films deposited at high ion
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energy and ion flux (hardness above 40GPa) can change the wear behavior
between the film and the WC ball. Since the hardness of the WC ball (16–
20GPa) is much lower than the superhard Cr–Al–N films (48GPa in this
case), the main abrasive wear body can switch from the coating to the WC
ball, and this was confirmed from SEM observations of the WC ball after
the wear test. Therefore, the increased contact surface between the WC ball
and the films due to the ball wear can result in an increase in the COF of the
films, nevertheless the film can still have a low wear rate due to the super-
hardness of the film. However, if the film receives excessive ion energy and
flux bombardment, the internal residual stress and concentrations of point
and line defects in the films will increase. Excessive high residual stress and
point defect concentration can reduce the film toughness and increase the
brittleness of the film, thereby reducing the film wear-resistance. There-
fore, care should be taken to control both the ion energy and ion flux
during film deposition in P-CFUBMS to achieve both high hardness and
wear-resistance in the film. The high in-plane stress built up with excessive
ion bombardment can be converted to a stress gradient by depositing com-
positionally graded structure between the substrate and film, and varying
the pulsing conditions throughout the deposition processes.

8. Concluding Remarks

A number of multicomponent, nanostructured coatings have been prepared
and summarized for a range of tribological applications. The relation-
ship among processing, structure, properties, and performance of nanos-
tructured coating systems: Ti–Al–N, Ti–Al–Si–N, Ti–B–C–N, Ti–Si–B–
C–N, Cr–Al–N produced by various deposition processes, such as unbal-
anced magnetron sputtering (UBMS), hybrid coating system of cathodic
arc evaporation (CAE) and magnetron sputtering (MS), pulsed closed-field
unbalanced magnetron sputtering (P-CFUBMS), and high-power pulsed
DC magnetron sputtering (HPPMS) was discussed with concepts of design
for their industrial application in detail. In each case, the coating system
needs to exhibit a range of tribological properties to meet the required
application, such as high wear-resistance, low friction coefficient, self-
lubrication, high oxidation and/or corrosion resistance. In particular, the
effect of the film chemistry, pulsing the magnetron and utilizing a closed-
field configuration was discussed as suitable control parameters in tailoring
the structure and properties of the coatings to meet specific tribological
applications.
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CHAPTER 7

NANOCOMPOSITE THIN FILMS FOR SOLAR
ENERGY CONVERSION

Yongbai Yin

Solar Energy Group, Physics School
University of Sydney, NSW 2006, Australia

yyin@Physics.usyd.edu.au

1. Introduction

Nanocomposite thin films are widely used in solar energy conversion appli-
cations. There are several important technologies that have been developed
for converting solar radiation energy into other conventional energy forms,
such as heat, electricity, and hydrogen. Until now, the most promising tech-
nologies for solar energy conversion include solar thermal conversion and
solar cells electricity generation. For example, in 2004 installed solar ther-
mal systems were equivalent to 9 GWTH. Solar hot water systems counted
for most of the solar thermal market. Other applications in solar thermal
conversion include solar air conditioning, solar thermal electricity genera-
tion, etc. Both solar thermal and solar cells electrical conversion products
have had an annual growth rate of approximately 30% in the last 5 years.
The growth trend is expected to continue in the next two decades, owing to
the momentum to reduce the greenhouse effect and in response to the pres-
sure of increasing energy demand worldwide. In this chapter we will take
solar thermal and solar electrical energy conversion as application examples
of nanocomposite thin film materials.

2. Solar Thermal Energy Conversion Nanocomposite Thin Films

2.1. Solar Thermal Energy Conversion Thin Films

The principle of solar thermal conversion of thin films or coatings relies on
the properties of high absorption of solar radiation and low thermal emission

381
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at their operating temperatures. Solar radiation is in the wavelength region
between 0.3 and 2.5 µm. The thermal radiation region can be generally
expressed as an analogue to the well-known black body radiation spec-
trum. For example, for surfaces less than 300◦C the radiation spectrum is
mainly in the wavelength range between 5 and 100 µm. The well-separated
wavelength regions enable the possibility to absorb solar radiation selec-
tively and to emit much less thermal radiation than a blackbody at the
operating temperature, resulting in increase of net thermal energy output.

All surfaces emit thermal radiation unless they are at absolute zero tem-
perature. Figure 2.1 illustrates the solar radiation spectrum and emission
spectra of a blackbody surface at different temperatures. In Fig. 2.1 the
solar radiation distribution has air mass of 1 (AM1.5), and the blackbody
radiation spectra are for temperatures of 100, 300 and 400◦C respectively.
Ideal solar thermal surfaces absorb the most of incident solar radiation while
simultaneously suppressing emittance itself, corresponding to the step func-
tion of the reflectance spectrum (dashed line to indicate a step function for
absorption spectrum) as shown in Fig. 2.1. The feature of selectively absorb-
ing solar radiation and suppressing thermal radiation is referred commonly
as “solar thermal selective surfaces” for the solar thermal energy conversion
surfaces.

Mathematically, we can use the performance parameters of solar absorp-
tance and thermal emittance to quantify the selectivity. The solar absorp-
tance and thermal emittance may depend on incident or emitting angle,
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Fig. 2.1. The solar radiation distribution air mass 1.5 (AM1.5) and the blackbody
spectra for the temperatures of 100, 300 and 400◦C.
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wavelength, and operating temperature. The angular dependent solar
absorptance α and thermal emittance ε are defined, respectively, by inte-
gration of the whole wavelength region:

α(θ) =
∫ ∞

0

A(λ)[1 − R(θ, λ)]dλ
/∫ ∞

0

A(λ)dλ, (2.1)

and

ε(θ, T ) =
∫ ∞

0

E(T, λ)[1 − R(θ, λ)]dλ
/∫ ∞

0

E(T, λ)dλ. (2.2)

In Eqs. 2.1 and 2.2, A(λ) is the solar spectral irradiance, and E(T, λ) is
the spectral blackbody emissive power. R(θ, λ) is the angular dependent
spectral reflectance. Integrating the angular emittance, the hemispherical
emittance εh is given by

εh(T ) =
∫ π/2

0

sin(2θ)dθ

∫ ∞

0

E(T, λ)[1 − R(θ, λ)]dλ
/ ∫ ∞

0

E(T, λ)dλ.

(2.3)

The solar absorptance in general depends on solar radiation angle distribu-
tion. Solar radiation at the surface of the Earth consists of mainly two com-
ponents: direct radiation and diffused radiation. The direct radiation has
very little angular dependence, commonly less than 1◦. The diffused radia-
tion is approximately independent of incident angle. The intensity ratio of
the direct radiation to the diffused radiation depends mainly on the con-
dition of clouds, particles in the atmosphere, humidity, and the objects on
the ground surface. For simplicity, the absorptance of solar selective surface
can be calculated by integrating the wavelength dependent absorptance in
the wavelength region from 0.3 to 3.0 µm without considering the angu-
lar dependence, and the emittance is calculated in the range of 1–50µm
for a given temperature. The photothermal conversion efficiency η can be
calculated using the following formula,

η = α − εησT 4/(CI), (2.4)

where σ, T , C, εη, and I are the Stefan–Boltzmann constant, operating
temperature, concentration factor, hemispherical emittance, and solar radi-
ation intensity, respectively. The concentrate factor is different from unity
when a reflector or mirror is used to concentrate or de-concentrate solar
radiation for the solar selective surface. A higher value of C gives higher
solar thermal conversion efficiency.
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The use of the concept of solar selective surfaces can be traced back
as early as the 1950s [1]. Selective solar absorbing surfaces were commonly
made of composite thin film materials, which were realized later on to
most likely be nanocomposite thin film materials. The first researchers who
discovered or reported the nanocomposite feature of solar selective surfaces
may have been Niklasson and Granqvist [2]. On the other hand, the optical
theory of nanocomposite materials was established early last century. In
Sec. 2, we will discuss the theories, development, and current topics of
interest in the community of nanocomposite thin films in solar thermal
energy conversion.

2.2. Theories of Nanocomposite and Nanoparticles in Solar

Thermal Energy Conversion

The optical properties of an inhomogeneous (or composite) medium can be
described by a complex dielectric function and a complex magnetic perme-
ability, which are both a function of position. In a two-component metal
and insulator mixture, the dielectric function has two possible values, εm at
the metal as the Drude dielectric function with ωp as the plasma frequency
and τ for the relaxation time for electrons, and εi at the insulator, which
is a frequency independent real number.

The characterization of the inhomogeneous nanocomposite medium
(Fig. 2.2) by these two dielectric functions is not straightforward, and
requires knowledge of the exact geometrical arrangement of the constituents
of the material. However, when the wavelength of the electromagnetic
radiation is much larger than the metallic particle size, classical theories
of inhomogeneous media presume that the material can be treated as a
homogeneous substance with an effective dielectric function and effective

inhomogeneous medium effective medium

mε iε effε

Fig. 2.2. An inhomogeneous system containing nanoparticles is replaced by an (virtual)
effective medium.
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magnetic permeability. These quantities depend upon the properties of the
constituents, as well as their volume fractions and sizes [3].

The most commonly used effective medium theory (EMT) is the
Maxwell–Garnett Theory (MGT), which is also known as the Clausius–
Mosotti relation [4]. The MGT theory was developed about 100 years ago.
In the derivation of the Maxwell–Garnett theory, the particle size of metal
was assumed to be approximately less than one tenth of the wavelength.
Solar radiation is peaked at a wavelength of about 550nm, so that it requires
metal particles sizes which are less than 55 nm. For solar thermal energy
conversion applications, wavelengths can be as short as about 300 nm. Tak-
ing one tenth of the wavelength as the size of the particles to satisfy the
requirement of “much larger”, the size of metal particles would be less than
30 nm, which means it must be considered as a nanocomposite medium.

The terminology of the “nanocomposite” thin films for solar selective
surfaces was not used until quite recently. In the last 30 years, “metal
particles”, “small particles”, and “ultrafine particles” were frequently used,
which basically had the same definition as “nanoparticles” today, and the
concept of composite medium thin films has effectively the same definition
to the concept of “nanocomposite thin films” we are using today and discuss
in this book.

Essentially, the MGT theory is a modification of the Lorentz–Lorenz
Formula for small particles as the first approach to consider the local field.
It resulted from averaging the electric fields and polarizations induced by
the applied electric field in the composite medium. The Maxwell–Garnett
geometry is shown in Fig. 2.3 and visualizes: the quasi-static approximation
— static with respect to the interaction of light with particles if 2R/λ � 1;
and dynamic with respect to the dielectric properties of the free electrons
in the inclusions. The circle with radius R shows the Lorentz cavity.

Another commonly used theory is a symmetric self-consistent model
known as the effective medium approximation (EMA) or Bruggeman The-
ory [5]. At low volume fractions of metallic particles, MGT and EMA lead
to very similar results of the effective dielectric constants, but EMA ensures
validity at higher volume fill fractions of metal particles since it treats both
constituents symmetrically [6]. Below we introduce the approaches that lead
to the MGT theory.

For a linear dielectric, the polarization P̄ is proportional to the total
macroscopic field Ētotal:

P̄ = ε0χeĒtotal. (2.5)
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Fig. 2.3. The geometry of a Maxwell–Garnett composite material.

The polarization of the dielectric is equal to the vector sum of the polar-
ization P̄ of the individual atoms or molecules:

P̄ = Np̄, (2.6)

where N is the number of atoms or molecules per unit volume. The polar-
ization of an individual atom or molecule is proportional to the microscopic
field at the position of the atom or molecule due to everything except the
particular atom or molecule under consideration:

p̄ = αĒelse. (2.7)

The dipole moment of the atom or molecule will generate an electric field
at its center equal to

Ēself = − 1
4πε0

p̄

R3
, (2.8)

where R is the radius of the atom or molecule. The total macroscopic field
seen by the atom or molecule is therefore equal to

Ētotal = Ēself + Ēelse = − 1
4πε0

αĒelse

R3
+ Ēelse =

(
1 − 1

4πε0

α

R3

)
Ēelse

=
(

1 − Nα

3ε0

)
Ēelse, (2.9)

where N is the number of atoms per unit volume. The total polarization of
the dielectric is thus equal to

P̄ = Np̄ = NαĒelse =
Nα(

1 − Nα
3ε0

) Ētotal = ε0χeĒtotal. (2.10)
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Therefore,

χe =
Nα
ε0(

1 − Nα
3ε0

) =
3Nα

3ε0 − Nα
. (2.11)

This equation can be rewritten in terms of the dielectric constants K and
α as

K − 1 =
3Nα

3ε0 − Nα
, (2.12a)

or

α =
3ε0

N

K − 1
K + 2

. (2.12b)

This equation shows that a measurement of the macroscopic parameter K

can be used to obtain information about the microscopic parameter α. This
equation is known as the Clausius–Mossotti formula or the Lorentz–Lorenz
equation.

The different effective medium theories available all have the same ori-
gin, i.e. Maxwell’s equations for the static limit. For example, the Brugge-
man theorem [5] simply resulted from this fact. The theorem connects the
effective dielectric function of a two-phase composite with the geometry
information about the composite, described by the spectral function G(L),
and the dielectric functions of the two components:

εeff = ε2

(
1 − f

∫ 1

0

G(L)
t − L

dL

)
, (2.13)

where f is the volume filling factor of component 1, and t = ε2
ε2−ε1

.
In words, the theorem states that all possible geometric resonances of a

two-phase composite occur for real values of the variable t in the interval
[0, 1]; with the integration over L one scans all possible resonance posi-
tions, and whether a resonance occurs or not is determined by the spectral
function G(L) which carries all geometry information.

The spectral representation clearly distinguishes between the influence
of the geometrical quantities and that of the dielectric properties of the
components on the effective behavior of the system. The spectral represen-
tation generally holds as long as the quasistatic approximation is valid. No
further restriction has to be made.

Though the spectral function G(L) is basically unknown for an arbitrary
two-phase nanocomposite, it is analytically known that it can be numeri-
cally derived for the existing mixing rule. As each spectral function has to
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be non-negative, normalized to unity in the interval [0, 1], it should obey
(for isotropic systems) the first moment equation

∫ 1

0

LG(L)dL =
1 − f

3
. (2.14)

The derivation of G(L) and the checking of whether these restrictions are
fulfilled or not is useful to validate any mixing rule. Note, there are some
mixing rules in the literature, which are not correct with respect to the
Bergman spectral representation. For example, the spectral function for
the mixing rule by C. Böttcher [7].

For

εeff − ε2

3ε1
= f

ε1 − ε2

ε1 + 2ε2
, G(L) = 3δ(L) − 2δ

(
L − 1

3

)
(2.15)

which fulfils only the normalization restriction.
In the following, we give some examples of the mixing rules:

1. Bruggeman model [5]:

f
ε1 − εeff

ε1 + 2εeff
= (f − 1)

ε2 − εeff

ε2 + 2εeff
. (2.16)

2. Maxwell Garnett model [4]:

f
ε1 − ε2

ε1 + 2ε2
=

εeff − ε2

εeff + 2ε2
. (2.17)

3. Looyenga model [8]:

ε
1/3
eff = fε

1/3
1 + (1 − f)ε1/3

2 . (2.18)

Experimentally determining the optical constants of nanocomposite thin
films is always desirable. Though theoretically the optical constants of
nanocomposite thin films can be determined experimentally, many issues
were become significant for accurately determining the optical constants
both technically and theoretically. Ellipsometry is primarily used to mea-
sure film thickness and optical constants n and k. In recent years, the
development and use of spectroscopic ellipsometry has made this technique
attractive. Both n and k vary with wavelength and temperature, and are
needed to describe real materials as the solar thermal selective surfaces are
used at different temperatures. Here n is the refractive index of a sample,
which gives us the propagation speed of the wave through the sample and
direction of propagation. The k is the extinction coefficient which relates
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how much of the energy of the wave is absorbed in a material. These two
values vary with wavelength and together form the complex refractive index:

ñ(λ) = n(λ) + i · k(λ). (2.19)

The values n and k describe the material’s responses to light. There is
an equivalent definition that describes the interaction of light with the
material. Alternatively, it can be described using the complex dielectric
function:

ε(λ) = ε1(λ) + i · ε2(λ). (2.20)

ε1 is the volume polarization term for induced dipoles and ε2 is the volume
absorption related to carrier generation. These equations are just different
ways of defining the same information. One can convert between the two
forms by using the equations below:

n =

√√√√
[
ε1 +

√
(ε2

1 + ε2
2)

]
2

, k =

√√√√
[
−ε1 +

√
(ε2

1 + ε2
2)

]
2

. (2.21)

Optical absorption of nanocomposite materials is a function of their optical
constants. In general, n is a non-zero constant and k can be close to or
equal to zero. Increasing the k value from zero, nanocomposite materials
are firstly becoming more and more absorbing in the solar radiation region,
then the absorption decreases in this region when further increasing the k

value. A similar trend can be found in the infrared region with a different k

value for the maximum absorption. Figure 2.4 illustrates the dependence,
using a nanocomposite material 30 nm thick and with n = 2.0.

Applying Bruggeman theory, Yin and Collins [9] simulated solar ther-
mal selective surfaces using molybdenum and aluminum oxide composite
materials. Figure 2.5 shows the simulated spectra for two optimized cases
of metal volume fraction profile: graded profile and two-layer profile. The
graded profile has a profile where the metal volume fraction increases con-
tinuously from the top surface to the substrate. The two-layer profile has
two uniform cermet layers with an antireflection dielectric layer at the top;
the first cermet layer deposited near the substrate has a higher metal vol-
ume fraction than that of the layer deposited sequentially. Excellent solar
absorption selectivity is shown in the figure.

Solar thermal selective surfaces using Al2O3/Mo nanocomposite mate-
rial were deposited using the co-evaporation of electron beam technique
[10]. Examples of high performance solar selectivity surfaces were obtained
as shown in Fig. 2.6.
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Fig. 2.4. Absorption spectra of a free-standing 30 nm thick nanocomposite thin film as
a function of extinction coefficient, assuming the refractive index n is a constant and
equal to 2.0.

Fig. 2.5. The simulation results of optimized reflectance spectra for the Al2O3/Mo
selective surfaces (a) with two-layer of nanocomposite materials; and (b) with a graded
nanocomposite profile [9].

2.3. Complications in Nanocomposite Thin Film Materials

in Solar Thermal Selective Surfaces: The Effects of

Particle Size, Shape, and Orientation

Many researchers have investigated the optical properties of materials
by incorporating nanoparticles of metals, such as gold, silver, and nickel
[11, 12]. It appears that the first paper to discuss or to address the concept of
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Fig. 2.6. A near normal reflectance spectrum (+) for a deposited film (FMoD8a) with
a two-layer of Mo-Ai203 cermet structure. Two calculated normal reflectance spectra are
also included for comparison, the dashed line (F5058Mo) and the solid line (F5579Mo),
with the same basic film structure: a low Mo metal volume fraction (f = 0.34) layer on
a high Mo metal volume fraction (f = 0.53) layer with a Cu metal thermal reflector and
a 80 nm Al203 anti-reflection coating [10].

nanocomposite materials in solar thermal selective surfaces was by Niklas-
son and Granqvist [2]. Using transmission electron microscope, they mea-
sured chrome particle size, embedded in chrome oxide, ranging between
4 and 15 nm. Similar diameters of chrome nanoparticles in chrome oxide
matrix were also reported by Fan [13]. The dimension of nanocrystalline
particles, similar to their findings, in solar selective surfaces was commonly
known in other solar selective materials, for example, nickel particle in nickel
oxide matrix [14].

Both MGT and EMA assume the embedded particles are very small
and spherical. This simple approach was widely adopted since the begin-
ning of the development of solar selective surfaces, and the complication
of nanocomposite thin films in solar thermal surfaces was not investigated
until recently. The apparent driving force for investigating these effects was
the discrepancy between prediction and experimental observation of metal
volume fraction.

Most notably it was found that the predicted metal volume fraction was
often lower than the actual fraction observed in experiments, as reported for
example, by Yin and Collins [9] and Zhang et al. [10]. In this experiment,
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the molybdenum metal particles were co-evaporated and embedded in alu-
minium oxide dielectric. Quartz thickness monitors were used to monitor
deposition rates of molybdenum and aluminium oxide respectively by using
a partition in the vacuum chamber to prevent seeing the other counterpart
evaporation source during the co-evaporation. The measured value of metal
volume fraction was found to be as much as 50% higher than the predicted
value using the Bruggeman model. Similar phenomena were also observed
by the authors using other metals.

It was well understood that solar cermet selective surfaces were based
on the optical properties of nanocomposite materials. However, for a long
period of time the understanding of the optical proprieties of nanocomposite
materials was limited to the effect of metal particle volume fraction, as
originally expressed in the Maxwell–Garnett equation, for example, and to
the assumption that the particles consisted of very small and spheres. In
recent years, a number of attempts were made to determine the effects of
particle size and shape on the optical properties. We will now discuss the
progress made below in this direction.

When the size of the embedded metal particles becomes larger (more
than 50 nm), it is necessary to consider the effect of multiple scattering of
light in the materials in the visible and near infrared. Arancibia-Bulness
et al. [15] studied the effect of particle size theoretically, using the Lorenz–
Mie scattering theory for particle sizes from 50 to 130nm. They found when
the particle size increases, the absorption and scattering cut-off shifts to
higher wavelengths, which is accompanied with a reduction in the maximum
of the scattering and absorption efficiencies.

Scaffardi and Tocho [16] studied the size dependence of the refractive
index of gold nanoparticles in the range of a few nanometers, which can be
regarded as a nanocomposite material of gold in the medium of air or as a
low refractive index medium such as a solvent. They obtained the extinction
spectra of spherical gold nanoparticles suspended in a homogeneous media.
This work discussed the separated contribution of free and bound electrons
on the optical properties of particles and their variation with size for gold
nanoparticles. The effects of dielectric function and its changes with size on
extinction spectra near plasmon resonance were considered. For the bound
electron contribution, two different models were analyzed to fit the extinc-
tion spectra. On the one hand, the damping constant for the inter-band
transitions and the gap energy were used as fitting parameters, and on the
other, the electronic density of states in the conduction band was made size-
dependent. For the first case, extinction spectra corresponding to particles
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with radius R = 0.7 nm were fitted using two sets of values of the energy gap
and damping constant: Eg = 2.3 eV and γ = 158 meV/� or Eg = 2.1 eV and
γ = 200 meV/�. For the second case, a simple assumption for the electronic
density of states and its contribution to the dielectric function in terms of
size allowed adjustment of extinction spectra for all samples studied (from
0.3 to 1.6 nm radius). This last case uses only one parameter, a scale factor
R0 = 0.35nm, that controls the contribution of the bound electrons of the
nanoparticles in the composite. Contrast between the maximum and the
minimum in the extinction spectra near the resonance at 520 nm or alter-
natively the broadening of the plasmon band can be used to determine the
size of gold nanoparticles with radii smaller than 2 nm.

Simulation was conducted using the dynamical Maxwell–Garnett
expression, which is based on the simple Maxwell–Garnett equation with
an empirical parameter for convenience of consideration of particle size,
shape, and orientation [17, 18]. G.B. Smith et al. [19] analyzed the effect
of columnar structured nanocomposite cermet materials on solar spectral
response. They concluded that the simple MG model and its variety of
extensions may be erroneous for particle shape predictions. It is possible
in nanocomposite cermet to model data with these expressions that give
similar appearance and mathematical structure. However, the parameters
used in fitting are not those commonly used models. However, since then
little progress has been made in understanding in details of the effect of
nanoparticle shape.

The effects of particle size and shape may not be able to account for
all these differences between the simple MGT model as well as its exten-
sions and experimental findings. There are a few important factors worth
great attention. Firstly, the microstructure and crystalline orientation of
the nanocrystals or nanoparticles may depend on deposition parameters
and the host dielectric medium. The microstructure and crystalline orien-
tation can affect the optical properties of the nanoparticles. Secondly, the
interface between the embedded particles and the host dielectric medium
may not be ideal as assumed by Maxwell–Garnett theory. Take the exam-
ple of molybdenum metal particles co-evaporated and embedded in alu-
minium oxide dielectric, the interface layer between the molybdenum and
aluminium oxide may actually be a layer of oxygen deficient molybdenum
oxide and oxygen deficient aluminium oxide respectively. Thirdly, when
metal volume fraction becomes large, the separation between particles is
small, eventually being connected to each other, and the range of particle
size will likely become much wider.
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The contacts between adjacent nanoparticles form larger “particles”.
When this occurs, the physical mechanisms which govern the optical con-
stants become more complicated. Recently, a numerous of studies were
conducted on this matter. For example, in [20] the dependence of opti-
cal constants on crystal size was studied in well-connected metallic thin
films. This is an important direction for understanding optical properties
of nanocomposite thin film materials.

It is a challenge to study the optical constants of the nanoparticles in
composite thin films. For this reason, in the MGT model and its extensions,
the optical constants of metallic particles are often assumed to be those of
bulk materials, in particular, in the wide wavelength range for solar thermal
selective surfaces. Due to the recent availability of infrared spectroscopic
ellipsometry, characterization of the effect of nickel film thickness on its
optical properties in the infrared region was attempted [20]. In that work,
the infrared optical constants of magnetron sputtered nickel thin films were
studied as a function of film thickness from a few to a few tens of nanome-
ters, nanocrystalline size, orientation, roughness, and electrical properties.
Transmission electron microscopy (TEM) analysis was also conducted, in
which it was found that a thin layer of amorphous nickel film was present at
the interface with the silicon (001) substrate. The authors [20] concluded
that this thin layer of amorphous nickel contributed to the difference in
optical constants from that of thick nickel films. The TEM photo is shown
in Fig. 2.7.

The band near the interface between the silicon and nickel film is about
6 nm thick. Similar sized nanocrystals on the top of the band are easily
identified. The 6 nm thick band of the nickel amorphous layer indicated
a strong surface interaction at the initial deposition of the thin layer. In
solar thermal cermet selective surfaces, the metallic particles may be as
small as a few nanometres. The results from the infrared ellipsometry and
TEM analysis thus suggested that it is questionable to use optical constants
of bulk nickel for nanosized nickel thin films or particles in solar thermal
selective surfaces.

It is advantageous for solar thermal selective surfaces to operate at
medium or high temperatures in air to simplify solar energy system design
and to reduce the cost. Prolonged heating of solar selective surfaces in air
at medium or high temperatures can result in changes of particle size, ori-
entation, metal volume fraction, particle shape, etc. Further understanding
of the effects of such changes on the optical and mechanical properties is
required.
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Fig. 2.7. TEM cross-section image of nickel film on a silicon substrate (the amorphous
band near the silicon surface is about 6 nm thick).

3. Nanocomposite Thin Films in Solar Electrical Energy
Conversion

3.1. Photovoltaic Solar Electricity Generation

Solar electricity generation is based on one of the most important discov-
eries of the last century on photoelectrical phenomenon, which is called
photovoltaic (PV) effect and is the principle mechanism of solar cells. The
first conventional photovoltaic silicon cells were produced in the late 1950s,
and throughout the 1960s were principally used to provide electrical power
for earth-orbiting satellites. In the 1970s, improvements in manufactur-
ing, performance and quality of PV modules helped to reduce costs and
opened up a number of opportunities for powering remote terrestrial appli-
cations, including battery charging for navigational aids, displays or signs,
telecommunications equipment and other critical low power needs. In the
1980s, photovoltaics became a popular power source for consumer elec-
tronic devices, including calculators, watches, radios, lanterns and other
small battery charging applications. Following the energy crisis of the 1970s,
significant efforts began to develop PV power systems for residential and
commercial uses both for stand-alone, remote power as well as for utility-
connected applications. During the same period, international applications
for PV systems to power rural health clinics, refrigeration, water pumping,
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telecommunications, and off-grid households increased dramatically, and
remain a major portion of the present world market for PV products. In
the last few years, the PV industry had an average annual growth rate over
30%. Over the last decade, there has been a rapid improvement in solar
electrical energy conversion efficiencies as shown in Fig. 3.1.

A typical silicon PV cell is composed of a thin wafer consisting of a layer
of phosphorus-doped (N-type) silicon on top of a thicker layer of boron-
doped (P-type) silicon, as shown in Fig. 3.2. An electrical field is created
near the top surface of the cell where two materials are in contact, which is
called the P–N junction. When sunlight radiates the PV cell, this electrical
field provides momentum and direction to light-stimulated electrons and
holes, resulting in a flow of net current when the solar cell is connected to
an electrical load.

A typical crystalline silicon solar cell produces about 0.5–0.6 Volts at
open-circuit or no-load conditions. The current and power output depends
on the efficiency and size (surface area exposed to solar radiation) of the
solar cell, and is proportional to the intensity of sunlight at the surface of

Fig. 3.1. Historical events of reported best solar electrical energy conversion efficiencies
of different type of solar cells. The data labels are the organisations, which reported the
data [21].
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Fig. 3.2. Schematic diagram of a silicon solar cell.

the cell. For example, under peak sunlight conditions a typical commercial
PV cell with a surface area of 100 cm2 and an efficiency higher than 20%
will produce more than 2 watts.

Solar cells can be classified as crystalline (or multicrystalline) solar cells,
thin film solar cells, and hot-carrier junction solar cells. The crystalline
(or multicrystalline) solar cells generally do not consist of nanocomposite
materials except for antireflection thin film coatings and metallic contact
materials. Thin film solar cells are usually based on nanocomposite thin
films, although it is desirable to grow larger sized crystals in order to reduce
recombinations caused by boundary defects of smaller crystals. This is a
well-studied topic for some solar cell materials. For example, simulation
was done by Kazmerski et al. [22] on the effects of grain boundaries in
CuInSe2 thin film solar cells, showing that minority carrier lifetime reduces
at about the same order of magnitude as the diameter of grain size.

However the advantage of a very low recombination coefficient in larger
crystal size solar cells is often a trade-off with their commonly lower absorp-
tion coefficient so that a thicker film is needed in order to achieve the same
solar absorption. For example, in bulk silicon solar cells the required silicon
material is about two orders of magnitude more than thin film silicon solar
cells, which increases the cost and creates the issue of market availability
of silicon material for large quantity production of bulk silicon cells. For
this reason, one of the important research topics in thin film solar cells is
to nanocrystallize the solar absorbing thin film materials, which we will
discuss further in the next section.

Another kind of “thin film” solar cells are dye-sensitized solar cells
(DSSC), as noted in Fig. 2.7 as organic solar cells. Dye-sensitized solar



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch07

398 Y. Yin

cells are relatively new, and are also called bulk heterjunction solar cells.
The heterjunction of these kind of cells is not a flat or planar interface as
in thin film or bulk solar cells. The materials are prepared from nanopar-
ticles and connected to an electrode while the counter electrode is con-
nected through a medium contacting the surfaces of these nanoparticles,
taking advantage of the large surface area. For example, a dye-adsorbed
nanoporous TiO2 (formed using nanoparticles) is prepared on transpar-
ent conductive oxide, then immersed in an electrolyte containing a redox
couple and placed on a platinum counter electrode. Here, the energy con-
version efficiency is determined by (1) light harvesting efficiency, (2) charge
injection efficiency, (3) electron transport and collection efficiency in TiO2

electrodes, and (4) hole transport and collection efficiency in electrolytes.
As for light harvesting efficiency and charge injection efficiency, a series
of ruthenium dyes with carboxylic groups show wide absorption and high
injection efficiency.

Hot-carrier junction solar cells were proposed recently, but do not yet
have a prototype cell produced. A hot-carrier junction solar cell splits the
cells into many layers to selectively convert photons into electrons or holes
with approximately the same energy of the photons. The activated “hot”
electrons or holes pass through the interfaces of the layers or between “quan-
tum” dots by quantum hopping without loss of energy in the interfaces or
the thin layers.

The advantages of nanocrystals or nanocomposite materials in photo-
voltaic devices are still far from well understood. The natural advantage in
thin film solar cells is that nanocrystalline thin film provides better elec-
tronic transportation properties than amorphous materials. For this reason,
efforts were made on obtaining larger sized crystals than “nano” size. The
compromises for this approach include the thickness limitation and reduc-
tion of absorption coefficient of large sized crystals. In the following section
of this chapter we will discuss the nanocomposite properties to cover thin
film solar cells, dye-sensitized cells, and the “hot carrier” concepts.

3.2. Nanocomposite Materials in Thin Film Solar Cells

3.2.1. Hydrogenated Nanocrystalline Silicon Solar Cells

There are many different thin films solar cells, among them, amorphous
hydrogenated silicon solar cells (a-Si:H) are one of the most well-studied
solar energy conversion devices. a-Si:H based solar cells are successfully
mass produced in production of thin film photovoltaic solar panels. The
advantages of a-Si:H based thin film solar cell over conventional crystalline
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silicon solar cell are: (1) use of large area inexpensive substrates such as
glass, polyimide, and stainless steel foils, (2) use of very thin a-Si:H or silicon
germanium alloy (a-SiGe:H) layers deposited by glow discharge methods,
(3) capability of automatic controlled mass production such as roll-to-roll
deposition, and (4) feasibility of building integration. As this technology is
not affected by the shortage of silicon raw material faced by the crystalline
silicon (c-Si) solar cell manufacturing, the manufacturing capacity of a-Si:H
solar panels has increased dramatically in the last a few years. However,
the shortcomings of lower efficiency and light-induced degradation caused
by the Staebler and Wronski effect [23] in a-Si:H based solar cells may
limit the reduction of manufacturing cost and further penetration of a-Si:H
solar panels in the market. With current technologies, a-Si:H single-junction
solar panels show an initial aperture–area efficiency of ∼8–8.5% with about
30–40% light-induced degradation in conversion efficiency. A spectrum split
triple-junction cell structure with a-SiGe:H in the middle and bottom cells
can increase the initial cell efficiency and improve the stability against light
soaking [24, 25]. Currently, the a-Si:H/a-SiGe:H/a-SiGe:H triple-junction
solar panels in the market shows an initial aperture-area efficiency of ∼10%
with ∼15% light-induced degradation.

In order to improve the conversion efficiency and the stability of a-Si:H
based solar cells, hydrogenated microcrystalline (µc-Si:H) or nanocrys-
talline (nc-Si:H) silicon solar cells have attracted significant attention in
the last ten years since their first invention in the early 90s by the group
at the University of Neuchâtel in Switzerland [26–29]. In the literature, the
terms µc-Si:H and nc-Si:H are used interchangeably without clearly defining
their difference. In the early stage, µc-Si:H was more popular for indicating
small or tiny crystallites included in the amorphous matrix or tissues. In
recent times, however, the term nc-Si:H has been gradually accepted and
commonly (or correctly) used in the community due to crystalline size of
the order of a few nanometers to a few tens of nanometers. In addition,
other nanometer structures show a lot of unique properties and the study
of nanometer related phenomena has become one of the most active fields
in science and technology. It appears that use of nc-Si:H is more precise and
easy to be aligned with other nanotechnologies. Therefore, we use nc-Si:H in
the rest of the chapter. In this section, we will review studies in nc-Si:H fab-
rication, characterization for material structure and transport properties,
and progress in solar cell application.

The first report of nc-Si:H appeared in the late 1960s. Veprek and
Marecek used a chemical vapor transport method to deposit nc-Si:H



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch07

400 Y. Yin

films [30]. Later on, radio frequency (RF) 13.56MHz glow discharges, called
plasma enhanced chemical vapor deposition (PECVD) were used [31, 32].
In the early stage, the nc-Si:H materials showed an n-type character with
the Fermi energy level close to the conduction band edge, which is probably
due to unintentionally incorporated impurities such as oxygen. Therefore,
nc-Si:H was first used as doped layers by adding phosphorus for n layer
or boron for p layer [33, 34]. Using nc-Si:H-doped layers, especially nc-
Si:H p layer, has significantly increased the open-circuit voltage of a-Si:H
solar cells and reduced the loss at the tunnel-junction in multi-junction cell
structures [23, 34]. With the reduction of the impurity level by using a clean
deposition system and purifying the gases used for the deposition, intrin-
sic or near intrinsic nc-Si:H can be made for the absorbing layer in solar
cells [26–28], which is the most important work done by Neuchâtel’s group.
Using a very high frequency (VHF) glow discharge with a gas purifier in the
gas line, they developed solar cells with intrinsic nc-Si:H as an absorption
layer. Comparing with a-Si:H deposition, the key parameter for nc-Si:H is
the hydrogen dilution ratio defined by the ratio of hydrogen to active gas
(SiH4 or Si2H4) flow rates. It is well known that a high hydrogen dilution
reduces the deposition rate significantly. Therefore, developing a method
for high rate nc-Si:H deposition is a critical issue for nc-Si:H in solar cell
application. Currently, VHF glow discharge under a high pressure regime
is the most promising deposition technique for nc-Si:H solar cells due to
its high deposition rate and good material quality [35, 36]. Conventional
RF glow discharge has also been used in deposition of nc-Si:H solar cells,
but the rate is not as high as VHF glow discharge for high quality material
even in the high pressure regime. Other techniques such as hot wire chem-
ical vapor deposition and microwave glow discharge have also been inves-
tigated [37–40]. However, many technical issues with these two techniques
still need to be addressed before consideration in large area manufacturing
plants.

The structure of nc-Si:H is a mixture of nanometer size crystallites,
grain boundaries, and some residual amorphous components. X-ray diffrac-
tion and TEM revealed grain sizes in the range from a few nanometers
up to 30 nm [41]. Most nc-Si:H films deposited close to the amor-
phous/nanocrystalline transition show (220) preferential orientation as
shown in Fig. 3.3 and others show a (111) orientation or random dis-
tribution depending on the deposition condition, especially the hydrogen
dilution and ion bombardment to the growth surface during the film depo-
sition. Raman spectra normally show a sharp peak close to 520 cm−1 from
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Fig. 3.3. X-ray diffraction spectra of nc-Si:H as a function of dilution ratio. Reprint
from [41].

the nanograins, an inter-medium peak at 490–500 cm−1 from the grain
boundaries or intermedium orders, and a broad peak at 480 cm−1 from the
amorphous component [42, 43]. Figure 3.4 shows an example of a Raman
spectrum from a device grade nc-Si:H film. From the de-convolution of a
Raman spectrum the consideration of the Raman cross sections of each
component, in principal, one can obtain the volume fractions for each com-
ponent. In practice, however, the difference in the Raman cross sections
is often ignored due to the complexity and uncertainty in the calculation
of the Raman cross sections. The most important phenomena observed by
Raman measurement is nanocrystalline evolution [44]. It has been found
that the crystalline volume fraction increases with the film thickness. The
nanocrystalline evolution has had a remarkable effect on the nc-Si:H solar
cell performance and a hydrogen dilution profiling method for controlling
this effect has been developed [44].

As in a-Si:H, hydrogen is also incorporated into nc-Si:H films. The aver-
age hydrogen content in nc-Si:H films is lower than in a-Si:H films deposited
at the same temperature. High quality a-Si:H normally contains 10–15 at.%
hydrogen, while high quality nc-Si:H has 4–8 at.%. Since hydrogen atoms
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Fig. 3.4. Raman spectra of nc-Si:H as a function of hydrogen dilution ratio.

are mainly in the amorphous phase and at the grain boundaries, the aver-
age hydrogen content in these regions could be higher than in conventional
a-Si:H films. The hydrogen bonding configuration in nc-Si:H silicon is also
different from a-Si:H. In high quality a-Si:H, the main infrared absorption
is at 2000 cm−1. A small shoulder at 2100 cm−1 corresponding to a dihy-
dride or polyhydride has been proposed as an indication of deterioration
in material quality [28]. In nc-Si:H, the main IR absorption peak shifts to
2100 cm−1, which is believed to result from hydrogen atoms bonded in the
crystallite surfaces. The hydrogen bonding in the grain boundaries is very
important for nc-Si:H quality. In most situations, a poor nc-Si:H quality
results from a poor grain boundary passivation [28].

The bandgap of nc-Si:H is slightly larger than in c-Si (1.1 eV) but much
smaller than in a-Si:H (1.7–1.8 eV). The optical bandgap obtained from
absorption spectra is around 1.2–1.3 eV depending on the crystalline vol-
ume fraction. The mobility bandgap estimated from dark current–voltage
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characteristics of nc-Si:H solar cells is close to the optical bandgap. Since
nc-Si:H is a mixture of nanocrystallites and amorphous tissues, the local
bandgap may vary from site to site. The most important optical character-
istic, the absorption coefficients, are much larger in nc-Si:H than in a-Si:H
in the long wavelength region; and are even larger than in c-Si:H [27]. The
enhanced long wavelength absorption mainly results from the light trapping
effect due to the surface texture and the inhomogeneity inside the mate-
rial. The high long wavelength absorption coefficients result in higher long
wavelength quantum efficiency in nc-Si:H solar cells than in a-Si:H solar
cells. However, comparing the absorption in the region above the bandgap
of a-Si:H, the absorption coefficients are lower in nc-Si:H than in a-Si:H,
which is due to the nature of indirect band absorption in the nanocrystal-
lites, as in c-Si. Therefore, nc-Si:H cells need a much thicker intrinsic layer
than a-Si:H cells for a sufficient absorption and a high current density.

The carrier transport properties of nc-Si:H are also important for
solar cell applications. The most important parameter is the hole drift
mobility (µh), which is one of the limiting factors for solar cell perfor-
mance. In a-Si:H, µh is normally 10−2–10−3 cm2/V·s. The increased µh

(1–10 cm2/V·s) in nc-Si:H [45] allows a much thicker intrinsic layer in nc-
Si:H cells for a high short-circuit current without loss in the fill factor,
which is an important parameter for energy conversion efficiency. On the
other hand, the µh in nc-Si:H is still much lower than in c-Si, which is
believed to be due to the trapping in the band-tail states as in a-Si:H.
Although most carriers transport in the path of the nanocrystalline phase,
the photo-generated carriers still have opportunities to be trapped in or
recombined through the tail states and defects in the grain boundaries.
The hole mobility measurements show that there is indeed a band tail dis-
tribution in nc-Si:H, but the width is smaller than in a-Si:H.

Since its invention, the nc-Si:H cell has attracted remarkable attention
for its improved stability against light soaking and its high current capabil-
ity, which is a good substitute for the a-SiGe:H alloy bottom cell in multi-
junction solar cells. Basically, two types of cell structure are used, p-i-n
structure or substrate structure, and n-i-p structure or substrate struc-
ture. The p-i-n or n-i-p structure is a sandwich layer formed by placing an
intrinsic layer between a p-type and a n-type layer. The p-i-n structures are
normally deposited on transparent conductive oxide (TCO), such as doped
textured ZnO, which is improving light trapping. The doped p-type or n-
type layer can be a-Si:H or nc-Si:H. A ZnO layer between the n-type layer
and the back metal (Al or Ag) contact can also reduce the metallic diffusion
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into the semiconductor layers. The n-i-p structures can also be deposited on
glass substrates, but are more commonly deposited on flexible substrates
such as stainless steel foils and polyimide, on which a textured back reflec-
tor with Ag/ZnO or Al/ZnO is used as the back contact to enhance the
light trapping.

The dominate factor for nc-Si:H cell performance is the intrinsic nc-
Si:H quality. Firstly, very low impurity level is an essential. Because oxygen
is a weak n-type dopant, most nc-Si:H materials show n-type conduction,
which causes an electric field collapse in thick nc-Si:H solar cells and results
in lower quantum efficiency in the long wavelength region. Secondly, the
nc-Si:H should have a compact structure with a very low porosity. It has
been found that unoptimized nc-Si:H films with high crystalline volume
fraction have a high density of microvoids and microcracks, which causes
impurity diffusion into the materials after deposition and exposure to air.
Experimentally, an ambient degradation in nc-Si:H cell performance was
observed without intentional light soaking, which was contributed to by
post impurity diffusion [46]. In addition, nc-Si:H materials with a high
crystallinity also show deficiency for hydrogen passivation of grain bound-
ary defects. Therefore, theoretically, nc-Si:H materials with a high crys-
tallinity might produce high current density, but in reality, the best nc-
Si:H solar cells are made close to the transition region from amorphous to
nanocrystalline [47]. Under this condition the nc-Si:H materials contain a
low crystalline volume fraction and small grains with a compact structure.

As mentioned previously, the crystallinity in nc-Si:H increases with the
film thickness when a constant deposition condition is used. This means that
the initial layer has a very high amorphous volume fraction, and is normally
called the incubation layer; while, the final layer has a high crystalline
volume faction. The amorphous incubation layer causes problems for carrier
transport. To solve this problem, a very high hydrogen dilution is used
to produce a so called seeding layer for promoting the crystallite growth.
To suppress the nanocrystalline evolution, a hydrogen dilution profiling
method has been demonstrated as an effective way for improving the cell
performance [44].

In recent years, nc-Si:H cell performance has been improved dramati-
cally. Recently, United Solar Ovonic Corporation in the USA has shown an
initial active-area efficiency over 15% using an a-Si:H/a-SiGe:H/nc-Si:H
triple-junction structure [48], which is higher than the champion cell
with an a-Si:H/a-SiGe:H/a-SiGe:H triple-junction structure [24]. In
Japan, Canon and Kaneka Corporation have demonstrated large-area
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a-Si:H/nc-Si:H/nc-Si:H triple-junction and a-Si:H/nc-Si:H double-junction
modules with initial aperture-area efficiency over 13% [49, 50]. It appears
that nc-Si:H based solar cells will become an important technology in thin
film solar cell manufacturing.

3.2.2. Other Nanocomposite Thin Film Solar Cells

Other research-active and promising thin film solar cells may include
CuInS2, CuInGaSe, CdTe, TiO2, and CdS solar cells [51, 52]. All of these
use semiconductor nanocomposite materials to form a p-n junction.

Marian Nanu et al. [53] suggested a so-called three-dimension DSSC.
Figure 3.5 illustrates the concept of the nanocomposite CuInS2 solar cell.
In this type of nanocomposite, a wide bandgap n-type semiconducting oxide
and a p-type visible light sensitive semiconductor are mixed on a nanometer
scale. They employed atomic-layer chemical vapor deposition technique for
infiltration of CuInS2 inside the pores of the nanostructured TiO2. First,
a dense film of TiO2 (∼100nm) was applied onto the TCO (transparent
conducting oxide). On top of this, a 10µm thick nanoporous TiO2 film was
applied with primary particles between 10 and 50 nm in diameter. Next,
these substrates were infiltrated with CuInS2using atomic-layer chemical
vapor deposition. The process conditions were: 2 mbar reactor pressure,
temperature between 350 and 500◦C, and CuCl, InCl3, and H2S as pre-
cursors. A major concern with these of solar cells is their poor stability
if operating in full sunlight. The cells must be sealed rigorously to avoid
reaction with oxygen and water.

The interrelation between particle size, crystal structure and optical
properties in semiconductor quantum dots has elicited widespread interest.
Banerjee et al. reported [54] a change in the bandgap due to the effect of
the size-induced transformation from a hexagonal to a cubic structure in
CdS nanoparticles. CdS nanoparticles with particle size in the 0.7–10nm

TCO
Dense TiO2

CuInS2 in Nano  
TiO2 medium 

Glass

Substrate

Fig. 3.5. Illustration of a nanocomposite CuInS2 solar cell. The active p-n junction is
folded and fills the space at the nano TiO2 and CuInS2 contacts.
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range were prepared by chemical precipitation using thiophenol as a capping
agent. Whereas the bandgap for bulk hexagonal CdS is about 2.5 eV, for
1 nm cubic CdS nanoparticles it was found to be almost 3.9 eV.

The blue-shift in the bandgap in nanoparticles, due to quantum con-
finement has the quantitative form [55, 56]:

∆Eg ≡ Enano
g − Ebulk

g = h2/8MR2, (3.1)

where R is the radius of the particle and M is the effective mass of the
system. For hexagonal CdS, M = 1.919 × 10−31 kg. Since CdS-I exhibits
a hexagonal structure, Eq. (3.1) could be used to estimate the particle
size, using the observed blue-shift in the bandgap, ∆Eg = 0.09 eV. The
corresponding particle diameter is 9 nm, which is in very good agreement
with the X-ray size (10 nm).

The bulk bandgap and the effective mass are unknown for the cubic
Z phase of CdS. Therefore, the optical absorption data for CdS-III and
CdS-IV, both of which consist of single phase cubic CdS, were fitted to a
simplified form of Eq. (3.2):

∆Eg = A/R2, (3.2)

where A is a constant which depends on the effective mass, M . The resulting
value of the bandgap for the bulk cubic Z phase of CdS is 3.53 eV. This is
only a notional value since the cubic phase may never exist in the bulk.

It needs to be pointed out that the optical bandgap of nanosized semi-
conductor materials does not scale with Eq. (3.2) when the crystal size
becomes very small or approaches zero. In amorphous silicon, the optical
bandgap is usually about 1.7 eV or slightly higher. This is understood to
be due to disordered structures inducing energy states near the edges of
the conducting and valence band edges. The measured optical bandgap
is determined by the optical excitation and recombination of these states.
This topic is beyond the subject of this book. Interested readers may find
some useful details in other references, for example, in [57].

Another type of important thin film solar cells is made of CdTe. The
bandgap of cadmium telluride has the ideal value of about 1.5 eV and also
a high absorptivity, making it as one of the prime materials to use in solar
cells. A layer of a few micro-metres can absorb 90% of incident photons.
When compared to amorphous silicon thin-film cells, CdTe has the advan-
tage of having high chemical and thermal stability even though a polycrys-
talline form is used in fabrication. CdTe solar modules are already on the
market. CdTe production is fast and robust using an established technology
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and automated processes. Additionally the production has a high material
yield due to strict control of module parameters. There are two main prob-
lems associated with CdTe solar cells. The first is that p-type CdTe films
tend to have a high electrical resistance. This means that, although an effec-
tive absorber of photons, conversion efficiency is compromised. The second
problem stems from the fact that cadmium is a heavy metal. There are,
therefore, environmental concerns regarding its use both during fabrication
and with it end-of-life disposal.

Nanotechnology may provide solutions for CdTe solar cells. Both the
high resistance and environmental concerns may be minimized by introduc-
ing much less CdTe material. Ernst et al. [58] suggested a textured struc-
ture by using a layer of CdTe nanocrystal thin film of about 150nm thick-
ness instead of the conventional thickness of more than 2 µm. The textured
structure is formed first by depositing a conducting nanoporous anatase-
phase TiO2 layer on a flat and commercially available SnO2-coated glass
substrate. The porous TiO2 was formed using pyrolysis of 3.5 × 10−3 M
Ti-tetra isopropolylate in isopropanol at a temperature of 160◦C and a sub-
strate temperature of 180◦C. After the spray-deposition, a final annealing
step at 450◦C was applied. The CdTe absorber layer is deposited in a stan-
dard three-electrode electrochemical cell from a solution of 0.5M CdSO4

and 2.5 × 10−4 M TeO2 in H2O at a pH 1.6 at 90◦C. The optimum depo-
sition potential for stoichiometric films is −400mV versus a Pt reference
electrode. After deposition, the CdTe film is exposed to hot CdCl2 vapor in
methanol for 3 min and then annealed at 400◦C in air for 1 hour. The CdTe
grain size is typically ∼100nm. Alloying with Hg is achieved by adding
HgCl2 to the electrolyte while keeping all other deposition parameters and
procedures the same. The back contact of the cell is made by vacuum evap-
oration of a 150 nm thick Au layer. The efficiency of this type of cell is
still relatively low, which is understandable given that the nanostructural
properties of this type of solar cell require further investigation.

3.3. Dye-Sensitized Solar Cells

The work of Hermann W. Vogel in Berlin in the 19th century can be con-
sidered as the first significant study of dye-sensitization of semiconduc-
tors, where silver halide emulsions were sensitized by dyes to produce black
and white photographic film. Interested readers may go to [59] for use-
ful historical background information. The use of dye-sensitization in pho-
tovoltaics remained unsuccessful until a breakthrough in the early 1990s
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in the Laboratory of Photonics and Interfaces in the EPFL, Switzerland.
Combining nanostructured electrodes with efficient charge injection dyes,
Grätzel and his coworkers successfully developed a dye-sensitized solar cell
with energy conversion efficiency exceeding 7% in 1991 [60] and 10% in 1993
[61]. In contrast to the all-solid conventional semiconductor solar cells, the
dye-sensitized solar cell is a photoelectrochemical solar cell, which uses a liq-
uid electrolyte or other ion-conducting phase as a charge transport medium.
Due to their significant discovery, the research interest in this technology
grew rapidly during the 1990s.

Figure 3.6 is a schematic diagram of a dye-sensitized solar cell, which is
comprised of a transparent conducting glass electrode coated with porous
nanocrystalline TiO2 (nc-TiO2), dye molecules attached to the surface of
the nc-TiO2, an electrolyte containing a reduction-oxidation couple such
as I−/I−3 and a catalyst coated counter-electrode. Under solar radiation,
the cell produces voltage over and current through an external load. The
absorption of light in the cell occurs by dye molecules and the charge sep-
aration by electron injection from the dye to the TiO2 at the semiconduc-
tor electrolyte interface. If non-porous crystalline TiO2 is used, a single
layer of dye molecules at the interface between the TiO2 and electrolyte is
formed, which can absorb only less than one percent of the incoming light.
Developed by the Grätzel group, a porous nanocrystalline TiO2 material
was used in order to increase the internal surface area of the electrode to
allow a large enough amount of dye to be contacted at the same time by
the TiO2 electrode and the electrolyte [60, 61]. The porous nanocrystalline
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Fig. 3.6. A schematic diagram of the structure and components of the dye-sensitized
solar cell.
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TiO2 electrode is typically 10 µm thick with an average particle (as well
as pore) size typically in the order of 20 nm and an internal surface area
thousands of times greater than the dimension of the cell.

The regenerative working cycle of the dye-sensitized solar cell is demon-
strated in Fig. 3.7, showing the relative energy levels of the cell. The incom-
ing photon is absorbed by the dye molecule that is adsorbed on the surface
of the nanocrystalline TiO2 particle. The sequence of the photoelectronic
chemistry is: (a) an electron from a molecular ground state S0 is then
excited to a higher energy state S∗; (b) the excited electron is injected
to the conduction band of the TiO2 particle leaving the dye molecule in
an oxidized state S+; (c) the injected electron passes through the porous
nanocrystalline material and reaches the transparent conducting oxide layer
(anode); (d) at the counter-electrode the electron is transferred to the tri-
iodide in the electrolyte to yield iodine; (e) finally the cycle is closed by
reduction of the oxidized dye by the iodine in the electrolyte. In this oper-
ation cycle, no chemical substances are either consumed or produced. The
electron state transfer cycle is summarized below:

At anode: S + hv → S∗ photon absorption (3.3)

S∗ → S+ + e−(TiO2) electron injection (3.4)

2S+ + 3I− → 2S + I−3 (3.5)

At cathode: I− + 2e−(Pt) → 3I− (3.6)
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Fig. 3.7. The schematic diagram of the photo-electronic chemistry process of the dye-
sensitized solar cell under solar radiation.
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The oxide nanocrystalline electrodes in dye-sensitized solar cells are very
important because oxide semiconductors are preferential in photoelectro-
chemistry due to their exceptional stability against photo-corrosion. Fur-
thermore, the large bandgap of oxide semiconductors is advantageous as
it provides transparency to a large part of the solar spectrum. In addition
to TiO2, semiconductors used in porous nanocrystalline electrodes in dye-
sensitized solar cells include ZnO, CdSe, CdS, WO3, Fe2O3, SnO2, Nb2O5,
and Ta2O5 [62]. However, using nanocrystalline TiO2 is the main approach
for dye-sensitized solar cells.

Two crystalline forms of TiO2, anatase and rutile, are important for
dye-sensitized solar cells. Anatase is a pyramid-like structure and is sta-
ble at low temperatures. Rutile structure is needle-like and is preferentially
formed in high temperature processes. Anatase has been the main subject
of study in dye-sensitized solar cells as it is the primary structure formed
in the usual colloidal preparation method of the nanostructured TiO2 elec-
trodes. Recently it was revealed that dye-sensitized nanostructured TiO2

electrodes with pure rutile structure showed only fractionally smaller short
circuit photocurrents than pure anatase nanocrystalline films with equal
open circuit photo voltages [63], indicating further investigation of the effect
of TiO2 nanocrystalline structure on solar energy conversion is needed.

3.4. Hot-Carrier Junction Nanocomposite Solar Cells

This is still at this stage fundamental study being done for development of
low-cost, thin film solar cells. This research explores the fabrication of semi-
conductor nanocomposites for photovoltaics using nanostructured materi-
als. The focus is on cells built by high-throughput techniques where multiple
junctions, ultrathin layers, and nanoporous structures are used to achieve
good energy conversion efficiencies. There is a strong need for the devel-
opment of photovoltaic cells with low cost, high efficiency, and stability.
The broad energy distribution of the solar spectrum creates a fundamental
challenge for the development of devices capable of efficient photovoltaic
conversion. A multiple junction approach uses stacked cells of different
materials so that each different cell converts a portion of the spectrum
with an efficiency approaching 70% for single wavelength conversion. In
thin film technologies, there exists a common problem with conversion effi-
ciency where the photo-generated electrons and holes can recombine and are
hence lost for power conversion. If the solar cell can be made using nanoscale
heterojunctions, then the problem of recombination through traps can be
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greatly reduced. Atomic layer deposition is particularly well suited for this
application since it can allow for deposition on complex non-planar struc-
tures at the nanoscale level with controllable thickness. With nanoscale
diffusion lengths, the material’s constraints can be relaxed, and low cost
deposition routes become acceptable.

Bulk wafer technologies using the p-n junction design are regarded as
first generation solar cells. The manufacturing cost is dominated by the
wafer cost and the efficiency is limited by the bandgap that controls the
energy available to separate an electron-hole pair. The second generation
photovoltaic cell is based on thin film technology in order to reduce the
material cost in production and to adjust the bandgap with flexibility of
introducing stacked multi-junctions. Both first and second generation solar
cells have un-ideal theoretical conversion efficiency. For the next (third)
generation photovoltaic cell, higher conversion efficiency and lower produc-
tion cost with physical principles extending or different from the single p-n
junction cell has been targeted. Many new photovoltaic conversion ideas
regarded as third generation photovoltaic are discussed elsewhere [64, 65].
Tandem cells, hot carrier cells, multiple electron-hole pairs per photon (such
as by up and down conversion), impurity photovoltaic (multiband) cells
and thermophotovoltaic cells are some candidates. With the hot carrier cell
approach, the theoretical limit can reach the same limit as the infinite tan-
dem approach with an efficiency of 86.8% for direct sunlight and 68.2%
for global sunlight [64]. Figure. 3.8 is a schematic diagram of a hot carrier
solar cell using quantum dots for the required energy selective contacts as
elaborated in [64].

Electron contact Hole contact 

Quantum dot Absorber

Fig. 3.8. Schematic diagram of a hot carrier cell.
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Hot carrier cells consist of an absorber designed to reduce the carrier
cooling and an energy selective contact to collect carriers through a narrow
energy range. The major challenge for hot carrier cells is to extract those
carriers in this way and to reduce their cooling rate in the absorber, for
example, resonant tunneling through defects to produce the required energy
selective contacts, the application of silicon quantum dots as engineered
defects for such a resonant tunneling device and the extension of silicon
quantum dots to a super-lattice structure for all-silicon tandem solar cells
are on the list of topics in this area.

Currently, there is also great interest in the optical and transport prop-
erties of nano-sized semiconductor particles or quantum dots [66]. They
show significant departures from bulk optical and electronic properties when
the scale of confinement approaches the Bohr radius, which sets the length
scale for optical processes [67]. Quantum dots of II–VI semiconductors have
attracted particular attention, because they are relatively easy to synthesize
in the size range required for quantum confinement.

The advantage of using nano-sized semiconductor crystals or quantum
dots can be schematically illustrated in Fig. 3.9. For 3D bulk semiconductor
materials, the dependence of energy states on energy is a smooth and contin-
uous function. In a 2D semiconductor structure, the dependence is split as a
few separated smooth and continuous regions. In a 1D structure, the energy
states are semi-discrete. When semiconductor materials are limited to zero
dimensions (nanocrystals or quantum dots), the energy states become truly

Fig. 3.9. Schematic diagram of density distribution of energy states for different dimen-
sion of a system.
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discrete. For this reason, in nanocrystalline silicon particles, the optical and
electrical properties depend strongly on the nanoparticle size.

In the case of silicon in an amorphous matrix, quantum dots have the
advantage of lower surface area compared to 2D layers and of being single
crystalline. An approach based on depositing alternating layers of stoichio-
metric oxide followed by silicon-rich oxide appears promising in producing
silicon quantum dot super-lattices. The approach allows the control of dot
diameter and of one spatial coordinate using a potentially low cost process
[65]. Figure 3.10 shows a high resolution TEM image of a silicon quantum
dot super-lattice [65].

The main factors controlling the per watt price of PV solar power are
cost of materials and device efficiency. The high cost that currently prevents
widespread application of this technology invariably arises from a shortfall
in one of these factors. The vast majority of solar panels today are made
of silicon, the workhorse of the semiconductor industry. These devices are
called first generation, and make for highly stable and efficient solar cells.
Unfortunately, because of the material processing necessary to make these
devices, first generation solar cells are inherently expensive.

The Carnot limit on the conversion of sunlight to electricity is 95% as
opposed to the theoretical upper limit of 33% for a standard solar cell.
This suggests that the performance of solar cells could be improved 2–3
times if different concepts were used to produce a third generation of high

Fig. 3.10. High resolution image of a silicon quantum dot super-lattice. From [65].



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch07

414 Y. Yin

efficiency, low-cost solar cell technologies. A variety of advanced approaches
to so-called third generation solar cells are under investigation, but the best
scenario would involve a low-cost semiconductor material that could have
its bandgap tuned for optimal performance allowing the manufacturer to
control the absorptive properties of the solar cell.

4. Summary

Nanocomposite and nanocrystalline thin films have been widely used in
solar energy conversion applications. In solar thermal energy conversion
applications, the corresponding optical effective medium theory and exper-
imental observation of nanocomposite nature were understood a long time
before the recent or current nanoscience revolution. In solar electricity
energy conversion applications, we can comfortably conclude that research
on nanocomposite and nanocrystalline thin films in this field was one of the
main driving forces that resulted in the nanoscience and nanoengineering
revolution.

In both solar thermal and solar electricity energy conversions, there are
still many unknowns on the nature and the significance of nanocomposite
and nanocrystalline thin films. It is apparent that there is a long way to go
in order to understand the science of nanocomposite films, to control the
formation process of nanocomposite films, and to create new nanocomposite
materials for solar energy conversions. In the immediate future, the most
important research topics include the effect of nanocrystalline geometric
parameters and interface properties on the optical and electronic proper-
ties of nanocomposite thin films, methods to control the separation, size
and shape of nanoparticles, and to achieve desired properties of nanocom-
posite thin films by modifying the interface or surface of nanocrystallines.
Traditionally, solar thermal thin films and solar electricity conversion solar
cells were regarded as different research fields. However, as both fields move
into the nanoscale, the gap between the two fields is narrowing.
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Appl. Phys. Lett. 80 (2002) 661–663.
66. A.P. Alivisatos, J. Phy. Chem. 100 (1996) 13226–13239.
67. L.E. Brus, J. Chem. Phys. 80 (1984) 4403–4409.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch07

This page intentionally left blankThis page intentionally left blank



August 22, 2007 16:47 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch08

CHAPTER 8

APPLICATION OF SILICON NANOCRYSTAL
IN NON-VOLATILE MEMORY DEVICES

T. P. Chen

School of Electrical and Electronic Engineering
Nanyang Technological University

Singapore 639798
EChenTP@ntu.edu.sg

1. Introduction

Semiconductor memory devices, which are usually fabricated on silicon
wafers with the complementary metal-oxide semiconductor (CMOS) tech-
nology, can be divided into the two categories:

1. The volatile memories, such as static random access memory (SRAM)
and dynamic random access memory (DRAM), which are very fast in writ-
ing and reading but lose their data content when the power supply is off.

2. The non-volatile memories (NVMs), such as UV-erasable programm-
able read-only memory (EPROM), electrically erasable programmable read-
only memory (EEPROM), and flash memory, which maintain their data
content even without power supply [1, 2].

The NVMs were first introduced in the late 1960s. During the early
development of the NVMs, the floating gate metal-oxide semiconductor
(MOS) memory device and the metal-nitride-oxide semiconductor (MNOS)
memory device were proposed [1]. The floating gate memory device quickly
became a dominant design, and today it is still the most prevailing NVM
implementation. The most widespread memory array organization is the
so-called flash memory. The term “flash” refers to the fact that the con-
tents of the whole memory array, or a memory block (sector), is erased in
one step. Although a huge commercial success, conventional floating gate
memory devices have their limitations. The most prominent one today is the
limited potential for continued scaling of the device structure. At present,

419
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the floating gate structure is believed to have run out of steam beyond 65 nm
technology [3]. The limitations of the scaling are mainly due to impossibility
of scaling the dielectrics (i.e. the tunnel oxide and control oxide) without
losing data retention or degrading reliability, to the increase of floating
gate interference in ultra-dense NAND devices, and to the impossibility of
reducing the drain turn on effect, which limits the channel length scaling
of NOR memory cells [4].

NVMs based on silicon nanocrystal (nc-Si), which were first introduced
in the early 90s [5, 6], are promising candidate to overcome the above
mentioned limitations and to continue the scaling of NVM devices. In a
nanocrystal-based NVM device, the continuous floating gate of the con-
ventional NVM device is replaced by an ensemble of Si nanocrystalline
islands. In other words, charge is not stored on a continuous floating gate
polycrystalline-silicon layer, but instead on a layer of discrete, mutually
isolated, crystalline Si nanocrystals or “dots” [3–7]. As compared to con-
ventional floating gate NVM devices, nanocrystal-based NVM devices offer
several advantages. First, nanocrystal-based NVM devices provide the pos-
sibility to reduce the thickness of the tunnel oxides without sacrificing non-
volatility. Reducing the tunnel oxide thickness is key to lowering operating
voltages and/or increasing operating speeds. Secondly, nanocrystal-based
NVMs use a more simplified fabrication process as compared to conven-
tional floating gate NVMs by avoiding the fabrication complications and
costs of a dual-poly process. Further, due to the absence of drain to floating
gate coupling, nanocrystal-based NVMs suffer less from drain-induced bar-
rier lowering (DIBL) and therefore have intrinsically better punchthrough
characteristics [3]. On the other hand, the nanocrystals with sub-5 nm dot
diameter offer the possibility of single-electron memory devices operating
at room temperature [8].

2. Conventional Floating Gate Non-Volatile Memory Devices

Before the discussion on nanocrystal-based memory devices, we should have
a brief introduction to the conventional floating gate flash memory [1, 2]
because they are very similar to each other. A flash memory device is basi-
cally a floating gate metal-oxide semiconductor field effect transistor (MOS-
FET) (see Fig. 2.1), i.e. a transistor with a gate completely surrounded
by dielectrics such as silicon dioxide (SiO2), the floating gate (a polysili-
con layer), and electrically governed by a capacitively coupled control gate
(another polysilicon layer). In other words, a floating gate memory device
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Control gate

Floating gate

Source Drain

p-Si substrate

Control oxide 

Tunnel 
oxide

SiO2

Fig. 2.1. Schematic cross-section of a floating gate flash memory device.

has an additional gate (i.e. the floating gate) as compared to a conventional
MOSFET. Being electrically isolated by the surrounding dielectrics (i.e. the
tunnel oxide and control oxide), the floating gate acts as the charge-storing
node for the memory device; charge that is injected into the floating gate is
maintained there, leading to the shift of the threshold voltage of the MOS-
FET. Obviously the quality of the dielectrics guarantees the non-volatility,
while the thickness of the dielectrics allows the possibility to program or
erase the memory cell by electrical pulses. Usually the gate dielectric, i.e.
the one between the MOSFET channel and the floating gate, is an oxide in
the range of several nanometers and is called “tunnel oxide” since Fowler–
Nordhein (FN) electron tunneling occurs through it during the program-
ming and erasing operations. The dielectric that separates the floating gate
from the control gate is called “control oxide” with a thickness in the range
of 15–20nm [2].

Figure 2.2 shows the energy band diagram for the memory device shown
in Fig. 2.1. It can be seen that the floating gate acts as a potential well for
charge stored in it as it is surrounded by SiO2 (the control oxide and the
tunnel oxide). Under the influence of appropriate electric fields electrons
can tunnel into the floating gate from the channel of the MOSFET dur-
ing the programming operation or tunnel out from the floating gate to
the channel through the tunnel oxide during the erasing operation. The
neutral (i.e. uncharged) state or positively charged state (i.e. electrons
tunnel out from the floating gate leaving positive charges there) is asso-
ciated with the logical state “1”, and the negatively charged state, cor-
responding to electrons stored in the floating gate, is associated with the
logical “0”.
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Fig. 2.2. Schematic energy band diagram of a floating gate memory device.

The threshold voltage (Vth) of the floating gate MOSFET for an amount
of charge (QFG) stored in the floating gate can be written as [1]

Vth = φms + 2φF − Qox

Cox
− QD

Cox
− QFG

εox/d
, (2.1)

where φms is the work function difference between the control gate and the
Si substrate;

φF is the Fermi level potential;
Qox is the equivalent fixed oxide charge per unit area;
QD is the charge in the depletion layer per unit area;
QFG is the charge stored in the floating gate per unit area;
Cox is the oxide capacitance per unit area;
εox is the permittivity of the oxide; and
d is the distance between the floating gate and the control gate.

The threshold voltage shift (∆Vth) due to the charge stored in the float-
ing gate is thus given by [1]

∆Vth = −QFG

εox
d. (2.2)
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For electron storing in the floating gate, QFG is negative, and thus ∆Vth

is positive. This means that the threshold voltage of the MOSFET will
increase after electrons are injected into the floating gate.

The data stored in a floating gate memory device can be determined by
measuring the threshold voltage of the floating gate MOSFET. The best
and fastest way to do that is by measuring the drain current (ID) of the
transistor at a fixed gate bias (VG read) [2]. As shown in Fig. 2.3, for logic
“1” (no charge stored in the floating gate), the transistor has a threshold
voltage (Vth 1); for logic “0” (electrons are stored in the floating gate), the
threshold voltage is increased to Vth 0 = Vth 1 + ∆Vth. Note that ∆Vth > 0
for electron storing (i.e. QFG < 0). VG read is set at a value between Vth 1

and Vth 0, i.e. Vth 1 < VG read < Vth 0. Therefore, for logic “1”, the transistor
is “ON”, and thus there is a large drain current, i.e. ID � 0; for logic “0”,
the transistor is “OFF”, and thus there is no drain current flowing, i.e.
ID = 0. In this way the two logic states can be easily distinguished. Of
course, when the power supply is interrupted, the memory state should
remain unchanged in order to provide a nonvolatile device.

Storing charge on a single node (i.e. the floating gate) makes the con-
ventional memory structure particularly prone to failure of the floating gate
isolation. One weak spot in the tunnel oxide is sufficient to create a fatal
discharge path, compromising long term non-volatility [3]. On the other
hand, to allow for long data retention, the tunnel oxide thickness must be
maintained a few nanometers to prevent the floating gate charge lose to the
channel, source and drain of the MOSFET. A thicker tunnel oxide leads
to higher programming, erasing voltage and longer programming, and eras-
ing time. This conflicts with the requirements of low power and high speed

Drain current, ID

Gate voltage, VG

logic “1” logic “0”

VG_read Vth_1 Vth_0

∆Vth

Fig. 2.3. Distinguishing the two logic states in the read operation.
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applications. One way to alleviate the scaling limitations of the conventional
floating gate device while still preserving the fundamental operating prin-
ciple of the memory, is to rely on distributed discrete-trap charge storage
instead. Silicon nanocrystal memories, first introduced in the early 90s [5, 6],
are one particular implementation of that concept. In silicon nanocrystal
memories, the nanocrystals are used as the discrete-trap storage nodes to
replace the floating gate of NVMs. With the discrete-trap storage nodes, a
single leakage path due to a defect (intrinsic or stress-induced defects) in
the oxide can only discharge a single storage node. This allows for a thinner
tunnel oxide for continued scaling of device structures.

3. Non-Volatile Memory Devices Based on Si Nanocrystal

3.1. Device Structure

In a nanocrystal memory cell, the floating gate of a conventional floating
gate memory device is replaced by an array of silicon nanocrystal (nc-Si) of
nanometer size (less than 10 nm) separated each other by silicon dioxide.
Actually, a nanocrystal memory cell is a MOSFET with silicon nanocrys-
tals embedded in the gate oxide, as shown in Fig. 3.1. The nanocrystal is
distributed on a thin tunnel oxide (i.e. a very thin SiO2 film) with a thick-
ness of several nanometers (typically 2 nm) and covers the entire surface
channel region. A control oxide (i.e. a thicker SiO2 film) with a thickness of
a few nanometers (e.g. 7 nm) separates the nanocrystals from the control
gate of the MOSFET.

As an example, Fig. 3.2 shows the transmission electron microscopy
(TEM) images of a nanocrystal memory cell [4]. The silicon nanocrys-
tals were deposited on top of the tunnel oxide by chemical vapor depo-
sition using SiH4 as precursor and H2 as carrier gas. Figure 3.2(c) shows
a TEM planar-view with electron energy-loss filtered image of the silicon

Control gate

Si nanocrystal 

Source Drain

p-Si substrate

Control oxide 

Tunnel 
oxide

Fig. 3.1. Schematic of a nanocrystal memory cell.
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Fig. 3.2. (a) TEM cross-section of the Si nanocrystal memory cell, (b) details of the
stack tunnel oxide-Si nanocrystals-control oxide, and (c) energy filtered-TEM plan-view
of the Si nanocrystals (white spots) deposited on SiO2 [4].
Reprinted with permission of Elsevier.

nanocrystals nucleated on the SiO2. Tuning the process conditions it is
possible to obtain nanocrystal densities in the range 0.1–1× 1012 cm−2 [4].

3.2. Operation Mechanisms

The operation principle of nanocrystal memory device is very similar to
that of conventional floating gate NVM devices. The electrons stored in
the nanocrystals screen the gate charge and reduces the conduction in the
inversion layer of the MOSFET, i.e. it effectively shifts the threshold voltage
of the device to be more positive, whose magnitude is approximately given
by [5, 6, 9]

∆Vth =
npq

εox

(
tctl +

εoxtnc

2εSi

)
, (3.1)

where n is the nanocrystal number density, p is the average number of
electrons stored per nanocrystal, q is the electronic charge, εox and εSi
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represent the permittivity of the oxide and Si, respectively, and tctl rep-
resents the thickness of the control oxide, and tnc is the linear dimension
of the nanocrystal well. For nanocrystals that are 5 nm in dimension, 5 nm
apart, i.e. a nanocrystal density of 1 × 1012 cm−2, with a control oxide
thickness of 7 nm, the threshold shift is nearly 0.36V for one electron per
nanocrystal, a large value that in a good transistor changes the subthresh-
old current by five orders of magnitude. This is easily current-sensed [5, 6].
Clearly, for storing a given number density of electrons, np, susceptibility
to isolated defects in tunnel oxide is mitigated by having a higher density,
n, of nanocrystals and minimizing the number, p, of electrons stored per
nanocrystal. For nanocrystals to be sufficiently electrically isolated with
respect to tunneling transport, their typical separation must be greater
than about 4 nm from one another [9].

3.2.1. Programming Operation

There are two important programming mechanisms for charge injection into
the nanocrystals. They are: Fowler–Nordheim (FN) tunneling and chan-
nel hot electron (CHE) injection [1]. The former is based on the quantum
mechanical tunneling through the tunnel oxide, whereas the latter is based
on injection of carriers that are heated in a large electric field in the silicon,
followed by injection over the energy barrier of the SiO2/Si substrate.

A. Fowler–Nordheim Tunneling [1]

When a large positive voltage is applied to the gate, the energy bands of
the structure of polysilicon gate, control oxide, nanocrystal, tunnel oxide
and Si substrate will be influenced as shown in Fig. 3.3. Due to the high
electric field, electrons in the conduction band of the Si substrate see a tri-
angular energy barrier with a width dependent on the applied field. When
the applied field is sufficiently high, the width of the barrier becomes small
enough that electrons can tunnel through the barrier from the conduc-
tion band of the Si substrate into the oxide conduction band. Some of the
electrons tunneling from the Si substrate are trapped in the nanocrystals,
leading to an increase in the threshold voltage of the n-channel MOSFET.

B. Hot Electron Injection [1]

In n-channel MOSFET, at a large drain voltage, electrons that are injected
into the depletion region of the drain junction are accelerated by the high
lateral field, and they may gain enough energy to cause impact ionization in
the depletion region near the drain. The impact ionization generates many
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FN 
tunneling

p-type 
Si

Control oxide  
Tunnel 
oxide  n+ poly-Si  

gate 

nc-Si

Fig. 3.3. Energy band diagram for a nanocrystal memory device based on n-channel
MOSFET in the regime of FN tunneling under a positive gate voltage.

electrons and holes. Both the generated electrons and holes can also gain
energy from the electric field. These carriers have much higher energy than
the thermal energy and are called hot carriers. Normally, the maximum
hot carrier effect occurs when the gate voltage is approximately half of the
drain voltage. The generated holes are normally collected at the substrate
and form the substrate current. On the other hand, most of the generated
electrons are collected by the drain. But some of them may have sufficient
energy to surmount the SiO2/Si energy barrier to inject into the gate oxide.
Some of the injected electrons reach the gate forming a very small gate
current, and some of them are trapped in the nanocrystals leading to a
shift in the threshold voltage (∆Vth > 0). The energy band diagram under
channel hot electron injection is shown in Fig. 3.4.

3.2.2. Erasing Operation

In the erasing operation, the electrons trapped in the nanocrystals can
be removed by means of the FN electron tunneling through the tunnel
oxide from the nanocrystals to the channel of the MOSFET. This process
is opposite to the FN programming discussed above. With a sufficiently
large negative gate voltage, the electric field will pull electrons out of the
nanocrystals to the channel by tunneling. The memory cell is then erased
to a low threshold voltage state. Note that both programming and erasing
operations can be carried out with the FN tunneling mechanism. How-
ever, with the mechanism of hot electron injection, it is only possible to
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Control oxide  

Tunnel 
oxide  

n+ poly-Si 
gate 

p-type 
Si 

nc-Si 

Fig. 3.4. Energy band diagram under hot electron injection. Both the drain voltage
and the gate voltage should be positive for n-channel MOSFET. The maximum hot
electron injection normally occurs when the gate voltage is approximately half of the
drain voltage. The hot electrons could have enough energy to overcome the energy barrier
at the interface of tunnel oxide/Si substrate.

bring electrons onto the nanocrystals. But they cannot be removed from
the nanocrystals with the same mechanism (i.e. hot electron injection).

3.2.3. Reading Operation

The reading operation of nanocrystal NVMs is very similar to that of con-
ventional floating gate NVMs. As shown in Fig. 2.3, logic “1” and “0”
exhibit the same transconductance but are shifted by a quantity — the
threshold voltage shift (∆Vth) — that is proportional to the stored elec-
tron charge in the nanocrystals. Note that logic “1” represents no electron
trapping in the nanocrystals while logic “0” represents sufficient electron
trapping in the nanocrystals. Therefore, it is possible to fix a reading volt-
age (i.e. an appropriate gate voltage) in such a way that the drain current
of the “1” cell is very high, while the current of the “0” cell is zero (very
small actually). In this way, it is possible to define the logical state “1”
from a microscopic point of view as no electron charge (or positive charge)
stored in the nanocrystals and from a macroscopic point of view as large
reading current (i.e. the drain current of the MOSFET). Vice versa, the
logical state “0” is defined, respectively, by electron charge stored in the
nanocrystals and zero reading current.

The above principle can be clearly illustrated by the example shown
in Fig. 3.5. The threshold voltages corresponding to logic “1” (the erased
state) and “0” (the programmed state) are ∼0.7V and ∼2.5V, respectively.
If the gate voltage (i.e. the reading voltage) is set at 1.5V, the drain current
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Fig. 3.5. Transfer characteristics of a nanocrystal memory device at the programmed
and erased states. The programming and erasing operations are carried out with the
FN tunneling at the gate voltage of +12V and −12V, respectively, for 1 µs. The drain
voltage (Vds) is fixed at 0.5V for the drain current measurement.

of logic “1” cell is 8×10−6 A, but the current of logic “0” cell is 1×10−13 A.
In other words, at the reading voltage, the MOSFET of logic “1” cell is on,
while the MOSFET of logic “0” cell is off. The current ratio of logic “1” to
logic “0” is 8 × 107. Therefore, in this way, the two memory states can be
easily distinguished.

4. Synthesis and Characterization of Si Nanocrystal

4.1. Synthesis of Si Nanocrystal

The nanocrystal layer embedded in the gate oxide of a MOSFET mem-
ory device has to meet certain specifications in order to support prop-
erly functioning memory devices [3]. To have a sufficient memory window,
the density of nanocrystals should be high enough. A typical density is
1×1012 cm−2. This is equivalent to approximately 100 particles controlling
the channel of a memory MOSFET with a 100 × 100 nm active area, and
requires nanocrystal diameters of 5–6 nm and below [3]. The nanocrystals
should be isolated from each other to allow for long data retention. This is
particular important because nanocrystal memory devices rely on the con-
cept of distributed discrete-trap charge storage. With the discrete-trap stor-
age nodes, a single leakage path due to a defect (intrinsic or stress-induced
defects) in the oxide can only discharge a single storage node (i.e. a single
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nanocrystal only). Generally, good process control on the size and size dis-
tribution of nanocrystals and uniformity of nanocrystal density is required.
Of course, the fabrication process should be simple and compatible with
main-stream CMOS process.

Several nanocrystal fabrication processes have been suggested [3], and
the most important of them are chemical vapor deposition (CVD) [7, 9–13]
and ion implantation [14, 15]. Here we will discuss only the CVD and ion
implantation techniques.

4.1.1. CVD

CVD technique is a process that offers good process control on the size
and density of nanocrystals, adequate planarity of the nanocrystal layer
and excellent compatibility with CMOS technology. Si nanocrystal growth
during CVD on amorphous dielectrics such as SiO2 and Si3N4 is believed
to proceed by atomistic nucleation, with a critical size of between 1 and 4
atoms [9]. Rao et al. have studied the growth of silicon nanocrystals with
CVD [9]. Some of their results and discussions are reproduced in the follow-
ing. Figure 4.1(a) shows a schematic nucleation and growth curve and the
scanning electron microscopic (SEM) images of the surface during various
phases of the curve for Si nanocrystal formation during CVD [9]. During
the initial incubation phase, Si adatoms are formed on the SiO2 surface.
When there are enough Si adatoms formed on the surface, nucleation occurs
to form nanocrystals, and the number of nanocrystals increases rapidly

Fig. 4.1. (a) Typical nucleation and growth curve along with SEM images showing the
evolution of nanocrystals on SiO2 surface during CVD of Si. (b) Atomistic nucleation of
Si nanocrystals on a dielectric surface. Major processes include SiH4 adsorption, adatom
re-evaporation and diffusion as well as H2 desorption [9].
Reprinted with permission of Elsevier.
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with deposition time as fresh nuclei are formed continuously during the
nucleation phase. When the nucleation phase is completed, the nanocrys-
tals formed by nucleation grow by adatom attachment, and nanocrystal
density becomes saturated during this growth phase. Later the growing
clusters merge with adjacent ones by coalescence leading to a decrease in
the nanocrystal density. Figure 4.1(b) shows the major processes occur-
ring on the surface during formation of Si nanocrystals by SiH4 CVD [9].
A SiH4 molecule from the gas phase is first adsorbed on the surface. The
adsorbed SiH4 molecule then dissociates at elevated temperatures, resulting
in the formation of a Si adatom on the surface and the desorption of a H2

molecule. The Si adatoms produced by the dissociation form fresh nanocrys-
tals through atomistic nucleation or are consumed by existing nanocrystals
through surface diffusion. Note that some of the Si adatoms may be evap-
orated at the elevated temperatures.

The size and density of nanocrystals can be controlled in terms of CVD
deposition conditions including the partial pressure of precursor and sur-
face temperature. A high nanocrystal density could be obtained with a
high adatom flux, low surface diffusion, fast surface H2 desorption and
low adatom evaporation [9]. Figure 4.2(a) shows the effect of precursor
partial pressure on Si nanocrystal deposition in CVD at a fixed temper-
ature [9]. As shown in Fig. 4.2(a), when the precursor partial pressure is
increased from 0.4 to 0.78 Torr, the time required for the peak nanocrys-
tal density is reduced significantly. This indicates that the nucleation and
growth process is accelerated due to the higher adatom flux at the higher

Fig. 4.2. (a) Effect of precursor partial pressure on nucleation curve for Si nanocrystal
deposition by SiH4 CVD on SiO2 surface. (b) Effect of surface temperature on nucleation
curve for Si nanocrystal deposition by SiH4 CVD on SiO2 surface [9].
Reprinted with permission of Elsevier.
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partial pressure. However, the peak nanocrystal density itself does not
show significant dependence on partial pressure. On the other hand, the
adatom flux is strongly dependent on the surface temperature, and thus
the nucleation process will be affected by the temperature. Figure 4.2(b)
shows the effect of the surface temperature on the nucleation curves [9]. As
the temperature increases, the dissociation of adsorbed precursor molecule
on the surface increases resulting in higher adatom flux and shorter incu-
bation and nucleation timescales. However, surface diffusion of adatoms
also increases with temperature. This results in increase in adatom cap-
ture by existing Si nuclei, leading to increase in nanocrystal size. This,
at the same time, in turn reduces fresh nanocrystal nucleation. Thus, the
peak nanocrystal density decreases when the temperature is increased, as
shown in Fig. 4.2(b). Therefore, desired size and density of nanocrystals can
be achieved by controlling the precursor partial pressure and the surface
temperature.

4.1.2. Ion Implantation

Ion implantation is a versatile method to produce embedded semiconductor
nanoclusters in SiO2 films. This technique combines low energy (typically
a few keV) ion implantation of Si+ to fluences of 1015–1016 cm−2 with
a subsequent annealing at a high temperature (∼1000◦C) in N2 gas for
duration of a few minutes to ∼1 hour. The size of Si nanocrystal synthesized
with this technique is usually ∼3–∼5 nm, and it does not depend much on
the annealing time and annealing temperature [16]. In addition, annealing
does not very much change the profile of the implanted Si in the oxide.
This is due to the fact that Si atoms have an extremely low diffusion in
SiO2. The advantages of this technique include its simple process and fully
compatible with mainstream CMOS process.

First investigations of Si+ implanted thin gate oxides for memory
applications were carried out by Kalnitsky et al. in 1990 [17, 18]. Since
then numerous studies have been performed concerning the application of
nanocrystals synthesized with ion implantation in memory devices [19–24].
The potential of ion implantation technique for nanocrystal memory appli-
cations has been recently enhanced through the synthesis in the very low to
ultra low energy regime (≤∼2 keV) [25–34]. In terms of structural possibili-
ties, a combination of very low energy ion implantation and oxide thickness
allows for the formation of Si nanocrystals at a location from the SiO2/Si
interface that can be tailored for specified memory applications.
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The profile of excess Si in the SiO2 film due to Si ion implantation can be
obtained from the stopping and range of ions in matter (SRIM) simulation
[35]. Figure 4.3 shows two cases of profiles of implanted Si in a 30 nm SiO2

thin film thermally grown on Si substrate: partial and full distributions of
the implanted Si atoms in the oxide achieved with an implantation energy
of 2 keV and 8 keV, respectively. For the partial distribution, the oxide can
be divided into two regions, the implanted-Si-atoms distributed region and
the pure SiO2 region, as shown in Fig. 4.3(a). For the full distribution,
the implanted Si atoms are distributed throughout the entire oxide films,
as shown in Fig. 4.3(b). The SRIM simulation shows that for the 30 nm
gate oxide the full distribution can be achieved with implantation energies
higher than 7 keV. For the case shown in Fig. 4.3(b), some of the Si ions
are implanted into the Si substrate under the implantation energy of 8 keV.
On the other hand, the actual implanted Si profile in SiO2 thin film can be
experimentally determined from secondary ion mass spectroscopy (SIMS)
measurement. Figure 4.4 shows such an example [37].

In the following sections, we will limit our discussions to Si ion implan-
tation for simplicity, namely, in Sec. 4.2 we will examine the structural and
physical properties of Si nanocrystals synthesized by Si ion implantation,
and in Sec. 5 we will also study the electrical characteristics and perfor-
mance of memory devices based on Si nanocrystals synthesized by Si ion
implantation.

4.2. Properties of Si Nanocrystal

High resolution transmission electron microscopy (TEM) is frequently used
to investigate the structural properties of silicon nanocrystals embedded in
SiO2 thin film. It can provide the information of nanocrystal size and size
distribution. Figure 4.5 shows the TEM image of Si nanocrystal embedded
in a SiO2 matrix synthesized with high energy (100 keV) Si ion implanta-
tion. The Si nanocrystal synthesized has a size of ∼4–5nm. As mentioned
earlier, for memory device application, very low implantation energy is usu-
ally required so that the nanocrystal is confined in a narrow region near
the SiO2/Si interface for a proper device operation. Figure 4.6 shows the
TEM images of Si nanocrystal embedded in SiO2 thin films synthesized
with implantation energy of 2 keV (Fig. 4.6(a)) and 10keV (Fig. 4.6(b)).
As can be seen in Fig. 4.6, the Si nanocrystal size is also ∼4–5nm for the
both implantation energies. Therefore, it seems that nanocrystal size is not
sensitive to the implantation energy.
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Fig. 4.3. Implanted Si profiles in a 30 nm SiO2 thin film obtained from SRIM simula-
tion. (a) Partial distribution under the ion implantation energy of 2 keV; and (b) full
distribution under the implantation energy of 8 keV [36]. ( c©2006 IEEE).

The information of nanocrystal size can also be obtained from the X-ray
diffraction (XRD) measurement. The average size could be estimated from
the broadening of the Bragg peak in XRD spectrum based on the Scherrer’s
equation [39]

D =
0.9λ

∆θ cos(θB)
, (4.1)
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Reprinted with permission of The Institute of Pure and Applied Physics.

nc-Si

SiO2

Fig. 4.5. TEM image of Si nanocrystal embedded in a 550 nm thick SiO2 film. The
SiO2 film is implanted with a dose of 1 × 1017 atoms/cm2 of Si+ at 100 keV, and the
sample is annealed at 1000◦C in nitrogen gas for duration of 20 min [38].
Reprinted with permission from Ref. 38. Copyright (2003) by the American Physical
Society.

where D is the mean size of nanocrystals, λ is the wavelength of the
X-ray, θB is the Bragg angle and ∆θ is the full width of the half maxi-
mum (FWHM) of the Bragg peak in radians. Note that a correction for the
instrumental broadening should be made when determining the Bragg peak
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Fig. 4.6. TEM image of Si nanocrystal embedded in a 30 nm gate oxide synthesized
with the implantation energy of (a) 2 keV and (b) 10 keV. Thermal annealing is carried
out at 1000◦C in N2 ambient for 1 hour to induce nc-Si formation.
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Fig. 4.7. XRD measurement of Si nanocrystal embedded in a 30 nm SiO2 thin film.
The implantation energy and dosage are 2 keV and 1×1016 cm−2, respectively. Thermal
annealing is carried out at 1000◦C in N2 ambient for 1 hour to induce nanocrystal
formation.

broadening. Figure 4.7 shows the XRD measurement on the sample with Si
nanocrystal synthesized at very low implantation energy (2 keV), and the
nanocrystal size obtained with Eq. (4.1) is ∼4 nm. For high energy (such as
100keV) ion implantation, similar XRD result has also been reported [38].
The nanocrystal size is observed to be insensitive to thermal annealing [40,
41]. This is also evident from Fig. 4.8 which shows the nanocrystal size
versus annealing time. This insensitivity is due to the very low diffusion
coefficient of Si in SiO2 film [16].
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Fig. 4.8. Nanocrystal size obtained from XRD measurement as a function of annealing
time. A dose of 1 × 1017 atoms/cm2 Si ions were implanted into 500 nm SiO2 film at
the energy of 100 keV. Post-implantation thermal annealing was carried out in nitrogen
ambient at 1000◦C.

The chemical structures of Si+-implanted SiO2 have been recently stud-
ied by Liu et al. [37, 43] and Chen et al. [42] with X-ray photoelectron spec-
troscopy (XPS). The analysis of the XPS Si 2p peaks shows the existence of
the five chemical structures including Si (Si nanocrystals or nanoclusters),
Si2O, SiO, Si2O3 and SiO2 corresponding to the Si oxidation states Sin+

(n = 0, 1, 2, 3, and 4) in the SiO2 films, respectively, as shown in Fig. 4.9
[42]. Figures 4.9(b) and (c) show the XPS Si 2p core level peaks for the as-
implanted sample and the sample that was annealed at 1000◦C for 60 min,
respectively. As the spectra were taken with a sampling depth of ∼ 5 nm
which is smaller than the SiO2 film thickness (30 nm), the Si substrate did
not contribute to the spectra. As shown in Fig. 4.9(b) for the as-implanted
sample, the contributions of Si0, Si1+, Si2+ and Si3+ are large, showing the
coexistence of large amounts of Si nanoclusters/nanocrystals (correspond-
ing to the oxidation state Si0) and the Si suboxides (corresponding to the
three oxidation states Si1+, Si2+ and Si3+ ) in addition to the stoichiomet-
ric SiO2 matrix in the SiOx (x < 2) films. However, after the annealing at
1000◦C for 60 min, as shown in Fig. 4.9(c), the contributions of the subox-
ides become small or even insignificant, and Si4+ and Si0 are the dominant
components after the annealing, suggesting the formation of a large amount
of Si nanocrystals embedded in the stoichiometric SiO2 matrix. The result
indicates that the annealing leads to the reductions of the three suboxides
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Fig. 4.9. Si 2p spectra for (a) the sample without Si ion implantation (i.e. pure SiO2

thin film thermally grown on Si substrate); (b) the as-implanted sample; and (c) the
sample annealed at 1000◦C for 60 min. Si ions were implanted into a 30 nm SiO2 film at
the energy of 1 keV with a dose of 8 × 1016 cm−2 [42].
Reprinted with permission from Ref. 42. Copyright (2004) by the American Chemical
Society.
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Fig. 4.10. Changes of the concentrations of the five Si oxidation states Sin+

(n = 0, 1, 2, 3, and 4) with annealing temperature. The annealing time is fixed at 20 min.
Si ions were implanted into a 30 nm SiO2 film at the energy of 1 keV with a dose of
8 × 1016 cm−2 [43].
Reprinted with permission of IOP Publishing Limited.

Si2O, SiO and Si2O3,being consistent withthe picture of the thermal decom-
positions of the suboxides that is discussed below. Figure 4.10 shows the
changes of the concentrations of the five oxidation states with annealing
temperature for a fixed annealing time of 20 min [43]. For the low temper-
ature annealing at 500◦C, the concentration of Si0 increases significantly
while the concentrations of other oxidation states (Si1+, Si2+ and Si3+)
decrease. For higher annealing temperatures, with the increase of annealing
temperature, the Si4+ concentration increases greatly, but the concentra-
tions of all other oxidation states decrease. On the other hand, Fig. 4.11
shows the evolution of the concentrations of the five oxidation states with
annealing time for the annealing temperature of 1000◦C [43]. As can be seen
in this figure, the Si4+ concentration has a very large increase after the first
20 min annealing but increases gently after longer annealing, while all other
oxidation states Sin+ (n = 0, 1, 2 and 3) show a decrease in concentration
with annealing time.

The above situation is explained in the following. The thermal decom-
position (or phase separation) of the Si suboxides Si2O, SiO and Si2O3
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Fig. 4.11. Evolution of the concentrations of the five Si oxidation states Sin+ (n =
0, 1, 2, 3, and 4) as a function of annealing time. The annealing temperature is fixed at
1000◦C [43].
Reprinted with permission of IOP Publishing Limited.

corresponding to the oxidation states Si1+, Si2+ and Si3+, respectively,
occurs during annealing to form more stable stoichiometric SiO2 and Si
nanocrystals, and the thermal decomposition can be described by [43]

SiOx → x

2
SiO2 +

(
1 − x

2

)
Si, (4.2)

where x = 1/2, 1, 3/2 for Si2O, SiO and Si2O3, respectively. Obviously, the
thermal decomposition of the suboxides reduces the concentrations of the
oxidization states Si1+, Si2+ and Si3+, and it also leads to the growth of
SiO2 and the formation of Si nanocrystals. On the other hand, thermal oxi-
dation of the implanted Si during the annealing due to the presence of resid-
ual oxygen in the nitrogen atmosphere may also lead to the growth of SiO2

but the reduction of the Si0 concentration. The thermal decomposition and
the oxidation explain the increase of the Si4+ concentration with anneal-
ing. However, although the thermal decomposition increases the Si0 con-
centration, the thermal oxidation reduces the Si0 concentration. As shown
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in Fig. 4.10, the low temperature annealing at 500◦C leads to an increase
in the Si0 concentration, showing that the contribution from the thermal
decomposition is more significant in determining the Si0 concentration; but
the annealing at a higher temperature (>∼ 800◦C) leads to a decrease in
the Si0 concentration, suggesting that the effect of the thermal oxidation
is more significant at higher temperatures. Note that the above discussions
are more related to the situation of the surface region in the Si+-implanted
SiO2 thin films as the XPS probing depth is less than 5 nm. Actually, the
concentrations of the five Si oxidation states Sin+ (n = 0, 1, 2, 3, and 4)
vary with the depth, due to the distribution of the implanted Si ions and
the difference in the oxidation of the Si atoms between the surface and the
regions deep inside the SiO2 thin films, as shown in Fig. 4.12 [37].

Optical properties of Si nanocrystal embedded in a SiO2 matrix have
been studied with spectroscopic ellipsometry and are found to be well
described by the four-term Forouhi–Bloomer (F–B) model and the Lorentz
oscillator model [44]. As shown in Fig. 4.13, the Si nanocrystal shows a
significant reduction in the dielectric function as compared with bulk crys-
talline silicon. The bandgap of the Si nanocrystal determined from the
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Fig. 4.12. Depth distributions of the relative concentrations of the five oxidation states
Sin+ (n = 0, 1, 2, 3, and 4) for the samples annealed at 1000◦C for 100 min. Si+ ions
were implanted at 1 keV with the dose of 8 × 1016 cm−2 into a 30 nm SiO2 film [37].
Reprinted with permission of The Institute of Pure and Applied Physics.
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nanocrystal with a size of ∼4.5nm obtained from the ellipsometric fittings based on the
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Reprinted with permission from Ref. 44. Copyright (2005) by the American Physical
Society.

study of optical properties is ∼1.7 eV, showing a large bandgap expansion of
∼0.6 eV when compared to the bandgap (1.1 eV) of bulk crystalline silicon.
The bandgap expansion is consistent with the blueshift of the absorption
coefficient, as shown in Fig. 4.14. The bandgap expansion is in very good
agreement with the first-principle calculation of the optical gap of silicon
nanocrystals based on quantum confinement effect [44].
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Reprinted with permission from Ref. 44. Copyright (2005) by the American Physical
Society.

5. Memory Behaviors and Performance of Si Nanocrystal
Memory Devices

5.1. Memory Characteristics

The charge storage characteristics of n-channel MOS structures with Si+-
implanted gate oxides can be investigated by measuring the shift of the
capacitance–voltage (C–V) curves at flatband conditions (the correspond-
ing voltage is the flatband voltage VFB [10, 13]) after applying a voltage to
the MOS gate electrode for a given duration. The applied voltage should be
positive for programming operation but negative for erasing operation. Dur-
ing the programming operation electrons are injected into the nanocrystals
from the Si substrate under the influence of the positive applied voltage;
and during the erasing operation the electrons trapped in the nanocrystals
are removed by the negative applied voltage. Therefore, the C–V curve after
the programming and erasing operations will shift towards the positive and
negative sides of the voltage axe, respectively, yielding a flatband voltage
difference (∆VFB) between the two operations, as shown in Fig. 5.1(a). The
flatband voltage difference is translated into the threshold voltage differ-
ence (∆Vth) of a MOSFET based on the MOS structure between the two
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Fig. 5.1. Schematic illustrations of charging-induced shifts in (a) C–V and (b) I–V
characteristics of a nanocrystal memory structure.

operations, namely, ∆VFB = ∆Vth, as shown in Fig. 5.1(b). The flatband
voltage difference or the threshold voltage difference is termed as mem-
ory window. The size of the memory window is determined by the number
of electrons stored in each nanocrystal (nanocrystal size dependent), the
absolute thicknesses of the dielectric layers isolating the nanocrystal from
the control gate and the substrate (i.e. thicknesses of the control oxide
and tunnel oxide), the capacitive coupling ratios, and the areal density of
nanocrystals. Figure 5.2 shows an actual example of C–V shift and the cor-
responding current–voltage (I–V) (i.e. the transfer characteristic) shift of a
nanocrystal memory structure with a tunnel oxide of 7 nm, a control oxide
of 20nm and a Si nanocrystal layer of ∼5 nm.

As examples, the performance of some nanocrystal memory devices
is discussed in the following. The memory devices are actually n-channel
MOSFETs with Si nanocrystal confined in a very narrow layer inside the
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Fig. 5.2. Shifts in (a) C–V and (b) I–V characteristics of a Si nanocrystal memory
structure (see the text) as a result of FN programming at +12V for 1ms and FN erasing
at −12V for 1ms.

gate oxide. They are fabricated with a conventional CMOS process. Initially,
a thin SiO2 layer (e.g. 17 nm) is thermally grown on p-type Si wafers. The
Si nanocrystal is synthesized with the ion-implantation technique, i.e. Si+

ions are implanted into the SiO2 thin film at a low energy (e.g. 2 keV), and
then a high temperature annealing at 1000◦C in N2 ambient for one hour is
carried out. Another SiO2 layer (e.g. 20 nm) is deposited on top of the previ-
ously grown SiO2 layer by low pressure CVD (LPCVD) to form the control
oxide. The size of the nanocrystal is usually ∼ 4.5 nm as determined from
the high resolution transmission electron microscope (HRTEM) measure-
ment. Figure 5.3 shows the HRTEM cross-section of one memory device.
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Fig. 5.3. Cross-sectional TEM image of a memory device [47]. ( c©2006 IEEE).

Both the programming and erasing operations are carried out with the FN
tunneling mechanism.

Figure 5.4 shows the output characteristic (i.e. drain current – drain
voltage) of a memory device at the two memory states (i.e. the programmed
and erased states) at the gate voltage Vg = 1V. As can be seen in this figure,
at Vd = Vg = 1V, the drain current Id is ∼10−6 A for the erased state while
it is ∼10−13 A for the programmed state, showing a current ratio of ∼107.
Obviously, the two memory states can be easily distinguished through the
current sensing.

The memory window strongly depends on the voltage and duration
of programming and erasing. As shown in Fig. 5.5, the memory window
increases with the programming/erasing voltage. This is because for a fixed
programming/erasing time more electrons can tunnel into the nanocrystal
at a higher programming voltage while more electrons can be removed from
the nanocrystal at a higher erasing voltage. Figure 5.6 shows the depen-
dence of the threshold voltage on the programming time (Fig. 5.6(a)) and
the erasing time (Fig. 5.6(b)) at a fixed programming/erasing voltage of
+15/−15V. The dependence reflects the fact that more electrons can tunnel
into the nanocrystal and be removed from the nanocrystals for a longer pro-
gramming and erasing time, respectively. It can be concluded from Fig. 5.6
that the memory window increases with the programming/erasing time.
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Figure 5.7 shows the endurance characteristics of a memory device. As
can be seen in this figure, the threshold voltage for both programmed and
erased states remains unchanged for up to 104 programming/erasing (P/E)
cycles, and only a small drift up of 0.1 V in the threshold voltage for the
both states is observed after 105 cycles, showing a good endurance. The
drift-up in the threshold voltage is attributed to the electron trapping in
the control oxide. Si nanocrystal has a smaller capture cross-section as
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Fig. 5.8. Retention characteristics of a memory device at room temperature. The
programming and erasing operation are carried out at +12/ − 12V for 1 µs [47].
( c©2006 IEEE).

compared to the polysilicon floating gate and hence only a portion of the
injected electrons from the channel are captured by the nanocrystal while
the rest are trapped in the control oxide [9]. Incomplete removal of the
trapped electrons from the control oxide and the nanocrystal during the
erase operation leads to an increase in the flatband voltage.

The retention characteristics of a memory device are shown in Fig. 5.8.
For the erased state, there is no obvious change in the threshold voltage with
waiting time, indicating that there is no charge lose during the retention
measurement. However, for the programmed state, the threshold voltage
decreases with time after ∼ 1000s, showing that the trapped electrons are
moving out from the nanocrystal during the measurement. Based on Fig. 5.8
a memory window of ∼0.2V is expected after 10 years. As discussed later, a
thicker tunnel oxide and/or channel hot electron injection for programming
can improve the charge retention.

5.2. Effects of Tunnel Oxide Thickness and Programming

Mechanism

5.2.1. Effect of Tunneling Oxide Thickness

In the following discussions on the influence of tunnel oxide thickness on
the memory performance, we will examine two memory devices: device 1
with a ∼7nm tunnel oxide and device 2 with a ∼3 nm tunnel oxide [45].
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The memory devices are fabricated on p-type (100) Si wafers with a conven-
tional 2-µm CMOS process. A SiO2 film is thermally grown to 20 nm and
17 nm on the p-type Si(100) substrate in dry oxygen at 950◦C for device 1
and device 2, respectively. Si+ ions with a dose of 5 × 1016 cm−2 are then
implanted at 2 keV into the oxide. With the implantation energy of 2 keV,
the implanted Si ions are distributed from the oxide surface to a depth
of ∼13nm. This means that there are no Si ions distributed in the oxide
region from the depth of ∼13nm to the interface of SiO2/Si substrate. In
other words, device 1 and device 2 have a tunnel oxide (the oxide between
the nanocrystal layer and the interface of SiO2/Si substrate) of ∼7 nm and
∼3 nm, respectively. Additional 20 nm SiO2 is deposited on top of the pre-
viously grown oxide by low pressure CVD (LPCVD) method to form the
control oxide. Thermal annealing is carried out at 1000◦C in N2 ambient
for 1 hour to induce nanocrystal formation. TEM measurement shows the
existence of Si nanocrystal with a size of ∼ 4 nm in the gate oxide. The
devices have a 20 nm control oxide and a channel width/length (W/L) of
10/2 µm. The programming and erasing operations are carried out with
FN tunneling mechanism.

The room temperature low voltage transfer characteristics of the devices
are shown in Fig. 5.9 [45]. For device 1, the programmed state is obtained
by applying +12V for 1ms (Fig. 5.9(a)), while the programmed state for
device 2 is obtained by applying +12V for 1µs (Fig. 5.9(b)). For device 1,
the transistor has an on/off current (IOn/IOff) ratio larger than 108 and
the sub-threshold slope of ∼ 110mV/dec for both the programmed and
erased states. For device 2, the transistor has an IOn/IOff ratio larger than
107 and the sub-threshold slope of ∼ 110mV/dec for the erased state and
∼130mV/dec for the programmed state. Obviously, a thicker tunnel oxide
leads to a larger IOn/IOff ratio. The reduction of sub-threshold slope for the
programmed state of device 2 is mainly due to the localized charge effect in
the nanocrystal as well as the fringing field effect [46]. However, for device
1, the localized charge effect and fringing field effect are not significant
due to the thicker tunnel oxide. As such, the sub-threshold slopes for both
the programmed and erased states of device 1 are the same. On the other
hand, at the driving current of 1µA, a memory window of 0.51V is obtained
for device 1 while a memory window of 1 V is obtained for device 2. This
indicates that the memory window can be increased by reducing the tunnel
oxide.

For the device with the tunnel oxide of ∼ 7 nm (device 1), at room
temperature, the device exhibits a ∼ 0.5V memory window under a short
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Fig. 5.9. Transfer characteristics of (a) device 1 with tunnel oxide thickness
ttunn =∼7 nm and (b) device 2 with ttunn =∼3 nm. The IOn/IOff ratio is higher for
ttunn =∼7 nm. The programming/erasing is carried out at +12/−12 V for 1 ms for device
1 and 1 µs for device 2 [45].
Reprinted with permission of John Wiley & Sons, Inc.

program/erase pulse of +12/− 12V and 1 ms. The device shows good
endurance of up to 105 P/E cycles. However, the threshold voltage starts to
drift up after 105 P/E cycles as shown in Fig. 5.10 [45]. The drift-up in the
threshold voltage is attributed to the electron trapping in the control oxide.
During the programming operation, some of the injected electrons from the
substrate are trapped inside the control oxide because of the smaller cap-
ture cross-section of the nanocrystal layer. During the erasing operation,
incomplete removal of the trapped electrons from the control oxide leads to
an increase in the threshold voltage. Therefore, as the number of the P/E
cycles increases, more and more electrons are trapped in the control oxide,
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Fig. 5.10. Endurance performance for ttunn =∼7 nm (device 1). Programming/erasing
operations are carried out at +12/−12 V for 1 ms [45].
Reprinted with permission of John Wiley & Sons, Inc.

and hence the threshold voltage drifts up. With 106 P/E cycles, a drift up
of ∼0.25V in the threshold voltage is observed, indicating a severe electron
trapping in the control oxide.

For device 2 with a thinner the tunnel oxide (∼3 nm), the programming
voltage and programming time are reduced greatly for a memory window
similar to that of device 1. By applying programming/erasing voltage of
+9/−9V for 1µs at the gate terminal, a memory window of ∼ 0.6V can
be achieved at room temperature. The device shows a very good endurance
with only a slight drift up (<2%) after 106 P/E cycles, as shown in Fig. 5.11
[45]. It should be noted that the memory window and the endurance are
determined by the programming/erasing voltage. As shown in Fig. 5.12, a
memory window of ∼ 1V can be obtained under a programming/erasing
pulse of +12/−12V and 1µs [45]. However, the higher programming/
erasing voltage leads to a degradation of the endurance. As shown in
Fig. 5.12, the threshold voltage starts shifting up after 105 P/E cycles, and
a shift of ∼0.15V after 106 cycles is observed. Increasing the programming
voltage leads to more electrons trapped in the control oxide, and thus the
threshold voltage drifts up after many P/E cycles.

The retention characteristics of the memory device (device 1) with
ttunn =∼7nm for both the programmed and erased states are plotted in
Fig. 5.13 [45]. As shown in this figure, ∼20 % of the stored charge will
be lost after 10 years for the programmed state. However, for the thinner
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tunneling oxide (device 2), i.e. ttunn =∼ 3 nm, ∼70 % of the charge will
be lost after 10 years, as shown in Fig. 5.14. Therefore, the device with
ttunn =∼7nm has a much better data retention ability than the one with
ttunn =∼ 3 nm. For the former case, the ∼ 7 nm tunnel oxide is sufficient
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to block the charge leakage from the nanocrystal to the Si substrate at
room temperature. However, for the latter case, the charge retention is not
so good due to the tunneling of the trapped electrons through the thin
tunnel oxide to the Si substrate. Therefore, the reduction of the tunnel
oxide thickness will enhance the charging efficiency but result in poorer
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retention ability. Nevertheless, a memory window of ∼0.3V after 10 years
is expected for the both cases, fulfilling the requirement of a minimum of
10-year memory window of 0.3V.

5.2.2. Effect of Programming Mechanism

As discussed in Sec. 3.2, nanocrystal memory can be programmed by using
channel hot electron (CHE) injection or Fowler–Nordheim (FN) tunneling,
but it is usually erased by FN tunneling regardless of the programming
mechanisms. In this section, we will examine the influence of the program-
ming mechanisms including the FN and CHE on the memory window,
endurance and charge retention of nanocrystal memory. The information
presented here is adapted from [47]. The memory devices under study have
a tunnel oxide of ∼3 nm and a control oxide of ∼20nm. They have a chan-
nel width/length (W/L) of 10/2µm. The process of device fabrication is
similar to the one described in Sec. 5.2.1.

To program the memory devices, electrons are injected into the nc-Si
from the channel by either the CHE or FN mechanisms. For the CHE pro-
gramming, a positive voltage is applied to both the gate and the drain
(i.e. the gate voltage Vg =the drain voltage Vd > 0) while both the source
and substrate are grounded. For the FN programming, a positive volt-
age is applied to the gate (i.e. Vg > 0) while the other three terminals
are grounded. To erase the memory devices, the electrons trapped in the
nanocrystal are expelled by the FN mechanism. For the FN erasing, a neg-
ative voltage is applied to the gate (i.e. Vg < 0) while all the other termi-
nals are grounded. In the following discussions, “FN/FN” and “CHE/FN”
denote the operations of FN programming/FN erasing and CHE program-
ming/FN erasing, respectively.

Figures 5.15(a) and (b) show the shift of transfer characteristics of
the device at room temperature under the FN/FN (Vg = +10V for pro-
gramming and Vg = −10V for erasing) for 1µs and under the CHE/FN
(Vg = Vd = +10V for programming and Vg = −10V for erasing) for 1µs,
respectively [47]. As can be seen from Fig. 5.15, the FN/FN leads to a
memory window of ∼0.75V, while the CHE/FN yields a memory window
of ∼ 1V. It is observed that a larger memory window is always achieved
by the CHE/FN than by the FN/FN for the same voltage magnitude and
time of programming/erasing. This situation is also clearly demonstrated
by Fig. 5.16 [47]. Figure 5.16 shows the memory window as a function of the
programming/erasing voltage at room temperature for both the CHE/FN
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Fig. 5.15. Transfer characteristics of the programmed and erased states from the pro-
gramming/erasing operations of (a) FN/FN or (b) CHE/FN. The programming/erasing
time is 1 µs [47]. ( c©2006 IEEE).

and the FN/FN. The programming/erasing time is fixed at 1µs. It is evi-
dent from this figure that the CHE/FN leads to a larger memory win-
dow as compared to the FN/FN for any programming/erasing voltage.
A larger memory window is actually the consequence of a larger thresh-
old voltage increase caused by programming (i.e. a larger Vth at the pro-
grammed state) and a lower threshold voltage after erasing (i.e. a lower
Vth at the erased state) in the CHE/FN operation, as discussed in the
following.
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As can be seen in Fig. 5.17, the CHE programming causes a larger
threshold voltage shift as compared to the FN programming [47]. Under
the CHE programming, the channel hot electrons are generated by the
lateral electric field near the drain junction. The generated hot electrons
are injected into the nanocrystals and the gate oxide both near the drain
junction, leading to local charge trapping near the drain. This situation is
similar to that observed for conventional NVMs. In contrast, under the FN
programming, electrons are injected from the Si substrate into the nanocrys-
tals and the gate oxide over the channel, leading to charge trapping with an
almost uniform lateral distribution over the whole channel. The difference
in the distribution of trapped charges between the two programming mech-
anisms can explain the larger threshold voltage shift caused by the CHE
programming. In the present study, the threshold voltage is measured by
reading the drain current with the source grounded (i.e. forward reading).
With this measurement configuration, the threshold voltage is sensitive to
the charge trapping near the drain, and it is larger for a larger amount
of localized charge trapping near the drain. Therefore, the CHE program-
ming can yield a larger threshold voltage shift as it can cause more charge
trapping near the drain. On the other hand, as discussed later, the FN
programming has more electrons trapped in the control oxide as compared
to the CHE programming. The threshold voltage shift due to the electron
trapping in the control oxide should be not large because the trapped elec-
trons are far away from the channel. This may be also partially responsible
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Fig. 5.17. Endurance characteristics for the CHE/FN and FN/FN at (a) room temper-
ature and (b) 85◦C [47]. ( c©2006 IEEE).

for the relatively smaller threshold voltage shift caused by the FN
programming.

On the other hand, as shown in Fig. 5.17, the threshold voltage after
erasing (i.e. the Vth at the erased state) in the CHE/FN operation is lower
than that in the FN/FN operation. As discussed above, in the CHE/FN
operation, the CHE programming leads to the localized charge trapping
near the drain. However, during the FN erasing the entire nanocrystal layer
is erased. In other words, the trapped charges in the region near the drain
are removed, but at the same time electron tunneling from the nanocrystal
of all other regions to the Si substrate can also occur under the influence
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of the uniform oxide electric field produced by the negative gate bias. This
over erase leads to a lower Vth at the erased state. Actually, the over erase is
evident from the fact that the initial Vth before any programming/erasing
is ∼ 1.75V but the Vth decreases to ∼ 1.65V at the erased state after a
CHE/FN operation. In contrast, in the FN/FN operation, both the charge
trapping and the charge erasing are laterally uniform, and thus there is no
over erase occurring [47].

The endurance characteristics of the memory device are also shown
in Fig. 5.17. For the endurance measurement, the voltage magnitude and
duration of programming/erasing are 10V and 1µs, respectively, for both
FN/FN and CHE/FN. At room temperature, the threshold voltage (Vth)
starts to drift up after ∼104 and ∼ 105 P/E cycles for the FN/FN and the
CHE/FN, respectively. After 106 P/E cycles, the FN programming shows
a Vth drift-up of ∼ 0.13V, while the CHE programming shows a drift-up
of only ∼0.05V. At the hot temperature of 85◦C, the Vth drift-up is more
significant, and 0.25V and 0.13V drift-up after 106 P/E cycles are observed
for the FN/FN and the CHE/FN, respectively. The drift-up in the Vth is
attributed to the electron trapping in the control oxide [47]. During the
erasing process, incomplete removal of the trapped electrons from the con-
trol oxide leads to an increase in the threshold voltage, and this effect is
enhanced at a higher temperature. The more significant Vth drift-up in
the FN/FN operation indicates that the FN programming leads to more
electrons trapped in the control oxide than the CHE programming.

Figures 5.18(a) and (b) show the retention characteristics of the memory
devices at room temperature and at 85◦C, respectively [47]. The retention
measurement was carried out after 1000 P/E cycles. It is observed from
the figure that the charge retention for the CHE programming is better
than that for the FN programming. For the programmed state at room
temperature, ∼50% and ∼70% charge lost after 10 years are expected for
the CHE and FN programming, respectively. The better charge retention is
related to the localized charge trapping caused by the CHE programming.
As discussed earlier, the trapped charges are distributed uniformly in the
entire nanocrystal layer for the FN programming, but the charge trapping
is highly localized near the drain for the CHE programming. As such, the
cross section (or area) for electron tunneling out from the nanocrystal to
the channel during the retention experiment should be much smaller for
the latter case. This means that the charge lost is less in the case of CHE
programming. For the Vth at the erased state at room temperature, for
the case of FN/FN it remains unchanged with time, showing no charge



August 22, 2007 16:47 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch08

460 T. P. Chen

(a)

Time (s)
100 101 102 103 104 105 106 107 108 109

T
h

re
sh

o
ld

 V
o

lt
ag

e 
(V

)

1.4

1.6

1.8

2.0

2.2

2.4

2.6

2.8

3.0

10-years

Room Temperature

CHE / FN

FN / FN

(b)

Time (s)
100 101 102 103 104 105 106 107 108 109

T
h

re
sh

o
ld

 V
o

lt
ag

e 
(V

)

1.4

1.6

1.8

2.0

2.2

2.4

2.6

2.8

3.0

10-years

Temperature = 85 oC

CHE / FN

FN / FN

Fig. 5.18. Retention characteristics for the CHE/FN and FN/FN at (a) room temper-
ature and (b) 85◦C [47]. ( c©2006 IEEE).

transfer during the retention experiment. However, for the case of CHE/FN,
it starts to increase at the time of 104 seconds from ∼1.65V with a trend to
the initial value (i.e. the Vth before any programming/erasing) of ∼1.75V,
indicating the recovery from the over erase that is discussed earlier. At room
temperature, the expected memory window after 10 years is ∼0.5V for the
CHE/FN, which meets the retention requirement of NVMs. However, it is
only ∼0.2V for the FN/FN. At the hot temperature of 85◦C, the retention
capability degrades significantly for both the CHE/FN and the FN/FN due
to the enhancement of thermally-assisted tunneling of electrons from the
nanocrystal. However, for the CHE/FN the expected memory window after
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10 years is still larger than 0.3V which could be sufficient for the proper
memory functioning.

It is also observed that the CHE programming leads to fewer damages
to the gate oxide and the oxide/Si interface. Figure 5.19 shows the gate
leakage currents before and after 104 P/E cycles for both the FN program-
ming (Fig. 5.19(a)) and the CHE programming (Fig. 5.19(b)) [47]. For
the FN programming, a significant stress-induced leakage current (SILC)
is observed after 104 P/E cycles. The SILC at low gate voltage (<∼3V) is
attributed to the displacement current associated with the interface traps
and oxide traps near the interface that are generated by the FN injection,
while the SILC at high gate voltage (>∼3V) can be explained in terms
of the oxide-trap-assisted tunneling. In contrast to the FN programming,
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Fig. 5.19. Gate current before and after 104 programming/erasing cycles for (a) the
FN/FN and (b) the CHE/FN [47]. ( c©2006 IEEE).
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the CHE programming leads to an insignificant SILC after 104 P/E cycles.
Therefore, it is evident that the CHE programming produces fewer dam-
ages to the oxide and the interface and thus has a better reliability than
the FN programming.

6. Single-Electron Memory Effect

Single-electron devices, which are based on Coulomb blockade effect [8],
have recently attracted much attention. In a single-electron memory device,
the addition or subtraction of a small number of electrons to/from a charge
storage node can be controlled with one-electron precision. Single-electron
memory effect in silicon nanocrystal memory has been demonstrated and
studied in the past decade [12, 25, 49–62].

Tiwari et al. [49] observed single-electron charging effect in Si nanocrys-
tal memory devices at low temperatures. In their experiment, the mem-
ory devices had a nc-Si density of 3–10×1011 cm−2, a tunnel oxide of
1.5–4.0 nm, a control oxide of 9 nm, a gate length of 0.4µm and a gate
width of 10.0µm. Figure 6.1 shows the threshold voltage as a function of
the static voltage between the gate and the source at 300, 77, and 40 K [49].
As the temperature is lowered, the threshold voltage shows plateaus that
become pronounced below 120 K and are nearly equidistant. The plateaus

Fig. 6.1. Pulsed threshold voltage obtained as a function of static gate voltage at 300,
77, and 40 K, for an n-channel nanocrystal memory with a gate length of 0.4 µm and gate
width of 10.0 µm. The applied drain voltage is 100 mV. This device utilizes an injection
oxide of 1.9 nm and a control oxide of ∼9 nm [49].
Reused with permission from Ref. 49. Copyright 1996, American Institute of Physics.
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of the threshold voltage indicate the single-electron charging effect in Si
nanocrystal at lower temperatures.

Kim et al. [12] demonstrated the first room temperature Coulomb block-
ade effect in Si nanocrystal memory. The quantized shift in threshold volt-
age and quantized charging voltage were observed at room temperature,
which was attributed to the single-electron charging effect. The Si nanocrys-
tals with a size of about 4.5 nm and a density of 5×1011/cm2 were synthe-
sized by LPCVD technique. With the dot size of 4.5 nm, the energy level
splitting due to the quantum effect is calculated to be 128 meV with infi-
nite potential well approximation and the charging energy is calculated
to be 82 meV with the assumption that the dot is a spherical-shaped
conductor. Therefore, the sum of the quantum energy level spacing and
the charging energy is 210 meV. As this value is much larger than the
thermal energy of 26 meV at room temperature, single-electron effect can
be observed at room temperature. Figure 6.2 shows the room tempera-
ture steady-state drain current after static gate bias is applied for a long
time sufficient for full programming [12]. The staircase plateauing of steady
state drain currents in equidistant gate voltage (VGS) steps with a period-
icity of ∆VGS = 1.7V shows the single-electron effect at room temperature.
The periodicity of the staircase plateaus is consistent with the following

Fig. 6.2. Saturation drain current versus gate bias applied for a long time — enough for
full programming. The drain was biased at 0.1 V for each measurement. The solid lines
represent the drain current–gate voltage curves with zero, one, two, and three electrons
per quantum dot, respectively. Each region (n = 0, 1, 2, 3) represents zero, one, two, and
three electron storage per nanocrystal, respectively. This figure shows the single-electron
effect at room temperature [12]. ( c©1999 IEEE).
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calculation [12]. The required voltage increase on the control gate for one
electron charging onto the dot is calculated by the following equation of
∆VGS = 210mV×(1 + Ctt/CCG). Here, the gate-to-dot capacitance CCG

is calculated to be 0.17µF/cm2, and the dot-to-channel capacitance Ctt is
calculated to be 1.26µF/cm2. Then, ∆VGS is calculated to be 1.8V, being
consistent with the measured periodicity of the staircase plateaus (about
1.7V) mentioned above.

Kapetanakis et al. [25] observed room temperature single-electron charg-
ing phenomena in large area Si nanocrystal memory obtained by low energy
ion implantation synthesis. The evidence revealing a single-electron charg-
ing effect is the plateau structure of the drain current (IDS) versus gate volt-
age (VG) characteristics, shown in Fig. 6.3 for different VG sweep rates [25].
Electron injection into the nanocrystals during each measurement causes
a dynamic shift of the threshold voltage VTh of the device, resulting in
the observed IDS–VG structures. The time needed for an electron to inject
into the nanocrystal, strongly depends on VG. Thus, for the case of a fast
sweep, charge injection takes place at relatively high VG resulting in an
efficient reduction of the IDS due to the large number of injected electrons.
The initial portion of the IDS–VG curve in this case corresponds to the

Fig. 6.3. Room temperature transfer characteristics under different VG sweep rates and
the drain voltage VDS = 0.1V. With decreasing sweep rate, the IDS–VG curves show a
clear staircase structure. The arrows indicate voltage regions ∆VGS with 1 and 2 stored
electrons per nanocrystal (n = 1, 2), while the initial portion of the fast swept IDS–VG

curve corresponds to n = 0. ∆VTh is the threshold voltage shift caused by the storage
of a single electron per nanocrystal [25].
Reused with permission from Ref. 25. Copyright 2002, American Institute of Physics.
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Fig. 6.4. Repeated measurements of the time evolution of the drain current at a con-
stant gate voltage (a) after erasing and (b) after charging. The stepwise behavior clearly
appears in both cases. The charging/discharging times are widely spread [58].
Reprinted with permission of Elsevier.

uncharged state of the nanocrystals (i.e. the number of electrons trapped in
the nanocrystals n = 0). With decreasing sweep rate, VG for electron injec-
tion decreases together with the number of involved electrons, resulting in
the appearance of a plateau in the IDS–VG curves. The plateau structure
for the sweep rate of 5 mV/s clearly shows the Coulomb blockade effect at
room temperature.

Molas et al. [58] also studied the single-electron charging/discharging
phenomena in a silicon nanocrystal memory at room temperature. The
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silicon nanocrystals were formed by depositing and successively annealing
(at 1050◦C) a 3 nm-thick suboxide layer (SiO0:5). To investigate the discrete
electron charging phenomena, they measured the time evolution of the drain
current at a constant gate voltage, after an erasing stress and after a writing
stress, and the result is shown in Fig. 6.4. Clear staircase phenomena appear
corresponding to a one-by-one electron trapping/detrapping during the
time-domain measurement of the drain current at room temperature. These
discrete behaviors show the single-electron charging/discharging effect at
room temperature.

7. Summary

Nanocrystal-based NVM devices, which were first introduced in the early
nineties, provide a promising alternative to conventional floating gate NVM
devices, by allowing a further decrease in the tunnel oxide and reduction in
operating voltages. In a nanocrystal memory device, the continuous floating
gate of the conventional NVM device is replaced by an ensemble of Si
nanocrystal. In other words, charge is not stored on a continuous floating
gate poly-Si layer, but instead on a layer of discrete, mutually isolated,
crystalline Si nanocrystals embedded in the gate oxide. For the memory
application, Si nanocrystal can be synthesized with various techniques such
as CVD and Si ion implantion followed by a high temperature annealing.
As compared to conventional floating gate NVM devices, nanocrystal mem-
ory devices offer several advantages. The main advantage is the potential
to use thinner tunnel oxides without sacrificing non-volatility. In addition,
nanocrystal memory devices use a more simplified fabrication process as
compared to conventional floating gate NVM’s.

The operation principle of nanocrystal memory device is very similar
to that of conventional floating gate NVM devices. Nanocrystal memory
device can be programmed with either the FN tunneling or channel hot elec-
tron injection but is usually erased with FN tunneling. However, channel
hot electron programming is found to yield a better memory performance
and reliability. Promising device results have been presented, demonstrat-
ing low voltage operation for comparable memory windows, and good thin
tunnel oxide retention performance that suggests to meet long-term non-
volatility requirements. An important issue for nanocrystal memory is the
charge trapping in the control oxide during the programming operation.
The charge trapping leads to an increase in the threshold voltage for both
the programmed and erased states during repeated programming/erasing
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operations. This problem could be overcome by development of high quality
oxides and/or device design solutions.

The nanocrystals also offer the possibility of single-electron memory
devices operating at room temperature. Single-electron memory effect on
silicon nanocrystal memory has been demonstrated. However, there are still
many issues and difficulties to be overcome, and the challenges are becoming
more and more concrete.
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1. Introduction

Silicon-based materials and devices have made possible the realization of
complex electronics for data processing, control, sensing, and communica-
tion. The single crystalline silicon (c-Si) electronics achieving submicron
dimension and gigascale integration have been developed, and amorphous
silicon (a-Si) and nanocrystalline silicon (nc-Si) electronics on inexpensive
substrates, such as glass or polymers have been developed in flat panel
displays, solar cells and image sensors. In principle, a-Si is distinguished
from c-Si by its disordered atomic configurations. Even if it does not have
long-range order it still has short range-order, i.e. bond angle, bond length,
and coordination number similar to those of c-Si. In contrast to a-Si, nc-Si,
including microcrystalline silicon (µc-Si), has a three-dimensional periodic
arrangement of atoms (long range order). It has nanoscale grains of crys-
talline silicon prolonged in the growth direction, which are embedded in
a residual amorphous Si matrix. This is different from polycrystalline sil-
icon (poly-Si), which consists of large crystalline silicon grains separated
by grain boundaries. Since nc-Si consists of a number of small crystals and
has a lower hydrogen concentration, it shows many superior properties over
a-Si for thin film transistor applications, such as higher mobility and better
stability for active devices. It also displays enchanced light-absorption in
the red-infrared range and shows no Staebler–Wronski effect, which leads
it to be used in solar cell applications.

473
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The advantage of nc-Si is the fact that its technology, the deposition
temperature below 250◦C, is fully compatible with the conventional a-Si
technology. This low deposition temperature is a great potential of nc-Si
with respect to poly-Si, which requires much higher deposition tempera-
ture above 650◦C. Although as-grown nc-Si is highly conductive, it gener-
ally cannot achieve the mobility as high as poly-Si has. However nc-Si can
be prepared much easier than poly-Si as its primary deposition method is
conventional plasma enhanced chemical vapor deposition (PECVD), which
are widely used to fabricate a-Si at low temperature. The current driving
force in the research and development of nc-Si is focused on enhancing the
device quality and increasing the deposition rate of nc-Si films (typically
1.8–18 nm/min), which is inferior to that of a-Si (60–600 nm/min). To
realize this, new deposition techniques, for example, very high frequency
PECVD, microwave PECVD, electron cyclotron resonance PECVD, and
hot-wire CVD, have been investigated and shown much improved proper-
ties, such as plasma stability, deposition rate, and device stability .

In this chapter, the mechanisms of nc-Si formation, advances in the
deposition techniques and properties of nc-Si films will be introduced, fol-
lowed by the applications to thin film transistors and solar cells.

2. Deposition Techniques and Growth Models

The characteristics of nc-Si are strongly determined by the deposition con-
ditions and techniques. In this section, reviews on the deposition techniques
to grow nc-Si films will be given. Following this, growth mechanisms for the
formation of nc-Si and the role of hydrogen will be discussed.

2.1. Deposition Techniques

Different growth methods result in a wide range of possible silicon structures
available: pure amorphous silicon (a-Si), hydrogenated amorphous silicon
(a-Si:H), and crystalline silicon (c-Si). Polycrystalline silicon (poly-Si) in its
physical and morphological properties is more related to single crystalline
silicon. It contains relatively large grains (> 0.1–1µm) with a crystalline
fraction of close to 100% and only a small percentage of amorphous matrix
in the grain boundaries (<1%). Nanocrystalline silicon (nc-Si), which has
small crystallites (∼3–50nm) embedded into a amorphous silicon matrix,
is at the other end of the scale and more closely related to a-Si:H.

There has been considerable effort to produce a low thermal and large
area process nc-Si using different techniques. It is of great interest for the
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semiconductor industry to find a suitable way to grow poly-Si and/or nc-Si
for different applications such as solar cells or TFTs, especially when it can
be realized for a large substrate, at low deposition temperature and at a
relatively low cost. In this section several methods to grow nc-Si films are
introduced.

2.1.1. Radio Frequency-Plasma Enhanced Chemical Vapor
Deposition (RF-PECVD)

Plasma enhanced chemical vapor deposition (PECVD) is also called glow
discharge deposition because of the visible luminosity of the plasma glow
region, which is mainly the result of the de-excitation of emitting molecu-
lar and atomic species contained in the plasma. Glow discharge is sustained
by inelastic electron-impact processes that are initiated by electrons which
have acquired sufficient energy from the electric field as a result of succes-
sive elastic collisions with gas molecules. The field can be direct current
(DC), radio frequency (RF), very high frequency (VHF), and microwave
frequency.

The PECVD process includes all the technical requirements necessary
to obtain nc-Si films at low temperatures and at a relatively low cost. The
gas phase and the surface processes are the crucial steps for the film growth
in PECVD.

Major steps of a PECVD process include source gas diffusion, elec-
tron impact dissociation, gas-phase chemical reaction, radical diffusion, and
deposition. Electron impact dissociation of precursor gases in the glow dis-
charge is the primary step for chemical reactions in a PECVD system.

The common PECVD systems used at lower pressures such as DC or
RF discharges operate at pressures of 10–100 mTorr. The applied DC or
RF potential increases at lower pressure and this gives rise to high ion
energy, which causes destructive high-energy ion bombardment during the
film growth. Matsuda [1] and Perrin [2] have pointed out the importance of
the ion to neutral flux-ratio Φion/Φo, where very low ion energies (<50 eV)
can be used to obtain good quality films for the silicon film deposition.
Ions can provide momentum transfer to the surface and thereby they can
increase surface mobility [2].

In RF-PECVD system, electron and ion densities are at most 1011 cm−3

at a pressure of 0.1Torr in which the number density of molecules is the
order of 1015 cm−3. The threshold energy to create neutral fragments
by electron impact is known to be close to the threshold of photolytic
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decomposition, Ep. The electron-impact ionization needs significantly larger
threshold energy than Ep. Consequently the predominant flux impinging
onto the substrate surface is inferred to be radicals rather than ions, and
the deposition process might be controlled by the generation rate of radicals
or by the surface reactions among radicals. Plasma-assisted gas decomposi-
tion reduces the substrate temperature required for the deposition process.
The lower substrate temperature makes it possible for sufficient hydrogen
to be incorporated during the deposition.

It is believed that SiH3 molecule is the main precursor in the growth of
nc-Si, as it has a longer lifetime in silane plasma than all the other radicals.
This is because the radicals SiH2 and SiH tend to react especially at higher
pressure [3]. Typical reactions are [4]:

SiH + SiH4 ⇒ Si2H5, (2.1)

and

SiH2 + SiH4 ⇒ Si2H6. (2.2)

The consideration of dissociation and subsequent reactions in the plasma
leads to a fragmentation pattern into radicals and ions as a function of the
electron temperature. The main contribution of particles to the a-Si:H or
nc-Si growth seems to originate from the radicals due to their increased
number at low electron energies [5, 6]. However, PECVD deposition of
nc-Si proceeds from the dissociation of silicon bearing source gas in the
process chamber. This source gas is normally SiH4 although Si2H6 [7] or
SiF4 [8] have also been employed. To deposit nc-Si, it is usually necessary to
highly dilute up to silane to hydrogen gas ratio of 1:50 by volume. Another
difference in the deposition conditions for nc-Si is that higher deposition
power is required since at low power (28mW/cm2) a-Si:H films were formed
but at high power (280mW/cm2) the deposited films were nanocrystalline
[9]. It has also been reported that higher deposition pressure leads to nc-
Si formation rather than a-Si:H [10]. However conventional PECVD nc-Si
films have shown low deposition rate, typically less than 1 Å/s, even at high
powers, due to the high hydrogen dilution.

2.1.2. Very High Frequency-Plasma Enhanced Chemical Vapor
Deposition (VHF-PECVD)

Curtins et al. [11, 12] studied the effects of power-source frequency in a
silane glow discharge from 25MHz to 150MHz. They observed a strong
dependence of the deposition rate on the frequency, with deposition rate
peaking above 2 nm/s at 70MHz. Above 70MHz the deposition rate fell off
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again. They claimed that there are lower internal stresses in films produced
at 70MHz than those produced at 13.56MHz. At 70MHz the plasma glow
is self-confined, eliminating the need for other confinement. Chatham and
Bhat [13] studied glow discharge deposition of a-Si:H from 13.56MHz to
110MHz. They observed that the deposition rate increases monotonically
with frequency until 100MHz. They also found that the optimized oper-
ating pressure decreases with increasing frequency for good quality a-Si:H
deposition. They believed there are two main benefits with a high frequency
deposition: (1) The ion bombardment energy decreases with increasing fre-
quency as the self-bias potential decreases from 30 to 50V at 13.56MHz
to 10V or lower at 110MHz. (2) The flux of low energy ions increases
with increased frequency, due to lower operating pressure. This improves
the surface mobility at the deposition surface. Wertheimer and Moisan [14]
proposed that some observed frequency effects should be interpreted as a
function of electron energy distribution functions of the plasma. Oda and
Matsumura [15] concluded that frequencies greater than the collision fre-
quency and close to the plasma frequency are useful in plasma processing
because of the high efficiency of radical generation and the high feasibility
of control of the energy and spatial distribution of electrons.

The explanation of influence of very high frequency (VHF) on the depo-
sition rate is still a topic of discussion. It has been proposed theoretically
that the high-energy tail in the electron energy distribution function is
increased with an increasing ratio of the excitation frequency and the energy
collision frequency [14, 20, 23]. This leads to an increased ionization rate
[16–18]. However, J. Bezemer et al. [21, 22] reported that the increase of the
deposition rate cannot solely be attributed to the enhancement of radical
production. It has also been found or deduced that the flux of ions towards
the surface is increased with increasing frequency [16, 19, 24, 25] while at
the same time the ion energy is decreased. This low energy, high flux ion
bombardment enhances surface mobilities of adsorbed species. Due to the
fact that the wavelength of the radio frequency signal is of the order of the
substrate dimensions (3m at 100MHz), it can be expected that uniform
deposition is more difficult at these high frequencies [26]. In fact, a practi-
cal optimum frequency is used around 60–70MHz [27, 28], which provides a
good compromise between high deposition rate and attainability of uniform
deposition.

The use of VHF (125MHz) led to an increase in the deposition rate,
grain size, and Hall mobility of nc-Si films [29]. High precursor flux to the
growth surface is the prerequisite of high rate deposition, but methods lead-
ing to effective gas dissociation, such as high discharge power, are generally
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accompanied by high ion energy, which is considered to be detrimental
for nc-Si growth [30]. Therefore, optimization of precursor flux versus ion
energy might be of importance for high growth rate processes. Reduction of
ion energy can be achieved with high excitation frequencies, where sheath
voltages are reduced and with high pressure where a reduced mean free
path leads to ion energy loss by collision.

2.1.3. Hot-Wire CVD (HW-CVD)

Hot-wire (HW) CVD uses a tungsten filament at 1100–1300◦C to decom-
pose SiH4. The filament is placed above a substrate, which is kept at much
lower temperature. Substrate temperatures as low as room temperature
have been reported for the deposition of poly-Si [31]. The high tempera-
ture of the filament leads to a total decomposition of the SiH4 and H2 into
atomic Si and H. These species then recombine away from the filament
to form radicals such as SiH3, without any ions present in the gas phase.
Consequently, the SiH3 radical is the dominant species responsible for the
film growth. As with other deposition methods of nc-Si, HW-CVD is also
dependent on the hydrogen dilution to promote crystallinity although the
primary deposition parameters are the pressure and filament temperature.
The HW-CVD leads to relatively good nc-Si films properties [31–33]. This
could solely be attributed to the absence of ions. The evaporation of the
tungsten filament is a problem, due to the high temperatures used, result-
ing in possible contamination. Technological difficulties also arise from the
short lifetime of a very fragile tungsten filament and inhomogeneity when
large area depositions are needed.

2.1.4. Electron Cyclotron Resonance CVD (ECR-CVD)

Electron cyclotron resonance (ECR) CVD systems have attracted inter-
est as a technique of low temperature deposition of a-Si:H, nc-Si [34],
and dielectric materials since the energy of the electrons in the plasma,
which are responsible for the precursor formation, can be controlled inde-
pendently of the generation of damaging ion species. The microwave fre-
quency is matched to the cyclotron frequency set by magnetic field in the
resonant chamber. When this matching occurs, electrons absorb energy
resonantly from the exciting electric field, thereby the dissociation of the
source gas is efficiently promoted. ECR plasma is potentially operated
under low pressures ∼0.01–1Pa. Therefore, the neutral radicals such as
SiH3 radicals or H atoms are able to reach on the surface of substrate
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without colliding so many times with the other species. As a result, the
formation of higher radicals or particles, which deteriorate the film qual-
ity, is considerably suppressed. It has been reported that with a mix-
ture gas of H2 and SiH4, highly crystallized films could be grown at
120◦C by ECR-CVD [35]. However, in the high-density plasma operat-
ing at a low pressure, the ions will attack the growth surface and the
damage induced by the ion bombardment prevents the nucleation of nc-
Si, because the crystalline structure of nc-Si is very sensitive to the ion
bombardment.

2.1.5. Electron Cyclotron Wave Resonance CVD (ECWR-CVD)

ECWR works on the principle of wave penetration into the plasma at low
magnetic fields [36], providing a better power coupling to the plasma. An
important consequence of this is that ECWR plasmas can be used for large
area depositions. It can also be used for a PECVD system, where poly-Si
can be grown without any dilution of silane being necessary [37]. Com-
pared to the conventional PECVD systems, ECWR affords to control the
ion energies between 10–50eV, independent of the power input. This is
essential in a CVD process, where ion bombardment is not desired. The
power coupling allows the independent control of the amount of ions and
their energy, independent of the electron temperature Te. The working pres-
sure for the ECWR system depends on the gases used but it usually ranges
from ∼3.8·10−2–38mTorr (∼5·10−5–5·10−2 mbar).

2.2. Growth Models

The periodic atomic structure of crystalline materials leads to Bloch’s the-
ory to account for the band structure and electrical characteristics. Amor-
phous silicon (a-Si:H) is distinguished from crystalline silicon (c-Si) by its
disordered atomic configurations. Since nanocrystalline silicon (nc-Si) is a
mixed phase material containing small crystalline regions of silicon, up to
500nm in diameter, embedded within a-Si:H matrix, these nanocrystal-
lites introduce two new structural features: ordered regions of silicon and
grain boundaries. There have been many efforts to explain how nc-Si grows
and which deposition parameter affects the growth of nc-Si. Most of the
growth models for nc-Si are based on how hydrogen reacts and involves
in the deposition since hydrogen plays a crucial role in the formation of
nc-Si. There are three primary models that can account for the growth
of nc-Si.
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2.2.1. Selective Etching (Hydrogen Radical Etching)

The layer-by-layer (LBL) technique and PECVD process for nc-Si films
formation are the main methods used, leading to the model of hydrogen
radical etching. It has been suggested that the mechanism of PECVD nc-
Si films is a balance between film creation and etching [38–40]. This is
described by the reaction equation:

SiHn(plasma) ⇔ Si(solid) + n · H(plasma). (2.3)

The reaction equation is not in an equilibrium state under normal deposi-
tion conditions and the reaction on the right side is where the deposition
takes place. The reaction can be pushed towards the equilibrium by adding
hydrogen, which leads to reduction in the deposition rate. No deposition
occurs if the reactions are completely balanced. It is called hydrogen radical
etching, if the reaction takes place from the right to the left of Eq. (2.3).

The LBL technique was employed to separate the deposition and etch-
ing processes. LBL consists of a sequence of alternating a-Si:H depositions
followed by H2 plasma exposure. Van Oort et al. [41] showed with this tech-
nique that the hydrogen radical etching model is insufficient to describe the
growth of nc-Si films. Fang et al. [42] and Solomon et al. [43] proposed a
more refined etching model to explain the growth mechanism for the LBL
nc-Si, the so-called selective etching model. They observed a preferential
etching of amorphous matrix and greatly reduced etching of the nc-Si dur-
ing the growth of nc-Si. The nc-Si also turned out to contain a higher
fraction in voids, after the H2 exposure. The growth rate was expected to
change drastically at the transition from amorphous to crystalline struc-
ture in the etching model, but this could not be observed. It was also found
that etching did not reduce essentially the film thickness [41]. In the initial
stage silicon atoms will be adsorbed onto the substrate in all orientations.
However, where atoms are arranged with a {112} plane surface, they will
be more resistant to hydrogen radicals etching, and then form a crystallite
seed. More silicon atoms will bond to these seeds in the same orientation
and crystallites will grow in size with film thickness in a conical structure.
Therefore the crystalline region will expand laterally as nc-Si thickness
increases [44].

2.2.2. Chemical Annealing (Subsurface Transformation)

The selective etching model arose from the fact that nc-Si starts to grow
with an initial amorphous layer, which is slowly transferred into crystalline
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structure during growth. However, Abelson et al. [5] found the evidence that
the subsurface model [45] for a-Si:H growth can describe the nc-Si growth
in DC sputtering experiments. The modification of amorphous into crys-
talline silicon within the bulk of the amorphous material was also observed
with ellipsometry [46]. The chemical annealing model [47] explained that
the surface and the subsurface volume are in a liquid-like state allowing
silicon atoms to reconfigure their bonds and also even change their sites.
The liquid-like state is attributed to an increase in the effective surface
temperature due to the following exothermic reaction:

2nH + SiH3 → Si(solid) +
(

n +
3
2

)
H2 + (2 + 4.5n) eV. (2.4)

The rise in temperature gives enough energy to allow the silicon atoms to
rearrange to the energetically more favorable crystalline structure. However
this model was controversially discussed because it could not account for
the fast energy dissipation during deposition. The model also assumes that
an amorphous layer should result, after atomic hydrogen treatment, in a
crystalline network. The LBL methods showed contrary results: no crys-
talline growth appears with a cleaned [48] or shuttered cathode during the
H-plasma treatment cycle [1], which suggests that LBL in practice often
involves chemical transport from cathode to substrate.

2.2.3. Surface Diffusion (Hydrogen Radical Coverage)

Surface diffusion model is a different interpretation for the preferential
growth of microcrystalline silicon in CVD at lower temperatures (<400◦C)
[30], considering the strong dependence of the crystalline fraction, grain size
and hydrogen content on substrate temperature and ion contribution. The
surface diffusion is smaller at lower temperatures and therefore the forma-
tion of nc-Si nuclei is reduced or disappeared. This is related with less or
no diffusion of SiHx adsorbates into stable sites. The diffusion coefficient
Ds can be written as [30]:

Ds =
1
4
· a2

0 · ν · exp
(
− Es

kBT

)
, (2.5)

where Es is the thermal activation energy for surface diffusion jump, a0 the
jumping distance from one site to another and ν the jumping frequency.
The SiHx adsorbates are attached primarily to the hydrogen on the surface.
In addition they are mobile corresponding to the particle gradient and
their energy until a stronger bond is established. A change in the hydrogen
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content with Ts can be observed and explained by the influence of Ds and
Es, which both depend on the hydrogen coverage of the surface. When
the surface is less covered with hydrogen at high Ts, less diffusion will
occur, since Es is increased and more reactions take place on the surface.
The transition from crystalline to amorphous growth can also be observed,
when the number of hydrogen ions impinging the substrate surface exceeds
a critical value. The grain size is also decreased when the ion bombardment
of the film surface is enhanced.

A limitation to this model is that it is hard to explain why crystalline
growth occurs at higher substrate temperatures when hydrogen is com-
pletely effused from the surface above 500◦C. Diffusion experiments per-
formed by Okada et al. [49] suggested that hydrogen diffusion on the surface
is of minor importance during crystalline growth.

The three major growth models for nc-Si films were developed from
results obtained by different deposition techniques. However a model, which
combines a couple of growth models, was also suggested as a possible expla-
nation for the growth of nc-Si [50]. A recent investigation showed that differ-
ent deposition techniques possibly result in different materials, for example
when PECVD and HW-CVD are compared [52]. In PECVD the ions con-
tribute to the growth of a-Si:H [51] and nc-Si [52], whereas the ions are not
present in HW-CVD.

3. Characterization and Properties of nc-Si Films

Before we discuss specific properties of nc-Si films, it should be noted that
the properties of nc-Si generally depend strongly on film thickness. For
example, the grain size of nc-Si is proportional to the thickness as the
grains grow upward [53]. Most of electrical and optical properties of nc-Si
films are strongly correlated to the grain size. Therefore it is important that
the properties must be compared with the others only if they have been
prepared with similar thickness.

3.1. Electrical Properties

3.1.1. Dark and Photoconductivity

The conductivity is the most important and commonly measured property
of nc-Si. To determine if nc-Si is suitable for device application, it is nec-
essary to measure the dark and the photoconductivity under illumination
(generally AM1, 100 mW/cm2 solar-simulator illumination). The energy of
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photon of light is given by hv, and the bandgap of Si is denoted by Eg. When
the photon energy is higher than the bandgap of Si (hv > Eg), the photon
energy is absorbed by Si and then an electron is excited to a level higher by
hv. In this excited level, the carriers are generated and then the conductiv-
ity under illumination (photoconductivity) is increased. The a-Si:H usually
shows significant increase in the conductivity when it is exposed to light
(several order higher current), but in the transition from a-Si:H to nc-Si
the photoconductivity is more and more reduced until the photosensitivity
disappears (Fig. 3.1). However, doped (n+ and/or p+) nc-Si layers can be
deposited by adding doping gases, for example phosphine (PH3) for n+ or
diborane (B2H6) for p+, during the nc-Si layers deposition.

The conductivity of nc-Si is strongly restricted in the direction of the
charge carrier flow because nc-Si is an inhomogeneous material. Since the
growth direction of crystallites is more likely to be perpendicular to the sub-
strate surface with conical shape, the number of grain boundaries along the
current flow is increased and more amorphous material can be distributed
on the surface of the substrate. This may lead to a rise in the conductivity
with thickness, causing higher leakage current in devices where the active
layer thickness is increased.

The model to describe the electronic transport in a-Si:H relies on the
behavior of carriers near the mobility gap which separates localized and
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Fig. 3.1. Photo and dark conductivity of a-Si, nc-Si, and n+ nc-Si. As the transition
from a-Si to nc-Si takes place, the photosensitivity drastically decreases.
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non-localized states. The carrier transport in localized states is limited
where a hopping conduction prevails. Since nc-Si has small grains embed-
ded in a-Si:H, the conduction mechanism is dominated by the amorphous
matrix rather than the grain characteristics. However if these gains are
sufficiently large, then extended state conduction can be enhanced.

In general, as grown nc-Si is a highly conductive, strongly n-type semi-
conductor when deposited without special precautions, because oxygen con-
tamination involves and the oxygen atoms act as donors. This can be
explained by thermal donors (TDs) in Czochralski Si, which are formed
during thermal annealing at 400∼500◦C [54]. In TD formation, thermal
energy causes the oxygen diffusion in solid Si and subsequent oxygen pre-
cipitation; however, surface diffusion of the oxygen-related species during
the growth must instead play an important role in nc-Si. Since such sur-
face diffusion is a thermally activated process, fewer oxygen aggregates are
formed as nc-Si growth temperature decreases. Therefore, a lower growth
temperature suppresses oxygen donor formation, which could be an alter-
native explanation for the intrinsic character of lower temperature (140◦C)
grown nc-Si [55].

3.1.2. Thermally Activated Conductivity

If we measure the temperature characteristics of dark conductivity σd and
plot it in logarithm scale against the temperature inverse (log σ

−1/T
d ), it

forms the straight line shown in Fig. 3.2, i.e. σd ∝ e−∆E/kT , in which
∆E is the activation energy. In an intrinsic material, if it is possible to
assume that the Fermi level of the material is in the middle of bandgap
and then ∆E of the material represents the Fermi level EF , and Eg =
2∆E = 2EF . The activation energy is therefore often used as an indication
of the Fermi level, even in doped semiconductors. For example, if ∆E =
0.4 eV in nc-Si layer, the Fermi level is 0.5 eV nearer to the conduction band
from the center of the forbidden bandgap (assuming Eopt ∼ Eg = 1.8 eV).
The activation energy of device quality a-Si:H has typical values between
0.7–0.9 eV, whereas that of nc-Si often has values below 0.5 eV [56].

3.2. Physical Properties

3.2.1. Bandgap

The optical bandgap of a-Si:H is determined by the wavelength dependence
of absorption coefficient α(ω). In nc-Si the absorption can be enhanced when
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Fig. 3.2. Dark conductivity of nc-Si plotted against temperature.

the grain size is below 10 nm [57], which is possibly related to quantum
confinement effects in small grains, internal reflection in grains or surface
roughness. Therefore, the absorption coefficient depends on the grain size
[57] and the observed bandgap will increase with smaller grain size. In gen-
eral, the light frequency v and the optical bandgap Eg are related by

√
αhν = B(hν − Eg), (3.1)

where h is Planck’s constant and B is a proportional constant [58]. Below
the Tauc edge there is an exponential region of the absorption edge, then
the absorption coefficient can be described by the formula

α = α0 exp[(E − Eg)/E0], (3.2)

where Eg is the energy to the order of Eopt
g and E0 is the characteristic

energy representing the logarithmic slope of the absorption coefficient in
this region [58]. The exponential tail of Eq. (3.2) is called the Urbach edge.
When

√
αE is plotted as a function of the energy, it yields a straight line

(within a certain energy interval), where the intercept is defined as the Eg

(Tauc plot, Fig. 3.3).
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Fig. 3.3. Tauc plot of nc-Si film. The optical (extrapolated) bandgap is 1.8 eV.

3.2.2. Hydrogen Concentrations

The infrared spectra of a-Si:H and nc-Si can be used to estimate the hydro-
gen content. The infrared absorption spectrum of a-Si:H exhibits the typ-
ical fingerprints with peaks at 640, 840, 880, 2000 and 2090cm−1 [59].
On the other hand nc-Si has much narrower peaks at 626, 900, 2000 and
2101 cm−1 [60]. These vibration modes were assigned to mono and dihy-
dride bonds on (100) and (111) surfaces of crystalline silicon [60]. They
therefore reflect the hydrogen bonded at the surface of crystalline grains.
The method of estimating of total hydrogen content by numerical inte-
gration of Si-H rocking-wagging peak at 640 cm−1 [61]. Generally, infrared
spectroscopy can estimate the hydrogen content if the proportionality con-
stant is known. Figure 3.4 shows a simplified example of the characteristic
vibration modes of nc-Si. The hydrogen content in a-Si:H can be derived
from the absorption strength of the mode centred at 630 cm−1 and from
the two modes at 2000 cm−1 and 2100 cm−1 [62, 63]. It has been shown [64]
that the hydrogen content in nc-Si is best derived from the mode centered
at 630 cm−1. The hydrogen content in a-Si:H is estimated with the modes
near 630 cm−1 and 2000 cm−1 with the following equation:

[H ] = A

∫ ∆x+x

x

α(ω)
ω

dω, (3.3)



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch09

Nanocrystalline Silicon Films for Thin Film Transistor 487

Wave Number (cm−1)

500100015002000250030003500

T
ra

n
sm

it
ta

n
ce

 (
A

.U
.)

Fig. 3.4. Fourier transformed infrared spectra for a typical nc-Si film.

where ω is the frequency and α is the absorption coefficient and it is
integrated the area of interest (from wavenumber of x to wavenumber
of ∆x + x) [59]. “A” is a constant proportional to the inverse oscillator
strength and it can be estimated from absolute hydrogen measurements.
Langford et al. [62] estimated “A” to be at ∼630 cm−1 for a-Si:H with
A630 = 2.1±0.2 ·10−19 cm−2. A value of A630 = 3.0 ·10−19 cm−2 was found
for nc-Si [63]. The nc-Si infrared spectra again differs from the a-Si:H spec-
tra for the peak around 630 cm−1. In a-Si:H the single peak at 630 cm−1 can
be identified for nc-Si as at least two peaks, most likely from the mono and
dihydride bonds groups, which have modes at 630 cm−1 and 650 cm−1 [65].
The peaks around 2000 cm−1, which is especially the SiH2 peak centred
at 2084 cm−1, indicates the crystalline phase. This vibration peak has its
origin in Si–H2 bonds, which sit on the surface of the crystalline grains [66].
Moreover, the Si–H bond at nc-Si (111) surfaces have a stretching mode at
2080 cm−1 [67], which may also contribute to the nc-Si spectra.

3.2.3. Crystalinity from Raman Spectroscopy

Raman spectroscopy is a further technique to probe the structural compo-
sition in nc-Si. Raman scattering is used to probe the vibration spectrum
of the nc-Si film. It can be used to obtain the crystalline content Xc in
the nc-Si films [68]. The technique is based on the observation that the
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transverse optical vibration modes of amorphous and crystalline silicon are
different. The TO mode of the amorphous phase appears as a broad peak
centered at 480 cm−1 while that of crystalline phase appears as a sharp
peak at 520 cm−1. Therefore in order to estimate the crystalline fraction
from Raman measurements, the intensities of the different peaks are fitted.
However the Raman peak, which is assigned to the crystalline phase con-
trolled by the crystalline content, is also influenced by Si–Si bond strain
at the grain boundaries and also by mechanical stress in the film [69]. The
peaks centered at 520 cm−1 and 480 cm−1 could not be fitted with two single
Lorentz functions. An additional peak at approximately 500 cm−1, which
was attributed to grain boundaries with possibly different origins must be
taken into account [68, 70, 71] as shown in Fig. 3.5. Then Xc in the nc-Si
films is given by [72, 73]:

Xc =
Ic + Igb

Ic + Igb + y(L)Ia
, (3.4)

where Ic, Ia, and Igb are the corresponding integral intensities of the peaks
from different phonon bands. y(L) is the ratio of the scattering cross sec-
tions for crystalline to amorphous phase, depending on the diameter L as
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Fig. 3.5. Raman scattering spectra for nc-Si. The crystalline peak at approximately
520 cm−1 with the amorphous phase contribution with a peak at ∼480 cm−1 is shown.
A third intermediate peak is at approximately 500 cm−1, which was attributed to grain
boundaries with possibly different origin [69].
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a measure of the crystallite size. When the size of the crystallites is known,
the prefactor can be obtained with [74]:

y(L) = 0.1 + exp(−L/250). (3.5)

From Eqs. (3.4) and (3.5), it is also possible to calculate the volume frac-
tion Xgb taken by the grain boundary [73]. Additional information about
the grain size obtained from X-ray diffraction can be used to correct for
the effect of downshift and the broadening of the crystalline peak when the
crystalline size decreases [75].

3.2.4. Crystalline Structure from XRD

X-rays whose wavelength approaches atomic dimensions (∼0.1 nm) allows
the physical structure of the material to be directly probed. Thus, X-ray
diffraction (XRD) is an especially useful technique for nc-Si films as it
can provide information both on whether crystallites are present, and also
on their size to calibrate the grain size obtained from Raman measure-
ments. The average penetration depth of the Cu-Kα radiation (1.54 Å) in
silicon is approximately 71µm. Therefore the absorption of X-ray radia-
tion in thin films with a thickness below <1 µm is quite weak, and this
results in a long data acquisition time. However it is possible to gain the
three prominent diamond structure peaks for the crystalline planes at (111),
(220), and (311) in the diffraction pattern (Fig. 3.6). The diffraction pat-
terns can be compared with reference patterns to identify the nature of the
preferred orientation present. The full width half maximum (FWHM) is
directly related to the grain size and can be calculated using the Scherrer
formula [76]:

L =
K · λ

β · cos θ
, (3.6)

where L is the grain size, λ is the wavelength of the X-ray, θ is the scattering
angle and β is the FWHM of the peak in radian. K is a shape factor which
takes into account the shape of the crystallites and is usually set to 1
[77]. The broadening of the peak β is caused by the difference between
broadening γ due to the grain size and the broadening of the measurement
system b, so that:

β = γ − b. (3.7)
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Fig. 3.6. X-ray diffraction pattern for nc-Si with preferential orientation gained. Using
the Scherrer formula, it is possible to calculate the grain size of the nc-Si film where
λ = 1.54 Å and K = 1. Then the average grain size is 10.4 nm.

3.2.5. Luminescence

Generally, a photoluminescence is observed from high quality a-Si:H. When
the laser is incident on the a-Si:H film, electron-hole pairs are created. These
carriers recombine if they are captured in the localized states. This recom-
bination involves the radiative and non-radiative process. The energy of
luminescence is equal to the energy released by the recombination. In direct
bandgap materials, the minimum of the conduction band and maximum of
the valence band are coincident in the k-space, the probability of radiative
recombination is high and the radiative lifetime is typically of the order of
a few nanoseconds. Since a-Si:H has an indirect bandgap and a high local-
ized state density due to the defects, the intensity of light emission is very
low. Thus, radiative recombination requires an additional phonon, which
significantly reduces the probability and rate of that process. The efficiency
of light emission can be enhanced by reducing the radiative lifetime or by
increasing the non-radiative lifetime. A shorter radiative lifetime is benefi-
cial for the modulation speed of the luminescence. To reduce the radiative
lifetime it is necessary to increase the probability of radiative recombina-
tion. One possible way to achieve this is by carrier confinement. When a car-
rier is confined in real space, the k conservation rule may be partially relaxed
due to the Heisenberg’s uncertainty relation. The majority of the excitons,
which is resulted in this localization, would be released and break into free
electrons and holes, which can diffuse to fast non-radiative recombination
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Fig. 3.7. Quantum confinement influence on the effective bandgap in small structures.

center. It has been reported that silicon nanostructures including nc-Si
show a strong luminescence because of quantum confinement [78, 79]. The
carriers are confined in silicon nanocrystallites bounded with silicon oxide
(SiOx) regions which has a wider bandgap. A confined carrier has a higher
energy than a free carrier (Fig. 3.7) and, therefore, the band structure of
Si nanocrystallites is different from that of bulk silicon [80]. It has been
also reported that an increase of the bandgap increases as crystallite size
decreases due to the carrier confinement when nanocrystallites size becomes
smaller than 10 nm [81].

3.3. Stress Issues in Nanocrystalline Si Films

It is generally accepted that a large amount of hydrogen dilution into SiH4

plasma could result in the formation of nanocrystalline Si films, and hydro-
gen plays a dominant role by enhancing atom mobility, passivating the
dangling bond defects, etching disordered phases, reconfigurating the sub-
surface bonds and modifying Si–Si network [82, 83]. However, all the above
effects could cause significant changes in the film stress [84]. Figure 3.8
shows the residual stress of the Si films as a function of SiH4 gas ratio
(i.e. SiH4/(H2 + SiH4)). All the films show compressive stress. The film
compressive stress increases gradually with a decrease in SiH4 gas ratio,
maximizes at a SiH4 gas ratio of 2%, and then decreases significantly to a
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Fig. 3.8. Residual stress of amorphous and nc-Si films as a function of SiH4 gas ratio
[85].

low value of a few hundred MPa with further decrease in SiH4 gas ratio.
Results clearly showed that there is a maximum value of film stress with
the gradual increase in hydrogen content in the gas mixture.

The crystalline volume fraction Xc from Raman analysis (shown in
Fig. 3.9) indicates that with SiH4 gas ratio above 10%, the amorphous
phase is dominant, while crystalline structure becomes dominant when SiH4

gas ratios is lower than 1.75%. This maximizes at about 0.79%, and then
decreases slightly with a further decrease in SiH4 gas ratio. Raman analysis
clearly revealed that the H dilution leads to the transition from amorphous
to crystalline states. For the films deposited with SiH4 gas ratio higher
than 3%, X-ray diffraction (XRD) results also confirm that with SiH4 gas
ratio at and below 2%, there are three apparent peaks observed at angle of
28.5◦, 47.5◦ and 56.2◦, corresponding to Si(111), (220) and (311) reflections,
respectively. The average sizes of the nanocrystals estimated from the (111)
diffraction peak (the dominant orientation for all the films) using Scherer’s
equation are listed in Fig. 3.9. The crystal size of the film increases to a
maximum for SiH4 gas ratio of 1.19%. With further decrease in SiH4 ratio,
grain size decreases, probably associated with decreasing film crystallinity
due to hydrogen amorphitization effects. The results indicate that there is a
critical hydrogen dilution ratio for crystal size during the film growth [86].
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Fig. 3.9. Crystallinity and grain size of nc-Si films as a function of SiH4 gas ratio
obtained from Raman and XRD tests [85].

As we know, amorphous Si films are formed by short-range ordered
Si–Si and/or Si–Hx clusters (with hydrogen atoms inserted into Si–Si bond
structures). The hydrogen content in a-Si or nc-Si films has been considered
as a dominant effect for residual stress. Amorphous films are formed by H
insertion into Si–Si bonds, the increased strained Si–Si bonds in the sub-
surface region due to high content of H in films can explain the increase
in the film intrinsic stress. The hydrogen contents in the films, obtained
from FTIR showed that the H content decreases with the decrease in SiH4

ratio. When the SiH4 gas ratio is below 2%, the hydrogen content decreases
significantly with SiH4 ratio and then remains at a stable value. Edelberg
et al. [87] pointed out that film compressive stress could arise from diffusive
incorporation of hydrogen or some gaseous impurities in the silicon random
network during film growth. If checking the hydrogen content evolution
with SiH4 gas ratio in Fig. 3.10, for the films deposited with high SiH4

ratio, the hydrogen contents are much higher. Whilst the stress is much
lower than those with lower SiH4 ratio of 2–5%. Therefore, hydrogen in the
films cannot be used to explain this stress maximum.

The microstructure of the nc-Si film is that Si nanocrystals are sur-
rounded by grain boundaries and embedded inside an amorphous matrix
(Fig. 3.11), which is different from that of amorphous silicon (with seldom
order or with short range order) [88]. Comparing results from Figs. 3.8
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Fig. 3.10. Hydrogen content evolution for the a-Si and nc-Si films deposited with dif-
ferent SiH4 ratios [85].

Fig. 3.11. SEM morphology of typical nanocrystalline Si films showing the nanocrystals
embedded inside the amorphous matrix.
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and 3.9, a maximum compressive stress in the films is observed when
nanocrystalline Si forms in the film [89]. When hydrogen gas flow rate is
increased to a critical value, hydrogen etching effect becomes significant.
Film deposition rate decreases due to rapidly removal of weakly bonded
atoms and radicals on the growing surface, thus the hydrogen could have
more chances to escape, rather than be trapped inside films. Long range
Si–Si order structures (or nanocrystals) could easily form due to hydrogen
etching effect. Presence of long-range order in amorphous matrix due to the
incorporation of nanometer crystals can greatly increase the film stress due
to the significant increase in the interfacial structure. When H2 gas ratio is
further increased, the crystallinity becomes quite high and crystal size also
increases, thus the contribution from the interfacial structure or amorphous
matrix decreases significantly, resulting in a decrease in stress. In brief, it
can be concluded that the film stress maximum is a combination effect of
hydrogen insertion into strained Si–Si bonds and the nanocomposite effects.

4. Device Applications

4.1. Thin Film Transistors (TFTs)

Since the first proposal by LeComber et al. [90] to use a-Si:H TFTs for
liquid crystal displays (LCDs), much scientific investigation and techno-
logical development has taken place, and a-Si:H thin-film transistor LCDs
(TFT-LCDs) are now used in many consumer products. The basic tran-
sistor structure, however, has not changed much, and today’s mainstream
technology uses transistors that, apart from minor variations, are similar
to the inverted staggered structures made in the early stages of develop-
ment [91]. The coplanar top gate structure [Fig. 4.1(b)], for which the gate
and the source and drain are located on the same side of the semiconductor
layer, is most popular in polycrystalline silicon (poly-Si) TFTs while the
inverted staggered structure [Fig. 4.1(c)] is widely used for a-Si:H. However
there are several major technical limitations which a-Si:H currently imposes
upon the development of TFT-LCDs. These include (1) the poor stability
of a-Si:H TFTs to prolonged gate bias stress, which causes the threshold
voltage to shift towards the applied gate bias; (2) the low carrier mobility,
which limits the switching speed of the devices. A current driving force
in the research and development of TFT-LCDs is to integrate the driver
circuitry onto the display broad, to improve reliability and reduce costs.
These circuits require the use of a material with a higher electron mobility
than hydrogenated amorphous silicon (a-Si:H). Presently, polycrystalline
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Fig. 4.1. Various a-Si:H TFT structures.

silicon (poly-Si), a potential candidate, is made by laser recrystallization of
a-Si:H. Direct PECVD nc-Si would be cheaper, if it could be grown with
sufficiently good quality. However the nc-Si TFT exhibits the field-effect
mobility of ∼150 cm2/Vs [145] while the state of art a-Si:H TFT shows
∼1 cm2/Vs [146].

4.1.1. Fabrication

The merits by which the technologies are judged include their static perfor-
mance (i.e. “On/Off” current ratio, switching speed, field effect mobility,
threshold voltage), stability, uniformity, complexity of technology — which
will be reflected in the cost — and the potential for further improvement.
The a-Si:H TFT structure currently responsible for “state-of-the-art” device
performance is the inverted-staggered configuration using PECVD silicon
nitride as the gate insulator. The deposition sequence required to manu-
facture this structure results in a-Si:H/insulator and a-Si:H/source-drain
contact interfaces of superior quality. However the grains of nc-Si grow
upwards from the bottom layer, so that the grain size is much larger at the
top surface. Therefore it is desirable to develop a top gate structure to use
with nc-Si, in order to benefit from the larger grain size at the top of this
layer.

In order to realize nc-Si top gate TFTs, the most common fabrication
process is quite similar to the CMOS process. First, the nc-Si (typically less
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than 200 nm thick), gate insulator (< 300 nm), and gate metal (∼100nm)
layers are deposited and then the gate metal and gate insulator layers are
patterned. Next, the source and drain regions are doped using ion implan-
tation to form n+ layer (∼20 nm in depth). After ion implantation, the
annealing process should be followed to activate the dopants. Then source
and drain contact metal layer (∼100nm) is deposited and patterned. The
typical width of TFTs is less than a hundred µm and the length of TFTs
is around several µm.

4.1.2. Operation

The basic device operation of TFTs is identical to that of metal-oxide
semiconductor field-effect transistors (MOSFETs) [92]. A positive voltage
applied to the gate will induce CiVg/q electrons to accumulate in the intrin-
sic channel. For small gate voltages, these electrons will be localized in the
deep states of the intrinsic nc-Si layer. Above a threshold voltage, a con-
stant proportion of the induced electrons will be mobile, which means that
the conductivity increases linearly with gate voltage; the TFT switches on,
and a current flows between the source and drain. The n+ layers in source
and drain regions are necessary to reduce the contact resistance between
contact metal and intrinsic active layer. If a negative voltage is applied
to the gate, hole accumulation will be induced at the interface. This hole
channel is, however, not normally observed because the n+ contacts cannot
supply enough holes to sustain a significant current.

4.1.3. Stability

The instability in a-Si:H TFTs is the shift in the device threshold voltage
that is observed after the prolonged application of gate bias. This is of
concern for everyday applications of a-Si:H TFTs such as those found in
flat panel displays. This instability manifests itself as a parallel shift of
the I–V characteristics to the right when the gate bias voltage is positive
and to the left when the gate bias is negative (Fig. 4.2). This causes the
threshold voltage (Vth) to shift. ∆Vth depends strongly on the gate bias,
while it varies only slightly with the drain voltage. The annealing process
is usually effective in recovering the initial I–V characteristics. After heat
treatment at 200◦C for 30–60 minutes, the transfer characteristics return
to their initial curves.

The Vth shift mechanism has been extensively studied and there are
two possible explanations. The first describes the voltage shift by charge



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch09

498 Y. Choi, Y. Q. Fu & A. J. Flewitt

Fig. 4.2. The threshold voltage shifts in the a-Si:H TFT according to the positive or
negative gate bias stress.

trapping in slow states located in the SiNx gate insulator [93–99]. This is
supported by the fact that TFTs with silicon-rich SiNx are less stable than
those with stoichiometric SiNx. The second is that ∆Vth arise due to the
formation of bias-induced deep trap levels in the amorphous silicon film.
Since the channel is formed in the vicinity of the a-Si:H/SiNx interface,
these trap levels may also be associated with the interface [98, 100–102].
In any case, both mechanisms are play roles in the appearance of ∆Vth.
At higher gate bias, the ∆Vth of a-Si:H TFTs is due to charge trapping
in SiNx, mainly through tunneling. The dominant mechanism at low gate
bias, on the other hand, is the creation of states or the breaking of bonds
in the a-Si:H film at or near the interface.

Figure 4.3(a) shows transfer characteristics of the nc-Si TFT under gate
bias stress of 30V at the room temperature. The transfer characteristic
remains essentially unchanged for long bias stress time and no fast carrier
induced defect creation is observed. The threshold voltage shifts are plotted
against bias stress time in Fig. 4.3(b). The nc-Si TFT drifts at very small
rate and exhibits excellent stability characteristics. The main reason why
nc-Si TFT shows a high stability is a much lower frequency of attempting
to break Si–Si weak bonds. In case of a-Si:H TFTs, electrons are localized
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Fig. 4.3. (a) Transfer curves at drain voltage of 5V under gate bias stress and (b)
threshold voltage shifts plotted against bias stress time.

and spending quite long time on single Si atoms, which gives them a high
frequency for possible bond breaking. On the other hand, in nc-Si TFTs,
electrons are delocalized, which reduces the attempt frequency for bond
breaking [103].

4.2. Solar Cells

Energy demands are drastically increasing today and at the same time
environmental concerns are radically being emphasized. Fossil fuels are cur-
rently major energy sources although they are ultimately limited in quan-
tity and causing serious air pollution. Therefore alternative energy sources
should be infinite and environmentally friendly. Since solar energy is inex-
haustible and clean, solar power seems to be the most probable candidate
that is able to fulfill the requirements as alternative energy source. In addi-
tion it can be converted into heat, fuels, and electricity. However the great-
est disadvantage of solar energy is high generating costs. The high level of
generating costs is inevitable because the solar cell materials (mainly c-Si
and poly-Si) are expensive. Thin film technologies affords to produce alter-
native thin film materials, which include a-Si:H, nc-Si, cadmium telluride
(CdTe), copper indium selenide (CIS), at lower costs than traditional c-Si
based technologies since the low temperature process allows fabrication on
inexpensive substrates such as glass, plastic, and stainless steel. Solar cells
can be made in a variety of materials such as GaAs, CdTe, CuInS2, and
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various silicon crystals. A-Si:H is the most common material in commercial
solar cells although it has disadvantages of photodegradation. C-Si solar
cell shows the efficiencies of ∼24%. The efficiency for poly-Si solar cells is
∼17%. For nc-Si, it is only ∼10%. However, the efficiency for nc-Si solar
cells can be enhanced because the grain-boundary defects can be passivated
by hydrogen and nc-Si can be used in a tandem structure combined with
an a-Si:H solar cell [104]. Along with a higher efficiency, nc-Si solar cells
show excellent stability under light absorption [105] and very high deposi-
tion rates [106–109]. These are the major attributes of nc-Si as the most
promising material for solar cells.

4.2.1. Fabrication

To cut manufacturing costs, it is necessary to use thin-film materials rather
than c-Si. The deposition of nc-Si at low temperatures is advantageous in
that glass substrates can be used. For commercial application, an inex-
pensive substrate, a high deposition rate and a large area fabrication are
essential. Glass is the most obvious substrate for low temperature deposi-
tion because it is cheap, transparent, and durable. The drawbacks of low
temperature deposition of nc-Si films are that it leads to small grain sizes
and low deposition rates. The basic solar cell structures are Schottky bar-
rier, metal insulator semiconductor (MIS), and p–i–n type cells, however
the term “thin film solar cell” generally signifies the p–i–n type structure
(Fig. 4.4). A thick intrinsic layer of p–i–n cells is needed to separate regions

Fig. 4.4. Typical thin film solar cell structures.
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of high recombination from the region where charge separation occurs. Since
p- and/or n-type layer is highly doped, dopant diffusion from doped layers
should be minimized to allow majority carriers (holes) to accept minority
carriers (electrons) [110]. In thin film solar cells, a-Si:H is more efficient
to absorb the visible light because of its higher bandgap (1.7–1.8 eV) than
that of c-Si (1.1 eV). The combination of occupied states in the valence
band and empty states in the conduction band determines the dependence
of the absorption coefficient on the photon energy. The photon energies in
the visible range of the spectrum are then absorbed by direct transition,
resulting in a higher absorption of a-Si:H over c-Si. But then a-Si:H fails
to collect the infrared range. As nc-Si has a smaller bandgap than a-Si:H,
when it is stacked with a-Si:H in the tandem structure, the efficiency of
solar cells can be improved by absorbing both visible and infrared range.

4.2.2. Operation

Solar cell is a photovoltaic device that absorbs lights and then produces
electrical power. The energy of photon of light is given by hv, and the
bandgap of Si is denoted by Eg. When the photon energy is higher than
the bandgap of Si (hv > Eg), the photon energy is absorbed by Si and
then an electron is excited to a level higher by hv. In this excited level,
the electron falls immediately into the conduction band. The covalent bond
where the electron previously was bonded now has one less electron, e.g.
a hole. Therefore the absorption of photons produces electron-hole pairs.
These electron-hole pairs generate an electric field thereby create an open
circuit voltage. When this voltage is applied to a load resistance, it causes
a current flow as the electrons flow from the p-type Si to the n-type Si and
the holes flow from the n-type Si to the p-type Si, the photovoltaic electrical
current flows from the p-type Si to the load. Figure 4.5 shows typical IV
characteristics of solar cell. The optimum operating output power Pmax can
be expressed as follows.

Pmax = Voc × Isc × FF, (4.1)

where Voc is the open circuit voltage (current = 0) and Isc is the short
circuit current (voltage = 0). Here the fill factor (FF ) is given by

FF =
Vm × Im

Voc × Isc
. (4.2)

Vm and Im are the output voltage and output current respectively at the
optimum operating point.
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Fig. 4.5. Current-voltage characteristics of solar cell — dark and under illumination.

B. Rech et al. [147] developed series of solar cells to investigate the per-
formances of the a-Si:H single junction, nc-Si (here they called it µc-Si:H)
single junction, and a-Si:H/nc-Si tandem junction solar cells. These samples
were prepared on commercially available SnO2:F coated glass. Figure 4.6
shows J–V curves of the solar cells and corresponding photovoltaic param-
eters. The tandem cell show the highest fill factor (FF ), cell efficiency (η)
and the lowest short-circuit current density (Jsc).

4.2.3. Photodegradation

The most troublesome problem inherent to a-Si:H solar cells is photodegra-
dation. Light-induced changes of the properties of a-Si:H films were first
reported by Staebler and Wronski [111, 112]. They found that prolonged
exposure to light strongly decreases both dark conductivity and photocon-
ductivity of a-Si:H films. The initial state could be restored by annealing
above 150◦C. The light-induced changes have been attributed to changes
in the density and/or occupation of deep-gap states resulting in a shift
of the Fermi level toward midgap. These states also act as recombination
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Fig. 4.6. Illuminate current density–voltage (J–V) characteristics and corresponding
photovoltaic parameters of an a-Si:H single junction, a nc-Si single junction and an
a-Si:H/nc-Si tandem junction solar cells.

centres and decrease the carrier lifetime. Electron spin resonance (ESR)
studies identified these states as Si-dangling bonds [113, 114]. The light-
induced changes in conductivity are most pronounced when the Fermi level
lies about half way between the gap centre and either mobility edge [115].
Dersch et al. [113] proposed that non-radiative recombination between the
tail states of the conduction and valence bands leads to the breaking of
weak Si–Si bonds.

Although the appropriate incorporation of hydrogen is essential in
reducing the defect density in hydrogenated amorphous silicon, it is now
generally accepted that the ability of hydrogen to move in, out, and within
a-Si:H is responsible for access defect creation and thus for degradation of
electronic properties of this material [116]. Since the hydrogen is sufficiently
mobile above the equilibration temperature and the activation energy for
hydrogen motion decreases in the presence of intense illumination [117],
both the light-induced degradation and the reversal of the degradation can
be explained by hydrogen motion within a metastable defect complex [118].
It has been reported that degradation ratio of the solar cell increases at
higher deposition rate while the SiH2 density also increases correspond-
ingly [119]. The SiH2 density in the film can be reduced by elevating the
deposition temperature because rising deposition temperature can promote
surface reactions (desorption, 2Si–H → 2Si–Si + H2, and structural relax-
ation). It was found that the higher temperature and hydrogen dilution



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch09

504 Y. Choi, Y. Q. Fu & A. J. Flewitt

were effective to suppress the degradation [119]. The observations [120] of
stability of PECVD a-Si:H with standard hydrogen content show that the
hydrogen content is not directly correlated to higher stability. However, it
is still generally accepted that the hydrogen is closely related to the degra-
dation process.

An exact solution to prevent the photodegradation has not been found.
However there are few ways to reduce this effect in solar cells. First, using
a thinner i-layer helps to reduce the degradation since Staebler–Wronski
(SW) effect is marked in undoped films but does not occur in heavily doped
films. Second, nc-Si has shown extremely low degradation effects because
unlike a-Si:H, nc-Si has no SW effect [121]. Therefore, applying nc-Si is
presently the most promising solution of the photodegradation.

4.3. Light Emitting Diodes

Light emitting diode (LED) is a luminescent device that can emit sponta-
neous optical radiation as a result of electronic excitation. To emit the light
in visible (hv > 1.8 eV), luminescent materials must have bandgaps larger
than this limit. Therefore c-Si whose bandgap is 1.1 eV is not capable to be
as visible LEDs. However the feasibility of all-optical integrated circuits on
silicon will depend on a suitable Si light emitter. The discovery of enhanced
light emission from porous silicon by Canham [122] has shown that silicon
nanostructures may be suitable for Si based LEDs or lasers. Si nanocrys-
tals in the ∼10nm size are efficient light emitters in the visible range due
to quantum confinement effects (see Sec. 3.2.5) [78, 79, 122]. Recently sili-
con seems promising in the LED and light emitter application. First, if Si
comes in the form of thin film it has the possibility of low cost fabrication
on a large area substrate. Second, it has shown that high efficiencies can be
achieved from Si nanoparticles [124]. Lastly, the inherent stability of silicon
enables long lifetimes in LEDs.

The fabrication of porous silicon using electrochemical and chemical dis-
solution method [122] was followed by the discovery of Si nanocrystals in
SiO2 [123]. These Si nanocrystals showed a strong red (1.6 eV) photolumi-
nescence (PL) and a luminescence dependence on size and concentration
of the nanoclusters. Recently there have been huge efforts to fabricate Si
nanocrystals in a SiO2 matrix for use in optoelectronic devices by well-
established silicon technology. In addition, advanced chemical vapor depo-
sition using SiH4, which combines deposition with oxidation and annealing,
has been used to prepare Si nanocrystals [125]. It has been reported that



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch09

Nanocrystalline Silicon Films for Thin Film Transistor 505

Si nanocrystals in Si implanted SiO2 can be formed by annealing since
on annealing the silicon atoms formed clusters, which then ordered into
nanocrystals [126]. Photoluminescence in the visible (1.65 eV) has been
observed from 2nm nanocrytal whose bandgap can be increased upto 2.5 eV
[127]. Light emission in the visible range from red to blue is observed by
reducing the nc-Si diameter from 4nm to about 1 nm [126]. The red light
emitted from nc-Si is based on the radiative recombination through local-
ized states, which forms in the bandgap during surface oxidation in the air
[128]. Blue and green luminescence was also obtained from porous Si [129].
However, this luminescence is stable and strong only in a vacuum and/or
nitrogen gas but not in the air. Besides blue and green luminescence imme-
diately changes to red after exposing to the air for few seconds and the
efficiencies of luminescence are also decreased [129]. The surface oxidation
and desorption of hydrogen atoms create the localized states which act as
nonradiative recombination centers. These localized states are responsible
for the changes in colors and efficiencies. To improve the blue and green
luminescence in the air, it is therefore necessary to form a passivation layer
on the surface.

Plasma enhanced chemical vapor deposition (PECVD) technique is com-
patible with the silicon technology which afford to control the crystallite
size and the mechanical stress [130–132] as well as the thickness of the grain
boundaries [69, 133, 134]. Luminescence has been observed from Si parti-
cles synthesized by homogeneous nucleation of reactive SiH4 fragments in
a SiH4/H2 plasma or by sputtering [135, 136]. Nc-Si films for photovoltaic
applications have also been demonstrated [137–140]. PECVD nc-Si with
nanocrystals in 2–15nm dimensions has shown the room temperature pho-
toluminescence in the visible range [141]. The photoluminescence spectra
of the nc-Si films were similar to the spectra from porous silicon by wet
method (e.g. anodization and electrochemical dissolution of c-Si). This sug-
gests that the luminescence mechanism of nc-Si films is similar to that of
porous silicon.

Erbium (Er) implanted nanocrystal structures have shown the lumines-
cence shift to1.54µm due to an effective energy transfer from the nanocrys-
tals to the Er3+ ions [142, 143]. Since the silica fiber optic exhibits a
maximum transmission at 1.54µm, this particular wavelength is a tech-
nological importance for silicon based optoelectronic systems. However,
a quantum efficiency of Er-doped Si LED is still insufficient (<0.01%
at room temperature) [142–144] for applications due to high nonradative
recombination.
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5. Conclusions

Currently hydrogenated amorphous silicon (a-Si:H) is dominantly used in
thin film transistor liquid crystal displays (TFT-LCDs) and solar cells
since it can be uniformly deposited over large area at low temperature
even though the a-Si:H films show inferior properties of carrier mobility
and instability. However, nanocrystalline silicon (nc-Si), which consists of
a number of small crystals embedded in an amorphous silicon matrix, can
replace a-Si:H in many applications because of its higher mobility and bet-
ter stability. It has also been shown that device quality nc-Si films can be
deposited at low temperature by similar deposition techniques for a-Si:H.
In this chapter, the mechanisms of nc-Si formation, advances in the depo-
sition techniques and properties of nc-Si films will be introduced followed
by their applications to thin film transistors and solar cells.
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1. Introduction

Heart disease is one of the most common causes of death in the world today,
particularly in western countries. There are various causes of heart disease,
related most commonly to diet and exercise. The failure of heart valves
accounts for about 25–30% of heart problems that occur today. Faulty heart
valves need to be replaced by artificial ones using sophisticated and some-
times risky surgery. However, once a heart valve has been replaced with an
artificial one there should be no need to replace it again and it should last
at least as long as the life of the patient. Therefore, any technique that can
increase the operating life of heart valves is highly desirable and valuable.
Currently, pyrolytic-carbon (PyC) is used for the manufacture of mechani-
cal heart valves. Although, PyC is widely used for heart valve purposes, it is
not the ideal material. In its processed form, PyC is a ceramic-like material
and like ceramics, it is subject to brittleness. Therefore, if a crack appears,
the material, like glass, has very little resistance to the growth/propagation
of the crack and may fail under load. In addition, its blood compatibility
is not ideal for prolonged clinical use. As a result, thrombosis often occurs
in patients who must continue to take anti-coagulation drugs on a regu-
lar basis. The anti-coagulation therapy can give rise to some serious side
effects, such as birth defects.

513
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Occlusive diseases of the arteries that cause life threatening blood
flow restrictions can be treated by open heart surgical intervention or by
implantation of intracoronary metallic stents. However, in spite of consid-
erable advances in improving the mechanical properties of metallic stents,
advances in implantation techniques, and in antithrombotic therapy, the
use of stents is still complicated by substantial cases of thrombotic occlu-
sions/stenosis and restenosis [1–5] due to platelet activation resulting from
the release of metallic particles/ions, shear forces and blood contacting
of the metallic surface [6–9]. Likewise thromboembolism (valve thrombo-
sis and systemic embolism) remains the major drawback in the manage-
ment of implanted mechanical heart valve prostheses [10, 11]. Patients with
these implanted prostheses are faced with life threatening bleeding prob-
lems because they are kept under lifelong anticoagulant therapies in order
to reduce the risk of thromboembolism. Platelet aggregation in these pros-
theses is the key factor in thrombus formation and dissemination as emboli
which are life threatening. In order to reduce the risk of platelet aggrega-
tion/thromboembolism and complications following the lifelong course(s)
of anticoagulants, the biomaterials need to be improved in order to achieve
better biocompatibility/haemocompatibility [1, 2, 12, 13].

Apart from thrombosis, other problems associated with the failure of
medical implants and devices that need to be overcome are problems of
mechanical failure, wear, tear and fatigue; the problems of chemical degra-
dation, corrosion and oxidative degeneration; the problem of calcification
and the problem of triggering excessive immune response and or infection.
Metallic implants may have good fatigue life and may be cheap (e.g. stain-
less steel) but they can release metallic ions and wear debris into the sur-
rounding tissues, leading to osteolysis, loosening and failure of the implants.
All these problems encountered with implanted prostheses and medical
devices could be solved with some surface coatings modifications using
appropriate durable and biocompatible biomaterial.

It is therefore extremely urgent that new materials, which have bet-
ter surface characteristics, blood compatibility, improved wear properties,
better availability and higher resistance towards breaking are developed.
Surface coatings like carbon-based biocompatible coatings are one of the
ways of improving both the mechanical, physical and chemical properties
of implants in direct contact with the blood and thus improve the biocom-
patibility and haemocompatibility of implants.
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2. Amorphous and Nanocomposite Diamond-Like
Carbon Coatings

Diamond is composed of the single element carbon, and it is the arrange-
ment of the C atoms in the lattice that give diamond its amazing properties.
Carbon is the sixth element of the periodic table and is grouped into group
table IV with silicon. Common natural forms of carbon include charcoal,
hydrocarbons (“oils”), graphite, and diamond. Carbon is ubiquitous and
unique amongst all the elements in the diversity of its short-range, medium-
range and long-range bonding forms with itself and with other elements. It
can form double and triple bonds such that it can form networks far more
complicated than those of silicon which can only form tetrahedral coordi-
nation bonds [14]. It exists in both crystalline and amorphous forms and
exhibits both metallic and non-metallic characteristics. Crystalline carbon
includes graphite (sp2, three-fold planar bonding), “cubic” diamond (sp3,
four-fold tetrahedral bonding) and a family of fullerenes [15, 16]. Amor-
phous forms of carbon include charcoals, hydrocarbons (“oils”), organic
materials and synthetic carbon materials. Synthetic amorphous carbon
materials include pyrolytic carbon, hydrogenated amorphous carbon (a-
C:H) and modified a-C:H-like silicon-doped a-C:H (a-C:H:Si). The bonds
that exist in the naturally occurring carbon forms may also dominate in
amorphous and synthetic carbon materials and are important dictators of
properties like electrical and optical properties, and surface energy.

2.1. Electronic Structure

The electronic structure of diamond is based on sp3 sites. The four valence
electrons of the carbon atoms are assigned to a tetrahedrally directed sp3

hybrid forming σ-bonds (Fig. 2.1). At the sp2 sites as in graphite, three of
the valence electrons are assigned to trigonally directed sp2 hybrids, which
form the σ-bonds such as the strong intralayer σ-bonds of graphite. The
remaining one electron, the fourth electron is placed in a π-orbital lying
normal to the layer and this forms weaker π-bonds which gives rise to the
anisotropic metallic character of graphite. The electronic structure of the
amorphous carbons is described in terms of the spectrum of the density of
electron states. This is shown in Fig. 2.2 [14, 17, 18].

The σ-bonds form the skeleton of the network. The Fermi level EF

separating the filled and the empty states is at the E = 0 level. The valence
band of filled bonding σ-states lie at negative energies and is separated
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Fig. 2.1. Schematic representation of the tetrahedral bonding of diamond.

Fig. 2.2. Schematic electronic band structure of amorphous carbons [14, 17, 18].

from the conduction band of empty anti-bonding σ∗-states by ∼5 eV. The
π-states consisting of filled π-band and empty π∗-band lie largely within the
σ–σ∗ gap. The π-states control the electronic structure of the amorphous
carbons because they lie closest to the Fermi level and tend to dominate
changes in the total energies.

Diamond is an insulator at 0 K due to its crystal structure which
also provides the rest of diamond’s extreme properties which include the
large bandgap (5.48 eV), highest hardness, atom number density, ther-
mal conductivity (26.2Wcm−1K−1), low conductivity (10−16 Scm−1) and
lowest chemical reactivity of any substance known [19, 20]. The char-
acteristic properties of graphite are also detected by its electronic and
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Fig. 2.3. Diagram showing bonding structure of graphite.

crystal structure (Fig. 2.3). These include low hardness, high lubricity,
low electrical resistivity (1–5× 10−3 Ωcm−1) a thermal conductivity of
∼ 1.5W cm−1K−1 and no optical bandgap. This is due to the type of
bonding which leaves one electron of the carbon p-layer, held by weak
Van der Waals bonding, available for electrical conduction and/or mixed
bonding [19].

2.2. Plasma-Based Deposition Methods

DLC is a synthetic thin film and ultrathin film material that is metastable.
It is prepared under ion bombardment of the growing film. It is usually syn-
thesized under high vacuum with precursor gas(s), and or target-material
using a radio frequency power to generate the capacitatively-coupled plasma
or inductively to generate the inductively coupled plasma that forms the
material on the substrate.

Physical chemical vapor deposition (P-CVD) processes are the hybrid
processes which use glow discharge to activate CVD processes. These are
broadly now referred to as plasma-enhanced CVD (PECVD) or plasma-
assisted CVD (PACVD). The composition of the films deposited by PECVD
is determined to a large extent by the relative fluxes of all the species falling
on the substrate.

The process parameters that determine the outcome include [21, 22]:

1. Partial pressure of the feed gas, or the flow rates of the different gases,
or the mixing ratio of different gases.

2. Total pressure in the reactor.
3. Substrate temperature and bias.
4. Reactor geometry and material.
5. Electrode material and the distance between the electrodes.
6. Electric power applied to the plasma (self-bias, cathode voltage).
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7. Choice of gases.
8. Sample temperature.
9. Sample position with respect to gas flow and the plasma.

10. Frequency of the electric field.
11. Mass flow or gas flow (pumping efficiency).
12. Power distribution (triode).
13. Magnetic field intensity.
14. Pre-treatment of the substrates.

An important relation in terms of these deposition parameters is that due
to Bubenzer et al. [23] and Catherine [24]:

VB ∝
(

PRF

P

)1/2

[24],

where VB = substrate bias, PRF = RF power, P = pressure.

Ei ∝ VBP−1/2 [23],

where Ei = ion energy, VB =substrate bias, P = pressure.
The RF power determines the current and the voltage between the elec-

trodes. The chemical reactions and the properties of the final product may
be determined by the composition of gas mixture and the frequency of the
electric field. The rates of the reaction may depend on: the composition
of the feed gas, the total pressure in the reactor, the electric power, the
distance between the electrodes, and the substrate bias or temperature.
The structure of the deposited films may be affected by the substrate bias
or temperature and the distance between the electrodes. The uniformity
of the deposition process may be affected by the flow rate of the gases,
the total pressure, and the reactor geometry. The film thickness may be
affected by the deposition time, the composition of gas mixture, and the
DC voltage and the frequency of the electric field. The electrode material
itself is important as well as the building material of the reactor because
they can affect the chemistry occurring in the glow discharge. The mate-
rials for these should therefore be chemically inert to the precursor gases
and the plasma products. The electrodes and the reactor walls are almost
always sputtered to a certain degree due to the fact that the surfaces in
contact with the plasma are always negative relative to it. These sputtered
atoms may hence contaminate the plasma and the processed sample.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

Amorphous and Nanocomposite Diamond-Like Carbon Coatings 519

Today different forms of PECVD constitute the main method for depo-
sition of DLC. Among the PECVD methods, parallel plate RF reactor
systems are the most common type employed. PECVD is commonly used
to produce hydrogenated DLC (hydrogenated amorphous carbon, a-C:H)
with high film thickness uniformity [25] and coating continuity for over a
large substrate area [24]. Filtered cathodic vacuum arc (FCVA) method of
DLC deposition has the potential to produce very hard films [26, 27] and to
produce hydrogen free DLC [27–29]. However, the macroparticle filters in
FCVA used to prevent particle contamination [30, 31] in the film limits the
film thickness uniformity on a large area substrates and the repeatability
of the deposition. Thus, although, hydrogenated DLC (a-C:H) produced
by PECVD are not as mechanically hard as the non-hydrogenated DLC
(ta-C) produced by FCVA, the improved tribochemical properties offered
by a-C:H leads to improved wear resistance in hard disk interface for exam-
ple. In principle any hydrocarbon with sufficient vapor pressure can be used
for DLC film deposition in PECVD chamber. Commonly acetylene is used.
Other precursors include benzene, butane, cyclohexane, ethane, ethylene,
hexane, isopropane, methane, pentane, propane, and propylene.

The a-C:H surface is essentially covered with C–H bonds and is therefore
chemically passive. Di-radicals and other unsaturated species react strongly
and insert directly to the C–C, or C–H bond surfaces, and their sticking
coefficient approach ∼1. Mono-radicals react moderately and cannot insert
directly to the surface, but if a dangling bond exists, then they can insert
to yield a C–C bond. The dangling bond is created by removal of H from
the C–H bond which can occur by an ion displacing H from the bond or
by an H atom and or another radical like CH3 abstracting H from the C–H
bond:

≡ C− + H′ → ≡ C′ + H2

≡ C− + CH3 → ≡ C − CH3.

Closed shell neutrals like CH4 have a very low sticking coefficient of <10−4

and a negligible effect. Atomic H′ is the most efficient specie for abstraction,
about 30 times that of CH3 [32].

The dissociative attachment, dissociative ionization, and dissociative
reactions are a major source for the production of atoms, free radicals and
negative ions in the cold plasma [22]. The dissociation of molecules occurs
only through their vibrational and electronic excitations. Most dissocia-
tion of molecules by slow electrons is induced by electronic excitation and
the dissociation occurs only if the molecule is excited above a threshold
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value. Ionization in discharges taking place in a molecular gas occurs pre-
dominantly by electron impact that can produce positive or negative ions,
atomic ions and or molecular ions. Positive ions are usually formed in most
ionization processes prevalent in cold plasma, however when the atoms or
molecules involved in the reaction possess electron affinity, then negative
ions can also be formed.

Argon is believed to assist deposition by increasing ionization and ion
energies in the plasma [33]. In a radio frequency (RF) discharge, hydrocar-
bons are partially ionized and the presence of argon in the plasma can be an
important additional source of active species. The ionization of acetylene
can be enhanced by impact with argon ions as follows:

Ar+ + C2H2 → Ar + C2H+
2 .

The C2H2 ion recombines dissociatively with an electron, with the following
possible reaction paths and their associated energy [33]:

C2H+
2 + e− → C2H + H (∆H = −10.03 eV)

→ CH + CH (∆H = −5.77 eV)
→ C2 + H2 (∆H = −9.58 eV)
→ CH2 + C (∆H = −6.64 eV).

Acetylene is the choice gas for low pressure deposition, because its strong
C≡C bond give a simple dissociation pattern, C2H+

n ions [34, 35]. There is
a low plasma polymerization when acetylene is used as source gas and it is
the preferred source gas for mechanical applications. Acetylene dissociates
with less evolution of hydrogen compared to methane and has a moder-
ate growth rate compared to other feed gases. Acetylene, however, is not
available in high purity form, and so not good for electronic application
due to contamination with substantial amount of nitrogen/air [36] which
poses some doping problems especially when used in high density plasma.
These dissociations of acetylene and its polymers can also be represented
as shown below.

HC ≡ CH + e− → C2H+ + H+ + 2e−

HC ≡ CH + e− → C2H+
2 + e−

2HC ≡ CH + e− → (C2H+)2 + H2 + 2e−.

Methane is a popular choice gas for electronic application because it is avail-
able in high purity, though the growth rate is lower than that of acetylene
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and also it has a disadvantage of high hydrogen evolution, shown below,
which is not good for mechanical application.

2CH4 + e− ↔ C2H2 + 3H2 + e−

2CH4 + e− ↔ C2H4 + 2H2 + e−

2CH4 + e− ↔ C2H6 + H2 + e−.

Tetramethysilane (TMS) vapor is one of the vapors used for silicon addition
in producing Si-DLCNC films. The possible plasma decomposition paths for
the tetramethylsilane (TMS) used in the PECVD deposition proposed by
Catherine and Zamouche [37] is by electron impact dissociation/ionization,
that is:

Si(CH3)4 + e → Si(CH3)3 + CH3 + e

Si(CH3)4 + e → Si(CH3)+3 + CH3 + 2e

Si(CH3)4 + e → Si(CH3) + 3CH3 + e

Si(CH3)4 + e → Si(CH3)+ + 3CH3 + 2e.

Most of the properties of a-C:H depend on the bias voltage and thus, the
incident ion energy, E per carbon atom [38]. The depositing specie, usually
a molecular ion, CmH+

n , on hitting the film surface breaks up and shares
their energy between individual carbon atoms. Thus the effective energy
per carbon atom is given by [35],

E =
Ei

m
.

The incident ion energy is usually about 40% of the bias voltage VB for
conventional PECVD systems [39–41]. In contrast to ta-C, the ion flux
fraction in a-C:H is much less than 100% and may be typically 10% [24, 39].

Diamond and graphite are two crystalline allotropes of carbon. Both
have a similar thermodynamic stability (∆G = 0.04 eV at 300K), though
separated by a large kinetic barrier [18]. The large varieties of non-
crystalline carbons and hydrocarbons that exist can be classified in terms
of their atom density, hydrogen content and their sp3–sp2 carbon contents
relative to diamond, graphite and hydrocarbon polymers [42, 43].

Diamond has the highest atom density of any known solid at ambient
pressure. DLC has atom density much greater than conventional hydro-
carbon polymers, and between that of graphite and diamond. The strong
directional sp3-bonding of diamond gives it unique properties like highest
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elastic modulus, hardness and thermal conductivity at room temperature
[43, 44], large optical bandgap and a very low thermal expansion coefficient.

Physical vapor deposition, especially sputtering processes are essential
for formation of DLCNC with DLC matrix housing metals islands/clusters
such as chromium, titanium, copper, iron, cobalt, nickel, and Mo-DLCNC
[45]; Mo, Nb, Ti, W-DLCNC [46]; Cathodic arc evaporation of Ti-, Cr-,
Zr-DLCNC [47].

Electrochemical techniques have equally been used for formation of cop-
per nano-particle-DLCNC [48], Ag-DLCNC, Ag-Pt-DLCNC [49].

By fento-second pulsed laser ablation, plasma source ion implantation
and others techniques it is possible to produce nanocomposite coatings,
such as Ti-, Mo-, W-DLCNC.

2.3. Characterization

Atomic force microscopy (AFM) can be used for DLC and DLCNC charac-
terization to investigate the surface morphology of the film which can also
give information about the growth process of the film [50–54]. AFM can
be used to measure the film thickness, surface force and to study adhesion
[55, 56]. Some authors have used AFM for nano-indentation, elastoplas-
tic studies [56], elastic modulus, hardness, microscratch, and microwear
studies [57].

Simple eye observation of most synthesized DLC/DLCNC films are
smooth, uniform films when the films adheres well to the substrates. How-
ever, bucking does tend to appear when the films are not well adherent on
the substrates. These features are known to be film thickness dependent,
and tend to initiate above several tens of nanometers, and at the edges
of the substrates, or other defects, and propagates along the rest of the
film surfaces. The generation and propagation of buckling are related to
post-deposition environment, especially ambient environment, with buck-
ling increasing mainly in humid environment. This is associated with the
diffusion of gaseous species into the film–substrate interface when a high
compressive stress exists in the film.

DLCNC do tend to be more adherent to most substrates due to
less compressive stress resulting from the incorporation of the metals
or dopant particles. As a result, these films are atomically smooth and
hardly exhibit buckling. In some films obtained by pulsed laser technique,
Narayan [58] observed that microparticulates are exhibited in Ti-DLCNC,
and Si-DLCNC films due to “splashing” during pulsed laser deposition.
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This splashing was attributed to subsurface boiling or shock wave ejection
of the nanoparticulates [58].

In a TEM analysis of some DLCNC films, Narayan [58] reported that
Cu-DLCNC and Ag-DLCNC formed Cu-rich inclusions/clusters and Ag-
rich inclusions respectively, due to these metals segregating into a second
phase within the DLCNC structures; whilst Ti-DLCNC and Si-DLCNC did
not form clusters [58]. This is due to the fact that atoms like Ti and Si do
form chemical bonds with carbon, and thus are uniformly dispersed within
the DLC matrix. According to Narayan, the driving force for the clustering
of metals in the DLCNC films is a reduction in surface energy [58]. It is
necessary to investigate whether the dispersive or the polar component of
the surface energy plays a major role. Investigations by Okpalugo et al. [59–
65], Si-DLCNC tends to exhibit lower surface energy compared to the DLC
counterpart, and in both DLC and Si-DLCNC, more than 90% of the surface
energy is dispersive [59–65]. It is interesting to observe that copper in Cu-
DLCNC forms Cu-inclusions/clusters and segregate into a second phase
within the DLCNC structures, the Cu atoms in DLC-1.20 at.%Cu reported
by Narayan have a minimal influence on the radial distribution function
(RDF) and sp3-bonding of DLC as compared to that of diamond [58]. This
is expected because the d shell of Cu is fully occupied, thus Cu does not
form chemical bonds with carbon and the short range carbon order in DLC
matrix is not highly affected.

The surface roughness of DLC has been found to depend on the ion
energy [66–70], substrate temperature [52–54, 66], substrate materials [71]
and film compositions [72]. Peng et al. studied the surface roughness of as-
deposited and thermally annealed DLC films deposited under various condi-
tions using a nanoscale tapping mode AFM and identified basic phenomena
affecting surface topography (depending on the deposition conditions) to
be surface diffusion, ion implantation, sputter removal and etching removal
from the deposit [73]. According to Peng et al., surface diffusion, promoted
by ion impact energy and by high substrate temperatures, causes sur-
face roughening by promoting the local nucleation and growth of graphitic
clusters. They also observed that high ion impingement energies (though
causing local and global temperature increases) tend to lead to smoother
surfaces. This is because the ions are implanted beneath the surface where
the impact energy is less efficient in promoting surface diffusion. The esti-
mated critical ion impingement energy above which smooth surfaces were
produced was 50 eV for all the different processes they studied: RF glow
discharge from methane, DC magnetron sputtering of graphite target, with
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substrate RF bias and an ion beam generated from a cathodic arc discharge
[73]. Post deposition heat treatment also leads to increased surface rough-
ness though much less pronounced than that resulting from the substrate
temperature being high during film growth [73].

The SEM has the ability to image very rough samples, it can measure
undercuts. This is due to its large depth of field and large lateral field of
view. SEM measurements are destructive due to the energy of the electrons.
There is an interaction between the electron beams of the SEM and the
weakly bound electrons in the conduction band of the sample. Variation in
the surface structure over a large area (e.g. several mms) can be acquired at
once in SEM, whereas largest area obtainable in an AFM is about 100µm
by 100µm. The SEM images can be used to infer the consistency of the
quantitative AFM results over larger scan area of DLC thin films and both
techniques can be complementary [74]. Glancing angle SEM can also be
used to obtain topographical information.

The spectrum of visible light has been observed in nature in the form
of the rainbow. Newton demonstrated in 1666 that radiation from the sun
could be split into the component colors of the rainbow using a glass prism.
This has formed the basis for further work and understanding of the elec-
tromagnetic spectrum and indeed the subject of spectroscopy.

When a material is exposed to electromagnetic radiation of sufficiently
short wavelength (or high photon energy, hv) electronic emission occurs.
If a monochromatic (fixed energy) photon of frequency v, is irradiated on
the material the energy change in the process is shown by the Einstein
relation [75],

hv = Ik + Ek,

where Ik is the ionization (binding) energy of the kth species of electron
Ek is the kinetic energy of the ejected electron
hv is the energy of the photon.
For carbon XPS, photoelectron excitation is commonly done using

Al Kα source with photon energy of 1486.6 eV or Mg Kα source with
photon energy of 1253.6 eV.

The XPS is used to find for example the formation and relative con-
centration of C–C, C–F, and C–O chemical states of carbon atoms in the
near surface region of a sample [76]. The energy of the C1s XPS peak is
determined by the bound state of the carbon atom, either incorporated in
an adsorbed hydrocarbon species, complexed as carbide or in its graphitic
or diamond state [77, 78]. The C 1s peak position for diamond crystal is at
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285.50 eV, which is about 1.35 eV higher than the C 1s for graphite (C=C)
crystals (284.15 eV) [79]. The XPS peak locations or shifts reflect the chem-
ical states influenced by the environment of the atoms. The chemical shift
value EB (binding energy) is mainly determined by the effective charge of
a given atom as a result of the electron charge transfer [80]. In addition,
the chemical shift is dependent on the materials lattice field. A higher frac-
tion of sp3 bonds indicates that the electrons are more tightly bounded to
the carbon atom which results in a higher C 1s core binding energy [81].
The Auger line shapes for graphite and diamond have different character-
istic features and thus are very sensitive to the concentration of sp2 or sp3

states of carbon atoms [76, 82]. Thus the ratio of sp2 to sp3 states can
be determined by the X-ray excited Auger electron spectroscopy (XAES)
experiment [76].

The binding energy for the C 1s core electrons was not changed for Fe-,
Co-, and Ni-containing DLCNC films with increasing metal content, metal
carbides being formed at higher metal contents of >60 at.% [45].

The C 1s features of a-C:H:Si films can be fit with four peaks represent-
ing four carbon bonding configurations (C–C, C=C, C=O, Si–C) [83–86].
In the a-C:H films with low silicon content, the slightly asymmetric C 1s
peak is centered at a binding energy of 284.6±0.2eV [87–89]. An additional
peak which increases with increasing silicon content is present at 283.6 eV
[87] which is close to the value 283.3 eV expected for Si–C [90, 91]. Accord-
ing to Hauert et al. [88] deconvoluting the C 1s signal of the a-C:H film
containing 22.5 at.% of silicon into the Gaussian shaped peaks at 284.6 eV
(a-C:H) and 283.6 eV (Si–C) splits the total of 77.5 at.% carbon atoms into
27% Si–C–bonds and 50.5% a-C:H bonding structures. The surface of the
22.5 at.% Si containing a-C:H films consists of 44–55 at.% SiC and about
the same amount of a-C:H [88].

X-ray diffraction is a good technique for investigating the diffraction
patterns of the metal nanocrystals in the amorphous carbon matrix. Under
the surface sensitive glazing angle mode, information can be gained on the
thin film coatings, from which the thin film density could equally be derived.
Baba and Hatada [45] reported a very broad diffraction peak for Fe-, Co-,
and Ni-DLCNC at ∼ 2 theta value of 42◦ for 17–40 at.% of metal content
in the DLCNC films.

Secondary ion mass spectroscopy (SIMS) is a complementary technique
to the other characterization techniques especially XPS. It could be used
for identifying the relative intensity of the present ionic species (though is
not quantitative) and is good for identifying isotopes.
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Raman and infrared (IR) spectra are obtained from transitions between
vibrational levels at a range of 104–102 cm−1 of the electromagnetic
spectrum. Raman spectroscopy is based on the frequency of the light scat-
tered (∼0.1%) by molecules as they undergo vibrations and rotations.
The light scattering mechanisms in Raman and IR spectroscopy are dif-
ferent. In both Raman and IR spectroscopy the sample is irradiated by
intense laser beam in the 104–102 cm−1 electromagnetic spectral region.
For Raman the scattered ray is usually observed in the direction perpen-
dicular to the incident beam. The vibrational frequency (vm) is measured
as a shift from the incident beam frequency (v0). Although Raman spec-
tra are observed normally for vibrational and rotational transitions, it is
possible to observe Raman spectra of electronic transitions between ground
states and low-energy excited states [89]. Rayleigh scattering is strong and
has the same frequency as the incident beam, but Raman scattering is very
weak (∼10−5 v0 ± vm).

In general, the vibration is Raman-active if the component(s) of the
polarizability belongs to the same symmetry species as that of the vibra-
tion; the vibration is IR-active if the component(s) of the dipole moment
belongs to the same symmetry species as that of the vibration. The sym-
metry species of normal vibrations can be found by using Herzberg’s
tables [90].

DLC or a-C:H shows a peak at 1510± 20 cm−1 [91]. The peak at
1500 cm−1 can be attributed to sp3-bonded carbon plus possible contri-
butions from the D-peak [91]. Nistor et al. [93] attributed the 1500 cm−1

peak to amorphous graphite. Phonon dispersion relations and the phonon
density of state predictions [93–95] are essential in the interpretation of
Raman spectrum of carbon because changes in Raman spectra are associ-
ated with phonon density of states. Only the phonons with E2g symmetry
are predicted to be Raman-active in an infinite graphite crystal. The entire
population distribution of phonons as a function of frequency is available
from the density of state calculations.

Wang et al. [96] investigated Ti-, Cr-, Zr-DLCNC films on biomedical
titanium alloy (Ti–6Al–4V) and reported that Cr-DLCNC posses lower
Raman ID/IG ratio, lower G-peak positions; higher coating hardness, lowest
friction coefficient (compared to other films), 0.06 in simulated body fluid
(compared to air), and a release of 2.22–10.03 ppm (<106.17 ppm from
Co–Cr–Mo–alloy) of Cr ions from Cr-DLCNC, indicating that Cr-DLCNC
meets the requirement for biomedical application.
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Table 2.1. Raman data obtained for the three nanocomposite Cr-DLC samples.
The data includes ID and IG peak intensities, full-width at half maximum (FWHM)
values for D and G bands, ID/IG ratios and D and G band intensities [97].

ID IG FWHM FWHM D-Peak G-Peak
Sample % Cr (a.u.) (a.u.) (D) (G) ID/IG (cm−1) (cm−1)

CrDLC1 1 21.833 21.043 363.68 139.37 1.04 1401.6 1538.8
CrDLC2 5 21.628 20.415 361.08 128.51 1.06 1408.4 1540.6
CrDLC3 10 45.588 49.748 389.90 167.24 0.92 1306.8 1511.8

Raman investigation of Cr-DLCNC films are shown in the Table 2.1 [97].
The Cr-DLCNC consisted of nanoscale chromium carbide particles embed-
ded in an amorphous DLC matrix. The G, and D-bands are usually assigned
to optically allowed zone center of phonons of E2g symmetry and K-point
phonons of A1g symmetry (disorder-allowed zone edge mode of graphite),
respectively. The D-band peaks for the three Cr-DLCNC films were posi-
tioned at 1401.6, 1408.4 and 1306.8 cm−1, whereas, the G-band peaks were
centered at 1538.8, 1540.6 and 1511.8 cm−1. For both D- and G-bands,
5% Cr-DLC sample displayed the smallest values for full width at half max-
imum (FWHM). The ID/IG ratio (ratio of D- and G-band intensities) was
the least for 10% Cr-DLC and the highest out of the three samples for the
5% Cr-DLC film. This suggests that there are more disordered graphitic
phases in sample 5% Cr-DLC, and equally a less compressive stress in this
sample (least value for FWHM(G) compared to the other samples).

In Ag-DLCNC and Ag-Pt-DLCNC films [49], the authors report that
the D-band increased, whilst the G-band decreased in width (corresponding
to a decreased compressive stress within the film) and shifted to a lower
wavenumber indicative of a decrease in sp3 content (increased graphitic
cluster size).

Each individual spmCHn configuration is characterized by a specific IR
absorption peak. It is assumed that one can use these spectral peaks to
analyze the relative hybridization sp3/sp2 of the carbon atoms and use the
total intensity of the broad peaks centered at about 2900 cm−1 to quantify
the hydrogen content of the DLC films [101–106]. The deconvolution of
the 2900 cm−1 stretching peak shows that the peak deconvolutes into the
individual absorption peaks centered at 2850, 2920, 2970, and 3000 cm−1,
with corresponding intensity ratios of 0.6:0.8:0.4:0.1. It appears that the
corresponding DLC film contains mostly sp3 carbon, with only a small
fraction of ∼5% sp2 carbon bonds (sp2CH at 3000 cm−1) [104].
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2.4. Doping DLC

In both crystalline and amorphous materials doping is achieved by intro-
ducing atoms which can change the local structure of the bonding of the
material interstitially or substitutionally. In amorphous materials large con-
centration of the dopant is required to compensate the existing traps and
dangling bonds. In wide bandgap semiconductors, it is a problem to dope
the material to both n- and p-type. This is because the dopant levels are
either too deep, or due to low dopant solubility, and/or because of auto-
compensation [105]. If the dopant atom is similar in size to the atom of
the recipient, then it is likely to be soluble. It is essential for the dopant to
have a moderate solubility and a shallow level below the conduction band
edge of the recipient for there to be an effective doping and/or for atomic
substitution with the dopant to be easily successful. The flexibility of ran-
dom networks in amorphous semiconductors allows atoms of various sizes
to be soluble and incorporated. On the other hand an auto-compensation
occurs because network flexibility allows atoms to also exert their chemical
preferred valency [105] and to form a non-doping trivalent site with lower
energy [106], although, some fractions of the dopant atoms are allowed to
exist in the doping sites at equilibrium [106].

DLC has been doped with various elements [107–110]. Silicon doping of
DLC has been reported [111–115]. Silicon content was reported to decrease
with increasing radio frequency power and to increase with increasing sub-
strate temperature [116]. The surface energy of DLC has been modified
by doping with silicon [118, 119]. Silicon incorporation has led to reduc-
tion of DLC’s typically high internal compressive stress. Silicon incorpora-
tion has been used to reduce the etching rate of DLC in oxygen plasma
[123]. The valuable effects of silicon doping according to other reports
from the literature are the lowering of the friction coefficient to ∼0.01 (for
Si-DLC) compared to 0.1 of DLC [112, 116, 120–122], improved adhesion
and mechanical properties [123–125] with the use of silicon; increased sp3

to sp2 ratio and reduction of the size of graphite-like islands [114], because
silicon does not form π-bonds. According to Demichelis et al., the effect of a
low amount of silicon is to increase the sp3 to sp2 ratio, reducing the size of
graphitic-like islands. When the amount of silicon is increased over a critical
value, the network assumes the characteristics of the semiconductor-type
amorphous hydrogenated-SiC, where the properties of silicon are predom-
inant [114]. Speranza et al. [126] reported that silicon addition to DLC
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preserves the diamond-like character of DLC that are lost at higher tem-
peratures (thermal annealing).

Narayan [58] reported an innovative target configuration for incorporat-
ing metal atoms into DLC during pulsed laser deposition process in which
the composition of these nano-composite films depends on: (a) the scanning
radius of the laser beam on the target surface, (b) the laser beam position,
(c) the position of the circular target, (d) the size of the metal piece on the
target, (e) the laser energy density. The fraction of metal atoms within the
film can be estimated by the following relationship [58]:

Carbon–metal composite =
αδ(1 − Rd)
2πγ(1 − Rc)

,

where α = the laser ablation ratio, δ = width of the metal piece on the
target,

Rd = the reflectivity of the metal strip, γ = laser beam scanning radius.

Metal nanocomposite integration into carbon matrix is achieved by
various techniques as mentioned above (e.g. sputtering, ion-implantation,
etc.). Structural information on the architecture formed can be gained for
example by Z-contrast or high resolution scanning transmission electron
microscopy (TEM), based on observing contrast fields proportional to the
squared atomic number of the elements: the darker field corresponding to
the higher atomic number region (metal), and the brighter region the lower
atomic number (carbon matrix). The metal components usually appear as
nanoparticulate nanoclusters or nanoarrays in a carbon matrix. The size
and shape of the metal nanoparticles or nanoclusters depends on the metal
and the amount incorporated, but usually are few nanometer range clus-
ters/particles (hence nanocluster, and /or nanoparticles). Baba and Hatada
[83] reported that the surface features of their magnetron plasma source
ion implantation synthesized Fe-, Co-, Ni-, and Mo-DLCNC was feature-
less and very smooth with the surface roughness of about 0.2–0.3 nm. It
is thought that these metal nanoclusters (nanoarrays) may serve as metal
reservoirs and or trap for neutral/noble metal and metal-ions in a biologic
environment, which could equally prevent risk of metal ion release from the
nano-composite films.

The electronic local structures of DLCNC can be studied by the X-ray
absorption fine structure techniques (e.g. XANES). Singh et al. [127]
reported that Cr K-edge XANES spectra of Cr-DLCNC shows that Cr
in DLC has a chemical state similar to that of Chromium carbide, at low
Cr content (<0.4 at.% Cr), Cr is dissolved in the amorphous DLC matrix
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forming an atomic scale composite, their simulation studies showing that at
this Cr concentration, Cr tends to be present as a very small atomic clus-
ters of 2–3 Cr atoms (dissolved in DLC matrix), implying that the solubility
limit of Cr in Cr-DLC films is only between 0.4–1.5%. However, at higher
Cr concentration (>1.5 at.% Cr), Cr is present as nanoparticles (<10nm)
of a defect carbide structure forming a nanocomposite [126].

2.5. Thermal Annealing

In most crystalline, semi-crystalline materials and/or nanocomposite mate-
rials, atomic structural rearrangement could be achieved by thermal activa-
tion/annealing. DLC is a metastable material and its structure will change
towards graphite-like carbon by either thermal activation or irradiation
with energetic photons or particles. DLC films have been altered in UV
irradiation [127], in ion beam irradiation [128], and in laser beams [129].
In a-C:H there is evolution of hydrogen as H2 as well as hydrocarbons unlike
the a-Si:H where there is only H2 evolution. There is loss of hydrogen and
CHx species starting at about 400◦C or lower depending on the deposition
conditions like the radio frequency power of deposition and the dopant(s)
in the film [103, 130]. Nadler et al. reported loss of hydrogen starting from
500◦C and continued to temperatures over 700◦C [132]. Wu et al. how-
ever, found no detectable loss of hydrogen when DLC films were rapidly
annealed until 500◦C [133, 134]. As the evolution temperature increases,
the fraction of hydrogen evolved as hydrocarbons goes down [134]. This
means that the network becomes denser. The loss of hydrogen results in
the collapse of the structure into mostly sp2-bonded network. UV irradia-
tion from a high pressure mercury lamp was found to break the C–C and
C–H bonds and cause oxidation of the film with formation of C–O bonds
[135]. There was a reduction in the film thickness due to CO2, CH4, and
H2 evolving from the film. Hydrogen evolution may vary depending on the
type of film (a-C:H or ta-C:H) and the deposition parameters including the
source gas(es) used. The ta-C:H deposited from methane is not so differ-
ent from a-C:H, there is some evolution of hydrocarbon molecule with the
main evolution of hydrogen centered on 550◦C. The ta-C:H from acetylene
is more dense and there is little evolution as hydrocarbon with the main
evolution of hydrogen centred on 700◦C [136]. Silicon addition to a-C:H to
produce Si-DLCNC improves the thermal stability and raises the hydrogen
evolution to temperature ∼700◦C [137].

The development of carbon networks and bonding during thermal
annealing has been studied with Raman [136, 138], IR (or FTIR) [135] and
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optical spectra. With increasing annealing temperature ID/IG ratio rises.
This starts to rise even before the main H2 evolution, meaning that once
the hydrogen is mobile, though still within the film, the C–C network starts
to rearrange. As hydrogen is evolved the bond transforms from sp3 to more
sp2. The hydrogen motion also allows the density of defects to reduce [139].
There is increase in the number of π-states and a gradual fall of the optical
gap [97, 140]. UV irradiation of nitrogen doped DLC films containing about
11 at.% of nitrogen resulted in a decrease in the C–H bonds and an increase
in C–C, C=N and C≡N bonds. The sp2 cluster size in the films became
smaller, thus the optical gap increased. Nitrogen-doped DLC (N-DLCNC)
with high nitrogen content (∼37 atm.%) did not show any FTIR changes
after UV irradiation [135], though their optical gap increased, signifying a
reduction of the sp2 cluster size in the absence of material loss. According
to Reyes-Mena et al. no Raman signal was observed for annealing carbon
films up to 400◦C except for the intensity photoluminescence [139].

The onset of thermal relaxation could be as low as 100◦C and near full
relaxation has been observed at 600◦C. About 1–3 eV activation energy
has been reported for this thermal relaxation [141]. Residual compressive
stress leading to buckling and wrinkles is usually observed in ion bombarded
films [142]. The residual stresses usually can be removed by annealing at a
suitable temperature for a sufficiently long time. For tetrahedral amorphous
carbons vacuum annealing of the films up to 600◦C can almost lead to
complete elimination of the residual stresses [142, 143]. In hydrogenated
amorphous carbon or DLC, attempts to anneal out the residual stress at
temperatures above 300◦C usually degrade desired properties of DLC [144].

With annealing, the film structure changes from polymer-like to
graphite-like and the primary bond changes gradually from sp3 to sp2.
Graphitization occurs at temperatures greater than 400◦C, when the DLC
films convert to nanocrystalline graphite with high conductive ability [138,
145]. However, according to Jiu et al. the DLC films (in which elec-
trical properties were measured with four point probe) kept the same
high resistivity (>107 Ωcm) at 500◦C, the resistivity slightly decreasing to
106 Ωcm at 600◦C. Jiu et al. inferred that DLC film is a mixture of amor-
phous carbon and very thin graphite particles. The crystallization degree
increased at 950◦C with clear and intensive diffraction rings seen by use
of transmission electron diffraction (TED) technique, which corresponds to
those of graphite-like particles [146].

Thermal annealing of the films alters the microstructure of the films
and leads to shift in the peak position with annealing temperature.
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The formation of DLCNC with metal (or metal alloying to DLC) is a
good technique for creating adherent and wear resistant films on various
substrates. This is an alternative to thermal annealing, with added advan-
tage that it does not lead to degraded DLC quality that may result from
annealing at high temperatures (it is therefore not destructive). The reduc-
tion of internal compressive stress by these elements is understood by the
effects of metals on the continuous rigid random network (CRN) model of
DLC, since these elements/metals are more compliant compared to cova-
lently bonded carbon in DLC, and the metals posses loosely bound electrons
that could distort the electron density distribution (short range electronic
structure) in the carbon matrix of DLC, thus enabling a relaxation at the
film substrate interface. Silicon in Si-DLCNC seems to reduce compressive
stress by the vast introduction of disorders/defects at the film–substrate
interface since silicon atoms do not form sp2 bonds (have no pi electrons),
but rather form sp3 bonds with carbon and/or other silicon atoms.

2.6. Biological Properties and Biocompatibility

The passive nature of carbon in tissues has been known since ancient times.
Charcoal and lampblack were used for ornamental and official tattoos by
many. Other forms of carbon have been studied for possible use for biomed-
ical applications stimulated primarily by Gott’s original studies [148]: arti-
ficial graphite, vitreous or glassy carbons, carbon fibres, pyrolytic carbons,
composites, and vacuum vapor deposited carbon coatings [148]. The fun-
damental nature of these carbon materials and their interactions with the
living tissues needs to be explored. Likewise pyrolytic carbon-coated heart
valve leaflets have been successfully applied as artificial clinical heart valves
[149]. Pyrolytic carbon has the major advantage of being more resistant to
thrombus formation, which was the biggest limitation to the earlier genera-
tion of stainless steel artificial heart valves. As mentioned earlier, there was
always a need to use anticoagulant drugs by patients who had the earlier
stainless steel heart valves to prevent clot formation on the stainless steel,
but this had the potential to suppress the beneficial effect of the natural
blood clotting mechanism in patients. Pyrolytic carbon is an artificial mate-
rial made of carbon microcrystals with a high density turbostatic structure,
originally engineered for use in nuclear reactors and may not be readily
available for large scale use. When pyrolytic carbon is alloyed with silicon,
it shows excellent thromboresistance [150]. Pyrolytic carbon has also been
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used as a coating on different types of implant prostheses, such as dental
implants, percutaneous devices, and tendon tracheal replacements.

Surface coating modification is essential because it is now known that
the outermost layer of a biomaterial (few nanometre scale range) is most
crucial in its interfacial interaction in vivo. Baier et al. have shown that
exposure of an organic-free surface to fresh flowing blood for as little as
five seconds leads to its complete coating by a very uniform, tenaciously
adherent proteinacious thin film [151, 152]. The biomaterials outer surface
dictates the configuration of this attached protein film that in turn plays an
important role in determining the fate of the biomaterial in the host via a
series of cascade interactions. The issue of biocompatibility and haemocom-
patibility of DLC when used as implants and medical devices will no doubt
be expected to stem from possibly favorable tissue–biomaterial surface and
interactions. Generally, two main pathways could be feasible, in an effort
to create a biocompatible material: creating a material with surfaces that
are bioactive (like the host tissue) that can actively support the body’s
control mechanisms; and/or creating materials that are “inert or passive”
to the body’s control mechanism in order to avoid triggering an adverse
reaction (though there is nothing exactly like absolute inertness in a hostile
physiological environment [153]). Moreover, it is impossible to exaggerate
though, that among a large number of events occurring during the process
of blood coagulation (including, perhaps, thrombus formation and possible
thromboembolism) and de-coagulation, the physicochemical adsorption is
virtually the main reaction that can be readily regulated unless a bioactive
material is used [154]. Thus the present research in the use of DLC is aimed
at an approach to modify the physico-chemical properties of DLC and to
create a material that may be “passive” and or “bioactive” in the tissue.

The physicochemical surface properties of the outermost interface of
bacteria for example and other particles as well as phagocytic cells, can
essentially be of only two kinds: (a) interfacial tension and (b) electrical sur-
face potential [155]. When a foreign surface, solid, liquid, or gas, is brought
into contact with the body tissue fluid/protein solution, a certain amount
of the dissolved protein will be adsorbed to the surface. This process is
consistent with Gibbs theory of surface energy and may be described by
the adsorption isotherm of Freudlich or Langmuir. The amount of protein
adsorbed and the characteristics of the protein monolayer depend mainly
on the nature of the foreign surface and the structure and the concentra-
tion of the proteins in solution [156]. The protein needs to first approach
a distance to the foreign surface that will allow interaction between the
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molecular forces associated with the foreign surface and the protein — this
is governed by diffusion. Then the characteristics of the foreign surface
determines the nature of bonds or the type of changes that takes place in
the configuration of the protein and the biologic molecule present.

Szent-Gyorgyi [157, 158] suggested that proteins may have electronic
structures similar to that of semiconductors. Eley et al. [159] reported semi-
conductivity in certain proteins. This was later corroborated by works from
others like that of Postow and Rosenberg [160]. Bruck suggested that intrin-
sic semiconduction and electronic conduction may be involved in blood
compatibility of polymeric systems [161, 162], instead of mere ionic interac-
tion, after the compatibility of the blood with surfaces has been associated
chiefly with ionic charges, based on the observation that endothelial wall,
platelets, and plasma proteins carry net ionic charges in normal physiologic
conditions. Bruck [163–165] observed clotting times six to nine times longer
than those observed with non-conducting polymers and also observed little
or no platelet aggregation in electroconducting polymers, when compared
to non-conducting control samples based on his study with pyrolytic poly-
mers. Bruck concluded that “it is possible that electroconduction and semi-
conduction is involved in the interaction of surfaces with plasma proteins
in the activation of the Hageman factor and the platelets by an unknown
mechanism”.

The endothelial lining has been reported to be the best non-
thrombogenic surface [166]. According to some workers [167–169], various
methods including improvement of physico-chemical properties, pre-
treatment with proteins and incorporation of negative charges have been
proposed in order to reduce the surface thrombogenicity of vascular pros-
theses. Pesakova et al. [170] and Hallab et al. [171] have also stated that
the biocompatibility of materials can be influenced by factors such as sur-
face charge, hydrophobicity, and topography. It has been reported [167,
173], based on surface potential measurements using the vibrating Kelvin
probe method, that positively charged surfaces enhance cell adhesion in
comparison to neutral or negatively charged surfaces. The hydrophyllic or
hydrophobic nature of a surface has also been associated with extent of
cell interactions with the surface [167, 173]. Altankov and Grott [174] have
reported that wettable (hydrophilic) surfaces tend to be more conducive
for cell adhesion. Grinnell [175] also reported observing that cell adhesion
seemed to occur preferentially to water wettable surfaces. Van Wachem
et al. [176, 177] carried out investigation of in vitro interaction of human
endothelial cells (HEC) with polymers of different wettabilities in culture,
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and reported observing optimal adhesion of cells with moderately wettable
polymers.

The biocompatibility and haemocompatibility of DLC films has been
investigated in the literature. Jones et al. [178] deposited DLC coat-
ings prepared by PECVD on titanium substrates and tested them for
haemocompatibility, thrombogenicity and interactions with rabbit blood
platelets. They reported that the DLC coatings produced no haemolytic
effect, platelet activation or tendency towards thrombus formation and that
platelet spreading correlated with the surface energy of the coatings. Cyto-
toxicity tests have also been carried out on DLC coatings by several work-
ers [178–180], and they all reported observing no negative effects by DLC
coatings on the viability of cells which showed normal metabolic activities
like cell adhesion and spreading. Mouse fibroblasts grown on DLC coat-
ings for seven days showed no significant release of lactate dehydrogenase,
an enzyme that catalyzes lactate oxidation, often released into the blood
when tissue is damaged, compared to control cells, indicating no loss of
cell integrity. It has also been reported by Allen et al. [184] that mouse
macrophages, human fibroblasts and human osteoblast-like cells grown on
DLC coatings on various substrates exhibited normal cellular growth and
morphology, with no in vitro cytotoxicity.

Changes in surface energy, surface charge conditions and electronic con-
duction have all been suggested to have an effect on the biocompatibility
and haemocompatibility of biomaterials. Allen et al. [184] implanted DLC-
coated cobalt–chromium cylinders in the intramuscular locations in rats and
in transcortical sites in sheep and their histological analysis of specimens
retrieved 90 days after surgery showed that the DLC-coated specimens were
well tolerated in both sites [184]. De Scheerder et al. [186] investigated the
in vivo biointeraction with one particular class of modified DLC coatings:
diamond-like nanocomposite coatings (DLN or Dylyn, Bekaert, Kortrijk,
Belgium). Either coated or non-coated stents were randomly implanted in
two coronary arteries of 20 pigs so that each group contained 13 stented
arteries. The pigs underwent a control angiogram at six weeks and were
then sacrificed. They performed a quantitative coronary analysis before,
immediately after stent implantation, and at six weeks using the semi-
automated Polytron 1000 system (Siemens, Erlangen, Germany). They also
performed a morphometry using a computerized morphometric program
and their angiographic analysis showed similar baseline selected arteries
and post-stenting diameters. At six-week followup, they discovered no sig-
nificant difference in minimal stent diameter and their histo-pathological
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investigation revealed a similar injury score in the three groups. Accord-
ing to De Scheerder et al. [186] inflammatory reactions were significantly
increased in the DLN-DLC coating group, thrombus formation was signif-
icantly decreased in both coated stent groups and neointimal hyperplasia
was decreased in both coated stent groups. However, the difference with
the non-coated stents was not statistically significant, and area stenosis
was also lower in the DLN-coated stent group than in the control group (41
± 17%versus 54 ± 15%; p = 0.06). In their conclusion they indicated that
the diamond-like nanocomposite stent coatings are compatible, resulting in
decreased thrombogenicity and decreased neointimal hyperplasia; covering
this coating with another diamond-like carbon film resulted in an increased
inflammatory reaction and no additional advantage compared to the single-
layer diamond-like nanocomposite coating [185].

Dowling et al. [187] implanted two DLC-coated and uncoated stainless
steel cylinders into both cortical bone (femur) and muscle (femoral quadri-
ceps) sites of six adult sheep (>40 kg), for a period of four weeks (three
sheep) and the rest for twelve weeks. According to Dowling et al. [187],
after explantation of the implants and pathological/histological examina-
tion of the implanted cylinders, no macroscopic adverse effect was observed
on both the bone and the muscles of the used sheep [186].

Yang et al. [188] examined in vivo interactions of discs coated with TiN,
DLC (deposited on SS316L disc using PVD) and/or Pyrolytic carbon films,
implanted into the descending aorta of anaesthesized sheep (six animals)
for two hours. They evaluated the three different samples simultaneously in
each animal. After explantation they examined the thombus free area on the
disc with close-up photography and planimetry, and the test surfaces with
SEM. Yang et al. found that there were many leucocytes adherent, activated
and spread onto PyC and DLC, but on TiN it was the erythrocytes that
were mainly adherent [188].

2.7. Biomedical Applications

DLC is said to be chemically inert and impermeable to liquids. It could
therefore protect biological implants against corrosion as well as serve as a
diffusion barriers. DLC films are considered for use as coatings of metallic as
well as polymeric biocomponenets to improve their compatibility with body
fluids. The potential biomedical applications of DLC and modified DLC (eg.
DLC-NC) include surgical prostheses of various kinds: intracoronary stents
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and prosthetic heart valves. The new prosthetic heart valve designed by
FII Company and Pr. Baudet is composed of a Ti6Al4V titanium alloy
coated with DLC [179]. When artificial heart organ polymers used for mak-
ing heart organs are compared to DLC-coated polymers, these polymers
seem to show higher complement activation compared to DLC counter-
part (polycarbonate substrates coated with DLC, PC-DLC compared with
Tecoflex, polyurethane) [189, 190]. DLC and modified DLC can be used in
blood contacting devices, e.g. rotary blood pump [189, 190].

DLC-Ag-Pt nanocomposites were reported to exhibit significant antimi-
crobial efficacy against staphylococcus bacteria, and to exhibit low corrosion
rates at the open-circuit potentials in a PBS electrolyte [191].

In orthopedics, DLC can be used as orthopedic pins and coatings in hip
implants (e.g. femoral heads). DLC can reduce the wear of the polyethylene
cup by a factor of 10–600 when used on metal implants to form a DLC-
on-DLC sliding surface. The wear (and the amount of particles causing a
foreign body reaction) is 105–106 lower compared to metal-on-metal pairs.
The corrosion of a DLC-coated metal implant can be 100,000 times lower
than in an uncoated one. DLC can diminish the bone cement wear by a
factor of 500, which can improve the bone cement to implant bonding [187,
192, 193].

In urological dialysis (haemodialysis), DLC-coated microporous poly-
carbonate and DLC coated dialysis membranes show that DLC imparted
an enhanced enzyme electrode performance [194, 195].

DLC has also been reported to do well in both organ [196] and cell
culture [197] when compared to the materials conventionally used for this
purpose.

DLC can be used as active barrier against attack by micro-organisms
and against bio-deterioration of advanced technological devices operating
in closed spaces of satellites, aircrafts, and submarines for example [198],
and as good protectors against environmental pollutants and atmospheric
wastes [199]. In addition nanocrystallite copper modified DLC nanocom-
posite has been reported to have a fungicidal effect [199].

DLCNC is now being investigated for anti-Prion protective coatings
on surgical instruments and as well as anti-MRSA bug in hospital uten-
sils where appropriate due to its known hydrophobic surface properties.
DLCNC is equally being investigated as a template/model surface for
DNA writing and immobilization for biochemical sensor applications. Spe-
cific biomolecules could be easily immobilized on the DLCNC. In Designer
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Materials for Nucleic Acid Delivery, titled “Gene delivery by immobilization
to Cell-Adhesive Substrates”; surface immobilization of DNA was reported
to have several advantages: (1) minimizing the amount of DNA needed
to achieve a desired effect and enhancing effective concentration vector;
(2) preventing DNA/vector aggregation; (3) reducing toxicity and degra-
dation of delivered particles; and (4) delivering DNA to specific cellular
sites [200].

3. Surface Energy of Diamond-Like Carbons

The surface energy can be defined as the algebraic sum of the energy used
to break the bonds in a solid or a liquid (for example), to form its surface
in vacuo, and the energy released, after new bonds are formed on the sur-
face, when the solid or liquid is brought in contact with the second phase .
The surface tension of a liquid (or the interfacial tension between a liquid
and a fluid) may be measured directly by means of techniques like Wil-
helmy plate or capillary rise, but the lack of molecular mobility within a
solid prevents the deformation necessary for detecting surface forces in a
solid. Thus indirect methods have to be employed while measuring the sur-
face energy of a solid. An example is the “wetting” of a solid by a known
reference liquid drop. It is assumed that there will be an interfacial interac-
tion between the solid and the liquid (plus vapor in some cases or vacuum),
and that thermodynamic equilibrium is attained. A surface cannot exist on
its own: it must be part of an interface between two phases, even if one is a
vacuum. The term “surface energy” without qualification strictly applies to
the substance concerned in contact with a vacuum [201]. “Surface tension”
is a concept closely allied with surface energy. For example the meniscus of
mercury can be explained as either due to reduction of the surface area and
therefore of surface energy, or of there being a surface tension i.e. a force
acting in the surface trying to contact it. The magnitude of the surface
energy of a material depends upon the strength of the bonds that have to
be broken to form the surface concerned. Thus depending on the types of
bonds involved, the surface energy can be given by:

γ = γd + γp + γh + · · · ,

where γ = surface energy, d = dispersion forces, h = hydrogen bonding,
γ = liquid surface tension, p = polar forces.

The dispersion forces component is universal and so it is always one of
the contributing forces. For non-polar liquids (e.g. alkanes) only dispersion
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Fig. 3.1. Liquid (L) exhibiting a contact angle θ on solid (S) with surrounding fluid (F ).

forces act between molecules such that, γ = γd. A liquid drop on a solid
sample creates a contact angle as illustrated below:

Figure 3.1 shows a sessile drop of liquid (L) exhibiting a contact angle
θ on solid (S) with surrounding fluid (F ) which may be vapor of the liquid
(L) or a second liquid. The figure shows a liquid (L) at rest on an ideal
solid (S) surface (the triple line of contact where S, L, and fluid (F ) meet);
to each interface could be attributed a free interfacial energy or interfacial
tension γsl, γsf , γlf .

The surface energy (from Young’s equation) could be given by:

γsf = γsl + γlf cos θ.

A horizontal force balance is assumed to be achieved. The vertical force
component is given by γ sin θ. By thermodynamic work of adhesion (Wa),
from equation above:

Wa = γsf + γlf − γsl.

Eliminating γsl (the interfacial tension at the solid/liquid phase),

Wa = γlf(1 + cos θ).

The surface energy can be expressed by the addition of the polar (γp
lf) and

the dispersive (γd
lf) components such that:

γlf = γp
lf + γd

lf .

The adhesion energy can therefore be taken as the interaction between
polar–polar and dispersive–dispersive forces, and using extended Fowkes
equation:

Wa =
√

γp
lfγ

p
sf +

√
γd
lfγ

d
sf = γlf(1 + cos θ).
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From the above equation therefore only two measurements with solvents
with known polar and dispersive components are essential to solve the equa-
tion and to obtain the surface energy for the sample under investigation.
Practically surface energy could be determined by a common method known
as contact-angle goniometry for both advancing and receding contact angle
experiments. The solid–liquid interfacial tension of solids can best be stud-
ied by contact angle measurements at gas–liquid–solid interface, using a
technique for the investigation of the character of solid surfaces that was
first proposed by Thomas Young in 1805 [202]. Today Young’s technique has
been developed to some degree of sophistication like Zisman’s method —
the multi-liquid contact angle method for critical surface tension (though
the Zisman method is known to have a considerable drawback of expos-
ing cell surfaces to a variety of non-physiological liquids that can interact
chemically and physically with them in numerous ways).

The work by van Oss [203], showing the important role played by free
energy changes in certain cellular interactions and Tsibouklis et al. [204],
report of a low surface energy effect in preventing bacterial adhesion onto
surfaces point to surface energy consideration in any cellular–biomaterial
interactions. Theoretically, for a DLC-coated solid material put in the body
fluid, various interfacial interactions are expected to exist depending on the
particular application. For fully implanted DLC-coated material, interfacial
interactions expected could include solids (DLC, erythrocytes or red-blood
cells, platelets, white-blood cells, etc.) interacting with liquid(s) which could
be either plasma, interstitial fluid, or even any other “special” body fluid
at the same time. When DLC-coated material is partially implanted (for
instance when used in a disposable coated syringe) then the third compo-
nent: “vapor phase” should be considered. The question is, should the cells
in the body fluid be considered as “fluid” or should they be considered as
“solids” and how is the total number of the cells integrated in the surface
energy equations? Moreover, whereas the vertical force component of the
assumed equilibrium of forces are infinitesimally small for a “hard solid” like
DLC for instance, should it not be considered important for “soft solids”
like erythrocytes (red blood cells), platelets, etc.?

McLaughlin et al. [205] have indicated that surface energy with surface
roughness is crucial in determining haemocompatibility of DLC used for
medical guide wires (essentially the hydrophobic nature of DLC indicat-
ing a low surface energy). High surface energy has been associated with
higher haemolysis, however, titanium substrate used in the study by Jones
et al. [178] shows that highest surface energy (lowest contact angle) did not
produce any haemolytic effect. In their study they concluded that spreading
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of platelets did not occur on their DLC coating, indicating low surface acti-
vation preventing thrombus formation, and that the number of platelets
attached to the DLC was similar to those on the other materials that they
used. Yu et al. [206] examined the surface energy of ta-C prepared by fil-
tered cathodic arc in order to analyze the surface adsorption of human
serum albumin (HSA) and human fibrinogen (HFG). The same authors
reported that the surface energy and the protein absorption of both ta-C
and clinically used LTI-carbon (isotropic pyrolytic carbon) are identical,
but differ in haemocompatibility behavior, with the ta-C exhibiting a bet-
ter anticoagulant property than LTI [206]. They therefore attributed the
haemocompatibility behavior to the effective work function instead of the
surface energy [206].

The reported surface energy of DLC is 40–44mNm−1 [118, 206], and
the reported water contact angle is 55–70◦ [118, 206–208]. Silicon addi-
tion to a-C:H decreases the surface energy from ∼42–31mNm−1 [118] and
increases the water contact angle. Silicon in a-C:H film reduces mainly
the polar component of the surface energy which is due to dipoles at the
surface. Silicon does not form π-bonds and therefore increases sp3 bond-
ing, reducing sp2 bonding, their polarization potential and the dangling
bonds [209–211]. The dispersive component of the surface energy is due
to electronic interactions for example “van der Waals” forces. According to
Grischke et al. [118] an addition of oxygen (critical concentration <35 at.%)
to the plasma decomposition of TMS modifying monomer during synthesis
of Si-DLCNC do further reduce the dispersive component of the surface
energy from 31–23.5mNm−1, also correlated with a slight increase in the
polar component from 2.0–3.7mNm−1. Decreased density of the network
structure has a strong influence on the dispersive component of the surface
energy, leading to the lowering of the dispersive component of the surface
energy with oxygen addition [118], though a polar binding type like Si–OH
is also introduced which results in the slight increase in the polar compo-
nent of the surface energy. Grischke et al. also examined the stability of the
surface energy of the Si-DLCNC films to “normal” (the influence of atmo-
spheric pressure, constant T = 20◦C) and “artificial” (high temperature
80–460◦C activation) ageing. Their observations showed an increase in the
polar component of the surface energy from 2mNm−1 to a constant value of
3.7mNm−1 during the first 10 days and a slight decrease in the dispersive
component of the surface energy from 31–29mNm−1 for the normal ageing
process. For the artificial ageing process they observed a significant increase
in the polar component of the surface energy for temperatures greater than
260◦C and a significant decrease of the dispersive component of the surface
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energy from 31–23.5mNm−1 [118]. In both types of ageing processes how-
ever, Grischke et al. detected no incorporation of oxygen to the Si-DLC
network.

4. Electrical Conductivity and Conduction Mechanisms

DLC falls into a group of materials called the non-crystalline materials that
include liquid metals and semiconductors, glasses, and amorphous films
evaporated or deposited by other means. In describing the electrical con-
ductivity of these materials, a theory of non-crystalline array of atoms is
of note [212]. DLC conduction is known to be electronic instead of ionic.
DLC is a low mobility semiconductor with low electron affinity, a bandgap
of 1–4 eV, and room temperature photoconductivity [213]. The sp2 sites
possess π states, and these states form the valence and conduction band
edges [213]. DLC has been reported as having high electrical resistivity
over a range of values depending on the deposition parameters [213, 214].
The electrical resistivity of DLC can be reduced by doping it with vari-
ous elements [215–218]. Vogel et al. [220] reported ohmic behavior of DLC
over range 10E+02V/cm to 10E+06V/cm electric fields, and Grill and
Patel [111] reported resistivity variation with the electric field indicating
non-ohmic behavior. Materials could be microscopically homogeneous, for
example glasses cooled from the melt (except SiO2 containing Na2O) and
thin films evaporated under certain conditions. In many materials, however,
local variations in density and composition undoubtedly occur. These do
produce among other things spatial variations in the bandgap (band edges)
and spatial variation in charge density (electrostatic fluctuations). Electri-
cal transport by carriers in the conduction and valence band then will be
variable range hopping by electrons with energies at the Fermi energy at
low temperatures if the density of state, N(EF) is finite. At higher temper-
atures, conduction is thought to be due to thermally excited electrons in
non-localized (extended) states [212].

Meyerson and Smith [108, 109] in their experiment (evaporated Mo
film on substrate, deposited DLC by PECVD and deposited Mo dot on
the DLC) measured the conductivity of DLC using voltage of about 0.1
volts and reported room temperature electrical conductivity of 10−16 to
10−6 per ohm cm−1 as room temperature is increased from 75 to 350◦C.
They noted strong temperature dependence of conductivity and stated that
the expression given by the equation: σ(T ) = σ0 exp(−EA/kBT ), does not
apply.
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Secondly, at high temperature, e.g. 250◦C or 350◦C (higher values of
σ = 10−4 to 10−2 ohm−1cm−1 were observed), σ(T ) = σ0 exp(−EA/kBT )
applies and conductivity is independent of deposition temperature. This
conductivity has simple activation form and simple conductivity via
extended states in either the valence or conduction band. Thus they con-
cluded that the measured conductivity of DLC is neither simply activated,
nor is it consistent with variable range hopping. They tried to explain that
the conductivity is instead likely to be an activated hopping conduction in
a broad region of localized states (tail states) near one of the band edges,
where conduction would occur via thermally activated hopping. Their plots
of σ versus T

1/4 were nonlinear. They suggested that the temperature depen-
dence of σ0 and EB (or EA for the conduction band edge) may be due to
the energy dependence of the mobility µ(E, T ). The factor which appears
to determine the variation of σ with Td (deposition temp.) is the decrease
of EA(250) with increasing Td.

In a four-point probe electrical resistivity measurement of Mo-DLCNC
film, a drastic drop in the resistivity was observed at around 10 at.% of Mo
and up to about four orders magnitude from 0–60 at. % of Mo-content [83].

The electrical conduction of DLC is not yet fully understood and has
been reported as being more complex than mostly reported because of
its deviation from both the Mott’s relation and the simple conduction by
thermal activation [220]. Amorphous semiconductors like a-Ge and a-Si
were found to obey Mott’s relation when the temperature is low enough,
however for evaporated amorphous carbon the hopping conduction seems
to occur only in a narrow range of low temperatures: below 8K and 5K.

In 1991, it was reported that for an Arrhenius plot of conductivity data
of DLC, logσ versus T−1 their curves approached a straight line at both low
and high temperatures with a transition region in between. They therefore
suggested that low temperature conductivity of DLC is due to the excitation
of electrons to states lying about 0.3 eV above the Fermi level and then
hopping over the sp3 gap and that at higher temperatures the predominant
process is variable range hopping by carriers excited into band tail states
(Fig. 4.1).

The main electronic/electrical influence of dopants are their ability to
give or take electrons from the host material, to shift the effective Fermi-
level towards the conduction band or valence band, and thereby either low-
ering or increasing the bandgap of the host material. Silicon doping of the
a-C:H leads to some microstructural as well as electrical property changes
in the film. Silicon does not form π-bonds thus it increases the sp3 content
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Fig. 4.1. Diagram of density of states of an amorphous semiconductor [222].

of the film. However, it seems that silicon displaces and causes H2 exuda-
tion from the film. In this chapter, the authors investigate to understand
the influence of silicon in DLC thin films, in relation to the way it may
affect the biocompatibility and haemocompatibility of the thin films. The
knowledge of the conduction mechanisms, the work function, the bandgap/
optical bandgap and the overall density of states and the distribution of the
localized states in the mobility gap/edge will be invaluable in understanding
the interaction of the material with biological systems.

There is no known report in the literature on the effect of silicon in
Si-DLCNC on the electrical properties of amorphous hydrogenated carbon
thin films (apart from the papers from this work [62, 63] and the conduc-
tion mechanism in Si-DLCNC thin films). However, there are reports on
the electrical properties of diamond-like carbon films alloyed with silicon
and a third metallic element. Bozhko et al. [223] reported on the electro-
conductivity of amorphous carbon films containing a mixture of silicon and
tungsten with concentrations of tungsten (W) and silicon (Si) 0 < X < 0.15
and 0 < Y < 0.24 grown on a dielectric polycrystalline sapphire substrate
using plasma decomposition of siloxane vapor. According to Bozhko et al.
[223] the structure of these films consists of an atomic-scale composite of
carbon and silicon random networks in which the carbon network is sta-
bilized by hydrogen and the silicon network stabilized by oxygen forming
a self-stabilized C-Si amorphous structures, an ideal matrix for the intro-
duction of metals. They reported that the current–voltage characteristics
of their diamond-like films at room temperature are linear on log I–V1/2
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coordinates, with the applied electric field E ≥ 104 Vcm−1. In the tem-
perature range 150–350K, the electroconductivity is of thermo-activated
Poole–Frenkel nature characterized by two values of activation energy, 0.32
and 0.2 eV, and the observed saturation of the current versus tempera-
ture on increasing the electric field is connected with the predominance of
tunneling effects, activationless hopping conductivity and direct tunneling
at the mobility threshold [222]. Also in another study Bozhko et al. [223]
reported that in the insulator-rich region (films with little or no amount of
tungsten) of their diamond-like films containing tungsten and silicon in a
wide range of tungsten concentrations (0–60 at.%) at room temperature,
the electric conductivity is that of the Poole–Frenkel model and tends to
be activationless following the Shklovskii mechanism at low temperatures
[223]. Evolution of the dark room-temperature current–voltage characteris-
tics of hydrogenated amorphous carbon films containing silicon and oxygen
with deposition energy growth was also investigated at applied electric fields
up to 6 × 105 V/cm by Bozhko et al. [224]. They showed that the charac-
ter of current–voltage dependences is influenced by the deposition energy,
which is determined by the value of the self-bias voltage, Vsb, varied in
the range from −100 to −1400V, and is described in terms of the space-
charge-limited current in the presence of bulk traps, presumably having an
exponential energy distribution. In films deposited at moderate values of self
bias voltage (−400 to −800V) they observed a trap-filled limit mode of the
Gaussian-distributed deep trap set in the electric fields 5 × 103–105 V/cm.
At electric fields exceeding 3×105 V/cm, phonon-assisted tunneling through
the reduced electricfield potential barrier of the trap enhances the space-
charge-limited current. The absence of thermal activation of the carriers
at the mobility threshold and the Poole–Frenkel mechanism based on the
I–V characteristics according to Bozhko et al. is possibly caused by the
reduction in trap depth in the electric field/deviation of the trap potential
from the Coulomb one or by the dipole or multipole character of traps in
hydrogenated amorphous carbon films containing silicon and oxygen [224].

5. Work Function/Contact Potential Difference

A potential barrier prevents a valence electron from escaping in order to
conduct. To overcome this barrier energy is required. This energy is the
work function, the difference between the potential “immediately outside”
the metal surface and the electrochemical potential or Fermi energy inside
the metal solid [225]. The work function can be defined in various ways:
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as the least amount of energy required to remove an electron from the sur-
face of a conducting material, to a point just outside the metal with zero
kinetic energy [226]; or for a semiconductor, as the difference in energy
between the Fermi level and the vacuum level [227]. It also represents the
weighted average of the energies required to remove an electron from the
valence and the conduction bands [228]. In the bulk of most non-metallic
materials the atoms are bound to their neighbors by covalent bonds. How-
ever, at the surfaces of most materials, the atoms are bound to neighbors
on only one side, with the other side adjacent to vacuum, thereby creating
a dangling bond, a plane of broken bonds consisting of an unpaired electron
per suface atom, directed away from the surface. The electron distribution
at these surfaces are therefore asymmetrical with respect to the positive
ion core. Since the centers of the positive and the negative charges do not
coincide there is a double layer of charge (dipole) at the surface. Thus,
because the “escaping” electron has to move through the surface region, its
energy is influenced by the electrical, optical and mechanical characteristics
of the region. The work function is thus, a very sensitive indicator of the
surface properties of a material, and is affected by the adsorbed, absorbed
and evaporated layers, surface charging, surface imperfections, surface con-
taminations, oxide layers, and bulk contaminations (for example dopants).
From Fig. 5.1, the work function (Φ) is given by:

Φ = χ + (EC − EF),

where, EC–EF is the energy difference between the Fermi level (EF) and
the bottom of the conduction band (EC) and χ is the electron affinity
(the energy difference between an electron at rest outside the surface and
an electron at the bottom of the conduction band just inside the surface.
Interpretation of work function results can be problematic with amorphous
carbon because, unlike other materials, both ΦSample and the EF can vary.
The work function of HOP graphite has been measured as 4.65 eV [229],
and while exact values for diamond are difficult to obtain, it is known
to be less than 1 eV. Ideally EF should lie mid gap but the presence of
traps will cause it to shift closer to the conduction band or valence band.
Conversely the CPD cannot readily be used to track EF changes unless Φ
or electron affinity, χ, are known to be constant. For ta-C:H films the Fermi
level is reported to lie closer to the valence band, thus making it a p-type
semiconductor [140]. Some a-C:H films have been doped n-type and from
the observed changes in resistivity, the Fermi-level has moved through the
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Fig. 5.1. Band energy diagram for a semiconductor with no surface layer.

mid gap position nearer to the conduction band, hence the initial position
of EF was closer to the valence band, making the as-deposited film p-type.
Magill et al. [231] reported that the a-C:H films deposited on n-type and
p-type silicon also indicates that the films are weakly p-type [231]. Finally
there is an additional unknown component, φSS, due to surface states.

In the presence of a surface layer, an additional effect known as “band
bending” [232], must be considered because of its contribution to the over-
all work function. A negatively charged surface layer (e.g. an oxide layer
which introduces a corresponding positive space charge) will cause a nega-
tive change in the surface potential. This leads to an upward band bending,
a lowering of the conduction band and a fall in the Fermi level. Hence the
difference between the Fermi level and the vacuum level increases, resulting
in an increased work function.

Several techniques have been proposed and used for measuring work
function. These are divided mainly into emission and non-emission meth-
ods. The most common emission methods are field emission, thermionic
emission, and photoelectron emission. Field emission technique requires a
high electric field (∼10E+7V/cm). The work function is determined from
this technique by varying the emission current as a function of the applied
voltage and by applying the Fowler–Nordheim equation. The field emission
current (J) obtained depends on the, work function (Φ) and the electric
field (E) [233] applied in order to enhance the probability of an electron
near the Fermi level to tunnel through the surface barrier. The thermionic
emission method uses thermal heating to cause electron emission from the
surface of the material. It is related exponentially to the work function via
the Richardson–Dushman equation [234]. The variation of the thermionic
current (I) as a function of the temperature (T ) enables the work function
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to be determined from the slope of ln(I/T 2) versus I/T which is equal
to eΦ. The thermionic technique is only suitable for materials with low
vapor pressures at high temperatures (e.g. tungsten, molybdenum, pla-
tinium, nickel). In photoelectron emission techniques photons of a specific
energy are directed onto the surface of the material. If the electron near
the surface absorbs energy from the incident photon with energy close to
the work function, it escapes with a kinetic energy which is the difference
between the potential energy of the surface (Φ) and the incident photon
energy. The threshold energy of emission, hv0 is related to the work func-
tion by the expression:

Φ =
hv0

e
,

where, h = Planck’s constant, and v0 = threshold frequence.
The work function is thus determined by monitoring the photoelectron

current as a function of the frequency. The exposure of the material sur-
face to high energy source is the main drawback of the emission techniques,
because this will lead to chemical or physical changes in the material sur-
face, thereby altering the actual work function.

The emission methods could be said to be destructive while the alter-
native, the non-emission method (e.g. contact potential difference, CPD)
is not.

W. Thompson, later known as Lord Kelvin, first postulated in 1861 a
simple capacitative device consisting of a flat circular electrode (the ref-
erence electrode) suspended above a stationary electrode (the specimen).
Both electrodes are parallel to each other, thus creating a simple capacitor
used to acquire work function difference between two surfaces by measur-
ing the charge flow when the two conducting surfaces are connected. The
principle of the Kelvin method was first established by Kelvin in 1898 [235],
however his original device produced a once-only measurement due to the
surface becoming charged such that the charge had to be dissipated before
another measurement could be made. In 1932, Zisman [236] overcame this
problem by applying the contact principle in the form of a vibrating capac-
itor which considerably improved this method in terms of signal detection
enhancement. Baikie et al. have improved this method with respect to noise
rejection [237], signal detection and signal processing [238]. These improve-
ments by Baikie recently led to a Kelvin probe device that is capable of
acquiring a work function measurement to a < 1mV accuracy in both air
and ultrahigh vacuum environments with increased precision and usage thin
film work function studies [239].
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6. Protein Adsorption on Biomaterials

It is now known that proteins either present in serum or secreted by the cells
play a key role in the adhesion and spreading of the cells on the substrate
biomaterial. The adsorption of different types of proteins on bio-surfaces
will be discussed in some detail below.

6.1. Non-Adhesive Proteins

Albumin and tranferin-like proteins with non-adhesive functions tend to
decrease subsequent thromboembolic events [240, 241]. Dion et al. [180]
examined 131I-labeled albumin plasma protein adhesion on DLC-coated
Ti6Al4V and siliconee elastomer, and reported that DLC can adhere more
albumin than the medical grade elastomer.

6.2. Adhesive Proteins

Adhesive proteins include fibrinogen, fibronectin, VWF and CAM. In gen-
eral these plasma proteins with adhesive functions tend to increase throm-
bosis [240–242]. Adhesive proteins and likely increased expression of cell
adhesion molecules (CAM) e.g. ICAM-1, VCAM-1, ELAM-1, E-selectin,
GMP-140 (P-selectins) and other molecules/ligands from the immunoglob-
ulin and selectin superfamily have been shown to be important in cascade
reactions like platelet–leucocyte and leucocyte–endothelial cell adhesion
and activation reactions [243]. When expressed on the cell surface the
NH2-terminal lectin-like domains of the selectins bind with their counter-
receptors (specific carbohydrate ligands on white blood cells and platelets).
Dion et al. [180] have also examined 125I-labeled fibrinogen plasma protein
adhesion on DLC-coated Ti6Al4V and silicone elastomer and reported that
DLC can adhere slightly more fibrinogen than the silicone elastomer.

6.3. Non-Adhesive/Adhesive Protein Ratios

It has been shown that platelet adhesion depends on the albumin/fibrinogen
ratio: the higher the albumin/fibrinogen ratio, the lower the number of
adhering platelets and hence the lower the risks of platelet aggregation
and thromboembolism. The albumin/fibrinogen ratio for DLC is 1.24 and
0.76 for silicone elastomer [180]. According to Dion et al., these two ratios
allow us to consider that platelet adhesion would be weaker on DLC than
on silicone elastomer. However the opposite, in fact, occurred, which they
thought could be explained by the large dispersion of results in percentage
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of platelets retained due to the device concept itself they added [180]. Cui
and Li [197] also studied the adhesion of plasma proteins on DLC-coated,
CN-coated PMMA, and uncoated PMMA using radioactive targed proteins.
They reported the albumin/fibrinogen ratio of 1.008 for DLC, 0.49 for CN
and 0.39 for PMMA [197].

7. Endothelial Cell Interactions with Diamond-Like Surfaces

Endothelium is Nature’s haemocompatible surface, and the performance of
any biomaterial designed to be haemocompatible must be compared with
that of endothelium [166]. Endothelial haemocompatibility can be consid-
ered under three areas: the interaction between the endothelium and circu-
lating cells (mainly platelets and leucocytes — close interactions between
erythrocytes and endothelium are rare); the modulation of coagulation and
fibrinolysis by endothelium; and other activities that affect the circulating
blood or the vascular wall. Under normal circumstances, platelets do not
interact with the endothelial cells — that is, platelet adhesion to the vessel
wall and the formation of platelet aggregates do not normally take place
except when required for haemostasis. Hence, the surface of endothelial
cells does not promote platelet attachment [166]. The formation of platelet
aggregates in close proximity to the endothelium is also rendered diffi-
cult by prostacyclin (PGI2), a powerful inhibitor of platelet aggregation
secreted by the endothelial cells. Prostacyclin can be secreted by endothe-
lial cells in culture as well as by isolated vascular tissue [244]. The vascular
endothelium is now known to be a dynamic regulator of haemostasis and
thrombosis with the endothelial cells playing multiple and active (rather
than passive) roles in haemostasis and thrombosis [245, 246]. Many of the
functions of the endothelial cells appear to be anti-thrombotic in nature.
Several of the “natural anticoagulant mechanisms”, including the heparin–
antithrombin mechanism, the protein C-thrombomodulin mechanism, and
the tissue plasminogin activator mechanism, are endothelial-associated.
Among the proteins on the endothelial surface is antithrombin III [247]
which catalyze the inactivation of thrombin by heparin. Endothelial cells
also have heparan sulphate and dermatan sulphate (glycosaminoglycans)
on their surfaces [248] which are known to have anticoagulant activity.
On the other hand, the endothelial cells also appear capable of active pro-
thrombotic behavior in some extreme conditions of anticoagulation, because
endothelial cells synthesize adhesive co-factors such as the von Willibrand
factor [249], fibronectin and thrombospondin [250]. Endothelial cells are
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now known to play crucial roles in a large number of physiological and
pathological processes. Most of these physio-pathologic events take place
at the microvasculature (capillary beds) which constitutes the vast major-
ity of the human vascular compartment. Thus it becomes vital to carry out
haemocompatibility studies using microvascular endothelial cells. This is
also vital because not all endothelial cells are alike. Endothelial cells derived
from the microvascular structures of specific tissues differ significantly from
large-vessel endothelial cells. The study of human microvascular endothe-
lial cells has been limited due to the fact that these cells are difficult to
isolate in pure culture, are fastidious in their in vitro growth requirements,
and have very short life span undergoing senescence at passages 8–10. Ades
et al. [251] overcame these problems by the transfection and immortaliza-
tion of human dermal microvascular endothelial cells (HMEC) [251]. These
cells termed CDC/EU.HMEC-1 (HMEC-1) do retain the characteristics of
ordinary endothelial cells (HMEC) and could be passaged up to 95 times,
grow to densities 3–7 times higher than ordinary HMEC and require much
less stringent growth medium [251]. HMEC-1 is just like ordinary endothe-
lial cells and exhibits typical cobblestone (or polyhedral) morphology when
grown in a monolayer culture.

Van Wachem et al. [177] reported that in their investigation of in vitro
interaction of human endothelial cells (HEC) and polymers with differ-
ent wettabilities in culture, optimal adhesion of HEC generally occurred
onto moderately wettable polymers. Within a series of cellulose type of
polymers, the cell adhesion increased with increasing contact angle of the
polymer surfaces [177]. Moderately wettable polymers may exhibit a serum
and/or cellular protein adsorption pattern that is favorable for growth of
HEC [176]. Van Wachem et al. [176] also reported that moderately wettable
tissue culture poly(ethylene terephthalate) (TCPETP), contact angle of 44◦

as measured by captive bubble technique, is a better surface for adhesion
and proliferation of HEC than hydrophobic poly(ethylene terephthalate)
(PETP), contact angle of 65◦, suggesting that vascular prostheses with a
TCPETP-like surface will perform better in vivo than prostheses made of
PETP [176].

In looking at the microstructural changes in Si-DLCNC biomaterial and
its effect on its interaction with cells, it is essential to look at the microvas-
cular level of interaction because this is the level at which most of the crucial
cellular interaction responsible for haemo-compatibility especially as well as
biocompatibility occur. Most of the physio-pathologic events in the body
take place at the microvasculature (capillary beds) level, which constitutes
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the vast majority of the human vascular compartment. It becomes vital
therefore to use the human microvascular endothelial cells to investigate
haemo-compatibility and biocompatibility of biomaterials.

7.1. Silicon-Doped Diamond-Like Carbon Nanocomposite

Films

Si-DLCNC films, deposited using plasma-enhanced CVD, were annealed
at various temperatures up to 600◦C and the attachment of HMEC was
counted, Fig. 7.1(a). For amorphous (undoped) DLC films, without anneal-
ing, the HMEC attachment was similar to that of the uncoated silicon con-
trol wafer. However, with increasing anneal temperature, cell attachment
increased up to a maximum at 300◦C and fell thereafter. For two values of
Si doping, ∼ 5% and ∼ 7.6% (as determined from XPS), a high and approx-
imately constant value of cell attachment occured, irrespective of annealing
temperature. In Fig. 7.1(b), the HMEC cell attachment is seen to rise with
silicon doping between 0.36% Si and 5% Si, “saturating” thereafter. The
contact potential difference (CPD) between the Si-DLCNC and a reference
(brass) probe, of known work function, falls in almost inverse relationship
to HMEC attachment. The CPD change indicates either a reduction in the
Si-DLCNC work function, due to an increased sp3-fraction or a change in
the density of surface charge. The reduction in work function of the Si-DLC
films compared to DLC films could be associated with the creation of new
defect states in the bandgap of the Si-DLC films through the formation of
clusters like the sp3-rich Si–H clusters. The presence of silicon and hydro-
gen in hydrogenated DLC (a-C:H) films, that are more electropositive than
carbon, will result in the creation of a surface dipole with an external pos-
itively charged side on the silicon-doped DLC film. It is the positive end of
the dipole on the surface of the Si-DLC films that is believed to be responsible
for anchoring the negatively charged endothelial cells.

Figure 7.2 shows the effects of % silicon content on HMEC, resistiv-
ity and work function. A substantial increase in the number of adherent
endothelial cells in the Si-DLCNC compared to the DLC films was observed,
as shown in Fig. 7.2, but further silicon addition did not lead to any sub-
stantial change in the number of adherent cells on the Si-DLCNC film sur-
face. It has been suggested that the cell adhesion process depends on the
sign of the charge carried by the adherent cell. Positively charged surfaces
will attract cells with a negative charge or dipole, and vice versa. Also from
Fig. 7.2, the work function decreased wih silicon content and then gradually
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Fig. 7.1. (a) The attachment of HMEC (after 6 h) as a function of anneal temperatures
and silicon content. (b) Contact Potential Difference (CPD) variation with silicon content
compared with HMEC count (normalized). Cell count area is 600 = 400 µm.

leveled off at around 7.6 atomic % of silicon content. The decrease in work
function values has also been associated with a reduction in the net surface
dipole. It is apparent from Fig. 7.2 that the resistivity gradually decreased
with silicon content in the Si-DLCNC films and increased from approxi-
mately 9.6 atomic % Si content in the films. The resistivity, obtained from
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Fig. 7.2. HMEC attachment per 2.4×105 µm2 as a function of the electrical properties
of a-C:H (DLC) and a-C:H:Si (Si-DLCNC) thin films.

the slope of the ohmic-like region, indicates up to an order of magnitude
decrease in resistivity for silicon-doped films (Si-DLCNC).

Figure 7.3 shows the relationship between atomic % Si content in
Si-DLCNC films and HMEC, contact angle and surface energy. The con-
tact angle measurement results obtained using the optical method and the
results of the surface energy measured by the Wilhemy plate technique for
films deposited on silicon substrates are shown in Fig. 7.3. Generally, sil-
icon doping leads to an increase in the surface contact angles. It is seen
that a higher contact angle is good for HMEC seeding, as it follows similar
trend when increasing silicon content in the Si-DLCNC films. The intro-
duction of silicon resulted in a lower surface energy with a high dispersive
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Fig. 7.3. HMEC attachment per 2.4 × 105 µm2 as a function of the contact angle and
the surface energy (sum) of a-C:H (DLC) and a-C:H:Si (Si-DLCNC) thin films.

component, leading to a more hydrophobic film (Fig. 7.3). A more hydropho-
bic surface reduces its interaction with water molecules allowing more direct
contact with the endothelial cells, rather than an interaction mediated by a
water layer. Silicon addition to a-C:H decreases the surface energy from
∼42–31 mNm−1 [118] and increases the water contact angle. Silicon in
a-C:H film reduces mainly the polar component of the surface energy which
is due to dipoles at the surface. Silicon does not form π-bonds and there-
fore increases the sp3 bonding, reducing the sp2 bonding, their polarization
potential and the dangling bonds [209, 210]. The dispersive component of
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the surface energy is due to electronic interactions, for example “van der
Waals” forces. The presence of silicon and hydrogen in the hydrogenated
DLC (a-C:H) films result in the creation of a surface dipole on the silicon-
doped DLC film.

Whereas increasing contact angle (or lowering of surface energy) of
DLC and increasing the intrinsic electroconduction may lead to increased
human microvascular endothelial cell adhesion, graphitization may lead to
a decreased adhesion of human microvascular endothelial cells. This implies
that an increase in the contact angle as well as a moderate increase in the
intrinsic electroconductivity may lead to improved haemo-compatibility of
DLC and modified DLC when they are seeded with human microvascular
endothelial cells in vitro. Thus the electrical properties, the surface energy
and the microstructure of DLC play a key role in the interfacial interactions
of this biomaterial.

Generally the bulk of the surface energy in both a-C:H (DLC) and
a-C:H:Si (Si-DLCNC) consist of the dispersive component. In most cases,
over 99% of the surface energy is dispersive. However it seems that where
the surface energy values are comparatively lower, the percentage of the
polar component seems a bit higher even though the total value of the
surface energy is comparatively lower.

7.2. Chromium-Doped Diamond-Like Carbon

Nanocomposite Films

Chromium-modified DLC (Cr-DLCNC) films with varying % Cr content
were deposited on 50 mm circular silicon wafers using magnetron sputter-
ing utilizing the intensified plasma-assisted processing process. Table 7.1
shows the conditions employed to deposit the Cr-DLCNC samples with
varying %Cr contents. The as-deposited Cr-DLCNC films were nanocom-
posite and consisted of nanosized chromium carbide particles embedded in
an amorphous DLC matrix.

Figure 7.4 shows the XRD spectrum for a typical Cr-DLC film, with
10%Cr, in the 2-theta range 15–115 degrees. It was found from HRTEM
studies that the nanostructured Cr-DLCNC film consisted of nanosized
(5 nm) chromium carbide particles. The presence of chromium carbide par-
ticles was evident from the XRD peak centered at around 33◦ 2-theta value.
The other major intense peak centered at around 68◦ 2-theta value cor-
responds to silicon, which was from the silicon wafer substrate material.
We found that the Cr-carbide nanoparticles were embedded deep into the
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Table 7.1. Deposition parameters employed in depositing Cr-DLCNC films
using the IPAP process.

Sample Deposition rate (nm/min) Magnetron current (mA)

Cr(1%)DLC 6.6 155
Cr(5%)DLC 7.6 220
Cr(10%)DLC 15.2 310

Bias Voltage: −1000 V; flow rate (sccm): CH4:Ar 7.4:40;
Chamber pressure: 2.66 Pa; processing time: 2 hrs;
sputter cleaning: Ar+: 3.3 Pa, −1500 V, ∼20 minutes.
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Fig. 7.4. XRD spectrum for sample Cr(10%)-DLCNC showing the silicon substrate and
chromium carbide peaks [97].

amorphous DLC matrix and were not present on the DLC surface. This
enabled the nanoparticles to be protected by the amorphous DLC film.

Figure 7.5 displays the high resolution (HRTEM) micrograph represent-
ing 5%Cr-DLC and showing the microstructure exhibited by the same as-
deposited film. The micrograph shows the presence of nanoclusters (NCs)
around 5 nm in diameter surrounded by a ∼2 nm thick amorphous matrix.
Electron diffraction showed that the dark contrast NCs correspond to Cr
carbide, encapsulated by an amorphous matrix.

The contact angle measurements obtained using the optical method
are as shown in Fig. 7.6. Chromium doping leads to a gradual increase in
the contact angles, as shown in Fig. 7.6. The increase begins to level out
with Cr content above 5% where it begins to reach saturation point. The
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Fig. 7.5. High resolution TEM micrograph of the 5%Cr-DLCNC sample showing the
microstructure exhibited by the thin film coating [97].
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Fig. 7.6. Graph showing the contact angle measurements as obtained using the optical
method for the three Cr-DLCNC samples [97].

average contact angles displayed by samples 1%Cr-, 5%Cr- and 10%Cr-DLC
samples were calculated to be 80.285, 97.23 and 99.274 degrees, respectively.

Raman spectroscopy was used to characterize the quality of the as-
deposited Cr-DLCNC films with different Cr contents, in terms of diamond
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carbon-phase purity. The data from the Raman spectroscopy studies,
including intensities of D (ID) and G (IG) bands, full width at half max-
imum (FWHM) of ID and IG bands, ID/IG ratio and the positioning of
the D and G-band peaks can all be found in Table 2.1. From the Raman
investigations, it was found that the Cr-DLCNC films displayed the two
D and G bands of graphite. The G and D bands are usually assigned to
zone center of phonons of E2g symmetry and K-point phonons of A1g sym-
metry, respectively. The D-band peaks for the three Cr-DLCNC films were
positioned at 1401.6, 1408.4 and 1306.8 cm−1, whereas, the G-band peaks
were centered at 1538.8, 1540.6 and 1511.8 cm−1. From both D and G
bands, the 5%Cr-DLCNC sample displayed the smallest values for FWHM.
The ID/IG ratio was the least for 10%Cr-DLCNC, and the highest out of
the three samples for the 5%Cr-DLCNC film. This suggests that there are
more disordered graphitic phases in sample 5%Cr-DLCNC, and the least
similar disorder in 10%Cr-DLCNC film.

The results of the cell count analysis shown in Fig. 7.7, give an indica-
tion of the influence of Cr content in Cr-DLCNC films on the adherent cell
population of the three samples. 5%Cr-DLCNC provided the best condi-
tions for HMV-EC seeding, while, 10%Cr-DLCNC film resulted in the least
population of adherent human endothelial cells onto its surface. It should
be noted that sample 1%Cr-DLCNC was a better base material for seed-
ing endothelial cells than 10%Cr-DLCNC. Figure 7.8 displays the SEM
micrographs showing the population of endothelial cell attachment onto
1%Cr-, 5%Cr- and 10%Cr-DLCNC film surfaces. All three films displayed
smooth surface profiles, which is a key requirement in artificial heart valve
applications.

It was noted that there was a direct correlation between the ID/IG

ratio and the population of endothelial cells attaching to the three Cr-
DLCNC films with different Cr contents. We noted that from the three
Cr-DLCNC films, the highest value displayed for the ID/IG ratio was by
5%Cr-DLCNC film, which also gave the highest adherent cell population
onto its surface. The lowest ID/IG ratio value was for 10%Cr-DLCNC,
which showed the least, from the three samples investigated in this study,
population of cell attachment to its surface after conducting the cell seeding
procedures.

It is apparent that increased Cr content into the growing DLC films
alters the microstructure of the deposited films. Furthermore, the density
of nanosized Cr-carbide particles produced during film growth is expected
to be the highest in 10%Cr-DLCNC and the least in 1%Cr-DLCNC sample.
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Fig. 7.7. Graph showing the cell count results obtained after seeding the human
microvascular endothelial cells onto the Cr-DLCNC surfaces [97].

Fig. 7.8. SEM micrographs showing endothelial cell seeding on the three types of
Cr-DLC film surfaces [97].
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This difference in the Cr-carbide content in the three films is sure to
influence the surface chemistry of the DLC films. It was difficult to correlate
the water contact angle results with the cell seeding efficiency of the films.

8. Summary

Amorphous and diamond-like carbon nanocomposite films have been dis-
cussed with respect to their potentials for applications in biomedical areas,
such as mechanical heart valves. Traditional amorphous DLC films have
been modified by doping with silicon and chromium to produce DLCNC
films. Human microvascular endothelial cells were seeded on amorphous
DLC, thermally annealed and unannealed Si-DLCNC and Cr-DLCNC film
surfaces. It was found that the atomic %Si and %Cr content in the deposited
DLCNC films had a significant effect on the seeding of endothelial cells on
the surface of such films. Thermal annealing also influenced the cell seeding
behavior on DLC and Si-DLCNC films. It was found that the following
factors had a noticeable effect on the seeding behavior of endothelial cell
on diamond-like surfaces: (a) contact angle, (b) surface energy, (c) resis-
tivity, (d) work function, (e) contact potential difference and (f) atomic
%dopant concentration (silicon and chromium). The results were correlated
with one another in order to enhance overall understanding in producing an
endothelial lining (endothelium) on diamond-like coatings for applications
in heart valves. This work has promising future applications involving pos-
sible in vitro growth of endothelial cells on DLCNC-coated devices before
the implantation of such devices in the human body.

References

1. J.A. Bittl, Advances in coronary angioplasty, N. Engl. J. Med. 335 (1996)
1290–1302.

2. J.A. Bittl, Subacute stent occlusion: Thrombus horribilis, JACC 28 (1996)
368–370.

3. M. Gawaz, F.J. Neumann, I. Ott, A. May and A. Schomig, Circulation 94
(1996) 279–285.

4. T. Inoue, Y. Sakai, T. Fujito, K. Hoshi, T. Hayashi, K. Takayanagi,
S. Morooka and R. Sohma, Circulation 94 (1996) 1518–1523.

5. J. Lahann, D. Klee, H. Thelen, H. Bienert, D. Vorwerk and H. Hocker,
J. Mater. Sci. Mater. 10 (1999) 443–448.

6. C.L. Haycox and B.D. Ratner, J. Biomed. Mater. Res. 27 (1993) 1181–1193.
7. J.M. Courtney, N.M.K. Lamba, S. Sundaram and C.D. Forbes, Biomaterials

15 (1994) 737–744.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

562 T. I. T. Okpalugo et al.

8. C.L. Klein, P. Nieder, M. Wagner, H. Kohler, F. Bittinger, C.J. Kirkpatrick
and J.C. Lewis, J. Pathophysiol. 5 (1994) 798–807.

9. K. Gutensohn, C. Beythien, R. Koester, J. Bau, T. Fenner, P. Grewe,
K. Padmanaban, P. Schaefer and P. Kuehnl, Infusionstherapie und
Transfusionmedizin 27(4) (2000) 200–206.

10. Y. Yang, S.F. Franzen and C.L. Olin, Cells and Materials 6(4) (1996)
339–354;.

11. Y. Yang, S.F. Franzen and C.L. Olin, J. Heart Valves Dis. 5 (1996) 532–537.
12. K. Mark, G. Belli, S. Ellis and D. Moliterno J. Am. Coll. Cardiol. 27 (1996)

494–503.
13. A. Colombo, P. Hall, S. Nakamura, Y. Almagor, L. Maiello, G. Martini,

A. Gaglione, S.L. Goldberg and J.M. Tobis, Circulation 91 (1995)
1676–1688.

14. J. Robertson, Adv. Phys. 35(4) (1986) 317–374.
15. B. Bhushan, Diam. Relat. Mater. 8 (1999) 1985.
16. Y. Lifshitz, Diam. Relat. Mater. 8 (1999) 1659.
17. J.L. Bredas and G.B. Street, J. Phys. C18 (1985) L651.
18. J. Robertson, Surf. Coat. Technol. 50 (1992) 185–203.
19. C.L. Mantell, “Carbon and Graphite Handbook” (Interscience, 1968).
20. R.E. Clausing, L.L. Horton, J.C. Angus and P. Koidl, Diamond and

Diamond-Like Films and Coatings (Plenum Press, 1990).
21. K. Enke, Mater. Sci. Forum 52–53 (1989) 559.
22. A. Grill, Cold Plasma in Material Fabrication: From Fundamentals to Appli-

cations (IEEE Press, 1993).
23. A. Bubenzer, B. Dischler, G. Brandt and J. Koidl, J. Appl. Phys. 54 (1983)

4590.
24. Y. Catherine, in Diamond and Diamond like films and coatings, NATO-ASI

series B: Physics, Vol. 266, eds. R.E. Clausing, L.L. Horton, J.C. Angus
and P. Koidl (Plenum Pub., 1991), pp. 193–227.

25. S.M. Ohja, Physics of Thin Films (1982), p. 237.
26. B.K. Gupta and B. Bhushan, Wear 190 (1995) 110–122.
27. X. Shi, D. Flynn, B.K. Tay, S. Prawer, K.W. Nugent, S.R.P. Silva, Y. Lifshitz

and W.I. Milne, Phil. Mag. B76(3) (1997) 351–361.
28. P.J. Fallon, V.S. Veerasamy, C.A. Davis, J. Robertson, J.A. Amaratunga,

W.I. Wilne and J. Koskinen, Phys. Rev. B48(7) (1993) 4777.
29. M. Chhowalla, M. Weiler, C.A. Davis, B. Kleinsorge and G.A.J.

Amaratunga, Appl. Phys. Lett. 67(7) (1995) 894–896.
30. S. Anders, A. Anders and I. Brown, J. Appl. Phys. 75(10) (1994) 4894–4899.
31. D.R. McKenzie, Y. Yin, E.G. Gerstener and M.M.M. Bilek, IEEE Trans.

Plasma Sci. 25(4) (1997) 653–659.
32. A. Von Keudell, T. Schwarz-Sellingber and W. Jacob, J. Appl. Phys. 89

(2001) 2979.
33. J.W.A.M. Gielen, Ph.D. Thesis (Eindhoven University, 1996).
34. R. Kleber, M. Weiler, A. Kruger, S. Sattel, G. Kunz, K. Jung and

H. Ehrhardt, Diam. Relat. Mater. 2 (1993) 246.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

Amorphous and Nanocomposite Diamond-Like Carbon Coatings 563

35. M. Weiler, S. Sattel, K. Jung, H. Ehrhardt, V.S. Veerasamy and
J. Robertson, Appl. Phys. Lett. 64 (1994) 2797.

36. N.M.J. Conway, A.C. Ferrari, A.J. Flewitt, J. Robertson, W.I. Milne,
A. Tagliaferro and W. Beyer, Diam. Relat. Mater. 9 (2000) 765.

37. Y. Catherine and A. Zamouche, Plasma Chem. Plasma Process 5 (1985)
353.

38. J. Robertson, Diam. Relat. Mater. 3 (1994) 361.
39. P. Koidl, C. Wagner, B. Dischler and M. Ramsteiner, Mater. Sci. Forum 52

(1990) 41.
40. C. Wild and P. Koidl, Appl. Phys. Lett. 64 (1989) 505.
41. C. Wild and P. Koidl, J. Appl. Phys. 69 (1991) 2909.
42. J.C. Angus, Proc. Eur. MRS 17 (1987) 179.
43. J.C. Angus and Hayman, Science 241 (1988) 913.
44. M.W. Geis, J. Vac. Sci. Technol. A6 (1988) 1953.
45. Baba and Hatada, Surf. Coat. Technol. 196(1–3) (2005) 207–210.
46. C. Corbella, G. Oncins, M.A. Gomez and M.C. Polo et al., Diam. Relat.

Mater. 14(3–7) (2005) 1103–1107.
47. D.-Y. Wang, Y.-Y. Chang, C.-L. Chang and Y.-W. Huang, Surf. Coat.

Technol. 200 (2005) 2175–2180.
48. L. Huang, H. Jiang, J. Zhang, Z. Zhang and P. Zhang, Synthesis of cop-

per nanoparticles containing diamond-like carbon films by electrochemical
method. Electrochem. Commun. 8(2) (2006) 262–266.

49. M.L. Morrison, R.A. Buchanan, P.K. Liaw, C.J. Berry, R.L. Brigmon,
L. Riester, H. Abernathy, C. Jin and R.J. NarayanMaizza et al. (1999);
Electrochemical and antimicrobial properties of diamondlike carbon-metal
composite films, Diam. Relat. Mater. 15(1) (2006) 138–146.

50. Y. Lifshitz, G.D. Lempert and E. Grossman, Phys. Rev. Lett. 72(17) (1994)
2753.

51. Y. Lifshitz, G.D. Lempert, E. Grossman, I. Avigal, C. Uzansaguy, R. Kalish,
J. Kulik, D. Marton and J.W. Rabalais, Diam. Relat. Mater. 4 (1995) 318.

52. S. Sattel, H. Ehrhardt, J. Robertson, Z. Tass, D. Wiescher and M. Scheib,
Diam. Relat. Mater. 6(2–4) (1997) 255–260.

53. S. Sattel, J. Robertson and H. Ehrhardt, J. Appl. Phys. 82 (1997)
4566–5476.

54. S. Sattel, T. Giessen, H. Roth et al., Diam. Relat. Mater. 5 (1996) 425–428.
55. J.B. Pethica and D. Tabor, Surf. Sci. 89 (1979) 182.
56. N.A. Burnham and R.J. Colton, J. Vac. Sci. Technol. A7(4) (1989) 2905.
57. B. Bhushan, Diam. Relat. Mater. 8 (1999) 1985.
58. R.J. Narayan, Appl. Surf. Sci. 245 (2005) 420–430.
59. T.I.T. Okpalugo, A.A. Ogwu, P.D. Maguire, J.A. McLaughlin and D.G.

Hirst, In-vitro blood compatibility of a-C:H:Si and a-C:H thin films, Diam.
Relat. Mater. 13(4–8) (2004) 1088–1092.

60. T.I.T. Okpalugo, A.A. Ogwu, P.D. Maguire and J.A. McLaughlin, Platelet
adhesion on silicon modified hydrogenated amorphous carbon films,
Biomaterials 25(3) (2004) 239–245.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

564 T. I. T. Okpalugo et al.

61. T.I.T. Okpalugo, A.A. Ogwu, P.D. Maguire, J.A. McLaughlin and R.W.
McCullough, Human microvascular endothelial cellular interaction with
atomic n-doped compared to Si-doped DLC, J. Biomed. Mater. Res. Part
B; Appl. Biomater. 78B(2) (2006) 222–229.

62. T.I.T. Okpalugo, A.A. Ogwu, P. Maguire and J.A.D. McLaughlin, Technol-
ogy and Health Care, Int. J. Health Care Eng. 9(1–2) (2001) 80–82.

63. T.I.T. Okpalugo, Ph.D. Thesis, University of Ulster, Belfast, UK.
64. T.I.T. Okpalugo, E. McKenna, A.C. Magee, J.A. McLaughlin and N.M.D.

Brown, The MTT assays of bovine retinal pericytes and human microvascu-
lar endothelial cells on DLC and Si-DLC-coated TCPS, J. Biomed. Mater.
Res. Part A 71A(2) (2004) 201–208.

65. T.I.T. Okpalugo, P.D. Maguire, A.A. Ogwu and J.A. McLaughlin, The effect
of silicon doping and thermal annealing on the electrical and structural prop-
erties of hydrogenated amorphous carbon thin films, Diam. Relat. Mater.
13(4–8) (2004) 1549–1552.

66. Y. Lifshitz, Diam. Relat. Mater. 5 (1996) 388–400.
67. C. Park, H. Park, Y.K. Hong, J. Kim and J.K. Kim, Appl. Surf. Sci. 111

(1997) 140–144.
68. K.K. Hirakuri, T. Minorikawa, G. Friedbacher and M. Grasserbauer, Thin

Solid Films 302 (1997) 5–11.
69. A. Ali, K.K. Hirakuri and G. Friedbacher, Vacuum 51 (1998) 363–368.
70. M.K. Fung, W.C. Chan, K.H. Lai et al., J. Non-Cryst. Solids 254 (1999)

167–173.
71. G.J. Vandentop, P.A.P. Nascente, M. Kawasaki, D.F. Ogletree, G.A. Somor-

jai and M. Salmerson, J. Vac. Sci. Technol. A9 (1991) 2273–2278.
72. Z.Y. Rong, M. Abraizov, B. Dorfman et al., Appl. Phys. Lett. 65 (1994)

1379–1381.
73. X.L. Peng, Z.H. Barber and T.W. Clyne, Surf. Coat. Technol. 138 (2001)

23–32.
74. P. Lemoine, R.W. Lamberton, A.A. Ogwu, J.F. Zhao, P. Maguire and

J. McLaughlin, Complementary analysis techniques for the morphological
study of ultrathin amorphous carbon films, J. Appl. Phys. 86(11) (1999)
6564–6570.

75. A. Einstein, Ann. Phys. 17 (1905) 132.
76. A.P. Dementjev and M.N. Petukhov, Diam. Relat. Mater. 6 (1997) 486.
77. K. Miyoshi and D.H. Buckley, Appl. Surf. Sci. 10 (1982) 357.
78. T. Mori and Y. Namba, J. Appl. Phys. 55 (1984) 3276.
79. Y. Taki and O. Takai, Thin Solid Films 316 (1998) 45.
80. M.V. Kuznetsov, M.V. Zhuravlev, E.V. Shalayeva and V.A. Gubanov, Thin

Solid Films 215 (1992) 1.
81. L. Li, H. Zhang, Y. Zhang, K.P. Chu, X. Tian, L. Xia and X. Ma, Mater.

Sci. Eng. B94 (2002) 95–101.
82. A.P. Dementjev and M.N. Petukhov, Surf. Interface Anal. 24 (1996).
83. Baba and Hatada, Preparation and properties of metal-containing diamond-

like carbon films by magnetron plasma source ion implantation, Surf. Coat.
Technol. 196 (2005) 207–210.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

Amorphous and Nanocomposite Diamond-Like Carbon Coatings 565

84. R.D. Evans, G.L. Doll, P.W. Morrison Jr, J. Bentley, K.L. More and J.T.
Glass, Surf. Coat. Technol. 157 (2002) 197–206.

85. J.F. Zhao, P. Lemoine, Z.H. Liu, J.P. Quinn, P. Maguire and J.A.
McLaughlin, Diam. Relat. Mater. 10 (2001) 1070–1075.

86. M. Ramm, M. Ata, K.W. Brzezinka, T. Gross and W. Unger, Thin Solid
Films 354 (1999) 106–110.

87. W.K. Choi, T.Y. Ong, L.S. Tan, F.C. Loh and K.L. Tan, J. Appl. Phys.
83(9) (1998) 4968–4973.

88. R. Hauert, U. Muller, G. Francz, F. Birchler, A. Schroeder, J. Mayer and
E. Wintermantel, Thin Solid Films 308–309 (1997) 191–194.

89. J.R. Ferraro and K. Nakamoto, Introductory Raman Spectroscopy (Academic
Press Inc., 1994).

90. G. Herzberg, IR and Raman Spectra of Polyatomic Molecules, Molecular
Spectra and Molecular Structure, Vol. II (Van Nostrand, Princeton, NJ,
1945).

91. Y. Wang, D.C. Alsmeyer and R.L. McCreery, Chem. Mater. 2 (1990)
557–563.

92. J. Wagner, M. Ramsteiner, Ch. Wild and P. Koidl, Resonant Raman scat-
tering of amorphous carbon and polycrystalline diamond films, Phys. Rev.
B40(3) (1989) 1817–1824.

93. L.C. Nistor, J. Van Laudugt, V.G. Ralchenko, T.V. Kononen-ko, E.D.
Obraztsova and V.E. Strelnitsky, Appl. Phys. 58 (1994) 137.

94. R. Nicklow, N. Watabayashi and H.G. Smith, Phys.Rev. B5 (1972) 4951.
95. D.B. Chase, J. Am. Chem. Soc. 108 (1986) 7485.
96. D.-Y. Wang, Y.-Y. Chang, C.-L. Chang and Y.-W. Huang, Surf. Coat. Tech-

nol. 200 (2005) 2175–2180.
97. N. Ali, Y. Kousar, T.I. Okpalugo, V. Singh, M. Pease, A.A. Ogwu, J. Gracio,

E. Titus, E.I. Meletis and M.J. Jackson. Human micro-vascular endothelial
cell seeding on Cr-DLC thin films for mechanical heart valve applications,
Thin Solid Films 515 (2006) 59–65.

98. B. Dischler, A. Bubenzer and P. Koidl, Appl. Phys. Lett. 42(8) (1983)
636–638.

99. B. Dischler, in Amorphous Hydrogenated Carbon Films, Proc. European
Mat. Res. Soc. Symp. 17, eds. P. Koidl and P. Oelhafen, Les edition de
physique, Paris (1987), p. 189.

100. M. Shimozuma, G. Tochitani, H. Ohno and H. Tagashira, in Proc. 9th Int.
Symp. Plasma Chem, ed. R. d’Agostino, IUPAC, Bari, Italy, 1462.

101. W. Dworschak, R. Kleber, A. Fuchs, B. Scheppat, G. Keller, K. Jung and
H. Erhardt, Thin Solid Films 189 (1990) 257.

102. P. Couderc and Y. Catherine, Thin Solid Films 146 (1987) 93.
103. M.A. Baker and P. Hammer, Surf. Interface Anal. 25 (1997) 629–642.
104. A. Grill and B. Meyerson, in Synthetic Diamond: Emerging CVD Science

and Technology, eds. K.E. Spear and J.P. Dismukes (Wiley, NY 1994), p. 91.
105. Robertson, Mater. Sci. Eng. R37(4–6) (2002) 129–281.
106. J. Robertson and C.A. Davies, Diam. Relat. Mater. 4 (1995) 441.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

566 T. I. T. Okpalugo et al.

107. M. Golden, M. Knupfer, J. Fink et al, J. Phys. Condens. Mater. 7 (1995)
8219.

108. B. Meyerson and F.W. Smith, J. Non-Cryst. Solids 35–36 (1980) 435–440.
109. B. Meyerson and F. Smith, Solid State Commun. 34 (1980) 531.
110. O. Amir and R. Kalish, J. Appl. Phys. 70 (1991) 4958.
111. A. Grill and V. Patel, Diam. Relat. Mater. 4 (1994) 62.
112. T. Hioki et al., in Structure-Property Relationships in Surface Modified

Ceramics, ed. C.J. McHargue (Kluwer Academic Pub., Dordrecht, 1989),
p. 303.

113. K. Oguri and T. Arai, J. Mater. Res. 5(11) (1990) 2567.
114. S. Miyake, R. Kaneko, Y. Kikuya and I. Sugimoto, Trans. ASME J. Tribol.

113 (1991) 384–389.
115. F. Demichelis, C.F. Pirri and A. Tagliaferro, Mater. Sci. Eng. B11 (1992)

313–316.
116. W.-J. Wu and M.-H. Hon, Thin Solid Films 307 (1997) 1–5.
117. W.-J. Wu, T.-M. Pai and M.-H. Hon, Diam. Relat. Mater. 7 (1998)

1478–1484.
118. M. Grischke, K. Bewilogua, K. Trojan and H. Dimigen, Surf. Coat. Technol.

74–75 (1995) 739–745.
119. M. Grischke, A. Hieke, F. Morgenweck and H. Dimigen, Diam. Relat. Mater.

7 (1998) 454–458.
120. A. Grill, V. Patel, K.L. Saenger, C. Jahnes, S.A. Cohen, A.G. Schrott, D.C.

Edelstein and J.R. Paraszczak, Mater. Res. Soc. Symp. Proc. 443 (1997)
155.

121. K. Oguri and T. Arai, Surf. Coat. Technol. 47 (1991) 710.
122. C.D. Martino, F. Demichelis and A. Tagliaferro, Diam. Relat. Mater. 3

(1994) 547–550.
123. A.K. Gangopadhyay, P.A. Willermet, M.A. Tamor and W.C. Vassell,

Tribology Int. 30 (1997) 9–18, 19–31.
124. B. Oral, K.H. Ernse and C.J. Schmutz, Diam. Relat. Mater. 5 (1996)

932–937.
125. A. Matthews and S. S. Eskildsen, Diam. Relat. Mater. 3 (1994) 902.
126. G. Speranza, N. Laidani, L. Calliari and M. Anderle, Diam. Relat. Mater.

8 (1999) 517–521.
127. V. Singh, V. Palshin, R.C. Tittsworth and E.I. Meletis, Carbon 44 (2006)

1280–1286.
128. M. Zhang and Y. Nakayama, J. Appl. Phys. 82 (1997) 4912.
129. D.G. McCulloch, D.R. McKenzie, S. Prawer, E. Merchant, G. Gerstner and

R. Kalish, Diam. Relat. Mater. 6 (1997) 1622.
130. R.W. Lamberton, S.M. Morley, P.D. Maguire and J.A. McLaughlin, Thin

Solid Films, 333(1–2) (1998) 114–125.
131. A. Grill, V. Patel and C. Jahnes, J. Electrochem. Soc. 145 (1998) 1649.
132. M.P. Nadler, T.M. Donovan and A.K. Green, Structure of carbon films

formed by the plasma decomposition of hydrocarbons, Appl. Surf. Sci.
18(1–2) (1984) 10–17.

133. R.L.C. Wu et al., Surf. Coat. Technol. 54/55 (1992) 576.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch10

Amorphous and Nanocomposite Diamond-Like Carbon Coatings 567

134. R.L.C. Wu, Synthesis and characterisation of diamond-like carbon films for
optical and mechanical applications, Surf. Coat. Technol. 51(1–3) (1992)
258–266.

135. J. Ristein, R.T. Stief, L. Ley and W. Beyer, J. Appl. Phys. 84 (1998) 3836.
136. M. Zhang and Y. Nakayama, J. Appl. Phys. 82 (1997) 4912.
137. N.M.J. Conway, A.C. Ferrari, A.J. Flewitt, J. Robertson, W.I. Milne,

A. Tagliaferro and W. Beyer, Diam. Relat. Mater. 9 (2000) 765.
138. S.S. Camargo Jr., R.A. Santos, B.A.L. Neto, R. Carius and F. Finger, Thin

Solid Films 332 (1998) 130–135.
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1. Introduction

1.1. Clinical Background

Clinical applications of biomaterial implants have led to a remarkable
increase in the quality of life for millions of patients each year. A well-
known field with biomaterial implants is that of orthopedics and dentistry
in which implants made from metals, ceramics, glass or polymers have had
a critical role in the reconstruction of total hip and knee joints, spine, teeth
systems, and in the repair of large bony defects of fracture and tumors resec-
tion. Worldwide, the number of patients requiring and receiving biomedical
implants in the treatment of skeletal problems is rapidly increasing. This
increasing demand arises from an aging population with higher quality of
life expectations. In the United States and in Europe, more than 800,000
hip and knee arthroplasties and over 500,000 dental implants are being
performed annually [1–3]. Orthopaedic and dental applications represent
approximately 55% of the total biomaterials market, with increasing ten-
dency. To date, tens of millions of people have received medical implants.
Most frequently, however, the results were mixed and confounding both
in success and in failure. Implant loosening, post-surgical infection, frac-
ture nonunion, and unpredictable periodontal regeneration are still issues

573
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of concern. As the average life expectancy increases, there is a growing
demand to minimize implant failure rates and to extend implant lifetime
[4, 5]. Thus, the development of a new generation of biomaterials to aid in
the regeneration and healing of bone and soft tissues is an important goal
of clinical research.

1.2. Biomimetic Nanoscale Biomaterials

Research on biomaterial surface characteristics is the key for continued suc-
cess in the application of biomaterials. Orthopedic and dental biomaterials
can be broadly classified into ceramics, metals, polymers and composite.
The materials have to withstand the effects of a most hostile environment.
The success of these implants depends on acquiring stable fixation of the
device at the bony site. Thus, current clinical biomaterials research is to
design newly improved implant materials and techniques to not only induce
controlled and guided growth of bone cells, but also to assist in rapid heal-
ing. In addition, these implants should result in formation of a characteris-
tic interfacial layer that has adequate biomechanical properties to promote
bone-implant osseointegration.

With the advancement of nanotechnology and the knowledge that
human bone is a nanophase living material, it is believed that the use
of nanoscale biomaterials to the area of surgical implants will exert a much
more positive cellular reaction at the site of application than is currently
observed in traditional macroscale implants. To design successful bone
implants, bonelike nanophase structure of successfully proven biomateri-
als will be very promising, because of that cells and tissue in the body are
accustomed to interacting with nanostructured surfaces on a daily basis.
The mechanical properties of nanophase ceramics are closer to bonelike
toughness because of reactions at the grain boundaries which make these
materials very attractive for bone implant applications. Biomimetic pro-
cesses have attracted much attention in recent years due to their signifi-
cant applications in orthopaedic and dental areas. Recent trends towards
the convergence of biomedicine and nanotechnology have accelerated the
development of nanocomposite and nanocoatings for medical implants and
devices [6, 7]. In orthopaedics and dentistry, the popularity of coated
implants appears to be increasing and their applications continue to expand.
Surfaces that contain micro- and nanoscale features in a well-controlled
manner significantly affect cellular and subcellular function. Although the
optimal micro/nanostructure for desired osseointegration is still a subject of
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debate, these studies show the importance of developing more active inter-
faces with micro- and nanoscale architecture that can incorporate osteotac-
tic biomolecules to enhance apposition of bone from existing bone surfaces
and stimulate new bone formation [6, 8–10].

The advances in nanotechnology point to new ways for developing inex-
pensive and effective medical devices. Implant surface with nanocoatings
hold promise to solve several such problems present in conventional coat-
ings. The novel implants and prostheses can help to provide useful functions
and long-term stability for the human body. The ability to engineering bio-
materials at the nanoscale and nanocomposite coatings will greatly impact
biomedical devices, therapeutics, and strategies for health care. Undoubt-
edly, biomaterials have had a major impact on the practice of contemporary
medicine and patient care in improving the quality of lives of humans. Mod-
ern biomaterial practice still takes advantage of developments in the tradi-
tional and nanoscale material field but is also aware of the biocompatibility
and biofunctionality of medical implants.

2. Properties of Bone Implants

When selecting materials used as bone implants, there are several specific
properties that must be considered, such as compressive, tensile, and shear
strengths, stiffness, ductility, fatigue endurance and the various expan-
sion coefficients. Most importantly these materials must be biocompati-
ble. In order for a material to be biocompatible it must not corrode when
exposed to bodily fluids, be non-toxic to the body, and promote cellular
adhesion.

2.1. Concept of Biocompatibility

Currently, cellular, molecular, and genetic level research is producing excit-
ing new information that has improved understanding of the biocompatible
concept. Applications of this knowledge could lead to development of new
generations of biomaterial implants as well as to improved strategies for
their evaluation and utility. Therefore, whether a material is biocompati-
ble must account for the interactions between tissues and biomaterials, in
which not only can biomaterials affect biological responses, but also that
the milieu of the body can affect materials.

Biocompatibility is the basic prerequisite for any material implanted in
a body and refers to the ability of a material to perform with an appropriate
host response in a specific application. It can be defined as state of mutual
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existence between the biomaterial and the physiologic atmosphere, in such
a way that neither one produce undesirable effects to the other part.

2.2. Classification of Biomaterial Implants

The biomaterials can be classified as synthetic materials with biomedically
artificial origin (metals, ceramics, polymers) and biologically natural origin
(collagen, chitin, elastin). When a synthetic material is placed within the
bone, bony tissue reacts towards the implant in a variety of ways depending
on the material type and the extent of their biocompatibility. In general,
there are three terms in which a biomaterial implant may be described
in representing the tissues responses: biotolerant, bioinert, and bioactive
materials. Biotolerant materials release substances but in non-toxic con-
centrations that may lead to only benign tissue reactions such as formation
of a fibrous connective tissue capsule or weak immune reactions that cause
formation of giant cells or phagocyts. These implants are characterized by
the fact that a fibrous tissue layer will always develop around the materi-
als [11–14]. These implant materials include stainless steels or bone cement
consisting of polymethylmethacrylate (PMMA). Bioinert materials exhibit
minimal chemical interaction with adjacent tissue but also do not show pos-
itive interaction with living tissue [15]. As a response of the body to these
materials, usually a fibrous capsule might form around bioinert implants.
Through the interface only compressive forces will be transmitted. Exam-
ples of these are titanium and its alloys, ceramics such as alumina, zirconia
and titania, and some polymers. Bioactive materials are those that elicit
positive bone responses which could ultimately result in bone growth or
regeneration at the in vivo site of application (see Table 2.1) [16]. They
can bond to bone through a bonelike apatite layer on implant surface. In
contrast to bioinert materials, there is chemical bonding along the bone-
implant interface. In addition to compressive forces, to some degree ten-
sile and shear forces can also be transmitted through the interface. Prime
examples of these materials are synthetic hydroxyapatite (HA), calcium
phosphates and bioglasses [16–20]. It is generally considered that bioac-
tivity of these materials is associated with the formation of a bonelike
carbonate apatite layer on the implant surface that is chemically and crys-
tallographically equivalent to the mineral phase in nature bone [21–23].
Hence, these bioactive materials can act as a scaffolding for bone cells
migration and proliferation when implanted in bone, leading to new bone
growth.
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Table 2.1. Application and biological behavior of biomaterial implants [16].

Biological
Material Application behavior

Stainless (austenitic) steel Osteosynthesis (bone screws) biotolerant
Bone cement (PMMA) Fixation of implants biotolerant
cp-titanium Acetabular cups bioinert
Ti6Al4V alloy Shafts for hip implants, tibia bioinert
CoCrMo alloy Femoral balls and shafts, bioinert

knee implants
Alumina Femoral balls, inserts of bioinert

acetabular cups
Zirconia (Y-TZP) Femoral balls bioinert

HD-polyethylene Articulation components bioinert
Carbon (graphite) Heart valve components bioinert
CFRP Inserts of acetabular cups bioinert
Hydroxyapatite Bone cavity fillings, coatings, ear bioactive

implants, vertebrae replacement
Tricalcium phosphate Bone replacement bioactive
Tetracalcium phosphate Dental cement bioactive
Bioglass Bone redacement bioactive

2.3. Osteogenesis Around Bone Implants

After implantation of a biomaterial in the human bone, not only does the
healing bone approach the biomaterial, but bone formation (osteogenesis)
can also begin on the implant surface and extend outward to the surround-
ing bone. Upon implantation, a series of events are initiated around the
implant surface. Hence the surface of bone implant plays an essential role
in the final bone formation.

It has been accepted that there are three modes for osteogenic response
according to bone growth around an implant. They are called dis-
tance osteogenesis, contact osteogenesis and bonding osteogenesis. Distance
osteogenesis is a gradual process that bone healing begins at a distance and
secondarily reaches the implant surface. Bone growth does not occur at
the implant surface. There will always be an intervening connective tis-
sue between the bone and implant. Biotolerant implants and some bioinert
implants with inapposite fit in bone bed often result in distance osteogenesis
with a fibrous layer separating the implant from bone. Contact osteogene-
sis occurs when bone cells migrate to the implant surface and begin new
bone apposition onto the implant. Bone is formed directly on the implant
surface. Press-fit bioinert implants like titanium can give rise to contact
osteogenesis with apposition of newly bone to the implant surface. Bonding
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osteogenesis is a mode of active bone growth process that direct mineral
apposition and proliferatoin of bone cells occur at the bone–implant inter-
face. The new bone grows primarily on and bonds directly to the implant
surface. The bioactive implants, like hydroxyapatite ceramic, are capable of
creating a substantial continuity and bonding osteogenesis on their surfaces.
From both a mechanical and integrative standpoint, bonding osteogenesis
is considered to be a clinically superior mode of bone healing [24–28].

2.4. Materials for Orthopaedic and Dental Use

Bone implants have traditionally been made of metals and alloys. Metallic
biomaterials consisting of various steel formulations resulted in detrimental
tissue reactions and turned out to be a failure, during the early years of the
twentieth century. A small number of people are hypersensitive to nickel
and chromium. The high load applications required for many orthopedic
and dental implants restrict the selection of materials. The ideal materials
for orthopaedic and dental application should fulfil the following criteria:
(1) excellent biocompatibility, (2) strength (such as sufficient tensile, com-
pressive and torsional strength, stiffness and fatigue resistance) for function
recovery, (3) corrosion free, (4) workability (easy for manufacture and use),
(5) optimal esthetics, (6) inexpensive, and (7) minimal influence on subse-
quent radiological imaging.

Clinically, a number of different metals, ceramics, polymers and com-
posite systems have been used for bone prosthesis [29–33]. The most widely
used materials in orthopaedic and dental surgery are titanium and its alloys.
The advantages of titanium are: (1) high corrosion resistance, (2) greater
modulus of elasticity, less stress shielding with titanium implants and light-
ness (it weighs 40% less than stainless steel), (3) highly biocompatible, form-
ing a direct interface with the bone, (4) the ability to be facbricated into
structure surfaces, allowing optimization of the morphology and porosity
to fit the living bone, and (5) less interference with MRI or CT or radio-
therapy. The disadvantages of titanium are: (1) expense, (2) sensitivity to
stress risers, and (3) poor bone bonding ability (easily get encapsulated by
fibrous tissue between the bone and implant).

In orthopaedics, such materials are used not only for prosthetic devices
in load-bearing condition (Fig. 2.1) but also for internal fixation during
fracture healing. Currently, most artificial joints consist of a metallic com-
ponent such as titanium alloy or Co–Cr alloys articulating against a polymer
such as ultrahigh molecular weight polyethylene (UHMWPE). In dentisty,
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Fig. 2.1. Titanium alloy stems used for total hip replacement.

Fig. 2.2. Nature tooth and dental implant.

commercial titanium for dental implants is the material around which
the theory of osseointegration developed [34–36]. The term was coined by
Br̊anemark in 1977 to describe intimate bone to implant contact on a his-
tological level [37]. A loaded implant that has at least 50% average surface
area contact with bone and, at its passage through cortical bone (Fig. 2.2),
90% surface area contact, may be considered as osseointegrated. Osseoin-
tegration is the process in which clinically asymptomatic rigid fixation of
alloplastic materials is achieved and maintained in bone during functional
loading [27, 38]. Implants of c.p. Ti showed better osseointegration than
implants of Co–Cr, stainless steel and even Ti–6Al–4V [36, 37, 39, 40]. This
may be because of the high dielectric constant of TiO2 which makes up the
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protective surface layer. A high dielectric constant is supposed to inhibit
the movement of cells to the implant surface and so promote a positive
biological response [41–43].

Ceramics, glasses and glass ceramics are also widely used in clinic as
bone substitutes. Many clinical applications of calcium phosphate bioma-
terials such as hydroxyapatite (HA) and tricalcium phosphate (TCP) have
been made in the repair of bone defects, bone augmentation and coatings for
metal implants. The main characteristics of ceramics are shown in Fig. 2.3.

The ceramic materials used in bone reconstructive surgery can be bio-
inert, bioactive or bioresorbable. The main drawbacks for the reconstructive
applications of ceramic materials are their rigidity and fragility. At present
the applications of calcium phosphate ceramics are mainly focused on bone
defect filling, both in dental and orthopaedic surgery. Hydroxyapatite is also
widely used as coatings in clinical application to improve osteoconductive
properties of prostheses. It appears to be optimized in implants that mimic
not only bone structure, but also bone chemistry [26, 28, 44–47]. Osteocon-
duction refers a process where the bone grows for apposition, starting from
a bone tissue already existent, through structures that serve as structure
to the migration of osteoblastic cells. Osteoconductive properties of a graft
or implant depend significantly on its architectural structure. Clinically,
porous structure such as tricalcium phosphate porous implants result in
more ingrowth with new bone formation [48], because bone implants with

Fig. 2.3. Main features of ceramic materials.
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greater porosity and surface area allow osteoconduction to proceed more
quickly and completely.

A common characteristic of osteoconductive implants is a time-
dependent, kinetic bioactivity of the surface. The surface forms a
biologically bonelike apatite layer that provides the bonding interface with
living tissues. More recent applications are the production of calcium phos-
phate based cements, preparation of biphasic mixtures in an attempt to
obtain a mineral component of bone tissue as similar as possible to bio-
logical apatites, and manufacturing cellular carrying substrates and bio-
chemical factors for tissue engineering. Calcium phosphate cements which
can be resorbed and injected are being commercialized by various inter-
national corporations, with slight differences in their compositions and
preparation. Calcium phosphate has a variety of origins and has been inves-
tigated as potential biocement. However, there are problems related to their
mechanical toughness, the curing time, and application technique on the
osseous defect [49–53]. Research on improving these new cements are still
underway.

Because the practice of medicine and surgery requires sterile products,
decisions regarding choice of biomaterials for a specific application should
include consideration of sterilization of the final products. Moist heat and
high pressure (such as steam autoclaves), ethylene oxide gas, and gamma
radiation are procedures commonly used in sterilizing biomedical materials
and devices [54, 55]. Special care should be taken with polymers that do
not tolerate heat, absorb and subsequently release ethylene oxide (a toxic
substance), and degrade when exposed to radiation [56, 57].

3. Bone Structure and Formation

There are two types of bone: mature or lamellar bone, and immature or
woven bone. Both types consist of cells, and a partly organic, partly min-
eral extracellular matrix of collagen fibres embedded in a ground substance
providing strength and stiffness. Periosteum is the dense layer of fibro-
connective tissue covering bone. It is thicker in children. Bone provides
skeletal support and protection for the soft tissues, mechanical advan-
tage for muscles and a center for mineral metabolism. The majority of
bone is formed from mesenchymal tissues by mineralization of a cartilage
model, endochondral ossification, but some is formed by direct mineraliza-
tion of mesenchymal layers without a cartilage model, intramembranous
ossification. Unmineralized bone is known as osteoid.



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch11

582 W. Yan

3.1. Bone and Cells

Lamellar bone is an organized, regular, stress-orientated structure which
may be cortical or cancellous. Woven bone has a high cell turnover and
content, a less organized structure and higher water content, making it
weaker and more deformable than lamellar bone. Woven bone is formed first
in the embryonic skeleton, and following a fracture, before being replaced
by organized lamellar bone. Bone remodels and changes shape according to
load and stress — Wolff’s law.

1. Cortical or compact bone has tightly packed haversian systems, or
osteons, with a central haversian canal for nerves and vessels. The slow
turnover of cortical bone occurs at the cement line, where osteoblasts
and osteoclasts are active, which is the margin of the osteon. (Fig. 3.1.)

Fig. 3.1. Microstructure of bone.
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2. Cancellous or trabecular bone undergoes faster turnover and is less
dense. By weight, only 20% of the skeleton is cancellous bone, which
is more elastic than cortical bone with a smaller Young’s modulus.
(Fig. 3.1.)

There are three cell types in bone:

1. Osteoblasts, derived from undifferentiated mesenchymal cells or stromal
cells, synthesize and secrete bone matrix. Osteoblasts have similar char-
acteristics to fibroblasts.

2. Osteocytes, the most common cell line, control the microenvironment,
and the concentration of calcium and phosphate in bone matrix. Osteo-
cytes are derived from osteoblasts trapped in the matrix, communicating
with each other by long cytoplasmic processes, called canaliculi. Osteo-
cytes are stimulated by calcitonin and inhibited by parathyroid hormone
(PTH).

3. Osteoclasts, derived from circulating monocyte progenitors and there-
fore stem cells, are multinucleate giant cells responsible for resorbing
bone under stimulation by PTH, vitamin D, prostaglandins, thyroid hor-
mone and glucocorticoids. They are inhibited by calcitonin. Resorption
occurs at the cell surface by the enzymatic activity of tartrate-resistant
acid phosphatase and carbonic anhydrase. Osteoprogenitor cells line the
Haversian canals and periosteum, before being stimulated to differenti-
ate into osteoblasts and other cells.

In bone, organic and mineral components form non-cellular bone, called
the matrix. The organic component consists of type I collagen for tensile
strength, proteoglycans for compressive strength, glycoproteins and phos-
pholipids. The collagen is a triple helix of tropocollagen. Tensile strength
is increased by cross-linking. Forty percent of the matrix is made up by the
organic component, which itself is 90% type I collagen. The inorganic com-
ponent is mineral, mostly poorly crystalline calcium hydroxyapatite, which
mineralizes bone and provides compressive strength. A small amount of the
inorganic component is osteocalcium phosphate.

At the nanoscale lever, bone is composed of nanostructured collagen
and hydroxyapatite. Thus bone is a nanophase living material and cells in
the body are accustomed to interacting with nanostructured surfaces on a
daily basis. Figure 3.2 shows the relationship between microstructure and
nanostructure of bones [58, 59].
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Fig. 3.2. Schematic representation of macrostructure to nanostructure in human bone.

3.2. Bone Formation

The formation of bone is mostly by mineralization of a cartilage model,
endochondral ossification and sometimes directly by intramembranous
ossification.

3.2.1. Endochondral Ossification

Endochondral ossification is the principal system of bone formation and
growth. Initially a cartilaginous model, derived from mesenchymal tissue
condensation, is formed. Vascular invasion, with osteoprogenitor cells dif-
ferentiating into osteoblasts, leads to the formation of a primary center of
ossification. The epiphysis is a secondary center at the bone ends, leaving
an area between for longitudinal growth the physis. The physis consists of
three zones for chondrocyte growth and transformation:

1. The reserve zone is where resting cells store products required for sub-
sequent maturation. This zone is on the epiphyseal side of the physis.
Some disease affects this zone.

2. The proliferative zone is an area of cell proliferation and matrix
formation, with longitudinal growth as the chondrocytes become orga-
nized or stacked in an area of high oxygen tension and high proteoglycan
concentration. Achondroplasia is a defect in this zone.
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3. The hypertrophic zone has three areas of maturation, degeneration and
provisional calcification. In this zone, cells first accumulate calcium as
they increase in size and then die, releasing calcium for mineralization.
Osteoblasts are active in this zone, with calcification of the cartilage,
promoted by low oxygen tension and low proteoglycan. Mucopolysac-
charide diseases affect the zone, with chondrocyte degeneration, and in
rickets there is reduced provisional calcification. Physeal fractures occur
through the zone of provisional calcification.

3.2.2. Intramembranous Ossification

Intramembranous ossification is a process of bone formation without a car-
tilage precursor during embryonic life, and in some areas during fracture
healing. Mesenchymal cells aggregate into layers or membranes, followed by
osteoblast invasion and bone formation.

The micro-environment of bone formation is under hormonal control,
and knowledge of this control is expanding rapidly. This hormonal con-
trol is especially relevant to fracture healing. The principal agent is bone
morphological protein (BMP), a member of the TGF-b superfamily. There
are several types of BMP responsible for formation of bone, cartilage and
connective tissue, the hallmark being the induction of endochondral bone
formation, by the differentiation of cells into cartilage and bone pheno-
types. This also involves other factors including TGF-b, IGF and FGF. In
the clinical setting, additional BMP may help stimulate new bone formation
to bridge defects, which integrates well with host bone [60–65].

3.3. Bone Properties

Bone is formed by a series of complex events involving mineralization of
ECM proteins rigidly orchestrated by specific cells with specific functions
of maintaining the integrity of the bone. Bone is an intimate composite
of an organic phase (collagen and noncollagenous proteins) and an inor-
ganic or mineral phase. Bone consists of the mineral calcium hydroxyapatite
[Ca10(PO4)6(OH)2], collagen and glycosaminoglycans which bind collagen.
Hydroxyapatite is strong in compression, whereas collagen gives bone flex-
ibility and tensile strength. The weakest area is the cement line between
osteons. The inorganic to organic ratio is proximately 75 to 25 by weight
and 65 to 35 by volume [66].

When a bone is stressed beyond its ultimate strength bone fractures
occur. The compressive and tensile strength of bone is proportional to
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the density. The porosity of cortical bone is 3–30%. Cancellous bone can
have a porosity of 90%. Cancellous bone has a lower ultimate strength, is
10% as stiff, but 500% as ductile as cortical bone. Bone is more ductile
in the young, leading to the characteristic greenstick and plastic defor-
mation types of failure. With increasing age, as well as osteoporosis, bone
becomes more brittle. The modulus of elasticity reduces by 1.5% per annum.
In the elderly, bone may be osteoporotic — cortical bone is resorbed
endosteally, widening the intramedullary canal. The bony trabeculae of
cancellous bone become thinner. The resultant reduction in bone density
weakens the bone and the ultimate strength reduces by 5–7% per decade
[67, 68].

Bone geometry are: (1) the longer a bone, the greater the potential
bending moment, (2) the larger the cross-sectional area, the greater the
stress to failure, (3) the area moment of inertia measures the amount of
bone in a cross-section and the distance from the neutral axis. The more
bone further from the axis, the stronger and stiffer the bone. Wolff’s law
(1892) states that bone is laid down in response to stress and resorbed
where stress is absent. Consequently there can be localized areas of reduced
density (after plate removal due to stress shielding) or systemic reduction
after prolonged recumbency.

Bone has a considerable margin of safety between the forces experi-
enced in daily activity and those required to cause a fracture. The greater
the area under the stress/strain curve, the more energy will be released
at the time of fracture; thus osteoporotic fractures are not associated with
as much soft tissue damage as fractures of denser bone. Bone exhibits vis-
coelasticity. The ultimate strength increases when loaded at a faster rate.
Thus with a fast rate of loading, bone stores more energy before failure
and this excess energy is released at failure. Bone does not have the same
strength if loaded in different directions, a property known as anisotropic-
ity. Bone is less strong and less stiff when stressed from side to side, than
from end to end. In general, bone is strongest and stiffest in the direction
in which it is loaded in vivo (longitudinally for a long bone). Even when
tested in the same direction, bone is strongest in compression, weakest in
tension, with shear being intermediate. In common with most materials,
bone fails at lower stresses when repeatedly stressed. A fracture typically
occurs after a few repetitions of a high load, or many repetitions of a lower
load. The ability of bone to repair microfractures protects it from this phe-
nomenon. Quantitative differences of the mechanical properties between
natural bone and bioinert ceramics are shown in Table 3.1.
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Table 3.1. Comparison of mechanical properties of alumina, zir-
conia (Y-TZP) and bone [66].

Properties Aluminia Y-TZP Bone1

Density [g/cm3] 3.98 6.08 1.7–2.0
E-modulus [GPa] 380–420 210 3–30
Compressive strength [MPa] 4000–5000 2000 130–160
Tensile strength [MPa] 350 650 60–160
Flexural strength [MPa] 400–560 900 100

Fracture toughness [MNm−3/2] 4–6 >9 2–12

1The lower values refer to trabecular (spongy) bone, the higher
values to cortical (dense) bone.

3.4. Bone Remodeling

Bone is a dynamic tissue, in constant resorption and formation, permit-
ting the maintenance of bone tissue, the repair of damaged tissue and the
homeostasis of the phosphocalcic metabolism. This process is called bone
remodeling. There are two phases in this process. Resorption: cells called
osteoclasts dissolve some tissue on the bone’s surface, creating a small cav-
ity. This process usually takes place over a few days. Formation: cells called
osteoblasts fill the cavities with new bone. This process takes place over a
few months.

Approximately 30% of bone mass is remodeled in a year. This is nec-
essary for normal skeletal maintenance. Bone matrix is produced and
mineralized by osteoblasts, as described in the previous chapter. Bone
resorption is done by bone-resorbing cells, osteoclasts. Osteoclasts originate
from the hematopoetic-macrophage lineage. Their mononuclear precursors
use vascular routes to enter skeletal sites, where they fuse to become active,
multinucleated osteoclasts. By a mechanism still unknown, osteoclasts are
guided to appropriate sites to be resorbed. There are theories postulating
that osteocytes, osteoblasts and bone-lining cells regulate the ionic flow
between the syncytium and the extracellular fluid of bone [69–71]. This
communication network seems to influence two bone cell activities: strain-
related adaptive remodeling and mineral exchange.

Osteoclasts go through several steps during bone resorption, including
attachment to the bone surface, polarization of the cell surface into three
distinctive membrane compartments, formation of a sealing zone, resorp-
tion, final detachment and eventual cell death. Resorption of bone leads to
a release of the growth factors buried in the bone matrix, such as TGF-β,
BMPs and other factors that activate and recruit osteoblasts to form new
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Fig. 3.3. Contact microradiography of normal bone (left) and porous bone (right).

bone at the resorption site. Osteoblasts, in turn, produce growth factors,
such as BMPs and PDGF, which are embedded in the newly synthesized
bone matrix, and cytokines, which modulate osteoclast activity, including
IL-11, IL-6, IL-8 and TNF-β [59, 67, 69, 72].

Bones are living, growing tissue. During our lifetime, bone is constantly
being renewed. The old bone is removed and the new bone is laid down.
Through this remodeling process, about 5% of cortical bone and 20% of
trabecular bone is renewed. Although cortical bone makes up 75% of the
total volume, the metabolic rate is 10 times higher in trabecular bone since
the surface area to volume ratio is much greater (trabecular bone surface
representing 60% of the total). Bone remodeling occurs throughout life, but
only up to the third decade is the balance positive. It is precisely in the
third decade when the bone mass is at its maximum, this is maintained with
small variations until the age of 50. From then on resorption predominates
and the bone mass begins to decrease (see Fig. 3.3).

4. Bone Healing Around Implants

The interactions in the bone implant interface are initiated from the time of
implant insertion. The complex physiologic processes, comparable to those
of fracture healing, are regulated by different factors and participation of
several cell types (see Fig. 4.1). The reactions at the interface between
the implant and bone tissue are of outmost importance for the final bone
healing, prognosis and implant success. Responses to the implant may occur
both locally and systemically. The physiological environment is aggressive
and the body is well equipped to defend itself against foreign objects. The



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch11

Nanocoatings for Orthopaedic and Dental Application 589

Fig. 4.1. Biological response to biomaterial surface after implantation.

local host response to an implant can be considered a modification to the
normal wound healing process, which consists of two overlapping phases.
The first phase is inflammation, in which cells are attracted to the site of
the injury, damaged tissue and dead cells are removed and foreign bodies
such as microbes are attacked by the immune system. Repair, the second
phase, begins with the re-vascularization of the wound area, then continuity
is re-established by the laying down of new connective tissue. An implant
within the wound site will prolong inflammation and, in the worst case, will
act as a persistent source of irritation. With a perfectly inert material the
inflammation would resolve and the implant would become encapsulated
by a thin fibrous layer (see Fig. 4.2).

The bone repair to the injury of implant insertion is similar to its
response to fracture healing. Bone healing is a specialized form of tissue
healing and similar to other histopathological repair processes. An under-
standing of normal bone formation and structure is essential. Bone consists
of mesenchymal cells embedded in a mineralized extracellular matrix for
strength and stiffness, with type I collagen predominating. The periosteum,
with an inner cambium or vascular layer and outer fibrous layer, plays a vital
role in bone healing. The process of fracture healing is similar to the process
occurring at an active growth plate. Woven (immature) bone formed within
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Fig. 4.2. Implant encapsulated by fibrous tissue becomes loosened after THR surgery.

callus after a fracture, with rapid turnover and irregular mineralization giv-
ing it a blurred radiographic appearance, is replaced by lamellar (mature)
bone. Bone healing consists of three distinct phases: inflammation, repair
and remodeling. Trauma from the implantation procedure results in hem-
orrhage. There will typically be a gap between the implant surface and the
surgically prepared bone site that fills with blood, fibrin clot and callus.
The formation of callus, in response to fracture movement, is a vital part
of healing called indirect healing and is followed by a process of remod-
eling. Rigid internal fixation interferes with this natural process, leading
to direct or primary healing without abundant callus formation. Through
the complex and dynamic process of bone healing and bone remodeling,
the functional stability of bone implant is established and maintained. In
order to acquire the ideal conditions for healing, the installed implant must
obtain primary stability.

After implantation of a material, the bone response event starts with
organization of the haematoma into granulation tissue and a change of
environment from slightly acidic, to neutral and subsequently slightly



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch11

Nanocoatings for Orthopaedic and Dental Application 591

alkaline, promoting alkaline phosphatase activity. Periosteal vessels are
stimulated by angiogenic fibroblast growth factors to produce capillary
buds. Osteoclasts, derived from monocytes and monocytic progenitors,
resorb non-viable bone, possibly under stimulus from prostaglandins. Prolif-
eration of the mesenchymal stem cells (MSCs) leads to formation of a matrix
of fibrous tissue and cartilage [73]. After mineralization this forms woven
bone, described as fracture callus. Hard callus is formed at the periphery by
intramembranous bone formation, and soft callus is formed in the central
region, with a higher cartilage content, by endochondral ossification. Even-
tually a mass of callus bridges the fracture margins and clinical union has
occurred. Initially the matrix consists of types I, III and V collagen, glu-
cosaminoglycans, proteoglycans and other non-collagenous proteins acting
as enzymes, growth factors and mediators. Some of this collagen is con-
verted to types II and IX collagen and then type I collagen predominates
during osteogenesis, mineralization and remodeling [74–77].

There are several physical signs of bone healing or growth and a few
of the more important identifiers follow. The first cellular indications of
bone healing is the presence of fibroblasts which are responsible for new
collagen fiber deposition during bone healing; however, these particles are
not desirable in the case of implantation because they form a fibrous capsule
around the implant reducing the ability of the bone–implant fixation. The
next two cellular responses which are desirable in all bone healing and
fixation cases are the presence of osteoblasts and osteoclasts; osteoblasts,
or bone forming cells, are found aligned to the surface of both original and
developing bone while osteoclasts, or bone resorbing cells are important for
the use of bioresorbable materials but in excess may result in osteoporosis
[74, 77]. Finally, hydroxyapatite (HA) fibers (a calcium phosphate based
ceramic naturally found in bone), of dimensions 2–5 nm wide and 50 nm
long, have been found to align in natural bone structure. In general, the
type of protein absorption to the bone surface determines whether or not
bone cells will adhere and if the healing site is healthy; also, the calcium
deposition is an index of the mineralization of the bone matrix, another
indication of positive bone response. This starts during the repair phase
and sees the conversion of woven bone to lamellar bone, with restoration
of the normal matrix. The process may take several months or years, and
is demonstrated radiographically by the cortical and trabecular patterns
returning to normal. The bone returns to its normal shape by responding
to loading and stress (Wolff’s Law).
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5. Implant Surface Modifications and Coatings

Implant biomaterials interact with the body through their surfaces. Conse-
quently, the properties of the surfaces of a material are critically important
in determining biocompatibility, biological responses, bone–implants inter-
face reaction and, ultimately, implant integration and performance success.
Changes in surface properties can then lead to altered biological responses.
In order to obtain desirable tissue-implant interactions and improve osteoin-
tegration, many attempts aimed at modifying implant surface composition,
surface energy, surface topography and morphology have been made during
last decades. Both in vivo and in vitro studies have shown that modifica-
tion of material through changes in surface properties while maintaining
the bulk properties of the implant can optimize functionality of implant
materials. The surface modification approaches according to the surface
properties being altered can be classified into physicochemical, morpho-
logic, or biological modifications.

The physicochemical characteristics, including surface energy, surface
charge, and surface composition, have been altered in different treatments
with the aim of changing both material and biological responses. The mor-
phologic modifications of surface topography by roughness, groove and
porous coating have been shown to encourage tissue ingrowth, which would
increase fixation of implants in the bone owing to biomechanical inter-
locking, known as biological fixation (Fig. 5.1). The biological surface
modification is used to control cell and tissue responses to an implant
by immobilizing biomolecules, such as fibronectin, RGD-containing pep-
tides growth factors, and heparin/heparan sulfate-binding peptides, on
biomaterials in an attempt to give implants the ability to induce cell growth,
activity, and/or differentiation [5, 78–82].

5.1. Bioactive Material Coatings

The most important improvement in the surface osteoconductive and bioac-
tive properties resulted from surface bioactive coatings. Calcium phosphate
ceramic coatings on orthopaedic and dental metal (Ti or Ti alloy) implants
have been extensively investigated because of their chemical similarity to
bone mineral. The coated implants have been shown to be capable of con-
ducting bone formation and forming a chemical bond to bone, which are
drastically different from those of the uncoated materials both in vitro and
in vivo [25, 28, 83–85].
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Fig. 5.1. Porous coating on total hip femoral stem.

In orthopaedic and dental implant application, surface coatings have been
used to impart bioactivity to the metal substrates to enhance and acceler-
ate skeletal fixation. The technique whereby such coatings are produced has
recently undergone a revolutionary change, which has had profound conse-
quences for their potential to serve as carrier systems for drugs and osteoin-
ductive agents. Osteoinductive factors are able to stimulate bone formation
extraskeletally by recruitment of mesenchymal cells without the presence of
osteogenic or osteoconductive substances. With the appropriate geometry,
bioactive coatings have been recently investigated in combination with osteo-
conductive factors such as bone morphogenetic proteins (BMPs), transform-
ing growth factor beta (TGF-β) as well as mesenchymal stem cells (MSCs)
that allow regeneration of hard tissues using tissue engineering [86–88].

5.2. Hydroxyapatite-Coated Implants

Many approaches have been applied for depositing the coatings with dif-
ferent techniques. Plasma spray technique is the most extensively exam-
ined and widely used technique for coating of bone implant. HA coatings
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by plasma spraying have been demonstrated to enhance the bone–implant
bonding strength and bony ingrowth compared to uncoated implants in var-
ious situations. There are mainly two interfaces that contribute to implant
fixation: the implant–coating interface, and the coating–bone interface. The
properties of the coating and the bonding strength to the metal substrate
are important for biological performance. The bonding strength of the
implant–coating interface is reduced in vivo, most likely due to disinte-
gration of the coating because of resorption of part of the coating. Rapidly
resorbable coatings such as TCP have shown to exhibit poor fixation com-
pared with HA-coated implants although the implants had equal bone
ingrowth [44, 89]. The coating–bone interface is supposed to be bonded
chemically. Bone itself might be weaker than the coating–bone interface.
Analyzes of implants subjected to tensile test and push-out test have
shown bone fragments cohesive on the implant surface [46, 90–92]. Failure
observed at the bone–Ti interface in the case of uncoated Ti implant, and
at the coating–Ti interface in the case of hydroxyapatite-coated implant,
is attributable to the stronger bond between the bone and the bioactive
coating compared with that between the Ti and the coating.

Hydroxyapatite (HA)-coated orthopedic and dental implants have been
used clinically for nearly 20 years. Many types of HA-coated implants are
available commercially, and a number of clinical studies evaluating the effect
of HA coating have been reported [57, 93, 94]. Although many investigations
showed high success rates with HA coating, the long-term stability of the
fixation is still in controversy. Concerns regarding the coatings on micro-
biological susceptibility, resorption, fatigue, and delamination in long-term
application have been pointed out [45, 50, 95–98]. It has some intrinsic
drawbacks related to the extremely high processing temperature, making
coating of intricate shapes and incorporation of growth factors impossi-
ble. This process cannot provide uniform coatings on porous metal surfaces
and irregular surface of the implants [89, 91, 98–101]. Another main con-
cern in this clinical application is the possibility that HA coatings increase
polyethylene wear or third-body wear and osteolysis [45, 46, 51, 96].

There exist advantages and limitations of these conventional coating
techniques, including plasma spraying, high-velocity oxygen-fuel spraying,
electrophoretic deposition, sol–gel deposition, hot isostatic pressing, frit
enamelling, ion-assisted deposition, pulsed laser deposition, electrochemical
deposition, sputter coating and chemical vapor deposited diamond-like car-
bon (DLC) coating, etc. It has been considered that the bioactive ceramic
coatings generated by these existing methods, being composed of large,



August 22, 2007 14:12 B492 Nanocomposite Thin Films and Coatings 9in x 6in ch11

Nanocoatings for Orthopaedic and Dental Application 595

partially molten hydroxyapatite particles, were prone to delamination and
degradation in a biological milieu.

5.3. Biomimetic Coatings on Titanium-Based Implants

The development of new coating technology is one of the major goals in
improving function and longer lifespan of total joint replacements and
endosseous dental roots. All the bioactive materials can form a bonelike
apatite layer on their surfaces in the living body, and bond to bone through
the surface apatite. Nowadays, the formation of nano-apatite can be induced
on implant surface by functional groups, such as Si–OH, Ti–OH, Zr–OH,
Nb–OH, Ta–OH, –COOH, and PO4H2. These groups, having specific struc-
tures with negatively charge, induce apatite formation via formations of an
amorphous calcium compound as shown Fig 5.2. Recent research has shown
that it is possible to deposit apatite layers on bone implants under physio-
logical conditions of temperature and pH by the so-called biomimetic pro-
cess, during which bioactive agents can be co-precipitated [73, 102–105].

Fig. 5.2. The process of nano-apatite formation on titanium surface in a simulated body
fluid [112].
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Since these molecules are integrated into the inorganic latticework, they
are released gradually in vivo as the layer undergoes degradation. This
feature enhances the capacity of these coatings to act as a carrier system
for osteogenic agents. By this means, titanium-alloy implants can be ren-
dered osteoinductive as well as osteoconductive by incorporating BMP into
the crystal latticework of coatings [75, 106–108]. Using animal ectopic ossi-
fication models, titanium-alloy implants bearing a coprecipitated layer of
BMP-2 and calcium phosphate has been shown to induce bone formation in
the peri-implant region, resulting in the sustainment of osteogenic activity
that is essential for the osseointegration of implants [109].

The biomimetic process is one of the most promising techniques for
producing a bioactive coating on metal implants. This allows deposition
of the desired coating of homogeneous bone-like composition (Fig. 5.2).
Nano-apatite coatings have been obtained using this method, by which
nano-apatite coating can grow directly on bone implants from simulated
physiological solutions at ambient conditions (Fig. 5.3) [110, 111]. The
biomimetic approach is considered to have more advantage in coating

A

B

Fig. 5.3. SEM photographs of nano-apatite on the surface of titanium metal after alkali-
and heat-treatment subsequent soaking in an SBF for 3 days. (A) magnification ×5,000,
(B) ×10,000.
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temperature-sensitive polymeric scaffolds and implants with complex geom-
etry than the traditional line-of-sight and high temperature plasma spray
coating technique. The nanocrystalline, nanoporous microstructure shows
adsorption of serum proteins, making the apatite coating a potential carrier
for therapeutic agents. The nano-apatite coatings have also been found to
be capable of promoting bone growth and affecting the behavior of human
osteoblasts (Fig. 5.4).

The biomimetic approach involves the nucleation and growth of bone-
like crystals upon a pretreated substrate by immersing this in a super-
saturated solution of calcium phosphate under physiological conditions of
temperature (37◦C) and pH (7.4). The method is simple to perform, is
cost-effective and may be applied even to heat-sensitive, nonconductive and
porous materials of large dimensions and with complex surface geometries.
This biomimetic process also consists of a chemical treatment in an alka-
line solution, followed by a heat treatment and ending with an immersion
in a simulated body fluid. The apatite formation mechanism on pure Ti
and its alloys is thought that once the apatite nuclei are formed, crystals
spontaneously start to grow by consuming calcium and phosphorous ions
from the surrounding solution. The crystal growth is controlled by the ion
transfer through the interface between the substrate and the fluid as shown
Fig. 5.2 [112].

The biological effects of nano-apatite coating could trigger the cells in
the bone tissue to an intrinsic production of growth factors, thus leading
to a rapid new bone formation. This effect will then be achieved without
any external addition of growth factors. In the case of the implants used

Fig. 5.4. Fluorescence labels of new bone formation on the nano-apatite coated implant
during remodeling of the deposited bone matrix.
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for orthopedics or dental applications, such as hip and maxillae facial pros-
theses, this process allows the deposition of apatite layer on the surface of
the implant. Such methods are used to improve the bioactivity of materi-
als such as titanium alloys, tantalum, alumina, and biodegradable polymer
composites [112–115]. This method has the following advantages in compar-
ison with the traditional methods: (1) it is a low temperature process that
can be applied to any temperature sensitive substrate, (2) it forms apatite
crystals, similar to those of bone, showing good bioactivity and good reab-
sorption characteristics, (3) it can be deposited even in porous substrates
or implants of complex geometries, and (4) it can incorporate bone growth
factors.

Biomimetic bone implants may be the next development in the ortho-
peadic and dental fields. At present, no biomimetic implant system is avail-
able commercially, primarily because of the need to ensure the absence
of undesired host–tissue reactions. Combining the concepts of biomimetic
nanoapatite and bone implants may result in a nanophase osteogenesis on
orthopaedic and dental implants. Patients with challenging situations, such
as poor bone quality and quantity, will benefit from an improved, pre-
dictable treatment modality, shorter initial healing times and better long-
term performance of the orthopeadic and dental implant. Understanding
implant geometry, chemistry and bioactivity and the interactions between
these factors is the key to future improvements in implant design and to
ensuring progress in this exciting and rewarding field of orthopeadics and
dentistry.

5.4. Hybrid Coatings with Nanomaterials

Nanophase biomaterials investigated so far include ceramics, metals, poly-
mers, composites, carbon nanofibers and nanoparticles. Each type of
material has distinct properties that can be advantageous for specific bone
regeneration applications. In searching for new generation of bone substi-
tutes that are bioactive and biodegradable, nanophase composites made of
nano calcium phosphate (usually nano-HA) minerals and organic agents
have received much attention recently because they mimic the basic com-
positions of bone. The nanoscale modification of bone implant surfaces
by incorporating functional biological agents into the existing nanostruc-
ture materials could enhance the regeneration and healing of bone and
soft tissues. The unique nanomaterials with nanoporous microstructure
allows strong selective adsorption of molecular architectures, such as serum
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proteins and collagen, making hybrid coating as a potential carrier for
therapeutic agents [67, 116–120].

However, the drawback of the synthetic nanocomposite is the low
mechanical strength that limits the composite using for load-bearing appli-
cations. An alternative way is to apply a thin film of nano-HA/collagen
hybrid coating to the surface of metallic implants. Many artificial hip
parts, especially the acetabular components, are fixed to bone directly,
and a bioactive surface could accelerate bone growth and implant fixa-
tion. Biomimetic approach may also grow a bone mineral-like nanoapatite
coating on joint implants from simulated physiological solutions. Bioac-
tive coating on metallic implants also established a model of studying the
mineralization process of collagen-based biological tissues. The biomimetic
approach showed to be advantageous in coating temperature-sensitive poly-
meric tissue engineering scaffolds and implants with porous surface or com-
plex geometry than the traditional line-of-sight high-temperature plasma
spray coating technique [67, 111, 115]. The hybrid nanoapatite coating by
biomimetic approach also proved capable of promoting bone ingrowth [119,
121–123]. To apply a bonelike nanostructure coating on metallic implants, a
novel coating technique needs to be developed since many common coating
methods such as plasma spray and sol-gel are not applicable. Implantable
nanophase devices and nanoscaffolds for use to further minimize implant
failure rates and to extend device lifetimes are goals of nanophase bioma-
terial researchers. In the foreseeable future, the most important clinical
application of nanomaterials will probably be in nanophase modification
or hybrid coatings of implant surface. These applications take advantage
of the unique properties of nanomaterials as carrier for drugs or therapeu-
tic agents or for new strategies to controlled release, cell targeting, and
regeneration stimulation.

6. Conclusion and Future Work

Clinical application of implanted devices is a well-acknowledged practice in
the field of orthopaedic and dental surgery. Scientific research and clinical
experience suggest that the successful exploitation of these devices mainly
depends on initial implant fixation with strong bone bonding (the bonding
of the implant to surrounding bone), considered as both anatomical congru-
ency and load-bearing capacity. The osseointegration process is influenced
by a wide range of factors: anatomical location, implant size and design,
surgical procedure, loading effects, biological fluids, age and sex, and, in
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particular, surface characteristics. For this reason, numerous attempts have
been aimed at modifying implant surface composition and morphology
to optimise implant-to-bone contact and improve integration. Preliminary
interactions between implanted materials and biological environment are
governed by the surface properties; they control the amount and quality of
cell adhesion on the surface, consequently cell/tissue growth and regenera-
tion. Thus, surface properties govern new bone tissue formation and implant
osseointegration. The osteoconductivity of titaniuim-alloy implants used in
dental and orthopaedic surgery was first improved by modifying their sur-
faces either chemically or physically. Later, further improvement in osteo-
conductivity was achieved by coating these implants with a layer of calcium
phosphate. For many years, these inorganic coatings were prepared under
highly unphysiological conditions, which precluded the incorporation of pro-
teinaceous osteogenic agents. Hence, they could be rendered osteoinductive
only after their formation, by the superficial adsorption of osteogenic growth
factors upon their surfaces. With the advent of the biomimetic coating pro-
cess, bone growth factors could be coprecipitated with the inorganic ele-
ments. A slow growth of nanostructured apatite film on the implant surface
could be formed from the simulated body fluid, resulting in the formation
of a strongly adherent, uniform nanoporous layer. The layer was found to
possess a stable nanoporous structure and bioactivity. Nanophase coating
could, therefore, promote osseointegration, a crucial development for the
clinical success of orthopaedic/dental implants. In addition to improving
the efficacy of orthopaedic/dental implants, these novel biomaterial for-
mulations could be used to explore alternative strategies for bone-related
tissue-engineering applications.

The biomimetic approach that appears to offer new promise is the
use of biologically-inspired nanophase materials or composites comprised
of nanoscale structures. Nanophase materials investigated so far include
ceramics, metals, polymers, composites, and carbon nanofibers/nanotubes.
The rapidly escalating costs of health care characterized by the shift from
acute to chronic conditions, aging of the population, persistence of health
disparities, and new public health challenges call for the acceleration of
basic understanding of the complexity of biological systems and increase
the need for more effective strategies for orthopaedic/dental implants. The
hybrid coatings with nanophase biomaterials provide a new method to
design implant surfaces for next generation prostheses. The specific role
of nanophase modified materials will have future potential of biologically-
inspired nanomaterials for various prosthetic applications.
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