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Preface

Novel system performance through nanostructuring has been recognized in many
branches of science in the latter half of the 20th century. In computer science,
the computational efficiency has improved by nearly four orders of magnitude
in 30 years, using energy consumed per operation as a metric. To achieve fur-
ther advances will require the reduction in size of electronic devices to the scale
of molecules; that is, a totally different type of computational machinery is re-
quired: molecular electronics. The requirement for inventing a new technology
paradigm has created research opportunities for scientists in a very wide range of
disciplines.

Nature uses molecular self-assemblies composed of surfactant molecules in bio-
mineralization to construct nanostructures regulated at the atomic scale. Advances
in synthetic molecular biology have resulted in highly efficient biological systems,
which perform elegant energy and mass conversions using hierarchical assemblies
of microstructures, again regulated at the atomic scale (e.g., the structure of the
photosynthetic reaction center of a purple bacterium and the structure and reaction
mechanism of enzymes).

In order to realize the tremendous potential of nanostructure science and tech-
nology, the extremely important challenges are how to exploit synthetic methods
for structures regulated at the atomic scale and to construct materials across the
hierarchy of length scales from the atomic to mesoscopic and/or to macroscopic
scale.

This book comprises a survey of different approaches to the synthesis of
nanoscale materials and the hierarchical assemblies produced from them, which
have been prepared using self-organized mechanisms via chemical and bio-
inspired methods. These methods have two principal advantages. First, nanoscale
materials can be synthesized under mild conditions. For example, the layer-by-
layer adsorption method in the liquid phase can accumulate different layers con-
secutively at room temperature just like the multilayer formation by molecular
beam deposition at high temperature. The prime advantage of mild conditions
such as room-temperature formation is essential for the utilization of biomate-
rials and is also recommended from an environmental point of view. Second,
synthesis using self-organized mechanisms can make nanosize materials at the

v



vi Preface

scale of Avogadro’s number. For comparison, it is very difficult to make nanosize
materials at the scale of Avogadro’s number by fabrication methods using an indi-
vidual atom or molecule, such as manipulating atoms or molecules with the atomic
force microscope (AFM) tip. Thermal, chemical, and structural stabilization of the
nanostructured materials and removal of defects are other challenges still for the
future.

The growth and properties of semiconductor quantum dots have been studied ex-
tensively in the last decade. These novel nanostructures offer interesting prospects
for the development of new electronic or optoelectronic devices. In particular, if
the size, shape, and positioning of those structures can be controlled, they become
very attractive for applications in areas such as telecommunication wavelength
integrated photodetectors, tunable light sources, and single-photon light sources.
In Chapter 1, “Self-Assembled Si1−x Gex Dots and Islands,” Jean-Marc Baribeau,
Nelson L. Rowell, and David J. Lockwood review progress in our understanding
of Si1−x Gex island growth on (001) Si. The evolution of the island morphology
with Si1−x Gex coverage is particularly complex and understanding it has led to
a better knowledge of strained heterosystems. The chapter summarizes the ef-
fect of various growth parameters or postgrowth treatments on the shape of the
Si1−x Gex islands, their composition and strain distribution, their spatial distribu-
tion, and their vertical correlation in mutilayer stacks. The vibrational properties
of these Si1−x Gex nanostructures are presented along with a detailed review of
their optical properties, which are of key importance in device applications. The
self-organization of the Si1−x Gex islands is a feature of special significance if
they are to become building blocks of novel devices. Various approaches that have
been used to engineer Si1−x Gex islands and, in particular, to control their size and
spatial distribution are described. Recent progress in the use of Si1−x Gex island
superlattices as fast telecommunication infrared photodetectors is detailed.

One of the most active trends in modern materials chemistry is the development
of synthetic methods to obtain size- and shape-controlled inorganic nanocrys-
tals. The shape and size of inorganic nanocrystals determine their widely varying
electrical and optical properties. As reported in Chapter 2, “Synthesis of Titania
Nanocrystals: Application for Dye-Sensitized Solar Cells” by Motonari Adachi,
Yusuke Murata, Fumin Wang, and Jinting Jiu, titania nanocrystals, which have
a large surface area with controlled surface structure and high electron transport
properties, are important for producing high-efficiency dye-sensitized solar cells
(DSCs). DSCs have significant potential as a low-cost alternative to conventional
p-n junction solar cells. Morphological control and high crystallinity are key
properties needed in titanium oxide materials for such cells. A promising way to
increase the efficiency of titanium oxide DSCs is to improve the properties of the
semiconductor electrode using a network structure of single-crystalline anatase
nanowires instead of a porous titania film composed of nanosize particles. In this
chapter, the formation of a network structure of single-crystalline TiO2 nanowires
by an “oriented attachment” mechanism is presented in detail. Methods are given
for the morphological control of anatase nanocrystals using dodecanediamine as a
surfactant, and the formation mechanism is discussed together with the synthesis
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of nanosheets of quasi-anatase phase. Finally, the application of a TiO2 network
of single-crystalline anatase nanowires in DSCs is considered.

Nanosized building blocks with low dimensionality such as nanowires,
nanorods, nanotubes, and nanosheets have emerged as technically important sys-
tems, which provide fundamental scientific opportunities for investigating the
influence of size and dimensionality on their optical, magnetic, and electronic
properties as well as potential components for nanodevices. In Chapter 3, “Soft
Synthesis of Inorganic Nanorods, Nanowires, and Nanotubes” by Shu-Hong Yu
and Yi-Tai Qian, the latest developments on new mild soft-solution-based strate-
gies for the fabrication of low-dimensional nanocrystals are reviewed. Examples of
such approaches are the hydrothermal/solvothermal process, the solution–liquid–
solid mechanism, capping agent/surfactant-assisted synthesis, the bio-inspired ap-
proach, and the oriented attachment growth mechanism. Current developments
show that soft-solution synthesis provides alternative strategies for the rational
synthesis of a variety of low-dimensional nanorods, nanowires, nansheets, and
nanotubes with a controllable size, shape, length scale, and structural complexity.
This new growth mechanism could offer an additional tool to design advanced
materials with anisotropic material properties and could be used for the synthesis
of more complex crystalline three-dimensional structures.

Porous inorganic materials such as zeolites and zeolitelike crystalline molecular
sieves are of great interest due to their range of commercial applications in tra-
ditional areas such as catalysis, adsorption/separation, and ion exchange and the
more specialized fields of MRI contrast agents and blood-clotting agents. The term
zeolite refers to the specific class of aluminosilicate molecular sieves, although the
term is frequently used more loosely to describe compounds other than alumi-
nosilicates that have frameworks similar to known zeolites. Here, in Chapter 4,
“Assembly of Zeolites and Crystalline Molecular Sieves” by Jennifer L. Anthony
and Mark E. Davis, various aspects of the assembly processes for synthesizing
zeolites and other crystalline molecular sieves are overviewed. Topics covered in-
clude the thermodynamics and kinetics of the crystallization process, the possible
self-assembly mechanisms in the crystallization, and the roles that the various
components of the synthesis play in determining the ultimate structure that is
formed. The importance of understanding how zeolites and zeolitelike molecular
sieves are assembled from a molecular/atomic point of view is emphasized and
the knowledge gained is applied to designing a chiral molecular sieve.

As discussed in Chapter 5, “Molecular Imprinting by the Surface Sol-Gel Pro-
cess” by Seung-Woo Lee and Toyoki Kunitake, molecular imprinting is a fairly
representative method of template synthesis and it has been recognized as a means
for preparing specific binding sites for given molecules in appropriate matrices.
In this approach, the shape and functionality of organic molecules as the template
are transcribed onto microporous materials. The configuration of the functional
groups in the template can be fixed within the matrix. In comparison with the more
conventional sol-gel procedures, the characteristics of the surface sol-gel process,
which was developed as a means for preparation of ultrathin metal oxide films,
are presented. This process gives rise to oxide gel films of nanosize thickness, and
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the individual metal oxide layers have a thickness close to 1 nm under carefully
controlled conditions. Recent progress in molecular imprinting in metal oxide ma-
trices is summarized together with the application of the surface sol-gel process
to mixtures of organic carboxylic acids and titanium alkoxide, which provides
ultrathin layers of titania gel. Many substances such as aromatic carboxylic acids,
amino acid derivatives, peptides, saccharide monomers, phosphonic acid deriva-
tives, mercaptans, and metal ions are examined as templates. Possible practical
applications and unsolved problems of this technique are presented and discussed.

Nanotubes offer some important advantages for biotechnological and biomedi-
cal applications because of their tremendous versatility in terms of materials that
can be used, sizes that can be obtained, and the chemistry and biochemistry that
can be applied. The template method might prove to be a particularly advanta-
geous approach for preparing nanotubes for such applications. However, this field
of nanotube biotechnology is in its infancy, and there is much work still to be done
before products based on this technology are brought to fruition. In Chapter 6,
“Fabrication, Characterization, and Applications of Template-Synthesized Nan-
otubes and Nanotube Membranes,” Punit Kohli and Charles R. Martin report on
the synthesis, characterization, and applications of nanotubes and nanotube mem-
branes synthesized using template synthesis. They discuss in detail the applications
of nanotube and nanotube membranes in biosensing, bioseparation, and bioanalyt-
ical areas such as drug detoxification using functionalized nanotubes, enzyme- and
antibody-immobilized nanotubes for biocatalysis and bioextractions, synthesis of
nano test tubes, DNA-functionalized nanotube membranes with single-nucleotide
mismatch selectivity, and the fabrication of an artificial ion channel using a single-
conical nanotube membrane.

Metal nanoparticles have been intensively studied in the past from the points of
view of scientific interest and pratical applications. These nanoparticles, with their
diameters of 1–10 nm, consist of several tens or thousands of metal atoms in each
cluster. These nanoparticles can be considered as a new class of material in the nan-
otechnology field. Specific aspects of interest include their spectroscopic and mag-
netic properties, the synthesis and catalysis of polymer-stabilized or ligand-coated
metal nanoparticles, and the nonlinear optical properties of metal nanoparticle-
doped metal oxides. Thanks to the size limit of these nanoparticles, they are ex-
pected to show novel properties, which can be explained by a “nanoscopic effect.”
This size limit introduces quite a high population of surface atoms that control their
properties. The synthesis of monodispersed nanoparticles is of prime importance
because their properties vary strongly by their dimensions, and economical mass
production of monodispersed metal nanoparticles is now a very important issue.
One solution to improving the unique properties of metal nanoparticles is the ad-
dition of another element. This is especially so in the field of catalysis, where the
addition of second and third elements to the principal monometallic nanoparticle is
a common way to improve catalytic properties of selectivity and/or activity. Stud-
ies of bimetallic nanoparticles have been intensively carried out for more than a
decade and many preparative methods have been proposed, such as the successive
reduction of the corresponding two metal precursors. Thanks to improvements
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in analytical methods and nanosize analyses, detailed characterizations of such
complex material systems have been carried out. In Chapter 7, “Synthesis and
Characterization of Core-Shell Structured Metals” Tetsu Yonezawa focuses on
the synthesis and characterization of “core-shell”-type bimetallic nanoparticles,
reporting especially on recent progress in this field.

The emergence of new methods and concepts for the organization of nanopar-
ticles has induced great expectations in the field of magnetism. The organization
of nanoscale ferromagnetic particles opens up a new field of technology through
the controlled fabrication of mesoscopic materials with unique magnetic proper-
ties. In particular, these ferromagnetic nanoparticles are potential candidates for
magnetic storage, where the idea is that each ferromagnetic particle corresponds
to one bit of information. However, there are several problems to be solved before
their application to magnetic storage media becomes feasible. Devices based on
magnetic nanocrystals are limited by thermal fluctuations of the magnetization
and by the dipolar magnetic interaction between nanocrystals ordered in arrays. A
detailed understanding of the magnetic properties of assemblies of nanocrystals is,
therefore, essential to the future development of magnetic recording technology.
In Chapter 8, “Cobalt Nanocrystals Organized in Mesoscopic Scale,” Marie-Paule
Pileni describes how cobalt nanocrystals can be organized into one-, two-, and
three-dimensional superlattices forming mesostructures. The collective magnetic
properties, due to dipolar interactions and nanocrystal organization, of such assem-
bled magnetic nanocrystals are reported. In spite of the long-range length scale of
dipolar interactions, structural and intrinsic properties due to the self-organization
are observed to affect the magnetic behavior.

Anodic porous alumina, which is formed by the anodization of Al, is a typi-
cal self-organized material that is eminently suitable for the fabrication of several
types of functional nanodevices. The geometrical structure of anodic porous alu-
mina can be described as a closed-packed array of uniform-sized cylindrical units
called cells, each of which has central straight pores perpendicular to the surface.
Compared with other nanomaterials, anodic porous alumina has an important ad-
vantage: The geometrical structure, pore size, pore interval, and pore depth can
be controlled easily by the anodizing conditions. Anodic porous alumina has been
applied in a wide variety of fields for many years due to its unique nanostruc-
tural geometry. Chapter 9, “Synthesis and Applications of Highly Ordered Anodic
Porous Alumina” by Hideki Masuda and Kazuyuki Nishio describes the synthesis
of highly ordered anodic porous alumina and its application to the fabrication of
functional nanodevices. Anodic porous alumina formed under appropriate anodiz-
ing conditions has a naturally occurring long-range order, and this, in combination
with a pretexturing process before anodization, yields the ideally ordered perfect
pore arrangement. This highly ordered anodic porous alumina is applicable as a
template in several nanofabrication methods producing various kinds of ordered
nanostructures (e.g., nanocomposites, nanocylinder arrays, nanodot arrays, and
nanohole arrays).

In conclusion, it is apparent that this book covers many of the exciting and recent
developments in the field of self-assembly of nanostructures from basic research to
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applications. We expect it to attract a broad community of researchers in physics,
chemistry, biology, engineering, and materials science and hope that established
scientists and technologists as well as graduate students will find much relevant and
interesting information contained between these covers. The extensive references
appearing at the end of each chapter are also valuable resources in themselves. In
the preparation of this book, we have had the opportunity to see how far this field
has developed, but we are sure that much exciting work lies ahead of us still in this
field!

Motonari Adachi
Kyoto, Japan

David J. Lockwood
Ottawa, Ontario, Canada
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1
Self-Assembled Si1−xGex Dots
and Islands

JEAN-MARC BARIBEAU,† NELSON L. ROWELL,‡

AND DAVID J. LOCKWOOD†
† Institute for Microstructural Sciences and ‡ Institute for National Measurements Standards,
National Research Council Canada, Ottawa, Ontario K1A 0R6, Canada

1.1. Introduction

The growth and properties of semiconductor quantum dots have been studied ex-
tensively in the last decade. These novel nanostructures offer interesting prospects
for the development of new electronic or optoelectronic devices. In particular, if
the size, shape, and positioning of those structures can be controlled, they become
very attractive for applications such telecommunication wavelength-integrated
photodetectors or tunable or single-photon light sources.

Si1−x Gex is a prototypical system of self-organization of nanostructures in semi-
conductor heteroepitaxy. Despite the 4.18% lattice mismatch between Si and Ge,
it is possible to grow Si1−x Gex alloys pseudomorphically on Si. This misfit causes
the deformation of the alloy lattice to conform to the substrate lattice constant in
the plane of growth. This leads to a tetragonal distortion in the deposited film that
persists up to a critical thickness1–3 beyond which deformation can no longer be
elastically accommodated and relaxation of the lattice occurs through the genera-
tion of misfit dislocations. When deposited on (001) Si, Ge and Si1−x Gex alloys can
also undergo a transition from planar two-dimensional growth at small thickness
to a three-dimensional island structure at higher coverage.4,5 The development of
a three-dimensional morphology is an alternative to the generation of dislocations
as a means to minimize the energy of the heterosystem.6,7

In the last decade, considerable work has been done on the growth and character-
ization of Si1−x Gex islands and dots.8–11 In this chapter, we review progress in our
understanding of Si1−x Gex island growth on (001) Si. In particular, we discuss the
evolution of the island morphology with Si1−x Gex coverage, which is particularly
complex and has led to a better understanding of strained heterosystems. We look
at the effect of various growth parameters or postgrowth treatments on the shape
of the islands. We also review recent progress in the determination of the compo-
sition and strain distribution of Si1−x Gex islands. The spatial distribution of the
islands and their vertical correlation in mutilayer stacks is also described. We also
discuss the vibrational properties of these Si1−x Gex nanostructures and present
a detailed review of their optical properties that are of key importance in device
applications. The self-organization of the Si1−x Gex islands is a feature of special
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importance if they are to become building blocks of novel devices. We describe
various approaches that have been examined to engineer Si1−x Gex islands and, in
particular, control their size and spatial distribution. Finally, we briefly review re-
cent progress in the use of Si1−x Gex island superlattices as fast telecommunication
infrared photodetectors and for other applications.

1.2. Si1−xGex Island Growth

1.2.1. Growth Modes in Heteroepitaxy

Based on considerations from thermodynamics, epitaxy of dissimilar materials can
proceed according to three different growth modes.12 The system will evolve into
a specific morphology in order to minimize energy. Planar growth, commonly re-
ferred to as the Frank–van der Merwe mode,12 is predicted if the sum of the surface
free energy of the epitaxial film and the free energy of the epitaxial layer/substrate
interface is smaller than the original substrate surface free energy. In other words,
under those conditions the deposited film wets the substrate. The opposite case
leads to three-dimensional growth or the Volmer–Weber mode, as it is energetically
favorable that the original surface remains exposed, that is, the film does not wet
the substrate. In an intermediate case, known as the Stranski–Krastanow mode,13

growth initially proceeds layer by layer to wet the surface and then undergoes
a transition to three-dimensional morphology as the surface free energy evolves.
The different situations are illustrated in Figs.1.1a–1.1c. Because epitaxy is most
often carried out under nonequilibrium conditions, kinetics may dictate the exact
growth morphology, and deviations from the simple thermodynamic description
often arise.

A further complication in the description of heteroepitaxy arises if there exists
a mismatch between the lattice constants of the substrate and the film. In general,
epitaxy of dissimilar materials with a large lattice misfit will not be possible,
because the deposited atoms are not in registry with the host lattice. However, if
the mismatch is sufficiently small, defect-free growth can proceed through strained-
layer epitaxy.15 In this case, strain builds up in the film to accommodate the lattice
mismatch with the substrate. Eventually, the associated stress in the crystal cannot
be maintained and is relieved by the formation of interface or misfit dislocations. If
growth is carried out close to equilibrium conditions (high temperature, low growth
rate), morphological changes may be another pathway available for the relief of
strain. It may be energetically favorable for the surface atoms of a planar film to
diffuse sideways and form three-dimensional structures if this results in a reduction
of the stress energy larger than the gain in surface free energy. This is illustrated
schematically in Fig. 1.1d. Although the minimization of surface energy favors
nucleation at sites that share the most atomic bonds (site 2), this results in increased
strain energy as the lattice is distorted to conform both to the host lattice and the
adjacent atom. It may then become energetically favorable for the incoming atoms
to nucleate on isolated sites (site1) or even on top of adsorbed atoms (site 3), which
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FIGURE 1.1. Schematic illustration of the three growth modes in heteroepitaxy: (a) Frank–
van der Merwe, (b) Volmer–Weber, and (c) Stranski–Krastanow. Lighter blocks represent
preferred nucleation sites in each case. (d) Schematic illustration of stress-driven morpho-
logical evolution. (After Ref. 14.)

while increasing the surface energy, reduce the strain energy. In such circumstance,
the roughness of the surface will increase with continuous film growth, leading to
the formation of three-dimensional islands. These strain-induced morphological
instabilities may result in a complex evolution of three-dimensional islands on the
surface with coverage, as their shape evolves to minimize energy.

The development of strained-layer epitaxy in the early 1980s16,17 has revolution-
ized solid-state electronics by enabling band-gap engineering of semiconductors.
The synthesis of defect-free semiconductor heterostructures and multiple quan-
tum wells has led to the development of novel devices. Avoiding strain relaxation
by limiting the thickness of heterostructures and maintaining two-dimensional
morphology were key requirements in the fabrication of most devices. In the last
decade, however, the morphological instabilities of strained systems that were first
seen as undesirable (see Fig. 1.2) have attracted considerable interest. Heteroepi-
taxy in the regime of growth instability is an attractive way to synthesize novel
structures at the nanometer scale without resorting to lithographic techniques.
By optimizing growth parameters, it is also possible to fabricate semiconductor
nanostructures with well-controlled physical properties. Furthermore, those nanos-
tructures can exhibit high size uniformity or form ordered arrays on a substrate.
This tendency for semiconductor islands to self-organize is very attractive for the
conception of novel quantum devices. The Si1−x Gex /(001) Si heterostructures are
prototypical examples of such self-assembled islanding systems. In the following



4 Baribeau, Rowell, and Lockwood

FIGURE 1.2. An early observation, in early 1987, of uncapped Ge islands grown on (001)
Si. This result was obtained as part of an investigation aimed at optimizing the growth of
pure Ge on Si for use as buffer layer for GaAs growth.18,19 The three-dimensional growth
morphology was obtained for growth at∼650◦C. Here, the larger island is heavily dislocated,
whereas the smaller island appears strained, as suggested by the dark strain contrast in the
substrate beneath the island. A light contrast at the base and edge of the strained island is
also an indication of Si/Ge intermixing.

sections we discuss the formation and evolution of Si1−x Gex islands and review
some of their physical properties.

1.2.2. Si1−xGex Island Growth and Shape Evolution

Since the early reports of growth of coherent Ge islands on (001) Si,18–21 con-
siderable work has been devoted to the growth of Ge islands and to the study
of their properties. Ge and Si1−x Gex island synthesis by epitaxial techniques
such as molecular beam epitaxy (MBE),20,22 gas-source MBE,23–26 atmospheric,
low-pressure,27 and ultrahigh vacuum chemical vapor deposition (CVD),28–32 and
magnetron sputtering33 has been reported. The evolution of Si1−x Gex islands with
coverage has been studied extensively, and although variations are seen among
the various growth techniques, the following broad picture emerges. Growth pro-
ceeds via the Stranski–Krastanow mode and is characterized by the formation
of a two-dimensional wetting layer (WL) about three monolayers (ML, 1 ML =
6.3 × 1014 atoms/cm2) thick. As the coverage is increased, Ge atoms form small
platelets or prepyramids34,35 on the surface. Further deposition leads to the for-
mation of well-defined square pyramids or elongated pyramids, or so-called hut
clusters,21 with side walls oriented along [105] crystallographic directions. As
more Ge is deposited, those pyramids evolve discontinuously into larger dome-
shaped islands with steeper facets such as {113} and {111} and {15 3 23}. These
domes that are initially coherently strained evolve into strained-relaxed larger
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FIGURE 1.3. AFM images [all 1 μ2, vertical scale of 40 nm/division for (a)] of the surface
topography of Ge islands on (001) Si. Images (a) and (b) are top and perpective views,
respectively, of a sample that exhibits both pyramid and dome islands. The profile of the
pyramid and dome is illustrated in line scan along [110] in (d) and (e), repectively. Image
(c) is from a sample that exhibits large faceted domes whose [110] line profile is shown in
(f). The directions of the various line scans are indicated by arrows.

domes (superdomes) as the coverage is increased. This later stage often exhibits
a bimodal dome size distribution, reflecting the coexistence of smaller coherent
domes and larger dislocated domes.

Figure 1.3 illustrates this shape evolution in a series of atomic force microscope
(AFM) images of Ge islands at different stages of formation. The two structures
shown in Figs. 1.3a and 1.3b and Fig. 1.3c were grown by MBE by depositing 6 ML
of Ge at a temperature of 650◦C and growth rate of 0.05 nm/s. The AFM images
(a) and (b) show a surface on which pyramids and domes coexist. In this particular
sample, the size distribution of both types of island is fairly narrow with the domes
are about five times the volume of the pyramids. The line profile of the domes and
pyramids along a [110] direction is displayed in Figs. 1.3d and 1.3e, respectively.
On the pyramids, the sidewalls are at angle of about 11◦ with respect to the (001)
plane, consistent with {105} facets, whereas this angle is about 25◦ for the domes,
corresponding to a [113] orientation. On the sample shown in Fig. 1.3c, the Ge
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dots are at a later stage of development and only large dome features are observed.
In this particular sample, the dot formation was influenced by the deposition of a
submonolayer of C prior to Ge deposition. This is discussed in more detail in a
later section. Figure 1.3f is an AFM line scan of a large dome that shows that the
side walls are predominately oriented along [113] with steeper {111} facets at the
base.

A trench below the WL level is seen at the periphery of both types of is-
land (see Figs. 1.3d and 1.3f). An anisotropy of the trenches, which are more
pronounced along [110] directions, has also been reported36 and attributed to
the strain anisotropy of the Si crystal lattice at the base of the islands. Also, at
higher temperatures, Si surface diffusion over long distances can cause a long-
range Si depletion around an island (this is possibly seen here in Fig. 1.3e). The
trench formation reported by several authors36–39 is more pronounced at higher
growth temperature and was first believed to result from strained-enhanced Si
atom diffusion40 in the vicinity of the strained islands. Microscopy imaging of the
trenches41 and recent modeling,42 however, suggests that the driving force for this
phenomenon is rather the reduction of the concentrated stress below the edges of
the islands.

The results presented in Fig. 1.3 are, by and large, representative of the morpho-
logical evolution of Ge islands on (001) Si. At low coverage (∼4–6 ML), the Ge is-
land size is characterized by a bimodal distribution with coexisting small pyramids
and larger domes. The formation of pyramids with {105} facets is a configura-
tion that minimizes the surface free energy for islands under compressive stress.21

The domes correspond to another geometry that minimizes the energy at higher
Ge coverage. A thermodynamic model43 has attributed the transformation from
pyramids to domes to a phase transition in which pyramids and two-dimensional
Ge islands floating on the WL combine to form larger dome islands in a thermally
activated process. Real-time studies of the island evolution during growth or upon
annealing have, however, revealed a far more complex transition from island to
dome, involving different intermediate configurations.44

The driving force behind these shape transitions has not yet been fully eluci-
dated, but all experimental results point to the importance of kinetics in the shape
evolution. Conditions that favor mass transport at the surface (high temperature,
low deposition rate) are generally conducive to three-dimensional growth, point-
ing to an interplay between strain-induced instabilities and growth kinetics. For
example, anisotropy in the sticking and surface diffusion of adsorbates can lead to
three-dimensional growth. A continuum description of the energetic and evolution
of stepped surfaces in strain systems45 also predicts surface faceting as a means
to minimize surface energy. Differences observed in the island evolution on (111)
and (001) Si points to an instability of the latter under compressive stress leading
to {105} faceting.46

The size of the Ge islands grown by MBE increases with growth temperature37

and the size distribution becomes narrower.22 Coarsening of the islands is also
observed upon postgrowth annealing, dominated by the Ge consumption of the
WL at low temperature (450◦C), Si/Ge interdiffusion at intermediate temperatures
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(550◦C), and Oswald ripening at high temperature (650◦C).30,47 Oswald ripening
is the process by which larger particles (or, here, Ge dots) grow at the expense
of smaller ones due to the higher detachment rate of the smaller dots and to
atomic diffusion through the wetting layer.48 Ge islands deposited at a lower rate
will be larger and less dense than when deposited at a high rate.25 Some island
ordering has been reported in Ge films deposited at a fast rate, whereas dome
formation was inhibited at small separation at low deposition rates due to the
existence of a denuded zone around islands.49,50 The effect of capping the Ge
island with Si has also been examined. Depositing a Si cap at low temperature33

(300◦C) is a good means to preserve the shape of the islands. When capped at
high temperature however, domes are flattened51 or transform into large pyra-
mids that evolve into stepped mounds.33 These various results illustrate how some
control on the structural properties of Ge islands can be achieved by optimiz-
ing growth parameters or performing postgrowth treatments. An alternative ap-
proach to tailor island formation and morphology is via the control of the host
substrate through patterning or surface treatment. This is discussed in a later
section.

1.2.3. Si1−xGex Island Composition and Strain Distribution

Experimental observations such as the coarsening of Ge islands, shape transfor-
mation upon annealing52 and Si depletion near islands53 point to the importance
of Si1−x Gex interdiffusion phenomena in Si1−x Gex island formation and evolu-
tion. The determination of composition and strain in Ge and Si1−x Gex islands has
been the subject of a number of investigations. Techniques such as X-ray diffrac-
tion and X-ray scattering,39,54–59 X-ray absorption,27,60,61 AFM,62 transmission
electron microscopy (TEM),23,24,63 Raman scattering,64–66 electron energy-loss
spectroscopy (EELS),67 selective etching,68 and photoluminescence (PL)69 have
been used to probe the composition or strain of individual or ensemble of Ge
islands and quantum dots.

Although a rate of volume increase of Ge dots superior to the Ge deposition
rate,37,70–72 and large Ge-Si coordination numbers61 are evidence of Si1−x Gex

intermixing in Ge islands, determining the actual Si and Ge atom distribution within
individual islands is quite challenging. X-ray diffraction and grazing incidence
diffraction using reciprocal space mapping have provided insight on this question.
Average strain and composition is obtained by modeling the intensity distribution
of diffraction features arising from the presence of surface or buried islands.73–75

This is most often done by measuring the diffracted intensity in the vicinity of a
highly asymmetric Bragg reflection (such as (-1-13) or (-2-24) in the Si1−x Gex

system) in a glancing exit configuration. For uncapped Ge islands grown at 600◦C,
a Ge concentration gradient is observed with the Ge concentration decreasing from
nearly 100% at the island apex to 50% at the base of the island.54 For Si-capped
islands grown at 700◦C, a similar trend is seen with the Ge concentration reduced
to 78% and 37% at the apex and base, respectively.39 Anomalous X-ray scattering
has revealed that the vertical decrease in the Ge concentration with height was
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rather abrupt and occurring in the first 2 nm from the surface.55 This technique
also showed that in Ge dome islands, the Ge concentration does not vary uniformly
with height but, rather, that the dome is made of a Si-rich core covered by a Ge-rich
shell.76 Note that the above measurements represent averages over a large number
of islands. However, similar results were obtained in probing individual islands in
EELS experiments.51,67 EELS also suggests a fairly uniform lateral distribution
of Ge atoms in the plane of growth, as was also observed in InAs/GaAs quantum
dots.77 As expected, interdiffusion is more pronounced in structures grown at high
temperature and the average Ge composition of Ge islands falls linearly from 100%
at 400◦C to less than 40% at 700◦C.67,71,78 In the case of Ge islands stacked in
multiple layer, a similar Ge increase is observed at the apex of the islands, whereas
the average Ge concentration in the islands tends to decrease in upper layers.78,79

The strain field above Ge island columns is expected to enhance diffusion and thus
reduce the Ge composition in upper islands.

Strain plays a central role in the structural transition in lattice mismatch epitaxy.
Strain in individual islands is best measured by microscopic techniques such as
TEM. Strain contrast from TEM images of pyramid and dome islands reveals that
the latter are heavily strained (about 2%) with respect to the substrate, whereas
pyramids are almost commensurate (i.e., tetragonally distorted, with strain less
than 0.5%) with the substrate.63 This discontinuous strain evolution is mediated
by formation of metastable domelike islands with intermediate strain. Stress cal-
culations based on the linear elastic theory have shown that in addition to the
reduction of the strain energy, islanding also causes a strain concentration at the
edges of the island.80 The stress at the island periphery contributes to the self-
regulation of island size by introducing a kinetic barrier to diffusion of adsorbed
atoms on to the island. Concentration of stress at the edge of Ge dome islands has
been confirmed by Fourier transform mapping of high-resolution TEM images of
Ge islands.81 Molecular dynamics simulations of strain and stress distribution in
Ge pyramids and domes82 have reproduced these observations and shown that the
Si lattice is significantly distorted below the edges of the Ge islands. As pointed
out earlier, the strain gradient at the edge and underneath the island may enhanced
Si–Ge interdiffusion and, thus, alloying constitutes and alternative strain relaxation
pathway for large Ge islands, especially when grown at high temperature or upon
postgrowth annealing.70

1.3. Stacked Si1−xGex Islands

In order to be used in applications, it is advantageous to control the size, density,
and position of Si1−x Gex islands on a substrate. Inserting Si spacers between
layers of islands to form a stacked superstructure is an attractive way to better
control the island parameters and increase the volume of active material in a given
structure. Furthermore, it has been found that stacking islands can promote their
self-organization and improve their size uniformity. In this section, we discuss the
growth and characterization of stacked Si1−x Gex islands.
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1.3.1. Development of Morphological Instabilities
in Heteroepitaxy

Strain-induced roughening of a thin epitaxial film is generally described in terms
of the Asaro-Tiller-Grinfeld instability.6,7 For a Si1−x Gex film on Si under com-
pressive stress, undulation of the surface allows lattice planes to relax towards the
ripple peaks. This lowers the elastic energy stored in the film, but increases the
surface energy as compared to a planar surface. The balance between the reduced
stress and increased surface energy defines a critical minimum wavelength λc for
stable undulations given by83

λc = 2μπγ

(1 − ν)σ 2
= (1 − ν) πγ

(1 + ν)2 ε2
, (1.1)

where γ is the surface energy density and μ and σ are the misfit strain and stress,
respectively, μ is the shear modulus, and ν is Poisson’s ratio of the film. Surface un-
dulations of wavelength larger than λc can form via surface diffusion to minimize
the system energy. Conversely, for wavelengths smaller than λc, it is energetically
favorable to fill surface troughs to reduce surface energy and smoothening is ex-
pected. In the case of a Si1−x Gex film on Si, Ge atoms will migrate at the crest
of the undulations, where the lattice constant is closer to that of bulk unstrained
Si1−x Gex material. Using the elastic constants of Si and Ge,84 Eq. (1.1) yields λc

of the order of 100 nm for a Si0.50Ge0.50 alloy.
The above description has been confirmed experimentally in a number of sys-

tems, notably InAsP/GaInP on InP85,86 and Si1−x Gex on Si.87–89 Factors such as
kinetic limitations or a particular step structure can influence ripple formation.
Although, Eq. (1.1) is not function of temperature, roughening may be inhibited
at a low growth temperature because of reduced surface diffusion. The natural oc-
currence of surface steps is also key in determining the morphological evolution.
In particular, if an energy barrier exists in the migration of atoms over down-steps,
atoms nucleating on a terrace will preferentially attach to up-steps, causing step-
bunching and increasing surface corrugation.90 The phenomenon of step-bunching
has recently been reviewed elsewhere.8 The cooperative nucleation of surface is-
lands and pits has also been shown to be a possible pathway to the formation of
ripples.91

1.3.2. Synthesis, Structure, and Vertical Correlation

Growth of stacked Si1−x Gex islands and undulated superlattices where identical
layers of Si1−x Gex islands are separated by thin Si spacers have been reported
by a variety of nonequilibrium deposition methods.58,89,92–96 As an illustration,
we compare Si1−x Gex structures that were prepared on (001) Si by MBE and by
UHV-CVD. The details of the experiment have been described elsewhere.97 The
Si1−x Gex /Si superlattices prepared by MBE98,99 consist of 10, 15, or 20 periods of
alternating Si and Si1−x Gex layers. The Si layers in the structures have a nominal
thickness of 1.3 nm, whereas the Si1−x Gex layers have a nominal thickness ranging
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from 3 to 5 nm and Ge composition x ranging from 0.3 to 0.55. Two growth
temperatures were investigated, namely 675◦C and 625◦C. Most of the samples
were terminated at the surface by a Si1−x Gex alloy layer to enable the study
of the alloy surface morphology. Some samples were also terminated with Si
layer to investigate the effectiveness of a silicon cap in smoothing the surface.
UHV-CVD Si0.5Ge0.5/Si superlattices were grown in a Leybold Sirius deposition
system using a methodology described elsewhere.100,101 A series of 10-period
Si0.5Ge0.5/Si superlattices was prepared with nominal Si spacer layer 11 nm thick
and different alloy layer thickness in the range 3–8 nm. These were grown at 525◦C,
with deposition rates of 1.2 nm/min for the Si spacer layers and of 4 nm/min for
the Si0.5Ge0.5 layers. All of the UHV-CVD-grown samples were terminated by a
Si0.5Ge0.5 layer at the surface.

A difference in the interface structure in superlattices grown by MBE and UHV-
CVD is revealed by cross-section transmission electron microscopy (XTEM), as
shown in Fig. 1.4. Both micrographs show the presence of pronounced interface
undulations that extend from the bottom to the top of the superlattice structures.
A number of interesting features can be observed. In both cases, the undulated
morphology of a Si1−x Gex alloy layer is replicated to the next alloy layer. The
undulations are mostly vertically aligned (A in Fig. 1.4), but some oblique repli-
cation is also apparent (B in Fig. 1.4). The undulations are initially not uniformly
distributed and some coarsening and self-organization of the waves, particularly
apparent in the MBE case (C in Fig. 1.4), are observed in layers closer to the

FIGURE 1.4. Transmission electron micrograph cross sections of island superlattices grown
by MBE (top) (Si0.54Ge0.46/Si superlattice with 3.4-nm-thick alloy layers, grown at 625◦C)
and UHV-CVD (bottom) (Si0.50Ge0.50/ Si superlattice on with 5-nm-thick alloy layers). The
features marked by letters are discussed in the text. The panels to the right are magnified
views of the square sections in the left micrographs. Further details are given elsewhere.97,102
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surface. The lateral wavelength and amplitude of the oscillations is similar for
both samples. There are also qualitative differences more apparent in the magni-
fied views shown in Fig. 1.4. The MBE superlattice exhibits a strong asymmetry
in the roughness between the Si on Si1−x Gex and Si1−x Gex on Si interfaces, the
former being heavily undulated and the latter virtually flat, whereas in the UHV-
CVD case, both types of interface show pronounced undulations. The deposition
of a thin (10 nm) Si cap is sufficient to flatten the surface in MBE. In both cases, no
dislocations can be seen, but the MBE sample is periodically strained, as evidenced
by the periodic strain contrast in the TEM micrograph. The strain contrast is not
as pronounced in the UHV-CVD-grown sample.

Figure 1.4 captures important characteristics of stacked Si1−x Gex islands. The
vertical alignment of the islands is explained by the partial relaxation of the
Si1−x Gex lattice at the apex of the island, which causes tensile strain in the Si
lattice above the Si1−x Gex island. This locally reduces the misfit strain and makes
it an energetically favorable nucleation site for the Ge island atoms in the next
alloy layer. The degree of vertical alignment depends on the thickness of the Si
spacer layers. If these are made too thick, local strain will be reduced and align-
ment will be lost. This limiting thickness for the Si spacers depends on the growth
methods and conditions, but, in general, strong vertical alignment is achieved
for spacers less than 25 nm thick, whereas little alignment is preserved beyond
100 nm.103,104 The critical Si spacer thickness for vertical self-alignment roughly
scales with the island size and it may be as small as 12 nm for structures grown
at lower temperatures.10 The degree of vertical ordering has been correlated with
a reduction of the thickness of the WL in stacked islands, which is also consis-
tent with strain propagation in the Si spacers.94 The oblique stacking of islands
has been observed before and explained by the interplay of surface stress and the
development of Si surface depressions in the vicinity of large islands.92 Finally,
the coarsening and coalescence of islands is another important observation.95 This
self-organization may be explained in the framework of a model based on the con-
tinuum elasticity theory.105 In this model, the strain field overlap of two closely
spaced small islands will induce the nucleation of a larger island in the next alloy
layer rather than the replication of the small islands. On the other hand, for larger
islands, the strain field will not expand beyond the lateral size of the islands. Nu-
cleation of new islands is also expected in regions without buried islands. All of
these phenomena contribute to the vertical self-alignment and size homogeneity of
the islands. A number of ways have been devised to induce Si1−x Gex island self-
organization. For example, long-range ordered lines of Ge islands can be produced
by prepatterning the substrate with surface grooves of dimensions comparable to
λc.103 Other approaches are discussed in a later section.

Cross-section TEM samples only a very small volume and cannot provide infor-
mation on the long-range organization of islands. Figure 1.5 displays the surface
morphology of alloy-terminated Si1−x Gex island superlattices grown by MBE and
CVD as obtained by AFM. The MBE-grown superlattice exhibits a rough surface
morphology comprising pyramidal mounds with the base aligned predominantly
along the [100] and [010] directions. Those pyramids form chainlike structures
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FIGURE 1.5. AFM images (1 μm square) from (a) 10-period Si/Si 0.54Ge0.46 with Si1−x Gex

layers 0.34 nm thick grown by MBE at 625◦C and corresponding Fourier transform (b) and
from (c) 10-period Si/Si 0.50Ge0.50 with Si1−x Gex layers 0.30 nm thick grown by CVD at
525◦C and corresponding Fourier transform (d).

aligned predominantly along [100]-type directions. The sides of the pyramids
have an angle of about 11◦ and thus probably originate from {105} faceting. The
shape of these bumps is independent of the Ge composition in the range inves-
tigated, but their size decreases with increasing growth temperature. The surface
root mean square (RMS) roughness of MBE-grown superlattices is typically 4 nm.
The preferred size and orientation of the surface undulations are clearly seen in
a Fourier transform of the surface topography (Fig. 1.5c). The well-defined size
of the surface mounds is revealed in the Fourier image by the presence of a ring
of constant reverse length. The fourfold symmetry of the Fourier image (higher
intensity along <001> directions) confirms the preferential orientation of the island
facets along these crystallographic axes. The weak intensity in the center of the
power spectrum density map indicates the absence of surface domains with [001]
orientation.

Stacked island superlattices grown by UHV-CVD exhibit a different surface
morphology. Elongated mounds meandering along [100] directions are observed
on the surface (RMS roughness of 2.5 nm). These mounds also exhibit atomic
planes at an angle of ∼10◦ with respect to the (001) surface, consistent with {105}
facets. This morphology is very similar to that reported on single layer Si1−x Gex

alloys grown by high-temperature low-pressure vapor deposition.89 The Fourier
transform of the AFM image exhibits an analogous fourfold symmetry with distinct
lobes oriented along [100] directions. The alignment of the surface features is better
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FIGURE 1.6. Reciprocal space maps from island superlattices: (a) and (b) 15-period
Si/Si0.63Ge0.37 (Si1−x Gex layers 5 nm thick) grown by MBE at 640◦C, measured about
two different Bragg reflections; (c) 10-period Si/ Si 0.580Ge0.42 grown by CVD at 525◦C
and (d) a 15-period Si/Si0.54Ge0.46 (Si1−x Gex 3.6 nm thick) grown by MBE at 625◦C and
terminated by a 13-nm-thick Si layer. More details on the measurements are presented
elsewhere.97 Diagonal streaks are artifacts of the image processing.

defined here because no continuous ring is seen in the Fourier spectrum. Also, a
strong signal at the center of the spectral power density map indicates the presence
of region with [001] orientation on the surface between the islands.

Those two superlattices were also examined by high-resolution X-ray diffraction
and grazing incidence X-ray reflectivity to further assess the interface roughness
and correlation. Details on the X-ray measurements can be found elsewhere.106,107

Figure 1.6 compares reciprocal space maps measured on representative samples.
These maps were acquired using very asymmetric reflections in a low-exit-angle
geometry to enhance diffraction effects due to undulations in the plane of growth.106

The maps exhibit the usual satellite peaks in the vertical direction associated with
the superperiodicity of the structures. The alignment of the satellite peaks in the
same vertical line, as the substrate peak indicates that the structures have retained
their strain. In addition, secondary features are seen in the horizontal direction
beside the superlattice peaks. These side lobes are associated with the lateral un-
dulation of the interfaces. Figures 1.6a and 1.6b compare maps recorded on the
same samples, using (404) and (1 13) Bragg peaks corresponding to having the
scattering plane along the [010] and [110] crystallographic directions, respec-
tively. The larger spacing and stronger intensity of the side lobes and the presence
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FIGURE 1.7. Specular X-ray reflectivity (full line) and angle of incidence rocking scans
along [110] (dotted lines) and [010] (dash-dot lines) for (a) a 10-period wavy Si0.54Ge0.4 /Si
superlattice (Si1−x Gex layers 3.6 nm thick) grown by MBE and (b) a 10-period Si0.50Ge0.50

/Si superlattice (Si1−x Gex layers 3.0 nm thick) grown by UHV-CVD.

of higher-order lobes in the measurement along the [010] azimuth are indications
of a long-range preferential orientation of the interface undulations, in agree-
ment with the AFM results for the surface found on a shorter range. The side
lobes are also seen on the CVD-grown samples (Fig. 1.6c), although they are
generally not as intense or well defined. They also become weaker in MBE sam-
ples, as the growth temperature is decreased (see Fig. 1.6d) and disappear below
600◦C.

Interface structure can also be probed by grazing incidence X-ray scattering,
a technique very sensitive to variations in the electron density in the direction
perpendicular to the sample surface. Figure 1.7a shows the specular reflectivity
(full line) measured on a typical island superlattice grown by MBE. Despite the
pronounced wavy nature of the interfaces, the reflectivity curve exhibits sharp
superlattice reflections. These remain visible and relatively sharp even at high
angles of incidence. The observation of high-order satellites is explained by the
fact that the Si on Si1−x Gex interfaces remain abrupt throughout the structure
(see Fig. 1.3) such that high Fourier components remain present. The undulated
Si1−x Gex on Si interfaces cause the intensity of successive satellites to decay
monotonically rather than exhibit the usual intensity modulation seen in periodic
bilayer systems.108 Also displayed in Fig. 1.7a are angle of incidence rocking
scans measured at the position of a strong satellite peak along both [110] and
[010] azimuths. Off-specular diffuse scattering is weak and distributed in a narrow
angular range centered on the specular direction. This is typical of interfaces with
long (∼100 nm) in-plane correlation.109 The diffuse scattering is anisotropic and
exhibits side lobes when the scattering is along the <100> azimuth. The position of
the side lobes can be associated with a length scale of ∼1 μm on the surface, which
is one order of magnitude larger than the wavelength of the surface undulations.
Similar long-wavelength undulations have been observed before on MBE-grown
multilayers and were related to the residual wafer misorientation with respect to
the <001> direction.108–111
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In comparison, the satellite peaks on a CVD-grown island superlattice are
broader and much weaker, as shown in Fig. 1.7b. The faster decay of specular
intensity with angle of incidence is due to a large surface roughness of this sample,
which does not have a Si cap. The broadening is explained by the wavy character
of both types of interfaces, which makes the periodicity ill-defined, causing the
damping of high Fourier components. The rocking scans (dotted lines) exhibit a
strong and broad diffuse scattering spectrum extending further from the specular
direction. This indicates a shorter in-plane correlation in UHV-CVD growth. Con-
trary to the MBE case, no strong anisotropy is observed as a function of azimuth
direction and would indicate the absence of any long-range surface roughness cor-
relation. This result is qualitatively similar to that obtained on longer-periodicity
UHV-CVD-grown superlattices and seem to be typical of that growth technique.109

The intensity distribution about a strong satellite peak from an MBE- and an
UHV-CVD-grown island superlattice is shown in Fig. 1.8. In both cases, the in-
tensity is distributed on the Bragg sheet, indicating the good vertical correlation of
the interface undulations. A broadening of the Bragg sheet at large q// indicates
a relative stacking fault of islands in successive layers in multilayered islands.112

In both cases, the half-width of the distribution intensity is close to that expected
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FIGURE 1.8. Intensity distribution in reciprocal space for two strong satellites from the
samples of Fig. 1.7. The top two curves give the position of half-intensity for the third
superlattice peak for the MBE sample, whereas the bottom two curves mark the half-intensity
of the second-order satellite for the UHV-CVD sample. The cross-hatched regions indicate
the theoretical width of the satellite reflections, taking into account the finite thickness of
the superlattices.97
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for interfaces correlated over the whole superlattice depth (cross-hatched regions
in Fig. 1.8).104,112

1.3.3. Vibrational Properties

Raman spectroscopy entails the inelastic scattering of monochromatic light from
some material.113 The spectrum comprises a series of spectral features that are
usually plotted as an energy shift (to lower absolute energy) from the exciting
light in units of wave numbers. The spectral features are associated with elemen-
tary excitations of the medium such as atomic or lattice vibrations, spin waves
or magnons, and electronic excited states. These excitations are unique to each
material and thus serve as an identifying “fingerprint.”

In semiconductors, Raman spectroscopy can be used to provide information
on the crystalline state and the presence of dopants and impurities.114 In the case
of semiconductor alloys, Raman scattering can be used to elucidate the alloy
composition.115,116 Raman scattering is particularly well suited to studying the
electronic and vibrational properties of thin-layer semiconductor heterostructures
and superlattices and has been widely applied to obtain information such as lattice
strain and heterointerface sharpness and composition.117 This is because the lattice
vibrational energies, which are governed by short-range forces between atoms, are
very sensitive to atomic bond lengths and angles and atomic masses. Because of
the law of wave vector conservation, only excitations at very small wave vectors
are probed in first-order Raman scattering.

The crystal structures of Si and Ge are the same as that of diamond and consist of
two interpenetrating face-centered-cubic lattices. This structure yields one triply-
degenerate optical mode of vibration at zero wave vector at a frequency of 1330,
520, and 300 cm−1 in C (diamond structure), Si, and Ge, respectively, at room
temperature. This mode is strongly Raman active, which makes these materials
ideal for Raman characterization studies. Alloys of Si and Ge102 and Si and C118

are more complicated, however. They possess three clearly separated optic modes
of vibration, which are termed the A-A, A-B, and B-B modes (where A is Si and
B is Ge or C) by association with the dominant bond interaction that produces
them. In the Raman spectrum of Si1−x Gex these modes appear at approximately
505, 415, and 295 cm−1, as shown for example in Fig. 1.9. By measuring the peak
frequencies of these modes as a function of the Ge concentration x , the results
shown in Fig. 1.10 are obtained. Here, it can be seen that the Si–Si (Ge–Ge) mode
frequency decreases (increases) linearly with x , whereas the Si–Ge mode behavior
is best represented by a fourth-order polynomial.102 All three mode frequencies
are sensitive to the presence of strain.119,120

1.3.3.1. Composition and Strain in Si1−x Gex Dots

Raman spectroscopy has been widely applied to characterizing the strain and com-
position of Si1−x Gex dots grown on Si by a variety of growth methods ranging
from MBE to CVD.26,97,102,125–153 As a representative case study, we consider
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FIGURE 1.9. Room-temperature Raman spectrum showing the optic modes of (a) a
Si1−x Gex /Si planar superlattice for x = 0.52, (b) an island superlattice for x = 0.56, and
(c) an island superlattice for x = 0.45.102

coherent-wave Si1−x Gex superlattices with 0.4 < x < 0.6 and x = 1 grown by
MBE.102 The Si1−x Gex dots in these superlattices are in the form of vertically cor-
related flattened domes (see Fig. 1.4) of typical dimensions ∼100 nm by ∼3.5 nm
with a vertical spacing of ∼13 nm. X-ray reflection measurements indicate that
the island superlattices have atomically abrupt interfaces, as confirmed by the ob-
servation of folded acoustic modes by Raman spectroscopy.97 Examples of folded
acoustic modes are presented and discussed in Section 1.3.3.2. The X-ray diffrac-
tion study showed that a few of the thicker alloy layer superlattices had structurally
relaxed, as the critical thickness for stability had been exceeded.

Figure 1.9 presents representative optic mode spectra of Si1−x Gex / Si super-
lattices for three compositions x = 0.45, 0.52, and 0.56, where the samples of
x = 0.45 and 0.56 are island superlattices and the sample of x = 0.52 is a pla-
nar superlattice, which is shown for comparison purposes. The spectra show four
main peaks corresponding to the Ge–Ge, Si–Ge and Si–Si vibrational modes of
the alloy layers and the Si optic mode of the Si layers of the superlattice. Looking
at the spectra in detail, the Si–Si, Si–Ge, and Ge–Ge mode frequencies of the
planar superlattice x = 0.52 (spectrum (a)) are at 504.8, 418.6, and 297.5 cm−1,
respectively. For the comparable x = 0.56 island superlattice (spectrum (b)), the
Si–Ge and Ge–Ge modes are at lower frequencies of 416.6 cm−1 and 296.1 cm−1,
respectively, and the Si–Si mode is at a higher frequency of 507.0 cm−1.

Strain derived from the lattice mismatch between the alloy and Si layers in a
Si1−x Gex / Si superlattice causes an upward shift of the Si–Si, Si–Ge, and Ge–Ge
mode frequencies.119,120 In Fig. 1.11, the frequencies of the three optic modes are
displayed as a function of x for the strained planar superlattice (solid circles),120
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FIGURE 1.10. Dependence on composition x of the frequencies for the three optic modes
in the unstrained Si1−x Gex alloy system. The solid line is from fits of the data points to
polynomial functions of x . All of the data points are taken from previous work119,121–124 as
noted in the figure by first author and year of publication.102

island superlattice (open circles), and unstrained alloy (solid lines, which are from
the fits displayed in Fig. 1.10). The mode frequencies given in Fig. 1.11 in the case
of overlapping Si and Si–Si lines were obtained by curve resolving. In addition,
the frequencies of the Si mode from the Si layers in the island superlattices are
represented by the open squares, and the dotted line indicates a bulk Si reference
frequency of 520 cm−1. The island superlattice Si-mode data lie just below the
bulk Si frequency of 520 cm−1, indicating the existence of a slight tensile strain
in the alloy layers, as expected from the sample morphology. Note that the point
at 518.9 cm−1 for x = 0.48 is from a partially relaxed island superlattice with an
alloy layer thickness of 5 nm. The short dashed lines in Fig. 1.11 are from fits of the
planar superlattice mode frequencies to linear and quadratic functions of x . The
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FIGURE 1.11. Frequencies of the three optic modes in Si1−x Gex /Si island superlattices (open
circles) and planar superlattices (solid circles) as a function of composition x . In addition,
the Si mode frequency from the Si layers in Si1−x Gex /Si island superlattices is given by the
open squares in the graph for the Si–Si mode and are shown magnified in the inset. The solid
lines are from the fits shown in Fig. 1.10. The short dashed line is from fits of the three alloy
modes frequencies to polynomial functions of x , and the long dashed line is just a guide for
the eye. For the Si mode, the dotted line indicates the bulk Si frequency of 520 cm−1.102

results are 519.9 − 29.82x for the Si-Si mode, 399.6 + 50.26x − 24.90x2 for the
Si–Ge mode and 282.0 + 33.53x for the Ge–Ge mode. The overall dependence
on composition x of the island superlattice mode frequencies is represented by
the long dashed line, which is a guide for the eye. It shows that the three mode
frequencies in the island superlattice behave as a function of x quite differently
from those in both the unstrained bulk and planar superlattices. This indicates that
other factors must be taken into account in analyzing the behaviors of the optic
phonon mode frequencies in the island superlattice.

As was discussed in previous work on [SimGen]p planar atomic layer154 and
island129,130,134 superlattices, where m and n are the numbers of Ge and Si
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monolayers in each of the p periods, the effect of phonon confinement could
play an important role in determining the vibrational frequency of phonon modes
in a given superlattice layer. In order to observe a noticeable frequency shift due
to the effect of confinement, calculations154 have shown that the layer thickness
of GemSin superlattices should be restricted to ultrathin layers of m, n ≤ 6. In
this study, the Si1−x Gex and Si layers typically are about 3.5 and 13.5 nm thick,
respectively, corresponding to m ∼ 104 and n ∼ 28, if the representation of the
Si1−x Gex /Si superlattice is converted to the form (Si1−x Gex )mSin . This indicates
that the effect of phonon confinement can be neglected in this case. In Fig. 1.11,
therefore, the x dependence of the deviations of the three mode frequencies in the
planar and island superlattices from the frequencies of the three modes in the
unstrained bulk alloy case have to be explained solely in terms of the strain and
composition effects.

The optical phonon frequency shift δω due to the effect of strain can be described
by the relationship119

δω = ω − ωo = 1

ωo

[
pν

ν − 1
+ q

]
ε// = bε//, (1.2)

where p and q are phenomenological parameters and ε// = (asub − aepi)/aepi is the
lattice mismatch between Si and Si1−x Gex . Here, asub and aepi are the bulk lattice
constants of Si and Si1−x Gex , respectively, and ω0 is the phonon frequency for
zero strain. For the Si–Si mode, results for the strain-shift coefficient b measured
as a function of x were fitted to a linear function, and the best fit was obtained
with119

b (cm−1) = −715 − 825x . (1.3)

The lattice constant aepi of Si1−x Gex is well approximated by the quadratic
equation155

aepi (nm) = 0.5431 + 0.02x + 0.0027x2. (1.4)

Combining Eqs. (1.2)–(1.4), we deduce a strain induced shift of δω = 22.9 cm−1

for the Si-Si mode in the planar superlattice of x = 0.52. Experimentally, from
the peak position of the Si–Si mode in the x = 0.52 planar superlattice (spectrum
(a) in Fig. 1.9) and the linear function for the Si–Si mode in the unstrained alloy
given in Fig. 1.10, the frequency shift δω is estimated to be 19.0 cm−1. This
result is 3.9 cm−1 smaller than the predicted value. However, it should be noted
that the linear function for b was deduced from a fit of data obtained for x ≤
0.35 and some discrepancy could be expected at higher x values. Using the same
procedure, one can calculate that δω = 25.5 cm−1 for the Si-Si mode of the x =
0.56 island superlattice, which compares favorably with the experimental value of
δω = 23.8 cm−1. The difference between these two values is comparable to the
result obtained from the same analysis in the planar superlattice case, indicating
that the average strain in the alloy layer of the island superlattice determined from
Raman scattering can be treated in the same way as the planar superlattice.
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As can be seen in Fig. 1.11, the Ge–Ge and Si–Ge mode frequencies in the
island superlattice are significantly less than those of the planar superlattice, indi-
cating a reduction of average strain in the island superlattice compared with that
in the planar superlattice. From the island superlattice Si–Ge mode at x = 0.56,
the strain reduction is estimated to be about 25%, which is appreciable. On the
other hand, the Si–Si mode shows a considerably different behavior in the strain
shift from the other two modes: Aside from the relaxed sample of x = 0.48, the
Si–Si mode frequency in the island superlattice is found to increase slightly com-
pared with that in the planar superlattice. In general, the higher the proportion
of Si there is in the Si1−x Gex alloy, the shorter the Si–Si bond length,156 so that
the Si–Si mode frequency shifts up (see Fig. 1.11). Therefore, the origin of this
inconsistency is related to the inhomogeneity in the Ge content of the alloy and
Si layers, which is induced by the lateral diffusion of Ge into the Si layer val-
ley during growth of the Si layer. There is clear evidence of Ge diffusion into
the Si layer under these growth conditions in the limiting case of x = 1 (i.e., the
attempted growth of a pure Ge layer), where the Si–Si and Si–Ge modes can
still be observed and the three mode frequencies are similar to their respective
x ∼= 0.55 values, as can be seen in Fig. 1.11. The out diffusion of Ge results in
Si-rich alloy regions in the valleys (between the Si1−x Gex crests) that are un-
der compression. Both effects will raise the Si-Si line frequency above expected
values.

In summary, and as has been shown in a number of
studies,131,132,134,137,140,143,148,150–152 the Si–Ge and Ge–Ge mode frequen-
cies as a function of x in the dome superlattice show a decrease with respect
to those in the comparable fully strained planar superlattice, which means that
the average strain in the dome superlattice is reduced from that in the planar
superlattice. The strain reduction can be appreciable.151 However, the situation
is reversed for the Si–Si mode, which contradicts the case of the Si–Ge and
Ge–Ge modes. The occurrence of such an apparent inconsistency is attributed
to inhomogeneity in the alloy and Si layers, caused by the sideways diffusion
of Ge into the Si layer valleys during the sample growth. The Si layer is thus
under weak tensile strain above the domes and can be compressively strained
between the domes,151 because of the growth conditions. It is also possible that
for high-Ge-content domes, the Ge atoms form nanometer-size clusters with
a nearly pure Ge core surrounded by a Si1−x Gex shell.143,146,152 Interestingly,
Raman measurements of pyramid-shaped Ge islands indicate that there can be
no strain relaxation within the dots and, consequently, no strain transfer to the
Si layers.131,142,151,157 These differences in the strain distribution in the Si layers
correlate with the degree of three-dimensional ordering in the superlattice.8

Finally, in this section, a cautionary tale. The Raman spectrum of Si contains
weaker second-order features at 300 and 435 cm−1 114 and, in some cases, these
have led to their incorrect assignment as originating from the expected Ge–Ge
and localized Si–Si modes in Ge dot nanostructures immersed in a Si matrix and
grown on a Si substrate.133,135 The errors have arisen when the Raman spectra of
the dots are relatively weak. There is a very simple solution to this problem, which
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FIGURE 1.12. Low-frequency room-temperature Raman spectra showing the FLA modes
of (a) a 10-period Si0.48Ge0.52/Si planar superlattice grown by MBE, (b) a 10-period
Si0.515Ge0.485/Si island superlattice grown by MBE, and (c) a 10-period Si0.50Ge0.50/Si island
superlattice grown by UHV-CVD. The alloy layer thickness (∼3.5 nm) is comparable in all
three superlattices. The pairs of modes are assigned according to their folding indices m−

and m+.97

has successfully been applied in the cases of weak scattering from [SimGen]p

superlattices158 and Si1−x Cx epitaxial layers.118 The desired weak Raman features
are revealed by a scaling (based on the strong Si line at 520 cm−1) and subtraction
process to remove the Si substrate and epitaxial layer contribution to the Raman
spectrum.

1.3.3.2. Interfaces of Si1−x Gex /Si Superlattices

In the low-frequency Raman spectra of Si1−x Gex /Si superlattices (see Fig. 1.12),
folded longitudinal acoustic (FLA) modes are observed.159 These modes arise
essentially from the folding back of the acoustic phonon branches of the bulk ma-
terial into the reduced Brillouin zone created by the new (artificial) periodicity in
the superlattice growth direction. Such FLA modes are a sensitive indicator of the
superlattice layer interface sharpness.159 The FLA spectrum of the planar super-
lattice shows pairs of folded modes up to sixth order in the folding index m.159

Even the m = 5 modes are still very sharp (almost resolution limited), indicating
excellent control of the superlattice periodicity and atomically abrupt Si/ Si1−x Gex

interfaces. In the MBE-grown island superlattices, the FLA modes are still readily
observed up to the order m = 3, although the overall FLA intensity is reduced
compared with the planar sample, and there is a more rapid decrease in FLA peak
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intensity with increasing m combined with a rapid increase in the FLA line width
(see Fig. 1.12). These results show that the overall FLA intensity is derived mainly
from the maintenance of atomic abruptness at the wavy-superlattice layer inter-
faces. The decrease in FLA peak intensity and increasing linewidth with increasing
index m can be due to composition grading along the Si1−x Gex / Si interface and/or
a nonuniformity in the periodicity. As the FLA modes were observed to have sim-
ilar characteristics in all the MBE-grown island superlattices, the compositional
grading has to be the primary cause. It is indeed remarkable that FLA modes can
be observed at all in these island superlattices given the strong interface undula-
tion (see Fig. 1.4); their observation simply reflects the long-wavelength nature
of acoustic modes compared with the undulation modulation. The FLA peaks in
the various MBE-grown superlattices varied in frequency from sample to sample,
consistent with the period variation, but they were not sensitive to strain variations.
Similar FLA-mode Raman spectra were obtained from UHV-CVD-grown island
superlattices (see Fig. 1.12), although the instrumental background due to stray
light is higher because of their rougher surfaces. The FLA modes are also seen
up to m = 3, indicating an interface atomic abruptness comparable to the MBE-
grown superlattices despite the quite different growth modes (see Fig. 1.4). This
confirms that the overall FLA intensity is governed primarily by interface sharp-
ness. In UHV-CVD superlattices, where the composition was held at x = 0.5 but
the alloy layer thickness was varied, the overall FLA peak intensity increased with
increasing alloy layer thickness, but the higher-order (m = 2 and 3) FLA modes
became more diffuse, indicating some variation in the superlattice period during
growth. The FLA peak frequencies decreased with increasing alloy layer thickness,
consistent with the increased superlattice periodicity.159

Similar FLA modes have been observed in smaller pyramidal dots (15–20 nm
wide by 2 nm high)137,140,142,144,150,160 and, in two cases,141,142 the FLA-mode
Raman peaks were superimposed on a broad continuum of acoustic phonons. The
continuum, which was observed only under resonant Raman excitation conditions,
has been explained as being due to the interaction of confined carriers and the
acoustic phonons resulting in a breakdown in the wave vector conservation law for
dots. A detailed theoretical analysis161 of the FLA modes in a three-dimensional
regimented array of Si1−x Gex dots in Si has shown that the FLA modes can be
used to distinguish confinement effects from alloying and strain-induced effects
in the Raman spectrum.

1.3.3.3. Annealing Studies

Annealing an MBE-grown Si0.515Ge00.485/Si island superlattice for 100 s at tem-
peratures ranging from 700◦C to 850◦C had no observable effect on the optic
and acoustic mode Raman spectra (see Ref. 97). This indicates that the island
superlattice structure is quite resistant to interface atomic interdiffusion and strain
relaxation under these annealing conditions. However, this is not the case for Ge
dot superlattices containing smaller pyramidal-shaped dots.134,136,143,150,160 Here,
annealing for 1 h at 650◦C, 700◦C, and 800◦C resulted in a decrease in both the
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overall intensity and number of FLA modes observed.150,160 This indicates that
there exists a significant Si/Ge intermixing during the annealing process. A shift
to lower frequency of the Ge–Ge and Si–Ge optic modes on annealing together
with an increase in frequency of the Si–Si mode confirms that Si/Ge interdiffusion
is occurring.134,143,150 The differences in the thermal stability of the wavy and
pyramid superlattices is a reflection of the difference in their strain distributions,
as discussed earlier. In the case of Ge pyramids, their high strain makes them sus-
ceptible to relaxation by Si/Ge diffusion at high temperatures, whereas this is not
the case for Si1−x Gex domes, where the strain distribution between the dots and
the Si matrix is more equitable.

1.3.3.4. Si/Ge/C Dots

As will be discussed later in Section 1.4.2, the use of C in the form of a fraction
of a monolayer (ML) deposited on the Si substrate before the addition of Ge
considerably modifies the Ge dot growth characteristics. Raman scattering has
been used to examine the distribution and atomic bonding of C atoms in the case
where the Ge content was fixed at 2 MLs and the C precoverage was varied from
0.1 to 0.3 ML.139 Superlattice dot structures were grown with 8-nm-wide Si spacer
layers. In addition to the usual Ge-Ge, Si-Ge, and Si-Si Raman features, a new
Raman line was observed near 605 cm−1, which is associated with a localized
Si–C mode of vibration118 arising from C atoms surrounded by Si atoms. The
localized Ge-C mode of C surrounded by Ge occurs at 531 cm−1,162 but this mode
could not be observed due to interference from Si Raman features. The dot optical
phonon frequencies indicate that the Ge dots are surrounded by a dilute Si1−x Gex

alloy.
The Si-C mode is lower in frequency by 4 cm−1 compared with reference

samples grown without Ge deposition due to strain effects, and its frequency
together with that of the Si-Ge mode increases with C coverage. This frequency
increase is correlated with effective local concentrations of Ge (∼8%) and C (∼2%)
in the periphery of the Ge dots. These isolated substitutional C atoms are situated
in the regions between Ge dots, in accordance with a natural repulsive interaction
between C and Ge.163 As more C is deposited, the substitutional C atoms are more
spread out and, thus, are more likely to contact the Ge dots, which results in an
increase in the local Ge concentration in the C neighborhood. At the same time,
the strain contrast around the dot is increased.

The latter is evidenced from annealing studies. Just short (10 min) anneals at
temperatures of 650◦C and 800◦C result in a decrease in both the Si–C and Si–Ge
mode frequencies. The anneal at 650◦C affects only the Si–Ge mode, whereas both
mode frequencies shift on annealing at 850◦C, with the Si–Ge mode affected most.
This indicates that strain-induced interdiffusion of Ge is enhanced over that of C
under these annealing conditions. From the frequency shifts of these two Raman
lines, it is inferred that Ge tends to avoid C during the diffusion process and that
adding more C during growth increases the Ge concentration in the vicinity of the
dots.
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1.3.4. Optical Properties

Efficient optical emission in indirect gap materials such as Si or Si1−x Gex can
be obtained by localizing the charge carriers in three dimensions (3D) (e.g., with
lower band-gap islands or quantum dots).164–168 Improving radiative properties
is necessary because, in such bulk materials, photon emission requires phonon
assistance for wave vector conservation and the strongest phonon [transverse
optic (TO)] assisted photoluminescence (PL) in Si is 104–105 times weaker than
the no-phonon (NP) PL of direct-gap III-V materials. Although in Si the NP line
is several orders of magnitude weaker than the TO replica, in Si1−x Gex the two
lines have roughly equal strength due to alloy scattering.169 For reasonable optical
performance, however, it is still necessary to greatly enhance the NP efficiency.
Such an improvement occurs in small dots because carrier localization in real space
requires wave function spreading in k-space.170,171 Therefore, as in the case of
small crystallites in porous silicon samples, indirect electron-hole recombination
is greatly modified for small dots because a phonon is not required to complete the
process. For holes, localization and carrier confinement energies larger than kT ,
where k is Boltzman’s constant, at temperature T of 293 K, can be achieved with
engineered172 or self-organized structures173 containing Ge-rich dots imbedded
in Si1−x Gex / Si. For electrons, localization is more problematic and has been
improved, for example, by the introduction of carbon174 in the silicon spacer
layers to introduce tensile strain and thereby providing a conduction band offset
and confinement. The optical properties of Si1−x Gex self-organized islands were
first studied to understand the fundamental properties of carriers in the regions
with reduced dimensionality. More importantly, however, this type of material
produced in a three-dimensional growth mode has provided an engineering path-
way to novel and potentially efficient Si-based active optical components such as
detectors and emitters. Light emission and detection in the optical communication
band (1.3–1.55 μm) requires the use of Si1−x Gex alloys with a Ge fraction of 0.5
or more, which greatly restricts the thickness of the Si1−x Gex active layers, due to
built-in strain. A small Si1−x Gex layer thickness not only reduces the photocurrent
response efficiency of the structure but also introduces a widening of the band
gap that shifts the photocurrent response to shorter wavelengths due to quantum
confinement. As discussed earlier, it is possible to adjust the growth conditions
such that these Si1−x Gex / Si multilayer interfaces become undulated rather than
planar to minimize strain energy. This three-dimensional growth mode induces the
diffusion of Ge to regions of maximum quantum well thickness and reduces
the local quantum confinement at these thickness maxima. The combination of
these two effects produces a significant increase in the photocurrent response of Ge
islands and dots at longer wavelengths. This is further discussed in a later section.

1.3.4.1. Photoluminescence

Phonon-resolved (PR), near-band-gap PL from strained Si1−x Gex epitaxial lay-
ers, although now considered normal for device-grade material, was obtained only
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after considerable effort in the early 1990s by Terashima et al.175 and by Sturm
et al.169 for MBE- and CVD-grown layers, respectively. These PL spectra were
similar to those from bulk Si1−x Gex , except that transition energies were lower due
to strain176 and quantum confinement effects for very thin layers.177 Accurate val-
ues for the strained band-gap energy versus x were obtained from PL from layers
prepared by ultrahigh-vacuum vapor phase epitaxy and CVD.178,179 A compre-
hensive study was published of the PL mechanisms in fully strained Si1−x Gex /Si
heterostructures grown by solid-source MBE.180 Part of the MBE study180 was
the presentation of a model that defines the role of growth parameters that give
rise to the broad intense PL band and PR luminescence. The unified treatment
draws together many of the previous experimental observations and compares the
relative strengths of broad PL bands and near-band-gap transitions as a function
of Si1−x Gex /Si heterostructure dimensions and growth temperature.

Emission from small regions with locally high Ge concentrations (e.g., hut clus-
ters, domes, islands, quantum dots, undulations, etc.), in single Si1−x Gex epitaxial
layers and Si1−x Gex / Si superlattices grown pseudomorphically on (001) Si has
been reported by many authors.26,79,164,174,181–203 In their pioneering work, Noël
et al.164 in 1990 reported very intense PL164,180 and electroluminescence204 from
the NP recombination of electrons and holes in Ge-rich platelets,180,205 which are
essentially small, relatively isolated Ge-rich islands (see Fig. 15 of Ref. 180). Their
luminescence spectra were similar to those reported more recently by many au-
thors, including Denker et al.206 and Schmidt et al.184 for the initial stages of Ge
island formation on (001) Si and by Boucaud et al.,207 who calculated the spectral
line shape from the heavy-hole density of states assuming lens-shaped Ge/Si dots.
These spectra differed significantly from the normally observed PR PL in that they
contained a broad, intense band that was consistently shifted below the alloy band
gap by ∼120 meV for a wide range of alloy concentrations. Compositional inho-
mogeniety was implicated as causing the luminescence from the heteroepitaxial
strained layers prepared by the solid-source MBE method of Noël et al.164,204 The
assignment of the luminescence to Ge-rich islands has been recently confirmed
with Raman measurements208 on the same samples studied earlier by PL and elec-
troluminscence (EL). In the original work, the centers responsible for the broad
PL band are shown to be Ge-rich lattice perturbations ∼1.5 nm in size, occurring
in area densities up to ∼7× 108 cm−2 per quantum well. The nearly 20 samples,
which contained small Ge-rich dots, were fully strained structures in the form
of single quantum wells, epitaxial layers, or superlattices. When compared with
the samples with PR spectra, the samples exhibiting dot luminescence had higher
strain due to increasing either the Ge concentration, the Si1−x Gex layer thickness,
or the number of periods.

The physical phenomena responsible for the PL spectra observed by Rowell
et. al.180 are illustrated in Fig. 1.13. On the left-hand side of this figure, we show
a schematic cross section within a Si1−x Gex layer in a direction perpendicular
to the growth direction where a number of relatively Ge-rich dots are illustrated
as valence band energy peaks with corresponding but much weak features in the
conduction band (not, of course, to scale). In the PL experiment, the excitons
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FIGURE 1.13. Schematic representation (left panel) of energy band variations due to clus-
tering and dot formation in a Si1−x Gex layer. Photoluminescence spectrum (right panel)
containing dot related and layer recombination peaks.

created at low temperature are localized first in the Si1−x Gex layers after diffusing
vertically. Thereafter, the excitons diffuse laterally generally becoming trapped in
the relatively Ge-rich Si1−yGey dots before the recombination of electrons and
holes occurs. As the Ge concentration is locally high in the dots, the emitted
photon energy is smaller than that for PL from the laterally adjacent Si1−x Gex .
However, the dot photon energy is not as small as the energy difference between
the valence band at the dot’s center and the conduction band because of a blue shift
due to hole confinement in three dimensions. On the right-hand side of Fig. 1.13,
we indicate how this further localization perpendicular to the growth direction is
manifested in a real PL spectrum in which the relatively narrow Si1−x Gex layer
PL (consisting of two lines, the NP one and its phonon replica) is superimposed
on the Ge-island PL to lower energy. This spectrum largely reflects the energy
variations in a SiGe valence band, like that illustrated on the left-hand side of Fig.
1.13. The fact that the layer PL is observed along with the energetically favored
island recombination indicates that the dots are relatively isolated because some
excitons are being captured by the background-level dopant atoms in the SiGe
layer before finding dots. Note that the island PL begins at an energy below the
layer NP peak, as expected because the dots have higher a Ge concentration than
the layers, which causes the recombination energy to have a significant net red shift
(including confinement effects), the amount of which for a specific dot depends
on the dot’s characteristics, such as size and Ge concentration. Because there is a
range of possible dot configurations, the spectrum for the sample’s ensemble of
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FIGURE 1.14. Evolution from PR to dot PL (2 K, 0.5 W cm–2 of 458-nm excitation light)
for three superlattice structures of the same alloy composition but of different thicknesses:
(a) 20 repeats of (2.7 nm Si0.85Ge0.15 /20 nm Si), (b) 20 repeats of (5.2 nm Si0.85Ge0.15 /20
nm Si), and (c) 15 repeats of (6.8 nm Si0.815Ge0.19 /30 nm Si).209

dots is necessarily much broader than the layer spectrum. We will now discuss
various characteristics of Ge islands obtained using PL spectroscopy.

(a) 2D–3D Growth Transition with Accumulated Strain

In Fig. 1.14 we illustrate how the changeover from a 2D to a 3D growth mode
influences the PL spectrum. The spectral change is quite remarkable ranging from
PR (2D: lower trace) to dot (3D: upper trace) PL peaks for three superlattice struc-
tures grown by MBE at 600◦C. In this example, the superlattice growth sequences
differed only in the Si1−x Gex alloy layer growth times, giving Si1−x Gex layer
thicknesses of 2.7, 5.2, and 6.8 nm for samples (a), (b), and (c), respectively. In
sample (a), the NP peaks originate from excitons in the 2.7-nm-thick Si0.85Ge0.15

layers of the superlattice structure. In sample (b), an increase in the Si0.85Ge0.15

layer thickness to 5.2 nm reduces the confinement shift by 25 meV and a broad,
dot-related PL peak is seen with its high-energy edge near the PR NP energy. For
sample (c), comprising Si0.81Ge0.19 layers 6.8 nm thick, PR PL is not observed
and a more intense dot PL peak is seen shifted further down in energy. In the
TEM diffraction contrast images of the three samples with PL spectra shown in
Fig. 1.14, the density of Ge-rich dot islands increased markedly with Si0.85Ge0.15
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layer thickness, mirroring the change in PL characteristics. This correlation was
decisive in the assignment of the broad PL peak to self-annihilation of excitons
within the Ge islands.

The connection between strain density and the spectra of Fig. 1.14 is consistent
with changes in growth morphology (interfacial roughening where the onset of 3D
growth takes place) that acts to reduce the strain energy of the superlattice stack.
Because the other variables have been maintained constant in this comparison, and
only slight differences in Ge fraction exist between the superlattices, the strained
layer thicknesses remain the only significant difference in the series. The buildup
of strain energy results in metastable structures that become thermodynamically
unstable with respect to relaxation during growth by several strain relief mecha-
nisms. However, in these samples, no evidence by TEM for misfit dislocation, one
important possible relaxation mechanism, was observed, even in the high-strain-
energy density samples, where only Ge-dot PL was obtained. This indicates that
strain accommodation occurs through morphological evolution and formation of
Ge-rich regions. Because the buildup of strain-energy density during growth is
proportional to the square of the Ge fraction, increases linearly with each strained
Si1−x Gex layer deposition, and remains constant during Si layer growth, there are
significant differences among the three superlattices of Fig. 1.14 regarding accu-
mulated strain. From these samples and many others comprising a wide range of
Si1−x Gex /Si multilayers,180 the strain energy contours that separated regimes of
different PL behavior (PR only, PR/dot, and dot) were fairly well established and
indicated that the growth morphology transition occurred at a strain energy density
near 105 J m−2.

The strain variation with well position for a mixed PR/dot PL, three-well sample
(6.8 nm wells) is illustrated in Fig. 1.15, which shows two PL spectra. The upper
spectrum a) taken from an as-deposited sample displays both the PR and Ge-dot
peaks. Spectrum b, from a sample of the same material after a 70-s dilute Schimmel
etch [1 M CrO3:HF(49%), 1:2 volume ratio], had only one quantum well left.
After etching, the dot PL peak was not present consistent with the formation
of dots during epitaxy, where the effective stress was relatively high, farthest
from the substrate. Etching removed the outer material, leaving only a low stress
layer and no broad dot PL signal. The spectroscopic evidence from PL together
with detailed TEM analysis180 of strained Si1−x Gex layers grown under various
conditions corroborated that a transition in growth morphology occurred when
the critical strain-energy density was exceeded. Strain-energy density contours
separate the three regimes of luminescence behavior180 and the increase in density
of strain perturbations observed in TEM also correlated linearly with the increase
in strain-energy density, indicating a strain-mediated change in growth mechanism
from 2D to 3D modes.

(b) Mixed 2D–3D Structures: Dot Stability

Homogenization effects can be observed for some mixed PR/dot (2D/3D) PL
samples upon annealing. Figure 1.16 shows two spectra, one (a) taken for the
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The broad PL line disappears between trace a and trace b, obtained after a 700◦C anneal.180
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as-deposited material and the other (b) for a sample annealed at 700◦C for 100
s. The most significant difference between these spectra is that the dot PL peak
has completely disappeared upon annealing while the multiple PR peaks have re-
mained unchanged. Effectively, the annealing removes the contribution of the Ge
islands in the outer Si1−x Gex wells from the PL spectrum. The growth conditions
and structure for this sample indicate that the effective stress during growth was
below the threshold for Ge-dot formation only for the first three or four quan-
tum wells. It was also suspected that the area density of Ge dots in the upper
wells was lower than necessary for overlap of the dot elastic fields, which ex-
tend out ∼1 μm from the dot. Thus, for this sample, annealing disturbs the dots
sufficiently to homogenize their internal strain, in this way removing the broad
PL line from the spectrum. In fact, this phenomenon appears to be quite general
for the quantum well structures. When the elastic strain fields do not overlap, as
seen in TEM and by the presence of PR peaks, annealing smoothes out the dots,
and when the dot density is high enough, the elastic fields overlap and the dots
are as stable to strain relaxation upon annealing as are quantum wells. The latter
effect was also observed for the undulating samples. Many of the examples given
here clearly illustrate how the evolution of the PL response is a direct indicator of
the transition from 2D–3D growth in strained systems.182,184,185 With techniques
such as scanning tunneling and atomic force microscopy,210–212 direct informa-
tion can be obtained regarding the characteristic atomic disorder that lead to this
morphological transition.

(c) 2D-3D Growth Transition Structures: Carrier Localization

The mixed 2D–3D samples allow us to use the PR PL to benchmark the strength
of the dot luminescence. For example, by examining the PL temperature depen-
dence for samples with both PR and dot PL, one obtains an insight into the improve-
ment in thermal performance that carrier confinement gives in dots. Figure 1.17
shows the temperature dependence of the PL for a sample also shown in Fig. 1.15
taken with 100 mW of 458-nm exciting laser light. This sample consists of three
wells of Si1−x Gex, and in trace a, we see evidence for the NP PR peaks of the two
layers nearest the substrate. As the temperature is increased from 2 to 20 K, there
are two very noticeable changes in the spectra: (1) the bound exciton NP peaks
changes to a single free exciton NP peak and (2) the dot PL peak becomes relatively
stronger. As the temperature is increased further, the broad PL peak is stronger and
persists to ∼90 K, consistent with the assignment of this line to Ge dots because
the dots have greater localization potentials than the quantum well. Similarly, in
the excitation density dependence, no threshold behavior was observed for the dot
broad PL peak that was very efficient at low excitation density.213 This peak, how-
ever, increased sublinearly in intensity with excitation density and shifted slightly
to higher energy with increasing excitation power due to saturation effects.214 Fur-
thermore, at a higher excitation density, the PR PL intensity surpassed that of the
dot PL.

Exciton diffusion and binding effects in mixed systems can be seen in the PL
through both the temperature dependence (see Fig. 1.17) and excitation power
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FIGURE 1.17. Temperature dependence of the PL (2 K, 0.5 W cm−2 of 458-nm excitation
light) for a superlattice consisting of three repeats of 6.8 nm Si0.83Ge0.17/20 nm Si. As the
temperature increases, the bound exciton NP peak changes to a free exciton NP peak and
the Ge-dot PL peak grows in intensity.180

variation. Although the dots themselves are small, their strain fields are relatively
large, enhancing the capture of excitons.215 Exciton diffusion in the volume be-
tween dots is important because dot elastic displacement fields are much larger
(∼1 μm) than the strain fields imaged in TEM; PR PL will not be observed if the
regions between the elastic displacement fields are not large enough to include
any shallow dopant atoms. Exciton diffusion effects are apparent in the variation
with temperature of PL spectra like those shown in Fig. 1.17, where the PR PL
disappears by 20 K while the broad PL intensity persists to ∼70 K. This behavior
at higher temperatures occurs as shallow bound excitons become free excitons that
diffuse within the Si1−x Gex quantum wells and are captured by the Ge dots, where
the decay time and radiative efficiency214 are observed to be quite large in the
absence of the usual competing nonradiative channels. Such persistence to high
temperature of exciton-related PL is expected in quantum well systems, where
exciton binding is increased, confirmed by a saturation behavior with excitation
intensity. The variation of PL character in “transition samples” with incident power
also provides indirect evidence for the presence of saturable exciton sinks, where
the density per unit volume of dot centers is comparable with the exciton density.
An increase in exciton density through increasing the power density produces PR
luminescence from excess excitons free to migrate and self-annihilate at dopant
atom sites.
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(d) PL of Isolated Quantum Dots

The PL phenomena noted in the early work on very small Ge-rich isolated
Si1−x Gex islands in Si1−x Gex layers provide significant insight into the physical
processes that come into play in Ge dots. These experiments and their conclusions
will be discussed in the following paragraphs, including PL variation with (a) x
for Si1−yGey low-concentration dots in Si1−x Gex layers and self-organized islands
(Figs. 1.13–1.15), (b) annealing (Figs. 1.16 and 1.24), (c) PL temperature (Figs.
1.18 and 1.22), (d) excitation density (Fig. 1.20), (e) excitation wavelength, (f)
time after the excitation was removed (Fig. 1.24), (g) Si1−x Gex layer thickness
(Fig. 1.14), and (h) layer position in heterostructure (Fig. 1.15).

Originally, it was observed that the broad PL band from Ge dots followed the
Si1−x Gex strained band gap but was shifted downward in energy from it. The
dependence on “background” Ge fraction of the dot-related broad PL peak is
illustrated in Fig. 1.18, which contains three PL spectra from samples with Ge
concentrations in the range 0.12–0.47. These particular epitaxial layers were grown
by MBE methods213 at relatively low growth temperatures (400 ± 25◦C) to avoid
strain relaxation. Sample A contained a single Si0.868Ge0.12 epitaxial layer 130 nm
thick, sample B contained a 40-period superlattice with alternating Si0.75Ge0.25 and
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FIGURE 1.18. Low-temperature PL (4.2 K, 1 W cm−2 of 514-nm excitation light) spectra
for three samples exhibiting dot PL characteristics with (a) a Si0.88Ge0.12 epitaxial layer
130 nm thick (b) a 40-period superlattice of (7.3 nm Si0.75Ge0.25 / 10.9 nm Si), and (c) a
15-period superlattice of (5 nm Si0.53Ge0.47/20 nm Si).213
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Si layers 7.3 and 10.9 nm thick, respectively, and sample C contained a 15-period
superlattice with Si0.53Ge0.47 and Si layers 5 and 20 nm thick, respectively. At
energies above 1050 meV, only a substrate feature (subTO) was observed. Below
1050 meV, the dot broad PL peak is seen corresponding to internal quantum
efficiencies of the order of 1%. All of the dot-related broad PL peak widths are
similar and the peak position shifts to lower energy with increasing Ge content.
The dot-related broad PL features in all show the same degree of asymmetry in
the low-energy sides of the peaks, and the most intense of these samples show
a smaller peak overlapping the main peak, which is ∼60 meV higher in energy,
close to the TO phonon energy in Si (58 meV), suggesting that the overall peak
is from NP recombination. The NP transition is expected to be relatively strong
for exciton localization in an alloy where the electron and holes locally see large
potential fluctuations due to compositional disorder, as occurs near Ge-rich dots.
Hence, in addition to the alloy effect in Si1−x Gex , the NP intensity can be further
greatly enhanced for small dots due to localization effects. The dot-related peak
for sample A of Fig. 1.18 was confirmed180 to have a NP characteristic with PL
excitation (PLE) spectroscopy in which the excitation wavelength was varied while
the PL intensity was monitored in the broad PL peak (855 meV). The onset of the
PLE coincided with the high-energy edge of the dot PL peak, which could have
occurred only if a NP process caused the broad peak PL.

Carrier localization, in principle, permits PL to be observed at higher tempera-
tures from Ge-rich dots than in epitaxial layers. However, the confinement shift in
small dots generally reduces the activation such that PL is quenched above 50 K,
although for large self-organized dots, spatially indirect emission up to room tem-
perature was observed.216,217 For sample C of Fig. 1.18, the dot- related Si1−x Gex

broad peak persists to about 100 K, but weakens with increasing temperature as
shown in Fig. 1.19.213 The red-shift of this peak (49.5 meV between 10 and 80 K)
reflects the thermal depopulation of energetically shallower dots with increasing
temperature.

The samples of Fig. 1.18, which contained relatively small, weakly overlapped
dots, exhibited a PL intensity first increasing with anneal temperature to about
600◦C and then decreasing to zero at ∼800◦C as shown for the epitaxial layer in
Fig. 1.20. Compared with the as-deposited sample, the dot PL for a sample annealed
at 575◦C was ∼16 times stronger. When the anneal temperature was increased
above 700◦C, the dot PL peak disappeared. This behavior was correlated not with
the appearance of PR peaks but with the rapid increase in the density of misfit
dislocations originating at the Si1−x Gex /Si interfaces. An Arrhenius analysis of the
dot PL peak intensity versus annealing temperature Tan yielded (for Tan < 575◦C)
an activation energy of 352 meV corresponding to the annihilation of nonradiative
traps that were grown-in at low temperature.218,219

(e) PL of Self-Organized Quantum Dots

Self-organized Si1−x Gex island superlattice systems have PL properties simi-
lar to those for isolated quantum dots but with important differences, as will be
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FIGURE 1.20. PL spectra (corrected for instrument response) at 10 K for a Si0.88Ge0.12

epitaxial layer 130 nm thick (a) as-grown, (b) UHV annealed at 500◦C, (c) at 555◦C, (d) at
575◦C, (e) at 625◦C, and (f) at 700◦C for 900 s.213
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FIGURE 1.21. Low-temperature PL spectrum of (a) a 10-period Si0.45Ge0.55/Si island super-
lattice and (b) a 10-period Si0.47Ge0.53/Si island superlattice, both grown by MBE, and (c) a
10-period Si0.5Ge0.5/Si island superlattice grown by UHV-CVD. The samples have similar
alloy layer and Si spacer layer thicknesses (0.33/0.35 and 0.30 nm, and 14 and 15 nm, for
the MBE and UHV-CVD samples, respectively.). The PL spectra were recorded at 5 K with
an excitation intensity of 100 mW cm−2.97

discussed here. A comparison of the low-temperature PL spectrum for other MBE-
and UHV-CVD-grown material in similar structures is shown in Fig. 1.21.97 These
structures were grown at higher temperatures and differ from those of Fig. 1.18
because of the self-organization, which occurred during growth, resulting in ver-
tically aligned Ge-rich islands whose strain fields overlap to a high degree. These
samples, similar to those displayed in Fig. 1.4, have undulating interfaces as op-
posed to the previous ones with planar interfaces. For both the MBE and CVD
samples of Fig. 1.21, no defect-related PL emission lines are observed, confirming
that these superlattices are strained and defect-free. The PL spectrum of the CVD
sample shows a resolved TO-phonon replica and a NP peak corresponding to a
band gap of 870 meV. This band gap is ∼50 meV lower than would be expected
for a uniform planar quantum well with the same nominal growth parameters.220

The low band gap can only be explained by a combination of reduced quantum
confinement and an enhanced Ge concentration at the wave peaks. This Ge con-
centration gradient is the result of diffusion driven by the strain gradient between
the wave troughs and peaks.87 The PL spectra for the MBE-grown wafers show
relatively strong single PL peaks at 730 and 790 meV, again at lower energies
than expected given the nominal growth parameters. As in the case of UHV-CVD
growth, this low energy is attributed to a combination of low quantum confine-
ment and increased Ge concentration at the thickness maxima. In contrast to the
CVD sample, the PL peak for the MBE material does not have a phonon replica
and is both broader and more intense than the peak for the CVD wafer. Simi-
lar PL spectra have been observed previously for Ge islands grown on Si170,171
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and from Ge-rich dots formed in Si1−x Gex heterostructures209 The strong PL
is thought to arise from “phononless” transitions across the indirect gap, which
are allowed when translational symmetry is broken by modulations in quantum
well thickness, local strain, and Ge concentration.111 Further discussion of the PR
PL from undulating Si1−x Gex island superlattices grown by CVD can be found
elsewhere.220

The PL for the sample shown in Fig. 1.21a and other MBE samples is contained
in a broad NP line with no resolved phonon replicas in a manner similar to the
strong, phononless recombination described by Fukatsu et al.111 for Si1−x Gex dots.
The shape of the PL spectra for these MBE samples is also similar to that for the
samples of Fig. 1.18. The PL peak for the MBE samples shifts to lower energy
with increasing Ge fraction, as can be observed between the top and middle traces
of Fig. 1.15. The PL peaks shift to higher energy with increasing excitation density
due to the fact that crests with highest Ge fraction, which give the lower-energy
PL, have an exciton accommodation limit, which leads to PL saturation for these
crests. At higher excitation densities, PL from lower Ge-fraction crests dominates.
The spectra in the lower two traces were chosen such that the samples were fairly
comparable in structure: one grown by MBE and the other by UHV-CVD (Si1−x Gex

alloy thickness of 3.5 nm and 3 nm; x = 0.53 and 0.5 for the MBE and UHV-CVD
samples, respectively). As is apparent, the spectra of these two samples differ
greatly. First, the MBE PL is much too low in energy and is of much higher
intensity. The occurrence at lower energy for the MBE material suggests a greater
concentration of Ge at the wave crests and/or lower strain there, as suggested in
Fig. 1.4. Furthermore, the peak energy shifts to lower energy compared to planar
(parallel interface) layers because of lower confinement energy shifts obtained with
undulated structures.220 Second, the MBE PL comprises a relatively broad NP line,
whereas the CVD PL exhibits PR lines with the NP and TO lines roughly equivalent
in intensity. The PL peak position for various MBE-grown layers is displayed in
Fig. 1.22. The peak shifts to lower energy with increasing Ge content. Furthermore,
for a given composition, the shift is less pronounced in samples with thinner alloy
layers, indicating, again, a confinement shift of the band gap. As we have already
seen, the PL properties of the MBE and UHV-CVD undulating superlattices differ
considerably. In MBE samples, the Si1−x Gex islands are better defined and the PL
signal arises from a phononless recombination mechanism. The PL peak position is
also at energies below the band-gap energy for coherently strained Si1−x Gex alloy
layers of the same composition. This suggests a concentration of Ge greater in the
islands than the nominal Ge concentration and is consistent with local relaxation
of the strain in the alloy. Some quantum confinement shifts are also seen for
undulating superlattices with small (<3 nm) Si1−x Gex nominal layer thickness.
The PL spectrum from UHV-CVD samples exhibits PR lines with the NP line
appearing at a lower energy than a strained flat alloy layer of same composition,
but at a higher energy than in an MBE sample of identical Ge concentration. This
would suggest that less Ge migration and strain reduction occur at the Si1−x Gex

crests in UHV-CVD superlattices, again consistent with the morphology depicted
in Fig. 1.4.
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FIGURE 1.22. PL peak position as a function of composition for various island superlattices
grown by MBE at the temperature indicated. The number next to some data points is the
nominal thickness of the Si1−x Gex layers in the structure.97

For self-organized island samples with undulating interfaces, there is good re-
sistance to thermal treatment up to 850◦C, presumably due to the inhomogeneous
strain distribution. Undulating structures have been examined after heat treatment;
for example, a MBE sample was annealed at various temperatures from 700◦C
to 850◦C for a period of 100 s, as in Fig. 1.23. No significant shifting of the PL
peak was observed even though the intensity decreased by 50% for the highest
temperature. Nonetheless, from this result and those of Raman spectroscopy,97 the
structure was resistant to interface atomic interdiffusion and strain relaxation un-
der annealing conditions where these structural degradations would probably have
occurred for planar Si1−x Gex strained layers with a Ge fraction above 0.3. This
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FIGURE 1.23. Low-temperature
PL spectrum of a 10-period
Si0.47Ge0.53/Si island superlattice
annealed for 100 s at 850◦C (a)
compared to the as-grown sample
(b). PL spectra were recorded at
5 K and at an excitation power
density of 100 mW cm−2.97
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FIGURE 1.24. Time decay of the PL at 5 K for a 3.3-nm-thick Si0.55Ge0.45 10-layer structure
grown at 675◦C. The spectra were obtained after the excitation was turned off. The PL from
the Si1−x Gex undulations decayed toward the lower photon energy within ∼200 μs, unlike
the rapid substrate PL decay.

behavior with annealing is quite different than the relative instability of isolated
dots under heat treatment.

The PL time-decay curves shown in Fig. 1.24 were obtained for the island-
related band PL of a 3.3-nm-thick Si0.55Ge0.45 10-layer structure grown at 675◦C
(the same sample as shown in the top trace of Fig. 1.21). The PL spectra shown were
obtained at various times, beginning with the point when the exciting laser was
turned off. The subsequent PL from the Si1−x Gex undulations shown in Fig. 1.24
decay toward lower photon energy with approximately a 200-μs time constant in
contrast to the PL from the underlying Si substrate that decayed much more rapidly.
The PL was contained in a broad NP line with no resolved phonon replicas. The
Si1−x Gex PL peak shifts to lower energy with increasing Ge fraction. The PL
also moves to higher energy with increasing excitation density due to the fact that
crests with highest Ge fraction (providing the lower-energy PL) have an exciton
accommodation limit, which leads to PL saturation for these crests. Hence, the
PL from lower-Ge-fraction crests predominates at higher excitation densities. At
the same time, the PL from the higher-Ge-fraction crests has a longer lifetime
due to the tighter confinement of excitons in these regions. This longer lifetime
is observed as the PL peak shifts to lower energy with increasing decay time (see
Fig. 1.24). The decays for the PR PL in the MBE material were found to be at least
100 times faster than for the dot PL. Although the result of Fig. 1.24 was obtained
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FIGURE 1.25. Electroluminescence (a) and PL (b) spectra at 4.2 K for the Si0.82Ge0.18 p-n
diode structure. Inset: Schematic of the heterostructure processed into light-emitting
diodes.204

for self-organized island superlattices, similar decay lifetimes were observed for
the isolated islands.

1.3.4.2. Electroluminescence

There have been several recent reports of electroluminescence (EL) from Si/Ge
dots and islands.221–223 However, the first observation of EL from dots in Si1−x Gex

or, for that matter, from any Si-based, MBE-grown device was by Noël et al.204 A
schematic of their p-n Si1−x Gex / Si heterostructure used to fabricate light-emitting
diodes is given in the inset of Fig. 1.25. The structure was grown by MBE using
conventional electron-beam evaporation and was doped in situ during growth with
low-energy As+ ions224 and B atoms from a B2O3 source (the increase in in-
corporated O atoms was negligible for 1017 cm–3 doping).225 To prevent strain
relaxation,226 a low growth temperature of ∼400◦C was used during deposition
of the Si0.82Ge0.18 alloy layer. Dilute Schimmel etching revealed no misfit dislo-
cations and around 103-cm–2 particle-induced threading dislocations. Postgrowth
annealing in the range 550–700◦C was used to reduce the high point defect con-
centration typical of low growth temperatures.224 Subsequent processing into mesa
diodes with diameters of 0.1–0.7 mm was performed using conventional photore-
sist, UV light exposure, and wet etching techniques. Aluminum contact rings were
deposited onto the p-type alloy layer and the etch-exposed n+ substrate, followed
by a contact anneal treatment at 450 ◦C for 300 s. Electrical contact was made with
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Au-wire ultrasonic bonding. The finished chip was mounted in a cryostat with the
diode surfaces exposed to flowing He gas/liquid to prevent heating of the active
layers during electrical excitation.

The diodes were observed to emit light with intensity proportional to the forward
current density and a peak energy that varied with the Ge fraction in the alloy. A
typical EL spectrum is shown in Fig. 1.25a, with the corresponding PL spectrum
of a blanket sample (no mesas) given in Fig. 1.25b. The 1070-meV substrate
peak is observed from the PL sample since, under optical excitation with 514-nm
photons with an absorption distance of ∼1 μm, there was substantial electron-
hole production in the substrate. During electrical excitation, electrons and holes
recombine only at the edges of, or within, the depletion region of the p-n junction
by one of several possible mechanisms (e.g., band-to-band, excitonic, and donor
to acceptor). It is apparent from the EL spectrum that radiative recombination did
not occur on the n (pure Si) side of the junction. Similar depletion effects, in which
parts of the heterostructure were selectively excited, were observed in other EL
samples.209

An estimate of the EL quantum efficiency (QE) was made by comparing the EL
and PL intensities. In EL, the integrated intensity in the range 750–950 meV for a
sample at 4.2 K and diode current of 5 mA was about one-sixtieth the correspond-
ing PL intensity observed for 100 mW of incident 514.5-nm light on the blanket
sample at 4.2 K. For EL, 5 mA corresponded to a current of 3 × 1016 charges/s,
giving a maximum electron-hole (e-h) pair production rate of 1.5 × 1016 s−1. For
PL, 100 mW of 514.5-nm light after surface reflection corresponds to ∼2.6 × 1017

photons/s, which, assuming an efficiency of 100% for the production of e-h pairs,
gives an e-h pair rate ∼17 times that for EL. Therefore, the EL internal QE for the
890-meV band was ∼0.25%. The temperature dependencies for the PL and EL
were similar and this suggests that the annihilation is excitonic. The similarities in
spectral shape and peak energies between PL and EL point strongly to a common
luminescence mechanism (i.e., recombination in dots). When the excitation (elec-
trical or optical) was confined to the alloy region, the EL was similar in all respects
to PL from material with the same Ge concentration [i.e., the same peak energies,
persistence to ∼80 K, and comparable internal quantum efficiencies (estimated to
be ∼0.25–0.75%)]. As in previous PL studies on the same material,214 the peak
energy of the luminescence depended on the Ge concentration and was ∼120 meV
lower than the previously published alloy band gap energy at any value of x .

1.4. Engineering of Si1−xGex Islands

In the previous sections we have seen that the shape, size, and distribution of Ge dots
can, to a certain extent, be controlled by growth parameters such as temperature
and deposition rate, or by postgrowth treatments. The formation and evolution of
Ge dots is dictated by first principles and it is of great interest to devise ways to
further control dot growth and self-organization. Development of dot engineering
is of particular importance for the design of devices that rely critically on either
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the position or size of the dots. The factors that can influence dot formation can be
classified in two categories; those that modify the substrate surface morphology
and those that alter the surface chemistry. In this section, some strategies to tailor
Ge dots are reviewed.

1.4.1. Influence of Surface Morphology

1.4.1.1. Intrinsic Surface Morphology

The presence of surface steps can influence the nucleation of Ge dots. For example,
it has been observed that Ge dots preferentially align at surface steps when grown
on a vicinal (001) Si surface miscut 4◦ along a [110] direction.227 In that case, Si
step-bunching during growth of a Si buffer layer results in the formation of Ge dots
in a transition region between (100) terraces and {11x} facets, with x = 8–10. The
lower coordination of Si atoms and concomitant partial lattice relaxation at steps
both contribute to the preferential nucleation of Ge islands. Controlling accurately
the miscut angle and orientation and devising ways to adjust the step height or
terrace width may be a relatively easy way to control the placement of dots.

Surface undulations in Si1−x Gex island superlattices may also represent a suit-
able template for the subsequent growth of ordered arrays of dots. A better approach
to exploit wafer misorientation is to predeposit Si1−x Gex prior to the Ge dots. In
particular, Si1−x Gex surface wires can be formed when an island superlattice is
grown on a vicinal surface with a well-oriented regular step distribution.228 The
surface waves have a period comparable to the size of Ge dots and favor periodic
arrangement of the dots. Ordered array of dots with surface symmetry governed
by the direction of the substrate miscut have been achieved with this approach.229

In addition to dot positioning, this technique can offer some control on the size
and eliminate coalescence of dots.

Another approach to control the nucleation of 3D islands is to use the strain
field of a misfit dislocation network in relaxed Si1−x Gex material.230–234 Here,
the Ge islands are deposited on a planar Si1−x Gex spacer layer of thickness ex-
ceeding the critical thickness for pseudomorphic growth. Such an epitaxial layer
exhibits a network of misfit dislocations at the substrate interface, with disloca-
tion lines running along [110] directions. The misfit strain associated with those
dislocations extends into the epitaxial layer and induces a regular variation in the
lattice constant at the surface. This residual strain, albeit small, is sufficient to
cause preferential nucleation of the Ge dots at the intersection of perpendicular
misfit dislocations. This technique can, in principle, be used to control dot place-
ment, but it may not be practical for most applications. This is because, first, the
intrinsic random fluctuations in dislocation line spacing in relaxed epitaxial layers
will result in a distribution of Ge islands on an irregular square grid and thus have
limited accuracy on the positioning. Second, misfit disclocations are terminated
by threading dislocations that propagate into the epitaxial films and will, in most
cases, adversely affect the optical and/or electrical properties of a device structure.

Other surface morphological features can promote dot nucleation. Surface pits,
for example, may cause a high local surface step concentration or strain gradients
suitable for dot formation. Pitted surfaces can be obtained in MBE by using a
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FIGURE 1.26. (a) AFM view of the morphology of (001) Si homoepitaxial layers deposited
in conditions that favor surface pit formation. Here, the scanned area is 1 μm2 and the
vertical scale is 20 nm/division. (b) AFM view (1 μm2) of Ge dots formed on a similar Si
pitted surface. The magnified view emphasizes the high concentration of dome islands in
the vicinity of a surface pit. The depletion of the wetting layer in periphery of the domes is
also apparent.

deposition temperature close to that of epitaxy breakdown.235–237 Figure 1.26a
illustrates a pitted morphology on a 2-μm-thick homoepitaxial Si film on (001)
Si grown at 435◦C. The surface exhibits a dense network of pits of 50–100-nm
depth and 400-nm diameter. When Ge dots are grown on such a pitted surface,
it is observed that nucleation is enhanced in the vicinity of surface pits. This is
illustrated in Fig. 1.26b, which displays an AFM image of Ge dots formed on a
pitted Si surface. Here, the Ge dots were obtained by depositing 6 MLs of Ge at
650◦C on a (001) Si surface where pits were formed by predeposition of 2 μm
of Si at a temperature of 420◦C. It is clear that the surface concentration of Ge
dome islands is larger near surface pits and that, conversely, no pyramid dot is
seen by the pits. These observations are suggestive of preferential nucleation and
enhanced mass transport in the vicinity of pits, consistent with the results obtained
when other types of intrinsic morphological feature are present on the surface.
This approach may be useful to control the relative number of pyramids and dome
islands, but here, again, the randomness of the pit formation process makes it
inadequate for accurate dot positioning.

1.4.1.2. Extrinsic Surface Morphology

Surface patterning using standard lithographic techniques offers better possibilities
for size control and exact placement of dots. This approach has been investigated
by a number of authors.199,238–249 The basic idea is to lithographically etch a
nanotemplate suitable for the epitaxy of dots. Early attempts have exploited the
high selectivity of CVD to grow Si on Si stripes etched through a SiO2 layer along
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the [100] direction.242 This resulted in the formation of raised strips of epitaxial Si
bounded by {011} side walls. Ge deposited on this template preferentially grows
near the plateau edges, forming a linear array of dots. Analogous results were
obtained on patterned Si with stripes along the [110] direction.238 In this case,
the anisotropy of the growth rate leads to the formation of mesas of trapezoidal
cross section with {113} and {111} side-wall facets. Ge deposited on this surface
results in self-aligned well-spaced 1D array of dots on the ridges of the mesas.
Two-dimensional arrays of dots have also be obtained by growing on a surface
patterned with square mesas. In particular, Si nanoimprinting at the 10–100-nm
scale has also been shown to be a good means to position Ge dots at a length
scale difficult to attain by conventional lithography.239 In all cases, preferential
nucleation of dots at the ridges of stripe mesas likely results from a number of
factors: higher adatom diffusion on the inclined side walls, barrier to diffusion
down the facets at the mesa edge, and reduced strain energy at the edges.

Similar results can be achieved by a nonselective growth technique such
as MBE by depositing Si on a surface on which Si trenches have been
etched.245,247,248,250–253 Homoepitaxy then results in an undulated morphology
analogous to that of Fig. 1.4a and offers preferred sites for dot nucleation.248 In
contrast with results obtained by CVD, the exact positioning of dots by MBE is
more critically dependent on growth conditions and strain distribution. For exam-
ple, on such an undulated surface, preferential nucleation of dots can occur at the
side walls rather than on the top of the flat top terraces. Nucleation at the top of
the ridges may be achieved, however, if the surface is strained by the insertion
of a Si1−x Gex buffer layer or if the growth temperature is increased.245,247 The
interplay among surface kinetics, strain energy, and surface free energy is clearly
crucial in determining the precise morphology and, clearly, more work is needed
to elucidate to unravel this problem.

1.4.2. Influence of Adsorbed Species

Although the presence of periodic morphological features on the surface greatly
influences the placement and arrangement of Ge dots, it has relatively minor effects
on their shape or physical dimensions. A modification of the surface chemistry
through adsorption of foreign species, the presence of a surfactant, and dopant
segregation may all impact on the intrinsic properties of the dots.

The effect of C pretreatment on the nucleation and evolution of Ge dots is, by
far, the best studied example for the Si1−x Gex semiconductor system. The prede-
position of a fraction of a ML of C on (001) Si creates an inhomogeneous Si1−x Gex

layer that strongly influences dot formation.254–262 This is illustrated in Fig. 1.27,
which compares MBE-grown Ge dots formed with and without C predeposition at
two different temperatures. At a low temperature of 550◦C (Figs. 1.27a and 1.27b),
a 5 ML Ge deposition without C leads to the formation of only a few hut clus-
ters, whereas the dot formation is well established when C is predeposited. This is
consistent with a significant thickness reduction or perhaps complete suppression
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FIGURE 1.27. AFM images of
the surface morphology of a
series of 5 ML Ge epitaxial
layers grown on Si at 550◦C
(a) without and (b) with a
0.2 ML C predeposition, and at
645◦C (c) without and (d) with
a 0.2 ML C predeposition.
Here, the films were grown by
MBE using an electron
cyclotron resonance plasma
source for the deposition of
C.254,255

of the Ge wetting layer in the presence of C.263 Moreover, the surface presents
an unusual morphology characterized by the presence of classic pyramids and
domelike dots of dimensions much less than those normally seen. The latter are
very regular in size (about 25 nm in diameter) and probably result from hetero-
geneous nucleation at Si1−x Gex clusters on the surface. At a higher temperature
of 645◦C (Figs. 1.27c and 1.27d), the C precovered surface exhibits large-dome
islands rather than a mixed distribution of pyramids, indicating that the dot for-
mation has reached a later stage, which is again consistent with a thinner wetting
layer.

Other studies of C-induced Ge quantum dots have reached similar conclusions.
Carbon pretreatment makes it possible to synthesize dome-shaped Ge dots at lower
temperature (500◦C) and their size and density can be tailored through optimiza-
tion of the growth conditions.260 In particular, Ge dots prepared this way exhibit
enhanced photoluminescence.264 The size reduction of the domes puts them in a
regime where quantum size effects are more prominent and makes them attrac-
tive for the conception of quantum optoelectronic devices. The dot position is,
however, strongly influenced by the distribution of surface carbon clusters and the
vertical self-organization in stacked dot structures is lost in C-mediated growth of
dots.

The actual physical mechanism that underlies the influence of C atoms on Ge
dot formation is still a matter under debate. A study of nucleation of Ge quantum
dots on a C-treated surface at low temperature (350◦C) has suggested that strain
effects associated with C-rich domains repel Ge adatoms, leading to the formation
of larger dots with a smaller aspect ratio.263 In another study265 performed at
higher temperature (500◦C), C atoms on the surface were believed to induce the
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nucleation of Ge islands, the size of the latter increasing with the C coverage.
Clearly, additional experimental work and modeling is required to fully elucidate
the effect of C on Si1−x Gex dot formation.

Gas adsorption can influence dot formation. Atomic hydrogen acts as a surfac-
tant in the Ge/Si system, increasing the thickness of the wetting layer.266,267 The
presence of H on the surface should have an opposing effect to C and retard the
transition to 3D growth. Atomic hydrogen, by reducing Ge surface segregation and
affecting surface diffusion, should also modify the structural properties of dots.
Although the effect of atomic hydrogen on dot formation has not been studied in
any detail, molecular hydrogen has been found in low-pressure chemical vapour
deposition (LPCVD) growth to shift the bimodal distribution of pyramids and
domes to smaller sizes.259 The use of Sb as a surfactant has also been found to
influence the size and density of Ge dots.268,269

The introduction of dopants during growth may also influence dot formation
by modifying the surface energy, by atomic bulk and surface diffusion, or by
blocking nucleation sites. For example, Sb-doped dome-shaped Ge islands have
been observed to develop large {100} facets upon annealing, whereas In-doped Ge
islands exhibited strong faceting upon annealing.270 More recently,271 P doping
was found to have a stabilizing effect on dome islands and to inhibit coarsening
upon annealing.

All of the above examples illustrate the broad possibilities that are offered to tai-
lor dot fabrication. Because of its high level of control and reproducibility, growth
on patterned substrates is certainly the most promising direction to achieve device
compatible structures. Research on chemical treatment of surfaces should not be
neglected however, because if used in conjunction with patterning techniques, it
may lead to further optimization of tailored quantum dot structures.

1.5. Applications of Si1−xGex Islands and Dots

In this section, we briefly review recent progress in the exploitation of Si1−x Gex

islands and dots in electronic and photonic devices. Additional information on this
subject can be found in a recent book on silicon-based photonics.272

1.5.1. Photodetectors

Although Si1−x Gex and Ge dots have been used to improve the performance of
above-band-gap near-infrared,132,273–277 intra-subband mid-infrared278–285 and
inter-subband mid- to far-infrared286–288 photodetectors, we will confine the dis-
cussion here to near-infrared devices, which has been arguably one of the most
active research directions so far for the exploitation of Si1−x Gex islands and
dots.97,273,289

The absorption edge of a Si1−x Gex quantum well can be extended to the telecom-
munication wavelength range and beyond, but the lowest-lying transitions are still
indirect. As a result, the optical absorption and, hence, the carrier generation
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efficiency remains small relative to direct-gap materials. Planar Si1−x Gex alloys
or pure Ge layers on Si were first used to extend the spectral response of photode-
tectors beyond the Si band edge.290 Although some progress has recently been
reported,291 it is inherently difficult in standard 2D Si1−x Gex structures to reach
telecommunication wavelengths because of the high Ge content needed to achieve
the desired band-gap reductions. Nonetheless, the use of planar Si1−x Gex alloys
has proven effective in fabricating photodetectors with reasonable quantum effi-
ciencies at 1300 nm292–294, but not at 1550 nm. In practice, Ge concentrations
well over x = 0.5 are required to obtain a significant photocurrent response at
1550 nm, and the corresponding critical thicknesses of the order of 10 nm or less
are unsuitable for device fabrication.295,296 In Si1−x Gex dots, the relaxation of the
momentum conservation condition as well as the 3D charge-carrier confinement
in the islands are expected to significantly enhance the radiative recombination
probability.167,297–299 Vertical alignment in stacked layers of dots can also favour
carrier transport through the structure and enhance radiative recombination. Elec-
troluminescence, persisting to room temperature in some cases, has been reported
in self-assembled stacked Si1−x Gex islands diode structures.165,222,300–302 The in-
creasing importance of quantum confinement effects in such thin layers tends to
push the absorption edge to shorter wavelengths, thus counteracting the effect of
increasing the Ge concentration. One solution has been to grow the Si1−x Gex /Si
multilayers in a regime in which the interfaces are undulated rather than planar,
with the waviness reducing the strain energy and allowing thicker layers. This 3D
growth mode also increases the effective Ge concentrations where there are local
maxima in the quantum well thickness, thus reducing the local quantum confine-
ment at these locations. The 3D growth regime enables the growth of thermally
robust and defect-free structures with high Ge content. Furthermore, the volume
of active material may be increased through imbedding stacks of dot layers in
thicker nonabsorbing Si spacers or using a waveguide configuration to increase
the absorption length.303,304

Undulated Si1−x Gex layers have been applied successfully in the fabrication
of photodetectors operating at telecommunication wavelengths.97,273,275,282,305–307

Si1−x Gex self-assembled islands imbedded in Si forming the intrinsic layer of a
normal incidence p-i-n photodetector have been shown to extend the photodetec-
tion range of these devices to 1.3 and 1.55 μm radiation with a room-temperature
responsivity of 0.2 and 0.003 A W−1 at these respective wavelengths.305 Enhanced
responsivity may be obtained by increasing the active region of the device by cou-
pling radiation through a surface ridge waveguide. An example of structure for
such device is illustrated in Fig. 1.28.273 It consists of stacked wavy Si0.5Ge0.5

layers grown by UHV-CVD on a silicon-on-insulator (SOI) substrate.308 Here,
embedding Si1−x Gex layers in an SOI structure yields a well-confined waveg-
uide with the optical mode profiles mainly governed by the large index contrast
between the Si and the oxide cladding. This wafer was fabricated into a waveg-
uide metal–semiconductor–metal (MSM) photodetector; the geometry is described
elsewhere.308 By placing the Si1−x Gex stack close to the surface and using interdig-
itated electrodes at the surface, a responsivity of 0.1 A W−1 was demonstrated for
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FIGURE 1.28. Schematic structure of an SOI-based Si1−x Gex photodetector (left), XTEM
image of the active Si1−x Gex undulated layer stack (center), and schematic description of
the lateral modulation of the transition energy caused by undulations and Ge accumulation
at crests.

λ = 1.52 μm.308 As an alternative to the use of a SOI wafer, a thick dilute Si1−x Gex

sublayer has also been used to confine the optical modes in the active region of the
detector.309 This approach resulted in detectors of comparable responsivity at the
telecommunication wavelengths as similar device structures grown on SOI wafers.

In addition to providing information on the room-temperature optical absorp-
tion, photocurrent spectroscopy is the most relevant measurement technique for
the evaluation of Si/Si1−x Gex island superlattice structures for photodetectors. As
an illustration, Fig. 1.29 shows photocurrent spectra measured for two different
samples.273,274 The first sample consisted of a 10-period Si0.5Ge0.5/Si island super-
lattice grown by UHV-CVD on a conventional Si substrate with a thick Si cap layer
to help planarize the surface. This wafer was fabricated into a waveguide MSM
photodetector. The second sample was a MBE-grown Si0.5Ge0.5/Si undulated is-
land superlattice, also grown on a conventional Si substrate. It was not possible to
collect photocurrent spectra in the 1350–1480-nm range on these nonwaveguide
samples, because the photocurrent noise floor was much larger due to the large
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FIGURE 1.29. Photocurrent
response measured at 2 V bias
voltage for one MBE-grown
island superlattice and one
UHV-CVD island superlattice.
The solid curve is a fit to the
UHV-CVD sample photocurrent
using Eq. (1.5).



1. Self-Assembled Si1−x Gex Dots and Islands 49

dark current flowing in the Si substrate. This noise problem can be eliminated by
growing the superlattice on an SOI wafer or incorporating it into a p-i-n diode
geometry.

The photocurrent spectra near an absorption edge can be modeled using a simple
polynomial expression of the form

I (E) = C(E − Eg)x , (1.5)

where E is the photon energy and Eg is the absorption edge energy.310,311 A
summation of such terms may be used if more than one optical band edge is
involved. For indirect materials, the exponent x is expected to be 2, but values
obtained for Si1−x Gex superlattices vary between 2 and 4.310,311 In any case,
these thickness-modulated superlattices have a band edge that will vary from
point to point, so the fitted value of x should be regarded as a purely empiri-
cal parameter. On the other hand, the transition energy Eg gives an unambiguous
determination of the room-temperature absorption edge. In Fig. 1.29, the UHV-
CVD data is fitted quite well by a sum of two expressions of the form given
in Eq. (1.5), one with Eg = 0.785 eV and a second much weaker contribution
with an effective absorption edge at Eg = 0.68 eV. This is consistent with pre-
vious PL measurements on these wafers,220 which indicate a minimum band gap
of 0.787 eV at 4.2 K. The photocurrent result establishes that these UHV-CVD
samples have a room-temperature absorption edge well below 0.8 eV. The second
transition energy may correspond to local areas of very high Ge concentration in the
Si1−x Gex islands or possibly defect-mediated photocurrent generation. However,
no evidence of crystal defects appears in the TEM and PL characterization of this
wafer.

The photocurrent spectrum from the MBE sample has a very different shape.
A higher-energy absorption edge near 0.9 eV. (∼1380 nm) is evident, followed
by a strong absorption tail at wavelengths extending past 1600 nm. This is at-
tributed to the fact that, unlike the CVD superlattices, this structure clearly ex-
hibits the island/wetting layer geometry of the Stranski–Krastanow growth mode
revealed by predominantly flat Si1−x Gex on Si interfaces (see Fig. 1.4a). One
interpretation of these data is that the low-energy tail corresponds to the high-
Ge-concentration regions near the center of the Si1−x Gex islands, whereas the
0.9-eV edge corresponds to absorption in the thinner wetting layer. By measuring
the optical power coupled into the waveguide MSM photodetector, the absolute
photocurrent quantum efficiency was determined. At 1550 nm, the measured re-
sponsivity for the 240-mm long-waveguide detector was approximately 0.05 A
W−1 at 1550 nm.273

Fast infrared Si1−x Gex island superlattice detectors have also been realized in
a vertical MSM configuration by growing the stacked Si1−x Gex islands on an
epitaxial buried cobalt silicide layer.284,307,312 In that work, the stacked Si1−x Gex

islands were produced by MBE with the same apparatus and methodology de-
scribed here and elsewhere.97 The morphology of the superlattice presented in
Fig. 1.30 in a TEM micrograph, obtained after mesa etching, is very similar to that
shown in Fig. 1.4. The structure, however, exhibits threading dislocations formed
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FIGURE 1.30. TEM cross-section view of a Si-Si0.61Ge0.39 island superlattice grown on an
epitaxial CoSi2 layer on (011) Si. (TEM micrograph courtesy of Dr. C. Buchal.)

at the substrate/silicide and silicide/epitaxial interfaces. This constitutes a rather
unique example of a device in which a Si1−x Gex island superlattice is incorpo-
rated in a complex heteroepitaxial sequence involving wafer transfer between two
growth apparatus. In this device, long-wavelength photons create e-h pairs in the
small gap islands and the photocurrent is dominated by electrons drifting toward
the silicide electrode. Detectors with a response time of 12 ps and a quantum
efficiency of 5% and 1% at 1.32 and 1.55 μm, respectively, were obtained with
this approach.307 Longer-wavelength photodetectors have also been realized by
exploiting intra-valence-band transitions in self-assembled Ge dots.279,313 Broad
optical absorption in the wavelength range 2–6 μm with responsivities of several
mA W−1 for 20 K operation was achieved in these devices.

1.5.2. Other Applications

Relatively little work has been done on the application of Si1−x Gex dots in micro-
electronics. Ge quantum dots may find application in the field of quantum com-
putation where they could be used to localize carriers forming quantum memory
units (qbits) or perhaps used as single-photon emitters. Considerable work needs
to be done, however, to understand the electronic transport properties of Ge-dot
structures. There have been several reports on hole charging and transport measure-
ments in Ge-dot layers imbedded in Si.314–318 For example, the Coulomb charging
effect of quantum confined hole states in Ge dots embedded in Si barriers314

and lateral tunneling of confined holes from Ge islands to the wetting layer316

have been reported. Capacitance–voltage spectroscopy has shown that Ge-dome
islands have a low, quasicontinuous, averaged density of states, due to the inter-
play of quantization and charging effects,315,317 that may be exploited to tune the
absorption wavelength in vertical gated structures.315 Magnetotransport of thin Ge
quantum wells that contain imbedded Ge hut clusters has shown that the latter
may influence hole transport in a low-voltage regime, possibly through a carrier-
trapping mechanism.318 Finally, self-assembled Ge islands have been successfully
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incorporated into Si-based interband tunneling diodes and record peak-to-valley
ratio Si-based tunnel diodes were achieved.216,319

The luminescence properties of Si1−x Gex islands in the near-infrared makes
them attractive candidates for fabrication of emitters covering the 1.3–1.55-μm
spectral region in Si-based optoelectronics.272,298,320 However, the indirect band
gap of Si1−x Gex results in low radiative combination rates and poor light emis-
sion properties. The optical emission, centered around 1.5 μm, usually originates
from the recombination of holes localized in Ge-rich islands with electrons local-
ized in the surrounding strained Si. The luminescence is characterized by a broad
spectrum that reflects the variations in the size and average composition of the
dots. Improvements in quantum efficiency and spectral purity can be expected in
the future and self-assembled Si1−x Gex dots may become an interesting solution
for on-chip optical interconnects or low-cost optical communications emitters in-
tegrated on Si.272 Different ways of using self-assembled Ge dots as emitters at
telecommunication wavelengths have been reviewed elsewhere.216 The realiza-
tion of a Si-based emitter incorporating Ge dots requires more research on the
factors that influence dot size, shape, and density and the development of group
IV semiconductor nanostructure deposition techniques for the selective growth of
quantum dots. The latter is becoming the most active area of research in the physics
of semiconductor quantum dots.

1.6. Summary and Future Prospects

In this chapter, we have reviewed recent developments in the physics and character-
ization of self-assembled islands and dots. We have attempted to give the reader a
broad overview on the growth, shape evolution, structural, vibrational, and optical
properties of a wide variety of such nanostructures. The principal points discussed
may be summarized as follows:

� Island and dot formation in heteroepitaxy result from the interplay between the
surface free energy and the built-in strain energy. Minimization of energy and
kinetic barriers dictates the evolution of morphology of the epitaxial film.

� In the Si1−x Gex system, the 3D growth mode evolves with coverage through a
series of metastable island configurations.

� Stacked layers of dot or island superlattices are strongly correlated vertically.
Island superlattices possess a characteristic modulation length that is a function
of the strain and elastic properties of the material.

� The photoluminescence signature of Si1−x Gex islands is a broad peak at about
800 meV. The exact energy, breadth, and intensity of the PL signal depend on the
physical properties such as the dimension of the islands, their size distribution,
average composition, and strain conditions.

� Si1−x Gex dot growth can be engineered either through semiconductor surface
treatment or surface patterning. Carbon predeposition can influence dot nucle-
ation and growth.
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� Dot engineering offers the possibility to tailor the properties of Si1−x Gex semi-
conductor dots that may become building blocks for the next generation of
devices.

It was not possible here to discuss in depth all of the topics covered in the chap-
ter. For that reason, special care was taken to provide an extensive bibliography
to guide any reader interested in learning more about the physics and applications
of Si1−x Gex nanostructures. Originally perceived as undesirable 3D features, self-
assembled dots are now among the most studied semiconductor heteroepitaxial
systems. Now that dot formation is better understood and the physical properties
are becoming elucidated, the world of semiconductor quantum dots is becoming a
fascinating playground for device physicists. One short-term challenge will be to
devise ways to control the size, composition, and placement of those nanostructures
in order to better tailor their properties. The next challenge will be the integration
of dot structures in actual devices and circuits. The development of quantum com-
puting is a daunting task and it is very likely that quantum dot structures may play
a central role in this endeavor.
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2.1. Formation of Titania Nanocrystals
by Surfactant-Assisted Methods

2.1.1. Introduction: How to Control Morphology
and Functionalize Ceramic Materials

Titania nanocrystals, which have a large surface area with controlled surface struc-
ture and high electron transport properties, are essentially important for high-
efficiency dye-sensitized solar cells. Morphological control and high crystallinity
are the key properties needed in titanium oxide materials for dye-sensitized solar
cells. In this section, we first review morphological control and functionalization
of nanosize ceramic materials from a wide point of view.

One of the most active trends in modern materials chemistry is the devel-
opment of synthetic methods to obtain size- and shape-controlled inorganic
nanocrystals.1–3 The shape and size of inorganic nanocrystals determine their
widely varying electrical and optical properties.4,5 For example, quantum dots ex-
hibit strongly size-dependent optical and electrical properties. Magnetic studies of
nanocrystals show that the blocking temperature, saturation, and remnant magne-
tization of nanocrystals are solely determined by the size, regardless of the shape.
However, the shape of the nanocrystals is the dominant factor in their coercivity.6

Morphological control of nanosize materials is essential for their functional-
ization, as shown by the above examples. Investigators have recently shown keen
interest in controlling the morphology of nanomaterials and clarifying the cor-
relations between a material’s properties and its morphology.1,6–20 Until now, a
number of methods have been developed to control the shape of nanocrystals.

In the case of CdSe, the shape of the nanocrystals is controlled by a mixture
of surfactants that differently bind to the crystallographic faces, utilizing the in-
teraction between the surfactant and the nanocrystal surface.1,21,22 The organic
surfactants cannot coat one face of the nanocrystals, which raises the energy of
this face relative to others, allowing it to grow quickly and form a rod shape. In the
formation of CdSe nanocrystals, the monomer concentration in the growth solution
is also a determining factor in shape control and shape evolution.7 If the remaining
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monomer concentration in the growth solution is extremely high, the solution can
supply a sufficient amount of monomers for each seed to fully grow arms on
the four (111) facets of the zinc-blende structure of the tetrahedral seeds, yielding
tetrapoles. A moderately high monomer concentration can only support the growth
of a single arm in its one-dimensional (1D) growth stage, generating rod-shaped
nanocrystals. At low monomer concentrations, these elongated nanocrystals are
not compatible with the low chemical potential environment. Consequently, the
system can only generate dots. On the other hand, ligand influence on the monomer
is also important.8 In general, a relatively small number of nuclei are desired for
the growth of elongated nanocrystals because the change of the monomer con-
centration in the solution caused by the nucleation process and the subsequent
growth process should be relatively small. This should result in a relatively stable
monomer concentration in the solution, suitable for the growth of a given shape.7,8

How to control the growth rate of the nanocrystal is another method for shape
control. In the formation of the CoFe2O4 nanocrystal, the growth rate of the
nanocrystal is the key in shape control. A slow heating rate kept a low concen-
tration of available metal cations from the decomposition of precursors, which,
combined with the low growth temperature, gave a slow rate of crystal growth.
The growth of cubic CoFe2O4 nanocrystals was terminated at {100} planes, which
were predicted to have the lowest surface energy. When a much faster heating rate
was employed, a high concentration of metal cations was present. A faster growth
rate at a high temperature with abundant metal cations available resulted in crys-
tal growth with much less selectivity in direction and, hence, produced spherical
CoFe2O4 nanocrystals.6

The biological route is a developing and attractive method for the shape control
of nanocrystals. Metal alloy ferromagnetic nanostructures FePt were successfully
synthesized by biological methods.9 A phage display methodology was adopted
to identify peptide sequences that both specifically bind to the ferromagnetic L10

phase of FePt and control the crystallization of FePt nanoparticles using a mod-
ified arrested precipitation technique. Transmission electron microscopy (TEM),
electron diffraction, scanning transmission electron microscopy (STEM), and X-
ray diffraction all indicated that these nanoparticles were composed of an FePt
alloy with some degree of chemical ordering, and super quantum interface device
(SQUID) analysis showed that these nanostructures are ferromagnetic at room
temperature, possessing coercivities up to 1000 Oe.

Controlled removal of the stabilizing organic molecules from the surface of
nanoparticles induces fusion of nanoparticles, which produces a simple method
to synthesize 1D nanocrystals using self-assembly. Nanoparticles of CdTe were
found to spontaneously reorganize into crystalline nanowires upon controlled re-
moval of the protective shell of an organic stabilizer, thioglycolic acid.12,13 In an
early stage of the nanowire formation, “pearl necklace” agglomerates composed
of nanoparticles were observed in the TEM image. The “pearl-neck-lace” shape of
fused gold metal was successfully synthesized by controlling the concentration of
the capping reagent.23

A template approach is an effective way to make nanorods and nanotubes. To
date, the oxide nanotubes and nanorods such as TiO2, MnO2, Co3O4, WO3, and
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ZnO have been formed by using anodic alumina membrane as templates.24–26 The
desired materials are then synthesized within the pore of anodic alumina. Recently,
a Eu2O3 nanotube array was successfully prepared by an improved sol-gel method
combined with an anodic alumina template.12

Various ideas for the morphological control were introduced to each case, as
mentioned earlier. Recently, an interesting phenomenon has been found to oc-
cur only for tiny nanosize particles. Penn and Banfield27,28 showed that a long
chain of highly ordered titania could be formed from a solution of primary tita-
nia nanoparticles. Until this finding, it seemed that aggregation of nanocrystals
would always lead to a disordered solid. They referred to this as oriented attach-
ment. ZnO and SnO2 nanorods were also formed from nanoparticles in the same
mechanism.13,14

These findings encourage us to attempt to synthesize nanocrystals with a desired
morphology by developing and exploring new methods. In the present chapter, new
findings in our laboratory in the control morphology and functionalization of ma-
terials are presented. Section 2.1.2 describes in detail how the network structure
of single-crystalline TiO2 anatase nanowires can be formed by an ”oriented at-
tachment” mechanism for application to dye-sensitized solar cells.29 Section 2.1.3
shows that various morphologies of crystalline anatase TiO2 can be formed using
dodecanediamine as a shape controller.30–31

For the application of these functional nanosize materials for devices, assem-
bling such devices by self-organization of functional elements that take the proper
position and shape and establish connections with the other components is an es-
sentially important issue.17,18 However, the details are not described here, as this
issue is outside the topic of this chapter.

2.1.2. Formation of Network Structure of Single Crystalline
TiO2 Nanowires by the “Oriented Attachment” Mechanism

2.1.2.1. Introduction

Nanosize semiconductor ceramics are useful materials for photoactive systems
such as dye-sensitized solar cells (DSCs), as shown by Grätzel in 1991.32 A
porous thin film composed of titania nanosize particles accumulated on a trans-
parent conducting glass has been used as an electrode to achieve a high specific
surface area for adsorption of a large number of dye molecules. However, the elec-
tron diffusion coefficients determined by laser flash-induced transient photocur-
rent measurement33–35 and intensity modulated photocurrent spectroscopy36–37

were more than two orders of magnitude smaller than the value for bulk anatase
crystal. These small diffusion coefficients can be roughly understood by the hy-
pothesis of electron traps in the porous TiO2 with a very broad distribution of
release rate. Defects in the porous TiO2 may act as electron traps and exist in
grain boundaries at the contacts between nanosize particles. Thus, the use of a
single-crystalline network structure of TiO2 nanowires instead of TiO2 nanopar-
ticles is expected to result in a great improvement in rapid electron transfer and,
thus, higher efficiency.
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In this section, we present the preparation of a TiO2 single-crystalline net-
work structure of nanowires by an “oriented attachment” mechanism38–41 using
surfactant-assisted processes at low temperature (353 K).29 We applied this anatase
single-crystalline titania network structure, exposing the {101} plane as a semi-
conductor thin-film electrode in DSCs and attained a high light-to-electricity con-
version yield of 9.3%.

2.1.2.2. How to Make TiO2 Network Structure of Anatase Nanowires

In a typical synthesis process, laurylamine hydrochloride (LAHC) was dissolved
in distilled water and tetraisopropylorthotitanate (TIPT) was mixed with acetylace-
tone (ACA) in order to decrease the hydrolysis and condensation rates of TIPT.
When TIPT was mixed with the same molar ratio of ACA, ACA coordinated to the
titanium atom, with one isopropoxyl group unbound. The coordination number of
the titanium atom changed from 4 to 5, resulting in a color change from colorless to
yellow.42 This yellow TIPT solution was added to 0.1 M LAHC aqueous solution
(pH 4–4.5). The molar ratio of TIPT to LAHC was 4. When the two solutions were
mixed, precipitation occurred immediately. The precipitates were dissolved com-
pletely by stirring the solution for several days at 313 K, and the solution became
transparent, indicating that the precipitates were finely divided (i.e., the size became
smaller than the wavelength of light), and surfactant molecules interacted well with
the titania compounds. The temperature was then changed to 353 K. After 3 h at
353 K, the solution became a hard gel. After 5 h, the gel became weak and shrank
with the proceeding condensation reaction, releasing isopropyl alcohol and ACA.
After 3 days, the solution became a white gel with a thin yellow liquid layer. The
titania products were separated by centrifugation. After washing with 2-propanol
and successive centrifugation, the titania powders were dried in a vacuum.

Characterization of the produced materials was accomplished by X-ray diffrac-
tion (XRD) (Rigaku Goniometer PMG-A2, CN2155D2), transmission electron
microscopy (TEM) (JEOL 200 CX), fast Fourier transform (FFT), selected-area
electron diffraction (SAED), and isotherm of nitrogen adsorption (BEL SORP 18
PLUS).

2.1.2.3. Formation of Network Structure of Single-Crystalline TiO2 Nanowires

In general, morphological control of nanosize materials is attained by using a mix-
ture of surfactants that bind differently to the crystallographic faces.21,22 These
organic molecules also act as surface ligands and have the ability to control the
shape and size of the growing particles.43 On the other hand, monomer concentra-
tions also play an important role in shape control.7,8 It also is worth noting that an
“oriented attachment” mechanism was found to be able to control the formation
of rather complicated structures using selective attachment between the specific
crystallographic planes, especially for titania nanoparticles.27,28 The results sug-
gested that the morphology of the nanocrystal could be controlled by suitable
modification of reaction conditions in the formation processes, as shown recently
by Banfield et al.43
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FIGURE 2.1. TEM image of vacuum-dried sample prepared at 353 K for 1 day. (a) Titania
of wires and network structure were observed. (b) SAED pattern of titania nanowires.

We present the formation of single-crystalline titania nanowires made of crys-
talline spherical titania nanoparticles in aqueous solution based on oriented
attachment.29 Figure 2.1a shows a TEM image of the vacuum-dried titania pow-
ders heated at 353 K for 1 day. We can see the titania nanonetwork consisting
of nanowires 5–15 nm in diameter. The titania nanowires have a very high crys-
tallinity, as can be seen on SAED patterns (Fig. 2.1b) in a wide area, showing
the Debye–Sherrer rings of {101}, (004), (200), (105), (204), (220), and (215)
diffractions of the anatase phase.

An high resolution TEM (HRTEM) image of nanowires and nanonetworks with
a single anatase crystal structure is shown in Figure 2.2. Most of the aggregated par-
ticles form a wire shape with a single-crystalline structure. There were almost no

FIGURE 2.2. HRTEM image of sev-
eral titania nanowires with a sin-
gle anatase structure formed by ori-
ented attachment. Arrows in the
HRTEM image indicate the inden-
tations. Inset: FFT pattern obtained
from HRTEM. The spacing of the
lattice was calculated as 3.51 Å
by FFT analysis, corresponding to
{101} spacing of the anatase phase
of titania.
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isolated particles observed. Lattice images were clearly observed, indicating that
these nanowires, composed of fused nanoparticles with a diameter of 2–5 nm, had
high crystallinity in spite of their small size. Because the lattice images aligned per-
fectly, the orientations of crystals of fused nanoparticles were completely aligned.
This feature shows that nanowires were made by an oriented attachment mech-
anism. A lattice spacing of 3.51 Å was determined by a FFT pattern (inset of
Fig. 2.2) and corresponded to the lattice spacing of the {101} plane of the anatase
phase.

The lattice images in Fig. 2.2 may be directly related to the crystal growth of
nanowires. Two arrows indicate the bond between two particles. These indenta-
tions are a feature of crystal growth by the oriented attachment mechanism. This
suggested that the oriented attachment occurred in the [010] or 〈101〉 direction and
made a network structure. In this case, the {101} plane is mainly exposed. The
network of nanowires formed by oriented attachment had an irregular shape, as
shown in Fig. 2.2 because of the bonding process, as mentioned earlier. The lattice
planes always aligned with each other in all observed cases of fusion of nanoparti-
cles. Oriented attachment seemed to always occur when nanoparticles fused with
each other under our experimental conditions. This finding was very interesting,
because crystal growth by the oriented attachment mechanism was observed be-
low 373 K. Usually a much higher temperature is needed, e.g., 433–523 K.27,28

This observation confirmed a remarkable characteristic of our surfactant-assisted
synthesis method using ACA.

The particle size distribution in the system can be modified by the oriented
attachment of primary particles, leading to the formation of wire-shaped struc-
tures. There is certainly a strong thermodynamic driving force for oriented attach-
ment, because the surface energy is reduced substantially when the interface is
eliminated.39,40 The driving force for the assembly process is thus the reduction
of surface energy, and this mechanism has been reported already for a variety of
metal oxide systems.13,14,44

In the titania system under hydrothermal conditions (433–523 K, 15–40
bars),27,28 crystal growth was reported to occur along [001]. Oriented attachment
in common titania systems occurs occasionally on [001] and rarely on 〈101〉. This
mechanism effectively serves to reduce the overall surface energy by eliminating
the surfaces at which the crystallites join. We speculated that organic molecules
such as surfactants might hinder or modify oriented attachment. Organic molecules
adsorbed on a crystallographically specific surface can modify the oriented at-
tachment mechanism by changing the surface energy and also preventing contact
between the faces on which adsorption has selectively occurred. In our surfactant-
assisted system, the observed attached planes in the image are not [001] with high
surface energy but 〈101〉 with low energy. We supposed that the surface energy
was decreased by the surfactants adsorbed to the (001) planes. It has been reported
that the surface density of sixfold-coordinated Ti atoms with hydroxyl of the (001)
surface structure is high compared to that with the {101} surface. The numbers of
hydroxyl groups are 7.0 nm−2 for (001) surfaces and 5.1 nm−2 for {101} surfaces,
respectively.45 The (001) plane thus adsorbed much more surfactants than the
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FIGURE 2.3. TEM (a) and HRTEM (b) images of titania nanorods prepared with ACA/
Ti = 0.2 at 353 K for 1 day.

{101} plane and hindered the contact between (001) planes, resulting in oriented
attachment occurring on the {101} plane.

We carried out the experiment repeatedly while varying the reaction rate to inves-
tigate the relationship between the adsorption of the surfactants and crystal growth.

The mole ratio of ACA to TIPT was changed to 0.2 from 1 and the reaction
behavior drastically changed. When LAHC solution was added to TIPT–ACA so-
lution at a mole ratio of 0.2, a white colloidal suspension was formed immediately.
A transparent supernatant was formed after the precipitation. Although the tem-
perature was changed to 353 K, gelation did not occur, indicating that surfactant
molecules did not affect the formation process of TiO2. The structure of the product
heated at 353 K for 1 day was examined on TEM and HRTEM images. A rodlike
morphology with average diameter of 5 ± 2 nm and average length of 20 ± 10 nm
(aspect ratio ∼= 5) was observed as shown in Fig. 2.3a. The diameter of nanorods
was not constant throughout their length. The SAED pattern of this sample indi-
cated Debye–Sherrer rings corresponding to lattice planes of the anatase phase.
The lattice configuration of the nanorods is clearly shown in HRTEM images of
Fig. 2.3b, and the lattice spacing was found to be 3.52 Å, in agreement with lattice
spacing of {101} planes of the anatase phase. As shown in Fig. 2.3b, it was ob-
served that the direction of crystal growth was not the 〈101〉 but the [001] direction.
This result suggested that the attachment occurs mostly in the (001) plane.

The XRD pattern of titania nanorods prepared in the same way was measured
under the conditions of 35 kV and 20 mA and is shown in Fig. 2.4, indicating the
formation of the anatase phase. Comparing the intensity of the (004) peak of this
sample to that of the standard TiO2 sample shown in Joint Committee on Powder
Diffraction Standards (JCPDS), it was found that the relative intensity of (004)
had increased 2.5 times from 20% to 50%. This implied that crystal growth of
the titania nanorod occurs along the [001] direction, consistent with the HRTEM
images in Fig. 2.3b.
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FIGURE 2.4. XRD pattern of titania nanorods prepared with ACA/Ti = 0.2.

Figure 2.5 clearly shows the crystal growth along the [001] direction under
ACA/Ti = 0.2. The lattice spacings in Fig. 2.5a were determined to be 4.75 Å–
3.52 Å and 2.38 Å, corresponding to the (002), {101}, and (004) planes of the
anatase phase, respectively. The HRTEM image without the lattice image of the
{101} plane in Fig. 2.5a was obtained by masking the {101} plane by the inverse
FFT method, as shown in Fig. 2.5b. These results show that the surface energy
of crystal growth differs with the reaction conditions. Because the condensation
reaction speed was much faster under ACA/Ti = 0.2, it is predicted that the crystal
growth occurred before the surfactant molecules were adsorbed on the titania

FIGURE 2.5. (a) HRTEM image of the aggregated titania nanorods prepared with ACA/Ti =
0.2 at 353 K for 1 day. (b) HRTEM image masked {101} plane in (a) by the inverse FFT
method.
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nanoparticles. Therefore, the crystal growth occurred along the [001] direction,
which is common for oriented growth in titania systems. The results were also
consistent with the findings of Banfield and Penn in the absence of ACA.27,28

Thus, it can be concluded that the direction of crystal growth by oriented at-
tachment can be controlled by regulating adsorption of surfactant molecules via
control of the reaction rate. By choosing a suitable condition, we can make single-
crystalline anatase, exposing mainly the {101} plane by the surfactant-assisted
oriented attachment mechanism at a low temperature (353 K).

2.1.3. Morphological Control of Anatase Nanocrystals
Using Dodecanediamine as a Surfactant 30–31

2.1.3.1. Introduction

Morphological control of TiO2 nanocrystals with high crystallinity is a big chal-
lenge. Synthesis using the pore of an anodic aluminum oxide24,25 template is
the most common method.26,46–53 Nanotubes and nanowires synthesized by this
method give highly ordered arrays and, in some cases, show photoluminescence.52

However, these materials usually have a polycrystalline phase, and the diameter
is over 50 nm; that is, the surface area is not very large. Recently, a couple of
methods have been developed to form a single-crystalline anatase phase by the sol-
gel method52 and electrochemically induced sol-gel preparation.53 On the other
hand, the simple hydrothermal method also has been used to synthesize nanotubes
and nanowires as 1D TiO2 nanocrystals.54–60 Needle-shaped TiO2 crystals with a
diameter of 8 nm and a length of 100 nm were obtained by this method, indicat-
ing that TiO2 nanotubes with a small diameter and very large surface area were
obtained.54,55 Unfortunately, these nanotubes did not show a clear anatase phase by
XRD and were expected to be a layered titanate H2Ti3O7.59,61,62 By improvement
of the reaction conditions, recently singlecrystalline anatase nanowires have been
obtained with this method.58 Surfactant-mediated synthesis was also reported.63

For the morphological control of nanocrystalline TiO2, the method of hydrolysis
and polycondensation of titanium alkoxide using tetramethylammonium hydroxide
(Me4NOH) as a catalyst has been developed and has demonstrated control over
crystal structure, size, shape, and organization of TiO2 nanocrystals by adjusting the
relative concentrations of titanium alkoxide and Me4NOH, the reaction time, and
pressure.64 In some conditions, anatase clusters self-assemble into superlattices.
This process can make highly structured titanium films, although the size is very
small.64

In another article65, we described how uniform anatase-type TiO2 nanocrys-
tals with different shapes were formed by the phase transformation of a Ti(OH)4

gel matrix in the presence of shape controllers [i.e., triethanolamine (TEOA), di-
ethylenetriamine, ethylenediamine, trimethylenediamine]. The shape control can
be explained in terms of the specific adsorption of TEOA onto the crystal plane
parallel to the c axis at pH 11.5 and by the pH dependence of the adsorption onto
ellipsoidal particles.
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From the results of the shape control experiments mentioned earlier, amine com-
pounds were found to play an important role. We introduced the hydrophobicity
[i.e., dodecanediamine (DDA)] to the shape-controlling system65 and succeeded
in the formation of nanoparticles, nanowires, nanotubes, and even a flowerlike
shape of the anatase phase and a nanosheet of the Lepidocrocite phase by control-
ling pH, the relative concentrations of titanium alkoxide and DDA, the reaction
temperature, and time.

2.1.3.2. How to make Shape-Controlled TiO2 Nanocrystals

Tetraisopropylorthotitanate was mixed with TEOA at a molar ratio of [TIPT]/
[TEOA] = 1/2 to form a compound of Ti(IV) (quadrivalent titanium compound),
which is stable against the hydrolysis of Ti(IV) at room temperature65 and distilled
water was then added to make a homogeneous stock solution. The DDA solution
was added into the above stock solution of Ti(IV), and the pH of the solution
was adjusted by adding HClO4 or NaOH solution to the reaction solution (initial
pH). The mixed solution was stirred vigorously for 1 h, put into a Teflon reactor
sealed with a stainless-steel vessel and aged at 373 K for 24 h and then kept at
the desired temperature (413–453 K) for a desired period (72–96 h) to nucleate
and grow the titania particles. The resulting white solid products were centrifuged
and washed with distilled water and ethanol, followed by drying at 353 K in
air.

The obtained samples were characterized by XRD using a Rigaku Goniome-
ter (PMG-A2, CN2155D2) X-ray diffractometer with Cu-Kα radiation (λ =
0.15417 nm). The morphology and crystalline structure were observed by TEM
(JEOL 200CX) with an acceleration voltage of 200 kV, SAED, and scanning elec-
tron microscopy (SEM) (JEOL JSM-5510) images.

2.1.3.3. Formation of Shape-Controlled Nanocrystals: Nanoparticles,
Nanorods, and Nanotubes of Anatase Phase

From an application point of view, TiO2 nanocrystals are important in photocatal-
ysis, ceramic materials, fillers, coatings, pigments, and cosmetics and have been
attracting attention in both fundamental research and practical studies. The electri-
cal and optical properties of titania are greatly dependent on its size and shape, so
the performance of titania in such applications can be optimized by control over the
morphology of materials, control that depends on our understanding of the funda-
mental details of the nucleation and growth of titania. Among the different shapes
of TiO2, 1D nanostructures, including nanowires, nanorods, and nanotubes, have
attracted substantial research interest not only because of their specific quantum
confinement effects but also because of their ability to conduct electrons, which
makes them especially promising for future application in nanoelectronics and
photovoltaic cells.

Figure 2.6 shows the SEM and TEM images of the samples obtained after 72
h of hydrothermal reactions at 413 K under different initial pH conditions. The
other reaction conditions are [TIPT] = 0.25M , [TEOA]/[TIPT] = 2, and [TIPT]/
[DDA] = 5.



2. Synthesis of Titania Nanocrystals 81

FIGURE 2.6. SEM micrographs of samples formed under initial pH of (A) 5.6, (B) 10.4, (C)
10.7, and (D) 11.1, (E) TEM micrographs of samples formed under a pH of 11.1, and (F)
SAED pattern of image E.

Obviously, with an increase in the initial pH of the solution, the shape of the
prepared sample changed from nanoparticles, ellipsoids, and nanorods to a flow-
erlike shape, which showed that the pH of the solution had a significant effect on
the morphology of the titania and also showed that introduction of hydrophobic-
ity by the addition of DDA made a new and interesting flowerlike shape of TiO2

with diameter of 1–2 μm, as shown in Figs. 2.6D and 2.6E. SAED (Fig. 2.6F)
showed many spots of anatase crystal. The TEM image and SAED indicated that
the flowerlike TiO2 was composed of single- crystalline anatase nanorods with
homocentric growth.

The XRD pattern shown in Fig. 2.7 revealed that all sharp peaks could be indexed
as anatase TiO2. No characteristic peaks of other impurities were observed. These

FIGURE 2.7. XRD patterns of TiO2 formed under initial pH of 11.1.
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FIGURE 2.8. SEM micrographs of samples formed under pH of 11.1 at different hydrother-
mal times of (A) 1 h, (B) 30 h, and (C) 72 h; (D) low magnification image of (C).

results indicated that the products had high crystallinity and purity. Similar XRD
results were obtained for all other samples shown in Fig. 2.7.

In order to elucidate the formation mechanism of the beautiful flower-shaped
nanostructure, the shape evolution of titania formed during the preparation was
measured (Fig. 2.8). From the SEM image shown in Fig. 2.8A, the first shape
formed was a nanodisklike structure with a size of 10–30 nm. A sheet structure
with a thickness of 10–30 nm was observed next, as shown in Fig. 2.8B. The sheets
did not exist in an isolated state, but showed a multilayered structure similar to the
lamellar phase of the surfactant. In Fig. 2.8B, some sheets on the outer surface have
rolled into nanorods, as indicated by an arrow. Figure 2.8C shows flower-shaped
aggregates composed of an orderly alignment of rods. In the low-magnification
SEM image (Fig. 2.8D), almost all TiO2 show the same flowerlike shape with
standing or flat orientation, which showed the very high yield of this shape. The
reproducibility of the preparation of this structure was also confirmed.

As mentioned earlier, the pH value of the solution is very important for the shape
control of TiO2. This important effect of pH was explained by the variation in the
charged state of DDA by pH. The charged state of DDA changes with pH value, as
shown in Fig. 2.9: H3

+N(CH2)12NH3
+ under pH lower than 8, H2N(CH2)12NH3

+

under pH between 8 and 11, and H2N(CH2)12NH2 under pH higher than 11.
Double-charged DDA under pH lower than 8 is expected to be hydrophilic.

Therefore, only nanoparticles of TiO2 can be formed under this condition, because
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FIGURE 2.9. Titration curve of DDA solution.

the lamellar structure of the surfactant cannot be formed, and there is very little
adsorption of DDA on the TiO2 crystal surface as well.61 Monocharged DDA
under a pH value between 8 and 11 is expected to become amphiphilic and make
a lamellar phase. NH2 at one end of DDA is predicted to interact and be adsorbed
on the TiO2 surface, but NH3

+ at the other end of DDA is hydrophilic, and little
adsorption of DDA on the TiO2 surface is expected. Thus, the lamellar structure
in this range was inferred to be a loose structure. Hydrolysis reaction of TIPT
produces a molecule of isopropylalcohol four times larger than TIPT. Isopropyl
alcohol penetrates and intercalates easily into the lamellar structure formed under
this condition and removes DDA, resulting in rolling of the TiO2 nanosheets,
breaking down of the lamellar structure, and making mainly nanorods of TiO2. We
confirmed this prediction by an experiment under pH 10.7. Under this condition,
nanosheets were observed during the reaction. SEM and TEM images are shown
in Figs. 2.10A and 2.10B. Rolling of nanosheets was observed everywhere in the
sample (Fig. 2.10A), and a nanorodlike structure was formed (Fig. 2.10B).

When the pH value was adjusted higher than 11, DDA took a nonionic state,
which was hydrophobic and strongly adsorbed on the TiO2 surface. In this state,
the most stable inorganic/organic hybrid of titanium oxide–DDA lamellar structure
was formed, as will be shown in Fig. 2.12 C. Both NH2 groups of DDA attached
to the adjacent layer of TiO2 by a strong interaction with the TiO2 surface. The
lamellar structure formed under this condition was very stable. We inferred that
alcohol molecules have difficulty in penetrating or intercalating between the two
layers. Thus, only the surface layer is exposed to isopropyl alcohol. When alcohol
molecules remove the DDA of the first layer, the first layer of TiO2 starts rolling
into nanorods. The second layer is then exposed to alcohol, resulting in removal of
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FIGURE 2.10. (A) SEM micrograph and (B) TEM micrograph of the sample prepared under
pH of 10.7 with a hydrothermal time of 30 h.

DDA of the second layer and rolling into nanorods. Repetition of this process leads
to the formation of flowerlike-shaped TiO2 with nanorods aligned in a homocentric
shape.

When the pH was adjusted to 12.8, flowerlike-shaped particles composed of
nanotubes were observed, as shown in Fig. 2.11. Low-magnification SEM image
(Fig. 2.11A) shows a very high yield of the flowerlike-shaped particles. From
the high-magnification SEM image (Fig. 2.11C), clear nanotubes were observed.
Under very high pH conditions, the reaction Ti −OH + OH− → Ti−O−+ H2O
occurs, and the TiO2 surface of the thin layer was covered by Ti–O− anions. Thus,

FIGURE 2.11. (A–C) SEM images of the sample prepared under pH 12.8. (D) TEM image
in the middle of the formation processes under the same conditions.
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the curvature of the rolling sheet becomes small because of the strong electrostatic
repulsions, resulting in the formation of nanotubes. The TEM image shown in
Fig. 2.11D clearly shows the formation processes of a nanotube from a nanosheet.

2.1.3.4. Molecular Nanosheet Formation of Lepidocrocite Phase

Ceramic nanosheets can invite a range of applications, particularly in the field of
nanoscience and nanomaterials. One of the outstanding challenges in this area is to
devise synthetic methods that give a well-ordered monolayer and multilayer thin
film from inorganic precursors with specific electronic, magnetic, catalytic, and
other properties.66 Toward this goal, it is important to provide a wide selection of
desired nanosheet crystallites. These nanosheets have been provided by the exfo-
liation of functional materials67–72 such as layered titania,67 layered manganese
oxides,68 layered niobates,69 and layered perovskite.70 Preparation of these layered
materials, however, requires calcinations at high temperature and a long time for
acid treatment; that is, these materials are usually prepared by calcinations at from
1073 to 1573 K for 10–20 h, followed by acid treatment for 10 days.

In this subsection, we report a new process for fabrication of titania nanosheets.
We modified the self-organizing method using DDA to synthesize anatase tita-
nium oxide with various shapes, as described earlier. Until now, to the best of our
knowledge, such a molecular nanosheet structure has not been synthesized via this
route.

The formation of nanosheet titania is based on two points. One is that the highly
hydrophobic property of the dodecanediamine under high pH condition results in
the stable lamellar formation. The other is that a suitable molar ratio of DDA to
TIPT provides lepidocrocite crystalline nanosheets.

Figure 2.12 shows TEM images of a sample prepared under the following
reaction conditions: [TIPT] = 0.5 M , [DDA]/[TIPT] = 0.4, [TEOA]/[TIPT] =
2, pH = 11.1, temperature = 413 K, and reaction time = 72 h. In the SEM image
(Fig. 2.12A), a filmlike structure was observed.

FIGURE 2.12. (A) SEM image of the sample prepared under the following reaction condi-
tions: [TIPT] = 0.5M , [DDA]/[TIPT] = 0.4, [TEOA]/[TIPT] = 2, pH = 11.1, temperature
= 413 K, and reaction time = 72 h. (B) TEM image of the same sample. (C) Magnified
image of selected area indicated in (B).
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FIGURE 2.13. Electron diffraction pattern
of the sample shown in Fig. 2.12.

A TEM image (Fig. 2.12B) showed the multilayer structure of the lamellar
phase. A magnified image of the square area in (B) is shown in Fig. 2.12C. This
figure clearly revealed the multilayered structure of TiO2 composed of a monosheet
sandwiched by surfactant layers. This thickness was close to that of the monolayer
crystallites of titanium oxide made by exfoliating layered titania.73–74 The SAED
results of the sample at a reaction time 96 h are shown in Fig. 2.13.

The observed Debye–Sherrer rings were indexed to two-dimensional lattices
11, 20, 02, and 22. The spacing was calculated as 0.235 nm for 11, 0.189 nm for
20, 0.151 nm for 02, and 0.120 nm for 22.

In Fig. 2.14, the atomic architecture of the monosheet crystallites of TiO2 is
shown. These results revealed the formation of a two-dimensional unit cell (0.38
nm × 0.30 nm) of a single-crystalline nanosheet structure,73–74 indicating that
the multilayered structure was composed of a molecular nanosheet of titania (i.e.,
Lepidocrocite). In order to separate an individual molecular nanosheet from the
multilayered structure, we need to remove DDA from the multilayer by alcohol and
also to replace two amino groups of DDA with some cations, because cations cover

FIGURE 2.14. Atomic architecture
of the monosheet crystallines of
TiO2: (A) top view and (B) side
view. Red and blue circles repre-
sent Ti and O atoms, respectively.
(After Sasaki et al.67,70,73,74)
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FIGURE 2.15. TEM image of delaminated monosheet (A) and electron diffraction pattern
of the monosheet (B).

and stabilize the monosheet of TiO2. Tetrabuthylammonium hydroxide (TBAOH)
is the best candidate.67 The transparent colloidal suspension was obtained imme-
diately after we put the sample of multilayered structure in the mixture of iso-
propyl alcohol and TBAOH solution. A TEM image and SAED result are shown
in Fig. 2.15. The observed very faint contrast showed the very thin thickness of
the sample. The SAED pattern of this sample disclosed single-crystalline prop-
erties. The different spots in Fig. 2.15B displayed an orthogonal array of sharp
spots, which indicated single-crystal quality as well as the high crystallinity of
the nanosheets. The diffraction can be indexed as 11, 20, 02, and 22 reflections,
respectively, indicating the formation of a two-dimensional lattice with unit cell
0.38 nm × 0.30 nm, as shown in Fig. 2.14.

2.2. Application of TiO2 Network of Single-Crystalline
Nanowires for Dye-Sensitized Solar Cells

2.2.1. Introduction

Solar energy is one of the most promising future energy resources. The dye-
sensitized solar cell (DSC) appears to have significant potential as a low-cost
alternative to conventional p-n junction solar cells. There are some excellent re-
views of the dye-sensitized solar cells.75–79 The operating principles of the DSC
are given in Fig. 2.16.

A DSC consists of a nanocrystalline mesoporous network of a wide-band-gap
semiconductor (usually TiO2), which is covered with a monolayer of dye molecules
(usually a Ru dye). Photo,excitation of the dye results in the injection of an electron
into the conduction band of the oxide. The original state of the dye is subsequently
restored by electron donation from the electrolyte, usually an organic solvent
containing a redox system, such as the iodide/triiodide couple. The regeneration
of the sensitizer by iodide intercepts the recapture of the conduction band electron
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FIGURE 2.16. Principle of operation and energy-level scheme of the dye-sensitized solar cell.

by the oxidized dye. The iodide is regenerated in turn, by the reduction of triiodide
at the counterelectrode (usually Pt). The circuit is completed via electron migration
through the external load. Overall, the device generates electric power from light
without suffering any permanent chemical transformation.

To increase the efficiency of a DSC, an improvement in short-circuit current,
open-circuit voltage, and fill factor is essential. To accomplish this, a breakthrough
in the preparation of a thin semiconductor film of titania is expected. Among many
possible approaches, the use of a {101} exposure plane with a network structure
of single-crystalline anatase nanowires is one of the most promising, because the
intercrystalline titania contacts are greatly decreased by using a single-crystalline
network structure in comparison with a porous titania thin film composed of ac-
cumulated nanosize particles. This might be useful for easier electron transfer
through the titania layer and also high dye adsorption on the titania surface, as
shown later in detail. We succeeded in the preparation of such a network of single-
crystalline anatase nanowires, and successfully used it in a thin film for a DSC
with high efficiency.

2.2.2. How to Make the Dye-Sensitized Solar Cells

Thin titania films were made by applying a titania sample on an electric conducting
glass plate. Indium–tin oxide (ITO) and fluorine-doped tin oxide (FTO) were
used as electric conducting glass plates. The ITO and FTO glass plates were
kindly donated by Geomatec Co. Ltd. and by Asahi Glass Co., respectively. We
used a gel with white color, which was obtained after reactions at 353 K for
3 days, as the starting titania sample. Because the titania gel contained surfactant
molecules, they were removed from the gel by washing with isopropyl alcohol. We
controlled the alcohol content and viscosity of the gel simultaneously by changing
the centrifugation speed, causing the sample to be separated from the alcohol
solution. Next, titania gel sample 1 was prepared by mixing the washed gel with
polyethylene glycol (PEG: MW 20,000; Wako Chemicals) in the range from 5 wt%
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to 10 wt%. Titania gel sample 2 was prepared by mixing the gel sample 1 with
titania nanoparticle Degussa P-25 (P-25) in the range from 5 wt% to 10 wt%.
These gel samples were applied repetitively to the conducting glass (ITO) as
follows. The conducting glass was covered on two parallel edges with adhesive
tape to control the thickness of the TiO2 film and to provide a noncoated area
for electrical contact. Titania gel sample 1 was then applied to the free edges
of the conducting glass and distributed with a glass rod sliding over the tape-
covered edges. Gel sample 1 was coated several times (usually three times) with
the coating film, as mentioned earlier. In several cases, gel sample 2 was then
coated several times (mostly two times) with the coated gel sample 1. After every
coating, the sample was calcined at 723 K for 30 min after drying. After the
last time, the sample was calcined at 723 K for 60 min. Dye was introduced
to the titania thin films by soaking the film for about 20 h in a 3 × 10−4 M
solution of ruthenium dye in ethanol. Cis-di(thiocyanate)bis(2,2′-bipyridyl-4,4′-di-
carboxylate)-ruthenium(II) (N3) and cis-di(thiocyanate)bis(2,2′-bipyridyl-4,4′-di-
carboxylate)-ruthenium(II) bis-tetra-butylammonium (N719) (Solaronix SA and
Kojima Chemical Reagents Inc.) produced by Grätzel’s group80 was used as the
dye.

The DSC was comprosed of a titania thin-film electrode on a conducting
glass plate and a platinum electrode made by sputtering on the conducting glass
plus an electrolyte between the titania thin film and the platinum. We used two
kinds of electrolyte: electrolyte 1: 0.1 M of LiI, 0.6 M of 1,2-dimethyl-3-n-
propylimidazolium iodide (DMPII), 0.05 M of I2, 1 M of 4-tert-butylpyridine
(TBP) in methoxyacetonitrile; electrolyte 2: 0.03–0.05 M of I2, 0.3–0.5 M of
LiI in 3-methyl-2-oxazolidinone (NMO)/acetonitrile solution in some cases. The
volume ratio of NMO to acetonitrile was 1/9. The photocurrent–voltage character-
istics were measured using a potentiostat (Hokuto Denko HA-501G, HB-105) by
irradiating with simulated solar light [i.e., AM1.5 100 mW cm−2 (ORIEL 1000W
91192)]. The cell size was 1 cm2 or 0.25 cm2. Cells made of P-25 were also
prepared according to the method reported by Grätzel80 for comparison, and the
photocurrent–voltage characteristics of P-25 cells were measured under the same
conditions. The incident photon-to-current conversion efficiency (IPCE) was mea-
sured using the IPCE Evaluation System for Dye-Sensitized Solar Cell (Bunkoh-
Keiki Co. Ltd., CEP-2000).

2.2.3. Characterization of the Solar Cells Made of Network of
Single-Crystalline Anatase Exposing Mainly the {101}Plane
In order to compare a cell composed of a titania network of nanowires with one
composed of standard titania particles (P-25), we measured the photocurrent–
voltage characteristics of both cells under the conditions described in the
experimental section using FTO glass as the electric conducting glass and elec-
trolyte 2. Figure 2.17 shows the short-circuit current density obtained from the
cells made of the titania network of nanowires, together with those of P-25, versus
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FIGURE 2.17. Relationship between the short-circuit current density and the film thickness
of titania nanowires.

the film thickness. In the thin-film region, the current density of the cell made of a
network of nanowires was more than two times higher than that of P-25. The high
current density in the thin-film region might be attributable to both the high ad-
sorption of dye due to the large surface area mainly exposing the {101} plane and
the very high rate of electron transfer through the single-crystalline TiO2 nanonet-
work, which is shown in Fig. 2.2 by HRTEM. The use of a TiO2 nanonetwork with
single-crystal anatase nanowires instead of TiO2 nanoparticles also contributes
to the decreased number of contacts between titania materials, which form grain
boundaries and act as electron traps.

Figure 2.18 shows the short-circuit current density obtained for both cells against
the amount of dye adsorbed on the titania thin film on the unit area of the conducting
glass. In the range from 0 to 6 × 10−8 mol/cm2, both cells gave almost the same
photocurrent density. In the higher dye amount range, the photocurrent density
of the P-25 cell stopped increasing and became constant. On the other hand, the
photocurrent density of the network cell gave a linear increase. This linear increase
in the high dye concentration region shows the potential higher efficiency of this
cell with the TiO2 network of nanowires. The film thickness of the cell with the
TiO2 network of nanowires is significantly thinner in comparison with the cell
made of P-25 for the same amount of dye adsorbed, especially in the high amount
range. This might produce the above results.

In order to explain the amount of adsorbed dye on the film, the nitrogen ad-
sorption measurement was applied to analyze the properties of titania samples.
The nitrogen adsorption–desorption isotherm of the titania sample taken from a
semiconductor layer in the DSC system calcined at 723 K for 30 min is shown
in Fig. 2.19a, together with that of a bulk sample of vacuum-dried titania. The
isotherm pattern for the calcined sample was IUPAC type IV, indicating that
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FIGURE 2.18. Relationship between the short-circuit photocurrent density and the dye
amount of titania nanowires.

mesosize pores were formed, as in the bulk sample. However, the hysteresis loop
for the calcined one was H1 type; that is, the loop was relatively narrow and the
adsorption and desorption branches were nearly parallel. A hysteresis loop of this
type is shown by adsorbents with a narrow distribution of uniform pores (e.g. open-
ended tubular pores). The BET (Brunauer–Emmett–Teller)-specific surface area
of the calcined powders was 189 m2/g, and the peak pore size and the pore volume
obtained by the Barrett–Joyner–Halenda method were 5.04 nm and 0.420 cm3/g,
respectively. (see Fig. 2.19b) Thus, the network structure of titania nanowires be-
came more rigid by repeated calcinations and the pore size and the pore volume
increased in comparison with the bulk sample of vacuum-dried titania, which had
a BET-specific surface area of 248 m2/g, pore size of 3.48 nm, and pore volume
of 0.267 cm3/g.

The relationship between the film thickness and the adsorbed N3 dye amount is
shown in Fig. 2.20. The adsorbed N3 dye was dissolved completely from TiO2 to the
sodium hydroxide aqueous solution, and the concentration of N3 was determined
by the spectroscopic method. In the range 0–10 μm, the amount of dye adsorbed
by the titania network of nanowires was about four to five times higher than that
of P-25 film. The BET-specific surface area of the calcined titania network of
nanowires and P-25 were 189 and 55 m2/g, respectively. Thus, the titania network
of nanowires adsorbed dyes more than the increase in the BET-specific surface
area. This finding suggests the importance of control of the interaction of dye
molecules at the interface with the titania nanosize materials.

The interaction of the dye with the nanocrystalline TiO2 electrode and the pho-
tophysical and electrochemical properties of the dye have been investigated.81–87

Recently, the anchoring nature of the dye on a semiconductor surface was also
investigated, mainly by Fourier transform infrared (FTIR).81 A carboxylate group
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FIGURE 2.19. (a) Nitrogen adsorption–
desorption isotherms of titania using dye-
sensitized solar cells calcined at 723
K for 30 min and vacuum-dried titania
nanowires. Filled and open symbols rep-
resent adsorption and desorption, respec-
tively. (b) Pore size distribution obtained
from (a).

FIGURE 2.20. Relationship between the
film thickness and the adsorbed dye
amount for titania nanowires.
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can coordinate to the TiO2 surface85 in three main ways81,86: unidentate mode,
chelating mode, and bridging bidentate mode. The possible anchoring models of
the dye on the TiO2 were proposed by Shklover et al.81 on the basis of the crys-
tal structure of the N3 dye. For N719, the most stable anchoring on the TiO2

was determined as follows. The FTIR spectra of N719 showed the presence of
mainly carboxylate groups, demonstrating that N719 was being adsorbed on the
surface using the two carboxylic groups, which are trans to the sulfur cyanide
SCN ligands. However, the presence of a small band (around 5%) at the car-
boxylic position indicated that around 5% of N719 was being adsorbed on the
surface, employing one carboxylic acid and one carboxylate group. The distances
between these two binding carboxylate groups and between one carboxylate and
one carboxylic group agreed quite well with the distance between Ti atoms on
the anatase (101) plane.81,84 Thus, the anatase (101) plane is the best surface for
adsorbing N3 or N719, indicating the reason why the TiO2 network of nanowires
adsorbed much more dye than did P-25. The area occupied by the dye at the surface
were determined to be 1.6 nm2/molecule.81

Figure 2.21 shows the current-voltage characteristics obtained for the cell with
a TiO2 thin film composed of a network structure of single-crystalline anatase
nanowires. The titania thin film was prepared as follows. Titania gel sample 1 was
first coated three times on ITO conductive glass. Gel sample 2 was then coated
two times on top of coated gel sample 1. The sample was calcined after every
coating at 723 K for the times described in the previous section. The cell size
was 0.25 cm2. After calcinations, N719 was introduced to the titania thin film.
The photocurrent voltage characteristics were measured using electrolyte 1 by
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FIGURE 2.21. An illustration of the photocurrent–voltage characteristics of the cell with
titania thin film composed of a TiO2 network structure of single anatase nanowires. A high
light-to-electricity conversion efficiency of 9.3% was achieved with the cell, and the short-
circuit photocurrent density, open-circuit voltage, and fill factor were obtained as 19.2 mA
cm−2, 0.72 V, and 0.675, respectively.
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FIGURE 2.22. �: IPCE of the cell with a titania thin film composed of a TiO2 network
structure of single-crystalline anatase nanowires. •: Data from Grätzel et al., J. Am. Chem.
Soc., 115, 6382–6390 (1993).

irradiating with simulated solar light [i.e., AM 1.5 100 mW cm−2 (ORIEL)]. A high
light-to-electricity conversion rate of 9.3% was obtained for the cell with a TiO2

network of single-crystalline anatase nanowires. The short-circuit photocurrent
density, open-circuit voltage, and fill factor were obtained as 19.2 mA cm−2, 0.72
V, and 0.675, respectively. This high light-to-electricity conversion was attributed
to the network structure of single-crystalline anatase nanowires shown in Fig. 2.2.

The IPCE result of this dye-sensitized solar cell is shown in Fig. 2.22, together
with the result reported by Grätzel et al.80 The obtained IPCE spectrum for our
titania network structure gave almost the same efficiency as the curve reported by
Grätzel et al., confirming the high light-to-electricity conversion yield of our cell
composed of a TiO2 network structure of single-crystalline anatase nanowires.

2.3. Summary

In this chapter we have reviewed briefly the morphological control and func-
tionalization of ceramic nanosize materials. We presented new findings from
our laboratory. Section 2.1.2 described the formation of a network structure of
single-crystalline TiO2 anatase nanowires by the “oriented attachment” mecha-
nism. Section 2.1.3 showed that various morphologies of crystalline anatase TiO2

could be formed using dodecanediamine as a surfactant. Section 2.2 presented
applications of the TiO2 network of single-crystalline nanowires for dye-sensitized
solar cells. The principal points presented may be summarized as follows:

� Various ideas for morphological control were introduced: (1) using a mixture
of surfactants that bind differently to the crystallographic faces for CdS, (2)
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using monomer concentration and ligand effect for CdS, (3) using growth rate
by controlling heating rate for CoFe2O4, (4) biological routes using peptide
sequence for FePt, (5) using controlled removal of protecting organic stabilizer
for CdTe, (6) using anodic alumina as a template, and (7) using the “oriented
attachment” mechanism for nanoparticles.

� Synthesis of a network structure of single-crystalline anatase nanowires by the
“oriented attachment” mechanism can be performed under suitable conditions,
and the direction of the crystal growth by oriented attachment can be controlled.

� The morphology of anatase nanocrystals can be controlled by pH, reaction
temperature, and time using dodecanediamine as a surfactant in a TIPT–
triethanolamine–DDA system. The stability of the lamellar structure composed
of TiO2 and DDA depends on the hydrophobicity of DDA and adsorption of DDA
to the TiO2 surface, which depends strongly on pH. Variation in the stability of
the lamellar structure is responsible for the different shapes.

� At a suitable molar ratio of DDA to TIPT, a multilayered structure composed of
molecular lepidocrocite nanosheets and DDA is obtained. Individual molecular
lepidocrocite nanosheets can be recovered in the colloidal solution.

� A TiO2 network of single anatase nanowires was successfully applied to titanium
oxide electrodes of dye-sensitized solar cells, and a 9.3% light-to-electricity
conversion efficiency was attained.
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3.1. Introduction

In the past decades, synthesis of low-dimensional materials such as nanometer-size
inorganic dots, wires, and tubes, which exhibit a wide range of electronic and opti-
cal properties that depend sensitively on both size and shape, has been of both fun-
damental and technological interest.1–4 They are potentially ideal building blocks
for nanoscale electronics and optoelectronics5 because of their important nonlinear
optical properties,6 luminescent properties,7,8 quantum size effects,9,10 and other
important physical and chemical properties.11 The ability to control the shapes of
semiconductor nanocrystals affords an opportunity to further test theories of quan-
tum confinement and yields samples with desirable optical characteristics from the
point of view of application.12,13 One of the current hottest issues in nanotechnol-
ogy and nanoscience is how to finely control the size, shape, and dimensionality
of the nanocrystals because of their important applications in designing new ma-
terials and devices such as biological assays,14–16 semiconductor nanodevices,17

hybrid nanorods–polymer solar cells,18 room-temperature ultraviolet (UV) lasing
using ZnO nanowires arrays,19 light-emitting diodes (LEDs),5 and nanosensors
for biological and chemical species.20,21 Shape control has raised significant con-
cern in the fabrication of semiconductor nanocrystals,13 metal nanocrystals,22 and
other inorganic materials,23 which may add alternative variables in tailoring the
properties of nanomaterials and provide more possibilities in the fabrication of
nanodevices. The ability of shape control over the crystals is still rather limited
due to a lack in understanding the principles and mechanics about the formation
of low-dimensional nanostructures. How to assemble individual atoms into one-
dimensional (1D) nanostructures in an effective and controllable way remains a
challenge.24

Several reviews have been published on the synthesis of various kinds of inor-
ganic nanowire or nanorod,24–26 oxide nanorod, and nanotube,27 which already
gave a general survey on the synthetic methodologies by mostly applied high-
temperature approaches or hard template approaches.

In this chapter, we will give a general overview of the current state-of-the-art on
the variety of different soft synthesis routes of low-dimensional nanocrystals with
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focus on nanorods, nanowires, and nanotubes. Especially, we will introduce some
promising new soft strategies for the synthesis of low-dimensional nanocrystals,
as well as more complex structures. In Section 3.2, a general overview on the
current status of the synthetic routes for the synthesis of various low-dimensional
nanocrystals will be given. Then, we will focus on the emerging soft approaches for
the synthesis of various important inorganic nanorods, nanowires, nanotubes, and
other hierarchical nanostructures with complex structural features (Section 3.3).
Finally, our own perspectives on this field will be given (Section 3.4).

3.2. An Overview: Emerging Synthetic Routes for the
Synthesis of Low-Dimensional Nanocrystals

One obvious characteristic of low-dimensional nanostructures is that they are
anisotropic nanocrystals with large aspect ratios (length/diameter). The strategies
for growing such highly anisotropic solid nanostructures usually involve nucle-
ation and growth stages as described previously for the crystallization of a solid
from a vapor, a liquid, or a solid phase.28,29 Based on the basic nucleation and
crystal growth theories, the basic building units (atoms, ions, or molecules) of a
solid will form nuclei or clusters if their concentrations are supersaturated; then
they will start to self-assembly into larger clusters or nanocrystals by directional
aggregation, accompanying the crystallization process and transformation process
and, finally, form highly anisotropic nanocrystals.

Generally, the synthetic stratetgies of low-dimensional nanostructures can be
classified into two types: the “hard” approaches and the “soft” approaches, ac-
cording to the synthetic characteristics and reaction conditions.

3.2.1. “Hard” Approaches

Among the “hard” approaches, usually foreign hard templates or drastic reaction
conditions are needed; for example, the reaction media was usually a gas phase
while the high vacuum system and high temperature were applied. The main
existing “hard” approaches for synthesis of 1D nanomaterials include four types:

� Template-directed growth method, in which the hard templates such as carbon
nanotubes1,2,30,31 and porous aluminum template are used.32–35

� Vapor–liquid–solid (VLS) mechanism, which was previously proposed by
Wagner and Elhs in the 1960s.28 This mechanism has been applied for the synthe-
sis of various semiconductor nanowires.36–41 A laser-ablation-based VLS cat-
alytic growth process (LCG) allows one to synthesize semiconductor nanowires
with many different compositions.42

� Vapor–solid (VS) mechanism,29 in which the nanowires were generated directly
from vapor condensation onto a substrate. Various metal oxides such as MgO,
Al2O3, ZnO, and SnO2 nanowires or nanobelts were grown by either a carbon-
thermal reduction process43,44 or direct thermal evaporation.45,46
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� Oxide-assisted nanowires growth route,47–52 which was reported by Lee’s group
for growing GaAs, GaN nanowires, and Si nanowires with the advantage of using
neither a metal catalyst nor a template.

3.2.2. “Soft” Approaches

Currently, a challenge in synthetic chemistry and materials science is how the
traditional solid-state reaction can be conducted in round-bottom flasks in order to
turn down the heat for the fabrication of crystals.53,54 Recent development in soft
solution processing may provide an alternative, convenient, lower-temperature,
and environmentally friendly pathway for the fabrication of advanced ceramic
materials with desirable shapes and sizes.55 So-called “soft” approaches are based
on solution chemistry and do not need a foreign hard template. It does not involve
using drastic conditions (i.e., high temperature, high pressure, etc.), and the reaction
is usually initiated under mild conditions or under natural conditions.

There are diverse soft routes for the synthesis of low dimensional nanocrystals;
they are listed in Tables 3.1 and 3.2. Some intensive reviews on the synthesis

TABLE 3.1. Synthetic routes for oxide low-dimensional nanocrystals (published since
1995).

Nanomaterials Synthetic method Ref.

BaTiO3 NRs and
SrTiO3 NRs

Solution-phase decomposition of bimetallic alkoxide
precursors in the presence of coordinating ligands

82

BaSO4 NWs and
superstructures

Mineralization from aqueous solution in presence of
polymers

67,83,
85

BaCrO4 NWs and
chain structures

Reversed micelle templating method 23,84

BaCrO4 NWs and
superstructures

Mineralization from aqueous solution in presence of
polymers

84,86

BaCO3 NWs A reverse-micelle-based approach 69
CaCO3 NWs A reverse-micelle-based approach 87
BaWO4 NRs Reversed micelle templating method 70
BaWO4 NWs Catanionic reverse micelles 71
BaWO4 NWs arrays Langmuir–Blodgett assembly of 1D nanostructures 88,89
CaSO4 NWs A water-in-oil microemulsions route 90
CdWO4 Nanosheets Hydrothermal treatment in the presence of block copolymers 91
CdWO4 NBs Double jet reaction at room temperature 91
CdWO4 NRs Hydrothermal treatment of CdCl2 and Na2WO4 92
MWO4 NRs Hydrothermal treatment of M2+ and Na2WO4 (M = Zn, Fe,

Mn)
93

Bi2WO4 NRs Hydrothermal process 93
Ag2WO4NRs Hydrothermal process 93
Ag2W2O7 NRs Hydrothermal process 93
Ag6Mo10O33 NRs Hydrothermal process 94
Co3O4 NRs Calcination of precursor powders prepared in a novel inverse

microemulsion
95

(cont.)
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TABLE 3.1. (Continued )

Nanomaterials Synthetic method Ref.

Eu2O3 NRs Sonication of an aqueous solution 96
Fe2O3 NRs Grown onto a polycrystalline (or single-crystalline) substrate

from an aqueous solution of ferric salts
97

Fe3O4 NRs Sonication of aqueous iron(II) acetate in the presence of
β-cyclodextrin

98

Fe4[Fe(CN)6]3·
xH2O NWs

Electrodeposition with two-step anodizing anodic aluminum
oxide films

99

TiO2 NTs Soft chemistry route 100
LnPO4 NWs Hydrothermal synthesis 101
LaPO4:Eu NWs Hydrothermal synthesis 102
LaPO4:Ce NWs Hydrothermal synthesis 102
Mg(OH)2 NRs Hydrothermal reaction of Mg, H2O, and ethylenediamine 103
MnO2 NRs Hydrothermal synthesis 104
Mg2.11Mn5.46O12 ·

xH2O Nanoribbons
A combination of techniques consisting of a sol-gel process

for tetraethylammonium manganese oxide layered
material, an ion-exchange method to a thin-film
Mg-buserite precursor, and a hydrothermal reaction to
transform the Mg-buserite to nanoribbonlike
Mg-todorokite material

105

MoO3 NRs Template-directed reaction of molybdic acid and subsequent
leaching process

106

Ni(OH)2NRs Hydrothermal Synthesis and deposition in a carbon-coated
anodic alumina film

107

Sb2O3 NRs Microemulsion method for the system AOT–water–toluene 108
Sb2O3 NRs Microemulsion method for the system AOT–water–toluene 109
TiO2 NWs Electrochemically preparation using nanochannel alumina 110
TiO2 NWs Sol-gel template method employing alumina membranes 111
TiO2 NWs Electrochemically induced sol-gel preparation 112
TiO2 NTs Sol-gel-derived fine TiO2-based powders treated with NaOH

aqueous solution
113

TiO2 NTs Solution growth method by hydrolyzing TiF4 under acidic
condition

114

TiO2 NWs Spontaneous self-organization 79
VOx NTs Hydrothermal using long-chain amine as templates 115,116
V2O5 NRs Vanadium pentoxide gels 117
ZnO NWs arrays Electrodeposited in the pores of anodic alumina membranes 118
ZnO NRs Orientated attachment growth from ZnO nanoparticles from

solution
80

ZnO helical NRs Biomimetic controlled nucleation and growth on ZnO
nanorods arrays

119

Dy(OH)3 NTs Hydrothermal synthesis 120
Dy2O3NTs Hydrothermal synthesis 120
Ln(OH)3 NWs

(Ln = lanthanide)
Hydrothermal synthesis 121,122
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TABLE 3.2. Synthetic routes for nonoxide low-dimensional nanocrystals (published since
1995)

Nanomaterials Synthetic method Ref.

Ag ultrathin NWs Grow inside the pores of self-assembled organic nanotubes by
electro-/photochemical redox reaction in an ambient
aqueous phase

123

Ag NWs Templated from the mesoporous silica 124,125
Ag NWs Metal nanowires formation using Mo3Se−

3 as reducing and
sacrificing templates

126

Ag NRs and dendrites Ultraviolet photoreduction technique at room temperature
using poly(vinyl-alcohol) (PVA) as protection agent

127

Ag NRs, NWs Seed-mediated growth in a rodlike miceller media 128
Ag nanoprisms A photoinduced method for converting large quantities of

silver nanospheres into triangular nanoprisms
129

Ag NWs Templated from AgBr nanocrystals 130
Ag nanoarrays Formed inside micellar arrays of a template consisting of a

(dendritic polysilane)/polyisocyanide block copolymer
reduced under the TEM electron beam

131

Ag NWs Solid–liquid phase arc discharge method 132
Ag truncated triangular

nanoplates
A solution phase method in the presence of

cetyltrimethylammonium bromide micelles
133

Ag nanodics Mixing two reverse-micellar solutions 134
Ag nanoprisms Boiling AgNO3 in N ,N -dimethyl formamide, in the presence

of poly(vinylpyrrolidone)
135

Ag NWs Solvothermal reaction using Pt nanoparticles as seeds in
ethylene glycol at 160◦C

136

Au NRs Electrochemical oxidation/reduction within a simple
two-electrode-type cell in the presence of cationic
surfactant C16TAB

137

Au NWs Templated from the mesoporous silica 125
Au NWs Metal nanowires formation using Mo3Se−

3 as reducing and
sacrificing templates

126

Au NRs A solution seeding growth approach in the presence of an
aqueous micellar template CTAB

138,139

Au NRs UV-irradiation of HAuCl4 solutions with 253.7-nm light in
the presence of rodlike micelles of
hexadecyltrimethylammonium chloride

140

Au NWs DNA-directed assembly of gold nanowires on complementary
surfaces

141

2D Au NWs Self-assembly of gold nanoparticles on water surfaces in the
presence of surfactants

142

AucoreAgshell NRs Reducing AgCl3−
4 (aq) with NH2OH selectively on the surface

of gold NRs
143

Co NRs The early stage of the thermal decomposition of Co2(CO)8 in
a mixture of oleic acid and TOPO

144

Cu NRs Microemulsions and reverse micelles 145
Fe NRs Thermal decomposition of organometallic precursor

(Fe(CO)5) in the presence of a stabilizing surfactant
trioctylphosphine oxide (TOPO) at 340◦ C under argon
atmosphere.

146

In NWs Room-temperature organometallic route by using long-chain
amines (hexadecylamine) as templates

147

(cont.)
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TABLE 3.2. (Continued )

Nanomaterials Synthetic method Ref.

In3Sb NWs Room-temperature organometallic route by using long-chain
amines (hexadecylamine) as templates

147

Ni NRs Surfactants hexadecylamine (HDA) or trioctylphosphineoxide
(TOPO) as capping agents in THF

148

Pb NWs The nanowires were embedded in tracked-etched
polycarbonate membranes by electrodeposition

149

Pd tetrahedras and
octahedras

Reduction of metal ions in sodium dodecyl sulfate
(SDS)/poly(acrylamide) gel by UV irradiation

150

Pd dendrites Ultrasonically assisted synthesis by using skeleton nickel as
templates

151

Pt Tetrahedra Tetrahedral, cubic, irregular-prismatic, icosahedral, and
cube-octahedral particle shapes were prepared using
sodium polyacrylate as capping agent

22

CoPt alloy NWs Solvothermal reaction of platinum acetylacetonate and cobalt
carbonyl compound in ethylenediamine solvent

152

Bi NWs Decomposition of a precursor in the presence of a polymer 153
Bi NTs Hydrothermal reduction reaction 154,155
Ge NWs Liquid–solution synthesis, reduction of GeCl4 and

phenyl-GeCl3 by sodium metal in an alkane solvent at
elevated temperature and pressure.

62

Ge NWs Nucleation and growth seeded by organic monolayer-coated
Au nanocrystals

156

Si NWs Supercritical fluid solution-phase growth, SLS 63
Si NWs arrays Electrochemistry approach by etching Si wafe in HF solution

containing AgNO3

157

Carbon-Sheathed
Sn-Pb NWs

Electrolytic formation of carbon-sheathed mixed Sn-Pb
nanowires,

158

C@Ag NWs Hydrothermal carbonization of starch solution in the presence
Ag+

159

Se NWs Using cytochrome-c3 to make selenium nanowires, 160
Se NWs Solution phase process 161,162
Te NTs Reflexing a solution of orthotelluric acid in ethylene glycol at

∼197◦ C
163

Te nanobelts, NTs,
Nanohelices

Controlled hydrothermal route by reaction of sodium tellurite
(Na2TeO3) in aqueous ammonia solution at 180◦C.

164

C, NTs Solvothermal reaction of hexachlorobenzene with potassium
in the presence of Co/Ni catalyzer at 350◦C

165

C, hollow vessels Sovothermal reaction of NaNH2 and Co/Ni alloy in CCl4 at
190–230◦C

166

BaF2 NWs Microemulsion-mediated hydrothermal synthesis 167
GaAs NWs Solution–liquid–solid growth, SLS 54,61
GaP NRs Solution–liquid–solid growth, SLS 54,60
GaP NRs Thermal decomposition of Ga(PtBu2)3 in trioctylamine

(TOA), which was injected into a mixture of TOA and
hexadecylamine (HDA) at 330◦C

168

Alx Ga1−x As NRs Solution–liquid–solid growth, SLS 61
InAs NRs Solution–liquid–solid growth, SLS 54
InP NRs Solution–liquid–solid growth, SLS 54
FeP NWs Solution route 169



3. Soft Synthesis of Inorganic Nanorods, Nanowires, and Nanotubes 107

TABLE 3.2. (Continued )

Nanomaterials Synthetic method Ref.

InN NWs Solution state thermolysis of the dialkyl(azido)indane
precursor

170

Si3N4NRs Solvothermal reaction of SiCl4 with NaN3 at 670◦C. 171
C3N4NTs Sovothermal reaction of C3N3Cl3 with NaN3 in benzene at

220◦C
172

SiC NWs Solvothermal reaction 173
TiC NRs Solvothermal reaction using C2Cl4, Ti and N-containing

nucleophilic solvents
174

MMo3Se3 NWs Cation exchange in organic solution (M = Li+, Na+, Rb+,
Cs+, NMe4+)

175

CdS NWs Electrodeposit in porous anodic aluminum oxide templates 35,176
CdS NRs Solvothermal reactions in ethylenediamine media 177,178
CdS NRs Solvothermal reaction in n-butylamine 179
CdS NRs, Twinrod-,

tetrapod-shaped
Solvothermal reaction in ethylenediamine media 180

CdS NWs Polymer-controlled growth 181
Flat CdS Triangle Using Cd(AOT)2/isooctane/H2O 182
CdS, CdSe NRs Arrested precipitation from inorganic ions in a CTAB

micellar solution
183

CdS, CdSe NRs Controlled synthesis of multi-armed architectures using
monosurfactant hexadecylamine (HAD)

184

CdSe NWs arrays Electrodeposit in porous anodic aluminum oxide templates 185
CdSe NRs and other

shape
Growth of the nanoparticles in a mixture of hexylphosphonic

acid and trioctylphosphine oxide
13,64
186

CdSe NRs Capping agent driven solution reaction using CdO as
precursor

187

CdSe NRs Solvothermal reaction in ethylenediamine 177,188
CdSe NRs Solvothermal reaction in n-butylamine 179
CdSe NWs PVA-assisted solvothermal synthesis 189
CdSe nanorods and

dendrites
Hydrothermal method 190

CdS/ZnS Shells on
CdSe NRs

Epitaxial growth of graded CdS/ZnS shells on colloidal CdSe
NRs

191

CdTe NWs Electrodeposition in alumina membrane 32
CdTe NRs Capping agent driven solution reaction using CdO as

precursor
187

CdTe NWs Spontaneous oriented attachment from nanoparticles 81
CdTe NRs Solvothermal reaction 177
CdTe NWs PVA-assisted solvothermal synthesis 189
CdSx Se1−x Solvothermal reaction 192
PbS NRs Confined growth within the channels of mesoporous silica

SBA-15
193

PbS NRs Oriented growth in the presence of surfactant 194
Closed PbS NWs Solvothermal reaction in the presence of

poly[N -(2-aminoethyl) acrylamide] in
ethylenediamine/H2O (3:1, v/v) solvent.

195

PbS NRs Solvothermal interface reaction route 196
PbSe NWs Solution reaction at room temperature 197

(cont.)
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TABLE 3.2. (Continued )

Nanomaterials Synthetic method Ref.

PbSe NWs arrays Direct current electrodeposition within anodic alumina
membrane

198

ZnS NWs Synthesis in liquid crystal systems 199
ZnS NWs Simultaneous formation in a liquid crystal template by

gamma-irradiation
200

ZnS NWs Micelle-template inducing synthesis 201
ZnS nanosheets Templating from a sheet-like molecular precursor

ZnS·(NH2CH2CH2NH2)0.5

202

ZnSe NRs Solvothermal reaction in n-butylamine 179
ZnSe NWs Solvothermal reaction in ethylenediamine 188
ZnSe NWs Electrodeposition in a porous alumina film 203
ZnTe NRs Thermal decomposition of a monomeric molecular precursor,

[Zn(TePh)2][TMEDA]
204

ZnTe NRs Thermal decomposition of the precursor derived from a
solvothermal reaction using Zn, Te, and N2H4· H2O as
reactants

205

Bi2S3 NWs Solvothermal decomposition process 206,207
Bi2S3 NRs Hydrothermal ripening and crystallization 208
Bi2S3 NWs arrays Electrochemical deposition 209
Bi2Se3 flakes Solvothermal reaction 210
Bi(S, Se) NWs Solvothermal reaction 211
Bi2Te3 NWs arrays Electrodeposition into porous alumina membrane 212,213

Pulsed electrodeposition in anodic alumina membranes 214
Sb2S3 NRs Solvothermal decomposition process 215
Sb2S3 NRs Electrodeposition within a porous polycarbonate membrane 216
Sb2Se3 NWs Solvothermal reaction of SbCl3 and Se with Na2SO3 in

ethylene glycol
217

Ag2S NRs Room-temperature solution-growth method with AgNO3,
thiourea, and NaOH as the reagents

218

Ag2Se NWs Solution reaction using Se nanowires as templates 219,220
Cu2S NWs Growth on copper surface at room temperature 221
Cu2S/Au core/sheath

NWs
Redox deposition method 222

CuS NTs Organic amine-assisted hydrothermal process 223
MnS NRs and

Cd1−x Mnx S NRs
Thermal decompostion of Mn(S2CNEt2)2 or Cd(S2CNEt2)2

in the presence of hexadecylamine
224

MoS2 NWs Solvothermal reaction 225
SnS2 nanoflakes Thermal decomosition of (CH2CH2CH2CH3)4Sn 226
CdIn2S4 NRs Converting CdS nanorods via the hydrothermal reaction 227
CuInS2 NRs Solvothermal reaction of of In(S2CNEt3)3 and Cu(S2CNEt2)2

in ethylenediamine
228

AgInS2 NRs Solvothermal reaction of of In(S2CNEt3)3 and Ag(S2CNEt2)
in ethylenediamine

228

AgBiS2 NRs Solvothermal process by using AgCl, BiCl3, and K2S in
ethylenediamine

229

Ag3CuS2 NRs Hydrothermal reaction by using AgCl and CuCl and thiourea
as reactants

230

Cu3SnS4 NRs Solvothermal reaction using CuCl2·2H2O, SnCl4·5H2O,
CH3CSNH2 as reactants in absolute ethanol

231

PbSnS3 NRs An iodine transport hydrothermal route 232
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of semiconductor nanodots (0D) have been reviewed recently56,57 however, we
only focus on 1D and 2D nanomaterials such as nanowires (NWs), nanorods
(NRs), nanobelts (NBs), nanoribbons, nanotubes (NTs), nanosheets (2D), and
more complex structures in this review. Table 3.1 provides a general survey on
various oxide nanorods, nanowires, nanotubes, and nanobelts or other novel/new
nanostructures prepared by distinct soft strategies. Table 3.2 gives an intensive sur-
vey on the nonoxide inorganic nanomaterials such as metal, semiconductor, and
carbide- or nitride-based nanomaterials (nanorods, nanowires, nanotubes, nanorib-
bons, nanobelts, etc.) based on soft approaches. We will only focus on the emerging
main or general approaches developed in recent years:

� Hydrothermal/solvothermal process, which has been emerging as a versatile
solution route for the synthesis of various semiconductor nanocrystals with dif-
ferent sizes and shapes.27,58

� Solution–liquid–solid (SLS) mechanism, which is used for growing III-V group
nanofibers in hydrocarbon solvents at a relative low temperature.53,54,59–61 Group
IV Ge, Si nanowires can also be generated by a supercritical fluid solution-phase
approach.62,63

� Capping agents/surfactants assisted synthesis of well-defined nanostruc-
tures and superstructures under either hot conditions or natural/mild
conditions.13,23,64–71

� Bio-inspired approach for the synthesis of nanofibers and complex
superstructures.65,72 Soft templates such as polymers, organic additives, or
supramolecular templates have been widely employed as crystal growth mod-
ifiers and templates. The selective adsorption of polymers on specific surfaces
can break down the three-dimensional (3D) symmetry of the interaction between
the nanosized building blocks into dimensional-specific communication, which
results in the controlled 3D self-assembly.73

� Oriented attachment growth mechanism.74−77 The spontaneous aggregation of
smaller nanoparticles into well-defined nanostructures has been reported in the
case of TiO2,74,78,79 ZnO,80 and CdTe.81

3.3. Soft Synthesis of Low-Dimensional Nanocrystals

3.3.1. Hydrothermal/Solvothermal Processes

As one kind of solution-based chemical processes, the hydrothermal process has
been widely used for the synthesis of a vast range of solid-state compounds such
as oxides, sulfides, halides,233–236 molecular, zeolites, and other microporous
phases236 since the pioneering work from the 1960s to 1980s. In recent years,
this approach has been extended for the synthesis of various kinds of functional
oxides27 and nonoxide nanomaterials58 with specific shape and size.

Hydrothermal synthesis can be defined as the use of water as a solvent in a
sealed reaction container when the temperature is raised above 100◦C. Under these
conditions, autogeneous pressure (i.e., self-developing and not externally applied)
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FIGURE 3.1. Pressure as a function of temperature and percentage fill of water in a sealed
vessel.233,237

is developed. The pressure within the sealed reaction container is found to not only
increase dramatically with temperature but also will depend on other experimental
factors, such as the percentage fill of the vessel and any dissolved salts. Figure 3.1
shows these data and demonstrates, first, the dramatic rise in pressure when a
high percentage fill of reaction vessel is used and, second, how the pressure inside
the reaction container can be controlled by the choice of temperature and/or the
volume of solvent used. Below the critical point of water, and even below 200◦C,
a high percentage fill allows access to pressures of hundreds of atmospheres.237

The use of hydrothermal conditions can exert significant effects on the reactiv-
ity of inorganic solids and the solubility of the compounds under conditions of
elevated pressure and temperature. The chemical reactivity of usually insoluble
reagents can be much enhanced and many sluggish solid-state reactions can be
initiated under hydrothermal conditions. Usually, hydrothermal synthesis often
applied higher temperatures (above 300◦C) and often took place in the supercriti-
cal regime. However, even milder reaction conditions (temperature <250◦C) can
be applied not only to provide a convenient low-temperature route to materials
with practical application but also in the exploratory synthesis of new solids.237,238

In recent years, the concepts embodied in the hydrothermal process have been
extrapolated to a nonaqueous system; therefore, its counterpart, the so-called
“solvothermal process” emerges, in which an organic solvent is used as the re-
action media instead of water at elevated temperatures near its boiling point. As
the counterpart of the hydrothermal process, the solvothermal process has emerged
in recent years and has received great attention in synthetic chemistry and materials
science.

The solvothermal reaction is usually performed in a Teflon-lined stainless-steel
autoclave, as shown in Fig. 3.2. The use of an autoclave is necessitated by the
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FIGURE 3.2. Left: Schematic of a Teflon-lined, stainless-steel autoclave typically used in
the laboratory to perform subcritical solvothermal synthesis.237 Right: A photograph of a
set of the autoclave.

pressures developed in the solvothermal reactions, and the inert liner is used to
protect the stainless-steel outer shell from the corrosive reagents and solvents
typically used in synthesis. Such autoclaves can be used at up to 270◦C, and
depending on the engineering specification of the steel walls, pressures of ∼150 bar
can be withheld.237 The synthetic prodecure is simple; however, the rational design
of the reaction requires multidisciplinary and interdisciplinary knowledge.

There are several obvious advantages of the solvothermal technique over the
traditional solid-state reactions and hydrothermal process: First, many inorganic
precursors can be solubilizated in a suitable solvent, which is similar to reac-
tants that were solubilized in the molten flux of the solid-state reaction at high
temperatures.239 Second, the solvothermal technique removes diffusion control
by the use of a suitable solvent under mild condition.239 Third, the conventional
hydrothermal method is confined under conditions that some reactants will decom-
pose in the presence of water or the precursors are very sensitive to water, or some
reactions will not happen while water exists, resulting in the failure in synthesis
of the desired compounds. By substitution of nonaqueous solvents (both polar and
apolar solvents) such as alcohols, C6H6, polyamines, NH2NH2, liquid NH3 for
water, the solvothermal process allows many possibilities for preparing various
nanocrystalline compounds and for initiating some conventional solid-state reac-
tions in organic media under mild conditions.58 It can be even used to prepare
carbonides, nitrides, phosphides, silicides, chalcogenides, and so on.

In the solvothermal process, one or several kinds of precursor are dissolved
in nonaqueous solvents. The reactants are dispersed in solution and become
more active. The reactions happen in the liquid phase or supercritical status.
The solvothermal process is relatively simple and easy to control with several
changeable parameters such as solvents, temperature, and reaction time. The sealed
system can effectively prevent the contamination of the toxic and air-sensitive pre-
cursors. By the substitution of nonaqueous solvents such as polar and nonpolar
solvents for water, the solvothermal process can be widely extended to prepare
various kinds of nonoxide nanocrystalline material whose precursors are very sen-
sitive to water.
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In the past two decades, a trend to considerably mild conditions (100–200◦C)
has become increasing apparent for inorganic synthesis chemistry and materials
synthesis. The potential of this technique for preparative solid-state chemistry has
been intensively reviewed.237,239–241 Various oxide ceramic ultrafine powders were
prepared by the solvothermal process.

In recent years, exploration of rational solution routes to nanocrystals has
been extensively conducted.27,58 Various nonoxide compound nanocrystals such
as metal chalcogenides, phosphides, and metal nitrides can be synthesized.242−244

The results showed that the physicochemical properties of the solvents have strong
effects on the reactivity, shapes, sizes, and phases of the particles, because solvent
properties such as polarity, viscosity, and softness will strongly influence the sol-
ubility and transport behavior of the precursors under solvothermal conditions.

Various kinds of low-dimensional nanocrystals such as nanorods, nanowires,
nanobelts, nanotubes, as well as other shaped nanocrystals can be synthesized by
hydrothermal/solvothermal processes as listed in Tables 3.1 and 3.2. In the follow-
ing subsections, the latest development of the fabrication of oxide and nonoxide
low-dimensional nanocrystals with different shapes, sizes, and phases by mild
solution routes will be overviewed with the focus on more general strategies. Spe-
cific examples will be given to illustrate the reaction activity, the principle, and
key parameters, which dominated the synthesis process.

3.3.1.1. Hydrothermal/Solvothermal Synthesis of Low-Dimensional
Oxide Nanostructures

3.3.1.1.1. MoO3 · H2O and MoO3 Nanorods

The solvothermal syntheses of MoO3 · H2O nanorods were acheieved by two steps
(i.e., using amine as the intercalation agent to form a lamellar composite material
and the leaching process to remove the amine from the intercalation compound).106

The further dehydration at 400◦C results in the formation of MoO3 nanorods. The
synthetic procedure can be modified for the direct transformation of MoO3 · 2H2O
into MoO3 nanorods by hydrothermal treatment of the starting material with small
amounts of diluted glacial acetic acid.27

3.3.1.1.2. VOx Nanotubes

A new type of vanadium oxide nanotube (VOx -NTs) with different layers was
obtained by a hydrothermal approach using an amine with long alkyl chains
as a structure-directing template (Fig. 3.3).115,116 The nanotubes obtained us-
ing monoamines as templates can form thin tube walls with rather few layers
(2–10), whereas diamines predominantly lead to tubes with a large number of
layers (>10). The templates used include CnH2n+1NH2 with 4 ≤ n ≤ 22 or an
α,ω-diaminoalkane (H2N[CH2]nNH2 with 4 ≤ n ≤ 22). The precursors could
even be V2O5 and VOCl3245; thus, it can reduce the production cost. The tube
diameters can be tuned from a few nanometers in the conventional VOx -NTs up
to several hundred nanometers under controlled conditions.246
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FIGURE 3.3. (a) Scanning electron microscopy image of vanadium oxide nanotubes, con-
taining undecylamine as template (C11-VOx -NTs). The tube tips are open. (b) Transmission
electron microscopy image of the cross-sectional structure of C16-VOx -NTs with different
layers.27

3.3.1.1.3. Lanthanide Hydroxide Nanowires, Nanorods, and Nanotubes

Recently, a family of lanthanide hydroxide nanowires and nanotubes has been syn-
thesized by hydrothermal treatment of either commercial oxides120 or the colloidal
precipitated from a supersaturated solution.121,122

Hydrothermal treatment of Dy2O3 powder in water under alkaline condi-
tions leads to the formation of Dy(OH)3 nanotubes, and they can be cal-
cined to produce Dy2O3 nanotubes (Fig. 3.4). A family of lanthanide hydrox-
ide nanowires [La(OH)3, Pr(OH)3, Nd(OH)3, Sm(OH)3, Eu(OH)3, Gd(OH)3,
Dy(OH)3, Tb(OH)3, Ho(OH)3, Tm(OH)3, and YbOOH] has been synthesized
through a facile solution-based hydrothermal synthetic pathway, where colloidal
Ln(OH)3 obtained under alkaline condition by direct precipation reaction at room
temperature was used as the precursor and underwent subsequent hydrothermal
treatment at (180◦C).120,122 In some case, rare earth hydroxide (from Y, La, to Yb)
nanotubes can be obtained.121,122

3.3.1.1.4. Tungstate/Molybdate Nanorods, Nanowires, and Nanobelts

General synthesis of a family of single-crystalline transition metal tungstate
nanorods/nanowires in large scale has been realized recently by a facile hy-
drothermal crystallization technique under mild conditions using inexpensive
and simple inorganic salts as precursors. Uniform tungstate single-crystalline
nanorods/nanowires such as MWO4 (M = Zn, Mn, Fe), Bi2WO6, Ag2WO4, and

FIGURE 3.4. Scanning electron microscopy
images of the obtained Dy(OH)3 (a) and
Dy2O3 (b) nanotubes.120
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FIGURE 3.5. The map of shape and phase evolution for tungstate materials by the hydrother-
mal crystallization process.93

Ag2W2O7 with diameters between 20 and 40 nm, lengths up to micrometers, and
controlled aspect ratios can be readily obtained by hydrothermal transformation
and recrystallization of amorphous particulates.93,94

The pH value of the precursor medium has a crucial effect on both the formation
of the tungstate phase and its morphology in this system. In addition, the aspect
ratio of ZnWO4, FeWO4, and MnWO4nanorods/nanowires strongly depends on
the initial pH value of the amorphous nanoparticle dispersion. The phase forma-
tion zone and the shape evolution can be mapped as shown in Fig. 3.5 based on
large amounts of experimental data obtained for various tungstate compounds by
the variation of the pH and the compositions of the starting dispersions. Selec-
tive synthesis of uniform single-crystalline silver molybdate/tungstate nanorods/
nanowires in large scale can be realized by a facile hydrothermal recrystallization
technique.94

Recent work shows that this approach can be extended further for the general
synthesis of various molydbates nanorods/nanowires, as well as rare earth molyd-
bates with interesting shapes, phases, and nanostructures. Similar to the tungstate
system, the synthesis is found to be strongly dependent on pH, temperature, and
reaction time. Extremely long Ag6Mo10O33 single-crystal nanowires covered with
many tiny nanoparticles can be obtained at pH 2, as shown in Fig. 3.6. Electron
diffraction pattern taken along the [100] zone axis indicated that the nanowires are
perfect single crystals.
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FIGURE 3.6. Transmission electronmicroscopy image and electron diffraction pattern of
Ag6Mo10O33 nanowires. [AgNO3] = 0.1 M , [(NH4)6Mo7O24] = 0.014 M , pH 2, 140◦C,
12 h. The electron diffraction pattern was taken along the [100] zone axis.94

3.3.1.1.5. Lanthanide Orthophosphate Nanowires

A family of hexagonal-structured lanthanide orthophosphate LnPO4 (Ln = La, Ce,
Pr, Nd, Sm, Eu, Gd, Tb, and Dy) nanowires have been successfully synthesized
by the hydrothermal approach. It has been found that pure LnPO4 compounds
change structure with decreasing Ln ionic radius: that is, the orthophosphates
from Ho to Lu as well as Y exist only in the tetragonal zircon (xenotime) structure,
and only tetragonal LnPO4 (Ln = Ho, Er, Tm, Yb, Lu, Y) nanoparticles can be
obtained under the same hydrothermal conditions.101 Hydrothermal treatment can
also synthesize the doped lanthanide orthophsophate nanowires such as LaPO4 :
Eu (Ce).102

The access to various kinds of low-dimensional oxide nanowire, nanorod, and
nanotube under mild conditions could open new opportunities for further investi-
gating the novel properties of these materials due to their decreasing dimensionali-
ties. The results demonstrated that it is possible to selectively synthesize other fam-
ilies of oxide nanowires/nanorods with controllable phases and structural specialty.
The discovery of new families of oxide nanowires could lead to new applications of
these materials. Furthermore, these new families of 1D nanoscale building blocks
could further act as 1D nanoscale building blocks for the synthesis of other more
complex oxide nanostructures, which would bring us a rich nanochemistry about
hydroxides, tungstates, molybdates, orthophosphates, and their derivates and thus
could result in new opportunities for potential applications.
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FIGURE 3.7. TEM images of the obtained CdS samples177: (a) CdS synthesized in en at
160◦C for 12 h; (b) CdS nanoparticles synthesized in pyridine at 160◦C for 12 h.

3.3.1.2. Hydrothermal/Solvothermal Synthesis of Low-Dimensional
Nonoxide Nanocrystals

3.3.1.2.1. Fabrication of II–VI Group Semiconductor Nanocrystals

The shape, particle size, and phase of II–VI group semiconductor nanparticles can
be controlled conveniently by a solvothermal process.177,179,202 The CdS sample
was synthesized in ethylenediamine (en) at 160◦C for 12 h. The transmission
electron microscopy (TEM) image in Fig. 3.7a shows that the CdS crystallites
synthesized in ethylenediamine are uniform nanorods with diameters of 20–50 nm
and lengths of 200–1300 nm. In addition, the CdS crystallites synthesized in other
polyamines such as diethylene triamine (dien) and triethylene tetraamine (trien)
under the same experimental conditions. Disklike particles with a size of 40 nm
were produced in pyridine, as shown in Fig. 3.7b. The results indicate that the
morphology of CdS, CdSe, and CdTe crystallites can be controlled by choosing
different solvents.

The remarkable control of the shape, size, and phase of CdS can be readily
realized by the choice of different solvents and reaction conditions using other
modified solvothermal reactions. The widths and sizes of CdS nanorods can be
varied by controlling the temperature and reaction time.247 Rod-, twinrod- and
tetrapod-shaped CdS nanocrystals have been successfully prepared from the start-
ing spherical CdS nanocrystals via a highly oriented solvothermal recrystallization
technique. The present technique could open a new doorway to one-dimensional
nanosized semiconductors from the same kind of materials with irregular shape or
larger size.180

A rational design of the solvothermal reaction makes it possible to control both
the dimensionality (dots, rods, and sheets) of ZnS nanocrystals and the phase.202
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FIGURE 3.8. TEM images and SAED patterns for (a) wurtize ZnS single-crystal nanosheets
obtained by thermal decomposition of lamellar ZnS·(en)0.5 precursor at 500◦C for 0.5 h
in vacuum; inserted SEAD pattern recorded along the < 010 > zone. (b) Well-resolved
high-resolution TEM image of the wurtize ZnS single-crystal nanosheet.202

The solvothermal reaction of zinc salts such as Zn(CH3COO)2·2H2O or ZnCl2
and with thiourea in ethylenediamine (en) at 120–180◦C for 6–12 h results in a
white precipitate with the composition ZnS·(en)0.5.202 A new molecular precursor
was obtained at 180◦C. It has been confirmed that either a solvothermal reaction
of Zn2+ with thiourea or a similar reaction between Zn (or Zn2+) and sulfur
in an ethylenediamine medium at 120–180◦C resulted in the same product. The
TEM images in Fig. 3.8a show that ZnS nanoparticles are sheetlike with rectangle
lateral dimensions in the range 0.3–2 μm. The nanosheets are well-crystallized
single crystals with the growth direction along the a and c axes, as indicated by
the selected-area electron diffraction (SAED) pattern (Fig. 3.8a).

The synthetic method is both flexible and reproducible for controlling the phase,
shape, and size of ZnS nanocrystals. By a similar solvothermal reaction at 120◦C
using ethanol instead of ethylenediamine as the solvent, sphalerite ZnS nanoparti-
cles of size ∼3 nm can be easily synthesized. Furthermore, wurtzite ZnS nanorods
can also be synthesized by using n-butylamine, a monodentate amine, as the sol-
vent. A typical TEM image is shown in Fig. 3.9. In addition, the nanorods could be
aligned to form bundle structures or arrays under limited experimental conditions.
The general synthetic strategies for ZnS nanocrystals with different phases and
shapes and for ZnO dendrites are shown in Fig. 3.10.202 The results show that both
the shape and phase of the ZnS nanocrystals can be well controlled by choosing
solvents.

These facile mild-solution-based methods shed light on the possibility of con-
trolling the shape, dimensionality (0D, 1D, 2D), size, and phase. The unusual
1D, and 2D wurtzite ZnS single-crystal nanorods and nanosheets, flakelike ZnO
dendrites, and ZnO nanorods can be easily generated based on the solvothermal
reactions. This synthetic strategy implies that other semiconductor nanocrystals
could also be synthesized along the same line by using a suitable “shape controller”
under solvothermal conditions.
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FIGURE 3.9. Wurtzite ZnS nanorods synthesized in
n-butylamine at 250◦C for 12 h.

There are different coordination modes between the metal ions with ethylene-
diamine, as shown in Fig. 3.11. The monodentate n-butylamine was chosen as
a “shape controller” for the syntheses of other one-dimensional semiconductors.
The coordination between n-butylamine and metal ions must be in a monodentate
mode (Fig. 3.11c). The formation of rodlike CdS nanoparticles in n-butylamine
indicates that one anchor atom in a ligand is necessary and adequate for the forma-
tion of nanorods even though more anchor atoms might be present in a ligand. The
close interaction between anchor atoms in ligands (Lewis base) and metal ions on
the surface (Lewis acid) is another prerequisite for the formation of nanorods.247

CdSe, ZnSe, and PbSe nanorods can be synthesized in n-butylamine, indicating
that a monodentate ligand can be used as a “shape controller” for the synthesis of
a family of semiconductor nanorods (Figure 3.12).

FIGURE 3.10. Illustration of controlled synthesis of ZnS nanocrystals with different dimen-
sionalities and phases.202
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FIGURE 3.11. Illustration of the possible coordination mode on the surface: (a) monodentate
mode of en molecules; (b) polydentate mode of en molecules; (c) monodentate mode of
n-butylamine.179

A polymer-assisted solvothermal approach leads to the formation of CdS, CdSe,
and CdTe nanowires with high aspect ratios.181,189

PbS closed nanowires with regular elliptic or parallelogrammic morphologies
and nanorods were synthesized by a solvothermal approach in the presence of
poly[N -(2-aminoethyl)acrylamide] in a mixed solvent of en/H2O (3 : 1, v/v) in the
range 110–150◦C (Figure 3.13).195 The formation of such complex PbS structures
is unusual and the detailed formation mechanism is still not clear.

This solvent-mediated controlling mechanism has been demonstrated to be suc-
cessful in the synthesis of a variety of semiconductor nanorods/nanowires. In this
mechanism, ligands control the shape of the nanocrystals through the interaction
between ligands and metal ions on the surface of nuclei. One anchor atom in a
ligand such as n-butylamine is necessary but suifficent for the formation of 1D
nanocrystals, even though more anchor atoms might be present in a ligand. The
close interaction between anchor atoms in ligands and metal ions on the surface is
another important prerequisite for nanorod formation. Furthermore, this route pro-
vides not only a possible general route to other chalcogenide nanorods in large
scale but also a guide for further rational design of 1D chalcogenides.

FIGURE 3.12. TEM images of (a) CdSe nanocrystals, 160◦C, 12 h; (b) ZnSe nanocrystals,
220◦C, 12 h; (c) PbSe nanocrystals, 80◦C, 12 h.179
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FIGURE 3.13. TEM images of the
closed PbS NWs:
(a) a general view; (b) a typical
closed ellipse structure; (c) a typical
parallelogrammic morphology.195

All scale bars are 1.5 μm.

3.3.1.2.2. Fabrication of V–VI Group Low-Dimensional Nanocrystals

Conventionally, Bi2S3 and Sb2S3 can be prepared by the direct reaction of element
and sulfur vapor in a quartz vessel at high temperature.248,249 The liquid-solution
syntheses of Bi2S3 and Sb2S3 generally yield products that are mostly amorphous,
poorly crystallized, or colloidal particles.250 In order to avoid the hydrolysis of
the bismuth and antimony salts in the presence of water, a so-called solvother-
mal decomposition process (SDP) was developed for the fabrication of Bi2S3

and Sb2S3 nanowires (or nanorods),206–208 using BiCl3 or SbCl3 and thiourea
(Tu) or thioacetamide as starting reactants in polar solvents. Bi2S3 and Sb2S3

nanorods/nanowires can be conveniently produced with a yield as high as 95% by
this method. The particle sizes can be well controlled by choosing different solvents
or using different processes. Pure Bi2S3 can be easily obtained with high yield in
several polar solvents such as ethanol, pyridine, ethylene glycol, water, tetrahy-
drofuran, ethylenedaimine (en), and 1,2-dimethoxyethane. The results confirmed
that the polar solvents are more favorable for the formation of Bi2S3 nanowires.
The controllable synthesis of Bi2S3 nanocrystals is illustrated in Fig. 3.14. Bi2S3

nanowires/nanorods with controllable sizes can be selectively synthesized conve-
niently by SDP and a hydrothermal process under suitable conditions. Because
many metal ions can complex with thiourea or selenurea, the present technique is
expected to synthesize other nanostructured metal chalcogenides.

FIGURE 3.14. Schematic illustration for the preparation of Bi2S3 nanowires with controllable
sizes.58
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FIGURE 3.15. The XY projection
of the structure view of M2S3

(M = Bi, Sb), showing the infinite
chain structure.

A recent work demonstrated that large-scale ultralong Bi2S3 nanoribbons with
lengths up to several millimeters can be synthesized by using Bi(NO3)3·5H2O,
NaOH, and Na2S2O3 as starting materials and glycerol/H2O (v/v, 2 : 1) as the mixed
solvent at 160◦C for 20 h.251 An intermediate, NaBiS2, was found in the synthesis
process and played a key role in the formation of such long nanoribbons. Sb2Se3

nanowires with diameter 30 nm and length as long as 8 μm can be synthesized in
diethylene (DEG) media at 120–140◦C by a solvothermal reaction using SbCl3,
ammonia, NaSO3, and Se as reactants.217

The structure analysis shows that the infinite linear chains within the M2S3

(M = Sb, Bi) crystal structure will play a crucial role in the anisotropic growth
characteristics, as shown in Fig. 3.15. In fact, the one-dimensional growth of
nanocrystals actually is the outside embodiment of inside crystal structures. How-
ever, the autogenous pressure in the solvothermal/hydrothermal process was found
to play a key role in the orientation growth of the nanocrystals, and the transfor-
mation from amorphous nanoparticles to crystallized nanorods is much faster in a
closed system than that in an open system.215

The further opimization of the solvothermal reaction will make it possible to
readily synthesize well-defined 1D III–IV nano-building blocks, which could be
very useful for the synthesis of other 1D semiconductors based on sulfo salts of
bismuth and related compounds and sulfoantimonates of bismuth (or antimony)
and related compounds.

3.3.1.2.3. Ternary Metal Chalcogenide Nanorods

Several ternary metal chalcogenide nanorods such as CdIn2S4,227 Ag3CuS2,230 and
PbSnS3

232 can be synthesized by the hydrothermal process. CdIn2S4 nanorods were
synthesized by the hydrothermal route, in which CdS nanorods were converted by
reaction with InCl3 and thiourea in aqueous solution.227 The hydrothermal reaction
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of a starting solution containing PbCl2, SnCl4·5H2O, thiourea, and a small amout
of iodine leads to the formation of PbSnS3 nanorods.232 In addition, CuInS2,
AgInS2,228 AgBiS2,229 and Cu3SnS4

231 have been synthezied by solvothermal
approaches under mild conditions.

3.3.1.2.4. Metal Nanotubes, Alloy Nanowires, and Te
Nanobelts/Helical Structures

Bismuth nanotubes can be synthesized by a hydrothermal reaction of bismuth
nitrate and an excess amount of aqueous hydrazine solution in the pH range 12–
12.5.154 A solvothermal reaction of bismuth oxide in ethylene glycol leads to
the formation of similar tubular structures as well as the sheetlike structures of
metal Bi,155 which shows the tendency of metallic Bi to form tubular structures.
CoPt alloy nanowires were synthesized by direct decomposition of platinum acety-
lacetonate and cobalt carbonyl compound in ethylenediamine solvent through a
solvothermal reaction.152

A very simple controlled hydrothermal route has been developed for synthesis
of tellurium nanobelts, nanotubes, and nanohelices by the reaction of sodium
tellurite (Na2TeO3) in aqueous ammonia solution at 180◦C.164 The nanobelts
have thicknesses of ∼8 nm, widths of 30–500 nm, and lengths up to several
hundreds of micrometers, as shown in Fig. 3.16a. The nanobelts tend to twist
and form helices, as shown in Fig. 3.16b. When the nanobelts were further
twisted and rolled, the nanotubes formed. In addition, an interesting nanostruc-
ture so-called the “coaxed nanobelt-within-nanotube structure” was observed, as
shown in Fig. 3.16c. The template-roll-growth mechanism and template-twist-
joint-growth mechanism were proposed as explanations of the formation of such
special nanostructures.164

FIGURE 3.16. TEM images of (a) a
typical tellurium nanobelt, (b) a he-
lical nanobelt, and (c) a typical he-
lical nanobelt within a nanobelt-roll
nanotube.164
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FIGURE 3.17. Illustration
of the catalytic-assembly
benzene-thermal route to
multiwall carbon nanotube
at a moderate
temperature.165

The above novel chalcogen nanostructures can be used as templates for the syn-
thesis of other 1D and 2D metal chalcogenide nanostructures with more speciality
and complexity, which could find interesting applications. Even though the mech-
anism for the reaction and the formation of 1D nanorods is not well understood,
solvothermal/hydrothermal processes have already shown powerful versatilities
and capabilities in controlled solution synthesis of nonoxide 1D nanocrystals in
contrast to previous high-temperature approaches.

3.3.1.2.5. Carbon Nanostructures

Hydrothermal synthesis of carbon nanofibers with a typical diameter of 50–200 nm
has been demonstrated by the autoclave treatment of precursors in the C–H–O
system at high temperatures (up to 800◦C) and high pressures (up to 100 MPa) in
the presence of a metal powder catalyst.252–254 Recently, hydrothermal treatment
of amorphous carbon at 800◦C and 100 MPa in the absence of a metal catalyst leads
to the formation of hollow carbon nanotubes with a multiwall graphitic layer.255

Solvothermal synthesis has been also used for the synthesis of carbon materials
under mild conditions. A catalytic-assembly benzene-thermal route was used to
synthesize carbon nanotubes.165 Hexachlorobenzene was reduced by potassium
in the presence of Co/Ni catalyzer at 350◦C to form hexagonal carbon clusters
(Fig. 3.17). The carbon clusters were then assembled into nanotubes and caused
axial growth. Meanwhile, because the geometry structure of hexagonal carbon
clusters is simlar to that of a carbon nanotube wall built from a hexagonal lattice
of sp2-bonded carbons, the epitaxial growth of newly reduced hexagonal carbon
clusters on the nanotube wall is favorable.

CCl4 was also used as a carbon source for the formation of hollow carbon
spheres and vessels by a solvothermal reaction of NaNH2 and CCl4 in the presence
of Co/Ni alloy at 190–230◦C.166 CCl2=CCl2 and CCl2=CCl–CCl=CCl2 were
found to be the residual intermediates in the dechlorination process catalyzed by
Co/Ni alloys. Thus, it is proposed that CCl2=CCl2 is most probably the reaction
intermediate in the formation of sp2-carbon nanostructures. Because the –C=C–
C=C– conjugated products are more stable than the compounds with –C≡C–
structures, CCl2=CCl2 will couple to the former rather than the latter, resulting in
the continuous dechlorination of –C=C–C=C– conjugated units and assembling
into carbon nanostructures (Fig. 3.18).166

Recently, an efficient method has been successfully realized for the con-
trolled synthesis of various metal/carbon nanoarchitectures, such as metal/carbon
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FIGURE 3.18. Schematic formation path of carbon hollow spheres or vessels.166

nanocables, and nanochains by a facile and mild hydrothermal carbonization
coreduction-process (HCCR), in which starch and noble metal salts are used as
starting materials under mild conditions (≤200◦C).159

Carbon nitride nanotubes with inner diameters of 50–100 nm and wall thick-
nesses of 20–50 nm with the C3N4 stoichiometry on a high yield of 40% have
been successfully synthesized via a simple benzene-thermal process involving
the reaction of C3N3Cl3 with NaN3 at 220◦C without using any catalyst or tem-
plate (Fig. 3.19).172 More importantly, these high-quality carbon nitride nanotubes,
synthesized reproducibly in gram quantities under mild conditions, might provide
researchers an opportunity to investigate the electrical and optical characteristics of
these carbon nitride nanotubes in detail, which are expected as the future nanoscale
devices.
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FIGURE 3.19. Schematic formation path of C3N4 nanotubes.172
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FIGURE 3.20. The SLS mechanism and a representative Al0.1Ga0.9As nanowhisker grown
by the SLS mechanism.60,61

3.3.2. Synthesis of Semiconductor Nanorods/Nanowires
by Solution–Liquid–Solid Mechanism

The solution–liquid–solid (SLS) growth mechanism, which is analogous to the
well-known vapor–liquid–solid mechanism, was first discovered by Buhro et al.59

This route is mainly for growing III–V group nanofibers (InP, InAs, GaAs,
Alx Ga1−x As, and InN) in hydrocarbon solvents at relative low temperatures(less
than or equal to 203◦C).54,59–61 More features about this route have been summa-
rized as shown in Fig. 3.20.54

The synthesis involved in the methanolysis of {t-Bu2In[μ-P(SiMe3)2]}2 in aro-
matic solvents to produce polycrystalline InP fibers (dimensions 10–100 nm ×
50–1000 nm) at 111–203◦C.60 The chemical pathway consists of a molecular
component, in which precursor substituents are eliminated, and a nonmolecu-
lar component, in which the InP crystal lattices are assembled. The two compo-
nents working in concert comprise the SLS mechanism. The molecular component
proceeds through a sequence of isolated and fully characterized intermediates to
form the [t-Bu2In(μ-PH2)]3 complex. The complex, which is alternatively pre-
pared from t-Bu3In and PH3, undergoes alkane elimination catalyzed by the protic
reagent MeOH, PhSH, Et2NH, or PhCO2H. In the subsequent nonmolecular com-
ponent of the pathway, the resulting (InP)n fragments dissolve into a dispersion
of molten In droplets and recrystallize as the InP fibers.60 This approach has been
extended for the synthesis of InN nanowires by solution-state thermolysis of the
dialkyl(azido)indane precursor.169

Group IV Si and Ge crystals can be generated by a supercritical fluid solution-
phase approach.62 Recently, Korgel et al. reported a supercritical fluid solution-
phase self-assembly approach with a similar SLS mechanism for growing bulk
quantities of defect-free Si nanowires with diameters of about 4–5 nm and aspect
ratios greater than 1000 by using alkanethiol-coated gold nanocrystals as uniform
seeds to direct one-dimensional Si crystallization in supercritical hexane.63 In this
process, the sterically stabilized Au nanoparticles were dispersed in supercritical
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hexane together with diphenylsilane, which underwent decomposition at 500◦C
and 270 bars. The phase diagram for Si and Au indicated that at temperatures
above 363◦C, Si and Au will form an alloy in equilibrium with pure solid Si
when the Si concentration with respect to Au is greater than 18.6%. Under this
condition, the Si atoms dissolve into the sterically stabilized Au nanocrystals
until the supersaturation is reached, at which point they are expelled from the
particles as a thin nanometer-scale wire. The supercritical fluid medium with a high
temperature promotes Si crystallization. The Au nanocrystals will be maintained
to seed the nanowires growth under supercritical conditions.

3.3.3. Capping Agents/Surfactant-Assisted Soft Synthesis

3.3.3.1. Self-Assembly Under Hot Conditions

Capping agents/surfactant-assisted synthesis has been widely explored for fab-
rication of nanorods, nanotubes, and more complex nanostructures. Recently,
Alivisatos’s group synthesized the elongated CdSe nanocrystallites by injecting
a solution of dimethylcadmium and selenium in tributylphosphine into a mix-
ture of hexylphosphosphonic acid (HPA) and trioctylphosphine oxide (TOPO)
at 340–360◦C.13,64 The surfactant molecules adsorb and desorb rapidly from the
nanocrystal surface at the growth temperature, enabling the addition and removal
of atoms from the crystallites, and aggregation is suppressed by the presence
of (on average) one monolayer of surfactant at the crystallite surface. It is well
known that the solubility of crystals increases as the size of the crystals decreases
according to the Gibbs–Thompson law. This law plays an important role in de-
termining the growth kinetics of the nanocrystals. Peng et al.13 observed that if
the monomer concentration in the solution is higher than the solubility of all
existing nanocrystals, all nanocrystals in the solution grow and the size distribu-
tion narrows. The so-called “focusing of size distribution” can be exploited for
the spontaneous formation of close to monodisperse colloidal nanocrystals and
can form three-dimensional orientation.13 The CdSe nanorods with variable as-
pect ratios can be well achieved by kinetic control growth of the nanoparticles
(Fig.3.21).

The diverse range of observed shapes can be understood as arising from three
basic effects: The nanocrystals will eventually tend toward nearly spherical shapes
at slow growth rates; rods form at high growth rates by unidirectional growth of
one face; HPA accentuates the differences in the growth rates among various faces.
A large injection volume or very high monomer concentration favors rod growth.

Peng and Peng proposed a diffusion-controlled crystal growth model based
on their careful observation of the shape evolution of CdSe nanorods, as shown
in Fig. 3.22.256 They believed that a typical temporal shape evolution of CdSe
quantum rods occurs in three distinguishable stages. The “1D-growth stage” was
confirmed by a reaction whose monomer concentration was maintained in the
corresponding 1D-growth range for a longer time through the addition of more
monomers to the reaction system at certain time intervals. The long axis of the
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FIGURE 3.21. TEM images of different samples of quantum rods. (a–c) Low-resolution
TEM images of three quantum-rod samples with different sizes and aspect ratios. (d–g)
High-resolution TEM images of four representative quantum rods. (d) and (e) are from the
sample shown in (a); (f) and (g) are from the sample shown in (c).13

quantum rods can be further extended from about 35 nm to over 100 nm by the
secondary injections, but the short axis remains almost constant, about 3–4 nm.256

In this model, each crystal is surrounded by a diffusion sphere (Fig. 3.22).256

The monomer concentration gradient between the bulk solution and the stagnant
solution as well as the diffusion coefficient of the monomers determine the direction
(out or into the diffusion sphere) and the diffusion flux. The monomer concentration
in the stagnant solution maintains the solubility of a given facet by the rapid growth
onto or dissolution from the facet.

The wurtzite structural characteristics were shown in Fig. 3.23, showing that
all the atoms on both facets perpendicular to the c axis (unique facets) have only
one dangling bond without surface reconstruction.256 The facets terminated by
negatively charged Se atoms and positively charged Cd atoms are the (001) facet

FIGURE 3.22. The proposed mecha-
nisms of the three stages of the shape
evolution. The circle in each stage is
the interface between the bulk solu-
tion and the diffusion sphere. Arrows
indicate the diffusion directions of the
monomers. The double-headed arrows
represent the diffusion equilibrium in
the 1D-to-2D-ripening stage.256
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FIGURE 3.23. Schematic structure of CdSe quantum rods in growth.256 The most stable
form of a rod is shown on the left, its (001) facet terminated by Se atoms does not have any
ligand on it. After growing a monolayer of Cd atoms on the (001) (right), this facet is still
relatively active compared to the other facets, because each surface Cd atom on this facet
has three dangling bonds.

and (001) facet, respectively. The negatively charged (001) facet is more or less
uncoated, because the ligands in the solution are all electron-donating ligands and
should bind exclusively to cationic species. Additionally, without surface recon-
structions, any surface Cd atom grown on the (001) facet has to possess three
dangling bonds, even if the surface Cd atoms reach a full monolayer. These unique
structural features of the (001) facet and the dipole moment along the c axis sig-
nificantly increase the chemical potential of the unique facets, especially the (001)
facet, compared to the others.256

The above surfactant-driven shape-controlled synthesis strategy was further ex-
tended for synthesis of III–VI group semiconductor nanorods for the first time by
Cheon’s group.168 Gallium phosphide semiconductor nanocrystals can be synthe-
sized by using thermal decomposition of a single molecular precursor, tris(di-
tert-butylphosphino)gallane [Ga(PtBu2)3], in a hot mixture of amine stabilizers.
Similarly to the case of CdSe, the shape of GaP nanocrystals can also be varied from
nanospheres to rods with highly monodispersed size distributions by controlling
the type and amount of stabilizing surfactants.

When only trioctylamine (TOA) was used as a stabilizer, spherical GaP nanopar-
ticles with zinc-blende structure were formed. Increasing the stabilizer ratio of
hexadecylamine (HAD) to TOA leads to the formation of nanorods. The addition
of HDA into TOA leads to changes in the shape and crystalline phase of the GaP
nanocrystals.168 Wurtzite GaP nanorods with a diameter of 8 nm and a length of
45 nm were grown by thermal decomposition of the precursor in TOA solution
(Fig. 3.24), which was injected into a mixture of TOA and HDA at 330◦C. A low
HAD-to-TOA ratio seems to favor the formation of zinc-blende nanospheres, but
a high concentration of HDA leads to the formation of the wurtzite phase and also
induces anisotropic growth of the nanocrystals.168
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FIGURE 3.24. Large-area TEM image (a) and a HRTEM image (b) of GaP nanorods.168

The steric effects of the stabilizers during crystal growth are illustrated in
Fig. 3.25.168 The thermodynamically stable GaP zinc-blende structure is a stag-
gered conformation with <111> directions, and the kinetically stable wurtzite
structure is an eclipsed conformation with <002> directions (Fig. 3.25). Kinetic
stability of the wurtzite structure is induced by strong dipole interaction of incom-
ing GaP monomers with surface GaP lattice atoms. The conformation of crystal
structures is highly affected by changing the stabilizer because stabilizers can
dynamically bind to the crystal surfaces during the GaP crystal growth. When
the highly bulky tertiary amines (e.g., TOA) are used as stabilizers, staggered

FIGURE 3.25. Proposed mechanism for surfactant-driven steric effects on the crystalline
phases (a, b) and rod growth (c) of GaP nanocrystals.168
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FIGURE 3.26. (a) TEM
image of Te nanowires
synthesized from TeCl4 and
TOPO in polydecene at
250◦C. (b) TEM image of
dashed-line-like Bi2Te3

nanowires obtained by
reaction of BiPh3 and Te
wires at 200◦C.153

conformation is favoured, minimizing steric hindrance between these ligands and
GaP lattices (Fig. 3.25, path A), and zinc-blende GaP is preferred rather than
wurtzite. In contrast, when an excess amount of less sterically hindered HDA is
added to TOA, the rotational barrier between GaP–HDA complexes and GaP lat-
tices is reduced. Therefore, the formation of the kinetically stable wurtzite GaP
is now facilitated (Fig. 3.25, path B) under the kinetic growth regime induced by
a high monomer concentration.168 The steric difference between these two sta-
bilizers seems to induce the anisotropic growth of the wurtzite GaP. It is likely
that when wurtzite seeds are formed, sterically bulky TOA selectively binds to the
other faces (e.g., 100 and 110 faces) with staggered conformation rather than to
002 faces and blocks growth on these faces. On the other hand, GaP–HDA com-
plexes continuously supply monomers on the 002 faces with high surface energy
and, therefore, promote the growth along the c axis (Fig. 3.25c).

In addition, the thermolysis of a monomeric precursor [Zn(TePh)2][TMEDA]
prepared from [Zn(TePh)2] and donor ligand TMEDA in a mixed-surfactant
trioctylamine–dimethylhexylamine produced ZnTe nanorods,204 which could be
templated from the rodlike micelles formed in the mixed-solvent system. Currently,
this approach has been successfully applied for the synthesis of transition metal
nanorods such as Co,144 Fe,146 Ni,148 Bi, Te, Bi2Te3,153 BaTiO3, and SrTiO3.82

When the high-temperature (250–300◦C) decomposition of TeCl4 was con-
ducted in polydecene, but in the presence of TOPO as a surfactant, uniform Te
nanowires were formed (Fig. 3.26a).153 Reactions of Te nanowires and BiPh3

conducted at the higher temperature of 200◦C gave segmented wires consisting
of Bi2Te3 nanorods that seemed to be encased within a thin amorphous sheath,
reminiscent of a sausage casing (Fig. 3.26b).153 Some of the nanostructures were
severely segmented and contained very short rods. Each rod seemed to be a sin-
gle crystal, as confirmed by electron diffraction patterns. These patterns also es-
tablished that each segment had the same [001] orientation as that of the low-
temperature-synthesized, continuous Bi2Te3 wires described earlier. The encased
nanorod segments within the hollow sheaths gave the assemblies a dashed-line-like
appearance.

More complex nanostructures of semiconductor nanocrystals can be synthesized
by this approach in the case for CdSe64 and CdTe,257 (Figure 3.27) based on the
fact that the energy difference between the wurtzite and the zinc-blende structures,
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FIGURE 3.27. HRTEM image (a) of a typical tetrapod-shaped CdSe nanocrystal, looking
down the [001] direction of one arm. Lattice spacings confirm that all four arms are of
the wurtzite structure. In (b), it shows a tetrapod that has branches growing out of each
arm. There are zinc-blende layers near the ends of the original arms, and the branches are
wurtzite with some stacking faults.64

determining the temperature range in which one structure can be preferred during
nucleation and the other during growth.257

In addition, tellurium nanotubes can be synthesized by a so-called “polyhol
process” under reflexing conditions (Fig. 3.28).163 The early stage shows that
tubular structures grew from the cylindrical seeds (Fig. 3.28a). Trigonal selenium
nanowires with well-defined sizes and aspect ratios have been synthesized by a
solution-phase approach.161,162 Aging amorphous α-Se in an aqueous solution
through the reduction of selenious acid with excess hydrazine by refluxing at
100◦C at room temperature leads to the formation of a small amount of trigonal
t-Se, which act as seeds for the formation of a large amount of trigonal Se nanowires
by further aging the solution in dark place. Single-crystalline nanowires of Ag2Se
can be synthesized by being templated against these trigonal Se nanowires at room
temperature.219,220

Recent advances demonstrated that it is possible to control the growth process of
the nanocrystals and their nanoarchitectures with complex forms and different com-
positions (Fig. 3.29), which could be of great interest for futher nanotechnology.258

FIGURE 3.28. SEM images
of the Te nanotubes
synthesized by refluxing a
solution of orthotelluric
acid in ethylene glycol for
(a) 4 and (b) 6 min,
respectively. The white
arrow indicated the
presence of seeds.163



132 Yu and Qian

FIGURE 3.29. Emerging diversity in nanocrystal and nanowire building blocks. (a) For-
mation of complex and multibranched nanostructures from basic clusters, core-shell, and
elongated nanostructure building blocks. (b) Multibranched materials constructed from
nanowire structures, structures modulated in the axial and radial directions. Distinct colors
indicate variations in material composition and/or doping.258

3.3.3.2. Self-Assembly Under Natural/Mild Conditions

In contrast to the above capping agents/surfactants-driven synthesis of semicon-
ductor nanorods in hot solvent, self-assembly of nanofiber bundles, nanotubes,
nanowires, and their structure modulation under natural/mild conditions has
emerged recently.23,64−71 The reverse micelle reaction media usually consisted
of either the anionic surfactant AOT [sodium bis(2-ethylhexyl)sulfosuccinate)]
or nonionic surfactants. Various kinds of 1D inorganic nanorods/nanowires such
as BaCrO4,23,67 BaSO4,66,67 BaCO3,69 and BaWO4,70 and CaSO4,90 CaCO3,87

BaF2,167 CdS,183,259 and Cu nanorods145 have been synthesized in reverse micelle
media or microemulsions. Other novel nanostructures such as Ag nanodics,134 flat
CdS triangles,182 and CdS and CdSe nanotubes/nanowires68 can also be synthe-
sized by this approach.

The strong binding interactions between surfactants and inorganic nuclei effec-
tively inhibit the crystal growth and take the spontaneous structure reconstruction
and self-organization of the primary nanoparticles under control. Micrometer-long
twisted bundles of BaSO4 and BaCrO4 nanofilaments in water-in-oil microemul-
sionsprepared from the anionic surfactant, sodium bis(2-ethylhexyl)sulfosuccinate
(AOT).23 The reaction occurs at room temperature in unstirred isooctane contain-
ing a mixture of Ba(AOT)2 reverse micelles and NaAOT microemulsions with
encapsulated sulfate (or chromate) anions.

The construction of higher-order structures from inorganic nanoparticle building
blocks was successfully demonstrated by achieving sufficient informational con-
tent in the preformed inorganic surfaces to control long-range ordering through
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FIGURE 3.30. TEM image showing ordered chains of prismatic BaSO4 nanoparticles pre-
pared in AOT microemulsions,23 [Ba2+] : [SO2−

4 ] molar ratio = 1 and water content molar
ratio w = [H2O]:[NaAOT] = 10. Scale bar = 50 nm.

interactive self-assembly.23 The nanorods have flat surfaces with low curvature so
that the hydrophobic driving force for assembly can be strengthened through the
intermolecular interaction, resulting in the formation of a bilayer between adja-
cent particles by the interdigitation of surfactant chains attached to nanoparticle
surfaces. When the [Ba2+]:[SO2−

4 ] (or [Ba2+]:[CrO2−
4 ]) molar ratio is equal to 1.0,

remarkable linear chains of individual BaSO4 or BaCrO4 nanorods are formed
(Fig. 3.30).

Semiconductor nanotubes and nanowires have been recently reported
by employing nonionic surfactants such as t-octyl-(OCH2CH2)x OH, x = 9,
10 (Triton-X) and anionic surfactant AOT.68 Nanowires of sulfides and selenides
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FIGURE 3.31. TEM image of CdSe nanotubes obtained by using Triton 100-X as the
surfactant.68

of Cu, Zn, and Cd with high aspect ratios can be prepared by using Triton 100-X.
The results show that it possible to obtain both nanotubes and nanowires of CdSe
and CdS by this surfactant-assisted synthesis. For the synthesis of CdSe nanotubes,
a suspension of cadmium oxide (10 mmol) was prepared in 20 mL of Triton 100-X
(∼24 mmol). A solution of NaHSe (NaBH4/Se in 40 mL water) was added drop-
wise under constant stirring to the suspension at 40◦C in an argon atmosphere.
The resulting mixture was refluxed for 12 h and left overnight. The nanotubes are
generally long, with lengths up to 5 μm and a wall thickness of 5 nm, as shown in
Fig. 3.31. The formation mechanism of the nanotubes in the presence of surfactant
is still not clear.

3.3.4. Bio-Inspired Approach for Complex Superstructures

3.3.4.1. Polymer-Controlled Crystallization

The bio-inspired approach for synthesis of inorganic minerals has been a hot re-
search subject.65,72 Recently, it was shown that so-called double-hydrophilic block
copolymers (DHBCs)72,260 can exert a strong influence on the external morphology
and/or crystalline structure of inorganic particles such as calcium carbonate,261,262

calcium phosphate,263 barium sulfate,83,264 barium chromate,84,86 cadmium
tungstate,91 and zinc oxide.265,266
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FIGURE 3.32. TEM images of calcium phosphate block copolymer nested colloids.263 (a)
Starlike form at early stage at pH 3.5; (b) later stage showing complex central core; (c)
neuronlike tangles produced at pH 5.

Elegant nested calcium phosphate nanofibers were mineralized in the pres-
ence of double-hydrophilic block copolymer poly(ethylene oxide)-b-alkylated
poly(methacrylic acid) (PEO-b-PMAA-C12), which was synthesized from PEO-
b-PMAA by partial alkylation with dodecylamine.263 By controlling the pH of the
Ca2+-loaded polymer solution, a delicate mesoskeleton of interconnected calcium
phosphate nanofibers with starlike, neuronlike, and more complex nested form can
be obtained, as shown in Fig. 3.32.263

Very long BaSO4 and BaCrO4 nanofibers and fiber bundles with remarkable
similarity have been successfully fabricated by a polymer-controlled crystalliza-
tion process at room temperature. More complex morphologies of hashemite
can be formed in the presence of partially the phosphonated block copolymer
poly(ethylene glycol)-block-poly(methacrylic acid). Fibrous superstructures with
sharp edges composed of densely packed, highly ordered, parallel nanofibers of
BaCrO4 can be easily produced. The TEM micrograph with a higher resolution
in Fig. 3.33a shows the self-organized nature of the superstructure. Whereas the
majority of the fibers appear to be aligned in a parallel fashion, gaps between
the single fibers can form, but are also closed again. An electron diffraction pat-
tern taken from such an oriented planar bundle confirmed that the whole structure
scatters as a well-crystallized single crystal, where scattering is along the [001]
direction and the fibers are elongated along [210] (Fig. 3.33b). Based on above
experimental observation and understanding, a self-limiting growth mechanism
was proposed to explain the remarkable similarity of the superstructures.84

A very recent observation shows that low-molecular-weight polyacrylic acid
sodium salt serves as a very simple structure-directing agent for the room-
temperature, large-scale synthesis of highly ordered conelike crystals or very long,
extended nanofibers made of BaCrO4 or BaSO4 with hierarchical and repetitive
growth patterns, as shown in Fig. 3.34, where temperature and concentration varia-
tion allows for the control of the finer details of the architecture such as axial ratio,
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FIGURE 3.33. (a) TEM image of highly ordered BaCrO4 nanofibers obtained in the presence
of PEO-b-PMAA-PO3H2(21%, phosphonation degree) (1 g L−1) ([BaCrO4] = 2 mM), pH
5. (b) Electron diffraction pattern taken along the <001> zone, showing that the fiber
bundles are well-crystallized single crystals and elongated along [210].84

opening angle, and mutual packing.85 The formation of interesting hierarchical
and repetitive superstructures is worth being explored further for other mineral
systems.

Interestingly, single uniform BaCrO4 nanofibers can be synthesized by the com-
bination of the polymer-controlled crystallization process and controlled nucle-
ation by colloidal species, producing locally a high supersaturation of both DHBCs
and Ba2+. The addition of a minor amount of a cationic colloidal structure such
as PSS/PAH polyelectrolyte capsule [PSS/PAH: poly(styrene sulfonate, sodium
salt)/polyallylamine hydrochloride] in the same reaction system can promote the
independent growth of a number of fibers, thus leading to the dynamic discrimi-
nation of side nucleation and the resulting altered superstructures.86

In addition to the above formation of superstructures under the contol of block
copolymers, the DHBCs can also be used to fine-tune the nanostructure details
of other inorganic crystals. Very thin 1D and 2D CdWO4 nanocrystals with con-
trolled aspect ratios were conveniently fabricated at ambient temperature or by

FIGURE 3.34. Complex forms of BaSO4 bundles and superstructures produced in the pres-
ence of 0.11 mM sodium polyacrylate (Mn = 5100), at room temperature, [BaSO4] =
2 mM , pH = 5.3, for 4 days. (a) The detailed superstructures with repetitive patterns;
(b) the well-aligned bundles.85
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FIGURE 3.35. TEM images of the samples obtained under different conditions.91 TEM im-
ages of the CdWO4 nanocrystals obtained under different conditions: (a) No additives,
double jet, at room temperature; (b) in the presence of PEO-b-PMAA (1 g L−1), 20 mL,
double jet, then hydrothermal crystallization at 80◦C for 6 h; (c) direct hydrothermal treat-
ment of a 20-mL solution at 130◦C for 6 h, in the presence of 1 g L−1 PEO-b-PMAA-PO3H2.
pH = 5.3, [Cd2+]:[WO2−

4 ] = 8.3 × 10−3 M (final solution).

hydrothermal ripening under control of a double-hydrophilic block copolymer.91

The TEM image in Fig. 3.35a shows very thin, uniform CdWO4 nanorods/
nanobelts with lengths in the range 1–2 μm and a uniform width of 70 nm along
their entire length (aspect ratio of about 30). The thickness of the nanobelts is
∼6–7 nm. Very thin and uniform nanofibers with a diameter of 2.5 nm, a length
of 100–210 nm, and an aspect ratio of 40–85, as shown in Fig. 3.35b, can be read-
ily obtained when the double-hydrophilic block copolymer PEG-b-PMAA was
added to the solvent reservoir before the double-jet crystallization process and the
mixture was then hydrothermally ripened at 80◦C. When the partly phosphonated
hydrophilic block copolymer PEG-b-PMAA-PO3H2(21%) (1 g L−1) is added at
an elevated temperature of 130◦C even without using the double jets but at higher
concentrations and coupled supersaturation, very thin plateletlike particles with a
width of 17–28 nm, a length of 55–110 nm, and an aspect ratio of 2–4 are obtained
by a direct hydrothermal process (Fig. 35c). The nanoparticles display an interest-
ing shape-dependent evolution of the luminescent properties, which might be of
interest for applications.

Polymer-controlled crystallization in water at amient temperature provides an
alternative and promising tool for morphogenesis of inorganic nanocrysals and
superstructures, which could be extended to various inorganic systems.

3.3.4.2. Supramolecular Self-Assembly

Supramolecular-directed self-assembly of inorganic and inorganic/organic hybrid
nanostructures has been emerging as an active area of recent research. The recent
advance shows the remarkable feasibility of mimicking a natural mineralization
system by a designed artificial organic template.267

The supramolecular functional polymer can be directly employed for the min-
eralization template of novel inorganic nanoarchitectures. The CdS helices were
successfully templated from supramolecular nanoribbons.268 This novel inorganic
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FIGURE 3.36. TEM micrograph of a typical CdS he-
lix with a pitch of 40–50 nm precipitated in gels of
the DRC in EHMA.268

nanostructure has a coiled morphology with a pitch of 40–60 nm, which can be
rationalized in terms of the period of the twisted organic ribbons. A triblock ar-
chitecture termed “dendron rodcoils” (DRC) can hydrogen-bond in head-to-head
fashion through dendron segments and self-assemble into nanoribbons.268 The
mineralization of the helical structures was done in both 2-ethylhexyl methacry-
late (EHMA) and ethyl methacrylate (EMA). Figure 3.36 shows a typical CdS
helix with a zigzag pattern and a pitch of 40–50 nm, which was isolated from
a 1 wt.% gel of the DRC in EHMA to which a solution of cadmium nitrate in
THF had been added prior to exposure to hydrogen sulfide gas.268 High-resolution
TEM studies revealed that the polycrystalline zinc-blende CdS is made up of small
domains with grain sizes of about 4–8 nm. The results suggest that it is possible
to achieve good control over the morphology of the templated product by using
extremely uniform, stable, nonaggregated supramolecular objects as templates.

A peptide-amphiphile (PA) molecule was designed for the mineralization of PA
nanofibers and hydroxyapatite (HAp) nanofibers.269 This amphiphile molecular
can assemble in water into cylindrical micelles because of the amphiphile’s overall
conical shape, resulting in that the alkyl tails are packed in the center of the micelle
while the peptide segments are exposed to the aqueous environment.269 The PA
molecules were found to self-assembly at acidic pH but disassemble at neutral and
basic pH. After self-assembling into nanofibers, the nanofibers were cross-linked
by the oxidation of the cysteine thiol groups through treatment with 0.01 M I2. The
cross-linked PA fibers contained intermolecular disulfide bonds, and intact fiber
structures were still kept. These cross-linked fibers with negative-charged surfaces
are able to direct mineralization of hydroxyapatite (HAp) to form a composite
material in which the crystallographic c axes of hydroxyapatite are coaligned with
the long axes of the fibers.269

In addition, the supramolecular self-assembly using organogelators as the
template to transcribe inorganic nanostructures has been intensively studied.267

Organogelators are low-molecular-weight compounds that can gelate organic flu-
ids at low concentrations. The gelators can gelate in orgainc solvents to form unique
superstructures, which can transcribe inorganic nanostructures.267 Shinkai et al.
first employed such a system to mineralize inorganic structures by transcribing the
chiral gelator, fibers and other morphologies to form unique superstructures.270−279
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FIGURE 3.37. Comparison of ZnO heli-
cal structures with nacre.119 (a, b) High-
magnification image of oriented ZnO
helical columns. (c) Nacreous calcium
carbonate columns and layers near the
growth tip of a young abalone.

Sol-gel polymerization of gelated tetraethyl orthosilicate (TEOS) solutions pro-
duces silica with a novel hollow-fiber structure due to the template effect of the
organogel fibers.270−276 This approach can be extended for producing other metal
oxide nanofibers or nanotubes with chiral structures such as TiO2 fibers,277 TiO2

helical ribbons, and nanotubes.279

3.3.4.3. Small Molecular Organic Species-Mediated Crystallization

In contrast to the above polymer-controlled crystallization and supramolecular
template synthesis, some small molecular organic species can also exert significant
influence on crystal orientation growth. A very recent report by Liu et al. showed
unusual oriented and extended helical ZnO nanostructures grown by a synthetic
ceramic method, which is surprisingly very similar to the growth morphology of
nacreous calcium carbonate.119

The helical ZnO nanostructures was grown on the glass substrate containing
the oriented ZnO nanorods arrays,280 which was placed in a solution containing
Zn(NO3)2, hexomethylenetetramine, and sodium citrate. Figure 3.37 shows the
similarity of SEM images of the helical ZnO nanocolumns (Figs. 3.37a and 3.37b)
and the growth tip of a young abalone shell containing oriented columns of arago-
nite nanoplates (Fig. 3.37c). The secondary growth on the helical nanorods, aligned
and well-defined nanoplates, are formed, as in nacre. The side-width growth of
the ZnO nanoplates leads to hexagonal ZnO plates that begin to overlap with one
another.

The organic species were reported to act as simple physical compartments or
act to control nucleation or to terminate crystal growth by surface poisoning in
biomineralization of nacre.281,282 The similar biomimetic structures of helical ZnO
rods as the nacreous CaCO3 indicated that helical growth might play some role
in the formation of organized nacreous calcium carbonate. However, the organic
species citrate ion still plays critical roles in the formation of such structures
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FIGURE 3.38. TEM micrograph of a
single crystal of anatase that was hy-
drothermally coarsened in 0.001 M
HCl, showing that the primary par-
ticles align, dock, and fuse to form
oriented chain structures.74

because the citrate ion has a strong tendency to inhibit the growth of the (002)
surfaces, possibly through the selective surface adsorption.

The above-discussed polymer-controlled crystallization and small molecular
organic species-mediated mineralization could shed new light on morphology and
orientation control of inorganic crystals.

3.3.5. Oriented Attachment Growth Mechanism

Recently, natural aggregation-based crystal-growth mechanisms and spontaneous
self-organization of unstabilized nanoparticles in a surfactant/ligand-free solution
system has been gradually recognized as an important strategy in designing inor-
ganic crystals.

Traditionally, the crystal growth can be described as an Ostwald ripening
process.283 The formation of tiny crystalline nuclei in a supersaturated medium
occurred at first and was then followed by crystal growth. The larger particles will
grow at the cost of the small ones due to the difference between large particles and
the smaller particles of a higher solubility. Penn and colleagues74−77 confirmed
that both anatase and iron oxide nanoparticles with sizes of a few nanometers can
coalesce under hydrothermal conditions in a way called “oriented attachment”
(Fig. 3.38). The crystal lattice planes might be almost perfectly aligned or dislo-
cations at the contact areas between the adjacent particles will lead to defects in
the finally formed bulk crystals. The so-called oriented attachment during crystal
growth of TiO2 was also proposed by other authors.78

A very recent report by Weller et al. provided some strong evidence that ZnO
nanorods can be conveniently self-assembled from small ZnO quasi-spherical
nanoparticles based on the oriented attachment mechanism by the evaporation
and reflux of a solution containing 3–5-nm smaller nanoparticles.80 Previously,
self-assembly of nanoparticles capped by ligands is mainly driven by the interac-
tions of the organic ligands rather than by the interaction of the particle cores.

ZnO sol with an average particle size of ∼3 nm (Figure 3.39a) was easily
prepared by adding a 0.03 M solution of KOH (65 mL) dropwise in methanol
into a solution of zinc acetate dihydrate (0.01 M) in methanol (125 mL) under
vigorous stirring at about 60◦C. Refluxing of the concentrated solution leads to the
formation of rodlike nanoparticles. Prolonging the heating time mainly leads to an
increase of the elongation of the particle along the c axis. After refluxing for 1 day,
single-crystalline nanorods with average lengths of 100 nm and widths of ∼15 nm
were formed (Fig. 3.39b). The authors argued that oxide nanoparticles are very
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FIGURE 3.39. TEM images of ZnO: (A) starting sol; (B) after 1 day of reflux of the con-
centrated sol. The insets show high-resolution TEM images of individual nanoparticles.80

favorable for oriented attachment for two reasons: First, organic ligands, which
prevent intimate contact of crystal planes, are usually not needed for stabilization
and, second, crystalline fusion of correctly attached particles not only leads to a
gain in lattice-free energy but also in free energy of polycondensation.80

The spontaneous aggregation and self-assembly of the small nanoparticles into
much elongated nanorods/nanowires was again observed in the case of CdTe
when the protective shell of the organic stabilizer on the surface of the ini-
tial CdTe nanoparticles was removed.81 The presence of “pearl-necklace” ag-
glomerates as intermediates of the nanoparticle–nanowire transition suggested
that the growth mechanism should be related to a special interaction/attraction
between the nanoparticles (Fig. 3.40). Recently, it has been found that pre-
formed TiO2 nanoparticles with a diameter of 5 nm functionalized by 2-amino-
2(hydroxymethyl)-1,3-propanediol can be directed to self-assemble into highly
anisotropic nanostructures.79

A dipole–dipole interaction was believed to be the driving force for such self-
organization of the nanoparticles.81 In addition, room-temperature crystallization

FIGURE 3.40. TEM image of the nanoparticle chain-
like structures showing the intermediate state of
a nanoparticle–nanowire transition. (Courtesy of
Professor Nicholas A. Kotov of Oklahoma State
University.)
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and transformation of amorphous nanoparticles obtained from a fast double-jet
reaction into highly anisotropic beltlike CdWO4 nanorods has also been achieved.91

These results imply that the spontaneous self-organization with subsequent fusion
into crystallographically aligned particles indeed could act in various inorganic
systems.

Although there are only few reports on the self-organization of nanopartilces, this
new growth mechanism could offer an additional tool for the design of advanced
materials with anisotropic materials properties and could be used for the synthesis
of more complex crystalline three-dimensional structures in which the branching
sites could be added as individual nanoparticles, and can even lead to the highly
perfect crystals.80,284

3.4. Summary and Outlook

This chapter gives a general overview on soft synthesis of low-dimensional
nanocrystals such as nanorods, nanowires, nanotubes, and more complex
nanostructures. Recent advances deomonstrated that the “soft” approaches are
very promising alternative pathways for the synthesis of 1D nanocrystals
under natural/mild conditions in contrast to traditional high-temperature ap-
proaches. The soft synthesis routes, such as solvothermal/hydrothermal processes,
solution–liquid–solid mechanism, capping agents/surfactant-assisted synthesis,
bio-inspired approaches, and oriented attachment growth mechanism, open al-
ternative doorways to the low-dimensional nanocrystals and even more complex
superstructures. Among these solution strategies, the solvothermal process shows
the potential capabilities and versatilities for selective synthesis of various impor-
tant semiconductor nanocrystals with controllable shape, size, phase, and dimen-
sionalities under mild conditions.

In addition to the strategies by use of solvent-mediated shape and struc-
ture modulation, the “soft”–“hard” interface between polymers/surfactants (or
organic species) and inorganic crystals is also an active area of great inter-
est at present. It has to be emphasized that the nucleation, crystallization, self-
assembly, and growth mechanism of the nanocrystals in these solution strate-
gies are rather complicated and are still not well understood, and they are crucial
for the rational synthesis of high-quality one-dimensional nanostructures. It is
necessary that the various characterization techniques including in situ X-ray
diffraction, Fourier transform infrared, nuclear magnetic resonance techniques,
among others, be combined to get more detailed information in the reaction sys-
tem, to follow the crystallization, structure evolution process, in order to get a
through understanding on the reaction mechanics, shape evolution, and structure
formation.

From the viewpoint of application, investigation of the relationship between the
structural specialties (shape, sizes, phases, dimensionality, complexity, etc.) of the
low-dimensional nanocrystals and their properties will result in discovering new
applications of these novel building blocks in nanoscience and nanotechnology.
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4.1. Introduction

Porous inorganic materials such as zeolites and zeolitelike crystalline molecular
sieves are of great interest because of their range of commercial applications such
as catalysis, adsorption/separation, and ion exchange. The term zeolite refers to the
specific class of aluminosilicate molecular sieves, although the term is frequently
used more loosely to describe compounds other than aluminosilicates that have
frameworks similar to known zeolites.

Knowledge of the framework crystal chemistry of these materials is important
in order to understand their physicochemical properties. Zeolites are constructed
from TO4 tetrahedra, where T is a tetrahedral atom such as silicon or aluminum.1

Each oxygen atom (O) is shared with an adjacent tetrahedral atom (T), resulting
in a framework ratio of O/T equaling 2. Silicon has a +4 charge and oxygen has
a −2 charge, thus giving in an overall charge of −4 for the individual group SiO4.
In a structured, tetrahedral framework, however, each oxygen atom is shared be-
tween two silicon atoms, so the overall charge for a pure-silica network is neutral.
Replacing the T atoms with other elements result in different charges (e.g., alu-
minum gives −1 and zinc gives −2). These charges then have to be balanced with
a cation, typically alkali metals (e.g., K+and Na+), alkaline earth metals (e.g.,
Ba2+ and Ca2+), protons (H+), and combinations thereof. Figure 4.1 shows ex-
amples of these connectivities. Ratios of silicon to aluminum are not less than
1 (i.e., there are not two aluminum atoms bonded to the same oxygen atom),
and this arrangement is rationalized by Loewenstein’s rule that states that isolated
negative charges (Al−–O–Si–O–Al−–O–Si) will be more stable than adjacent neg-
ative charges (Al−–O–Al−–O–Si–O–Si).2,3 Silicon can also be replaced with com-
pounds such as phosphorus, but never in a manner to give a positive framework
charge.4 Here, we will focus on the fully tetrahedral networks, particularly because
the bulk of the literature on crystalline microporous materials involves them.

In this review, we address several important aspects in understanding the funda-
mental processes involved in the assembly of crystalline molecular sieves. First,
we address the thermodynamics and kinetics of the synthesis processes. Second,
we discuss several proposed mechanisms for zeolite assembly and the interactions
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FIGURE 4.1. Structures, charges, and connectivities with SiO2 of SiO2, AlO−1
2 , and ZnO−2

2 .

among the components involved. Finally, we emphasize the importance of trying to
understand the zeolite assembly process as it would apply to designing a molecular
sieve, specifically a chiral molecular sieve.

4.2. Thermodynamics of Synthesis Processes

Attempts to understand the mechanism of molecular sieve assembly must include
an understanding of the thermodynamics of the process. Petrovic et al. were the
first to measure the enthalpy of formation of microporous, crystalline pure-silica
molecular sieves.5 They considered six high-silica zeolites and determined that all
were only destabilized 7–14 kJ mol−1 relative to quartz, the most stable form of
silica. Piccione et al. extended this initial work and focused on a range of materials.6

They measured the enthalpies for 11 different pure-silica molecular sieves with
various framework densities. Like Petrovic et al., Piccione et al. found that the
molecular sieves are metastable, but only differing 6–15 kJ mol−1 with respect to
quartz. This difference is similar to those seen with silica glasses and amorphous
silica.6 These results show a clear relationship that as the molar volume is increased
(or the framework density is decreased), the enthalpy increases relative to quartz.
Molar volume is defined as cm3mol−1 SiO2, framework density (FD) is the number
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of T atoms per nm3, and the enthalpy is kJ mol−1 SiO2.5,6 The data of Petrovic
et al. and Piccione et al. show that the transformation of amorphous silica to
crystalline silica is not hindered significantly in terms of energetics. The entropies
of formation for several pure-silica molecular sieves have also been calculated.7,8

The entropies for each of the silicates investigated were relatively similar (44.7–
45.7 J K−1mol−1), despite the samples having fairly diverse molar volumes (30–44
cm3mol−1). Entropies of dense silicates do vary with molar volume, but above
30 cm3mol−1, the entropy approaches a constant around 45 J K−1mol−1. All four
samples had entropies only 3.2–4.2 J K−1mol−1 higher than quartz.

The energetic trends observed from pure-silica materials are also obtained with
aluminophosphates.9 However, ordered mesoporous materials that are not crys-
talline show energy-independent behavior with increasing pore size (∼15 kJ mol−1

SiO2 for pore sizes above 2 nm).10 Because the less dense microporous crystalline
materials have enthalpy values nearly the same as the ordered mesoporous ma-
terials, it is not clear whether thermodynamics place limits on the minimum FD
that can be achievable with crystalline TO2 frameworks. Recently, Moloy et al.
showed that the average internal surface enthalpy of microporous crystalline sil-
icas is 0.093 ± 0.009 J m−2 and that this value is within experimental error of
the value for the average external surface enthalpy of amorphous silica (0.100 ±
0.035 J m−2).11 Thus, there appears to be no preference in surface energy between
crystalline and amorphous silica at a fixed exposed area. This is somewhat sur-
prising because crystalline silicas have very low silanol densities when compared
to amorphous silicas, and the number of silanol groups should certainly affect the
stability of the solids.

To compare the effect the TIV atom has on the framework stability, studies were
conducted in which germanium rather than silicon was included in the structures.
The enthalpies of formation with respect to a mixture of quartz polymorphs of
germania and silica have been determined.12,13 The Ge-containing zeolites were
more metastable than the corresponding pure silica ones. All of the zeolite frame-
work examined become energetically less stable with increasing Ge content, but the
slope is different for each structure, and a possible crossover in framework stability
with Ge content exists for structures that can compete in the synthesis. Changing
the TIV composition can lead to a more thermodynamically stable structure that is
less stable for another framework composition.

In addition to investigating the role of the framework composition in the sta-
bility, it is also important to evaluate the thermodynamics of the entire synthesis
process, including the role of the structure directing agent (SDA). Helmkamp
and Davis were the first to do this for the synthesis of pure-silica ZSM-5 using
tetrapropylammonium fluoride as the SDA.3 In a more recent work, Piccione et al.
investigated the thermodynamic role of the SDA in the molecular sieve synthesis
by carefully measuring the interaction energies between the silica frameworks
and the enclathrated organic SDAs.14,15 They studied various combinations using
four different pure-silica molecular sieves and four organic SDAs. This synthesis
process can be written as (using a F− mineralizer—see the later discussion on the
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roles of the mineralizing agents)

SiO2(glass) + SDAF + HF + H2O ⇒ SDAF-MS + SDAF + HF + H2O

where SDAF-MS represents the crystalline molecular sieve with enclathrated
SDAF. No stoichiometric coefficients are given because they can be different
for each synthesis (SDA framework) and the silica is assumed to be completely
consumed (can be done experimentally in some syntheses). The thermodynamics
of this process can be broken down into three steps: (1) transformation of silica
glass to a silica molecular sieve, (2) the partitioning of the SDA from the aqueous
solution into the open framework, and (3) the dilution of the remaining SDAF and
HF in solution from the start to the end of the synthesis. These thermodynamic
studies also show that the enthalpy and entropy contributions to the free energy
of crystallization are similar in magnitude and that no single factor dominated
the overall Gibbs free energies.14,15 For example, with tetrapropylammonium
(TPA) and tetraethylammonium (TEA) used to synthesize ZSM5 (MFI) and beta
(*BEA), respectively, �H for TPA/MFI and TEA/*BEA were both –3.2 kJ mol−1

SiO2, whereas T�S for TPA/MFI and TEA/*BEA were 1.7 and 2.2 kJ mol−1SiO2,
respectively. Thus, the self-assembly process depends on the delicate interplay
between a large number of weak interactions (as is often observed in biological
systems).

The energetic differences in the overall synthesis process between various SDA–
molecular sieve combinations are sufficiently small (e.g., TEA/MFI = −4.9 ±
2.8 kJ mol−1 SiO2, TEA/*BEA = −8.5 ± 2.9 kJ mol−1 SiO2.14,15) that energetic
limitations are not likely to be the dominant factor in determining which molecular
sieve is obtained from a synthesis. In fact, the small enthalpy and Gibb’s free-energy
changes seen during crystallizations using a SDA are consistent with the fact that
most organocations are capable of directing the synthesis of multiple molecular
sieve frameworks. Overall, these thermodynamic analyses suggest that kinetic
factors are of major importance and, more specifically, the kinetics of nucleation
are likely the critical process involved in determining the material obtained from
a particular preparation.

These thermodynamic findings again emphasize some of the main differences
in the process of synthesizing molecular sieves compared to traditional covalent
synthesis. The significant differences between covalent and noncovalent syntheses
were tabulated by Whitesides et al.16 and modified specifically for zeolites later by
Davis.17 This table is replicated here as Table 4.1. Noncovalent syntheses result
from a variety of different weak interactions and depend strongly on solvent effects,
unlike traditional covalent syntheses, which are typically dominated by strong
enthalpic interactions and strong bonds.

4.3. Kinetics of Synthesis Processes

Burkett and Davis showed by solid-state NMR methods that the first step in the
assembly process of Si–ZSM-5 involved the organization of silicon-containing
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TABLE 4.1. Comparison of covalent and noncovalent syntheses.

Covalent Noncovalent (zeolite)

Constituent bond types in the
assembly process

Covalent Ionic, hydrophobic, hydrogen
(between organic and inorganic)

Bond strengths (kcal mol−1) 25–200 0.1–5 (between organic and
inorganic)

Stability of bonds in product Kinetically stable Kinetically reversible (includes silica
chemistry)

Number of interactions in the
assembly steps

Few Many

Contributions to �G Usually dominated by �H �H and �S can be comparable
Importance of solvent effects Secondary Primary
Other characteristics — Cooperative behavior important

Source: Modified from Ref. 16; reprinted from Ref. 17.

species around the organic SDAs.18 These authors speculated that the driving
forces for assembly were van der Waals contacts between organic groups and
hydrophobic silicate species (enthalpic driving force) and the release of ordered
water (hydrophobic hydration) around the organics and silicate species into the
bulk water phase (entropic driving force).18 It is this initial step in the organization
where the geometric correspondence between the SDA and the final pore architec-
ture likely originates. Organics that do not have a hydrophobic hydration sphere
[e.g., tetraethanolammonium (same size as TPA but does not produce ZSM-5)]
do not organize silica and do not nucleate the synthesis of molecular sieves.19

The proposed driving forces for assembly are consistent with thermodynamics
(see Section 4.2) and the initial assembled entities lead to nucleation centers, as
will be discussed in Section 4.4. The kinetics of nucleation is typically slower
than the kinetics of crystal growth in high- and/or pure-silica syntheses, based on
experimental observation.

If nucleation is rate limiting, then the Ostwald ripening model would predict
that increasing crystallization rates should be observed with increasing stability
of the crystallization material.20 Harris and Zones showed that there was a good
correlation between the stabilization energy of various organic molecules in ei-
ther the CHA or NON (three letter codes are set for each framework topology
by the International Zeolite Structure Commission and can be found at www.iza-
structure.org/databases) structure types calculated via molecular modeling meth-
ods and the crystallization rates (the greater the stabilization, the faster the rate).21

Because the crystallization rates are primarily determined by the rates of nu-
cleation, these data are consistent with the Ostwald ripening model. The energy
stabilizations mostly arise from van der Waals interactions. Direct evidence for the
effects of multiple weak interactions working cooperatively to stabilize an organic
SDA is provided by Behrens et al.22 The single-crystal structure of [Cocp+

2 F−]-
NON showed that the cp rings were interacting via several weak C–H · · · O bonds
to the NON structure.22 These interactions as well as the steric confinement pre-
vents any rotation of the cation.22 This stabilization was shown to occur even at
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synthesis temperatures. Thus, freely rotating cp rings of the Cocp2 cation, when
located in the synthesis mixture, interact with the enclathrating structure in suffi-
cient strength to stabilize the organometallic complex in a configuration absence
of cp ring rotation.

It is clear that the kinetics of nucleation can be the rate-determining step in
the assembly process and that the stabilization energy can affect the kinetics.
Therefore, the organic–inorganic interactions can greatly influence the outcome
of the synthesis.

4.4. Assembly Processes

Crystalline molecular sieves are usually prepared using a hydrothermal synthesis
method. For example, a typical zeolite synthesis would consist of a mixture of
water, a source of the T atoms (for silica, these can be fumed silica, colloidal
silica, and/or silicon alkoxides), a mineralizing agent (e.g., OH− or F−), and a
SDA. The exact nature of the SDA can vary from organic species such as am-
monium ions to alkali metal ions such as potassium and sodium. These reagents
are all mixed and heated (typically less than 200◦C) and, over time, will self-
assemble into the crystalline structure. Figure 4.2 shows a schematic of how the
assembly of pure-silica MFI might occur starting from clear solutions (TPA is the
SDA).23

FIGURE 4.2. Scheme for the crystallization mechanism of Si–TPA–MFI. (Reproduced with
permission from Ref. 23.)
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4.4.1. Proposed Mechanisms for Zeolite Assembly

Numerous groups have investigated the assembly processes of zeolite synthe-
sis; yet the exact mechanism remains unknown. In the 1990s, Regev and co-
workers,24 Schoeman,25 Thompson and co-workers,26 and Iton and White and their
co-workers27 monitored zeolite syntheses by in situ methods. Conducting in situ
measurements during synthesis is essential, as it is likely impossible to isolate the
true intermediates of the synthesis process because the assembly is driven by coop-
erative weak interactions. These studies showed the existence of 3–5-nm entities
that were composites of the organic SDAs and silicate species. Speculations on how
these entities were involved in the synthesis process varied from author to author,
and several of these points of view will be discussed in the following sections.

As pointed out in a recent review by Corma and Davis,28 a significant break-
through in the understanding of the assembly processes occurred with the work of
van Santen and Beelen and their colleagues. This group developed techniques for
the in situ monitoring of the assembly processes using simultaneous small-angle
X-ray scattering (SAXS) and wide-angle X-ray scattering (WAXS) in combina-
tion with ultrasmall-angle X-ray scattering (USAXS) to probe length scales from
0.17 nm to 6 μm.29,30 These in situ techniques provide for dynamic observations
of precursors and products and their interconversions. The imaging of the entire
assembly process of the TPA-mediated synthesis was obtained and the proposed
scheme for the crystallization is given in Fig. 4.2.23 The initial assemblies of the
organic and inorganic are around 3 nm in size. These particles contain silica and the
SDA but do not have the final structure of ZSM-5. If these particles are the same as
the ones trapped by Burkett and Davis,31 then the TPA is not in the conformations
observed either in solution or in the final ZSM-5; it is intermediate between these
two states. These primary units aggregate in a pH-dependent manner to form enti-
ties in the 7–10-nm size range that are fractal in character. These larger entities give
rise to nucleation centers, because the nucleation and number of nuclei correlate
to the number of these larger entities.23 Davis has proposed that these aggregated
species give rise to nucleation centers for reasons discussed elsewhere.17

De Moor et al. speculated that crystal growth was via the primary building units
(although no conclusive proof of this was provided).23,29 Nikolakis et al.32 com-
bined experimental studies with the use of Derjaguin–Landau–Verwey–Overbeek
(DLVO) theory to show that the growth of TPA–MFI seed crystals can proceed by
a mechanism with the rate-limiting step being the addition of the 3-nm primary
units identified by de Moor et al.23,29 Thus, the schematic given in Fig. 4.2 is a
reasonable representation of how TPA self-assembles with silica to produce the
final organic–inorganic composite material. Although all molecular sieve assem-
blies are not likely to proceed through the same pathways, the assembly processes
depicted in Fig. 4.2 provide a good working model for rationalizing and directing
the design of high-silica, molecular sieve synthesis.

It should be noted that the solution-mediated mechanism (shown in Fig. 4.2)
is typically associated with clear-solution synthesis. These syntheses are the most
commonly studied syntheses for the simple fact that they are very reproducible
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synthetic procedures that allow for a wider variety of analytical techniques to be
used in situ. These features provide for a better understanding of the assembly
mechanism. Other zeolite and molecular sieve syntheses go through a gel or solid
phase. In these syntheses, it has been suggested that the zeolites are synthesized
via a gel or solid transformation during which the amorphous solid particles con-
vert to crystalline form. Tsapatsis et al. showed that zeolite L was most likely
formed through a series of nucleation events within a gel network.33,34 De Moor
et al.23 addressed the issue of precursor formation in the synthesis of zeolites
via a gelling system or directly in the liquid phase; they concluded that there are
nanometer-sized primary particles in both systems but differences in the assembly
processes. Recently, Khatri et al.35 also suggested that silicalite-1 also undergoes
a gel transformation as determined by X-ray diffration (XRD) and high-resolution
transmission electron microscope (HRTEM). It is worthwhile to point out that de
Moor et al. studied different synthesis procedures for making crystals with the MFI
topology, one of which was a clear-solution procedure and the other involved a
heterogeneous gel phase.23 In both procedures, de Moor et al. detected the ∼3-nm
nanoparticles; they speculated that these nanoparticles are indeed important enti-
ties in the assembly process.23

Another proposed mechanism for nucleation and growth in zeolite synthesis
involves the concept of building units comprised of small pieces of the crystal.
An example of this approach was the proposed zeosil nanoparticles (also called
nanoblocks or nanoslabs). In this proposed mechanism, the silica species initially
forms into a series of small “building blocks” that has the same topology as the final
crystal framework (ZSM-5 in this case). These building blocks then aggregate to
form the final crystal structure. In a series of papers,36–40 Martens and co-workers
have discussed this concept of “nanoslabs,” claiming to have shown their existence
in the synthesis of silicalite-1 (MFI-type zeolite). Through a variety of experimental
techniques, including infrared (IR), 29Si nuclear magnetic resonance (NMR), X-ray
diffraction and scattering (XRD and XRS), and transmission electron microscopy
(TEM), they claimed that nanoslabs with dimensions 4 nm ×4 nm ×1.3 nm exist
in the clear-solution synthesis of silicalite-1, agglomerate into larger tablet-type
particles, and then agglomerate into silicalite crystals.36–40

However, three recent articles by Knight and Kinrade,41 Lobo and co-workers,42

and Tsapatsis and co-workers43 argued that there is no unambiguous proof of the
existence of these nanoblocks. Knight and Kinrade pointed out that the concept of
nanoblocks has been debated in the literature for over 40 years, and the concept
is continually viewed with skepticism.41 They explained that several of the exper-
iments offered as “proof” of the nanoslabs by Martens and co-workers can also
be explained by other phenomena frequently seen in the literature. For example,
Martens and co-workers claimed that their 29Si NMR experiments showed the
existence of 10 different silicate species (denoted as trimer, three-ring, tricyclic,
double three-ring, bicyclic pentamer, pentacyclic octomer, tetracyclic undecamer,
33-mer, capped double five ring, and double five ring) and these species orga-
nized around the SDA to form the nanoslabs.37 Knight and Kinrade point out
that 23 silicate structures have been found to exist in aqueous solutions.41 Five
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of the structures mentioned by Martens et al.37 are among the 23 (e.g., trimer,
three-ring, tricyclic, double three-ring, and bicyclic pentamer), whereas the other
5 structures discussed by Martens and co-workers have not been shown to ex-
ist in aqueous solutions. Knight and Kinrade argued that 29Si NMR signals that
Martens et al. attributed to the 5 unknown structures also could be explained by
the existence of several of the remaining 18 known structures, which would be
a much simpler explanation and consistent with the bulk literature.41 Knight and
Kinrade also observed that many of the structural attributes common among the
23 silicate species known to exist in aqueous solutions are not seen in microporous
siliceous frameworks.41 For example, almost half of the known silicate species
contain three-membered rings, but three-membered rings have not been shown to
exist in tectosilicate frameworks.41 Certainly, if these silicate species were serving
as “building blocks,” these features would exist in the final frameworks.

Lobo and co-workers42 took great care to repeat the work by Martens and
co-workers36 of preparing, extracting, and analyzing the nanoparticles formed in
the silicalite-1 synthesis. Lobo and co-workers also monitored the particle size
in each step of the extraction using dynamic light scattering (DLS). They found
that the particle sizes in the solution became stable following the hydrolysis of
the tetraethoxysilane (TEOS), with most being less than 10 nm. However, the
particles became unstable after the extraction process, aggregating to roughly
500 nm and continuing to grow over time. XRD patterns collected for these particles
were similar to those for amorphous silica. Lobo and co-workers conceded that
perhaps the crystalline structure was not appearing in the XRD pattern due to the
small size of the nanoparticles. They also performed simulations of the particles,
concluding that crystalline particles with dimensions of 2 nm ×2 nm×1 nm should
yield a recognizable XRD pattern. This obviously is smaller than the proposed
4 nm × 4 nm × 1.3 nm nanoslabs, suggesting that any crystalline pattern should
have been detectable. Lobo and co-workers concluded that there is strong evidence
indicating that the extracted nanoparticles in their work42 and that of Martens
and co-workers36 are disordered like amorphous silica. Lobo and co-workers42

also pointed out that the 29Si NMR measured by Martens and co-workers for the
extracted nanoparticles36 were inconsistent with the later in situ measurements
from the same group,44 showing evidence of significant structural connectivity
changes. Lobo and co-workers stated that it is not possible to draw conclusions
about the in situ nanoparticles by analyzing the ex situ particles, as they likely will
not have the same structure.

Tsapatsis and co-workers43 addressed the TEM imaging of nanoslabs that have
been presented in two articles.40,45 Martens and co-workers40 claimed to have
images of the 4-nm × 4-nm × 1.3-nm and subsequent tablets formed as they
begin to group together. However, when repeating the experiments, Tsapatsis and
co-workers43 concluded that the images reported by Martens and co-workers were
likely due to residual sodium chloride contamination and that no evidence of
nanoslabs was actually shown. Kremer et al. claimed to have created a mesoporous
material by arranging, or tiling, nanoslabs45 Tsapatsis and co-workers pointed out
that the images shown by Kremer et al. were typical of mesoporous materials and
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provide no evidence as to the existence of nanoslabs.43 Overall, although certainly
an appealing theory, there has been no concrete evidence to suggest that zeolites
are actually formed from individual building blocks that are small pieces of the
crystal.

4.4.2. Metal-Ion-Assisted Assembly Processes

A study of the decomposition of silicon catecholate salts and subsequent sil-
ica oligomerization by Harrison and Loton provides some interesting insight on
the mechanisms behind silica chemistry and can, perhaps, shed some additional
light on the mechanism behind zeolite synthesis.46 In their study, Harrison and
Loton prepared aqueous solutions of silicon catecholate salts with the structure
(M+).2H2O, where M+ is Li+, Na+, K+, NH+

4 , or Et3NH+.46 When the pH is
dropped to neutral conditions, the salts decompose slightly to form orthosilicic
acid. It is this form of silica that eventually oligomerizes into the larger particles.
They noted that in the early reaction stages, no change in the orthosilicic acid con-
centration is observed, which indicates the conversion of monomer to dimer. In
the second stage of the reaction, third-order kinetics are observed and suggest the
formation of trimers. After a significant concentration of trimers has been formed,
they observed a transition to first-order kinetics that indicates the monomers are
interacting with the trimers or larger particles to form larger oligomers. In both
cases, the reaction rate increases with decreasing metal cation size. The cations
can interact with the silica thereby reducing the reaction rate. Smaller cations have
the larger hydration spheres or a smaller charge per area, leading to weaker in-
teractions with the silica (and therefore faster reaction rates). The presence of the
metal cations not only slows down the reaction between silica monomers limit-
ing individual particle formation, but they also tend to increase the formation of
larger aggregates by allowing hydrogen-bonding between the silicic acid or silanol
groups. The tetraalkylammonium cations interact differently with the silica due to
their hydrophobic nature, but still exhibit comparable rates. As equilibrium with
respect to orthosilicic acid loss is reached, the particles continue to grow and ag-
gregate. The growth rate is dependent on the size distribution of the particles, as
the smaller particles dissolve and the silica is deposited on the larger particles.

In another study of aqueous silicate systems at high pH, Kinrade and Pole found
that small metal cations can increase the level of polymerization, enable the forma-
tion of siloxane bonds, and increase interactions between dissolved silicate anions
by reducing their electrostatic repulsion.47 Ion-paired cations can also stabilize
specific oligomers by immobilizing appendages and large rings.47

These two studies are interesting when compared to a study on the effects that
metal cations have on the synthesis of pure molecular sieves by Goepper et al.48

Goepper et al. found that the presence of alkali metals (e.g., K+ and Na+) catalyzes
the synthesis of pure ZSM-12, affecting both the nucleation process and the crystal
growth process. These findings are consistent with those by Harrison and Loton46

and Kinrade and Pole,47 in which the metal cation appeared to aid in particle
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growth. The small amount of metal is most likely catalyzing the depolymerization
of the silica source and then aiding in its “repolymerization” or crystallization. As
was seen by Harrison and Loton46 and by Goepper et al.,48 nonmetallic cations
(e.g., ammonium) do not exhibit the same behavior. In the case of ZSM-12, the
crystallization is slower with ammonium cations than with alkali metal cations.48

Camblor et al. reported that the presence of metals such as Zn2+ also plays a
significant role in the synthesis of VPI-8.49 VPI-8 can be synthesized with a variety
of techniques; Camblor et al. reported using seven different organic additives, two
different alkali metals (Na+ and Li+), and various Si/Zn ratios. They found that
unlike most molecular sieve syntheses, the organic compound do not appear to act
as structure directing agents, but as space fillers. More interestingly, the presence
of zinc is very important. In the absence of Zn2+, other phases, such as ZSM-5 and
ZSM-12, are formed in addition to some VPI-8. It appears that the presence of zinc
inhibits the nucleation of the other phases, thus allowing for the sole formation of
VPI-8.

4.5. Components of Synthesis

4.5.1. Organic Components

There is a long history of using of organic compounds to aid in the synthesis
of molecular sieves. Frequently, these compounds are referred to as templating
agents or structure directing agents. Davis and Lobo pointed out that these terms
are not interchangeable and should only be used to describe specific scenarios.50 A
template suggests that there are significant guest–host interactions resulting in the
host volume conforming to the geometry of the guest molecule. A SDA implies
that the host volume is guided by the guest molecule but does not completely
conform to the guest geometry. SDAs have weaker interactions with the inorganic
framework and are typically able to rotate within the pore.

Early reviews by Lok et al.51 and Liebau52 and more recently by Davis and
Lobo50 and Lobo et al.53 highlight several of the main issues that need to be
considered when choosing a SDA. The organic compound should be sized so
that it will fit with sufficient room in the pore or cage with as many van der
Waals interactions as possible, but with minimal deformation. The molecule should
obviously be soluble in the solvent (typically water), but should not tend to form
strong complexes with the solvent. The organic should be somewhat rigid so
that multiple configurations (with low-energy barriers for interconversion) are not
possible under synthesis conditions. This criterion minimizes the likelihood of
multiple products being formed from similar synthesis mixtures. Therefore, key
issues in the design of the SDA are intermediate hydrophobicity (need hydrophobic
hydration but not aggregation in aqueous media), size, and rigidity.

Much research has gone into the development of different SDAs to achieve
different framework structures. Figure 4.3 shows just a few of the many possible
SDAs. For example, a study by Wagner et. al. probed the effects that the structure
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FIGURE 4.3. Examples of structure directing agents.

of the SDA had on the final molecular sieve structures formed by investigating the
results of 37 different SDAs under various reaction conditions.54

One problem associated with the use of SDAs is the eventual removal from
the molecular sieve framework. This removal is usually accomplished by high-
temperature combustion to remove the organic compound. Recent work by Lee et
al. has also focused on developing SDAs that can be disassembled and extracted
from the framework without the need to thermally decompose the SDA.55 This
SDA is shown as compound D in Fig. 4.3.

4.5.2. Inorganic Components

4.5.2.1. Mineralizing Agents

The most common mineralizing agent is the hydroxide ion, OH−. The mineraliz-
ing agent provides for the dissolution of silica (and/or other sources of T-atoms)
and reversible T–O–T hydrolysis. This is important for the formation of crys-
talline structures. Without reversible linkage chemistry, fractal structures would
be formed.

In the absence of atoms that provide charge to the framework structure (e.g.,
Al3+ in silicates), the organic SDA cations are charge balanced by framework
defects.56 These defects can be thought of as OH− + H2O reacting with the
neutral framework to give an Si–O−(to balance the organic cation) and three SiOH
groups.57 These hydrogen-bonded clusters are observed in a variety of pure-silica
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TABLE 4.2. Nonbonded radius (R),
bond length to oxygen in tetrahedral
complexes (l), and the ratio.

Atom R (Å) l (Å) R/l

Be 1.35 1.65 0.82
Zn 1.65 1.98 0.83
B 1.26 1.49 0.85
Ge 1.58 1.77 0.89
Al 1.62 1.77 0.92
Si 1.53 1.64 0.93
P 1.65 1.55 0.94

Source: Reference 61.

structures.56 Upon combustion of the SDA to open the pore space, the “defect”
can anneal via the loss of 2H2O (one H+ from the organic).

In addition to OH−, F− can also be used as a mineralizing agent. Flanigen and
Patton were the first to show that the pure-silica materials could be prepared in F−-
containing syntheses.58 Guth and co-workers59 and Camblor and colleagues60 have
extended the discovery of Flanigen and Patton and have shown that numerous pure-
silica structures can be prepared using F− as a mineralizing agent. Of interest is
the trend that less dense frameworks can be prepared at lower water concentrations
using F− but not with OH−.60 This point is discussed further below.

4.5.2.2. T Atoms

In the scenario where two atoms (T) are connected by a single bridging atom,
each of the two nonbridging atoms can be assigned a contact radius, R, where the
distance between the two atoms is the sum of the radii, as shown in Eq. (4.1)61:

d(T · · · T ′) = R(T ) + R(T ′). (4.1)

These nonbonded radius values are tabulated for common T atoms in oxides in
Table 4.2.

To determine what atoms can be substituted for another in various frameworks,
it is not important that the nonbonded radii be similar, but, rather, the ratio of the
nonbonded radius to the bond length to oxygen that is important.61 This ratio is
directly related to the T–O–T angle, which can be an important feature in deter-
mining the stability of the framework. For example, aluminum reveals a larger
nonbonded radius (R) than silicon and also a longer bond length (l) to oxygen
(see Table 4.2). However, the resulting R/lratios are similar for aluminum and sil-
icon, so they have a high likelihood of being interchangeable without introducing
additional strain on the framework.

The T–O–T angles can be used to explain why certain frameworks are more
favorable.61 For example, the calculated Si–O–Si and Si–O–Al angles reveal that
three-membered-ring (3-MR; only the T atoms are counted in denoting ring size)
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FIGURE 4.4. Histograms of T–O–T bonding angles for silicon, aluminum, and boron.
(Adapted from Refs. 53 and 64.)

entities will have very strained angles, whereas 4-MR complexes will not.61 Ex-
panding on this concept suggests that atoms with smaller R/l values (e.g., Be and
Zn) should be capable of forming 3-MR arrangements. This appears to be the case
and is elaborated on further in the following paragraphs.

It is also interesting to compare the range of T–O–T angles that can be achieved
with the various T atoms. Histograms in Fig. 4.4 show the frequency of T–O–T
angles in silicates for Si–O–Si, Si–O–Al, and Si–O–B. The Si–O–Si angles have
the broadest range of possible angles, implying a much more flexible angle. This
flexibility suggests a reason for the variety of frameworks that can be formed from
Si–O–Si combinations.53 The variety of systems with other heteroatoms, such as
boron, are limited, as suggested by the narrower range, or much stiffer angles.
With Zn, the average T–O–T angle is 130 and the distribution of angles in known
materials is centered around this small value. Thus, Zn tends to order in natural as
well as synthetic62,63 zincosilicates.

Understanding how to control the size of the rings in the frameworks is important,
as it is directly related to the framework density. Brunner and Meier reported that
there is a correlation between the minimum obtainable framework density and the
size of the smallest ring in the structure.65 In other words, frameworks with T
atoms mostly bonded to multiple 3,4-MR will have to be prepared if molecular
sieves with low framework densities are desired.
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Piccione et al. showed that a linear correlation between enthalpy and framework
density (FD) is observed for pure-silica materials, implying that the overall pack-
ing quality determines the relative enthalpies of zeolite frameworks.6 Whereas
FD is an important characteristic of molecular sieve structure, another issue wor-
thy of discussion (especially for low-FD structures) is the number of three- and
four-membered rings in the framework. Piccione et al. clearly showed that molec-
ular sieves consisting mostly of zero or one 4-MR (e.g., AFI, MTW, MFI, MEL,
FER and CFI structures) are the most stable structures, whereas those that con-
tain mainly triple 4-MR such as CHA, ISV, FAU, and AST are the least stable
structures.

One atomic arrangement that contains all T atoms in a triple 4-MR loop con-
figuration is the double 4-MR structure (D4MR) (i.e., a cube). The number of
molecular sieve structures that contain D4MR units is very small (zeolite A, oc-
tadecasil, ITW, and ISV). In agreement with the energetic features of these ma-
terials, molecular sieve structures containing D4MR will not be very favorable
unless the D4MR units in the structure are stabilized by some other means. One
method of stabilization can occur by carrying out the synthesis in F− media,
because F− can be located inside the D4MR and stabilize this type of atomic
arrangement.66 Indeed, the presence of F−within the D4MR of ISV (ITQ-7) and
ITW (ITQ-12) is thought to play an important role in stabilizing the structure.67,68

If entities constructed from T8O20 units with T atoms at the vertices of a cube
are Si4+ alone, then the T–O–T angles must be close to 145◦ for the tetrahedra
to be regular. This condition can be relaxed if TIV atoms other than Si4+ are con-
sidered. D4MR units exist in germinates69–71 and gallium phosphates containing
F−.71–73 The introduction of Ge4+ in a Si4+ D4MR should relax the structure
and its corresponding stabilization. In one computational study, Zwijnenburg et
al. explained that in all silica compounds, their energetic stability increases with
increasing face size of the cages (i.e., small-faced cages like D4MR are ener-
getically destabilized and do not form in all silica compounds).74 However, they
concluded that the presence of germanium decreases that destabilization energy,
thus enabling the formation of D4MR.74 In another work, these arrangements were
investigated by the use of theoretical ab initio methods, and it was observed that
the stability of a D4MR increases when Ge4+ was substituted for Si4+, except
when Ge–O–Ge bonds were formed (high Ge+ content).75 These results agree
well with experimental findings in which cubic octameric germanosilicate cages
were studied; it was revealed that Ge4+ incorporation was site-selective to fa-
vor maximum separation between germanate tetrahedra.76 Following this idea,
the introduction of Ge4+ in the synthesis mixture that gives the ISV structure (a
large-pore, pure-silica molecular sieve containing D4MR) gave Ge4+ incorpora-
tion, and the induction (nucleation) period for the crystallization was strongly
reduced from 7 days to 12 h.77 By means of 19F and 29Si MAS NMR, the position
of Ge4+ was inferred, and it was found that Ge4+ selectively occupies D4MR
positions with Ge–O–Ge bonding avoidance. It was deduced that Ge4+ can direct
the formation of D4MR units in silicates and, as a consequence, may produce
new structures that contain D4MR units. This concept was tested by carrying
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out silicogermanates syntheses that gave rise to the pure polymorph C structure
of Beta zeolite.78 This polymorph, unlike the other two polymorphs A and B,
contains D4MR units. It was shown that a series of organic SDAs all gave pure
polymorph C when Ge4+ was introduced in the synthesis media, whereas many
other pure-silica structures were formed in the absence of Ge4+. Pure polymorph
C was obtained even in the absence of F− anions that stabilize the D4MR when
Ge4+ was used.79 A detailed XRD study showed unequivocally that Ge4+ selec-
tively occupies the D4MR of polymorph C with Ge–O–Ge bonding avoidance.80

This same concept was used to synthesize the polymorph C of the SSZ-33 family.81

This family includes a series of disordered materials wherein the two end mem-
bers, denoted as polymorphs A and B, are formed by the same periodic building
unit, but with different stacking sequences. It was reported that a hypothetical
structure denoted as polymorph C81,82 would have a notorious difference with
the other two polymorphs A and B, and this is that the structure of the former
contains double four-membered rings as secondary building units. The synthesis
of this elusive polymorph C has been a challenge that could be now achieved
from the idea that Ge can direct the synthesis toward D4MR containing zeolites
by the isomorphic incorporation of Ge atoms in the D4MR of siliceous zeolite
frameworks.75,77−80 Thus, a silicogermanate with the structure of the desired pure
polymorph C has been recently synthesized and named ITQ-24.83 The stabiliz-
ing effect of Ge4+ for D4MR has led to the synthesis of three new structures,
ITQ-15,84 ITQ-2181 and ITQ-22,85 all of them containing D4MRs. Even small
Ge4+ contents (Si/Ge = 25) can have a directing effect. A stable zeolite with the
largest void volume ever reported (ITQ-21) was synthesized following this line
of thought using methylsparteine as the SDA.86,87 The absence of Ge4+ with this
SDA gives the more dense CIT-5 that does not have D4MR units.88 The structures
of ITQ-21 and ITQ-22 are quite interesting and unique. The first one is formed
by a tridimensional array of large pores with a 0.74-nm diameter that cross per-
pendicularly, leaving in the intersection a void volume of 1.2 nm. Zeolite ITQ-22,
on the other hand, is the first reported zeolite containing fully interconnected 8-,
10- and 12-membered ring pores. Even more recently, two groups synthesized
the first examples of “extra-large pore zeolites”: ITQ-1589 and IM-12.90 Both
are germanium-containing molecular sieves with intersecting 14- and 12- ring
channels.

It is clear that Ge4+ can direct toward the formation of D4MR and that structures
containing these units have low FDs. To create even more open structures, 3-MRs
will be necessary.91 Although a synthetic aluminosilicate zeolite (ZSM-18) con-
taining 3-MRs has been synthesized,92 it appears that aluminosilicates will not be
the most adequate compositions for producing 3-MR units. When introducing 3-
MRs into four-connected frameworks, at least one tetrahedron of the 3-MR should
have flexible d(T–O), large edge-length distortion, or flexible d(O–O).93−95 Tak-
ing into account that the Ge–O–Ge angle (∼130◦) in germanates is lower than the
∼146◦ found for unstrained Si–O–Si in microporous silicates, there is a possibility
of synthesizing germanates that have 3-MR units.70 Indeed, a gallium germanate
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named UCSB-9 with framework composition (Ga2Ge3O10) has been synthesized
and has a zeolitelike framework that contains 3-MR.96 Unfortunately, the thermal
stability of this structure is very limited.

With silicates, the introduction of Be2+, Mg2+, Zn2+, and even Li+ in framework
positions can provide the necessary flexibility in one of the [TO4] tetrahedrons of
the 3-MR to stabilize its accommodation in a four-connected framework. Indeed,
the directing effect of Be2+ in the formation of structures containing 3-MRs is il-
lustrated in the naturally occurring beryllosilicates such as phenakite, euclase, and
lovdarite. However, these structures are relatively dense. Cheetham et al.97 have re-
ported the synthesis of beryllosilicates OSB-1 and OSB-2 (K48[Be2.4Si54O152] � 96
H2O) that have tetrahedral topologies with framework densities of 13.3 and 12.7 T
nm−3, respectively. The idealized unit-cell composition for OSB-1 is constructed
from 3-MR units only, whereas in OSB-2, 18 out of 19 T atoms are in 3-MRs
(the remaining T atom forms one 4-MR). The selectivity of Be2+ for the oc-
cupation of the 3-ring position is shown in the case of OSB-2. The T–O–T an-
gles were confirmed to be around 127◦, which is very close to those that can
be achieved in Ge–O–Ge and in a 3-MR silicate structure with one Si4+ atom
substituted by Be2+, Zn2+, Mg2+, or Li+. The OSB-1 material has a system of
14-MR parallel pores that are chiral and formed by a double helix chain com-
posed of 3-MR. Structures such as these, where the walls are thin constructions of
3-MR bands, show relatively low thermal stability. It is interesting to notice that
no organic SDA was used for the synthesis of these materials. Because beryllium
is highly toxic, other ions that might direct/stabilize the formation of structures
containing 3-MR units will be necessary in order to obtain commercially viable
materials. Zn2+ is clearly the top candidate because it is nontoxic, it belongs
to a group of flexible [TO4] tetrahedral, and all of the beryllosilicate minerals
containing 3-MRs have zincosilicate analogs. Over a decade ago, Annen et al.63

reported that zinc could be a suitable substitute for beryllium in the formation
of 3-MR-containing microporous solids. VPI-7 (Na26H6[Zn16Si56O144] � 44 H2O)
was the first zincosilicate molecular sieve to contain 3-MRs. Another zincosili-
cate (RUB-17) containing building units similar to VPI-7 has been synthesized.98

In VPI-7 and RUB-17, the alkali metal cations and water molecules play a deci-
sive role in the stabilization of the structure. Unfortunately, the thermal stability
of these structures is low. Davis and co-workers have synthesized a large num-
ber of zincosilicates and several of them contain 3-MR units.99 Other divalent
elements such as Mg2+ and Ba2+ can also form crystalline silicates and alumi-
nosilicates that contain 3-MR units,100–102 but all of them have high framework
densities.

With the purpose of directing toward the formation of 3-MR units, it has been
proposed that lithium could be used as a flexible framework cation becausee it is
found in the framework of silicate minerals.103 Recently, a porous lithiosilicate
(RUB-23) has been synthesized, where the Li+ is in 3-MRs.103 The framework
density of RUB-23 is high (17.7) and the thermal stability is low. However, RUB-23
proves that structures containing 3-MRs can be prepared with Li+.
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4.6. Chirality: Can a “Designer” Zeolite Be Synthesized?

The preceding sections showed that there are a wide range of structures for molecu-
lar sieves, and using various synthetic techniques, researchers are making progress
in directing the framework material prepared through rational methodologies.
However, molecular sieves and zeolites still cannot be “truly” designed yet. One
example used in a previous work that emphasizes the desire to truly design zeo-
lites and molecular sieves would be to design a chiral microporous solid.50 A solid
material that could be used in enantioselective separations and synthesis would be
of great use in both industrial and pharmaceutical applications. Most successful
enantioselective catalysts are soluble chiral organometallic complexes.104

As acknowledged in the review by Davis and Lobo,50 the use of organic solids for
chiral synthesis has been known for quite some time,105 and many chiral inorganic
solids are known.106−108 Natural quartz is known to exist in the d and l forms,
and these crystals can be separated for studying their enantioselective properties.
Adsorption109 and catalytic110 studies have shown that quartz, as a chiral silica,
is capable of an enantioselective performance; however, the enantiomeric excess
(ee) in both cases was fairly small (approximately 10%). Because quartz is a dense
material, it has a low overall surface area. If a chiral microporous solid could be
designed, the large surface area would almost certainly lead to an increase in ee’s
in catalytic or absorption applications. Chiral microporous solids could also lead
to shape-selectivity separations of the enantiomeric mixtures.

Despite the fact that a truly chiral zeolite does not exist yet, various studies have
suggested that it should be possible. In their structural study of zeolite β, Treacy
and Newsam found that zeolite β is an intergrowth of two distinct polymorphs:
polymorph A and polymorph B.111,112 The two structures are both formed from the
same building units, which connect in either a right-handed (R) or left-handed (L)
manner. The stacking pattern in polymorph A is homogeneous, either completely
right-handed (RRRR...) or completely left-handed (LLLL . . . ). Polymorph A also
contains a helical pore along the c axis that can be either right- or left-handed.
However, polymorph B does not exhibit any overall chirality, as the unit stacking
pattern alternates (RLRL . . . ). The probability of forming polymorph A or B is
equally likely.

Davis and Lobo pointed out that the existence of chirality in crystal structures is
not unique to zeolite β.50 There are 11 enantiomorphous crystal classes (66 space
groups) that lack inverse symmetry groups.50,113,114 Therefore, theoretically, a
variety of chiral frameworks should be possible. Davis and Lobo illustrated two
such theoretical structures. One is an intergrowth similar to zeolite β with a chiral
polymorph and is a nonchiral polymorph. The other example is generated using
ZSM-5 building units. This structure, like quartz, forms the two enantiomeric
crystals but does not form an intergrowth. However, it obviously is easier to develop
theoretical chiral zeolites than to actually synthesize them.

Chiral crystalline frameworks and layered materials do exist. Harrison et. al.
were the first to obtain a racemic mixture of a crystalline framework material
that has a chiral topology with their open-framework sodium zincophosphate.115
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Wilkinson and co-workers prepared a chiral-layered material using optically pure
d-Co(en)3+

3 (en: 1,2-diaminoethane).116 These and other metal phosphates with
chiral topologies have been reported over the past few years.117 Examples of ma-
terials other than phosphates forming chiral frameworks have also been reported.
Healey et al. described a chiral zincosilicate that is composed of linked tetrahe-
dral frameworks of ZnO4 and SiO3OH.118 A recent study reports a new chiral
germanium zeotype.119 This is an open-framework material with interconnected,
large-ring helical channels. However, this particular structure is orthorhombic,
unlike the tetrahedral frameworks, which are the focus of this review.

In a recent work,104 possible opportunities for making chiral molecular zeolites
are overviewed. One approach would be to try to influence the synthesis of an
intergrowth such as zeolite β so that one structure would be more favorable to
form than the other. In their computational study of zeolite β, Tomlinson et al.
calculated the lattice energies of the two polymorphs using lattice energy mini-
mization calculations.120 The energies of both polymorph A and polymorph B are
virtually the same, which partially explains the random stacking found in zeolite
β. There have been instances where spontaneous resolution of chiral systems have
been achieved, as in works using sodium chlorate,121,122 but that is unlikely to
occur in the zeolite β scenario due to the apparent “short memory” in the stacking
sequences.50

Another approach is to actually include chiral moieties into the framework of
the zeolite. Typically, the chiral entities are chiral organic compounds or ligands
on metal centers. Xiong et al. synthesized a material that is the sole example,
to date, of a chiral material that is capable of performing separations typical of
a molecular sieve.123 They incorporated a functionalized chiral ligand into their
inorganic framework. This compound was able to separate a racemic mixture of
2-butanol with an ee value of approximately 98.2%. However, applications of
materials of this type are limited by the stability of the organic compounds used
in the framework. These compounds may not be able to withstand typical reaction
conditions. Nonetheless, the work by Xiong et al. certainly indicates that it should
be possible to achieve enantiomorphic separations using chiral open frameworks.

Perhaps the most ideal situation would be to impart chirality directly into the
inorganic framework through the use of a SDA. Potential directing molecules must
be chiral, appropriately sized, and stable at the synthesis conditions (typically high
pH and temperatures less than 125◦C). In work referred to by Davis and Lobo,
modifying the synthesis conditions of zeolite β and incorporating a chiral SDA
does appear to enhance the growth of polymorph A relative to polymorph B.50

However, many organic SDAs with chiral centers still yield achiral frameworks.104

Two examples of such chiral SDAs are shown as structures E and F in Fig. 4.3.
Davis speculated that this phenomenon is partly due to the mobility of the SDA
in the pore of the crystal during synthesis.104 However, becausee Behrens and
co-workers were able to fix an organometallic SDA cation (with a fluoride anion)
in their inorganic structure even at the high synthesis temperatures,124 it should
be possible to find a chiral molecule that would function in a similar manner. In
another study, the ordering of fluoride counterions in a molecular sieve affected
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the orientation of the cation in the pore such that a noncentrosymetric topological
symmetry resulted.125 A combination of these techniques along with a chiral SDA
could lead to the synthesis of a chiral molecular sieve.104,126

4.7. Summary

A comprehensive understanding of the complete assembly process for zeolites and
zeolitelike crystalline molecular sieves is still elusive. This fact is highlighted by
the variety of proposed synthetic mechanisms and the inability to truly design a
specific zeolite or molecular sieve. Unlike traditional chemical synthesis for which
scientists have developed techniques allowing the placement of specific atoms in
desired positions, there are other factors in zeolite synthesis that prevent complete
control of the assembly. For example, the tetrahedral configuration of zeolitelike
materials poses additional constraints on the formation process. Studies of the
individual aspects of assembly such as the thermodynamics, kinetics, and the ap-
parent roles of the various components are continuing to provide further insights
into molecular-level assembly processes of these materials. These understandings
have allowed for improvements in “guided” synthesis techniques, such as larger
SDAs yield larger pores. Yet, we will need to achieve a more thorough under-
standing of the chemistry behind the assembly of zeolite and zeolitelike molecular
sieves before truly directed syntheses are possible.
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5.1. Introduction

Molecular imprinting is a representative technique of template synthesis and has
been recognized as a means to prepare specific binding sites for given molecules
in appropriate matrices. In this approach, the shape and functionality of organic
molecules as a template are transcribed onto microporous materials. The configura-
tion of the functional groups in the template may be memorized within the matrix.
The first example of molecular imprinting was probably presented by Dickey in
1949.1,2 This study was inspired by the mechanism of antibody formation as pro-
posed by Linus Pauling, in which antibody was assumed to be produced from
antigen as a template. Based on this concept, Dickey prepared silica gel from sil-
ica sol in the presence of alkyl oranges and then demonstrated that adsorption of
a given alkyl orange was enhanced for a silica gel that had been formed in the
presence of the template alkyl orange. Since that time, a number of other related
studies have been carried out using silica-based materials, showing enhancements
in template readsorption relative to control samples.3–7 Some features of the cavity
in imprinted silica gel become apparent if we make a comparison with micropores
in zeolites. Zeolites can be synthesized by using organic amines as a template and
are often employed in the separation of small organic molecules. Their pores are
made of highly symmetrical crystalline frameworks. Therefore, molecular recog-
nition by zeolites is based on the inclusion of molecules in the pore. In contrast,
the cavities of imprinted silica gel consist of amorphous matrices and can be a
faithful replica of the shape of an organic template.

On the other hand, molecular imprinting in organic cross-linked polymers re-
quires the introduction of discrete functionalities into polymeric matrices in or-
der to improve molecular specificity of the resultant material. In the 1970s, Wulff
et al. proposed the synthesis of polymers that were substrate-selective due to spatial

186
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fixation of several functional groups that noncovalently interacted with the template
molecules.8,9 Similar studies have been extensively carried out to the present time,
and their application to the separation of complicated organic compounds and
biologically active substances is most important.10–23 In this approach, a polymer-
izable functional monomer (i.e., methacrylic acid (MAA), vinylpyridine) that was
chosen for its affinity for given print molecules, was combined with a large excess
of the cross-linking agent (i.e., ethylene glycol dimethacrylate) and a free-radical
initiator to form a rigid polymer. After the template was removed, complementary
binding sites for the template were created. The molecular recognition properties
of these synthetically designed binding sites are attractive and thus these materi-
als have been routinely applied to the development of chromatographic stationary
phases.

In spite of the earlier study of Dickey, inorganic matrices have rarely been
employed for molecular imprinting, except for the following studies. Mosbach
and co-workers allowed organic silanes to polymerize on the surface of porous
silica particles in aqueous solution.24 The resulting polysiloxane copolymers that
were imprinted with dye molecules were found to be superior solid supports for
separation in high-performance liquid chromatography. Morihara et al. developed
the so-called footprint technique, where tailor-made catalysts for trans-acylation
were designed by imprinting transition-state analogs onto aluminum ion-doped
silica gel.25 Heilmann and Maier similarly imprinted a transition-state analog for
trans-esterification on amorphous silicon dioxide.26 More recently, Pinel et al.
examined the imprinting of silica gel and showed that regiospecificity for cresols
was successfully imprinted by using o-cresol as a template.27

Molecular imprinting attracts practical interests especially in the form of ultra-
thin films, because separation capability can be enhanced by improvement of the
adsorption rate.28,29 In general, the conventional imprinting technique is associated
with some drawbacks, such as low binding efficiency, slow binding process, and
difficult fabrication, as the imprinted sites are embedded in bulk polymer matrices
and ready access of guest molecules to imprinted binding sites is often suppressed.
These drawbacks are relieved at least partially by the use of surfaces. Sagiv pre-
pared mixed monolayers of trichloro-n-octadecylsilane (OTS) and a modified dye
as a template on glass.30 The dye molecules alone were removed because they
were not covalently bound. The stable network of silane monolayer provides the
imprinted site for the dye molecule. On the other hand, Kodakari et al. obtained
a silica overlayer on tin oxide (SnO2) by chemical vapor deposition (CVD) using
preadsorbed benzoate anion as a template.31 The resulting silica overlayer acted
as molecular sieve, due to the formation of an imprinted cavity. In these examples,
the site of molecular imprinting has to be located at the surface and/or the crevice
close to the surface, in order to secure efficient adsorption of guest molecules. This
suggests that the positive use of ultrathin films should be advantageous. Organized
molecular films such as Langmuir–Blodgett (LB) multilayers and surface-bound
monolayers might appear to be good candidates for this purpose. However, they are
not necessarily suitable, as the flexible structural modification that is required for
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FIGURE 5.1. General scheme of the surface sol-gel process.

the imprinting process is, in principle, not compatible with the ordered molecular
organization.

Over the last several years, we have studied the surface sol-gel process as a
means for the preparation of ultrathin metal oxide films.32,33 As illustrated in
Fig. 5.1, a solid substrate with hydroxyl groups on its surface is allowed to react
with metal alkoxides in solution to form covalently bound surface monolayers.
The excessively adsorbed (physisorbed) alkoxide is washed out by rinsing with
adequate organic solvents. The chemisorbed alkoxide monolayer is subjected to
sol-gel reactions. This process forms an ultrathin metal oxide film with molecular
thickness. Under carefully controlled conditions, the thickness of the metal ox-
ide layer is close to 1 nm. This process can be repeated many times to give the
desired multilayers. We named this process the “surface sol-gel process” because
the sol-gel reaction proceeds only on the surface. The surface sol-gel process pos-
sesses the following distinctive features: (1) The thickness of the individual layers
can be minimized to approximately 1 nm, (2) this process can be applied to any
metal alkoxide that is reactive with surface hydroxyl groups, (3) the individual
sol-gel procedure is independent of each other, and the multilayer organization is
readily altered, (4) organic,34 polymeric,34 biological,35,36 and metallic37,38 ma-
terials are readily incorporated as second components and as unit layers, when
they are reactive with the amorphous metal oxide layer. A variety of nanohybrid
layers is thus created, and this feature has been used in the molecular imprinting
experiment.39–41

In this chapter, we first discuss the characteristics of the surface sol-gel process,
versus more conventional sol-gel procedures, and then various aspects of molec-
ular imprinting in metal oxide matrices will be discussed. A comparison of this
matrix with organic polymer matrices is important. Finally, the imprinting effect
is discussed in relation to more general three-dimensional (3D) fabrication based
on metal oxides.
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5.2. Surface Sol-Gel Process

5.2.1. Preparation of Amorphous Metal Oxide Thin Films

The preparation of metal oxide thin films by means of stepwise adsorption of
metal alkoxide has been carried out in the past for the activation of heteroge-
neous catalysts. For example, Asakura and colleagues prepared one atomic layer
of niobium oxide by repeating chemisorption of Nb(OEt)5 on silica beads. The
catalyst obtained by immobilizing platinum particles on a niobium oxide layer
showed improved reactivity for the hydrogenation of ethylene in comparison with
platinum particles on bare silica beads.42,43 Kleinfeld and Ferguson prepared an
ultrathin TiO2 film by repeated adsorption of Ti(OnBu)4 onto silicon wafers with
an oxidized surface.44 The substrate was dipped into the alkoxide solution (5 mM ,
30 s) in a glove box filled with dry N2 gas, sufficiently rinsed with dry solvent and
with pure water. Thickness growth of a TiO2 thin film estimated from ellipsometry
measurement was 3–4Å for the first adsorption cycle and about 1Å for the fol-
lowing adsorption cycles. In this case, the amount of the chemisorbed Ti(OnBu)4

was independent of adsorption time (30 s to 4 days) and was limited by the num-
ber of surface hydroxyl groups. Although the adsorbed thickness per cycle was
smaller than the thickness of the TiO2 monolayer (3.4Å), the film grew regularly
in proportion to the number of adsorption cycles.

We examined stepwise adsorption of various metal alkoxides on the solid surface
for the purpose of obtaining uniform oxide films.32,33 Figure 5.2a shows an example
where a gold-coated quartz crystal microbalance (QCM) was used as a substrate.
The electrode modified by mercaptoethanol was immersed in a metal alkoxide
solution and rinsed in an adequate organic solvent, and the alkoxide molecule
chemisorbed on the surface was hydrolyzed by water or by moisture in the air. QCM
frequency was measured after drying the electrode by flushing with nitrogen gas,

FIGURE 5.2. (a) Schematic illustration of stepwise adsorption of metal alkoxides using a
QCM electrode. (b) Scanning electron micrograph of TiO2-gel film on a gold-coated QCM
resonator; total frequency shift: 5221 Hz.
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and the adsorption, rinsing, and hydrolysis procedures were repeated. It is possible
to carry out all of these operations in the ambient atmosphere. For example, the
adsorption of Ti(OnBu)4 was saturated within 1 min in toluene/ethanol = 1/1, and
the frequency change was about 50 Hz. In our system with a 9-MHz resonator,
the frequency decrease of 1 Hz corresponds to mass increase of about 0.9 ng and
a frequency change of 50 Hz corresponds to thickness increase of 8Å from Eq.
(5.1), using the density of bulk TiO2-gel (1.7 g cm−3). This frequency shift varies
with the concentration of alkoxide and the structure of the electrode surface. In the
case of a gold-coated QCM resonator (USI System, Fukuoka) that was subjected
to smoothing treatment of the electrode surface, a frequency change of about 30
Hz (thickness increase = 5 Å) was observed under the experimental conditions
used. The QCM frequency shift (�F), the film density (ρ), and the thickness (d)
of the film adsorbed on the one side of the resonator are related by Sauerbrey’s
equation45 as follows;

2d(Å) = −�F(Hz)/1.832ρ(g/cm3). (5.1)

Figure 5.2b shows a scanning electron micrograph of the cross section of the
TiO2-gel film (n = 2/3) prepared on a gold-coated QCM resonator, where nis the
mole ratio of water against Ti(OnBu)4,. This thin film has a thickness of constant
90±10 nm, and the surface is smooth over a large area. The density is estimated
to be 1.6 g cm−3, by substituting the total frequency shift (5221 Hz) during film
growth and the thickness (90 nm) in Eq. (5.1). Bulk TiO2-gel, which was obtained
by adding excessive water into titanium butoxide solution and sufficient drying the
precipitates formed, gives a density of 1.7 g cm−3. The density of an ultrathin film
formed by the surface sol-gel process (1.6 g cm−3) is very close to that of bulk
TiO2-gel and is about 40% of that of crystalline titania. The film is composed of
a two-dimensionally extended dry gel (xerogel), hence is referred to as a “metal
oxide-gel layer.” The surface sol-gel process could also be applied to a variety of
metal alkoxide precursors such as Si(OMe)4, Zr(OnPr)4, Nb(OnBu)5, Al(OnBu)3,
Sn(Oi Pr)4, In(OCH2CH2OMe)3, InSn3(OR)x , BaTi(OR)x , and VO(Oi Pr)3. All of
the compounds showed linear frequency shifts. Adsorption conditions such as
concentration, temperature, and immersion time are dependent on the solubility,
reactivity, and the ease of hydrolysis of alkoxides. These conditions might be varied
as the structure of alkoxide units is changed.

5.2.2. Rich Variety of Organic Components
in Nanohybrid Layers

The surface sol-gel process takes advantage of surface hydroxyl groups for ad-
sorption of metal alkoxides. The surface hydroxyl groups need not be restricted to
hydrolyzed metal oxide layers. We found that polyhydroxyl compounds, polymers,
and small organic molecules are adsorbed readily onto the surface of the oxide layer
formed by the surface sol-gel process.34 The polyhydroxyl compounds on the sur-
face provide free hydroxyl groups, and metal alkoxides are subsequently adsorbed.
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FIGURE 5.3. QCM measurement of the alternate adsorption process of metal alkoxide and
organic hydroxyl polymer.

Thus, it is possible to extend the surface sol-gel process to alternate adsorption
of polyhydroxyl organic compounds and metal alkoxides. A typical preparative
operation is shown in Fig. 5.3. A QCM resonator is immersed into metal alkoxide
solutions for given periods of time. Then it is washed in organic solvent, and intact
chemisorbed alkoxides are hydrolyzed in water. The QCM frequency shift is mea-
sured after drying by flushing with nitrogen gas. Then the resonator is immersed
in a solution of a polyhydroxyl compound and rinsed in water, and the frequency
is measured after drying. By repeating these procedures, an alternately layered
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FIGURE 5.4. QCM frequency
shift on alternate adsorption of
Ti(OnBu)4 and organic polymer:
Ti(OnBu)4 (100 mM in 1:1 v/v
toluene/ethanol, 30 ◦C) (•);
poly(acrylic acid) (10 mg mL−1

in ethanol, 30 ◦C)(�); starch
(1 mg mL−1 in water, 40 ◦) (�).

film of organic and inorganic components is obtained. Figure 5.4 shows the QCM
frequency change during the alternate adsorption of Ti(OnBu)4 and poly(acrylic
acid) (PAA). The linear frequency decrement indicates regular growth of TiO2-
gel/PAA multilayers on the electrode. In each step, the frequency change is 68 ±
34 Hz for Ti(OnBu)4 and 87 ± 26 Hz for PAA, and the thicknesses of TiO2-gel
layer and PAA layer calculated from these frequencies are 14 ± 4Å and 13 ±7Å,
respectively. Frequency shifts for the alternate adsorption of Ti(OnBu)4 and starch
are also shown in Fig. 5.4.

Figure 5.5a shows a scanning electron micrograph of the cross section of a TiO2-
gel/PAA multilayer film. The film located on a gold electrode looks very uniform
with a constant thickness of 350 ± 20Å. The density was estimated as 1.9 g cm−3

from the SEM thickness and the total QCM frequency change (2508 Hz) during
film growth. Fourier transform infrared (FTIR) spectra of this film gave peaks at
1560 cm−1 (Ti-carboxylate complex) and 1720 cm−1 (free carboxylate acid) with

FIGURE 5.5. (a) Scanning electron micrograph of a TiO2-gel/PAA film on a gold-coated
resonator; total frequency shift: 2508 Hz. (b) Schematic illustration of a TiO2-gel/PAA
film.
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similar intensities. Therefore, it is presumed that half of the carboxylate group
of PAA is coordinated to titanium atoms of the TiO2-gel layer. We schematically
illustrate the chemical structure of the alternate film in Fig. 5.5b. Both the TiO2-gel
and PAA layers are approximately 1 nm thick and are densely attached to each
other. Compactness of the film is supported by the film density of 1.9 g cm−3,
which is larger than the densities of each component (TiO2-gel: 1.7 g cm−3; PAA:
1.4 g cm−3).

The alternate adsorption can be applied to other hydroxyl molecules such as
poly(vinyl alcohol) (PVA) and starch (Fig. 5.4), glucose, maltose, and porphyrin
with carboxyl groups (TCPP), as given in Fig. 5.6. Uniform hybrid layers were
obtained in the case of PVA and TCPP. On the other hand, combinations of
Ti(OnBu)4 and simple sugars did not always give composite films with smooth sur-
faces, although constant mass increases were observed from QCM measurements.
Further examples of the alternate organic/inorganic adsorption include combi-
nations with cyclodextrin, polyrotaxane, and dendrimer, which play important
roles in host/guest chemistry.40 For alternate adsorption of Ti(OnBu)4 (100 mM
in toluene/ethanol = 1/1) and α-cyclodextrin (10 mM in water), regular adsorp-
tion with a frequency change of 34 ± 6 Hz for Ti(OnBu)4 and 26 ± 10 Hz for
α-cyclodextrin was observed. A very similar adsorption behavior has been ob-
served for β-cyclodextrin and γ -cyclodextrin. In the case of the fourth-generation
dendrimer (sugar ball; 0.2 mg mL−1), which has 64 glucose units on the outer sur-
face (see Fig. 5.6), regular film growth was achieved by repeating two adsorption
cycles for Ti(OnBu)4 against one adsorption of the sugar ball. Average frequency
shifts are 27 ± 12 Hz for Ti(OnBu)4 and 375 ± 40 Hz for the sugar ball. A greater
frequency shift (about 650 Hz) was observed for the fifth-generation sugar ball. As
describe earlier, smooth organic/inorganic multilayers are not necessarily formed
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when sugar derivatives are used in combination with TiO2-gel. In fact, spherical
aggregates 10–100 nm in diameter are frequently seen on the film surface. It is
possible that sugar molecules that are weakly bound with TiO2-gel reassemble on
the film surface to produce spherical aggregates.

Recently, two-dimensional alignment of metal nanoparticles was successfully
conducted by using the TiO2-gel surface.37 A long-alkyl disulfide with two hy-
droxyl groups at both molecular termini [HO(CH2)11SS(CH2)11OH] was used as
a protective agent for small gold particles with an average diameter of 4.7 nm.
When a solid substrate overlaid with a TiO2-gel film was immersed in an aqueous
dispersion of a gold nanoparticle ([Au] = 1.5 × 10−3 mol L−1), a densely packed
monolayer of the nanoparticle was obtained. Saturation of the adsorption requires
10 h, in contrast to adsorption of polymeric PVA and starch, which requires only
10 min. Au nanoparticle/TiO2-gel multilayers were obtainable by alternating for-
mation of a TiO2-gel layer for 15 cycles and adsorption of Au nanoparticles for
1 cycle. Unique catalytic and optical properties are expected for organized metal
nanoparticles in oxide gel matrices.

The surface sol-gel process based on the stepwise adsorption from solution is
applicable to any surface with hydroxyl groups, regardless of the size and shape
of the substrate. This modification will be possible on the inner surface of tubes
and porous materials and even the morphologically complex surface of natural
materials. In practice, we applied this process to several curved surfaces such as
those of latex particles, tobacco mosaic virus, cellulose fibers, and hydrophobic
silk fibers to produce hollow spheres and tubular structures.46–48 It is also possible
to design various organic/inorganic multilayer films by the selection of adsorption
cycle, sequence, and chemical structure of adsorbates. These points become an
advantage that is not found in other thin-film techniques such as conventional dry
process and the LB method. Superior optical and electronic properties might be
expected because organic and inorganic components are molecularly hybridized
with nanometer precision. Polymer/metal oxide composites will also give excellent
mechanical properties. Among important chemical applications such as catalysis,
separation, and molecular recognition, molecular imprinting is a most studied
example, as described next.

5.3. Molecular Imprinting in Amorphous Metal Oxide Films

5.3.1. Incorporation and Removal of Templates

The surface sol-gel process gives rise to oxide gel films of nanosize thickness and
is capable of incorporating various organic molecules by sequential chemisorption
and activation. We discovered that such ultrathin films are very useful as matrices
of molecular imprinting, and we carried out extensive research.39–41 The molecu-
lar imprinting can be performed using two different approaches: the complexation
approach and the layer-by-layer approach. The complexation approach involves
complexation of template molecules with metal alkoxides, and the complex is
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FIGURE 5.7. Two different approaches of molecular imprinting by the surface sol-gel pro-
cess: the complexation approach (a) and the layer-by-layer approach (b).

solubilized in an organic solvent. This method is used for organic species that are
not adsorbed by themselves. The layer-by-layer approach involves the alternate
adsorption of template molecules and metal alkoxides, and it can be used for polar
molecules (e.g., amino acids and peptides that are effectively adsorbed from aque-
ous solution). Figure 5.7 outlines the imprinting procedure of a template molecule,
T, in TiO2-gel matrices. First, a given carboxylic acid template is assembled with
Ti(OR)4 on a solid substrate via the complexation or layer-by-layer approach. The
carboxylic acid is incorporated in TiO2-gel matrices by the sol-gel polymerization
of the mixture. Molecule-sized cavities that are imprinted with the structure of tem-
plate molecules are created by removing organic components. As the first example
of the complexation approach, we examined imprinting of aromatic carboxylic
acids.39,49

Ti(OnBu)4 was mixed with a given carboxylic acid (C3AzoCO2H, 2-AnCO2H,
or 9-AnCO2H , see Fig. 5.8 in toluene/ethanol (2:1, v/v). The resulting mixture,
which included Ti(OnBu)3–carboxylate complexes, was then stirred at room tem-
perature for more than 12 h. Subsequently, ion-exchanged water was added with
stirring, and the mixture was further stirred for 12 h. The composition of the mixed
solution was 25 mM carboxylic acid, 100 mM Ti(OnBu)4, and 275 mM water.
This solution was diluted 20 times by toluene and used as a dipping solution.
TiO2-gel thin films were prepared from these mixtures by the surface sol-gel pro-
cess and it was confirmed that the template molecules were bound in the form of
a complex with Ti in those films. In the case of C3AzoCO2H, the formation of the
titanium–carboxylate complex could be confirmed by the presence of the carbonyl
stretching bands at 1534 cm−1 and 1416 cm−1 in FTIR reflection spectra. The
νC=O peak (1685.5 cm−1) of free carboxylic acid was not found. It is clear that the
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structure of the Ti complex in the solution (1547 cm−1, 1410 cm−1) is maintained
in the thin film.

Template-incorporated TiO2-gel films were prepared on QCM electrodes. The
QCM is a device that can detect a change in the mass adsorbed onto the elec-
trode surface with accuracy on the order of nanograms. Figure 5.9 shows QCM
frequency shifts due to adsorption of Ti(OnBu)4 and a respective carboxylic acid
existing in the form of Ti(OnBu)3-carboxylate. The QCM frequency uniformly
decreased up to at least 10 cycles, indicating regular film growth in either case.
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FIGURE 5.9. QCM frequency shifts due to adsorption of Ti(OnBu)4 and carboxylic acids:
(a) C3AzoCO2H, (b) 2-AnCO2H, and (c) 9-AnCO2H. Stock solutions were diluted 20
times by toluene [Stock solution: Ti(OnBu)4, 100 mM ; carboxylic acid, 25 mM ; H2O, 275
mM in toluene/ethanol = 2 : 1]. Frequency shifts were measured after 1-min adsorption
at room temperature, followed by washing for 1 min in toluene.
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FIGURE 5.10. UV-vis absorption spectral changes due to adsorption of Ti(OnBu)4 and car-
boxylic acids: (a) C3AzoCO2H, (b) 2-AnCO2H, and (c) 9-AnCO2H. The conditions are the
same as those of Fig. 5.9. The dotted lines show the absorption of TiO2-gel after template
removal with ammonia solution.

The average frequency shifts were 96 ± 26, 119 ± 24, and 88 ± 25 Hz for
C3AzoCO2H-, 2-AnCO2H-, and 9-AnCO2H-incorporated films, respectively. In-
corporation of the template molecules and their removal can be confirmed by
ultraviolet–visible (UV-vis) absorption spectroscopy for the aromatic moieties of
azobenzene and anthracene. The Ti(IV)–carboxylate complexes condensed with
Ti(OnBu)4 were adsorbed onto activated quartz plates, and absorption spectra were
measured at every two cycles. The absorbance increased in proportion to the ad-
sorption cycle up to 20 cycles in the case of C3AzoCO2H, as shown in Fig. 5.10a.
The 2-AnCO2H- and 9-AnCO2H-incorporated films were also regularly assem-
bled up to 10 cycles (Figs. 5.10b and 5.10c). The incorporated carboxylates in
the TiO2-gel matrix were removed by treatment with ammonia solution. The UV
absorbance of C3AzoCO2H at 358 nm became totally absent and the absorbances
of 2-AnCO2H and 9-AnCO2H at 261 nm and 258 nm, respectively, were dra-
matically decreased. The imprinted films show only TiO2-gel absorption in the
near-UV and visible regions after template removal. Therefore, it is concluded
that the template molecules were completely removed.

The amount of incorporated template molecules can be estimated from the ab-
sorbance difference before and after template removal. In the case of C3AzoCO2H,
the amount of the template molecule introduced in one adsorption cycle onto one
side of the plate is estimated to be 1.76 molecules/cycle·nm2. The film composition
is also estimated from the QCM frequency shift. The total frequency shift of each
film during 10 adsorption cycles is summarized in Table 5.1. The desorbed mass
is estimated from the frequency increase upon NH3 treatment. Subsequently, the
adsorption density in each case was calculated from the desorbed mass corrected
for the molecular weights of the individual template molecules and the surface
area of the electrode (0.159 cm2). The desorption ratio against the total adsorbed
mass is in the range 13–21%, and the films showed similar adsorption densities of
1.08–1.27 molecules/cycle·nm2 for the different template molecules. Film density
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TABLE 5.1. Adsorbed and desorbed masses during the imprinting process and film
densities.

Total adsorbed mass/ Desorbed mass of
corresponding templatea/QCM Adsorption densityc Film density

Template frequency shift desorption ratiob (molecule/cycle ·nm2) (ρ, g cm−3)

C3AzoCO2H 907 ng/1008 Hzd 190 ng/21% 1.27 1.5e
5

2-AnCO2H 1074 ng/1193 Hz 135 ng/13% 1.15 1.61

9-AnCO2H 792 ng/880 Hz 127 ng/16% 1.08 1.59

aEstimated from frequency increase upon NH3 treatment.
bEstimated from frequency shift before and after desorption.
cCalculated from molecular weights of template molecules and the surface area of the QCM
(0.159 cm2).
dAverage frequency shift of four independent experiments.
e (0.21 × 1.0 g cm−3) + (0.79 × 1.7 g cm−3).

before template removal can be easily calculated from the desorption ratio, when
the densities of the template molecules and TiO2-gel are assumed to be ∼1.0 and
∼1.7 g cm−3 (bulk density of TiO2-based gel), respectively. Therefore, the density
of each film is estimated to be 1.55–1.61, and the film thickness for one cycle is
estimated to be 1.5–2.0 nm using this film density.

5.3.2. Stability and Selectivity of Imprinted Sites

Organic moieties incorporated in ultrathin metal oxide films can be removed read-
ily by solvent washing or by degradative oxidation. Under proper conditions,
nanosized cavities corresponding to the shape of the individual organic moiety
are produced within the metal oxide network. The removal is particularly facile
when small template molecules are used. For example, aromatic acids are re-
moved from titania thin films by washing with dilute aqueous ammonia at room
temperature.

Structural stability and guest selectivity of the imprinted films were exam-
ined by using a series of aromatic carboxylic acids. In situ QCM experiments of
guest binding were repeated with an identical 10-adsorption-cycle film specimen
(C3AzoCO2H-imprinted film) after complete removal of the template. Figure 5.11
illustrates that mass increase due to rebinding was complete within 40–60 s and
that reproducible desorption–adsorption cycles were achieved at least three times.
The frequency decrease was highly reproducible, giving a value of 32 ± 1 Hz.
In contrast, a similarly prepared TiO2 film without the template showed a much
smaller frequency decrease of only 2–3 Hz. It is clear that the imprinted cav-
ity is maintained during repeated rebinding experiments under the conditions
used.

Figure 5.12A describes in situ experiments of binding of several aromatic acids
(see Fig. 5.8) toward this film. The adsorption process becomes essentially sat-
urated in less than 1 min. The original template molecule, C3AzoCO2H, gave a
greater frequency decrease than those of other related carboxylic acids. Imprinting
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efficiency was defined as a molar ratio of bound guest and template molecules
(molguest /moltemplate) and is summarized in Table 5.2. The relative binding effi-
ciency in the C3AzoCO2H-imprinted film decreases in the order of AzoCO2H,
2-AnCO2H, cinnamic acid, benzoic acid, 9-AnCO2H, and octanoic acid. The
structurally closest acid, AzoCO2H, was the second best substrate, and anthracene-
9-carboxylic acid (9-AnCO2H) was least effective. Other aromatic carboxylic acids
(benzoic acid, cinnamic acid, and octanoic acid) were bound even less efficiently,
reflecting lessened structural similarities with the template. Anthracenecarboxylic
acids show 30–60% binding efficiencies. The 2-isomer is a better substrate than the
9-isomer, as the former isomer appears structurally closer to the original template.
Conversion of the carboxylic acid function to the corresponding ester depresses the
binding efficiency (i.e., C3AzoCO2Me and C3AzoCOi

2Pr). Anthracene itself and
1-adamantanol showed frequency changes of only 1–2 Hz. Clearly, the presence
of the carboxylic acid moiety is required for the recognition process, and other
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FIGURE 5.12. In situ QCM frequency shifts due to binding of a series of carboxylic acids.
(A) C3AzoCO2H-imprinted film: (a) THF only, (b) benzoic acid, (c) 9-AnCO2H, (d) 2-
AnCO2H, (e) AzoCO2H, and (f) C3AzoCO2H; (B) 2-AnCO2H-imprinted film: (a) octanoic
acid, (b) benzoic acid, (c) 9-AnCO2H, (d) C3AzoCO2H, and (e) 2-AnCO2H; (C) 9-AnCO2H-
imprinted film: (a) benzoic acid, (b) cinnamic acid, (c) C3AzoCO2H, (d) 2-AnCO2H,
(e) 9-AnCO2H, and (f) AzoCO2H. Five microliters of 50 mM guest in THF was added
to give a final guest concentration of 0.25 mM .
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TABLE 5.2. Relative binding efficiency of imprinted TiO2-gel ultrathin films for various
guest molecules.

In situ frequency decreasea

(Hz/pmol) Relative binding efficiencyb

Guest molecule MW IF c
C3Azo IF2−An IF9−An IFC3Azo IF2−An IF9−An

Benzoic acid (122.12) 5/37 12/88 12/88 0.36 0.61 0.64
Octanoic acid (144.21) 5/31 9/56 8/50 0.31 0.39 0.36
Cinnamic acid (148.16) 8/49 13/79 17/88 0.48 0.54 0.75
2-AnCO2H (222.24) 15/61 36/146 30/121 0.60 1.00 0.88
9-AnCO2H (222.24) 8/32 26/105 34/138 0.33 0.72 1.00
AzoCO2H (242.32) 24/88 30/111 33/123 0.88 0.76 0.89
C3AzoCO2H (284.31) 32/101 33/104 29/92 1.00 0.71 0.67

aAll QCM data were corrected for molecular weights of bound species after subtraction of the frequency
shift due to the solvent, THF (5 Hz).
bMolar ratio of bound species, molguest/moltemplate.
cIF is an abbreviation for imprinted film.

molecular characteristics of the template are reflected in the nature of the imprinted
cavity.

The binding efficiency for guest molecules was similarly examined by using the
2-AnCO2H- and 9-AnCO2H-imprinted films. Figures 5.12B and 5.12C show the
frequency changes for the binding of carboxylic acid derivatives to the 2-AnCO2H-
and 9-AnCO2H-imprinted sites. They respectively gave frequency decreases of 36
and 34 Hz for the original templates at the concentration of 0.25 mM . These
mass increases are much larger than those (only 15 and 8 Hz for 2-AnCO2H
and 9-AnCO2H, respectively) observed for the C3AzoCO2H-imprinted film. The
rebinding reaches equilibrium within 1 min. The bound guest molecules are re-
moved by treating with aqueous NH3, and the imprinted films are used for binding
of other carboxylic acids. The addition of 9-AnCO2H to the 2-AnCO2H-imprinted
film yields a rather large response (26 Hz), and the 9-AnCO2H-imprinted film also
shows a similar binding characteristic for 2-AnCO2H (30 Hz). However, these
imprinted films do not efficiently interact with octanoic acid, benzoic acid, and
cinnamic acid. It is clear that the imprinted TiO2 films accommodate the orig-
inal template molecules much more efficiently than other guest molecules. The
binding efficiencies of these two imprinted films for various guest molecules
are summarized in Table 5.2 together with the results of the C3AzoCO2H-
imprinted film. A graphical presentation of the relative binding efficiency is given in
Fig. 5.13

5.3.3. Nature of Imprinted Sites for Guest Binding

In order to confirm the presence and absence of guest molecules bound in imprinted
sites, FTIR measurements were conducted with the C3AzoCO2H-film (10 cycles).
First, reflection FTIR spectra of the as-prepared film displayed azobenzene peaks
at 1600 and 1500 cm−1 together with peaks due to Ti-carboxylate complexes at
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FIGURE 5.13. Relative binding efficiency for guest molecules in imprinted TiO2-gel ultrathin
films. Templates are C3AzoCO2H, 2-AnCO2H, and 9-AnCO2H in each case. The data are
the same as those listed in Table 5.2.

1534 (weak) and 1416 cm−1 (strong), as shown in Fig. 5.14, curve a. This suggests
that the template carboxylic acid is bound through covalent linking to TiO2-gel
matrices. These peaks cannot be seen after the treatment with ammonia solution,
indicating the disappearance of the Ti-carboxylate complex (Fig. 5.14, curve b).
Incoming guest molecules might be bound to the imprinted site in a similar manner
if they have a carboxylic acid function. This was confirmed by appearance of
the peaks of the Ti–carboxylate complex upon rebinding of the carboxylic acid
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FIGURE 5.14. Reflection FTIR spec-
tra: (a) TiO2-C3AzoCO2H hybrid
film, (b) imprinted TiO2 film, and
(c) after rebinding of the template.
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(Fig. 5.14, curve c), although the peak intensity is smaller than that of the original
spectra before template removal.

We already discussed that the binding efficiency is much depressed by the con-
version of carboxylic acid group to the corresponding ester group. This means that
the presence of carboxylic acid moiety is indispensable for the recognition process
because it is capable of forming a complex with the Ti(IV)-OH unit formed by bond
cleavage of Ti(IV)-carboxylate, as shown in Fig. 5.15a. Carboxylic acid guests are
probably incorporated through noncovalent bonding and hydrogen-bonding in ad-
dition to the covalent bonding, as illustrated in Fig. 5.15b. The hydrogen bonds
might be easily broken by rinsing with polar solvents. An additional element of the
molecular recognition is the shape and size of the aromatic moiety. The aromatic
moiety in the guest would be surrounded by the hydrophobic domain of TiO2-gel
that is composed of the titanium–oxygen network, Ti–O–Ti.

5.3.4. Multifunctional Nature of Imprinted Cavity

The above-mentioned rebinding selectivity suggests that the imprinted cavity is
composed of distinctive subcavity areas that are imprinted by the corresponding
parts of a template molecule in terms of functionality and morphology. This hy-
pothesis can be verified by using more complex (functionally as well as mor-
phologically) template molecules. Derivatized amino acids are suitable for this
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purpose. As the first trial, we examined molecular imprinting of protected amino
acids in a TiO2-gel thin film.50

A mixed solution of Ti(OnBu)4 and carbobenzyloxy-L-alanine (Cbz-L-Ala) was
used to form a regular multilayer film, and the organic template was readily re-
moved by immersion in dilute ammonia, as confirmed from the disappearance
of characteristic peaks of the titanium–carboxylate complex and carbamate in
reflection FTIR spectra. In situ QCM measurements were carried out for rebind-
ing of the original template and other molecules in CH3CN. Figure 5.16 shows
selected examples of the guest binding experiment. The binding is rapid and
saturated in 30–60 s. The relative binding efficiency of related guest molecules
in acetonitrile increased in the order of Cbz-Gly < Cbz-L-Ala < Cbz-L-Phe <
Cbz-L-Leu. Simpler carboxylic acids such as adamantane-1-carboxylic acid (1-
AdCO2H), cinnamic acid, and benzoic acid revealed much less binding. It is clear
that all of the protected amino acids are bound better than the latter more conven-
tional carboxylic acids. The side-chain selectivity among the amino acid deriva-
tives is obvious, although Cbz-Gly is bound better than the template itself. These
binding data strongly suggest that the imprinting has produced specific receptor
sites in the TiO2-gel film. Therefore, the imprinted site must be constituted by
carboxylate site, hydrogen-bonding site, and hydrophobic cavities corresponding
to the Cbz unit and amino acid side chains, as shown in Fig. 5.17. These varied
interaction sites act cooperatively to realize selective recognition of amino acid
derivatives.
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Even enantioselectivity is observed in this system.51 Imprinted TiO2-gel films
were prepared in a similar way by using L- or D-amino acid derivatives (Cbz-Ala,
Cbz-Leu, and Cbz-Phe) as templates. The QCM rebinding data for the L and
D enantiomers in these imprinted films are shown in Table 5.3. Generally, the
template molecules gave much larger frequency changes than their enantiomers.
The enantiomeric difference in the frequency changes, ��Fenantio = �Ft (tem-
plate) −�Fe (its enantiomer), becomes larger with increasing sizes of the side
chain: Cbz-Ala<Cbz-Leu<Cbz-Phe. The selectivity of the imprinted films is di-
rectly represented by the frequency changes for the D and L-forms. Thus, chiral
separation factor (as enantioselectivity) was defined as a ratio of frequency changes
for template and its enantiomer (�Ft/�Fe, Hz/Hz). In the case of Cbz-Ala, the
��Fenantiomer values were less than 5 Hz, and the chiral separation factor was about
1.1 in either of the L- and D-imprinted films. In contrast, the template molecule
was bound much better than its enantiomer in the Cbz-Leu or Cbz-Phe imprinted
film. The ��Fenantiomer values for these optical isomers were 16–22 Hz, and the
chiral separation factor amounted to 1.7–2.0.

TABLE 5.3. Rebinding data for L- and D-enantiomers in TiO2-gel films
imprinted with Cbz–amino acid derivatives.

Saturation–�F of binding (pmol/Hz)

Imprinted film Guest (L-form) Guest (D-form) αb

Cbz-Ala L 173/43a (65) 153/38 (60) 1.13
D 157/39 (67) 177/44 (70) 1.13

Cbz-Leu L 129/38 (74) 75/22 (58) 1.73
D 81/24 (62) 139/41 (79) 1.71

Cbz-Phe L 120/40 (69) 60/20 (49) 2.00
D 96/32 (44) 162/54 (66) 1.68

aFrequency change except for surface adsorbed mass.
bEnantioselectivity factor (α) in each imprinted film is the ratio of the amounts of
bound template molecule and its enantiomer (moltemplate/molenantiomer).



5. Molecular Imprinting by the Sol-Gel Process 205

Cbz-D-amino acid

good fit

L-form
imprinted cavity

O

NH

O

HO O

O

NH

O

HO O

Ti

O

Ti

O

TiO
Ti

O

Ti
OH

Ti
O

Ti

O

Ti

O

NH

O

O O poor fit

Cbz-L-amino acid

R R R

FIGURE 5.18. Schematic illustration of relative binding of enantiomers in a Cbz-L-amino
acid imprinted TiO2-gel film.

Chiral molecular imprinting in the previous studies has been mostly conducted
by using organic polymers. Except for some special cases,13,52 organic poly-
mers imprinted with N-protected amino acids give small chiral separation factors:
1.84 for racemate resolution of Cbz-Phe in MAA–ethylene glycol dimethacrylate
(EDMA) copolymer system53 and 2.36 for enantiomeric resolution in acrylamide–
EDMA copolymer system in acetonitrile.54 These latter values are very close to
what we found for Cbz-Phe. It is clear that the TiO2-gel imprinted film is capable
of chiral recognition of amino acid derivatives, comparable to those of functional-
ized cross-linked polymers. It is remarkable that a precursor as simple as titanium
butoxide can produce specific binding cavities composed of such complex comple-
mentary areas. In comparison with cross-linked polymers, the amorphous network
of metal oxides can, by itself, produce imprinting sites of varied functionalities:
metal coordination, proton donor, proton acceptor, polar region, and apolar do-
main, as illustrated in Fig. 5.18. Spatial disposition of such individual domains is
achieved in the cavity, making an enantioselective cavity. Such structural flexibility
and functional diversity are the greatest advantages of the TiO2-gel for molecular
imprinting.

5.3.5. Varied Molecular Selectivity

From the preceding results, it is evident that the guest selectivity is closely asso-
ciated with molecular structure (size and shape) and functionality. The nature of
the imprinted cavity might be understood more clearly by comparing the relative
binding efficiency for each guest in the three different TiO2-gel imprinted films
described in Section 5.3.2.

As seen from Fig. 5.13, benzoic acid, octanoic acid, and cinnamic acid give
relatively low binding efficiencies of 0.3–0.6 in all cases. It means that the guest
molecules smaller than the size of the imprinted cavity, even if they readily pene-
trate into the cavity, are not bound efficiently in spite of the existence of carboxylic
function. In contrast, C3AzoCO2H and AzoCO2H give high efficiencies of greater
than 0.6 in either imprinted film. The isomeric structure of the two anthracenecar-
boxylic acids (2- and 9-isomers) is clearly discriminated by imprinting of the
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individual isomers, the template isomer being more efficiently bound than the
other isomer. Interestingly, these isomers give different binding efficiencies for the
C3AzoCO2H-imprinted film (i.e., 0.33 for 9-AnCO2H and 0.60 for 2-AnCO2H).
This difference must reflect the molecular structures of the isomers, as illustrated in
Fig. 5.19. It should be noted that the largest selectivity is found for 9-AnCO2H (see
9-AnCO2H in Fig. 5.13). The cavity that is created by imprinting of 9-AnCO2H
is more discriminating than that by 2-AnCO2H, probably because the carboxylate
site prepared with 9-AnCO2H is less exposed within the cavity.

The separation factor (regioselectivity) for the isomers can be expressed as a
molar ratio of bound template and its isomer molecules (moltemplate/molisomer). The
separation factor of the two anthracene isomers is estimated to be 1.1 and 1.4 in
the 9-AnCO2H- and 2-AnCO2H-imprinted films, respectively. In general, the im-
printing effect consists of different kinds of guest selectivity such as functional
selectivity, structural selectivity, and enantioselectivity. For example, the struc-
tural selectivity is 1.7 for 2-AnCO2H (3.0 for 9-AnCO2H) in the C3AzoCO2H-
imprinted film, and the chiral separation factor for Cbz-Leu (L and D) amounts
to ∼1.7. A comparison of the separation factors in TiO2-gel films is given in
Fig. 5.20. It is clear that TiO2-gel imprinted films are capable of versatile molec-
ular recognition.

5.4. Practical Potentials

5.4.1. Recognition of Biological Molecules

In the preceding examples, imprinting and rebinding experiments are conducted in
organic solvents in order to ascertain film quality and reproducible mass changes.
However, detection of most biological molecules would be more conveniently
carried out in aqueous solution. For this purpose, ultrathin TiO2 films were im-
printed with biomolecules such as saccharides and peptides. For example, an ul-
trathin TiO2-gel film imprinted with glycyltyrosine (Gly-Tyr) was prepared on a
QCM electrode by the layer-by-layer approach.55 The template was removed with
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aqueous sodium hydroxide (10 mM), as dilute ammonia was not strong enough
for the removal.

Figure 5.22a shows in situ frequency changes caused by the binding of dipep-
tides (see Fig. 5.21) on the Gly-Tyr imprinted film. After adding Gly-Tyr, the
frequency change was essentially saturated within a few min at 17 Hz. In contrast,
no frequency change was observed with glycylphenylalanine (Gly-Phe). The lack
of Gly-Phe binding suggests that the Gly-Tyr-imprinted site contains a subsite that
strongly interacts with the phenol hydroxyl group. In the case of glycylvaline (Gly-
Val), the frequency began to change gradually a few minutes after the addition of
the dipeptide. It is clear that the cavity formed in the TiO2-gel retains the molec-
ular shape of the Gly-Tyr template. In the same vein, TiO2-gel films imprinted
with peptides without functional side groups showed lower selectivities. In fact, a
glycylglycine (Gly-Gly)-imprinted film gave frequency shifts of 2–3 Hz for both
the Gly-Gly template and the Gly-Tyr guest. Selectivity of a glycylglycylglycine
(Gly-Gly-Gly)-imprinted film was still worse. Undoubtedly, the functional side
groups of peptides improve recognition efficiency in addition to their shapes and
sizes. Figure 5.22b shows a schematic representation of a dipeptide molecule, gly-
cylglutamic acid (Gly-Glu), included in TiO2-gel matrices. The dipeptide in the
cavity interacts with the surrounding gel by electrostatic attraction, coordination
of the carboxyl group, and hydrogen-bonding. When the dipeptide template is
removed, a cavity that mimics the shape of the dipeptide molecule is formed in the
TiO2-gel matrix and is capable of the selective adsorption of guest molecules. The
concentration of the dipeptide solution in this system is only 10 μM , indicating the
very low detection limits of the dipeptides. It is surprising that the strong hydration
of the dipeptide molecules does not interfere with molecular recognition even at
such a low concentration.
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FIGURE 5.21. (a) In situ QCM frequency changes due to binding of dipeptides on a Gly-
Tyr imprinted TiO2-gel film. Each guest molecule was injected at the point indicated by
the arrow. (b) Schematic representation of a Gly-Glu imprinted TiO2-gel film on a QCM
electrode.
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FIGURE 5.23. Schematic configuration of a molecular-imprinted ISFET device.

5.4.2. Contrivance for High Sensitivity

Low sensitivity and inconvenience of QCM measurement in water will limit its use
under physiological conditions. These problems might be relieved by detecting the
binding process with electrochemical means and semiconductor sensors. For ex-
ample, the use of ion-sensitive field-effect transistors (ISFETs) as electronic trans-
ducing elements of molecular recognition events can reveal important analytical
advantages due to intrinsically high sensitivity, miniaturization capability, and cost-
effectiveness. Recently, Lahav et al. conducted the successful detection of organic
carboxylic acids by using an ISFET device that was modified with a TiO2-gel and
imprinted with 4-chlorophenoxyacetic acid and 2,4-dichlorophenoxyacetic acid.56

A schematic configuration of a molecular-imprinted FET device is illustrated in
Fig. 5.23, where the molecular-imprinted site acts as the sensing interface on the
ISFET gate. High selectivities were noted among the related guest molecules,
and reasonable sensitivites in the concentration range of 1×10−6 to 5×10−4 M
were observed in most cases. The detection limit would be much improved in the
case of TiO2-gel films imprinted with more strongly binding biological molecules.
More recently, they demonstrated that chiroselective57 and stereoselective58 im-
printed TiO2 films could be assembled on the ISFET devices for a variety of chiral
carboxylic acids and for structural isomers of carboxylic acids.

In all of these systems, a TiO2-imprinted film that is associated with the gate sur-
face of the ISFET is generated by the sol-gel deposition of the Ti(IV)–carboxylate
complex on the gate interface. The subsequent elimination of the carboxylate
yields the molecular contours of the carboxylate in the TiO2 film and generates a
Ti(IV)-OH site that undergoes dissociation that controls the gate potential. Thus,
rebinding of the carboxylate to the imprinted sites can be electronically transduced
by the functional ISFET device. Interestingly, these sensor systems were also ap-
plied to the detection of chemical pollutants such as phosphonic acid derivatives
and mercaptans.59 Imprinted TiO2 matrices for other acidic organic compounds
such as sulfonates or boronic acids can be fabricated in a similar way.
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5.4.3. Recognition of Coordination Geometry

Metal ions are also important targets of imprinting, although they have received
much less attention. From the viewpoint of binding efficiency, metal-ion imprint-
ing has been focused on the use of surfaces (e.g., the surface of polymer particles
and the inner wall of microporous silica). Ultrathin TiO2-gel films were applied
to imprinting of metal ions by incorporation of a carefully selected ligand, bis[3-
(trimethoxysilyl)propyl]ethylenediamine (2SiEN).60 Cu2+ and Zn2+ ions were se-
lected as templates that have the same charges and almost the same ionic radii and
were introduced in TiO2-gel matrices with the two 2SiEN ligands. The metal ions
were removed by acidifying the amine groups with aqueous HCl (pH 4), followed
by neutralization with aqueous NaOH (pH 10).

The effect of imprinting was studied by QCM rebinding experiments. The Cu2+-
imprinted film showed greater binding to Cu2+ than to Zn2+ and the selectivity
was estimated to be 10. On the other hand, the Zn2+-imprinted film showed greater
binding to Zn2+ than to Cu2+. The selectivity was much lower, the average being
1.3. Competitive binding was tested by immersing the Cu2+-imprinted film in
a mixture of Cu2+ and Zn2+ in ethanol. The atomic ratio of bound Cu2+ and
Zn2+, as determined by X-ray photoelectron spectroscopy (XPS), was 8.2, in
close agreement with the selectivity value (10) obtained from QCM studies. Cu2+

and Zn2+ ions assume square and tetrahedral configurations, respectively, with
ethylenediamine chelates (Figs. 5.24a and 5.24b). The observed binding selectivity
might arise from the configuration difference. Although the selectivity constant of
[Cu(en)2]2+ (β2 = 19.6) is much larger than that of [Zn(en)2]2+ (β2 = 10.62), the
Zn2+-imprinted film shows stronger binding toward Zn2+. During the imprinting
process, the different configurations of the diamine ligand are apparently fixed in
matrices, depending on the template metal ions. Therefore, the imprinted films can
provide selective rebinding to its template rather than to the control, as illustrated
in Figs. 5.24c and 5.24d. The double linkages of the ethylenediamine group to the
TiO2-gel network help to fix these configurations within ultrathin films, providing
stable binding capacity.

5.4.4. Nanoporous Thin Films with Ion-Exchange Sites

The preceding results demonstrate that Cu2+ and Zn2+ ions were effective as tem-
plate species with the help of the ethylenediamine ligand. On the other hand, the
use of metal oxide gel itself as imprinting sites for metal ions would be more
valuable if specific ligands are not required. It is conceivable that oxygen bridges
and free hydroxyl groups act as ligands to metal ions. For this purpose, we de-
veloped a new ion-exchange approach for the incorporation of metal ions into
metal oxide thin films (Fig. 5.25).61 Mg(OEt)2 was chosen as a source of the ion-
exchange site, as it reacts with Ti(OnBu)4 to form Ti–O–M linkages rather than
separate M–O–M linkages during the sol-gel process. The Mg2+ moiety derived
from the mixed-metal alkoxides is readily removed by treating with aqueous HCl,
and ion-exchange sites are created within the thin film. These sites underwent
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efficient ion exchange with a large variety of other metal ions such as alkaline,
alkaline earth, transition metal, noble metal, and rare earth elements. The amount
of metal ions introduced could be readily controlled by the amount of template
and ion-exchange conditions. It should be noted that the ion-exchange site did not
show significant ion selectivity.

An important feature of this approach is that incorporated metal ions could
be quantitatively removed and reloaded under mild conditions for at least several
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FIGURE 5.26. Schematic illustration
of the ion-exchange process.

cycles with limited deterioration of the ion-exchange capacity. This reversible pro-
cess, on one hand, allows for many trial adsorptions to be executed on a single thin
film, providing an efficient tool for examining the adsorption process. It is clear that
both the film matrix and the ion-exchange site are stable and robust. From the ki-
netic results of Gd3+ incorporation, it was suggested that the ion-exchange process
consists of five steps, as represented in Fig. 5.26: (1) diffusion of Gd3+ from the
solution to the film surface, (2) diffusion of Gd3+ inside the film, (3) ion-exchange
reaction (Gd3+ + Na–O–TiO2 → Gd–O–TiO2 + Na+), (4) diffusion of Na+ to the
film surface, and (5) diffusion of Na+ away from the film surface into the solution.
The rate-determining step of the whole process was supposed to be Step 3. Step
1 would be rate determining at very low Gd3+ concentrations, but no longer so at
high Gd3+concentrations in a bulk solution. In this region, ion exchange proceeds
according to zeroth-order kinetics, suggesting that the later steps (Steps 2–4) are
rate determining. However, the diffusive migration of Gd3+ and Na+ ions within
the film (Steps 2 and 4) cannot be rate determining if the ultrathin nature and
loose gel structure of the film matrix are considered. Step 5 cannot be rate deter-
mining because the Na+ concentration in solution is extremely small. Thus, the
ion-exchange step itself appears to be rate limiting, although further investigations
are needed to clarify this point. Anyway, such a TiO2-gel matrix itself might be
used for the separation and recovery of metal ions for which the reversible pro-
cess is essential. On the other hand, the ion-exchange method succeeded in the
size-controlled preparation of monometallic and bimetallic nanoparticles of noble
metal ions (see Fig. 5.25).62,63 This approach would be useful in the preparation
of novel materials of catalytic, electronic, photonic, and magnetic uses.

5.4.5. Direct Observation of Imprinted Cavity–Physical
Cavity Versus Topological Cavity

The outstanding features of the imprinted cavity in titania films are apparent
from the preceding data. The cavity is robust enough for reproducible binding
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experiments. It is composed of multifunctional areas complementary to the parts
of a given template molecule. It can replicate complex morphologies of template
molecules, including chiral structures. The adsorption and desorption processes
are quite fast and selective, implying that the cavity maintains a certain level of
flexibility. The titania network should be flexible at the atomic scale, as vibra-
tional energies of metal oxygen bonds are smaller than those of carbon–carbon
bonds. The thickness of the titania network around template molecules is esti-
mated to be one to two layers from relative molar volumes of matrix and guest
under the standard imprinting conditions. The morphology of the imprinted site
surrounded by ultrathin titania networks is either physically or topologically kept
intact.

Plasticity (or flexibility) and robustness of the titania wall was demonstrated
by positive copying of latex nanoparticles.46 A single layer of poly(styrene) la-
tex particles with a diameter of 500 nm was formed on a substrate surface with
most of the adsorbed particles forming domain structures. The titania layer of
∼ 1 nm thickness was then formed on the latex particle and was subjected to 30
min of the oxygen plasma treatment at room temperature. The particle diameter
decreased to 200–250 nm, almost one-half of the original diameter, by the plasma
treatment. At the same time, there appeared tubular structures with 10–20-nm
widths that bridge adjacent particles, as seen in Fig. 5.27. It is noteworthy that
the original particle morphology, although shrunk, is maintained with the titania
shell of ∼1 nm thickness even after the inner particle is completely removed. This
is an indication of robustness of the ultrathin titania layer. In addition, the for-
mation of the connecting tube is evidence of the superior plasticity of the titania
layer.

A direct proof was obtained for the formation of the imprinted site when
nanopores arising from individual dendrimer molecules were recognized in elec-
tron microscopic observation of a plasma-treated titania film.64 A single layer of
hydroxyl-terminated fourth-generation poly(amidoamine) (PAMAM) dendrimers
(G4-OHs) (see Fig. 5.28a) was sandwiched with titania layers and subjected to
active oxygen treatment. The film formation process is schematically illustrated

FIGURE 5.27. A scheme of generation of interconnected titania hollow structures.
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FIGURE 5.28. (a) Structure of PAMAM G4-OH dendrimer with 64 terminal hydroxyl units.
(b) Schematic illustration of the formation process of a nanoporous titania film.

in Fig. 5.28b. In scanning electron microscopy, surfaces of the as-prepared and
plasma-treated samples were smooth, uniform, and crack-free, indicating that the
dendrimer layer and the corresponding cavity was totally buried in the titania ma-
trix. Transmission electron microscopy (TEM) images, on the other hand, showed
that the dendrimer molecules were embedded in the as-prepared film with a do-
main separation of around 5 nm, in close agreement with the size of the dendrimer
molecule. After the template removal,∼50% of the film was occupied by nanopores
4–7 nm in size. The two-dimensional distribution of the nanopores is similar to
that of the dendrimer templates. It is clear that the size and shape of nanopores
reflect those of the organic template.

Similarly, amorphous metal oxide thin films with high nanoporosity could
be prepared by low-temperature oxygen plasma treatment of TiO2/PAA or
(ZrO2/PAA)(TiO2/PAA) nanocomposite films.65,66 The as-prepared sample
showed a uniform and dense structure without any porosity. In contrast, numerous
pores and channels were observed for the plasma-treated sample. The pores were
estimated to have diameters of around 2 nm, which is similar to the pore size
of surfactant-templated mesoporous silica films at the smallest.67,68 More than
50% of the film was occupied by nanopores that were distributed randomly in
the film without identifiable order or packing, as in the case with those of non-
surfactant-templated mesoporous silica69 and polymer–silica composites.70 Con-
trol TEM observation was also carried out on an oxygen-plasma-treated titania
film prepared without PAA. Porous structures were not observed in this case. The
low-temperature O2 plasma treatment might be generally applicable to syntheses
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of nanoporous films of various metal oxides. Also, the size and shape of the
nanopore will be readily controlled according to the kinds of composite organic
molecule.

5.5. Unsolved Problems and Future Prospects

The use of amorphous metal oxides has been attracting greater attention in recent
years, as exemplified by transparent conductors and glass with nonlinear optical
properties. Their unique features are more clearly seen in the form of ultrathin films
and layers. In this respect, the surface sol-gel process that is based on stepwise
adsorption of various metal alkoxides is advantageous. The network topology
of metal/oxygen bonds makes it possible to produce varied three-dimensional
structures with molecular precision. Successful molecular imprinting using a TiO2-
gel matrix is a typical example. We can conclude that imprinted TiO2-gel films
are capable of precisely recognizing the size of template molecules, the nature and
position of functional groups, and molecular chirality. Particularly, the fact that
monosaccharide isomers in which only the configuration of hydroxyl groups differs
can be recognized sensitively indicates that the structure of imprinted TiO2-gel is
precisely controlled at the atomic level, although the data are not shown here.71 A
variety of molecular interactions such as coordination bond, hydrogen-bonding,
electrostatic attraction, and hydrophobic interaction are involved in the cavities
of the metal oxide network. However, there remain much to be done for the sol-
gel imprinting technique to be useful in practical systems. A major problem is the
long-term stability of the imprinted site. Our studies only indicated the fundamental
effectiveness of this technique, and we are not yet sure that the current imprinting
setup is satisfactory for practical use. Fortunately, it has been apparent that TiO2-
gel imprinted films are able to reveal reproducible responses under daily operation
for at least several weeks.59 In addition, metal oxide films other than titania have
to be investigated as matrices of molecular imprinting. Second, sensitivity and
selectivity of the imprinted site need to be improved much further. Sensitivity
might be improved by adopting electrochemical and electronic detection, whereas
selectivity must be improved by better design of template molecules and imprinting
conditions.

Current imprinting investigations based on organic polymers have aimed at
the construction of highly discriminating molecular recognition systems by
three-dimensional arrangement of specific functional groups. However, the synthe-
sis of such host compounds is not readily achieved because divinyl monomers can-
not produce precisely structured cavities complementary to small guest molecules.
The TiO2-gel matrix obtained by the surface sol-gel process is totally different,
as described earlier. Basic advantages of the metal oxide film as the imprinting
matrix compared with cross-linked polymers are as follows: (1) thermal stability
derived from metal oxide networks rather than organic networks, (2) formation of
multifunctional sites from simple, single-component metal alkoxide precursors,
and (3) simple operation of the imprinting process. These unique features must
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be used in establishing high-performance, economical imprinting systems. Prac-
tical applications will be in the field of separation membranes, adsorbents, and
chemical sensors. For example, the specialty chemicals industry and the phar-
maceutical industry should be benefited by specific separation either by mem-
brane or by adsorbent. The potential in the environmental technology would be
enormous.

Finally, unique advantages of amorphous materials not available from crystalline
materials should be noted. One is outstanding compatibility with other molecular
materials. This property is indispensable for stabilizing the interface with other
types of material in the preparation of hybrid materials. For example, it is pos-
sible to obtain novel isolated molecular species by forming an ultrathin metal
oxide layer around individual template molecules in solution. We refer to this new
category of template synthesis as “molecular wrapping”.72–75 As shown in Fig.
5.29, individual fluorescein molecules are wrapped with a thin TiO2-gel layer, and
such isolated molecules do not lose their monomeric characteristics even if they
undergo agglomeration. The advantages of molecular wrapping are not confined to
functional isolation. Other physicochemical properties such as solubility, stability,
reactivity, and association property might be altered by molecular wrapping. The
high reactivity of amorphous metal oxide should contribute to the development of
nanofabrication processes under mild conditions. We believe that amorphous metal
oxides offer great potential for the creation of functional materials of nanometer
dimensions.

FIGURE 5.29. Schematic illustration of fluorescein/TiO2-gel nanoparticles coated with cap-
ping reagents.
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6.1. Introduction

Nanoscience is one of the most important research and development frontiers in
modern science.1 Nano is a Greek word meaning dwarf, and the nanometer (nm,
10−9 m) defines the length scale that is used to measure systems being studied
in nanoscience. In the most simplistic sense, nanoscience is the science of small
particles of materials. Such small particles are of interest from a fundamental view-
point because all properties of a material (e.g., melting point, electronic properties,
optical properties) change when the size of the particles that makes up the material
become nanoscopic. With new properties come new opportunities for technolog-
ical and commercial development, and applications of nanoparticles have been
demonstrated or proposed in areas as diverse as microelectronics, coatings and
paints, and biotechnology.

For example, one application that is currently in the commercial marketplace
entails using gold nanoparticles as visual indicators in over-the-counter medical
diagnostic kits.2 This application illustrates nicely how the unique properties of
a nanoparticle can lead to technological opportunities. Macroscopic samples of
pure gold have only one color—gold—but nanoparticles of gold can show es-
sentially all of the colors of the rainbow, depending on the size and the shape
of the nanoparticle.3 Furthermore, the intensity of the optical absorption of gold
nanoparticles is extraordinarily strong, which means that when suspended in a so-
lution or deposited on a surface, the naked eye can detect a very small quantity of
these particles. These properties make gold nanoparticles ideally suited as visual
indicators.

Other applications of microparticles and nanoparticles in the biomedical sci-
ences and biotechnology include use as vehicles for enzyme encapsulation,4 DNA
transfection,5–7 biosensors,8–10 and drug delivery.11–13 For example, drugs can
be incorporated into nanospheres composed of a biodegradable polymer, and this
allows for timed release of the drug as the nanospheres degrade.11,12 The circum-
stances that cause the particle to degrade can be adjusted by varying the nature of
the chemical bonding within the particle. For example, when acid-labile bonds are
used, the particles degrade in acidic microenvironments such as would be extant
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in tumor cells or around a site of inflammation.13 This allows for site-specific
drug delivery. In another recent study, polymeric nanoparticles were labeled on
their outer surfaces with a viral peptide sequence that promotes permeation of sub-
stances through cell membranes.14 These peptide-derivatized nanoparticles passed
through cell membranes and were incorporated into living cells, at much higher
levels than nanoparticles without the surface-bound peptide.

Surface functionalized nanoparticles can also be used to deliver genetic mate-
rial into living cells, a process called transfection. For example, silica nanospheres
labeled on their outer surfaces with cationic ammonium groups were found to bind
DNA (a polyanion) via electrostatic interactions.5 These nanoparticles were then
used to deliver the surface-bound DNA into cells. That transfection was successful
was proven by showing that the cells produced the protein encoded by the DNA.
There is also tremendous interest in using cationic lipid-based nanospheres—
liposomes—as DNA transfection agents.6,7 Finally, the gold nanoparticles intro-
duced earlier have been used extensively in the development of new types of gene
sensor.8–10

Spherical nanoparticles are typically used in such applications, but this only
reflects the fact that spheres are easier to make than other shapes. Microtubes and
nanotubes (structures that resemble tiny drinking straws) (Fig. 6.1) are alternatives
to spherical nanoparticles. Examples include organosilicon polymer nanotubes,15

self-assembling lipid microtubes,16–20 fullerene carbon nanotubes,21–24 template-
synthesized nanotubes,25–31 and peptide nanotubes.32–35 Nanotubes offer some
interesting advantages relative to spherical nanoparticles for biotechnological
applications. For example, nanotubes have large inner volumes (relative to the

FIGURE 6.1. Scanning electron micrograph of an array of template-synthesized carbon
nanotubes. These nanotubes are composed of disordered graphitic carbon.
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dimensions of the tube), which can be filled with any desired chemical or biochem-
ical species ranging in size from nucleic acids and proteins to small molecules. In
addition, nanotubes have distinct inner and outer surfaces, which can be differen-
tially chemically or biochemically functionalized.25 This creates the possibility,
for example, of loading the inside of a nanotube with a particular biochemical
payload but imparting chemical features to the outer surface that render it bio-
compatible. Finally, nanotubes have open mouths, which make the inner surface
accessible and incorporation of species within the tubes particularly easy.

Here, we report on the synthesis, characterization, and applications of nan-
otubes and nanotube membranes synthesized using template synthesis. We will
briefly introduce the synthesis of nanotubes and nanotube membranes using
the “template-synthesis” method. For more details on the template synthesis of
nanoparticles, the readers are encouraged to refer to some excellent reviews avail-
able in the literature.3,30,31 We discuss in detail the applications of nanotube and
nanotube membranes in biosensing, bioseparation, and bioanalytical areas, includ-
ing drug detoxification using functionalized nanotubes,36 enzyme- and antibody-
immobilized nanotubes for biocatalysis and bioextractions,25,26 synthesis of nano
test tubes,37 DNA-functionalized nanotube membranes with single-nucleotide mis-
match selectivity,27 and the fabrication of an artificial ion channel using a single-
conical nanotube membrane.38

6.2. Nomenclature

In the literature, the tubular structures of interest to this review are called by
various names, including microtubules, microtubes, nanotubules, and nanotubes.
This nomenclature can be simplified by noting that in this context, there is no
difference between a tube and tubule; in this review, we use only the name tube.
Nano versus micro is a more difficult issue because there is no universally accepted
dimension scale above which a particle is micro and below which it is nano. In
our research group, we have agreed that if a tube has at least one dimension that
is 100 nm or less, it is called a nanotube.

6.3. Template Synthesis of Nanotubes

The template method is a general approach for preparing nanomaterials that entails
synthesis or deposition of the desired material within the cylindrical and monodis-
perse pores of a nanopore membrane or other solid.3,30,31 Cylindrical nanostruc-
tures with monodisperse diameters and lengths are obtained, and depending on
the membrane and synthetic method used, these may be solid nanowires or hollow
nanotubes. This method has been used to prepare nanowires and tubes composed
of many different types of materials, including metals, polymers, semiconduc-
tors, and carbons.3,30,31 In addition, the template method can be used to prepare
composite nanostructures, both concentric tubular composites30,31 and segmented
composite nanowires.39
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How one makes nanotubes within the pores of a template membrane can be
illustrated by the carbon nanotubes shown in Fig. 6.1.40 An alumina template
(Fig. 6.2A) was heated to 670◦C and ethylene gas was passed through the mem-
brane. This causes the ethylene to decompose on the pore walls to yield graphitic
carbon nanotubes within the pores. The alumina template membrane can then be
dissolved away and the carbon nanotubes collected by filtration. These tubes have
monodisperse outside diameters determined by the diameter of the pores in the
template. The inside diameter is determined by the carbon deposition time. Other
synthetic methods we have used include in-pore polymerization to make polymeric
nanotubes, electroless deposition to make metal nanotubes, and sol-gel chemistry
to make nanotubes composed of silica and other inorganic materials.3,30,31,40–44

Templated silica nanotubes25,26 are shown in Fig. 6.2B. These nanotubes are all
the same length, which is determined by the thickness of the template membrane.

6.4. Silica Nanotubes

We have used these silica nanotubes as test vehicles to illustrate the power of
the template method for preparing nanotubes for biomedical and biotechnologi-
cal applications.25,26 Silica nanotubes are ideal for such proof-of-concept exper-
iments because they are easy to make, readily suspendable in aqueous solution
and because silica surfaces can be derivatized with an enormous variety of differ-
ent chemical functional groups using simple silane chemistry with commercially
available reagents.25,26

6.4.1. Attaching Different Functional Groups to the Inside
Versus Outside Surfaces25

As noted earlier, one of the most important attributes of a nanotube is that it has
distinct inner and outer surfaces that can be differentially chemical and biochemi-
cally functionalized. The template method provides a particularly easy route to ac-
complish this differential functionalization. The details of nanotube modifications
using differential silane chemistry on nanotubes are available elsewhere.25 In the
following paragraphs, we briefly describe the results of differential-functionalized
nanotubes and their applications in highly selective chemical and biochemical
extractions.25,36

To prove this concept, a set of nanotubes was prepared with the green fluores-
cent silane N -(triethoxysilylpropyl)dansylamide attached to their inner surfaces
and the hydrophobic octadecyl silane (C18) attached to their outer surfaces. These
nanotubes were added to a vial containing water and the immiscible organic solvent
cyclohexane, which were mixed and allowed to separate. Because these nanotubes
are hydrophobic on their outer surfaces, they partition into the (upper) cyclohexane
phase (Fig. 6.3B). This may be contrasted to nanotubes that were labeled on their
inner surfaces with the blue fluorescent silane triethoxysilylpropylquinineurethan,
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(A)

(B)

FIGURE 6.2. Scanning electron micrographs. (A) The surface and cross section of a typical
nanopore alumina template membrane prepared in the authors’ lab. Pores with monodisperse
diameters that run like tunnels through the thickness of the membrane are obtained. (B)
Silica nanotubes prepared by sol-gel template synthesis within the pores of a template like
that shown in (A). After sol-gel synthesis of the nanotubes, the template was dissolved and
the nanotubes were collected by filtration.
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FIGURE 6.3. Photographs of vials
containing nanotubes modified
with different two different fluo-
rophores in two different solvent
media. (A) Cyclohexane (upper)
and water (lower) under UV light
excitation after the addition of 10
mg of nanotubes with dansylamide
on inner and C18 on outer surfaces;
(B) quinineurethan on inner and
no silane on outer surfaces; (C)
10 mg of both A and B nanotubes
(200-nm-diameter nanotubes were
used).

but were not labeled with any silane on their outer surfaces. When the same exper-
iment is done with these nanotubes, the quinineurethan fluorescence is seen only
from the aqueous phase (Fig. 6.3A). When both sets of nanotubes are added to the
solvent mixture in the same vial, the tubes with the C18 outer surface chemistry go
to the cyclohexane and the tubes with the silica outer surface chemistry go to the
aqueous phase (Fig. 6.3C).

6.4.2. Nanotubes for Chemical and Bioextraction
and Biocatalysis: Demonstration of Potential Drug
Detoxification Using Nanotubes25,36

One application for such differentially functionalized nanotubes is as smart
nanophase extractors to remove specific molecules from solution. Nanotubes with
hydrophilic chemistry on their outer surfaces and hydrophobic chemistry on their
inner surfaces are ideal for extracting lipophilic molecules from an aqueous solu-
tion. The hydrophobic molecule 7,8-benzoquinoline (BQ), which has an octanol/
water partition coefficient of 103.8 was used as a model compound for such
nanophase solvent extraction experiments. Figure 6.4A shows the UV-Vis
(ultraviolet-visible) spectrum of control solution containing 10−5 M aqueous BQ.
Five milligrams of the silica-outer/C18-inner nanotubes were suspended into 5 mL
of 1.0 × 10−5 M aqueous BQ. The suspension was stirred for 5 min and then fil-
tered to remove the nanotubes. UV spectroscopy showed that 82% of the BQ was
removed from the solution (Fig. 6.4C). When a second 5-mg batch of these nan-
otubes was added to the filtrate, >90% of the original amount of BQ was removed
from the solution (Fig. 6.4D). Control nanotubes that did not contain the hydropho-
bic C18 inner surface chemistry extracted less than 10% of the BQ (Fig. 6.4B).
This proof of experiment clearly shows that nanotubes are possibly useful in
applications involving drug detoxification and other chemical and biochemical
extractions.
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FIGURE 6.4. UV-Vis spectra showing the extraction of BQ from the aqueous solution by
nanotubes with C18 silane on their inner surfaces. (A) UV-Vis spectrum of 10−5 M aqueous
BQ; (B) after extraction with SiO2 tubes (control experiments); (C) after first extraction
with C18 SiO2 tubes; (D) after second extraction with C18 SiO2 tubes.

Nanotubes with the C18 inside will, in principle, extract any lipophilic molecule.
This ability to sequester lipophilic molecules can be viewed as a generic type
of extraction selectivity, which might be useful in some applications. However,
nanotubes that have molecular-recognition capability and extract only one partic-
ular molecule from solution might also be useful. We have shown that antibody-
functionalized nanotubes can provide the ultimate in extraction selectivity: the
extraction of one enantiomer of a chiral drug molecule.

In collaboration with Hans Soderlund of VTT Biotechnology in Finland,
we have been investigating an antibody that selectively binds one enan-
tiomer of the drug 4-[3-(4-fluorophenyl)-2-hydroxy-1-[1,2,4]triazol-1-yl-propyl]-
benzonitrile (FTB) (Fig. 6.5A), an inhibitor of aromatase enzyme activity.45 This
molecule has two chiral centers and thus four stereoisomers: RR, SS, SR, and
RS. Soderlund supplied us with the Fab fragment45 of an antibody that selectively
binds the RS relative to the SR enantiomer. The antibody was produced against
the drug FTB (Fig. 6.5A). The antibody used selectively binds the RS enantiomer,
and Fab fragments of this antibody were immobilized to both the inner and outer
surfaces of the silica nanotubes. This was accomplished by dissolving the template
membrane, collecting the nanotubes, and then dispersing them into a solution of
the aldehyde-terminated silane trimethoxysilylbutanal. The nanotubes were then
dispersed into a solution of the Fab fragments, which resulted in attachment of the
Fab to the nanotubes via Schiff base reaction between free amino groups on the
protein and the surface-bound aldehyde.
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FIGURE 6.5. Enantioseparations. (A) Three-dimensional structures of the RS enantiomer
(left) and the SR enantiomer (right) of the drug FTB. The black, white, blue, red, and
yellow balls are carbon, hydrogen, nitrogen, oxygen, and fluorine, respectively, and the
asterisks denote the chiral centers. The geometry optimization was done by ab initio
calculation with minimal basis set in HyperChem 6.03. The drug is in clinical trials by
Hormos Medical Corp., Turku, Finland. (B) Chiral HPLC chromatograms for racemic
mixtures of FTB before (I) and after (II, III) extraction with 18 mg/mL of 200-nm Fab-
containing nanotubes. Solutions were 5% dimethylsulfoxide in sodium phosphate buffer,
pH 8.5.

The Fab-functionalized nanotubes were added to racemic mixtures of the
SR and RS enantiomers of FTB. The tubes were then collected by filtration
and the filtrate was assayed for the presence of the two enantiomers using a
chiral high-performance liquid chromatography (HPLC) method (Fig. 6.5B).
Chromatogram I is from a solution that was 20 μM in both enantiomers, and
chromatogram II was obtained for the same solution after exposure to the
Fab-functionalized nanotubes; 75% of the RS enantiomer and none of the SR
enantiomer was removed by the nanotubes. When the concentration of the racemic
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mixture was dropped to 10 μM , all of the RS enantiomer was removed (chro-
matogram III). Nanotubes containing no Fab did not extract measurable quantities
of either enantiomer from the 20-μM solution.

We have also developed a chemistry that allows us to attach the Fab to only
the inner surfaces of the nanotubes. While still within the pores of the template
membrane, the inner surfaces were treated with aminopropyltrimethoxysilane.
The template membrane was then dissolved and the amino sites on the inner
surfaces were coupled to free amino groups on the Fab fragment using the well-
known glutaraldehyde coupling reaction.25 When 18 mg of these interior-only
Fab-modified nanotubes were incubated with 1 mL of a 10-μM racemic mixture
of the drug, 80% of the RS (and none of the SR) enantiomer was extracted. This
corresponds to 0.44 nmol RS enantiomer per milligram of tubes, whereas almost
double that amount, 0.80 nmol mg−1, was extracted by the nanotubes with Fab on
both their inner and outer surfaces.

We now briefly discuss the possible molecular interactions between the Fab frag-
ment and enantiomeric drug molecules. Our collaborators have produced Fab frag-
ments that bind only to the RS enantiomer of FTB drug molecules, but not to the SR
enantiomer. The production of the Fab fragment is reported elsewhere,45 and it will
not be discussed here. In general, numerous weak electrostatic, hydrogen-bond,
and van der Waals interactions, reinforced by hydrophobic interactions, combine
to give strong and specific binding between antibody and antigen.46 Although we
have not conducted detail studies to elucidate the interaction between Fab and drug
molecules at the molecular level, we believe that the Fab fragment attached to
silica nanotubes through Schiff base binds to the RS enantiomer through various
molecular interactions such as hydrogen-bonding, van der Waals, and hydrophobic
interactions.

Another example concerns the immobilization of a biocatalyst—the enzyme
glucose oxidase (GOD)—to the silica nanotubes.25 GOD was immobilized, on
both the inside and outside surfaces, via the aldehyde silane route. These GOD
nanotubes (60 nm indiameter) were dispersed into a solution that was 90 mM
in glucose and also contained the components of the standard dianisidine-based
assay for GOD activity. A GOD activity of 0.5 ± 0.2 units mg−1 of nanotubes was
obtained. These studies also showed that protein immobilized via the Schiff-base
route is not leached from the nanotubes, in that all GOD activity ceased when the
nanotubes were filtered from the solution.

6.5. Template Synthesis of Nano Test Tubes37

One application that we envision for nanotubes is as vehicles for the delivery
of drugs, DNA, proteins, or other biomolecules.4,11 Tubular structures are ideally
suited for such applications because they are hollow, and with the template method,
the inside and outside diameters of the tubes can be controlled at will.3,25,30,31 How-
ever, a means for immobilizing the biomolecule within the interior of the nanotubes
must be developed. In the past, we have covalently attached the biomolecule to the
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FIGURE 6.6. Field emission scanning electron micrograph (FESEM) of the nano test tube
alumina membranes. FESEM of the surface and cross section of an alumina template
membrane prepared using an anodization voltage of 50 V and an anodization prepared
using an anodization time of 20 min. The cross section is denoted by the double arrow.

inside tube walls.3,25,26,27,30,31 A much more convenient and general route would
be to simply fill the nanotubes with the desired biomolecule and then cap the open
ends of the tubes to keep the biomolecule “bottled up” inside. Immobilization by
filling the nanotubes in this way would allow for a larger quantity of the desired
biomolecule to be incorporated into the tube. Ideally, the chemistry holding the
caps on would be labile, causing the caps to be released in the environment where
the biomolecules are to be delivered.

Free-standing membranes were used as the templates in all of our previous in-
vestigations of template-synthesized nanotubes.3,25–27,30,31,47,48 Because the pores
in a free-standing membrane are open at both membrane faces, the nanotubes ob-
tained were open on both ends, like pipes. It would be much more convenient to
bottle a biomolecule within a nanotube if the tube was open on only one end, like
test tubes. This would make it easier to fill the tube because the biomolecule could
not simply flow out of the other open end of the tube during filling. Furthermore,
this would make the capping process easier, asonly one end of the tube would need
to be capped.

Nanopore alumina membranes prepared by anodic oxidation of the surface of
Al metal (Fig. 6.6)49,50 are one of the workhorse materials for template synthesis of
nanotubes.3,30,31 It occurred to us that these templates might be ideally suited for
preparing nano test tubes because, when still attached to the underlying Al surface,
the pores in these membranes are closed at the Al/Al2O3 interface (Fig. 6.7A).
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FIGURE 6.7. Schematic of the
template-synthesis method used
to prepare the nano test tubes.

If the template-synthesis method used deposits the tube-forming material along
these closed pore ends (as well as along the pore walls), then nano test tubes
would be obtained (Fig. 6.7B). The resulting test tubes could then be liberated and
collected by dissolution of the template membrane (Fig. 6.7C). The application
of this approach to make silica nano test tubes is described below. We show that
the outside diameter of these test tubes is determined by the pore diameter in the
template membrane and that the length of the tube is determined by the thickness
of the membrane.

The nanopore alumina template membranes were prepared in house by anodic
oxidation of high-purity aluminum.50,51 Two different anodization voltages were
used to obtain membranes with pores that were either 70 nm or 170 nm in diameter
(Table 6.1). The thickness of the template membrane was varied by varying the
anodization time (Table 6.1). The silica nano test tubes were synthesized within
the nanopores of these templates using sol-gel chemistry.3,25,26,30,31

Figure 6.8 shows a transmission electron microscope (TEM) image of a nano
test tube prepared in a template that had 70-nm-diameter pores and was 0.6 μm
thick. Both the open end (top of image) and the closed end (bottom of image) of the

TABLE 6.1. Alumina template membranes used to prepare the nano test tubes.

Anodization voltage (V) Anodization time (min) Pore diameter (nm) Membrane thickness (μm)

50 10 70 0.6
50 20 70 1.0
70 5 170 0.6
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FIGURE 6.8. TEM of the prepared nano test tubes. (A) EM of a nano test tube prepared in
the membrane described in row 1 of Table 6.1. The inset shows a close-up of the closed end
of this nano test tube. (B) TEM of a nano test tube prepared in the membrane described in
row 2 of Table 6.1. (C) TEM of a nano test tube prepared in the membrane described in row
3 of Table 6.1.

nano test tube are clearly seen. That the bottom is closed is shown more clearly by
the inset in Fig. 6.8A, which is a higher magnification image of the bottom end of
this nano test tube. In agreement with the membrane parameters (Table 6.1), these
nano test tubes are 70 ± 14 nm in diameter and ∼600 nm long. By controlling
the anodization voltage, we can control the inner pore diameter of nano test tubes,
whereas the thickness of the nanoporous membranes can be easily controlled by
anodization time (Table 6.1).51 We have control over the morphology of the alumina
membrane containing nano test tubes by controlling the anodization conditions.
For example, we have synthesized nano test tubes of inner pore diameter ranging
from 30 nm to 120 nm by varying the anodization voltages between 30 V and 80 V,
respectively.51 Furthermore, nano test tube membranes with thicknesses ranging
from 1 μm to >60 μm are routinely prepared in our lab.51 Figure 6.8B shows a
TEM image of a nano test tube prepared in the membrane that was 1 mm thick and
with a 70-nm pore diameter. Similarly, a TEM image of a nano test tube 0.6 mm
thick and with a 170-nm pore diameter is shown in Fig. 6.8C.

The TEM images in Figure 6.8 do not allow us to unambiguously prove that these
silica nano test tubes are hollow. As discussed earlier, one approach for proving
this is to use these test tubes as templates to form nanotubes of a second material. If
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FIGURE 6.9. FESEM image of polystyrene nanotubes prepared within the silica nano test
tubes.

the test tubes are hollow, then nanotubes of this second material will be obtained.
If the test tubes are not hollow, they cannot act as templates, and nanotubes of the
second material will not be obtained. To prove this, a 4% (w/w) polystyrene solution
was prepared in 50:50 (v/v) toluene/dichloromethane. A drop of this solution was
placed onto the surface of the silica nano test tube-containing membrane (i.e.,
Fig. 6.7B), and the solvent was allowed to evaporate. The template membrane was
then dissolved in 1 M NaOH, yielding a film of polystyrene. The surface of this
film was imaged with the field-emission scanning electron microscope (FESEM) to
see if polystyrene nanotubes (formed in the hollow silica nano test tubes) protrude
from this surface. If polystyrene nanotubes are observed, then the nano test tubes
must be hollow.

Silica nano test tubes prepared in the membrane described in row 2 of Table 6.1
were used for these studies. Figure 6.9 shows an FESEM image of the polystyrene
nanotubes synthesized within these silica nano test tubes. This image clearly shows
that the silica nano test tubes are hollow. Furthermore, the outside diameter of
these polystyrene nanotubes (∼35 nm) provides an estimate for the inside diame-
ter of the silica test tubes used. As is typically observed for template-synthesized
nanostructures,41–43 the polystyrene nanotubes aggregate into clumps after re-
moval of the template membrane. This is undoubtedly due to the advent of capillary
forces52 between the nanotubes upon dissolution of the template membrane.

We have previously shown that the silica nanotubes can be chemically and
biochemically functionalized using silane chemistry with commercially available
reagents.2,3,30,31 Furthermore, we have shown that different functional groups can
be applied to the inner versus outer nanotube surfaces. We are currently using this
approach to tag the outer surfaces of the silica nano test tubes with antibodies
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that promote uptake by endothelial cells. The final challenge to be addressed, if
these test tubes are to be used for biomolecule delivery, is to develop procedures
for capping and uncapping the open mouth. We will report on this aspect of the
research effort soon.

6.6. Nanotube Membranes for Bioseparations26,27

In all of the examples cited earlier, the template membrane was dissolved away
and the liberated nanotubes were collected by filtration. The nanotubes may
also be left embedded within the pores of the template to yield a free-standing
nanotube-containing membrane. We have shown that the nanotubes can acts as
conduits for highly selective transport of molecules and ions between solutions
present on either side of the membrane.26–29 For example, membranes containing
gold nanotubes with inside diameters of molecular dimensions (<1 nm) cleanly
separate small molecules on the basis of molecular size.29 Gold nanotubes with
larger inside diameters (20–45 nm) can be used to separate proteins and, here again,
rendering the nanotubes biocompatible is essential to prevent protein adsorption.47

Generic chemical transport selectivity (lipophilic vs. hydrophilic) can also be im-
parted to these gold nanotube membranes.53 We now present in detail “bio-tailored”
nanotube membranes for the separation of enantiomeric drug molecules and nu-
cleic acids.

6.6.1. Antibody-Functionalized Nanotube Membranes
for Selective Enantiomeric Separations26

Recently, we have shown that membranes containing the silica nanotubes and the
enantioselective FTB antibody Fab fragment (Fig. 6.5A) discussed earlier can be
used to make membranes for chiral separations.26 In this case, the nanotube mem-
brane separates a feed half-cell containing a racemic mixture of the RS and SR
enantiomers of FTB and a permeate half-cell that initially contains only buffer
solution. The time course of permeation of the two enantiomers across the mem-
brane was determined by periodically assaying the permeate solution. Results for
a membrane containing ∼15-nm-diameter silica nanotubes are shown in Fig. 6.10
as plots of moles enantiomer transported versus permeation time. We see that the
flux of the RS enantiomer, the one bound by the antibody, is five times higher than
the flux of the SR enantiomer. Because, in principle, antibodies can be obtained
that selectively bind to any desired molecule or enantiomer, this concept might
provide a general approach for obtaining selectively permeable membranes for a
host of enantioseparations and bioseparations.

Because it is the RS enantiomer that specifically binds to the immobilized anti-
RS, these data suggest that this Fab fragment facilitates the transport of the RS
enantiomer. Further evidence that it is the Fab fragment that is facilitating the
transport of RS came from the feed concentration of drug versus flux curve, which
showed a Langmuirian-type curve.
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FIGURE 6.10. Enantioseparations using antibody-immobilized membranes. Plots of moles
of each enantiomer transported versus time for a silica nanotube membrane containing
the enantioselective antibody Fab fragment. The inside diameter of the nanotubes was
∼15 nm.

We have not conducted detailed experiments to elucidate the effect of dimethyl
sulfoxide (DMSO) concentration on the molecular interactions of binding of Fab

to the RS enantiomer drug molecule in phosphate-buffered saline (PBS).
The previous studies, however, have shown that the use of DMSO decreases

the binding interactions between the drug molecule and Fab-immobilized silica
in chromatography experiments.45 Qualitatively, our studies agrees with these
results. We believe that there is an optimum binding affinity between drug and
Fab molecules that is expected to give the highest transport selectivity coefficient
and that the addition of DMSO to the solution containing the antigen (FTB drug)
decreases the binding constant between FTB and Fab molecules immobilized on
inner walls of silica nanotube membranes. In our studies, we have found that there
is an optimum concentration of DMSO (∼15%) that maximizes the value of the
selectivity coefficient.26

Another important factor that is important to consider is the orientation of the
antibody immobilized on the surface. This factor is very important to maximize the
antibody availability for antigen binding, because the binding between the antigen
and antibody requires right orientation of the antibody for antigen binding. It is
well known that histidine interacts strongly with copper and nickel ions. There-
fore, one of the antibody immobilization methods to provide efficient, stable, and
right orientation on surfaces for the antigen–antibody reaction utilizes histidine-tag
antibodies onto copper- and nickel-containing surfaces.45 The histidine modifica-
tion of antibodies can be accomplished using conventional covalent bonding of the
antibody with a reactive histidine or this can be also be accomplished using molec-
ular biology (cloning) techniques. The modification of the antibody with histidine
should be carried out only at the Fc fragment of the antibody but not on the Fab

fragment. In principle, the immobilization of histdine tagged at Fc of the antibody
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should provide surfaces with favorable antibody orientation for antigen–antibody
reaction, where antibody-binding fragments (Fab) are away from surfaces, and
antigens can approach Fab without significant steric hinderance.

6.6.2. Functionalized Nanotube Membranes with
“Hairpin”-DNA Transporter with Single-Base
Mismatch Selectivity27

There appears to be no previous examples of either biological or synthetic mem-
branes where nucleic acid hybridization is used as the molecular recognition event
to facilitate DNA/RNA transport through the membrane.54,55 If such membranes
could be developed, they might prove useful for DNA separations and sensors
needed, for example, in genomic research.

We now describe synthetic membranes in which the molecular-recognition
chemistry used to accomplish selective permeation is DNA hybridization. These
membranes contain template-synthesized gold nanotubes with inside diameters of
12 nm, and a “transporter” DNA-hairpin molecule is attached to the inside walls
of these nanotubes. These DNA-functionalized nanotube membranes selectively
recognize and transport the DNA strand that is complementary to the transporter
strand relative to DNA strands that are not complementary to the transporter. Under
optimal conditions, single-base mismatch transport selectivity is obtained.

The gold nanotube membranes were prepared via the template synthesis76

method by electrolessly depositing gold along the pore walls of a polycar-
bonate template membrane.3,29 The template was a commercially available fil-
ter (Osmonics), 6 μm thick, with cylindrical 30-nm-diameter pores and 6 ×
108 pores cm−2 of membrane surface area.

The hairpin-DNA transporter (Table 6.2) was 30 bases long (30-mer) and con-
tained a thiol substituent at the 5′ end that allowed it to be covalently attached to the
inside walls of the Au nanotubes.27 The first six bases at each end of this molecule

TABLE 6.2. DNA molecules used. For transporter DNAs, the 18 bases that
bind to the permeating DNAs are in bold. For permeating DNAs, the
mismatched bases are underlined. FAM is a fluorescein derivative (Applied
Biosystems), and Cy5 is a cyanine dye (Amersham Biosciences).

Transporter DNAs
Hairpin: 5’HS-(CH2)6-CGCGAG AAGTTACATGACCTGTAG CTCGCG3’
Linear: 5’HS-(CH2)6-CGCGAG AAGTTACATGACCTGTAG ACGATC3’

Permeating DNAs
Perfect complement (PC): 3’TTCAATGTACTGGACATC5’
Single base mismatch (3’end): 3’CTCAATGTACTGGACATC5’
Single base mismatch (middle): 3’TTCAATGTA GTGGACATC5’
7-mismatch: 3’AAGTTACATGACCTAG5’
FAM-labeled perfect complement: 3’TTCAATGTACTGGACATC-(CH2)6-FAM 5’
Cy5-labeled single-base mismatch: 3’CTCAATGTACTGGACATC-(CH2)6-Cy5 5’
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are complementary to each other and form the stem of the hairpin, and the middle
18 bases form the loop (Table 6.2). The permeating DNA molecules were 18-mers
that are either perfectly complementary to the bases in the loop or contain one
or more mismatches with the loop (Table 6.2). A second thiol-terminated DNA
transporter was investigated (Table 6.2). This DNA transporter was also a 30-mer,
and the 18 bases in the middle of the strand were identical to the 18 bases in the
loop of the hairpin-DNA transporter. However, this second DNA transporter does
not have the complementary stem-forming bases on either end and thus cannot
form a hairpin. This linear-DNA transporter was used to test the hypothesis that
the hairpin-DNA provides better transport selectivity because of its enhanced abil-
ity to discriminate the perfect complement permeating DNA from the permeating
DNAs that contain mismatches.

The transport experiments were done in a U-tube permeation cell28 where the Au
nanotube membrane separates the feed half-cell containing one of the permeating
DNA molecules (Table 6.2) dissolved in pH = 7.2 phosphate buffer (ionic strength
∼0.2 M) from the permeate half-cell that was initially only buffer. The rate of
transport (flux) of the permeating DNA molecule from the feed half-cell through
the Au nanotube membrane and into the permeate half-cell was determined by
periodically measuring the UV absorbance of the permeate half-cell solution, at
260 nm, that arises from the permeating DNA molecule.

Transport plots (Figs. 6.11A and 6.12) show the number of nanomoles of the
permeating DNA transported through the nanotube membrane versus permeation
time. When the hairpin-DNA is not attached, a straight-line transport plot is ob-
tained for the perfect-complement DNA (PC-DNA) (Fig. 6.11A), and the slope of
this line provides the flux of the PC-DNA across the membrane (Table 6.3). The
analogous transport plot for the membrane containing the hairpin-DNA transporter
is not linear, but can be approximated by two straight-line segments: a lower-slope
segment at short times followed by a higher-slope segment at times longer than
a critical transition time. This transition is very reproducible; for example, for a
feed concentration of 9 μM , the critical transition time = 110 ± 15 min (average
of three membranes).

Figure 6.11A shows that the flux of the permeating PC-DNA in the membrane
containing the hairpin-DNA transporter is at all times higher than the flux for
an identical membrane without the transporter (Table 6.3). Hence, the hairpin-
DNA is acting as a MR agent to facilitate the transport26,56–58 of the PC-DNA.
Additional evidence for this conclusion was obtained from studies of the effect of
the concentration of the PC-DNA in the feed solution on the PC-DNA flux. If the
hairpin-DNA is facilitating the transport of the PC-DNA, this plot should show a
characteristic “Langmuirian” shape.26,56 Figure 6.11B shows that this is, indeed,
the case for transport data both before and after the critical transition time. The
analogous plot for the identical membrane without the hairpin-DNA transporter
is linear (Fig. 6.11B), showing that transport is not facilitated but rather described
simply by Fick’s first law of diffusion. It is interesting to note that the transition
to the higher-slope segment was not observed, during permeation experiments of
total duration 300 min, for feed concentrations below 9 μM (Fig. 6.11B).



238 Kohli and Martin

n
m

o
le

s 
tr

an
sp

o
rt

ed
0

2.0

4.0

6.0

8.0

003002001
(A) )nim( emiT

0210906030

0.0

6.0

2.1

8.1

F
lu

x 
(n

m
o

le
s 

cm
–

2  h
r–1

)

( noitartnecnoC deeF μ )M(B)

FIGURE 6.11. (A) Transport plots for PC-DNA through Au nanotube membranes with (�)
and without (•) the immobilized hairpin-DNA transporter. Concentration in feed solution =
9μM . (B) Flux versus feed concentration for PC-DNA. The data in black and light gray
were obtained for a Au nanotube membrane containing the hairpin-DNA transporter. At
feed concentrations of 9 μM and above, the transport plot shows two linear regions. The
data in black (�) were obtained from the high-slope region at longer times. The data in dark
gray ( ) were obtained from the low-slope region at shorter times. The data in light gray
( ) were obtained for an analogous nanotube membrane with no DNA transporter.

Analogous permeation data were obtained for the various mismatch-containing
permeating DNA molecules (Table 6.2). The transport plots for these mismatch
DNAs show only one straight-line segment (Fig. 6.12), and their fluxes are always
lower than the flux for the PC-DNA obtained from the high-slope region of the PC-
DNA transport plot (Table 6.3). Note in particular that the membrane containing
the hairpin-DNA transporter shows a higher flux for PC-DNA than for the two
permeating DNAs that contain only a single-base mismatch.

To illustrate this point more clearly, we define a selectivity coefficient
αHP,PC/1MM, which is the flux for the PC-DNA divided by the flux for a single-base
mismatch DNA in the membrane with the hairpin-DNA transporter. The data in
Table 6.1 provide αHP,PC/1MM = 3. The analogous selectivity coefficient for the
PC-DNA versus the DNA with seven mismatches is αHP,PC/7MM = 7. These se-
lectivity coefficients show that nanotube membranes containing the hairpin-DNA
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FIGURE 6.12. Transport plots for a Au nanotube membrane containing the hairpin-DNA
transporter. The permeating DNA was as follows: (gray ) PC DNA, (black •) single
mismatch (end), (�) seven mismatches, (�) single mismatch (middle).The concentration in
the feed solution was 9 μM .

transporter selectively transport PC-DNA and that single-base mismatch transport
selectivity can be obtained.

The importance of the hairpin structure to membrane selectivity is illustrated
by analogous transport data for membranes containing the linear-DNA transporter
(Table 6.2). With this transporter, all of the transport plots show only a single
straight-line segment, and the fluxes for the single-mismatch DNAs are identical
to the flux for the PC-DNA (Table 6.3); that is, the single-base mismatch selec-
tivity coefficient for this linear (LN) DNA transporter is αLN,PC/1MM = 1. The
linear-DNA transporter does, however, show some transport selectivity for the
PC-DNA versus the seven-mismatch DNA, αLN,PC/7MM = 5.

We have also investigated the mechanism of transport in these membranes. In
such MR-based facilitated-transport membranes, the permeating species is trans-
ported by sequential binding and unbinding events with the MR agent.26,56,57

For these DNA-based membranes, the binding/unbinding events are sequential

TABLE 6.3. Fluxes for feed concentration of 9 μM.

Transporter DNA Permeating DNA Flux (nmoles cm−2 h−1)

Hairpin Perfect complement 0.57, 1.14a

Linear Perfect complement 0.94
None Perfect complement 0.20

Hairpin Single mismatch (middle) 0.37
Hairpin Single mismatch (end) 0.44
Linear Single mismatch (middle) 0.94

Hairpin 7 mismatch 0.17
Linear 7 mismatch 0.20

a Two fluxes are obtained because the transport plot shows two slopes
(Fig. 11A).
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hybridization/dehybridization reactions between the permeating DNA molecule
and the DNA transporter attached to the nanotubes. To show that hybridiza-
tion occurred in the membrane with the hairpin-DNA transporter, the membrane
was exposed to PC-DNA, and then to a restriction enzyme (SfcI, New England
Biolabs).27 If hybridization between the PC-DNA and the hairpin transporter oc-
curred, this enzyme will cut the resulting double-stranded DNA such that the last
five bases of the binding loop and all of the stem-forming region at the 3′ end
of the hairpin are removed. This reaction will substantially damage the binding
site, and based on our prior work,26 we would predict that if this membrane is
subsequently used in a permeation experiment, a lower PC-DNA flux should be
obtained.27

After exposure to the restriction enzyme, the membrane was extensively rinsed
to remove the enzyme and DNA fragments and then used for a transport experi-
ment with PC-DNA as the permeating species. Unlike the data in Fig. 6.11A, the
transport plot for this damaged-transporter membrane showed only one straight-
line segment27 corresponding to a flux of 0.2 nmol cm−2 h−1. This value is well
below what we observe from membranes with anundamaged DNA-hairpin trans-
porter (Table 6.3). The damaged DNA transporter was then removed from the
nanotubes and fresh DNA-hairpin transporter applied. A subsequent transport ex-
periment with PC-DNA showed a transport plot identical to that obtained be-
fore exposure to the restriction enzyme.27 These data suggest that hybridization
is, indeed, involved in the transport mechanism for the DNA-hairpin-containing
membranes.

To show that dehybridization occurs on a reasonable timescale in these mem-
branes, we exposed a hairpin-DNA membrane to a fluorescently labeled version
of the PC-DNA (Table 6.2). The membrane was then rinsed with buffer solution
and immersed into a solution of either pure buffer or buffer containing unlabeled
PC-DNA. If the dehybridization reaction is facile, the fluorescently labeled PC-
DNA should be released into the solution. We found that dehybridization does
occur, but it is strongly accelerated when unlabeled PC-DNA is present in the
solution (Fig. 6.13). Hence, dehybridization is much faster when it occurs by a
cooperative process whereby one PC-DNA molecule displaces another from an
extant duplex.59

We have also investigated transport selectivity for a feed solution containing fluo-
rescently labeled versions (Table 6.2) of both the PC-DNA and the single-mismatch
DNA. The fluorescent labels allow for quantification of both of these permeating
DNAs simultaneously in the permeate solution. In analogy to the single-molecule
permeation experiment, the flux of the PC-DNA was five times higher than the
flux of the single-mismatch DNA.27 To assess the practical utility of these mem-
branes, transport studies with more realistic samples (such as cell lysates) will be
needed.

Finally, we have not observed a spontaneous transition from a low-flux to
a high-flux state (Fig. 6.11A) with our previous MR-based membranes.26,56

Whether this transition is observed depends on the feed concentration suggests
that the transition is a transport-related phenomenon. It is possible that this
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FIGURE 6.13. Release of fluorescently labeled PC-DNA from a membrane containing the
hairpin-DNA transporter. The fluorescently labeled PC-DNA was released into a buffer
solution containing no unlabeled PC-DNA (lower curve) or into a buffer containing 9 μM
unlabeled PC-DNA (upper curve).

transition relates to the concept of cooperative (high flux) versus noncooperative
(low flux) dehybridization (Fig. 6.13), but further studies, both experimental and
modeling, will be required before a definitive mechanism for this transition can be
proposed.

6.7. Conical Nanotubes: Mimicking Artificial Ion Channel38

There is considerable interest in developing chemical devices that mimic the
function of biological ion channels.60–63 We recently described such a device,
which consisted of a single conically shaped gold nanotube embedded within
a polymeric membrane.64 This device mimicked one of the key functions of
voltage-gated ion channels: the ability to strongly rectify the ionic current flowing
through it. The data obtained were interpreted using a simple electrostatic model
(vide infra).64

Although the details are still being debated,60–63,77,78 it is clear that ion-current
rectification in biological ion channels is more complicated and involves physical
movement of an ionically charged portion of the channel in response to a change
in the transmembrane potential.65 We report here artificial ion channels that rectify
the ion current flowing through them via this “electromechanical”66 mechanism.
These artificial channels are also based on conical gold nanotubes, but with the
critical electromechanical response provided by single-stranded DNA molecules
attached to the nanotube walls.

Single conically shaped nanopores were etched into 0.07-cm2 samples of
a 12-μm-thick polycarbonate membrane.67 For most of the studies reported
here, the large-diameter opening of the pore was 5 μm (Fig. 6.14A) and the
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FIGURE 6.14. Electron micrographs showing (A) large-diameter (scale bar = 5.0 μm) and
(C) small-diameter (scale bar = 333 nm) opening of a conical nanopore, and (C) a liberated
conical Au nanotube (scale bar = 5.0 μm).

small-diameter opening was 60 nm (Fig. 6.14B). However, membranes having
conical pores with large-diameter openings of 5 μm and small-diameter open-
ings of 150 and 100 nm were also used. An electroless plating method28 was
used to deposit a correspondingly conical gold nanotube within the pore. This
entails coating the pore walls and membrane faces with a thin (∼10 nm) layer of
gold. Because this layer is so thin, the large-diameter opening of the conical gold
nanotube remained 5 μm. An approximate measure of the diameter of the small
opening (hereafter called the “mouth”) of the conical nanotube was obtained using
a simple electrochemical method67 (Table 6.4).

In the final step, single-stranded DNA molecules were covalently immobilized to
the gold surfaces. The following thiol-terminated DNAs were used in these studies:

TABLE 6.4. Nanotube mouth diameter (d), DNA attached, current
ratio (rmax), radius of gyration (rg) and extended chain length (l).

d (nm) DNA attached rmax rg (nm) l (nm)a

41 12-mer 1.5 1.4 5.7
46 15-mer 2.2 1.6 6.9
42 30-mer 3.9 2.9 12.9
38 45-mer 7.1 4.0 18.9
98 30-mer 1.1 2.9 12.9
59 30-mer 2.1 2.9 12.9
39 30-mer 3.9 2.9 12.9
27 30-mer 11.5 2.9 12.9
13 30-mer 4.7 2.9 12.9

30-mer
39 hairpin 1.4 n/a 6.9

a Includes the (CH2)6 spacer.
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5′HS-(CH2)6-CGAGTCCATTCA3′ (12-mer), 5′HS-(CH2)6-GACCGAGTCCAT-
TCA3′ (15-mer), 5′HS-(CH2)6-CGCGAGAAGTTACAT-GACCTGTAGACGA-
TC3′ (30-mer), 5′HS-(CH2)6-A453′ (45-mer), and 5′HS-(CH2)6-CGCGAGAAGT-
TACATGACCTG-TAGCTCGCG3′(30-mer hairpin).27,38 In all of the experiments
described here, the conically shaped gold nanotube was left embedded within the
polycarbonate membrane. However, in order to prove that this nanotube is, indeed,
conical, the membrane can be dissolved away and the liberated nanotube imaged
via electron microscopy (Fig. 6.14C).

Current–voltage (I –V ) curves for these artificial ion channels were obtained by
mounting the membrane sample between the two halves of a U-tube conductivity
cell.28 Each half-cell was filled with ∼5 mL of a 10 mM pH = 7 phosphate buffer
that was also 100 mM in KCl. A Ag/AgCl reference electrode was inserted into
each half-cell solution, and a Keithley Instruments 6487 picoammeter/voltage-
source was used to apply the desired transmembrane potential and measure the
resulting ionic current flowing through the gold nanotube.

In our prior work, the mouth diameter of the Au nanotubes was 10 nm and
the rectification observed resulted from electrostatic interactions between cations
traversing the nanotube and fixed surface charge (due, e.g., to adsorbed Cl−) at
the nanotube mouth.64 This mechanism only applies when the mouth diameter
is comparable to the thickness of the electrical double layer associated with the
fixed surface charge, and this is not the case for the larger-mouth-diameter nan-
otubes used here (Table 6.4). This is proven by the fact that without attached DNA
molecules, these nanotubes do not rectify, even though there is adsorbed Cl− on the
nanotube walls (Fig. 6.15A). In contrast, the DNA-containing nanotubes rectify
the ion current; that is, they show an on-state at negative transmembrane poten-
tials (anode facing the mouth of nanotube; Fig. 6.15B) and an off-state at positive
potentials (Fig. 6.15C).

The extent of rectification may be quantified via the ratio rmax, which is the
absolute value of the current at −1 V (on-state) divided by the current at +1 V
(off-state) (Table 6.4). The first four entries in Table 6.4 correspond to the nanotubes
in Fig. 6.15A. As is evident from the figure, rmax increases with the DNA chain
length. The extent of rectification can also be controlled by holding the chain length
constant and varying the diameter of the nanotube mouth (Table 6.4). With one
exception (vide infra), rmax increases with decreasing mouth diameter.

We propose that rectification in these nanotubes entails electrophoretic insertion
of the DNA chains into (off-state; Fig. 6.15C) and out of (on-state; Fig. 6.15B)
the nanotube mouth. The off-state is obtained because when inserted into the
mouth, the chains partially occlude the pathway for ion transport, yielding a higher
ionic resistance for the nanotube. There is ample evidence in the literature to
support this hypothesis. First, because DNA chains are anionic, they can be driven
electrophoretically through nanopores, and during translocation, occlusion of the
nanopore by the DNA causes a transient increase in the pore’s ionic resistance.68

Furthermore, in complete analogy to our model, if one end of a DNA chain is
immobilized in an electrophoresis experiment, the chain extends linearly in the
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FIGURE 6.15. (A) I –V curves for nanotubes with mouth diameters of 40 nm containing
(from top to bottom) no DNA (•) and attached 12-mer (�), 15-mer (•), 30-mer (�), and
45-mer (�) DNAs. (B, C) Schematics showing electrode polarity and DNA chain positions
for an on-state (B) and an off-state (C).

direction of the anode.69 In addition, simulations of the electric field strength in
conical nanopores, identical to those used here, show that the field in the electrolyte
solution in the mouth of the nanopore is 1 × 106 V m−1, when the total voltage
drop across the membrane is only 1 V.70 This focusing of the electric field strength
at the nanotube mouth means that there is ample field to extend the DNA chains
toward the anode.

Further support for this model can be garnered from our experimental I –V data.
First, the magnitudes of the on-state currents in Fig. 6.15A decrease with increasing
DNA chain length. This is because even in the on-state, the DNA chains partially
occlude the mouth of the nanotube and increase the nanotube resistance. Second,
although the general trend is that rmax increases with decreasing mouth diameter,
one exception was noted: The nanotube with the ∼13-nm mouth and the 30-base
DNA rectifies less than the nanotube with the ∼27-nm mouth and this same 30-
base DNA (Table 6.4). These data suggest that the DNA chain can be too long,
relative to the mouth diameter, to allow for efficient rectification. Table 6.4 lists
two relevant lengths of the DNA chains: the length if the chain were completely
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extended68 and the radius of gyration71,72 for the globular form. According to
our model, in order to rectify, the chain must have the freedom to extend linearly
toward the anode. The nanotube with the 13-nm mouth is the only case where the
length of the extended DNA chain is equivalent to the mouth diameter. We suggest
that this makes it sterically difficult for the chains to reorient and insert themselves
into the mouth, and this is why poor rectification is observed.

Third, according to our model, the DNA chain must have the flexibility to extend
in the direction of the anode. This issue was explored by comparing the extent
of rectification for a nanotube containing the conventional 30-base DNA and an
identical tube containing a hairpin 30-base DNA. The hairpin DNA73 folds back
on itself because the bases at one end of the chain are complementary to the bases
at the other end, making the chain much less flexible. The nanotube containing this
30-base hairpin DNA is a very poor rectifier, much worse than the same nanotube
with the conventional 30-base DNA (Table 6.4).

6.8. Conclusions

We believe that nanotubes offer some important advantages for biotechnological
and biomedical applications of nanoparticles. Because of its tremendous versatility
in terms of materials that can be used, sizes that can be obtained, and chemistry
and biochemistry that can be applied, the template method might prove to be
a particularly advantageous approach for preparing nanotubes for such applica-
tions. However, this field of nanotube biotechnology is in its infancy and there
is much work to be done before products based on this technology are brought
to the market place. For example, in our applications to date, we have incorpo-
rated the payload into the nanotubes by either covalent bonding or other chemical
interactions. However, in some applications, it might be useful to simply fill the
nanotube with a payload and then apply caps to the nanotube ends to keep the
payload encapsulated. Furthermore, it might useful to have these caps fall off,
thus spilling the payload, when a particular chemical or biochemical signal is de-
tected. We are currently exploring routes for preparing such capped nanotubes.
The issues of cost of production and mass production of nanotubes must also be
addressed.

Finally, the synthetic nanotubes discussed here can be thought of as mimics of
naturally occurring nanotubes—protein channels38,74; indeed, the cyclic peptide
nanotubes have been used as artificial ion channels.35 Ion channels open and close
in response to chemical and electrical stimuli. We are developing synthetic nan-
otubes with similar voltage28,38,64,75 and chemical48 gating characteristics. These
nanotubes can be used in smart membranes whose transport properties change
in response to an electrical stimulus28,75 and in sensing devices where a chemical
stimulus turns on a current that can be measured in an external circuit.48 One of the
major drawbacks of the membrane-based separation method is low transport flux
of separating molecules. The use of conical nanotubes containing membranes can
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possibly eliminate the low-transport-flux problem because conical pore-containing
membranes are expected to have a much larger porosity. We have fabricated con-
ical nanotube membranes; these membranes have the potential to greatly increase
the transport flux without significantly losing the selectivity coefficients,38,64 and
we will report on the separation of biomolecules and biopolymers using conical-
nanotube membranes.

Acknowledgments. This work was supported by the National Science Founda-
tion (NIRT for Biomedical Nanotube Technology), DARPA, the Office of Naval
Research, and the UF Engineering Research Center for Particle Science and Tech-
nology. We gratefully acknowledge our collaborator Professor Hans Soderlund for
contributions to the antibody research projects.

References

1. K. J. Klabunde, Nanoscale Materials in Chemistry, Wiley–Interscience, New York,
2001.

2. C. R. Martin and D. T. Mitchell, Nanomaterials in analytical chemistry, Anal. Chem.
70, 322A–327A (1998).

3. C.R. Martin, Nanomaterials: A membrane-based synthetic approach, Science 266,
1961–1966 (1994).

4. T. M. S. Chang and S. Prakash, Procedures for microencapsulation of enzymes, cells
and genetically engineered microorganisms, Mol. Biotech. 17, 249–260 (2001).

5. C. Kneuer, M. Sameti, U. Bakowsky, T. Schiestel, H. Schirra, H. Schmidt, and C. M.
Lehr, A nonviral DNA delivery system based on surface modified silica-nanoparticles
can efficiently transfect cells in vitro, Bioconj. Chem. 11, 926–932 (2000).

6. J. Radler, I. Koltover, T. Salditt, and C. R. Safinya, Structure of DNA–cationic lipo-
some complexes: DNA intercalation in multilamellar membranes in distinct interhelical
packing regimes, Science 275, 810–814 (1997).

7. I. Koltover, T. Salditt, J. O. Radler, and C. R. Safinya, An inverted hexagonal phase of
cationic liposome–DNA complexes related to DNA release and delivery, Science 281,
78–81 (1998).

8. Y. W. C. Cao, R. C. Jin, and C. A. Mirkin, Nanoparticles with Raman spectroscopic
fingerprints for DNA and RNA detection, Science 297, 1536–1540 (2002).

9. L. M. Demers, D. S. Ginger, S. J. Park, Z. Li, S. W. Chung, and C.A. Mirkin, Direct
patterning of modified oligonucleotides on metals and insulators by dip-pen nanolithog-
raphy, Science 296, 1836–1838 (2002).

10. S. J. Park, T. A. Taton, and C. A. Mirkin, Array-based electrical detection with nanopar-
ticles probes, Science 295, 1503–1506 (2002).

11. K. E. Ulrich, S. M. Cannizzaro, R. S. Langer, and K. M. Shakeshelf, Polymeric systems
for controlled drug release, Chem. Rev. 99, 3181–3198 (1999).

12. K. E. Lee, B. K. Kim, and S. H. Yuk, Biodegradable polymeric nanospheres formed
by temperature-induced phase transition in a mixture of poly(lactide-co-glycolide) and
poly(ethylene oxide) –poly(propylene oxide) –poly(ethylene oxide) triblock copoly-
mer, Biomacromolecules 3, 1115–1119 (2002).



6. Template-Synthesized Nanotubes and Nanotube Membranes 247

13. N. Murthy, Y. X. Thng, S. Schuck, M. C. Xu, and J. M. J. Frechet, A novel strategy for
encapsulation and release of proteins: Hydrogels and microgels with acid-labile acetal
cross-linkers, J. Am. Chem. Soc. 124, 12,398–12,399 (2002).

14. M. Lewin, N. Carlesso, C. Tung, X.-W. Tang, D. Cory, D. T. Scadden, and R. Weissleder,
Tat peptide-derivatized magnetic nanoparticles allow in vivo tracking and recovery of
progenitor cells, Nat. Biotech. 18, 410–414 (2000).

15. J. P. Linsky, T. R. Paul, and M. E. Kenny, Planar organosilicon polymers, J. Polym. Sci.
A-29, 143–160 (1971).

16. P. Yager and P. Schoen, Formation of tubules by a polymerizable surfactant, Mol.
Crystal. Liq. Crsytal. 106, 371–381 (1984).

17. J. M. Schnur, Lipid tubules: A paradigm for molecularly engineered structures, Science
262, 1669–1676 (1993).

18. J. V. Selinger, M. S. Spector, and J. M. Schnur, Theory of self-assembled tubules and
helical ribbons, J. Phys. Chem. B 105, 7157–7169 (2001).

19. R. Price and M. Patchan, Controlled release from cylindrical macrostructures,
J. Microencapsul. 8, 301–306 (1991).

20. A. S. Goldstein, J. K. Amory, S. M. Martin, C. Vernon, A. Matsumoto, and P. Yager,
Testosterone delivery using glutamide-based complex high axial ratio microstructures,
Bioorgan. Med. Chem. 9, 2819–2825 (2001).

21. S. Iijima, Helical microtubules of graphitic carbon, Nature 354, 56–58 (1991).
22. P. M. Ajayan, Structure and morphology of carbon nanotubes, in: Carbon Nanotubes:

Preparation and Properties, edited by T. Ebbesen, CRC Press, Cleveland, OH (1997).
23. P. M. Ajayan, Nanotubes from carbon, Chem. Rev. 99, 1787–1800 (1999).
24. H Dai, J. Kong, C. Zhou, N. Franklin, T. Tombler, A. Cassell, S. Fan, and M. Chapline,

Controlled chemical routes to nanotube architectures, physics, and devices, J. Phys.
Chem. B 103, 11,246–11,255 (1999).

25. D. T. Mitchell, S. B. Lee, L. Trofin, N. Li, T. K. Nevanen, H. Söderlund, and C. R.
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7.1. Introduction

Many intensive studies on metal nanoparticles have been carried out from the
point of view of a wide variety of scientific interests and pratical properties.1–8

These nanoparticles, with their diameters of 1–10 nm, consist of several tens or
thouthands of metal atoms in every one. Recently, these nanoparticles can be
considered as a new class of materials in a presently hot nanotechnology. Ex-
amples include some specific properties: spectroscopic and magnetic properties
of semiconductor nanoparticles, synthesis and catalysis of polymer-stabilized or
ligand-coated metal nanoparticles, as well as nonlinear optical properties of metal
nanoparticle-doped metal oxides. Thanks to the size limit of nanoparticles, they
are expected to show novel properties that can be explained by the “nanoscopic
effect,” “nanosize effect,” or “quantum size effect.” This effect has been theoreti-
cally established by Kubo.9 This size limit introduces quite a high population of
surface atoms rather than inner atoms. Therefore, the properties of nanoparticles
are controlled by the corresponding surface atoms. Various preparative methods
have been proposed to obtain perfectly uniform-size metal nanoparticles. Perfectly
monodispersed metal nanoparticles are, of course, ideal, but special properties of
nanoparticles are to be expected even if this ideal condition is not exactly realized.
The synthesis of monodispersed nanoparticles is of key importance because their
properties varied strongly based on their dimensions. Economical mass production
of monodispersed metal nanoparticles is now becoming one of the very important
issues for realizing these products as real materials.10

On the other hand, in order to improve the unique properties of metal nanoparti-
cles, the addition of another element is one solution.11–13 Especially, in the field of
catalysis, the addition of second and third elements to the principal monometallic
nanoparticles, which are known as good catalysts, is one of the commonest ways
to improve catalytic properties.14,15 Bimetallization can improve such catalytic
properties of monometallic catalysts, sometimes drastically. Such effects have
often been explained in terms of an ensamble and/or a ligand effect. Recently,
optical properties of bimetallic nanoparticles composed of silver and/or gold are
the subject of much interest. A comparison of the calculated and obseved surface
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plasmon spectra was employed in order to understand the detailed structures of
such bimetallic nanoparticles.

In this chapter, “core-shell” structured bimetallic nanoparticles prepared by
chemical processes will be treated. After surveying the preparation methods, the
characterization of these novel nanosized materials will be discussed.

7.2. Preparation of Core-Shell Bimetallic Nanoparticles

7.2.1. Preparation Procedures

In this section, we concentrate on the liquid-phase preparation of core-shell
bimetallic nanoparticles. The preparation procedures of core-shell-type bimetallic
nanoparticles can be largely divided into three categories:

� Successive reduction of the corresponding two metal ions
� Simultaneous reduction of the corresponding two metal ions
� Other systems

Successive reduction of the corresponding metal ions is the easiest of the prepar-
ative procedures to understand to produce core-shell structured bimetallic nanopar-
ticles. Depositing sequentially the metal element onto the metal nanoparticles of
the previously reduced element is a very clear solution to obtain core-shell bimetal-
lic nanoparticles. On the other hand, simultaneous reduction of the corresponding
metal ions to prepare core-shell nanoparticles is often controlled by the redox po-
tentials of the two metal ions. In this section, the preparative methods of core-shell
metal nanoparticles are collected.

7.2.2. Successive Reduction of the Corresponding
Two Metal Ions

As mentioned earlier, successive reduction of the corresponding two metal ions can
be considered the smartest way to produce core-shell bimetallic nanoparticles. The
deposition (or plating) thin layer of a metal element onto the preobtained metal
nanoparticles of the other element can be considered a very effective method.
For example, Turkevich et al. reported gold-shell palladium-core (AushellPdcore)
type nanoparticles by successive reduction of the Au and Pd ions in solution.13

Silver-shell gold-core (AgshellAucore) bimetallic nanoparticles and the inversion
type gold-shell silver-core (AushellAgcore) bimetallic nanoparticles were success-
fully prepared by γ(gamma)-ray reduction procedures, which were reported by
Henglein’s group.16 They also reported the formation of other bimetallic nanopar-
ticles with various styles of core-shell. Remita’s group in France also reported
the formation of platinum-shell gold-core and gold-shell platinum-core bimetallic
nanoparticles by γ(gamma)-ray irradiation.17

Schmid’s group reported a series of work on the preparation of ligand-stabilized
gold–palladium bimetallic nanoparticles. Their particles are large enough, with the
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particle size several tens of nanometers (20–60 nm). The structure was controlled
by successive reduction procedures. Solutions of a metal salt and hydroxylamine as
the reducing reagent are simultaneously dropped into the dispersion of preformed
metal nanoparticles. A very thick layer of gold (4–18 nm) could be deposited onto
a palladium core of size ∼20 nm.18–20

Gold and silver bimetallic nanoparticles with core-shell structures are most
widely studied from the viewpoint of their specific plasmon absorption in the
visible-light region. Silver monometallic nanoparticles usually show a strong plas-
mon absorption peak at ∼420 nm, and gold monometallic nanoparticles also have
a plasmon absorption peak in a visible-light region at ∼520 nm. This absorption
color has already been used as paints, stained glasses, and so on. The gold/silver
bimetallic nanoparticles show peak maxima different than the gold and silver
monometallic nanoparticles, and the structure of the absorption peak can be varied
by the detailed structures of the bimetallic nanoparticles.

Several preparative methods of Au-shell Ag-core (AushellAgcore) bimetallic
nanoparticles were proposed by Vlčková et al.21 Gold layers can be deposited
onto a silver core by the reduction of AuCl4− by hydroxylamine (NH2OH) under
various conditions. The thickness of the gold layer and the structure of the obtained
“core-shell” particles can be controlled by the preparative conditions.

Light irradiation also reduces some noble metals. This system is very clean
because no residues of the reducing reagents remained in the obtained nanoparticle
dispersions. Toshima and Takahashi proposed this technique to prepare various
noble metal nanoparticles.22 Pal et al. proposed deposition of the silver shell onto
the preformed gold core by the reduction of Ag+ by ultraviolet (UV) irradiation.23

Preformed gold seeds were also prepared by the UV reduction process. In this
case, the silver shell is not a smooth layer, but deposition of small silver clusters
was observed in the transmission electron microscope (TEM) images.

Sequential impregnations of metal ions onto supports can also be used to
generate core-shell nanoparticles on various supporting materials, such as metal
oxides.24

Sometimes successive reduction of the corresponding metal ions fails to give
core-shell structures. Toshima et al. tried to obtain Au-shell Pd-core (AushellPdcore)
bimetallic nanoparticles by a successive alcohol reduction procedure.25 In this
case, the stabilizing reagent is poly(N -vinyl-2-pyrrolidone) (PVP) and the core
palladium nanoparticles are very small (several nanometers). Pd monometallic
nanoparticles were, of course, successfully obtained. However, after reduction of
AuCl4− in the presence of PVP-stabilized Pd nanoparticles, no “core-shell”-type
nanoparticles were obtained, but a “cluster-in-cluster” structure was observed.
On the contrary, during reduction of Pd ions in the presence of PVP-stabilized
Au nanoparticles, Pd-shell Au-core (PdshellAucore) type nanoparticles were ob-
served. Such structures were revealed by the detailed extended X-ray absorption
fine structure (EXAFS analyses of the bimetallic nanoparticle dispersions by using
synchrotron irradiation at Photon Factory in High Energy Accelerator Research
Organization (KEK-PF, Tsukuba, Japan). This structural disorder was caused by
the redox potentials of the two metal components. In this case, PVP-stabilized
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FIGURE 7.1. Gearcycle of the formation of gold and palladium nanoparticles. According
to the difference of the redox potentials of the two corresponding metals, ethanol reduces
palladium ions and palladium atoms reduce gold ions. By this metal–metal electron transfer,
palladium atoms are oxidized to palladium ions and then reduced again by ethanol.

palladium nanoparticles were not large enough or crystallized and some palla-
dium atoms were oxidized to palladium ions when gold ions were reduced, as
shown in the gear cycle in Fig. 7.1; this step can be called as “transmetalation.”
Palladium ions thus generated were reduced again by ethanol to deposit on the
gold–palladium bimetallic nanoparticles. Therefore, no typical “core-shell” struc-
ture was obtained by this step, but “cluster-in-cluster” structures were observed
(Fig. 7.2a).

On the contrary, for example, in Henglein’s system or Schmid’s system,
AushellPdcore nanoparticles were successfully obtained by successive reduction
procedures. In their cases, the preformed palladium nanoparticles are relatively
large, stable, and well crystallized. In such cases, palladium atoms on the particle
surface are not readily oxidized. Then, the secondary added gold ions are reduced
and deposited on the preformed palladium nanoparticles (Fig. 7.2b).

FIGURE 7.2. Illustration of the formation
mechanisms of gold–palladium bimetallic
nanoparticles. (a) Smaller preformed pal-
ladium nanoparticles. Palladium atoms on
the surface of the palladium monometal-
lic nanoparticles are oxidized during the
reduction of Au ions. These formed pal-
ladium ions are again reduced and de-
posited onto the nanoparticles. This pro-
cess results in “cluster-in-cluster” gold–
palladium bimetallic nanoparticles. (b)
Larger preformed palladium nanoparti-
cles. The preformed palladium nanopar-
ticles are stable and oxidization of pal-
ladium atoms of the preformed nanopar-
ticles does not take place. This process
results in “gold-shell palladium-core”
(AushellPdcore) bimetallic nanoparticles.
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FIGURE 7.3. Schematic
illustration of synthetic routes of
“solid-solution”-type and
“core-shell”-type well-defined
cobalt–platinum bimetallic
nanoparticles. (Adapted from
Ref. 26.)

From the same precursors, “solid solution-” type and “core-shell”-type well-
defined bimetallic nanoparticles can be separately produced.26 Pt-shell Co-core
(PtshellCocore) bimetallic nanoparticles were obtained by reduction of Pt(hfac)2

(hfac = hexafluoroacetylacetonate) in the presence of Co nanoparticles prepared
from Co2(CO)8 by thermolysis. The stabilizer used here was dodecaneisocyanide.
In this case, as a byproduct, Co(hfac)2 generated by transmetalation was ob-
served. The “solid-solution”-type Pt-Co nanoparticles were generated by heating
Co2(CO)8 and Pt(hfac)2 simultaneously (Fig. 7.3). These bimetallic nanoparticles
are useful as magnetic material.

In order to form well-defined “core-shell”-type nanoparticles, the redox poten-
tials of the corresponding metals should be considered carefully. It is possible to
selectively grow certain metals on top of metallic nanoparticles, only where the
redox potential is favorable between them, especially, in the case of smaller-core
nanoparticles.

Gold shells are very useful for using thiol compounds as stabilizer molecules.
Gold-shell copper-core (AushellCucore) nanoparticles were synthesized by reduc-
ing AuCl4− by NaBH4 in the presence of citrate-stabilized copper preformed
nanoparticles27 Copper preformed nanoparticles were obtained also by NaBH4 re-
duction of CuSO4. The surface of this AushellCucore bimetallic nanoparticles were
modified by alkanethiol-deviated oligonucleotides for biosensing.

Successive reduction of FeSO4 and AuCl4− in reverse micelle (cetyltrimethy-
lammonium bromide) solution in octane generates magnetic bimetallic
nanoparticles.28 In ultraviolet–visible (UV-vis) spectra of these bimetallic nanopar-
ticle dispersions, a specific plasmon absorption peak at ∼520 nm, which can be
ascribed to the gold surface layer (i.e., AushellFe(or FeOx )core), was observed.
These magnetic particles can also be applied as biosensors, which can be sepa-
rated by magnets. Cobalt-shell gold-core (CoshellAucore) bimetallic nanoparticles
could be obtained by polyol reduction of Co ions in the presence of gold preformed
nanoparticles.29
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7.2.3. Simultaneous Reduction of the Corresponding
Two Metal Ions

Simultaneous reduction of the corresponding two metal precursor ions in one
flask is the simplest procedure to produce bimetallic nanoparticles. In many re-
ports, however, this system is used to generate “solid-solution”- or “alloy”-type
nanoparticles but not to obtain well-defined “core-shell”-type nanoparticles. In
even some cases, two separated monometallic nanoparticles are generated in one
flask by this simple method.

Poly(N -vinyl-2-pyrrolidone) (PVP)-stabilized palladium–platinum bimetallic
nanoparticles were prepared by refuxing an ethanol/water solution of PdCl2 and
H2PtCl6 in the presence of PVP.30 The obtained bimetallic nanoparticles were con-
siderably monodispersed and smaller than both of the corresponding monometallic
nanoparticles. EXAFS studies of these bimetallic nanoparticles revealed that these
nanoparticles had Pd-shell Pt-core (PdshellPtcore) structures.31 Especially, Pd/Pt
(4/1, mol/mol) bimetallic nanoparticles with an average particle size of 1.5 nm
form a perfect one-layer covered structure, as shown in Fig. 7.4. UV-vis spectra,
X-ray photospectroscopy (XPS) analyses, and X-ray diffractogram also strongly
support this special “core-shell” structure formation.

The PVP-stabilized platinum–gold32 and palladium–gold33 nanoparticles are
readily prepared by simultaneous reduction of the corresponding two metal ions,
PtCl62−/AuCl4− and PdCl2/AuCl4−, respectively, by reflux of the ethanol/water
mixed solutions. In Fig. 7.5, the UV-vis spectra of PVP-stabilized Pd/Au bimetallic
nanoparticles and those of the physical mixtures of Pd and Au monometallic
nanoparticles are collected. Because of the strong absorption peak in the red region
of gold nanoparticles, it is clearly indicated that these bimetallic nanoparticles are
not simple physical mixtures. As the absorption peak diminishes intensively with
the increase of palladium content, we can assume that these particles have a Pd-shell
Au-core (PdshellAucore) structure. Detailed analysis by XPS and EXAFS revealed
that the simultaneous reduction of these two metal ions gave the well-arranged
core-shell structures, although succsessive reduction of gold ions in the presence
of palladium preformed nanoparticles gave “cluster-in-cluster” structures,25 as
described earlier.

FIGURE 7.4. Cross section of PVP-stabilized Pd/Pt
(4/1, mol/mol) bimetallic nanoparticles prepared by
simultaneous ethanol reduction of the Pd and Pt metal
salts. [Reprinted in part from Ref. 31 with permission,
copyright (1991) American Chemical Society.]
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FIGURE 7.5. UV-vis spectra of (a) PVP-stabilized palladium–gold bimetallic nanoparti-
cles prepared by simultaneous alcohol reduction of PdCl2/AuCl4

− and (b) simple physical
mixtures of the dispersions of PVP-stabilized monometallic Pd and Au nanoparticles at var-
ious Pd : Au (mol/mol) ratios. [Reprinted from Ref. 33 with permission, copyright (1992)
American Chemical Society.]

Simultaneous reduction of AuCl4− and PdCl2 by sonochemical reduction in the
presence of SDS (sodium dodecyl sulfate) as the stabilizer molecules were also
attempted.34 As shown in Fig. 7.6, even by sonochemical reduction, gold ions are
reduced first and palladium ions start to be reduced after the complete reduction
of Au3+. This phenomenon can be clearly explained by the geared cycles shown
in Fig. 7.1. The products obtained by this reaction were PdshellAucore bimetallic
nanoparticles. The thickness of the palladium shell and the diameter of the gold
core can be controlled by the Pd/Au ratio at preparation.35
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FIGURE 7.6. Time profile of the gold(III) ion and the palladium(II) ion with the duration
of sonication of the mixed solution of 0.5 mM NaAuCl4, 0.5 mM PdCl2, and 8 mM SDS.
[Reprinted from ref. 34 with permission, copyright (1997) American Chemical Society.]

Harpeness and Gedanken proposed a microwave-assisted polyol method to pre-
pare PdshellAucore bimetallic nanoparticles.36 PdCl2 and HAuCl4 in ethylene glycol
(EG) was placed in a 900-W, 2.45-GHz microwave oven for 1 h with on–off cy-
cles of 21 s and 9 s. EDX and XPS analyses revealed that the obtained bimetallic
nanoparticles had PdshellAucore structures. From area-selective analysis by EDX,
no gold was observed in shell area.

Simultaneous alcohol reduction of platinum and rhodium ions in the presence
of PVP also gave ∼4.0-nm nanoparticles with a specific assembly form. This
size was determined by TEM observation.37 However, detailed high-resolution
TEM (HRTEM) and EXAFS analyses revealed this special aggregated structure.
These 4.0-nm Pt/Rh bimetallic nanoparticles at a Pt/Rh ratio of 1/1 consisted of
13 × 1.4-nm RhshellPtcore bimetallic subnanoparticles, as shown in Fig. 7.7. The
structures of these bimetallic subnanoparticles were varied by the composition of
these two elements (Fig. 7.8).

Simultaneous reduction of AuCl4− and AgNO3 by using Neem (Azadirachta
indica) leaf broth was investigated by Sastry’s group.38 The flavonone and ter-
penoid constituents of the leaf broth are considered as the stabilizing reagent,
and possibly the reducing sugars and/or terpenoids reduce metal ions to zerova-
lent metal atoms. With this simultaneous reduction, small Ag nanoparticles are
deposited onto Au nanoparticles to form AgshellAucore bimetallic nanoparticles.
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FIGURE 7.7. Cross-sectional
image of the assembly model
of a PVP-stabilized Pt/Rh (1/1)
bimetallic nanoparticles. The
nanoparticles are assembled of
13 ×1.4-nm bimetallic
subnanoparticles. [Reprinted
from Ref 37 with permission,
copyright (1994) American
Chemical Society.]

Sastry et al. indicated that the reduction rate of Au ions during the preparation
of Ag/Au bimetallic nanoparticles was higher than the Au monometallic prepara-
tion. This phenomenon can also be explained by geared cycles such as shown in
Fig. 7.1.

7.2.4. Other Systems

As described in the previous two subsections, the redox potentials of the component
metals are very important for controlling the nanoscropic structures of bimetallic
nanoparticles. To overcome this problem, Wang and Toshima proposed a sacrificial
hydrogen system (Fig. 7.9) to prepare Pt-shell Pd-core (PtshellPdcore) bimetallic
nanoparticles.39 This system was designed based on the ability to adsorb hydrogen
and form a metal–H bond on the metal surface. Also, hydrogen atoms adsorbed
on noble metals have a very strong reducing ability. Reduction of noble metal ions
with a higher redox potential, like Pt2+ or Pt4+ in this case, contact the hydrogen-
adsorbed metal cores; like Pd nanoparticles, hydrogen atoms provide electrons to
reduce metal ions (Pt4+) to deposit metal atoms (Pt(0)) onto the metal core of the
other metal core nanoparticles (Pd). With this system, Pt can be deposited onto
very small Pd nanoparticles to form PtshellPdcore bimetallic nanoparticles.

FIGURE 7.8. Cross-sectional images of the detailed models of bimetallic subnanoparti-
cles: (a) Pt/Rh (1/4 (mol/mol)), (b) Pt/Rh (1/1), and (c) Pt/Rh (4/1) bimetallic subnanopar-
ticles. [Reprinted from Ref. 37 with permission, copyright (1994) American Chemical
Society.]
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FIGURE 7.9. Sacrificial hydrogen system for the preparation of PtshellPdcore bimetallic
nanoparticles by deposition of Pt atoms on Pd nanoparticles: (a) adsorption of hydrogen
atoms on the Pd core, (b) reduction of Pt ions by the adsorbed hydrogen atoms, (c) de-
position of Pt atoms onto Pd-core nanoparticles, and (d) reduction of Pt ions by hydrogen
molecules in the solution or ethanol. [Reprinted from Ref. 39 with permission, copyright
(1997) American Chemical Society.]

7.3. Characterization of Core-Shell Bimetallic Nanoparticles

Characterization procedures of bimetallic nanoparticles are widely divided into
three categories: X-ray analysis, electron microscopic observation, and optical in-
formation. X-ray analysis methods are useful for understanding the crystallinity of
the particles, the percentage of metal elements, and surface composition. Electron
microscopic observation is the most important characterization method in order to
know the particle structure and size. Optical information, such as UV-vis spectra
of the particles or infrared (IR) spectra of surface chemical probe molecules, is
also a very sensitive technique for understanding the surface structures of bimetal-
lic nanoparticles. Especially, for bimetallic nanoparticles containing gold, silver,
and/or copper as their component, UV-vis spectroscopy is the simplest and most
effective technique for understanding their structures.

7.3.1. X-ray Characterization

X-ray methods are quite powerful for analyzing bimetallic nanoparticles. Specific
X-ray properties of metals are often used for the determination of metal compo-
sition and/or crystallinity of nanoparticles. Information of local composition or
structure of bimetallic nanoparticles can be effectively obtained by using X-ray
diffraction, X-ray photospectroscopy, and EXAFS (X-ray adsorption).
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FIGURE 7.10. Schematic illustration of
the principal of the photoemission of XPS.

X-ray diffraction (XRD) is the most effective method for understand crystal
structure and size of metal nanoparticles. Powder X-ray diffractograms of metal
nanoparticles are easily obtained by simple dry of the nanoparticle dispersions, usu-
ally without any purification. For monometallic nanoparticles, the phase changes
with their diameters can be investigated by detailed observation of X-ray diffrac-
tograms. Scherrer’s equation can be used to find the size of crystal domain of the
specimens.40 In the case of single-crystal nanoparticles, the size of the crystal do-
main is the size of the nanoparticles themselves. Smaller nanoparticles show wider
peaks in X-ray diffractograms. The simple physical mixture of the two independent
monometallic nanoparticles gives the overlapping lines of the two corresponding
diffractograms. The diffractogram of bimetallic nanoparticles is clearly different
from those of the monometallic nanoparticles and the physical mixtures. Espe-
cially, “solid-solution”-type bimetallic nanoparticles or amorphous-type bimetal-
lic nanoparticles usually show very broad peaks in XRD.

X-ray photospectroscopy (XPS) or ESCA (electron spectroscopy for chemical
analysis) is very useful for elucidating the composition of the materials, especially
for finding the surface composition. XPS provides not only an indication of the
metal elements but also that of the oxidation states of the metals in nanoparticles by
comparisons of their binding energies. This technique requires ultrahigh vacuum.
XPS is a surface-sensitive method with a typical information depth of 1–5 nm (i.e.,
4–20 atomic layers), which is determined by the mean free path of the electrons.
The electronic states are characteristic for the elements emitting photoelectrons
excited by X-ray radiation. Quantitative analysis can also be performed using
elemental sensitivity factors (or comparing the standard specimens). A schematic
illustration of the principle of XPS is presented in Fig. 7.10.

In the case of polymer- or surfactant-stabilized nanoparticles, usually prepared
with excess amounts of such stabilizing molecules, XPS cannot work well if the
samples are prepared by solvent evaporation of the nanoparticle dispersions, be-
cause the stabilizer molecules form very thick organic coating layers. Wang and
Liu invented the “coordination capture” method to overcome this problem. They
used capturing particles (i.e., thiol-modified silica supports) to adsorb nanoparti-
cles without stabilizing the layer by thiols, leaving the polymers or surfactants in
solution.41
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FIGURE 7.11. Typical illustration of EXAFS spec-
trum. (a) X-ray absorption spectra of metals in a
large energy area. (b) The EXAFS spectrum can
be observed at a higher-energy area just above the
specific absorption edge.

Extended X-ray absorption fine structure is one of the most powerful charac-
terization techniques for elucidating the detailed nanostructure of materials, es-
pecially of finite-sized ones. Large synchrotron radiation facilities, such as KEK
in Tsukuba, SPring-8 in Hyogo (Japan), and ESRF in Grenoble (France) have
made EXAFS a widely used tool for scientists and engineers in various fields to
determine the detailed structure of complex materials.

Small oscillations observed over a range of several hundreds of electron volts
just above the specific X-ray absorption edge (in many cases, the K-edge or
LIII-edge is used) involve the information on the environment of neighbors of
the absorbing element. (Fig. 7.11) These small oscillations are generated by the
backscattering of the emitted photoelectrons from the surrounding atoms. Us-
ing simulation programs, elements of neighbor atoms, the coordination numbers,
and interatomic lengths can be obtained. In order to obtain such small oscilla-
tions effectively, a strong X-ray source is required. Synchrotron radiation fac-
tories have very much shortened the acquisition time to obtain good EXAFS
spectra.

Energy disperse X-ray microanalysis (EDX, EDAX, or EDS) is similar to XPS
analysis and is one of the most effective tool for microscale (or nanoscale) elemental
analysis. EDX is usually attached to an electron microscope with high resolution.
Bombarding a small sample with a beam of high-energy electrons, which is a
focused electron beam of the attached electron microscope in a restricted area, the
sample emits X-rays with characteristic energies. Detecting the strength and energy
of this specific X-ray, quantitative elemental analysis can be conducted. Recently,
an electron beam in a TEM can be focused on a single nanoparticle, and we
can obtain elemental information from individual particles. For sufficiently large
“core-shell”-type bimetallic nanoparticles, the electron beam can be spotted on the
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FIGURE 7.12. Schematic illustration of the
structural information obtained from TEM,
SEM, and SPM (AFM, STM) images. From
TEM images, the structural information of the
metal core can be obtained. On the other hand,
SEM or SPM images give the information on
the whole particle including organic stabilizing
layers.

surface area or the center area of one nanoparticle and show the nonuniformity in
the composition.

7.3.2. Electron Microscopic Observations

Probably the most important question about metal nanoparticles to be revealed
is concerned with aggregation state, size, and morphology. A direct and pow-
erful technique used for this purpose is the direct observation by electron mi-
croscopies. The size, shape, and crystallinity of the metal core of nanoparticles
can be revealed by transmission electron microscopies. The particle size distri-
butions, which can be obtained by TEM observations, is another highly impor-
tant factor, which introduces the uniformity of the nanoparticle. The uniformity
can be one of the most important factors for their application to nanomaterials.
With TEM observations, only metal cores can be observed, but organic stabi-
lizing layers usually cannot show enough contrast in the images. TEM images
are two dimensional; therefore, three-dimensional structures of the nanoparticles
should be considered with the contrast and/or fringes (see below) observed in TEM
images.

On the contrary, scanning electron microscopy (SEM) can be used in order to
observe the entire structure of metal nanoparticles with organic coatings. Atomic
force microscopy (AFM) and scanning tunneling microscopy (STM) can also be
used for the same purpose. It should be noted that the diameter of the top of the
cantilever should be considered when AFM and STM are applied, furthermore,
the organic coating layer might be shrunk in a dry atmosphere or in vacuum.
These microscopies can also give effective information on their three-dimensional
structures (Fig. 7.12).

Lattice fringes on the nanoparticles observed by high resolution TEM (HRTEM)
observation are another powerful message for understanding the crystallinity of
the particles, especially for small nanoparticles or bimetallic nanoparticles. Even
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FIGURE 7.13. Schematic illustration of the preparation procedure of TEM samples.

for very small-sized nanoparticles (or clusters), lattice fringes can be found in the
images. Lattice spacings are the characteristics of the elements and their states.
In combination with the X-ray diffractogram, lattice fringes can provide detailed
structural information of bimetallic nanoparticles.

For the preparation of TEM samples of metal nanoparticles, a carbon-coated
TEM grid (usually 3 mmφ(phi in italic), copper) is used. Thinner carbon coats are
required for high-resolution observation. As shown in Fig. 7.13, the preparation
procedure is quite simple. A drop of the homogeneous dispersion of the metal
nanoparticles is put onto a carbon-collosion-coated (or thin SiO-coated) copper
(or other metal if elemental analysis of copper is applied) microgrids. Excess
dispersion should be immediately removed by using filter papers in order to avoid
aggregation of particles on the grid. Of course, the concentration of the dispersion
of nanoparticles is highly important. Too much excess stabilizing reagent should
be removed before the sample preparation, because such contamination could
fade the contrast of the nanoparticles, especially in the case of light transition
metals.

7.3.3. UV-vis Spectroscopy

UV-vis spectroscopy is effective for characterizing bimetallic nanoparticles, espe-
cially those containing gold, silver, and/or copper (group 1B). These three elements
have a specific plasmon absorption in a visible-light region, which is varied with
the size and the environment. Thus, for the bimetallic nanoparticles containing
these metal elements, observation of their UV-vis spectra is very useful for char-
acterizing the structure of metal nanoparticles.

As shown in Fig. 7.5, comparison of the UV-vis spectra of bimetallic nanopar-
ticles with those of the physical mixtures of the corresponding two monometallic
nanoparticles can strongly suggest a bimetallic structure of the particles; that is,
each particle contains the two metal elements. Furthermore, formation processes of
bimetallic nanoparticles can also be revealed by the observation of UV-vis spectral
changes during the preparation of nanoparticles.42
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FIGURE 7.14. FTIR spectra of carbon
monoxide on PVP-stabilized (curve a) Pd
and (curve b) Pt monometallic nanoparti-
cles. Curve c represents the spectrum of
the physical mixture of Pd(1) and Pt(1)
monometallic nanoparticles. [Reprinted
from Ref. 39 with permission, copyright
(1997) American Chemical Society.]

7.3.4. IR Spectroscopy of Chemical Probes

The most effective application of bimetallic nanoparticles is catalysis. As is
well known, catalytic properties are affected most strongly by surface struc-
tures and surface compositions. Characterization of the surface composition of
metal nanoparticles can be executed effectively by chemical probes, such as
chemisorption of the hydrogen atom (H) or carbon monoxide (C==O). Particu-
larly, IR) absorption spectroscopy of C==O adsorbed on a nanoparticle surface
is a very good probe for determining the surface composition and condition of
metals.

Infrared absorption bands of carbonyl (C==O) stretchings of carbon monox-
ide adsorbed onto a metal surface varied widely with the two adsorption states
(i.e., bridging C==O and linear C==O). Figure 7.14 shows the FTIR spectra of
CO adsorbed on PVP-stabilized palladium and platinum nanoparticles. On pal-
ladium nanoparticles, C==O adsorbed at a bridging site and the peak is observed
at 1941 cm−1. On platinum nanoparticles, C==O adsorbed at linear structure and
the peak is observed at 2062 cm−1 (Fig. 7.14). In Fig. 7.15, FTIR spectra of CO
adsorbed on PVP-stabilized PtshellPdcore bimetallic nanoparticles prepared by the
sacrificial hydrogen system are collected.39 The peak is observed only at 2068
cm−1 in the case of Pt/Pd mole ratios of 2/1 and 1/1, indicating that C==O is
adsorbed at the linear structure. This result strongly suggests that these bimetallic
nanoparticles have a Ptshell structure.
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FIGURE 7.15. FTIR spectra of
carbon monoxide on
PVP-stabilized PtshellPdcore

(2/1) (curve a), PtshellPdcore (1/1)
(curve b), and PtshellPdcore (1/4)
bimetallic nanoparticles
(curve c). [Reprinted from Ref.
39 with permission, copyright
(1997) American Chemical
Society.]

7.4. Summary

In this chapter, the preparation, characterization, and some specific properties of
bimetallic nanoparticles with “core-shell”-type structures especially prepared in
the liquid phase were surveyed. Many effective procedures have been developed
in order to prepare “core-shell” structures.

Catalysis is the most highly developed application of metal nanoparticles, espe-
cially bimetallic nanoparticles. However, the specific property of metal nanopar-
ticles is becoming a new hero in a number of areas of technological importance.
In order to tune such a property, bimetallic formation can be a good solution. In
fact, “core-shell”-type gold–silver nanoparticles show very unique properties in
plasmon absorption.

Continuing progress of analytical technologies in nanofields will give us new
ideas for creating novel applications of bimetallic and multimetallic (three or more)
nanoparticles in the near future. The progress will again be the center of interest
of nanofield researchers. Nanoparticles continue to be one of the key materials of
nanotechnology in the 21st century.
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Cobalt Nanocrystals Organized in
Mesoscopic Scale
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8.1. Introduction

The emergence of new methods and concepts for the organization of nanoparticles
has rapidly induced great hopes in the world of magnetism. In fact, the orga-
nization of nanoscale ferromagnetic particles opens a new field of technologies
through the controlled fabrication of mesoscopic materials with unique magnetic
properties.1 In particular, these ferromagnetic nanoparticles are potential candi-
dates for magnetic storage,2 where the idea is that each ferromagnetic particle cor-
responds to one bit of information.3 Thin granular films of ferromagnetic particles
formed by sputtering deposition are already the basis of conventional rigid mag-
netic storage media. However, there are several problems remaining to be solved
before their application to the storage industry becomes feasible. Devices based
on magnetic nanocrystals are limited by thermal fluctuations of the magnetization:
Because of their reduced sizes, ferromagnetic nanocrystals become superparamag-
netic at room temperature. The dipolar magnetic interaction between nanocrystals
ordered in arrays is also an important limiting factor for their use in magnetic
storage media. A detailed understanding of the magnetic properties of assemblies
of nanocrystals is therefore essential to the development of magnetic recording
technology.

Organized arrays of magnetic nanoparticles have been obtained for various
metallic [Fe,4 Co,5–12 ferrite (γ Fe2O3,13,14 Fe3O4,15,16 and MFe2O4 (M = Fe,
Co, Mn)17,18] and alloy (AgCo,19,20 CoPt,21–24 and FePt 25–30) nanomaterials.
The most common organizations are the hexagonal network (two dimensional
(2D))4–11,13–21,24–26,29,30 and the face-centered-cubic (fcc) packing in three di-
mensions (3D).12,22,23,27,28 These organizations are usually obtained by evapora-
tion of a solution containing a low size distribution of magnetic nanocrystals on a
substrate. Strong magnetic dipolar interactions between nanoparticles induce their
organization in 2D chains and rings.31 For weak dipolar interactions, one dimen-
sion (1D) chains, 3D cylinders, dots, and labyrinths are obtained by applying a
magnetic field during the deposition process. Collective magnetic properties were
reported.

270
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8.2. Self-Organization of Cobalt Nanocrystals

Inorganic nanocrystals are able to self-assemble in compact hexagonal networks,32

rings,33,34 lines,35,36 stripes,37 tubes,38,39 columns, labyrinths,40–42 and large
“supra” crystals characterized by an fcc structure.32,43–46

To produce well-defined 2D and 3D superlattices of nanocrystals, highly sta-
ble materials are needed. Usually, self-assemblies of nanocrystals are obtained by
evaporation of the solution containing nanocrystals on a given substrate. The size
distribution of nanocrystals is the major parameter in obtaining highly ordered
“supra” crystals. When the nanocrystals are sufficiently uniform in size, they self-
assemble in close-packed, ordered nanocrystal superlattices. This is well illustrated
in Fig. 8.1, which shows transmission electron microscope (TEM) images of the
various arrangements of cobalt nanocrystals characterized by various size distri-
butions (σ ). [All of the depositions are made in the same way (i.e., by depositing
the colloidal solution on an amorphous carbon grid11)]. The nanocrystals start to
self-organize in a 2D hexagonal network when σ is equal to or lower than 13%. The
Fourier transform (inset, Fig. 8.1E) made on a 200-nm × 200-nm array, displays
three orders of reflections and thus confirms the long-range hexagonal network.

However, the long-range order of the organization depends on the particle–
substrate interactions. The strength of the particle–substrate interaction depends
on the Hamaker constant, which takes into account the nature of the nanocrystals,
the solvent (oil), and the substrate (s). Hence, compact monolayers are produced
on a large scale by deposition of cobalt nanocrystals12 on the highly oriented
pyrolytic graphite (HOPG) substrate (Fig. 8.2A). Conversely, with amorphous
carbon as the substrate, the order is local and the monolayer shows defects (see
arrows in Fig. 8.2B).

The capillary forces47 arise when, during the evaporation process, the thickness
of the film reaches the particle diameter. The speed of the solvent evaporation
process plays a major role.

Furthermore, various forces have to be taken into account:

1. Van der Waals forces exhibit power-law distance dependence whose strength
depends on the Hamaker constant and on a geometrical factor.48,49

2. The magnetic dipolar energy between spherical nanocrystals of equal size and
with the same magnetic properties50 is also a key parameter.

3. The electrostatic potential energy between charged particles exhibits an expo-
nential distance dependence whose strength depends on the surface potential
induced on the interacting colloidal particles and on the dielectric properties of
the intervening medium.51

4. Steric stabilization forces provide an alternate route to controlling colloidal
stability and can be used in aqueous and nonaqueous solutions.52

5. The stabilizing agent has to possess high affinity with the solvent in order to
solvate the particles and form an extended layer for screening the attraction
between particles.53
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FIGURE 8.1. Transmission electron microscopy images of 7.2-nm cobalt nanocrystals ob-
tained at various size distributions: σ = 30% (A), σ = 18% (B), σ = 13% (C), σ = 12%
(D), σ = 12% (E), and σ = 8% (F). Inset of Fig. 8.1E: corresponding Fourier transform.

The 3D arrays are very inhomogeneous in size and shape. In order to obtain more
regular 3D superlattices, also called “supra” crystals, control of the solvent evap-
oration rate is required. For this, the substrate is directly immersed in the colloidal
solution and the solvent is allowed to evaporate. Both the substrate temperature
and the solvent saturation degree of the surrounding atmosphere can control the
solvent evaporation rate. By using this deposition process, “supra” crystals of
cobalt12 (Fig. 8.3A) nanocrystals are formed. They look like paving stones char-
acterized by well-defined shapes and rims. The “supra” crystal thickness is about
5 μm, which corresponds to the regular stacking of several hundred monolayers.
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FIGURE 8.2. Transmission electron microscopy images of 2D self-assemblies of cobalt
nanocrystals on (A) HOPG and (B) amorphous carbon substrates.

The optimal temperatures needed to reach the highest-ordered “supra” crystals are
around 45◦C. The ordering decreases with the decreasing substrate temperature, to
reach, at 10◦C, amorphous aggregates, highly polydispersed in size and shape and
forming a nonhomogeneous film11 (Fig. 8.3B) nanocrystals. Small-angle X-ray
diffraction (XRD) measurements in a grazing incidence show “supra” crystals, an
fcc packing. For cobalt “supra” crystals, nine spots are recorded (Fig. 8.4). Their
coordinates, which are reciprocal distances, are in good agreement on conversion
into d-spacing, with the calculated coordinates of diffraction spots assuming an
fcc structure (Table 8.1). The XRD pattern of the amorphous aggregates described
earlier shows a diffuse ring (insert in Fig. 8.5A).

50 μm

50 μm

FIGURE 8.3. Scanning electron microscopy images of cobalt
nanocrystals deposited on a HOPG substrate at 35◦C and
forming either “supra” crystals (A) or deposited amorphous
carbon at 10◦C and forming amorphous aggregates (B).
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FIGURE 8.4. X-ray diffraction pattern obtained in a
grazing incidence geometry of a “supra” crystal of
Co nanocrystals. The intensity is reduced by a factor
of 20 in the central inset.

This is well demonstrated with cobalt nanocrystals, where the Bragg reflec-
tions, typical of the (111) lying planes, become more and more intense, whereas
the diffuse ring intensity progressively decreases when the substrate temperature
increases from 10◦C to 45◦C (Fig. 8.5 and Table 8.2). This behavior clearly in-
dicates an increase in both size and out-of-plane ordering of the “supra” crystals.
The average interparticle gap calculated from the stacking parameter and by as-
suming a core diameter of 7.2 nm is 3.55 nm when the nanocrystals are ordered
and 4.55 nm for the disordered system. As expected, the packing of Co nanocrys-
tals is less compact in the amorphous phase than in the “supra” crystal. Similar
behavior with the substrate temperature was observed in the fabrication of “supra”
crystals made of silver nanocrystals.43,44 The second-order Bragg reflection is ob-
served at 22◦C and the interparticle distance is minimal at this temperature (3.6
nm). At substrate temperatures above 22◦C, the “supra” crystal size increases.54

On increasing the partial vapor pressure of the solvent during the evaporation

TABLE 8.1. Comparison of experimental and calculated coordinates of diffraction spots
assuming an fcc structure.

Reflection X X Y Y dhkl dhkl

label {h, k, l} (measured) (calculated) (measured) (calculated) (measured) (calculated)
(see Fig. 8.4) indices (nm) (nm) (nm) (nm) (nm) (nm)

1 1, 1, −1 25.15 25.56 9.05 9.04 8.52 8.52
2 2, 0, 0 12.89 12.78 9.19 9.04 7.48 7.38
* 1, 1, 1 8.54 8.52 0 0 8.52 8.52
* 2, 2, 2 4.24 4.26 0 0 4.24 4.26
3 −1, 3, 1 8.53 8.52 5.24 5.22 4.46 4.45
4 1, 1, 3 5.12 5.11 9.51 9.04 4.51 4.45
5 2, 2, −2 13.22 12.78 4.52 4.52 4.28 4.26
6 1, 1, −3 26.09 25.56 4.47 4.52 4.41 4.45
7 4, 0, 0 6.38 6.39 4.55 4.52 3.70 3.69
8 3, 3, 1 3.67 3.65 10.10 9.04 3.45 3.39
9 + 4, 2, 0 4.31 4.26 5.44 5.22 3.38 3.30

Note: Coordinates are expressed as d-spacings.
The asterisk corresponds to the various reflection in different orientations. The reflection is calculated
(2, 0, 0) and compared to experiments whereas reflection 1, 1, 1 and 2, 2, 2 can be calculated but cannot
be observed.
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FIGURE 8.5. Diffractograms of cobalt films obtained from
a HOPG substrate immersed in a highly concentrated
cobalt colloidal solution. The different substrate temper-
atures are T = 10◦C (A), T = 25◦C (B), T = 35◦C (C),
T = 45◦C (D). Insets: diffraction patterns.

process to close to 100% (i.e., by slowing down the solvent evaporation rate),
crack-free homogeneous cobalt nanocrystal “supra” crystals with terraces are ob-
tained (Fig. 8.6). XRD measurements confirm that they are highly crystallized
and have the same structural characteristics as the fcc “supra” crystals described
earlier. The change in the “supra” crystal morphology is related to the variation of
the surface tension arising during the solvent evaporation. A similar behavior was
previously observed with silver nanocrystals45 with well-defined “supra” crystals
in quasi-saturated vapor with a high degree of ordering, whereas a low extent of
ordering and defects are found when the evaporation takes place in air.

TABLE 8.2. Various parameters extracted from the diffraction patterns and
the corresponding diffractograms in Fig. 8.5.

Substrate temperature 12◦C 25◦C 35◦C 45◦C

Inner ring distance (nm) 9.60 8.80 8.80 8.70
δq1/2 (nm−1) 0.19 0.050 0.035 0.034
Rint: Iref /Ihalo 1.6 11 87 674
Dcenter–center(nm) 11.75 10.80 10.80 10.65
Dinterpart. (nm) 4.55 3.60 3.60 3.45

Note: δq1/2: the half-width at half-maximum; Rint: the reflection intensity to the halo
intensity ratio; Dcenter–center: center-to-center nanocrystal distance; Dinterpart.: border-
to-border nanocrystal distance; Iref: the intensity of the reference; Ihalo: the intensity
of the halo.
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FIGURE 8.6. Scanning electron microscopy image of “supra” crystal of cobalt obtained from
a HOPG substrate immersed in a highly concentrated cobalt colloidal solution. The solvent
evaporation rate is very low.

The annealing of cobalt nanocrystals improves their crystallinity.55 Native cobalt
nanocrystals coated with dodecanoic acid, self-organized in 2D (Fig. 8.7A) or in 3D
(Fig. 8.7D) superlattices are made of poorly crystallized fcc particles (Figs. 8.7B
and 8.7C). The annealing at 300◦C of these self-assemblies does not change

FIGURE 8.7. Transmission electron microscopy images of 7.2-nm cobalt nanocrystals coated
with dodecanoic acid and ordered in a compact hexagonal network: not annealed (A) and
annealed at 300◦C (E). Corresponding high-resolution images (B, F) and electron diffraction
patterns (C, G,). Multilayers of cobalt nanocrystals: not annealed (D) and annealed at
300◦C (H).
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FIGURE 8.8. Transmission electron microscopy image of 7.2-nm cobalt nanocrystals after
annealing at 300◦C: a compact hexagonal network (A), isolated nanocrystals (B), and a
monolayer with isolated nanocrystals in its surroundings (C).

(Figs. 8.7E and 8.7H) either the particle diameter (7.2 nm) or the average distance
between their neighbors (3.55 nm). However, it improves the crystallinity of the
particles with the formation of pure hexagonal compact packed (hcp) nanocrystals
(Figs. 8.7F and 8.7G). Furthermore, by annealing cobalt nanocrystals in powder
form at 275◦C, it is possible to redisperse them in a nonpolar solvent and obtain the
same organization as those formed before annealing. In addition, the crystallinity
is improved with the formation of pure hcp nanoparticles.56 It must be noted that
the monolayers annealed at 300◦C55 are either oxidized in CoO or keep their hcp
metal cobalt form. In both cases, the organization is not changed (Fig. 8.8A). For
nanocrystals dispersed on a substrate, coalescence takes place (Fig. 8.8B). From
this, it is concluded that self-organization of nanocrystals prevents coalescence.
This claim is confirmed in Fig. 8.8C, where, obviously, the nanocrystals in the su-
perlattice are protected from coalescence. This is one of the first intrinsic properties
of the self-organization. This is explained in terms of collective entropy gained
by nanocrystal ordering, which contributes a substantial amount of stabilization
energy to the superlattice. Annealing “supra” crystals of cobalt nanocrystals does
not change the ordering and keeps the fcc structure (Figs. 8.9A and 8.9B).55 Fur-
thermore, from the XRD patterns, the ordering of the “supra” crystals increases,
with an increase in the Bragg peak of the (111) reflection–to–ring intensity ratio
and a decrease in the Bragg peak width (Fig. 8.9E), compared to the native sample
(Fig. 8.9D). Note that the interparticle gap decreases from 3.55 nm to 2.65 nm with
increasing the temperature from 25◦C to 300◦C. Furthermore, cracks appear (Fig.
8.9B), favoring the decrease of the constraints existing in the native superlattice.
The reduction of the interparticle gap is due to the coating agent compaction. From
this, it is concluded that thermal treatment of “supra” crystals induces, as in the
bulk phase, an increase in the nanocrystal order. A further increase in the anneal-
ing temperature to 350◦C induces the formation of small domains (Fig. 8.9C) and
breaks the “supra” crystal ordering with a shift of the Bragg peak toward a smaller
angle in the XRD pattern (Fig. 8.9F). This indicates a dilatation of the (111) planes
of about 0.8 nm compared to the “supra” crystal annealed at 300◦C.
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FIGURE 8.9. Scanning electron microscopy images of 7.2-nm cobalt nanocrystals ordered
in “supra” crystals not annealed (A), annealed at 300◦C (B), and annealed at 350◦C (C).
(D, E, F) Corresponding diffractograms obtained by imaging plate scanning and correspond-
ing to the X-ray diffraction patterns obtained in a grazing incidence geometry (insets).

As already mentioned, 2D hexagonal networks of nanocrystals and 3D fcc
superlattices are the most commonly observed organizations with low-size-
distribution nanocrystals. However, it was shown that the use of external force
as in the Langmuir–Blodgett technique can improve the 2D hexagonal nanocrys-
tal organization.57–60 Moreover, with this technique, the monolayer is transferred
onto various substrates. Other external forces such as convection modes in the
liquid phase33,34 and application of a magnetic field induce the formation of new
patterns. Magnetic nanocrystals with dominant dipolar attractions tend to organize
in chainlike structures, for an applied field parallel to the substrate. This was well
demonstrated with iron61 and magnetite31 nanocrystals. Similar organizations can
be obtained with weakly dipolar nanocrystals by evaporation of the ferrofluid in
a magnetic field applied parallel to the substrate. Such experiments were made
with spherical cobalt ferrite,38 maghemite,36,62,63 and cobalt37 and with acicular
nickel64 and maghemite65 nanocrystals.

The organization in the absence and in presence of a magnetic field differs with
the evaporation rate.37 When evaporation takes place in air and in the absence of a
magnetic field, a 3D film with high roughness is obtained (Fig. 8.10A). High mag-
nification (insert in Fig. 8.10A) shows that cobalt nanocrystals tend to aggregate
in 70-nm-diameter spherical shapes. The application of a magnetic field induces
the formation of a linear structure (Fig. 8.10B), made of these 70-nm spherical
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FIGURE 8.10. Scanning electron microscopy images of 3D films made of spherical cobalt
nanocrystals, deposited in the absence (A) and in the presence (B) of an applied magnetic
field (H = 0.78 T) parallel to the substrate. The evaporation takes place in air in 45 min.
The solvent is hexane.

aggregates (insert in Fig. 8.10B). Under hexane vapor, such aggregates are not ob-
served and a homogeneous film, with cracks, is observed without an applied field
(Fig. 8.11A), and, in it presence, long stripes corresponding to a highly compact
film are seen (Fig. 8.11 B). Hence, these changes in morphologies are related to the
evaporation rate and again to nanocrystal interactions. A rapid evaporation favors
the close approach between nanocrystals and attractive van der Waals and dipolar
interactions between nanocrystals increase, inducing spherical aggregation. In a
slow evaporation, the nanocrystals freely diffuse in solution, leading to formation
of homogeneous structures.

Recently in our laboratory, solid mesostructures such as columns or labyrinths
of cobalt nanocrystals were produced by applying a magnetic field during the
evaporation of the fluid containing magnetic nanocrystals dispersed in a nonpolar
solvent. Columns and labyrinths are produced either simultaneously or separately.
A theory was developed to understand the formation of these patterns. Taking into
account the radius, the height of the cylinders, the magnetic phase to the total
volume ratio, and the center-to-center distance between cylinders and by using
the model developed in Ref. 41, the estimated interfacial tension, deduced by
the minimization of the total free energy, is 5 × 10−5 N m−1. From this, it is
concluded that the formation of structures takes place in a concentrated solution
of nanocrystals induced by a liquid–gas phase transition and not via a Rosenweig
instability.52 This is confirmed by a video recorded during the evaporation process.

FIGURE 8.11. Scanning electron mi-
croscopy images of 3D films made
of spherical cobalt nanocrystals, de-
posited in the absence (A) and in the
presence (B) of an applied magnetic
field (H = 0.78 T). The evaporation
takes place under a saturated hexane
atmosphere in 12 h.
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FIGURE 8.12. Video microscopy image obtained
during the evaporation of a cobalt nanocrystal so-
lution in a 0.25-T magnetic field at the instant
when the columns appear. A silicon substrate is
used. The ring in (B) encloses the columns, the
arrows in (C) indicate the direction of column dif-
fusion. (E, F) Images obtained at the end of the
evaporation of a cobalt nanocrystal solution. The
arrows indicate the direction of the wave created
by the capillarity forces.

Dots appear 7 h after the evaporation starts (Fig. 8.12A). Figure 8.12 shows that
the number of dots increases progressively and then they migrate in the solution to
form a hexagonal array (Fig. 8.12D). At the end of the evaporation, a wave due to
capillary forces induces the collapse of the columns (Figs. 8.12E and 812F). This
is confirmed by the scanning electron microscopy (SEM) image recorded at the
end of the evaporation process (Fig. 8.13).

FIGURE 8.13. Scanning electron microscopy image obtained at the end of the evaporation
process.
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FIGURE 8.14. Scanning electron microscopy image of mesostructures made of 5.7-nm cobalt
nanocrystals with 13% size distribution. The vertical magnetic field strength applied during
the evaporation process is 0.25 T. Insets A and B are magnifications of the SEM image,
insets C and D are TEM images at two different magnifications, obtained with the same
experimental procedure.

At this point, a question arises: What process controls the formation of columns
and/or labyrinths? To answer this, we have to take into account the size distribution
of nanocrystals with mainly the same average nanocrystal size. The SEM image
shown in Fig. 8.14 is produced with nanocrystals having a 5.7-nm average diameter
and 13% size distribution. Well-defined structures are produced with formation of
dots (inset A in Fig. 8.14), collapsed columns (inset B in Fig. 8.14) and very few
labyrinths. On replacing HOPG by a TEM substrate, the columns are well defined,
as shown in inset C of Fig. 8.14, and their ends are highly organized in fcc structures
(inset D of Fig. 8.14).

By increasing the size distribution to 18% and keeping a similar average diameter
(5.9 nm), the SEM pattern markedly differs, with the appearance of labyrinths and
flowerlike patterns (Fig. 8.15). Insets A and B show that the flowerlike patterns are,
in fact, the ends of fused columns and that they tend to form wormlike patterns and
labyrinths, as shown in Fig. 8.15. By using the same procedure as that described
earlier, the TEM image shows that the columns are not well defined (inset C in
Fig. 8.15) and their extremities are totally disordered (inset D of Fig. 8.15). A
careful examination of the labyrinthine structures shows that they are made of
fused columns having more or less the same height (Fig. 8.16).

From these data and those reported in Refs. 42 and 66–68, we have quite good
knowledge of the mechanism of the production of mesostructures when magnetic
nanocrystals are subjected to a rather large vertical applied field. It can be concluded



FIGURE 8.15. Scanning electron microscopy images of mesostructures made of 5.9-nm
cobalt nanocrystals with 18% size distribution. The vertical magnetic field strength applied
during the evaporation process is 0.25 T; silicon is used as the substrate. Insets A and B are
magnifications of the structures in the SEM image. Insets C and D are TEM images at two
different magnifications, obtained with the same experimental procedure.

FIGURE 8.16. Scanning electron microscopy image of labyrinthine structures showing that
they are made of fused columns.
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that the column growth in the concentrated liquid phase of cobalt nanocrystals is
induced by a phase transition. They migrate inside the solution to self-organize
into a hexagonal network. Waves induced by capillary forces induce the collapse
of most of these columns. Their rigidity is controlled by the ability of nanocrys-
tals to self-organize into fcc structures. They retain their integrity. Conversely, the
disorder inside and at the edges of the columns, mainly due to the large size dis-
tribution of the nanocrystals, induces their fusion. However, because the columns
are formed in the solution, those having a similar size tend to attract each other by
van der Waals interactions and to fuse. This makes it possible to produce rather
homogenous wormlike structures or labyrinths. Furthermore, these mesostructures
are independent of the strength of the applied field in the range 0.–0.8 T because
the experiments are carried out where there is nonlinear behavior of the magnetic
field .

8.3. Collective Magnetic Properties of Mesostructures Made
of Magnetic Nanocrystals

Beyond the experimental evidence of the influence of the dipolar interaction,
we want to show how the various parameters influence the magnetic response.
The mesostructures are obtained by evaporation of the ferrofluid on the HOPG
substrate. During this process, a magnetic field is or is not applied parallel to the
substrate plane.

At room temperature, due to their superparamagnetic behavior, the magneti-
zation of the cobalt nanocrystals dispersed in solution shows no hysteresis. The
blocking temperature, as determined by ZFC/FC experiments,∗ increases with
the nanocrystal size (Table 8.3). This corresponds to a decrease in the magnetic
anisotropy energy (MAE), as it has been reported for magnetic nanocrystals.69

For spherical nanocrystals, it is related to the increase in the surface anisotropy
when the size decreases. Decreasing the temperature allows recovering classical
ferromagnetic behavior, characterized by a nonzero value of the remanent magne-
tization, Mr , even when there is no applied field.

At 3 K, the thermal excitation vanishes and the magnetization curves of the
cobalt nanocrystals dispersed in hexane show a classical hysteresis. For isolated
nanocrystals, the saturation magnetization, Ms , is not reached and it is deduced

∗ The zero-field-cooled/field-cooled experiment (ZFC/FC) is a typical experiment in the
measurement of the magnetization of nanoparticles. The sample is initially cooled in a zero
field to 3 K. A 75-Oe field is then applied and magnetization is recorded as the temperature is
increased. This curve is called zero-field cooled. At a given temperature, called the blocking
temperature, Tb, a maximum is the magnetization is observed. In the field cooled, (FC),
far above Tb, the sample is progressively cooled and the magnetization is recorded. In a
system without interactions, the magnetization increases continuously by decreasing the
temperature. In a strongly interacting system, the FC curve shows a plateau below Tb, more
or less pronounced, depending on the strength of the interactions.
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TABLE 8.3. Magnetic properties of Co nanocrystals depending on their organization

0D 1Da 2Db

Hc (T) Mr /Ms Tb Hc (T) Mr /Ms Tb Hc (T) Mr /Ms Tb

Size Ms

(nm) (emu/g)

5.8 110 ± 5 0.12 0.25 60 0.13 (//) 0.31 (//) − 0.12 (//) 0.29 (//) 65
0.10 (⊥) 0.19 (⊥) 0.12 (⊥) 0.21 (⊥)

8 120 ± 5 0.13 0.45 70 0.14 (//) 0.60 (//) 90 0.13 (//) 0.52 (//) 85
0.10 (⊥) 0.25 (⊥) 0.13 (⊥) 0.35 (⊥)

0D: isolated in solutions; 1D: linear chains; 2D: monolayers; Tb: blocking temperature.
a(//) is for a field applied parallel to the chains and the substrates (x direction); (⊥) is for a field
perpendicular to the chains but keeping the substrates parallel (y direction)
b(//) is for a field applied parallel to the substrates (x,y planes); (⊥) is for a field perpendicular to the
x ,y plane (z direction).

from extrapolation (Table 8.3). The slight increase in Ms on increasing the size
could be due to a relative decrease in the surface effect as the average size
increases. Figure 8.17 shows the hysteresis loop of the cobalt nanocrystals having
various average sizes (5.8 nm and 8 nm; Figs. 8.17A and 8.17B, respectively)
either isolated in solution (Figs. 8.17C and 8.17D) or deposited as 2D monolay-
ers on cleaved graphite (Figs. 8.17E and 8.17F). A typical monolayer of cobalt
nanocrystals is shown in Fig. 8.18A. During the measurement at 3 K, the sample
is kept parallel to the external applied field (x ,y plane). For any size, the hysteresis
loop is squarer than that for the same nanocrystals isolated in solution.70 On the
other hand, the reduced remanence increases (Table 8.3). This change is more
pronounced for larger nanocrystals. Similarly, the blocking temperature increases
when the nanocrystals are organized in 2D monolayers (Table 8.3). The hysteresis
loop appears smoother when the sample is normal (z direction) compared to the

FIGURE 8.17. Transmission electron mi-
croscopy characterization (A and B) and
corresponding hysteresis loop recorded at
3 K of cobalt nanocrystals either isolated in
solution (C and D) or deposited as a monolayer
on a HOPG substrate with the field applied
parallel (E and F). (A, C, E) 5.8-nm diameter
cobalt nanocrystals; (B, D, F) 8-nm diameter
cobalt nanocrystals.
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FIGURE 8.18. Transmission electron mi-
croscopy pictures: 2D showing organiza-
tion (A) and 3D organization (C) of cobalt
nanocrystals. The corresponding hysteresis
loop at 3 K is reported for each mesostruc-
ture: (B) for 2D monolayers, solid line: the
magnetic field is applied parallel to the sub-
strate (x ,y plane); dotted line: the magnetic
field is applied perpendicular to the sub-
strate (z direction); (D) for 3D film, the mag-
netic field is applied parallel to the substrate
(x ,y plane).

same sample kept parallel to the external field (Fig. 8.18B). As expected theoret-
ically and shown in Fig. 8.19, this effect is attributed to the long-range dipolar
interaction. This is quantified by the γ value, defined as the ratio of the reduced
remanence in normal and parallel geometry [γ = (Mr /Ms)⊥/(Mr /Ms)||]. This ex-
perimental value is compared to the theoretical one knowing the value of the
coupling constant αd . Hence, from a coupling constant, αd , of 0.05 calculated
for 8-nm cobalt nanocrystals, the theoretical ratio, γth, = 0.66, whereas it is 0.65
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FIGURE 8.19. Calculated hysteresis curve for Stoner–
Wohlfarth magnetic particles. The high value of αd is a
limiting case for the 8-nm cobalt nanocrystals presented
here. (A) αd = 0.1, the applied field is parallel to the
surface x ,y plane. (B) αd = 0.1, the applied field is per-
pendicular to the surface z direction. (C) Noninteracting
particles (αd = 0), this corresponds to isolated particles
in solution.
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from experiment.70 Similar and less pronounced behavior is obtained for 5.8-nm
cobalt nanocrystals (Table 8.3). Thus, the good agreement obtained between the
experimental and theoretical values of γ confirms that the collective effects on
the magnetic properties of the 2D monolayers made of cobalt nanocrystals are
mainly due to the dipolar interaction between adjacent nanocrystals. Similar be-
havior also has been reported since then for ε-cobalt nanocrystals in hexagonal
ordered monolayers and, again, the collective properties were attributed to the
dipolar interaction.8

The 3D thin films of cobalt nanocrystals can be obtained by slow evaporation
(Fig. 18C).37 The magnetic response, recorded in a parallel configuration, of these
unorganized 3D films (Fig. 8.18D) is similar to that of the 2D monolayers; the
reduced remanence, Mr /Ms , is 0.51 instead of 0.52. Conversely, the coercive field
increases; Hc = 0.25 T compared to that of isolated or 2D monolayers, 0.13 T.
On the other hand, as for 2D organizations, the blocking temperature increases as
a signature of the magnetic interaction. The change in the coercivity is attributed
to small ferromagnetic domains made of several adjacent particles having the
same orientation of their magnetic moment. Thus, in these unorganized 3D films
of nanocrystals, dipolar interactions exist and induce changes in the magnetic
response. However, the behavior is quite similar to those of granular films or to
the observed increase in the dipolar interaction by increasing the volume fraction
of nanoparticles in solution.71,72

The structural order does not seem to be a crucial parameter; as a matter of fact,
the 2D monolayers described earlier (Fig. 8.18A) are rather highly disordered.
This is confirmed by modeling. The hysteresis loop was calculated assuming two
models: the real disordered model (Fig 8.20A) and a reference well-ordered model
(Fig. 8.20B). For this, an effective coupling constant, αeff

d , is determined, which
takes into account the mean density of nanocrystals in the disordered monolayers.73

The surface occupation fraction, �, is the ratio of the surface occupied by the
nanocrystals, nsπD2/4, to that of the lattices, l2. This determines the lattice spacing,
d0, which is the average distance between adjacent nanocrystals, d0, and is related
to the surface occupation fraction, �, of the layer as follows:

(d0/D) = (π/4Φ)1/2, (8.1)

with Φ = nsπD2/4l2. Then, the effective coupling constant is

α
eff
d = π M2

s

12K

(
D

d0

)3

, (8.2)

where αM
d = πM2

s /12K is the maximum value of the coupling constant defined
above. αeff

d is used to calculate the magnetization of the well-ordered reference
model. Details of the calculation are given in Ref 73. Figure 8.20D shows no
difference in the hysteresis loop for ordered and disordered monolayers. This is
observed for the two orientations of the magnetic field. Hence, due to the long-
range order of the dipolar interaction, the local structure of the monolayer is not
important: A well-ordered reference model is suitable for calculating the hysteresis
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FIGURE 8.20. Calculated hysteresis curve for 2D (D) and 1D (E) mesostructures made of
uncoalesced magnetic nanoparticles. The corresponding structures are, respectively, in A
and C. Dotted line: applied field in the x direction assuming a perfect square lattice as refer-
ence model; (B) solid line; applied field in the z direction assuming a perfect square lattice
with a similar density of nanoparticles. In each case, the exact calculations corresponding
to the real structure correspond to the square (x directions) and to the circle (z direction).
In the case of the linear chains, there is a large discrepancy if the magnetic field is applied
in the x direction during the measurement. In PARTS A, B, and C, the length of the arrow
corresponds to the projection of the magnetic moment in the x ,y plane; there is no alignment
of the magnetic moment due to the dipolar interactions.

curve of an isotropic disordered monolayer, for any orientation of the applied field
relative to the substrate.

At this point, a question arises: Does ordering in 3D superlattices change the
magnetic behavior? To answer this question, the magnetic properties of 3D films,
either highly ordered in an fcc structure or disordered, are compared. Let us first
describe the system used: 7.2-nm-diameter cobalt nanocrystals with a low size dis-
tribution (12 %) are produced.11 As shown in Fig. 8.5, it is possible to obtain either
“supra” crystals characterized by a long-range fcc ordering of the nanocrystals12

or a disordered 3D film of uncoalesced cobalt nanocrystals.46 The magnetization
curves recorded at 3 K and with an applied magnetic field parallel to the substrate
are shown in Fig. 8.21C. The hysteresis loop appears squarer when nanocrys-
tals are ordered, compared to the disordered systems.46 For “supra” crystals, the
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FIGURE 8.21. (A) Scanning electron microscopy image of disorganized 7.2-nm cobalt 3D
film. (B) SEM image of superlattices made of 7.2-nm Co nanocrystals. (C) Correspond-
ing hysteresis magnetization loops obtained at 3 K. In the inset are the ZFC/FC curves:
Amorphous assembly (dotted line); “supra” crystal (solid line).

saturation magnetization is reached at 0.3 T, whereas with an amorphous aggregate,
it is around 1.5 T. In both cases, the saturation magnetization is 120 emu/g and the
coercivity is 0.07 T. Moreover, the zero-field-cooled and field-cooled (ZFC/FC)
curves, recorded with a 75-Oe field (inset of Fig. 8.21C) show a lower block-
ing temperature for an amorphousfilm (95 K) compared to that obtained for fcc
“supra” crystals (115 K). Such differences can be explained by taking into ac-
count the structural results described earlier. The decrease in the average distance
between nanocrystals of 1 nm, when they are organized, induces an increase in
the coupling constant, αd , from 0.025 in the disordered case to 0.030 in the fcc
superlattices. This change in the blocking temperature and the squareness of the
hysteresis loop correspond to an increase in the dipolar interaction. Hence, the
internal order of 3D films plays a role in the collective magnetic properties via the
increase in the coupling constant.

For magnetic nanocrystals in 1D chains (Fig. 8.20C), it is no longer possi-
ble to model the magnetic behavior of linear chains (open squares, Fig. 8.20E)
made of uncoalesced nanocrystals by a well-ordered reference model (dotted line,
Fig. 8. 20E), when the magnetic field is applied parallel to the chains and the sub-
strate. An exact calculation taking into account the position of each particle in the
1D organization is necessary to obtain the hysteresis loop of a network of linear
chains.73 To confirm such a claim, calculations have been made for a very high
coupling constant (αd = 0.26) with the same nanoparticle density. The hysteresis
loop appears squarer than that observed for a monolayer of nanoparticles (Fig.
8.22A). Moreover, conversely to the isotropic monolayer, the magnetic response
of the 1D chains changes drastically with the direction of the applied field paral-
lel (x direction) or perpendicular (y direction) to the measured field, keeping the
plane of the substrate parallel (Fig. 8.22A). In fact, due to the dipolar coupling,
the linear chains behave roughly as homogeneous wires with an effective easy
axis in the direction of the chains, although individual nanocrystals have randomly
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FIGURE 8.22. (A) Magnetization for particles organized in
chains: αeff

d = 0.26. Solid squares: linear chains parallel to
the applied field (x direction); open squares: linear chains
perpendicular to the applied field (y direction). Solid lines
correspond to a perfect square lattice. (B) TEM pictures
of 1D organization of 8-nm cobalt nanocrystals.

distributed easy axes. In this case, the strength of the structural effect is estimated
theoretically by comparing the reduced remanence in the two geometries. As pre-
viously, a ratio γ′

th = (Mr /Ms)⊥/(Mr/Ms)||, can be deduced for the linear chains
oriented in the x direction from the two calculations corresponding to h = y and
h = x, respectively.

In the experiments, cobalt nanocrystals (8 nm) dispersed in hexane are subjected
to an applied field (1 T) during the evaporation process. This produces linear chains
of uncoalesced nanocrystals (Fig. 8.22B). The average width is 300 ± 50 nm and
the interchain distance is around 600 nm. A closer view of the chains indicates
that they are formed by uncoalesced cobalt nanocrystals in monolayers or bilayers,
without any internal order.74 Their magnetic properties differ markedly from those
of the isotropic monolayers. When the measuring field is parallel to the chain and
thus also to the substrate plane, the hysteresis curve appears to be squarer than
that of the isotropic 2D monolayer measured with a field parallel to the substrate
(Fig. 8.23A). The reduced remanence increases and the saturation is reached at a
lower field. These changes increase with the coupling constant (i.e., with the size
of the nanocrystals) (Table 8.3). On turning the chain by 90◦, the field remains
in the plane but perpendicular to the chains and induces a smoother loop with a
decrease in the reduced remanence (Fig. 8.23B and Table 8.3). Similar and less
pronounced behavior is observed for 5.8-nm cobalt nanocrystals (Table 8.3). For
8-nm cobalt nanocrystals, the coupling constant is 0.05. Figure 8.23C shows the
theoretical change in the hysteresis loop with the orientation of the applied field
with a ratio, γ′

th = (Mr /Ms)⊥/(Mr/Ms), equal to 0.77. From the experimental
data (Fig. 8.23B), γ′

exp = 0.42. Rather good agreement between experiments and
calculated data is obtained. Obviously, the experimental samples do not have the
perfect chainlike structure introduced in the model (compare Figs. 8.22B and
8.20C). This probably explains the difference in magnitude between experiment
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FIGURE 8.23. (A) The hysteresis loop at 3 K is reported for the 1D chains (solid line); the
magnetic field is applied parallel to the substrate and to the chains (x direction). Comparison
is made with the 2D monolayer (solid circle) and isolated in solution (dotted line). (B)
Hysteresis loop, measured at 3 K, of aligned 8-nm cobalt nanocrystals. The applied field
is either parallel (solid line) or normal (dotted line) to the directions of the chains, keeping
the substrate parallel to the applied field. (C) Calculated hysteresis curve for linear chains
made of 8-nm cobalt nanocrystals for αeff

d = 0.06 with an applied field either parallel ( �) or
normal (O) to the directions of the chains, keeping the substrate parallel to the applied field.
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and theory. On the other hand, an effect of the alignment of the easy axes during
the deposition in a field cannot be totally excluded and could also explain the
discrepancy between theory and experiment. Indeed, the results reported above
appear to be mainly a structural effect on the collective magnetic properties in the
1D chains made of uncoalesced cobalt nanocrystal, as predicted theoretically. Due
to the dipolar interactions, the chains behave like wires with an effective easy axis
in the direction of the wire.

8.4. Conclusion

The last few years have seen extremely rapid advances in the preparation of very
narrow size distributions of various types of nanomaterial. These advances have
enabled many groups to make 2D and 3D nanoparticle superlattices. In the same
way, organizations of nanocrystals in mesoscopic patterns such as rings, chains,
and ribbons have also been developed. Some of these patterns require the presence
of external forces to be formed. These various systems constitute an open research
field and many exciting phenomena remain to be discovered. Such new materials
could have a significant impact on future electronic, optics, and magnetic stor-
age devices. In fact, we demonstrated collective magnetic properties due to the
self-organization of nanocrystals. For these mesostructures made of uncoalesced
nanocrystals, the dipolar interactions are responsible for the collective behavior.
The theoretical model presented here gives a general framework to explain, at least
qualitatively, the magnetic collective properties. Furthermore, in spite of the long-
range scale of the dipolar interaction, it has been shown that the structure of the
organization of nanocrystals plays an important role in the magnetic response de-
pending on whether they are in zero dimension (0D), 1D, 2D, or 3D. Beyond this,
the internal order also changes the magnetic behavior and, indeed, these intrinsic
properties can have an important role in the future.
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9.1. Introduction

Anodic porous alumina, which is formed by the anodization of Al, is a typical
self-organized material uilizable for the fabrication of several types of functional
nanodevice. The geometrical structure of anodic porous alumina is described as a
closed-packed array of uniform-sized cylindrical units called cells, each of which
has central straight pores perpendicular to the surface.1 Compared with other
nanomaterials, one important advantage of anodic porous alumina is that the ge-
ometrical structure of anodic porus alumina (pore sizes, pore intervals, and pore
depths) can be controlled easily based on the anodizing conditions.

Anodic porous alumina has been applied in a wide variety of fields for many
years because of its unique geometrical nanostructures.2–5 Here, the synthesis of
highly ordered anodic porous alumina and its application to the preparation of
functional nanodevices will be described.

9.2. Synthesis of Highly Ordered Anodic Porous Alumina

9.2.1. Growth of Anodic Porous Alumina on Al

When Al is anodized in a neutral electrolyte (e.g., ammonium phosphate), a thin
uniform oxide layer is formed on the surface of Al. The thickness of the ox-
ide layer is in a good linear relationship with the applied voltages (∼1.2 nm
V−1), and the oxide layer cannot grow above this thickness. In contrast, when
an acidic solution is used as the electrolyte for anodization, a thick porous ox-
ide layer is formed on the surface (Fig. 9.1). In the case of the anodization of
Al in acidic solution, the resulting oxide is etched partially due to the solvent
power of the acid solution. Then, at the once-etched sites, the selective growth
and etching of the oxide layer proceed. At the bottom of the oxide layer, called
the barrier layer, an oxide grows at the barrier layer through the migration of
Al3+ and O2− ions under a strong electric field. The diameter of the obtained
cell can be approximated as twice the thickness of the barrier layer, under the
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FIGURE 9.1. Scheme of the formation of anodic porous alumina.

condition that the ratio of occupation of the pores is neglected. This yields a
simple relationship between the geometrical structures and applied voltage for
anodic porous alumina. The hole interval, which is equivalent to the cell size,
has a good linear relationship with the applied voltage (∼2.5 nm V−1). The pore
size is dependent on the concentration and temperature of the electrolyte, in ad-
dition to the applied voltage. However, it can also be controlled by the anodizing
voltages. The pore diameter is, if needed, adjusted by postetching treatment in
appropriate etching solutions. The depth of the pores is simply proportional to
the anodizing time. Such controllability of the geometrical structures by the an-
odizing and the postanodizing conditions is an important aspect of anodic porous
alumina.

9.2.2. Synthesis of Highly Ordered Anodic Porous Alumina

The ordering of the arrangement of the pores in anodic porous alumina is strongly
dependent on the anodizing conditions. Under the appropriate anodizing condi-
tions, long-range ordered anodic porous alumina with an ideally ordered pore
arrangement in a large area can be obtained.6–10 The most important parameter
in anodizing conditions for obtaining long-range ordering is the applied voltage,
which is specific for the electrolyte used for anodization. By selecting the ap-
propriate electrolyte and applied voltage, anodic porous alumina with long-range
ordering can be obtained with a wide variety of pore intervals. Figure 9.2 sum-
marizes the examples of the anodic porous alumina with long-range ordered pore
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FIGURE 9.2. Long-range ordered pore ar-
rangement in anodic porous alumina: (a)
phosphoric acid,9 (b) oxalic acid, 6,7 and (c)
sulfuric acid.8

arrangement in anodic porous alumina prepared using several types of typical
acidic solution.

The pore arrangement of anodic porous alumina in the initial stage of anodization
is random and the degree of ordering is very low. The ordering of the anodic
porous alumina proceeds with time under appropriate anodizing conditions. If the
anodic porous alumina, at the surface of which the pore arrangement has long-
range ordering, the special technique called two-step anodization can be applied
effectively.7 In this process, the porous layer is removed selectively in a mixed
solution of chromium oxide and phosphoric acid after a long period of anodization
under appropriate anodizing conditions. This results in the long-range ordering
of the pore arrangement. During the second anodization, the long-range ordered
pore arrangement can be obtained in the initial stage of anodization, because the
ordered array of concaves obtained after the removal of the oxide layer formed at
the first anodization can act as initiation sites for pore development and they guide
the growth of straight pores. This process is effective for the preparation of anodic
porous alumina with straight pores throughout the entire membrane.
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FIGURE 9.3. Formation of an ideally ordered pore arrangement: (a) imprinting process and
(b) mold used for the imprinting.

9.2.3. Ideally Ordered Anodic Porous Alumina by the
Pretexturing Process Using Molds

To form the ideally ordered pore arrangement over the entire sample in anodic
porous alumina, the combined process of pretexturing of Al and subsequent an-
odization is applied.11–13 In this process, the shallow concaves on Al formed by
mechanical imprinting using a mold with ordered convexes introduce the ideally
ordered hole development during anodization (Fig. 9.3). The mold for imprinting
is prepared by electron-beam lithography using semiconductors11,12 or metals.13

In the subsequent anodization, the applied voltage must be adjusted to satisfy
the linear relationship between the applied voltage and pore interval. Figure 9.4
shows the scanning electron microscopic (SEM) micrographs of an example of
the obtained anodic porous alumina with an ideally ordered pore arrangement.11

The highly ordered porous structures with an extremely high aspect ratio can be
confirmed from the cross-sectional SEM image in Fig. 9.4.

Even in the case of anodization with the pretexturing process for the ideally
ordered pore arrangement, the degree of ordering of the pore arrangement in the
direction of the thickness is dependent on the anodizing conditions. The ideally
ordered porous structure with a high aspect ratio cannot be obtained without the
appropriate anodizing conditions. This implies that the self-organized mechanism
in pore arrangement plays an important role in the growth of the ordered porous
structures even in the case of anodization with the pretexturing process.
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FIGURE 9.4. Fabricated ideally ordered porous alumina: (a) surface view and (b) cross-
sectional view.

The fabrication of ideally ordered porous alumina by a similar process for the
pretexturing using a focused ion beam (FIB) apparatus has been reported.14

For the preparation of textured Al, self-organized ordered structures can also be
used as the starting structure. In Fig. 9.5, the processes for the pretexturing of Al
using the self-organized array of polystyrene particles is described. This process
generates the highly ordered pore arrangement in anodic porous alumina without
the need for expensive apparatuses.15

9.3. Ordered Nanostructures Based on Highly Ordered
Anodic Porous Alumina

9.3.1. Nanocomposite Structures Using Highly Ordered
Anodic Porous Alumina

Using anodic porous alumina as a template, several types of nanocomposite com-
posed of nanocylinders or nanotubes in an alumina matrix can be prepared.2–5,16–18

Figure 9.6 shows a typical example of the ordered array of nanocylinders (Au)
prepared using an anodic porous alumina template with an ideally ordered
pore arrangement. For the preparation of nanocomposites, several techniques for
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FIGURE 9.5. Processes of the pretexturing of Al using the self-organized array of polystyrene
particles.15

depositing materials into the pores of the anodic porous alumina are available.
One typical process for depositing materials into the pores of anodic porous alu-
mina is electrochemical deposition of metal or semiconductors, which has the
advantage of uniform filling of pores with high aspect ratios in anodic porous
alumina.

By modifying the structure of anodic porous alumina and the process for the de-
position of materials, nanocomposites with complex structures can be obtained.19

Figure 9.7 shows the nanocomposites composed of two different kinds of guest
material (Au and Ni) in the alumina matrix. This mosaic structure was prepared
by the sequence of selective through-holing of the barrier layer and the subse-
quent deposition of materials based on the difference in the thickness of the barrier
layer between imprinted and unimprinted sites in the pretexturing process using
a mold with a graphite lattice. Such a structure will be used as the platform for
the preparation of several nanopatterns composed of different kinds of functional
molecule.



FIGURE 9.6. Ordered array of Au nanocylinders prepared using an anodic porous alumina
template.

FIGURE 9.7. Nanocomposites composed of the two different kinds of guest material (Au
and Ni).
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FIGURE 9.8. Ordered array of TiO2 nanocylinders with triangular cross section.

Based on the pretexturing process of Al, in which the site of pore development
can be determined artificially, the shape of the cells and, therefore, the shape of
the pores can be modified. Square and triangular pores can be generated from the
pore arrangement of the square and graphite lattices, respectively, in addition to
hexagonal pores from the triangular lattice. Such shapes are generated by the
tiling principle, called Volonui tessellation, which determines the boundary of the
territory of influence of each pore in anodic porous alumina.

Once the geometrical structure of the anodic porous alumina template is mod-
ified, a wide variety of nanostructures with controlled shapes can be obtained.
Figure 9.8 shows an example of shape-modified nanocylinders prepared by tem-
plate synthesis. In this case, the ordered array of TiO2 nanocylinders with triangular
cross section was prepared by electrochemical deposition of TiO2 using anodic
porous alumina with triangular pores.20

Figure 9.9 shows the carbon nanotubes with triangular cross section formed by
chemical vapor deposition (CVD) on porous alumina templates with triangular
pores.21 Template synthesis of carbon nanotubes using anodic porous alumina has
been widely studied for the purpose of preparing an aligned array of uniform-sized
carbon nanotubes applying the high thermal stability of the anodic porous alumina
needed for the CVD process. The control of the shape of the carbon nanotubes
will be used for the modification of the electronic properties of carbon nanotubes,
which are used in a wide variety of applications.
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FIGURE 9.9. Carbon nanotubes with triangular cross section.

9.3.2. Nanofabrication Using Anodic Porous Alumina Masks

Anodic porous alumina membranes with through-holes are obtained by removing
the barrier layer by wet etching in appropriate acidic solutions after removing
the Al substrate in a saturated HgCl2 aqueous solution or a saturated I2 ethanol
solution.

The anodic porous alumina membrane with through-holes can be applied to
the fabrication of various nanostructures on the substrates (Fig. 9.10). Figure 9.10
shows the process of preparing a nanodot array using an anodic porous alumina
mask.7 For the mask preparation, the two-step anodization process was used be-
cause this process generates straight holes through the entire thickness of the
membrane along which the vacuum-evaporated material can penetrate to be de-
posited on the substrate. Figure 9.10 also shows the SEM micrograph of the Au
nanodot array formed on the Si substrate using an alumina mask prepared by the
two-step anodization. Almost uniform-sized Au dots with ordered arrangement can
be observed over the Si substrate. Similar mask processes have also been applied
to molecular beam epitaxy (MBE) deposition of semiconductors on substrates.22
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FIGURE 9.10. Process for the preparation of a nanodot array using an anodic porous alumina
mask.

One of characteristic of the anodic porous alumina mask is its high aspect
ratio. Making use of this property, a ordered arrays of multiple dots composed of
two different kinds of metal were formed on a Si substrate (Fig. 9.11).23 Metals
were deposited on the substrate through the alumina mask by varying the incident
angles of the metal beam. Shadowed evaporation of metals results in the spatially
resolved deposition of metals at the bottom of the aperture of the mask and produces
the multiple dots composed of two or three kinds of metal. This ordered array of
composite nanodots are promising for the preparation of various functional ordered
arrays of composite on substrates utilizable for model catalysts or sensors with high
selectivity or sensitivity.

Another advantage of the anodic porous alumina mask is the high resistance
to the plasma etching used for dry etching of substrates. The high resistance
of the alumina mask to plasma etching contributes to enabling the nanofabri-
cation of high-aspect-ratio features in semiconductor substrates such as InP or
GaAs.

To improve the reproducibility and uniformity of the alumina masks prepared,
another mask process is applicable in which a thin Al layer formed by vacuum
evaporation or sputtering on a substrate is anodized to form a porous alumina mask
on the substrate. Figure 9.12 shows a typical example of the anodic porous alumina
mask prepared on Si using vacuum-deposited Al.24 In this case, the texturing of
vacuum-evaporated Al was carried out to generate the anodic porous alumina mask
with an ideally ordered pore arrangement.
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FIGURE 9.11. Ordered arrays of nanodots composed of two different kinds of metal (Au
and Ag).

FIGURE 9.12. Anodic porous alumina mask prepared on Si.
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FIGURE 9.13. Metal (Ni) hole array prepared by the two-step replication process using the
ideally ordered anodic porous alumina.

9.3.3. Two-Step Replication Process for Functional
Nanohole Arrays

Full replication of the geometrical nanostructures of the anodic porous alumina
contributes to the expansion of the applicability of anodic porous alumina. The
two-step replication process is used for the formation of the replicated negative of
the anodic porous alumina and the subsequent formation of the replicated positive.
It results in a hole array of metals or semiconductors that has a geometrical structure
identical to that of the starting porous alumina.25–29 Figure 9.13 shows an example
of the metal hole array prepared by the two-step replication process using the ideally
ordered anodic porous alumina.25

Such ordered metal hole arrays show the unique optical properties arising from
their geometrical structures. The metal hole arrays transmit the incident light se-
lectively, depending on their pore sizes (Fig. 9.14). Such unique transmission
properties will be used for the preparation of several types of functional optical
device.

Figure 9.15 shows an example of the hole array structure made of semicon-
ductors. WO3, which is a typical electrochromic material, was deposited on the
negative type to form the WO3 porous structures.28 The electochromic property of
the porous WO3 obtained was enhanced corresponding to the porosity of the mem-
brane during polarization (Fig. 9.16). Such an increase of coloring and bleaching
is due to the enhancement of ion (Li+) migration during electrolysis, according to
the geometrical structures of WO3.
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FIGURE 9.14. Transmission spectra
of Ni hole array membranes with
different hole sizes: 390 nm (—),
370 nm (– –), and 220 nm (– · –).

9.3.4. Ordered Array of Biomolecules Using Highly Ordered
Anodic Porous Alumina

The fabrication of ordered arrays of functional bimolecules, such as proteins, DNA,
and enzymes, is important because of its potential for application to several kinds of
biomolecular nanodevice. The use of highly ordered anodic porous alumina results
in the efficient formation of ordered arrays of biological molecules. Figure 9.17
shows the SEM micrograph of the ferritin molecules, which have ferric oxide cores
of 13 nm, formed on the Au disk array in the anodic porous alumina.30 A Au disk
array was prepared by depositing Au into the pores of the anodic porous alumina
substrate. From Fig. 9.17, it is confirmed that the ferritin molecules are adsorbed
selectively on the Au disk to form the distinct array on anodic porous alumina.

Figure 9.18 shows the ordered pattern of DNA using the Au disk array.31

Fluorescent-dye-labeled, thiolated DNA was fixed on the Au disks in the an-
odic porous alumina substrates. Under the fluorescence microscope, ordered

FIGURE 9.15. WO3 hole array membrane: (a) surface view and (b) cross-sectional view.



FIGURE 9.16. Electrochromic property of the porous WO3 membrane with different pore
sizes: 65 nm (—), 53 nm (– - –), 38 nm ( . . ), and flat membrane (- - -).

FIGURE 9.17. SEM micrograph of the ferritin molecules formed on the Au disk array in the
anodic porous alumina.
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FIGURE 9.18. Ordered pattern of dye-labeled, thiolated DNA using the Au disk array in the
anodic porous alumina.

fluorescence spots coincident with the Au disk array in anodic porous alumina
could be observed. The ordered array of DNA on Au disks maintained the ability
to recognize the target DNA and could be applied to hybridization with the target
DNA in sample solutions.

The present process is also applicable to the preparation of ordered arrays of
proteins, antibodies, and enzymes, with control of the size and intervals. Further re-
duction of the sizes and intervals of the patterns will be effective for the preparation
of ordered arrays of individual functional biomolecules applicable in functional
molecular devices.

9.4. Conclusions

In this chapter, the synthesis and applications of highly ordered anodic porous
alumina have been described. Highly ordered anodic porous alumina was pre-
pared based on the naturally occurring self-ordering and pretexturing processes
of Al. The obtained anodic porous alumina with highly ordered pore arrangement
could be applied, for example, to the fabrication of several types of ordered metal
and semiconductor nanostructures, nanocomposite, nanodots array, and nanohole
array.

The highly ordered anodic porous alumina will be applicable to the preparation
of a wide variety of functional nanodevices because of its unique fine geometrical
structures that are easily controlled by adjusting the anodizing conditions.
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Si1−x Gex dots, composition and strain

phonon confinement, effect of, 20
Si–Si mode frequency in, 21
three mode frequencies, 19

Si1−x Gex /Si superlattices, interfaces of,
22–23

folded longitudinal acoustic (FLA) modes,
22

silica nanotubes, 224
solvent-mediated controlling mechanism, 119
solvothermal decomposition process (SDP),

120–121
sonochemical reduction, 257
SSZ-33 family, 174
standard lithographic techniques, 43
step-bunching bunching, 9
strain concentration, role of, 8
strained-layer epitaxy, development of, 3
strain-energy density, 29
Stranski–Krastanow growth mode, 2, 4, 49
super quantum interface device (SQUID)

analysis, 72
“supra” crystals, 271, 287, see also cobalt

nanocrystals, self-organization of
surface pits, 42
surface sol-gel process, 188

organic compounds in nanohybrid layer,
190–194

preparation of amorphous metal oxide thin
films, 189–190

T
teflon-lined stainless-steel autoclave, 110
template-synthesis method, 223–224
tetrabuthylammonium hydroxide (TBAOH), 87
tetraethyl orthosilicate (TEOS) solutions, 139
tetraisopropylorthotitanate (TIPT), 74
TiO2 single-crystal anatase nanowires, 73

application of, for dye-sensitized solar cells,
87–94

by oriented attachment mechanism, 73–79
formation of, 74
synthesis process of, 74

using dodecanediamine as surfactant, 79–87
formation of, 80–84
molecular nanosheet formation of

lepidocrocite phase, 85–87
synthesis process of, 80

TiO2-gel/PAA multilayer film, 192
Titania nanocrystals, formation of, see TiO2

single-crystal anatase nanowires
transfection process, 222
transmetalation, 254
transmission electron microscopy (TEM), 72
triton 100-X, 134
two-dimensional wetting layer (WL), 4

U
UHV-CVD Si0.5Ge0.5/Si superlattices, 10
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V
Volmer–Weber growth mode, 2
Volonui tessellation, 303
VPI-8, 169

W
waveguide metal–semiconductor–metal (MSM)

photodetector, 47
WO3, 72

X
X-ray diffraction, 72

Z
zeolites, construction of, 159, see also crystalline

molecular sieve synthesis process
zinc salts, solvothermal reaction of, 117
ZnO, 73
ZSM-18, 174
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