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Foreword to the 200th Volume

Advances in Polymer Science celebrates the 200th Volume of the Series. This
asks for a moment of recollection and consideration, since Advances in Poly-
mer Science is a true mirror of scientific progress, intellectual penetration and
scholarly apprehension of one of the most successful fields of current research.
Polymer Science is not only the fundament of the plastics industry but it has
also gained reputation as an enabling factor of advanced technologies from
microelectronics to bioengineering. Moreover, it has shown to be a unique
challenge to theoretical and experimental physics. The bridging function to
molecular biology is obvious. It is this context which is properly and metic-
ulously mirrored by the last 100 Volumes of this Series. While the focus rests
on concise descriptions of special topics, specialized and selected methods,
careful discussion of synthetic and analytical approaches to new challenges in
materials preparation and performance written by established experts in their
respective sub-discipline, a complete picture of the state of the art emerges
nevertheless when one draws the sum over the nearly 400 individual review
papers published since 1991 in Volumes 101 to 200 of this Series. All of the
contributions are critical reflections on the respective topic and give pertinent
information not only to the expert but also to the newcomer to the field to
whom guidance to the large and diverse body of available literature is pro-
vided. Emerging subfields or novel directions of research are discussed for the
first time in a comprehensive manner. Advances in Polymer Science contributes
with this style and dedication to the scientific fundament in an international
context. While the first 100 Volumes were dominated by contributions from
mainly Europe, and the classical languages of science of the last century, namely
English, French and German were all represented, this has changed completely.
Authors from all continents are well represented. English has become the sole
medium of expression.

The strongest impact to the contributions for the last 100 Volumes had the
disappearance of the east-west conflict. A large body of research experience
and literature from Eastern Europe and Russia became suddenly available and
has found its way into Advances in Polymer Science in the form of a considerable
number of expert reviews. These reviews reflect the immense work performed
over many years in research centres and institutes which were not accessible to
the rest of the scientific world. The freshness and originality of the approach



X Foreword to the 200th Volume

to define and tackle research problems comes as a surprise to many of us who
have experienced the times when such information was not available at all or
only in a rudimentary form. These reviews are to be considered as an important
widening of the horizon of polymer science.

Similarly we see a considerable increase of contributions from the US and
Canada in the last 100 Volumes indicating both the cosmopolitan nature of
polymer science and the appreciation which this Series receives internationally
as a depository of pertinent information and expertise.

A few remarks concerning the subdisciplines covered by the last 100 Volumes
may be of interest in so far as directions and currents in Polymer Science are
pinpointed.

Contrary to the believe of many critical bystanders Polymer Synthesis is
still strongly going ahead. This is demonstrated by the ca. 100 individual
reviews published in this Series since 1991 devoted to progress in synthetic
methods, catalysis of polymerisations, biogenic macromolecules and their
synthetic modification. Many of these contributions cover novel developments
in synthesis allowing precision synthesis of novel macromolecular structures
not available before. The next important field concerns analytical methods
including rheology and solution properties of polymers. Nearly 60 reviews are
devoted to this context, and – as is typical for this sub-discipline – polymer
physics aspects are integral components of the reviews.

While both of these areas are the classical realm of Advances in Polymer Sci-
ence we see the strong emergence of another area in the last 100 Volumes:
biomedically relevant polymers. This includes synthesis of biocompatible
polymers, polymeric drugs, application and evaluation of polymers in the
medical field and in bioengineering which are summarized in well over 40
reviews.

Application of polymers and polymer based hybrid materials including
aspects of processing and processing related properties constitute the central
theme of another group of reviews. This includes reviews on inorganic/organic
and polymer-polymer blends as well as reviews on degradation of practically
relevant polymer compositions. This group of ca. 40 reviews illuminates the
crossover between fundamental science and application driven research that
is so typical for many sub-disciplines of our field.

The same could be said for the group of review papers dealing with complex
polymer systems such as networks, gels and similar complex macromolecular
topologies characterized by an interplay of regularity and randomness. Phys-
ical properties and phenomena related to the complexibility of structure are
highlighted as well, fracture behaviour, relaxation phenomena and elasticity
are key words to describe the features which are discussed among others in
this group of ca. 40 reviews.

The very strong evolution of theory and simulation is reflected in another
group of review papers. Theory of polymer systems has evolved as a segment of
theoretical physics and has had a very strong impact on how experiments are
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conducted and data sets are explained and evaluated in many areas of polymer
science. The development of simulation methods based on sound fundaments
of theory have equally contributed to significant progress which is reviewed in
35 articles found among the nearly 400 reviews that appeared since 1991.

While this is certainly a more recent development properly reflected in this
series a somewhat traditional field which is normally associated with polymer
physics is still relevant and finds attention in form of review articles. It is the
field of crystallization of polymers including phenomena of nucleation and
crystal growth as well as studies into the crystallography of polymers and liq-
uid crystal phases of polymers which finds attention by well over 20 reviewers.
Nearly the same attention is given to polymers of particular chain architec-
ture which in consequence create special supramolecular or hierarchical or-
der phenomena. Blockcopolymers, micelle forming polymers, polymer based
membranes and similar topologies are in focus. These areas are strongly asso-
ciated with the current trend in materials science to emphasize the nanoscale
characteristics of such structures which is also of central interest to the ca. 15
contributions dealing with polymers covalently or by physisorption attached
to solid planar surfaces, the physical properties of the brush-like structures
formed, and pattern production found in the interaction of polymers with
surfaces.

It is somewhat sad to see that a classical field covered very well by the first 100
Volumes of this series has almost disappeared: the kinetics of polymerisation
reactions is only covered by less than 10 review papers which sheds light onto
the research situation where such studies have moved out of polymer science
and into the field of chemical engineering.

In conclusion, Advances in Polymer Science has emerged as the prime source
of relevant data and expertise presented in a critical form to all researchers in
the field of polymer science. It has reflected the changes in research targets and
research style in a precise and unambiguous manner and thus gives testimony
of a very lively and quite progressive field in constant change and motion. We
are anxious to see how the field will evolve as reflected in the next 100 Volumes
of this series.

Mainz, March 2006 Gerhard Wegner





Preface

Modern technologies often demand access to functional structures, mostly at
surfaces, at length-scales below 1 µm (1–100 nm). In various cases such struc-
tures must be ordered in a regular and tuneable fashion, while corresponding
systems must also exhibit specific physical properties. The fabrication of hierar-
chically ordered structures at multiple length-scales, which serve as functional
platforms, remains an experimental challenge. Such platforms, often based on
polymers, are important both for fundamental studies investigating relation-
ships between the nanostructures and the resulting physical properties, as well
as for promising (potential) applications. Examples where such nanostructures
are needed include faster and denser microelectronic systems, X-ray optics,
nanolithography, and bioactive surfaces.

Structural order across many length-scales can be created by using self-
organising materials, whose assembly is controlled and directed by various
molecular interactions (and their combination) as well as by external con-
straints. Self-organisation occurs from nanoscopic to macroscopic scales, con-
trolled by phenomena like microphase separation, adsorption or crystallisa-
tion. Ordered, nanoporous materials may be obtained in sol-gel processes or by
aggregation (crystallisation) of colloidal particles. Competing factors control-
ling structure formation include chemical differences, conformational entropy,
spatial constraints (molecular shape effects) and external (electric, magnetic,
hydrodynamic flow) fields. Supramolecular materials built from highly regu-
lar, molecular nanostructures characterized by specific chemistries, like func-
tional end-groups or molecular shape (flat objects, rods, spheres, tubules) may
possess interesting viscoelastic, electrical, or optical properties and may sensi-
tively respond to various external stimuli (sensors). Nanostructured surfaces
may exhibit highly selective interactions with molecules in the environment
and may act as biosensors.

Fundamental processes of nature work on the nanoscale rather than on
the microscale. In order to study these processes (self-assembly, aggregation,
ordering, etc.), as well as to mimic them, we must also perform our investiga-
tions on the nanometer scale, using well-defined, regular, tuneable and control-
lable systems. In corresponding mesoscopic devices we expect to encounter
new physical phenomena (increasing importance of intermolecular forces,
quantum effects, etc.), which may modify—or even govern—thermodynamic,
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mechanical, electrical and optical properties. Employing such molecular phe-
nomena may provide the following advantages for the fabrication of modern
devices based on ordered polymeric nanostructures:

Simplicity, as the system has the tendency to create such patterns in a self-
regulating way, based on intrinsic phenomena like self-assembly, microphase
separation, or morphological instabilities induced by intermolecular interac-
tions.

Accuracy, as the size of the molecules determines the characteristics of the
nanoscopic features.

Speed, as on molecular length-scales intrinsic intermolecular interactions
may be much more significant than external forces. Consequently, we expect
faster motion towards the equilibrium states.

What do we mean when we speak of nanostructures? Besides random (non-
ordered) structures (e.g., nanoporous surfaces) that are built up from nano-
meter objects (crystallites, elements of microphase-separated block copolymer
morphologies, etc.) we mainly consider ordered (symmetric, periodic, regular)
structures exhibiting structural hierarchy on multiple length-scales containing
sub-micrometer (molecular) features and order on a longer (e.g., micrometer)
length-scale. Accurate control of lateral position and orientation of these struc-
tures with nanometer precision is of crucial importance. A combination of sev-
eral processes (microphase separation, crystallisation, surface induced effects,
spontaneous formation of organised surface structures at nanometer scales,
hydrodynamic flow patterns, dewetting, etc.) guided by additional param-
eters (patterned substrates, temperature and field gradients) presents a highly
promising approach to obtain nanostructures. As we demonstrate in this vol-
ume, interdisciplinary investigations carried out by physicists and chemists, in
close collaboration with applied research, represent feasible pathways to reach
this goal.

An intensive search is underway for new, simple, fast and versatile routes
to create nanoscopically ordered patterns on surfaces. Several approaches
have been explored and many of them are based on polymers. The molec-
ular structure and functionality, hence also intermolecular (interchain) in-
teractions of polymers, can be “tailored”, which are essential factors guid-
ing the self-assembly process at the molecular level. The size of a polymer
(its molecular weight) can be varied, which provides a tuneable length-scale.
Block copolymers allow one to combine different properties (stiff and flexible
blocks, amorphous and crystalline (crystallisable) blocks, electrically conduct-
ing and insulating blocks, etc.) in a single molecule, thus introducing diversity
at a molecular level. Accordingly, polymeric nanostructures are precise at the
nanometer-level (size of the molecules), are flexible (different shapes such as
spherical or lamellar morphologies, as well as more complex architectures are
possible), allowing one to obtain various geometries (two-dimensional ver-
sus three-dimensional structures, circular versus linear patterns, assembly on
flat or curved substrates, etc.). Corresponding platforms can be fabricated in
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a highly reproducible fashion, encompassing fast processes. Other classes of
materials can be incorporated as well, e.g. a build up of metallic structures
(decoration) on patterned polymer surfaces by external means like evapora-
tion can be achieved.

Diblock copolymers composed of two chemically different molecules, chem-
ically linked together via one end, exhibit various morphologies (spheres,
cylinders, lamellae) at a molecular level, controlled by the size of the two
blocks and by their chemical nature. At surfaces, these morphologies are usu-
ally “masked” by the preferential segregation of one component to the surface
resulting in uniform surface properties and microdomains aligned parallel
to the surface. In order to nonetheless achieve patterning of the surface by
block copolymers, the substrate should be prepatterned on the length-scale of
the polymer, or coated with a thin layer of anchored random copolymers to
provide a neutral surface, equally attractive for both blocks. Application of,
e.g. high electric fields (or other orienting effects) allows one to also overcome
the surface effect and to align block copolymer morphologies perpendicular
to the surface. The use of more sophisticated architectures (such as triblock
copolymers, miktoarm star copolymers, etc.) can yield fascinating, novel and
complex morphologies. Mixtures of block copolymers and homopolymers
may also provide interesting micro- and nanostructures, and thus offer ad-
ditional routes for patterning. In addition, block copolymers allowing for
selective decomposition (either via oxidation, sputtering, ion beam etching
or appropriate temperature treatment) open possibilities to modify or to en-
hance the intrinsic nanostructures. Deposition of other materials (e.g. evap-
orating metals or semiconducting materials) onto such modified structures
open new pathways towards the fabrication of organic–inorganic nanostruc-
tures.

Making use of nanoscale phenomena such as self-assembly, we can build
designer systems with tailored, purpose-oriented properties, effectively com-
bining mesoscopic sciences with supramolecular chemistry. Employing these
phenomena in an “intelligent” way presents a highly promising approach
for putting together useful, modern and “smart” devices in inexpensive and
accurate ways. In addition to structuring, we must also consider the kinet-
ics of the corresponding fabrication processes. Depending on how fast the
molecules order, they may not be able to reach the thermodynamically pre-
dicted state and instead get “trapped” in metastable states. It is not obvious
if kinetic aspects favour order or rather produce disorder. As an additional
step, polymeric structures can be modified or treated using approaches like
selective degradation, as mentioned. This way the polymer patterns can be
sensitively changed in the vertical direction without modifying its lateral dis-
tribution.

Obviously, besides the attempt to answer fundamental questions, we are
also interested in taking advantage of the acquired knowledge in various ap-
plications. Thus, the use of engineered, nanostructured polymeric platform



XVI Preface

surfaces in the context of application-motivated problems in biomedicine, biol-
ogy, materials science and nanotechnology is treated by various contributions
in this collection of articles.

Mulhouse, France Günter Reiter
Enschede, The Netherlands Julius Vancso
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Abstract Nano-meter sized ordered structures emerge naturally in thin copolymer films.
Control of this order and in particular the orientation of copolymer mesophases is pos-
sible, for example by modifying substrate interactions. Near neutral surfaces lamellae
forming diblock copolymers are forced into a perpendicular order. Using the results of
Monte Carlo simulations, it can be shown that this effect is guided by the kinetic pathway
the system takes during the microphase ordering process. Microphase separation is prone
to defect structures, which inhibit long-range order required for potential applications
in nano-technology. A better understanding of the dynamics of the healing-out of de-
fects is necessary to allow us to develop procedures which can lead to long-range ordered
copolymer films. As an example, aspects of this dynamic in cylinder-forming copolymers
are discussed. Besides microphase separation, polymer crystallization presents another
possibility for the creation of soft-ordered systems. It is shown how crystallization in
diblock copolymers influences the microphase morphology in thin films and eventually
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leads to highly ordered surface patterns, which may be guided by external constraints
such as three-phase contact lines. Crystallization of polymer monolayers results in growth
patterns, which are controlled by temperature and polymer architecture. We present
a generic lattice model where the crystallization behavior of thin polymer films is linked
to the interplay between internal chain order and growth. Using this model we show that
anisotropy of the substrate leads to oriented dendritic growth patterns with order on
multiple length scales.

Keywords AFM · Block copolymers · Computer simulations · Long range order ·
Polymer crystallization · Striped substrates

1
Introduction

The formation of long-range ordered nano-structures at surfaces represents
one of the major challenges in nano-technology. Polymers are suitable to
reach this goal because of the nanometer range of their molecular extensions
and the diversity in which different and complex polymer molecules can be
provided by modern synthetic chemistry. In order to obtain ordered surface
patterns, the specific effects of confined geometries and surface fields come
into play. Moreover, ordered surface patterns are not necessarily equilibrium
structures but can emerge from non-equilibrium processes like meta-stable
states controlled by kinetic pathways. In fact, equilibrium states in thin poly-
mer films are frequently inhibited or difficult to obtain because of large
kinetic barriers between alternative non-equilibrium states and the optimal
thermodynamic state. Therefore, in the search for ordered structures in poly-
mer films one has to consider the role of non-equilibrium states and kinetic
pathways.

Surface patterns formed by block copolymers are considered as a promis-
ing means to create functional nanoscopic structures needed for the fabrica-
tion of miniaturized devices. However, a crucial step in order to approach this
goal and to make applications feasible is the formation of structures exhibit-
ing long-range order. Unfortunately, the mesoscopic patterns are prone to
defects as an already present very small perturbation can destroy soft-order.
To obtain long-range order several potential pathways have been proposed in
the literature, such as graphoepitaxy [18, 43], in-plane electric fields [29, 49],
temperature gradients [3], or directional solidification [40].

One of the main difficulties in obtaining long-range order of surface pat-
terns is due to the smallness of the interaction energies per chain arising from
entropic effects. Thus, significantly larger energies would provide much more
stable patterns. The energies involved in crystallization of polymers are much
stronger. However, here the formation of metastable structures, which can re-
lax and thus change in time, represents the main crux of this approach for the
formation of ordered surface patterns. Therefore, a profound understanding
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of the basic processes involved in polymer crystallization and means to dir-
ect the growth of polymer crystallization are needed to provide the necessary
control for obtaining long-range order.

Here, we will discuss physical aspects of structure formation in thin poly-
mer films induced by microphase ordering in diblock copolymers, pattern
formation in crystallizable polymer films, as well as the interplay between
both.

2
Copolymer Ordering at Surfaces

2.1
Overview of the Problem of Nano-Structure Ordering in Copolymer Films

Beyond a characteristic temperature TODT [14, 20], diblock copolymers self-
assemble into microphase-separated morphologies. The theoretically pre-
dicted equilibrium states of such ordered phases correspond to perfect super-
lattices with various symmetries depending on the volume ratio of both
blocks. In particular, lamellar (symmetric diblocks), cylindrical (asymmet-
ric diblocks), and spherical (strongly asymmetric diblocks) morphologies are
expected and have been observed [2]. For typical copolymers, the character-
istic length scale of these microphases is in the range from about 10 nm up
to some 100 nm. It is justified to say that in the bulk, microphase-separated
block-copolymers represent ordered nano-structures.

However, quite soon experimental studies showed that perfect long-range
order of these nanostructures is difficult to achieve. This is in particular true
for thin films, where methods such as shear alignment are not applicable [11,
29, 57]. The actual morphology of microphase-separated block-copolymers is
dominated by defects of various kinds [10]. Corresponding computer sim-
ulations have proved that only relatively low energetic efforts are needed to
form such defects, see also Fig. 1. In contrast, if one wants to heal out such
defects, a very high energetic effort has to be invested to allow for the ne-
cessary cooperative rearrangements of large parts of the sample. Typically,
disordered, poly-domain structures are dominating which have to be classi-
fied as meta-stable. The results of the energetic analysis of defect structures
from computer simulations of block copolymer mesostructures are illustrated
in Fig. 1. Here, using the bond fluctuation model (for more details see next
section), the interaction energy for defect structures is compared with per-
fectly ordered morphologies.

The situation becomes even more complex when these copolymers are in-
teracting with interfaces like in thin films cast onto substrates [16, 17, 24, 26,
30, 41, 53, 54]. Generally, at both interfaces (substrate, vacuum), preferential
wetting by one block occurs. For symmetric diblock copolymer chains, this
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Fig. 1 The figure shows results from large-scale computer simulations of symmetric
block-copolymers of chains made of 24 (12 + 12) monomer units using the Bond-
Fluctuation-Model (BFM) [4]. The left part displays a typical morphology of the ordered
phase as obtained from the disordered phase by step-wise increasing the interaction
strength (purely repulsive interactions) up to the indicated value. Structures containing
large defects can be observed. The periodic boundaries in the xy-direction (left and right
in the figure) allow for any orientation of the lamellae. Both, the top and the bottom in-
terface are reflecting for both types of monomers (ideally neutral interfaces). One can
observe a perpendicular order of the lamellae at both reflecting boundaries which coex-
ists with a different orientation in the center. Even after long relaxation times the defects
in the morphology are not healed out completely. The middle part of the figure shows
the plot of the interaction energy (Egitt) per lattice unit (measured in units of kT) for dif-
ferent values of the local interaction constant ε. The symbol ⊗ corresponds to the defect
containing structure (left picture), while the symbol � corresponds to a sample of com-
pletely aligned lamellae as displayed on the right. The full alignment has been achieved by
varying boundary conditions and subsequent relaxations. One observes that the gain in
surface tension (determining the interaction energy in the ordered state) is a tiny fraction
of kT which is completely irrelevant for the strongly segregated state. The additional sym-
bol • corresponds to lamellae oriented towards one interface, obtained by using a strong
selective attraction potential at this interface (picture not shown here)

preferential interfacial interaction will favor a morphology where lamellae
are oriented flat-on with respect to the substrate. Such order parallel to the
substrate is also expected for the case of cylindric morphologies. Typically,
such orientation of lamellae or cylinders parallel to the substrate also leads
to rough surface topographies (island-hole-patterns) as they are frequently
observed in thin films [6, 44]. For example, optical micrographs indicate that
perfectly smooth surfaces are difficult to obtain [1]. In the case of symmetric
block copolymers this effect is frequently attributed to the incommensura-
bility of the lamellar period with the film thickness. In some cases, however,
varying the temperature (and thereby changing the lamellar period as a con-
sequence of a temperature dependent interaction parameter) may lead to
comparatively smooth surfaces without island-hole patterns as can be seen in
Fig. 2.
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Fig. 2 Evolution of the surface topography, visualized by optical microscopy. Images
are from a thin film (approx. 140 nm) of PBh – PEO(3.7–3.6) for different temperatures.
a 120 ◦C, b 105 ◦C, c 88 ◦C, and d 75 ◦C. Lighter gray levels correspond to thicker regions.
Note the discrete changes of the gray levels. The images are 100×100 µm2 in size

Nonetheless, there are also strong indications that even smooth films do
not necessarily represent equilibrium situations as the actual surface topog-
raphy depends on the thermal treatment the sample has experienced. In fact,
the existence of corrugated block copolymer surfaces is difficult to explain
based on equilibrium arguments only. As for the case of defect structures,
island-hole patterns might reflect meta-stable states which energetically differ
only slightly from the ideally smooth surface states.

A route to achieve regular surface patterns in copolymer films is to reorient
lamellar or cylinder morphologies in the direction perpendicular to the sur-
face. Since one of the ultimate goals is to replace one or both polymer phases
by other materials such as metals, such ordered structures have to be acces-
sible from the free surface. In addition, in many cases a pronounced aspect
ratio (depth-to-lateral extension) is needed. Promising candidates for achiev-
ing such a goal would be lamellae or cylinders oriented strictly perpendicular
to the substrate. It was first shown by Russell and coworkers that strong elec-
tric fields can orient the interfaces of block-copolymers in the direction of the
external field. Applied to thin films it has been demonstrated that cylindrical
phases can be oriented almost perfectly in the direction perpendicular to the
surface [42]. Unfortunately, this method is very much restricted to cylindrical
morphologies since in the case of lamellar morphologies a second directing
process in the plane of the film is needed as we will discuss below.

It has been indicated by experiments that there is another way to achieve
perpendicular order even for films containing lamellar mesophases. The use
of substrate coatings made of random copolymers allows us to neutralize the
interactions of the two blocks with the substrate [16, 23, 25]. This leads to
perpendicular orientation of the lamellae in the vicinity of the so-prepared
substrate. It is worth noting that this effect is not simply related to some in-
commensurability between the lamellar period and the film thickness as has
been discussed by several authors, see [52]. Remarkably, perpendicular orien-
tation at neutral surfaces can persist against other orientations (e.g. induced
by the opposite surface) as has been suggested also by experiments [25]. Fur-
thermore, there are indications from computer simulations (presented below)
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that ordering at neutral surfaces can start before bulk ordering occurs. To
explain the preference of perpendicular lamellae at neutral surfaces, Pick-
ett, Witten, and Nagel [33] have discussed effects of nematic alignment of
monomers and stretching of chains at neutral walls. Beside equilibrium argu-
ments, however, it will be necessary to consider the pathway of the formation
of ordered microphases to gain deeper insights into the nature of the ordering
phenomena of copolymers at near neutral surfaces. In particular computer
simulations can be used to reveal the molecular origin of ordering of copoly-
mers at surfaces and in thin films.

2.2
Ordering of Symmetric Copolymers at Neutral Surfaces: Monte Carlo Simulations

The microphase separation of block copolymers has motivated many com-
puter simulational studies, see [8, 9, 15, 31, 58]. As a key result of these studies
deviations from mean field theory [20] have been observed early [9].

As pointed out already, at surfaces usually one of the species is preferred
and it is rather difficult to provide non-selective surface conditions. By con-
trast, neutral surfaces are a natural choice in computer simulations (using
reflecting boundary conditions) which are therefore most suitable to investi-
gate the effects discussed in the previous section.

To investigate and to understand the molecular origin of orientation ef-
fects near neutral walls, we have applied a large-scale Monte Carlo simulation
using the bond fluctuation model (BFM) [15, 45]. The simulation method is
illustrated in Fig. 3. The size of the simulated lattice is Lx × Ly × Lz = 100 ×
100 × 50 in lattice units. Periodic boundary conditions are applied in the
xy-direction and repulsive walls in the z-direction. The copolymers are sym-
metric (NA = NB) and have a total length of N = 16–48 repeat units. Repeat
units correspond roughly to Kuhn segments in real systems and are denoted
as monomers in the following. The lattice density is 0.6224 which corresponds
to a dense melt in the framework of the BFM. In total 37 344 monomers (cor-
responding to 1556 chains for N = 24) are simulated. The simulation starts
with an athermal equilibrated system which is cooled successively below the
ODT. Thus, the chains have to self-assemble into the ordered state. For further
details, see [45].

In marked contrast to the case of spinodal decompositions in polymer
blends (and also in contrast to the mean field theory of microphase sepa-
ration), the microphase ordering is preceded by a stretching process of the
chains. These findings concur with simulation results obtained earlier [9]. In
Fig. 4 we have displayed various measures of the extension of the individ-
ual copolymer chains, namely the mean distance between the center of mass
(COM) of both blocks, RAB, the radius of gyration of the total chain, Rg, and
the radius of gyration of a single block (which, by symmetry is the same for
A and B), RA. Our simulations indicate that the microphase separation pro-
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Fig. 3 In the BFM model each monomer occupies a unit cube in a 3D simple cubic lattice.
Bonds between monomers are taken in a range between 2 and

√
10 lattice units which

ensure cut-avoiding during local moves. In a Monte Carlo step a monomer is chosen ran-
domly and tries to move into one of the six possible nearest neighbor positions. The move
is rejected if the new lattice places are occupied by other monomers (excluded volume).
If the energy difference between the new and the old monomer position is positive, the
move is only accepted with the corresponding Metropolis rate. The interaction energy be-
tween different monomer species (A and B) is calculated in three shells around the given
monomer as indicated in the figure. We implement only repulsive interaction between
different monomer species. All other interactions are athermal

cess can be subdivided into two steps: First, stretching of individual chains
where both blocks are locally separated (“polarization” in terms of the spatial
separation of the two species within each chain). The chains can be thought
to be in a dumbbell-like form. Second, formation of long-range order formed
by “polarized” and stretched chains. Note that in the strongly segregated state
additional stretching of chains is much less dramatic, see Fig. 4. As a conse-
quence of this multi-stage process, the morphology of microphase-separated
copolymers should be affected by environment effects which influence the
stretching process of the chains during microphase separation. Along this
line, we argue that neutral walls provide an entropic surface field which fa-
cilitates stretching in the direction parallel to the wall and, therefore, the
formation of perpendicular lamellae near the walls. Our data even indicate
a surface transition, where pre-ordering of perpendicular morphologies at
neutral surfaces takes place before bulk ordering.

The above conclusions can be supported by analyzing separately the be-
havior of chains in the surface region and the bulk region, as displayed in
Fig. 5. Here, we consider a chain to belong to the surface region if at least
one monomer touches the surface. According to this definition a particular
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Fig. 4 The figure displays the change in the extensions of single symmetric block copoly-
mer chains during the process of microphase separation, i.e. upon increasing the strength
of the local interaction which is expressed by the scaling variable εN. Here, N denotes the
number of monomers per chain. The different chain lengths which have been simulated
are indicated by the symbols. The upper set of curves correspond to the mean distance
between the COM of both blocks, the middle set of curves correspond to the radius of
gyration of the whole chain, while the lower set of curves corresponds to the radius of
gyration of individual blocks. A good scaling behavior with εN can be observed for all
chain lengths. The ODT is located at about εN � 10.5, see [15]. Strong stretching of the
whole copolymer chains already takes place far below the ODT (upper curves). This is
accompanied by a weak contraction of each individual block (lower curves)

chain can change between surface and bulk region during the course of its
motion. We note that the simulation box is wide enough to allow for about
2/3 of N = 24 chains to belong to the bulk part. A snapshot of the surface
region is displayed on the right hand side in Fig. 5. In the left part of Fig. 5,
the end-to-end distance distribution G is plotted for surface and bulk chains,
respectively. Already in the disordered state, (a) and (b), the distribution of
the z-component (a) of G is much narrower for surface chains compared to
the distributions in the directions parallel to the surface (b). The logarithm
of this distribution is proportional to the free energy of a single chain with
a given end-to-end distance. Therefore, the peaked and narrow distribution
of the end-to-end distance, Fig. 5a, implies a higher force to stretch chains
in the surface layer in the direction perpendicular to the walls. This fact has
been verified explicitly in our simulations by applying an external force to the
chains [45].

Part (c) and (d) of Fig. 5 show the distributions for an interaction strength
slightly below the ODT. In the surface layer (Fig. 5c) only the directions
parallel to the surface are influenced. A fact which indicates the preferred
stretching of chains in the direction parallel to the surface. Moreover, for the
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Fig. 5 The end-to-end distance distribution G is plotted for chains in the surface layer
(upper two plots a and c) and for chains in the bulk (lower part b, d) for N = 24. Chains
belong to the surface layers if at least one monomer is in contact to a surface. In our
simulation box, about 2/3 of the chains have no surface contacts and are counted as
bulk chains. Since the distributions in the surface layer and also in the ordered state
are anisotropic we distinguish between the spatial components: � = z-direction, + = x-
direction, and � = y-direction. The distribution in the surface layer is clearly anisotropic
even in the disordered state ε = 0. The sharp (non-Gaussian) peak indicates a preferential
location of end-points close to the surface which is expected in dense polymer systems.
For an interaction constant close but still below the ODT (c, d) the surface chains already
display long-range order in the x-direction while the distribution of the z-component is
practically not influenced. By contrast, the bulk chains, (part d), are still isotropic but
stretching (without inducing any long-range order) is displayed by a broadening of the
distribution functions

parallel components we also observe the first signs of long-range order (dou-
ble peak behavior of the x-distribution) before bulk order is reached.

The morphology for a thin copolymer film is shown in Fig. 6 before and
after microphase separation, viewed through one of the repulsive surfaces.
Perpendicular orientation of lamellae is clearly obtained near the reflecting
and neutral surfaces. On the other hand, orientation is not perfect and the
long-range order of the two-dimensional lamellar morphology at the surface
is highly disturbed by defects, see Fig. 6.
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Fig. 6 The surface of the simulated films is shown before (left) and after (right) mi-
crophase separation for N = 24. The morphology in the ordered phase is dominated by
meta-stable defect structures

As we have shown, computer simulations give strong indications for an en-
tropic surface field which is the consequence of the anisotropy of the chain
fluctuations in the surface layer. Even without the presence of an additional
external field, this favors the formation of lamellae perpendicular to the sur-
face and explains the observation of experiments. It is worth noting that
perpendicular order is selected during the kinetic pathway of microphase
ordering, in particular during the fluctuation-phase below the ODT, where
the chains are stretched but no macroscopic order is created. This does not
necessarily require that perpendicular orientation is clearly preferred in ther-
modynamic equilibrium. However, once formed, there is an enormous free
energy barrier between perpendicular and parallel orientation of lamellae, so
that switching to parallel orientation is not observed.

As can be seen from the above discussion, the great challenge for the for-
mation of perfect, self-organized surface patterns is therefore to find ways
for creating in-plane long-range order of copolymer morphologies in thin
films. From the viewpoint of the physics of phase transitions, such long-range
order could be induced by nucleation and growth processes or, more gener-
ally speaking, by applying other non-equilibrium preparation methods such
as temperature and concentration gradients or zone-casting techniques [51]
in combination with neutralized substrates.

2.3
Ordering of Surface Patterns in Cylindrical Copolymers

In the last section we showed that the ordering of symmetric copolymers
faces two major problems: First, it is difficult to obtain perpendicular orien-
tation of lamellae. Second, in almost all cases long-range lateral order of the
periodic surface pattern is missing. The first problem can be solved by using
neutralized substrates. However, obtaining long-range lateral order remains
a difficult task. Here, we will turn to asymmetric copolymers, in particular
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to cylinder forming systems. When employing selective boundary conditions,
cylinder-phases ordered parallel to the surface will emerge. Although the use-
fulness of parallel ordered cylinder phases in nano-technology is limited (for
instance to preparing templates to form metallic nano-structures, here the
perpendicular order of cylinders is more interesting) in comparison to lamel-
lae forming systems the cylindrical geometry allows more easily the study
of the dynamics of long-range ordering [10, 13]. The aim of this section is
to present some results concerning the dynamics of the formation of long-
range order at the surface of thin asymmetric copolymer films starting from
non-equilibrium short-range ordered films.

For our experimental realization of a cylindrical geometry we used
a short asymmetric diblock copolymer of hydrogenated polybutadiene-
block-poly(ethylene oxide), PBh-PEO(3.7-1.1). We employed the phase con-
trast obtained by tapping mode AFM to visualize the mesophase pattern. The
advantage of short molecules is the relatively low viscosity which allows for
comparably fast rearrangements in the mesophase patterns. As in any such
block copolymer system, preparing thin films by spincoating results in poorly
ordered patterns containing many defects. However, annealing these films at
elevated temperatures provides a way of improving the order. We note that
our system consists of two highly incompatible blocks with a rather high
ODT. Thus, when annealing at temperatures as high as 200 ◦C, the system re-
mains in the two phase region. The increased mobility at high temperatures
allows the system to remove the defects and to establish increasingly larger
domains of perfectly aligned cylinders. In Fig. 7 we present typical images
demonstrating the evolution of order with annealing time. A large number
of defects which exist at the beginning (see Fig. 7A) is removed relatively
quickly and domains of well-aligned cylinders appear. Continuing to elimi-
nate defects at the domain boundaries leads to a growth in domain size. In
Fig. 7D the size of the domain is already larger than the size of the image. At

Fig. 7 Typical tapping mode atomic force microscopy phase images from a thin diblock
copolymer film PBh-PEO(3.7-1.1) showing the evolution of the pattern during annealing
at 180 ◦C. Annealing time for A and B 5 min, C 30 min, and D 120 min. The insets gives the
corresponding Fourier transforms. The size of the images B, C and D is 1×1 µm2. Image
(A) is a zoom-in on (B) with the size of 300×300 nm2
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Fig. 8 The Fourier transform shown in part A is taken from Fig. 7D, showing two rather
narrow reflexes. The scheme of part B indicates how the width ∆Φ of these reflexes has
been determined for a fixed radius R

the longest annealing times at the highest temperatures used (i.e. 200 ◦C) we
observed domain sizes of up to 5 µm.

We characterized the temporal evolution of the patterns by determining
the angular width ∆Φ of the reflexes of the Fourier transforms of the AFM
phase images. In Fig. 8 we give a schematic representation of the definition
of ∆Φ and in Fig. 9 we give an example for how ∆Φ was measured. Along
this definition we would obtain for a completely random orientation of the
cylinders ∆Φ = 180 degrees. In Fig. 10 we show that in the course of an-
nealing ∆Φ changes initially rather quickly but with the increase in domain
size the evolution slows. From our experiments we conclude that the align-
ment of cylinders can certainly be improved by simply annealing the sample.
However, perfect order over large distances is extremely difficult to obtain as
the healing out of defects involves rearrangements of progressively larger do-

Fig. 9 Intensity (in arbitrary units) of the Fourier transform shown in Fig. 8 for a fixed
radius R as a function of the angle Φ. Data points are the results directly obtained from
the Fourier transform, the full line represents a smoothed curve obtained by adjacent
averaging. The width ∆Φ of the distribution is taken at half-height of the peaks
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Fig. 10 Width of distribution, see Fig. 8, plotted as a function of annealing time

mains which accordingly need more time. Order on areas of some µm2 may
be obtained quite easily by annealing. However, to achieve such order over
reasonable time scales is only possible if the incompatibility of the two blocks
is high and the viscosity of the polymer is low.

3
Crystallization Effects in Copolymers

Crystallization presents a promising way to bring high and long-ranged order
to surface patterns of block copolymer mesophases. One has to note that
the typical energies involved in “soft-ordered” polymers such as microphase-
separated copolymers are of the order of several tens of kT per chain. For
chains made of 10000 monomers this yields a typical interaction energy of
only a few 10–3 kT per monomer. Compared to the energy of thermal fluctua-
tions (kT) this value is extremely small. Consequently, polymer morphology,
even in strongly segregated block-copolymers, is dominated by thermally
controlled conformational statistics. On the other hand, these conforma-
tional degrees of freedom will be strongly reduced by crystallization pro-
cesses which lead to well-ordered crystal lattices. Thus, crystallization forces
are incomparably stronger than the typical forces in microphase-separated
amorphous polymers. As a consequence, the morphology of copolymer
systems can be completely changed by crystallizing one or more compo-
nents [12]. In addition, one has to take into account that crystallization of
polymers involves a hierarchy of ordered structures crossing a multitude
of length scales, starting from the crystal unit cell, over nanometer-sized
crystallites up to hundreds of microns for spherulites. In block copolymer
systems, these length-scales are superposed to, and sometimes in competi-
tion with, the mesoscopic structures due to the interaction (incompatibility)
of the blocks. Consequently, crystallizable block copolymers in thin films or
at surfaces present interesting systems for the creation of patterned substrates
exhibiting multiple length scales.
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3.1
Varying Lamellar Spacings by Crystallizing Block Copolymers
at Different Temperatures

In Fig. 11 we show an AFM image of the surface of a weakly asymmetric block
copolymer (PBh-PEO(3.7-2.9)), where the PEO component is in the crys-
talline state. There, the most spectacular result is represented by the parallel
line pattern visible in the phase image. These lines are supposed to represent
vertically oriented lamellae which are separated by a well-defined distance
of 22 ± 1 nm, a value of the order of the size of the molecules. We have to
conclude that the molecules formed lamellae which are oriented vertically
with respect to the substrate. The difference in viscoelastic properties (the
crystalline PEO domains are much harder than the liquid PBh domains) is
responsible for the contrast in the AFM phase image. Interestingly, the ver-
tical lamellae resulting from the crystallization process were preferentially
aligned along the borders of dewetted regions. The perfectness of this align-
ment could be even further improved by reducing the crystal growth rate,
i.e. by crystallizing at higher temperatures. We note that the spacing between
these lamellae is highly constant and not dependent on film thickness.

The morphologies of polymer crystals (and the corresponding lamellar
spacings) generally represent meta-stable structures which are always sig-
nificantly affected by the kinetics of the crystallization process. We inves-
tigated this influence of the growth kinetics by varying the crystallization
temperature and thus the crystal growth rate. In Fig. 12 we compared typ-
ical results for four crystallization temperatures Tc differing only by a few

Fig. 11 Typical tapping mode atomic force microscopy images from a thin diblock copoly-
mer film PBh-PEO(3.7-2.9) crystallized at 35 ◦C, taken close to a three-phase contact line
(visible in the upper left corner) created by a dewetting process which occurred in the
molten state. Topography and phase contrast are shown. The size of the images is 2×
2 µm2. The maximum height is 150 nm. Phase contrast reflects the different viscoelastic
properties between the hard crystalline PEO and the soft amorphous PBh regions, indi-
cated by “lines” with light and dark shades of gray, respectively. A characteristic distance
of about 22±1 nm, caused by the sequence of “hard” and “soft” regions, can be seen in
the phase image. This suggests that the lamellae were oriented vertically
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degrees. A small change in Tc, from 38 ◦C (part A of Fig. 12) to 45 ◦C (part C
of Fig. 12), resulted in a doubling of the characteristic spacing. For Tc between
20 ◦C and about 40 ◦C we observed a spacing of about 22±1 nm. Increasing
Tc to 48 ◦C led to the complete loss of a characteristic separation distance be-
tween lines of low and high stiffness, as demonstrated in part D of Fig. 12.
It should be noted that at 48 ◦C the topography image (not shown here, see
Figure 9 of [34]) and the phase image were clearly correlated. In particular,
depressions between stripe-like features appeared as dark lines in the phase
image while the stripes (independent of their width!) are represented by uni-
formly light parts.

On the basis of simple geometric arguments (we know the number of the
monomers and their size in the crystalline state as well as the lamellar spac-
ing observed by AFM) we conclude that for temperatures up to about 40 ◦C
we have once folded interdigitated PEO blocks (sandwiched between PBh
layers) resulting in a repeat period of about 22 nm. This value has to be re-

Fig. 12 Comparison of AFM phase-images for thin films of PBh-PEO(3.7-2.9), crystallized
at different temperatures: A 38 ◦C, B 41 ◦C, C 45 ◦C, and D 48 ◦C. The size of each image is
400×400 nm2. The characteristic spacing increases from A 22±1 nm to B 34±1 nm and
C 44±1 nm and is lost for D. These spacings can be related to different levels of chain
folding as indicated by the sketches α, β, γ , δ. While α, β and γ can explain the spacing
in A, B and C, respectively, δ can probably not be realized due to unfavorable, or even
impossible, strong stretching of the amorphous block. Thus, D is probably due to the
re-orientation of the vertical lamellae of C into a horizontal alignment. Such alignment
allows for lateral spacings of any width which are not related to the size of the molecules
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lated to the maximum length of the fully extended crystalline block alone
which is 18.4 nm. For one fold we thus obtain a length of 9.2 nm for the PEO
block. Taking into account that the lamellar period L consists of amorphous
and crystalline layers (ABA sequence), and further assuming that the PEO
blocks are interdigitating we obtain a value between 20–25 nm for L, depend-
ing on the conformation of the PBh block. At higher temperatures the system
starts to remove the fold and eventually, at around 45 ◦C (growth proceeds
at a speed of less than 1 nm/sec as this temperature is only about 9 degrees
below the melting point), and we end up in a state of fully extended but in-
terdigitated PEO blocks with a length of 18.4 nm. In Fig. 12 we have sketched
these ideas.

In contrast to molten (amorphous) systems, the resulting lamellar spacing
in the crystalline state cannot simply be described by thermodynamic argu-
ments alone. It also depends strongly on the kinetics of the crystallization
process. As long as the equilibrium between the loss of entropy due to the
stretching of the PBh blocks and the gain in crystallization energy of the PEO
blocks is not obtained, the amorphous PBh blocks have no possibility to con-
trol the number of folds of the PEO blocks. In such a case, the PEO blocks
crystallize more or less unaffected by the PBh blocks. Thus, crystallization of
the PEO blocks sets the lateral separation of PBh-PEO(3.7-2.9) junction points
and thus controls the degree of stretching of the PBh blocks. The fact that the
patterns evolve with temperature (Fig. 12) proves that the once folded state
at low temperatures is NOT an equilibrium state but is the result of the ki-
netics of the crystallization process. The equilibrium situation is most likely
obtained if crystallization takes place very slowly at a temperature only a few
degrees below the equilibrium melting temperature.

3.2
Individual Crystallization and Melting of Polymer Nano-Crystals
in Spherical Domains of a Block Copolymer Mesostructure

In another set of experiments we used the asymmetric block copolymer PBh-
PEO(21.1-4.3), where PEO presents the minority phase of about 17 volume
percent and forms spherical cells with a diameter of about 12 nm. A typical
AFM image of the surface of a thin film prepared from this polymer is shown
in Fig. 13. The first point to realize is the ability of the AFM phase mode to
distinguish even between two liquid polymers, the liquid PEO cells embedded
within the liquid PBh matrix.

The key question we aim to answer is how crystallization proceeds under
such extreme confinement. One has to realize that within such small spherical
cells with a diameter of about 12 nm only about 145 PEO blocks each hav-
ing about 100 monomers are contained. In addition, each block is attached
to a much longer amorphous block forming the confining matrix around
the PEO cells. Previous experiments [21, 22] already showed that the overall
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Fig. 13 AFM topography a and phase b images showing the surface of an about 100 nm
thick PBh-PEO(21.1-4.3) film. While the film is rather smooth (the maximum height vari-
ation is 8 nm), the different viscoelastic properties of PBh and PEO allow us to identify
the distribution of the two blocks in the hexagonally packed mesostructure of spherical
PEO cells in an amorphous PBh matrix. The size of the images is 500×500 nm2. The in-
set in b shows a magnification of a 65×65 nm2 section of b with one PEO cell indicated
schematically

growth kinetics of highly asymmetric block copolymers forming spherical or
cylindrical mesophases differs qualitatively from the kinetics in unconfined
geometries. As crystallization did not destroy the mesophases, it was con-
cluded [21, 22] that crystallization was initiated by homogeneous nucleation,
separately in each compartment. However, until now it was not possible to
verify by direct visualization of the crystallization process if nucleation was
really independently occurring in each compartment.

Employing tapping mode AFM phase contrast to distinguish between crys-
talline and amorphous cells, we observed in direct space that crystallization
occurred in a random manner, cell-by-cell (see Fig. 14). Systematic AFM ex-
periments [35] using samples held at – 23 ◦C for increasing times showed that
the fraction of crystalline cells increased with crystallization time, following
a relation which can be approximated by n = n∞(1 – e–t/τ ). Here, n∞ and

Fig. 14 AFM phase images (1× 1 µm2) showing the variation in the number and the
distribution of crystalline cells in a thin PBh-PEO(21.1-4.3) film after crystallization at
– 23 ◦C for a 5 min, b 15 min, and c 120 min, respectively. d Shows the percentage of still
remaining molten cells as a function of time of crystallization
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Fig. 15 Controlled melting of crystalline PEO cells with an AFM tip. a – Schematic draw-
ing of tip-crystalline cell contact at high tapping force. b – AFM phase image (1×1 µm2)
showing a rectangular pattern sketched on the sample surface by local melting of the
crystalline cells under the tip. The phase contrasts have the following meaning: light dots
= crystalline cells, dark dots = molten cells, intermediate contrast = amorphous PBh ma-
trix. c – AFM phase image (200× 200 nm2) showing brighter PEO cells at the boundary
between crystalline and molten region which may correspond to an increased size or
better-ordered crystals inside these cells

τ are the maximum fraction of crystallizable cells and a characteristic time
of the process, respectively. Fitting this equation to the data at early times
yielded τ = 35 min. No discernible indications of any correlation or coup-
ling between cells could be found. Crystallization of one cell did not induce
crystallization of neighboring cells. Our results demonstrate that the prob-
ability for nucleating a crystal in a cell is not visibly affected by the state
(either molten or crystalline) of the neighboring cells. Thus, at all densities of
crystalline cells, the PEO spheres crystallized independently, with a random
spatial distribution of the cells.

As we show in Fig. 15, the independence of the individual crystalline cells
can also be tested by local melting via a hot AFM tip. Under appropriate con-
ditions (see [56] for more details), only crystalline cells in direct contact with
this hot tip melt while neighboring cells stay crystalline.

4
Polymer Crystallization in Ultra-Thin Films:
Diffusion Controlled Pattern Formation and Morphogenesis

While the above results demonstrated that crystallization can establish long-
range order in diblock copolymer films, a complete understanding of the
underlying ordering processes is still lacking. In particular, the pathways
polymers follow during crystallization represent a longstanding but still in-
tensively debated phenomenon. In order to shed more light onto these order-
ing processes, fundamental studies on simplified systems—e.g. monolayers of
homopolymers—have been performed.

Here, we first present a brief description of the theoretical model and
corresponding simulations which provide us with a solid basis for the under-
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standing of polymer crystallization in quasi-two dimensions. Simultaneously
performed experiments on ultra-thin films (monolayers) of rather short
polymers, obtained by autophobic dewetting in thin PEO or PS-PEO(3-3)
films [36–38], will be presented subsequently.

Crystallization of homogeneous polymer films leads to structuring of the
film. When the film becomes thinner than the characteristic length-scale of
the polymer chains, various diffusion-controlled crystallization patterns can
be observed. This is due to the fact that crystalline lamellae in such ultra-thin
films grow within the surface plane (i.e. flat-on), with the crystalline stems
oriented upright. Short chains, which are strongly adsorbed before crystal-
lization, have to desorb partially and subsequently stretch out considerably
during crystallization. As a result, locally a significant jump in area density is
observed. This desorption-crystallization process of short chains in ultra-thin
films is sketched in Fig. 16.

In order to obtain a deeper understanding of the formation and the result-
ing properties of the patterns obtained, we have developed a generic model
which reflects the basic features of the complex growth and reorganization
processes of polymer crystallization. Here, the qualitative model proposed in

Fig. 16 Sketch of the crystallization process of short chains which are flatly adsorbed onto
a substrate. Crystallization is started by heterogeneous nucleation which is usually real-
ized by thicker parts of the film such as the rim of the region surrounding the polymer
monolayer. An order parameter can be defined as the ratio of the area per chain occupied
before and after crystallization, see lower part of the figure
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Fig. 16 is casted into a simple but quantitative lattice algorithm. The basic
idea is that individual chains successively increase their internal order (char-
acterized by the degree of chain folding) during the crystallization process.
The more the chain is ordered (the fewer folds it has) the lower is the sur-
face area needed for this chain. The ultimate degree of order is represented
by the completely stretched chain which only occupies a surface area propor-
tional to the cross-section of one stem a0 (area of a crystalline unit cell), see
Fig. 16. Let A0 be the area of the corresponding liquid chain, flatly adsorbed
onto the surface. Then, M = A0/a0 ∼ N � 1 chains can occupy the same area
A0 in the crystalline state. By contrast, in a simple growth model [27] the area
per particle remains constant and it is the original dilution of particles which
is responsible for the various diffusion-controlled patterns [28, 55].

The key difference between polymer crystallization in quasi-two dimen-
sions and simple growth processes is the additional possibility to change the
internal degree of order of polymer chains in the crystalline phase which
is expressed by the local jump in the area density. Even when the starting
point is a dense polymer monolayer, this process leads to diffusion-controlled
growth because the gain of free surface area by each crystallization event will
effectively dilute the system after a small period of growth. The simplest gen-
eralization of the original lattice models for diffusion controlled growth [27]
is therefore a model which allows for multiple occupation of lattice cells in
the crystalline state. Such multiple occupation exactly reflects the increase of
internal chain order during the polymer crystallization process. In our algo-
rithm we map the internal chain order onto the multiple occupation number
of lattice cells in the crystalline (aggregated) state. Two parameters control
the behavior of our model in its simplest version: First, the energy of crys-
tal bonds which has to be overcome if a chain detaches from the crystal or
changes its internal state by reorganization. We represent this effect by a tem-
perature variable T = – E/ ln p0, where E is the binding energy per ordered
unit and p0 is the probability to jump against such a barrier in a Monte
Carlo simulation. Second, the (mainly entropic) resistance of a chain to in-
crease its internal degree of order, i.e. to remove chain folds. Since chains do
not spontaneously orient and stretch, such a transition must compete with
the higher entropy the chains have in the disordered, molten state. The mi-
croscopic (molecular) origin of this barrier is rather complex and involves
various effects such as a possible pre-ordering of chains adsorbed at the crys-
tal growth front, precursor states or some other mesomorphic states which
are locally established before the chains “lock-in” to the crystal phase [32, 48].
Since our model is established on a length scale larger than the individual
segments we don’t have to account for all these details. We rather assume
that all these aspects can be represented by a single barrier parameter which
reflects the major properties of the disorder-order transition within a sin-
gle chain. Such simplification implies a certain universality of the polymer
crystallization process, representing a non-equilibrium growth and reorgani-
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zation process. In the simplest version of our model we assume a constant
barrier parameter pS for increasing the cell occupation number by one, i.e. for
increasing the order of the chains by a quantity proportional to the size of one
lattice unit occupied by an adsorbed chain. The model is sketched in Fig. 17.
For more details, see [46].

Both model parameters T and pS influence the morphology of the crystal.
In Fig. 18 we show a few realizations of the growth model obtained by varying
the crystallization temperature and keeping the entropy barrier constant. The
most impressive feature resulting from the increase in crystallization tem-
perature is the widening of the finger structures. This effect is much more
dramatic than the thickening of the lamellae caused by the higher internal
order (stretching) of the chains.

Another interesting feature of the growth processes, including the possi-
bility of internal reorganization (improvement of order), is the appearance of
inhomogeneous surface profiles of the crystals. In Fig. 19 we display a three-
dimensional view on a part of the growth pattern shown in Fig. 18c. A strik-
ing observation is that high rims at the edges surround the more folded

Fig. 17 Lattice model for the crystallization of polymers in quasi-two dimensions. The
scale of coarse graining corresponds to the size of a whole polymer chain in the adsorbed
state and is represented by one lattice site. In the disordered, liquid state the chains can
diffuse freely subjected only to the excluded volume conditions. In order to enter the crys-
tal phase, the chain has to be stretched which is modeled as a multiple occupation of
lattice cells. Here, more than one chain (all assumed to have the same degree of order)
have to share the same lattice site. Internal ordering of chains can take place only against
a barrier probability of pS. The binding energy of chains in the crystalline state depends
on the degree of order of the neighboring chains on the lattice. If a chain reaches a high
internal order within a surrounding having at least the same degree of order, it is un-
likely for it to melt again. The average degree of order (which corresponds to the crystal
thickness) is a meta-stable, self-organized parameter. The meta-stability of this state is
not only reflected by the average degree of order (average thickness) but also by the
morphology of the growth structure. We note that our model is able to reflect thermal
reorganization processes during and after growth
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Fig. 18 A series of growth morphologies for different temperatures is displayed. The en-
tropic barrier is set to pS = 0.6, a value which allows for considerable reorganization
processes, as they are observed also in experiments. Increasing the temperature leads not
only to thicker lamellae but also to much wider finger structures. The interplay between
the internal ordering (chain stretching) and morphology changes represents the key for
the understanding of structure formation in polymer crystals

Fig. 19 The surface topography of the simulated crystal is displayed. The elevations at the
edges of the finger structures are in a state of higher order compared to the interior of the
crystal. This effect is caused by the higher mobility (fewer nearest neighbors) of chains at
the boundary of the crystal which makes them prone to reorganize towards a more stable
state

chains in the interior of the crystal. The dynamic origin of this effect is easy
to understand in terms of our model: towards the end of the crystallization
process the density of free chains decreases. Thus, the growth rate decreases
and reorganization processes become more important. This concerns in par-
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ticular the chains directly at the crystal edge which have fewer crystalline
neighbors than within the crystal lattice and therefore can change their state
more easily. Consequently, the boundaries “self-anneal” and confine the inte-
rior of the crystal. Such morphologies are very stable in the simulation model
and appear for various choices of parameters. As one particular result of this
process, hole-rim patterns can be obtained when the crystal has grown under
strong under-cooling, leading to comparatively thin and unstable lamellae.

After the observation of such morphologies in our simulations, close in-
spection of the experimental results allowed us to confirm that the corres-
ponding states are also found in experiments. In Fig. 20 we show a few results
for PEO-2k and PS-PEO(3-3) systems which show the typical surface morph-
ology as expected from the simulations. It has to be noted that single crys-
tals surrounded by elevated structures and hole formation within crystalline
structures have been observed also for other systems, see for instance [50, 59].

These reorganization processes represent a form of morphogenesis which
we can observe directly after growth or after long relaxation times. They are
only a first indication of the potential of reorganization of polymer crystals.
If we increase the temperature close to (but still below) the melting point,
morphological transformations are accelerated and additional morphologies
can be observed. In Fig. 21 the result of such reorganizations induced by
a temperature jump is presented. Here, we started from the growth pattern
already displayed in some detail in Fig. 19. The applied temperature jump

Fig. 20 Experimental evidence for elevations (less folded states) at the edge of the crystalline
domains and for the “rim-hole” patterns related to the predictions of the simulation model.
The left part shows the formation of high elevations at edges and rim-hole patterns in short
chain PEO-2k crystals after long relaxation times at room temperature (RT). In the right part,
analogous morphologies are obtained by annealing two-dimensional PS-PEO(3-3) crystals.
Basically, the copolymer shows the same properties as the homopolymer. However, the non-
crystallizable polystyrene block affects the ordering process of PEO chains in the crystal and
therefore influences both the entropic barrier and the melting enthalpy (expressed by the
effective temperature T in the simulations)
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Fig. 21 a Three consecutive stages during growth. All times are given in units of 1000
Monte Carlo Steps (TMS). The last picture in the first row corresponds to the pattern
shown in Fig. 19. It serves as the starting point for the annealing process. Different values
of the order parameter are coded in the gray scale. Completely stretched chains cor-
respond to black dots on the lattice. b Morphogenesis for six different times after the
temperature jump shown in c. The evolution of the internal energy (negative number
of interacting units per lattice place) is displayed in d. The arrows indicate the times
where the morphology snap-shots of b have been taken. Two characteristic stages of
morphogenesis are magnified

is shown in Fig. 21c. The most remarkable finding is the non-monotonous
change of the internal energy, U, of the non-equilibrium system which is
shown in Fig. 21d. At short times after the temperature jump, U increases
due to detachment of chains at the edge of the crystal as a result of the
changed attachment-detachment probability of the higher temperature. How-
ever, already after a rather short period of time, U displays a maximum
(Max I) and then turns to decrease. The second picture in Fig. 21b shows
the reason for this behavior: the temperature jump also accelerated processes
in the interior of the finger structures, which locally improved the internal
order (local increase of the height of the lamella) leading, in turn, to the
formation of holes within the crystal. This “hole-rim” phase is a first meta-
stable morphology caused by annealing. After an additional period of time
the gain in U by improving chain order can no longer compensate for the
still continuing loss in U by detaching chains at the periphery of the crys-
tal. The internal energy starts to increase again. The third picture in Fig. 21b
represents the time range of the morphogenesis where the internal energy
shows a minimum (Min I). At later times, the fingers are broken up into
fragments. The structure starts to decompose as shown by the fourth pic-
ture of the annealing series. At even longer times, a third process sets in
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which stops the structural decay. Parts of the remaining crystal structure take
advantage of the locally higher concentration of chains ( a consequence of
the transformation of the original morphology) and start to form compact
droplet-like patches which are more stable in the high temperature environ-
ment. The transition to more compact structures is reflected by a second
maximum (Max II) in the internal energy. This droplet phase is the sec-
ond meta-stable morphology caused by annealing. The droplets show various
dynamic features such as surface diffusion, shape fluctuations and, coales-
cence processes which drive the evolution towards even larger and more
stable structures (and lower internal energy). Note that the decrease of in-
ternal energy corresponds to an entropy increase of the heat bath, while the
decreasing energy must be accompanied by an increasing disorder of the sys-
tem. The droplet phase shows a liquid-like behavior at large length scales
(shape fluctuation, coalescence) while at small length scales it corresponds
to the state of highest ordered (fully stretched) chains. For more details,
see [47].

Such liquid-like behavior at large length scales of crystallized polymers
can be observed directly in experiments on PEO monolayers as we show in
Figs. 22, 23 and 24.

The morphogenesis observed in simulations, and confirmed in experi-
ments, proposes also novel interpretations of old experimental facts such as
the “double peak” behavior of melting curves obtained in DSC experiments
at constant heating rates [47]. Our studies on crystallization of quasi-two di-
mensional crystallization processes therefore provide new insights into the
process of polymer crystallization in general.

Fig. 22 Morphological transformations visible in a monolamellar crystal of PEO-7.6k
grown at 35 ◦C for 10 min a before and b after the sample was annealed for 5 min at 45 ◦C.
The size of the images is 5× 5 µm2. Note the tendency for transformation of the tree-
like shape of the fingers into an arrangement of circular (droplet-like) structures with
a slightly higher region at the periphery. The defect zone in the right lower corner served
as a marker for an unambiguous identification of the investigated area even after anneal-
ing. This allows us to follow the pathways within the “fingers” the system has chosen for
the relaxation of the folded chains
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Fig. 23 Typical results obtained by tapping mode AFM for the relaxation of crystalline
PEO-7.6k mono-lamellar crystalline domains. The size of the images is 1×1 µm2. a After
crystallization at room temperature RT = 25 ◦C, b 5 min/43 ◦C, and c 5 min/54 ◦C. In-
creasingly darker shades of gray cover a range from 0 to 50 nm in height. Please note
that the width of the slightly higher region at the periphery is increasing with anneal-
ing temperature. At the same time the tree-like shape transformed into an arrangement
of circular (droplet-like) structures. Typical cross-sections corresponding to images a, b,
and c are shown below. Note the elevations at the edges (marked with arrows) and the
different heights of the crystalline domains

Fig. 24 Annealing close to the melting temperature: Tapping mode AFM images, meas-
ured at room temperature, showing the morphological changes induced by anneal-
ing finger-like patterns resulting from crystallization of monolayers of PS-PEO(3-3) in
a pseudo-dewetted hole (substrate is light, fingers are dark). a Directly after crystallization
at 45 ◦C, b after annealing for 1 min at 55 ◦C and c after annealing for 1 min at 56 ◦C. The
size of the images is 10×10 µm2

5
Search for Ordering by Crystallization onto Patterned Substrates

The “finger-like”structures which we have discussed in the last section do
not show any orientation. Here, we consider the possibility to obtain ordered
structures from growth processes using anisotropic substrates. Such substrate
properties can be achieved by patterning the surface with periodic or aperi-
odic arrays of stripes (lanes) with an alternating affinity with respect to the
adsorbed chains as shown in Fig. 25. Similar pre-patterned substrates have
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Fig. 25 A striped surface is modeled by a periodic surface potential V(x) which defines
the interaction between a polymer chain and the surface. Polymers deposited onto the
substrate will concentrate in the lanes of higher affinity. If a chain changes from a lane
of higher affinity to a lane of lower affinity, a potential barrier u has to be surmounted.
On scales larger than the periodicity a of the stripe pattern the diffusivity becomes
anisotropic. In our simulations we use 400 lanes with a period of 12 lattice units and
a width of 6 lattice units per lane

been recently used to obtain highly ordered copolymer soft-order [39]. Our
simulation model for polymer crystallization is perfectly suitable to test the
possibility to align polymer crystals, to investigate the resulting morphologies
and to optimize the parameters. A deeper understanding of the underlying
physical processes can help further to develop new strategies for creating
ordered nano-structures using polymer crystallization.

In the subsequently shown simulation results we considered a setup as
sketched in Fig. 25. The preferred growth of the crystals is along the lanes of
higher affinity but the period of the stripe pattern is so small that exchange of
chains between different lanes is indispensable. As a consequence, the trans-
port properties differ according to the direction of the displacements: fast
diffusion along the lanes, denoted by D, and slow diffusion crossing the lane
boundaries, denoted by D⊥. Crystallization now proceeds in the direction
along the lanes which is induced by a nucleation line oriented perpendicular
to the lanes. The difference in property between low and high affinity lanes is
introduced by a potential barrier u, see Fig. 25. If a particle tries to enter into
a region of low affinity, the necessary move is accepted only with a probability

p⊥ = e–u/kT . (1)

In the following we restrict our discussion to the case of p⊥ = 0.2. For more
details, see [7]. The initial coverage of the lattice has to be smaller than unity
which corresponds to an incomplete occupation of the low-affinity lanes.

In Fig. 26 we compare the growth patterns for our striped substrate with
the corresponding isotropic (non patterned) substrate. It can be seen clearly
that both morphologies are quite different. While on the non-patterned sub-
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Fig. 26 A snapshot is shown of the crystal morphology obtained after 64 000 MCS (64
TMS) for the pre-patterned substrate (lower part) compared to an isotropic substrate
(upper part). The model parameters are pS = 0.6, p0 = 0.25 with an initial melt cover-
age of 2/3. With our choice of p⊥ this gives an initial occupation of 0.5 and 0.83 for the
low-affinity lanes and the high-affinity lanes, respectively

strate the growth results in thick fingerlike structures, the patterned surface
exhibits highly directed anisotropic needle-crystal growth for which the main
branch of each crystal is located on a high affinity lane. Although side branch-
ing occurs frequently, these branches are always much less developed in
comparison to the main branch. The dominance of the main branch results in
forward oriented growth of each crystal. Note that in contrast to the isotropic
substrate where a significant amount of free polymers are still present, the
free particle reservoir on the pre-patterned substrate is almost completely
exhausted. This demonstrates the faster and more efficient growth under
anisotropic diffusion conditions.

The possibility of crossing lanes is responsible for the instability (side-
branching) of the growth front. The faster growth along the lanes where no
potential barriers have to be surmounted leads to preferential orientation
of the fingers in the direction of higher mobility. In addition, the compe-
tition between neighboring growing fingers for available free molecules is
responsible for a hierarchy of characteristic length scales in the direction per-
pendicular to the growth direction. In this competition some crystals survive.
The distance between these surviving crystals displays a characteristic length
scale as indicated by the structure function in Fig. 27. The structure function
is calculated in the direction perpendicular to the fingers for different dis-
tances from the seed (starting point). As can be already seen in the lower part
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Fig. 27 Structure function S(n) in the direction perpendicular to the fingers as a function
of the index of the wave number q = 2πn/L (L – lattice size). The different curves corres-
pond to measurements at different distances from the seed (starting point) as indicated in
the figure in lattice units. With increasing distance to the seed the maximum gets sharper
and is shifter to the left, i.e. to larger distances

of Fig. 26, a gradient pattern is obtained as a result of the competition for free
chains. Close to the seed almost all high affinity lanes are crystallized. Later
on, during growth fewer and fewer of these crystals survive. Exactly this effect
leads to the shift of the maximum of the structure function in Fig. 27 when
taken at larger distances from the seed. Moreover, a closer analysis reveals
that the distribution of surviving fingers is not random [7], that is the dis-
tance between growing crystals becomes larger and more periodic (regular)
as growth proceeds. This is also reflected in Fig. 27 by the sharpness of the
peaks at distances of more than 100 lattice units from the seed.

To conclude, we have shown that on a pre-patterned substrate the com-
petition between growing crystals for the surrounding melt chains leads to
characteristic, well defined, and to some extent even regular and ordered
crystal morphologies. For the growth parameters used in this work, these
morphologies are characterized by periodic features which are an order of
magnitude larger than the initial periodicity which was imposed onto the pat-
terned substrate. To us, the use of anisotropic substrates seems to represent
a promising way to create regular surface structures based on fast, diffusion
controlled pattern formation processes.
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6
Conclusions

It was the aim of this work to highlight a few aspects of spontaneous pat-
tern formation in thin polymer films with the focus on the formation of
long-range ordered nano-structured surfaces. Here, we have focused on two
aspects: microphase separation in diblock copolymers and crystallization.
The major challenge in using microphase separation in block copolymers
to form ordered surface patterns is to understand and control the interplay
between surface effects such as preferential adsorption of one species and
geometric constraints with the process of microphase ordering. Perpendicu-
lar ordering of lamellar patterns for instance is induced by neutral surfaces.
This can be explained with the particular pathway copolymers have to take
into the ordered state where chains are stretched and oriented before long-
range order is established. Neutral surfaces facilitate stretching of chains
parallel to the surface, thus leading to lamellar ordering perpendicular to
the surface. Yet, the resulting patterns contain many defects and further or-
dering mechanisms are necessary to obtain long-range order. Candidates for
such secondary ordering processes are crystallization or the implication of
temperature gradients. Computer simulations also show that defects in the
soft-order of block copolymers are difficult to heal since the energy effort to
create defects is comparatively low but the free energy barrier between de-
fect states and perfectly ordered states is very high. Thus, generally speaking,
meta-stable states can be very persistent.

One strategy to control long-range order is to use crystallization effects.
Crystallization of one component in block copolymers can lead to trans-
formations between different copolymer morphologies and reorientations of
existing microphase separation patterns. In thin films, three phase contact lines
can be used to align patterns resulting from crystallization of one component.

Generally, polymer crystallization yields meta-stable patterns which are
particularly pronounced in thin films where diffusion-controlled structures
can be formed. Moreover, polymer crystallization in thin films opens new
perspectives to study the crystallization process experimentally as well as
theoretically. Since crystallization is the strongest driving force for pattern
formation in polymers we have investigated some general aspects using sim-
plified models and computer simulations. We have demonstrated that poly-
mer crystallization in thin films can be mapped into a combined growth and
reorganization process using a simple lattice algorithm. When the substrate
is not isotropic (anisotropic diffusion of adsorbed molecules), needle crystals
emerge instead of randomly branched morphologies. These needle crystals
grow much faster compared with the isotropic system. Diffusion control leads
to selection of needle crystals and results in a characteristic “survival” dis-
tance between the crystals. Thus, ordered structures can be obtained from
growth processes on anisotropic substrates.
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Growth processes as they emerge from crystallization have an enormous
potential for pattern formation at multiple length scales. Again, the example
of polymer crystallization can be applied to demonstrate this feature: in the
bulk, banded, spherulitic patterns are formed which display order at scales up
to the cm-scale. A deeper understanding of non-equilibrium growth mech-
anisms will be an essential key for creating ordered structures in polymer
systems.

7
Appendix: Experimental Procedures

For our experimental studies on polymer crystallization we used low mo-
lecular weight (Mw) poly(ethylene oxide) (PEO), either as a homopolymer or
attached to an amorphous polystyrene or hydrogenated polybutadiene block.
These block copolymers are abbreviated by PS-PEO and PBh-PEO, respec-
tively. PEO is a well-investigated polymer [5, 19, 36, 37]. Molecular details of
all investigated polymers are given in Table 1.

For many of the crystallization experiments presented here we used ad-
sorbed polymer monolayers. To obtain such monolayers the following pro-
cedure was applied. First, we spincoated a dilute toluene solution of dried
polymer onto a clean silicon wafer, resulting in thin films of a thickness vary-
ing between about 50 and 100 nm. These films were annealed in the molten
state which led to autophobic pseudo-dewetting [36, 37]. Thereby, cylindrical
holes were formed in the film. These holes contained an adsorbed monolayer
at their bottom [37]. The autophobic behavior is caused by rather strong ad-
sorption due to the hydroxyl groups present on the surface of the Si-wafer.
These hydroxyl groups were created by a UV-ozone treatment and allowed for
strong interaction with PEO, thus favoring strong adsorption. The resulting
thin films were first molten for about 10 min at temperatures above 70 ◦C to
allow for the formation of a monolayer. Then, the monolayer was crystallized

Table 1 Characteristics of the polymers used in our studies

Sample Mw (PS or PBh) Mw (PEO) Mw/Mn

PEO-2k – 2000 < 1.1
PEO-7.6k – 7600 < 1.1
PS-PEO(3–3) 3000 3000 1.1
PBh-PEO(3.7-1.1) 3700 1100 < 1.1
PBh-PEO(3.7-2.9) 3700 2900 < 1.1
PBh-PEO(3.7-3.6) 3700 3600 < 1.1
PBh-PEO(21-4) 21 100 4300 1.15
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at temperatures Tc between room temperature and the melting temperatures
of the various polymers used. All samples were crystallized at constant tem-
perature. In order to check for relaxation processes within the crystalline
state, samples were sequentially annealed for some minutes at temperatures
higher than Tc, but always below the equilibrium melting point (i.e. 64 ◦C for
PEO-7.6k and 57 ◦C for PS-PEO(3-3)). After each annealing step, the sam-
ple was quickly cooled to room temperature and analyzed by Atomic Force
Microscopy (AFM).

In order to obtain rather well-ordered amorphous mesostructures, thin
PBh-PEO(21-4), PS-PEO(3-3), PBh-PEO(3.7-2.9), or PBh-PEO(3.7-3.6) films
were annealed in the molten state at temperatures up to 150 ◦C before crys-
tallization experiments were performed. It is important to mention that in
contrast to PS-PEO(3-3), PBh-PEO(3.7-2.9), or PBh-PEO(3.7-3.6) samples an-
nealed PBh-PEO(21-4) samples did not crystallize at ambient conditions,
even after storage at room temperature for many months. Only after cooling
the samples to temperatures below about – 20 ◦C, was crystallization ob-
served. Melting, on the other hand, occurred at temperatures above about
+ 40 ◦C. Consequently, at room temperature the samples neither crystallized
nor melted. This fact enabled AFM measurements of partially crystallized
samples at room temperature, preserving the structure obtained by crystal-
lization at low temperatures.

All samples were first analyzed by optical microscopy. Thermal treatment
was also performed under the optical microscope. The samples were placed
onto an enclosed hotplate, purged with nitrogen, under a Leitz-Metallux
3 optical microscope. The crystallization temperature at the hot stage was
controlled to within 0.1 degrees. No polarization or phase contrast was
used. Contrast is due to the interference of the reflected white light at the
substrate/film and film/air interface, resulting in well-defined interference
colors which can be calibrated with a resolution of about 10 nm. This is suf-
ficient to allow us to visualize the growth of crystalline structures in the
monolayer region. For the thickness range studied in this work, the inter-
ference patterns became the darker the thicker the film (or crystals) were.
We have followed the progression of the crystal growth front in real time by
capturing images with a CCD camera.

Atomic Force Microscopy (AFM) measurements were performed with
a Nanoscope IIIa/Dimension 3000 (Digital Instruments) in the tapping mode
at ambient conditions, using the electronic extender module simultaneously
allowing phase detection and height imaging. We used Si-tips (model TESP)
with a resonant frequency of about 300 kHz. Scan-rates were between 0.2 and
4 Hz. The free oscillation amplitude of the oscillating cantilever was typically
around 50 nm, the setpoint amplitude (damped amplitude, when the tip was
in intermittent contact) was slightly lower. In all measurements, topographic
(height mode) and viscoelastic (phase-mode) data were recorded simultan-
eously. It should be noted that semicrystalline polymers are well suited for the
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use of the “phase-mode” as the differences in viscoelastic properties between
crystalline and amorphous regions are large [35].

Most of the AFM measurements were done at ambient conditions. How-
ever, when trying to melt nanometer sized polymer crystals we raised the
temperature of the oscillating cantilever of the AFM (up to nominally 80 ◦C)
as well as the sample itself (up to nominally 40 ◦C).
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Abbreviations
ABA Linear triblock copolymer
ABC Linear triblock terpolymer
AFM Atomic force microscopy
DMADPE 1-(4-Dimethylaminophenyl)-1-phenylethylene
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DTMAB Dodecyltrimethylammonium bromide
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MPPHM 6-[4-(4-Methoxyphenyl)phenoxy]hexyl methacrylate
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ODT Order–disorder transition
P2VP Poly(2-vinylpyridine)
PB Polybutadiene
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PEO Poly(ethylene oxide)
PHEMA Poly(2-hydroxyethyl methacrylate)
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PILi Polyisoprenyl lithium
PMMA Poly(methyl methacrylate)
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PSLi Polystyryl lithium
PtBMA Poly(tert-butyl methacrylate)
RI Refractive index
SAXS Small-angle X-ray scattering
s-BuLi Sec-Butyl lithium
SDS Sodium dodecylsulfate
SEC Size-exclusion chromatography
TEM Transmission electron microscopy
Tg Glass transition
THF Tetrahydrofuran
UV Ultraviolet

1
Introduction

Block copolymers can be microphase separated in bulk, on surfaces and thin
films to give fascinating nanostructured morphologies or can self-associate in
selective solvents to form supramolecular structures (micelles) with interest-
ing properties that can serve as models for molecular assembly and molecular
recognition in biological systems [1–5]. Manipulating morphology and self-
organization of copolymers can lead to tailor-made materials for applications.
Our understanding of natural laws will benefit from the study of model sys-
tems, and the results of such studies will aid the design of useful products.

The current interest in the self-assembly of polymeric systems on surfaces
stems from the many opportunities that these assemblies present for the prep-
aration of novel functional nanomaterials, i.e., for drug delivery, in catalysis
and nanoreactor technology, and for molecular templating. The interesting
aspect of these systems is that their properties and structure can be manipu-
lated by a number of parameters such as: a) chemical structure, composition,
and architecture, b) preparation methods and microengineering techniques
used, and c) nature and properties of the underlying substrate and its inter-
actions with the polymer chains [1–5].

So far a large number of studies has been published dealing with the be-
havior of block copolymers in thin films and surfaces [4–13]. Most of them
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concern the properties of simple diblock copolymers. Studies in this area
were devoted to block copolymer microphase separation in reduced dimen-
sionality, i.e., in the presence of one or two boundary surfaces or in ultrathin
films (thickness lower than the characteristic structural dimensions in bulk)
and to establishing the relationships between block copolymer assembly
under these conditions and the molecular characteristics of the copolymers.
Directional microdomain growth due to the presence of a solid substrate, the
evolution of the microstructure as a function of time, and the air/material
surface structure were also investigated.

Fewer studies have been devoted to the behavior of more complex macro-
molecular structures. The architectures that have attracted the interest of
investigators lately are those of linear triblock copolymers (ABA) and terpoly-
mers (ABC).

Investigations on the self-assembly in thin films of an amorphous P2VP-
PS-P2VP triblock copolymer, forming cylindrical microdomains in bulk,
showed that the orientation of microdomains due to the P2VP/substrate in-
teractions persisted in the entire film in contrast to the diblock case [14]. This
was viewed as a result of the formation of an interconnected structure in the
triblock coming from the formation of loops within the microdomains. More
recently, AFM and SAXS measurements on a PEO-PBO-PEO amorphous-
semicrystalline triblock thin film revealed the presence of a semicrystalline
PEO monolayer at the substrate, comprised of unfolded chains, and PBO
blocks at the air/polymer surface in a looped conformation [15].

A surface reconstruction was observed in thin films of a PS-PB-PMMA tri-
block terpolymer with a low fraction of PB, the first study devoted to ABC
triblocks [16]. In this sample the surface had a number of defects including
curved lamellae and disclinations. The lamellae period on the free surface was
double in comparison to the bulk value. Surface reconstructions were also
observed during more recent investigations on PS-PB-PMMA, PB-PS-PMMA,
and PS-PB-PtBMA triblock terpolymers. The variation in block copolymer
architecture and chemical nature of the blocks produced changes in the in-
teractions between blocks and polymer chains and confining surfaces (due
to different surface energies of the components) [17, 18]. In this way, it was
possible to show that the observed reconstructions are caused by a complex
balance of enthalpic and entropic contributions to the free energy of the sys-
tem. An analogy with classical crystals was made by the authors.

The microdomain morphology of thin films from a PS-P2VP-PtBMA tri-
block terpolymer was investigated through swelling with solvents having
different affinities for the three blocks [19–22]. In this case the polar P2VP
middle block is adsorbed on the polar Si/SiO2 substrate. An ABCBA lamel-
lae structure could be identified as the equilibrium structure. The treatment
with different solvents resulted in different nonequilibrium surface structures
as well as in different lamellae spacings. Microdomain evolution starts from
the surface and proceeds throughout the film. When THF and CHCl3 were
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used with a more asymmetric PS-P2VP-PtBMA copolymer, different mor-
phologies could be identified depending on the solvent nature and treatment.
Additionally, the solvent drying rate was found to affect the orientation of
the domains. Slow solvent drying resulted in a lamellae alignment parallel to
the substrate, whereas fast drying created a lamellae orientation perpendicu-
lar to the substrate. Mechanical stresses applied to block copolymer phases
during the evaporation process were suggested to be responsible for the ob-
served behavior. The effect of the nature of the substrate on the self-assembly
of the same triblock terpolymers was also investigated [23]. The different in-
teraction strengths between the P2VP middle block and the Si or polyimide
surface resulted in different configurations of the P2VP block and hence a dif-
ferent structure of the layer in contact with the substrate. This particular
structure of the first layer influenced the lamellae structure within the poly-
mer film.

In a systematic study involving a series of PS-P2VP-PMMA and PS-
PHEMA-PMMA terpolymers, where the substrate-absorbing middle block
was varied in length, it was shown that the lateral spacing and the morph-
ology of the microphase-separated structures could be controlled by the film
thickness and the lengths of the end blocks [24].

In another study thin patterned films of PS-P2VP-PMMA block terpoly-
mers were used as substrates for PS/PMMA homopolymer blends [25]. It was
found that for thin enough films of the blend phase, separation of the ho-
mopolymers was suppressed.

The nanopatterned surfaces obtained by PS-PB-PCL block terpolymer
films on Si and mica were investigated by AFM [26]. The polymer surface of
the films was found to be covered with amorphous and crystalline PCL. The
PCL/PB interfaces were parallel to the substrate.

The large variety of surface structures observed so far in the aforemen-
tioned block copolymer systems indicates the large potential of tailoring
polymer surfaces by a combination of well-defined block copolymer, archi-
tecturally complex materials, as well as, by a number of physicochemical
parameters of the systems. Studies along these lines are definitely needed
since the full potential of the existing and new block copolymer systems has
not been evaluated.

Synthetic efforts along these lines are focused on the synthesis of block
copolymers having various architectures, thereby providing promising ma-
terials for achieving the desired goals, in terms of properties of polymeric
surfaces [27, 28]. In the case where nanopatterned surface structures are de-
sired, the chemical structure of the polymers can be designed in a way that
will facilitate the self-assembly of the molecules on substrates. In most cases
these macromolecules contain one part that is able to interact with model
surfaces and one or two that interact with the environment, crystallize, or
form mesostructures due to incompatibility reasons. The concept of altering
macromolecular-substrate interactions and structure formation due to envi-
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ronmental changes on the free surface of the films is also taken into account
in the design of the chemical systems. A number of principles, directions,
and examples can be drawn from the self-organization of macromolecules
in solution and in bulk. The synthetic goals are accomplished by the choice
and variation of the chemical nature of each part of the copolymers and ar-
chitecture of the macromolecule using appropriate synthetic methodologies.
Among them, living anionic polymerization methods have been proven to be
the most powerful and successful [29, 30].

2
Synthesis of Model Block Copolymers
and Self-Organization in Solution and in Bulk

2.1
Block Copolymers with Functional Groups at Specific Sites

Nonpolar block copolymers with functional polar groups combine the prop-
erties of a block copolymer with those of functionalized homopolymers. End
functionalized polymers can self-associate in solution in a manner analogous
to low-molecular-weight surfactants, whereas the solid-state properties of the
precursor polymer are greatly influenced by the presence of small amounts
of polar groups since their aggregation persists in bulk [31]. The interaction
of a polymer chain with a surface in solution can be altered and sometimes
controlled by the nature and placement of specific functional groups.

Linear block copolymers of styrene and isoprene with polar dimethyl-
amino, sulfobetaine, or phosphorous zwitterionic-liquid crystalline groups in
predetermined positions in the polymeric chain can be synthesized by an-
ionic polymerization high-vacuum techniques. It is well known that anionic
polymerization produces polymers with predetermined molecular weights,
narrow molecular weight/compositional distributions and well-defined ar-
chitectures. These polar groups can be introduced at one chain end (at the
polystyrene or the polyisoprene side), at both ends, or at the junction point
between the blocks. Due to their polar nature, among other things, they can
interact with polar groups on surfaces and influence polymer chain behavior
near a surface. The synthetic strategies followed in each case are given below.

2.1.1
End-Functionalized Diblock Copolymers

For the synthesis of end-functionalized block copolymers with one dimethyl-
amino end group 3-(Dimethylamino)propyl lithium (DMAPLi) was used as
initiator, in a nonpolar solvent (i.e., benzene). The diblocks were prepared by
sequential addition of monomers starting with the block to which the end
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group was going to be linked [32, 33]. In the case where the dimethylamino
group is at the PI chain end isoprene is polymerized first. After completion of
the polymerization of the first block, styrene is added to the polymerization
mixture together with a small quantity of tetrahydrofuran in order to pro-
mote the crossover reaction. The polydienes prepared under these conditions
have a large 1,4 content and subsequently a low glass transition temperature.
The reaction sequence is given in Scheme 1.

Scheme 1

The synthetic scheme outlined above can be used for the preparation of
triblock copolymers with two dimethylamino end groups if the living func-
tional diblock chains are coupled with Me2SiCl2.

The synthesis of the diblock copolymers with two dimethylamino end
groups was accomplished by following the synthetic route illustrated in
Scheme 2 [34]. Isoprene was polymerized first using DMAPLi as initiator fol-
lowed by the addition of styrene and a small amount of THF in order to
accelerate the crossover reaction. After completion of the styrene polymeriza-
tion, an excess of 1-(4-dimethylaminophenyl)-1-phenylethylene (DMADPE),
vacuum-distilled from n-BuLi, was introduced to the polymerization mix-
ture as a solution in benzene (DMADPE/Li = 1.2/1). The capping reac-
tion between PSLi living ends and DMADPE was allowed to proceed for
3 d at room temperature. The living chains were deactivated with degassed
methanol.
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Scheme 2

2.1.2
Junction-Point-Functionalized Diblock Copolymers

Junction-point-functionalized block copolymers were synthesized according
to Scheme 3 [34]. Styrene was polymerized first using s-BuLi as initiator.
After completion of polymerization a small excess of DMADPE was intro-
duced to the reaction mixture (DMADPE/Li = 1.2/1). The reaction was left
for completion for 3 d at room temperature. Isoprene was then added, poly-
merized, and terminated by addition of degassed methanol. In the case of the
triblock copolymer synthesis, after completion of isoprene polymerization,
a predetermined amount of a Me2SiCl2 solution in benzene was introduced
to the reaction mixture (Cl/Li = 1/2.2). The coupling reaction was essentially
complete in 3 d. Solvent/nonsolvent fractionation was employed in order to
separate the triblock from excess diblock.

2.1.3
Postpolymerization Functionalization

(i) Conversion of the tertiary amine groups to sulfobetaine zwitterions: The di-
methylamino groups, located at the ends or the junction point of the diblock
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Scheme 3

copolymer chain, were converted to sulfobetaine zwitterions by reaction with
excess cyclopropanesultone [32–34]. The reaction took place in dilute THF
solutions at 70 ◦C for several days to ensure complete conversion (Scheme 4).
(ii) Conversion of the tertiary amine groups to zwitterionic-mesogenic end
groups: The conversion of the terminal amine group to a zwitterionic-
mesogenic one was achieved by reaction with excess 2-{6-[4-(4-methoxyphe-
nylazo)phenoxy]hexyloxy}-2-oxo-1,3,2λ5-phospholane (amine/phospholane
= 1/10) [35]. The latter compound was synthesized by following procedures
found in the literature. A 2% w/v solution of the amine-capped polymer in
THF was allowed to react for several days at 70 ◦C under a nitrogen atmos-
phere according to the following Scheme 5.

In all cases 1H-NMR spectroscopy was used in order to check the yield of
the transformation reaction.

The association behavior of the functionalized block copolymers was in-
vestigated in detail in nonpolar solvents selective for the macromolecular
chains. In this case starlike aggregates were formed as determined by the hy-
drodymanic properties of the aggregates [31–35]. Their aggregation number
decreased as the molecular weight of the polymer increased (i.e., the weight
fraction of the insoluble polar chains decreased) due to excluded volume re-
pulsions. In the case of nonpolar solvents selective for the block that does not
carry the functional polar group, aggregation numbers and the size of the mi-

Scheme 4
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Scheme 5

celles formed are increased due to the presence of the polar groups in their
core. Due to the extra association of the polar groups inside the cores the
thermal stability of the micelles is increased compared to the case of nonfunc-
tional block copolymers [36].

The presence of the polar groups also influences the self-organization of
the materials in the bulk [37, 38]. An increase in the order-disorder transition
(ODT) and in the stability of the cylindrical PS domains was observed in the
case where the PS block was carrying a zwitterionic end group in comparison
to the dimethylamino functionalized homologs. The viscoelastic behavior of
the systems were also affected showing an increased plateau modulus when
the zwitterionic groups were placed in the PI chain end, due to the aggrega-
tion of the polar groups. This aggregation also slows down the end-to-end
chain-relaxation process of the PI blocks due to their confinement between
the polar aggregates and the glassy PS domains. A similar increase in the ODT
was observed in the case of junction-point-functionalized zwitterionic block
copolymers in accordance with existing theoretical predictions.

Recently, dimethylamino and zwitterion end-functionalized block copoly-
mers were used in the construction of “smart” polymer surfaces [39]. These
surfaces were found to respond almost reversibly to external stimuli, be-
ing able to alter the wetting characteristics of a polymer surface when it is
exposed to a humid environment. In this process the ability of a diblock
copolymer, having the hydrophilic group attached to the mostly surface ac-
tive block, to accumulate at the polymer/air interface was utilized. The end
group is hidden below the polymer surface when in contact with dry air while
it is present on the surface when the material is exposed to water vapor. Due
to the increase of the concentration of the polar groups on the polymer sur-
face, the water contact angle is reduced. This process could be reversed and
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repeated again by successive exposures of the surface to dry and wet environ-
ment. Interestingly, the response was found to be more rapid after the first
cycle, showing evidence of an “educated” response of the polymeric material
to the external stimulus.

2.2
ABC Miktoarm Stars

ABC miktoarm-star terpolymers are star-shaped macromolecules consisting
of three chemically different chains connected together at a common junc-
tion point [40]. This particular molecular topology induces some constraints
in the ways that the different arms can be arranged in a periodic structure and
gives the molecule the ability to “choose” which arms interact directly in the
segregated state and/or with the substrate and the free surface environment in
thin films. Therefore, interesting morphologies in bulk and in thin films are
anticipated. Furthermore, the incompatibility between the three arms of the
macromolecule, a parameter that also plays a major role in microdomain for-
mation, can be tuned by judicius choice of the monomers to be used in the
polymer synthesis. The more diverse the chemical nature and, therefore, the
properties of the three arms, the more interesting the interplay in the course
of microphase separation is expected to be.

In this respect, miktoarm-star terpolymers, comprised of PS, PI, and
PMMA arms, show great scientific interest since all three blocks have differ-
ent properties (in terms of polarity, solubility, glass transition, etc.). Their
synthesis was accomplished using controlled chlorosilane chemistry [41].
The controlled substitution of two chlorine atoms of trichloromethylsilane
in order to synthesize the macromolecular linking agent (PI)(PS)MeSiCl has
been achieved by first reacting excess of CH3SiCl3 with living PILi in order
to replace one Cl atom. Excess CH3SiCl3 was removed in the vacuum line,
over a period of several days, and then PSLi was added slowly (titration)
until the second Cl atom of the macromolecular linking agent was replaced
by PS as evidenced by size-exclusion chromatography (SEC). The resulting
monofunctional macromolecular chlorosilane solution was slowly added to
a dilute solution containing a stoichiometric amount of α,ω-dilithium initia-
tor (I). The procedure was followed with SEC in order to ensure complete
reaction of the monofunctional macromolecular clorosilane with only one ac-
tive center of the initiator. The macromolecular initiator, so created, was used
to polymerize MMA at – 78 ◦C in THF giving the desired ABC miktoarm-star
terpolymer. A schematic representation of the sequence of reactions used to
synthesize the (PS)(PI)(PMMA) µ-star terpolymer is given in Scheme 6.

The bulk morphology of these materials was investigated by TEM and
SAXS [42, 43]. The miktoarm stars showed new and interesting morpholo-
gies whose symmetry depends on the detailed characteristics of the samples,
i.e., composition and molecular weight of the arms. For the samples with the
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Scheme 6

higher asymmetry, three-microphase two-dimensionally periodic structures
were observed with an inner PI column surrounded by a PS annulus in a ma-
trix of PMMA. For two of these samples the PI/PS and PS/PMMA interfaces
were cylindrical. For the other two, the PI/PS and PS/PMMA interfaces ex-
hibited a unique nonconstant mean curvature having a diamond-prism-like
shape (Fig. 1). Presumably, these microstructures where chosen in order to
eliminate the unfavorable contacts between PI and PMMA phases. In these
morphologies the star junction points should lie on the PI/PS interface.

The two more symmetric miktoarm stars showed an even more complex
morphology. In this microdomain structure the PI phase forms convex tri-
angular prism-shaped columns centered on sites with threefold symmetry.
The PI prism columns are separated by PS columns forming a hexagonal
lattice. The PS microdomains are centered on sites with twofold symme-
try. The PI and PS microdomains surround the PMMA cylindrical columns
ordered in a hexagonal array with sixfold symmetry. The structure is two-
dimensionally periodic (Fig. 2). In this morphology the junction points are al-
lowed to be situated in lines where the three different types of microdomains
coincide.
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Fig. 1 Bright-field TEM images of styrene-isoprene-methyl methacrylate (SIM) 3-mikto-
arm star SIM-57/85/49 stained a with OsO4 and b with RuO4. In the OsO4-stained mi-
crographs, the dark regions correspond to the PI phase that forms rhomboid columns,
whereas in the RuO4-stained micrographs, the gray regions correspond to the PI phase
and the dark to the PS phase

2.3
Linear ABC Terpolymers

In contrast to miktoarm stars, linear triblock terpolymers are comprised of
three blocks with different chemical natures arranged in a sequential man-
ner. In this case two junction points exist between blocks within the same
chain inducing additional constraints in the arrangement of the blocks in
an ordered mesostructure. In analogy to ABC miktoarm stars, the ordered
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Fig. 2 Bright-field TEM images of selected regions of different styrene-isoprene-
methyl methacrylate (SIM) 3-miktoarm stars, viewing approximately along the one-
dimensionally continuous axis of the structures: a SIM-92/60/94 stained with OsO4;
b SIM-92/60/94 stained with RuO4; c SIM-72/77/109 stained with OsO4; d SIM-72/77/109
stained with RuO4. In the two OsO4-stained micrographs, the dark regions correspond to
the PI phase, which forms triangular prism-shaped columns, whereas in the two RuO4-
stained micrographs, the dark regions correspond to the PI/PS phase boundary, the gray
regions to the PS and PI phases, and the lightest regions to the PMMA phase

mesostructure can be controlled by the composition and relative block
lengths as well as the strength of interaction between blocks, a parameter that
is directly related to the chemical nature of the blocks. These kinds of ma-
terials have been investigated in terms of their bulk morphologies, as was
mentioned in the previous section.

In a continuation of the studies reported so far triblock terpolymers
of polyisoprene (PI)—poly(2-vinyl pyridine) (P2VP)—polyethylene oxide
(PEO) was synthesized using benzyl potassium as the initiator and se-
quential addition of monomers [44]. The polymerization of isoprene and
2-vinylpyridine was carried out in THF at – 78 ◦C. Ethylene was distilled into
the solution and polymerized at 50 ◦C for 5 d. Termination was effected by
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Scheme 7

addition of methanol. SEC analysis of each final block copolymer showed
a single narrow peak, free of byproducts. The reaction sequence is summa-
rized in Scheme 7.

The choice of the particular monomers is based on the fact that PI is
a nonpolar low Tg polymer, P2VP is a relatively more polar material with
a coordinating ability, due to the presence of nitrogen in the side phenyl
ring, with high Tg and the potential to be transformed into a water-soluble
polyelectrolyte by postpolymerization reaction. On the other hand, PEO is
a semicrystalline polymer, water-soluble (polar), and biocompatible. The in-
corporation of all these diverse properties in the same molecule makes these
materials very interesting in terms of their self-organization in solution, bulk,
and thin films.

Multiblock copolymers comprised of more than three different monomers
have been recently synthesized, and their chemical topology and new and in-
teresting morphologies observed already in bulk promise a variety of ordered
microstructures on surfaces and thin films [45–47].

2.4
Amphiphilic Block Copolymers

Amphiphilic block copolymers, i.e., block copolymers consisting of a hy-
drophobic and a hydrophilic block, have attracted the interest of scientists
lately due to their solubility in water and their potential applications [48, 49].
Block copolymers containing a hydrocarbon or a heteroatom containing hy-
drocarbon block as the water-insoluble block and an anionic, cationic, or
neutral water-soluble block have been investigated so far with respect to
their capability for micelle formation in water [48–56]. Among these, block
copolymers having a poly(ethylene oxide) (PEO) water-soluble block com-
prise a special category due to the particular properties of PEO, i.e., water
solubility, neutral character, and biocompatibility. Studies have also been
devoted to the interactions of aggregates of amphiphilic block copolymers
with low-molecular-weight surfactants. The interaction of amphiphilic block
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copolymers with solid surfaces has also been a subject of investigation in re-
cent years [57–62]. Due to the nature of the systems, a variety of ordered
structures on surfaces can be created in principle. These surfaces have a high
potential of being biocompatible or at least showing some similarities with bi-
ological surfaces and interfaces, depending on the block copolymer system,
and thus creating a link to biological systems both in terms of basic research
and applications. In this concept, block copolymer of polydienes and PEO are
promising candidates.

Poly(butadiene-b-ethylene oxide) block copolymers were synthesized by
anionic polymerization techniques [63]. Polymerizations were conducted in
THF using n-BuLi as the initiator. Butadiene was polymerized first at – 78 ◦C.
The resulting polybutadiene (PB), under this experimental conditions, has
a high percentage of 1,2 microstructure (∼ 80% as determined by NMR spec-
troscopy), but still its Tg is lower than room temperature enabling direct
dissolution of the block copolymers in water. After completion of the poly-
merization of the first monomer, ethylene oxide was added at 40 ◦C in the
presence of phosphazine base (Scheme 8).

The aggregation behavior of a series of well-defined PB1,2-PEO block
copolymers was investigated in dilute aqueous solutions by static and
dynamic-light scattering as well as by viscometry [63]. The aggregation num-
ber, size, and polydispersity of the micelles in pure water were found to
depend on the molecular weight and the composition of the parent block
copolymers. Apart from spherical micelles micellar clusters and cylindrical
micelles were found in some cases. Measurements at different tempera-
tures indicated a shrinkage of the spherical micelles by increasing tempera-
ture, probably due to worsening of the thermodynamic quality of water
toward the poly(ethylene oxide) micellar corona. The presence of a low-
molecular-weight salt, NaCl, in solution had minimal effects in the structural
characteristics of the aggregates. The chemical nature and concentration of
low-molecular-weight surfactants, namely sodium dodecylsulfate (SDS) and

Scheme 8
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dodecyltrimethylammonium bromide (DTMAB), in the micellar solutions
was found to have a profound effect on the type, size, shape, and polydis-
persity of the aggregates formed in each case. These effects, coupled with
the control of the micellar characteristics through the molecular character-
istics of the individual copolymers, can lead to the control of the aggregate
structure through chemical and physicochemical means. The deposition of
the different aggregates formed in these solutions on surfaces may lead to
the formation of patterned, polymer-containing surfaces whose shapes and
dimensions would be determined by the aggregate structure in solution.

Another interesting feature of these block copolymers is the fact that
the double bonds present in the PB block can be used for crosslinking
the PB part [64, 65]. This can lead to the creation of nanoobjects, i.e.,
through crosslinking of the PB of aggregates in aqueous solution. Alterna-
tively, crosslinking of the PB microdomains in the bulk or thin film state can
create a network, producing variable confinement of the crystallizable PEO
chains and thus affect their crystallization characteristics.

2.5
Amorphous-Side-Chain Liquid Crystalline Block Copolymers

Block copolymers containing liquid crystalline and amorphous blocks are in-
teresting materials due to the resulting interplay of self-organization at two
different levels, i.e., microphase separation between the dissimilar blocks and
microstructure organization of the liquid crystalline segments [66–70]. Tak-
ing advantage of this interplay one can tailor the nanostructure of these
systems at two length scales through chemical design. Although several stud-
ies concerning the bulk morphology and thermotropic phase behavior of
coil-liquid crystalline block copolymers have been published, the behavior of
such systems in thin films and surfaces have received little attention.

Along these lines of thinking block copolymers of styrene and 6-[4-(4-
methoxyphenyl)phenoxy]hexylmethacrylate (MPPHM) were synthesized by
anionic polymerization. Styrene was polymerized first in benzene using
s-BuLi as the initiator. After completion of polymerization the living PSLi
chains were end-capped with diphenylethylene and the solvent was changed
to THF. Anhydrous LiCl was introduced to the reactor, and the temperature
was lowered to – 40 ◦C. At that temperature a solution of purified MPPHM in
THF was introduced slowly. After complete reaction of the liquid crystalline
monomer, polymerization was terminated with methanol70. The procedure is
outlined schematically in Scheme 9.

It must be emphasized that all samples involved in structure-property re-
lationship studies should be thoroughly characterized in terms of molecular
weights, average composition, molecular weight, and compositional and ar-
chitectural uniformity [1]. A variety of characterization methods can and
should be employed, as was done in the cases outlined above. Intermediate
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Scheme 9

and final products of the synthetic reaction schemes were analyzed by SEC,
using RI and UV detection, to determine sample homogeneity and molecular-
weight distributions, in tetrahydrofuran. Number average molecular weights
of each part and of the whole molecules were obtained by membrane osmom-
etry in toluene. Weight average molecular weights were obtained by low-angle
laser-light scattering in a common good solvent (usually tetrahydrofuran).
The average composition of the samples was determined by 1H-NMR spec-
troscopy or UV spectroscopy. Good agreement between the expected and
obtained molecular characteristics as well as between the different methods
employed verifies the successful synthesis of the desired block copolymers
and the low molecular weight and compositional and architectural hetero-
geneity of the macromolecules.

3
Conclusions

Polymer chemistry is able to produce a large variety of different block copoly-
mer architectures. With the right choice of synthetic routes and chemical
structure of the blocks, different self-assembly mechanisms can be encrypted
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in the same molecule. The properties of these novel materials, and especially
their self-organization on surfaces, remain to be explored.
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Abstract Lateral phase segregation of block copolymers in ultra-thin films results in
highly ordered arrays at interfaces. In this brief review we focus on PS-b-P2VP and PS-
b-P4VP block copolymers. Selective solvents and polar solid substrates lead to a brush
surface formed by adsorption of free polymer chains in solution followed by adsorp-
tion of whole micelles upon withdrawal of the sample from the solution. These laterally
highly ordered patterns are obtained by rapid solvent evaporation and are thermody-
namically not stable. In the second case presented two-dimensional surface micelles of
poly(styrene)-block-poly(N-alkyl-4-vinylpyridinum iodide) are formed by spreading a so-
lution in a slightly selective solvent mixture onto the water/air interface. The resulting
pattern morphology strongly depends on the surface pressure and the length of the alkyl
chain used for quaternization. These patterns can be transferred to solid substrates with-
out structural changes. In contrast, polymer deposition onto mica from nonselective
solvents is controlled by the polymer-surface interaction and the resulting patterns are in-
duced by the surface (Surface-Induced NanoPATterns, SINPATs). The PVP block adsorbs
strongly on mica in a two-dimensional coil whereas the PS block dewets the adsorbed
PVP layer forming isolated clusters. These patterns are thermodynamically stable. As one
possible application, Ti/SINPAT composites have been successfully used as etch masks
allowing the transfer of regular structures of nanometer size into substrates.

Keywords Adsorption · Block copolymers · Nanopattern · Self assembly · SFM

Abbreviations
LB Langmuir-Blodget
PnBA poly(n-butyl acrylate)
PnBMA poly(n-butyl methacrylate)
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PtBMA poly(t-butyl methacrylate)
PHEMA poly(2-hydroxyethyl methacrylate)
PMMA poly(methyl methacrylate)
PEO poly(ethylene oxide)
PODCMA poly(octadecyl methacrylate)
PS poly(styrene)
PVP poly(vinylpyridine)
P2VP poly(2-vinylpyridine)
P4VP poly(4-vinylpyridine)
Rg radius of gyration
SFM scanning force microscopy
SINPAT surface-induced nanopattern
TEM transmission electron microscopy
XPS X-ray photoelectron spectroscopy

1
Introduction

Confining polymeric chains in a layer thinner than their natural length scale,
the radius of gyration, will considerably alter their conformation and the
resulting physical properties compared to the bulk properties [1–3]. The ef-
fect of the confinement on the interfacial properties is determined to a large
extent by the detailed chemical structure of the polymeric chains. One of
the most convincing examples is given by end-functionalized polymer chains
that can adopt different conformations when they are covalently linked to
a substrate. Depending on the number of chains per area and the macro-
molecular length, an extended chain “brush” or a coiled chain “mushroom”
may occur representing two extreme configurations [4]. This conformational
change has an effect on the static as well as the dynamic properties of the sur-
face. Such decorated surfaces can be created by diblock copolymers, in which
the shorter block adsorbs strongly onto the surface from the solution and the
other longer block is repelled away from the surface and extended in the so-
lution [5]. However, the homogeneous “hairy” layer decorating the surface
becomes questionable when the surface is exposed to an external stimulus,
for example a solvent with a different polarity or temperature. In particular, it
has been predicted [6] and observed [7] that under certain conditions a sur-
face of end-grafted chains in a poor solvent undergoes a structural transition
from isolated clusters via densely packed clusters (“dimples”) to a laterally
homogeneous layer. It has been argued that in a poor solvent the end-grafted
layer is unstable towards lateral inhomogeneities in the monomer density
parallel to the grafting plane. Therefore, the end-grafted polymer chains
clump together and form a dimpled surface with a characteristic length-scale
proportional to the chain extension [8]. Several approaches have been pro-
posed to control the microphase structure in a grafted layer. The most elegant
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combines conformational changes with phase separation in grafted layers of
at least two immiscible species of chains [9]. In contrast to covalently linked
chains, selective adsorption of a diblock copolymer engenders surface layers
with rich structures. In particular, a pronounced affinity of one block to the
substrate confines the anchoring chain to adopt a quasi two-dimensional con-
formation, while the second block is repelled from the surface [10].

In this article we focus on the formation of long-range ordered laterally-
segregated structures of PS-b-PVP block copolymers at interfaces. When
a selective solvent is used, micelles form in solution and are subsequently de-
posited onto the substrate. In contrast, polymer deposition from nonselective
solvents is controlled by the polymer-surface interaction and the resulting
patterns are surface induced (Surface Induced NanoPATterns, SINPATs). In
this brief review, these two borderline cases as well as intermediate processes
are discussed and compared.

2
Deposition of Block Copolymer Micelles from Selective Solvents

In selective solvents diblock copolymers undergo a phase separation and
form micelles in which the core is composed of the insoluble block and
the corona by the soluble block. These micelles are usually spherical and
have a narrow size distribution. However, their shape and size may change
under certain conditions. Several reviews have dealt with the micellization
of block copolymers [11–13]. Since the core of such micelles can be loaded
with inorganic precursor salts, the adsorption of these micelles onto solid
substrates provides a way to control the deposition of inorganic nanoparti-
cles [14]. Meiners et al. have shown that the adsorption of PS-b-P2VP micelles
onto mica from solutions in toluene results in the spontaneous formation
of spherical micelles with a high long-range order [15]. Due to the selectiv-
ity of the solvent these micelles consist of insoluble P2VP cores surrounded
by a stretched corona of soluble PS blocks. In addition scanning force mi-
croscopy (SFM) images showed that a laterally homogeneous polymer film
of 4 nm thickness is adsorbed underneath the micelle layer. From this it was
concluded that the obtained film morphology originates from a two-step ad-
sorption process. First a homogeneous copolymer brush is formed in solution
on the mica surface with P2VP as the anchoring block while the PS chains
are swollen in the solvent. Subsequently, upon sample removal the brush
collapses and entire micelles adsorb. The latter step was proved by compar-
ison of the aggregation number of micelles in the solution determined by
dynamic light scattering with the aggregation number estimated from SFM
measurements after solvent evaporation. Surface plasmon spectroscopy ex-
periments confirmed these conclusions [16]. This two-step adsorption model
applies only to polar substrates. For less polar substrates micelles adsorb di-
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rectly onto the surface since the driving force for brush formation is reduced.
However, the resulting film morphology, a hexagonally ordered array of mi-
celles, is not in thermodynamical equilibrium since it is obtained by rapid
solvent evaporation. Annealing of the samples leads to a transformation of
the ordered micelles to a lamellae structure oriented parallel to the substrate
and which is chemically homogeneous [17].

Sohn et al. prepared free-standing micellar monolayer films of PS-b-P4VP
by the spin coating of toluene solutions [18]. Due to strong interactions be-
tween the coronas of the micelles the films could be removed from the mica
by immersion into water and transferred onto various substrates. In addition,
core-corona inversion could be induced without changing the micellar pack-
ing by dipping free standing films into core-selective solvents.

Graphoepitaxial deposition of protonated PS-b-P2VP micelles from acidic
aqueous solution onto lithographically patterned Si/SiO2 surfaces was re-
ported by Hahn et al. [19]. No ordering of the micelles was observed on the
elevated sections. In contrast to that, in the depressions the micelle density
was significantly higher and the ordering was improved. Since the films were
prepared by dip coating this graphoepitaxial effect was attributed to capillary
forces that pull the polymer solution into the depressions where the micelles
are trapped by thinning the meniscus [20].

3
Two-Dimensional Surface Micelles
Prepared from Slightly Selective Solvents at the Water/Air Interface

In a series of publications Eisenberg et al. [21–27] demonstrated the prep-
aration of two-dimensional surface micelles on the water/air interface using
quarternized PS-b-P4VP block copolymers. Poly(styrene)-block-poly(N-
alkyl-4-vinylpyridinum iodide) dissolved in slightly selective chloroform/iso-
propanol mixtures was spread onto water using Langmuir–Blodget (LB) tech-
niques. Evaluation of surface pressure graphs in combination with transmis-
sion electron microscopy (TEM) and SFM analysis was used to characterize
the LB films. (PS)260-b-(4-decyl-4-PVP+I–)240 spontaneously self-assembled
on the water-air interface to form highly regular aggregates. These aggregates
consist of a core composed of PS blocks and a corona of highly extended dec-
4-PVP+I–. At low surface pressure the average core-to-core edge distance is
comparable to the length of two extended PVP chains. Depending on the sur-
face pressure the ionized P4VP chains can either lay flat on the water surface
around the PS aggregate (“starfish” state) or submerge in the aqueous phase
(“jellyfish” state). A transition from starfish to jellyfish conformation occurs
at high surface pressure [21]. These surface aggregates were found to be sta-
ble and could be deposited as monomolecular film on both hydrophilic or
moderately hydrophobic substrates [22].
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Variation of the alkyliodides used for quarternization revealed that the
starfish-jellyfish transition strongly depends on the length of the alkyl chain.
If the alkyl chain is short (methyl to n-butyl) the transition takes place at
very small surface pressures since the PVP chains are not surface adsorbed.
A plateau formation within the surface pressure vs. surface area graph does
not occur until the side chains were n-hexyl groups [23]. Since the tran-
sition does not depend on the length of the PVP block [24] it is merely
determined by the solubility of the polyelectrolyte block. Besides the starfish-
jellyfish transition a morphological change within the low pressure regime
was observed. This transition depends on the block length ratio of PS and
quarternized PVP blocks expressed as mol percentage of styrene units. Up to
a content of 86% styrene starfish micelles are found as described above. In the
range of 86–94 mol % styrene content rodlike PS structures arise and above
94 mol % closed planes of PS are formed [25]. As rod and plane morphologies
require PVP chains that are short compared to PS they only show little or no
plateau formation in the higher pressure region [24].

Similar 2D surface micelles were observed at the water-air interface with
nonionic block copolymers like PS-b-PnBMA, PS-b-PtBMA, PS-b-PtBA [28,
29], PS-b-PMMA [30], PODCMA-b-PMMA [31] and PS-b-PEO [32].

4
Surface-Induced Nanopatterns

A different way of preparing laterally segregated block copolymer patterns on
solid substrates by means of self assembly was presented by Spatz et al. [10].
Heterogeneous, highly ordered patterns of PS-b-P2VP on mica were prepared
by casting from an ultra-diluted (c = 0.05 g/L) solution in chloroform as the
nonselective solvent that inhibits micelle formation. Therefore, the resulting
structures are formed by surface-induced direct adsorption of single polymer
chains onto the substrate rather than by adsorption of whole micelles as de-
scribed above for structure formation from a selective solvent. The pattern
formation originates from the strongly different affinities of the building blocks
towards the substrate. SFM showed that the P2VP exclusively adsorbs on the
mica substrate almost in a molecular monolayer of 1 nm whereas the PS block
arranges into ordered isolated clusters on top of the adsorbed P2VP layer. The
structure of these surface-induced nanopatterns (SINPATs) is shown in Fig. 1.

X-ray photoelectron spectroscopy (XPS) measurements confirmed that
P2VP is the adsorbing block since the N (1s) binding energies were higher for
SINPAT than for thick films. In the case of SINPAT the N (1s) energy of every
third to second 2VP unit was shifted about 1 eV to higher values indicating
that these units are adsorbed directly on the substrate [33].

In order to equilibrate the surface patterns, samples were annealed for
24 h at 150 ◦C, which was significantly higher than the bulk glass temperature



62 K. Albrecht et al.

mm

Fig. 1 Scheme of the structure of adsorbed PS-b-P2VP in ultra-thin films on mica. The
P2VP adsorbs on the surface, whereas the PS dewets the adsorbed layer and forms iso-
lated clusters

of both blocks. The SINPAT structure did not change during the annealing,
demonstrating the thermodynamic stability of these patterns in contrast to
the monomicellar film described above. Another characteristic aspect of SIN-
PATs is a large periodicity comparing to the bulk. The radius of the adsorbed
P2VP area corresponds to at least 5 times Rg of the unperturbed P2VP coil.
This could only be explained by a transformation from a 3-dimensional coil
to a 2-dimensional one when P2VP adsorbs strongly on mica. A transform-
ation of the adsorbing block into a two-dimensional coil is entropically very
unfavourable and can only be realized by a large gain in enthalpic energy due
to the interactions between polymer and substrate.

Wetting of the P2VP layer by the PS block would be favourable in terms of
the surface tension. However, the associated gain in enthalpy is not sufficient
to facilitate the chain stretching. Therefore, the PS block dewets the adsorbed
layer and aggregates to surface clusters in order to minimize the contact area
with both the adsorbed P2VP block and air [10].

Typical PS-b-P2VP topographies obtained by SFM are presented in
Fig. 2 [34]. Bright points correspond to elevations of PS aggregates.

These four images demonstrate how the degree of polymerization of the PS
block affects the size and the periodicity of the islands. Comparison of Fig. 2
A (PS550-b-P2VP650) and B (PS550-b-P2VP1400) reveals that at constant length
of the PS block, the increase of the degree of polymerization of P2VP enlarges
the periodicity while the size of the islands remains the same (see Table 1).

While P2VP influences only the periodicity, the length of the PS block in-
fluences both periodicity and the dimensions of the islands as presented in
Fig. 2C,D. With increasing the degree of polymerization of the nonadsorb-
ing block diameter, height, periodicity of the islands and the aggregation
numbers increase. Films formed by block copolymers with a relatively short
PS block, for example PS70-b-P2VP300, were observed to lose the ability to
form a regular pattern. This result is consistent with Monte Carlo simulations
showing that beside the interaction potential, the length of the nonadsorbing
block plays a crucial part in the formation of a regular surface pattern [35].

Theoretical analysis reveals that two different morphologies of surface mi-
celles are possible. The type of structure on the surface depends on the NA/NB
ratio of the lengths of the blocks, in which A corresponds to the adsorbing
block and B to the nonadsorbing one. If the compatibility of the B block with
air is poor, individual chains will collapse and for NA � NB the collapsed
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Fig. 2 SFM topography images of PS-b-P2VP SINPAT on mica. The scan size corresponds
to 2.5× 2.5 µm2: A PS550-b-P2VP650, B PS550-b-P2VP1400, C PS190-b-P2VP190, D PS340-b-
P2VP190

Table 1 Characteristic values of PS-islands for ultra-thin films formed by PS-b-P2VP block
copolymers on mica

NPS-b-NP2VP r [nm] P [nm] h [nm] Q

190-b-190 25± 5 90±10 4.3±0.5 25±10
330-b-140 65± 5 100±10 5.3±0.3 120±20
340-b-190 70± 5 125±15 6.1±0.2 140±20
550-b-660 85±10 180±20 7.5±0.4 170±30
570-b-490 90±15 210±20 7.5±0.4 180±50
550-b-1400 75±10 250±25 7.2±0.5 120±30

1350-b-400 130±10 350±35 10.9±0.5 230±30

r = average cluster diameter, P = periodicity, h = average height of the PS cluster,
Q = aggregation number

blocks will form a homogeneous layer completely covering the surface. In
the case that NB is not so large with respect to NA, the aggregation of the
B chains can lead to lateral phase separation resulting in the formation of
hemispherical islandlike surface micelles or wormlike surface aggregates (rib-
bons). These can be described as semi-cylinders lying on the surface (see
Fig. 3) [36].

The free energy of either island or ribbon micelles can be written as fol-
lows [36, 37]:

F = Fsurf + FA
el + FB

el (1)
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Fig. 3 Schematic representation of two possible surface morphologies. a Hexagonally
arranged semi-spheres of B block (island morphology); b parallel oriented semi cylin-
ders of B (ribbon morphology) (Reproduced with permission from [36]. Copyright 1999
American Chemical Society)

FA
el and FB

el represent the elastic energies of the A and B blocks, respectively.
The first term, Fsurf, is the surface free energy of the micelle. It minimizes the
number of unfavourable contacts of monomer units of different blocks with
each other and with the air, and can be written as follows:

Fsurf = γ1S1 + γ2S2 + γ3S3 (2)

The first two terms in Eq. 2 represent the interface energies between air and
the blocks B and A, respectively. The third term accounts for the energy of
the block A/block B interface. In this expression γi and Si, i = 1, 2, 3 are the
surface tension coefficients and the corresponding areas (see Fig. 4).

The form of the micelle was found to be close to a hemisphere for γ2 = γ3.
Variation of the values of γ2 and γ3 changes the shape of the micelles but the
dependence of their size on the length NA and NB of the blocks remains the
same. By direct comparison of the free energies of brush, island and ribbon
morphologies a phase diagram was constructed for two different values of
γ1, showing the transition between possible morphologies based on NA-NB
variables (see Fig. 5).

For small values of γ1 (Fig. 5A) a broad interval of NA values exists for
which the ribbon morphology is stable. By increasing γ1 the region of ribbon
stability becomes narrower (Fig. 5B). This indicates that for a short length of
the nonadsorbing block, which shows a ribbon structure for low γ1, at higher
values of γ1 a brush structure is the more favourable morphology in order
to minimize the surface area. The detailed scaling analysis has been given
in [36].

The theoretical results are in good agreement with the experimental obser-
vations for PS-b-P4VP block copolymers. In the experiments a well-defined
ribbon morphology was obtained only for NS/N4VP > 2. An experimental
phase diagram in a double logarithmic scale is shown in Fig. 6.

The triangle on the border line belongs to the PS350-b-P4VP260 polymer for
which the film morphology consists of islands and ribbons side by side (see
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Fig. 4 Schematic representation of an island (ribbon) morphology formed by diblock
copolymers on the surface Z = 0. Adsorbed A chains form a 2D melt on the surface. The
island (ribbon) composed of B blocks is described as part of a sphere (cylinder) of radius
RS. H and R are the height and the radius of the surface micelle, respectively. γ1, γ2, γ3
are the surface tension coefficients of the air/B, the air/A, and A/B interfaces, respectively
(Reproduced with permission from [36]. Copyright 1999 American Chemical Society)

Fig. 5 Phase diagrams of A-B block copolymers with the A block adsorbed on a surface
for δ = (γ3 – γ2)/γ1 = 0 while γ1 = 0.1 (a) or γ1 = 0.75 (b) (Reproduced with permission
from [36]. Copyright 1999 American Chemical Society)

Fig. 7). Regarding other samples clearly polymers forming islands lie above
the plot while the others are in the lower part [38].

Figure 8 shows the ribbon morphologies of four different PS-b-P4VP
block copolymers. As in the case of PS-b-P2VP, the dimension of the ribbon
strongly depends on the length of the nonadsorbing block. With increasing
PS block length both the size of the ribbons and their spacing increase (see
Table 2).

In contrast to PS-b-P4VP, PS-b-P2VP block copolymers exhibit only an
island-brush transition. Since the exact size and the shape of the ribbon re-
gion of the phase diagram depend on the interfacial tension of the involved
compounds, the ribbon region can be very small or even vanish. Therefore,
the appearance of ribbons in the case of PS-b-P4VP is due to the differences
in interfacial tension.

The topographic inhomogeneities of PS-b-P2VP SINPATs could be exploited
in an etching process to transfer the polymer pattern into the underlying sub-
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Fig. 6 Experimental morphology diagram for PS-b-P4VP SINPATs. Squares indicate poly-
mers that form an island structure, circles polymers forming a ribbon structure, and the
triangle the polymer that forms both island and ribbon structures side by side

Fig. 7 SFM micrograph of PS350-b-P4VP260 on mica. Scan size is 2.5×2.5 µm2

Fig. 8 SFM topography images of PS-b-P4VP SINPAT on mica. The scan size corresponds
to 2.5× 2.5 µm2: a PS350-b-P2VP260, b PS380-b-P2VP470, c PS330-b-P2VP130, d PS610-b-
P2VP130
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Table 2 Characteristic values of PS-ribbons for ultra-thin films formed by PS-b-P4VP
block copolymers on mica

NPS-b-NP4VP r [nm] P [nm] h [nm]

190-b-100 60± 5 72±10 3.0±0.4
320-b-150 80±10 109±10 4.1±0.3
330-b-130 60±10 105±10 3.7±0.4
480-b-210 75±10 186±20 4.8±0.5
610-b-130 90±10 140±15 5.2±0.5

r = average cluster diameter, P = periodicity, h = average height of the PS cluster; aggre-
gation number is not given due to different length of ribbons

strate. Modern lithographic methods based on X-ray, ion beam or e-beam
techniques allow fabrication of structures smaller than 100 nm [39]. However,
these methods are not suitable when structuring of macroscopic areas is re-
quired. There is an obvious need for an intermediate process allowing easy
patterning of macroscopic areas with a periodicity in the nanometer range.
Based on concepts of macromolecular chemistry [39–41] much effort has
been made to imitate the “bottom up” concept of nature. It has been shown
that bottom up methods based on self-assembly of SINPAT, could be used
for nanolithography [42]. By coating PS-b-P2VP SINPATs with a thin layer of
Ti, the PS cluster height increased significantly more than expected from the
average metal thickness, while the periodicity and the cluster size remained
constant [43]. The initial growth of Ti was observed to be preferentially on
the top of PS islands. In order to take advantage of the topographical inhomo-
geneities, samples were etched with an Ar ion plasma for various times. Figure 9
shows the resulting structures before and after etching of Ti-covered islands.

After 5 min the elevations gained their maximum height. At the same time
the roughness between the elevations vanished completely, suggesting that
the peaks are etched faster than the valleys. These results show that PS/Ti
interaction could be exploited as etching masks for nanolithography. The
SINPATs represent a new possibility to create < 100 nm islands which can act
as a lithographic mask. Since the topological heterogeneities are related to
the chemical composition, SINPATs seem to be good candidates for selective
adsorption of other specimens and for further modification of the surface
properties.

Not only di- but also triblock copolymers were used for the preparation of
SINPATs. Ultra-thin film formation of PS-b-P2VP-b-PMMA and PS-b-PHEMA-
b-PMMA triblock copolymers on silicon was reported by Böker et al. [44].
These films revealed regular surface patterns with stripe and island morpholo-
gies. The significant stretching of the adsorbing block resulted in rather large
periodicities for relatively low molecular mass blocks. The lateral dimensions
were in good agreement with the scaling laws derived by Potemkin et al. [36].
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Fig. 9 PS340-b-P2VP190/4.5 nm Ti composite film on mica used as an etching mask. SFM
micrographs and the cross section show the temporal evolution of the pattern. From top
to bottom: 0 min, 5 min, and 10 min treatment with the plasma

5
Conclusions

In this review we summarized the research activity that has been performed
on lateral phase segregation of PS-b-PVP block copolymers in ultra-thin
films.

The use of selective solvents leads to micelle formation in solution. In
toluene PS-b-P2VP forms micelles with P2VP cores and stretched PS coro-
nas. By means of different techniques it was shown that on polar substrates
a two-step adsorption process takes place. In solution single chains adsorb
and form a brush. Subsequently this brush collapses upon sample withdrawal
from the solution and whole micelles adsorb onto it. These laterally highly
ordered patterns are not thermodynamically stable since they are obtained by
rapid solvent evaporation.
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Two-dimensional surface micelles were formed of poly(styrene)-block-
poly(N-alkyl-4-vinylpyridinum iodide) by spreading a solution in a slightly
selective solvent mixture onto the water/air interface by means of LB tech-
niques. The resulting patterns showed a transition from a starfish conform-
ation at low compression to a jellyfish conformation at high surface pressure.
This transition does not depend on the degree of polymerization of the PVP
chains but only on the length of the alkyl chain used for quaternization. These
patterns could be transferred to solid substrates without structural changes.

Film preparation from ultra-diluted solutions of PS-b-P2VP and PS-b-P4VP
in a nonselective solvent on mica resulted in highly ordered surface pat-
terns formed due to the adsorption of single polymer chains in solution onto
the substrate (SINPATs). The PVP block adsorbs strongly on mica in a two-
dimensional coil whereas the PS block dewets the adsorbed layer forming
isolated clusters on the top of the PVP layer. Three different morphologies of PS
aggregates were found: hexagonally ordered islands, a ribbon morphology and
a dense brush morphology. The occurrence of a specific morphology emerged
depends on the block-length ratio NS/NVP, the chemical nature of the adsorb-
ing block (P2VP or P4VP) and the degree of surface coverage. As one possible
application the chemical heterogeneity of SINPATs was used as a template for Ti
deposition. Furthermore Ti/SINPAT composites were successfully used as etch
masks in order to transfer regular structures of nanometer size onto substrates.

Fabrication of highly ordered structures < 100 nm on surfaces via self-
assembly of block copolymers opens up a new way to generate templates
for various applications. However, there is still a great deal of research to be
undertaken in order to understand the domain formation by lateral phase
segregation of block copolymers in ultra-thin films. Understanding this pro-
cess is crucial for the ability to design desired film morphologies by tailoring
the chemical structure of the block copolymer.
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Abstract We review thin-film morphologies of hybrid liquid-crystalline/amorphous block
copolymers. The microphase separation of the blocks and the smectic liquid crystalline
ordering within one of the blocks are treated systematically in terms of the interac-
tion parameters. The competition of the “tandem” interactions in terms of length scales
and of surface anchoring can be used advantageously to control the orientation of block
interfaces for nanopatterning.
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Abbreviations
AFM atomic force microscopy
GIXD grazing-incidence X-ray diffraction
GISAXS grazing-incidence small-angle X-ray diffraction
LC liquid crystal(line)
ODT order-disorder transition
XR X-ray reflectivity

1
Introduction

Several future technologies demand structures at length-scales below 1 µm
(say 1–100 nm). In various cases such structures have to be ordered in a regu-
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lar and tuneable fashion while in addition specific physical properties are
needed. These requirements can often be met using the surfaces of polymers.
Structural order over many length scales can be created by self-organizing
polymer materials, controlled and possibly directed by molecular interactions
and external constraints. Self-organization occurs from nanoscopic to macro-
scopic scales and includes phenomena like phase separation or microphase
separation, adsorption and crystallization. Apart from potential applications,
they are important for fundamental studies investigating the relation between
nanostructure and resulting physical properties. In spite of considerable ef-
fort in this field, it is difficult to orient or align polymeric nanostructures.
Thus, a major goal of present research is to arrange the polymeric features in
regular well-ordered arrangements exhibiting multiple length scales [1]. Sev-
eral competing factors are able to control the structure formation (chemical
differences, conformational entropy, spatial constraints, external fields).

In this chapter we concentrate on block copolymers, which are well known
to microphase separate in various structures that are scientifically interesting
as well as technologically attractive [2, 3]. In thin films these structures can be
further influenced by specific interactions between the various blocks and the
limiting interfaces. However, in the context of nano-ordering, these possibil-
ities of forming fairly well-defined mesoscopic structures are not sufficient.
To obtain control over the ordering process, further handles are needed
which can be provided by additional ordering principles in one of the blocks.
Though again several mechanisms exist, we shall discuss here the possibil-
ities of liquid crystalline (LC) ordering in one of the blocks, in particular
smectic LC ordering. We restrict ourselves also to simple substrates, and re-
frain from the interesting field of “replication” of patterned surfaces, see for
example [4–6].

In the next section the basic properties of block copolymers and liquid
crystalline polymers will be summarized. Furthermore, we discuss the block
microphase separation and its interaction with the LC ordering in one of the
blocks in a systematic way. In the remaining sections a couple of examples
(see Table 1) will be discussed of competing hierarchical ordering at surfaces,
with emphasis on the possibilities for controlled nanopatterning.

Table 1 Compounds discussed and their properties

Polymer Mn ΦLC-block DP Phase behavior (◦C) Refs.

PS-b-PChEMA 57 000 0.51 1.1 gPS 101 gPChEMA 126 [43, 44]
Sm-A 187 I

PIBVE-b-PLC 9600 0.67 1.26 gPIBVE –19 gLC 11 [47, 48]
Sm-C∗ 44 Sm-A 67 I

PMMA-b-PF8H2A 45 400 0.79 1.2 Sm-A 85 I [54, 55]
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2
Liquid Crystalline/Amorphous Block Copolymers

The simplest case of a block copolymer is a diblock consisting of two co-
valently bonded polymers with chemically distinct repeat units A and B. If
A and B are incompatible, below the order-disorder transition at TODT mi-
crophase separation is obtained into, for example, a spherical, cylindrical, or
lamellar phase. The phase behavior depends on the relative volume fraction
of A and B and on the magnitude of the product χABN, where χAB is the
Flory–Huggins interaction parameter between the two polymers, and N the
total degree of polymerization [7]. We can write

χAB =
Z

kBT

[
εAB –

1
2

(εAA + εBB)
]

, (1)

in which ε is the interaction energy and Z the number of nearest-neighbor
contacts. Note that χ ∼ 1/T. In the case of roughly equal block sizes, the
block copolymer microphase separates into a lamellar phase, the scaling of
the lamellar period being ∼ N2/3. This result stems from the balance between
the enthalpy gain of demixing A and B (Eq. 1) and the entropy cost of chain
confinement within the layers [7–9]. For increasingly asymmetric volume
fractions the lamellar structure makes way successively for a hexagonal cylin-
drical and a spherical micellar structure, very similar to that observed for
low-mass surfactants. In fact the situation is somewhat more complicated due
to the possible interference of intermediate morphologies like a cubic gyroid
phase and a perforated lamellar phase.

In thin films of diblock copolymers, the interactions occurring at the
air/film and film/substrate interfaces influence the microphase separation
process, and can be used to control the orientation of the morphology. For
example, a preferential interaction of one of the blocks with the bound-
aries (“surfactant”-like behavior) will favor uniformity of a lamellar phase on
a macroscopic scale, with the lamellae of periodicity L parallel to the sub-
strate [10, 11]. The resulting film thickness will belong to a discrete spectrum
of allowed values Dn, depending on the boundary conditions [10, 12] given by

Dn = (n +
1
2

)L or Dn = nL . (2)

In the case where the actual thickness does not match this condition, ter-
races are formed with a height difference corresponding to L [13]. In a similar
way the presence of interfaces will lead in other microphase-separated mor-
phologies to some ordering of the cylinders or spheres. Note that structures
of lamellae parallel to a substrate or cylinders perpendicular to a substrate are
uniquely defined. However, this is no longer true when the lamellae are per-
pendicular or the cylinders parallel to the substrate. In the latter cases control
of the azimuthal ordering in the plane of the film is needed to obtain uni-
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form patterns. This is a crucial problem for the possible exploitation of such
structures.

A combination of LC ordering and macromolecular properties can be ob-
tained on a macroscopic scale in LC polymers [14, 15]. LC or mesogenic units
can be built into a polymer in two different ways: as side groups attached
to the polymer backbone (side-chain LC polymers) or built into the poly-
mer backbone itself (main-chain LC polymers). The last class of materials
can give strong fibbers, being best known under their trade names (Kevlar,
Twaron). Side-chain LC polymers usually have an end group of the meso-
genic units attached to the polymeric backbone via a flexible group that acts
as a spacer. The resulting comb-shaped LC polymers are used as materials
for the second-harmonic generation but also as protective coatings. Various
types of LC phase (nematic, smectic) can be found, just as in the corres-
ponding monomers, though in general the transition temperatures are shifted
and the mesophases tend to be higher ordered than in the corresponding
monomer systems. A special type of side-chain LC polymer is obtained if
the mesogenic group is attached laterally to the polymer. In the absence of
a spacer group this leads to stretching of the backbone into a rod-like shape:
mesogenic jacketed LC polymers [16–18]. In this review we restrict ourselves
to conventional comb-shaped LC polymers.

In the case of smectic-A (Sm-A) ordering the LC phase consists of stacks
of liquid layers. In the context of nanostructuring this is the most relevant
situation. The layer periodicity d can be close to the length of the side group
(single layer), somewhat larger (interdigitation of the mesogenic groups) or
about twice that value (double layers). The actual situation depends on the
effective transverse dimension of the side group in relation to the spacing
between the “anchoring” points at the polymeric backbone. In analogy to
lamellar diblock microphase separation, the smectic ordering of a comb-
shaped LC polymer can be considered as “nanophase” separation: the poly-
meric backbone separates from the mesogenic units [19, 20]. This analogy
was nicely illustrated by Diele [20], who studied the smectic periodicity as
a function of the number of side groups. Upon decreasing the density of at-
tached side groups the smectic periodicity was found to increase. This can
be understood if the mesogenic units always form the same type of smec-
tic layering, forcing the backbone polymer to coil in between the layers (see
Fig. 1a). With decreasing number of side groups, more backbone must be
packed into this polymer sheet and its thickness increases. As a consequence
also the smectic periodicity increases. One can push the analogy further by
attributing an effective χ-parameter to the interaction backbone-mesogens.
The situation mentioned then corresponds to strong phase separation; in
other cases (weak phase separation) the backbone might be less strictly con-
fined between the mesogenic layers. The Sm-A-nematic (TAN) or smectic-
isotropic (TAi) phase transition temperature can be considered as the relevant
TODT.
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Fig. 1 a Smectic LC ordering as a nanophase separation process. The picture shows smec-
tic layering when for only one out of five backbone positions a side chain is attached [20].
b Cartoon model of a LC/amorphous diblock copolymer

In hybrid amorphous/smectic block copolymers a hierarchical interplay
arises between block copolymer ordering on the scale of tens of nm and
smectic layering on the scale of nm. In addition to the enthalpy gain of demix-
ing A and B and the entropy cost of chain stretching involved in “classical”
microphase separation, several additional contributions to the free energy of
block copolymers come into play. These include (i) the elastic energy of the
LC phase and (ii) the orientational wetting of the LC phase at the internal
micro-domain boundaries as well as (iii) at the external film surfaces. For
strong block segregation the LC phase is confined by the amorphous block,
similar to crystallization of block copolymers with a semi-crystalline block.
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For weak block segregation the coupling may be more important and TAN or
TAi may act also as TODT for the block separation. On the other hand the LC
phase behavior may be influenced by the confinement. In particular if the LC
phase is the minority phase, in the case of spherical or cylindrical morpholo-
gies smectic ordering may be suppressed and nematic ordering favored. For
lamellar block copolymer morphologies the smectic layers are usually ori-
ented perpendicular to the block interfaces. The influence of molecular mass
and polydispersity has hardly been investigated yet [21]. Some reviews in the
field of LC/amorphous block copolymers are given in [22–26], a selection of
original papers in [27–36].

In the spirit of the discussion so far, an amorphous/smectic LC diblock
can be considered to be an A(CB) triblock copolymer, where A denotes the
amorphous polymer and C and B the backbone and mesogens of the smec-
tic polymer, respectively (Fig. 1b). If TAi � TODT, the Sm-A phase forms
within a well microphase-separated block system and one would expect
χBC � χAC, χAB. Only when this condition is fulfilled the usual description as
a diblock system is effectively correct. However, a different situation arises if
the backbone in the smectic polymer is similar to the polymer in the amorph-
ous block: C ≡ A′ ≈ A. Now little incompatibility exists between the polymer
in the amorphous block and the backbone of the smectic LC block. In that
situation χAC ≈ 0, and χBC ≈ χAB � 0. A correct description of this situation
would be A(A′B), and the interplay between the smectic ordering and the
microphase separation is expected to become more important.

The competing hierarchical ordering in amorphous/smectic block copoly-
mers provides a new handle to manipulate the structure in thin films. Let us
consider as an example lamellar block structures. In bulk the smectic layers
are usually orthogonal to the lamellae and separate the microphase segregated
blocks. This can be understood from minimum contact interactions between
the two polymer chains. As discussed above, in thin films the block lamel-
lae in general like their interfaces to be parallel to the substrate. However,
in such films the mesogenic units in a side-chain LC polymer prefer usually
homeotropic anchoring to both the substrate and the air interface [37] (except
for strongly polar end groups). For a smectic LC phase this would bring the
smectic layers also parallel to the substrate. In that case a conflict arises be-
tween the directions of the smectic layering and the block lamellar ordering,
that cannot both adjust to the same preferred boundary orientation and remain
orthogonal to each other. The resulting frustration can be used advantageously
for control purposes. In principle the film should be annealed at temperatures
within the range of stability of the smectic phase. This requires TAN or TAi to be
larger than any glass transition in the system. Annealing at high temperatures
well below TODT but above TAN or TAi and subsequent cooling into the smectic
phase is less suitable as it decouples the formation of the smectic layering from
the initial block organization. Nevertheless, in such a situation smectic layering
can already exist locally at the film interfaces.
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In the following sections we shall illustrate these concepts by means of
a few different examples. Similar considerations apply to the work of Ikkala
and co-workers, who investigated systems with amphiphilic molecules at-
tached via hydrogen bonding to one block of a diblock copolymer [38, 39].
In that situation the temperature at which the hydrogen bonding gets lost
(around 80 ◦C) sets a limit to interactive annealing. The combination of X-ray
reflectivity (XR) and atomic force microscopy (AFM) has proven to be most
useful in gaining access to complementary real-space information of the sur-
face and reciprocal-space knowledge of the interior of the films. As XR is
sensitive to modulations of the average electron density along the surface
normal [40], in this way a complete model of the thin film structure can be
obtained, including possible differences between the surface and the inte-
rior of the film. Similar arguments apply to any lateral ordering of the film.
Complementary to surface ordering probed by AFM, grazing-incidence X-ray
diffraction (GIXD [41], including GISAXS at small azimuthal angles [42], can
tell whether this ordering is continued through the whole film.

3
Example 1. Smectic/Amorphous AB Diblock Copolymer

In this first example, we investigate the lamellar thin film morphology of
the approximately symmetric amorphous-smectic diblock copolymer PS-b-
PChEMA. The molecular structure is shown in Fig. 2a while further mo-
lecular and phase information is given in Table 1. In the bulk the smectic
layers (d = 4.3 nm) and the block lamellae (L = 30 nm) are orthogonal as an-
ticipated [43]. Spin-coated films were annealed in the smectic phase around
170 ◦C, well above the glass transition of PS. XR measurements for films of
different thickness D are displayed in Fig. 2b. A developing quasi-Bragg peak
can be observed in thin films, with an associated periodicity of 4.2 nm that
corresponds closely to the bulk smectic spacing of PChEMA. However, this
observation is restricted to thin films with approximately D ≤ 2L; for thicker
films the situation is less clear. Thin films were investigated in some detail
by Wong et al. [44]. The smectic layers are parallel to the surface, with the
mesogenic side groups anchoring homeotropically, perpendicular to the sur-
face. The same homeotropic anchoring is observed in XR measurements of
PChEMA homopolymer thin films. The surface topography of a typical sam-
ple prepared under the same conditions and measured with AFM is given in
Fig. 3a. The average thickness as measured is 33 nm, and two types of terrace
with an average height difference of 5 nm can be seen. The latter value is com-
parable to the thickness of a smectic layer. This is consistent with the previous
X-ray observation, and confirms that the smectic layers formed from the
mesogenic side groups are parallel to the surface. In adjusting the thickness D
to the boundary conditions, an integral number of smectic layers D = nd now
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Fig. 2 a Structure of PS-b-PChEMA. b XR of films of various thickness, from top to bot-
tom: 22, 45, 53.5, 55.5, 88, 91.5, 138, and 152 nm, respectively. The upper arrow indicates
for thin films smectic layering parallel to the substrate; the lower arrow for thick films
(weak) lamellar block orientation parallel to the substrate

Fig. 3 a Perpendicular lamellae for a 36 nm thick PS-b-PChEMA film as observed by AFM
(1×1 µm2 viewing area). b Schematic representation of the perpendicular wetting [44]

takes the place of the quantization in L given by Eq. 2. The serpentine corru-
gations on the terraces in Fig. 3a have an average in-plane spatial period of
32±4 nm, which is essentially the ABBA lamellar period.

The combination of XR and AFM results indicates that the generic or-
dering found in isotropic symmetric diblock films, where the lamellae are
parallel to the surface, has been suppressed in these thin hybrid diblock
films (Fig. 3b). The anchoring of the mesogenic groups dominates the wet-
ting, and the hybrid diblock lamellae order in a direction perpendicular to
the surface. PChEMA readily wets both the quartz and air interfaces and
PS is usually repelled from hydrophilic substrates. Hence, intuition informed
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by theoretical descriptions of isotropic diblocks suggests that the contact
interaction should dominate and lead to parallel wetting of the lamellae,
with homeotropic PChEMA at both interfaces. For PS-b-PChEMA, however,
homeotropic anchoring of the PChEMA side groups is inherently antago-
nistic to parallel wetting, because it necessarily generates defects and extra
unfavorable segment-segment contact near PS-PChEMA interfaces. More im-
portant, the equilibrium bulk lamellar period defines a thickness for the
PChEMA block at the interface, which is in general not commensurate with
the thickness of an integral number of homeotropic smectic layers. This in-
commensurability is particularly strong for thin films in which D and L are of
the same order but not equal. The frustration from both effects, however, can
be avoided in perpendicular wetting of the lamellae, for which homeotropic
anchoring is maintained without layer incommensurability, but at the cost of
some unfavorable PS wetting at the substrate. The parallel ordering of lamel-
lae, however, can be restored in asymmetric lamellar diblocks in which the
contact area between PS and the substrate is increased [44]. In thicker films
possibly a transition takes place from perpendicular lamellae at the substrate
to parallel lamellae at the air interface, attributed to a decreased incommen-
surability. However, this point has not been investigated more extensively.

In spite of the interesting perpendicular morphology in thin films, the az-
imuthally random serpentine-like nature of the block lamellae prevents useful
applications. Two possibilities have been explored to modify locally the sub-
strate in order to create a preferential in-plane anchoring direction. The first
is to play with the topography of the substrate. A sharp step on a silicon
wafer will select a particular direction that may influence the orientation of
the structure. Preliminary results for a film deposited on a saw-tooth pat-
terned silicon wafer lead indeed to lamellae oriented in the step direction
(see Fig. 4a). A second option consists of modifying on a nanometer scale the
affinity of the substrate for the blocks. It is possible to graft alkyl chains on
a silicon surface at selected positions determined by scratching the substrate
in the presence of an appropriate solution of the grafting molecules [45].
Performing this scratching with an AFM cantilever tip, one can create a well-
defined hydrophobic nanoline on the hydrophilic surface. As PS is a nonpolar
polymer, it will preferably wet such a line. As shown in Fig. 4b this induces
indeed some ordering of the lamellar features. However, in both cases the
correlation lengths of the parallel oriented lamella is limited. In combination
with the rather elaborate methods of obtaining the alignment, this is so far
prohibitive for further applications.

In conclusion we have reached a morphology of stable lamellae oriented
perpendicular to a nontreated substrate. Similar results have recently been
reported by Hashimoto and co-workers using conventional lamellar block
copolymers on a strongly corrugated substrate [46]. In both situations azi-
muthal ordering of the lamellae turned out to be difficult. We wanted to
extend these experiments to a cylindrical morphology for which we should
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Fig. 4 AFM image of the alignment of perpendicular lamellae of a thin PS-b-PChEMA
film along a a grating and b near a locally functionalized nano-scratch (see text, 0.35×
0.35 µm2)

expect the smectic layers to stabilize in thin film cylinders perpendicular
to the substrate. However, though the analogous compound PS-b-PChEMA
with 30–40% PS gives a cylindrical morphology, somewhat unexpectedly the
smectic layers orient parallel to the block interfaces (cylinder axes) [43]. We
attribute this anomalous behavior to the relatively low molecular mass of the
particular block copolymers. Anyhow, it removed our “control handle” and
made us turn to other systems (see Sect. 5).

4
Example 2. Smectic/Amorphous A(A′B) “Triblock” Copolymer

The next example consists of an amorphous polymer, which consists of
a poly(isobutylvinylether) (PIBVE), chemically linked to a side-chain LC
block with as a backbone the same vinyl ether. The structure is shown in
Fig. 5a and further information is presented in Table 1. Note that the Sm-
A phase region is at relatively low temperatures. Annealing was done close to
TAi, subsequently the sample was quenched to room temperature for further
analysis. As the amorphous block is only incompatible with the side-chain
part of the LC block we expect the LC properties to be dominant. The sys-
tem falls in the triblock class A(A′B) as described in Sect. 2. Nevertheless, two
glass transitions have been detected in DSC, which is a direct proof of the
immiscibility of the two blocks [47]. Films of the LC homopolymer indicate
smectic layers parallel to the substrate with a periodicity of d = 3.1 nm. The
period is equal to the stretched size of the side groups, which are homeotrop-
ically oriented. This leads to a model of interdigitated side groups. A sample
annealed in the isotropic phase indicates preferential interactions between
the boundary layer and the substrate. XR shows that the film starts dewetting
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from the substrate except for a layer of 6.2 nm, corresponding to exactly two
smectic layers.

The XR curve from a diblock film is given in Fig. 5b [48]. In addition to the
Kiessig fringes several additional periodicities show up. Bragg-like features
at qz ≈ 7 nm–1 with five higher orders indicate a lamellar period of L ≈ 9 nm
with long-range spatial order. This lamellar period is somewhat smaller than
in the bulk (10.7 nm). The large intensity of the third order is due to super-
position with the first-order Bragg peak from the smectic layering of about
3 nm parallel to the substrate. This indicates a rather special lamellar morph-
ology in the diblock film, with both smectic and amorphous layers parallel
to the substrate. The total thickness of 36 nm corresponds to four lamellar
blocks. Fits to the reflectivity data indicate that the density profile through the
film can be described by 12 layers of thickness of about 3 nm (±15%) while
the interfacial roughness varies between 0.5 and 1 nm. Moreover, the dens-
ity profile decreases monotonically from the substrate to the air/film interface
leading to unrealistically low values for most of the layers. We are aware of one
other report of parallel alignment of smectic layers and block lamellae [49], in
which case it was attributed to peculiarities of the Sm-C∗ phase involved.

More insight about the diblock film structure is provided by the AFM
data of Fig. 6. One can see terraces with a thickness of about 9 nm, the area
of which decreases monotonically from the substrate to the air. Hence, the
AFM image confirms the presence of lamellae parallel to the substrate. The
decrease in area of the terraces on top of each other is consistent with the

Fig. 5 a Structure of PIBVE-PLC. b X-ray reflectivity of a 36 nm thick film after annealing
in the Sm-A phase at T = 63 ◦C (circles) with possible fitting curve (solid line) as discussed
in the text. The Bragg positions of the diblock periodicity (above the curve) and of the
smectic spacing (below the curve) are indicated [48]
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monotonic decreasing density of the slabs in the XR model. It suggests that
the organization of the lamellar structure starts from the substrate level. Rea-
sonable fits of the XR data can be obtained by averaging the reflectivity of
four different films of thickness of 1 to 4 lamellae, respectively, and realistic
densities. We further notice in Fig. 6 instabilities during the microphase sepa-
ration: the AFM picture shows intermediate layers of thickness of about 3 nm
between adjacent terraces. These layers are dewetting the underneath terrace
as indicated by their irregular contours. In fact, during the phase segregation
process, islands and depressions of this thickness are successively formed,
which are unstable at the air/film interface, leaving a few stable terraces of
approximately 9 nm.

In the present film system the lamellar period must be composed of
a smectic block of about 6 nm, and an amorphous block of approximately
3 nm, in order to be consistent with the bulk volume fractions of the blocks.
Generally, such a parallel lamellar structure will be configurationally frus-
trated, because the smectic block size, as obtained by scaling the lamellar
diblock period, may be incommensurate with the smectic periodicity [44].
However, for the present volume fractions, the smectic block size corresponds
to twice the smectic periodicity. Several lamellar morphologies with block
interfaces and smectic layers parallel are potentially possible. Various combi-
nations of alternating amorphous blocks and an integral number of smectic
layers can be obtained, with the mesogens oriented “up” and “down” with re-
spect to the backbone. However, for neither of these cases, a lamellar period
around 9 nm can be constructed. Moreover, such a situation leads to an unfa-
vorable contact area between A and B components. Remember that the main
segregation is due to the unfavorable χAB between the amorphous polymer

Fig. 6 AFM image of a dewetted PIBVE-PLC film (10×10 µm2). The height difference be-
tween the terraces is about 9 nm. Dewetting layers of a thickness of about 3 nm can be
seen adjacent to the terraces
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A and the mesogenic units B and to χA′B between the backbone A′ and its side
groups B. These considerations led to a radically different proposal for the
mesogen packing within the smectic layers. The mesogenic units are assumed
to be densely packed, all pointing to the same direction (Fig. 7b). Alternat-
ing with the smectic layers, the PIBVE block will form the second sublayer.
As the side groups point to the same direction, the polymer A and back-
bone A′ face each other in a favorable way, because they are essentially of the
same chemical composition and χAA′ ≈ 0. In addition, phase segregation is
ensured between the A, A′ components at one side and the B component at
the other side. In this situation, the smectic and amorphous block sizes cor-
respond to about 6 and 3 nm, respectively, in agreement with the lamellar
period. It seems that, in contrast to the bulk and homopolymer situations,
a unidirectional conformation of the mesogens is the only way that allows
a combination of the phase-separated structure and the smectic LC/substrate
preferential interactions.

The difference in stability between the bulk structure of Fig. 7a and the
film structure of Fig. 7b can be rationalized in terms of the influence of the
surface [48]. First, the free energy contributions of the smectic ordering in the
bulk and in the film are different because of the dissimilar packing configu-
rations of the mesogens. The interdigitated smectic ordering of Fig. 7a is the
natural morphology and is expected be more favorable than that of Fig. 7b,
which requires a relatively strong confinement of the mesogens. However, this
may be outweighed by the contribution from the block-block transition layer
that contributes in the bulk (see Fig. 7a) unfavorably to the free energy of
mixing of the A and B components. In the proposed film structure this is
replaced by favorable AA′ interactions. For the packing configuration of the
amorphous block only minor changes are expected.

Fig. 7 Microscopic model of PIBVE-PLC for a the bulk orthogonal lamellar morphology
and b the thin film parallel lamellar morphology
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In conclusion the parallel lamellar structure of Fig. 7b seems to originate
from the strong interaction between the mesogenic units and the substrate.
The favorable internal diblock interactions will maintain the parallel lamel-
lar structure, as long as the entropy cost due to the confinement of mesogens
within the smectic layers is compensated for by the mesogens/substrate en-
thalpy bonus. The instability of the lamellar structure as observed in AFM
(dewetting layers and terraces with decreasing area from the substrate to the
air) indicates that this is not the case for all thicknesses. This point has not
been investigated in further detail. Finally, we must conclude that though
the situation of parallel block lamellae and smectic layers may be interesting
from a physical point of view, it does not allow access to the layering in terms
of nanostructuring. Unfortunately, samples with a probably useful cylindrical
morphology were not available.

5
Example 3. Fluorinated Smectic/Amorphous Diblock Copolymer

Fluorinated polymers are of special interest because of the specific surface
affinity of the fluorinated parts. This adds an extra element to the discussion
so far. Coatings with controlled organization of the fluorinated parts are of
interest as water/dirt repellent systems [50–53]. Fluorinated alkanes attached
as side groups to a polymer can organize in smectic layers. Block copolymer
ordering can be added as a third element to the smectic organization and the
surface affinity of the fluorinated groups. In the example to be discussed [55],
we move away from lamellar structures at about equal volume fractions and
use the asymmetric compound PMMA-b-PF8H2A pictured in Fig. 8a (further
properties in Table 1). Note that the backbone polymer is again rather similar
(but not equal) to the amorphous polymer: in the A(A′B) picture we now ex-
pect χAA′ to be small but not zero. Because of the strong difference with the
fluorinated side chain we expect χA′B ≈ χAB � χAA′ .

Small-angle X-ray scattering in the bulk shown in Fig. 8b indicates a hex-
agonal structure. Moreover, the two blocks are strongly microphase separated:
TODT > 300 ◦C. Upon cooling, a Sm-A phase appears within the fluorinated
block below about 85 ◦C. The mesogens organize in double layers with a period
d ≈ 3.3 nm. The X-ray peaks corresponding to the microphase separated struc-
ture are not affected by the additional LC ordering. Single domain samples
reveal that the smectic layers are perpendicular to the cylindrical block inter-
faces, in agreement with results for other fluorinated smectic/amorphous block
copolymers [52, 56, 57]. While this situation is common from lamellar struc-
tures, it isnot obviousfor theother morphologies. Infact several caseshavebeen
reported of smectic layers parallel to the cylindrical block interfaces [43, 57].

Thin films of PMMA-b-PF8H2A were investigated with XR [55]. A typical
result shown in Fig. 9a indicates rather rough interfaces (the Kiessig fringes
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Fig. 8 a Structure of PMMA-b-PF8H2A; n = 80, m = 74. b Small-angle X-ray scattering in
the bulk indicating hexagonal ordering with L = 31.5 nm and smectic layering with d =
3.3 nm

Fig. 9 a XR divided by the Fresnel reflectivity RF and corresponding fit (full line) of
a 82 nm film of PMMA-b-PF8H2A. b Associated model [55]

are not very well developed) and a smectic peak around q = 2.01 nm–1. The
corresponding spacing of 3.2 nm is very close to the bulk smectic spacing of
3.3 nm. This indicates that the smectic layers are aligned parallel to the sub-
strate with the fluorinated chains anchoring homeotropically to the substrate.
The best fit to the XR data indicates that the density profile through the film is
composed of 21 smectic layers with a spacing of 3.2 nm sandwiched between
different bottom and top layers (see inset of Fig. 9a). From this information
we arrive at the preliminary model of Fig. 9b. Gronski and co-workers ob-
tained somewhat similar results [34]. The latter authors describe in addition
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situations of random as well as regular positioning of the cylinders. Ordered
arrays of perpendicular cylinders were recently also reported in thin films of
a hybrid smectic/amorphous block copolymer with azobenzene mesogenic
side-groups [59]. All these results indicate stabilization of a perpendicular
orientation of the cylinders by smectic layering parallel to the substrate.

In general, for “classical” amorphous block copolymers one can expect
cylinders perpendicular to the substrate if the possible gain in surface energy
from preferential absorption of one of the blocks is more than compen-
sated by the free energy change associated with the elastic distortions of the
chain. This point was nicely demonstrated in the work of Russell and co-
workers [60], who realized films with a perpendicular orientation of cylinders
by making the substrate neutral to both blocks via coating with a random
copolymer. Alternatively, perpendicular orientation of cylinders has been
reached by applying an electric field [61] as well as by slow evaporation of the
solvent after spin-coating [62, 63].

Figure 10a shows an AFM phase image of an annealed film at room tem-
perature. Cylindrical PMMA domains (dark areas) can be seen, oriented
normal to the surface and covering the whole surface of the film. The average
diameter of the PMMA cylinders is about 18 nm and the average center-
to-center distance between the cylindrical domains is approximately 35 nm.
From the images there seems to be no long-range lateral order of the cylin-
drical domains. More information about the average in-plane ordering was
obtained by grazing-incidence X-ray diffraction. In GIXD the X-ray beam
shines on a surface at a small glancing angle α. If α is smaller than the critical
angle αc, total reflection occurs; now only an evanescent wave penetrates into
the film. Using this wave as the “incident” beam, two-dimensional in-plane
X-ray diffraction can be performed. The penetration depth of the X-rays de-
pends on α and can be set to probe the full film. Hence, potentially GIXD
allows us to quantify the internal structure of the blocks and to validate any
model. In films of PMMA-b-PF8H2A a broad peak was found, corresponding
to the liquid in-plane order of the fluorinated smectic block at an average dis-
tance of about 0.5 nm. This confirms the parallel orientation of the smectic
layers with respect to the substrate as seen in XR. Any block structure would
be at small angles and can only be observed with grazing-incidence small-
angle X-ray scattering (GISAXS), the result of which is shown in Fig. 10b.
The peak at q = 0.207 nm–1 corresponds to an average in-plane periodicity of
30.3 nm. This is very close to the interdomain period in the bulk (31 nm) and
proves that the cylindrical domains are not only oriented normal to the air
interface but span the entire film thickness. The peak can be well fitted by
a Lorentzian function with a correlation length of about 40 nm (short-range
liquid-like ordering).

In conclusion, AFM and grazing-incidence X-ray scattering essentially
confirm the model of Fig. 9b. The cylindrical PMMA domains stand normal
to the substrate and span the entire film. They are embedded in a matrix
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Fig. 10 Evidence for perpendicular cylinders in an annealed PMMA-b-PF8H2A film at
room temperature. a AFM phase image in the tapping mode (1×1 µm2). b GISAXS curve
fitted to Lorentzian (full line)

of the PF8H2A phase with the side chains forming smectic bilayers parallel
to the substrate. The structure can be understood in terms of the combined
effect of the microphase separation, the smectic ordering and the orienta-
tional wettability of the side chains. At the air-film interface the fluorinated
side chains orient toward air in order to lower the surface energy [64]. This
would cause the smectic layers to orient parallel to the substrate. However,
the smectic layers also tend to orient perpendicular to the microdomain inter-
faces in order to minimize the contact area between the two polymer blocks.
Hence, to simultaneously maintain these preferential interactions the smec-
tic layers and the cylindrical domains orient parallel and perpendicular to the
substrate, respectively. Though the film has been annealed above the smectic-
isotropic transition, evidently the essential elements leading to the smectic
layering are already present locally at the interfaces.

6
Conclusions and Outlook

There is little doubt that supramolecular materials built from highly regular
molecular nanostructures can possess interesting visco-elastic or electrical
properties and may sensitively respond to various external fields (sensors).
Furthermore, their nanostructured surfaces can exhibit highly selective inter-
actions with molecules in the environment (biosensors). Nevertheless, we are
only at the edge of coming to realistic applications. Controlled nanopattern-
ing is a prerequisite for further progress. For various applications (nano-pore
size filters, generation of a two-dimensional electric potential, medium for
electrophoresis of DNA) simple periodic patterning is sufficient. Compet-
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ing length scales provide a valuable tool to obtain and control the required
nanopatterns.

In this review we have shown that thin films with periodic arrays of lamel-
lae or cylinders perpendicular to a substrate can be nicely stabilized using
the “tandem” interactions in hybrid smectic LC/amorphous block copoly-
mers. Advantages over other methods [60–63] are: (i) absence of chemical
treatment of the substrate; (ii) minimum number of steps in which the fi-
nal result is accomplished; and (iii) robustness against annealing (within the
smectic temperature range) because the structures are in thermodynamic
equilibrium. Starting from a lamellar block morphology, the smectic LC
layering stabilizes perpendicular block lamellae. However, control of the azi-
muthal orientation remains difficult so far [44, 46]. From this point of view
stabilizing a cylindrical block morphology perpendicular to the substrate
by parallel smectic layering is easier. A major recent achievement is stabi-
lization by smectic layering of long-range order of the cylinders over large
areas [59]. Possibilities of chemical variation of the liquid-crystal block have
so far hardly been explored. Selective etching allows obtaining a variety of
structures, in the case of cylinders either nano-holes or nano-pillars [65].
Applications of such possibilities are potentially numerous, but still require
further investigations. In the mean time the physics involved is fascinating.
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Abstract This paper gives an overview of the use of poly(ferrocenylsilane)s in the sur-
face patterning of silicon substrates. Due to the presence of iron and silicon in their
main chain, poly(ferrocenylsilane)s show a very high resistance to reactive ion etch-
ing, allowing one to transfer polymer patterns directly onto the substrate. Methods for
introducing etch-resistant polymer patterns on substrate surfaces include soft lithogra-
phy approaches such as microcontact printing, directed dewetting, and capillary force
lithography. Next to top-down methods, self-assembly strategies are discussed. Phase
separation in thin films of asymmetric organic–organometallic block copolymers leads
to the formation of nanoperiodic organometallic patterns. The use of such thin films
as nanolithographic templates is demonstrated. Surface patterning can also be realized
using electrostatic self-assembly of organometallic polyions. Layer-by-layer deposition
of poly(ferrocenylsilane) polyanions and polycations on chemically patterned substrates
allows one to guide the growth of multilayer thin films and to produce patterned organo-
metallic coatings.

Keywords Block copolymers · Etch resistance · Nanolithography ·
Organometallic polymers · Thin films
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1
Introduction

Macromolecules featuring inorganic elements or organometallic units in the
main chain are of considerable interest as they may combine potentially
useful chemical, electrochemical, optical, and other interesting characteris-
tics with the processability of polymers [1, 2]. Poly(ferrocenylsilane)s (PFSs),
composed of alternating ferrocene and silane units in the main chain, be-
long to the class of organometallic polymers. The presence of iron and
silicon in the PFS backbone adds a distinctive functionality to this class
of materials [3]. Poly(ferrocenylsilane)s were found to be effective resists
in reactive ion etching processes due to the formation of an etch-resistant
iron/silicon oxide layer in oxygen plasmas [4], resulting in several litho-
graphic applications of PFSs. Patterns on micron and sub-micron scales were
obtained using PFSs as ink in various soft lithographic techniques [5], and
nanopatterning was realized by means of block copolymer lithography. Block
copolymers featuring poly(ferrocenylsilane) blocks form nanoperiodic mi-
crodomain structures upon phase separation [6]. In thin films of such block
copolymers, e.g., poly(isoprene-block-ferrocenyldimethylsilane), the high re-
sistance of the organometallic phase to reactive ion etching compared to
the organic phase was used to form nanopatterned surfaces. These patterns
were transferred onto silicon or silicon nitride substrates in a one-step etch-
ing process [7]. Ferrocenylsilane block copolymers can even be employed to
pattern thin metal films, as was demonstrated by the use of ferrocenylsilane-
styrene block copolymers as templates in the fabrication of nanometer-sized
cobalt magnetic dot arrays [8]. Furthermore, phase-separated block copoly-
mer thin films containing PFS domains were found to be efficient precur-
sors to nanoperiodic arrays of iron oxide particles that are active cata-
lysts in the growth of carbon nanotubes [9, 10]. The presence of ferrocene
units in the main chain renders PFS electrochemically active [11]. Reversible
redox-induced morphology and volume/thickness changes were observed in
self-assembled poly(ferrocenylsilane) monolayers on gold [12, 13]. These ef-
fects are intimately related to the changes in solubility and conformation
of the PFS macromolecules upon oxidation and reduction. Thus, surface-
immobilized PFSs constitute an interesting electrochemically addressable
stimulus-responsive system [14]. The redox activity of PFS was also employed
in the preparation of a redox- and solvent-tunable photonic crystal. The ma-
terial used in this device was composed of silica microspheres in a matrix of
crosslinked PFSs. The geometry and optical properties of the crystal could be
changed using the chemomechanical response of PFSs [15].

Pyrolysis of PFS polymers yields nanocomposites containing magnetic
Fe clusters with tunable magnetic properties [16]. Finally, block copoly-
mers containing PFS blocks self-assemble, generating remarkable nano-
architectures such as cylindrical micelles in selective solvents [17, 18]. Con-
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sequently, these block copolymers are interesting candidates for a range of
potential applications from the fabrication of nanostructured magnetic ma-
terials to electronic and photonic applications.

Poly(ferrocenylsilane)s were first obtained by Rosenberg in a conden-
sation polymerization of an appropriate biscyclopentadienide anion with
iron(II)chloride [19]. This resulted in oligomers with degrees of polymeriza-
tion of up to 10. An important step in the development of these polymers was the
discovery by Manners et al. that strained, silicon-bridged[1]ferrocenophanes
undergo thermal ring-opening polymerization, producing high-molar-mass
PFSs [20]. Furthermore, sila[1]ferrocenophanes were found to be polymer-
izable in solution, by using anionic initiators [21] or transition metal cata-
lysts [22, 23], or in the solid state using a 60C γ -ray source [24] (Scheme 1).

The macromolecular characteristics of the resulting polymers depend
on the substituents at silicon. Polymerization of asymmetrically substituted
sila[1]ferrocenophanes [25] yields amorphous polymers while symmetrically
substituted ferrocenophanes yield semicrystalline materials [26]. Addition-
ally, the glass transition temperature of PFSs can be tuned by varying the
size and type of the substituents [27–29]. Several types of iron-containing
macromolecules have been synthesized by polymerizing ferrocenophanes
with varying numbers and types of bridging atoms [30] and substituents on
the cyclopentadienyl rings [31]. The synthesis of water-soluble PFS polyan-
ions [32–34] and polycations [35, 36] and their layer-by-layer deposition [36,
37] to form multilayer thin films was also reported.

The discovery of the anionic ring-opening polymerization of silicon-
bridged[1]ferrocenophanes enabled the synthesis of well-defined, near-
monodisperse poly(ferrocenylsilane) homo- and block copolymers. PFS
was combined with polystyrene [38], polyisoprene [39], poly(dimethylsilox-
ane) [40], poly(ethylene oxide) [41], poly(ferrocenylphenylphosphine) [42],
poly(aminoalkyl methacryate) [43] and recently with poly(methyl methacry-
late) [44, 45] blocks.

In the following sections, methods for introducing poly(ferrocenylsilane)
patterns on silicon substrates are discussed. These methods include soft lithog-
raphy approaches such as microcontact printing and capillary force lithogra-
phy and the self-organization of organic–organometallic block copolymers in
thin films, allowing one to form nanoperiodic organometallic patterns, which

Scheme 1 Ring-opening polymerization of strained dimethylsila[1]ferrocenophane



94 I. Korczagin et al.

can serve as nanolithographic templates. Finally, the electrostatic self-assembly
of poly(ferrocenylsilane) polyanions and polycations will be discussed as
a means to area-selectively introduce ultrathin poly(ferrocenylsilane) films on
chemically patterned substrates.

2
Poly(ferrocenyldimethylsilane) as a Reactive Ion Etch Barrier

Oxygen and oxygen-containing plasmas are most commonly employed to
modify polymer surfaces [46]. Reactive ion etching can be divided into two
etching processes; namely, chemical and physical [47]. Chemical etching
refers to the chemical reactions that take place between the active plasma
species and the surface of interest. After absorption of the reactive species,
the reaction takes place, and the product desorbs from the surface. Physical
etching occurs due to the bombardment of positive ions. The positive ions
are accelerated towards the surface and break bonds upon impact, which re-
sults in physical etching. The balance between the two etching mechanisms
depends on many variables, such as gas pressure and composition, reactor
design, and temperature [48, 49].

Organometallic compounds are known to act as etching barriers in oxygen
plasmas. Contrary to organic compounds, products of chemical etching with
oxygen plasmas are non-volatile and therefore do not desorb from the sur-
face. This is the fundamental reason for the low etch rates found for inorganic
species when using oxygen plasmas. When poly(ferrocenylsilane) films are
exposed to oxygen reactive ion etching conditions, a thin Fe/Si-oxide layer is
formed on top of the film, as was established by XPS [4].

From Auger electron spectroscopy (AES), using argon ion-sputtering
depth profiling, the composition in the depth of the PFS film was investi-
gated. In the AES spectra (Fig. 1), the first sputtering cycle corresponds to
the sample surface, and the increase of the Si signal around cycle 90 indicates
the underlying substrate. A thin oxide-rich layer of approximately 10 nm is
present at the surface. Compared to the film interior, relatively little carbon
and a significant amount of oxygen are present at the surface oxide layer. In-
terestingly, more silicon is removed from the surface compared to iron in the
oxygen plasma treatment.

Radio-frequency discharges in low-pressure fluorocarbon gases are often
used for etching silicon, silicon oxide, and silicon nitride [50, 51]. Gases com-
monly employed in reactive ion etching are CF4, CHF3, C2F6, SF6, etc. [52].
By adjusting the composition of the gas, the nature of the plasma can be dra-
matically changed [53]. Although the process of etching with such plasmas is
very complex, and diverse variants of the process exist, some general obser-
vations can be highlighted. The C/F atomic ratio of the feed gas is a crucial
parameter for the nature of the plasma [54]. If the C/F atomic ratio of the
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Fig. 1 Auger electron spectroscopy depth profile of an oxygen-plasma-treated film of
poly(ferrocenyldimethylsilane). The front of the image corresponds to the exposed free
surface. Reproduced with permission from [4]. Copyright 2001, American Chemical So-
ciety

feed-in gas increases, the concentration of CF and CF2 radicals will be higher
at the expense of F, and the plasma becomes “polymerizing” and hence pro-
tective rather than “etching” due to deposition of a thin fluorocarbon polymer
film on the substrate [55, 56]. Even a very thin fluorocarbon film deposited
on the substrate results in significant reduction of the SiO2 etch rate. To sup-
press this so-called etch stop, the fluorocarbon gases have been diluted with
other gases like oxygen [57–59]. Oxygen atoms act as scavengers for carbon,
and consequently a relative higher [F] (the etching component) rather than
[CFx] (the polymerizing component) is obtained. Figure 2 shows an example
of a structured silicon wafer produced by exposure to CF4/O2 reactive ion
etching (RIE), using a PFS mask prepared by capillary force lithography [5].
Under the employed conditions, the etch rate contrast between PFS resist and
silicon substrate is on the order of 10 : 1.

In order to fabricate structures with higher aspect ratios, one has to de-
crease sputtering action, which might affect the polymeric mask and increase
the rate of chemical etching of the substrate. This has to be achieved without
compromising the anisotropy of the etching process. By using SF6 as the etch
gas in a cryogenic reactive ion etcher, where the physical and chemical etch-
ing parameters could be varied independently, we could optimize conditions
for the highest etch rate contrast [60]. The substrate temperature was kept at
– 110 ◦C during processing. As a result, the rate of chemical etching for Si in-
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creased and the rate of physical sputtering was drastically reduced. Using this
process we obtained etch rates of 3000 nm/min into Si and around 5 nm/min
in the PFS layer (etch rate contrast of 600 : 1). A typical cross-section of an
etched stripe pattern is shown in Fig. 3. Such a high etch rate contrast enables
the fabrication of high-aspect-ratio structures. Silicon nanopillars with aspect
ratios of 10 (see Fig. 4) were obtained with ease.

As the potential of poly(ferrocenyldimethylsilane) as an etch barrier has
been demonstrated, we now focus on pathways to generate patterns of these

Fig. 2 SEM image of a patterned silicon substrate. Lines of poly(ferrocenylmethylphenyl-
silane) were introduced by capillary force lithography, followed by CF4/O2 reactive ion
etching (10 min). The polymer mask was subsequently removed using nitric acid

Fig. 3 Cross-sectional SEM image of a patterned silicon substrate. By means of micro-
molding in capillaries (MIMIC), Si was decorated with poly(ferrocenyldimethylsilane)
lines, followed by etching with SF6 (3 min) in a cryogenic reactive ion etcher. The organo-
metallic polymer residue was removed with nitric acid

Fig. 4 SEM image of silicon nanopillars obtained using cryogenic RIE and a poly(ferro-
cenyldimethylsilane) mask. The substrate was etched with SF6 (2 min)
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polymers. Masking layers with a high etch resistance are potentially useful for
very thin resist layer applications, since reducing resist film thickness is a vi-
able method to prevent pattern collapse when fabricating high-aspect-ratio
structures.

3
Lithographic Applications of Poly(ferrocenylsilane) Homopolymers

The fabrication of new functional submicron and nanoscale devices with
chemical or true three-dimensional patterns requires new complementary
soft-lithography approaches. Polymers come naturally as ideal “inks” or build-
ing blocks for soft lithography because of their defined architecture, wide
range of chemical functionalities that can be incorporated, and ease of pro-
cessing on micro and nano scales. Optical systems, and microelectronic
devices such as transistors and light-emitting diodes, have been realized with
polymers and soft lithography. Among the most promising polymer-based
microfabrication strategies are nanoimprint lithography, microcontact print-
ing, micro-fluid-contact printing, lift-up, micromolding in capillaries, replica
molding, solvent-assisted micromolding, and its variations (for references
see [5]). Polymer patterns can also be formed on chemically heterogeneous
surfaces prepared by microcontact printing of self-assembled monolayers and
by performing photolithography in the optical near field of an elastomeric
mask. However, one of the drawbacks is that most polymers possess poor
etch resistivity. Thus, the choice of macromolecular “inks” that can be shaped
or transferred with the stamp, to a silicon wafer, for example, and used as a
“single-step” resist is rather limited. Poly(ferrocenylsilane)s constitute a group
of polymers that combine both macromolecular properties and etch resistivity
and are ideal materials for one-step resists. This section describes the fabrica-
tion of microstructures of poly(ferrocenylmethylphenylsilane) (PFMPS) and
their use as etch resist. The asymmetrically substituted PFS was selected, as
symmetrically substituted polymers (such as poly(ferrocenyldimethylsilane))
crystallize, giving heterogeneous, semicrystalline films. Clearly, for homopoly-
mer etch resist applications, structurally homogeneous films are needed. Two
soft lithography approaches for pattern formation are presented. One employs
solvent-assisted polymer dewetting, and the other relies on the concept of
capillary force lithography.

3.1
Printing of Organometallic Polymers by Soft Lithography

The printing of etch-resistant polymers by soft lithography methods is an at-
tractive option for the fabrication of lithographic masks. Microcontact print-
ing is a versatile technique to generate chemically distinct patterns on solid
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substrates. An elastomer stamp, usually made from poly(dimethylsiloxane)
(PDMS), is used to transfer the “ink” to the surface of the substrate by con-
tact printing [61]. Usually, small molecules are employed as inks that upon
contact will react with the substrate. When the stamp is removed, a pattern
of ink molecules, dictated by the stamp, remains on the surface of the sub-
strate. Recently, approaches where the ink consists of a macromolecule have
been attracting attention [62, 63].

The limited use of macromolecular inks can be attributed to poor wetting
characteristics of PDMS surfaces by many polymers. Stamps prepared from
PDMS have a very low surface tension (around 20 mN/m), compared to com-
mon polymers [64]. This is why attempts to use poly(ferrocenyldimethylsi-
lane) as an ink in classical microcontact printing (µCP) were not successful.
Wettability of the PDMS stamps used for µCP can be improved by treating
the stamp with an oxygen plasma prior to inking. Exposure to an O2-based
plasma oxidizes the surface of the stamp and increases the surface free en-
ergy of PDMS [65]. However, the thin silica-like layer that is formed during
plasma treatment [66] thermally expands and generates mechanical stress
on the stamp upon cooling. The relaxation of this stress induces buckling of
the brittle surface layer, and a periodic wavy structure with an orientation
perpendicular to the pattern of the stamp is introduced [67]. This fine struc-
ture can also be replicated by the PFS used as an ink, and a pattern on two
independent length scales is formed (Fig. 5) [68, 69].

Fig. 5 AFM image of a poly(ferrocenyldimethylsilane) pattern printed with an oxygen-
plasma-treated PDMS stamp. The corrugated structure is a result of the stress generated
by the difference in thermal expansion between the PDMS matrix and the oxidized sur-
face. Reprinted with permission from [69]. Copyright 2004, John Wiley & Sons, Inc.
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Fig. 6 Solvent-assisted dewetting of poly(ferrocenylmethylphenylsilane) (PFMPS) con-
fined between a PDMS stamp and silicon substrate. Schematic diagram (left) and AFM
height image (right) with section analysis after 10 minutes of CF4/O2-RIE treatment.
Reprinted with permission from [5]. Copyright 2003, American Chemical Society

When using less aggressive cleaning and oxidation techniques, it is also
possible to eliminate the corrugation formation. Cleaning the PDMS stamp
in a mild ozone/UV environment will still render the PDMS surface hy-
drophilic [70], but will not result in extensive surface heating and therefore
thermal-expansion-related stress. Patterns revealed after using these stamps
have a spacing that corresponds to the periodicity of the stamp structures. This
suggests that during printing, the polymer solution dewets between the stamp
and Si surface, forming continuous lines in the middle of the protruding stamp
contact areas (Fig. 6). Similar results were observed by Braun and co-workers
using a hexagonally structured stamp [71]. As shown in Fig. 6, these lines with
a width on the order of 1 µm can be etched into the underlying silicon substrate.

3.2
Directed Dewetting

A chemically patterned substrate, obtained by microcontact printing, may
serve as a template that directs the adsorption of macromolecules, as is
demonstrated in Fig. 7. A 1H,1H,2H,2H-perfluorodecyltrichlorosilane self-
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Fig. 7 AFM image of a microcontact printed silicon substrate, partially dewetted by
a poly(ferrocenyldimethylsilane) film. The circular features, corresponding to bare sili-
con, are wetted by PFS. Reprinted with permission from [69]. Copyright 2004, John Wiley
& Sons, Inc.

assembled monolayer was printed on a silicon substrate. The circular regions
correspond to bare silicon. Poly(ferrocenyldimethylsilane) was then spin-
coated onto this hydrophylically/hydrophobically patterned substrate, which
directed the dewetting of the polymer film. PFS preferentially wetted the bare
silicon circles.

3.3
Capillary Force Lithography

The principles of capillary force lithography [72, 73] and a representative pat-
tern of poly(ferrocenylmethylphenylsilane) (PFMPS) stripes on Si obtained
by this technique, are shown in Fig. 8. A PDMS mold was placed in contact
with a thin PFMPS film (thickness 27 nm) and, subsequently, the temperature
was raised above the Tg (74 ◦C) of the polymer. The polymer, initially con-
fined in a thin film, is squeezed out from areas of contact between stamp and
substrate. It diffuses into the grooves where structures are formed along the
vertical walls of the stamp due to capillary rise. Polymer structures, which are
approximately 110 nm high and 500 nm wide, were fabricated. Section analy-
sis of the AFM height images revealed a meniscus of the capillary rise (note
the different scales for the vertical and horizontal directions). The structures
were developed by CF4/O2-RIE. After resist removal, a patterned substrate as
shown earlier in Fig. 2 was obtained.
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Fig. 8 Capillary force lithography of a thin PFMPS film with a 2× 3 µm PDMS stamp.
Schematic diagram (left) and AFM height image with section analysis. The height of the
resulting features is 110 nm and the initial thin film thickness was 27 nm. Reprinted with
permission from [5]. Copyright 2003, American Chemical Society

Very thin polymer films do not provide enough material to fill the grooves of
the stamp completely. As a result, two polymeric lines are formed per groove.
This is clearly seen in AFM profiles and was also confirmed by SEM. Increasing
the thickness of the initial polymer film results in thicker double lines, which
eventually merge when the film thickness exceeds approximately 140 nm. This
allows one to tune the lateral dimensions of the polymer lines (Fig. 9).

Figure 10 displays profiles of microstructures obtained with PFMPS before
and after etching, showing that approximately 300 nm of silicon was removed
in a 10 min treatment. The remaining resist (polymer with oxide layer) still
present at the top of the silicon structures can easily be stripped in HNO3.

Soft lithography-based approaches are versatile and cost-effective methods
to generate patterns on the micrometer lengthscale. Submicrometer struc-
tures are also accessible provided that PDMS stamps with corresponding
geometries are available.
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Fig. 9 Patterns in silicon after etching (CF4/O2-RIE) and resist stripping. The initial
polymer film thickness was A 30 nm, B 80 nm, C 100 nm, and D 150 nm. Reprinted with
permission from [5]. Copyright 2003, American Chemical Society

4
Lithographic Applications of Poly(ferrocenylsilane) Block Copolymers

Issues regarding the self-assembly of organic–organometallic block copoly-
mers in thin films and applications of the resulting nanoperiodic patterns are
discussed in this section.

4.1
Structure Formation via Block Copolymer Self-Assembly

The self-organization of block copolymers constitutes a versatile means of
producing ordered periodic structures with phase-separated microdomain
sizes on the order of tens of nanometers. The morphology of microdomains
formed by diblock copolymers in the bulk has been intensively researched
and is by now a relatively well-understood area [74, 75].
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Fig. 10 Pattern development in capillary force lithography (3 × 5 µm stamp) with
poly(ferrocenylmethylphenylsilane). AFM section analysis of: A PFS mask, B structures
after etching (CF4/O2-RIE, 10 min), C Si structures after removal of the resist in HNO3.
Reprinted with permission from [5]. Copyright 2003, American Chemical Society

In neat diblocks, three “classical” ordered microphases are usually dis-
tinguished (Fig. 11). These include alternating lamellae, hexagonally packed
cylinders, and body-centered-cubic packed spheres. In addition, some other,
more complex microstructures may appear, especially near the order–
disorder transition.

A series of styrene-ferrocenyldimethylsilane block copolymers form pe-
riodic structures on a lengthscale comparable to the size of the poly-
mers [6] (Fig. 12). Pure diblock copolymers phase-separate into an equilib-
rium structure that depends on the corresponding χ-parameter [77], the
length of the block copolymer, and the volume fraction of the two phases.
Knowledge of the χ-parameter will allow one to target a specific morph-
ology by adjusting the molar mass and composition of the diblock copolymer
accordingly (Scheme 2).
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Scheme 2 Examples of organic-ferrocenylsilane block copolymers

Fig. 11 The classical morphologies in block copolymer systems

Fig. 12 Bright-field TEM micrograph of a cylinder-forming and a lamellar-forming PS-
b-PFS diblock copolymer. Reproduced with permission from [6]. Copyright 1999, Wiley
Periodicals, Inc., A Wiley Company

4.2
Block Copolymer Thin Films

In thin films, the presence of a substrate and surface can induce orientation
of the structure and can result in changes in domain dimensions or in phase
transitions due to preferential segregation of one of the blocks at the substrate
or the surface. If one block has a higher affinity for the substrate, it will ex-
hibit preferential wetting, resulting in an orientation of the phase-separated
domains parallel to the substrate [78]. Similar wetting will occur at the free
surface, i.e., the block with the lower surface free energy will enrich the sur-
face. In relatively thick block copolymer films, a mismatch between the film
thickness and the bulk lattice spacing can be distributed over many layers.
As the film thickness is decreased to a value equal to a few domain periods,
the frustration due to the mismatch becomes more significant and can be
released by the formation of islands or holes [79] (Fig. 13).
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Fig. 13 Representation of a cylinder-forming (PS-b-PFS) block copolymer (right). When
confined in a thin film with a thickness of 2× the lattice spacing, islands and holes are
formed (left) due to an incommensurate film thickness

Fig. 14 Tapping mode AFM height images of PS-b-PFS block copolymer thin films of differ-
ent initial thickness: A 30 nm, B 35 nm, C 40 nm. Each scan size is 1 µm2. The organic matrix
phase was selectively removed prior to AFM imaging by means of an O2-RIE treatment.
Reprinted with permission from [80]. Copyright 2001, American Chemical Society

Film thickness constraints can also be exploited to control the orienta-
tion of the nanodomains. More specifically, when the thickness of the film
approaches the lattice constant of the block copolymer, the orientation of
the nanodomains is sometimes altered with respect to the substrate. Simply
stated, the stress generated by the incommensurate film thickness can be re-
lieved by a change in domain orientation. This is further illustrated by an
example in Fig. 14. A styrene-ferrocenyldimethylsilane block copolymer (PS-
b-PFS), consisting of a styrene fraction of 0.73 forms a cylindrical structure
in the bulk [6]. Within a thin film, the pattern that is formed by the block
copolymer also depends on the film thickness [80].

Alternatively, the morphology of a thin diblock film can be altered by
a subtle change in composition. It was demonstrated for a series of isoprene-
ferrocenyldimethylsilane block copolymers (PI-b-PFS) that the structure
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Fig. 15 Tapping mode AFM images of 30 nm thin PI-b-PFS copolymer films of different
compositions: A PI volume fraction of 0.72, B PI fraction of 0.76, C PI fraction of 0.80.
Each scan size is 1 µm2. Reprinted with permission from [81]. Copyright 2000, American
Chemical Society

within a 30 nm thin film could be significantly changed by a slight compo-
sitional difference, although the bulk structures all had the same morph-
ology [81]. This is demonstrated in Fig. 15.

4.3
Self-Assembling Resists

Block copolymers can be employed as templates to direct the deposition of
inorganic nanostructures. Park et al. [82] used an OsO4-stained microphase-
separated thin film of poly(styrene-block-butadiene) that produced holes
upon RIE in silicon nitride substrates. The etch ratio between the two phases,
stained butadiene and styrene, was only about 1 : 2. Möller et al. discussed the
use of poly(styrene-block-2-vinylpyridine), to prepare masks for nanolithog-
raphy by loading the PVP domains with gold particles [83] or by selective
growth of Ti on top of the PS domains [84].

Thin films of organic–organometallic block copolymers self-assemble to
form lateral regions that have a significantly different etching behavior. Fur-
thermore, the two phases already contain all the elements necessary to gen-
erate large etching contrast, without the need for staining or loading. The
organometallic-rich areas enclose regions of high resistance against removal
by oxygen and fluorocarbon plasmas, whereas the organic rich phase is
quickly removed. This opens up the possibility of transferring the pattern
generated by block copolymer self-assembly in a one-step etching process
onto the underlying substrate [7].

A nanostructured silicon surface obtained after etching, as measured via
AFM, is shown in Fig. 16. The organic constituents of the block copolymer
have been selectively removed by the action of the oxygen plasma, leaving
the oxidized metal-containing phase behind. Such self-assembling nanolitho-
graphic templates were recently employed to obtain high-density magnetic
arrays in cobalt substrates (Fig. 17) [8].
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Fig. 16 Tapping mode AFM height image of an etched PI-b-PFS organic–organometallic
diblock copolymer film. The dots are a result of the block copolymer phase separation.
Reprinted with permission from [7]. Copyright 2000, American Chemical Society

Patterns resulting from block copolymer phase separation show good
short-range order but usually lack long-range order, which could limit their
use in some applications. Combining block copolymer self-assembly with
long-range ordering methods would allow nanostructures to be fabricated
in precise positions on a substrate. Graphoepitaxy is a method that allows
ordered arrays of nanostructures to be formed by spin casting a block copoly-
mer over surfaces patterned with shallow grooves [85]. Figure 18 shows a re-
markably well-ordered pattern obtained by spin-coating a PS-b-PFS block
copolymer on the appropriately structured silicon wafer [86]. It also shows
how the long-range order of the pattern changes with the width of the
grooves. Within a 500-nm-wide groove, about three rows of close-packed PFS
features are aligned parallel to the sidewall (Fig. 18a). In the 320 nm grooves,
some regions show a close-packed pattern extending across the groove, but
there is a significant number of defects in the pattern (Fig. 18b). However,
the alignment is nearly perfect in 240-nm-wide grooves, in which the groove
width is comparable to the typical polymer grain size. The features have
a sixfold symmetry, and the superposed fast Fourier transforms of the im-
ages of several grooves (Fig. 18c) show that the pattern in each groove has
the same orientation. The rare domain-packing defects are apparently gener-
ated from the edge roughness of the grooves. The ordered block copolymer
domain patterns are then transferred into an underlying silica film using
a single etching step to create a well-ordered hierarchical structure consist-
ing of arrays of silica pillars with 20 nm feature sizes and aspect ratios greater
than 3.
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Fig. 17 Fabrication process of cobalt dot arrays via block copolymer lithography.
A A block copolymer thin film on a multilayer of silica, tungsten, and cobalt. B The block
copolymer lithographic mask is formed through a O2-RIE process. The PFS domains are
partly oxidized. C The silica film is patterned using CHF3-RIE. D The tungsten hard mask
is patterned using CF4/O2-RIE. E Removal of silica and residual polymer by high-pressure
CHF3-RIE. F The cobalt dot array is formed using ion beam etching. Reproduced with
permission from [8]. Copyright 2001, Wiley-VCH Verlag GmbH

5
Guided Deposition of Poly(ferrocenylsilane) Polyions

Water-soluble poly(ferrocenylsilane) polycations, belonging to the rare
class of main chain organometallic polyelectrolytes, have been reported
by us and others [35, 36, 87, 88]. These compounds are of interest be-
cause they combine the unusual properties of poly(ferrocenylsilane)s with
the processability of polyelectrolyte solutions—for example, enabling one
to make use of ionic interactions to deposit these polymers onto sub-
strates. Polyelectrolytes can be employed in layer-by-layer self-assembly
processes to form ultrathin multilayer films with controlled thickness and
composition [89, 90].



Surface Nano- and Microstructuring with Organometallic Polymers 109

Fig. 18 Scanning electron micrographs of annealed (48 h) and plasma-treated PS-b-PFS
films spun at 3500 rpm on silica gratings with A 500-nm-wide grooves; B 320-nm-wide
grooves; C 240-nm-wide grooves. The inset is the Fourier transform of the plan-view pat-
tern showing sixfold symmetry. Reprinted with permission from [86]. Copyright 2002,
American Institute of Physics

The incorporation of metals in multilayer thin films significantly extends
the scope of useful characteristics associated with these films. By employ-
ing, for instance, polymeric Ru(II) complexes as polycationic species and
poly(sodium acrylate) as polyanions in the layer-by-layer deposition process,
efficient light-emitting solid-state devices could be fabricated [91]. In another
example, a ferrocene-containing redox-active polycation was combined with
an enzyme to produce electrocatalytically active enzyme/mediator multilayer
structures [92]. Multilayers composed of poly(4-vinylpyridine) complexed
with [Os(bpy)2Cl]+/2+ and poly(sodium 4-styrenesulfonate), for example,
were used to accomplish the electrocatalytic reduction of nitrite [93].

Although cationic poly(ferrocenylsilane)s have been used in combina-
tion with commercially available organic polyanions to fabricate heterostruc-
tured multilayer films [36, 37], fully organometallic multilayers were not re-
ported until recently due to the lack of availability of anionic organometallic
polyions [94, 95]. Multilayer structures composed of poly(ferrocenylsilane)
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polyanions and polycations are of interest as redox-active thin films. Be-
sides forming continuous organometallic multilayer thin films, we explored
the layer-by-layer deposition of poly(ferrocenylsilane) polyions onto, for ex-
ample, hydrophilically/hydrophobically modified substrates, with the aim of
building two-dimensionally patterned organometallic multilayers. In gen-
eral, surfaces modified with microscopically patterned conducting [96], lu-
minescent [97], or redox-active polymer [98] films have potential use in mi-
croelectronic and optoelectronic devices and microsensor arrays. Patterned
organometallic multilayers may be useful as etch barriers in reactive ion etch
processes [4].

The synthesis of PFS polyions was described in detail elsewhere [32,
33, 36]. We employ a poly(ferrocenylsilane) featuring chloropropylmethyl-
silane repeat units as an organometallic main chain that already has re-
active pendant groups in place for further functionalization (Scheme 3).
Poly(ferrocenyl(3-chloropropyl)methylsilane) was readily accessible by tran-
sition-metal catalyzed ring-opening polymerization [22, 23] of the corres-
ponding (3-chloropropyl)methylsilyl[1]ferrocenophane [36]. By means of
halogen exchange, poly(ferrocenyl(3-chloropropyl)methylsilane) can be con-

Scheme 3 Examples of poly(ferrocenylsilane) polycations and polyanions
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verted quantitatively into its bromopropyl (1) or iodopropyl (2) analogues,
which are particularly suitable for functionalization by nucleophilic sub-
stitution. Ionic functionalities were introduced by side-group modifica-
tion of 1 and 2. Scheme 3 shows examples of weak and strong PFS poly-
electrolytes.

UV/Vis absorption spectroscopy was used to monitor the electrostatic
self-assembly of the organometallic polyions 5/7 and 6/8. The increase in
absorption at λmax = 216 nm shows a linear dependence on the number of
bilayers deposited on quartz slides. Information on the increase of film thick-
ness with the number of bilayers was obtained from spectroscopic ellipsom-
etry [92]. Thickness measurements on the films, built up on silicon wafers,
were carried out after each bilayer deposition. The fitted multilayer thickness
increased linearly with the number of deposited bilayers, in accordance with
the UV/Vis absorption spectroscopy results. For the strong polyions 6 and 8,
deposited under salt-free conditions, a thickness contribution of 0.6 nm per
bilayer was found. In the presence of NaCl, markedly thicker multilayers were
obtained (4.5 nm/bilayer).

Poly(ferrocenylsilane)s are redox-active materials, showing fully reversible
electrochemical oxidation and reduction [27–29]. A typical voltammogram
shows two oxidation waves, indicating intermetallic coupling between neigh-
boring iron centers in the polymer chain. The first oxidation wave was at-
tributed to oxidation of ferrocene centers having neutral neighboring units.
In the second wave, at higher potentials, oxidation of the remaining ferrocene
centers, predominantly in positions next to oxidized units, is completed [99–
101]. Thus, the charge ratio between the two oxidation peaks is approximately
1 : 1. The redox behavior of the multilayer thin films, fabricated on gold
electrodes, was studied. Stable multilayers were obtained by first adsorb-
ing a sodium 3-mercapto-1-propanesulfonate monolayer on Au, producing
a negatively charged surface ideally suited for polyion adsorption [92]. Cyclic
voltammograms of multilayer thin films of polyions 5/7 were recorded for
samples having an increasing number of bilayers (1–7) to monitor the elec-
trochemical response as the surface concentration of redox sites increased.
The CVs of thin films composed of 1, 3, and 6 bilayers (Fig. 19) show the
two oxidation and reduction waves typical of poly(ferrocenylsilane)s. Integra-
tion of the voltammetric peaks allows one to calculate the charge involved
in the redox processes. From this the surface coverage Γ of ferrocene units
can be obtained, using the relation Γ = Q/n · F · A, where Q is the charge, n
is the number of exchanged electrons (n = 1 in this case), F is Faraday’s con-
stant (96 485 C mol–1), and A is the electrode surface area employed in the
measurements (0.44 cm2) [102, 103]. Using this relation, one organometallic
bilayer of polyions 5/7, deposited under salt-free conditions, was found to
correspond to a ferrocene surface coverage of 0.45 ferrocene units/nm2. The
surface coverage Γ (ferrocene units/nm2) increased linearly with the number
of bilayers.
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Fig. 19 Cyclic voltammogram of 1, 3, and 6 organometallic bilayers (5/7) deposited on
a gold electrode featuring a monolayer of sodium 3-mercapto-1-propanesulfonate taken
at a scan rate of v = 30 mV/s. Reprinted with permission from [94]. Copyright 2002,
American Chemical Society

In addition to producing continuous fully organometallic multilayer thin
films, one can form patterned organometallic multilayer structures by con-
fining the deposition of the poly(ferrocenylsilane) polyelectrolytes to se-
lected areas on substrates, which broadens the applicability of such multi-
layers [104]. The selective deposition of polyelectrolytes on hydrophilically/
hydrophobically patterned gold substrates has been described [105, 106]. In
this case, patterned self-assembled monolayers consisting of, for example,
methyl-terminated and oligo(ethylene glycol)-terminated alkanethiols were
introduced on gold substrates using microcontact printing [57–59]. Areas
covered with oligo(ethylene glycol)-terminated alkanethiols were found to
prevent adsorption of polyelectrolytes. Here, as a demonstration, a gold sub-
strate was patterned with 5 µm-wide methyl-terminated alkanethiol lines,
separated by 3 µm, by microcontact printing of 1-octadecanethiol. The un-
covered areas were subsequently filled in with 11-mercapto-1-undecanol, re-
sulting in a hydrophilically/hydrophobically patterned substrate. AFM height
and friction force images of these patterned self-assembled monolayers
(Fig. 20, top images) show minimal height contrast but a large contrast in
friction force, with the hydroxyl-terminated lines corresponding to the high-
friction areas. The patterned substrate was then coated with 12 bilayers of
polyions 5/7 and again examined by contact mode AFM. Clearly, after de-
position, the height contrast increased, and the contrast in friction force was
reversed, which shows that the multilayers grow selectively on the broad,
methyl-terminated stripes (Fig. 20, lower images) [94].

The resistivity of the hydroxyl-terminated areas to polyion deposition
was demonstrated by first forming a monolayer of 11-mercapto-1-undecanol
on a gold substrate, which was then processed in a similar manner as the
patterned substrates, and subsequently analyzed by XPS. Fe 2p signals, in-
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Fig. 20 Multilayer deposition on a hydrophilically/hydrophobically patterned gold sub-
strate. Upper AFM images: height (left) and friction force (right) images of pat-
terned methyl- and hydroxyl- alkanethiol self-assembled monolayers. Adsorption of
poly(ferrocenylsilane) polyions (5/7, 12 bilayers) occurs selectively on the broad methyl-
terminated stripes (lower AFM images). Reprinted with permission from [94]. Copyright
2002, American Chemical Society

dicating adsorbed polyions, were absent in the survey scan. The selective
adsorption of the polyions on the methyl-terminated regions of the surface is
most likely driven by favorable hydrophobic interactions [107] between these
areas and the hydrophobic poly(ferrocenylsilane) backbone, minimizing the
interfacial free energy of the system. Such favorable secondary interactions
with the hydrophilic regions, which are hydrated under the processing condi-
tions [108], are excluded.

6
Conclusions

Metal-containing polymers appear to be valuable candidates for developing
highly etch-resistant resists. Masking layers with a high etch resistance are
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potentially useful for very thin resist layer applications, since reducing resist
film thickness is a viable method to prevent pattern collapse when fabricating
high-aspect-ratio structures.

Advances in printing techniques of polymers may also contribute to the
progress in cost-effective pattern replication procedures. The ability to repli-
cate and print polymer patterns on micron and submicron lengthscales opens
up a route to economically fabricate etch-resistant patterns for applications
where metallic contaminations are not relevant. Examples of such applica-
tions include the fabrication of photomasks, microfluidic devices, optical
components, data storage arrays, etc.

Self-assembly of organometallic block copolymers provides access to
nanolithographic masks. A broad range of nanoscale morphologies, which
can be developed in one step using reactive ion etching, is available. These
patterns can be confined on a surface, and their long-range order can be
further improved using techniques such as graphoepitaxy [109].

Poly(ferrocenylsilane) polyions are readily processed to novel, fully
organometallic multilayer thin films. Furthermore, these organometallic
polyions, featuring a hydrophobic backbone, enable one to make use of
both electrostatic and hydrophobic interactions to fabricate self-organized
patterns on templated substrates, with potential applications as aqueous pro-
cessable ultrathin etch resists.
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Abstract In spite of the enormous possibilities of macromolecules as key elements in de-
veloping advanced materials with increased functionality and complexity, the success in
this development is often limited by the randomness associated with polymer synthesis
and the exponential increase in technical difficulties caused by the attempt to reach a suf-
ficiently high degree of complexity in the molecular design. This paper describes a new
approach in the design of complex and highly functional macromolecules, the genetic
engineering of protein-based macromolecules. The exploitation of the efficient machin-
ery of protein synthesis in living cells opens a path to obtain extremely well-defined and
complex macromolecules.
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Different molecular designs are presented, with increasing degree of complexity,
showing how the controlled increase in their complexity yields (multi)functional materi-
als with more select and sophisticated properties. The simplest designs show interesting
properties already, but the adequate introduction of given chemical functions along the
polymer chain presents an opportunity to expand the range of properties to enhanced
smart behavior and self-assembly. Finally, examples are given where those molecular de-
signs further incorporate selected bioactivities in order to develop materials for the most
cutting-edge applications in the field of biomedicine and nano(bio)technology.

Keywords Elastinlike polymers · Genetic engineering · Protein-based polymers ·
Self-assembly · Smart polymers

1
Introduction

1.1
The Present and Future Global Challenges of Polymer Science

In recent decades, polymer science has definitively shown that macro-
molecules can be excellent candidates to create highly functional materials.
With the availability of thousands of different monomers and the possibili-
ties opened by their different combinations, polymer science has succeeded
on many occasions when a material was needed for a particular application,
from the simplest uses as bulk commodities to the most sophisticated and
special biomedical, engineering, or nanotechnological ones. Very few other
technical developments in history have shown both the rapid development
and deep societal impact of polymer science. Currently, the number of differ-
ent technologies enabled by the existence of the adequate polymer is amazing,
and the crucial role of polymer science in the current stage of societal devel-
opment and well-being is beyond question.

Up till now, when a new development was required from polymer science,
it has been possible to design and obtain a new polymer fitting that par-
ticular requirement. The most challenging tasks for polymer science were
rather of a more logistical nature than scientific. For example, a reduction in
the number of different polymers used in practice to cover the whole range
of consumer demands (in order to simplify and make more profitable their
manufacture) has been and still is the cause of important research efforts.
Additionally, environmental and other related matters, such as sustainability,
have also been addressed, but they have always remained in the background
and have not significantly limited the development of polymer science.

However, this situation started to change a couple decades ago. At that
time, the concepts of self-assembly and hierarchical organization, as well as
others such as “smartness,” began to awake extended interest within the poly-
mer science community and boosted expectations for new applications. The
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deeper knowledge on the physical-chemical basis of the high functionality of
those pioneer polymers triggered a rapid scaleup in the complexity of new
designs as well as the need for controlling their composition.

However, all methodologies of polymer synthesis are characterized by an
unavoidable component of randomness and lack of control. This is espe-
cially true for the classical radical, cationic, or ring-opening polymerizations,
where, even in the simplest polymers, it is not possible to control parame-
ters such as the degree of polymerization. We are used to considering this
as a mean value bearing a statistical meaning. Generally, the information
given by the mean molecular weight needs to be completed by a polydisper-
sity index in order to quantify how broad or narrow is the molecular weight
distribution of our polymer. In the case of copolymers, we are also used to
dealing with random copolymers, although, with some effort, we can prepare
alternating or block copolymers.

However, the design of highly functional polymers unavoidably means the
design of complex molecules and a tight control in their synthesis.

New discoveries in the area of catalysis and controlled polymerizations
with the work of Matyjaszewski, Hawker, Waymouth, Coates, Deming, and
many more [1–5] have allowed us to keep pace, but with the impression that
the demands are growing faster than the achievements. This could be a signal
that in the future conventional polymer science could reach one of its most
critical limits; polymer chemistry could be overwhelmed by the demands of
the new polymer designs. Additionally, in the existing technologies of poly-
mer synthesis, unavoidably, there is an exponential relation between the cost
(money and time) needed to synthesize a polymer and the complexity of its
primary structure. But that is a matter not only of costs. As the complexity
increases, the synthesis methods and protocols become less and less robust
and more and more difficult to scale up, preventing, to a large extent, its
commercial exploitation. Presently, although we already have the knowledge
needed to design advanced polymers envisaged as possessors of extraordi-
nary properties, the frustrating fact is that they are very difficult to synthesize
in practice (Fig. 1).

In addition, perhaps this is not the only limiting condition in the cur-
rent state of development of polymer science. The field could be facing
an additional crucial problem in the middle or long term. Most synthesis
methodologies and the polymers we currently produce are based exclusively
on petroleum-derived chemicals. It is estimated that more than 200 million
Tm of crude are used yearly as raw material to produce plastics and rubbers,
while an equivalent amount of oil is burned to generate the energy needed for
their synthesis. As a source of materials, oil is not renewable. Although there
is no consensus about the level of oil reserves, it is clear that this resource is
not infinite and that its price will likely continue to increase if we keep our in-
creasing rate of demand. Additionally, perhaps we do not have to wait until
the imminent exhaustion of oil reserves to reduce oil’s use as a source of en-
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Fig. 1 Evolution of polymer synthesis methodologies and of demand by polymer designers

ergy and plastics. The growing evidence that the increase in the atmospheric
CO2 level is causing a palpable modification of the global climate [6] could
lead, in the middle or long term, to abandon, or at least reduce drastically, oil
as our main source of raw materials for plastics.

The above-described scenario is, obviously, unpleasant. However, as has
happened before, when a technology arrives at a bottleneck, there could exist
an alternative way to break through the impasse. This paper is devoted to
gathering arguments in favor of one of those possible alternative routes: the
genetic engineering of protein-based polymers (GEPBPs). By this approach,
evidences on the possibility of obtaining very complex and highly functional
polymers, well beyond the reach of the present chemical methods of synthesis
and from exclusively renewable sources, will be presented.

1.2
Biological Macromolecules: The Lesson from Nature

Biology discovered long ago that macromolecules are the best option for ob-
taining highly functional materials. Novel concepts in materials science such
as hierarchical organization, mesoscale self-assembly, or smartness are com-
mon to many natural macromolecules such as proteins, nucleic acids, and
polysaccharides (or combinations thereof). In fact, the slow but implacable
process of natural selection has produced materials showing a level of func-
tionality that is really much higher than the level we have reached in our syn-
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thetic materials. One of the best (and nicest) examples is proteins. Proteins
in living cells show an amazing set of capabilities in terms of functionality.
From structural proteins, all of them showing acute self-assembly capabili-
ties, to extraordinary enzymes, with their superior catalytic performance and
highly efficient molecular machines (flagellar rotary motor, etc.), examples
abound. Natural proteins are usually large and very complex molecules con-
taining diverse specific functional groups to generate and direct self-assembly
and function. Nature makes use also of different physical processes that allow
for directed and controlled organization from the molecular to the macro-
scopic level. As a whole, both local organization through functional chemical
groups and the physical properties giving rise to order up to the highest scales
provide the properties and functions that biological systems require for their
efficient functioning.

Nevertheless, all of this amazing functionality displayed by natural pro-
teins seems to be based on a simple fact: a complex and completely defined
primary structure. In living cells, protein biosynthesis is carried out with an
absolute control of the amino acid sequence, from the first amino acid to the
last with a complete absence of randomness. In fact, the need for this abso-
lute control is dramatically clear in some genetic disorders in which the lack
or a substitution of a single amino acid in the whole protein leads to a com-
plete loss of the original function, which can have dramatic consequences in
some cases such as falciform anemia (sickle cell anemia), phenylketonuria,
and cystic fibrosis [7].

Herein lies the lesson that, if we want to create really functional materials,
we must find a way to synthesize complex and completely defined macro-
molecules. This task, which completely overwhelms our most sophisticated
chemical methods, is taking place incessantly in all living cells. One more
characteristic of protein biosynthesis deserves mention. The protein biosyn-
thesis machinery is extraordinarily flexible. Ribosomes are able to process
and produce practically any amino acid sequence stored in the holders of
information called genes, so its flexibility is nearly absolute. Therefore, for
practical purposes, it is interesting to realize that if one controls the infor-
mation that genes deliver to the machinery, then one completely controls the
biosynthesis process itself.

2
Genetic Engineering of Protein-Based Polymers:
The “Gutenberg Method” in Polymer Design and Production

Due to current developments in molecular biology, we have for the first time
the ability to create almost any DNA duplex codifying any amino acid se-
quence at will. We also have the chance to introduce this synthetic gene in
the genetic content of a microorganism, plant, or other organisms and induce
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the production of its codified protein-based polymer (PBP) as a recombinant
protein [8–16]. Therefore, as we now have all the required technology, the
use of genetically modified cells as cellular factories to produce sophisticated
polymers is extremely tempting. This approach has many advantages.

First, as our knowledge of the protein-function relationship continues to
grow, GEPBPs will be able to show any function or property, simple or com-
plex, present in natural proteins. In this sense, this method opens the oppor-
tunity for exploiting the huge amounts of resources, in terms of functionality,
hoarded and refined in a very efficient manner over the long course of natu-
ral selection. GEPBPs easily make use of the vast amounts of functional wealth
present in the hundreds of thousands of different proteins in living organisms
in the widest sense, from the smallest prions or viruses to highly complex
animals.

On the other hand, as we can construct the codifying gene base by base
following our own original designs and without being restricted to genes of
fragments found in living organisms, we can design and produce GEPBPs to
obtain materials, systems, and devices exhibiting a function not displayed in
living organisms but of a particular technological interest [17].

Third, from the point of view of a polymer chemist, the degree of con-
trol and complexity attained by genetic engineering is clearly superior to
those achieved by any present chemical synthesis technologies. GEPBPs are
strictly monodisperse, while they can be obtained from a few hundred dal-
tons to more than 200 kDa, and these limits are continuously expanding [18].
Among other things, this has opened the possibility of studying, in a simple
and highly precise manner, the dependence of different material proper-
ties on the molecular weight (MW) [19, 20], and this knowledge also opens
the possibility of finely tuning those properties in the designed materials.
In addition, although monodispersity is not an important requirement for
bulk polymers—it is even desirable in some cases—it clearly enhances the
chances of success in designing materials with self-assembling and smart be-
havior [21].

Although, as discussed above, the increase in complexity of conventional
polymers unavoidably means an exponential increase in time and cost of
production, this relationship is not fulfilled by GEPBPs. Paradoxically, experi-
ence constantly shows that the enzymes and all other techniques of molecular
biology that are used for the construction of synthetic genes as well as all
the molecular machinery implicated in protein biosynthesis work better with
complex GEPBPs than with simple and highly repetitive GEPBPs. Biological
systems are adapted to build complex natural proteins, so they feel more com-
fortable in an environment of complexity. Therefore, for GEPBPs, there is not
a clear and direct relationship between production yield and polymer com-
plexity. In practice, usually complexity is more feasible than simplicity. In
addition, the cost of production of GEPBPs is not related to their complex-
ity. By this approach, the most costly task in terms of time and money is gene
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construction. However, once the genetically modified (micro)organism is ob-
tained, the fast, robust, and cheap GEPBP production readily compensates the
costs associated with the molecular biology steps.

In addition, in contrast to conventional polymers, where the raw materials
are the monomers, the raw materials employed in GEPBP biosynthesis are not
the amino acids themselves. Recall that protein synthesis in living cells is in-
serted within a dense and complex metabolic network, by which many simple,
renewable, and cheap sources of carbon and nitrogen can be finally converted
into the needed amino acids and, finally, to the desired GEPBP.

Fourth, the number of different combinations attainable by combining the
20 natural amino acids is virtually infinite, so the number of different GEPBPs
that can be obtained seems to be more than enough.

Somehow, this situation recalls the time when Johannes Gutenberg began
building his press (in 1436). At that time, rather than writing books one by
one, Gutenberg found that the time spent in building the movable type and
the press, even to print high-quality and complex texts, was rapidly com-
pensated by the reduced time in printing many identical copies. Therefore,
perhaps we are now in a position to apply this concept to polymer produc-
tion (the “Gutenberg Method”). If we want to obtain several identical batches
of a sophisticated and complex polymer, we should not direct our main effort
to building the polymer itself but to building the gene that codifies it. Then,
polymer production can be done by expressing the gene in a cellular factory.
Thus, these cells play the role of the press in book printing.

Although this list does not pretend to be exhaustive, the final advantage
mentioned here stresses environmental considerations. GEPBPs are made
from biomass, and their production involves only renewable biomass and en-
vironmentally clean processes from raw materials to waste. In addition, no
petroleum-based chemicals are used. GEPBPs are, evidently, biodegradable,
and water is used as the exclusive solvent in most GEPBPs produced to date.
GEPBPs are obtained by an easily scalable technology, fermentation, that uses
moderate amounts of energy and temperatures. Additionally, a main goal in
the production of GEPBPs is their production in genetically modified plants.
In this way, there is even no need for fermentation facilities, which reduce sig-
nificantly the productions costs, while this could be a way to help revitalize
the agriculture sectors in many countries.

It is not easy to imagine clear disadvantages of GEPBPs vs. petroleum-
based polymers because even the differential in production costs is decreas-
ing rapidly on one hand due to the progressive increase in bioproduction
yields and the possibilities opened by using genetically modified plants in-
stead of microorganisms, and the continuous increase in oil prices on the
other hand. Perhaps, as polymer scientists, the first thing to come to mind
would be that conventional polymer science has produced thousands of dif-
ferent useful monomers. Therefore, the possibilities opened by this high
number of petroleum-based monomers, in terms of availability of function,
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seems to be overwhelming if we consider that, in designing GEPBPs, we must
restrict ourselves to just the 20 natural amino acids. However, this reason-
ing could also be fallacious if we paid attention to nature once more. It is
unquestionable that no synthetic material matches the exquisite and very spe-
cial functionality of enzymes or biological molecular machines, but let us set
aside sophistication for now and restrict our comparison to simple mechani-
cal properties.

We find in biology extraordinary proteins that show surprising mechani-
cal properties. Indeed, we find proteins that match and clearly outperform the
mechanical properties of our best petroleum-based polymers. For example,
some kinds of spider silks, such as the Nephila clavipes dragline, show a supe-
rior strength [22, 23]. An N. clavipes dragline silk shows a Young’s modulus,
tensile strength, and stress at break of the same order of Kevlar, which is
a benchmark of modern polymer fiber technology but absorbs almost one
order of magnitude more energy than Kevlar when breaking [22–24]. In fact,
their mechanical properties can be considered above those of steel itself. Its
absorbed energy at breaking point is almost two orders of magnitude higher,
while its tensile strength is almost six times higher and the stresses at break-
ing point are equivalent [22–24]. Additionally, although the Young’s modulus
of steel is about three times higher than the spider-silk modulus, this last
material has a much lower density. Its ratio of tensile strength to density is
perhaps five times better than steel. Therefore, at equal mass, the spider silk
behaves much better than steel. In conclusion, spider-silk fibers are nearly as
strong as several of the current synthetic fibers and can outperform them in
many applications in which total energy absorption is important.

Spider silks deserve additional commentary. Again, this example shows as
that Nature never gives up to complexity, as if complexity were an intrinsic
part of natural materials, and this is so even in these apparently simple mate-
rials that Nature has designed just to reach a given mechanical performance.
Spider silks show a highly efficient self-healing behavior that is now under
intense scrutiny due to its evident technological potential [25].

Dragline spider silks are not the only impressive example. Among elastic
protein fibers, Nature shows us examples covering a wide range of elastomeric
properties. Again, we find other kinds of spider silks, such as flagelliform
silks, that show elastomeric behavior with the ability to withstand high levels
of elastic strain; such silks can be extended up to ∼ 200% without break-
ing, but they also show a high rate of energy dissipation [22, 26]. This is well
known in flying insects that collide with spider webs; the insects, in spite of
their high kinetic energy, very rarely are able to break through the webs. On
the contrary, this impact energy is absorbed without catapulting the insect
out of the web [22, 26]. In addition, once trapped, they find that breaking the
web is a very exhausting and hopeless task.

In contrast, other elastic proteins show precisely the opposite property, i.e.,
they dissipate a negligible amount of energy in a stress-strain cycle or, equiv-
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alently, they show a resilience value near 100% (100% of the elastic energy
stored in the deformed sample is restored when released). This is so for re-
silin, the main elastic protein of jumping insects [27, 28], and the abducting
of the swimming bivalves. Also, elastin has been claimed to show and al-
most ideal elasticity [29]. All these elastic proteins are characterized by high
resilience, large strain, and low stiffness [27].

The nearly ideal elasticity of some proteins or some of their functional
domains has been identified recently as being a central part of a universal
foundation of protein function: the coupled hydrophobic and elastic con-
silient mechanisms. This has been nicely described by Urry [30], who made
a profound study of the Gibbs free energy of hydrophobic hydration and the
coupled hydrophobic and elastic consilient mechanisms in specially designed
protein-based polymers. This mechanism has been postulated as being the
universal principle of functioning of biological protein-based machines and
has been identified with biology’s vital force (élan vital). The model for pro-
tein function based on this mechanism has already been postulated for key
molecular machines of the cell, such as the complex III in the mitochondrial
electron transport chain that produces a proton gradient, the F1 motor of the
ATP synthase that uses the proton gradient to produce ATP, and the myosin II
motor of muscle contraction that uses ATP to generate motion [30, 31].

The list of proteins with superior mechanical performance can also in-
clude keratins. This protein shows a superior impact resistance with a Young’s
modulus of 2.50 GPa [22]; not for nothing is it the main component of hoofs,
beaks, and horns. Again, this protein shows multifunctional character and
complexity because keratin is also the main component of feathers, a prodigy
of rigidity and lightness.

Although this list could be extended ad infinitum with many other fasci-
nating examples, such as collagen and others, just one more example will be
mentioned: mussel adhesives. Mussel adhesive proteins are remarkable materi-
als that display an extraordinary ability to adhere to almost any kind of natural
or artificial substrate, and, in addition, they do so in extreme conditions. The
environments where these proteins show their functionality are underwater
(in salty water, for instance) and standing continuous and changing stresses
(waves, tides, underwater flows, etc.). No artificial adhesive is able to work, even
minimally, under those circumstances. It is important to emphasize that this
kind of environment is not much different than the one found, for example,
inside living tissues. For that reason, recent investigations from groups com-
ing from quite diverse areas of expertise have made substantial progress in the
identification of the genes and proteins that are involved in adhesive forma-
tion. These discoveries have led to the development of recombinant proteins
and synthetic polypeptides that are able to reproduce the properties of mussel
adhesives for applications in medicine and biotechnology [27].

In summary, the above examples show that a reduced set of 20 amino
acids as exclusive primary source to build polymers could be enough to de-
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sign materials with extraordinary properties, even in the less complex sense
of bulk materials. It could be even extended with the recent progress in the
development of methods for incorporating nonnatural amino acids into re-
combinant proteins that can be an alternative strategy for extending GEPBPs
with diverse chemical, physical, and biological properties [32]. Therefore, the
properties of GEPBPs span a broad range in all directions, from the sim-
plest mechanical properties to the most complex, smart, and self-assembling
characteristics. Practically all the properties displayed by petroleum-based
polymers are within this range. Thus from the technological point of view, the
possibility of obtaining many different materials with a wide range of prop-
erties that outperform existing polymers, are obtained by only one common
basic technology, and in addition show clear environmental advantages, is
a highly interesting scenario.

3
State of the Art in GEPBPs

Presently, genetic engineering of PBPs is still in its early infancy. The radically
different approach in the methodology used to produce these polymers has
resulted in the fact that, even now, a limited number of research groups and
companies have made the effort to make this transition. Among these pioneer
groups, the main interest has been mainly concentrated in two major poly-
mer families: spider-silk-like polymers and elastin-like polymers (“ELPs”),
although some other interesting protein polymers have also been researched.
Those include coiled-coil motifs and their related leucine zippers [33–36],
β-sheet-forming polymers [37], poly(alylglicine) [38], and homopolypeptides
such as poly(glutamic acid) [39].

The different strategies and methodologies for gene construction, iterative,
random, and recursive ligations, have been summarized recently [13, 40, 41].

4
Silklike Polymers

Silks are fibrous proteins produced by spiders and insects such as the silk
worm (Bombyx mori). There are an astonishing variety in different me-
chanical properties and compositions of the different silks naturally pro-
duced. Many spiders and insects have a varied tool kit of task-specific
silks with divergent mechanical properties [42–49]. Those silks seem to
have evolved to match a very particular need for the creature that pro-
duces them. Furthermore, although some spiders may use silk sparingly,
most make rather elaborate nests, traps, and cocoons typically using more
than one type of finely tuned and specialized silk. Those different silks are
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produced by a wide and diverse range of glands, ducts, and spigots. How-
ever, in spite of the extraordinary physical properties of spider silks as well
as the enormous variety there is only limited information on the compo-
sition of the various silks produced by different spiders. Among the dif-
ferent types of spider silks, draglines from the golden orb weaver Nephila
clavipes and the garden cross spider Araneus diadematus are most intensely
studied.

Based on DNA analysis it could be shown that all spider silk proteins
are chains of iterated peptide motifs (“repeating units”). The small peptide
motifs can be grouped into four major categories: GPGXX (with X often rep-
resenting Q), alanine-rich stretches [An or (GA)n], GGX, and spacers. A fifth
category is represented by nonrepetitive (NR) regions at the amino and carb-
oxyl termini of the proteins, often representing polypeptide chains of 100 or
more amino acids [48–56].

On the basis of several studies, the major categories of peptide motifs
in spider silk proteins have been assigned structural roles [57–61]. It has
been suggested that the GPGXX motif is involved in a β-turn spiral, proba-
bly providing elasticity, based on structures of comparable proteins [62–65].
If elasticity is due to GPGXX β-spirals, then this motif should be found in
the more elastic silks. Flagelliform silks, which show the highest elasticity
with more than 200%, consist of contiguous repeats of this motif at least 43
times in each repeating unit. Alanine-rich motifs typically contain 6–9 ala-
nine residues and have been found to form crystalline β-sheet stacks leading
to tensile strength [23, 57, 58]. The major and minor ampullate silks are both
very strong, and at least one protein in each silk (there are always pairs)
contains the (A)n or (GA)n motif. Interestingly, this motif is not found in flag-
elliform silks. A glycine-rich 31-helix is adopted by the GGX motif forming an
amorphous matrix that connects crystalline regions and that provides elastic-
ity [49, 66, 67]. The postulated GGX motif is widely distributed and this motif
can be found in major and minor ampullate and flagelliform silks. Several
groups have suggested that the GPGXX and GGX motifs might be involved in
forming an amorphous matrix, which would provide the elasticity of the fiber.
The spacers contain charged groups and separate the iterated peptide motifs
into clusters. NR termini are common to all sequenced major and minor am-
pullate and flagelliform silks belonging to the Araneoidea family with highly
conserved carboxyl-terminal sequences [53, 68, 69].

Regarding genetically engineered silklike polymers (GESLPs), they have
been mainly restricted to those designed on the repetition of the sequences
[GGAGQGGYGGLGSQ-GAGRGGLGGQGGAG] and [GPGGYGGPGQQGPGGY
APGQQPSGPGS] from the silk produced by the N. clavipes major ampul-
late glands 1 and 2, respectively. Some modifications of those base se-
quences have also been explored. In the first instance, some of them were
used to control the degree of crystallinity as a way to improve the pro-
cessability of those polymers. However, some other modifications have been
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added to further functionalize the polymers, such as the incorporation of
RGD cell attachment sequences (Pronectin) [70] or the creation of block
copolymers combining silk and elastin motifs [71, 72]. Some of the rep-
resentative examples of GEPBPs produced to date have been summarized
in Table 1.

5
Elastinlike Polymers: A Privileged Family of GEPBPs

5.1
Introducing ELPs

The ELP family has shown a versatile and ample range of interesting prop-
erties that go well beyond their simple mechanical performance. Certainly,
ELPs show a set of properties that places them in an excellent position to-
wards designing advanced polymers for many different applications, includ-
ing the most cutting edge biomedical uses, for which ELPs are particularly
well suited, as will be discussed later. In addition, the deepening understand-
ing of their function in terms of their molecular composition and behavior
is shedding light on one of the most interesting basic problems still faced in
modern science, the understanding of protein folding and function in living
organisms.

The basic structure of ELPs is a repeating sequence having its origin in
the repeating sequences found in the mammalian elastic protein, elastin. Re-
garding their properties, some of their main characteristics are derived from
the natural protein they are based on. For example, the cross-linked matri-
ces of these polymers retain most of the striking mechanical properties of
elastin [100], i.e., an almost ideal elasticity with Young’s modulus, elongation
at break, etc. in the range of natural elastin and an outstanding resistance to
fatigue [85, 101].

Interestingly, this mechanical performance is accompanied by an extraor-
dinary biocompatibility, although, however, the most striking properties are
perhaps their acute smart and self-assembling nature. These properties are
based on a molecular transition of the polymer chain in the presence of
water when their temperature is increased above a certain level. This tran-
sition, called the “inverse temperature transition” (ITT), has become the
key issue in the development of new peptide-based polymers as molecu-
lar machines and materials. The understanding of the macroscopic prop-
erties of these materials in terms of the molecular processes taking place
around the ITT has established a basis for their functional and rational
design [102].

All these aspects of the ELP family will be presented below in the context
of the present state of the art and the foreseeable future outcomes.
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5.2
Smart and Self-assembling Properties of ELPs

The most numerous members of the ELP family are those based on the pen-
tapeptide VPGVG (or its permutations). A wide variety of polymers have
been (bio)synthesized with a general formula (VPGXG), where X repre-
sents any natural or modified amino acid [103–105] with the exception of
L-proline. All the polymers with that general formula that can be found in
the literature are functional, i.e., all show a sharp smart behavior. However,
the achievement of functional ELPs by the substitution of any of the other
amino acids in the pentamer is not so straightforward. For example, the first
glycine cannot be substituted by any other natural amino acid different from
L-alanine [105].

The model poly(VPGVG), whose amino acid side chains are simple
aliphatic chains without further functionalization, shows an acute thermore-
sponsive behavior associated to the existence of the ITT.

All of the functional ELPs exhibit this reversible phase transitional be-
havior [105]. In aqueous solution and below a certain transition tempera-
ture (Tt), the free polymer chains remain disordered, random coils in solu-
tion [106] that are fully hydrated, mainly by hydrophobic hydration. This hy-
dration is characterized by the existence of ordered clathratelike water struc-
tures surrounding the apolar moieties of the polymer [107–109] with a struc-
ture somehow similar to that described for crystalline gas hydrates [109, 110],
although showing a more heterogeneous structure with structures varying in
perfection and stability [108]. In contrast, above Tt, the chain hydrophobi-
cally folds and assembles to form a phase-separated state of 63% water and
37% polymer by weight [111] in which the polymer chains adopt a dynamic,
regular, nonrandom structure, called β-spiral, involving type II β-turns as the
main secondary feature, and stabilized by intraspiral, interturn, and interspi-
ral hydrophobic contacts [105]. This is the product of the ITT. In this folded
and associated state, the chain loses essentially all of the ordered water struc-
tures of hydrophobic hydration [107]. During the initial stages of polymer
dehydration, hydrophobic association of β-spirals takes on fibrillar form. This
process starts from the formation of filaments composed of three-stranded
dynamic polypeptide β-spirals that grow to a several-hundred-nanometer
particle before settling into a visible phase-separated state [105, 112]. This
folding is completely reversible upon lowering again the sample temperature
below Tt [105].

Although, generally speaking, the phenomenology shown by these ELPs
resembles that found in amphiphilic LCST polymers, such as poly-(N-
isopropylacrylamides) (PNIPAM), the presence of an ordered state in ELPs
above the transition temperature, which is not present in the LCST poly-
mers, has prevented the use of LCST as a descriptive term for the ITT of
ELPs [74].
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5.3
Basic Molecular Designs: Thermal Responsiveness

Poly(VPGVG) (or its permutations) can be considered one of the simplest
ELPs. The nonexistence of further functionalization, apart from the hy-
drophobic nature of valine and proline side chains, gives rise to a straightfor-
ward thermal response as shown in Fig. 2. As mentioned above, the transition
can be easily followed either by turbidity measurements or by calorimetric
methods, measuring the heat flow during the transition. The first method
is characterized by a turbidity profile showing a sharp step. Tt is consid-
ered the temperature showing a 50% change in the relative turbidity change.
In contrast, DSC measurements are always characterized by a broad peak,
expanding 20 ◦C or more. In this case, Tt can be considered either as the on-
set or peak temperature. Usually, Tt values obtained by these methods differ
among each other. Different factors cause such differences. The first one is
the dynamic nature of the DSC and its associated thermal lags; those ther-
mal lags being, of course, higher for higher heating rates. However, those
thermal lags can be eliminated using different heating (or cooling) rates and
obtaining an extrapolated Tt value to a heating rate equal to zero [113]. Fig-
ure 2a clearly shows the influence of this parameter; the DSC peak tempera-
ture for a 10 ◦C/min heating rate is several degrees higher than the turbidity
Tt.

Another factor that can cause Tt differences between the two techniques
is the different polymer concentrations. It is well known that polymer fold-
ing is a cooperative process that is facilitated by the presence of other
polymer chains and, accordingly, Tt can be several degrees higher for low
concentrations [20, 105]. There is a strong dependence of Tt on concentra-
tion in the range of 0.01 to 5–10 mg/mL. Above this concentration, Tt does
not show further significant changes with increasing concentrations up to
a limit of 150–200 mg/mL. Above this value, we find deficiently hydrated
polymer chains and, due to the heterogeneity of the hydrophobic hydra-
tion structures, in water deficiency states only the strongest structures are
formed, which leads to a new increase in Tt as the polymer concentra-
tion increases [108]. Typical concentrations for turbidity experiments are in
the range of 2–5 mg/mL, while those for DSC usually are in the range of
50–150 mg/mL, so further differences in Tt caused by concentration effects
could be possible.

In addition, Tt also depends on the MW. Tt decreases as the MW in-
creases [19, 20, 101]. Furthermore, the presence of other ions, such us those
of the buffer, and molecules also changes the Tt value. In conclusion, all these
factors make the comparison of Tt values among not only different techniques
but also different authors a delicate matter.

The endothermic peak found in a DSC heating run is in fact the net re-
sult of a complex process containing different thermal contributions. Once
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Fig. 2 A Turbidity profile as a function of temperature for a poly(VPGVG) 5-mg/L sam-
ple dissolved in water and DSC thermogam of a 50-mg/L water solution of the same
polymer (heating rate 5 ◦C/min). B photographs of a water solution (5 mg/mL) of this
poly(VPGVG) below (5 ◦C) and above (40 ◦C) its Tt

a poly(VPGVG) solution reaches its Tt, there is first a destruction of the
ordered hydrophobic hydration structures surrounding the polymer chain.
This is further accompanied by an ordering of the polymer chain into
the β-spiral structure. In turn, these β-spirals further establish interchain
hydrophobic contacts (Van der Waals cohesive interactions) that caused
the formation of nano- and microaggregates segregating from the solu-
tion. The first process must be considered endothermic while the second
one must be exothermic. Although both events take place simultaneously,
they are very different in nature. In particular, it is reasonable to con-
sider that both phenomena occur with different kinetics. In effect, previous
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kinetic studies made on poly(VPGVG) showed that the process of phase
separation is faster than the process of redissolution [114]. This differ-
ence creates a chance to split the different contributions of the ITT. This
has been recently achieved for the first time using temperature-modulated
DSC (TMDSC) [115]. TMDSC is an improved DSC measurement that is
able to separate thermally overlapping phenomena with different time de-
pendences by using a heating program containing an alternating function
of the temperature, such as a sinus, superimposed on the constant heat-
ing rate (ν) [116–120]. In principle, TMDSC will provide a clear split of
two overlapping phenomena when, under the particular dynamical con-
ditions, one is reversible and the other is not. Therefore, by this experi-
mental approach, both phenomena could be split by finding a frequency
for the periodic component low enough for the faster phenomenon to fol-
low the oscillating temperature changes (“reversing”) while high enough to
impede this alternating behavior of the slower one (“nonreversing”). This
approach has been used to study the ITT of three different ELPs chem-
ically synthesized poly(VPGVG), recombinant (VPGVG)251, and recombi-
nant (IPGVG)320 [115]. Figure 3a shows an example of the TMDSC thermo-
gram found for (VPGVG)251, while Fig. 3b shows the results of its analysis.
Under those experimental conditions, the endothermic total curve (∆Htot =
– 10.40 Jg–1, Tt = 27.72 ◦C) is composed by a nonreversing endothermic com-

ponent (∆Hnon-rev = – 13.98 Jg–1, Tt = 27.63 ◦C) and a reversing exotherm
(∆Hrev = 3.33 Jg–1, Tt = 27.30 ◦C).

A detailed analysis has been carried out to study the dependence of the re-
versing and nonreversing components as a function of ν and amplitude (A)
and period (P) of the alternating component. For the total contribution, the
changes in ν (0.5 to 1.5 ◦C/min), A (0.1 to 1 ◦C), and P (0.1 to 1.0 min) did
not significantly affect the enthalpy and Tt values, which are similar to those
obtained by DSC. Also the reversing and nonreversing components were not
affected by changes in ν and A. However, P exhibits a strong influence on the
enthalpy values of both components.

∆Hrev is plotted in Fig. 4 as a function of P for the three polymers. In
all cases, at low frequencies (high P), the reversing component shows an
endothermic peak with an enthalpy comparable to the one shown by the
endothermic peak of the nonreversing component. Thus, at these high P,
the chain-folding and dehydration contributions were not well separated.
However, as P decreases, ∆Hrev undergoes a substantial increase. At P =
0.8–1 min, the reversing component turns into a positive exothermic peak
which reaches a maximum at P = 0.5–0.6 min (PM). Parallelly, ∆Hnon-rev suf-
fers an equivalent decrease. Therefore, as P decreases, the reversing compon-
ent is being enriched in the exothermic component (chain folding), while the
non-reversing is being enriched in the endothermic contribution (dehydra-
tion). The ∆Hrev, ∆Hnon-rev, ∆Htot values found at PM can be seen in Table 2.
Further decrease in P results in a progressive reduction in ∆Hrev to zero and
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Fig. 3 A Heat flow vs. time in a TMDSC analysis of a 125-mg mL–1 water solution of
(VPGVG)251. B Reversing, nonreversing, and total thermograms. Reproduced with per-
mission from Elsevier

an increase in ∆Hnon-rev to the total enthalpy as a result of the complete over-
lap of both phenomena in the nonreversing component.

The maximum splitting was found at approximately the same PM re-
gardless of the polymer. Additionally, a comparison of the data found for
(VPGVG)251 and (IPGVG)320 indicates that the reversing component at max-
imum is higher for (IPGVG)320. Due to the higher hydrophobicity of I as com-
pared to V, its chain folding has to show a higher exothermic ∆Hrev (Table 2).
Therefore, ∆Hrev values could then be used as a quantitative measurement of
the amino acid hydrophobicity. Additionally, the increased hydrophobicity of
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Fig. 4 ∆Hrev as a function of P for 125 mg mL–1 water solution of A synthesized
poly(VPGVG), B recombinant (VPGVG)251, and C recombinant (IPGVG)320 (ν = 1 ◦C min–1,
and A = 0.1 ◦C). Reproduced with permission from Elsevier

(GVGIP)320 would also induce a higher extension of hydrophobic hydration,
so its higher endothermic ∆Hnon-rev is also reasonable.

There are no significant differences when comparing data from (VPGVG)251
and poly(VPGVG) (Table 2). Since the only difference between these two poly-
mers is their MW dispersity, their TMDSC results are practically the same,
which would imply that the reversing and nonreversing TMDSC components
depend mainly on the mean hydrophobicity of the monomer.

Therefore, TMDSC has been demonstrated to be an effective method to
split the overlapping phenomena present in the ITT of elastic protein-based
polymers. By tuning the frequency of the periodic component, a maximum
split can be achieved that shows an exothermic contribution arising from the
Van der Waals contacts attending chain folding and assembly, and an en-
dothermic contribution associated with loss of hydrophobic hydration, the

Table 2 Enthalpy values of the reversing, non-reversing and total components found at PM

Polymer ∆Hrev/Jg–1 ∆Hnon-rev/Jg–1 ∆Htot/Jg–1 PM/min

(IPGVG)320 5.61 –22.82 –17.21 0.6
(VPGVG)251 3.14 –11.34 –7.50 0.5
Poly(VPGVG) 2.96 –11.11 –8.79 0.5
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former being about one fourth of the latter, in absolute values. To the best
of our knowledge, TMDSC is the only method currently available to separate
both contributions. Accordingly, its utility for evaluating the hydrophobicity
of the full compliment of naturally occurring amino acids and relevant modi-
fications thereof is clear, and its relevance to hydrophobic folding of polymers
and natural proteins is noteworthy.

5.4
Introducing Further Chemical Functions in the Monomer:
pH-responding ELPs and the ∆Tt Mechanism

In all ELPs, Tt depends on the mean polarity of the polymer, increasing as
the hydrophobicity decreases. This is the origin of the so-called “∆Tt mech-
anism” [105]; i.e., if a chemical group that can be present in two different
states of polarity exists in the polymer chain, and these states are reversibly
convertible by the action of an external stimulus, the polymer will show two
different Tt values. This Tt shift (“∆Tt”) opens a working temperature win-
dow in which the polymer isothermally and reversibly switches between the
folded and unfolded states following the changes in the environmental stimu-
lus. This ∆Tt mechanism has been exploited to obtain many elastinlike smart
derivatives [105, 121–124].

This mechanism is also exploited in the following model pH-responding
polymer: [(VPGVG)2-VPGEG-(VPGVG)2]n. In this ELP, the γ -carboxylic
group of the glutamic acid (E) suffers strong polarity changes between its pro-
tonated and deprotonated states as a consequence of pH changes around its
effective pKa.

Figure 5 shows the folded chain content as a function of T at two differ-
ent pHs for a genetically engineered polymer with the above general formula
(n = 45). At pH = 2.5, in the protonated state, the Tt shown by the poly-
mer is 28 ◦C. Below this temperature the polymer is unfolded and dissolved,
while above it the polymer folds and segregates from the solution. How-
ever, at pH = 8.0 the increase in the polarity of the γ -carboxyl groups, as
they lose their protons, becoming carboxylate, is enough to cause Tt to rise
to values above 85 ◦C, opening a working temperature window wider than
50 ◦C. Therefore, at temperatures above 28 ◦C the polymer would fold at low
pHs and unfold at neutral or basic pHs. In addition, this fact reveals the ex-
traordinary efficiency of ELPs as compared to other pH-responding polymers
since this huge ∆Tt is achieved with just 4 E residues per 100 amino acids in
the polymer backbone. This is of practical importance in using these poly-
mers to design molecular machines and nanodevices such as nanopumps or
nanovalves because just a low number of protons is needed to trigger the two
states of the system.

The materialization of an electric charge in a side chain of a given ELP due
to acid-basic equilibrium has been considered in the literature as a highly ef-
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Fig. 5 Turbidity temperature profiles of a model genetically engineered pH responding
ELP (see [19] for details on bioproduction of this polymer). Box at bottom: window of
working temperatures. Experimental conditions are given in plot

ficient way to achieve high ∆Tt. In the number of ELPs designed and studied
to date, the capability of the free carboxyl or amino groups of aspartic acid,
glutamic acid, or lysine to drive those Tt shifts is only surpassed by the ∆Tt
caused by the phosphorylation of serine [31].

Contrary to what happens with polydisperse synthetic polymers, the
exquisite control on the molecular architecture and the strict monodisperse
MW attained by genetic engineering make easy the study of the dependence
of the different polymer properties vs. MW.

This has been done in the [(VPGVG)2-VPGEG-(VPGVG)2]n series for pH-
responding ELPs. A set of different monodisperse versions of polymers has
been bioproduced, with n = 5, 9, 15, 30, and 45. These were set to study the
effects of MW on the properties of their ITT and its dependence on pH. As
a result, the transition temperature decreased and the transition enthalpy
increased as MW increased, especially for the lowest MWs. This can be qual-
itatively seen in Fig. 6, where a series of DSC thermograms has been plotted
for a given polymer concentration and pH.

Quantitatively, these dependences can be seen in Fig. 7, in which enthalpy
and true Tt values have been plotted vs. MW. True Tt is the term used to de-
scribe the Tt value obtained by extrapolation to zero heating rate (ν = 0) of the
DSC peak temperature.
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Fig. 6 DSC thermograms of 50 mg mL–1 phosphate buffered (0.1 M, pH 2.5) water solu-
tions of studied polymers. Their polymerization degree (n) is shown on the right-hand
side of the plot. Heating rate 10 ◦C min–1. Reproduced with permission from American
Chemical Society

Moreover, we have observed that the pKa of the free carboxyl of the glu-
tamic side chain also depends on MW. This striking fact can be seen in Fig. 8,
where Tt has been followed as a function of pH for the different MWs.

As shown in that figure, the pH at which Tt starts to increase, following
the first deprotonations of the free carboxyl groups, is lower for lower MWs.
With the help of the enthalpy values found at different pHs and MWs, it has
been possible to estimate the apparent pKa (pK′

a) of this free carboxyl group
as a function of MW [19] (Fig. 9).

That behavior would imply that for higher MWs this carboxyl group is
less acidic and shows a greater tendency to remain in the protonated state,
and this despite the fact that the surroundings of this carboxyl are equiva-
lent in all MWs. This striking behavior could be partially explained by the
influence of the polar chain-end groups, as this influence is higher for lower
MWs. However, the exclusive effect of the end-chain polarity seems insuffi-
cient to account for the strong influence reported. We believe that a large part
of the effect of MW on the ITT is caused by the inter- and intrachain coop-
erativity of the hydrophobic self-assembly taking place during the ITT [106].
In this sense, it is reasonable to think that short chains do not show an effi-
cient cooperation so their self-assembly is hindered, while for high MWs the
inter- and intrachain cooperativity during folding is more efficient, which, to
some degree, forces the carboxyl group to be in the protonated (less polar)
state.
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Fig. 7 Dependence of Tt on square root of heating rate for studied polymers. The cor-
responding polymerization degree (n) is indicated in plot. Lines: least square linear
regressions of data for each n. Phosphate-buffered samples (0.1 M, pH 2.5). Reproduced
with permission from American Chemical Society

Fig. 8 Dependence of Tt on pH for studied polymers (as indicated in plot). 0.1 M phosphate-
buffered samples. Reproduced with permission from American Chemical Society

As shown in Fig. 9, the pH at which Tt starts to increase, following the
first deprotonations of the free carboxyl groups, is lower for lower MWs. With
the help of the enthalpy values found at different pHs and MWs, it has been
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Fig. 9 Dependence of pK′
a for the γ -carboxyl group of glutamic acid on MW. Reproduced

with permission from American Chemical Society

possible to estimate the apparent pKa (pK′
a) of this free carboxyl group as

a function of MW [19] (Fig. 9).
That behavior would imply that for higher MWs this carboxyl group is

less acidic and shows a greater tendency to remain in the protonated state,
and this despite the fact that the surroundings of this carboxyl are equivalent
in all MWs. This striking behavior could be partially explained by the influ-
ence of the polar chain-end groups, as this influence is higher for lower MWs.
However, the exclusive effect of the end-chain polarity seems insufficient to
account for the strong influence reported. We believe that a large part of the
effect of MW on the ITT is caused by the inter- and intrachain cooperativity
of the hydrophobic self-assembly taking place during the ITT [106]. In this
sense, it is reasonable to think that short chains would not show an efficient
cooperation so their self-assembly is hindered, while for high MWs the inter-
and intrachain cooperativity during folding is more efficient, which, to some
degree, forces the carboxyl group to be in the protonated (less polar) state.

5.5
Self-Assembling Capabilities of ELPs

In relation to self-assembling, natural elastin suffers a self-aggregation pro-
cess in its natural environment. Elastin is produced from a water-soluble pre-
cursor, tropoelastin, which spontaneously aggregates yielding fibrilar struc-
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tures that are finally stabilized by enzymatic interchain cross links. This
produces the well-known insoluble and elastic elastin fibers that can be found
in abundance in the skin, lungs, arteries, and, in general, those parts of the
body undergoing repeated cycles of stress-strain.

The self-assembling ability of elastin seems to reside in certain relatively
short amino acid sequences, as has been recently probed by Yang et al. [124]
working in recombinant ELPs. Some of these polypeptides have shown that,
above their Tt, they are able to form nanofibrils that further organize into
hexagonally close-packed arrangements when the polymer was deposited
onto a hydrophobic substrate [124].

However, in ELPs, this tendency to self-assemble in nanofibers can be ex-
panded to other topologies and nanostructured features [93, 125, 126]. Taking
advantage of the opportunities and potential given by genetic engineering
in designing new polymers, the growing understanding in the molecular be-
havior of ELPs and the enormous wealth of experimental and theoretical
experience gained in recent decades on the self-assembling characteristics of
different types of block copolymers, different self-assembling properties are
starting to be unveiled within the ELP family. For example, Reguera et al.
have shown that the ELP previously shown as a pH-responding polymer,
[(VPGVG)2(VPGEG)(VPGVG)2]15, was able to form polymer sheets showing
self-assembled nanopores [126] (Fig. 10).

Fig. 10 Tapping Mode AFM image of [(VPGVG)2-(VPGEG)-(VPGVG)2]15 deposited from
a water solution on a Si hydrophobic substrate. Sample conditions: A 10 mg mL–1 in
0.02 M HCl water solution (acid solution); and, B 10 mg mL–1 in 0.02 M NaOH water so-
lution (basic solution). Adapted from [126]. Reproduced with permission from American
Chemical Society
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An AFM study of the topology of polymer spin-coated depositions of Glu-
containing ELPs, from acid and basic solutions, on a Si hydrophobic substrate
at temperatures below Tt has shown that in acidic conditions, the polymer
deposition just shows a flat surface without particular topological features
(Fig. 10a).

However, from basic solutions the polymer deposition clearly shows an
aperiodic pattern of nanopores (∼ 70 nm width and separated by about
150 nm) (Fig. 10b). This different behavior as a function of pH has been ex-
plained in terms of the different polarity shown by the free γ -carboxyl group
of glutamic acid. In the carboxylate form, this moiety shows a markedly
higher polarity than the other polymer domains and the substrate itself.
Under this condition, the charged carboxylates impede any hydrophobic con-
tact with their surroundings, which is the predominant way of assembling
for this kind of polymer. These charged domains, along with their hydration
sphere, are then segregated from the hydrophobic surroundings, giving rise
to nanopore formation (Fig. 11).

The self-association of ELPs is starting to be employed to develop differ-
ent applications. For example, Molina el al. [127] have tested self-assembled
nano- and microparticles of poly(VPAVG), another version of ELP, as carriers
of the model drug dexamethasone phosphate in order to develop injectable
systems for controlled drug release. In these particles, the drug is entrapped
while the particles self-assemble as the temperature rises above its Tt.

In another remarkable example, Chilkoti et al. have developed nano-
structured surfaces by combining ELPs and dip-pen nanolithography that
show reversible changes in their physicochemical properties in response to
changes in their environmental conditions. In particular, these systems are
able to capture and release proteins on nanopatterned surfaces by using
the self-assembling characteristics of ELPs in an effort to develop advanced
biomaterials, regenerable biosensors, and microfluidic bioanalytical de-
vices [127–130].

Fig. 11 Schematic cartoon of polymer distribution on hydrophobic substrate. A In a acid
medium. B In a basic medium. Counterions have been not drawn for clarity. Adapted
from J Am Chem Soc. Reproduced with permission from American Chemical Society
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However, the exploitation of the huge potential of ELPs in producing
self-assembling polymers is still very poor. In recent decades, the develop-
ment achieved in the design of self-assembling polymers, especially block
copolymers, has been enormous in spite of the difficulties found in the syn-
thesis of these polymers [21]. The different blocks show different composi-
tions and physicochemical properties, so in an adequate environment those
blocks segregate in various immiscible phases that with the combination of
adequate external fields are able to self-organize into different highly inter-
esting nanostructures [21]. Among the different physicochemical properties
that can be used to trigger phase segregation among the different blocks
is their hydrophobic-hydrophilic nature. This opens an interesting possibil-
ity for using ELP blocks to construct self-assembling block copolymers. The
tendency of these ELPs to show controlled hydrophobic association can be ex-
ploited to obtain advanced multiblock copolymers with the advantage given
by three salient facts. First, the hydrophobic association of ELPs can be exter-
nally controlled since it is associated to the ITT, and this is stimulus triggered
(temperature, pH canges, etc.). Second, currently and as a consequence of ex-
tensive and deep work on tens of different model ELPs of the type (VPGXG)n
carried out by Urry’s group in recent decades, there is a deep and quanti-
tative body of knowledge on the degree of hydrophobicity of the different
amino acid side chains [30, 31, 131]. We now have a precise classification of
the hydrophobicity of amino acids. The parameter used to precisely quantify
the hydrophobic character is based on the direct experimental measurement
of the Gibbs free energy of hydrophobic association. Therefore, for the first
time, the hydrophobic character has been evaluated from the origin of the
hydrophobicity itself and not from its indirect effects, such as the distribu-
tion coefficient between solvents, etc. The available data include the 20 natural
amino acids and some derivatives. For those amino acids with polarizable
side chains, such as glutamic acid, lysine, or phosphorilated and unphospho-
rilated serine, this datum has been evaluated in the two states. These values
have been summarized in Fig. 12.

As can be observed, the hydrophobic character of the different amino acids
covers a broad range between the most hydrophobic, tryptophan, to the most
hydrophilic, phosphorilated serine. The energy gap between these two ex-
tremes is as high as 15 kcal per mol of VPGXG. A gradual transition between
those extreme values can be used to adjust the hydrophobicity of the designed
blocks with unprecedented precision.

The third relevant fact is the unparalleled capacity to achieve complex
and completely controlled PBPs given by genetic engineering. The block
length, hydrophobicity, composition, and position can be engineered at will
with absolute precision. Additionally, genetically engineered elastinlike block
copolymers can easily incorporate any other structural feature of interest for
self-assembly and function such as β-sheet-forming domains, leucine zip-
pers, binding of domains to different substrates, and any biofunctionality
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Fig. 12 Hydrophobicity scale of 20 natural amino acids in their different polarizated state.
Adapted from data taken from [30, 31, 131]

imparted by bioactive peptides (cell attachment sequences, etc.). All three
of these characteristics will certainly open new ways of creating advanced
multiblock copolymers with applications spreading to many technological
fields.

5.6
Further Chemical Functionalization of the Monomer:
Photoresponding ELPs and the Amplified ∆Tt Mechanism

The range of stimuli that can exploit the ∆Tt mechanism is not limited to
those chemical reactions taking place on natural amino acid side chains. It
is possible to modify certain side chains to achieve systems with extended
properties. A good example of this are photoresponding ELPs, which bear
photochromic side chains either coupled to functionalized side chains in
the previously formed polymer (chemically or genetically engineered) or by
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using nonnatural amino acids that were already photochromic prior to chem-
ical polymerization.

The first example corresponds to this last kind. The polymer is an
azobenzene derivative of poly(VPGVG), the copolymer poly[fV(VPGVG),
fX(VPGXG)] (X,L-p-(phenylazo)-phenylalanine; fV and fX are mole fractions).
The p-phenylazobenzene group suffers a photo-induced cis-trans isomeriza-
tion. Dark adaptation or irradiation with visible light around 420 nm induces
the presence of the trans isomer, the most unpolar isomer. In contrast, UV
irradiation (at around 348 nm) causes the appearance of high quantities of
the cis isomer, which is slightly more polar than the trans isomer. Although
the polarity change is not high, it is enough to obtain functional polymers
due to the sensitivity and efficiency of ELPs. Figure 13 shows the photore-
sponse of one of these polymers with fX = 0.15. That mole fraction represents
only 3 L-p-(phenylazo)phenylalanine groups per 100 amino acids in the poly-
mer chain. In spite of the low polarity change and the exiguous presence of
chromophores, the existence (Fig. 13a) of a working temperature window at
around 13 ◦C is evident (Fig. 13b).

In another example, a different chromophore, a spiropyrane derivative, is
attached at the free γ -carboxyl group of an E-containing ELP either chemically
synthesized or genetically engineered. Figure 14 represents the photochromic

Fig. 13 A Temperature profiles of aggregation of 10-mg mL–1 water solutions of photore-
sponsive poly[0.85(VPGVG), 0.15(VPGXG)] (X ≡ L-p-(phenylazo)-phenylalanine) under
different illumination regimens. The correspondence between each profile and its illu-
mination condition is indicated in plot. Details on polymer synthesis and illumination
conditions can be found in [30]. B Photomodulation of phase separation of 10-mg mL–1

aqueous samples of poly[0.85(VPGVG), 0.15(VPGXG)] at 13 ◦C. The prior measurements
of the illumination conditions are indicated by the horizontal axis. DA, dark adaptation;
UV, UV irradiation. Reproduced with permission from American Chemical Society
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reaction for this polymer [122]. As compared to p-phenylazobenzenes, spiropy-
rane compounds show a photoreaction that can be driven by natural cycles
of sunlight-darkness without the employment of UV sources, although UV
irradiation causes the same effect as darkness but at a higher rate [132].

Again, the difference in polarity between the spiro and merocyanine forms
(Fig. 14) is enough to cause a significant Tt shift. Figure 15 shows the turbidity
profiles of the polymer in different illumination regimens (Fig. 15a) and the
photomodulation of polymer folding and unfolding (Fig. 15b,c).

Fig. 14 Photochemical reaction responsible for photochromic behavior of spiropyrane-
containing ELP. Reproduced with permission from American Chemical Society

Fig. 15 A Temperature profiles of aggregation of 20-mg mL–1 phosphate-buffered (0.01 N,
pH 3.5) water solutions of photoresponsive polymer under different illumination reg-
imens. The correspondence between each profile and its illumination condition are
indicated in plot. Turbidity was calculated from absorbance values obtained at 600 nm
on Cary 50 UV-Vis spectrophotometer equipped with a thermostatized sample cham-
ber. B and C Photomodulation of phase separation of 5-mg mL–1 aqueous samples of
photochromic polymer (T = 14 ◦C, 0.01 N phosphate buffer at pH = 3.5). A UV-sunlight
cycles. Boxes in subplot: periods of irradiation: UV, black boxes; sunlight, white boxes.
B Darkness-sunlight cycles. Boxes in subplot: periods of sunlight irradiation. Reproduced
with permission from American Chemical Society
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The efficiency of the polymer is again outstanding, since just 2.3 spiropy-
ran chromophores per 100 amino acid residues in the polymer backbone were
sufficient to render the clear photomodulation shown in Fig. 15.

Different ELP versions responding to pH, light, and other stimuli, such
as electrochemical potential or analyte concentrations, can be found in the
literature. Most of them were produced by the exclusive use of chemical syn-
thesis in a huge effort, lasting more than a decade, by Prof. Urry’s group in
a time when the use of genetic engineering to produce PBPs was not suffi-
ciently developed (see, for example, [105]). In some cases, this smart response
of the ELPs has already found applications in different fields. For example,
Chilkoti et al. have designed thermally and pH-responsive ELPs for targeted
drug delivery [77, 80, 133–136], and Kostal et al. have designed tunable ELPs
for heavy metal removal [137].

In a different approach in the design of more efficient stimulus-responding
ELPs, it is possible to increase and further control the smart behavior of
ELPs without increasing the number of sensitive moieties. This is pos-
sible if one of the states of that moiety is able to interact with a different
compound, while the other state is not, and this interaction causes addi-
tional increases in the difference in polarity between both states. This is
the basis of the so-called “amplified ∆Tt mechanism”, and this has been
proved for a p-phenylazobenzene-containing polymer of the kind shown
above, poly[0.8(VPGVG), 0.2(VPGXG)], in the presence of α-cyclodextrin
(αCD) [121]. The αCD is able to form inclusion compounds with the trans
isomer of the p-phenylazobenzene group and not with the cis isomer due to
a strong steric hindrance [121] (Fig. 16).

The αCD outer shell has a relatively high polarity, which, of course, is
much more polar than the p-phenylazobenzene moiety both in the trans or
cis states. The change in polarity between the dark adapted sample (trans iso-
mer buried inside the αCD) and the UV irradiated one (cis isomer unable to
form inclusion compounds) led to an enhanced ∆Tt (Fig. 17). Of course, the
magnitude of this effect is [αCD] dependent, so it is possible to tune the width
and position of the working temperature window just by changing the [αCD].

Fig. 16 Schematic diagram of proposed molecular mechanism on interaction between p-
phenylazobenzene pendant group and αCD. Reproduced with permission from Wiley
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Fig. 17 Temperature profiles of aggregation of 10-mg mL–1 water solutions of photore-
sponsive ELP in absence and presence (75 mg mL–1) of αCD under both illumination
regimens. Circles: dark-adapted samples; squares: UV-irradiated samples. hollow symbols:
presence of αCD; filled symbols, absence of αCD. Arrows: sense of displacement of tur-
bidity profile caused by UV irradiation of corresponding dark-adapted sample. Boxes at
bottom: window of working temperatures open when system is in absence (filled box) and
presence (hollow box) of αCD. Reproduced with permission from Wiley

Table 3 Values of Tt, ∆Tt, offset and gain for a 10-mg mL–1 poly[0.8(VPGVG), 0.2
(VPGXG)] water solution in presence of different concentrations of α-CD. DA, dark-
adapted samples∗; UV, UV-irradiated samples∗∗. Offset and gain as defined in text.
Reproduced with permission from Wiley

[α-CD]/ DA Tt UV Tt ∆Tt Offset Gain
mg mL–1 (in ◦C) (in ◦C) (in ◦C) (in ◦C)

0 3.9 10.0 6.1 – –
10 20.2 13.7 –6.5 16.3 –1.07
25 26.5 14.7 –11.8 22.6 –1.93
50 33.4 16.2 –17.2 29.5 –2.82
75 40.5 19.5 –21.0 36.6 –3.44

∗ DA samples were samples kept as the final water solution in the dark for 24–48 h at 5 ◦C
until a stationary transformation of the azo group to the trans isomer was obtained (as-
sessed by UV-Vis spectroscopy). ∗∗UV samples were DA samples further irradiated with
UV light. That was made in a standard spectrophotometer quartz cuvette with light from
a 500-W Hg arc lamp (model 6285, Oriel) mounted on a lamp housing with an F/1.5-UV-
grade fused silica condenser and rear reflector (model 66 041, Oriel). UV irradiation was
achieved by the use of a band interference filter (340 < λ < 360 nm) from CVI Laser (F10-
350.0-4-1.00). The irradiation time needed to obtain a photostationary state was 30 s. The
exposure energy irradiation was ca. 4 mW cm–2. Additional information on the irradi-
ation setup can be found elsewhere [123].



Genetic Engineering of Protein-Based Polymers 155

As a result, in the αCD/poly[0.8(VPGVG), 0.2(VPGXG)] coupled photore-
sponsive system, αCD acts much like an amplifier acts on an electronic cir-
cuit. αCD promoted a tunable offset, gain, and inversion of the photoresponse
of the polymer (Fig. 17 and Table 3). In this way, the polymer photorespon-
siveness could be shifted to room or body temperature and with a wider range
of working temperatures. Therefore, the use of precise temperature control
can be avoided in most conceivable applications, as these applications have
a wide range of uses, from photo-operated molecular machines to macro-
scopic devices (photoresponsive hydrogels, membranes, etc.) and nano- and
microdevices (phototransducer particles, photo-operated pumps, etc.). Fur-
thermore, the amplified ∆Tt mechanism is not restricted to photoresponsive
ELPs and could be exploited in some other smart ELPs responding to stimuli
of a different nature. It also adds a further possibility of control, since the abil-
ity of CDs to form inclusion compounds can be controlled by different stimuli
in some modified CDs [138–140].

5.7
The Outstanding Biocompatibility of Elastinlike Polymers:
The Third Pillar for Extraordinary Biomaterial Designs

The existence of an ITT for ELPs is the base of their remarkable smart and
self-assembling properties. A second pillar in the development of extraordi-
nary materials is, evidently, the power of genetic engineering in promoting
the easy obtaining of complex and well-defined polymers with controlled and
multiple (bio)functionality. Additionally, ELPs show a third property, which
is highly relevant when planning the use of these polymers in the most ad-
vanced biomedical applications, such us tissue engineering and controlled
drug release. This third pillar is the tremendous biocompatibility shown by
ELPs.

The complete series of the ASTM-recommended generic biological tests
for materials and devices in contact with tissues and tissue fluids and blood
demonstrate an unmatched biocompatibility [141]. In spite of the polypep-
tide nature of these polymers, it has not been possible to obtain monoclonal
antibodies against most of them. Apparently, the immune system just ignores
these polymers because it cannot distinguish them from natural elastin. In-
cidentally, it is now believed that the high segmental mobility shown by the
β-spiral, the common structural feature of ELPs, greatly helps in preventing
the identification of these foreign proteins by the immune system [30, 31]. In
addition, the secondary products of their bioabsorption are just simple and
natural amino acids.

With this nice set of properties, it is not surprising that the biomedical uses
of ELPs seem to be the first area where ELPs will disembark in the market.
This is especially true considering that the biomedical (and cosmetic) mar-
ket shows a clear disposition to quickly adopt those new developments that



156 J.C. Rodríguez-Cabello et al.

show superior performance. Additionally, this sector is not so conditioned
by the cost associated with the materials used in their devices and develop-
ments, as happens in commodity manufacturing and other applications, so
the companies producing ELPs will find the biomedical sector a good option
for amortizing the cost previously used in the development of all know-how
and technology around the production of ELPs.

5.7.1
ELPs for Drug Delivery Purposes: Different Strategies for Molecular Designs

Different versions of ELPs designed for drug delivery purposes can be found
in the literature. However, they do not share a common basic strategy on
design. On the contrary, ELPs display many different properties that can be
useful for drug delivery purposes, i.e., smart behavior (sensitivity to certain
stimuli), self-assembly, biocompatibility, etc., so design strategies can be di-
verse. In fact, the different ELP-based drug delivery systems described to date
emphasize exploiting a particular one of those properties.

The first ELP-based drug delivery systems were reported by Urry. They
were quite simple devices in which γ -radiated cross-linked poly(VPGVG)
hydrogels of different shapes were loaded with a model water-soluble drug
(Biebrich Scarlet) [142]. This drug was then released by diffusion. In this
simple design, just the extraordinary biocompatibility and the lack of per-
nicious compounds during the bioresorption of the device were exploited.
The designs then became slightly more complicated. The basic VPGVG pen-
tapeptide was functionalized by including some glutamic acids whose free
carboxyl groups were used for cross-linking purposes. The cross-linker was of
the type that forms caboxyamides, which were selected because of their abil-
ity to hydrolyze at a given and controlled rate releasing the polymer chains
and, concurrently, any drug entrapped within the cross-linked slabs [143].
This was an apparently simple and conventional degradation-based drug de-
livery system. However, due to the use of ELPs, the displayed behavior was
slightly more complex and efficient. While the cross-link was intact, the carb-
oxyl groups were amidated and, consequently, uncharged. This state of lower
polarity yielded a cross-linked ELP material showing a Tt below body tem-
perature. Therefore, the chains were folded at that temperature, the material
contracted and deswelled and the polymer chains essentially became insolu-
ble, entrapping the loaded drug quite efficiently in the model drugs studied.
When hydrolysis took place on the outer surface of the slab, charged carboxy-
lates appeared, which strongly increased the Tt in this zone (well above body
temperature). The skin of the slab became swelled and the loaded drug read-
ily escaped from the outer layer of the device. Additionally, the fully released
chains were completely soluble, so they soon diffused and were reabsorbed.
This caused the presence of an always fresh surface on the slab and the readi-
ness in the release of the loaded drug within the hydrolyzed surface [143].
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For this reason, the kinetics of drug release were almost of the zero-order
type and, accordingly, the performance of the system was superior to those
made of other equivalent polymers but without showing the ∆Tt mechanism.
In general, this statement is more reliable as the size of the loaded drug is
higher, since, as no other particular functionalities were added to the poly-
mer chain, in practice, there is no substantial interaction between the drug
and the polymer other than the movement constraint of the loaded drug
within the polymer matrix. Therefore, a certain degree of uncontrolled dif-
fusion can take place perturbing the kinetics of drug release.

In a different example, and as mentioned in Sect. 5.5, the tendency to form
stable, drug-loaded, and nano- and microparticles by some ELPs, especially
those based on the (VPAVG) pentapeptide, has facilitated the development of
injectable systems for controlled release [127].

Nonetheless, those examples are based on simple polymer formulations
that are still far from reaching the full potential of ELPs in developing drug
delivery systems. Their smart and self-assembling properties, as well as the
deeper knowledge on the molecular basis of the ITT, are only marginally ex-
ploited. However, new systems are starting to be published in the literature
that already show a more decided bet on exploiting the very special charac-
teristics of ELPs and the powerful way they can be produced, that is, through
genetic engineering. For example, Chilkoti’s group has produced nice exam-
ples of ELPs specially designed for targeting and intracellular drug delivery.
They exploited the soluble-insoluble transition of the ELPs to target a solid
tumor by local hyperthermia, and then, in the most sophisticated versions
of these ELPs, an additional pH responsiveness of these ELPs was used to
mimic the membrane disruptive properties of viruses and toxins to cause ef-
fective intracellular drug delivery. Among the most evident uses of this kind
of advanced drug delivery systems is the more efficient dosage of antitumoral
drugs, but these polymers could serve also as alternatives to fusogenic pep-
tides in gene therapy formulations and to enhance the intracellular delivery of
protein therapeutics that function in the cytoplasm [40, 80, 133, 135, 136, 144].

On the other hand, the recent deepening knowledge about the molecular
characteristics of the ITT has allowed the development of advanced systems
for more general drug release that have achieved a practically ideal zero-
order drug release kinetics without the concerns caused by previous designs.
The first examples are based on Glu-containing ELPs, in which the close
vicinities of the γ -carboxyl groups are maintained in a highly hydropho-
bic environment by positioning phe residues by a precise nanometric design
of the polymer sequence in accordance with the β-spiral structure of the
folded state [30, 31] in the sense that, once the polymer folds into the β-
spiral structure, those phe residues completely surround the free carboxyl
group, creating a well-defined battleground where there is a strong competi-
tion between the two mutually exclusive forms of hydration, i.e., hydrophobic
hydration of the phe residues and hydrophilic hydration of the carboxylate.
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The overwhelming presence of phe residues causes extraordinary pKa shifts
of these γ -carboxyl groups toward higher values (the carboxyl group becomes
less and less acidic as the number of surrounding phes increases).

Therefore, in neutral or basic pH (including physiological pH), those car-
boxylate moieties show a strong propensity to neutralize their charge by ion-
coupling, i.e., by establishing contacts with positively charged drugs, if this
coupling causes an effective decrease in the polarity of the carboxyl vicinities.
As a result these polymers, at this neutral or basic pH and in the presence of
an adequate oppositely signed drug, form strong insoluble aggregates, which
are characterized by a high rate of drug loading and, as implanted, release
the drug slowly as it is leached from its coupling on the outer surface of the
aggregate. The release rate can be tuned by modifying the hydrophobic en-
vironment of the carboxyl by properly choosing the amino acid sequence in
the polymer [30, 31]. Once the drug is released and the polymer-drug inter-
action is lost, and as a consequence of the charged state of the carboxyl group
(carboxylate), the polymer unfolds and finally dissolves. At that moment, the
interface between the remaining insoluble, still loaded, aggregate and the
body fluids are continuously renewing without changing their physicochem-
ical properties for practically the entire functional period of the system. This
behavior causes a practically near ideal zero-order release [30, 31].

In the present situation, as demonstrated by the various examples shown
above, the different alternatives presented by the extraordinary set of ELP
properties, as well as the power of genetic engineering, have shown a remark-
able potential for future drug delivery developments. What is more, those
independent approaches, exploiting different ELP properties, are not mutu-
ally exclusive, so the development of new ELPs combining various strategies
of the kind depicted above is foreseeable. As can be easily understood, this
could set basis for the development of drug delivery systems with unprece-
dented efficiency.

5.7.2
ELPs for Tissue Engineering: Introducing Tailored Biofunctionality

Designing a biomedical device is always a tremendous challenge for the ma-
terial developer. This has been shown above for drug delivery systems, but
the most demanding application is likely that of tissue engineering (or as is
now preferred, regenerative medicine). When a mature or stem cell divides
and spreads in a growing tissue, that cell is passing through the most vulner-
able and difficult stage of its life cycle. This is the reason why materials that
efficiently work in different biomedical applications can fail when used in for
tissue engineering purposes (the failure can be caused both by the material
itself and by its biodegradation products).

Additionally, we have to keep in mind that when designing a matrix for tis-
sue engineering, we are trying to substitute the natural extracellular matrix
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(ECM), at least transiently. Therefore, many aspects have to be taken into con-
sideration upon designing an adequate artificial ECM. Initially, the material
developer must have a decided concern regarding the mechanical proper-
ties of the artificial scaffold. It is well known that, when properly attached to
the ECM, cells sense the forces to which they are subjected via integrins. In-
tegrins are ubiquitous transmembrane adhesion molecules that mediate the
interaction of cells with the ECM. Integrins link cells to the ECM by inter-
acting with the cell cytoskeleton. By this means they couple the deformation
of the ECM, as a consequence of the applied forces, with the deformation of
the cytoskeleton. The deformed cytoskeleton triggers an intracellular signal
transduction cascade that finally causes the expression of those genes related
to the rebuilding of the ECM [145]. In this way, the cells are continuously
sensing their mechanical environment and responding by producing an ECM
that withstands those forces in an adequate manner. In this sense, cells are
very efficient force transducers. Therefore, all artificial ECMs have to properly
transmit forces from the environment to the growing tissue. Only in this way
will the new tissue build the adequate natural ECM that eventually will re-
place the artificial ECM. In contrast, a stronger or too weak artificial ECM will
cause its substitution by a too weak or too dense natural ECM, respectively,
which can really compromise the success of the regenerated tissue.

Additionally, we know that the ECM is not just a scaffold showing certain
mechanical properties in which the cells attach simply to achieve the neces-
sary tissue consistency and shape. Far from that, the proteins of the natural
ECM (fibronectin, collagen, elastin, etc.) contain in their sequence a huge
number of bioactive peptides that are of crucial importance in the natural
processes of wound healing. Those sequences include, of course, the well-
known cell attachment sequences. In natural ECMs we find target domains for
specific protease activity. Those proteases, such as the metalloproteinases of
the ECM, are only expressed and secreted to the extracellular medium when
the tissue wants to remodel its ECM [146]. They act on specific sequences that
are present only in the proteins of the ECM, so they cannot cause damage
to other proteins in their vicinities. It is also known that some fragments of
these hydrolyzed ECM proteins are not just mere debris. Once released they
show strong bioactivity, which includes the promotion of cell differentiation,
spreading, and angiogenesis, among other activities. Finally, a growing tissue
is delicately controlled by a well orchestrated symphony of growth factors and
other bioactive substances segregated by the cells. Incidentally, these factors
are mainly of a peptide nature.

This is the scenario that a growing tissue expects to find when passing
through the difficult circumstances of growth and regeneration. Therefore,
this is the situation that we have to (or try to) mimic with our artificial scaf-
folds designed for tissue engineering. This picture looks quite disheartening
and, in fact, one would be hard-pressed to think of a petroleum-based poly-
mer that fulfills a minimum requirement of being reabsorbable, sufficiently
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biocompatible, and nontoxic (the polymer itself and/or its biodegradation
products), having adequate mechanical properties and being able to display
or induce a minimum number of needed biofunctionalities. One must not be
surprised by the fact that, in spite of the expectations caused by tissue en-
gineering, it has achieved a quite moderate success to date. Among the first
properties that seem to be unachievable by conventional polymers is com-
plexity. The set of minimum requirements listed above clearly points to the
need for a very complex material that could be well beyond the practical
reach of our synthesis technology. This must not surprise us. We are trying
to mimic an intrinsically complex natural ECM to a level that, in fact, we have
not yet fully uncovered. It is hardly imaginable that such a variety of specific
properties and biofunctionalities can be achieved by one of our petroleum-
based polymers and in spite of the fact that we really can choose functionality
from among an impressive set of different monomers developed by organic
chemistry in recent decades.

In spite of the discouraging scenario depicted above, we could be in a pos-
ition where different options could come to our aid; GEPBPs could represent
one of these clear breakthrough alternatives.

Soon after the finding of the extraordinary biocompatibility of the
(VPGVG)-based ELPs [141], the capabilities of ELPs for tissue engineering
were tested. The first candidates were the simple polymers like poly(VPGVG)s
and their cross-linked matrices. Surprisingly, the cross-linked matrices of
poly(VPGVG)s when tested for cell adhesion showed that cells do not ad-
here at all to this matrix and no fibrous capsule forms around it when
implanted [147]. Of course, this matrix and other states of the material
have a potential use in the prevention of postoperative, posttrauma adhe-
sions [147], but in principle they do not seem to be realistic candidates for
tissue engineering.

Nonetheless, this absolute lack of cell adherence is not a drawback; on the
contrary, it is highly desirable since it provides us with a starting material
with the adequate mechanical properties and biocompatibility and lacks un-
specific bioactivities. Very soon those simple molecules were enriched with
short peptides having specific bioactivities. Due to the polypeptide nature
of the ELPs, those active short sequences were easily inserted in the poly-
mer sequence even though, at that time, chemical synthesis was still the only
option for obtaining these polymers. The first active peptides inserted in
the polymer chain were the well-known general-purpose cell adhesion pep-
tide RGD (R = L-arginine, G = glycine, and D = L-aspartic acid) and REDV
(E = L-glutamic acid and V = L-valine), which is specific to endothelial cells.
The results were clear: the bioacivated (VPGVG) derivatives showed a high
capacity to promote cell attachment, especially those based on RGD, which
showed a cell attachment capability almost equivalent to that of the human
fibronectin [148]. Once genetic engineering was finally adopted as the pro-
duction method, the molecular designs started to increase in complexity.
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Different ELP compositions were tested as base polymers. Additionally, the
cell attachment domains were not restricted to the exclusive short peptide
active domain and were increased in size as more amino acids were placed
in such a way as to surround the central active REDV or RGD domains as
a way of obtaining a more active cell-binding site [73]. For example, Pan-
itch et al. have shown that by using the longer CS5 region of the human
fibronectin, which is an eicosapeptide having the REDV sequence in its cen-
tral part, the achieved cell adhesion was more effective than the short REDV
inserts [84].

However, those still simple GEPBPs were made more complex by the add-
ition of different functionalities such as cross-linking domains [85, 149, 150].

There are now examples based on more complex designs that include var-
ious bioactivities and other functionalities in an effort to mimic the complex
composition and function of the natural ECM extracellular matrix. Girotti
et al. have bioproduced the ELP polymer depicted in Fig. 18 [88].

This last ELP is made from a monomer 87 amino acids in length and has
been produced with n = 10 (MW = 80 695 Da). The monomer contains four
different functional domains in order to achieve an adequate balance of me-
chanical and bioactive responses. First, the final matrix is designed to show
a mechanical response comparable to the natural ECM, so that the matrix is
produced over a base of an ELP of the type (VPGIG)n. This basic sequence
assures the desired mechanical behavior and outstanding biocompatibility, as
discussed above. In addition, this basic composition endows the final polymer
with smart and self-assembling capabilities, which are of high interest in the
most advanced tissue engineering developments. The second building block
is a variation of the first. It has a lysine substituting the isoleucine so the ly-
sine γ -amino group can be used for cross-linking purposes while retaining
the properties of elastinlike polymers. The third group is the CS5 human fi-
bronectin domain. This contains the well-known endothelial cell attachment
sequence, REDV, immersed in its natural sequence to retain its efficiency.
Finally, the polymer also contains elastase target sequences to favor its bio-
processability by natural routes. The chosen elastase target sequence is the
hexapeptide VGVAPG, which is found in natural elastin. This sequence is
a target for specific proteases of the natural ECM. The leitmotif is that those
proteases are only produced and excreted to the extracellular medium once

Fig. 18 Schematic composition of monomer used in ELP design described in text. The
scheme shows the different functional domains of monomer, which can be easily iden-
tified with their corresponding peptide sequences
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the tissue decides that the natural ECM must be remodeled. In this sense, the
presence of this specific sequence in the artificial polymer guarantees that the
polymer will be bioprocessed only when the growing tissue decides that it
is time to substitute it by a natural ECM, while in practice it remains fully
functional until that time. In addition, the activity of this domain is not re-
stricted to being an inert target of protease activity. It is well known that these
hexapeptides, as they are released by the protease action, have strong cell
proliferation activity and other bioactivities related to tissue repairing and
healing [151].

Although we are sill far from exploiting the full potential of genetic en-
gineering, this last example impressively shows that we are now able to
create materials for tissue engineering purposes whose composition and
(bio)functionality are unprecedently closer to the rich complexity in func-
tionality and bioactivity of the natural ECM. This polymer also shows the
potential of genetic engineering in producing complex polymers in general,
since one can hardly imagine obtaining polymers of the complex composition
displayed by this last example by chemical methodologies that, in addition,
will likely never be so robust, clean, cheap, and easily scalable.

6
Conclusions

Although the creation by genetic engineering of protein-based materials is
still in its infancy, it has already shown extraordinary potential. Very com-
plex, well-defined, and tailored polymers can be obtained by this technique,
with a wide range of properties. Examples can be found in bulk materials
and fibers with extraordinary mechanical performance as well as the most
advanced, functional, self-assembling, and smart materials for biomedical
uses and nano(bio)technology. The achievable degree of complexity and the
concurrent development of function are unparalleled by other techniques.
Complexity can be carried to a limit where the concept of the polymer it-
self vanishes, with the design and bioproduction of materials in which the
monomer is getting bigger and more complex from design to design. We
are approaching a concept of the protein in our GEPBPs where, rather than
having a polymer made by the repetition of a relatively short monomer or
a combination of them, a macromolecule without excessive or no repetition
is obtained. In that molecule, the single amino acids are grouped within func-
tional domains. In their turn, those domains are arranged along the polymer
chain in a well-defined molecular architecture in which there is no space for
randomness. All of this to obtain a material in which an unprecedented given
set of structural, physicochemical, and biological functionalities are required
and must be fulfilled. In addition, the flexibility of bioproduction is so high
that we can surely say that the achievable complexity of the GEPBPs, in terms
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of macromolecular sequence, is, for the first time, not limited in practice by
technological constraints but only by our imagination.

All the above examples were accomplished by a robust and relatively easy
technology that, in the near future, could be a serious alternative to con-
ventional polymer chemistry, especially if we take into consideration envi-
ronmental concerns. By this clean procedure, we can produce economical
and complex materials that would outperform the efficiency of the existing
petroleum-based polymers. GEPBPs are expanding the limits of macromolec-
ular functionality to territories never before imagined.
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Abstract In this contribution we review our recent progress in studies that aim at the
understanding of the relationship between structure and surface reactivity of organic
thin films on the one hand, and at the micro- and nanofabrication of bioreactive or
biocompatible platforms on the other hand. Self-assembled monolayers (SAMs) of n,n′-
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dithiobis(N-hydroxysuccinimidyl-n-alkanoate) exposing NHS reactive ester groups were
studied as model systems for immobilization reactions of DNA, proteins, and recep-
tors. Reaction kinetics and activation energies were determined quantitatively at length
scales ranging from millimeters down to nanometers using, for example, surface infrared
spectroscopy and in situ inverted chemical force microscopy (iCFM), respectively. The
increase in conformational order with increasing alkane segment length was found to
result in reduced reactivity due to steric crowding. This drawback of highly organized
monolayer architectures and the inherently limited loading can be circumvented by uti-
lizing well-defined macromolecular thin films. Using amine-terminated polyamidoamine
(PAMAM) dendrimers immobilized via soft lithography, as well as scanning probe lithog-
raphy (SPL) approaches (dip-pen nanolithography, DPN) on NHS ester surfaces, robust
micrometer and submicrometer patterned (bio)reactive surfaces, which allow one to
achieve high molecular loading in coupling reactions for chip-based assays and sensor
surfaces, were fabricated. Covalent coupling afforded the required robustness of the pat-
terned assemblies. Finally, we address micro- and nanopatterned bilayer-based systems.
SPL was applied in order to fabricate nanoscale biocompatible supramolecular archi-
tectures on solid supports. The adsorption of vesicles onto lipid bilayers was spatially
controlled and directed in situ with nanometer-scale precision using SPL. This methodol-
ogy, which provides a platform for research on proteins incorporated in the lipid bilayers
comprising the vesicles, does not require that the vesicles are chemically labeled in order
to guide their deposition.

Keywords Biointerfacing · Micropatterning · Nanopatterning · Polymer thin films ·
Surface reactivity

Abbreviations
SAM Self-assembled monolayer
NSA Nonspecific adsorption
NHS N-Hydroxysuccinimide
PNHSMA Poly(N-hydroxysuccinimidyl) methacrylate
CFM Chemical force microscopy
iCFM Inverted chemical force microscopy
PAMAM Polyamidoamine
Gn Generation n
SPL Scanning probe lithography
AFM Atomic force microscopy
DPN Dip-pen nanolithography
µCP Microcontact printing
2D Two-dimensional
3D Three-dimensional
PEG Poly(ethylene glycol)
DMPC 1,2-Dimyristoyl-sn-glycero-3-phosphatidylcholine
SIMS Secondary ion mass spectrometry
MALDI-MS Matrix-assisted laser desorption/ionization mass spectrometry
XPS X-ray photoelectron spectroscopy
ESCA Electron spectroscopy for chemical analysis
GIR Grazing incidence reflection
FTIR Fourier transform infrared
CA Contact angle
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ODT Octadecanethiol
JKR Johnson-Kendall-Roberts
x Extent of reaction
At Integrated absorbance of IR active band at time t
t Time
θi Contact angle of SAM exposing group i
χi Surface coverage of component in SAM
τ1/2 Half-life of reaction
F Force
Fpull-off Pull-off force
W12 Work of adhesion
A Pre-exponential (Arrhenius) factor
Ea Activation energy
R Gas constant
T Absolute temperature
kb Boltzmann constant
h Planck’s constant
∆S=| Activation entropy
γi Surface free energy of component i
k Rate constant
k′ First order or pseudo first order rate constant
k′′ Second order rate constant
θ Normalized surface coverage

1
Introduction: Bioreactive Thin Film Architectures
and Patterning Methods

The ability to control and modify the chemical and structural properties of
surfaces is crucial to advancements in many areas, including selective and
environmentally friendly catalysis [1], electronics [2], (bio)chemical sens-
ing [3–8], and biochemistry [9]. Studies of chemical reactions of surfaces may
also provide new routes to tailored surface properties. Such surface reactions
allow, for example, the tethering of biologically or biomedically important
molecules to surfaces, which has significant importance in chemical biology
and microarray technology [10–13]. Many approaches rely on monomolecu-
lar or thin organic films to covalently couple active species, such as receptors
or protein-repellent polymers, to solid supports [14–18]. In addition, owing
to increasing surface-to-volume ratios, chemical reactions that occur on or-
ganic or polymeric surfaces play a crucial role in many applications, rang-
ing from the previously mentioned array technologies to nanoclusters [19],
nanoreactors [20] and drug delivery [21].

Self-assembled monolayers (SAMs) [22–25] are perhaps the most pop-
ular model systems for studying chemistry at interfaces under controlled
conditions. In the last decade, countless studies have been performed that in-
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volve the chemical modification of monolayers [26–35]. However, systematic
studies that aim at unraveling important parameters, such as activation en-
ergies, have been scarce. In general, it has been noted that the reactivity of
functional groups placed in an ordered monolayer environment will be influ-
enced by many factors, such as solvent, steric and electronic effects [36, 37].
Consequently, chemical reactivity can be affected by confinement in highly
ordered architectures, which leads (except in rare cases [38]) to reduced re-
activity and incomplete conversions [39–42]. For typical applications in, say,
the field of sensing, however, rapid reactions and full conversion are desirable
to optimize throughput and to minimize reaction times. Similarly, optimal
adsorbate orientation and (bio)availability of the active components must be
ensured [43].

Since they are intrinsically two-dimensional (2D) systems, SAMs are
limited in terms of the surface density of coupled (bio)molecules. The area re-
quirement for SAMs of alkanethiols on gold is ∼ 20–25 Å2/molecule, which
corresponds to coverages of 5–4×1014 molecules/cm2 [44–46]. Hence ap-
proaches that extend the dimensionality have received attention. In addition,
applications involving biomolecules, such as proteins, may possess strin-
gent constraints to prevent nonspecific adsorption (NSA). Among the various
successful approaches to suppressing NSA, the use of or the modification of-
surfaces with poly(ethylene glycol) (PEG) have received most attention [47–
50]. Alternative approaches include surface modification with hyperbranched
polyglycerines [51] and other SAM termini [52, 53].

The surface coverage achieved in PEG immobilization determines the NSA
of proteins as well as cell adhesion [54–57]. Thus, precise control of the mod-
ification reactions is also desirable also in this context. This control is directly
linked to the detailed study of the relevant surface reactions, and in particular
to a fundamental understanding of the relation of structure, local order, local
surface properties on the one hand to the reaction kinetics, the activation
energies and transition state parameters on the other hand. As previously
mentioned, systematic studies of such confined reactions on solid supports
have been scarce to date [36, 37, 58]. In particular, the direct assessment of
the relation of local, nanometer-scale structure and surface properties to
chemical reactivity in wet chemical surface reactions has been hampered by
instrumental and analytical limitations so far.

Our target is to ultimately fabricate reactive micro- and nanopatterns for
the area-selective immobilization of biologically relevant molecules via cova-
lent coupling. In addition to full control of reactivity and pattern sizes, bio-
compatibility and minimized NSA are important for rendering these systems
useful as generic platforms. In this context we review in this contribution
our recent efforts in this area. We focus in particular on (1) the elucidation
of structure–reactivity relationships, (2) the in situ compositional analysis
of wet chemical reactions in monolayer-based systems down to nanometer
length scales, and on (3) the application and refinement of various micro- and
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nanofabrication methods to obtain patterns where we have control over the
surface chemical composition over a broad range of length scales.

1.1
Platforms

In principle, several different systems can serve as a basis for the mentioned
platforms. As shown in Fig. 1, we will discuss in this contribution a variety of
complementary 2D and quasi-3D architectures. SAMs of organothiols, disul-
fides or sulfides on gold [29, 59] and SAMs of organosilicon compounds on
hydroxylated silicon surfaces [60–62] are probably among the best known
model systems due to their ease of preparation and the high level of struc-
tural and chemical control. Vesicles (liposomes) [63] and substrate-supported
lipid bilayers [64–67] are related well-established model systems for biological
membranes that allow one to study membrane constituents in a controlled en-
vironment, and they can serve as a platform for biosensors based on naturally
existing biomolecules present in a milieu that approximates a cell mem-

Fig. 1 Different platforms for biomolecule immobilization or biosensor surface mod-
ifications: a reactive ester-terminated SAM on gold; b substrate-supported lipid bi-
layer on glass (structure of 1.2-dimyristoyl-sn-glycero-3-phosphatidylcholine, DMPC);
c substrate-immobilized lipid vesicle; d spin-coated thin film of a reactive homopolymer,
such as poly(N)-hydroxysuccinimidyl methacrylate (PNHSMA; with tunable thickness
dfilm; the reactive groups are located in a region near the surface with depth dz; the re-
actant molecules and reactive moieties in the film are schematically depicted as bars and
dots, respectively)
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brane [63]. Finally, substrate-supported (ultra)thin polymer films comprise an
alternative platform for interfacing artificial (such as sensor) surfaces with bi-
ologically relevant media and systems [18, 68]. Even though structural control
on a molecular level is less defined compared to SAMs, the tunable compo-
sitions of these systems, their unique polymer properties, such as swelling
or presence of entropic forces under certain conditions, their robustness, as
well as the facile control of layer thickness over a broad range make these
systems attractive for certain applications. Polymers are also promising ma-
terials for overcoming the intrinsic limitations of 2D platforms. Such systems
and approaches comprise hydrogels [16, 69–72] dendrimers [73–77], hyper-
branched polymers [78], polymers prepared by chemical vapor deposition
approaches [79], plasma polymers [80, 81], self-assembled polyelectrolyte mu-
tilayers [82] and polymer brushes obtained by grafting-from approaches [83].
From this list we will only treat dendrimer systems in this review.

1.2
Patterning

Patterned surfaces are required for many application platforms [84]. As il-
lustrated with examples from our and our collaborators’ work (Fig. 2), SAMs
on gold, lipid bilayers, and thin polymer films can be patterned using con-
ventional photolithographic approaches [85], or unconventional approaches,
such as soft lithography [86–89] and direct-write scanning probe lithogra-
phy [90, 91]. Depending on the method utilized, pattern sizes of hundreds of
micrometers to sub-100 nm are accessible in principle. The underlying prin-
ciples of these approaches have been reviewed recently [86–91] and will be
discussed, where necessary, in the corresponding sections of the review. Con-
sidering the broad range of length scales involved, it is clear that there is
a need for a number of complementary approaches to patterned surface func-
tionalization. In order to realize the stated objectives, knowledge of reactivity
and its relation to structure of the assembly on the one hand and the analysis
of local chemical composition on the other are also required.

1.3
Surface Chemistry in Ordered Systems

Besides the spatial control of surface modification (patterning), control over
surface coverage (functional group densities) is a centrally important point.
As in any organic chemical reaction, the functional groups involved, the
medium and the reaction conditions (such as temperature) influence the
reactivity. However, for surface-based reactions, additional factors must be
taken into account [36, 37]. These include, among others, steric and an-
chimeric effects of the reactants, prevented or hindered access of the reactive
species from the solution to the reaction centers, or interactions of neighbor-
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Fig. 2 Atomic force microscopy (AFM) friction images and schematic illustrations of
the patterning processes of: a microcontact printed SAMs (mercaptoethanol dots in oc-
tadecanethiol matrix, scale bar 10 µm); b patterned molecular printboards fabricated by
supramolecular dip-pen nanolithography (DPN) (reprinted with permission from [92];
Copyright 2004. Wiley VCH); c locally hydrolyzed tert-butyl acrylate-terminated polymer
film on oxidized silicon (soft lithography; scale bar 3 µm) (Feng CL, Vancso GJ, Schön-
herr H, manuscript submitted to Langmuir); d photopatterned bilayer of diacetylene
lipid (scale bar 10 µm). Reprinted in part with permission from [93], copyright (1999),
American Chemical Society

ing functional groups with the reaction center or enrichment of reactants in
disordered layers [94]. For monolayers, additional effects include interactions
with the substrate, resulting in altered nucleophilicity and restricted reorien-
tations of functional groups at the monolayer surface [95].
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The local environments of the functional groups immobilized in densely
packed SAMs, for instance, can also be significantly different from the typ-
ical situation in solution. Consequently, the reactivities of these groups may
change, as judged from changes in local pKA [96–100] for example. Similar pKA
changes observed on surface-treated polymers suggest that these phenomena
are not limited to perfectly ordered assemblies, but may also be significant in
more disordered systems [101, 102]. For optimized surface and interface chem-
istry in organized molecular assemblies and thin polymer films, it is therefore
imperative to understand the underlying structure–reactivity relationship. This
may include the effect of local order versus disorder and changes in reactivity
that may accompany the transition from 2D to 3D architectures.

1.4
Challenges in Surface Characterization and Analysis

Since the effect of functional groups on the reactivities of neighboring func-
tional groups may be highly localized (due to the range of the interaction
forces) [103], and since heterogeneities of, say, polymer surfaces also span an
enormously wide range, the necessary laterally resolved compositional analy-
sis from micrometer to nanometer length scales is a second point of interest in
this review. As reviewed recently [104, 105], there are different approaches that
can be used to perform the compositional analysis of organic and polymeric
surfaces; however, it was noted that both the experimental procedures and the
theoretical background are still far from being fully developed. Laterally aver-
aged chemical composition data, on the other hand, is readily available [106].

The images of the patterned systems shown in Fig. 2 are atomic force mi-
croscopy (AFM) friction force images, which display pronounced contrast
between areas with different tribological properties [107]. The contrast is
related to different surface properties, including surface free energy, and
different mechanical responses, for example those arising from differences
in molecular packing [108]. While the contrast appears to be sufficient for
qualitative analysis, it is difficult to assess the surface coverage of a particu-
lar functional group or a particular molecular adsorbate in a quantitative
manner based on the friction force contrast. Particularly in systems that
are oriented anisotropically in-plane, friction forces on chemically homo-
geneous surfaces may depend on the relative orientation [109–113]. Com-
plementary approaches comprise AFM force mapping [114–119], as well as
various spectroscopies (infrared and Raman) [120], secondary ion mass spec-
trometry (SIMS) [121, 122], matrix-assisted laser desorption/ionization mass
spectrometry (MALDI-MS) [123], X-ray photoelectron spectroscopy (XPS or
ESCA) [124, 125], and near-field optical techniques [126] used for imaging.

This review will treat organic and macromolecular films and assemblies as
(bio)reactive platforms starting from the analysis of structure–property and
consequently structure–reactivity relationships in well-defined model sys-
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tems (SAMs on Au, Fig. 3). The role of conformational order in determining
the reactivity of NHS active esters in hydrolysis and aminolysis reactions will
be discussed, as well as the analysis of reaction kinetics on the nanometer
scale using inverted chemical force microscopy (iCFM). Then we will extend
the SAM-based systems to quasi-3D systems using two complementary ap-

Fig. 3 Schematic of the different aspects of surface functionalization, patterning and
analysis treated in this review. The topic is introduced and developed starting from
the discussion of well-defined model systems (SAMs on Au). The determination of
structure–reactivity relationships, and in particular the way conformational order affects
the reactivity of NHS active esters will be discussed. Using iCFM, very localized informa-
tion on surface reactions can be quantitatively measured in situ for SAM-based systems.
The extension of the dimensionality to quasi-3D systems via the immobilization of den-
drimers and the fabrication of thin reactive homopolymer films will be addressed, as well
as micro- and nanopatterning approaches via soft and scanning probe lithography. Here
we discuss SAM-based, as well as bilayer/vesicle-based systems
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proaches, namely the fabrication of thin reactive homopolymer films and the
immobilization of dendrimers. Finally, micro and nanopatterning via soft
and scanning probe lithography will be discussed for SAM-based, bilayer and
vesicle-based systems.

2
Ultrathin Organic and Macromolecular Films and Assemblies
as (Bio)reactive Platforms

The surface reactivities of ultrathin organic and macromolecular films and
assemblies are of central importance to the targeted immobilization reac-
tions of biomolecules. Compared to reactions that occur rapidly in solution,
steric effects and locally altered environments may adversely affect reactiv-
ity in substrate-supported architectures [36, 37]. Hence the relationship of
layer structure to reactivity, highly localized in situ analysis of surface chem-
ical reaction kinetics, and the maximization of surface coverage (molecular
loading) by extending the dimensionality of the reactive platform from 2D to
quasi-3D will be elaborated on in the following sections.

2.1
Structure-Reactivity Relationships: Model Studies

As mentioned in the Introduction, it has been shown that chemical reac-
tivity in ordered ultrathin organic films, such as Langmuir monolayers at
the air–water interface [58], or SAMs on solid supports [36, 37], can be dis-
tinctly different from reactions carried out in solution. Since the functional
groups or molecules involved in these reactions are immobilized at inter-
faces or on surfaces, these differences can be attributed to “confinement
effects” [127]. As shown below, this reduction of reactivity is also present in
substrate-supported thin polymer films, albeit to a different extent [128]. The
discussion is structured by increasing the level of complexity, starting out
with very well defined SAMs on gold.

2.1.1
Hydrolysis of NHS Ester SAMs

We focus initially on the relationship of SAM structure to reactivity for SAMs
of activated NHS esters, which are versatile reactive functional groups utilized
for the covalent coupling of biologically relevant molecules to surfaces [129–
133]. It is well established that the conformational order of SAMs is a function
of adsorbate chain length [134]. Since structure (as a result of confinement
for example), local order and packing of functional groups appear to be re-
lated (see above), differences in conformational order likely result in different



Organic and Macromolecular Films and Assemblies as (Bio)reactive Platforms 179

reactivities. To this end the conformational order and the kinetics of the
base-catalyzed hydrolysis of SAMs of n,n′-dithiobis(N-hydroxysuccinimidyl
n-alkanoate) (NHS – Cn, n = 2, 10, 15) were elucidated by grazing angle re-
flection (GIR) FTIR spectroscopy (Fig. 4) [127].

The FTIR spectra of SAMs of NHS – C2, NHS – C10, and NHS – C15 are
shown in Fig. 5. The most prominent bands are the asymmetric C – H stretch-
ing vibration, νas (CH2), at ∼2920 cm–1, the symmetric C – H stretching
vibration, νs (CH2), at ∼2850 cm–1, and the C= O stretching vibration, ν

(C= O), at ∼1748 cm–1. For the complete band assignments and listing of
peak positions [131, 132, 135], as well as other complementary characteriza-
tion data, we refer to [127].

Fig. 4 Structure of NHS ester-functionalized SAM on gold (n = 2, 10, 15) and hydrolysis
reaction in aqueous NaOH

Fig. 5 a High-energy region of GIR-FTIR spectra of SAMs of NHS – Cn with n = 2, 10,
and 15 on gold showing the C – H stretching vibrations. b Low-energy region of GIR-FTIR
spectra of SAMs of NHS – Cn with n = 2, 10, and 15 on gold showing the succinimidyl and
ester carbonyl C= O stretching vibrations. The spectra have been normalized to the ab-
sorbance of the C – D stretching vibrations of d33-hexadecanethiol on gold used to record
the background spectra. The integrated absorbance of the succinimidyl C= O stretch-
ing vibrations in the normalized spectra shown in Fig. 5b suggests a lower coverage for
decreasing chain length of the disulfide, provided that the mean orientation of the transi-
tion dipole moments is similar. Furthermore, the peak width at half-maximum increases
monotonically for decreasing chain length, which is indicative of a more disordered ar-
rangement of the NHS ester end groups in the short chain disulfides. (Reprinted with
permission from [127], copyright (2003), American Chemical Society)
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The peak positions of the νs (CH2) and νas (CH2) modes for the NHS – C15
monolayers (2850 cm–1, 2918 cm–1) are shifted to lower frequencies com-
pared the NHS – C10 monolayers (2852 cm–1, 2922 cm–1). These modes are
unrecognizable in SAMs of NHS – C2, probably due to a broadening of the
bands (the broadening of bands attributed to C – H stretching vibrations is
obvious even for SAMs of NHS – C10). The band positions are consistent with
near-crystalline packing of NHS – C15 in SAMs, while SAMs of NHS – C10
and NHS – C2 resemble more disordered, liquid-like SAMs [134]. Contact
angle (CA) measurements with water as a probe liquid are fully consistent
with this interpretation. The hysteresis decreases from 21◦ and 16◦ for SAMs
of NHS – C2 and NHS – C10, respectively, to 10◦ for NHS – C15 [127].

The impact of the pronounced conformational differences of these SAMs
on their reactivities was assessed by GIR-FTIR and CA measurements for the
well known ester hydrolysis in alkaline medium. These measurements were
performed in an ex situ mode for samples immersed in the appropriate solu-
tions for variable periods of time followed by extensive rinsing. The kinetics
was determined by measuring the decrease in the integrated intensity of the
succinimidyl carbonyl band, as shown in Fig. 6a for a NHS – C10 SAM hy-
drolyzed in 1.00×10–2 M NaOH. The strong band at 1748 cm–1 decreases in
absorbance as the reaction progresses. The extent of the base-catalyzed reac-
tion x can be expressed as a function of hydrolysis time

x =
A0 – At

A0 – A∞
, (1)

where A0 is the integrated absorbance of the succinimide ester carbonyl band
at time zero, at time t, and A∞ is at infinitive time, respectively.

cos θexp = χNHS cos θNHS + χCOOH cos θCOOH , (2)

where χNHS and χCOOH are the surface coverages of the two components and
θNHS = 59±2◦ and θCOOH = 0◦ are the contact angles of the two pure SAMs.

Similarly, CA measurements were used (in conjunction with the Cassie
equation) [136] to estimate the corresponding surface coverages. For conver-
sions of < 50%, FTIR and CA data are in quantitative agreement [128].

As shown in Fig. 6b, the reaction kinetics for identical reaction conditions
(1.00×10–2 M NaOH at 30 ◦C) differ significantly for NHS ester SAMs with
different chain lengths. While NHS – C2 and NHS – C10 display pseudo first
order kinetics with different rate constants (Table 1), NHS – C15 shows the
presence of an induction period (see inset in Fig. 6b).

Compared to the hydrolysis reactions of NHS ester model compounds in so-
lution, [136] we observe a decrease in the apparent rate constants by 2–3 orders
of magnitude for NHS – C2 and NHS – C10. More strikingly, the reaction of the
NHS esters in the highly ordered SAM NHS – C15 shows a different overall ki-
netic profile. Instead of the expected pseudo first order (exponential) kinetics,
sigmoid kinetics with a pronounced induction period are found.
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Fig. 6 a GIR-FTIR spectra for NHS – C10 hydrolyzed for different times in 1.00×10–2 M
NaOH at 30 ◦C; (Reprinted with permission from [127]; Copyright (2003) American
Chemical Society). b linearized kinetics plot of hydrolysis for NHS – Cn for n = 2, 10, and
15 (1.00×10–2 M NaOH at 30 ◦C), inset: comparison of early stages of hydrolysis of C10
and C15 systems

Table 1 Rate constants and half-lives of the reactions obtained for the NHS – Cn esters

k′′
FTIR [M–1 s–1] k′′

CA [M–1 s–1] τ1/2 (FTIR) [s] τ1/2 (CA) [s]

n = 2 (61±11)×10–2 (56±23)×10–2 117±5 a 124±5 a

n = 10 (4.5±0.4)×10–2 (4.5±2.3)×10–2 1540±10 a 1500±10 a

n = 15 – – 1700±20 b 1700±20 b

bulk c 8700×10–2 c 8700×10–2 c 0.8 c 0.8 c

a Calculated as τ1/2 = ln 2/k′ for a base concentration of 1.00×10–2 M
b Measured for a base concentration of 1.00×10–2 M
c Data obtained/recalculated from [137]

This change in the rate law with increasing chain length can be attributed
to tighter packing of the ester groups as a result of the increasing confor-
mational order. Consequently, access to the hydroxide ions is much more
hindered compared to reactions of short chain SAMs [29]. The observed be-
havior is consistent with a reaction that starts at defect sites and accelerates as
more reactive site become accessible as a consequence of the initially reacted
ester groups. However, the nature of the induction period is difficult to un-
ravel by FTIR and CA measurements, owing to the lack of spatially resolved
information. The surface chemical composition and wettability are assessed
as a mean value over almost macroscopic distances (on the order of 1012–
1014 molecules are probed). Before we elucidate how AFM approaches can be
utilized to analyze surface reactions at the relevant length scale in order to
help unravel the nature of, say, the previously mentioned induction periods,
a second class of reactions of NHS esters are discussed.
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2.1.2
Aminolysis of NHS Ester SAMs

The relevance of NHS esters stems from their role as reactive groups that
are susceptible to nucleophilic attack, for example from primary amino
group-containing molecules (also in aqueous medium). NHS esters are hence
frequently utilized to immobilize biomolecules on surfaces via covalent at-
tachment reactions of primary amino groups. Examples include amino end-
functionalized DNA, proteins or antibodies [129–133].

As a simple model reaction for such immobilizations, we investigated the
reaction of NHS – C10 SAMs and n-butyl amine in aqueous medium [138,
139]. The coupling reaction was followed analogously to the hydrolysis dis-
cussed above by ex situ GIR-FTIR and CA measurements. The corresponding
FTIR spectra, as well as the reaction kinetics assessed by both methods, are
shown in Fig. 7.

During the reaction of SAMs of NHS – C10 with n-butylamine, the ap-
pearance of the CH3 asymmetric in-plane CH stretching mode (νa(CH3, ip),
2966 cm–1), the CH3 symmetric CH stretching mode (νa(CH3, FR), 2879 cm–1),
and the amide I (1650 cm–1) and amide II (1550 cm–1) bands are diagnostic of
the amide groups formed during the reaction [140]. The kinetics can be deter-
mined in a similar way to the hydrolysis by analyzing the integrated absorbance
of pronounced bands in the FTIR spectra (νa(CH3, ip) and succinimide C= O)
and by analyzing the CA data using the Cassie equation. The half-lives of the
aminolysis reaction, as determined using both methods, are in good agreement
(τ1/2(FTIR) = 2685±40; τ1/2(CA) = 2800±40).

The deviation of the kinetics from the simple pseudo first order kinetics
observed for the hydrolysis is certainly related to the differences in size and
nucleophilicity of the attacking nucleophile. Similar to the induction period
observed for the hydrolysis of NHS esters in SAMs of NHS – C15 on gold,

Fig. 7 a High-energy region and b low-energy region of GIR-FTIR spectra of SAMs
of NHS – C10 on gold after different reaction times with 3.00×10–2 M aqueous n-
butylamine at 30 ◦C (Reprinted from [139], copyright (2004), with permission from
Elsevier). c Reaction kinetics obtained from the analysis of the GIR-FTIR and CA data
(right). (Reprinted from [138], copyright (2004), with permission from Elsevier)
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a laterally inhomogeneous reaction, which starts at initiation sites, would
offer a plausible explanation. Based on the mean domain size of ∼ 5 nm
reported for SAMs on gold [141], one may expect that the relevant length
scale is < 50–100 nm. However, without high-resolution compositional infor-
mation acquired with this level of lateral resolution, such an interpretation
remains speculative. Hence, the development of new approaches to character-
izing local chemical surface compositions is needed.

2.1.3
Analysis of Reaction Kinetics on the Nanometer Scale:
iCFM on NHS – C10 SAMs

The apparent limitations of spatially resolved ex situ analysis and inter-
pretation of the reaction kinetics of surface reactions on soft (organic and
polymeric) surfaces, using methods such as GIR-FTIR, CA and other estab-
lished methods (including XPS and SIMS), was highlighted in the previous
sections. Methods for performing in situ analysis of the reaction kinetics of
wet chemical surface reactions with sufficiently high resolution are largely
unknown [104, 105]. One exception is the family of scanning probe micro-
scopies. So-called chemical force microscopy (CFM) [142] has demonstrated
its potential for discriminating areas with different chemical compositions
down to sub-50 nm length scales [143]. Using chemically functionalized tips,
pull-off forces measured in force–displacement measurements contain in-
formation about the surface and interfacial free energies of the contacting
surfaces and hence constitute a way to estimate surface coverages in simple
reactions with high lateral resolution.

To circumvent the problems of instrumental drift during intrinsically slow
in situ force mapping of wet chemical reactions on surfaces (a 64×64 pixel2

map is typically acquired in several minutes), we introduced an AFM-based
technique called inverted CFM [29]. In this approach, the reactants are im-
mobilized on the AFM tip and not on the flat sample surface (Fig. 8). The
flat surface consists of an inert SAM on Au(111). To follow the kinetics of
the reactions of the tip-immobilized functional groups, the variation in pull-
off forces between the tip coated with the reactant and the inert surface is
monitored as a function of time in situ in the reaction medium. The contact
area of the tip at the pull-off in such experiments using nonreactive SAMs de-
posited on atomically flat Au(111) (as inert samples) varies (depending on the
surface free energies) between approximately 10 and 100 effectively interact-
ing molecular pairs [138, 139]. However, as the surface characteristics of the
inert substrate do not vary as a function of position, the pull-off force values
only contain compositional information about those reactant groups on the
tip that reside inside the tip–sample contact area. As shown below, this ap-
proach can provide some information that is lacking about surface reactions
that display an induction period.
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Fig. 8 Schematic drawing of “inverted” chemical force microscopy for the reaction be-
tween NHS-esters and n-butylamine in aqueous medium. In iCFM the pull-off forces
between an AFM tip covered with a SAM of NHS – C10 and an inert octadecanethiol SAM
are measured in situ during the conversion of the reactive groups attached to the tip. The
interaction between tip and inert surface varies systematically with the extent of the reac-
tion and hence it allows one to quantitatively investigate the reaction kinetics. (Reprinted
from reference [139], copyright (2004), with permission from Elsevier)

To obtain a better understanding of the sigmoid kinetics observed for
hydrolysis and aminolysis reactions, as discussed in the previous sections,
these reactions were investigated on the nanometer scale by iCFM. In these
experiments the force required to pull gold-coated AFM tips functional-
ized with SAMs of NHS – C10 away from contact with an inert octade-
canethiol (ODT) SAM on flat Au(111) was monitored in real-time during
reaction in aqueous NaOH and n-butylamine for hydrolysis and aminolysis,
respectively.

As shown in Fig. 9, the pull-off forces (each data point represents the mean
value of 200 individual pull-off events) were found to decrease for the hydro-
lysis, while the forces increased for the aminolysis. The changes in pull-off
force were directly related to changes in surface composition of the contact
area at pull-off.

The pull-off force Fpull-off can be expressed as function of tip radius R and
work of adhesion (surface energy per unit area) W12 as

Fpull-off = – 3/2πRW12 (3)

W12 is a function of the surface free energies of the tip (γ1), the sample γ2, and
the corresponding interfacial free energy γ12 (Eq. 4). If the experiment is car-
ried out in a medium, the γi refer to the surface free energy for the surface i
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Fig. 9 Plot of pull-off forces as function of reaction time during hydrolysis (a) and aminol-
ysis (b) of NHS – C10 determined by iCFM. Each data point corresponds to the mean
pull-off value of 200 individual pull-off events. Representative force–displacement curves
are shown as insets. (F ∝ extent of reaction) (Reprinted from [138], copyright (2004), with
permission from Elsevier)

in contact with the corresponding medium.

W12 = γ1 + γ2 – γ12 (4)

The conversion x of ester groups to carboxyl and amide groups was calculated
from:

x =
F0 – Ft

F0 – F∞
(5)

where F0, Ft and F∞ denote the measured average pull-off forces at t = 0, t = t,
and t = ∞, respectively. This equation assumes that the forces change linearly
with the work of adhesion.

Each curve represents the kinetics of the reaction occurring exclusively in
the contact area of an individual AFM tip modified with a SAM of NHS – C10.
The observed trends are fully consistent with solvent exclusion effects [144].
Increasing conversion leads to a progressively more solvated carboxylate sur-
face in the case of the hydrolysis, while for the aminolysis an increasingly less
solvated, hydrophobic surface is obtained.

For the hydrolysis each experiment displayed an exponential decrease in
the pull-off force, which can be linearly transformed to surface coverage via
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Eq. 3. Thus, the data is consistent with pseudo first order kinetics for the
hydrolysis; furthermore, the absence of any induction period points to a spa-
tially homogeneous hydrolysis reaction on the mentioned length scale. The
corresponding rate constants are summarized in Table 2.

By contrast, widely different individual force (reaction) profiles were ob-
served for the aminolysis reaction. Most of the profiles showed an induc-
tion period, after which the pull-off forces increased and finally leveled off.
A number of representative individual traces are shown in Fig. 10a. Figure 10b
shows a histogram of the induction periods observed for the aminolysis, as
well as a plot of the experimentally determined induction period vs the num-
ber of effectively interacting molecular pairs (evaluated by the JKR [145] and
the Poisson [146] approaches, respectively).

The experimental data indicate that the aminolysis reaction may spread
from initiation or defect sites that are initially accessible for nucleophilic at-
tack. At a very early stage, the reaction proceeds very slowly, as generally seen
by FTIR spectroscopy (Fig. 7), because larger numbers of accessible reactive
groups in the monolayer must first be generated as a consequence of the ini-
tial hydrolysis reaction. As more accessible reactive groups form, the reaction
accelerates. The observation of a broad range of induction periods is fully
consistent with this model. The reaction can be detected at or just after the
start of the experiment (Fig. 10: tind ≤ 200 s), if initiation or defect sites are
present in or are close to the small tip-sample contact area. For initiation or
defect sites outside of this contact area there are initially no changes in pull-
off force. The highly localized observation of the reaction only starts after the
reaction has proceeded to the tip–substrate contact area (Fig. 10: tind > 800 s).

Consistent with this interpretation, the averaged force versus time data
reproduces the sigmoid conversion observed on the macroscale (Fig. 7c),
as seen by the excellent agreement of the mean half-life of the reaction
in 3.00×10–2 M aqueous n-butylamine of 2600± 240 s and the half-life of

Table 2 Kinetic parameters for reactions of SAMs of NHS – C10

reaction k′′ [M–1 s–1] τ1/2 [s]

hydrolysis (FTIR) at T = 30 ◦C (4.5±0.4)×10–2 1540±10 a

hydrolysis (CA) at T = 30 ◦C (4.5±2.3)×10–2 1500±10 a

hydrolysis (iCFM) at T = 27 ◦C (3.0±0.2)×10–2 2310±20 a

aminolysis (FTIR) at T = 30 ◦C – 2685±40 b

aminolysis (CA) at T = 30 ◦C – 2800±40 b

aminolysis (iCFM) at T = 27 ◦C – 2600±240 b

a Calculated as τ1/2 = ln2/k′ for a base concentration of 1.00×10–2 M.
b Measured for 3.00×10–2 M aqueous n-butylamine.
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2685±40 s estimated from the FTIR data (Table 2) for the aminolysis. From
the regression analysis in Fig. 10b we can estimate that the average num-
ber of effectively interacting molecular pairs, for which the induction period
vanishes, corresponds to 85±4 pairs (Poisson) and 77±3 pairs (JKR) (area
∼ 20 nm2). Based on the interpretation that the reaction starts at defect or
initiation sites, this value corresponds to 5×1012 defects/cm2 and an ap-
proximate mean distance between neighboring defects of ≥ 5 nm. As there
are several thousand pinholes/cm2 in etch-resistant SAMs of, say, ODT on
gold [147], the initiation sites are unlikely to be pinholes, but may be defects
in optimal head group packing.

Fig. 10 a Three individual aminolysis reactions followed by iCFM force measurements.
The arrows indicate three widely different induction periods of ∼ 0 s, ∼ 1000 s, and
∼ 1450 s; b Plot of induction period vs number of interacting pairs estimated using both
the JKR theory and the Poisson method (inset: histogram of induction periods as meas-
ured by iCFM during aminolysis of NHS – C10). (Reprinted from [138], copyright (2004),
with permission from Elsevier)
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In conjunction with the results of the previous sections, it appears that
a high degree of conformational order and tight packing in, say, monolayer
systems, is detrimental for realizing highly reactive platforms for the immo-
bilization of (bio)molecules with high molecular loading. Direct molecular
level evidence by iCFM points to the presence of laterally heterogeneous re-
actions for highly ordered systems. The difference between the two types of
model reactions also underlines the importance of the size and character of
the nucleophile for obtaining reactive systems with simple and predictable ki-
netics. Further insight into the relationship of structural order to reactivity
was sought in comparative studies of the temperature dependence of model
reactions in SAMs and related spin-coated polymer thin films.

2.1.4
Determination of Activation Energies for NHS – C10 Ester SAMs
versus NHS Homopolymer Thin Films

Analysis of the temperature dependence of surface chemical reactions will
provide a more detailed insight into the underlying factors that may ham-
per the corresponding surface reactions. Using the CA approaches introduced
above, the surface compositions of SAMs of NHS – C10 and thin films of
poly(N-hydroxysuccinimidyl methacrylate) (PNHSMA) on oxidized silicon
(Fig. 11) were determined after reaction in alkaline media at different tem-
peratures [128]. FTIR spectroscopy provides complementary information,
but owing to their limited surface sensitivity, spectroscopic methods are in-
ferior to CA measurements [148].

The kinetic data show that the NHS ester groups in PNHSMA are hy-
drolyzed in a reaction that can be described as a pseudo first order reaction
for all temperatures with an apparent (second order) rate constant that is
∼ 5 times faster than for the SAM of NHS – C10 on gold. In Fig. 11, the cor-
responding data has been plotted according to the linearized form of the
Arrhenius equation (Eq. 6).

ln k′′ = ln A –
Ea

RT
, (6)

where k′′ is the second order rate constant, A the pre-exponential (Arrhenius)
factor, Ea the activation energy, R is the gas constant, and T is the absolute
temperature.

The activation energy and the Arrhenius pre-factor can be obtained from
the slope and the intercept. The latter factor can yield the parameters of the
transition state, such as the entropy of the transition state (Eq. 7).

∆S=| = R(ln
A
T

– ln
kb

h
– 1) , (7)
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Fig. 11 Arrhenius plots for a NHS – C10 SAM and b PNHSMA. The solid lines correspond
to linear least squares fits of the data (insets: linearized kinetics for different temperatures
for SAM and PNHSMA evaluated based on CA measurements; linearization according to
pseudo first order kinetics of the NHS ester surface coverage data calculated from the cor-
responding CA data using the Cassie equation). (Adapted with permission from [128],
copyright (2003), American Chemical Society)

Table 3 Activation energies and estimated parameters characterizing the transition state
of the aqueous NaOH

Sample Ea ∆S=| (298 K)
[kJ/mol] [J/mol K]

NHS – C10 30±1 – 170
PNHSMA 61±2 – 60

where ∆S=| is the activation entropy, kb is the Boltzmann constant, and h is
Planck’s constant.

The activation energies (Table 3) show a different trend than the rate con-
stants. Compared to SAMs of NHS – C10, the activation energies are signifi-
cantly higher for the surface reaction of PNHSMA. These observations can
be attributed to an increase in mobility and flexibility in the polymer films
compared to the SAMs. For the surface region of PNHSMA, the activation en-
tropy is far less negative than for the SAMs, which means that the hydrolysis
of NHS – C10 is characterized by a tighter and sterically more demanding
transition state.

These data are most consistent with differences in structure between
NHS – C10 and PNHSMA – a tightly packed SAM with slight conforma-
tional disorder versus an amorphous polymer film in which the NHS ester
groups cannot be tightly packed (Fig. 12). In the former case fewer degrees
of freedom are available compared to the polymer films. These differences in
structure appear to be intimately linked to the kinetic and thermodynamic
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Fig. 12 Schematic of base-catalyzed hydrolysis reaction in a SAMs of NHS – C10 and
b ultrathin films of PNHSMA on oxidized silicon together with the definitions of surface
and surface-near regions of the polymer film. The approximate depths in this tentative
model were assigned based on the information depths of the techniques (CA: 1 nm [148],
IR: the entire film, in other words 40 nm), the fact that only 25% of the NHS ester groups
can be hydrolyzed, and that the reaction can be expected to start at the film-solution
interface and to proceed homogeneously into the amorphous film. (Reprinted with per-
mission from [128], copyright (2003), American Chemical Society)

parameters of the reactions and the corresponding transition states, respec-
tively. Hence we can conclude that careful design of the organic thin film
structure will allow one to control the reactivity in wet chemical reactions,
including the immobilization of, say, DNA.

Together with very recent results that show an increase in surface cov-
erage of, for instance, immobilized amino-group-terminated poly(ethylene
glycol) (Feng CL, Vancso GJ, Schönherr H, unpublished work) by a factor of
3–4, the much less restricted reactivity of simple reactive homopolymer films
is an attractive feature for applications that require robust reactive coatings
with high molecular loading. These systems are amenable to the pattern-
ing procedures that will be discussed in the following sections. However, the
organized assemblies discussed offer the advantage of a higher degree of
definition, which facilitates their quantitative characterization and thus the
derivation of general guidelines based on these model studies.

2.2
Micro- and Nanofabrication of High Loading (Bio)reactive Surfaces

The drawback of reduced reactivity due to steric crowding found in highly
organized monolayer architectures and the inherently limited loading can be
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Fig. 13 Schematic of immobilization of amino-terminated PAMAM dendrimers to NHS
reactive ester SAMs on gold via covalent bond formation; reaction from solution provides
homogeneously covered layers that can be labeled in order to determine the number of
retained primary amino groups of the dendrimers. Micro and nanometer-scale patterning
is possible via µCP and DPN

circumvented by utilizing well-defined macromolecular thin films. The exten-
sion of 2D architectures to the third dimension is an attractive way to increase
the loading of (bio)molecules on reactive surfaces and to reduce the effects of
steric crowding at the same time. The latter effects have only be considered in
the context of actual immobilization chemistry so far. However, it is clear that
any biosensor or biochip must present the immobilized species in its active
form, such that the interactions to be studied (DNA hybridization, antibody–
antigen interactions, and so on) are not hindered by spatial constraints due
to tight packing on the sensor or chip surface. For example, the optimized
surface coverage for 2D architectures (SAMs) for biotin–streptavidin interac-
tions has been reported to be as low as χ = 0.1 [149].

Recently, reactive platforms based on well-defined macromolecules, such
as dendrimers [75, 150], have been introduced as reactive layers that expose
chemically accessible functional groups in high densities. These approaches
can be extended to micro- and nanoscale patterns by means of microcontact
printing (µCP) [86–89] and scanning probe lithography (AFM tip-assisted de-
position, also called “dip-pen nanolithography”, DPN) [90], as reviewed below
(Fig. 13).
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2.2.1
Covalent Coupling of Dendrimers to NHS Ester SAMs

To obtain robust reactive ultrathin films with high molecular loadings, in
which steric interactions are minimized, covalent attachment of dendrimers
to reactive SAMs has been investigated [77]. As shown schematically in
Fig. 13, amino group-terminated PAMAM dendrimers can be immobilized
on reactive NHS – C10 SAMs by coupling from methanolic solution. The
process can be conveniently followed by ex situ FTIR, among other tech-
niques [77]. Upon immobilization, the typical C= O vibration of the NHS
ester SAM gradually disappears at the expense of the pronounced amide I
and amide II vibrations of the PAMAM dendrimers (Fig. 14a). Since the den-
drimers contain a significant number of internal amide bonds that contribute
to these latter peaks, complementary experiments with polypropylene imine
dendrimers with amine termination (DAB) dendrimers have been carried
out.

The dendrimer immobilization can be described by a Langmuir isotherm
(Fig. 14b). Complementary XPS analyses in conjunction with labeling of
the primary amino groups with trifluoroacetic acid anhydride showed that
28% of all the peripheral primary amino groups are chemically accessible
(corresponding to an area requirement for each accessible amino group of
∼ 8.9×10–19 m2).

The immobilized G4 PAMAM dendrimers can be directly visualized using
intermittent contact (tapping) mode AFM. As shown in Fig. 15, the den-
drimers attached to NHS – C10 SAMs appear as globular features with heights

Fig. 14 a GIR-FTIR spectra of NHS – C10 SAM after reaction with G4 PAMAM dendrimers
for various times (4.5×10–6 M methanolic solution of PAMAM G4). b Adsorption
isotherm of PAMAM G4 on NHS – C10. The solid line corresponds to the fit of the
Langmuir isotherm (reprinted with permission from [77], copyright (2004), American
Chemical Society)
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Fig. 15 a Tapping mode AFM height image (acquired in air, z-scale = 5.0 nm) and b phase
image of NHS – C10 SAM fully covered with PAMAM G4. The triangular terraces of
Au(111) are clearly recognizable in the height image (left), indicating that a layer of
homogeneous thickness has been deposited. (Reprinted with permission from [77], copy-
right (2004). American Chemical Society)

of ∼ 2 nm and (convoluted) widths of between 10 and 15 nm. These values
are consistent with the interpretation that the features are indeed individual
dendrimers, considering the theoretical diameter (4.5 nm) [151] and tip con-
volution effects. The AFM data shows that highly defined layers are formed,
because the triangular terraces of the underlying Au(111) substrate can be
still recognized. While these layers comply with the requirements identified
in the previous sections, patterning appears to be a necessary condition for
many biosensor and related applications.

2.2.2
Micropatterning of Dendrimers by Microcontact Printing

Patterning of SAMs can be performed by a multitude of techniques, as re-
viewed recently [152, 153]. Apart from photolithography using UV light [154,
155] or e-beam lithography [156, 157], microcontact printing has received
a lot of attention [86–89]. In this process, an elastomeric stamp is soaked
with a solution containing the reactive molecules that should be transferred.
Upon establishing conformal contact between the dried stamp and a reactive
substrate, transfer of molecules takes place in those regions where contact is
established. If diffusion of the ink molecules via the surface or the gas phase
can be excluded, patterns of one type of molecule can be prepared. For µCP
of thiols on gold, it has been shown that high-quality SAMs are formed [158]
and refilling of the uncontacted (unfunctionalized) areas leads to SAMs ex-
posing two functionalities.

The micropatterning of PAMAM dendrimers relies on µCP with a hy-
drophilized stamp. An UV/ozone treatment increases the surface energy of
the PDMS [159, 160] and thus provides the necessary homogeneous load-
ing of the stamp (Fig. 16). Contact mode AFM height and friction images
recorded on micropatterned dendrimer surfaces show that elevated areas
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with high friction can be observed after transfer of G4 PAMAM dendrimers
to NHS – C10 SAMs. The friction contrast can be understood via surface en-
ergy arguments, as the dendrimers are more hydrophilic than the unmodified
NHS ester surface. Preferential adsorption of water to the dendrimer regions
will result in considerable capillary forces, that lead to higher friction forces.

Fig. 16 a Left: Schematic of µCP process; right: Top view of AFM height image acquired at
the border between NHS SAM and dendrimer-modified NHS SAM on an atomically flat
Au(111) sample. b CM-AFM height and friction images of NHS – C10 SAM patterned with
PAMAM G4 by microcontact printing (acquired in air; scale bar 1 µm, the height scale
covers 14 nm from dark to bright; the friction forces (a.u.) increase from dark to bright
contrast). In these lower resolution images obtained on granular gold, the low friction
areas correspond to bare NHS – C10 SAM and the high friction areas to the immobilized
dendrimers. (Reprinted in part with permission from [77], copyright (2004), American
Chemical Society)
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In the higher resolution image (Fig. 16a) one can discern many densely
packed globular particles and only a few irregular clusters. Each of the bright
spots may represent a single dendrimer molecule. The edge of the stamped
area is remarkably sharp (edge roughness ≤ apparent width of a single den-
drimer). Hence substantial surface diffusion of the dendrimers during or
after printing can be ruled out. The diffusion of the “ink” is probably strongly
minimized compared to low molar mass inks due to the molecular mass
and the covalent attachment. Thus, in principle, higher resolution can be
achieved. Our data agree with results reported by the group of Reinhoudt,
who used “heavyweight” molecules [161], and by Huck and coworkers, who
studied µCP with dendrimers on silicon substrates [162, 163].

The ease of µCP with dendrimers and the high level of definition of the
transferred pattern indicate that µCP with this high molecular weight “ink”
provides a interesting method of patterning with possibly sub-µm features.
Hence, the simple and cost-effective fabrication of functionalized high defin-
ition arrays appears to be possible using microcontact printing. In the data
presented, the limiting factor for the smallest attainable feature size is repre-
sented by the dimensions of the stamp.

2.2.3
Nanopatterning of Dendrimers by Scanning Probe Lithography

The patterning strategy (high molecular mass adsorbate and robust cova-
lent attachment) can be extended to sub-100 nm sized patterns by exploit-
ing AFM-tip assisted transfer of PAMAM dendrimers. By scanning surfaces
with an AFM tip, which has been previously coated with the dendrimers,
molecules can be deposited onto, say, silicon, mica or SAMs of NHS – C10. In
the case of mica and oxidized silicon substrates, the originally deposited pat-
terns were detectable, but the AFM friction images showed that dendrimer
molecules may have diffused over the substrates. Based on the currently
available data, spontaneous diffusion or tip-induced effects cannot be dif-
ferentiated. It is, however, clear that the patterns produced do not possess
sufficient stability and definition to be of any use.

By contrast, when a NHS – C10 SAM on gold was used as a substrate in
DPN experiments, stable patterns were deposited, as observed in AFM fric-
tion images. By scanning an AFM tip inked with G4 PAMAM dendrimers
(5.6×10–5 M methanolic solution) over a NHS – C10 SAM, patterns with sub-
100 nm line widths could be fabricated via DPN. In Fig. 17a, a friction force
AFM image of lines 2 µm long and 50±20 nm wide is shown; in Fig. 17b the
lines are 1 µm long and 70±10 nm wide.

The observation of stable patterns underlines the importance of covalent
attachment to achieve robust patterns, and it confirms the overall strategy
employed. Thus, NHS – C10 SAMs can be easily and rapidly functionalized
with PAMAM dendrimers via amide linkage formation in a very simple
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Fig. 17 Top: Schematic of DPN process; bottom: Sequence of LFM force images (acquired
in air; friction forces (a.u.) increase from dark to bright contrast) of arrays of lines with
mean widths (± standard deviation) of 50±20 nm and 70±10 nm produced by DPN of
G4 PAMAM dendrimers on NHS – C10 SAMs on granular gold. The contrast in the LFM
scans is reversed compared to the microcontact-printed patterns, which were scanned
with a clean Si3N4 tip. As also observed in an independent study [92], the remaining
“ink” on the AFM tip used for DPN alters the relative magnitude of the friction forces in
this situation. (Reprinted with permission from [77], copyright (2004), American Chem-
ical Society)

and straightforward process. Using µCP and DPN, micron- and sub-100 nm-
scale patterns have been produced. The resolutions of the patterns obtained
in our work are probably limited only by the size of the stamps and the
scanned areas in DPN. Together with the demonstrated quasi-3D architec-
ture, which allows one to achieve high molecule loading in coupling reactions
for chip-based assays and sensor surfaces, these layers constitute an interest-
ing platform for the attachment of biomolecules via exposed primary amino
groups.

2.3
Nanofabrication of Patterned Biocompatible Bilayer-Vesicle Architectures

Lipid bilayers and surface immobilized vesicles provide an alternative archi-
tecture for the micro- and nanofabrication of bioreactive and biocompatible
platforms [63–67]. In recent years, the modification of solid surfaces with bi-
ological molecules has been widely studied as a means to obtain biomimetic
interfaces for biomedical and environmental applications. Among the various
formats of functionalized interfaces investigated, substrate-supported lipid
bilayers have received considerable attention. Proteins have been successfully
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incorporated and shown to be functional in substrate-supported lipid bilay-
ers [163], and the need for a water layer between bilayer and substrate in
order to protect sensitive proteins from malfunction or denaturation has been
realized which has prompted significant research in, for example, the area of
polymer-tethered lipid membranes [63, 165, 166].

As a viable alternative, intact vesicles have been immobilized on solid
supports and studied for possible applications in the area of biotechnol-
ogy [167–170] and to develop chemosensors [171]. There are two main
immobilization approaches: (a) immobilization via interaction of comple-
mentary DNA fragments that are exposed on the surface and the vesicle
membrane, respectively [167, 168]; (b) immobilization mediated by specific
streptavidin-biotin interactions [169]. These vesicle systems possess the ad-
vantage that the underlying substrate interferes only marginally or not at all
with the membrane properties of the immobilized vesicles [172, 173]. Here
we discuss a scanning probe lithography-based, label-free method to guide
vesicle adsorption to a specific location in the substrate-supported bilayer
membrane [174].

2.3.1
Bilayer Formation via Vesicle Fusion

Bilayers on surfaces, including SAM of thiols with hydroxyl end groups, can
be formed by vesicle fusion [175, 176]. The process, as depicted schematically
in Fig. 18, can be followed conveniently by in situ AFM measurements [177,
178]. As shown by various authors, the vesicle surface coverage, the mech-
anism of adsorption and bilayer formation, and the vesicle dimensions are
directly accessible. Using appropriate models, the adhesion potential and the
critical rupture radius of the vesicles can be calculated [179].

2.3.2
Bilayer Architectures on Patterned Supports for Biosensing

As mentioned, substrate-supported lipid bilayers are attractive systems for
studying embedded proteins and constructing biosensors. For applications
including molecular separation [180], lipid bilayer compartments or pat-
terned bilayers have been utilized [66, 181, 182]. Different approaches to
obtaining patterned bilayers have been described recently, including pho-
topolymerization [183], mechanical manipulation [184–186], or the use of
prepatterned supports [187–189].

A convenient strategy combines the use of prepatterned SAMs prepared
by µCP and bilayer formation by vesicle fusion (Sect. 2.3.1) [164]. As shown
schematically in Fig. 19, this approach comprises, in a first step, the pat-
terning of a SAM (a cholesterol-terminated thiol is transferred to the gold
substrate, the remaining areas are back-filled with the hydrophilic hydroxy-
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Fig. 18 a Four-step scenario of supported bilayer formation via vesicle fusion comprising
1 vesicle adsorption, 2 fusion of vesicles at the surface to form larger vesicles, 3 rup-
ture of the fused vesicles resulting in bilayer discs, and finally 4 merging of the discs.
b Left: AFM height image of DMPC vesicles (nominal diameter of 50 nm) adsorbed to
mercaptoethanol SAM on annealed gold; right: AFM height image of DMPC bilayer on
mercaptoethanol SAM on annealed gold at increased solution concentrations (images
were acquired in buffer at minimized force)

terminated mercaptoethanol). Among the advantages of the subsequent de-
position of a lipid bilayer and lipid monolayer on the hydrophilic and hy-
drophobic areas, respectively, are reduced leakage currents in electrochemical
detection, spatial control of the in-plane bilayer architecture (size, shape, and
distribution of bilayer areas), and the possibility of incorporating transmem-
brane proteins localized in bilayer regions in which they are adsorbed (in
other words, the possibility of restricting their lateral motion) [164].

Nanometer-scale characterization of the fabricated architectures is again
important. Figure 20 shows typical friction force scans of the patterned
monolayer samples before and after bilayer formation. In some of the experi-
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Fig. 19 Schematic drawing of bilayer deposition by vesicle fusion on patterned SAMs pre-
pared by microcontact printing. (Reprinted with permission from [164], copyright (1999),
American Chemical Society)

ments, chemical modification of gold-coated AFM tips with octadecanethiol
was used to enhance the contrast in the imaging medium [142].

Prior to the unrolling of the vesicles (Fig. 20a), the friction observed in wa-
ter on the mercaptoethanol part is lower than on the cholesterol part. The
contrast observed is dominated by hydrophobic forces. The mercaptoethanol-
functionalized parts of the sample are solvated to a much higher degree than
the hydrophobic cholesterol parts [144]. The friction forces show the same
trend, which indicates that the adhesion forces dominate the interaction be-
tween tip and surface in this case.

After unrolling the vesicles, the friction contrast was reversed in meas-
urements in water (Fig. 20b). In this case the mercaptoethanol areas show
higher friction. The observed contrast cannot be explained by different forces
between tip and surface functional groups because the functional groups ex-
posed at the surface are the same. However, the mechanical properties of the
lipid monolayer on the more rigid CPEO3 part are different to the more fluid
lipid bilayer on top of the mercaptoethanol [190]. At a given imaging force,
the AFM tip penetrates more into the lipid bilayer, and so the contact area
between tip and sample is increased, resulting in more pronounced energy
dissipation and thus higher friction force.

Using electrochemical impedance measurements, it was demonstrated that
these micropatterned thiol-terminated lipophilic SAMs can be used to sup-
port lipid membranes that meet the key criteria required for use as potential
biosensors: they are integral enough (sufficiently blocking) for lipid bilayer
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Fig. 20 a AFM friction force micrograph (friction forces increase from low (dark) to
high (bright)) measured on patterned SAM (stripe: mercaptoethanol) prior to bilayer de-
position. b Corresponding friction force micrograph acquired after bilayer formation.
(Reprinted in part with permission from [164], copyright (1999), American Chemical
Society)

ion channel selectivity to be observed (demonstrated for valinomycin and
gramicidin A) [164]; they are formed over hydrophilic SAM regions (mer-
captoethanol) and so should have a water layer under the bilayer, which is
important for the addition of more complex proteins, especially large ion
channels. The bilayers also appear to be relatively fluid (from comparing the
frictional forces of the lipid covered cholesterol and lipid covered mercap-
toethanol areas).

2.3.3
Directing Vesicle Adsorption to Bilayers by SPL

Instead of utilizing (patterned) substrate-supported membranes for protein
studies, and so on, vesicles can be immobilized on suitable substrates. The ad-
sorption of vesicles onto lipid bilayers can be spatially controlled and directed
in situ, in principle, with nanometer-scale precision using an AFM-based ap-
proach [174]. This strategy enables one to fabricate patterned vesicle arrays
without the need to implement molecular recognition units in the vesicles,
and hence is applicable to a broad range of systems.

The strategy consists of scanning, say, a previously formed 1.2-dimyris-
toyl-sn-glycero-3-phosphatidylcholine (DMPC) bilayer on a mercaptoethanol
SAMs in the presence of DMPC vesicles with an AFM tip, followed by im-
mobilization of vesicles from solution to altered areas of the SAM-supported
bilayer (Fig. 21). In the “writing step”, patterns are scanned using normal
forces of 30–50 nN repeatedly (the bilayer was visibly damaged for forces
> ∼ 80–100 nN). The interaction of the tip with the bilayer leads to a local
modification of the layer. This alteration presumably changes the adhesion
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Fig. 21 Schematic of AFM tip-assisted immobilization drawn approximately to scale
(bilayer thickness: ∼ 4 nm; tip radius: 20 nm; vesicle diameter ∼ 40 nm): a An intact
defect-free DMPC bilayer is formed on a mercaptoethanol SAM on gold (SAM is omit-
ted from schematic); b subsequent scanning with an AFM tip at high force leads to local
damage of the bilayer; c in these areas (the schematic drawing does not imply any mo-
lecular detail concerning the damage created in step (b)) vesicles will adsorb from the
solution and stay immobilized. (Reprinted with permission from [174], copyright (2004),
American Chemical Society)

Fig. 22 The stepwise fabrication of vesicle patterns is shown in the sequence of AFM im-
ages a–c (image size: 20 µm×20 µm). The scanning probe lithographic modification and
the adsorption process of vesicles in solution onto the altered part of the bilayer is de-
picted schematically in d (no molecular-level structural details of the AFM tip-induced
line are implied in the schematic)
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potential [191, 192] such that vesicle adsorption is possible; in fact the de-
posited vesicles are much more strongly adsorbed and resist shear forces
much better compared to the situation on glass or intact bilayers. As shown
in Fig. 22, the resulting assembly can be imaged by contact mode AFM non-
invasively using imaging forces of < 1 nN.

The stepwise nanofabrication of a vesicle pattern is shown in Fig. 22. A first
line of vesicles is observed after scanning a single scan line under a load
of ∼ 40 nN for one minute (Fig. 22a). The next AFM images show the result
of scanning a second and a third line at angles of 60◦ relative to the first
and second line, respectively (Figs. 22b and 22c). The vesicles were found to
possess similar dimensions to those adsorbed from solution onto the bare
SAMs [174], so lines of individual vesicles were deposited.

The guided vesicle deposition is attributed to a very localized AFM tip-
induced alteration of the original DMPC bilayer, which results in the adsorp-
tion of vesicles from the supernatant solution. Vesicle patterns with widths
equal to the vesicle size can be fabricated over lengths exceeding 25 µm [174].
Based on an estimate of the tip–sample contact area, the line width is given by
the width of the vesicle adsorbed on the bilayer.

In conclusion, this novel method of lipid vesicle immobilization on
substrate-supported lipid bilayers in a spatially confined manner may serve as
a platform for research on proteins incorporated in the lipid bilayers compris-
ing the vesicles. Owing to their structural similarities to the cell membrane,
lipid bilayers and substrate-immobilized vesicles provide interesting plat-
forms for studies of incorporated proteins, an area that will see progressive
growth in the near future.

3
Outlook

In this contribution, recent advances in our studies on organic and macro-
molecular films and assemblies for future applications as (bio)reactive plat-
forms were briefly reviewed. Emphasis was placed on the model character
of each system investigated. It is clear that these model systems may pos-
sess limitations and that system-specific peculiarities can be very important
in applications, or where the coupling of specific proteins (for instance) is
concerned. However, the acknowledgement of the importance of structural,
conformational and compositional characterization on the relevant length
scale, the close relationship between structure and reactivity for different
architectures, and the possibilities for unconventional micro- and nanofabri-
cation of reactive platforms provide a set of general guidelines that enable one
to design reactive platforms in a specific context.

While highly organized monolayer approaches appear to be appealing in
many ways, the limited reactivity and limited attainable surface coverages are



Organic and Macromolecular Films and Assemblies as (Bio)reactive Platforms 203

clear drawbacks. In fact, analysis of the results summarized in this contribu-
tion shows that, for a number of scenarios, compositionally and structurally
defined yet disordered systems possess clear advantages. The extension from
2D to quasi-3D constitutes a generic strategy for increasing the surface cov-
erage in coupling reactions, while stability and diffusion-related problems
necessitate the crosslinking of polymeric systems in hydrogel formats [70–
72, 193].

Combinations of the very simple spin-coated reactive polymer films dis-
cussed in Sect. 2.1.4 with the micro- and nanopatterning approaches studied
and refined in model studies on well-defined macromolecular (dendrimer)
systems are currently being investigated with substantial success. Thus, the
lessons learned in these model studies can be applied to practical formats in
order to provide reactive micro- and nanopatterned platforms for the devel-
opment of biosensors, biochips (DNA, proteins, saccharides, and so on) and
studies of cell–cell and cell–substrate interactions.
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Abstract The development of synthetic materials and their use in tissue engineering applica-
tions has attracted much attention in recent years as an option for trabecular bone grafting.
Bioabsorbable polyesters of the poly(α-hydroxy acids) family, and specifically polylactic
acid (PLA), are well known bioabsorbable materials and are currently used for numerous
biomedical applications. The incorporation of an inorganic phase, such as a soluble calcium
phosphate glass in the P2O5 – CaO – Na2O – TiO2 system, into the polymeric matrix en-
hances the mechanical integrity of the material. In fact, the flexural elastic modulus increases
from 3.2 to 10 GPa with 50 wt/wt % of glass particles. It also improves the biological behavior
and modifies the degradation pattern of the polymer. The presence of glass particles acceler-
ates the material degradation and induces the formation of calcium phosphate precipitates in
the surface of the composite. Therefore, the combination of a bioabsorbable polymer such as
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PLA with a soluble calcium phosphate glass leads to a fully degradable composite material
with a high bone regenerative potential. The success of a 3D scaffold depends on several
parameters that go from the macro- to the nanoscale. The solvent and casting technique, to-
gether with particulate leaching, allows the elaboration of 95%-porosity scaffolds with a well
interconnected macro- and microporosity. Factors such as surface chemistry, surface energy,
andtopographycanhighlyaffect the cell-material response. Indeed, the additionof glass par-
ticles in the PLA matrix modifies the material surface properties such as wettability AI (Area
index or real-surface-area/nominal-area ratio) and roughness, improving the cell response
and inducing morphological changes in the cytoskeleton of the osteoblasts. This study of-
fers valuable insight into the parameters affecting cell-scaffold behavior, and discusses the
special relevance that a comprehensive characterization and manufacturing control of the
composite surface can have for monitoring the biological–synthetic interactions.

Keywords Bioabsorbable composite scaffold · Bone tissue engineering ·
Osteoblast cell culture · Protein adsorption · Wettability

Abbreviations
AI Area index or real-surface-area/nominal area ratio
CaP Calcium phosphate
E Young’s modulus
ECM Extracellular matrix
FCS Fetal calf serum
G5 44,5P2O5 – 44,5CaO – 6Na2O – 5TiO2 glass (molar composition)
HV Vickers microhardness
ICP-MS Inductively coupled plasma-mass spectroscopy
MTT Tetrazolium-salt assay
Mw Molecular weight
PLA Polylactic acid
SBF Simulated body fluid
Sa Average 3D roughness
Sku Kurtosis of the 3D surface texture
Ssk Skewness of the 3D surface texture
Tg Glass transition temperature
Wa Work of adhesion

1
Introduction

Nowadays, autografts, allografts, and xenografts are used for the restoration
of bone injuries. Although the use of these grafts has presented satisfactory
results under certain conditions, there are some restrictions associated with
donor site scarcity, rejection, diseases transfer, and elevated harvesting costs.
Due to the numerous drawbacks these grafts present, research has focused on
the development of alternative synthetic materials.

Bioabsorbable polymers such as aliphatic polyesters from the poly
(α-hydroxy acids) family, especially polylactic acid (PLA), are well known
bioabsorbable materials and are widely used for biomedical applications
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such as sutures, pins, screws and drug delivery systems [1–4]. Given the
biocompatibility and biodegradability features PLA presents, its use in tis-
sue engineering applications has attracted much attention in recent years.
Thereby, the development of PLA biodegradable porous scaffolds represents
a promising alternative for trabecular bone grafting.

The incorporation of an inorganic phase into the polymeric matrix may
enhance the mechanical integrity of the material, as well as its biological
behavior, and can also modify the degradation mechanism of the polymer.
Some calcium phosphate ceramics and biological glasses have been used with
this aim [5–7]. Specifically, calcium phosphate (CaP) glasses are well suited
for bone remodeling given that they possess a chemical composition close to
that of the mineral phase of bone and that their solubility rate can be adjusted
by controlling their chemical composition.

Therefore, the combination of a bioabsorbable polymer such as PLA with
a soluble CaP glass leads to a fully degradable composite material with a high
bone regenerative potential.

The success of a 3D scaffold depends on several parameters that range
from the macro- to the nanoscale. Macro- and microporosity, as well as in-
terconnectivity, are of great importance in promoting tissue ingrowth, vascu-
larization, and the delivery of nutrients throughout the newly formed tissue.
The attachment and adhesion of the cells on the material surface is also of
paramount importance. These are protein-mediated processes, where factors
such as surface chemistry, surface energy, and topography can affect the cell-
material response [8]. Indeed, surface characteristics at all dimensional scales
affect the adsorption of proteins. Differences in protein adsorption (type of
adsorbed proteins, orientation and conformation, and the kinetics of adsorp-
tion) lead to variations in the number of cells and their force of adhesion to
the substrate [9, 10]. This is a process mediated by the interactions between
the adsorbed proteins and integrins, which are cell membrane proteins [11].
The cell adhesion process triggers different chemical and mechanical signals,
thus influencing the regulation of cell survival, proliferation and differentia-
tion, which in turn determine cell function within a defined tissue.

This review offers some insight into the parameters affecting the cell-
scaffold behavior from the macro- to the microscale, from the bulk to the
surface, and discusses the special relevance that a comprehensive character-
ization and manufacturing control of the composite surface might have in
monitoring the biological–synthetic interactions.

2
Development of the Composite Material

The resorption rate of a biomaterial in vivo involves a very complex mech-
anism that depends on numerous variables and involves both the material
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physicochemical features and biological events, including protein- and cell-
mediated processes. Among the physicochemical properties, the solubility of
the material plays an important role and significantly affects the biomateri-
al’s stability in vivo. Thus, if the material’s solubility rate is too high, it will be
resorbed by passive dissolution due to the physiological fluids without stim-
ulating tissue turnover, i.e., the resorption/regeneration process mediated by
bone cells during bone remodeling. In contrast, if the solubility of the mate-
rial is too low, it will remain in the body for a long period of time, and bone
remodeling will not take place adequately. The use of materials with a moder-
ate solubility rate induces an active resorption process, which is lead by cells
and resembles the biological bone remodeling process. Hence, the control of
degradation kinetics is a key point in the design of bioabsorbable materials
for regenerative purposes.

2.1
Calcium Phosphate Soluble Glasses

Calcium phosphate glasses represent an interesting alternative, since the sol-
ubility of these glasses can be adjusted depending on their chemical com-
position. This fact presents an important advantage over crystalline calcium
phosphates.

The structural unit of phosphate glasses is the PO4 tetrahedron. The ba-
sic phosphate tetrahedra form long chains and rings that give rise to the
3D vitreous network [12]. These phosphate chains and rings may be inter-
rupted by the incorporation of certain ions, generating nonbridging oxygens
in the glass structure. The incorporation of other modifying ions can lead to
the creation of ionic cross-links between nonbridging oxygens of two differ-
ent chains, thus reinforcing the glass network. Therefore, depending on the
modifiers present in the vitreous structure, long-term or short-term soluble
phosphate glasses can be obtained [6, 13–15].

Previous studies show that the addition of CaO, Na2O and TiO2 into the
phosphate network allows control of the solubility and mechanical properties
of these glasses within certain ranges [15–17]. Both CaO and TiO2 enhance
glass stability, particularly TiO2 given its small ionic radius and the large
charge on the Ti4+ ion [18, 19]. The characteristics of the Ti4+ ion allow it to
penetrate into the vitreous arrangement, inducing a higher degree of reticu-
lation in the glass network.

The CaP glass of the 44,5P2O5 – 44,5CaO – 6Na2O – 5TiO2 (molar com-
position) system, coded G5, is a good candidate since it presents a good
chemical stability (see Fig. 1) as well as good mechanical properties.

In vitro degradation studies on the G5-glass were performed with SBF [20]
(an acellular and aproteic fluid that has an ionic concentration similar to
that of human blood plasma, see Table 1) at physiological temperature. ICP-
MS analyses showed that G5-glass dissolution occurs uniformly, which means
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Fig. 1 Weight loss versus dissolution time for two different CaP glasses during degrada-
tion in SBF at 37 ◦C. Error bars not shown if smaller than symbols

Table 1 SBF and human blood plasma ionic composition and concentration (mM)

Ion SBF Human plasma

Na+ 142.0 142.0
K+ 5.0 5.0
Mg2+ 1.5 1.5
Ca2+ 2.5 2.5
Cl– 147.8 103.0
HCO3

– 4.2 27.0
HPO4

2– 1.0 1.0
SO4

2– 0.5 0.5

that none of the ions conforming the glass network is released preferentially.
In addition, in vitro analysis revealed that during dissolution water diffuses
into the glass surface and surrounds the external PO4 chains, creating a hy-
drated layer. When the phosphate polymeric chains have been completely
surrounded by the aqueous medium, the hydrated chains separate from the
bulk of the material and leach into the solution. Due to the homogeneous
superficial dissolution process, the mechanical properties of the glass are
maintained throughout the degradation period [21].

Biocompatibility studies of the G5-glass, performed with human skin fi-
broblasts and osteoblast-like human cells from a cell line coded MG63, have
shown that this material as well as its degradation products are noncyto-
toxic [22].



214 M. Navarro et al.

Cell differentiation studies are used to follow the development of cell phe-
notype by analyzing the concentration of two proteins directly related to bone
extracellular matrix mineralization: alkaline phosphatase and the osteocalcin.
Cell differentiation studies performed on the G5 glass have shown that it in-
duces an earlier differentiation of the osteoblastic cells than the polysterene
plate controls (unpublished data) (see Fig. 2). Consequently, a faster bone for-
mation could be obtained.

Fig. 2 a MTT results of the effect of the G5 glass on MG63 cells, showing cell prolifera-
tion. b Alkaline phoshatase activity (ALP) values of MG63 cells after 11 days of culture.
c Osteocalcin concentration values of the MG63 cells after 11 days of culture
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Table 2 Properties of the G5 glass (mean values ± standard deviation)

Properties G5 glass

Tg [◦C] 532.9
HV [HV0.2] 431.1±7.8
E [GPa] 71.1±1.7
Solubility rate in distilled water [g cm–2 h–1] 3.13.10–6 ±1.38.10–7

Solubility rate in SBF [g cm–2 h–1] 3.2.10–7 ±1.03.10–7

Recently, in vivo studies have also revealed a good biocompatibility and
guidance of the newly formed tissue to the G5-glass surface, which confirms
its osteoconductive potential. In an in vivo study using a rabbit model, the
percentage of new bone formation with implanted glass particles was com-
parable to that obtained for the autologous bone (control), after 12 weeks of
implantation [23]. The properties of the G5-glass are summarized in Table 2.

2.2
PLA/Calcium Phosphate Glass Composite Material

Given the advantages of incorporation of an inorganic phase into a polymeric
matrix, the G5-glass has been combined with a 95L/5DL-PLA in order to de-
velop a nonporous 2D fully resorbable composite material that could be used
in different load-bearing bone-repairing situations.

In general, the incorporation of the G5-glass particles in the polymer im-
proves the flexural mechanical properties of PLA, modifies its degradation
behavior, and induces interesting changes in the material surface morph-
ology.

PLA flexural mechanical properties are very low in comparison with cor-
tical bone properties. Therefore, PLA properties are insufficient for high
load-bearing applications. Addition of the inorganic phase into the PLA ma-
trix leads to a rise in the mechanical properties of the material, to more
nearly approach the mechanical properties of bone and, thus, allowing a bet-
ter load-transfer to the newly formed tissue [24]. Former studies have shown
that the mechanical properties of nonporous materials, especially the Young’s
modulus (E), undergo a significant increase (from 3.2 to 10 GPa) with the in-
corporation of 50% by weight of glass particles. However, the PLA matrix has
a saturation limit for enveloping the particles, and the efficiency of the G5
particles seems to decrease as the percentage of particles exceeds this limit of
approximately 60%.

The presence of glass particles modifies the in vitro degradation pattern of
the polymer. In general, the degradation of PLA depends on several factors,
which include its crystallinity, molecular weight, dimensions, composition,
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Fig. 3 Composite surface (a) and microstructure of the CaP precipitate (b) formed at the
material surface after 6 weeks of immersion in SBF at 37 ◦C

and the pH of the surrounding medium. Nevertheless, in spite of the influence
these factors may have on the degradation of PLA, it is well known that the
degradation mechanism of this polymer is a bulk mechanism autocatalyzed
by carboxyl end groups formed by chain cleavage [25, 26].

The addition of G5 particles into the polymer matrix implies the presence
of PLA/G5 interfaces at the surface, which allows the penetration of the aque-
ous fluid into the interior of the composite. This fact, combined with the glass
reactivity in aqueous media, induces the formation of surface microcracks.
These facilitate both fluid penetration, which accelerates degradation of the
polymer chains, and the release of the degradation by-products. At the same
time, the degradation products of the glass act as buffering agents that inter-
fere with the autocatalytic process. All these events lead to a higher mass loss
and a higher crystallinity, and to a lower Mw loss of the PLA/G5 composite in
comparison to the PLA polymer.

On the other hand, the G5 particles react with SBF, giving rise to a globular
CaP amorphous structure (see Fig. 3) that emerges in the composite material
(manuscript submitted), with a Ca/P ratio close to 1.5. This CaP precipi-
tate could enhance the interaction between the bone cells and the material
during bone regeneration since this amorphous CaP is a transient struc-
ture to hydroxyapatite, which is the mineral phase of bone with a higher
Ca/P ratio.

3
Surface Characterization

The cell adhesion process is critical to most bone regeneration applica-
tions [27, 28]. In general, cell adhesion to synthetic substrates is a protein-
mediated process. Thus, the amount, type, and activity of the adsorbed pro-
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teins on the material surface are a key issue, though the individual role of each
parameter is not clear. Numerous studies have shown that the characteris-
tics of the adsorbed proteins and the cell behavior depend strongly on surface
properties such as hydrophilicity, surface energy, and the topography of the
substrate surface [8].

3.1
Roughness

Roughness and texture are two of the properties that most influence the bi-
ological behavior of synthetic materials. On one hand, it is well known that
when the topographical features of the surface roughness follow a regular dis-
position (columns, grooves, etc.), cells are oriented by the pattern and have
limited motility [29, 30]. This behavior, which is a consequence of the micro-
and/or nanometer texture, is called cell guiding [31].

On the other hand, higher roughness in anisotropic-topographical sur-
faces is related to better attachment, adhesion, and differentiation of the
osteoblast cells onto synthetic materials [8, 9]. This is because osteoblasts
can extend from peak to peak and take optimal shapes for their “accom-
modation”. These optimal shapes lead to changes in the cytoskeleton that
also favor, via biochemical signals, osteoblast behavior. However, roughness
must be of the order of cell dimensions for osteoblasts to “feel” the topo-
graphical features [32]. This means that roughness must be in the micrometer
range with a maximum and minimum value for the height of and the distance
between the peaks/valleys. Consequently, the calculation not only of ampli-
tude roughness parameters but also of spatial and/or hybrid parameters is of
paramount relevance.

The influence of roughness in the nanometer scale on cell behavior is
controversial, and can be due to the changes that it induces in other physico-
chemical properties, such as wettability and Z-potential [33]. This will mainly
influence the layer of proteins that are adsorbed on those surfaces. This

Table 3 Roughness parameters values (white light optical interferometry) of PLA and
PLA/G5 before and after being polished (mean values ± standard deviation)

Material Sa [µm] Sku Ssk AI

PLA/G5
Polished 0.238±0.11 53.1±27 – 5.25±2.7 1.09±0.02
Unpolished 0.411±0.04 4.8±2 – 0.40±0.43 1.15±0.10

PLA
Polished 0.054±0.01 11.2±8 – 0.99±0.7 1.01±0.00
Unpolished 0.372±0.12 8.3±7 0.97±1.1 1.19±0.06
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knowledge, and the comments of the previous paragraph, suggest the use of
several roughness characterization techniques in order to cover all dimen-
sional scales, from micro to nano.

Polished and unpolished PLA and PLA/G5 have nontextured surfaces with
nanometer roughness (Table 3). Consequently, as explained above, different
surfaces will influence their biological response by the changes that roughness
provokes in properties such as wettability.

3.2
Wettability

According to some authors, contact angle and work of adhesion (Wa) are the
best wettability properties to predict the material–cell interactions at the ini-
tial stages of contact [34, 35]. Therefore, contact angle measurements have
been performed to evaluate the hydrophilicity of the composite material. The
G5-glass possesses a hydrophilic surface, so the incorporation of glass par-
ticles in the PLA matrix reduces the hydrophobic behavior of the polymer
(Table 4). Thus, depending on the quantity of glass incorporated into the
PLA/G5 composite material, the biomaterial surface wettability can be ad-
justed to obtain different degrees of hydrophilicity.

There is some debate about the affinity of proteins to hydrophobic sur-
faces. Some authors sustain the hydrophobic affinity theory [36], while others
prefer the hydrophilic affinity theory [37]. The results obtained from stud-
ies carried out with culture medium supplemented with 10% fetal calf serum
(FCS) suggested that the complex mixture of proteins present in FCS pre-
sented a higher affinity for the hydrophilic surfaces. Furthermore, the Wa
values suggested that the mixture of proteins adsorbed better on hydrophilic
surfaces, though the type of protein and their adsorption speed onto the sur-
faces is still unknown. However, the use of dynamic contact angle techniques
(as has been confirmed with other materials) could help identify the velocity
of adsorption and the number of steps of adsorption, desorption, and/or ad-
sorption/desorption that lead to the final interaction between the substrate
and the proteins in the culture medium (Fig. 4). The contact angles obtained
for the two different fluids are shown in Table 5.

Table 4 Effect of the weight percent of G5 glass on the polished composite wettability
(mean values ± standard deviation)

Composition Contact Angle with distilled water (◦)

0 wt % G5 glass 73.56±1.50
20 wt % G5 glass 72.86±1.60
50 wt % G5 glass 67.56±1.70
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Fig. 4 Dynamic contact angles showing the different advancing contact angle (ACA) evo-
lution during the time of interaction of the distilled water and the culture medium on
titanium samples. The abrupt increase at t ≈ 1 s and the abrupt decrease at t ≈ 2 s of the
ACA values indicate processes of adsorption, desorption or adsorption/desorption of pro-
teins on the surface

Table 5 Contact angle values (◦) at t = 0 s, with different fluids, on the surface of PLA, G5
glass, and the composite material (mean values ± standard deviation)

Material Contact angle
Distilled water Culture medium

PLA 73.59±0.98 78.31±0.84
PLA/G5 67.56±1.71 68.82±2.02
G5 29.80±0.97 42.05±1.76

The wettability of a surface is known to be affected by its topography, as
discussed in the previous section. This statement has been corroborated in
the case of the PLA/glass composite material (Table 6). Indeed, composite
material specimens with a rough surface presented contact angle values sig-
nificantly higher than the values reported for the polished materials. Thus,
surface roughness leads to differences in the wettability of the surface. This
change in the wettability behavior is dependant on the behavior of the ide-
ally nonrough surface of the material studied [38]. For hydrophilic surfaces
(contact angle < 90◦), the higher the roughness, the lower the contact angle,
which could be related to a more hydrophilic surface. For clearly hydropho-
bic surfaces (contact angle > 90◦), the higher the roughness, the higher the
contact angle, which could be related to a more hydrophobic surface. Never-
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Table 6 Effect of roughness and sterilization on the composite wettability (mean values ±
standard deviation) of PLA/G5

PLA/G5 material Contact angle with distilled water [◦]

Polished 67.56±1.71
Rough 82.88±4.03
Polished and sterilized 64.94±1.79

theless, the limit value of 90◦ has been discussed and materials with contact
angles close to 90◦ could not follow the general rule [39]. If the roughness
is sufficiently high, the peaks of the roughness can retain fluid leading to
metastable states of the drop that give a increasing value of contact angle. As
a consequence, further studies must be made on the influence of roughness
on wettability, which is a subject of special interest, as explained in previous
sections.

On the other hand, the sterilization processes may somehow affect the
surface structure of the material and, therefore, its wettability. In our case,
ethylene oxide was chosen as the sterilization technique over autoclaving and
gamma-irradiation, since this technique neither modifies the structure nor
degrades the component materials of the PLA/G5 composite. The wettabil-
ity results obtained for the sterilized materials showed a slight increment
in the material hydrophilicity (Table 6). The mechanism by which the steril-
ization process modifies the material surface is still not clear. However, this
may be due to a reaction between the sterilization agent and PLA, leading to
a hydroxyl or similar group that would increase the hydrophilicity of the com-
posite. For other materials studied in our laboratory, the changes in wetting
behavior due to the sterilization treatment can be attributed to the changes
that the small amount of contamination remaining on the biomaterial sur-
face induces in the Lewis-basic component of the surface energy. Ethylene
oxide sterilization changes the titanium surface from being an electron donor
(nontreated) to bipolar (sterilized).

4
Protein Adsorption

Cell adhesion takes place in two different stages. The first stage consists of
the adsorption of a layer of proteins that selectively adhere onto the bio-
material surface, and is completed in an interval from seconds up to a few
minutes [40]. This is mainly mediated by the surface properties. The sec-
ond stage involves cell adhesion onto the layer of proteins. This is a more
complex process, mediated by extracellular matrix (ECM) proteins, cell mem-
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brane proteins, and cytoskeletal proteins [41]. The cell membrane proteins,
and in particular the integrins, interact with the layer of adsorbed proteins,
the ECM proteins, and cytoskeletal proteins in order to promote the adhe-
sion of cells to the materials. The interactions between ECM proteins and the
integrin-receptor binding domains are of great importance since they have
crucial effects on cell function. Indeed, the protein–integrin interactions can
affect cell adhesion, motility, conformation, and differentiation. Thereby, the
interactions between these proteins with the substrate and with the cells are
of paramount importance [42].

Fibronectin, vitronectin, and type I collagen are some of the most rep-
resentative ECM proteins involved in cell adhesion processes, therefore ad-
sorption studies with these proteins and the PLA/G5 composite material have
been performed. Preliminary studies have shown that all proteins adhere bet-
ter to the G5 (the most hydrophilic material) than to the other materials.
Vitronectin presented the best adhesion with PLA (the most hydrophobic
material), and the PLA/glass composite presented an intermediate behavior.
Further experiments are being conducted to evaluate the direct implication of
the main proteins present in ECM to regulate cell proliferation and differenti-
ation in the studied materials, and to obtain information on how the quality
of the surface (physicochemical and topographical) influences the adsorbed
protein layer.

5
Biological Behavior

In vitro models are the first approach used to understand the cell–substrate
interaction and biocompatibility of the materials. Cell cultures are ideal sys-
tems for the analysis of a specific cell type under certain conditions because
they avoid the complexity of the numerous variables involved in in vivo stud-
ies. It is not possible, however, to directly extrapolate in vitro results to in vivo
results. Indeed, in a previous study performed with two CaP glass formula-
tions with different solubilities, in vitro studies indicated that the differences
in solubility affect cell cultures [23, 43]. However, in vivo, the differences in
solubility were not evident and the two materials presented good biocompat-
ibility.

Cell cultures performed with MG63 osteoblast-like human cells have in-
dicated that the composite material is noncytotoxic and that the initial at-
tachment of the cells to the PLA, G5, and PLA/G5 substrates, is better for
the G5-glass (the most hydrophilic material) than for the other two materi-
als, PLA (the most hydrophobic material) being the substrate with the lowest
amount of attached cells. Besides, proliferation and differentiation assays
have suggested that the most hydrophilic surface triggered the differentia-
tion process earlier than the hydrophobic surfaces (Fig. 5). Furthermore, SEM
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Fig. 5 a MTT results of the effect of the PLA and PLA/G5 composite material on MG63
cell proliferation. b Alkaline phoshatase activity (ALP) values of MG63 cells after 11 days
of culture. c Osteocalcin values of the MG63 cells after 11 days of culture

images have shown significant differences in the morphology of the cells cul-
tured on the substrates with flat or rough surfaces. PLA and G5 flat surfaces
presented flat extended cells, while the composite rough material induced
conformational changes in the cell cytoskeleton. These changes were mir-
rored in more rounded cells (Fig. 6).
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Fig. 6 MG63 osteoblast-like cells on a G5/PLA composite surface showing round shapes

6
Development of a Bioabsorbable Composite Scaffold

The composite material made of PLA and the G5-glass has been used to make
scaffolds for tissue engineering. Tissue engineering can be briefly defined as the
“... engineering of living tissues ...” [44]. In other words, living cells are grown,
either in vitro or in vivo, on degradable scaffolds. The scaffolds should offer:

1. A 3D highly porous interconnected network.
2. Adequate mechanical properties relative to the site of implantation and

the cells’ requirements.
3. Biocompatibility and bioresorbability.
4. A suitable surface quality – physical, chemical and topographical proper-

ties – for cell attachment [45]. Thus, the scaffolds should act as surrogate
extracellular matrices until the cells create their own [46].

Various fabrication methods have been developed in order to attain the 3D
scaffold characteristics. In the case of synthetic polymer or polymer-matrix
composite scaffolds, the methods include [47]: solvent casting and particle
leaching, phase separation, extrusion, gas foaming, and free form fabrication.
Each method presents certain advantages with respect to others, ranging from
ease of manufacture to control of the microstructure/nanostructure. Solvent
casting and phase separation methods have been studied at our laboratory.

6.1
Solvent Casting

The solvent casting method was developed by Mikos et al. [48] amongst
others for pure PLA, and several authors have used the method to manufac-
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Fig. 7 SEM image of a composite scaffold produced by solvent casting and particle
leaching. The black arrows indicate glass particles. The magnification bar corresponds to
200 µm

ture composite scaffolds [49–52]. The method consists of dissolving a poly-
mer in a solvent, and adding particles of a leachable porogen: salt, glucose,
etc. The mixture forms a thick paste, which is left to dry in air or under
vacuum until the solvent has evaporated completely. The porogen is then
dissolved in water by soaking the paste for several days, leaving behind a net-
work of interconnected pores (Fig. 7). In the case of composites, the second
phase (i.e., the glass particles) is added with the porogen and remains within
the structure after the porogen is leached out. The advantage of the sol-
vent casting method is that it is a simple and fairly reproducible method
which does not require sophisticated apparatus. The disadvantages include
thickness limitations intrinsic to the particle leaching process and limited
mechanical properties. Further, some authors question the homogeneity and
interconnection of the pores in the scaffolds, as well as the presence of re-
sidual porogen [53]. As with the solid composite material, the addition of
glass particles is meant to increase bioactivity and reinforce mechanical prop-
erties.

6.1.1
Macroporosity

The morphology, magnitude, and interconnection of the scaffolds’ porosity
are critical factors in assessing their viability as tissue engineering devices.
The structure of the scaffolds and their porosity should transmit the cues for
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cell adhesion, proliferation, and differentiation, as well as allowing the de-
livery of nutrients and waste products. It is thus very important to quantify
the porosity and to understand which factors play an important role in its
tailoring.

A typical solvent cast scaffold is manufactured with approximately 90 wt %
of porogen, which produces between 85 and 95% porosities. The influence of
scaffold composition on its macroporosity was studied thoroughly at our lab-
oratory using NaCl as a porogen (unpublished data). The magnitude of the
porosity is mainly influenced by the wt % of NaCl particles, whereas the pore
morphology is chiefly affected by the NaCl particle size (Fig. 8). Neither the
wt % nor the size of the G5-glass particles affected the porosity of the com-
posite scaffolds. The interconnection of the pores becomes obvious at high
porosities, and is implicit to the particle leaching method if no NaCl remains.
The solvent casting method produces a very homogeneous distribution of the
glass particles, as can be seen in (Fig. 9).

Fig. 8 SEM images of composite scaffolds made by solvent and casting illustrating the
effects of changing porogen particle size and weight percent on the porosity. a 75 wt %
and large particle size, b 94 wt % of porogen and large particle size, c 94 wt % and small
particle size, and d 94 wt % of porogen and large particle size. All magnification bars
correspond to 1 mm
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Fig. 9 Synchrotron radiation X-ray projection of a scaffold made by solvent casting. The
image reveals the homogeneity of the glass particle distribution. The height of the sample
seen in the image is approximately 1 mm and the length seen in the image is approxi-
mately 1.5 mm

6.1.2
Mechanical Properties

The mechanical properties of the scaffolds are usually measured by perform-
ing compression tests. For scaffolds with 85–95% porosities, stiffness ranged
between 100 and 150kPa, yield stresses ranged between 25 and 35kPa, and
yield strains ranged between 15 and 60%. Similar values for stiffness are re-
ported in the literature for these porosity levels [54, 55]. Yield properties,
however, are often not reported or are poorly defined, and are thus difficult
to compare.

The stiffness of the scaffolds decreases as their porosity and wt % of the
G5-glass phase increases. The negative effect of the porosity is logical since
a higher porosity means less material is supporting the compressive force.
The effect of the G5 particles on stiffness may seem surprising, though it is
in accordance with composite material mechanics, in which an increase in
Young’s modulus is mainly attained by introducing a reinforcing phase in the
form of fibers, not particles. This effect may be suppressed by improving the
adhesion between the PLA matrix and the glass particles.

The glass phase does, however, reinforce the scaffolds’ yield properties
significantly (Fig. 10). The yield properties are perhaps the most critical me-
chanical properties because they guarantee the integrity of the macroporous
network, which is vital for the cells.
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Fig. 10 Differences between yield strain for scaffolds with 20 and 50 wt % of glass par-
ticles. The size of the porogen and glass particles varies between compositions 1–4

As a consequence of these results and those of the previous section, the
wt % of G5-glass particle can be increased to improve yield properties and
potential bioactivity of the scaffolds, without affecting the scaffold’s macro-
porosity.

6.2
Phase Separation

The phase separation technique may prove to be a useful alternative for
manufacturing composite biodegradable scaffolds with specific properties.
Phase separation of polylactide solutions was first developed by Schugens
et al. [56, 57] to produce PLA scaffolds. Later, several authors applied this
technique to composite scaffolds [58–61], and have even combined it with
solvent casting [62]. The method consists of inducing a solid–liquid or liquid–
liquid phase separation of a polylactide solution. The polymer is dissolved
in a solvent, often dioxane, and quenched at a certain temperature rang-
ing from 0 ◦C to – 196 ◦C. The solutions are finally freeze-dried for several
days at around 10–2 Torr. This method creates a very distinct microstructure
(Fig. 11), which can be controlled by varying certain processing parameters
such as the quenching temperature, the freeze-drying temperature, and the
polymer concentration.

Preliminary studies using phase separation for fabrication of G5/PLA scaf-
folds show promising results in certain critical aspects. The glass particle in
Fig. 12 seems entrapped within the scaffold’s microstructure and may con-
tribute to its stiffness. The relative anisotropy of the microstructure may be
exploited for specific applications such as nerve regeneration [56]. Further-
more, the phase separation method creates both macro- and microporosity,
which would enable cell adhesion in the macropores, and allow the infiltra-
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Fig. 11 SEM image of a composite scaffold produced by phase separation. The black arrow
indicates a glass particle. The magnification bar corresponds to 80 µm

Fig. 12 SEM image of a phase separated scaffold. Two distinct pore sizes can be observed.
The magnification bar corresponds to 100 µm

tion of vital blood vessels through the micropores (Fig. 12). From a topo-
graphical point of view, the phase separation technique also provides inter-
esting results. Apart from controlling the macrostructure and porosity, the
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Fig. 13 SEM images of scaffolds prepared by phase separation with different topographical
features. a Shows a scaffold with a relatively smooth surface even at high magnifica-
tions (image to the right). A microstructure within the pore walls is also visible. b
Shows a scaffold with a distinct microporosity and nanosize wave-like features. The
magnification bars of the images to the left correspond to 100 µm, those on the images
to the right correspond to 40 µm

processing conditions produce a variety of micro- and nanotopographical
features (Fig. 13). As explained before, taking the advantages related to both
micro- and nanotopographical roughness, the cell behavior could be ade-
quately affected and even effectively tailored.

7
Conclusion

The development of scaffolds made of a biodegradable composite (PLA/cal-
cium phosphate glass) for bone tissue engineering applications is of major
interest as an alternative to existing bone grafts, and is being pursued at
our laboratory. The degradability, mechanical properties, and quality of the
porosity of these scaffolds have been thoroughly characterized. Moreover,
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surface properties such as topography, surface energy, and wettability in dif-
ferent dimensional scales were measured in order to correlate them to the
biological response of the constructs. The interaction between the synthetic
material and biological entities (proteins and cells) is the key issue in deter-
mining the success of the potential scaffold. Thus, control of the material’s
surface quality by means of the fabrication process is our main challenge in
this exciting field of research.

References

1. Middleton JC, Tipton AJ (2000) Biomaterials 21:2335
2. Athanasiou KA, Agrawal CM, Barber FA, Burkhart SS (1998) Arthroscopy 14:726
3. An Y, Woolf SFR (2000) Biomaterials 21:2635
4. Rokkanen P (2000) Biomaterials 21:2607
5. Burnie J, Gilchrist T (1981) Biomaterials 2:244
6. Vogel P, Wange P, Hartmann P (1997) Glasstech Ber Glass Sci Tech 70:220
7. Franks K, Abrahams I, Knowles JC (2000) J Mater Sci-Mater Med 11:609
8. Boyan BD, Dean DD, Lohmann CH, Cochran DL, Sylvia VL, Schwartz Z (2001) The

titanium bone-cell interface in vitro: the role of the surface in promoting osseoin-
tegration. In: Brunette DM, Tengvall P, Textor M, Thomsen P (eds) Titanium in
medicine: material science, surface science, engineering, biological responses and
medical applications. Springer, Berlin Heidelberg New York, p 561

9. Anselme K (2000) Biomaterials 21:667
10. Iuliano DJ, Saavedra SS, Truskey GA (1993) J Biomed Mater Res 27:1103
11. Albelda SM, Buck CA (1990) FASEB J 4:2068
12. Van Wazer JR (1958) Phosphorous and its compounds. Interscience, New York
13. Lin ST, Krebs SL, Kadiyala S, Leong KW, Lacourse WC, Kumar B (1994) Biomaterials

15:1057
14. Clement J, Torres P, Gil FJ, Planell JA, Terradas R, Martinez S (1999) J Mater Sci-Mater

Med 10:437
15. Clement J, Eckeberg L, Martínez S, Ginebra MP, Gil FJ, Planell JA (1998) Key Eng

Mater 11:141
16. Clement J, Manero JM, Planell JA, Avila G, Martinez S (1999) J Mater Sci-Mater Med

10:729
17. Navarro M, Ginebra MP, Clement J, Martinez S, Avila G, Planell JA (2003) J Am

Ceramic Soc 86:1345
18. Clement J, Avila G, Navarro M, Martínez S, Ginebra MP, Planell JA (2001) Chemical

durability and mechanical properties of calcium phosphate glasses with the addition
of Fe2O3, TiO2 and ZnO. Key Eng Mater 192–195:621

19. Navarro M, Clement J, Ginebra MP, Martinez S, Avila G, Planell JA (2002) Key Eng
Mater 218–220:275

20. Kokubo T, Kushitani H, Sakka S, Kitsugi T, Yamamuro T (1990) J Biomed Mater Res
24:721

21. Navarro M, Ginebra MP, Clement J, Martinez S, Avila G, Planell JA (2003) J Am
Ceramic Soc 86:1345

22. Navarro M, Ginebra MP, Planell JA (2003) J Biomed Mater Res Part A 67A:1009
23. Navarro M, Sanzana E, Planell JA, Ginebra MP, Torres P (2005) Key Eng Mater 284–

286:893



Development of a Biodegradable Composite Scaffold 231

24. Raiha JE (1992) Clin Mater 10:35
25. Vert M, Li SM, Spenlehauer G, Guerin P (1992) J Mater Sci-Mater Med 3:432
26. Huffman KR, Casey DJ (1985) J Polym Sci Part A-Polym Chem 23:1939
27. Garcia AJ, Keselowsky BG (2002) Crit Rev Eukaryotic Gene Expression 12:151
28. Hench LL, Polak JM (2002) Science 295:1014
29. Curtis ASG, Clark P (1992) Crit Rev Biocomp 5:343
30. Curtis ASG, Wilkinson C (1997) Biomaterials 18:1573
31. Zinger O, Anselme K, Denzer A, Habersetzer P, Wieland M, Jeanfils J, Hardouin P,

Landolt D (2004) Biomaterials 25:2695
32. Boyan BD, Schwartz Z (1999) Modulation of osteogenesis via implant surface design.

In: Davies JE (ed) Bone engineering. Em squared, Toronto, p 232
33. Aparicio C (2004) PhD Thesis, Technical University of Catalonia
34. Vogler EA (1993) Interfacial chemistry in biomaterials science. In: Berg JC (ed) Wet-

tability, surfactant science series. Dekker, New York, chap 4, p 183
35. Lampin M, WarocquierClerout R, Legris C, Degrange M, SigotLuizard MF (1997)

J Biomed Mater Res 36:99
36. Keselowsky BG, Collard DM, Garcia AJ (2004) Biomaterials 25:5947
37. Vogler EA (1998) Adv Colloid Interface Sci 74:69
38. Shibuichi S, Onda T, Satoh K, Tsujii J (1996) Phys Chem 100:19512
39. Bico J, Thiuele U, Quéré D (2002) Coll Surf A: Physicochem Eng Aspects 206:41
40. Meyer AE, Beyer RE, Naatiella JR, Meenaghan MA (1988) J Oral Implantol 14:363
41. Lüthen F, Lange R, Becker P, Rychly J, Beck U, Nebe B (2005) Biomaterials 26:2423
42. Horbett TA (1996) Proteins: structure, properties, and adsorption to surfaces. In: Rat-

ner BD, Hoffman AS, Choen FJ, Leomns JE (eds) Biomaterials science. Academic, San
Diego, p 133

43. Navarro M, Ginebra MP, Planell JA (2003) J Biomed Mater Res Part A 67A:1009
44. Griffith LG, Naughton G (2002) Science 295:1009
45. Hutmacher DW (2000) Biomaterials 21:2529
46. Sipe JD (2002) Ann NY Acad Sci 961:1
47. Liu X, Ma PX (2004) Ann Biomed Eng 32:477
48. Mikos AG, Thorsen AJ, Czerwonka LA, Bao Y, Langer R, Winslow DN, Vacanti JP

(1994) Polymer 35:1068
49. Thomson RC, Yaszemski MJ, Powers JM, Mikos AG (1998) Biomaterials 19:1935
50. Marra KG, Szem JW, Kumta PN, DiMilla PA, Weiss LE (1999) J Biomed Mater Res

47:324
51. Kasuga T, Maeda H, Kato K, Nogami M, Hata K, Ueda M (2003) Biomaterials 24:3247
52. Liu Q, de Wijn JR, van Blitterswijk CA (1998) J Biomed Mater Res 40:490
53. Nam YS, Park TG (1999) J Biomed Mater Res 47:8
54. Ma PX, Choi J (2003) Tissue Eng 7:23
55. Spaans CJ, Belgraver VW, Rienstra O, de Groot JH, Veth RPH, Pennings AJ (2000)

Biomaterials 21:2453
56. Schugens C, Maquet V, Grandfils C, Jerome R, Teyssie P (1996) J Biomed Mater Res 30:449
57. Schugens C, Maquet V, Grandfils C, Jerome R, Teyssie P (1996) Polymer 37:1027
58. Roether JA, Boccaccini AR, Hench LL, Maquet V, Gautier S, Jérôme R (2002) Bioma-

terials 23:3871
59. Zhang Y, Zhang M (2001) J Biomed Mater Res 55:304
60. Ciapetti G, Ambrosio L, Savarino L, Granchi D, Cenni E, Baldini N, Pagani S, Guiz-

zardi S, Causa F, Giunti A (2003) Biomaterials 24:3815
61. Zhang R, Ma PX (1999) J Biomed Mater Res 44:446
62. Cai Q, Yang J, Bei J, Wang S (2002) Biomaterials 23:4483



Author Index Volumes 101–200

Author Index Volumes 1–100 see Volume 100

de Abajo, J. and de la Campa, J. G.: Processable Aromatic Polyimides. Vol. 140, pp. 23–60.
Abe, A., Furuya, H., Zhou, Z., Hiejima, T. and Kobayashi, Y.: Stepwise Phase Transitions

of Chain Molecules: Crystallization/Melting via a Nematic Liquid-Crystalline Phase.
Vol. 181, pp. 121–152.

Abetz, V. and Simon, P. F. W.: Phase Behaviour and Morphologies of Block Copolymers.
Vol. 189, pp. 125–212.

Abetz, V. see Förster, S.: Vol. 166, pp. 173–210.
Adolf, D. B. see Ediger, M. D.: Vol. 116, pp. 73–110.
Advincula R.: Polymer Brushes by Anionic and Cationic Surface-Initiated Polymerization

(SIP). Vol. 197, pp. 107–136.
Aharoni, S. M. and Edwards, S. F.: Rigid Polymer Networks. Vol. 118, pp. 1–231.
Akgun, B. see Brittain, W. J.: Vol. 198, pp. 125–147.
Alakhov, V. Y. see Kabanov, A. V.: Vol. 193, pp. 173–198.
Albertsson, A.-C. and Varma, I. K.: Aliphatic Polyesters: Synthesis, Properties and Applica-

tions. Vol. 157, pp. 99–138.
Albertsson, A.-C. see Edlund, U.: Vol. 157, pp. 53–98.
Albertsson, A.-C. see Söderqvist Lindblad, M.: Vol. 157, pp. 139–161.
Albertsson, A.-C. see Stridsberg, K. M.: Vol. 157, pp. 27–51.
Albertsson, A.-C. see Al-Malaika, S.: Vol. 169, pp. 177–199.
Albrecht, K., Mourran, A. and Moeller, M.: Surface Micelles and Surface-Induced Nanopat-

terns Formed by Block Copolymers. Vol. 200, pp. 57–70.
Al-Hussein, M. see de Jeu, W. H.: Vol. 200, pp. 71–90.
Allegra, G. and Meille, S. V.: Pre-Crystalline, High-Entropy Aggregates: A Role in Polymer

Crystallization? Vol. 191, pp. 87–135.
Allen, S. see Ellis, J. S.: Vol. 193, pp. 123–172.
Al-Malaika, S.: Perspectives in Stabilisation of Polyolefins. Vol. 169, pp. 121–150.
Alonso, M. see Rodríguez-Cabello, J. C.: Vol. 200, pp. 119–168.
Altstädt, V.: The Influence of Molecular Variables on Fatigue Resistance in Stress Cracking

Environments. Vol. 188, pp. 105–152.
Améduri, B., Boutevin, B. and Gramain, P.: Synthesis of Block Copolymers by Radical

Polymerization and Telomerization. Vol. 127, pp. 87–142.
Améduri, B. and Boutevin, B.: Synthesis and Properties of Fluorinated Telechelic Monodis-

persed Compounds. Vol. 102, pp. 133–170.
Ameduri, B. see Taguet, A.: Vol. 184, pp. 127–211.
Amir, R. J. and Shabat, D.: Domino Dendrimers. Vol. 192, pp. 59–94.
Amselem, S. see Domb, A. J.: Vol. 107, pp. 93–142.
Anantawaraskul, S., Soares, J. B. P. and Wood-Adams, P. M.: Fractionation of Semicrystalline

Polymers by Crystallization Analysis Fractionation and Temperature Rising Elution
Fractionation. Vol. 182, pp. 1–54.



234 Author Index Volumes 101–200

Andrady, A. L.: Wavelenght Sensitivity in Polymer Photodegradation. Vol. 128, pp. 47–94.
Andreis, M. and Koenig, J. L.: Application of Nitrogen–15 NMR to Polymers. Vol. 124,

pp. 191–238.
Angiolini, L. see Carlini, C.: Vol. 123, pp. 127–214.
Anjum, N. see Gupta, B.: Vol. 162, pp. 37–63.
Anseth, K. S., Newman, S. M. and Bowman, C. N.: Polymeric Dental Composites: Properties

and Reaction Behavior of Multimethacrylate Dental Restorations. Vol. 122, pp. 177–218.
Antonietti, M. see Cölfen, H.: Vol. 150, pp. 67–187.
Aoki, H. see Ito, S.: Vol. 182, pp. 131–170.
Aparicio, C. see Navarro, M.: Vol. 200, pp. 209–232.
Arias, F. J. see Rodríguez-Cabello, J. C.: Vol. 200, pp. 119–168.
Armitage, B. A. see O’Brien, D. F.: Vol. 126, pp. 53–58.
Arnal, M. L. see Müller, A. J.: Vol. 190, pp. 1–63.
Arndt, M. see Kaminski, W.: Vol. 127, pp. 143–187.
Arnold, A. and Holm, C.: Efficient Methods to Compute Long-Range Interactions for Soft

Matter Systems. Vol. 185, pp. 59–109.
Arnold Jr., F. E. and Arnold, F. E.: Rigid-Rod Polymers and Molecular Composites. Vol. 117,

pp. 257–296.
Arora, M. see Kumar, M. N. V. R.: Vol. 160, pp. 45–118.
Arshady, R.: Polymer Synthesis via Activated Esters: A New Dimension of Creativity in

Macromolecular Chemistry. Vol. 111, pp. 1–42.
Aseyev, V. O., Tenhu, H. and Winnik, F. M.: Temperature Dependence of the Colloidal Stability

of Neutral Amphiphilic Polymers in Water. Vol. 196, pp. 1–86.
Auer, S. and Frenkel, D.: Numerical Simulation of Crystal Nucleation in Colloids. Vol. 173,

pp. 149–208.
Auriemma, F., de Rosa, C. and Corradini, P.: Solid Mesophases in Semicrystalline Polymers:

Structural Analysis by Diffraction Techniques. Vol. 181, pp. 1–74.

Bahar, I., Erman, B. and Monnerie, L.: Effect of Molecular Structure on Local Chain Dynam-
ics: Analytical Approaches and Computational Methods. Vol. 116, pp. 145–206.

Baietto-Dubourg, M. C. see Chateauminois, A.: Vol. 188, pp. 153–193.
Ballauff, M. see Dingenouts, N.: Vol. 144, pp. 1–48.
Ballauff, M. see Holm, C.: Vol. 166, pp. 1–27.
Ballauff, M. see Rühe, J.: Vol. 165, pp. 79–150.
Balsamo, V. see Müller, A. J.: Vol. 190, pp. 1–63.
Baltá-Calleja, F. J., González Arche, A., Ezquerra, T. A., Santa Cruz, C., Batallón, F., Frick,

B. and López Cabarcos, E.: Structure and Properties of Ferroelectric Copolymers of
Poly(vinylidene) Fluoride. Vol. 108, pp. 1–48.

Baltussen, J. J. M. see Northolt, M. G.: Vol. 178, pp. 1–108.
Barnes, M. D. see Otaigbe, J. U.: Vol. 154, pp. 1–86.
Barnes, C. M. see Satchi-Fainaro, R.: Vol. 193, pp. 1–65.
Barsett, H. see Paulsen, S. B.: Vol. 186, pp. 69–101.
Barshtein, G. R. and Sabsai, O. Y.: Compositions with Mineralorganic Fillers. Vol. 101,

pp. 1–28.
Barton, J. see Hunkeler, D.: Vol. 112, pp. 115–134.
Baschnagel, J., Binder, K., Doruker, P., Gusev, A. A., Hahn, O., Kremer, K., Mattice, W. L.,

Müller-Plathe, F., Murat, M., Paul, W., Santos, S., Sutter, U. W. and Tries, V.: Bridging the
Gap Between Atomistic and Coarse-Grained Models of Polymers: Status and Perspec-
tives. Vol. 152, pp. 41–156.



Author Index Volumes 101–200 235

Bassett, D. C.: On the Role of the Hexagonal Phase in the Crystallization of Polyethylene.
Vol. 180, pp. 1–16.

Batallán, F. see Baltá-Calleja, F. J.: Vol. 108, pp. 1–48.
Batog, A. E., Pet’ko, I. P. and Penczek, P.: Aliphatic-Cycloaliphatic Epoxy Compounds and

Polymers. Vol. 144, pp. 49–114.
Batrakova, E. V. see Kabanov, A. V.: Vol. 193, pp. 173–198.
Baughman, T. W. and Wagener, K. B.: Recent Advances in ADMET Polymerization. Vol. 176,

pp. 1–42.
Baum, M. see Brittain, W. J.: Vol. 198, pp. 125–147.
Becker, O. and Simon, G. P.: Epoxy Layered Silicate Nanocomposites. Vol. 179, pp. 29–82.
Bell, C. L. and Peppas, N. A.: Biomedical Membranes from Hydrogels and Interpolymer

Complexes. Vol. 122, pp. 125–176.
Bellon-Maurel, A. see Calmon-Decriaud, A.: Vol. 135, pp. 207–226.
Bennett, D. E. see O’Brien, D. F.: Vol. 126, pp. 53–84.
Bergbreiter, D. E. and Kippenberger, A. M.: Hyperbranched Surface Graft Polymerizations.

Vol. 198, pp. 1–49.
Berry, G. C.: Static and Dynamic Light Scattering on Moderately Concentraded Solutions:

Isotropic Solutions of Flexible and Rodlike Chains and Nematic Solutions of Rodlike
Chains. Vol. 114, pp. 233–290.

Bershtein, V. A. and Ryzhov, V. A.: Far Infrared Spectroscopy of Polymers. Vol. 114,
pp. 43–122.

Bhargava, R., Wang, S.-Q. and Koenig, J. L: FTIR Microspectroscopy of Polymeric Systems.
Vol. 163, pp. 137–191.

Bhat, R. R., Tomlinson, M. R., Wu, T. and Genzer, J.: Surface-Grafted Polymer Gradients:
Formation, Characterization, and Applications. Vol. 198, pp. 51–124.

Biesalski, M. see Rühe, J.: Vol. 165, pp. 79–150.
Bigg, D. M.: Thermal Conductivity of Heterophase Polymer Compositions. Vol. 119,

pp. 1–30.
Binder, K.: Phase Transitions in Polymer Blends and Block Copolymer Melts: Some Recent

Developments. Vol. 112, pp. 115–134.
Binder, K.: Phase Transitions of Polymer Blends and Block Copolymer Melts in Thin Films.

Vol. 138, pp. 1–90.
Binder, K. see Baschnagel, J.: Vol. 152, pp. 41–156.
Binder, K., Müller, M., Virnau, P. and González MacDowell, L.: Polymer+Solvent Systems:

Phase Diagrams, Interface Free Energies, and Nucleation. Vol. 173, pp. 1–104.
Bird, R. B. see Curtiss, C. F.: Vol. 125, pp. 1–102.
Biswas, M. and Mukherjee, A.: Synthesis and Evaluation of Metal-Containing Polymers.

Vol. 115, pp. 89–124.
Biswas, M. and Sinha Ray, S.: Recent Progress in Synthesis and Evaluation of Polymer-

Montmorillonite Nanocomposites. Vol. 155, pp. 167–221.
Blankenburg, L. see Klemm, E.: Vol. 177, pp. 53–90.
Blickle, C. see Brittain, W. J.: Vol. 198, pp. 125–147.
Blumen, A. see Gurtovenko, A. A.: Vol. 182, pp. 171–282.
Bogdal, D., Penczek, P., Pielichowski, J. and Prociak, A.: Microwave Assisted Synthesis,

Crosslinking, and Processing of Polymeric Materials. Vol. 163, pp. 193–263.
Bohrisch, J., Eisenbach, C. D., Jaeger, W., Mori, H., Müller, A. H. E., Rehahn, M., Schaller, C.,

Traser, S. and Wittmeyer, P.: New Polyelectrolyte Architectures. Vol. 165, pp. 1–41.
Bolze, J. see Dingenouts, N.: Vol. 144, pp. 1–48.
Bosshard, C.: see Gubler, U.: Vol. 158, pp. 123–190.



236 Author Index Volumes 101–200

Boutevin, B. and Robin, J. J.: Synthesis and Properties of Fluorinated Diols. Vol. 102,
pp. 105–132.

Boutevin, B. see Améduri, B.: Vol. 102, pp. 133–170.
Boutevin, B. see Améduri, B.: Vol. 127, pp. 87–142.
Boutevin, B. see Guida-Pietrasanta, F.: Vol. 179, pp. 1–27.
Boutevin, B. see Taguet, A.: Vol. 184, pp. 127–211.
Bowman, C. N. see Anseth, K. S.: Vol. 122, pp. 177–218.
Boyd, R. H.: Prediction of Polymer Crystal Structures and Properties. Vol. 116, pp. 1–26.
Boyes, S. G. see Brittain, W. J.: Vol. 198, pp. 125–147.
Bracco, S. see Sozzani, P.: Vol. 181, pp. 153–177.
Briber, R. M. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Brittain, W. J., Boyes, S. G., Granville, A. M., Baum, M., Mirous, B. K., Akgun, B., Zhao, B.,

Blickle, C. and Foster, M. D.: Surface Rearrangement of Diblock Copolymer Brushes—
Stimuli Responsive Films. Vol. 198, pp. 125–147.

Bronnikov, S. V., Vettegren, V. I. and Frenkel, S. Y.: Kinetics of Deformation and Relaxation
in Highly Oriented Polymers. Vol. 125, pp. 103–146.

Brown, H. R. see Creton, C.: Vol. 156, pp. 53–135.
Bruza, K. J. see Kirchhoff, R. A.: Vol. 117, pp. 1–66.
Buchmeiser M. R.: Metathesis Polymerization To and From Surfaces. Vol. 197, pp. 137–171.
Buchmeiser, M. R.: Regioselective Polymerization of 1-Alkynes and Stereoselective Cy-

clopolymerization of a, w-Heptadiynes. Vol. 176, pp. 89–119.
Budkowski, A.: Interfacial Phenomena in Thin Polymer Films: Phase Coexistence and Seg-

regation. Vol. 148, pp. 1–112.
Bunz, U. H. F.: Synthesis and Structure of PAEs. Vol. 177, pp. 1–52.
Burban, J. H. see Cussler, E. L.: Vol. 110, pp. 67–80.
Burchard, W.: Solution Properties of Branched Macromolecules. Vol. 143, pp. 113–194.
Butté, A. see Schork, F. J.: Vol. 175, pp. 129–255.

Calmon-Decriaud, A., Bellon-Maurel, V., Silvestre, F.: Standard Methods for Testing the
Aerobic Biodegradation of Polymeric Materials. Vol. 135, pp. 207–226.

Cameron, N. R. and Sherrington, D. C.: High Internal Phase Emulsions (HIPEs)-Structure,
Properties and Use in Polymer Preparation. Vol. 126, pp. 163–214.

de la Campa, J. G. see de Abajo, J.: Vol. 140, pp. 23–60.
Candau, F. see Hunkeler, D.: Vol. 112, pp. 115–134.
Canelas, D. A. and DeSimone, J. M.: Polymerizations in Liquid and Supercritical Carbon

Dioxide. Vol. 133, pp. 103–140.
Canva, M. and Stegeman, G. I.: Quadratic Parametric Interactions in Organic Waveguides.

Vol. 158, pp. 87–121.
Capek, I.: Kinetics of the Free-Radical Emulsion Polymerization of Vinyl Chloride. Vol. 120,

pp. 135–206.
Capek, I.: Radical Polymerization of Polyoxyethylene Macromonomers in Disperse Systems.

Vol. 145, pp. 1–56.
Capek, I. and Chern, C.-S.: Radical Polymerization in Direct Mini-Emulsion Systems.

Vol. 155, pp. 101–166.
Cappella, B. see Munz, M.: Vol. 164, pp. 87–210.
Carlesso, G. see Prokop, A.: Vol. 160, pp. 119–174.
Carlini, C. and Angiolini, L.: Polymers as Free Radical Photoinitiators. Vol. 123, pp. 127–214.
Carter, K. R. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Casas-Vazquez, J. see Jou, D.: Vol. 120, pp. 207–266.



Author Index Volumes 101–200 237

Chan, C.-M. and Li, L.: Direct Observation of the Growth of Lamellae and Spherulites by
AFM. Vol. 188, pp. 1–41.

Chandrasekhar, V.: Polymer Solid Electrolytes: Synthesis and Structure. Vol. 135,
pp. 139–206.

Chang, J. Y. see Han, M. J.: Vol. 153, pp. 1–36.
Chang, T.: Recent Advances in Liquid Chromatography Analysis of Synthetic Polymers.

Vol. 163, pp. 1–60.
Charles-Harris, M. see Navarro, M.: Vol. 200, pp. 209–232.
Charleux, B. and Faust, R.: Synthesis of Branched Polymers by Cationic Polymerization.

Vol. 142, pp. 1–70.
Chateauminois, A. and Baietto-Dubourg, M. C.: Fracture of Glassy Polymers Within Sliding

Contacts. Vol. 188, pp. 153–193.
Chen, P. see Jaffe, M.: Vol. 117, pp. 297–328.
Chern, C.-S. see Capek, I.: Vol. 155, pp. 101–166.
Chevolot, Y. see Mathieu, H. J.: Vol. 162, pp. 1–35.
Chim, Y. T. A. see Ellis, J. S.: Vol. 193, pp. 123–172.
Choe, E.-W. see Jaffe, M.: Vol. 117, pp. 297–328.
Chow, P. Y. and Gan, L. M.: Microemulsion Polymerizations and Reactions. Vol. 175,

pp. 257–298.
Chow, T. S.: Glassy State Relaxation and Deformation in Polymers. Vol. 103, pp. 149–190.
Chujo, Y. see Uemura, T.: Vol. 167, pp. 81–106.
Chung, S.-J. see Lin, T.-C.: Vol. 161, pp. 157–193.
Chung, T.-S. see Jaffe, M.: Vol. 117, pp. 297–328.
Clarke, N.: Effect of Shear Flow on Polymer Blends. Vol. 183, pp. 127–173.
Coenjarts, C. see Li, M.: Vol. 190, pp. 183–226.
Cölfen, H. and Antonietti, M.: Field-Flow Fractionation Techniques for Polymer and Colloid

Analysis. Vol. 150, pp. 67–187.
Colmenero, J. see Richter, D.: Vol. 174, pp. 1–221.
Comanita, B. see Roovers, J.: Vol. 142, pp. 179–228.
Comotti, A. see Sozzani, P.: Vol. 181, pp. 153–177.
Connell, J. W. see Hergenrother, P. M.: Vol. 117, pp. 67–110.
Corradini, P. see Auriemma, F.: Vol. 181, pp. 1–74.
Creton, C., Kramer, E. J., Brown, H. R. and Hui, C.-Y.: Adhesion and Fracture of Interfaces

Between Immiscible Polymers: From the Molecular to the Continuum Scale. Vol. 156,
pp. 53–135.

Criado-Sancho, M. see Jou, D.: Vol. 120, pp. 207–266.
Curro, J. G. see Schweizer, K. S.: Vol. 116, pp. 319–378.
Curtiss, C. F. and Bird, R. B.: Statistical Mechanics of Transport Phenomena: Polymeric

Liquid Mixtures. Vol. 125, pp. 1–102.
Cussler, E. L., Wang, K. L. and Burban, J. H.: Hydrogels as Separation Agents. Vol. 110,

pp. 67–80.
Czub, P. see Penczek, P.: Vol. 184, pp. 1–95.

Dalton, L.: Nonlinear Optical Polymeric Materials: From Chromophore Design to Commer-
cial Applications. Vol. 158, pp. 1–86.

Dautzenberg, H. see Holm, C.: Vol. 166, pp. 113–171.
Davidson, J. M. see Prokop, A.: Vol. 160, pp. 119–174.
Davies, M. C. see Ellis, J. S.: Vol. 193, pp. 123–172.
Degenhart, G. H. see Schönherr, H.: Vol. 200, pp. 169–208.
Den Decker, M. G. see Northolt, M. G.: Vol. 178, pp. 1–108.



238 Author Index Volumes 101–200

Desai, S. M. and Singh, R. P.: Surface Modification of Polyethylene. Vol. 169, pp. 231–293.
DeSimone, J. M. see Canelas, D. A.: Vol. 133, pp. 103–140.
DeSimone, J. M. see Kennedy, K. A.: Vol. 175, pp. 329–346.
Dhal, P. K., Holmes-Farley, S. R., Huval, C. C. and Jozefiak, T. H.: Polymers as Drugs. Vol. 192,

pp. 9–58.
DiMari, S. see Prokop, A.: Vol. 136, pp. 1–52.
Dimonie, M. V. see Hunkeler, D.: Vol. 112, pp. 115–134.
Dingenouts, N., Bolze, J., Pötschke, D. and Ballauf, M.: Analysis of Polymer Latexes by

Small-Angle X-Ray Scattering. Vol. 144, pp. 1–48.
Dodd, L. R. and Theodorou, D. N.: Atomistic Monte Carlo Simulation and Continuum Mean

Field Theory of the Structure and Equation of State Properties of Alkane and Polymer
Melts. Vol. 116, pp. 249–282.

Doelker, E.: Cellulose Derivatives. Vol. 107, pp. 199–266.
Dolden, J. G.: Calculation of a Mesogenic Index with Emphasis Upon LC-Polyimides. Vol. 141,

pp. 189–245.
Domb, A. J., Amselem, S., Shah, J. and Maniar, M.: Polyanhydrides: Synthesis and Character-

ization. Vol. 107, pp. 93–142.
Domb, A. J. see Kumar, M. N. V. R.: Vol. 160, pp. 45–118.
Dordi, B. see Schönherr, H.: Vol. 200, pp. 169–208.
Doruker, P. see Baschnagel, J.: Vol. 152, pp. 41–156.
Dubois, P. see Mecerreyes, D.: Vol. 147, pp. 1–60.
Dubrovskii, S. A. see Kazanskii, K. S.: Vol. 104, pp. 97–134.
Dudowicz, J. see Freed, K. F.: Vol. 183, pp. 63–126.
Duncan, R., Ringsdorf, H. and Satchi-Fainaro, R.: Polymer Therapeutics: Polymers as Drugs,

Drug and Protein Conjugates and Gene Delivery Systems: Past, Present and Future
Opportunities. Vol. 192, pp. 1–8.

Duncan, R. see Satchi-Fainaro, R.: Vol. 193, pp. 1–65.
Dunkin, I. R. see Steinke, J.: Vol. 123, pp. 81–126.
Dunson, D. L. see McGrath, J. E.: Vol. 140, pp. 61–106.
Dyer D. J.: Photoinitiated Synthesis of Grafted Polymers. Vol. 197, pp. 47–65.
Dziezok, P. see Rühe, J.: Vol. 165, pp. 79–150.

Eastmond, G. C.: Poly(e-caprolactone) Blends. Vol. 149, pp. 59–223.
Ebringerová, A., Hromádková, Z. and Heinze, T.: Hemicellulose. Vol. 186, pp. 1–67.
Economy, J. and Goranov, K.: Thermotropic Liquid Crystalline Polymers for High Perfor-

mance Applications. Vol. 117, pp. 221–256.
Ediger, M. D. and Adolf, D. B.: Brownian Dynamics Simulations of Local Polymer Dynamics.

Vol. 116, pp. 73–110.
Edlund, U. and Albertsson, A.-C.: Degradable Polymer Microspheres for Controlled Drug

Delivery. Vol. 157, pp. 53–98.
Edwards, S. F. see Aharoni, S. M.: Vol. 118, pp. 1–231.
Eisenbach, C. D. see Bohrisch, J.: Vol. 165, pp. 1–41.
Ellis, J. S., Allen, S., Chim, Y. T. A., Roberts, C. J., Tendler, S. J. B. and Davies, M. C.: Molecular-

Scale Studies on Biopolymers Using Atomic Force Microscopy. Vol. 193, pp. 123–172.
Endo, T. see Yagci, Y.: Vol. 127, pp. 59–86.
Engel, E. see Navarro, M.: Vol. 200, pp. 209–232.
Engelhardt, H. and Grosche, O.: Capillary Electrophoresis in Polymer Analysis. Vol. 150,

pp. 189–217.



Author Index Volumes 101–200 239

Engelhardt, H. and Martin, H.: Characterization of Synthetic Polyelectrolytes by Capillary
Electrophoretic Methods. Vol. 165, pp. 211–247.

Eriksson, P. see Jacobson, K.: Vol. 169, pp. 151–176.
Erman, B. see Bahar, I.: Vol. 116, pp. 145–206.
Eschner, M. see Spange, S.: Vol. 165, pp. 43–78.
Estel, K. see Spange, S.: Vol. 165, pp. 43–78.
Estevez, R. and Van der Giessen, E.: Modeling and Computational Analysis of Fracture of

Glassy Polymers. Vol. 188, pp. 195–234.
Ewen, B. and Richter, D.: Neutron Spin Echo Investigations on the Segmental Dynamics of

Polymers in Melts, Networks and Solutions. Vol. 134, pp. 1–130.
Ezquerra, T. A. see Baltá-Calleja, F. J.: Vol. 108, pp. 1–48.

Fatkullin, N. see Kimmich, R.: Vol. 170, pp. 1–113.
Faust, R. see Charleux, B.: Vol. 142, pp. 1–70.
Faust, R. see Kwon, Y.: Vol. 167, pp. 107–135.
Fekete, E. see Pukánszky, B.: Vol. 139, pp. 109–154.
Fendler, J. H.: Membrane-Mimetic Approach to Advanced Materials. Vol. 113, pp. 1–209.
Feng, C. L. see Schönherr, H.: Vol. 200, pp. 169–208.
Fetters, L. J. see Xu, Z.: Vol. 120, pp. 1–50.
Fontenot, K. see Schork, F. J.: Vol. 175, pp. 129–255.
Förster, S., Abetz, V. and Müller, A. H. E.: Polyelectrolyte Block Copolymer Micelles. Vol. 166,

pp. 173–210.
Förster, S. and Schmidt, M.: Polyelectrolytes in Solution. Vol. 120, pp. 51–134.
Foster, M. D. see Brittain, W. J.: Vol. 198, pp. 125–147.
Freed, K. F. and Dudowicz, J.: Influence of Monomer Molecular Structure on the Miscibility

of Polymer Blends. Vol. 183, pp. 63–126.
Freire, J. J.: Conformational Properties of Branched Polymers: Theory and Simulations.

Vol. 143, pp. 35–112.
Frenkel, D. see Hu, W.: Vol. 191, pp. 1–35.
Frenkel, S. Y. see Bronnikov, S. V.: Vol. 125, pp. 103–146.
Frick, B. see Baltá-Calleja, F. J.: Vol. 108, pp. 1–48.
Fridman, M. L.: see Terent’eva, J. P.: Vol. 101, pp. 29–64.
Fuchs, G. see Trimmel, G.: Vol. 176, pp. 43–87.
Fuhrmann-Lieker, T. see Pudzich, R.: Vol. 199, pp. 83–142.
Fukuda, T. see Tsujii, Y.: Vol. 197, pp. 1–47.
Fukui, K. see Otaigbe, J. U.: Vol. 154, pp. 1–86.
Funke, W.: Microgels-Intramolecularly Crosslinked Macromolecules with a Globular Struc-

ture. Vol. 136, pp. 137–232.
Furusho, Y. see Takata, T.: Vol. 171, pp. 1–75.
Furuya, H. see Abe, A.: Vol. 181, pp. 121–152.

Galina, H.: Mean-Field Kinetic Modeling of Polymerization: The Smoluchowski Coagulation
Equation. Vol. 137, pp. 135–172.

Gan, L. M. see Chow, P. Y.: Vol. 175, pp. 257–298.
Ganesh, K. see Kishore, K.: Vol. 121, pp. 81–122.
Gaw, K. O. and Kakimoto, M.: Polyimide-Epoxy Composites. Vol. 140, pp. 107–136.
Geckeler, K. E. see Rivas, B.: Vol. 102, pp. 171–188.
Geckeler, K. E.: Soluble Polymer Supports for Liquid-Phase Synthesis. Vol. 121, pp. 31–80.
Gedde, U. W. and Mattozzi, A.: Polyethylene Morphology. Vol. 169, pp. 29–73.



240 Author Index Volumes 101–200

Gehrke, S. H.: Synthesis, Equilibrium Swelling, Kinetics Permeability and Applications of
Environmentally Responsive Gels. Vol. 110, pp. 81–144.

Geil, P. H., Yang, J., Williams, R. A., Petersen, K. L., Long, T.-C. and Xu, P.: Effect of Molecular
Weight and Melt Time and Temperature on the Morphology of Poly(tetrafluorethylene).
Vol. 180, pp. 89–159.

de Gennes, P.-G.: Flexible Polymers in Nanopores. Vol. 138, pp. 91–106.
Genzer, J. see Bhat, R. R.: Vol. 198, pp. 51–124.
Georgiou, S.: Laser Cleaning Methodologies of Polymer Substrates. Vol. 168, pp. 1–49.
Geuss, M. see Munz, M.: Vol. 164, pp. 87–210.
Giannelis, E. P., Krishnamoorti, R. and Manias, E.: Polymer-Silicate Nanocomposites: Model

Systems for Confined Polymers and Polymer Brushes. Vol. 138, pp. 107–148.
Van der Giessen, E. see Estevez, R.: Vol. 188, pp. 195–234.
Ginebra, M. P. see Navarro, M.: Vol. 200, pp. 209–232.
Girotti, A. see Rodríguez-Cabello, J. C.: Vol. 200, pp. 119–168.
Godovsky, D. Y.: Device Applications of Polymer-Nanocomposites. Vol. 153, pp. 163–205.
Godovsky, D. Y.: Electron Behavior and Magnetic Properties Polymer-Nanocomposites.

Vol. 119, pp. 79–122.
Gohy, J.-F.: Block Copolymer Micelles. Vol. 190, pp. 65–136.
Golze, S. see Korczagin, I.: Vol. 200, pp. 91–118.
González Arche, A. see Baltá-Calleja, F. J.: Vol. 108, pp. 1–48.
Goranov, K. see Economy, J.: Vol. 117, pp. 221–256.
Goto, A. see Tsujii, Y.: Vol. 197, pp. 1–47.
Gramain, P. see Améduri, B.: Vol. 127, pp. 87–142.
Granville, A. M. see Brittain, W. J.: Vol. 198, pp. 125–147.
Grein, C.: Toughness of Neat, Rubber Modified and Filled β-Nucleated Polypropylene: From

Fundamentals to Applications. Vol. 188, pp. 43–104.
Greish, K. see Maeda, H.: Vol. 193, pp. 103–121.
Grest, G. S.: Normal and Shear Forces Between Polymer Brushes. Vol. 138, pp. 149–184.
Grigorescu, G. and Kulicke, W.-M.: Prediction of Viscoelastic Properties and Shear Stability

of Polymers in Solution. Vol. 152, p. 1–40.
Grimsdale, A. C. and Müllen, K.: Polyphenylene-type Emissive Materials: Poly(para-phenyl-

ene)s, Polyfluorenes, and Ladder Polymers. Vol. 199, pp. 1–82.
Gröhn, F. see Rühe, J.: Vol. 165, pp. 79–150.
Grosberg, A. Y. and Khokhlov, A. R.: After-Action of the Ideas of I. M. Lifshitz in Polymer and

Biopolymer Physics. Vol. 196, pp. 189–210.
Grosberg, A. and Nechaev, S.: Polymer Topology. Vol. 106, pp. 1–30.
Grosche, O. see Engelhardt, H.: Vol. 150, pp. 189–217.
Grubbs, R., Risse, W. and Novac, B.: The Development of Well-defined Catalysts for Ring-

Opening Olefin Metathesis. Vol. 102, pp. 47–72.
Gubler, U. and Bosshard, C.: Molecular Design for Third-Order Nonlinear Optics. Vol. 158,

pp. 123–190.
Guida-Pietrasanta, F. and Boutevin, B.: Polysilalkylene or Silarylene Siloxanes Said Hybrid

Silicones. Vol. 179, pp. 1–27.
van Gunsteren, W. F. see Gusev, A. A.: Vol. 116, pp. 207–248.
Gupta, B. and Anjum, N.: Plasma and Radiation-Induced Graft Modification of Polymers

for Biomedical Applications. Vol. 162, pp. 37–63.
Gurtovenko, A. A. and Blumen, A.: Generalized Gaussian Structures: Models for Polymer

Systems with Complex Topologies. Vol. 182, pp. 171–282.
Gusev, A. A., Müller-Plathe, F., van Gunsteren, W. F. and Suter, U. W.: Dynamics of Small

Molecules in Bulk Polymers. Vol. 116, pp. 207–248.



Author Index Volumes 101–200 241

Gusev, A. A. see Baschnagel, J.: Vol. 152, pp. 41–156.
Guillot, J. see Hunkeler, D.: Vol. 112, pp. 115–134.
Guyot, A. and Tauer, K.: Reactive Surfactants in Emulsion Polymerization. Vol. 111, pp. 43–66.

Hadjichristidis, N. and Pispas, S.: Designed Block Copolymers for Ordered Polymeric Nano-
structures. Vol. 200, pp. 37–56.

Hadjichristidis, N., Pispas, S., Pitsikalis, M., Iatrou, H. and Vlahos, C.: Asymmetric Star
Polymers Synthesis and Properties. Vol. 142, pp. 71–128.

Hadjichristidis, N., Pitsikalis, M. and Iatrou, H.: Synthesis of Block Copolymers. Vol. 189,
pp. 1–124.

Hadjichristidis, N. see Xu, Z.: Vol. 120, pp. 1–50.
Hadjichristidis, N. see Pitsikalis, M.: Vol. 135, pp. 1–138.
Hahn, O. see Baschnagel, J.: Vol. 152, pp. 41–156.
Hakkarainen, M.: Aliphatic Polyesters: Abiotic and Biotic Degradation and Degradation

Products. Vol. 157, pp. 1–26.
Hakkarainen, M. and Albertsson, A.-C.: Environmental Degradation of Polyethylene.

Vol. 169, pp. 177–199.
Halary, J. L. see Monnerie, L.: Vol. 187, pp. 35–213.
Halary, J. L. see Monnerie, L.: Vol. 187, pp. 215–364.
Hall, H. K. see Penelle, J.: Vol. 102, pp. 73–104.
Hamley, I. W.: Crystallization in Block Copolymers. Vol. 148, pp. 113–138.
Hammouda, B.: SANS from Homogeneous Polymer Mixtures: A Unified Overview. Vol. 106,

pp. 87–134.
Han, M. J. and Chang, J. Y.: Polynucleotide Analogues. Vol. 153, pp. 1–36.
Harada, A.: Design and Construction of Supramolecular Architectures Consisting of Cy-

clodextrins and Polymers. Vol. 133, pp. 141–192.
Haralson, M. A. see Prokop, A.: Vol. 136, pp. 1–52.
Harding, S. E.: Analysis of Polysaccharides by Ultracentrifugation. Size, Conformation and

Interactions in Solution. Vol. 186, pp. 211–254.
Hasegawa, N. see Usuki, A.: Vol. 179, pp. 135–195.
Hassan, C. M. and Peppas, N. A.: Structure and Applications of Poly(vinyl alcohol) Hydrogels

Produced by Conventional Crosslinking or by Freezing/Thawing Methods. Vol. 153,
pp. 37–65.

Hawker, C. J.: Dentritic and Hyperbranched Macromolecules Precisely Controlled Macro-
molecular Architectures. Vol. 147, pp. 113–160.

Hawker, C. J. see Hedrick, J. L.: Vol. 141, pp. 1–44.
He, G. S. see Lin, T.-C.: Vol. 161, pp. 157–193.
Hedrick, J. L., Carter, K. R., Labadie, J. W., Miller, R. D., Volksen, W., Hawker, C. J., Yoon, D. Y.,

Russell, T. P., McGrath, J. E. and Briber, R. M.: Nanoporous Polyimides. Vol. 141, pp. 1–44.
Hedrick, J. L., Labadie, J. W., Volksen, W. and Hilborn, J. G.: Nanoscopically Engineered

Polyimides. Vol. 147, pp. 61–112.
Hedrick, J. L. see Hergenrother, P. M.: Vol. 117, pp. 67–110.
Hedrick, J. L. see Kiefer, J.: Vol. 147, pp. 161–247.
Hedrick, J. L. see McGrath, J. E.: Vol. 140, pp. 61–106.
Heine, D. R., Grest, G. S. and Curro, J. G.: Structure of Polymer Melts and Blends: Comparison

of Integral Equation theory and Computer Sumulation. Vol. 173, pp. 209–249.
Heinrich, G. and Klüppel, M.: Recent Advances in the Theory of Filler Networking in Elas-

tomers. Vol. 160, pp. 1–44.
Heinze, T. see Ebringerová, A.: Vol. 186, pp. 1–67.
Heinze, T. see El Seoud, O. A.: Vol. 186, pp. 103–149.



242 Author Index Volumes 101–200

Heller, J.: Poly (Ortho Esters). Vol. 107, pp. 41–92.
Helm, C. A. see Möhwald, H.: Vol. 165, pp. 151–175.
Hemielec, A. A. see Hunkeler, D.: Vol. 112, pp. 115–134.
Hempenius, M. A. see Korczagin, I.: Vol. 200, pp. 91–118.
Hergenrother, P. M., Connell, J. W., Labadie, J. W. and Hedrick, J. L.: Poly(arylene ether)s

Containing Heterocyclic Units. Vol. 117, pp. 67–110.
Hernández-Barajas, J. see Wandrey, C.: Vol. 145, pp. 123–182.
Hervet, H. see Léger, L.: Vol. 138, pp. 185–226.
Hiejima, T. see Abe, A.: Vol. 181, pp. 121–152.
Hikosaka, M., Watanabe, K., Okada, K. and Yamazaki, S.: Topological Mechanism of Polymer

Nucleation and Growth – The Role of Chain Sliding Diffusion and Entanglement. Vol. 191,
pp. 137–186.

Hilborn, J. G. see Hedrick, J. L.: Vol. 147, pp. 61–112.
Hilborn, J. G. see Kiefer, J.: Vol. 147, pp. 161–247.
Hillborg, H. see Vancso, G. J.: Vol. 182, pp. 55–129.
Hillmyer, M. A.: Nanoporous Materials from Block Copolymer Precursors. Vol. 190,

pp. 137–181.
Hiramatsu, N. see Matsushige, M.: Vol. 125, pp. 147–186.
Hirasa, O. see Suzuki, M.: Vol. 110, pp. 241–262.
Hirotsu, S.: Coexistence of Phases and the Nature of First-Order Transition in Poly-N-iso-

propylacrylamide Gels. Vol. 110, pp. 1–26.
Höcker, H. see Klee, D.: Vol. 149, pp. 1–57.
Holm, C. see Arnold, A.: Vol. 185, pp. 59–109.
Holm, C., Hofmann, T., Joanny, J. F., Kremer, K., Netz, R. R., Reineker, P., Seidel, C., Vilgis,

T. A. and Winkler, R. G.: Polyelectrolyte Theory. Vol. 166, pp. 67–111.
Holm, C., Rehahn, M., Oppermann, W. and Ballauff, M.: Stiff-Chain Polyelectrolytes. Vol. 166,

pp. 1–27.
Holmes-Farley, S. R. see Dhal, P. K.: Vol. 192, pp. 9–58.
Hornsby, P.: Rheology, Compounding and Processing of Filled Thermoplastics. Vol. 139,

pp. 155–216.
Houbenov, N. see Rühe, J.: Vol. 165, pp. 79–150.
Hromádková, Z. see Ebringerová, A.: Vol. 186, pp. 1–67.
Hu, W. and Frenkel, D.: Polymer Crystallization Driven by Anisotropic Interactions. Vol. 191,

pp. 1–35.
Huber, K. see Volk, N.: Vol. 166, pp. 29–65.
Hugenberg, N. see Rühe, J.: Vol. 165, pp. 79–150.
Hui, C.-Y. see Creton, C.: Vol. 156, pp. 53–135.
Hult, A., Johansson, M. and Malmström, E.: Hyperbranched Polymers. Vol. 143, pp. 1–34.
Hünenberger, P. H.: Thermostat Algorithms for Molecular-Dynamics Simulations. Vol. 173,

pp. 105–147.
Hunkeler, D., Candau, F., Pichot, C., Hemielec, A. E., Xie, T. Y., Barton, J., Vaskova, V., Guillot, J.,

Dimonie, M. V. and Reichert, K. H.: Heterophase Polymerization: A Physical and Kinetic
Comparision and Categorization. Vol. 112, pp. 115–134.

Hunkeler, D. see Macko, T.: Vol. 163, pp. 61–136.
Hunkeler, D. see Prokop, A.: Vol. 136, pp. 1–52; 53–74.
Hunkeler, D. see Wandrey, C.: Vol. 145, pp. 123–182.
Huval, C. C. see Dhal, P. K.: Vol. 192, pp. 9–58.

Iatrou, H. see Hadjichristidis, N.: Vol. 142, pp. 71–128.
Iatrou, H. see Hadjichristidis, N.: Vol. 189, pp. 1–124.



Author Index Volumes 101–200 243

Ichikawa, T. see Yoshida, H.: Vol. 105, pp. 3–36.
Ihara, E. see Yasuda, H.: Vol. 133, pp. 53–102.
Ikada, Y. see Uyama, Y.: Vol. 137, pp. 1–40.
Ikehara, T. see Jinnuai, H.: Vol. 170, pp. 115–167.
Ilavsky, M.: Effect on Phase Transition on Swelling and Mechanical Behavior of Synthetic

Hydrogels. Vol. 109, pp. 173–206.
Imai, M. see Kaji, K.: Vol. 191, pp. 187–240.
Imai, Y.: Rapid Synthesis of Polyimides from Nylon-Salt Monomers. Vol. 140, pp. 1–23.
Inomata, H. see Saito, S.: Vol. 106, pp. 207–232.
Inoue, S. see Sugimoto, H.: Vol. 146, pp. 39–120.
Irie, M.: Stimuli-Responsive Poly(N-isopropylacrylamide), Photo- and Chemical-Induced

Phase Transitions. Vol. 110, pp. 49–66.
Ise, N. see Matsuoka, H.: Vol. 114, pp. 187–232.
Ishikawa, T.: Advances in Inorganic Fibers. Vol. 178, pp. 109–144.
Ito, H.: Chemical Amplification Resists for Microlithography. Vol. 172, pp. 37–245.
Ito, K. and Kawaguchi, S.: Poly(macronomers), Homo- and Copolymerization. Vol. 142,

pp. 129–178.
Ito, K. see Kawaguchi, S.: Vol. 175, pp. 299–328.
Ito, S. and Aoki, H.: Nano-Imaging of Polymers by Optical Microscopy. Vol. 182, pp. 131–170.
Ito, Y. see Suginome, M.: Vol. 171, pp. 77–136.
Ivanov, A. E. see Zubov, V. P.: Vol. 104, pp. 135–176.

Jacob, S. and Kennedy, J.: Synthesis, Characterization and Properties of OCTA-ARM Poly-
isobutylene-Based Star Polymers. Vol. 146, pp. 1–38.

Jacobson, K., Eriksson, P., Reitberger, T. and Stenberg, B.: Chemiluminescence as a Tool for
Polyolefin. Vol. 169, pp. 151–176.

Jaeger, W. see Bohrisch, J.: Vol. 165, pp. 1–41.
Jaffe, M., Chen, P., Choe, E.-W., Chung, T.-S. and Makhija, S.: High Performance Polymer

Blends. Vol. 117, pp. 297–328.
Jancar, J.: Structure-Property Relationships in Thermoplastic Matrices. Vol. 139, pp. 1–66.
Jang, J.: Conducting Polymer Nanomaterials and Their Applications. Vol. 199, pp. 189–260.
Jen, A. K.-Y. see Kajzar, F.: Vol. 161, pp. 1–85.
Jerome, R. see Mecerreyes, D.: Vol. 147, pp. 1–60.
de Jeu, W. H. see Li, L.: Vol. 181, pp. 75–120.
de Jeu, W. H., Séréro, Y. and Al-Hussein, M.: Liquid Crystallinity in Block Copolymer Films

for Controlling Polymeric Nanopatterns. Vol. 200, pp. 71–90.
Jiang, M., Li, M., Xiang, M. and Zhou, H.: Interpolymer Complexation and Miscibility and

Enhancement by Hydrogen Bonding. Vol. 146, pp. 121–194.
Jin, J. see Shim, H.-K.: Vol. 158, pp. 191–241.
Jinnai, H., Nishikawa, Y., Ikehara, T. and Nishi, T.: Emerging Technologies for the 3D Analysis

of Polymer Structures. Vol. 170, pp. 115–167.
Jo, W. H. and Yang, J. S.: Molecular Simulation Approaches for Multiphase Polymer Systems.

Vol. 156, pp. 1–52.
Joanny, J.-F. see Holm, C.: Vol. 166, pp. 67–111.
Joanny, J.-F. see Thünemann, A. F.: Vol. 166, pp. 113–171.
Johannsmann, D. see Rühe, J.: Vol. 165, pp. 79–150.
Johansson, M. see Hult, A.: Vol. 143, pp. 1–34.
Joos-Müller, B. see Funke, W.: Vol. 136, pp. 137–232.
Jou, D., Casas-Vazquez, J. and Criado-Sancho, M.: Thermodynamics of Polymer Solutions

under Flow: Phase Separation and Polymer Degradation. Vol. 120, pp. 207–266.
Jozefiak, T. H. see Dhal, P. K.: Vol. 192, pp. 9–58.



244 Author Index Volumes 101–200

Kabanov, A. V., Batrakova, E. V., Sherman, S. and Alakhov, V. Y.: Polymer Genomics. Vol. 193,
pp. 173–198.

Kaetsu, I.: Radiation Synthesis of Polymeric Materials for Biomedical and Biochemical
Applications. Vol. 105, pp. 81–98.

Kaji, K., Nishida, K., Kanaya, T., Matsuba, G., Konishi, T. and Imai, M.: Spinodal Crystalliza-
tion of Polymers: Crystallization from the Unstable Melt. Vol. 191, pp. 187–240.

Kaji, K. see Kanaya, T.: Vol. 154, pp. 87–141.
Kajzar, F., Lee, K.-S. and Jen, A. K.-Y.: Polymeric Materials and their Orientation Techniques

for Second-Order Nonlinear Optics. Vol. 161, pp. 1–85.
Kakimoto, M. see Gaw, K. O.: Vol. 140, pp. 107–136.
Kaminski, W. and Arndt, M.: Metallocenes for Polymer Catalysis. Vol. 127, pp. 143–187.
Kammer, H. W., Kressler, H. and Kummerloewe, C.: Phase Behavior of Polymer Blends –

Effects of Thermodynamics and Rheology. Vol. 106, pp. 31–86.
Kanaya, T. and Kaji, K.: Dynamcis in the Glassy State and Near the Glass Transition of

Amorphous Polymers as Studied by Neutron Scattering. Vol. 154, pp. 87–141.
Kanaya, T. see Kaji, K.: Vol. 191, pp. 187–240.
Kandyrin, L. B. and Kuleznev, V. N.: The Dependence of Viscosity on the Composition of

Concentrated Dispersions and the Free Volume Concept of Disperse Systems. Vol. 103,
pp. 103–148.

Kaneko, M. see Ramaraj, R.: Vol. 123, pp. 215–242.
Kaneko, M. see Yagi, M.: Vol. 199, pp. 143–188.
Kang, E. T., Neoh, K. G. and Tan, K. L.: X-Ray Photoelectron Spectroscopic Studies of Elec-

troactive Polymers. Vol. 106, pp. 135–190.
Kaplan, D. L. see Singh, A.: Vol. 194, pp. 211–224.
Kaplan, D. L. see Xu, P.: Vol. 194, pp. 69–94.
Karlsson, S. see Söderqvist Lindblad, M.: Vol. 157, pp. 139–161.
Karlsson, S.: Recycled Polyolefins. Material Properties and Means for Quality Determination.

Vol. 169, pp. 201–229.
Kataoka, K. see Nishiyama, N.: Vol. 193, pp. 67–101.
Kato, K. see Uyama, Y.: Vol. 137, pp. 1–40.
Kato, M. see Usuki, A.: Vol. 179, pp. 135–195.
Kausch, H.-H. and Michler, G. H.: The Effect of Time on Crazing and Fracture. Vol. 187,

pp. 1–33.
Kausch, H.-H. see Monnerie, L. Vol. 187, pp. 215–364.
Kautek, W. see Krüger, J.: Vol. 168, pp. 247–290.
Kawaguchi, S. see Ito, K.: Vol. 142, pp. 129–178.
Kawaguchi, S. and Ito, K.: Dispersion Polymerization. Vol. 175, pp. 299–328.
Kawata, S. see Sun, H.-B.: Vol. 170, pp. 169–273.
Kazanskii, K. S. and Dubrovskii, S. A.: Chemistry and Physics of Agricultural Hydrogels.

Vol. 104, pp. 97–134.
Kennedy, J. P. see Jacob, S.: Vol. 146, pp. 1–38.
Kennedy, J. P. see Majoros, I.: Vol. 112, pp. 1–113.
Kennedy, K. A., Roberts, G. W. and DeSimone, J. M.: Heterogeneous Polymerization of Fluo-

roolefins in Supercritical Carbon Dioxide. Vol. 175, pp. 329–346.
Khalatur, P. G. and Khokhlov, A. R.: Computer-Aided Conformation-Dependent Design of

Copolymer Sequences. Vol. 195, pp. 1–100.
Khokhlov, A., Starodybtzev, S. and Vasilevskaya, V.: Conformational Transitions of Polymer

Gels: Theory and Experiment. Vol. 109, pp. 121–172.
Khokhlov, A. R. see Grosberg, A. Y.: Vol. 196, pp. 189–210.
Khokhlov, A. R. see Khalatur, P. G.: Vol. 195, pp. 1–100.



Author Index Volumes 101–200 245

Khokhlov, A. R. see Kuchanov, S. I.: Vol. 196, pp. 129–188.
Khokhlov, A. R. see Okhapkin, I. M.: Vol. 195, pp. 177–210.
Kiefer, J., Hedrick, J. L. and Hiborn, J. G.: Macroporous Thermosets by Chemically Induced

Phase Separation. Vol. 147, pp. 161–247.
Kihara, N. see Takata, T.: Vol. 171, pp. 1–75.
Kilian, H. G. and Pieper, T.: Packing of Chain Segments. A Method for Describing X-

Ray Patterns of Crystalline, Liquid Crystalline and Non-Crystalline Polymers. Vol. 108,
pp. 49–90.

Kim, J. see Quirk, R. P.: Vol. 153, pp. 67–162.
Kim, K.-S. see Lin, T.-C.: Vol. 161, pp. 157–193.
Kimmich, R. and Fatkullin, N.: Polymer Chain Dynamics and NMR. Vol. 170, pp. 1–113.
Kippelen, B. and Peyghambarian, N.: Photorefractive Polymers and their Applications.

Vol. 161, pp. 87–156.
Kippenberger, A. M. see Bergbreiter, D. E.: Vol. 198, pp. 1–49.
Kirchhoff, R. A. and Bruza, K. J.: Polymers from Benzocyclobutenes. Vol. 117, pp. 1–66.
Kishore, K. and Ganesh, K.: Polymers Containing Disulfide, Tetrasulfide, Diselenide and

Ditelluride Linkages in the Main Chain. Vol. 121, pp. 81–122.
Kitamaru, R.: Phase Structure of Polyethylene and Other Crystalline Polymers by Solid-State

13C/MNR. Vol. 137, pp. 41–102.
Klapper, M. see Rusanov, A. L.: Vol. 179, pp. 83–134.
Klee, D. and Höcker, H.: Polymers for Biomedical Applications: Improvement of the Interface

Compatibility. Vol. 149, pp. 1–57.
Klemm, E., Pautzsch, T. and Blankenburg, L.: Organometallic PAEs. Vol. 177, pp. 53–90.
Klier, J. see Scranton, A. B.: Vol. 122, pp. 1–54.
v. Klitzing, R. and Tieke, B.: Polyelectrolyte Membranes. Vol. 165, pp. 177–210.
Kloeckner, J. see Wagner, E.: Vol. 192, pp. 135–173.
Klüppel, M.: The Role of Disorder in Filler Reinforcement of Elastomers on Various Length

Scales. Vol. 164, pp. 1–86.
Klüppel, M. see Heinrich, G.: Vol. 160, pp. 1–44.
Knuuttila, H., Lehtinen, A. and Nummila-Pakarinen, A.: Advanced Polyethylene Technolo-

gies – Controlled Material Properties. Vol. 169, pp. 13–27.
Kobayashi, S. and Ohmae, M.: Enzymatic Polymerization to Polysaccharides. Vol. 194,

pp. 159–210.
Kobayashi, S. see Uyama, H.: Vol. 194, pp. 51–67.
Kobayashi, S. see Uyama, H.: Vol. 194, pp. 133–158.
Kobayashi, S., Shoda, S. and Uyama, H.: Enzymatic Polymerization and Oligomerization.

Vol. 121, pp. 1–30.
Kobayashi, T. see Abe, A.: Vol. 181, pp. 121–152.
Köhler, W. and Schäfer, R.: Polymer Analysis by Thermal-Diffusion Forced Rayleigh Scat-

tering. Vol. 151, pp. 1–59.
Koenig, J. L. see Bhargava, R.: Vol. 163, pp. 137–191.
Koenig, J. L. see Andreis, M.: Vol. 124, pp. 191–238.
Koike, T.: Viscoelastic Behavior of Epoxy Resins Before Crosslinking. Vol. 148, pp. 139–188.
Kokko, E. see Löfgren, B.: Vol. 169, pp. 1–12.
Kokufuta, E.: Novel Applications for Stimulus-Sensitive Polymer Gels in the Preparation of

Functional Immobilized Biocatalysts. Vol. 110, pp. 157–178.
Konishi, T. see Kaji, K.: Vol. 191, pp. 187–240.
Konno, M. see Saito, S.: Vol. 109, pp. 207–232.
Konradi, R. see Rühe, J.: Vol. 165, pp. 79–150.
Kopecek, J. see Putnam, D.: Vol. 122, pp. 55–124.



246 Author Index Volumes 101–200

Korczagin, I., Lammertink, R. G. H., Hempenius, M. A., Golze, S. and Vancso, G. J.: Surface
Nano- and Microstructuring with Organometallic Polymers. Vol. 200, pp. 91–118.

Koßmehl, G. see Schopf, G.: Vol. 129, pp. 1–145.
Kostoglodov, P. V. see Rusanov, A. L.: Vol. 179, pp. 83–134.
Kozlov, E. see Prokop, A.: Vol. 160, pp. 119–174.
Kramer, E. J. see Creton, C.: Vol. 156, pp. 53–135.
Kremer, K. see Baschnagel, J.: Vol. 152, pp. 41–156.
Kremer, K. see Holm, C.: Vol. 166, pp. 67–111.
Kressler, J. see Kammer, H. W.: Vol. 106, pp. 31–86.
Kricheldorf, H. R.: Liquid-Cristalline Polyimides. Vol. 141, pp. 83–188.
Krishnamoorti, R. see Giannelis, E. P.: Vol. 138, pp. 107–148.
Krüger, J. and Kautek, W.: Ultrashort Pulse Laser Interaction with Dielectrics and Polymers,

Vol. 168, pp. 247–290.
Kuchanov, S. I.: Modern Aspects of Quantitative Theory of Free-Radical Copolymerization.

Vol. 103, pp. 1–102.
Kuchanov, S. I. and Khokhlov, A. R.: Role of Physical Factors in the Process of Obtaining

Copolymers. Vol. 196, pp. 129–188.
Kuchanov, S. I.: Principles of Quantitive Description of Chemical Structure of Synthetic

Polymers. Vol. 152, pp. 157–202.
Kudaibergennow, S. E.: Recent Advances in Studying of Synthetic Polyampholytes in Solu-

tions. Vol. 144, pp. 115–198.
Kuleznev, V. N. see Kandyrin, L. B.: Vol. 103, pp. 103–148.
Kulichkhin, S. G. see Malkin, A. Y.: Vol. 101, pp. 217–258.
Kulicke, W.-M. see Grigorescu, G.: Vol. 152, pp. 1–40.
Kumar, M. N. V. R., Kumar, N., Domb, A. J. and Arora, M.: Pharmaceutical Polymeric Con-

trolled Drug Delivery Systems. Vol. 160, pp. 45–118.
Kumar, N. see Kumar, M. N. V. R.: Vol. 160, pp. 45–118.
Kummerloewe, C. see Kammer, H. W.: Vol. 106, pp. 31–86.
Kuznetsova, N. P. see Samsonov, G. V.: Vol. 104, pp. 1–50.
Kwon, Y. and Faust, R.: Synthesis of Polyisobutylene-Based Block Copolymers with Precisely

Controlled Architecture by Living Cationic Polymerization. Vol. 167, pp. 107–135.

Labadie, J. W. see Hergenrother, P. M.: Vol. 117, pp. 67–110.
Labadie, J. W. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Labadie, J. W. see Hedrick, J. L.: Vol. 147, pp. 61–112.
Lammertink, R. G. H. see Korczagin, I.: Vol. 200, pp. 91–118.
Lamparski, H. G. see O’Brien, D. F.: Vol. 126, pp. 53–84.
Laschewsky, A.: Molecular Concepts, Self-Organisation and Properties of Polysoaps. Vol. 124,

pp. 1–86.
Laso, M. see Leontidis, E.: Vol. 116, pp. 283–318.
Lauprêtre, F. see Monnerie, L.: Vol. 187, pp. 35–213.
Lazár, M. and Rychl, R.: Oxidation of Hydrocarbon Polymers. Vol. 102, pp. 189–222.
Lechowicz, J. see Galina, H.: Vol. 137, pp. 135–172.
Léger, L., Raphaël, E. and Hervet, H.: Surface-Anchored Polymer Chains: Their Role in

Adhesion and Friction. Vol. 138, pp. 185–226.
Lenz, R. W.: Biodegradable Polymers. Vol. 107, pp. 1–40.
Leontidis, E., de Pablo, J. J., Laso, M. and Suter, U. W.: A Critical Evaluation of Novel Al-

gorithms for the Off-Lattice Monte Carlo Simulation of Condensed Polymer Phases.
Vol. 116, pp. 283–318.

Lee, B. see Quirk, R. P.: Vol. 153, pp. 67–162.



Author Index Volumes 101–200 247

Lee, K.-S. see Kajzar, F.: Vol. 161, pp. 1–85.
Lee, Y. see Quirk, R. P.: Vol. 153, pp. 67–162.
Lehtinen, A. see Knuuttila, H.: Vol. 169, pp. 13–27.
Leónard, D. see Mathieu, H. J.: Vol. 162, pp. 1–35.
Lesec, J. see Viovy, J.-L.: Vol. 114, pp. 1–42.
Levesque, D. see Weis, J.-J.: Vol. 185, pp. 163–225.
Li, L. and de Jeu, W. H.: Flow-induced mesophases in crystallizable polymers. Vol. 181,

pp. 75–120.
Li, L. see Chan, C.-M.: Vol. 188, pp. 1–41.
Li, M., Coenjarts, C. and Ober, C. K.: Patternable Block Copolymers. Vol. 190, pp. 183–226.
Li, M. see Jiang, M.: Vol. 146, pp. 121–194.
Liang, G. L. see Sumpter, B. G.: Vol. 116, pp. 27–72.
Lienert, K.-W.: Poly(ester-imide)s for Industrial Use. Vol. 141, pp. 45–82.
Likhatchev, D. see Rusanov, A. L.: Vol. 179, pp. 83–134.
Lin, J. and Sherrington, D. C.: Recent Developments in the Synthesis, Thermostability and

Liquid Crystal Properties of Aromatic Polyamides. Vol. 111, pp. 177–220.
Lin, T.-C., Chung, S.-J., Kim, K.-S., Wang, X., He, G. S., Swiatkiewicz, J., Pudavar, H. E. and

Prasad, P. N.: Organics and Polymers with High Two-Photon Activities and their Appli-
cations. Vol. 161, pp. 157–193.

Linse, P.: Simulation of Charged Colloids in Solution. Vol. 185, pp. 111–162.
Lippert, T.: Laser Application of Polymers. Vol. 168, pp. 51–246.
Liu, Y. see Söderqvist Lindblad, M.: Vol. 157, pp. 139–161.
Long, T.-C. see Geil, P. H.: Vol. 180, pp. 89–159.
López Cabarcos, E. see Baltá-Calleja, F. J.: Vol. 108, pp. 1–48.
Lotz, B.: Analysis and Observation of Polymer Crystal Structures at the Individual Stem

Level. Vol. 180, pp. 17–44.
Löfgren, B., Kokko, E. and Seppälä, J.: Specific Structures Enabled by Metallocene Catalysis

in Polyethenes. Vol. 169, pp. 1–12.
Löwen, H. see Thünemann, A. F.: Vol. 166, pp. 113–171.
Lozinsky V. I.: Approaches to Chemical Synthesis of Protein-Like Copolymers. Vol. 196,

pp. 87–128.
Luo, Y. see Schork, F. J.: Vol. 175, pp. 129–255.

Macko, T. and Hunkeler, D.: Liquid Chromatography under Critical and Limiting Conditions:
A Survey of Experimental Systems for Synthetic Polymers. Vol. 163, pp. 61–136.

Maeda, H., Greish, K. and Fang, J.: The EPR Effect and Polymeric Drugs: A Paradigm Shift
for Cancer Chemotherapy in the 21st Century. Vol. 193, pp. 103–121.

Majoros, I., Nagy, A. and Kennedy, J. P.: Conventional and Living Carbocationic Polymer-
izations United. I. A Comprehensive Model and New Diagnostic Method to Probe the
Mechanism of Homopolymerizations. Vol. 112, pp. 1–113.

Makhaeva, E. E. see Okhapkin, I. M.: Vol. 195, pp. 177–210.
Makhija, S. see Jaffe, M.: Vol. 117, pp. 297–328.
Malmström, E. see Hult, A.: Vol. 143, pp. 1–34.
Malkin, A. Y. and Kulichkhin, S. G.: Rheokinetics of Curing. Vol. 101, pp. 217–258.
Maniar, M. see Domb, A. J.: Vol. 107, pp. 93–142.
Manias, E. see Giannelis, E. P.: Vol. 138, pp. 107–148.
Martin, H. see Engelhardt, H.: Vol. 165, pp. 211–247.
Marty, J. D. and Mauzac, M.: Molecular Imprinting: State of the Art and Perspectives. Vol. 172,

pp. 1–35.



248 Author Index Volumes 101–200

Mashima, K., Nakayama, Y. and Nakamura, A.: Recent Trends in Polymerization of a-Olefins
Catalyzed by Organometallic Complexes of Early Transition Metals. Vol. 133, pp. 1–52.

Mathew, D. see Reghunadhan Nair, C. P.: Vol. 155, pp. 1–99.
Mathieu, H. J., Chevolot, Y, Ruiz-Taylor, L. and Leónard, D.: Engineering and Characteriza-

tion of Polymer Surfaces for Biomedical Applications. Vol. 162, pp. 1–35.
Matsuba, G. see Kaji, K.: Vol. 191, pp. 187–240.
Matsuda T.: Photoiniferter-Driven Precision Surface Graft Microarchitectures for Biomed-

ical Applications. Vol. 197, pp. 67–106.
Matsumura S.: Enzymatic Synthesis of Polyesters via Ring-Opening Polymerization. Vol. 194,

pp. 95–132.
Matsumoto, A.: Free-Radical Crosslinking Polymerization and Copolymerization of Multi-

vinyl Compounds. Vol. 123, pp. 41–80.
Matsumoto, A. see Otsu, T.: Vol. 136, pp. 75–138.
Matsuoka, H. and Ise, N.: Small-Angle and Ultra-Small Angle Scattering Study of the Ordered

Structure in Polyelectrolyte Solutions and Colloidal Dispersions. Vol. 114, pp. 187–232.
Matsushige, K., Hiramatsu, N. and Okabe, H.: Ultrasonic Spectroscopy for Polymeric Mate-

rials. Vol. 125, pp. 147–186.
Mattice, W. L. see Rehahn, M.: Vol. 131/132, pp. 1–475.
Mattice, W. L. see Baschnagel, J.: Vol. 152, pp. 41–156.
Mattozzi, A. see Gedde, U. W.: Vol. 169, pp. 29–73.
Mauzac, M. see Marty, J. D.: Vol. 172, pp. 1–35.
Mays, W. see Xu, Z.: Vol. 120, pp. 1–50.
Mays, J. W. see Pitsikalis, M.: Vol. 135, pp. 1–138.
McGrath, J. E. see Hedrick, J. L.: Vol. 141, pp. 1–44.
McGrath, J. E., Dunson, D. L. and Hedrick, J. L.: Synthesis and Characterization of Segmented

Polyimide-Polyorganosiloxane Copolymers. Vol. 140, pp. 61–106.
McLeish, T. C. B. and Milner, S. T.: Entangled Dynamics and Melt Flow of Branched Polymers.

Vol. 143, pp. 195–256.
Mecerreyes, D., Dubois, P. and Jerome, R.: Novel Macromolecular Architectures Based on

Aliphatic Polyesters: Relevance of the Coordination-Insertion Ring-Opening Polymer-
ization. Vol. 147, pp. 1–60.

Mecham, S. J. see McGrath, J. E.: Vol. 140, pp. 61–106.
Meille, S. V. see Allegra, G.: Vol. 191, pp. 87–135.
Menzel, H. see Möhwald, H.: Vol. 165, pp. 151–175.
Meyer, T. see Spange, S.: Vol. 165, pp. 43–78.
Michler, G. H. see Kausch, H.-H.: Vol. 187, pp. 1–33.
Mikos, A. G. see Thomson, R. C.: Vol. 122, pp. 245–274.
Milner, S. T. see McLeish, T. C. B.: Vol. 143, pp. 195–256.
Mirous, B. K. see Brittain, W. J.: Vol. 198, pp. 125–147.
Mison, P. and Sillion, B.: Thermosetting Oligomers Containing Maleimides and Nadiimides

End-Groups. Vol. 140, pp. 137–180.
Miyasaka, K.: PVA-Iodine Complexes: Formation, Structure and Properties. Vol. 108,

pp. 91–130.
Miller, R. D. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Minko, S. see Rühe, J.: Vol. 165, pp. 79–150.
Moeller, M. see Albrecht, K.: Vol. 200, pp. 57–70.
Möhwald, H., Menzel, H., Helm, C. A. and Stamm, M.: Lipid and Polyampholyte Mono-

layers to Study Polyelectrolyte Interactions and Structure at Interfaces. Vol. 165,
pp. 151–175.

Monkenbusch, M. see Richter, D.: Vol. 174, pp. 1–221.



Author Index Volumes 101–200 249

Monnerie, L., Halary, J. L. and Kausch, H.-H.: Deformation, Yield and Fracture of Amorphous
Polymers: Relation to the Secondary Transitions. Vol. 187, pp. 215–364.

Monnerie, L., Lauprêtre, F. and Halary, J. L.: Investigation of Solid-State Transitions in Linear
and Crosslinked Amorphous Polymers. Vol. 187, pp. 35–213.

Monnerie, L. see Bahar, I.: Vol. 116, pp. 145–206.
Moore, J. S. see Ray, C. R.: Vol. 177, pp. 99–149.
Mori, H. see Bohrisch, J.: Vol. 165, pp. 1–41.
Morishima, Y.: Photoinduced Electron Transfer in Amphiphilic Polyelectrolyte Systems.

Vol. 104, pp. 51–96.
Morton, M. see Quirk, R. P.: Vol. 153, pp. 67–162.
Motornov, M. see Rühe, J.: Vol. 165, pp. 79–150.
Mourran, A. see Albrecht, K.: Vol. 200, pp. 57–70.
Mours, M. see Winter, H. H.: Vol. 134, pp. 165–234.
Müllen, K. see Grimsdale, A. C.: Vol. 199, pp. 1–82.
Müllen, K. see Scherf, U.: Vol. 123, pp. 1–40.
Müller, A. H. E. see Bohrisch, J.: Vol. 165, pp. 1–41.
Müller, A. H. E. see Förster, S.: Vol. 166, pp. 173–210.
Müller, A. J., Balsamo, V. and Arnal, M. L.: Nucleation and Crystallization in Diblock and

Triblock Copolymers. Vol. 190, pp. 1–63.
Müller, M. and Schmid, F.: Incorporating Fluctuations and Dynamics in Self-Consistent

Field Theories for Polymer Blends. Vol. 185, pp. 1–58.
Müller, M. see Thünemann, A. F.: Vol. 166, pp. 113–171.
Müller-Plathe, F. see Gusev, A. A.: Vol. 116, pp. 207–248.
Müller-Plathe, F. see Baschnagel, J.: Vol. 152, p. 41–156.
Mukerherjee, A. see Biswas, M.: Vol. 115, pp. 89–124.
Munz, M., Cappella, B., Sturm, H., Geuss, M. and Schulz, E.: Materials Contrasts and Nano-

lithography Techniques in Scanning Force Microscopy (SFM) and their Application to
Polymers and Polymer Composites. Vol. 164, pp. 87–210.

Murat, M. see Baschnagel, J.: Vol. 152, p. 41–156.
Muthukumar, M.: Modeling Polymer Crystallization. Vol. 191, pp. 241–274.
Muzzarelli, C. see Muzzarelli, R. A. A.: Vol. 186, pp. 151–209.
Muzzarelli, R. A. A. and Muzzarelli, C.: Chitosan Chemistry: Relevance to the Biomedical

Sciences. Vol. 186, pp. 151–209.
Mylnikov, V.: Photoconducting Polymers. Vol. 115, pp. 1–88.

Nagy, A. see Majoros, I.: Vol. 112, pp. 1–11.
Naji, A., Seidel, C. and Netz, R. R.: Theoretical Approaches to Neutral and Charged Polymer

Brushes. Vol. 198, pp. 149–183.
Naka, K. see Uemura, T.: Vol. 167, pp. 81–106.
Nakamura, A. see Mashima, K.: Vol. 133, pp. 1–52.
Nakayama, Y. see Mashima, K.: Vol. 133, pp. 1–52.
Narasinham, B. and Peppas, N. A.: The Physics of Polymer Dissolution: Modeling Approaches

and Experimental Behavior. Vol. 128, pp. 157–208.
Navarro, M., Aparicio, C., Charles-Harris, M., Ginebra, M. P., Engel, E. and Planell, J. A.: De-

velopment of a Biodegradable Composite Scaffold for Bone Tissue Engineering: Physico-
chemical, Topographical, Mechanical, Degradation, and Biological Properties. Vol. 200,
pp. 209–232.

Nechaev, S. see Grosberg, A.: Vol. 106, pp. 1–30.
Neoh, K. G. see Kang, E. T.: Vol. 106, pp. 135–190.
Netz, R. R. see Holm, C.: Vol. 166, pp. 67–111.



250 Author Index Volumes 101–200

Netz, R. R. see Naji, A.: Vol. 198, pp. 149–183.
Netz, R. R. see Rühe, J.: Vol. 165, pp. 79–150.
Newman, S. M. see Anseth, K. S.: Vol. 122, pp. 177–218.
Nijenhuis, K. te: Thermoreversible Networks. Vol. 130, pp. 1–252.
Ninan, K. N. see Reghunadhan Nair, C. P.: Vol. 155, pp. 1–99.
Nishi, T. see Jinnai, H.: Vol. 170, pp. 115–167.
Nishida, K. see Kaji, K.: Vol. 191, pp. 187–240.
Nishikawa, Y. see Jinnai, H.: Vol. 170, pp. 115–167.
Nishiyama, N. and Kataoka, K.: Nanostructured Devices Based on Block Copolymer As-

semblies for Drug Delivery: Designing Structures for Enhanced Drug Function. Vol. 193,
pp. 67–101.

Noid, D. W. see Otaigbe, J. U.: Vol. 154, pp. 1–86.
Noid, D. W. see Sumpter, B. G.: Vol. 116, pp. 27–72.
Nomura, M., Tobita, H. and Suzuki, K.: Emulsion Polymerization: Kinetic and Mechanistic

Aspects. Vol. 175, pp. 1–128.
Northolt, M. G., Picken, S. J., Den Decker, M. G., Baltussen, J. J. M. and Schlatmann, R.: The

Tensile Strength of Polymer Fibres. Vol. 178, pp. 1–108.
Novac, B. see Grubbs, R.: Vol. 102, pp. 47–72.
Novikov, V. V. see Privalko, V. P.: Vol. 119, pp. 31–78.
Nummila-Pakarinen, A. see Knuuttila, H.: Vol. 169, pp. 13–27.

Ober, C. K. see Li, M.: Vol. 190, pp. 183–226.
O’Brien, D. F., Armitage, B. A., Bennett, D. E. and Lamparski, H. G.: Polymerization and

Domain Formation in Lipid Assemblies. Vol. 126, pp. 53–84.
Ogasawara, M.: Application of Pulse Radiolysis to the Study of Polymers and Polymeriza-

tions. Vol.105, pp. 37–80.
Ohmae, M. see Kobayashi, S.: Vol. 194, pp. 159–210.
Ohno, K. see Tsujii, Y.: Vol. 197, pp. 1–47.
Okabe, H. see Matsushige, K.: Vol. 125, pp. 147–186.
Okada, M.: Ring-Opening Polymerization of Bicyclic and Spiro Compounds. Reactivities

and Polymerization Mechanisms. Vol. 102, pp. 1–46.
Okada, K. see Hikosaka, M.: Vol. 191, pp. 137–186.
Okano, T.: Molecular Design of Temperature-Responsive Polymers as Intelligent Materials.

Vol. 110, pp. 179–198.
Okay, O. see Funke, W.: Vol. 136, pp. 137–232.
Okhapkin, I. M., Makhaeva, E. E. and Khokhlov, A. R.: Water Solutions of Amphiphilic Poly-

mers: Nanostructure Formation and Possibilities for Catalysis. Vol. 195, pp. 177–210.
Onuki, A.: Theory of Phase Transition in Polymer Gels. Vol. 109, pp. 63–120.
Oppermann, W. see Holm, C.: Vol. 166, pp. 1–27.
Oppermann, W. see Volk, N.: Vol. 166, pp. 29–65.
Osad’ko, I. S.: Selective Spectroscopy of Chromophore Doped Polymers and Glasses. Vol. 114,

pp. 123–186.
Osakada, K. and Takeuchi, D.: Coordination Polymerization of Dienes, Allenes, and Methyl-

enecycloalkanes. Vol. 171, pp. 137–194.
Otaigbe, J. U., Barnes, M. D., Fukui, K., Sumpter, B. G. and Noid, D. W.: Generation, Charac-

terization, and Modeling of Polymer Micro- and Nano-Particles. Vol. 154, pp. 1–86.
Otsu, T. and Matsumoto, A.: Controlled Synthesis of Polymers Using the Iniferter Technique:

Developments in Living Radical Polymerization. Vol. 136, pp. 75–138.

de Pablo, J. J. see Leontidis, E.: Vol. 116, pp. 283–318.
Padias, A. B. see Penelle, J.: Vol. 102, pp. 73–104.



Author Index Volumes 101–200 251

Pascault, J.-P. see Williams, R. J. J.: Vol. 128, pp. 95–156.
Pasch, H.: Analysis of Complex Polymers by Interaction Chromatography. Vol. 128, pp. 1–46.
Pasch, H.: Hyphenated Techniques in Liquid Chromatography of Polymers. Vol. 150,

pp. 1–66.
Pasut, G. and Veronese, F. M.: PEGylation of Proteins as Tailored Chemistry for Optimized

Bioconjugates. Vol. 192, pp. 95–134.
Paul, W. see Baschnagel, J.: Vol. 152, pp. 41–156.
Paulsen, S. B. and Barsett, H.: Bioactive Pectic Polysaccharides. Vol. 186, pp. 69–101.
Pautzsch, T. see Klemm, E.: Vol. 177, pp. 53–90.
Penczek, P., Czub, P. and Pielichowski, J.: Unsaturated Polyester Resins: Chemistry and

Technology. Vol. 184, pp. 1–95.
Penczek, P. see Batog, A. E.: Vol. 144, pp. 49–114.
Penczek, P. see Bogdal, D.: Vol. 163, pp. 193–263.
Penelle, J., Hall, H. K., Padias, A. B. and Tanaka, H.: Captodative Olefins in Polymer Chem-

istry. Vol. 102, pp. 73–104.
Peppas, N. A. see Bell, C. L.: Vol. 122, pp. 125–176.
Peppas, N. A. see Hassan, C. M.: Vol. 153, pp. 37–65.
Peppas, N. A. see Narasimhan, B.: Vol. 128, pp. 157–208.
Petersen, K. L. see Geil, P. H.: Vol. 180, pp. 89–159.
Pet’ko, I. P. see Batog, A. E.: Vol. 144, pp. 49–114.
Pheyghambarian, N. see Kippelen, B.: Vol. 161, pp. 87–156.
Pichot, C. see Hunkeler, D.: Vol. 112, pp. 115–134.
Picken, S. J. see Northolt, M. G.: Vol. 178, pp. 1–108.
Pielichowski, J. see Bogdal, D.: Vol. 163, pp. 193–263.
Pielichowski, J. see Penczek, P.: Vol. 184, pp. 1–95.
Pieper, T. see Kilian, H. G.: Vol. 108, pp. 49–90.
Pispas, S. see Hadjichristidis, N.: Vol. 142, pp. 71–128.
Pispas, S. see Hadjichristidis, N.: Vol. 200, pp. 37–56.
Pispas, S. see Pitsikalis, M.: Vol. 135, pp. 1–138.
Pitsikalis, M., Pispas, S., Mays, J. W. and Hadjichristidis, N.: Nonlinear Block Copolymer

Architectures. Vol. 135, pp. 1–138.
Pitsikalis, M. see Hadjichristidis, N.: Vol. 142, pp. 71–128.
Pitsikalis, M. see Hadjichristidis, N.: Vol. 189, pp. 1–124.
Planell, J. A. see Navarro, M.: Vol. 200, pp. 209–232.
Pleul, D. see Spange, S.: Vol. 165, pp. 43–78.
Plummer, C. J. G.: Microdeformation and Fracture in Bulk Polyolefins. Vol. 169, pp. 75–119.
Pötschke, D. see Dingenouts, N.: Vol. 144, pp. 1–48.
Pokrovskii, V. N.: The Mesoscopic Theory of the Slow Relaxation of Linear Macromolecules.

Vol. 154, pp. 143–219.
Pospí́sil, J.: Functionalized Oligomers and Polymers as Stabilizers for Conventional Poly-

mers. Vol. 101, pp. 65–168.
Pospí́sil, J.: Aromatic and Heterocyclic Amines in Polymer Stabilization. Vol. 124, pp. 87–190.
Powers, A. C. see Prokop, A.: Vol. 136, pp. 53–74.
Prasad, P. N. see Lin, T.-C.: Vol. 161, pp. 157–193.
Priddy, D. B.: Recent Advances in Styrene Polymerization. Vol. 111, pp. 67–114.
Priddy, D. B.: Thermal Discoloration Chemistry of Styrene-co-Acrylonitrile. Vol. 121,

pp. 123–154.
Privalko, V. P. and Novikov, V. V.: Model Treatments of the Heat Conductivity of Heteroge-

neous Polymers. Vol. 119, pp. 31–78.
Prociak, A. see Bogdal, D.: Vol. 163, pp. 193–263.



252 Author Index Volumes 101–200

Prokop, A., Hunkeler, D., DiMari, S., Haralson, M. A. and Wang, T. G.: Water Soluble Polymers
for Immunoisolation I: Complex Coacervation and Cytotoxicity. Vol. 136, pp. 1–52.

Prokop, A., Hunkeler, D., Powers, A. C., Whitesell, R. R. and Wang, T. G.: Water Soluble Poly-
mers for Immunoisolation II: Evaluation of Multicomponent Microencapsulation Sys-
tems. Vol. 136, pp. 53–74.

Prokop, A., Kozlov, E., Carlesso, G. and Davidsen, J. M.: Hydrogel-Based Colloidal Poly-
meric System for Protein and Drug Delivery: Physical and Chemical Characterization,
Permeability Control and Applications. Vol. 160, pp. 119–174.

Pruitt, L. A.: The Effects of Radiation on the Structural and Mechanical Properties of Medical
Polymers. Vol. 162, pp. 65–95.

Pudavar, H. E. see Lin, T.-C.: Vol. 161, pp. 157–193.
Pudzich, R., Fuhrmann-Lieker, T. and Salbeck, J.: Spiro Compounds for Organic Electrolu-

minescence and Related Applications. Vol. 199, pp. 83–142.
Pukánszky, B. and Fekete, E.: Adhesion and Surface Modification. Vol. 139, pp. 109–154.
Putnam, D. and Kopecek, J.: Polymer Conjugates with Anticancer Acitivity. Vol. 122,

pp. 55–124.
Putra, E. G. R. see Ungar, G.: Vol. 180, pp. 45–87.

Quirk, R. P., Yoo, T., Lee, Y., M., Kim, J. and Lee, B.: Applications of 1,1-Diphenylethylene
Chemistry in Anionic Synthesis of Polymers with Controlled Structures. Vol. 153,
pp. 67–162.

Ramaraj, R. and Kaneko, M.: Metal Complex in Polymer Membrane as a Model for Photo-
synthetic Oxygen Evolving Center. Vol. 123, pp. 215–242.

Rangarajan, B. see Scranton, A. B.: Vol. 122, pp. 1–54.
Ranucci, E. see Söderqvist Lindblad, M.: Vol. 157, pp. 139–161.
Raphaël, E. see Léger, L.: Vol. 138, pp. 185–226.
Rastogi, S. and Terry, A. E.: Morphological implications of the interphase bridging crystalline

and amorphous regions in semi-crystalline polymers. Vol. 180, pp. 161–194.
Ray, C. R. and Moore, J. S.: Supramolecular Organization of Foldable Phenylene Ethynylene

Oligomers. Vol. 177, pp. 99–149.
Reddinger, J. L. and Reynolds, J. R.: Molecular Engineering of p-Conjugated Polymers.

Vol. 145, pp. 57–122.
Reghunadhan Nair, C. P., Mathew, D. and Ninan, K. N.: Cyanate Ester Resins, Recent Devel-

opments. Vol. 155, pp. 1–99.
Reguera, J. see Rodríguez-Cabello, J. C.: Vol. 200, pp. 119–168.
Rehahn, M., Mattice, W. L. and Suter, U. W.: Rotational Isomeric State Models in Macro-

molecular Systems. Vol. 131/132, pp. 1–475.
Rehahn, M. see Bohrisch, J.: Vol. 165, pp. 1–41.
Rehahn, M. see Holm, C.: Vol. 166, pp. 1–27.
Reichert, K. H. see Hunkeler, D.: Vol. 112, pp. 115–134.
Reihmann, M. and Ritter, H.: Synthesis of Phenol Polymers Using Peroxidases. Vol. 194,

pp. 1–49.
Reineker, P. see Holm, C.: Vol. 166, pp. 67–111.
Reitberger, T. see Jacobson, K.: Vol. 169, pp. 151–176.
Reiter, G. see Sommer, J.-U.: Vol. 200, pp. 1–36.
Ritter, H. see Reihmann, M.: Vol. 194, pp. 1–49.
Reynolds, J. R. see Reddinger, J. L.: Vol. 145, pp. 57–122.
Richter, D. see Ewen, B.: Vol. 134, pp. 1–130.



Author Index Volumes 101–200 253

Richter, D., Monkenbusch, M. and Colmenero, J.: Neutron Spin Echo in Polymer Systems.
Vol. 174, pp. 1–221.

Riegler, S. see Trimmel, G.: Vol. 176, pp. 43–87.
Ringsdorf, H. see Duncan, R.: Vol. 192, pp. 1–8.
Risse, W. see Grubbs, R.: Vol. 102, pp. 47–72.
Rivas, B. L. and Geckeler, K. E.: Synthesis and Metal Complexation of Poly(ethyleneimine)

and Derivatives. Vol. 102, pp. 171–188.
Roberts, C. J. see Ellis, J. S.: Vol. 193, pp. 123–172.
Roberts, G. W. see Kennedy, K. A.: Vol. 175, pp. 329–346.
Robin, J. J.: The Use of Ozone in the Synthesis of New Polymers and the Modification of

Polymers. Vol. 167, pp. 35–79.
Robin, J. J. see Boutevin, B.: Vol. 102, pp. 105–132.
Rodríguez-Cabello, J. C., Reguera, J., Girotti, A., Arias, F. J. and Alonso, M.: Genetic En-

gineering of Protein-Based Polymers: The Example of Elastinlike Polymers. Vol. 200,
pp. 119–168.

Rodríguez-Pérez, M. A.: Crosslinked Polyolefin Foams: Production, Structure, Properties,
and Applications. Vol. 184, pp. 97–126.

Roe, R.-J.: MD Simulation Study of Glass Transition and Short Time Dynamics in Polymer
Liquids. Vol. 116, pp. 111–114.

Roovers, J. and Comanita, B.: Dendrimers and Dendrimer-Polymer Hybrids. Vol. 142,
pp. 179–228.

Rothon, R. N.: Mineral Fillers in Thermoplastics: Filler Manufacture and Characterisation.
Vol. 139, pp. 67–108.

de Rosa, C. see Auriemma, F.: Vol. 181, pp. 1–74.
Rozenberg, B. A. see Williams, R. J. J.: Vol. 128, pp. 95–156.
Rozkiewicz, D. I. see Schönherr, H.: Vol. 200, pp. 169–208.
Rühe, J., Ballauff, M., Biesalski, M., Dziezok, P., Gröhn, F., Johannsmann, D., Houbenov, N.,

Hugenberg, N., Konradi, R., Minko, S., Motornov, M., Netz, R. R., Schmidt, M., Seidel,
C., Stamm, M., Stephan, T., Usov, D. and Zhang, H.: Polyelectrolyte Brushes. Vol. 165,
pp. 79–150.

Ruckenstein, E.: Concentrated Emulsion Polymerization. Vol. 127, pp. 1–58.
Ruiz-Taylor, L. see Mathieu, H. J.: Vol. 162, pp. 1–35.
Rusanov, A. L.: Novel Bis (Naphtalic Anhydrides) and Their Polyheteroarylenes with Im-

proved Processability. Vol. 111, pp. 115–176.
Rusanov, A. L., Likhatchev, D., Kostoglodov, P. V., Müllen, K. and Klapper, M.: Proton-

Exchanging Electrolyte Membranes Based on Aromatic Condensation Polymers.
Vol. 179, pp. 83–134.

Russel, T. P. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Russum, J. P. see Schork, F. J.: Vol. 175, pp. 129–255.
Rychly, J. see Lazár, M.: Vol. 102, pp. 189–222.
Ryner, M. see Stridsberg, K. M.: Vol. 157, pp. 27–51.
Ryzhov, V. A. see Bershtein, V. A.: Vol. 114, pp. 43–122.

Sabsai, O. Y. see Barshtein, G. R.: Vol. 101, pp. 1–28.
Saburov, V. V. see Zubov, V. P.: Vol. 104, pp. 135–176.
Saito, S., Konno, M. and Inomata, H.: Volume Phase Transition of N-Alkylacrylamide Gels.

Vol. 109, pp. 207–232.
Salbeck, J. see Pudzich, R.: Vol. 199, pp. 83–142.
Samsonov, G. V. and Kuznetsova, N. P.: Crosslinked Polyelectrolytes in Biology. Vol. 104,

pp. 1–50.



254 Author Index Volumes 101–200

Santa Cruz, C. see Baltá-Calleja, F. J.: Vol. 108, pp. 1–48.
Santos, S. see Baschnagel, J.: Vol. 152, p. 41–156.
Satchi-Fainaro, R., Duncan, R. and Barnes, C. M.: Polymer Therapeutics for Cancer: Current

Status and Future Challenges. Vol. 193, pp. 1–65.
Satchi-Fainaro, R. see Duncan, R.: Vol. 192, pp. 1–8.
Sato, T. and Teramoto, A.: Concentrated Solutions of Liquid-Christalline Polymers. Vol. 126,

pp. 85–162.
Schaller, C. see Bohrisch, J.: Vol. 165, pp. 1–41.
Schäfer, R. see Köhler, W.: Vol. 151, pp. 1–59.
Scherf, U. and Müllen, K.: The Synthesis of Ladder Polymers. Vol. 123, pp. 1–40.
Sherman, S. see Kabanov, A. V.: Vol. 193, pp. 173–198.
Schlatmann, R. see Northolt, M. G.: Vol. 178, pp. 1–108.
Schmid, F. see Müller, M.: Vol. 185, pp. 1–58.
Schmidt, M. see Förster, S.: Vol. 120, pp. 51–134.
Schmidt, M. see Rühe, J.: Vol. 165, pp. 79–150.
Schmidt, M. see Volk, N.: Vol. 166, pp. 29–65.
Scholz, M.: Effects of Ion Radiation on Cells and Tissues. Vol. 162, pp. 97–158.
Schönherr, H., Degenhart, G. H., Dordi, B., Feng, C. L., Rozkiewicz, D. I., Shovsky, A. and

Vancso, G. J.: Organic and Macromolecular Films and Assemblies as (Bio)reactive Plat-
forms: From Model Studies on Structure–Reactivity Relationships to Submicrometer
Patterning. Vol. 200, pp. 169–208.

Schönherr, H. see Vancso, G. J.: Vol. 182, pp. 55–129.
Schopf, G. and Koßmehl, G.: Polythiophenes – Electrically Conductive Polymers. Vol. 129,

pp. 1–145.
Schork, F. J., Luo, Y., Smulders, W., Russum, J. P., Butté, A. and Fontenot, K.: Miniemulsion

Polymerization. Vol. 175, pp. 127–255.
Schulz, E. see Munz, M.: Vol. 164, pp. 97–210.
Schwahn, D.: Critical to Mean Field Crossover in Polymer Blends. Vol. 183, pp. 1–61.
Seppälä, J. see Löfgren, B.: Vol. 169, pp. 1–12.
Séréro, Y. see de Jeu, W. H.: Vol. 200, pp. 71–90.
Sturm, H. see Munz, M.: Vol. 164, pp. 87–210.
Schweizer, K. S.: Prism Theory of the Structure, Thermodynamics, and Phase Transitions of

Polymer Liquids and Alloys. Vol. 116, pp. 319–378.
Scranton, A. B., Rangarajan, B. and Klier, J.: Biomedical Applications of Polyelectrolytes.

Vol. 122, pp. 1–54.
Sefton, M. V. and Stevenson, W. T. K.: Microencapsulation of Live Animal Cells Using Poly-

crylates. Vol. 107, pp. 143–198.
Seidel, C. see Holm, C.: Vol. 166, pp. 67–111.
Seidel, C. see Naji, A.: Vol. 198, pp. 149–183.
Seidel, C. see Rühe, J.: Vol. 165, pp. 79–150.
El Seoud, O. A. and Heinze, T.: Organic Esters of Cellulose: New Perspectives for Old Poly-

mers. Vol. 186, pp. 103–149.
Shabat, D. see Amir, R. J.: Vol. 192, pp. 59–94.
Shamanin, V. V.: Bases of the Axiomatic Theory of Addition Polymerization. Vol. 112,

pp. 135–180.
Shcherbina, M. A. see Ungar, G.: Vol. 180, pp. 45–87.
Sheiko, S. S.: Imaging of Polymers Using Scanning Force Microscopy: From Superstructures

to Individual Molecules. Vol. 151, pp. 61–174.
Sherrington, D. C. see Cameron, N. R.: Vol. 126, pp. 163–214.
Sherrington, D. C. see Lin, J.: Vol. 111, pp. 177–220.



Author Index Volumes 101–200 255

Sherrington, D. C. see Steinke, J.: Vol. 123, pp. 81–126.
Shibayama, M. see Tanaka, T.: Vol. 109, pp. 1–62.
Shiga, T.: Deformation and Viscoelastic Behavior of Polymer Gels in Electric Fields. Vol. 134,

pp. 131–164.
Shim, H.-K. and Jin, J.: Light-Emitting Characteristics of Conjugated Polymers. Vol. 158,

pp. 191–241.
Shoda, S. see Kobayashi, S.: Vol. 121, pp. 1–30.
Shovsky, A. see Schönherr, H.: Vol. 200, pp. 169–208.
Siegel, R. A.: Hydrophobic Weak Polyelectrolyte Gels: Studies of Swelling Equilibria and

Kinetics. Vol. 109, pp. 233–268.
de Silva, D. S. M. see Ungar, G.: Vol. 180, pp. 45–87.
Silvestre, F. see Calmon-Decriaud, A.: Vol. 207, pp. 207–226.
Sillion, B. see Mison, P.: Vol. 140, pp. 137–180.
Simon, F. see Spange, S.: Vol. 165, pp. 43–78.
Simon, G. P. see Becker, O.: Vol. 179, pp. 29–82.
Simon, P. F. W. see Abetz, V.: Vol. 189, pp. 125–212.
Simonutti, R. see Sozzani, P.: Vol. 181, pp. 153–177.
Singh, A. and Kaplan, D. L.: In Vitro Enzyme-Induced Vinyl Polymerization. Vol. 194,

pp. 211–224.
Singh, A. see Xu, P.: Vol. 194, pp. 69–94.
Singh, R. P. see Sivaram, S.: Vol. 101, pp. 169–216.
Singh, R. P. see Desai, S. M.: Vol. 169, pp. 231–293.
Sinha Ray, S. see Biswas, M.: Vol. 155, pp. 167–221.
Sivaram, S. and Singh, R. P.: Degradation and Stabilization of Ethylene-Propylene Copoly-

mers and Their Blends: A Critical Review. Vol. 101, pp. 169–216.
Slugovc, C. see Trimmel, G.: Vol. 176, pp. 43–87.
Smulders, W. see Schork, F. J.: Vol. 175, pp. 129–255.
Soares, J. B. P. see Anantawaraskul, S.: Vol. 182, pp. 1–54.
Sommer, J.-U. and Reiter, G.: The Formation of Ordered Polymer Structures at Interfaces:

A Few Intriguing Aspects. Vol. 200, pp. 1–36.
Sozzani, P., Bracco, S., Comotti, A. and Simonutti, R.: Motional Phase Disorder of Polymer

Chains as Crystallized to Hexagonal Lattices. Vol. 181, pp. 153–177.
Söderqvist Lindblad, M., Liu, Y., Albertsson, A.-C., Ranucci, E. and Karlsson, S.: Polymer

from Renewable Resources. Vol. 157, pp. 139–161.
Spange, S., Meyer, T., Voigt, I., Eschner, M., Estel, K., Pleul, D. and Simon, F.: Poly(Vinyl-

formamide-co-Vinylamine)/Inorganic Oxid Hybrid Materials. Vol. 165, pp. 43–78.
Stamm, M. see Möhwald, H.: Vol. 165, pp. 151–175.
Stamm, M. see Rühe, J.: Vol. 165, pp. 79–150.
Starodybtzev, S. see Khokhlov, A.: Vol. 109, pp. 121–172.
Stegeman, G. I. see Canva, M.: Vol. 158, pp. 87–121.
Steinke, J., Sherrington, D. C. and Dunkin, I. R.: Imprinting of Synthetic Polymers Using

Molecular Templates. Vol. 123, pp. 81–126.
Stelzer, F. see Trimmel, G.: Vol. 176, pp. 43–87.
Stenberg, B. see Jacobson, K.: Vol. 169, pp. 151–176.
Stenzenberger, H. D.: Addition Polyimides. Vol. 117, pp. 165–220.
Stephan, T. see Rühe, J.: Vol. 165, pp. 79–150.
Stevenson, W. T. K. see Sefton, M. V.: Vol. 107, pp. 143–198.
Stridsberg, K. M., Ryner, M. and Albertsson, A.-C.: Controlled Ring-Opening Polymerization:

Polymers with Designed Macromoleculars Architecture. Vol. 157, pp. 27–51.
Sturm, H. see Munz, M.: Vol. 164, pp. 87–210.



256 Author Index Volumes 101–200

Suematsu, K.: Recent Progress of Gel Theory: Ring, Excluded Volume, and Dimension.
Vol. 156, pp. 136–214.

Sugimoto, H. and Inoue, S.: Polymerization by Metalloporphyrin and Related Complexes.
Vol. 146, pp. 39–120.

Suginome, M. and Ito, Y.: Transition Metal-Mediated Polymerization of Isocyanides. Vol. 171,
pp. 77–136.

Sumpter, B. G., Noid, D. W., Liang, G. L. and Wunderlich, B.: Atomistic Dynamics of Macro-
molecular Crystals. Vol. 116, pp. 27–72.

Sumpter, B. G. see Otaigbe, J. U.: Vol. 154, pp. 1–86.
Sun, H.-B. and Kawata, S.: Two-Photon Photopolymerization and 3D Lithographic Micro-

fabrication. Vol. 170, pp. 169–273.
Suter, U. W. see Gusev, A. A.: Vol. 116, pp. 207–248.
Suter, U. W. see Leontidis, E.: Vol. 116, pp. 283–318.
Suter, U. W. see Rehahn, M.: Vol. 131/132, pp. 1–475.
Suter, U. W. see Baschnagel, J.: Vol. 152, pp. 41–156.
Suzuki, A.: Phase Transition in Gels of Sub-Millimeter Size Induced by Interaction with

Stimuli. Vol. 110, pp. 199–240.
Suzuki, A. and Hirasa, O.: An Approach to Artifical Muscle by Polymer Gels due to Micro-

Phase Separation. Vol. 110, pp. 241–262.
Suzuki, K. see Nomura, M.: Vol. 175, pp. 1–128.
Swiatkiewicz, J. see Lin, T.-C.: Vol. 161, pp. 157–193.

Tagawa, S.: Radiation Effects on Ion Beams on Polymers. Vol. 105, pp. 99–116.
Taguet, A., Ameduri, B. and Boutevin, B.: Crosslinking of Vinylidene Fluoride-Containing

Fluoropolymers. Vol. 184, pp. 127–211.
Takata, T., Kihara, N. and Furusho, Y.: Polyrotaxanes and Polycatenanes: Recent Advances in

Syntheses and Applications of Polymers Comprising of Interlocked Structures. Vol. 171,
pp. 1–75.

Takeuchi, D. see Osakada, K.: Vol. 171, pp. 137–194.
Tan, K. L. see Kang, E. T.: Vol. 106, pp. 135–190.
Tanaka, H. and Shibayama, M.: Phase Transition and Related Phenomena of Polymer Gels.

Vol. 109, pp. 1–62.
Tanaka, T. see Penelle, J.: Vol. 102, pp. 73–104.
Tauer, K. see Guyot, A.: Vol. 111, pp. 43–66.
Tendler, S. J. B. see Ellis, J. S.: Vol. 193, pp. 123–172.
Tenhu, H. see Aseyev, V. O.: Vol. 196, pp. 1–86.
Teramoto, A. see Sato, T.: Vol. 126, pp. 85–162.
Terent’eva, J. P. and Fridman, M. L.: Compositions Based on Aminoresins. Vol. 101, pp. 29–64.
Terry, A. E. see Rastogi, S.: Vol. 180, pp. 161–194.
Theodorou, D. N. see Dodd, L. R.: Vol. 116, pp. 249–282.
Thomson, R. C., Wake, M. C., Yaszemski, M. J. and Mikos, A. G.: Biodegradable Polymer

Scaffolds to Regenerate Organs. Vol. 122, pp. 245–274.
Thünemann, A. F., Müller, M., Dautzenberg, H., Joanny, J.-F. and Löwen, H.: Polyelectrolyte

complexes. Vol. 166, pp. 113–171.
Tieke, B. see v. Klitzing, R.: Vol. 165, pp. 177–210.
Tobita, H. see Nomura, M.: Vol. 175, pp. 1–128.
Tokita, M.: Friction Between Polymer Networks of Gels and Solvent. Vol. 110, pp. 27–48.
Tomlinson, M. R. see Bhat, R. R.: Vol. 198, pp. 51–124.
Traser, S. see Bohrisch, J.: Vol. 165, pp. 1–41.
Tries, V. see Baschnagel, J.: Vol. 152, p. 41–156.



Author Index Volumes 101–200 257

Trimmel, G., Riegler, S., Fuchs, G., Slugovc, C. and Stelzer, F.: Liquid Crystalline Polymers by
Metathesis Polymerization. Vol. 176, pp. 43–87.

Tsujii, Y., Ohno, K., Yamamoto, S., Goto, A. and Fukuda, T.: Structure and Properties of High-
Density Polymer Brushes Prepared by Surface-Initiated Living Radical Polymerization.
Vol. 197, pp. 1–47.

Tsuruta, T.: Contemporary Topics in Polymeric Materials for Biomedical Applications.
Vol. 126, pp. 1–52.

Uemura, T., Naka, K. and Chujo, Y.: Functional Macromolecules with Electron-Donating
Dithiafulvene Unit. Vol. 167, pp. 81–106.

Ungar, G., Putra, E. G. R., de Silva, D. S. M., Shcherbina, M. A. and Waddon, A. J.: The Effect
of Self-Poisoning on Crystal Morphology and Growth Rates. Vol. 180, pp. 45–87.

Usov, D. see Rühe, J.: Vol. 165, pp. 79–150.
Usuki, A., Hasegawa, N. and Kato, M.: Polymer-Clay Nanocomposites. Vol. 179, pp. 135–195.
Uyama, H. and Kobayashi, S.: Enzymatic Synthesis and Properties of Polymers from Polyphe-

nols. Vol. 194, pp. 51–67.
Uyama, H. and Kobayashi, S.: Enzymatic Synthesis of Polyesters via Polycondensation.

Vol. 194, pp. 133–158.
Uyama, H. see Kobayashi, S.: Vol. 121, pp. 1–30.
Uyama, Y.: Surface Modification of Polymers by Grafting. Vol. 137, pp. 1–40.

Vancso, G. J., Hillborg, H. and Schönherr, H.: Chemical Composition of Polymer Sur-
faces Imaged by Atomic Force Microscopy and Complementary Approaches. Vol. 182,
pp. 55–129.

Vancso, G. J. see Korczagin, I.: Vol. 200, pp. 91–118.
Vancso, G. J. see Schönherr, H.: Vol. 200, pp. 169–208.
Varma, I. K. see Albertsson, A.-C.: Vol. 157, pp. 99–138.
Vasilevskaya, V. see Khokhlov, A.: Vol. 109, pp. 121–172.
Vaskova, V. see Hunkeler, D.: Vol. 112, pp. 115–134.
Verdugo, P.: Polymer Gel Phase Transition in Condensation-Decondensation of Secretory

Products. Vol. 110, pp. 145–156.
Veronese, F. M. see Pasut, G.: Vol. 192, pp. 95–134.
Vettegren, V. I. see Bronnikov, S. V.: Vol. 125, pp. 103–146.
Vilgis, T. A. see Holm, C.: Vol. 166, pp. 67–111.
Viovy, J.-L. and Lesec, J.: Separation of Macromolecules in Gels: Permeation Chromatography

and Electrophoresis. Vol. 114, pp. 1–42.
Vlahos, C. see Hadjichristidis, N.: Vol. 142, pp. 71–128.
Voigt, I. see Spange, S.: Vol. 165, pp. 43–78.
Volk, N., Vollmer, D., Schmidt, M., Oppermann, W. and Huber, K.: Conformation and Phase

Diagrams of Flexible Polyelectrolytes. Vol. 166, pp. 29–65.
Volksen, W.: Condensation Polyimides: Synthesis, Solution Behavior, and Imidization Char-

acteristics. Vol. 117, pp. 111–164.
Volksen, W. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Volksen, W. see Hedrick, J. L.: Vol. 147, pp. 61–112.
Vollmer, D. see Volk, N.: Vol. 166, pp. 29–65.
Voskerician, G. and Weder, C.: Electronic Properties of PAEs. Vol. 177, pp. 209–248.

Waddon, A. J. see Ungar, G.: Vol. 180, pp. 45–87.
Wagener, K. B. see Baughman, T. W.: Vol. 176, pp. 1–42.
Wagner, E. and Kloeckner, J.: Gene Delivery Using Polymer Therapeutics. Vol. 192,

pp. 135–173.



258 Author Index Volumes 101–200

Wake, M. C. see Thomson, R. C.: Vol. 122, pp. 245–274.
Wandrey, C., Hernández-Barajas, J. and Hunkeler, D.: Diallyldimethylammonium Chloride

and its Polymers. Vol. 145, pp. 123–182.
Wang, K. L. see Cussler, E. L.: Vol. 110, pp. 67–80.
Wang, S.-Q.: Molecular Transitions and Dynamics at Polymer/Wall Interfaces: Origins of

Flow Instabilities and Wall Slip. Vol. 138, pp. 227–276.
Wang, S.-Q. see Bhargava, R.: Vol. 163, pp. 137–191.
Wang, T. G. see Prokop, A.: Vol. 136, pp. 1–52; 53–74.
Wang, X. see Lin, T.-C.: Vol. 161, pp. 157–193.
Watanabe, K. see Hikosaka, M.: Vol. 191, pp. 137–186.
Webster, O. W.: Group Transfer Polymerization: Mechanism and Comparison with Other

Methods of Controlled Polymerization of Acrylic Monomers. Vol. 167, pp. 1–34.
Weder, C. see Voskerician, G.: Vol. 177, pp. 209–248.
Weis, J.-J. and Levesque, D.: Simple Dipolar Fluids as Generic Models for Soft Matter. Vol. 185,

pp. 163–225.
Whitesell, R. R. see Prokop, A.: Vol. 136, pp. 53–74.
Williams, R. A. see Geil, P. H.: Vol. 180, pp. 89–159.
Williams, R. J. J., Rozenberg, B. A. and Pascault, J.-P.: Reaction Induced Phase Separation in

Modified Thermosetting Polymers. Vol. 128, pp. 95–156.
Winkler, R. G. see Holm, C.: Vol. 166, pp. 67–111.
Winnik, F. M. see Aseyev, V. O.: Vol. 196, pp. 1–86.
Winter, H. H. and Mours, M.: Rheology of Polymers Near Liquid-Solid Transitions. Vol. 134,

pp. 165–234.
Wittmeyer, P. see Bohrisch, J.: Vol. 165, pp. 1–41.
Wood-Adams, P. M. see Anantawaraskul, S.: Vol. 182, pp. 1–54.
Wu, C.: Laser Light Scattering Characterization of Special Intractable Macromolecules in

Solution. Vol. 137, pp. 103–134.
Wu, C. see Zhang, G.: Vol. 195, pp. 101–176.
Wu, T. see Bhat, R. R.: Vol. 198, pp. 51–124.
Wunderlich, B. see Sumpter, B. G.: Vol. 116, pp. 27–72.

Xiang, M. see Jiang, M.: Vol. 146, pp. 121–194.
Xie, T. Y. see Hunkeler, D.: Vol. 112, pp. 115–134.
Xu, P., Singh, A. and Kaplan, D. L.: Enzymatic Catalysis in the Synthesis of Polyanilines and

Derivatives of Polyanilines. Vol. 194, pp. 69–94.
Xu, P. see Geil, P. H.: Vol. 180, pp. 89–159.
Xu, Z., Hadjichristidis, N., Fetters, L. J. and Mays, J. W.: Structure/Chain-Flexibility Rela-

tionships of Polymers. Vol. 120, pp. 1–50.

Yagci, Y. and Endo, T.: N-Benzyl and N-Alkoxy Pyridium Salts as Thermal and Photochemical
Initiators for Cationic Polymerization. Vol. 127, pp. 59–86.

Yagi, M. and Kaneko, M.: Charge Transport and Catalysis by Molecules Confined in Poly-
meric Materials and Application to Future Nanodevices for Energy Conversion. Vol. 199,
pp. 143–188.

Yamaguchi, I. see Yamamoto, T.: Vol. 177, pp. 181–208.
Yamamoto, T.: Molecular Dynamics Modeling of the Crystal-Melt Interfaces and the Growth

of Chain Folded Lamellae. Vol. 191, pp. 37–85.
Yamamoto, T., Yamaguchi, I. and Yasuda, T.: PAEs with Heteroaromatic Rings. Vol. 177,

pp. 181–208.
Yamamoto, S. see Tsujii, Y.: Vol. 197, pp. 1–47.



Author Index Volumes 101–200 259

Yamaoka, H.: Polymer Materials for Fusion Reactors. Vol. 105, pp. 117–144.
Yamazaki, S. see Hikosaka, M.: Vol. 191, pp. 137–186.
Yannas, I. V.: Tissue Regeneration Templates Based on Collagen-Glycosaminoglycan Co-

polymers. Vol. 122, pp. 219–244.
Yang, J. see Geil, P. H.: Vol. 180, pp. 89–159.
Yang, J. S. see Jo, W. H.: Vol. 156, pp. 1–52.
Yasuda, H. and Ihara, E.: Rare Earth Metal-Initiated Living Polymerizations of Polar and

Nonpolar Monomers. Vol. 133, pp. 53–102.
Yasuda, T. see Yamamoto, T.: Vol. 177, pp. 181–208.
Yaszemski, M. J. see Thomson, R. C.: Vol. 122, pp. 245–274.
Yoo, T. see Quirk, R. P.: Vol. 153, pp. 67–162.
Yoon, D. Y. see Hedrick, J. L.: Vol. 141, pp. 1–44.
Yoshida, H. and Ichikawa, T.: Electron Spin Studies of Free Radicals in Irradiated Polymers.

Vol. 105, pp. 3–36.

Zhang, G. and Wu, C.: Folding and Formation of Mesoglobules in Dilute Copolymer Solu-
tions. Vol. 195, pp. 101–176.

Zhang, H. see Rühe, J.: Vol. 165, pp. 79–150.
Zhang, Y.: Synchrotron Radiation Direct Photo Etching of Polymers. Vol. 168, pp. 291–340.
Zhao, B. see Brittain, W. J.: Vol. 198, pp. 125–147.
Zheng, J. and Swager, T. M.: Poly(arylene ethynylene)s in Chemosensing and Biosensing.

Vol. 177, pp. 151–177.
Zhou, H. see Jiang, M.: Vol. 146, pp. 121–194.
Zhou, Z. see Abe, A.: Vol. 181, pp. 121–152.
Zubov, V. P., Ivanov, A. E. and Saburov, V. V.: Polymer-Coated Adsorbents for the Separation

of Biopolymers and Particles. Vol. 104, pp. 135–176.





Subject Index

ABC terpolymers 48
Adsorption 57
AFM 1, 176
Alkaline phosphatase 214
Anionic polymerization 37
Araneus diadematus 129

Bioabsorbable composite scaffold 209,
223

Biocompatible bilayer-vesicle architectures
196

Biointerfacing 169
Biscyclopentadienide 93
Block copolymers 1, 37, 41, 57, 71
– –, amphiphilic 50
– –, self-assembly 102
Bombyx mori 128
Bond-Fluctuation-Model (BFM) 4
Bone tissue engineering 209

Calcium phosphate soluble glasses 212
Capillary force lithography 100
Chemical force microscopy (CFM) 183
Collagen 221
Composite scaffolds 223
Crystallization 1, 13

Dendrimers, nanopatterning 195
Dewetting 99
Diblock copolymers 73
– –, end-functionalized 41
– –, junction-point-functionalized 43
3-(Dimethylamino)propyllithium 41
1-(4-Dimethylaminophenyl)-1-phenyl-

ethylene 42
Dimethylsila[1]ferrocenophane 93
1,2-Dimyristoyl-sn-glycero-3-

phosphatidylcholine
173

Dip-pen nanolithography (DPN) 170, 191
n,n-Dithiobis(N-hydroxysuccinimidyl-n-

alkanoate)
170

Dodecyltrimethylammonium bromide
(DTMAB) 52

Dragline spider silks 126

Elastinlike polymers 119
Etch resistance 91
Extracellular matrix (ECM) proteins 220

Fibronectin 221
Fluorinated polymers 84
Fresnel reflectivity 85

Genetic engineering 119
GISAXS 86
Gutenberg method, polymer

design/production 123

Integrins 221
Inverse temperature transition 135
Inverted chemical force microscopy (iCFM)

170

Keratins 127

Langmuir–Blodget 60
LC block copolymers,

amorphous-side-chain 52
Lipid bilayers 196
Liposomes 173

Macroporosity 224
6-[4-(4-Methoxyphenyl)phenoxy]

hexylmethacrylate (MPPHM) 52
Micelles 57
Micropatterning 169



262 Subject Index

Microphase separation 37
Miktoarm stars 46

Nanolithography 91
–, dip-pen (DPN) 170, 191
Nanopatterning 57, 169
NanoPATterns, surface-induced 57
Nanostructure 71
– ordering 3
Nephila clavipes dragline 126
NHS ester SAMs, aminolysis 182
– –, hydrolysis 178

Octadecanethiol (ODT) 184
Order-disorder transition 45
Organometallic polymers 91
Osteoblast cell culture 209
Osteocalcin 214

P2VP-PS-P2VP 39
PAMAM dendrimers 191
PBh-PEO 31
PB-PS-PMMA 39
PChEMA 72, 77
PEO 31, 50, 93
PEO-PBO-PEO 39
Phosphatase 214
PIBVE-b-PLC 72
PMMA-b-PF8H2A 72
Poly(aminoalkyl methacryate) 93
Poly(dimethylsiloxane) 93, 98
Poly(ethylene oxide) (PEO) 31, 50, 93
Poly(ferrocenyldimethylsilane), reactive

ion etch barrier 94
Poly(ferrocenylmethylphenylsilane) 96
Poly(ferrocenylphenylphosphine) 93
Poly(ferrocenylsilane), homopolymers,

lithography 97
–, lithography 102
–, polyions 108
Poly(α-hydroxy acids) 210
Poly(N-hydroxysuccinimidyl methacrylate)

(PNHSMA) 173
Poly(isobutylvinylether) (PIBVE) 80
Poly(N-isopropylacrylamides) (PNIPAM)

136
Poly(methyl methacrylate) 93
Poly(VPGVG) 136
Polyamidoamine (PAMAM) dendrimers

170

Polybutadiene (PB) 51
Polyisoprene 93
Polylactic acid (PLA) 210
Polymer crystallization 1
Polymer thin films 169
Polypropylene imine dendrimers 192
Polystyrene 93
Postpolymerization functionalization 43
Printing, organometallic polymers,

soft lithography 97
Protein adsorption 209
Protein-based polymers 119
PS-b-P2VP 57
PS-b-P4VP 57
PS-b-PChEMA 72
PS-P2VP-PtBMA 39
PS-PB-PCL 40
PS-PB-PMMA 39
PS-PB-PtBMA 39
PS-PEO 31
PSLi 52
PVP 57

Resists, self-assembling 106

SAMs 169
Scaffolds, bioabsorbable composite 209,

223
–, composite 223
Scaffold porosity 224
Scanning probe lithography (SPL) 170
Self-assembled monolayers (SAMs) 169
Self-assembling resists 106
Self-assembly 37, 57, 119
Self-organization 41
SFM 57
Silks 126, 128
SINPATs 57, 61
Smart polymers 119
– –, surfaces 45
Smectic liquid crystals 71
Spider silks 126
Striped substrates 1
Styrene 52
Styrene-isoprene-methyl methacrylate

(SIM) 48
Sulfobetaine zwitterion 43
Surfaces 37
–, patterned 174
–, reactivity 169



Subject Index 263

Thin films 71, 91, 169
Thiols, SAM 197
Ti/SINPAT 57

Vesicles 173
–, biocompatible bilayer architectures 196

–, unrolling 199
Vitronectin 221

Wettability 209

X-ray reflectivity (XR) 77


