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Preface

 

The mechanical behavior of polymers has been the subject of con-
siderable research in the past. Mechanical properties are, indeed,
of relevance for all applications of polymers in industry, medicine,
household, and others. The improvement of properties in general
and the better fitting of specific properties to defined applications
is a continuous goal of polymer research. Of particular interest is
not only the improvement of the special properties themselves,
such as stiffness, strength or toughness, but also the combined
improvement of usually contradictory mechanical properties (like
strength and toughness) in combination with other physical prop-
erties (e.g., transparency, flame resistance, conductivity, etc.). The
outstanding role of the mechanical properties applies, as well, to
many of the applications of polymers in which other properties are
those playing the primary role, such as in medicine, optics, elec-
tronics, micro-system techniques and others. The defined improve-
ment of the mechanical properties demands a better understanding
of the multiple dependence between molecular structure, morphol-
ogy, polymerization and processing methods on the one hand, and
ultimate mechanical properties, on the other; i.e., structure-prop-
erty correlations. The bridge between the structure, the morphol-
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ogy and the mechanical properties is the micromechanical pro-
cesses or mechanisms occurring at microscopic level: the so-called
field of micromechanics.

Polymeric systems become increasingly complicated and multi-
functional if they entail a larger level of structural complexity. In
the last two decades the level of interest has gradually shifted from
the µm-scale to the nm-scale region. Systems with at least one
structural size below 100 nm are considered nowadays as new
classes of materials: the so-called 

 

nanostructured polymers, nano-
polymers or nanocomposites

 

. However, nanomaterials in the form of
rubber carbon black composites have existed already for nearly one
century, and biomedical materials such as bone, teeth, and skin also
have been known for millions of years. Thus, although, the class of
nanomaterials is not totally new, rapid development of research
activity aiming for a better understanding of the basic mechanisms
contributing to the properties of this class of remarkable systems
has been recently observed. Natural materials, like human bone or
seashell (abalone), reveal more and more very complex hierarchical
structures with highly specific functions that have been optimized
during bio-evolution over very long periods of time. Far-off these
biomaterials, in most synthetic polymer blends and composites the
hierarchical structure is most often created accidentally during syn-
thesis or processing. Therefore, the mechanical properties of these
man-made polymers must be better understood by examining the
length scale, architecture and interactions occurring in these syn-
thetic materials.

This volume focuses on selected results concerning the mechan-
ical properties of polymers as derived from the improved knowledge
of their structures at the µm- and nm-scale as well as from the
interactions (micro- and nanomechanisms) between the complex
hierarchical structures and functional requirements. The interest
in the topic for this volume arose at the 1998 Europhysics Confer-
ence on Macromolecular Physics “Morphology and Micromechanics
of Polymers” that was held in Merseburg (Germany) (see special
volume of the 

 

Journal of Macromolecular Science-Physics,

 

 Vol. B38,
1999). Several authors of this book contributed as main lecturers
to the success of the conference.

The structure of the book is organized as follows:
In the first part, “Structural and Morphological Characteriza-

tion,” the main aspects of the morphology of semicrystalline poly-
mers, as revealed by electron microscopy (

 

Bassett

 

) and x-ray scat-
tering techniques (

 

Hsiao

 

) are highlighted. Emphasis on the
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nanostructure of amorphous block copolymers and blends (

 

Adhikari,
Michler

 

) is also given.
The second part, “Deformation Mechanisms at Nanoscopic

Levels,” is devoted to describing the main micro- and nanomicro-
scopic effects and mechanisms occurring in different classes of poly-
mers. First, the influence of molecular variables on crazing and
fracture behavior is discussed in the case of amorphous polymers
(

 

Kausch, Halary

 

). Then, the physical elementary mechanisms
including strength, crystal plasticity, orientation processes, and dif-
ferent modes of deformation are illustrated for selected semicrys-
talline polymers (

 

Galeski

 

) and complemented with results from elec-
tron microscopic microdeformation tests (

 

Plummer; Henning,
Michler

 

). Recent results on micromechanical properties, as derived
from microindentation hardness studies in different polymers and
correlated to nanostructural parameters, are presented (

 

Baltá-
Calleja, Flores, Ania

 

). Basic aspects of toughness enhancement for
particle-modified semicrystalline polymers using model analysis are
considered (

 

van Dommelen, Meijer

 

). This part ends with an overview
about nano- and micromechanical effects in heterogeneous poly-
mers, partly known in industry, partly new or up until now only
theoretical possibilities (

 

Michler

 

).
The third part, “Mechanical Properties Improvement and Frac-

ture Behavior,” offers selected examples of heterogeneous polymers
with improved mechanical properties and fracture behavior. Struc-
ture-property relationships and mechanisms of toughness enhance-
ment are discussed for rubber-modified amorphous polymers (

 

Heck-
mann, McKee, Ramsteiner

 

) and semicrystalline polymers (

 

Harrats,
Groeninckx

 

). New aspects of manufacturing, structure development
and properties of practical relevance in nanoparticle-filled thermo-
plastic polymers are given (

 

Karger-Kocsis, Zhang

 

) and the state of
the art of carbon nanotube and nanofiber-reinforced polymer sys-
tems is emphasized (

 

Schulte, Nolte

 

). Additionally, novel unusual
methods of polymer modifications are based on micro- and nanolay-
ered polymers (

 

Bernal-Lara, Ranade, Hiltner, Baer

 

) and hot-com-
paction of oriented fibers and tapes are also presented (

 

Ward, Hine

 

).
In addition to the wide spectrum of properties present in the

above polymers, toughness enhancement is a particular aim of many
of the discussed modifications. In the different chapters the usual
routes of rubber-toughening of amorphous and semicrystalline poly-
mers are completed by effects of toughness enhancement due to
nanoparticle and nanofiber modification, micro- and nanolayer pro-
duction and hot compaction of oriented polymers.
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The book is directed particularly at polymer scientists in
research institutes and in industry, and should serve as a link
between more practical aspects of polymers and the knowledge
about the influence of the different levels of structure and morphol-
ogy on properties. It additionally aims to provide a better under-
standing on new effects and new possibilities to improve mechanical
properties of polymer systems. Therefore, the book will be also
helpful for students of polymer physics, chemistry and engineering,
as well as those researchers interested in materials science.

 

F.J. Baltá-Calleja
G.H. Michler
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I. INTRODUCTION

 

The wide variation in properties of a given polymer according
to its processing conditions reflects differences in internal
organization. Polymer morphology is the study of this internal
organization, primarily by microscopy but complemented by
other techniques [1]. It has been and continues to be respon-
sible for establishing the principal elements in our under-
standing of macromolecular self-organization and thence to
establishing structure–property relationships. Its central
position in polymer science arises essentially from three
causes. First microscopy identifies specific locations of interest
and is not restricted, as are nonmicroscopic techniques, to
average values. Second, microscopic information is much more
detailed and so potentially more informative than that from
other sources. Third, the morphological record is particularly
rich in crystalline polymers, more so than in other materials,
because, in large measure, the long molecules remain where
they were placed during crystallization and subsequent treat-
ments such as deformation, allowing the sample’s history to
be read whereas in atomic and small-molecular solids this
information is usually lost.

 

II. CRYSTALLINE POLYMERS

 

Polymer morphology is mostly, but not entirely, concerned with
crystalline polymers, partly because of their rich record as
mentioned but also because the two most economically impor-
tant synthetic polymers, polyethylene and polypropylene, are
built from the two monomers of most fundamental interest.
Polyethylene is the closest approach to the ideal linear chain
and can be modified to introduce branches through copolymer-
ization while polypropylene is the first 

 

α

 

-polyolefine and intro-
duces stereospecificity into the polymer chain. 

Crystalline polymers are not uniform solids. In the polar-
izing optical microscope they reveal polycrystalline textures
(Figure 1) which are infinite in their variety, no two specimens
being the same. For polymers crystallized from a quiescent
melt, these textures are commonly described as spherulitic
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because, provided there are not too many growth centers
(primary nuclei), little spheres (spherulites) are an interme-
diate stage of development before objects impinge. Prior to
attaining a spherical envelope, objects starting at a point or
short line commonly pass through embryonic forms which
may be sheaflike or polygonal depending on the viewing direc-
tion. Especially in circumstances of reduced branching, at low
supercoolings, such immature objects are known as axialites
and hedrites, respectively. Whether these early forms can
mature into spherical entities depends upon there being suf-
ficient space to allow the development, which is controlled by
the concentration of primary nuclei: more nuclei mean smaller
objects. But whatever stage is reached, the underlying process
of spherulitic growth is the same and all objects are con-
structed on the same principles. 

Polymer spherulites are typically constructed on a frame-
work of individual radial lamellae, called dominant, which
branch repetitively then diverge at angles ~20°, increasing
for thinner lamellae. This repetitive divergence of dominant
lamellae is the fundamental reason why an initial single

 

Figure 1

 

Spherulites of i-polypropylene growing from the melt
viewed optically between crossed polars. (From Bassett DC. Phil
Trans Roy Soc Lond A 1994; 348:29–43. With permission.)
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crystal becomes polycrystalline; if adjacent lamellae did not
diverge, a multilayer object would keep its initial single-crys-
tal orientation. 

Spherulites and lamellae are the two principal morpho-
logical entities present in polymers crystallized from a quies-
cent melt. They and their interrelation will be discussed in
detail to provide the initial basis of understanding of struc-
ture-property relations in crystalline polymers. (Molecular
trajectories have to be inferred from this evidence as they
cannot be resolved by any available technique.) Further, com-
plementary discussion concerns the significant modifications
occurring when crystallization occurs under flow or stress to
give oriented products such as fibers. Finally attention is
drawn to contemporary challenges in the field.

 

III. POLYMER LAMELLAE

 

Much of our detailed knowledge of individual polymer lamel-
lae comes from early studies of polyethylene crystallized from
very dilute solution. These are microns wide, with planar
facets, but only 10 to 15 nm thick (Figure 2). The most impor-
tant finding, with profound implications for polymer science,
is that within lamellae long molecules are 

 

chainfolded

 

 [3],
i.e., they pass back and forth repetitively between the large
(basal) lamellar surfaces, ~100 times for a typical polyethyl-
ene molecule, with crystalline stems inside a lamella and folds
at its basal surfaces. Chainfolding is typical and characteristic
of polymer lamellae whether grown from solution or melt
although the proportion of tight folding, in which a molecule
returns to an adjacent site, may well vary.

The information contained in lamellar morphology con-
cerns two aspects: their thickness and crystal habit. Polymer
lamellae form because they are the fastest means of crystal-
lization. The thickness, 

 

�

 

, varies, increasing with crystalliza-
tion temperature, T

 

c

 

, according to 

 

�

 

 = 2

 

σ

 

e

 

T

 

m

 

°/

 

∆

 

h

 

∆

 

T + 

 

δ

 

�

 

(1)

Here 

 

σ

 

e

 

 is the free energy per unit area of the fold surfaces,

 

∆

 

h the enthalpy of crystallization per unit volume of crystal,
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T

 

m

 

° the melting point of an infinitely thick crystal, 

 

∆

 

T = (T

 

m

 

°
– T

 

c

 

) is the supercooling and 

 

δ

 

�

 

 an increment of thickness.
The first term represents the condition when the reduction
in free energy (Gibbs function) from crystallization of stems
equals the increase due to folding, i.e., when there is no net
gain of stability. Stability comes from increasing the stem
length, lowering the free energy further, while the energetic
cost of the surface is more or less constant. The actual thick-
ness 

 

�

 

 which results is a compromise between longer lengths
which are more stable but crystallize more slowly and shorter
lengths which crystallize faster but are less stable and,
indeed, unstable below the value of the first term. These

 

Figure 2

 

Single crystals of linear polyethylene grown from dilute
solution. Notice the well-demarcated {200} sectors in certain of these
truncated lozenges. (From Bassett DC. Phil Trans Roy Soc Lond A
1994; 348:29–43. With permission.)

 

DK4635_C001.fm  Page 7  Tuesday, April 19, 2005  9:22 AM

© 2005 by Taylor & Francis Group.



  

processes take place at the growing edge of the crystal, where
thickness decreases abruptly, for solution growth, when the
crystallization temperature is reduced [4]. SAXS, small angle
x-ray scattering, is the preferred means of measuring average
lamellar thickness although, unlike microscopy, it is unable
to reveal a change in thickness at the growing edge. 

The consequences of chainfolding are of major impor-
tance for properties because folding interrupts covalent con-
tinuity producing van der Waals bonding outside a fold
surface, thereby reducing both Young’s modulus and strength
along the chain direction in a sample. To offset this reduction
it is advantageous to retain in lamellae a proportion of mol-
ecules which do not fold but pass directly from one lamella to
another, so-called tie molecules [5,6]. Various means of achiev-
ing this to produce

 

 high-modulus materials 

 

are known and
now used in industrial production.

A major property of polymer lamellae is that they are
inherently less stable than those of greater thickness. This is
reflected in a reduced melting point, T

 

m

 

, given by 

T

 

m

 

 = T

 

m

 

° (1 – 2

 

σ

 

e

 

/

 

∆

 

h

 

�

 

) (2)

The characteristically broad melting range of a crystalline
polymer is largely due to the variation in its lamellar thickness.
As a consequence, if a sample is heated above its crystallization
temperature into its melting range — a process known as
annealing — then the thinnest crystals, whose melting point
lies below the annealing temperature, will melt and, given
sufficient time, will recrystallize (on unmolten lamellae as
nuclei) at a higher temperature and thickness than before [7]. 

Instability may also occur at the crystallization temper-
ature, known as isothermal lamellar thickening with thick-
ness generally increasing logarithmically with the logarithm
of elapsed time [8]. This process, which does not normally
occur for solution-grown lamellae which retain their as-
formed thickness, is generally present at the higher temper-
atures of melt crystallization. The mechanism cannot be
partly melting then recrystallizing a sample as above because
thermodynamics does not allow a sample to melt at its crys-
tallization temperature. Instead it involves thickening in the
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solid state at and behind the growing edge [9], most probably
via the well-known strong longitudinal vibrations and asso-
ciated rotations to which long molecules are subject, especially
near their melting point. 

Lamellar habits provide unique information on crystal-
lization processes. In some instances this has come from opti-
cal and scanning electron microscopy, SEM, but transmission
electron microscopy, TEM, alone has the ability to combine
imaging with diffraction which was key to the discovery of
chainfolding. Chainfolding itself leaves clear evidence of its
presence in polymer lamellae notably in sectorization. This
phenomenon is the division of a single lamella into distinct
regions adjacent to each growth face. Thus a polyethylene
lozenge-shaped lamella with four {110} growth faces com-
prises four {110} sectors with well-marked internal bound-
aries. When the lozenge is truncated by two {200} faces, as
occurs at higher crystallization temperatures, there are an
additional two sectors now of the {200} kind. These latter are
slightly thinner and, accordingly, melt at a lower temperature
than the {110} sectors. Sectors are due to distortion of the
crystal lattice by molecules folding parallel to the growth
plane and not along nominally equivalent directions.
Although the polyethylene structure has two equivalent {110}
planes, folding parallel to only one of these in a given sector
produces a small difference in spacing, ~0.001 nm between
the two {110} planes. In consequence, the lattice loses its
orthorhombic symmetry, 

 

a

 

 and 

 

b

 

 axes no longer meet at 90°
but at a slightly smaller angle, and the lamella is slightly
dished by a ~2° semi-angle rather than planar. 

Sectorization as described applies when chains are nor-
mal to lamellae. In polyethylene this happens only for low
mass materials, otherwise chains are inclined to lamellar nor-
mals. The inclination is higher at higher crystallization tem-
peratures, when fold surfaces are {312} from solution and {201}
from the melt giving inclinations ~35°. The inclination itself
arises from the difficulty of packing folds, of asymmetric shape,
in a tight lattice with small cross-sectional area per chain;
inclination increases the surface area per fold. But the incli-
nation is not generally uniform across a lamella but differs in
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different sectors giving solution-grown polyethylene lamellae
hollow pyramidal or related three-dimensional habits.

Such habits have been observed directly for crystals in
suspension or sedimented on glycerine. They have also been
inferred from the molecular orientations in different sectors
revealed by dark-field TEM [10]. It has been shown that there
are both hollow pyramidal and chair-shaped habits, the latter
geometrically related to the former by bisection along the
short diagonal, parallel to 

 

b

 

, then a 180° rotation around the

 

a

 

 axis and, finally, reconnecting the two halves. The impor-
tant points are that the two related habits exist and that
their shapes remain constant during growth. To explain
these, it was proposed that, initially, lamellae began to grow
flat then adopted one of the two alternative three-dimensional
habits [11]. The situation at lower crystallization tempera-
tures is more complicated with a lesser inclination, of {314}
planes, and repeated reversals of slope within a given sector
[10] which suggest that inclination was adopted after the
lamella formed. 

These early suggestions fit well with recent work on melt-
crystallized polyethylene lamellae

 

1

 

 [12], which has shown
explicitly that at higher temperatures, 

 

≥

 

 127°C for a linear
polymer at 1 bar, lamellae form and stay inclined with {201}
fold surfaces. Below this range, fold surfaces form as {001}
then transform, with lamellar twisting, to an inclined condi-
tion to reduce surface stress (Figure 3). The difference is
because fold packing has time to organize before the next
molecular layer is added to a lamella for slower growth at
higher temperatures but not for faster growth in the lower
range. For the latter condition, fold surfaces must form with
disorganized fold packing and be rough, more so the faster

 

1

 

The technique of permanganic etching allows melt-crystallized lamellae in
polyolefins and certain other polymers to be studied systematically in both
scanning and transmission electron microscopes. Figures 3 to 9 are all of
permanganically etched samples. Details of precise conditions may be found
in the original papers but all are variants of those in reference [41].
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Figure 3

 

Fold surfaces of polyethylene lamellae form with differ-
ent initial orientations according to whether or not there is sufficient
time for preferred fold packing to be adopted. The effect is shown
here for rows (horizontal on the page) of linear polyethylene grown
on a fiber as a linear nucleus: (a) after 25 s growth at 123

 

°

 

C the
dense central growth near the nucleating fiber has lamellae perpen-
dicular to it but giving way to more open textures at top and bottom;
(b) the same polymer grown as a row at 129

 

°

 

C for 3 h has inclined
lamellae in a chevron pattern throughout with denser packing at
the center. (Detail of figures is given in Abo el Maaty MI and Bassett
DC. Polymer 2001; 42:4957–4963. Copyright 2001, with permission
from Elsevier.)
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the growth rate. This is a further reflection of the kinetic basis
of crystallization being driven by the addition of stems which,
by increasing length, is always able to overcome the energetic
cost of the fold surface, organized or disorganized.

The reductions in free energy available from organization
of the fold surface are always liable to be small in relation to
those involved in crystallization but, given sufficient time,
they may be realized. For example, the alkane lattice will
distort to achieve better surface packing. This has recently
been demonstrated for the monodisperse centrally branched
alkanes which form scrolls at high crystallization tempera-
tures, thereby accommodating all branches on the outer sur-
face of the scroll even though the lattice must be strained in
consequence [13].

In general, lamellar habits must conform to the crystal
structure, but the precise shape depends upon the growth
mechanism. For solution-grown polyethylene, the lozenge
habit indicates that {110} are the slowest-growing planes as
befits their close-packed condition. The appearance of {200}
truncating faces has been interpreted in terms of the different
fold surface free energies corresponding to the altered pattern
of folding in the two types of sector. The {200} sectors become
wider with increasing crystallization temperature and their
growth faces also become curved. Ultimately in individual
melt-crystallized lamellae grown at 130°C, {110} facets pre-
sumed to be present are hard to detect and a lamella consists
almost entirely of two {200} sectors with strongly curved out-
lines [14]. Such curvature may be explained in terms of the
lateral spreading rate of steps nucleated on the growth sur-
face [15].

In certain systems, notably 

 

α

 

-polypropylene, lath-like
lamellar growth is a feature [16]. While in low mass polyeth-
ylene laths can extend parallel to a {110} twin plane, because
of the niche giving favorable conditions for molecular attach-
ment at the twin boundary, the situation in polypropylene is
not so clear and has never been fully explained. 

Sectorization is most evident in solution-crystallized
lamellae but has been shown in melt-crystallized lamellae, at
least to an extent. For example, individual polyethylene
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lamellae grown at high temperatures tend to form two oppo-
sitely inclined sectors across their long diagonal, the more so
when crystallized slowly and for longer times (Figure 4). Melt-
crystallized i-polystyrene lamellae are dished in a similar way
to sectored solution-crystallized lamellae, presumably for the
same reason as molecules lying preferentially along the
growth plane [17,18]. But this is a relatively unexplored area;
it is, for example, by no means clear how sectorization is
affected by isothermal lamellar thickening.

A further important deduction from lamellar habits con-
cerns recent suggestions that metastable states may be the
first stage in crystallization from the melt. For example, it
has been proposed that the two-dimensional hexagonal phase
of polyethylene always precedes crystallization of the ortho-

 

Figure 4

 

A single crystal of linear polyethylene, within a quenched
matrix, grown from the melt at 130

 

°

 

C. The central hole is due to
preferential etching around a giant screw dislocation during prepa-
ration for TEM. (Reprinted from Patel D and Bassett DC. Polymer
2002; 43:3795–3802. Copyright 2001, with permission from Elsevier.)
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rhombic phase from the melt [19]. That this does not happen
follows from the existence of single crystals of the orthorhom-
bic phase. When the hexagonal phase, which crystallizes as
circular lamellae from the melt [20], transforms to the lower
symmetry orthorhombic phase, it has three choices as to
which transverse axis should become the 

 

b

 

 axis of the ortho-
rhombic cell. As a consequence, lamellae which have con-
verted from the hexagonal to the orthorhombic phases are
invariably twinned and in a complex way. Single crystals of
the orthorhombic phase must have formed directly from the
melt [21]. A similar argument applies to all cases where a
metastable phase of higher symmetry is supposed to precede
the crystallization of a crystalline phase of lower symmetry.

 

IV. SPHERULITES

 

When, growing from the melt, a single polymer lamella
branches, for example, around a giant screw dislocation, adja-
cent layers do not lie parallel as in small-molecular crystals,
but diverge (Figure 5). This is the key phenomenon which, by
iteration, leads to the formation of spherulites [17]. For long
molecules two causes of divergence have been identified, cil-
iation and rough surfaces [22]. The observation that, in mul-
tilayer crystals, adjacent lamellae have linear traces which
diverge at roughly constant angles indicates that they are

 

Figure 5

 

A similar crystal to that of Figure 4 but in a perspective
that shows that adjacent layers on the right-hand side, generated
by the central (etched-out) screw dislocation, diverge. (From Bassett
DC. Phil Trans Roy Soc Lond A 1994; 348:29–43. With permission.)
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growing in stress-free conditions with divergence developing
close to the branch point at separations no greater than molec-
ular lengths. This strongly suggests the presence of a meso-
scopic repulsion for which ciliation, both transient and
permanent, has now been confirmed to be a responsible factor
and in considerable detail. The morphology of inorganic spher-
ulites is difficult to observe and is not nearly so well charac-
terized as for polymers but also involves long entities
branching and diverging with the latter feature attributed,
in ice-based systems, to osmotic pressure. It seems very likely
that the mechanisms shown to operate for polymers are par-
ticular expressions of general principles applicable to all
spherulites, polymeric or not.

In the polymeric context a cilium is an uncrystallized
portion of a molecule partly attached to a lamella. If it sub-
sequently crystallizes and so disappears, it is transient but if
it remains indefinitely, it is permanent. In both cases cilia
will be present outside basal surfaces and will, over distances
no greater than molecular lengths, repel an adjacent lamella
which enters this space. 

The influence of both transient and permanent cilia has
been investigated in detail in the monodisperse n-alkanes
which are oligomers of polyethylene. First were qualitative
observations on n-C

 

294

 

H

 

590

 

 which can form two separate lamel-
lar populations at the same temperature — one with mole-
cules fully-extended and once-folded in the other. Lamellar
divergence and spherulitic growth were absent from the
former but present in the latter [23]. The contrast is between
extensive parallel lamellar stacks for extended molecules and
regular divergence of adjacent chainfolded lamellae as in poly-
ethylene and other spherulites. The significance of the change
with molecular conformation is that folding implies the pres-
ence of transient cilia while there will be none for extended
chains which add as a single unit.

In reality, the addition of molecules in extended-chain crys-
tallization is more subtle with polycrystalline textures and
lamellar divergence appearing at higher supercoolings. To
explain this, one may anticipate the presence of transient cilia
with length equal to the excess of molecular length over that of
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the secondary nucleus at the growth interface, a dimension
proportional to supercooling. A quantitative investigation of sev-
eral shorter monodisperse n-alkanes showed plots of the angle
of divergence of adjacent lamellae against supercooling to be
linear with slopes decreasing consistently for longer alkanes
and a positive intercept ~8° [24]. Transient ciliation, which
vanishes at zero supercooling, cannot account for the non-zero
intercept which has been suggested to arise from surfaces being
formed rough and unable to lie parallel. This is, therefore, a
second factor contributing to lamellar divergence and spheru-
litic growth. It is likely to contribute also to spherulitic growth
in linear polyethylene at temperatures below 127°C when fold
surfaces form as {001} and are inherently rough [12].

Permanent ciliation is present in co-crystallizing dilute
binary blends of monodisperse n-alkanes when the guest mol-
ecule is longer than the host. In such cases the presence of
permanent cilia supplements previous effects in a consistent
way [25]. This supplementation vanishes, however, when the
guest molecule is twice as long as the host so that it will
crystallize once-folded with transient but no permanent cili-
ation [26].

Inhomogeneity is an inevitable product of spherulitic
growth with dominant lamellae distinct from those which
form later between them (Figure 6). In low crystallinity poly-
mers, spherulites may consist largely of dominant lamellae.
With higher crystallinity, subsidiary lamellae form isother-
mally behind the perimeter occupying, with later infilling
lamellae, some or all of the space between the dominants.
There are correspondingly different properties, mechanical
and thermal, related to differences in orientation and lamellar
thickness. Most spherulites (but not those of 

 

α

 

-polypropylene)
melt from the outside in, with dominant lamellae the last to
melt and the highest melting point in spherulite centers [28].
In 

 

α

 

-polypropylene, lamellar thickening is suppressed by
cross-hatching and spherulite centers retain thin lamellae
which melt before those at greater radial distance where
radial lamellae are more pronounced [29].

A reduction in inhomogeneity, which is usually desirable
commercially, may be achieved by reducing spherulite size
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with increased primary nucleation. In the particular case of

 

α

 

-polypropylene, where improved clarity is sought, a suffi-
cient reduction is not easy to achieve and this remains an
active area of research. For other polymers the problem is
rarely serious.

Spherulitic textures also bring differential response to
mechanical stress, in large measure because the different
lamellar orientations present respond differently to the
applied stress (Figure 7). The link between morphology and
mechanical behavior has recently been reviewed [31].

 

V. BANDED SPHERULITES

 

Certain spherulites, notably those of polyethylene at

 

 

 

lower
crystallization temperatures (< ~127°C for linear polymers

 

Figure 6

 

An embryonic spherulite of linear-low-density polyeth-
ylene grown at 124

 

°

 

C showing individual dominant lamellae advanc-
ing into the melt with subsidiary lamellae filling intervening spaces
to the rear. (From Bassett DC. Crystallization of polymers, Dosiere
M, ed., Dordrecht: Kluwer, 1993; 107–117. With permission.) 
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[32]) and certain aliphatic polyesters show banding, i.e., an
approximately concentric set of extinction rings in the polar-
izing microscope. These are well understood optically, being
due to a twisting of the average orientation around the growth
direction but a knowledge of, and explanation for, the associ-
ated lamellar texture has been much harder to obtain. 

Once again the best-characterized system is polyethyl-
ene. In the linear polymer, banding is only found for faster
growth, giving lamellae which are S-profiled viewed down 

 

b

 

,
the radial growth direction [33]. The lamellae themselves are
slightly twisted but the bulk of the twist is inserted at, and
maintained by, successive isochiral giant screw dislocations
when lamellar cross-sections are much reduced. The under-
lying cause of twisting in polyethylene is (partial) relief of
surface stress associated with faster growth and the initial
{001} fold surfaces leading to the adoption of the S-profile, in
which central and

 

 

 

edge portions of lamellae are inclined [34]. 
The origin in relief of fold surface stress is reinforced by

observations on branched, linear-low-density polyethylene.

 

Figure 7

 

Differential deformation in lamellae within a spherulite
of linear polyethylene according to the inclination of lamellae to the
horizontal draw direction. (Reprinted from Lee SY, Bassett DC,
Olley RH. Polymer 2003; 44:5961–5967. Copyright 2001, with per-
mission from Elsevier.)
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Here banding occurs in two circumstances. One is identical
to that for the linear polymer: faster growth, initial {001} fold
surfaces and S-profiled lamellae. The other concerns slower
growth in which lamellae start to grow with {201} fold surfaces
but as lamellar thickness increases isothermally, requiring
branches to be brought into and stress fold surface regions,
twisting begins. This has a greater period, i.e., a lesser torque,
than for faster growth as would be expected for a smaller
surface stress [35].

 

VI. CRYSTALLIZATION UNDER STRESS 
OR FLOW

 

Polymers are often crystallized under stress or flow to give
an overall molecular orientation and enhanced properties. In
such circumstances primary nucleation is linear and the prod-
ucts are row structures, frequently described as 

 

shish-kebabs

 

(Figure 8). Here the shish is a linear backbone, typically tens
of nm across, on which chainfolded lamellae (the kebabs) grow
transversely. Similar effects are produced with macroscopic
fibers as nuclei of quiescent melts (Figure 9). Carbon fiber
can be an effective heterogeneous linear nucleus but if a
highly oriented fiber of the host is used, it will probably
initiate epitaxial crystallization on itself.

The traditional view of row structures is that the nucleus
is formed along and in response to the elongational compo-
nent of applied stress which it helps sustain [38]. It then acts
as a linear nucleus for chainfolded lamellae to grow trans-
versely, with the same chain axis direction, in stress-free
conditions. While the nucleation element appears to be true,
lamellae do not grow in strictly stress-free conditions. This
is shown first by being able to crystallize at appreciable
growth rates at higher temperatures than from a quiescent
melt and by having different lamellar profiles [39]. Polyeth-
ylene lamellae grown under simple shear above 127°C, for
example, have been found not to be inclined but to have {001}
surfaces. The implication is first that the isothermal super-
cooling has been increased and, second, that the processes of
fold surface organization are adversely affected. These are
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issues which may be clarified in what is now an active area
of research.

For a long time, especially when optical microscopy was
the principal source of information it was supposed that radial
growth in a row structure and a spherulite were essentially
the same albeit in different macroscopic geometries. This is
not the case. There is a major distinction stemming from
differences in the lamellar environment. Whereas the diverg-
ing growth in a spherulite creates space in which a lamella
may thicken isothermally, space is denied to close-packed
lamellae growing parallel in rows. Here thickening is accom-
plished by some lamellae failing to propagate, so reducing
their overall number and allowing thickening into the space
so created [40]. This leaves thin lamellae at the origin of the
row, which have been unable to thicken in contrast to spher-

 

Figure 8

 

A shish-kebab in polypropylene homopolymer formed,
at 140

 

°

 

C, on a pre-existing linear nucleus. (Reprinted from 

 

White HM
and Bassett DC. Polymer 1997;

 

 

 

38:5515

 

–

 

5520.

 

 Copyright 2001, with per-
mission from Elsevier.)
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ulites whose centers contain the thickest lamellae. These are
the first to melt [8] in contrast to most spherulites whose
centers melt last (except for 

 

α

 

-polypropylene whose centers
retain thin lamellae and melt first [27]).

 

VII. FUTURE CHALLENGES

 

Knowledge and understanding of polymer morphology has
been transformed since it became possible to characterize and
study lamellae, their habits and associations, systematically
by electron microscopy, largely through the advent and appli-
cation of permanganic etching. Knowledge of the lamellar
architecture of spherulites has moved from the presumed to
the actual, bringing critical and extensive tests of explana-
tions of their growth processes, a task much facilitated by the
availability of the monodisperse long alkanes. Observations
of the growth of polyethylene lamellae in row structures have
made explicit the reorganization of fold surfaces implicit in
kinetically controlled crystallization. This new knowledge
now needs to be assimilated, not least into models used to

 

Figure 9

 

A cross-section through a row structure of linear poly-
ethylene grown around a central high-melting polyethylene fiber.
(Reprinted from Abo el Maaty MI and Bassett DC. Polymer 2001;
42:4965–4971. Copyright 2001, with permission from Elsevier.)
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interpret scattering and spectroscopic data, with familiar his-
toric models not being retained uncritically, otherwise the
field of structure–property relations will stultify. In particular,
it is necessary that explanations of polymeric properties are
not merely ascribed to presumed behavior but are examined
critically and carefully checked so that the edifice of knowl-
edge can continue to be soundly constructed.
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I. INTRODUCTION

 

The hierarchical structures in semicrystalline polymers from
atomic, nanoscopic, microscopic to mesoscopic scales can be
thoroughly characterized by microscopic means such as scan-
ning electron microscopy (SEM), transmission electron
microscopy (TEM), atomic force microscopy (AFM) and optical
microscopy. However, the 

 

in situ

 

 structure development dur-
ing polymer processing, information that is critical for opti-
mization of properties, is rather challenging using the
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microscopy techniques. The combined x-ray scattering and
diffraction techniques are, perhaps, the most complementary
techniques to microscopy, which provide the structure infor-
mation in reciprocal space. Small-angle x-ray scattering
(SAXS) probes relatively large-scale structures from 2 to 100
nm, while wide-angle x-ray diffraction (WAXD) deals with the
atomic structure of crystals (0.1 to 2 nm). With synchrotron
radiations, the high power density and small beam divergence
of the incident x-ray beam further permit the design of time-
resolved SAXS/WAXD experiments [1,2] that can also be cou-
pled with varying polymer processing techniques, such as
polymer deformation [3–6], fiber spinning [7–11] and drawing
[12–13], shearing and complex flow [14–18].

In this chapter, we will demonstrate two case studies by
using synchrotron SAXS/WAXD techniques to characterize
the structure and morphology of semicrystalline polymers
under deformation. These studies include (1) flow-induced
crystallization in polymer melts (isotactic polypropylene, iPP
and polyethylene, PE), (2) strain-induced phase transitions
and structural development in polymer solids (iPP and
poly(ethylene terephthalate), PET). Before we describe the
scientific findings of these studies, the combined synchrotron
SAXS/WAXD techniques and the unique sample chambers
used in these studies are briefly introduced as follows.

 

II. EXPERIMENTAL TECHNIQUES

A. Combined Synchrotron SAXS and WAXD 
Techniques

 

Both case studies were conducted at the Advanced Polymers
Beamline (X27C) of the National Synchrotron Light Source
in Brookhaven National Laboratory [1]. This facility is the
first synchrotron beamline in the United States dedicated to
chemistry/materials research (with emphasis on polymers)
using state-of-the-art simultaneous small-angle x-ray scatter-
ing (SAXS) and wide-angle x-ray diffraction (WAXD) tech-
niques. The x-ray optics at X27C are simple but unique. After
the radiation is emitted from the bending magnet, a double-
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multilayer (silicon/tungsten) monochromator is used to mono-
chromatize the incident beam (Figure 1). This monochromator
has been demonstrated to increase the x-ray flux by approx-
imately 10 times when compared with the conventional dou-
ble-crystal monochromator. Higher orders of harmonics are
eliminated by slightly detuning the two multilayers. Although
the wavelength is adjustable from 0.07 – 0.2 nm (energy 6–20
KeV) with this monochromator, the wavelength is usually
fixed at 0.13 nm to optimize the flux and the SAXS angular
resolution. The corresponding energy resolution (

 

∆

 

E/E) at this
wavelength is 1.1%, which is an order of magnitude broader
than that from the crystal monochromator. However, this
energy resolution is sufficient for SAXS and WAXD measure-
ments of polymer materials. The typical level of x-ray flux at
the testing condition is about 9 

 

×

 

 10

 

11

 

 photon/s. 

 

Figure 1

 

Simultaneous SAXS/WAXD setup at the Advanced Poly-
mers Beamline (X27C), National Synchrotron Light Source,
Brookhaven National Laboratory. (Reprinted with permission from
Chu B, Hsiao BS. Chem. Rev. 2001; 101(6):1727–1761. Copyright
2001 American Chemical Society.)
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The most critical component of this SAXS facility is the
collimation system, which directly determines the maximum
spatial resolution power. At X27C, we have constructed a
three-pinhole collimation system for this purpose (the lower
diagram in Figure 1). This system is unique in several ways.
(1) The construction cost of the pinhole system is significantly
less than its slit counterpart. (2) The alignment of the pinhole
system was found to be considerably easier than the slit
system (since only half of the variables are needed to control
the pinhole system). (3) Several series of pinholes with differ-
ent resolution power were prepared (their diameters were
derived from theoretical calculation), and the changing of
different pinholes is also straightforward. (4) All pinholes
were manufactured on tantalum substrates (2.5 mm thick-
ness) by a special drilling technique to minimize the parasitic
scattering from the pinhole edge. Using the first pinhole of
0.1 mm diameter, we have routinely obtained the maximum
spatial resolution of 110 nm from the duck tendon standard.

 

B.

 

In Situ

 

 X-ray Shear Apparatus

 

The rheo-SAXS experiments were carried out by a Linkham
CSS-450 high-temperature shearing stage, modified for x-ray
diffraction and scattering experiments [15,16]. The synchro-
tron setup and the shear apparatus are shown in Figure 2.
In this apparatus, two parallel plates were used to sandwich
the ring-shaped specimen. A Kapton film and a diamond win-
dow were used in place of the quartz optical windows on the
top and bottom steel plates to support the specimen. The top
plate had a narrow aperture hole (3 mm in diameter), which
allowed the x-ray beam (0.3 mm diameter) to enter the sam-
ple. The bottom rotating plate had open slots (wider than the
hole in the top window) for the exit x-ray beam. The sample
was sheared by rotating the bottom plate through a precision
stepping motor while the top plate remained stationary. The
bottom opened slots allowed the scattered x-ray beam to be
detected during shear. SAXS/WAXD signals were separately
measured during shear under identical experimental condi-
tions. The attainable shear rate of this apparatus is from 0.1
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Figure 2

 

Modified shear apparatus for 

 

in situ

 

 SAXS/WAXD exper-
iments. (Reprinted with pemission from Somani RH, Hsiao BS,
Nogales A, Srinivas S, Tsou AH, Sics I, Balta-Calleja FJ, Ezquerra
TA. Macromolecules 2000;33(25):9385–9394. Copyright 2000, Amer-
ican Chemical Society.)
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– 100 s

 

–1

 

 and the typical operating temperature range is from
25–300

 

o

 

C.

 

C.

 

In Situ

 

 X-ray Tensile-Stretching Apparatus

 

Dynamic studies of polymer films and fibers during tensile
deformation have become very common in synchrotron
experiments. These studies yield important information on
the changes of structure and morphology during deforma-
tion, which can be related to the properties of polymers.
The major requirement of the apparatus is that it should
provide symmetrical stretching, which guarantees that the
focused x-ray can illuminate the same position on the sam-
ple during deformation. Otherwise, the sample detection
position will be changed continuously, which can lead to
uncertainty in conclusion. In our laboratory, we have mod-
ified a tabletop non-symmetrical stretching device to pro-
vide symmetrical deformation [4–6]. The modification can
be briefly described as follows (Figure 3). The tensile
stretching apparatus was a modified version of model 4410
from Instron Inc. and had a load capacity of 500 Newtons.
The maximal distance between the two grips was about 460
mm. The sample could be heated to a temperature up to
300°C with a custom-designed sample chamber. The
stretching speed could be adjusted from 0.2 mm/min up to
1000 mm/min. The modified stretching unit adopted a cus-
tom-built vertical translational stage, which provided
translational motion opposite to the programmed stretching
with the same speed.

 

III. FLOW-INDUCED CRYSTALLIZATION IN 
POLYMER MELTS

 

The subject of flow-induced crystallization remains to be one
of the most important problems in polymer processing today,
and it is still not yet fully understood. The major hurdles in
the past were mainly due to the lack of suitable 

 

in situ

 

characterization tools to determine the structures at the ear-
liest stages of flow-induced crystallization. Using advanced
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synchrotron x-ray techniques, these hurdles have been effec-
tively overcome. 

The selected sample studies involved shear-induced crys-
tallization in iPP and PE melts. These studies aimed to inves-
tigate several fundamental issues of the flow-induced
crystallization subject, including (1) the pathway of forming
nanostructured scaffolds (shish-kebab crystallization precur-
sor structures) in undercooled polymer melt by flow prior to
full scale crystallization; (2) the relationships among the
internal material parameters (chain length, length distribu-
tion and chain branching, or the relaxation time spectrum),
the external flow parameters (temperature, strain and strain
rate, or stress), and the formation of the initial precursor
structures, and (3) flow-induced polymorphism.

 

Figure 3

 

Schematic diagram of stretching apparatus (with tem-
perature control chamber) setup for 

 

in situ

 

 x-ray study. (Reprinted
with pemission from Yeh F, Hsiao BS, Sauer BB, Michel S, Siesler
HW. Macromolecules 2003;36(6):1940–1954. Copyright 2003, Amer-
ican Chemical Society.)
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A. Flow-Induced Shish-Kebab Precursor 
Structures of Isotactic Polypropylene Near 
Nominal Melting Point

 

When crystallized from the melt or solution, iPP always
adopts a 3

 

1

 

 or 3

 

2

 

 helical confirmation in the crystalline struc-
ture. The helical chains can pack in different cell structures
with specific helical hand registrations giving rise to different
polymorphs of iPP, i.e., the 

 

α

 

, 

 

β

 

 and 

 

γ

 

 crystal forms, depending
on the crystallization conditions [19–22]. In 1959, Natta et
al. [23] pointed out the existence of a mesomorphic form of
iPP when the sample was quenched from melt in ice water.
The mesomorphic form has a degree of order intermediate
between the amorphous phase and the crystalline phase.
Recently, de Jeu et al. observed that the smectic phase per-
sists at high temperatures in the molten state (about 20°C
above its nominal melting temperature) [24].

Deformation studies of supercooled iPP melts near or
above its nominal melting point have yielded some inter-
esting findings. For example, Kornfield and coworkers [25]
used a rheo-optical technique to study the influence of short
term shearing in iPP melt at 175°C. They observed a dis-
tinct rise in melt birefringence after cessation of shear. As
the optical techniques cannot elucidate the molecular infor-
mation, we have carried out 

 

in situ

 

 rheo-SAXS and rheo-
WAXD experiments to study a similar iPP at the same
temperature (175°C) [26,27]. In our studies, the iPP melt
was subjected to a step-shear (shear rate = 60 s

 

–1

 

) at two
different shear durations (0.25 and 5 s). Under both condi-
tions, the imposed deformation was found to generate ori-
ented layered structures that were stable at the
experimental temperature, as evidenced by 

 

in situ

 

 SAXS
patterns obtained after shear, where no detectable WAXD
crystalline reflections were seen. In the following sample
study, results from a similar rheo-x-ray study at 165°C will
be discussed [28]. The slightly lower experimental temper-
ature (still near the nominal melting point of iPP – 168°C)
enabled us to study some details of the shear-induced crys-
tallization precursor structures 
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A Ziegler-Natta iPP homopolymer was used in this study.
Its molecular weights were: M

 

n

 

 = 92,000 g/mol, M

 

w

 

 = 368,000
g/mol and M

 

z

 

 = 965,000 g/mol. 

 

In situ

 

 rheo-SAXS and -WAXD
measurements were carried out in the beamlines X27C at the
NSLS, BNL, USA. A 2D MAR CCD x-ray detector (MARUSA)
was employed to collect time-resolved SAXS and WAXD pat-
terns in the shear experiments. The polymer melt was sub-
jected to shear (a shear rate of 60 s

 

–1

 

 and a shear duration,
ts, of 5 s) immediately after the temperature dropped to
165°C. Two-dimensional patterns (2D) (SAXS or WAXD) were
collected continuously: before, during, and after cessation of
shear. All x-ray images were corrected by sample absorption
and beam fluctuation.

 

1. SAXS Observation

 

The SAXS patterns obtained under a shear condition of t

 

s

 

 =
5 s are illustrated in Figure 4, which clearly show the emer-
gence of an equatorial streak immediately after shear (pattern

 

Figure 4

 

2D SAXS patterns of iPP melt before and at selected
times after shear (shear rate = 60 s

 

–1

 

, shear duration = 5 s, T =
165°C). 
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at t = 70 s). The streak becomes stronger with increasing time.
The equatorial streak can be attributed to the formation of
microfibrils (or shish), bundles of parallel chains consisting
of either mesophase or crystalline entities parallel to the flow
direction. Also, it can arise from isolated, narrow shish-kebab
entities that can form in a short time period after shear. The
meridional maxima emerge after the development of equato-
rial streak, as can be seen in the SAXS patterns at later times:
t = 600, 1200 and 7200 s in Figure 4. The meridional scatter-
ing, which exhibits three equal-distant scattering maxima at
t = 7200 s (120 min), can be attributed to the development of
regular spacing crystalline lamellae (or kebabs).

We used the following procedure to deconvolute the con-
tributions of oriented SAXS intensity of the shish (I

 

shish

 

) and
kebab fractions (I

 

kebab

 

) by sectional integration of the oriented
SAXS pattern [28]. Time evolution of intensities I

 

shish

 

, and
I

 

kebab

 

 calculated by this method at selected times after shear
are illustrated in Figure 5. It is seen that I

 

shish

 

 rises immedi-
ately after shear (Figure 5, left), while I

 

kebab

 

 increases only
after a short induction time, about 210 s (see inset of Figure
5, right). Although I

 

shish

 

 rises rapidly immediately at initial
times, its rate of increase diminishes at the later times. In
contrast, I

 

kebab

 

 increases at a much greater rate than I

 

shish

 

. It
reaches a significantly higher value, about 24 times higher
than I

 

shish

 

 at t = 7200 s after shear. 
The rise in I

 

shish

 

 can be attributed to the continuous
ordering of chains in the shish structures (that results in the
increase of electron density contrast) as well as the shish
growth along the flow direction after cessation of flow (that
results in the increase of the shish volume). These observa-
tions are consistent with the results of a recent study by
Petermann, et al. [29], who argued that the shish crystal
growth is an autocatalytic process. That is, the shish growth
is due to self-orientation of the molecules in the growth front
of the crystal tip and does not necessarily require an external
flow field. The increase in I

 

shish

 

 also implies that the connec-
tivity between the linear nuclei along the flow direction can
significantly increase with time. After the formation of shish,
oriented crystals are initiated from the linear nuclei and grow
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perpendicularly to the flow direction, forming layered lamel-
lar structures. This is seen by the emergence of meridional
maxima in the SAXS patterns after a short time delay. The
increase in I

 

kebab

 

 (Figure 5, right) is found to be much greater
than that in I

 

shish

 

 at the later stages.

 

2. WAXD Observation

 

Figure 6 shows the linear WAXD intensity profiles taken from
the equatorial slice of the 2D WAXD patterns at selected times
after shear (left), and a selected WAXD pattern at the end of
the experiment (t = 7200 s) (right), which is dominated by the
appearance of the 

 

α

 

-crystals for iPP. The (110) reflection of the

 

α

 

-crystals is observed at about 600 s after shear. The mass
fraction of crystallites in the melt can be estimated by the
standard peak-fitting procedure of the integrated WAXD inten-
sity profile. As the crystal reflection signals are very weak,
particularly at the beginning of the process, only a few selected

 

Figure 5

 

Time evolution of SAXS integrated intensities, I

 

shish

 

 (left)
and I

 

kebab

 

 (right) after shear (shear rate = 60 s

 

–1

 

, t

 

s

 

 = 5 s, T = 165°C).
(Reprinted with pemission from Somani RH, Yang L, Hsiao BS, Agar-
wal P, Fruitwala H., Tsou AH. Macromolecules 2002;35(24):9096–9104.
Copyright 2002, American Chemical Society.)
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profiles at later times can be analyzed by the curve-fitting
method with a fair degree of accuracy. The percent crystallinity
was estimated by subtracting the area under the fitted profile
of the amorphous halo from the total area, and the result is
shown in Figure 7. It is seen that even at t = 7200 s after shear,
the measured crystallinity is only about 2.3%. Such a low
crystallinity can be attributed to two reasons: (1) the chosen
temperature (165°C) is near the nominal melting point of typ-
ical iPP crystals, and (2) only the shear-induced oriented crys-
tals that are stable at such a high melt temperature can
contribute to the crystallinity. At t = 7200 s after shear, while
a very small fraction of isotropic crystals may be stable above
the nominal melting point, both SAXS and WAXD results sug-
gest that the melt consists mostly of oriented crystals.

 

3. Crystalline Fractions in Shish and 
Kebab Structures

 

The mass fractions of crystals in shish and kebab structures:
X

 

shish

 

 and X

 

kebab

 

, can be estimated from (1) the measured crys-
tallinity X

 

c

 

 by WAXD, and (2) the ratio of SAXS intensity
between the shish (I

 

shish

 

) and kebab structures (I

 

kebab

 

). If we

 

Figure 6

 

1D WAXD intensity profiles along the equator at
selected times after shear (shear rate = 60 s

 

–1

 

, t

 

s

 

 = 5 s, T = 165°C)
(left); 2D WAXD pattern of iPP melt after shear at t = 7200 s (the
equatorial peaks were indexed by the 

 

α

 

-crystal form) (right). 
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assume that the SAXS intensity is directly proportional to
the amount of crystallinity, which is reasonable at the initial
stages of crystallization [30], the following relationships for
X

 

shish

 

 and X

 

kebab

 

 can be written in terms of the results obtained
from the SAXS and WAXD data. 

X

 

shish

 

 + X

 

kebab 

 

= X

 

c

 

 (WAXD) (1)

X

 

kebab

 

/X

 

shish 

 

= I

 

kebab

 

/I

 

shish

 

 (SAXS) (2)

The mass fraction of the total oriented crystals, X

 

c

 

, at t = 7200
s after shear as estimated from WAXD is 2.3%; and the corre-
sponding value of I

 

kebab

 

/I

 

shish

 

 ratio from SAXS is 24. Thus, at t
= 7200 s after shear, the values of X

 

shish

 

 and X

 

kebab

 

 in iPP melt
at 165°C are 0.1% and 2.2%, respectively. Although the calcu-
lated value of X

 

shish

 

 is too low to be statistically meaningful,
the order of magnitude must be correct. It is clear that only a
very small fraction of crystalline structure exists in the shish.
The kebabs later developed have a much higher crystallinity. 

 

Figure 7

 

Development of crystallinity in iPP melt at selected
times after shear (shear rate = 60 s

 

–1

 

, t

 

s

 

 = 5 s, T = 165°C). (Reprinted
with pemission from Somani RH, Yang L, Hsiao BS, Agarwal P,
Fruitwala H., Tsou AH. Macromolecules 2002;35(24):9096–9104.
Copyright 2000, American Chemical Society.)
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4. Possible Pathways for Development 
of Shish-Kebab Crystallization 
Precursor Structures

 

Combined SAXS and WAXD results suggest that a scaffold or
network of precursor structures form at the early stages of
crystallization by flow. This scaffold contains the shish struc-
ture with a linear assembly of primary nuclei having excellent
connectivity along the flow direction, and the kebab structure
with folded chain lamellae having poor lateral connectivity.
This semi-connected network is consistent with the recent
rheo-optics results obtained by Winter et al. [31–32] and Korn-
field et al. [25], where precrystallizing melt exhibits a gelation
behavior with strong strain-induced birefringence under
shear. A model for the structure of polymer nuclei at the early
stages of crystallization in polymer melt under flow conditions
is schematically presented in Figure 8. Diagram A represents
the polymer melt before shear; where molecules are in the
“random coil” state. Diagram B illustrates the melt structure
immediately after shear. We adopt the proposed mechanisms
of polymer orientation and primary nuclei growth by Peter-
mann, et al. [29]. The applied flow immediately produces
bundles of parallel chain fragments, which become thermo-
dynamically stable, forming primary nuclei (mesomorphic or
crystalline). The primary nuclei growth can be maintained or
enforced by a self-induced orientation of the molecules in front
of the growing tip. However, if a chain is incorporated in two
adjacent growth fronts, the restraints such as entanglements
or branching can stop the growth process. We envision that
as the adjacent nuclei grow, they are bound to be connected
by some long chains, producing a large local stress distribu-
tion in the amorphous chains surrounding the nuclei. These
nuclei may be rearranged into a linear array (we term the
shish structure) in order to minimize the stress concentration
as seen in diagram B. This is consistent with the observations
of equatorial streaks (a result of uncorrelated arrays of the
shish structures) in SAXS patterns immediately after shear.

Primary nuclei in the shish structure provide nucleation
sites for the lateral growth of folded chain 

 

α

 

-form crystals in iPP. 
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The mechanism of this process has been clearly demon-
strated by the recent modeling works of Muthukumar et al.
[33] They observed that the development of the shish-kebab
morphology is related to the stretch-coil transition of isolated
chains under extensional flow. The stretched chains crystallize
into shish, while the coiled chains form lamellae and then
adsorb to the shish forming the kebabs. The local inhomogene-
ity in polymer concentration and the change of flow rate can
significantly alter the population of stretched and coiled con-
formations, thus affecting the onset of shish-kebab morphology. 

In a different simulation effort, Hu et al. [34] also dem-
onstrated that a single chain can induce transcrystallization,
which implies that the lowest limit of the shish diameter is
the stem of a single chain. We argue that the deposited chains
can be either of lower molecular weight species with greater

 

Figure 8

 

Schematic representation of flow-induced precursor
structures at different stages: (A) before shear, (B) formation of pre-
cursor structures containing linear nuclei (shish), (C) formation of
shish-kebab morphology through secondary nucleation from the pri-
mary nuclei. (Reprinted with pemission from Somani RH, Yang L,
Hsiao BS, Agarwal P, Fruitwala H., Tsou AH. Macromolecules
2002;35(24):9096–9104. Copyright 2002, American Chemical Society.)

DK4635_book.fm  Page 42  Thursday, April 7, 2005  1:03 PM

© 2005 by Taylor & Francis Group.



mobility or high molecular weight species with prevailing
chain connection, both at the state of ‘random coiled’. The
folded-chain crystals grow perpendicularly to the flow direc-
tion and form lamellae of critical dimensions (kebabs) (Dia-
gram C). This is consistent with the SAXS observation that
a scattering maximum emerges along the flow direction after
a short time (t ~ 280 s) and grows with time. The crystal
reflection signals could only be detected in the corresponding
WAXD pattern at 600 s after shear. The fast rise in the SAXS
intensity (Ikebab) may be due to the large density contrast
between the lamellar crystals and the surrounding melt. As
the crystallinity is low even at later times after shear, the
connectivity between the kebabs in the initial stages is prob-
ably low. The topology of the initial crystalline lamellae such
as density and orientation will dictate the morphology of the
final product.

B. Flow-Induced Crystallization and 
Polymorphism in Isotactic Polypropylene 
at Large Supercooling

In situ synchrotron SAXS [16] and WAXD [35] experiments
were carried out to study the crystal structural and morpho-
logical development of the same iPP sample at a large degree
of supercooling (crystallization temperature at 140°C) after
step-shear. The melt was subjected to a relatively short shear
strain of 1428% (shear duration time was about 1 order of
magnitude less than the previous case study) at three differ-
ent shear rates (10, 57, and 102 s–1). In this study, the pre-
cursor structures were overwhelmed by the crystallization
process and cannot be easily detected after shear.

1. SAXS Observation

Figure 9 illustrates a representative series of 2D SAXS pat-
terns of iPP at 140°C before and after application of a step
shear (102 s–1 shear rate and 1428% strain). The pattern of
the initial amorphous melt (t = 0) consists of a very weak
diffuse scattering profile from the isotropic melt, indicating
the absence of any detectable structures and/or preferred ori-
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entation. The pattern collected at 120 s after shear shows the
appearance of meridional maxima (only a single scattering
peak is seen) but without any sign of equatorial streak. The
discrete meridional reflections were observed almost immedi-
ately after shear. The meridional maxima imply that the for-
mation of crystal lamellar stacks in this weakly sheared melt.
The intensity of discrete reflections in the consecutive images
increases gradually, due to the growth of lamellar structures.
The SAXS pattern at 900 s after shear shows that the oriented
SAXS maxima are better defined but they are superimposed

Figure 9 Selected SAXS images collected during deformation of
iPP at T = 140°C (step shear with rate = 102 s–1, strain = 1428%
and ts = 0.14 s). 
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on a strong isotropic scattering ring. This is due to the further
crystallization from the unoriented chains.

The half-times of crystallization for isotactic polypropy-
lene at 140°C under different shear rates (10, 57, and 102 s–1)
were determined from the total scattered intensity profiles.
At t = 0, the value of the total scattered intensity, I(0), is due
to the amorphous, noncrystalline melt. The increase in total
scattered intensity, I(t) – I(0), is then directly proportional to
the growth of the crystallites in the polymer. The total scat-
tered intensity reaches a plateau, I(s) (steady-state value), at
the end of crystallization. The fraction of crystallized mate-
rial, Xc, can be approximated as,

Xc = [I(t) – I(0) ]/[I(s) – I(0)]. (3)

where the half-time of crystallization was taken as the time
corresponding to Xc = 0.5. Figure 10 illustrates the effect of
shear rate on both oriented fraction (to be discussed later)
and half-time of crystallization for iPP at 140°C. At low shear
rates (10 s–1), the half-time for crystallization is slightly longer
than those at high shear rates (57, 102 s–1). However, it is
interesting to note that the half-time at 10 s–1 is about two
orders of magnitude lower than that of quiescent state, even
under such a weak shear.

2. WAXD Observation

A representative series of 2D WAXD patterns of iPP at 140°C,
before and after application of step shear (102 s–1 shear rate
and 1430% strain) are shown in Figure 11. The initial pattern
(t = 0 s) shows diffuse scattering without any crystal reflec-
tions arising from a completely amorphous melt. In the WAXD
pattern at 30 s after shear, sharp oriented α-crystal reflections
are clearly observed. The azimuthal breadths in the intensity
of crystal reflections are relatively narrow, indicating that the
orientation of the crystals is high. In the WAXD pattern at t
= 60 s, the (300) reflection of β-crystals can be clearly identi-
fied. The intensity of both α- and β-crystal reflections becomes
stronger with time. The observation of the initial (300) reflec-
tion suggests that the first formed β-crystals are oriented;
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however, the diffraction patterns obtained at t = 120, 345, and
945 s after shear show that the (300) reflection becomes iso-
tropic. In addition, it is seen that the average intensity of the
(300) reflection becomes much stronger with time compared
to the intensities of the reflections from the α-crystals.

The integrated 1D WAXD intensity profiles at t = 1185
s after shear (corresponding to the end of crystallization) at
different shear rates (10, 57, and 102 s–1) are shown in Figure
12. The corresponding time evolution of the percent contribu-
tion of the β-crystal growth at various shear rates is shown
in Figure 13. The variation in the intensities of the (110) and
(040) reflections from the α-crystals and the (300) reflection
from the β-crystals, as a function of the shear rate can be
clearly seen in Figure 12. At a shear rate of 10 s–1, both the
(110) and (040) reflections (of α-crystals) are stronger than

Figure 10 Fraction of oriented material and half-time (t1/2) of crys-
tallization as a function of shear rate (at constant strain = 1428%)
in iPP at 140°C. (Reprinted with pemission from Somani RH, Hsiao
BS, Nogales A, Srinivas S, Tsou AH, Sics I, Balta-Calleja FJ,
Ezquerra TA. Macromolecules 2000;33(25):9385–9394. Copyright
2000, American Chemical Society.)
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the relatively weak (300) reflection (of β-crystals). Thus, the
contribution of α-crystals to the total crystalline phase is
much higher than that of β-crystals at low shear rates. At
high shear rates (57 and 102 s–1) the strength of (300) reflec-
tion from the β-crystals is stronger than that of the (110) and
(040) reflections from the α-crystals. Figure 13 shows that the
time of inception and the growth of the β-crystals are slightly
earlier for the shear rates of 57 and 102 s–1 than for the shear
rate of 10 s–1. In addition, the percent contribution of β-crys-
tals is only 20% at the low shear rate (10 s–1), compared to
65 – 70% at high shear rates (57 and 102 s–1). Figures 12 and

Figure 11 2D WAXD patterns of iPP at 140°C before and after
step-shear (shear rate = 102 s–1, strain = 1430%) (t = 0 – image of
amorphous melt before shear; t = 30 s – image showing oriented α-
crystal reflections; t = 60 s – image first showing reflection of β-
crystals). (Reprinted with pemission from Somani R, Hsiao BS,
Nogales A, Fruitwala H, Tsou A. Macromolecules 2001;34(17):
5902–5909. Copyright 2001, American Chemical Society.)
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13 show that the difference in the contribution to the total
crystalline phase from the β-crystals at the different shear
rates is substantial; however, the difference is not significant
between the shear rates of 57 and 102 s–1. These results
clearly show that both inception time and amount of β-crystals
are shear-rate dependent. 

In crystallization of iPP under quiescent conditions, the
spherulites consist of only unoriented α-crystals. In the
sheared iPP melt (without nucleating agents) both oriented
α-crystals and β-crystals are seen. However, it is found that
the oriented α-crystals form first, immediately after shear,
and the β-crystals appear soon afterwards. These results
clearly indicate that the oriented α-crystals are responsible
for the growth of β-crystals, which have also been observed
by Varga, et al. [36,37]. They reported that the “surface” of
growing, oriented α-crystal assemblies such as the cylindrites
could generate nucleation sites for the growth of β-crystals
(in the form of spherulites). Thus, the amount of the β-crystals
depends on the amount of oriented α-crystals in the melt. The
amount of β-phase at low shear rates is lower than that at
high shear rates (Figure 13).

Figure 12 1D WAXD intensity profiles at t = 1185 s after shear
(long after the end of crystallization) of iPP melt at 140°C at differ-
ent shear rates (strain = 1430%). (Reprinted with pemission from
Somani R, Hsiao BS, Nogales A, Fruitwala H, Tsou A. Macromole-
cules 2001;34(17):5902–5909. Copyright 2001, American Chemical
Society.)
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C. Concept of Critical Orientation 
Molecular Weight in Flow-Induced 
Crystallization of iPP

The behavior of flow-induced crystallization can be explained
by the concept of the stretch-coil transition, first proposed by
de Gennes [38]. Based on this concept, Keller et al. [39–41]
have proposed the relationship of  ∝ (M*)–β for the case of
elongational flow-induced crystallization in polymer solu-
tions, where  is the critical elongational rate, M* is the
critical orientation molecular weight defining the onset of the
stretch-coil transition and β is a factor that was found to be
equal to 1.5 in polyethylene solution. We have proposed that
similar behavior also occurs in shear-induced crystallization
experiments, which is illustrated in Figure 14. When the
polymer melt, containing a broad chain length distribution,
is subjected to a shear flow field of a particular rate  and
temperature, only the longer chains will remain oriented after
shear (although with different degrees of extension) with a
low end cut-off at M*; while the rest of the molecules will

Figure 13 The ratio of the β-crystal to the total crystalline phase
and its growth in the iPP melt at 140°C after shear at different
shear rates (strain = 1430%). (Reprinted with pemission from
Somani R, Hsiao BS, Nogales A, Fruitwala H, Tsou A. Macromole-
cules 2001;34(17):5902–5909. Copyright 2001, American Chemical
Society.)
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relax rapidly into the initial random coil state and remain
unstretched. The result is a bimodal distribution of chain
molecules represented by a dual population of oriented and
unoriented (stretched and coiled) chains. The value of M*
shifts to a higher value at low shear rates, following the
relationship of M* = K( )–α (K is a constant), which is shown
by lines 1 (low ) and 2 (high ) in Figure 14.

Using results in Section III.B, the values of M* and α
(exponent) have been examined for shear-induced crystalliza-
tion of iPP at 140°C using the following procedures. The total
scattered intensity (Itotal [s,φ] where s = 2sinθ/λ is the scatter-
ing vector, 2θ is the scattering angle, and φ is the azimuthal
angle) from the SAXS pattern under shear (Figure 9) was first
deconvoluted into two components: (1) Iunoriented[s], scattering
from the randomly distributed crystalline lamellae, and (2)
Ioriented[s,φ], scattering from the oriented lamellae, with a 2D
image analysis method outlined elsewhere [43]. The orienta-
tion fraction was calculated as the ratio between Ioriented[s,φ]

Figure 14 Schematics showing the effect of imposed shear condi-
tions (high and low shear rate) on the shift in the location of the
critical orientation molecular weight M*. (Reprinted with pemission
from Somani RH, Hsiao BS, Nogales A, Srinivas S, Tsou AH, Sics
I, Balta-Calleja FJ, Ezquerra TA. Macromolecules 2000;33(25):
9385–9394. Copyright 2000, American Chemical Society.)
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and Itotal[s,φ]) (its value at different shear rates is shown in
Figure 10). We assumed that the oriented fraction value is
proportional to the fraction of the molecular weight distribu-
tions (MWD from GPC chromatogram) above M*. As a result,
the following values have been calculated: K = 6.6 × 105 g/mol,
α = 0.15 (under a step-shear flow at 140°C).

We have further verified the concept of M* for the case
of shear-induced crystallization in a series of iPP blends with
different MWD [42]. The experiments were carried out in the
undercooled melts of iPP and blends of different molecular
weights (sample A: Mn = 3.19 × 104 g/mol, Mw = 1.48 × 105

g/mol; sample I: Mn = 4.37 × 104 g/mol, Mw = 3.09 × 105 g/mol)
at 150°C. The samples were subjected to a low shear strain
(1428%) at a fixed shear rate (57 s–1) and results are shown
in Figure 15. At the given shear conditions, M* (≈ 2.5 × 105

g/mol) was found to be independent of the molecular weight
distribution. This finding confirmed that only the polymer
molecules having a molecular weight above the critical value
M* can remain stretched after shear, where polymer chains
with molecular weight lower than M* would relax back into
the random coiled state. The degree of chain extension can be
represented as the ratio of the radius of gyration in the direc-
tion parallel to the deformation field (Rg

||) to the radius of
gyration in the perpendicular direction to the deformation
field (Rg

⊥); in the case that Rg
||>> Rg

⊥, a large fraction of chains
is stretched.

D. Verification of Flow-Induced Precursor 
Structures in Bimodal Polyethylene Blends

Development of shear-induced crystallization precursor struc-
ture has been further confirmed by in situ rheo-SAXS and
-WAXD techniques using binary polymer blends of high and
low molecular weight polyethylenes near their nominal melt-
ing temperatures (120°C) [43]. Two low molecular weight
polyethylene copolymers, containing 2 mol% of hexene, with
weight average molecular weights (Mw) of 50,000 (MB-50k)
and 100,000 (MB-100k), and polydispersity of 2, were used as
the non-crystallizing matrices. A high molecular weight poly-
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ethylene homopolymer with Mw of 250,000 (MB-250k) and
polydispersity of 2 was used as the crystallizing minor com-
ponent. Two series of model blends, MB-50k/MB-250k and
MB-100k/MB-250k, each containing weight ratios of 100/0,
97/3, 95/5 and 90/10, were prepared by solution blending to
ensure thorough mixing at the molecular level. 

In this study, we have obtained several new findings of
the development of crystallization precursor structures by
shear (rate = 60 s–1, duration = 5 s, T = 120°C) prior to the
occurrence of full scale crystallization. The unique feature of
these blends is that the low molecular weight matrix (MB-
50k or MB-100k) does not crystallize under the experimental
conditions, where only the high molecular weight additive can
form the scaffold of precursor structure. These new insights
can be summarized as follows. (1) Both chemical composition
and applied shear flow can significantly affect the crystalli-
zation kinetics of the crystallizing high molecular weight com-
ponent (MB-250k), but in a very different fashion since the
viscosity (thus the relaxation time spectrum) of the high

Figure 15 The constant value of M* determined by SAXS in dif-
ferent iPP samples and their blends under shear at 150°C.
(Reprinted from Nogales A, Hsiao BS, Somani RH, Srinivas S, Tsou
AH, Balta-Calleja FJ, Ezquerra TA. Polymer 2001;42(12):
5247–5256. Copyright 2001, with permission from Elsevier.)
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molecular weight component is changed cooperatively with
the viscosity of the matrix. When the viscosity of the matrix
is low, the viscosity of the crystallizing high molecular weight
component also becomes lower, leading to faster crystal
growth under both quiescent and flow condition. In contrast,
when the viscosity of the matrix is high, the viscosity of the
crystallizing high molecular weight component becomes
higher, which favors the development of higher nucleation
density induced under flow (e.g., the composition of 10 wt%
of MB-250k exhibited the fastest crystallization rate in the
MB-100k/MB-250k blends). (2) In the MB-100k/MB-250k
(90/10) blend, both rheo-SAXS and –WAXD patterns showed
the formation of distinct shish-kebab morphology (Figure 16
— the initial development of the equatorial “streak” in SAXS
and the simultaneous appearance of two equatorial (110)
reflections in WAXD clearly suggest the formation of a shish
structure with a length on the order of 1000 Å and a diameter
on the order of 100 Å based on the crystallite size analysis of
the equatorial (110) peak using the Scherrer equation); while

Figure 16 Selected 2D WAXD and SAXS patterns to illustrate
development of “shish-kebab” morphology in PE blends. (From Yang
L, Somani RH, Sics I, Kolb R, Fruitwala H, Ong C. Macromolecules
2004; 37:4845–4859. Copyright 2004, American Chemical Society.)
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the rest of the blends only exhibited oriented lamellar (kebab)
morphology without the presence of shish. The observed shish
structure can be attributed to the extended chain crystalliza-
tion of stretched PE chain segments. In addition, all formed
kebabs exhibited a twisted lamellar structure, typically seen
in PE crystallites formed from chains of no orientation. We
speculate that the observed shish is related to the high values
of relaxation time spectrum in MB-250k, where the corre-
sponding high values of local stress promote the rapid align-
ment of chains. In other blends, as the stretched chains do
not aggregate rapidly, no detectable shish was observed. How-
ever, the pathway of the shish-kebab or the net kebab forma-
tion clearly follows the concept of stretch-coil transition first
proposed by Keller et al. for elongation of polymer solutions
[39–41] and later demonstrated by Muthukumar et al. using
simulation tools [33]. 

IV. NANOSTRUCTURAL DEVELOPMENT IN 
POLYMER SOLID DURING DEFORMATION

Structural and morphological changes during deformation of
two polymer solids: iPP and poly(ethylene terephthalate), PET,
are demonstrated here. As both polymers exhibit mesomorphic
structures during deformation, our emphasis will be placed on
the behavior of strain-induced phase transitions and hierar-
chical structural changes during uniaxial deformation.

A. Deformation of Semicrystalline iPP

There have been many studies on the structure, morphology
and mechanical property and their relationships for iPP. As
discussed earlier (Section III.A.), the mesomorphic structure
in iPP is a unique feature. Miller [44] suggested that the order
existing in the iPP mesophase could be of the type described
by Hosemann [45] as “paracrystalline.” This idea was repro-
posed by Zannetti et al. [46–47] later. Wyckoff [48] found a
certain degree of correlation between the adjacent helices in
the mesophase, suggesting short-range three-dimensional (3-
D) ordering in the structure. Gailey and Ralston [49] pointed
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out that the partially ordered phase of iPP was composed of
small hexagonal crystals that were 50 to 100 Å in size. Gomez
et al. [50] studied the polymorphism of iPP using high-reso-
lution solid-state 13C-NMR. They found that the packing of
the 31 helices in the mesomorphic form was similar (at least
at a very local scale) to that of the iPP chains in the β-crystal
form. On the other hand, Bodor et al. [51] assumed the meso-
morphic form to be composed of microcrystals of the α form
and suggested that the small crystal size broadening to the
x-ray detection limit was responsible for the typical x-ray
diffraction pattern. This possibility was also considered by
Farrow [52]. Wunderlich and Grebowicz [53,54] proposed that
the conception of conformationally disordered crystal was per-
haps more appropriate to attribute to the mesomorphic form.
This explanation was based on the hypothesis that the meso-
morphic form of iPP might have a frozen liquid-like structure,
in which the threefold helices, as obtained from the melt,
consisted of short-chain segments with opposite signs of heli-
cal structure. Corradini et al. [55,56] considered the various
models corresponding to pseudohexagonal (as in the β form)
and monoclinic (as in the α form) crystals, as well as several
other disordered models possessing characters of both forms
from deformation studies. They compared the x-ray intensi-
ties derived from these models with the experimental x-ray
data and concluded that the mesomorphic form of iPP was
not composed of small pseudohexagonal crystals, but of much
more disordered bundles of chains. 

Although many studies on the subject of mesophase in
iPP have been carried out, there are still some unresolved
issues in relation to the structure and morphology of the
mesophase, particularly during deformation. The objective of
this sample study was to reexamine this subject with
advanced synchrotron SAXS and WAXD techniques and to
demonstrate that quantitative fractions of crystal, mesomor-
phic and amorphous phases can be extracted from 2D WAXD
patterns using a unique image analysis method. Figure 17
illustrates the 2D WAXD patterns of a semicrystalline iPP
fiber with different draw ratios at room temperature. Figure
17A represents the pattern of the original fiber without draw-
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ing, which shows that the initial fiber is partially oriented.
The three strong peaks located on the equator are the char-
acteristic of the α-form crystal, which can be indexed as the
(110), (040) and (130) reflections, respectively. Consistent
with the literature, these three peaks are located at 2θ = 14.2º,
17.0º and 18.8º [57]. However, it is noted that these three
peaks are not clearly separated. There could be two reasons.
One is that the formed crystals might be defective. The other
is that there is the presence of the mesomorphic form mixed

Figure 17 WAXD patterns of isotactic polypropylene fiber
deformed at room temperature and different draw ratios (A: 1.0, B:
1.5, C: 2.0, D: 2.75).
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with the α-crystal form in the original fiber. With the increas-
ing draw ratio, the azimuthal spread of the reflection becomes
narrower, indicating that the crystal orientation increases
with the draw ratio. It is interesting that the superposition
of the three α-form equatorial peaks also becomes more severe
such that it is impossible to calculate the unit cell parameters
for the fiber with larger draw ratios. At a draw ratio equal
to 2.5, the three equatorial peaks completely disappear,
resulting in one broad peak. This broad equatorial peak and
the weak but distinct four off-axis peaks (at the first layer
line) (Figure 17D) are often regarded as WAXD fingerprints
of the mesomorphic form in iPP [58]. From the 2D WAXD
results, we conclude that the defective α-form crystals are
converted into the mesomorphic form with increasing draw
ratio at room temperature.

As discussed earlier in Section III.C, the same 2D image
analysis method [16] was used to deconvolve the mass frac-
tions of the constituting phases from the 2D WAXD data.
Figure 18 shows the fractions of the crystal, mesomorphic and
amorphous phases as a function of draw ratio at room tem-
perature based on this analysis. At small draw ratios (less

Figure 18 Fractions of crystal, mesomorphic and amorphous
phases as a function of draw ratio at room temperature.
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than 1.5), the crystal fraction didn’t change much, but the
mesophase increased and the amorphous phase decreased
gradually. Above draw ratio 1.5, the crystal fraction decreased
dramatically and the mesophase increased quickly, too. The
amorphous phase still decreased as before. Our explanation
is that the molecular mobility of polymer chains is small at
room temperature. So the crystallization does not easily occur
at room temperature. When the draw ratio is small, the
energy provided by the strain is not enough to deform the
crystal structure even for the defective crystals. However the
chains in the amorphous phase would pack along the draw
direction and orient with some kind of ordering, which could
form the mesomorphic modification. When the draw ratio is
large enough that the energy from the drawing could deform
the defective crystals, the lateral registration of some crystals
could be destroyed. At room temperature, three-dimensional
ordering of the crystals could not be destroyed completely by
drawing. As a result, the defective crystals disappeared and
formed the mesomorphic modification. 

Figure 19 shows the 2D SAXS patterns of iPP fiber with
different draw ratios at room temperature. Figure 19A is the
pattern of iPP fiber before drawing, which exhibits a two-bar
pattern at the first layer line position of the meridian. This
indicated that α-form crystals, probably in the form of layered
lamellae, are present in the fiber. The intensity difference
between the two-bar scattering and the background becomes
weaker with increasing draw ratio, which suggests that the
lamellar ordering is gradually destroyed. When the draw ratio
reaches 2.0, the meridional two-bar pattern completely dis-
appears, replaced by a strong scattering streak at the equator
(Figure 19C). The equatorial streak can be attributed to the
scattering from the fibril superstructure, which is related to
the strain-induced mesophase in iPP (results from WAXD).

B. Deformation of the Isotropic 
Amorphous PET

The recent simulation work by Frenkel et al. [59] indicated
that the isotropic-nematic transition occurs when the aspect
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Figure 19 SAXS patterns of isotactic polypropylene fiber
deformed at room temperature and different draw ratios (A: 1.0, B:
1.5, C: 2.0, D: 2.75).
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ratio (L/D, where L represents the length and D represents
the diameter) of the molecule is in the range of 3 to 4. In the
case of PET, its persistence length is about 1.33 nm and the
average molecular diameter is about 0.66 nm based on the
experimental work by Imai et al. [60]. This suggests that the
aspect ratio of the PET molecule is around 2, which falls short
of being a liquid crystalline polymer. However, the existence
of mesomorphic phases has been well documented in oriented
PET samples. Bonart was the first scientist who reported the
formation of nematic and smectic phases during the tensile
stretching of PET using conventional x-ray diffraction method
[61,62]. Recently, with the use of high intensity synchrotron x-
rays, more detailed features of mesomorphic phases in oriented
PET have been revealed by different research groups. For
example, Windle et al. reported the formation of a transient
smectic phase in oriented fibers made of random PET and PEN
(polyethylene naphthalene-2,6-dicarboxylate) copolymers
[63,64]. Asano et al. reported the appearance of a smectic order
at 60°C having a spacing of 10.7 Å during the annealing of
cold-drawn amorphous PET films [65]. Blundell and coworkers
observed the smectic A structure during the fast extension of
PET. They proposed that the smectic structure is a precursor
of crystalline based on the simultaneous appearance of the
triclinic crystalline peak and disappearance of the smectic peak
[66–70]. Our group reported the smectic C phase during the
deformation of amorphous PET film below the glass transition
temperature (Tg) at 50°C [71]. We observed that the mesophase
developed immediately upon the neck formation. As the
mesophase contained a sharp meridional peak (001’) (d = 10.32
Å), which was smaller than the monomer length in the typical
triclinic unit cell (c = 10.75 Å), we concluded that the chains
in the mesophase formed an inclined smectic C structure. 

Thus, PET can be considered as a “marginal” liquid crys-
talline polymer, because its mesomorphic structures are not
obvious in the unoriented state, but are very distinct in the
oriented state. We thus conclude that the dynamic pathway is
the key to dictate the phase transition in PET. In the following
case studies, the phase transition and structure development
in an initially isotropic PET sample below and above its glass
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transition temperature (Tg) at 70 and 90°C, respectively, are
discussed. The chosen sample had Mw of 35,000 g/mol and
polydispersity around 2.0. Minimum amounts of antimony (the
catalysis for polymerization) and phosphate (the additive to
enhance the heat durability) were used to prepare this sample.
Thus the sample could be viewed as pure polymer that would
not decompose under high molding temperatures. The sample
was first molded into a dumbbell-shape at 270°C followed by
rapid quenching with ice water (0°C) and showed no detectable
crystallinity (by x-ray and DSC).

1. Strain-Induced Phase Transition and 
Structural Development below Tg

The relationships among the structure, morphology and load-
strain curve measured at 70°C can be divided into four zones
(I-IV) for discussion. Figure 20 shows the load-strain curve in
conjunction with selected WAXD images (corrected by the
Fraser method [72] — these images are illustrated in undis-
torted reciprocal space). Zone-I (strain 0–55%) represents the
stage where isotropic amorphous chains are oriented by defor-
mation where the isotropic-nematic transition begins to take
place. The final WAXD image in Zone I exhibits a distinct
nematic phase, thereby the main event in Zone I can be attrib-
uted to generation of the nematic phase. In Zone II (strain
55–200%), sharp meridional (001’) peaks appear, which are
characteristics of the smectic phase. The increase of the (001’)
intensity indicates that the population of the smectic phase
increases with strain in Zone II. In Zone III (strain 200–360%),
the equatorial (010) reflection appears, which is indicative of
the occurrence of the triclinic crystalline phase. Thus the main
feature in Zone III is the transition of crystalline phase from
the smectic phase. The final stage is Zone IV (strain
360–500%), where the development of the crystalline phase
becomes dominant but at a relatively reduced rate. 

Figure 21 illustrates selected corresponding SAXS
images collected during in situ deformation at 70°C. Although
only one image was shown in Zone I, it is interesting to note
that this image exhibits a strong equatorial streak which is
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drastically different from the SAXS image of the undeformed
sample, where only diffuse scattering was seen. The equato-
rial streak may be attributed to two possibilities: (1) the
formation of microvoids (crazes) [73,74] and (2) the formation
of fibrillar superstructure [4,75–77]. Judging by the relatively
weak scattered intensity (the void scattering is usually sev-
eral orders stronger) and the transparent appearance of the
deformed sample, we conclude that the equatorial streak in
SAXS is mainly due to the formation of fibrillar superstruc-
ture, which persists through Zone II. The SAXS images in
Zone III exhibit extra scattering features on the meridian.
The meridional scattering, showing a maximum value that
corresponds to a long spacing around 100 nm, reflects the

Figure 20 Selected WAXD images of PET (normalized with the
Fraser correction [72]) during the collection of load-strain curve at
70°C. (Reprinted with permission from Kawakami D, Hsiao BS,
Burger C, Ran S, Avila-Orta C, Sics I, Kikutani T, Jacob KI, Chu B.
Macromolecules 2005; 38:91–103. Copyright 2005, American Chem-
ical Society.)
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emergence of a very loosely arranged layered lamellar struc-
ture. The observed scattering maximum is quite different
from the typical SAXS peak observed in fully crystallized PET
samples, which usually exhibits a long period only around 10
nm. The morphology in Zone IV is similar to that in Zone III.
Based on combined results from WAXD and SAXS, we argue
that the layered structure is formed within the fibril super-
structure. As the length of the fibril is around several hundred
nanometers, only several layers of crystalline lamellae are
formed in the fibril, where the average width of the crystal
layer is about several nanometers.

The strain-induced phase transition diagram for an
amorphous PET sample during deformation at 70°C is illus-
trated in Figure 22. We note that this diagram is illustrated
not from a thermodynamic perspective but from a “dynamic”

Figure 21 Selected SAXS images of PET during the collection of
load-strain curve at 70°C. (Reprinted with permission from
Kawakami D, Hsiao BS, Burger C, Ran S, Avila-Orta C, Sics I,
Kikutani T, Jacob KI, Chu B. Macromolecules 2005; 38:91–103.
Copyright 2005, American Chemical Society.)
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perspective. The mass fraction of each phase was derived from
the WAXD data, which would change at different temperature
and deformation rates. In Figure 22, contrary to the classical
concept of strain-induced isotropic-crystal transition in PET,
we argue that several phase transitions (isotropic-nematic,
nematic-smectic and smectic-crystal) occur sequentially. It is
interesting to see that the fraction of the nematic phase is
the largest throughout the deformation, and all four phases
coexist at high strains. The schematic diagrams for the path-
ways of hierarchical structural development and their rela-
tionships with the phase transitions in different zones (I, II
and III) are illustrated in Figure 23A-C, respectively. The
representative SAXS/WAXD patterns with major scatter-
ing/diffraction features are also included in these diagrams.

Figure 22 Strain-induced phase diagram of PET during deforma-
tion at 70°C. (Reprinted with permission from Kawakami D, Hsiao
BS, Burger C, Ran S, Avila-Orta C, Sics I, Kikutani T, Jacob KI,
Chu B. Macromolecules 2005; 38:91–103. Copyright 2005, American
Chemical Society.)
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Zone-I (Figure 23A). We assume that the initial sample
consists of only isotropic amorphous chains. Upon deforma-
tion, some amorphous chains will become oriented and can
transform into the nematic phase. The aggregation of the
nematic phase seems to be a corporative behavior with strain,
which will grow more preferably along the machine direction
and result in a fibrillar superstructure (the length of the fibril
is several hundred nanometers). The yield point of the load-
strain curve coincides with the first detection of the isotropic-
nematic transition. At the end of Zone I, the nematic phase

(A)

Figure 23 Schematic diagrams of phase transition and structure
development pathways as well as corresponding SAXS/WAXD pat-
terns during PET deformation at 70°C in (A) Zone I (B) Zone II and
(C) Zone III (drawing not to scale). (Reprinted with permission from
Kawakami D, Hsiao BS, Burger C, Ran S, Avila-Orta C, Sics I,
Kikutani T, Jacob KI, Chu B. Macromolecules 2005; 38:91–103.
Copyright 2005, American Chemical Society.) Continued.
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(B)

(C)

Figure 23 Continued.
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becomes dominant in the sample (mass fraction about 70%),
where the applied load also reaches a low plateau level.

Zone II (Figure 23B). Within the fibrillar superstructure,
the nematic-smectic C phase transition is observed. The for-
mation of the smectic domain probably forms the precursor
structure for the later development of crystalline lamellae.
However, as the density contrast between the nematic and
smectic phases is very low, no meridional scattering feature
is seen in SAXS. An apparent “plastic deformation” stage is
observed during the nematic-smectic transformation process,
which indicates that the plastic flow behavior is coupled with
the transitions between the liquid-crystalline phases. With
the increase in strain, the tilt angle of the smectic C phase
decreases, forming a structure similar to the quasi-smectic A
phase. The transformation between the smectic C to quasi-
smectic A phase seems to increase the applied load, marking
the initial stage of strain-hardening.

Zone III (Figure 23C). Triclinic crystalline phase is
formed from the strained quasi-smectic A phase by chain slid-
ing. The formation of the triclinic crystalline phase in the
fibrillar superstructure leads to a crystalline lamellar struc-
ture with a long period of about 100 nm. SAXS can detect the
lamellar structure because of the improved density contrast
between the crystalline and nematic phases. Upon the forma-
tion of crystalline phase, the remaining smectic phase converts
back into the stable smectic C structure, probably due to the
relief of the local stress. The initial structure of the crystalline
phase is relatively defective, which is dominated by the pre-
ferred arrangement of benzene sheet formation. The network
of the defective crystallites enhances the mechanical proper-
ties and generates a near linear load-strain relationship.

2. Structural Development above Tg

Deformation studies of amorphous PET above its Tg are rel-
atively rare because of the experimental difficulties at high
temperatures. The typical study dealing with this subject was
usually carried out in two steps: (1) deformation at high tem-
peratures, and (2) subsequent quenching to preserve the
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structure in the deformed sample for characterization (we
termed this the step-quenching process) [78–80]. 

The structural development of an amorphous PET sam-
ple during uniaxial deformation above Tg (at 90°C) was stud-
ied by in situ synchrotron WAXD. Results indicated that the
structural development can also be categorized into three
zones, designated as I, II and III. In Zone I, the oriented
mesophase is induced by strain, where the applied load
remains about constant. In Zone II, crystallization is initiated
from the mesophase through nucleation and growth, where
the load starts to increase marking the beginning of the
strain-hardening region. In Zone III, the stable crystal growth
process is facilitated by strain-induced orientation until the
breaking of the sample, where the ratio between load and
strain remains about constant. 

Overall, the structure and property relationship during
deformation above Tg is generally similar to that below Tg

(Section IV.B.1). However, two major differences were also
observed: (1) the absence of the yielding behavior, (2) the lack
of clear liquid-crystalline transitions. The dominant feature
in the structural development above Tg is the strain-induced
crystallization, responsible for the strain-hardening behavior,
which is described as follows.

Figure 24 shows that the displacements of two reflections
(–103) and (003) change continuously with the applied strain.
The displacement was defined as the azimuthal angle
between the peak position and the meridional axis after cor-
recting the effects of the curvature of the Ewald sphere using
Fraser’s method [72]. It was found that the displacement of
the (–103) peak decreased, while that of the (003) peak
increased with strain. The changes in the azimuthal displace-
ments of these reflections can be attributed to the deforma-
tion and/or the rotation of the PET unit cell. The effect of the
unit cell rotation can be evaluated as follows. If the molecule
axis (i.e., the crystallographic c axis) is tilted with respect to
the fiber axis (which is actually known to occur in some
samples of PET), while both crystallographic a* and b* axes
remain perpendicular to the c axis, then as a consequence of
the tilt, either the (h00) or the (0k0) and most likely the mixed

DK4635_book.fm  Page 68  Thursday, April 7, 2005  1:03 PM

© 2005 by Taylor & Francis Group.



(hk0) reflections on the equator should split up and show a
bimodal azimuthal distribution. This feature was not seen in
the WAXD patterns, thus the effect of unit cell rotation must
be very small. As a result, we have neglected the unit cell
rotation as a possible source for the changes of the (–103) and
(003) azimuthal displacements.

Concerning the unit cell deformation, the triclinic PET
unit cell offers six adjustable lattice parameters. Our strategy
to analyze the unit cell deformation was as follows. The major-
ity of the parameters were kept constant at their ideal values
in the stable crystalline PET structure. In addition, the
changes of unit cell angles by shearing deformation were
assumed to be more prompt to occur than the changes of unit
cell dimensions by deforming crystalline chains. We found that
a good description of the azimuthal changes in (–103) and
(003) could be obtained by keeping a, b, c, and γ constant (a
= 4.56 Å, b = 5.94 Å, c = 10.75 Å and γ = 112 º) [83] and using
α and β as variables. This approach gave us two variables to
solve with two observable quantities. This approach is accept-
able in this study because we are not too concerned with the

Figure 24 The schematic WAXD pattern illustrating the peaks of
(003) and (–103) (left) and the displacement angles of diffraction
peaks (003) and (–103) during deformation at 90°C (right).
(Reprinted with pemission from Kawakami D, Ran S, Burger C, Fu
B, Sics I, Hsiao BS. Macromolecules 2003:36(25):9275–9280. Copy-
right 2003, American Chemical Society.)
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precise determination of the deformed lattice constants;
rather, we are looking for clues to the molecular mechanisms
taking place during the process of strain-induced crystalliza-
tion. In other words, while the actual values of a, b, c, and γ
may vary slightly during stretching, the changes in α and β
are the most dominant parameters in Zone II. The changes of
α and β are shown in Figure 25. It was seen that the β angle
increased while the α angle decreased in Zone II. The β shift
represented the sliding of the (100) plane or the benzene ring
in the unit cell. The initial value of β (105º) was closer to 90º
rather than the equilibrium value (118º) in the triclinic struc-
ture, suggesting that the benzene molecules stacked more
perpendicularly to each other at the initial stage of crystal
formation. With the increase in strain, the benzene molecules
slipped past each other probably due to the shearing motion
and eventually settled into a stable triclinic structure. 

Figure 25 The changes of α and β angles in the unit cell during
deformation (left) and the schematic diagram of PET triclinic unit
cell structure calculated by Cerius 2. (Lattice Parameters: a = 4.56
Å, b = 5.94 Å, c = 10.75 Å, α  = 98.5º, β = 118º, g = 112º [83]) as well
as the molecular diagrams representing the α and β shifts.
(Reprinted with pemission from Kawakami D, Ran S, Burger C, Fu
B, Sics I, Hsiao BS. Macromolecules 2003:36(25):9275–9280. Copy-
right 2003, American Chemical Society.)
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Upon the initiation of crystallization, the applied load
increased immediately. The load increase can be attributed
to the formation of a three-dimensional (3D) network of
imperfect crystallites, immersed in a continuous matrix con-
taining a random amorphous phase and oriented mesophase.
The greater the concentration of the crystallites became, the
larger the load developed. The crystal registration along the
benzene sheet, which was indicative of the (010) peak,
appeared to form first, whereas the growth along the benzene
stacking direction appeared to develop later. During this zone,
several processes seemed to proceed simultaneously with
increasing strain: the crystal growth along all three direc-
tions, the crystal perfection and the crystal orientation. The
crystal perfection process can be primarily followed by the
changes of two unit cell angles (α and β) in the triclinic
structure as discussed earlier. Finally, the end of Zone II can
be marked by the stabilization of the crystal structure and
concentration, where the load is found to be linearly propor-
tional to strain afterwards.
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I. INTRODUCTION

 

Block copolymers are important examples of nanostructured
heterogeneous polymers and lie at the focus of intensive
research activities in contemporary macromolecular science
and technology. This is attributable to a wide range of fasci-
nating fundamental issues associated with the understanding
of self-assembly processes and their potential application pos-
sibilities in nanotechnology [1].

The self-assembly processes in these materials leading
to the formation of well-ordered nanostructures are a conse-
quence of the intramolecular phase separation between the
dissimilar chains linked together by means of a covalent bond
[2–4]. In general, the nature of microphase-separated mor-
phology of two-component diblock copolymers, at sufficiently
high molecular weight and low polydispersity, is determined
by relative composition of the constituents. However, it is of
practical importance to control the total composition of the
copolymer and the morphology to be formed independently.
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This possibility may be provided by the modification of molec-
ular architecture of block copolymers [5–10], which will be
the main focus of this chapter.

In order to properly characterize the influence of modified
chain architecture on the morphology of block copolymers, a
systematic experimental study on model systems by combina-
tion of different techniques is essential. In particular, direct
imaging techniques such as electron microscopy and atomic
force microscopy are useful to study structure and morphology
of these heterogeneous polymers. For this purpose, we have
chosen the polystyrene-

 

block

 

-polybutadiene-

 

block

 

-polystyrene
(SBS) triblock copolymers and their derivatives by keeping the
overall composition constant (polystyrene content ~70%) and
changing the chain architecture. These copolymers, owing to
the widely separated glass transition temperature (T

 

g

 

) of the
constituent phases, provide a broad range of service temper-
atures [3]. The ordered microphase-separated structures
endow them with outstanding mechanical (stiffness, strength,
toughness, etc.) and optical (transparency) properties. At room
temperature, the flexible rubbery polybutadiene blocks (T

 

g

 

 ~
–100°C) are anchored on both sides by the glassy polystyrene
blocks (T

 

g

 

 ~ +100°C). Therefore, these materials behave as a
cross-linked rubber at ambient conditions and allow a ther-
moplastic processing at higher temperature [3].

This chapter is organized as follows. First, an overview
of structure-property correlation of styrene/butadiene block
copolymers will be given, with special emphasis on various
ways of morphology control (Sections II.A and II.B). After
briefly introducing the main features of the materials, the
sample preparation and the characterization techniques in
the experimental section (Section III), the experimental
results highlighting the impact of molecular architecture on
phase behavior of styrene/butadiene block copolymer systems,
will be discussed (Section IV). The results will be supple-
mented by the impact of processing on nanostructure evolu-
tion. Finally, self-assembled nanostructures of block
copolymer produced by controlled radical polymerization tech-
niques will be introduced (Section V), which is emerging as
one of the potential trends in contemporary nanotechnology.
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II. BLOCK COPOLYMER MORPHOLOGY AND 
STRUCTURE-PROPERTY CORRELATIONS

A. Mechanical Behavior and Morphology 
Control

 

The block copolymer nanostructures that are formed in the
solid state are of practical interest. So it is of fundamental
importance to control these structures to achieve the goal of
developing materials with application-relevant mechanical
properties [3,11,12]. The details on the block copolymer mor-
phology and thermodynamics of microphase separation have
been collected in recent reviews [4,13,14]. 

In AB diblock copolymers (e.g., polystyrene-

 

block

 

-polyiso-
prene [SI] diblocks), the nature and the dimension of the
microphase-separated structures are usually adjusted by
changing the composition and molecular weight of the constit-
uents at constant interaction parameter (

 

χ

 

AB

 

). In the strong
segregation limit, with increasing polystyrene (PS) content,
body centered cubic spheres, hexagonally arranged cylinders
and three-dimensional (3-D) “gyroid” network of polystyrene
(PS) domains dispersed in the matrix of polyisoprene (PI) were
observed in polystyrene-

 

block

 

-polyisoprene (SI) diblock copol-
ymers [4]. With further increase in PS content, the alternating
layers of PS and PI lamellae, and then the structures men-
tioned above were found in the reversed order. Figure 1 (top)
shows schematically the basic morphologies of the classical
two-component block copolymers, which are responsible for
different kinds of mechanical behavior. Figure 1 (bottom)
shows the stress-strain curves of SBS triblock copolymers
having different compositions. One can notice that their ten-
sile properties are directly coupled with the nature of nano-
structures. The mechanical behavior of SBS triblock
copolymers can be broadly classified into three groups:

1. Rubber-elastic behavior (curve 1): At lower PS con-
tent (i.e., if the PS forms the dispersed phase), the
block copolymers, like most of the commercial ther-
moplastic elastomers, deform homogeneously (rub-
ber-like behavior) under tension [3].
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2. Ductile behavior (curve 2): As the block copolymer
approaches a compositional symmetry forming alter-
nating layers of PS and PB phases; the macroscopic
neck-formation and drawing prevails during tensile
deformation [10].

3. Brittle behavior (curve 3): With increasing styrene
content, as the morphology reverses (i.e., PB
domains in PS matrix), the yield stress increases
and elongation at break drastically decreases. The
block copolymer breaks in a quite brittle manner
due to localization of deformation in the form of
crazes [15].

 

Figure 1

 

Schematics of stable nanostructures observed in two-
component styrene/diene block copolymers (top) and tensile stress-
strain behavior of solution cast SBS triblock copolymers as a func-
tion of composition (bottom).
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The general picture of deformation discussed above is valid
only if the component blocks are well phase-separated and
the flexible rubbery blocks possess sufficient physical “cross-
links” on either side of the molecules. The strong physical
cross-linking of the rubber phase is provided by the glassy
nature of outer blocks. In diblock copolymers consisting of
glassy/rubbery block chains, the rubber phase is not suffi-
ciently networked because the rubbery molecules are ‘cross-
linked’ only at one end at room temperature. As a result,
diblock copolymers show relatively brittle behavior even at
high molecular weights [16,17].

An approach of fine-tuning of block copolymer nanostruc-
tures is also provided by blending a two-component block
copolymer with constituent homopolymers or other block
copolymers [4,13,18]. It was shown for both AB diblock and
ABA triblock copolymers that different microphase-separated
morphologies may be produced by simply mixing two block
copolymers having highly asymmetric but complementary
compositions [18–20].

TEM images showing two SBS triblocks having PS vol-
ume content equal to 0.28 and 0.74 are given in Figure 2a
and Figure 2c, which show, as expected PS cylinders in PB
matrix and PB cylinders in PS matrix, respectively. A 50:50
(weight/weight) mixture of these block copolymers would yield
a nearly symmetric composition. A lamellar morphology cor-
responding to this composition is observed (Figure 2b). Thus
this route makes it possible to design all the possible block
copolymer morphologies by simply mixing two block copoly-
mers of varying compositions.

It should, however, be mentioned that the morphology to
be formed in the binary block copolymer blends does not
exactly correspond to that corresponding to the composition
range for that particular morphology in a neat block copoly-
mer. Neither, the block copolymer molecules are always mis-
cible. The influential factors are the symmetry and the
molecular weight ratio of the copolymer molecules (to be dis-
cussed later).

The relative composition of the constituents of a two-
component block copolymer can be altered by incorporating
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Figure 2

 

TEM micrographs showing the morphology of two SBS
block copolymers having nearly complementary composition (a, c)
and a 50:50 blend of them (b); OsO

 

4

 

 staining makes the PB phase
appear dark.

(a) SBS: 28% PS

(b) 1:1 blend (a + c)

(c) SBS: 74% PS

100 nm
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the corresponding homopolymers into the block domains. This
leads to a change in curvature of the interface and eventually
to a morphology transition [4,13]. In this case, the molecular
weight of the added homopolymer relative to that of the cor-
responding block plays a key role in the phase behavior.
Depending upon the molecular weight ratio (

 

α

 

 = 

 

M

 

homopolymer

 

/

 

M

 

block

 

), an interplay between microphase- and macrophase-
separation occurs [4]. In order that the homopolymer be
accommodated into the corresponding domain of the block
copolymer, the molecular weight of the former should be suf-
ficiently smaller than that of the latter.

Comprehensive studies on the phase behavior of the
blends of AB diblock copolymer and A homopolymer have been
performed by Hashimoto and co-workers [13]. For the case 

 

α

 

< 1, transition from lamellar morphology to cylindrical and
then to spherical was found on addition of PS homopolymer
to polystyrene-

 

block

 

 polyisoprene (SI) diblock copolymer. The
observed morphological transitions were discussed on the
basis of changes in interfacial curvature and packing density
resulting from the variation in chain configuration (discussed
by Hasegawa and Hashimoto [13]; see schematic illustration
in Figure 3). 

In the pure lamellar SI diblock copolymer, the molecular
volume is symmetrical, and the interface between the PS and
polyisoprene (PI) nanodomains is flat (Figure 3a). When a low
molecular weight PS homopolymer is added to SI diblock, the
PS blocks swell due to uniform solubilization of PS chains
leaving the PI blocks unaffected (Figure 3b). In this case, the
PS block chains should stretch or the PI chains should be
compressed in order to attain the constant segmental volume
of each phase. Since the latter processes are entropically unfa-
vorable, a curved interface evolves to maintain a uniform
packing density (Figure 3c). Consequently, as the volume frac-
tion of added PS increases, the interface has convex curvature
toward the majority phase (i.e., PS phase).

The possibility of designing different block copolymer
morphologies by addition of low molecular weight homopoly-
mers is useful for the applications where mainly the nature
of the nanostructures is of importance. However, from the view
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of mechanical properties, this may weaken the entanglements
and worsen the strength and ductility of the products.

Three-component ABC block copolymer systems, due to
the presence of more interaction parameters (

 

χ

 

AB

 

, 

 

χ

 

BC

 

, 

 

χ

 

AC

 

),
form a rather new variety of microphases, which may allow
novel routes to developing materials having new property
profiles [22–26]. More complex morphologies have been
recently predicted in three-component multiblock copolymers
which are yet to be experimentally confirmed [27,28].

The morphologies entirely different from the equilibrium
ones can be obtained by altering the processing conditions (e.g.,
using different solvents, application of external fields, etc.).
For example, application of shear field in the melt may alter
the nature of the morphology to be formed [29] and align the
microphase separated structures leading to a “single crystal-
like” texture [30–32] and anisotropic deformation behavior.
Additionally, via incorporation of specific inorganic substances
into a particular block, the nanostructures can be transformed
into organic/inorganic hybrid nanocomposites [21,33], which

 

Figure 3

 

Schematics of the morphology transition in block copol-
ymer/homopolymer blends if 

 

M

 

PS-block

 

 > 

 

M

 

hPS

 

. (Taken from Hasegawa
H, Hashimoto T. Self assembly and morphology of block copolymer
systems. In: Aggarwal SL, Russo S, eds. Comprehensive Polymer
Science, Suppl 2. London: Pergamon, 1996. pp. 497–539. Copyright
1996, with permission from Elsevier.)
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may open new horizons for controlling mechanical properties
of heterophase polymers for specific high-tech applications.

 

B. Architectural Modification of Block 
Copolymers

 

The modified molecular architecture of block copolymers may
significantly alter their phase behavior [5–10]. Via this pro-
cess, the restriction of changing composition (e.g., in an AB
diblock) to achieve different morphologies can be overcome. A
brief overview of this route of morphology control follows.

Architectural modification consists of designing block
copolymer chains into a variety of topologies, controlling the
symmetry of the constituent blocks and incorporating a
tapered interface between the incompatible chains. Based on
the study of morphology and physical properties of a large
variety of block and graft copolymers, Hadjichristidis and co-
workers showed a pronounced shift in phase behavior of those
systems with respect to corresponding diblock [7,34,35]. For
example, lamellar morphology was observed in a styrenic
miktoarm star copolymer in a composition range in which a
cylindrical morphology would be expected for a diblock ana-
logue [35].

With the development of new synthetic routes, experi-
mental studies on more complex architectures began to
emerge, which, in turn, inspired new theoretical studies on
the impact of molecular architecture on morphological behav-
ior. Milner calculated the phase diagram of asymmetric mik-
toarm star block copolymers and demonstrated that the
stability window for a particular morphology is dramatically
shifted as a function of copolymer architecture [5]. Milner’s
theory predicts successfully the phase behavior of miktoarm
star and graft block copolymers.

Asymmetric A

 

1

 

BA

 

2

 

 type copolymers (where A and B are
glassy and rubbery blocks, respectively; and 

 

M

 

A1

 

/

 

M

 

A2

 

 

 

≠

 

 1,
where 

 

M

 

 represents the molecular weight) are of special tech-
nical importance. In such block copolymers, the shorter glassy
blocks may serve to enhance the deformability of the products
while the longer ones endow the copolymers with higher levels
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of strength [8,36]. Recently, Matsen has examined the phase
behavior of A

 

1

 

BA

 

2

 

 triblock copolymer melt using self consis-
tent field theory (SCFT) and demonstrated that a drastic shift
in order-order phase boundaries relative to the symmetric
ABA triblock copolymer occurs in asymmetric ones [6]. The
phase diagram of an asymmetric ABA triblock copolymer at
intermediate segregation regime (

 

χ

 

N = 30) is presented in
Figure 4 [6].

Matsen introduced an asymmetry factor (

 

τ

 

) whose mag-
nitude lies between two extreme values: 0 (for AB diblock)
and 0.5 (for symmetric ABA triblock). As the length of the
outer A chains become dissimilar, the order-order transition
(OOT) lines are shifted toward higher overall A volume frac-
tion. For an intermediately segregated system (for example,
with 

 

χ

 

N = 30, see Figure 4 [6]), this theory predicts lamellar
morphology for an A

 

1

 

BA

 

2

 

 triblock copolymer up to f

 

A

 

 > 0.70
(where f

 

A

 

 stands for the volume fraction of component A) with
the value of 

 

τ

 

 equal to 0.10 which corresponds to the A

 

1

 

/A

 

2

 

ratio of approximately 5. At higher asymmetry, a fraction of
the short 

 

A 

 

blocks is allowed even to be pulled out of the A

 

Figure 4

 

Phase diagram of an asymmetric ABA triblock copoly-
mer calculated by Matsen. 

 

τ

 

 and f

 

A

 

 stand for asymmetry parameter
and volume fraction of component, respectively; the locations
denoted by 

 

�

 

, 

 

�

 

, 

 

�

 

 and 

 

�

 

 will be discussed with respect to the
AFM micrographs presented in Figure 6. (From Matsen MW. J
Chem Phys 2000; 113:5539–5544. With permission.)

τ

0.5

0.4

0.3

0.2

0.1

0.0
0.0 0.2 0.4 0.6 0.8 1.0

12

34

fA

χN = 30

S

C L S

G
Scp

Scp(b)

C

 

DK4635_C003.fm  Page 91  Thursday, April 7, 2005  1:08 PM

© 2005 by Taylor & Francis Group.



  

domains, as the continuous extraction of 

 

A 

 

blocks will reduce
the stretching energy of the 

 

B 

 

domain chains [6]. When the
asymmetry becomes sufficiently large in an A

 

1

 

BA

 

2

 

 triblock,
shorter outer A blocks begin to pull out of their domains.
Although unfavorable interactions occur when an 

 

A 

 

block
leaves its domain, this is more than compensated for by the
fact that its 

 

B 

 

block can relax. The phase behavior of the
asymmetric triblocks was found to be dominated by the stan-
dard lamellar (L), gyroid (G), cylindrical (C), and spherical

 

(

 

S) morphologies (see Figure 4), but there is also an unusually
large region where, as opposed to the normal body centered
cubic (bcc) packing, closed-packed spheres 

 

(S

 

cp

 

) are predicted
at very high asymmetry.

Depending on the extent of asymmetry and A/B volume
fractions, different locations (1, 2, 3 and 4) have been marked
in Figure 4, which will be referenced later while discussing
the morphology of block copolymers having different molecu-
lar architectures (see schemes of architectures in Figure 6
and AFM images in Figure 7).

Introduction of a tapered or a statistical chain between
the incompatible blocks may further modify the block copol-
ymer phase behavior [37–42]. It has been, in general, shown
that presence of a tapered or statistical chain between the
incompatible blocks results in a broadened interface due to
enhanced mixing at this region. Recently, the phase behavior
of 

 

normal

 

 and 

 

inverse

 

 tapered block copolymers was studied,
and it was demonstrated that an 

 

inverse

 

 tapered sequence
leads to higher compatibility (wider interfacial width) than
the 

 

normal

 

 ones [42].
A direct consequence of the architectural modification is

its impact on the deformation behavior of respective block
copolymers. The latter is reflected not only by the formation
of a wide range of morphologies at constant composition [9]
but also by enabling a variation in effective physical cross-
link sites and in the ratio of bridge-to-loop conformations at
constant morphologies [11,12]. Thermoplastic elastomers
based on graft copolymers having tetra-functional branch
points were found to possess improved mechanical properties
than their triblock analogues [11]. Furthermore, the ABABA
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pentablock copolymers (higher bridge/loop ratio) showed
noticeably pronounced higher ductility than their ABA tri-
block (lower bridge/loop ratio) counterparts [12].

The review of the literature works outlined here demon-
strates that there exists an inherent relationship between the
molecular parameters (chain architecture, nature of interface,
chain topology etc.) and the phase behavior. Thus, mechanical
and micromechanical behavior of these materials are dictated
not only by the kind of microphase-separated structures, their
size and orientation, grain size etc., but also are coupled with
the chain architecture and processing conditions. The sche-
matic illustrations presented in Figure 5 provide an overview
of important parameters, which control the solid-state mor-
phology of block copolymer systems and thereby affect directly
or indirectly their end-use properties.

 

Figure 5

 

Schematic summary of various molecular and morpho-
logical parameters affecting the morphology formation and the
deformation micro-mechanisms of block copolymers.
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The symmetry of end blocks and the location of glassy
blocks in the molecular backbone might play a decisive role
in the mechanical behavior of the copolymers. For example,
SBS triblock copolymers become tougher when styrene outer
blocks are made more and more asymmetric [8]. Indeed, the
kinds of monomers chosen as the block chains determine the
extent of chemical incompatibility and hence the degree of
segregation. The latter has an important influence on the
block copolymer phase behavior. Last but not least, molecular
weight and molecular weight distribution, etc., should be opti-
mized in order to achieve a good balance of mechanical and
rheological properties.

 

III. EXPERIMENTAL

A. Materials and Sample Preparation

 

The characteristic data of the investigated block copolymers
are listed in Table 1. The block copolymers possess nearly
identical chemical composition (styrene volume fraction
~0.70) but differ in the chain architecture. Molecular archi-
tecture of the block copolymers studied is schematically out-
lined in Figure 6. Polystyrene (PS) and polybutadiene (PB)
are represented by white and dark areas, which also reflect
the contrast in the AFM (as well as TEM) images, respectively,
discussed in this work. The linear copolymer LN1, a neat SBS
triblock, has symmetric styrene end blocks (i.e., the outer PS
blocks are of equal lengths), which are separated from the
butadiene center block by a sharp interface. Sample LN2, in
contrast, has a tapered transition (shown by an oblique line
between PB and PS blocks in Figure 6), and comprises asym-
metric PS end blocks, the larger block being about five times
longer than the shorter one. The copolymer LN3 has analo-
gous structure as LN2, but contains a random copolymer of
PS and PB (PS-co-PB) as center block instead of a pure PB
block. The molecular weight of longer polystyrene blocks in
these asymmetric block copolymers is in the range of 60,000
– 90,000 g/mol. The sample LN4 consists of short symmetric
PS end blocks (

 

M

 

n

 

 ~ 18,000 g/mol) connected by a rubbery
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block made up of PS-co-PB. The total volume fraction of poly-
styrene as outer block is about 0.32.

The star-shaped ST3 molecules have approximately four
asymmetric arms each, one of them being much longer than
the others. The molecular weight of the longest PS blocks lies
in the same range as longer PS blocks of LN2 and LN3. Like
LN3, a random PS-co-PB exists as a soft block instead of a
pure polybutadiene chain in ST3.

Each sample was dissolved in toluene to prepare about
3% solution. The solution was poured into a flat glass dish
and the solvent was allowed to evaporate in about two weeks.
Each film was dried in air for several days and finally
annealed for 48 h at 130°C in a vacuum oven. The thickness
of the films was about 0.5 mm. Details on the synthesis,
structures and properties of these polymers may be found
elsewhere [8,9,43–48]. 

 

T

 

ABLE

 

 1

 

Characteristics of Investigated Block Copolymer

 

Samples

 

Samples

 

a

 

M

 

n

 

 
(g/mol)

 

b

 

M

 

w

 

/

 

M

 

n

 

 

 

b ΦΦΦΦ

 

PS 
c

 

Remarks

 

LN1  82,000 1.07 0.74 Symmetric SBS triblock, neat 
transition with the pure PB mid-
block, linear architecture [9]

LN2  93,000 1.13 0.74 Asymmetric S

 

1

 

BS

 

2

 

 triblock copolymer, 
(S

 

1

 

≠

 

S

 

2

 

), tapered transition [9]
LN3 127,300 1.10 0.74 Structure similar to LN2, S

 

1

 

(S/B)S

 

2

 

 
structure (S

 

1

 

≠

 

S

 

2

 

), S/B is a random 
copolymer of PS and PB [45]

LN4 116,000 1.20 0.65 Linear symmetric S(S/B)S triblock 
copolymer, mid block structure 
similar to that of LN3 [8,9]

ST3 85,700 2.10 0.74 Highly asymmetric star architecture, 
each arm with S1(S/B)S2 structure 
(S1≠S2), S/B is a random copolymer 
of PS and PB [45,47]

a ST, star block; LN, linear block copolymer.
b Weight average (Mw) and number average (Mn) molecular weights were determined

by gel permeation chromatography.
c Total styrene volume fraction determined by Wijs double bond titration.
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B. Techniques

Transmission Electron Microscopy (200 kV TEM, Jeol) was
used to image the nanostructures of the samples using
ultrathin sections (about 50–70 nm thick) ultramicrotomed
from the cast film. The polybutadiene phase was selectively
stained by osmium tetroxide (OsO4). Morphological studies
using dip-coated films were carried out by means of Atomic
Force Microscopy (AFM; Multimode atomic force microscope,
Digital Instruments Inc.) using tapping mode.

Tensile Testing was performed at room temperature
(23°C) using a universal tensile machine at a cross-head speed

Figure 6 Schemes showing the molecular structure of the block
copolymers studied; dark and white colors stand for PB and PS
phases respectively; the oblique lines between the blocks represent
the tapered transition.
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LN4
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xST3
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of 50 mm/min. Total length of the dog-bone shaped tensile
bars punched out of the solution cast films was 50 mm each.
At least six samples were tested in each case.

Differential scanning calorimetry (DSC) measurements
were performed with a Mettler DSC 820 in the temperature
range from –120°C to +150°C with a rate of 10°C/min using
the cycle heating – cooling – heating. The heat flow and the
second derivative of the heating scans were used for the deter-
mination of glass transition temperatures. The weights of the
studied samples were approximately 10 mg each.

IV. INFLUENCE OF CHAIN ARCHITECTURE ON 
NANOSTRUCTURE EVOLUTION 

A. Block Copolymer Morphologies as 
Revealed by AFM and TEM

The representative AFM phase images of the block copolymers
studied are given in Figure 7a–e. As the films were cast slowly
from neutral solvent (toluene) and annealed above the glass
transition temperature of both the component phases, these
micrographs illustrate their near-equilibrium morphologies.
In the pictures given in Figure 7, brighter and darker areas
correspond to glassy (PS) and rubbery (PB or PS-co-PB)
phases, respectively. For the purpose of comparison, the mor-
phology of a linear symmetric SBS triblock copolymer (LNX,
ΦPS ~ 0.28; a commercially available SBS thermoplastic elas-
tomer, Kraton D-1102), is presented in Figure 7f. The micro-
graphs of different samples are arranged in such a way that
the variation of morphologies follows the order: PS matrix
(LN1) → Lamellae (LN2, LN3) → bicontinuous-like (ST3) →
PS domains (LN4, LNX).

Owing to their symmetric architecture, the ratio of length
of outer PS blocks is unity, and the value of asymmetry param-
eter (τ) is 0.5 for both LN1 and LNX. With respect to their
composition, LN1 and LNX can be allocated the positions ①
and ➁ of the phase diagram in Figure 4, respectively. Note,
that these locations are valid for the strongly segregated PS
and PB chains of LN1 and LNX as well since the shift in
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Figure 7 AFM phase images showing microphase-separated mor-
phologies of the block copolymers studied; hard and soft phases
appear bright and dark, respectively.

(a) LN1

(c) LN3

(e) LN4

(b) LN2

(d) ST3

(f) LNX

100 nm
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phase behavior is significant only at lower values of τ. Thus,
the block copolymers LN1 (ΦPS ~ 0.74) and LNX (ΦPS ~ 0.28)
show expected cylindrical morphologies with PS and PB
matrices, respectively. However, a change in molecular archi-
tecture may appreciably modify the classical picture of mor-
phology formation by overcoming the precondition of altering
composition to change the microphase-separated structure.
Therefore, the asymmetric block copolymers LN2, LN3 and
ST3 show entirely different morphologies in spite of identical
composition as LN1. LN2 and LN3 possess clearly a lamellar
morphology (Figure 7b,c) while ST3 possesses a co-continuous
structure (Figure 7d).

Due to presence of a tapered chain at interfacial region
(e.g., LN2 in Figure 7b) or statistical copolymer (e.g., LN3 in
Figure 7c and ST3 in Figure 7d) as middle-block, the interfa-
cial tension will be decreased and the copolymers are finally
driven towards weaker segregation. Assuming the intermedi-
ate segregation of these copolymers, the asymmetric block
copolymer LN2 can be conveniently placed at the point of
intersection of two-dotted lines in Figure 4 (denoted by ③),
hence explaining the formation of lamellar morphology due
to asymmetric architecture. In LN3, the volume fraction of
polystyrene as outer blocks is approximately 0.66 (total PS
volume content 0.74), and the length ratio of longer to the
shorter PS blocks is much higher than one. This copolymer
falls at a location denoted by ➃ in Figure 4, thus confirming
the architecture-induced lamellar morphology.

Additionally, in ST3, LN3 and LN4, due to presence of a
PS-co-PB as rubbery block, the actual volume fraction of PS
as hard phase is considerably decreased. This favors the for-
mation of morphologies corresponding to lower overall poly-
styrene content. The volume fraction of outer PS blocks is
about 0.32 in LN4 (i.e., the soft/hard volume ratio is 68/32).
Due to the presence of symmetric architecture, this copolymer
can also be placed at a location somewhere near ➁ in the phase
diagram given in Figure 4. Hence, hexagonal ordered PS cyl-
inders dispersed in a matrix of PS-co-PB can be expected.
Actually, the PS domains dispersed in a rubbery matrix were
observed. This morphology resembles the structure of classical
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SBS thermoplastic elastomers, which contain about 28% poly-
styrene (Figure 7f), i.e., the composition is nearly reverse of
LN4. However, a lattice of ordered structures is missing. Addi-
tionally, besides the presence of domains having a diffuse
boundary, the order-disorder transition temperature (TODT)
was highly depressed [8]. With these characteristics, the linear
block copolymer LN4 represents a weakly segregated system.

Interestingly, the largest deviation was observed in ST3
whose overall composition and mid-block constitution is iden-
tical to that of LN3. Owing to star-shaped architecture and
large polydispersity, the morphologies predicted by the theory
of asymmetric block copolymer cannot be assigned to ST3.
However, one may anticipate that a large part of short PS
chains (especially those from PS core and short outer blocks)
can be mixed to the rubbery PS-co-PB blocks. The notion of
intermixing of a part of PS chains with the rubbery phase in
asymmetric block copolymers is also supported by the
dynamic mechanical analyses of several block copolymers
[48]. An impression of the co-continuous morphology of ST3
can be obtained more conveniently from a TEM micrograph
presented in Figure 8, which reveals that the PS struts (gray

Figure 8 High magnification of a TEM image showing co-continuous
morphology of ST3; OsO4 staining makes the PB phase appear dark.
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domains) form an interpenetrating network embedded in the
PS-co-PB matrix. This morphology closely resembles the
‘gyroid’ phase observed in block copolymer systems.

B. SAXS Results

Supplementary information on the nanostructure of the block
copolymers can be readily achieved by using small angle x-
ray scattering (SAXS) methods. Representative one-dimen-
sional SAXS curves of some of the linear block copolymers
studied [49], illustrating the dependence of the scattering
intensity function (I.q2) with the wave vector q = 2πs (s = 2sin
θ/λ and λ = 0.15 nm) are illustrated in Figure 9. In accordance
with our microscopic investigations, the block copolymers
yield, in spite of having nearly identical chemical composition,
totally different SAXS patterns. The values for the nanostruc-
ture spacings, as determined by SAXS (LN1: 26; LN2: 32 nm
and LN4: 27 nm) are in good agreement with those deter-
mined by microscopy (compare with Figure 7).

In the SAXS curve for the sample LN1 (Figure 9) higher
order reflections, in the ratio  of a Bragg’s periodicity
at qo = 0.241 nm–1 are present. Even a shoulder at qo can
be clearly observed. In good agreement with the AFM results,
the scattering maxima (Figure 9a) confirm the expected cylin-
drical morphology of the block copolymer LN1. On the other
hand, in LN2 (Figure 9b), the scattering maxima appear in
the ratio 1:2:3:4 suggesting a lamellar morphology. The weak
higher order reflections result from polygranular structure of
the solution cast films, in which the nanostructures have no
preferential alignment.

In case of sample LN4 (Figure 9c), the scattering curve
lacks well-defined higher-order maxima, which makes an
unambiguous assignment of a particular block copolymer
nanostructure difficult. Nevertheless, one can make a tenta-
tive assessment of the scattering maxima which are in the
ratios of a first order periodicity qo = 0.229 nm–1,
suggesting that the morphology LN4 is close to that of a cubic
arrangement (spherical morphology) of microphase sepa-
rated structures.

1: 3: 7
4

1: 2: 3: 4
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Figure 9 SAXS intensity curve of linear block copolymers LN1,
LN2 and LN4. (Courtesy of Dr. Marc Langela, Max Planck Institute
for Polymer Research, Mainz. Struktur und Rheologische Eigen-
schaften von PS-PI und PS-PB Blockcopolymeren. Thesis, Univer-
sity of Mainz, Germany, 2001.)
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The morphology and nanostructures presented in Figure
7, Figure 8, and Figure 9 were obtained by changing the
block copolymer architecture for PS content of approximately
70%. Particularly, all the basic morphologies observed in
block copolymer systems were produced at a narrow compo-
sition range. Thus our experimental results demonstrate
that the architectural modification of the block copolymers
allows an independent control of their microphase morphol-
ogy and composition.

C. Molecular Mobility and Mechanical 
Properties

Owing to different architecture of the block copolymers includ-
ing different interfacial structure and symmetry of the outer
blocks, the mobility of the constituent chains is very different.
As a result, the unusual microphase separation behavior was
found to be reflected in a shift of their phase behavior.

The molecular mobility can be well characterized by the
location of the glass transition temperature (Tg) of the com-
ponents. Figure 10 illustrates the differential scanning calo-
rimetric (DSC) plots for the linear block copolymers. Each
sample shows two distinct glass transition temperatures: one
at the lower temperature regime corresponding to polybuta-
diene homopolymer (Tg-PB) and the other one at the higher
temperature side of the DSC plots corresponding to the poly-
styrene homopolymer (Tg-PS). It is obvious that the glass tran-
sition temperature Tg of PS phase (Tg-PS) in LN1, LN2 and
LN3 lies at about +100°C, which matches the Tg of pure PS
homopolymer. It suggests, in agreement with the sharply sep-
arated PS microphases observed by microscopic techniques
(see Figure 7 and Figure 8), that polystyrene exists as pure
material in these polymers. However, the magnitude of Tg-PS

appears very broad in LN4. The broad range of Tg-PS values,
which may result from the intermixing of the relatively
shorter outer PS blocks (Mn ~ 18,000 g/mol) with the middle
PS-co-PB rubbery block, suggests that a pure polystyrene
phase is practically absent in LN4.
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As the incompatible PS and PB chains in LN1 molecules
are separated by a sharp interfacial region, the measured
glass transition temperatures are those of the constituent
homopolymers. The Tg-PB measured at –98°C in this sample
corresponds to that of trans-1,2-polybutadiene.

In other block copolymers, a significant shift of Tg of the
soft PB phase (Tg-PB) toward higher temperature occurs in
sequence LN1 (–98°C) → LN2 (–53°C), LN3 (–50°C) → LN4
(–34°C). Generally, the main factors affecting the Tg values
are thermal histories of the sample, system pressure, diluent
types and concentration, molecular weight and distribution,
and polymer structure [50]. Because the block copolymers
were prepared at identical conditions, only the latter two
factors appear to be important. Furthermore, the total molec-
ular weight of the polybutadiene chains in the samples stud-
ied does not differ much from each other, and is far above
10,000 g/mol, i.e., the range where the molecular weight has
only a negligible influence on glass transition temperature.

Figure 10 DSC scans for the linear block copolymers studied;
second heating scans recorded at a rate of 10 K/min.
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We mentioned that the Tg-PB values in the block copoly-
mers having modified architecture are much higher than that
of normal polybutadiene homopolymer. It should be noted that
the microstructures of the PB phase in the investigated block
copolymers is not very different. Thus the shift of Tg-PB towards
higher temperatures results essentially from the incorpora-
tion of PS chain segments into the PB phase. The higher Tg-PB

and the corresponding broad glass transition region in the
samples LN3 and LN4 are obviously connected with the pres-
ence of PS-co-PB as rubbery center block. In LN2, the tapered
transition at the interfacial region allows an intermixing
between the PS and the PB chains. This alone, however, does
not explain the drastic increase of Tg-PB to about –55°C from
about –98°C. This is an indication of the probable interference
of a fraction of shorter outer PS block chains into the PB
chains in accordance with the prediction of Matsen [6]. This
argument should also hold in case of asymmetric block copol-
ymer LN3. The shift of the Tg-PB toward a significantly higher
temperature, indicative of the incorporation of PS chain seg-
ments into the PB phase, was also observed in other asym-
metric styrene/butadiene block copolymers even having neat
interfacial structure [44,48].

An important consequence of the architectural modifica-
tion of block copolymers is that a wide range of mechanical
properties can be tailored at constant composition. For exam-
ple, the tensile stress-strain curves of some of the block copol-
ymers containing PS-co-PB as rubbery block (LN3, LN4 and
ST3) are compared in Figure 11 [51]. Note that these block
copolymers have total PS volume content of 65–74% (Table
1). LN3 and ST3 exhibit yielding at a strain of about 4% that
represents the onset of plastic deformation of the polymers.
The yield stress is about 10 MPa. After the yield point, the
deformation is accompanied by a so-called cold drawing pro-
cess until about 100% and then, the stress level rises mono-
tonically in both block copolymers. Both copolymers (with
lamellar [LN3] or co-continuous [ST3] morphology) show a
ductile behavior characterized by a large degree of plastic
deformation. The curves of LN3 and ST3 (74 vol% PS) are
similar to that of an SBS triblock copolymer having 50 vol%
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PS (see curve 2 in Figure 1). With a symmetric architecture,
they would have shown the brittle deformation behavior rep-
resented by curve 3 of Figure 1.

The sample LN4 shows, as expected from its phase mor-
phology, a tensile behavior similar to that of an SBS thermo-
plastic elastomer [3] at room temperature (compare with
curve 1 of Figure 1). This represents a predominantly entropy-
elastic behavior. A shoulder (corresponding to a yield point
where the plastic deformation of glassy domains begins) at a
strain of about 10% was observed. The sample showed an
elongation at break of several hundred percent and a large
degree of strain recovery.

A closer inspection of the initial part of stress-strain
diagram of sample ST3 reveals that there are two different
yield points located at a strain of about 4% and 20% (as

Figure 11 Tensile stress-strain diagrams of some of the solution
cast block copolymer samples. Tensile testing was carried out at a
rate of 50 mm/min at 23°C. (Taken from Adhikari R, Huy
TA, Buschnakowski M, Michler GH, Knoll K. New J Phys 2004;
6:28(1–20). With permission.). 
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indicated by I and II in Figure 11). Independent of sample
preparation methods and thickness of tensile bars, the phe-
nomenon of “double yielding” was always observed in ST3.
The presence of these well separated yield points makes its
mechanical deformation behavior resemble that of different
polyethylene (PE) samples discussed in the literature (details
on yielding processes in ST3 in [45]). 

To summarize, the tensile properties of the block copol-
ymers studied show a wide variety of mechanical properties,
which would be expected for classical SBS triblock over a
composition range of 25–75% PS. These properties are
mainly dictated by the nanostructures formed in the solid
state. Hence, it can be concluded that the mechanical behav-
ior of the block copolymers studied are affected directly by
the nature of microphase-separated morphology, whereas
molecular architecture of the block copolymers plays an indi-
rect role.

Before concluding this section, the influence of molecular
architecture on micromechanical behavior of the block copol-
ymers deserves mentioning. Unlike the craze-like deforma-
tion zones formed in symmetric block copolymer having 74
vol% PS [9], yielding and drawing of the microphase separated
glassy phase (lamellae or co-continuous glassy phase) was
found in the asymmetric block copolymers during tensile
deformation [10,51]. In the lamellar block copolymers having
PS lamella thickness in the range of 20 nm, a large homoge-
nous plastic deformation of PS lamellae (called thin layer
yielding) leading to the high ductility was observed [10]1.
Similar effects were reported earlier by Fujimora et el. [52]
in symmetric styrenic block copolymers.

The orientation of the block copolymer nanostructures
using an external force leads to a pronounced anisotropy in
the mechanical properties. The extent to which the applied
external forces affect the mechanical properties depends

1See Chapter 10.
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largely on whether and how far the nonequilibrium nano-
structures are deviated from the equilibrium ones. Among the
block copolymers studied, the linear asymmetric ones were
found to form highly oriented morphologies under the influ-
ence of steady shear during the extrusion process. Figure 12
shows a TEM micrograph (Figure 12a) of extruded LN3 and
its stress-strain curves (Figure 12b) on subjecting the
extruded films undergo tensile deformation parallel and per-
pendicular to the orientation direction.

Attributable to the steady shear, the lamellar nanostruc-
tures are aligned along the direction of applied shear. It is
found that the continuity of the lamellae extends over several
micrometers. It should be, however, noted that the alignment

Figure 12 (a) Representative TEM micrograph of a lamellar tri-
block copolymer (LN3) prepared by extrusion showing the layers
aligned in the direction of applied shear; (b) Tensile stress-strain
diagrams of some extruded films loaded parallel and perpendicular
to the lamella orientation direction. 
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of the lamellae is not uniform through the thickness of
extruded films. The reason is the variable stress field across
the thickness of the die used in the film processing (details
in [53]).

As for the solution cast samples, independent of the
loading direction, the deformation of each sample is charac-
terized by a well-defined yield point. The yield points are
rather sharp in the oriented samples. Deformation of the film
parallel to the orientation direction gives rise to different
values of yield stress and Young’s modulus than that for the
perpendicular deformation, which is in agreement with the
recent results on other oriented linear block copolymers pre-
pared by roll casting [30–32]. In earlier studies, the differ-
ences in mechanical properties have been discussed in light
of composite models. During the parallel deformation, the
load is mainly received by the glassy lamellae, which leads
to the higher value of yield stress and Young’s modulus. The
necking and drawing of glassy lamellae (thin layer yielding
mechanism) accompanied by a shearing in the rubbery lamel-
lae predominate at high deformation during parallel defor-
mation. On loading the sample perpendicular to the lamellar
orientation direction, the applied load is first concentrated
in the rubbery phase that leads to a decrease in yield stress.
At high deformations, the principal deformation mechanism
is the formation of typical chevron morphology (for details,
see Chapter 10)

D. Nanostructure of Binary Blends of 
Block Copolymers

As mentioned before, a method for controlling the solid-state
morphology of the block copolymers is to mix two block copol-
ymers having different compositions. It was pointed out that
the molecular weight ratio (r) of the constituent two-compo-
nent block copolymers dictates the interplay between
microphase-separation and macrophase-separation in their
binary blends. It was shown that macrophase separation
occurs, if the value of r is higher than 10, forming macrophase
separated lamellae with different periods. In contrast, if r ≤ 5,
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the blend components were found to mix in molecular level
forming a uniform nanostructure [13,18–20,54].

The route of morphology control by mixing two different
block copolymers having comparable molecular weights has
been shown to work effectively in the blends of two AB diblock
copolymers [19] and also that of two symmetric ABA triblock
copolymers [18]. However, new mechanical properties, other
than that expected for the known classical morphologies, can-
not be achieved. It would be interesting either to induce
demixing of the block copolymers or to induce the partial
miscibility between the block copolymer molecules even when
r ~ 1. Via the latter way, one may be able to produce materials
with a new property profile. In this section, we will show that
binary blends containing an asymmetric block copolymer pro-
vide new variables to control the block copolymer super-lat-
tices and thereby their mechanical properties.

The TEM micrographs in Figure 13 show the morphology
of a blend of an asymmetric (LN3) block and a symmetric
SBS (LNX) triblock copolymer, which have the total styrene
volume fraction of 0.74 and about 0.28, respectively. Both the
copolymers have linear molecules and possess comparable
molecular weight (~100,000 g/mol). As described earlier, LN3
and LNX have lamellar and cylindrical (PS cylinders) mor-
phologies, respectively (see Figure 7). The weight ratio of
LN3/LNX in the blend was 65/35. There are two different
areas: a PS rich region having lamellar arrangement of nano-
structures (matrix); and a PB rich region having cylindrical
arrangement (dispersed macrophase). Hence, these regions
represent the morphology of the individual blend compo-
nents. The obvious message is that the linear block copoly-
mers LN3 and LNX, in spite of the comparable molecular
weights, are immiscible.

Earlier electron microscopic studies by Spontak et al.
indicated a new possibility of fine-tuning block copolymer
nanostructures by controlling the architecture of the blend
constituents [55]. It was shown that an equimolar blend of a
diblock copolymer and an octablock copolymer, both of iden-
tical composition and molecular weights, was immiscible lead-
ing to the formation of a macrophase separated grain of one
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block copolymer embedded in the matrix of the other. In con-
trast to the behavior of a blend consisting of symmetric block
copolymers (e.g., Figure 2), where it was possible to adjust a
particular morphology by mixing a definite amount of a block
copolymer to its compositionally complementary counterpart,
the blend components are macrophase separated in the
present case. This is a clear signal of the fact that the mac-
rophase separation can be induced by the asymmetric archi-
tecture of one of the blend partners. Indeed, the ratio of long
PS block in LN3 (Mw ~ 60,000 g/mol) and PS blocks of LNX
(Mw ~ 12,000 g/mol) is approximately 5. This value is close to

Figure 13 TEM micrographs showing micrphase-separated areas
in the blends of two linear block copolymers LN3 and LNX, the
weight ratio of LN3 to LNX is 65/35; OsO4 staining makes the PB
phase appear dark; a part of (a) is magnified in (b).
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the molecular weight ratio (r) for the macrophase separation
in the binary diblock copolymer blends reported in the liter-
ature (r ~ 6, Yamaguchi et al. [54]). Thus, the architecture-
induced macrophase separation observed in the blends inves-
tigated may be regarded as being similar to the “macrophase
separation induced by microphase separation” suggested by
Hashimoto et al. [56]. An additional contribution towards the
macrophase separation in the present case is offered by widely
separated compositions of each SBS triblock copolymer. How-
ever, it should be noted that the value of r with respect to
total molecular weight of each polymer is approximately unity
for the block copolymers studied here.

In the present case, the macrophase separation is also
favored in part by the presence of PS-co-PB random copolymer
in LN3 that is essentially immiscible with a pure PB center
block of the copolymer LNX. Such a macrophase separation
was also observed in other binary blends containing at least
an asymmetric block copolymer as blend component such as
LN2/LNX blends [57]. Therefore, the macrophase separation
is predominantly induced by the block copolymer chain archi-
tecture rather than the structure of the rubbery center block.

E. Block Copolymer/Homopolymer Blends

Due to higher production costs, styrene/butadiene block copol-
ymers are seldom used as pure materials. They are rather
mixed with other polymers such as polystyrene for the man-
ufacture of packaging films, injection-molded parts, etc. As
introduced earlier, the length of the homopolymer chains rel-
ative to that of the corresponding block of the block copolymer
plays a vital role in the phase behavior of the block copoly-
mer/homopolymer blends [4,13]. The low molar mass
homopolymers (e.g., PB or PS), which are easily assimilated
by the corresponding block domains, can be used to change
the dimension of a given morphology and even to produce new
morphologies corresponding to a different phase volume ratio.
Hence, the method of blending with homopolymers can also
be helpful to locate the position of a “new” morphology in the
block copolymer phase diagram.
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TEM images in Figure 14 show the morphology of the
blends of a star block copolymer (ST3) and two different
homopolymers – polybutadiene (PB004) and polystyrene
(PS015 and PS190). PB004, PS015 and PS190 stand for cor-
responding homopolymers having weight average molecular
weights (Mw) of 4,000 g/mol, 15,000 g/mol and 190,000 g/mol,
respectively.

An addition of 10 wt% low molecular weight polybutadi-
ene (PB004; Mw ~ 4,000 g/mol), which is compatible with the
rubbery PS-co-PB phase, increases obviously the soft phase
volume fraction enabling the formation of morphology corre-
sponding to lower overall PS volume content than ST3. One
can clearly notice some regions of hexagonal arrangement of
light polystyrene cylinders in Figure 14a. In contrast, an
addition of 20 wt% low molecular weight polystyrene (PS015,
Mw ~ 15,000 g/mol) causes the swelling of PS block domains,
and results in the formation of a nanostructure corresponding
to higher PS content than ST3. The accommodation of the
PS015 chains in the PS block domains of the block copolymer
is favored by higher molecular weight of PS block chains (Mn

~ 60,000 – 90,000 g/mol). The structure of this blend is clearly
a lamellar one (Figure 14b). In fact, the mixing entropy of PS
increases with the ratio MPS-block/MhPS [13]. Since this ratio is
quite high in the ST3/PS015 blend, the hPS molecules are
able to penetrate deeply into the PS domains and modify the
interfacial curvature leading to the lamellar morphology (see
discussion of Figure 3).

These observations suggest that the morphology of pure
ST3 (see Figure 8) is somewhat intermediate between that of
a cylindrical and of a lamellar morphology. Since the stable
morphology observed within this window is the “gyroid”
phase, the equilibrium microphase-separated structures of
ST3 can be regarded as being, at least, very close to the
“gyroid” morphology as mentioned above.

If MPS-block < MhPS, the mixing entropy of the homopolymer
chains is drastically decreased, and these chains become less
successful to wet the copolymer brush effectively. The molec-
ular weight of the PS190 (Mw ~ 190,000 g/mol) is much higher
than the corresponding block in the block copolymer. Thus the
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Figure 14 TEM micrographs showing the bulk morphology of blends
comprising ST3 and homopolymers having variable molecular weights:
a) ST3 + 10% PB004, b) ST3 + 20% PS015, c) ST3 + 20% PS190 and
d) ST3 + 20% PS015 + 20% PS190; OsO4 staining makes the PB phase
appear dark. (Partly reproduced from Adhikari R, Lebek W, Godehardt
R, Löschner K, Michler GH. Kautschuk-Gummi-Kunststoffe
2004;57:90–94.)
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PS homopolymer chains and PS block become less miscible.
As a result, the hPS chains are completely expelled from the
microdomains. Therefore, in a blend of ST3 with 20 wt%
PS190, a morphology comprising the macrophase-separated
PS particles (see Figure 14c) surrounded by the ST3 matrix
is formed.

The addition of more PS015 to ST3 would lead first to a
thickening of PS lamellae and then finally to the formation
of PB domains. At higher PS015 content, the resulting product
would behave in a brittle manner due to weakening of the
entanglements in the PS phase and presence of PS matrix.
On the other hand, the addition of more PS190 would lead to
stronger macrophase-separation that again may, as a conse-
quence, worsen the mechanical properties. One strategy to
maintain the toughness of the blends at a higher PS content
would be to keep the ease of macrophase-separation as low
as possible and allow the formation of plastically deformable
matrix, i.e., combining the morphologies of Figure 14b and
Figure 14c. This goal can be easily achieved by using a mul-
timodal polystyrene homopolymer.

Figure 14d is a representative TEM image of a blend of
ST3 and 40 wt% bimodal PS (i.e., 20% PS015 and 20% PS190),
which is exactly a combination of Figure 14b and Figure 14c,
in which the added PS mixture is partly accommodated by
the PS block domains forming lamellae and is partly mac-
rophase-separated in the form of PS particles. It was shown
that this special morphology allows an intensive plastic defor-
mation of the blend under tensile loading. The lamellar mor-
phology enables the drawing of the matrix and the
macrophase separation does not critically reduce elongation
at break [58].

Finally, it should be noted that the discussion outlined
above in the case of solution cast samples may not be valid
for the mixtures produced by extrusion or injection molding.
The processing conditions may further dramatically influence
the morphology of the binary block copolymer/homopolymer
blends (see next section).
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F. Influence of Processing Conditions 
on Nanostructure

As introduced earlier, the ways in which the block copolymers
and their blends with other polymers are processed have a
great implication on the nanostructures formed. One important
consequence of application of an external field is the alignment
of block copolymer nanostructures [30–32,44]. The processing
induced non-equilibrium structures were found to be very dif-
ferent from the equilibrium ones [53,58]. For example, the
injection molded blends of a lamellar SBS block copolymer and
PS having molecular weight higher than that of the PS block
of the copolymer showed lamellae-like arrangement of the
nanostructures at all the compositions [44] (see Chapter 10).

In the preceding section, we showed that macrophase
separation between ST3 and PS190 occurs under equilibrium
conditions (see Figure 14c) due to incompatibility between
ST3 and PS190 chains. At high PS content, in contrast to the
morphology dominated by PS layers (PS matrix) observed in
blends of lamellar SBS copolymer and PS homopolymer [44],
a typical “droplet-like” structure was found in these blends
when subjected to steady shear [53,59]. Figure 14 shows the
representative TEM micrographs of ST3 and its blends with
PS190 prepared by extrusion (details in [53]).

The morphology of ST3 (Figure 15a), similar to its equi-
librium structure (compare with Figure 8), consists of co-
continuous arrangement of hard (PS) and soft (PS-co-PB)
phases. In the blends, with increasing PS content, some of
the PS domains (see white islands in Figure 15b–d) are
swelled leading to the formation of uniformly distributed
“droplets” of PS phase. While the dimension of rubbery phase
made up of PS-co-PB changes insignificantly, the size of the
PS droplets increases. Even when the added PS is in majority
(e.g., 60 wt% PS190, Figure 15d), the PS phase still forms a
co-continuous network with the block copolymer nanostruc-
tures, substantiating the notion of improved compatibility of
added PS with ST3.

The typical droplet-like morphology observed in
ST3/PS190 blends seems to result from the dispersion of a
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high molecular weight fraction of the added PS as well as the
block copolymer architecture. The dispersion is mainly
affected by the processing conditions which hinder the mac-
rophase separation. The macrophase separation between ST3
and added PS190 is prevented by applied shear and limited
time available during the rapid cooling of the polymer strands.
That the average thickness of the thinner PS domains also
increases slightly with increasing added PS content (Figure
15) suggests that a portion of low molar mass fraction of the
added PS has been added to the longest PS blocks of the star

Figure 15 Representative TEM micrographs of extruded
ST3/PS190 blends; OsO4 staining makes the PB phase appear dark.

(a) ST3 (b) ST3 + 20% PS

(c) ST3 + 40% PS (d) ST3 + 60% PS

100 nm
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block copolymer. This is in agreement with the conditions for
the solubilization of a homopolymer in the corresponding
block of the block copolymer discussed in the literature [13].

The results on nonequilibrium morphologies obtained in
ST3/PS190 blends have provided strong evidence to the
notion that the nature of processing-induced nanostructures
in such systems are highly coupled with the block copolymer
chain architecture. One important aspect that deserves men-
tioning in this regard is that these new droplet-like nano-
structures induced by block copolymer architecture and
processing contribute significantly to the toughness and
transparency of the materials.

V. SUMMARY AND OUTLOOK

At sufficiently high molecular weight and narrow polydisper-
sity, the phase behavior and the mechanical properties of
styrene/butadiene based triblock copolymers are generally
governed by their chemical composition. However, it has been
known for some time that a change in the chain architecture
at constant composition can have a dramatic influence on
their microphase separation phenomena and deformation
behavior. One relevant conclusion of our experimental results
is that modification of molecular architecture of the block
copolymers allows controlling of their morphology and com-
position independently.

To explore the impact of molecular architecture on the
microphase separation and micromechanical properties, we
have studied a series of styrene/butadiene block copolymers.
At a constant molecular weight (ca. 100,000 g/mol) and a
constant composition (styrene volume fraction ~ 0.70), all the
basic morphologies observed in diblock copolymers were found
via a change in chain architecture. As a result, without alter-
ing the overall composition, mechanical properties could be
adjusted over a wide range. The results show that architec-
tural and interfacial modification may provide a novel route
toward controlling mechanical properties of these nanostruc-
tured materials. 
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Of particular importance appear the styrene-rich (PS
content > 70%) SBS block copolymers with a lamellar or co-
continuous morphology because of their high ductility. If the
thickness of the PS lamellae (or PS struts in the co-continuous
network) falls below a critical value of about 20 nm, a homo-
geneous plastic yielding of the otherwise brittle PS appears.
This effect of a thin layer yielding results in a drastically
improved toughness and is discussed in detail in Chapter 10.

We have further extended the study of the impact of
asymmetric block copolymer architecture on the phase behav-
ior of binary block copolymer blends and block copoly-
mer/homopolymer blends. An architecturally induced
macrophase separation was observed in the binary block copol-
ymer blends. By suitably choosing the processing conditions
and homopolystyrene molecular weight, it was possible to con-
trol the superstructure of the block copolymer/PS blends.

The practical application of the SBS block copolymers
has two major drawbacks. First, the unsaturated polybuta-
diene block is very sensitive to photodegradation and can be
easily oxidized by atmospheric oxygen unless the inherent
double bonds are previously hydrogenated. The second dis-
advantage is the low service temperature (60–70°C) of these
polymers that is limited by the glass transition temperature
of polystyrene (Tg-PS ~ 100°C). Thus one would be interested
to produce block copolymers, which offer a broader service
temperature range and are not as susceptible to thermal and
radiation-induced degradation as butadiene or isoprene-con-
taining polymers, by means of relatively convenient polymer-
ization techniques (e.g., “living” radical polymerization [59]).
In this respect, the PMMA-block-PnBA-block-PMMA triblock
copolymers (PMMA: poly(methyl-methacrylate) and PnBA:
poly(n-butylacrylate)) can be a good alternative to solve the
drawbacks mentioned above. The higher Tg of PMMA
(~120°C) than that of PS in an SBS counterpart may clearly
enhance the upper service temperature range of the copoly-
mer. On the other hand, the rubbery nBA block (Tg ~ –50°C)
is insensitive to ultraviolet radiation and more resistant to
thermal oxidation.
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The controlled radical polymerization has proved a logi-
cal and workable alternative to anionic polymerization in the
last years [59,60]. This technique involves the chain growth
polymerization that proceeds in the absence of irreversible
chain transfer and chain termination reactions provided that
the initiation is fast and complete. Via these techniques, block
copolymers having well-defined block sequences and architec-
ture can be synthesized. For example, PMMA-block-PnBA-
block-PMMA with different hard/soft ratios were produced in
semi-technical scale. AFM examination demonstrated the
existence of well-defined microphase-separated structures
similar to those of ionic block copolymers (see Figure 16,
details in [60]).

In Figure 16, the morphology of two different block copol-
ymers is presented which contain 41 and 32 wt% PMMA. In
accordance with the phase diagram [4] established for the
monodisperse block copolymer systems, alternating lamellae
(Figure 16a) and PMMA domains dispersed in PnBA matrix
(Figure 16b) are discernible.

The new class of block copolymers can possess a signifi-
cantly high application potential, provided the mechanical
properties are optimized to make them capable to compete
with classical styrenic block copolymers in the market.
Detailed analyses of structure-property correlations, espe-
cially with the aim of optimization of mechanical properties of
these block copolymers, should be the focus of future studies.
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I. INTRODUCTION

 

Good ultimate properties are among the most important pre-
requisites for the successful use of a polymer material, no
matter whether the mechanical, the optical or some specific
functional properties are to be exploited. For this reason, the
deformation and fracture behavior and the means for their
improvement have always been studied intensively [1–4]. The
mechanical strength of an isotropic thermoplastic polymer
derives primarily from the van der Waals attraction between
chain segments. Nevertheless strength and toughness evi-
dently depend on the molecular properties of the chosen
material, on molecular packing (density, phase structure,
micro-morphology), on the way stresses are transmitted
between them (through cohesive forces, cross-links or entan-
glements) and on the nature and intensity of relaxation
(and/or damage) mechanisms. 

The general characteristics of macromolecules, weak
cohesive interaction, long and highly anisotropic, frequently
carefully engineered chain backbones and the high local mobil-
ity give rise to an enormous potential for structural organiza-
tion: from the apparently homogeneous amorphous glasses to
the complex morphology of, e.g., spherulitic semicrystalline
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polymers or hairy-rod molecular composites. In this contribu-
tion, macroscopically homogeneous amorphous thermoplastic
polymers are studied: methyl methacrylate glutarimide copol-
ymers and two series of amorphous semi-aromatic polyamides.
The (molecular) nature of the different deformation mecha-
nisms can be identified by comparing the dynamic and fracture
behavior of these systematically chemically modified (glassy)
polymers. In the absence of crystalline regions or other forms
of superstructure, our systems can be modeled as a well-entan-
gled amorphous 

 

physical network

 

. The 

 

elementary

 

 deformation
(and/or damage) mechanisms to be considered are conforma-
tional changes, segmental slip, void formation, disentangle-
ment and chain scission. The strongly time- and temperature-
dependent dynamics of these mechanisms determine the
modes of deformation and fracture (through, e.g., crazing,
shear yielding, creep and/or crack propagation). We will first
discuss the competition between (and changes in the relative
importance of) elastic straining, segmental slip and void for-
mation as a function of strain amplitude and loading rate. 

 

II. COMPETITION BETWEEN ELASTIC 
EXTENSION, SHEAR AND CAVITATION

 

A well-entangled, macroscopically homogeneous, non-oriented
(ductile) amorphous polymer subjected to uniaxial stress typ-
ically shows the stress-strain curve reproduced in Figure 1.
Up to the limit of linear viscoelastic response (at strains 

 

ε

 

 =

 

∆

 

L/L between 0.1% < 

 

ε 

 

< 1% depending on temperature), the
isotropic sample is deformed in a mechanically reversible
manner by elastic extension (predominantly by an increase
of the intersegmental distances) accompanied by uncorrelated
intersegmental shear displacements and conformational
changes. The latter two mechanisms give rise to anelastic
deformation (time- and strain-dependence of the elastic mod-
uli), to stress relaxation and creep. The local microstructure
begins to be modified by void and/or craze initiation and
correlated segmental shear displacements at strains larger
than 2 to 4%. The ultimate strain and the rupture mechanism
strongly depend on material and experimental conditions.
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In any sample loaded beyond region 0–1, strain-depen-
dent energy dissipation occurs through the mentioned inter-
and intra-segmental mechanisms but also through formation
of voids (cavitation). We consider the formation of voids to be
of particular importance since it modifies the local state of
stress and facilitates subsequent heterogeneous modes of
deformation such as crazing. It is for this reason that we wish
to quantify the relative importance of the above deformation
mechanisms. This can be done in a conventional tensile exper-
iment by measuring the uniaxial strain 

 

∆

 

L/L = 

 

ε

 

un

 

 in stress
direction and the lateral strain 

 

ε

 

lat

 

 in the perpendicular direc-
tion. We know that 

 

three

 

 components contribute to the uniax-
ial elongation of a stressed sample: the one-dimensional

 

elastic

 

 strain component 

 

ε

 

un,el

 

, the 

 

plastic

 

 shear strain 

 

ε

 

shear

 

and the 

 

cavitational 

 

strain component 

 

ε

 

cav

 

: 

 

ε

 

un 

 

= 

 

ε

 

un,el

 

 + 

 

ε

 

shear

 

 + 

 

ε

 

cav

 

(1)

 

Figure 1

 

Typical stress-strain curve of a ductile thermoplastic
polymer showing the uniform elastic with traces of anelastic defor-
mation (0–1), the anelastic deformation of the isotropic sample (1–2),
a region of void and/or craze initiation (2–3), the yield point (3), and
the regions of necking (3–4), cold drawing (4–5), and extension of
drawn material to final rupture (6). The contributions of the differ-
ent modes of deformation to the dissipated energy are indicated. 

Uanelast

Ucraze + Ushe

Uvisco

Urupt

σ

ε
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 2

 3
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In the limit of small strains (< 5%) we obtain the volume
strain 

 

∆

 

V/V

 

0

 

 = 

 

ε

 

vol

 

 from the axial (

 

ε

 

un

 

) and lateral (

 

ε

 

lat

 

) strain
components by: 

 

ε

 

vol 

 

= (1 + 

 

ε

 

un

 

)

 

(1 + ε

 

lat

 

)

 

2

 

 

 

–1 (2)

Since shear is not contributing to a change in volume, the
relative increase in sample volume 

 

ε

 

vol

 

 can only have 

 

two

 

origins, elastic dilatation (

 

ε

 

vol,el

 

) and void formation before and
during crazing (cavitation, 

 

ε

 

vol,cav

 

):

 

ε

 

vol 

 

= 

 

ε

 

vol,el 

 

 + ε

 

vol,cav

 

(3)

It can be assumed that the effect of cavitation on linear strain,

 

ε

 

un,cav

 

, is identical to that on volume strain, thus 

 

ε

 

un,cav

 

 = 

 

ε

 

vol,cav

 

= 

 

ε

 

cav

 

. 
The uniaxial 

 

elastic

 

 deformation can be obtained from
the tangent E

 

el

 

 of the stress-strain curve at zero strain; if
uniaxial and lateral elastic deformations are related by Pois-
son’s ratio 

 

ν

 

, we have: 

 

ε

 

vol, el 

 

= 

 

ε

 

un,el 

 

(1 – 2

 

ν

 

) = (1 – 2

 

ν

 

)

 

σ

 

un

 

/

 

E

 

el

 

(4) 

where 

 

σ

 

un

 

 is the applied uniaxial stress. The shear component
is thus derived as:

 

ε

 

shear 

 

= 

 

ε

 

un 

 

– 

 

ε

 

un,el 

 

– 

 

ε

 

cav

 

 = 

 

ε

 

un

 

 + 

 

ε

 

un,el

 

(2

 

ν

 

) – 

 

∆

 

V/V

 

(5)

In Figure 2 we demonstrate the relative importance of the
three components to uniaxial (linear) strain 

 

ε

 

 un

 

 = 

 

∆

 

L/L of pure
(non-modified) poly(methylmethacrylate) (PMMA) of high
molecular weight (M

 

w

 

) obtained at RT at a strain rate of
4•10

 

–4

 

 s

 

–1

 

.
It is clearly seen that the elastic component 

 

ε

 

elast

 

 (light
gray surface) dominates the extension of this material. The
shear contribution, 

 

ε

 

shear

 

/

 

ε

 

un

 

 (white area), increases steadily
from 0 to about 0.45 at a uniaxial strain of 5%. Cavitation
begins abruptly at a strain of about 1% and increases grad-
ually only accounting for a small fraction (less than 1/10 of
the linear strain) at rupture. The voids formed in pure PMMA
must be rather small compared to the wavelength of visible
light since no stress whitening is observed and the loss in
light transmittance amounts to no more than 2% [5]. It should
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be noted that in such a stiff material at the indicated exper-
imental conditions 

 

ε

 

elas

 

 >

 

ε

 

shear

 

 >

 

ε

 

cav

 

.
The relative importance of the three components of strain

strongly depends on intrinsic and extrinsic variables. At this
point we wish to mention the effects of rubber modification
and rate of deformation. The presence of rubber particles

 

Figure 2

 

(a) Stress-strain curve and cavitational strain of non-
modified poly(methylmethacrylate) (PMMA) of high molecular
weight (M

 

w

 

) at RT and a strain rate of 4•10

 

–4

 

 s

 

–1

 

; (b) the relative
contributions of elastic deformation, cavitation and shear to uniaxial
strain of high MW-PMMA; (c) and (d) the same contributions for a
rubber modified PMMA (30 vol% of three-shell particles) at strain
rates of 5•10

 

–4

 

 s

 

–1

 

 and 3.5•10

 

–2

 

 s

 

–1

 

, respectively. (After Béguelin P.
Thèse No 1572, Ecole Polytechnique Fédérale de Lausanne, Lau-
sanne Suisse 1996.)
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favors shear at the detriment of elastic dilatation. The inverse
is true with increasing rate of deformation: the shear compo-
nent decreases in favor of cavitation and — to some extent
— elastic dilatation [5]. In PMMA modified by three-layer
core-shell particles (30% by weight) cavitation starts at about
the yield point and its relative intensity increases gradually
up to a value of 

 

ε

 

cav

 

/

 

ε

 

un

 

 = 0.12 at a uniaxial strain of 30%. A
dramatic increase in cavitational strain to a value of 

 

ε

 

cav

 

/

 

ε

 

un

 

= 0.40 (again at a uniaxial strain of 30%) is observed at the
higher strain rate of 3.5•10

 

–2

 

 s

 

–1

 

 (which corresponds to a cross-
head displacement rate of 130 mm/min). It should be noted
that strain rates in impact loading are of the order of 40 s

 

–1

 

,
that is three orders of magnitude higher, which highlights the
strong influence of cavitation on impact resistance [5].

The above experiments show that at small strains the
shear contribution to 

 

ε

 

un 

 

increases more or less linearly with
applied stress 

 

σ

 

un

 

. This behavior is in agreement with the
Eyring equation of the rate of flow of a 

 

particle

 

 over an energy
barrier U

 

0

 

:

K = k

 

1

 

 – k

 

2

 

 = 2k

 

0

 

sin h(

 

σ

 

un•V/RT) (6)

where k1 and k2 are the rate constants for a particle jump in
the forward and backward directions respectively, k0 is the
rate of decay of the activated state, which is proportional to
exp (–U 0/RT) and V is the activation volume. 

The formation of voids obeys a different kinetics. For a
void of radius r to be formed two conditions must be fulfilled.
The hydrostatic component of the external stress tensor must
be larger than the negative pressure 2 γs/r exercised by the
secondary bonds, so that the void does not collapse. Following
Fond et al. [6] we assume that a void is stable, if the energy
liberated by the nucleation of the void is at least equal to the
energy of the newly formed surface, 4πr2γs, where γs is the
surface tension of the cavitating material. It follows from the
above conditions that voids of large radii are stable at low
hydrostatic stresses, but that their nucleation would require
a prohibitively large activation energy 4πr2γs. Void formation
does not occur, therefore, at small stresses.
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It is the principal objective of this contribution to inves-
tigate the important role of the primary molecular parameters
(chain configuration, architecture and molecular weight) on
macroscopic strength and toughness. So far our discussion
has essentially been concerned with the materials response
at small deformation, i.e., with anelastic behavior and the
inception of heterogeneous deformation through formation of
voids and crazes (region 1–3 in Figure 1). It is evident that
the toughness of a craze forming amorphous polymer depends
on the stability (and on the number) of the formed crazes.
Thus we have to investigate the effect of the above micro-
mechanical mechanisms and of slip, disentanglement and/or
scission of chains on the mode of craze breakdown. First we
will briefly review, therefore, our present understanding of
crazing in amorphous polymers. 

III. NUCLEATION OF VOIDS AND CRAZES IN 
ENTANGLEMENT NETWORKS

Hsiao and Sauer described for the first time half a century
ago the scientifically as well as technically highly intriguing
phenomenon of crazing. The delicate and complex structure
of a craze in an amorphous polymer together with the diffi-
culties to analyze stresses and strains within a craze and
along its profile have delayed for decades a complete under-
standing of craze formation, propagation and breakdown. In
the late sixties and early seventies notable progress was
achieved by the discovery of the fibrillar microstructure of
crazes through Kambour in 1968. The seminal studies in this
period of, e.g., Haward, Sternstein, Williams, Marshall, Döll,
and Argon have greatly helped to understand the elementary
deformation processes and to predict the toughness and the
lifetime of crazeable polymers. The resulting criteria were
based on stress bias, critical surface strain or stress intensity
factor respectively (reviewed in [2,3]). 

In the last 20 years notable progress has been made
concerning the molecular origins of crazing, which is compre-
hensively discussed in the two special volumes on Crazing in
Polymers [7,8] and in a number of review articles (e.g., Wu
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[9], Plummer [10], Kausch [11]). In the context of this contri-
bution some features are of particular relevance. Thus we
wish to emphasize that a solid amorphous polymer has to be
considered as an entanglement network (with an entangle-
ment density, νe). The presence of entanglements is an essen-
tial prerequisite of ultimate strength and has a strong
influence on craze nucleation. 

There is general agreement that the first step in craze
nucleation involves the genesis of voids in regions of consid-
erable tensile stresses (in the neighborhood of a stress-con-
centrator and/or a plastically deformed local region of a glassy
polymer). The formation of voids as the first step of heteroge-
neous deformation is a common phenomenon in all types of
polymers. It is observed in small elastomeric modifier parti-
cles [6], highly stretched rubbers, in amorphous and semi-
crystalline polymers and — in the form of croids — even in
rubber-modified, cross-linked resins [2–4]. In all cases voiding
tends to relieve the triaxial constraints. What is different from
one polymer to the other is the second step, the response of
the material. Rubbers are torn apart, glassy PMMA and poly-
styrene (PS) craze, melt-drawn polypropylene (PP) shows a
hard-elastic response, poly(oxymethylene) (POM) develops
craze-like structures, and poly(vinyl chloride) (PVC) stress-
whitens by more or less randomly formed voids. Evidently
these differences are related to molecular structure and mor-
phology. In semicrystalline polymers voids form between crys-
tal lamellae and their effects are to a certain extent shielded
by the presence of the stiff and rigid crystal lamellae [11]. In
elastomers it is the high chain flexibility, which allows for
rapid void expansion controlled by void size and a surface
work parameter, which includes surface tension, visco-elastic
losses due to the expansion, and tearing energy [6]. The same
parameters are controlling the cavitation of elastomeric mod-
ifier particles. The presence of rubbery particles in modified
glassy polymers leads to a (random) multiplication of cavita-
tion sites, which are activated at lower stresses than σy;
energy is subsequently dissipated by generalized shear of the
matrix between voids. Shear between particles also gives rise
to a special phenomenon; if the stress concentration caused
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by a cavitated particle favors the cavitation of adjacent mod-
ifier particles, then the contours of maximum shear stress will
be marked by a line of cavitated particles. This has first been
observed in rubber-modified cross-linked resins (Sue [12], Lu
[13]) and in view of its similarity to a voided, craze-like struc-
ture, Sue has called this feature a croid [12]. 

Our main interest here is concerned with amorphous
polymers. We know that depending on the type of polymer
and the experimental environment (especially temperature
and strain rate), two modes of deformation can be observed:
craze formation or homogeneous plastic deformation accom-
panied or not by stress-whitening. In order to explain these
differences and to understand the influence of molecular and
environmental variables, Kausch [14] has used the model
represented in Figure 3. 

The micro-structural features essential in craze initia-
tion are the increase of intersegmental distances with exten-
sion, the increase and spatial fluctuation of free volume and
its accumulation in sites of lower entanglement density

Figure 3 The Kausch model of craze nucleation. An entangled
network is schematically represented by statistically coiled sub-
chains of mass Me between entanglements; their radii of gyration
are shown as circles (see text for significance of A and B).

A
B

σ
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(region A in Figure 3), and the resulting heterogeneous dis-
tribution of local stresses. The latter can be relieved by for-
mation of voids as well as by shear displacement. Their
competition and relative importance is clearly shown by the
above dilatation experiments (Figure 3B). As to be expected,
the elastic dilatation dominates in a rigid and fragile polymer
well below Tg, but it should be noted, that even in such poly-
mers shear is present from the very beginning of extension
and its contribution to linear strain is more important than
that of cavitation. It seems to be obvious that voids will be
formed preferentially in sites of lower entanglement density
(region A in Figure 3). Kausch has shown that initially voids
can be accommodated without breaking any entanglements
[14]. An isolated void is not yet a craze nucleus, however. If
the stress is released at this stage, the void is likely to be
closed. According to the Kausch model, a craze is nucleated
once the stress concentration effect exerted by a void (growing
in site A) leads to the preferential creation of adjacent voids
in a plane perpendicular to the largest component of stress σ
(as in site B). The cooperative creation of voids is made more
difficult if the stress transfer between neighboring sites is
weakened (by shear deformation of the coiled subchains) or
if the resistance to cavitation is high (because an important
number of entangled subchains is crossing the future craze
plane). This is equivalent to saying that the higher the intrin-
sic segmental mobility and the higher the density of entan-
glements, the more difficult the formation of distinct crazes
in a polymer. Wu has convincingly demonstrated the funda-
mental positive correlation between craze initiation stress σc

and entanglement density νe (Figure 4) [9]. 

IV. CRAZE GROWTH AND TOUGHNESS

After initiation the craze grows by the transformation of the
glassy matrix material of a primordial region into fibrillar
matter and by drawing virgin material into the craze fibrils
[10,15]. The ligament extension λ can be quite important (up
to the natural draw ratio λn) and is accompanied by the cre-
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ation of new surface, which cannot be accommodated by a
coherent, entangled network. Craze growth necessarily
involves a loss of entanglements, which can occur by any
mechanism, which reduces the number of entangled sub-
chains, such as chain scission, forced reptation and slippage
against van der Waals forces. The same mechanisms are also
involved in the breakdown of the craze fibrils. The total energy
dissipated in this process (from craze nucleation to break-
down) is essentially controlled by the craze stress and the
maximum craze width. Brown [16] has related the toughness
Gc of a polymer failing through the propagation and break-
down of a single craze to molecular variables. Assuming that
craze fibril rupture (at a maximum fibril stress σf) is the main
sample breakdown mechanism he obtains:

(7) 

where D is the fibril diameter, S the stress at the craze-bulk
interface, and E2 and E1 are the elastic tensile moduli of the

Figure 4 Correlation between craze initiation stress σc and entan-
glement density νe (in brackets: the relative copolymer composition).
(After Wu S. Polym. Int. 1992; 29: 229–247.) 
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craze parallel and normal to the fibril direction. The tough-
ness Gc predicted by this “chain scission model” scales with
the square of σf, which is directly proportional to the number
of effectively entangled chains in a fibril and their “strength”
fs.. (In this context the strength, fs, is the force to break a chain,
which depends somewhat on temperature and rate of strain-
ing. For linear chains as PE or PA6, chain strengths of the
order 3.3 to 4 nN have been indicated [17]). In his model
Brown assumes that all the effectively entangled chains, which
intersect a unit cross-section of the virgin material are drawn
into a craze fibril [16]. Thus the strength σf of the load bearing
strands should be equal to Σ•fsλ with Σ  being the number of
chains, which intersect a unit cross-section of the virgin mate-
rial. According to this model Σ and σf are proportional to the
square root of the entanglement density νe. Thus one derives
from Equation 7 that Gc is proportional to νe. This agrees with
the experimental verification of Kausch and Jud [2,18], who
have concluded from their crack healing experiments, that up
to saturation the strength, Gc, of an interface depends linearly
on the number of formed entanglements, which is equivalent
to the critical stress intensity factor KIc scaling with (νe)1/2.
Both of the above models, the chain scission and the entan-
glement model, have been derived from investigating the
strength of newly formed interfaces [16,18]. On the other hand
Wu [9] had established the craze initiation stress of solid
virgin polymers and the associated KIc scale linearly with νe.
In order to assess which of these scaling laws describes tough-
ness more accurately, Gensler [19] has accordingly plotted the
data of Wu and his own data for 13 rapidly cooled amorphous
and semicrystalline polymers (Figure 5). These plots show
that the entanglement density can certainly be considered as
the most important variable; it is difficult, however, to decide
which scaling law applies [the scaling of KIc with (νe) 1/2 gives
the slightly better approximation]. Nevertheless, it is clearly
seen that the correlation between KIc and entanglement den-
sity is not unique, other variables such as the relative distance
from the glass transition temperature and the length and the
intrinsic mobility of the chains will have an influence on
toughness as well (as will be demonstrated in the following
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section). These influences explain the apparent contradiction
that the strength of a newly formed interface is sometimes
assumed to be proportional to νe and in other experiments to
(νe)1/2.

V. THE EFFECT OF TEMPERATURE ON CRAZE 
INITIATION MECHANISMS 

In his classical investigations Kambour had established for
amorphous polymers a linear correlation between the craze
initiation strain εc and the product CED•∆T, where CED is
the cohesive energy density and ∆T the difference between
the glass transition temperature Tg and the experimental
temperature Ttest [20]. As stated above, craze initiation
involves different microdeformation mechanisms (such as
void formation, chain scission and slip). Their kinetics being
quite different, it has to be expected, therefore, that not only
the level of craze initiation stress but also the nature of the
dominant mechanism will change as a function of tempera-
ture and molecular composition. In order to investigate this

Figure 5 The critical stress intensity factor KIc of different rapidly
cooled polymers as a function of entanglement density νe. (Adapted
from Gensler R. Thèse No 1863, Ecole Polytechnique Fédérale de
Lausanne, Lausanne Suisse 1998.) 
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behavior in more detail, we have selected MMA-glutarimide
random copolymers (MGLUT, Figure 6). The principal vari-
able in the MGLUT copolymers is their composition, the glu-
tarimide content, which varied from 36 mol% (MGLUT36) to
76 mol%. Within this range the molecular weight Mw

increased slightly from 76 to 110 kg mol–1. All of these copol-
ymers are amorphous, the glass transition temperature Tg

increasing from 134 to 151°C [21,22].
When straining thin films (of a copolymer containing 76

mol% of glutarimide, MGLUT76) scission crazing was
observed at low temperatures (Figure 7a), crazing and for-
mation of deformation zones in different forms in a large
temperature range around and above 50°C (Figure 7b), dis-
entanglement crazing at more elevated temperatures (Figure
7c) and homogeneous deformation at T close to Tg (Figure 7d). 

The observations made with two copolymers of different
compositions have been compiled in Figure 8 in the form of
temperature-deformation mechanism maps. Dark zones indi-
cate notable shear deformation. It is well seen that the molec-
ular composition has an influence on the occurrence of a
particular deformation mechanism (disentanglement crazes
are absent in the 64/36 material) and especially on the tran-
sition temperatures, at which one form changes into another;
it should be noted that in the MMA-rich MGLUT36, deforma-
tion zones do not appear below temperatures of around 50°C,
whereas they are observed at 20°C in MGLUT76 [21–22].

Figure 6 Chemical structure of a methyl methacrylate(MMA)–N-
methyl-glutarimide diade. 
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The observed phenomena can be explained using the
current  theory  on  craze  in i t iat ion  and growth
[1–3,7–10,16,21]. Crazes grow by transformation of glassy
matrix material into fibrillar craze matter, which necessarily
involves a loss of entanglements. As mentioned above, there
are three mechanisms by which the number of entanglements
can be reduced: chain scission, forced reptation and slippage
against van der Waals forces. These three mechanisms have
quite different kinetics. At low temperatures (in the MGLUT
system at Tg – T > 100 K) the entangled chains show little
mobility, they are held so tightly that they would rather break
than slip. Chain scission requires very high stresses (to break
a C-C bond a force of 4 nN is required which corresponds to

(a) (b)

(c) (d)

Figure 7 Microdeformation mechanisms observed in thin films of
MGLUT76 strained at a rate of 2•10–3 s–1. Chain scission crazing at
0°C, shear blunting at 50°C, multiple crazing at craze tips (90°C)
and disentanglement crazing (140°C). The glass transition occurs at
151°C. (Adapted from Tézé L. Thèse de doctorat, Université Pierre
et Marie Curie, Paris, Nov. 10, 1995.)
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a stress acting on the chain cross-section of about 6 GPa [17]).
Such stresses are only found in regions of high-stress concen-
tration (at craze tips and within the process zones at the fibril-
bulk interface). This stress geometry gives rise to (long and
thin) crazes of high aspect ratio. With increasing chain mobil-
ity overstressed chains are able to transfer part of the load
and to escape scission temporarily. Craze fibrils become stron-
ger and longer, the rate of deformation of craze tips and at
the craze-bulk interface decreases, which favors further ori-
entation and the formation of (diffuse) shear deformation
zones (DZ). In the intermediate temperature region, therefore,
mixed forms of plastic instability are found (Figure 7C). Above

Figure 8 Temperature-deformation mechanism map of
MGLUT76. Dark zones indicate notable shear deformation. For
comparison, the temperature range, where crazes and diffuse defor-
mation zones (DZ) are observed together, is also shown for
MGLUT36 (dashed line).
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80°C chain mobility is sufficiently high so as to favor disen-
tanglement by forced reptation and crazing becomes the dom-
inant deformation mechanism. In MGLUT76 at some 15 to
30 K below Tg it is the only active mechanism as evidenced
by the appearance of the sharp-tipped crazes (Figure 7D). On
the other hand, very close to Tg (151°C) stress relaxation is
too rapid to permit any form of localized deformation; the
sample deforms homogeneously [21,22]. 

VI. MOLECULAR CHARACTERISTICS OF 
THE INVESTIGATED SEMI-AROMATIC 
POLYAMIDES

The effect of molecular variables can be studied using well-
characterized samples. Thus molecular weight (Mw) effects on
mechanical properties become apparent when comparing
mono-disperse samples of different Mw. To investigate the
effect of specific molecular groups — such as presence or
absence of double bonds, aromatic or bulky substituents, or
hydrogen bonds — we have used two series of semi-aromatic
polyamides: the first, referred to as SAPA-A, is based on
lactam-12 sequences, terephthalic and/or isophthalic acid res-
idues and 3,3’-diamino 2,2’-dimethyl dicyclohexylmethane
residues (Figure 9). Here the principal molecular variables
are the molecular weight Mw, the relative amounts of the
lactam-12 sequences (y) and the configuration of the phenyl
ring linkages (xT = 0 designates the meta- and xT = 1 the para-
position), which influence entanglement molecular weight Me

and entanglement density νe.
The second series, referred to as SAPA-R, was based on

2-methyl 1,5-pentanediamine and terephthalic and/or iso-
phthalic acid (Figure 10). The configuration of the phenyl ring
linkages and the small mobility of the pentanediamine group
will have to be considered.

Like many other (amorphous) polymers, the materials
SAPA-A and -R show basically the same sequence of defor-
mation mechanisms. However, the transition temperatures
and the relative importance of the different mechanisms
depend on molecular composition and influence significantly
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Figure 9 The chemical structure of Semi-Aromatic PolyAmides
(SAPA-A). (See Table 1 for characterization and designation of the
samples.)

TABLE 1 Molecular and Mechanical Characterization of Semi-
Aromatic PolyAmides (SAPA-A)

Sample
(designation) y xT

Mw

(g.mol–1)
Tαααα*
(°C)

ρ*
(kg.m–3)

Me

(g.mol–1)
10–26 ννννe

(m–3)
KIc*

 (MPa.m 
1/2)

A-1.8I 1.8 0 22000 130 1042 2700 2.3 2.3
A-1.8T(23) 1.8 1 23000 137 1042 3000 2.1 2.45
A-1I(26) 1 0 26000 161 1055 2800 2.25 2.35
A-1T0.7I0.3(23) 1 0.7 23000 171 1057 3100 2.0 2.45
A-1T0.7I0.3(32) 1 0.7 32000 171 1057 3050 2.0 2.5

* Tα = temperature at maximum of dynamic loss modulus at 1 Hz; ρ = density at
25°C; KIc = critical stress intensity factor at 20°C.

Data from [23–25].

Figure 10 Chemical structure of SAPA-R. (See Table 2 for char-
acterization and designation of used samples).
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the toughness of these materials, thus making them excellent
candidates for a systematic study of the effect of molecular
variables on ultimate mechanical properties [23–25].

VII. EFFECT OF MOLECULAR VARIABLES ON 
TOUGHNESS

A. Toughness Testing 

In their work Brulé et al. [24] have characterized the tough-
ness of the different materials by the critical stress intensity
factor KIc. Plain strain fracture tests were performed in
mode I on standard three point bending samples (Figure
11), whose critical dimensions satisfy the criteria of the ISO
draft [26].

For good reproducibility the machined notch had been
sharpened by a pre-crack, introduced with the help of a spe-
cially designed falling weight apparatus each time using a
fresh razor blade. Both the length of the pre-crack and the
sharpness of the crack tip were checked for quality prior to
testing by optical microscopy [23–25]. The samples were then
loaded in an MTS 810 testing machine at the desired temper-
atures at a constant crosshead displacement rate of 1
mm/min. The KIc values were calculated from the expression: 

(8)

Figure 11 Three-point bending specimen for fracture toughness
testing (a, crack length; B, specimen thickness; W, width).

B

W = 2Ba

4 W

K f a W
P

BWIc = ( / ) max
/1 2

DK4635_C004.fm  Page 150  Thursday, April 7, 2005  1:12 PM

© 2005 by Taylor & Francis Group.



where f(a/W) is a standard correction function [26,27] and
Pmax the maximum recorded load. It is useful to remember
that the tip of the pre-crack consists of a craze, whose stability
and tendency to transform into a plastic zone determine the
fracture behavior; in case of brittle fracture, Pmax designates
the load where unstable crack propagation begins; in case of
ductile fracture, it is the load where the increase due to
continued straining of the cracked sample and the decrease
due to stress relaxation and crack growth are in equilibrium.
The critical energy release rate, often simply called fracture
energy GIc, is obtained from 

(9)

where Ui is the area under the load-displacement curve inte-
grated up to Pmax, and Φ is another, tabulated correction
function [26,27]. Representative data of toughness develop-
ment as a function of temperature obtained for two semi-
aromatic polyamides SAPA A-1T0.7I 0.3 of different molecular
weight are shown in Figure 12. 

B. Effect of Chain Length and Molecular 
Composition 

Attention is drawn to the fact that the fracture resistance of
the low Mw material ((Mw/Me = 7.4) decreases at first slowly,
then more rapidly. The high Mw material (with Mw/Me = 10.5),
however, shows three different regions of slightly decreasing
(a), then increasing (b) and finally strongly decreasing (c) frac-
ture energy. This behavior will be analyzed in the next section. 

At low temperature (T < 0°C) the two SAPA A-1T0.7I 0.3

materials break in a brittle manner by unstable extension of
a craze, with craze growth and breakdown controlled by chain
scission. Figure 12 reveals that in this temperature region
there is no effect of molecular weight. It must be concluded
that the overstressed chain segments of even the lower Mw

material are so tightly anchored that they will rather break
than slip. With increasing temperature, the stress for craze

G
U

BWIc
i=

φ
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initiation by chain scission decreases slightly (region a) and
with it Pmax and KIc [24,10]. With further increasing temper-
ature, chains become more mobile, and the transformation of
matrix material into fibrillar matter in the process zone occurs
at an ever-decreasing stress. As before, it is argued that an
increasing number of chains escape chain scission. In the low
Mw material the chains are too short, however, to stabilize
the process zone and the fibrils will fail eventually, KIc(T)
decreases (region c). The increased mobility has a different
effect in high Mw material, since the increasing number of
chains that escape chain scission lead to longer and stronger
fibrils, Pmax and thus KIc(T) increase within this region (b). At
still higher temperatures, however, (region c, at Tg – T < 70
K) disentanglement becomes the dominant mechanism even
for the longer chains and KIc(T) decreases. The energy release

Figure 12 Toughness (KIc) and fracture energy GIc of two SAPA
A-1T0.7I 0.3 materials having a molecular weight of respectively 23
(�) and 32 kDa (r). Three different regions (a, b, c) are observed
(see text for discussion). (Adapted from Brûlé B. Thèse de doctorat,
Université Pierre et Marie Curie, Paris, 15 Sept. 1999; and Brulé
B, Monnerie L, Halary JL. In: Blackman BRK, Pavan A, Williams
JG. eds., Fracture of Polymers, Composites and Adhesives II, ESIS
TC4, Amsterdam: Elsevier, 2003; p. 15–25.) 
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rate GIc(T) shows a similar behavior although region b of the
high Mw material is more pronounced (due to the fact that GIc

~1/E(T)). 
Besides chain length, the intrinsic molecular variable of

strongest influence on toughness is entanglement density. The
available KIc(νe) data compiled in Figure 13 show that on the
average the data correspond to the good correlation between
KIc and νe first proposed by Wu [9]. However, the three families
studied, MGLUT, and SAPA-A and -R, show systematic devi-
ations, which can be ascribed to particular structural charac-
teristics of the molecules involved.

Within the MGLUT series KIc increases with increasing
glutarimide content although the entanglement density
remains constant. Tézé [21] and Tordjeman et al. [28] have
related this increase of KIc to a strengthening of the cooper-
ative character of the β-relaxation motion with increasing glu-

Figure 13 Compilation of room temperature toughness values as
a function of entanglement density for different amorphous poly-
mers. � data from Wu [9], unpublished data from Halary on N-
cyclohexylmalimide MMA copolymers (CMAL), � data from Brûlé
et al. (Adapted from Brûlé B. Thèse de doctorat, Université Pierre
et Marie Curie, Paris, Sept. 15 1999; and Brulé B, Monnerie L,
Halary JL. In: Blackman BRK, Pavan A, Williams JG. eds., Fracture
of Polymers, Composites and Adhesives II, ESIS TC4, Amsterdam:
Elsevier 2003; p. 15–25. With permission.) (See text for discussion).
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tarimide content. The improved cooperativity leads to an
increase of the β-relaxation peak and — as we have seen for
thin films (Figure 8) — to a lowering of the transition tem-
perature from scission crazing to formation of diffuse defor-
mation zones. In bulk samples at room temperature, a similar
shift from unstable to stable fracture occurs with increasing
glutarimide content, which is accompanied by a noticeable
increase of toughness [21].

The series SAPA-A and -R are distinguished by their
much higher entanglement density as compared to MGLUT;
as is to be expected, R is tougher than A. Within these series,
however, there is little (or even negative) variation of KIc with
νe. Looking at the molecular structure (Table 2), one notes that
it is systematically the terephthalic chains that have the
higher KIc despite their lower entanglement density. From
dynamic mechanical analysis (DMA) one knows that the
terephthalic samples have a much stronger  β-relaxation peak.
As shown by Beaume et al. by 13C-solid state NMR [29] the
cooperative character of the β-relaxation motion is strength-
ened by the capacity of the para-disubstituted phenyl rings to
execute π-flip motions. For evident steric and energetic reasons,
the isophthalic samples cannot undergo such π-flip motions. 

The fact that a cooperative interaction between the
molecular motions of neighboring groups within a chain inten-
sifies the β-relaxation peak has been shown for many poly-
mers [1,21,23,24,25,30]. Plummer et al. have studied
bisphenol-A polycarbonate derivatives composed of different
alternating blocks of varying lengths [31]. From the obtained
DMA spectra they conclude that the β-relaxation involves an

TABLE 2 Molecular and Mechanical Characterization of Semi-
Aromatic PolyAmides (SAPA-R) 

Sample
(designation) xT

Mw

(g.mol–1)
Tαααα

(°C)
r

(kg.m–3)
Me

(g.mol–1)
10–26 ννννe

(m–3)
KIc

(MPa.m 
1/2)

R-I 0 18000 141 1194 2750 2.6 3.8
R-T0.5I0.5

R-T0.7I0.3

0.5
0.7

23000
22000

145
147

1196
1196

2900
2950

2.5
2.45

4.0
3.8

Data from [23–25].

DK4635_C004.fm  Page 154  Thursday, April 7, 2005  1:12 PM

© 2005 by Taylor & Francis Group.



in-chain cooperative motion extending across 6-9 repeat units
and that this motion is also influential in activating the dis-
entanglement crazing at elevated temperatures [31]. It is this
capacity of the chain backbone to rapidly relax axial stresses,
which also is responsible for the positive correlation between
the position of the maximum of the β-peak and toughness,
which exists for the majority of amorphous or semicrystalline
polymers [32]. 

VIII. CONCLUSIONS

Structural and dynamic analysis as well as fracture mechan-
ical methods applied to systematically chemically modified
(glassy) polymers permit identification and explanation of
the effect of the principal intrinsic variables’ configuration,
chain length and entanglement density. The competition
between the elementary deformation mechanisms, chain scis-
sion, segmental slip and disentanglement determines the
mode of fracture and the toughness of amorphous polymers.
The dominant mode changes with temperature and is
strongly influenced by the intrinsic variables. For long chains
(Mw > 9 Me) toughness depends most strongly on entangle-
ment density and the intensity of sub-Tg relaxations, with
in-chain cooperative motions playing an important role. The
present studies on the internal toughening parameters of a
polymer have a particular significance in view of the recent
investigations of Grein [33]. This author has shown (for rub-
ber-toughened polypropylene) that particle modification facil-
itates craze and crack initiation, but the essential energy
dispersion occurs during propagation, which requires the
relaxation of the triaxial state of stress by local matrix defor-
mation mechanisms. 
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I. INTRODUCTION

 

The definitions of strength and toughness are well established
in the mechanics of materials. The basic dependencies for the
strength and toughness of polymers were discussed by Young
[1] in an older review. Crystalline polymers, which are the
object of this report, are complicated systems, with an amor-
phous phase interlaying with crystalline lamellae, and with
most of the macromolecular chains engaged in both phases.
The strength and toughness of polymer crystalline systems
are interdependent, due to several affecting phenomena such
as crystal plasticity, cavitation and molecular orientation. 

High toughness, i.e., the ability of a polymer to exhibit
large plastic deformability and high resistance to an impact
without failure, is the most desired property of a material or
product. However, the toughness is not a unique material
property because it is influenced by the type of load (shear,
tension, compression, bending, twisting, tearing), shape of an
item, scratches, notches etc., aside from experimental condi-
tions such as temperature, pressure, load rate and the mate-
rial’s properties: molecular weight, polydispersity, packing,
chain entanglements, crystallinity, heterogeneity and several
other parameters. 

The major contribution to toughness derives from plastic
deformation of the material which is manifested by the ductile
behavior. Plastic deformation itself is a composed phenome-
non: it concerns the crystalline as well as amorphous phases.
The ductility is expressed by decreasing the stress-strain
curve at a 

 

yield stress

 

. Yield can be caused either by 

 

multiple
crazes

 

 or by 

 

shear yielding

 

. In the first case, the crazes have
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to be initiated in a relatively large volume of the material in
order to contribute significantly to the overall deformation.
Shear yielding is the plastic flow without crazing. Crazing, a
unique phenomena occurring in polymers usually below the
glass transition temperature, are highly localized zones of
plastic dilatational deformation [e.g., 2,3,4,5]. Edges of crazes
are spanned by highly drawn elongated fibrils called 

 

tufts,

 

usually having the length of a fraction of 1 

 

µ

 

m, depending on
the molecular weight of a polymer, the diameter

 

 

 

of several
nanometers and confined to a small volume of the material.
The tufts can carry the load applied to the material and
preserve the integrity of a craze. In brittle materials, crazes
are initiated at surfaces while the brittle fracture originates
from breaking tufts of crazes initiated from the surface. Craz-
ing occurs mostly in amorphous polymers although it has been
also observed in crystalline polymers in which crazes are
propagated between lamellae through spherulite centers as
well as through the material between spherulites [6,7]. Local-
ized crazes initiate, propagate and break down at the stress
below that necessary to stimulate shear yielding

Shear yielding can be observed in a wide range of tem-
peratures but only if the critical shear stress for yielding is
lower than the stress required to initiate and propagate
crazes. Ductile deformation requires an adequate flexibility
of polymer chain segments in order to ensure plastic flow on
the molecular level. It is long known that the macromolecular
chain mobility is a crucial factor deciding on either brittle or
ductile behavior of a polymer [8,9,10]. An increase in the yield
stress of a polymer with a decreasing temperature is caused
by the decrease of macromolecular chain mobility, and vice
versa, the yield stress can serve as a qualitative measure of
macromolecular chain mobility. The temperature and strain
rate dependencies of the yield stress are described in terms
of relaxation processes, similarly as in linear viscoelasticity.
Also the kinetic elements taking part in yielding and in the
viscoelastic response of a polymer are similar: segments of
chains, parts of crystallites, fragments of amorphous phase.
However, in crystalline polymers above the glass transition
temperature the yield stress is determined by the yield stress
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required for crystal deformation and not by the amorphous
phase. The behavior of crystals differs from that of the amor-
phous phase because the motion of macromolecular chains
within the crystals is subjected to severe constraints, making
the displacement of neighboring chains much more difficult.
Since the mobility of kinetics elements taking part in a plastic
deformation is lower at a lower temperature, the energy dis-
sipated increases and produces instabilities; at those places
micronecks are formed because locally the temperature
increases. The rate of plastic deformation increases drasti-
cally in micronecks, and the material may quickly fracture.
At a higher temperature the mobility of kinetics elements is
higher, so less energy is dissipated and the local temperature
increase is lower. The neck is then stable, tends to occupy the
whole gauge length of the sample and the material exhibits
a tough behavior. 

The necessary condition for high plastic deformation is
the possibility of motions of kinetic elements in a time scale
as it follows from the deformation rate. The relaxation times
and the activation energies are the parameters describing the
kinetics of the conformation motions of fragments of macro-
molecules taking part in the deformation. In crystalline poly-
mers there are essentially three processes which are of
particular importance: the first process is connected with the
presence of the crystalline phase, the second corresponds to
relaxations related to defects in the crystalline phase and the
third relates to motions of short segments in the amorphous
phase related to the glass transition [9]. 

Both massive crazing and shear yielding dissipate
energy; however, shear yielding, dissipating the energy more
efficiently [9], is often favored over crazing, especially under
uniaxial stress, elevated temperature or slow deformation.
Switching between crazing and shear yielding is not obvious
as it depends also on additional factors such as shape of an
article and the presence of notches or scratches. The material
will deform according to the most ductile mechanism which
is well explained by the Ludwig-Davidenkov-Orovan hypoth-
esis [e.g., 11,12,13] demonstrated in Figure 1. The deforma-
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tion of polymeric materials starts usually at scratches,
notches or internal defects because these places are the
zones of local stress concentration, sometimes much above
the applied stress. The toughening concept of polymeric
materials is based on the activation of such plastic deforma-
tion mechanisms which are triggered at a stress lower than
that required for the operation of surface and internal
defects. Consequently, one of the important means of tough-
ening appears to be a significant lowering of the yield stress
of a material [14]. Many brittle polymers are toughened by
incorporating rubbery particles [e.g., 3]. Depending on the
character of a polymer, temperature, deformation rate and
deformation mode, the toughening occurs either via multiple
crazing like in HIPS and ABS or by preferred shear yielding
like in polypropylene and polyamide 6 modified by dispersed
elastomer particles.

Strength of unoriented crystalline polymers is mainly
related to the yield phenomenon and crystal plasticity. Dif-
ferent means of load application activate different material

 

Figure 1

 

Ludwig-Davidenkov-Orovan plot explaining the temper-
ature dependence of ductility and brittleness of a material. Redrawn
after Ward and Hadley.

S
tr

es
s

Temperature

Yielding

Brittle stress

Increase of
deformation

rate

 

DK4635_C005.fm  Page 163  Thursday, April 7, 2005  1:17 PM

© 2005 by Taylor & Francis Group.



  

responses, including massive cavitation and plastic deforma-
tion of the crystalline and amorphous phases. 

A tremendous increase of tensile strength of crystalline
polymers was obtained in the past by imposing molecular
orientation and taking advantage of carbon-carbon bonds
strength. In the description below, the strength, toughness and
their interrelation will be addressed with a particular empha-
sis on cavitation, crystal plasticity and plastic deformation of
crystalline and amorphous phases. Plastic deformation and
plastic flow lead to a high molecular orientation of both phases
and to an increase in a material’s strength and toughness.

There are two main modes of behavior of solidified poly-
mer under load: a 

 

brittle,

 

 represented by a short, nearly linear
dependence of stress-strain followed by a fracture and a 

 

duc-
tile

 

 characterized by plastic yielding and plastic flow. Brittle
behavior is usually the result of highly concentrated crazing
[e.g., 2,3,4]. Crazing in amorphous polymers is the phenome-
non involving a massive production of voids.

The formation of voids is also a common phenomenon in
crystalline polymers, in which quite often a high negative
pressure is generated due to local stress concentration. The
main reason of cavitation in crystalline polymers is the misfit
between mechanical compliances of heterogeneous elements
and the surroundings producing an excessive negative pres-
sure. The cavitation appears to be another mechanism of
tough response of the material [e.g., 4,15]. The cavitation
dissipates a not very large amount of energy, though it enables
the surrounding material to undergo further intensive crazing
or shear yielding. 

Crystalline polymers show relatively high toughness as
compared to amorphous glassy polymers. In particular, crys-
talline polymers exhibit high toughness at a temperature well
above T

 

g

 

. 

 

II. CAVITATION DURING PLASTIC 
DEFORMATION OF POLYMERS

 

It is often observed that the plastic tensile deformation of
crystalline polymers causes a significant amount of cavitation.
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One of the signs of cavitation is a sudden polymer whitening
near the yield point. A density change is associated with
cavitation: when a possible crystallinity change is accounted
for, the reminder is the change due to the formation of pores.
The pores usually occupy up to several vol% of the material. 

In polyamide 6 the cavities are formed in bulk during
tensile plastic deformation in a form of rods with sizes reflect-
ing the thickness (2–3 nm) and the width (20–80 nm) of
polyamide interlamellar material as seen in Figures 2a, 2b
and 2c [16]. In those experiments the samples were subjected
to plastic deformation in tension and still under stress imme-
diately cooled down below their glass transition temperatures,
followed by osmium tetroxide fixation. The cavities, which
were formed, caused chain scission preferentially in places
with mechanical mismatch of adjacent stacks of lamellae. In
those places OsO

 

4

 

 was chemically bonded to radicals formed
during deformation, cross-linking the material and producing
a strong electron density contrast. 

Formation of radicals during plastic deformation was
first demonstrated by Peterlin with electron spin resonance
in the early 1970s [17]. The stained spots are concentrated in
equatorial zones of spherulites, near the spherulite borders
and close to contact points of three spherulites. Since the
deformation of spherulites is non-uniform, deformation misfit
between regions of different effective plastic resistance readily
develops inside spherulites during deformation. This gives
rise to local stress concentrations over the regions of plastic
inhomogeneities, i.e., lamellae, packets of lamellae. Other
intriguing features of stained spots are their small sizes and
their orientation along radii of spherulites. The dark spots
seen in sediments centrifuged from the dissolved deformed
OsO

 

4

 

 fixed samples have sizes of 20–80 nm in length and they
split into two to four closely aligned thin rods (see Figure 2c).
The overall size of the dark spots and the number of rods in
a single spot suggest their close relation to the domains of
parallel packed lamellae of undeformed material, in particu-
lar to the thickness of domains (40–60 nm) and the number
of lamellae (two to four) in a single domain (see [18]). Since
the domains are organized into a layered structure with alter-
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(a)

 

(b)

 

 

Figure 2

 

Electron micrographs of ultra thin sections of: a) unde-
formed compression molded sample of polyamide 6; b) transverse
section of a deformed polyamide compression-molded sample, exten-
sion ratio 2 (samples in Figures 2a–b were infiltrated with OsO

 

4,

 

sectioned and stained with phosphotungstic acid); and c) electron
micrograph of deposited sediment from dissolved polyamide 6 sam-
ple which had been deformed and infiltrated with OsO

 

4

 

. (Reprinted
with permission from Galeski, A., Argon, A.S., Cohen, R.E. Macro-
molecules. 1989, 21, 2761–2770. Copyright 1989, American Chemi-
cal Society.) Continued.
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nating crystalline and amorphous phases, they are mechani-
cally anisotropic in the directions parallel and perpendicular
to the lamellar surface. Hence, the strain suffered by each
domain depends on its orientation with respect to applied
stress and orientation of neighboring packets of lamellae.
Local cavitation and/or chemical damage may occur if misfit
related stresses exceed the cohesive strength of the material.
The dark rods, as seen in Figure 2c, correspond to disrupted
interlamellar amorphous layers in a domain. 

Cavitation associated with chain scission was found to
be a massive phenomenon in several other bulk polymers:
polyamide 66, RIM nylon, poly(methylene oxide) [19]. Haudin,
G’Sell et al. [20] observed by light microscope the formation
of groups of cavities during drawing of polypropylene film.
The groups of pores were of sizes ranging up to a few microns
and most of them were generated in the yield zone on both
sides of the neck region. Others have postulated that pores
are produced, on the basis of evidence obtained in light
microscopy [21,22] and diffusion experiments [23]. Schaper et
al. [22] pointed out that while the density decreases and
voiding appears in the early stages of deformation, around
the yield point, later the void structure disappears, leaving

 

(c)

 

 

Figure 2

 

Continued.
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no direct evidence of its previous presence in the deformation
process. Often the formation of nanoscale cavities leads to
crazing which was observed in several semicrystalline poly-
mers [24].

Cavitation during crystallization of polymers occurs in
micro-pockets of molten polymer locked by surrounding spher-
ulites because further melt transformation to more dense
crystals proceeds without fresh melt supply. The negative
pressure developed leads to cavitation. Cavitation during
crystallization of polymers was extensively studied in the past
[25,26,27,28]. A general conclusion can be drawn from these
studies that, cavitation in amorphous phases of commodity
polymers (polypropylene, polyethylene, polymethylene oxide,
etc.) above their glass transition temperatures requires the
negative pressure at the level of –5 to –20 MPa, unlike unpu-
rified low molecular weight liquids cavitating without much
difficulty. The reason of high absolute value of negative pres-
sure for cavitation in polymers is most probably the macro-
molecular chain entanglement. It appears then that the
increase of the molecular weight of a polymer will most prob-
ably impede the cavitation by increasing the cohesive strength
of the amorphous phase. However, this hypothesis has never
been checked experimentally.

It is reasonable to assume that the physics of cavitation
occurring in the amorphous phase above glass transition tem-
perature during deformation of crystalline polymers and cav-
itation during crystallization requires the negative pressure
at a similar level of –5 to –20 MPa. 

The immediate conclusion is that the cavitation during
deformation can be observed only in those polymers in which
the yield stress for crystals deformation is higher than the
stress required for cavitation. Otherwise the crystals will
deform earlier relaxing the stress and a cavitational pore
will not appear. This necessary condition can be written in
the form:

 

σ

 

(hkl)[001]

 

 > p

 

cav

 

 (1 – 

 

ν

 

)/3

 

ν

 

(1)

where 

 

σ

 

(hkl)[001]

 

 is the critical resolved shear stress for the
easiest slip in crystals (usually chain slip), p

 

cav

 

 is the negative
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pressure required for cavitation and 

 

ν

 

 is the Poisson ratio of
the amorphous phase which is around 0.5. From the above
condition it follows that cavitation during deformation can
be expected in such polymers as nylons (the easiest slip for
nylon 6 is 16.24 MPa [29]), polypropylene ((010)[001] slip at
around 22–25 MPa [30,31]), poly(methylene oxide) [19]. In
polyethylene the cavitation can occur only if thick crystals
are present (see the discussion of yield stress of polyethylene
as a function of crystal thickness below in Section IV). No
cavitation is expected during deformation of low-density
polyethylene and quenched high-density polyethylene, both
having usually thin lamellar crystals, but cavitation can be
found in HDPE which is slowly cooled. Again the visible
effect of cavitation of the material during deformation is its
whitening. 

Cavitational voids are having sizes on the nanoscale level
[16], hence, there is a problem with their stability. Surface
tension is exerted on each pore with a tendency to close the
pore. In order to preserve a pore, a three-dimensional (3D)
tensile stress, 

 

σ

 

3D

 

, is required (which is a negative pressure,
p) at the level reciprocally proportional to the radius of a pore:

 

σ

 

3D

 

 = p > 2

 

τ

 

/r (2)

where 

 

τ

 

 is the surface tension and r is the size of the pore. It
follows then that the smallest pores are healed readily while
larger pores can be preserved only if an adequate negative
stress is maintained. In order to detect pores, one should
preserve them by facilitating the stress or by cooling the
material quickly below its glass temperature. 

The internal cavitation observed in tension experiments
has been referred to as “micro necking” by Peterlin (see, e.g.,
[32]). Such micro necking had been considered for a long time
to be essential for large-strain deformation of polymers with
chainfolded crystals. It was supposed that micro necking
removes kinematical constraints between lamellae and allows
them to untangle. In other papers of Peterlin [e.g., 33], in
which the micro necking model is defined and developed,
cavitation is not consider explicitly. However, from the picture
of microfibrillar structure formation in crystalline samples as
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imagined by Peterlin (in References [32,33]), it follows that
the cavitation is an essential feature of the drawing of crys-
talline polymers. The imaginative drawing in Figure 3 pre-
sents a semicrystalline polymer during tensile deformation. 

 

III. DEFORMATION MECHANISMS IN 
CRYSTALLINE POLYMERS

 

It is presently thought that the material consists of lamellar
crystals which are separated from each other by a layer of
amorphous polymer and are held together by tie molecules
through the amorphous phase [e.g., 34]. There are three, cur-
rently recognized, principal modes of deformation of the amor-
phous material in semicrystalline polymers: interlamellar
slip, interlamellar separation and lamellae stack rotation
[35,36]. Interlamellar slip involves shear of the lamellae par-
allel to each other with the amorphous phase undergoing
shear. It is a relatively easy mechanism of deformation for

 

Figure 3

 

Imaginative picture of a cavitating semicrystalline poly-
mer under tensile deformation. (Redrawn after Peterlin, A. J. Mater.
Sci. 1972, B6(4), 583–598.) 
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the material above T

 

g

 

. The elastic part of the deformation can
be almost entirely attributed to the reversible interlamellar
slip. Interlamellar separation is induced by a component of
tension or compression perpendicular to the lamellar surface.
This type of deformation is difficult since a change in the
lamellae separation should be accompanied by a transverse
contraction and the deformation must involve a change in
volume. Hard elastic fibers are found to deform in such a way.
When the lamellae are arranged in the form of stacks embed-
ded in the amorphous matrix, the stacks are free to rotate
under the stress. Any other deformation of the amorphous
phase requires a change in the crystalline lamellae; the amor-
phous material is then carried along with the deforming crys-
talline material. 

Taking into consideration the yield behavior of semi-
crystalline polymers, there are two conflicting approaches
concerning the crystals. The first presumes that the process
of deformation is composed of a simultaneous melting and
recrystallization of polymer under adiabatic conditions
[37,38]. The second, developed mainly by Young [e.g., 39,40],
uses the idea derived from the classical theory of crystal
plasticity. The deformation of polymer crystals is considered
in terms of dislocation motion within the crystalline lamel-
lae, similarly to slip processes observed in metals, ceramics
and low molecular crystals. Crystallographic slips are not
processes occurring simultaneously over the whole crystal-
lographic plane. A great role of line and screw dislocations
is played in activation and propagation of a slip.

 

 

 

The plastic
deformation of polymer crystals, like the plastic deformation
of crystals of other materials, is generally expected to be
crystallographic in nature and to take place without destroy-
ing the crystalline order. The only exception to this is a very
large deformation, when cavitation and voiding lead to
unravelling the folded chains and completely break down the
crystals, new crystals may form with no specific crystallo-
graphic relationship with the original structure [41]. Poly-
mer crystals can deform plastically by crystallographic slip,
by twinning and by martensitic transformation. The slip
mechanism is the most important one since it can produce
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larger plastic strains than the other two mechanisms. A slip
system in a crystal is the combination of a slip direction and
a slip plane containing that direction as shown in Figure 4.
The notation for the slip system is (hkl)[h

 

1

 

k

 

1

 

l

 

1

 

] where (hkl)
is the slip plane while [h

 

1

 

k

 

1

 

l

 

1

 

] is the slip direction. A single
slip system is only capable of producing a simple shear defor-
mation of a crystal. A general change of a shape of a crystal
requires the existence of five independent slip systems [42].
Polymer crystals rarely possess this number of independent
slip systems. However, under the right conditions the defor-
mation of bulk material can occur without voiding or crack-
ing perhaps because amorphous regions between lamellae
allow for a certain amount of adjustment. In polymer crys-
tals, the slip plane is restricted to planes which contain chain
direction. That is because covalent bonds remain unbroken
during deformation. 

In polymers two types of slip can occur: chain slip, i.e.,
slip along the chains and transverse slip, i.e., the slip perpen-
dicular to the chains, both slips occurring in planes containing
the chains. The general rule that applies to slip deformation
is that the plane of the easiest slip tends to be a close-packed
plane in the structure and the slip direction is a close-packed

 

Figure 4

 

Definition of a slip system: slip plane and slip direction.
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direction. Hence, in crystalline material, it is possible to pre-
dict certain mechanical properties associated with crystallo-
graphic slip directly from the crystallographic unit cell [43].
In folded-chain polymer crystals, the folds at the surface of
crystals may in addition impose some restraint on the choice
of a slip plane; usually a slip will be able to occur only parallel
to the fold plane. An implication of the geometry of the slip
process is that a crystal undergoing a single slip will rotate
relative to the stress axis as it is seen in Figure 5. For a single
slip the slip direction in the crystal rotates always toward the
direction of maximum extension: in uniaxial tension it rotates
toward the tensile axis while in uniaxial compression away
from the compression axis. The angle through which the crys-
tal rotates is a simple function of the applied strain [42]. It
must be mentioned that the slip takes place when the resolved
shear stress on the slip plane reaches a critical value known
as a critical resolved shear stress. The critical resolved shear
stresses for slips are now well known only for a few polymers.
They were measured using samples of rather well defined
texture. First measurements performed on polyethylene sam-
ple with fiber texture subjected to annealing at high pressure
for increasing the crystal thickness yielded the critical shear
stress of 11.2 MPa for undisclosed crystal thickness [35]. How-
ever, with fiber symmetry a combination of easiest slip sys-
tems could act simultaneously disturbing the true value of
the critical shear stress. The most exact data concerning crit-
ical resolved shear stresses for possible slip systems in poly-
ethylene were obtained by Bartczak et al. [44]. They used
single crystal textured polyethylene obtained by plane strain
compression. The measurements in uniaxial tension, uniaxial
compression and simple shear for samples cut out at various
orientations delivered the following: for polyethylene ortho-
rhombic crystals [44] the most active slip system is (100)[001]
chain slip at 7.2 MPa, the second is (100)[010] transverse slip
at 12.2 MPa, and the third is (010)[001] chain slip at 15.6
MPa. The forth slip system for polyethylene orthorhombic
crystals was predicted as (110)[001] with the estimated crit-
ical resolved shear stress greater than 13.0 MPa [44], how-
ever, it was never observed separately. 
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For polyamide 6 

 

α

 

 crystals the slip systems are:
(001)[010] chain slip at 16.24 MPa, (100)[010] chain slip at
23.23 MPa and (001)[100] transverse slip [29]. 

Relatively little attention was paid to the plastic defor-
mation of other semicrystalline polymers [45,46]. In particu-
lar, there are only a few papers [47,48] describing the

 

Figure 5

 

The rotation of crystal fragments due to slip: marked by
arrows. The resolving of the shear on a plane due to simple tension
or compression is also illustrated.
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investigations of the yield behavior and plastic resistance of
oriented iPP. 

For the determination of critical shear stress of one of
the most important deformation mechanisms of iPP crystals,
namely the crystallographic slip in the (100) planes along
chain direction, i.e., (100)[001] chain slip [49,50], the biaxially
oriented film was used [51]. 

According to the theoretical predictions [49] and experi-
mental studies [50], the easiest slip system in iPP crystals is
(010)[001] slip, while (100)[001] and (110)[001] systems have
higher critical resolved shear stress. The studies of the above-
mentioned slip system can be made by the investigation of
the yield behavior of the specimens deformed in tension with
the tensile axis oriented in those specimens at various angles
to the orientation direction. One can expect that for a certain
range of this angle only the (100)[001] slip system will be
activated due to proper orientation of crystallites providing
high shear stress on the (100) plane in [001] direction, while
other deformation mechanisms will remain inactive due to
much smaller resolved shear stresses in appropriate direc-
tions [44,52]. The analysis of the yield stress of such samples
would give the value of the shear stress necessary to activate
the (100)[001] slip [45,53,44,36]. The critical resolved shear
stress for (100)[001] slip for 

 

α

 

 crystals of polypropylene was
determined at the level of 22.6 MPa. Similar studies for ori-
ented iPP in tension and compression were performed by
Shinozaki and Groves [47], but they used the samples of
uniaxially oriented iPP with a fiber symmetry, so that the
critical shear stress they determined, 25MPa, was an average
over slips in plane oriented around the fiber axis. 

Crystal orientation by channel die compression of PET
was studied by Bellaire et al. [54]. They have found that the
macromolecular chains’ orientation in PET along the flow
direction and the texture development are the results of pos-
sible crystallographic slips having the following glide planes
and directions: (100)[001] chain slip and (100)[010] transverse
slip and (010)[001] chain slip. The probable sequence of activ-
ities of these slips is the following: the (100)[001] chain slip
being the easiest, (100)[010] slip and a sluggish (010)[001]
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chain slip [54]. Values for critical resolved shear stress for
those slips were not determined.

The stress-induced martensitic transformation is a
transformation from one crystallographic form to another
form and associated by a displacement of chains to new posi-
tions in the new crystallographic cell in order to accommodate
the deformation. An example of martensitic transformation
from orthorhombic to monoclinic form was found in oriented
polyethylene with well-defined texture subjected to uniaxial
compression. The martensitic transformation was also found
in other polymers: in poly(L-lactic acid) [55] and in nylon 6
with the 

 

α

 

 form transforming to the 

 

γ

 

 form [56]. 
Twinning may occur in crystals of sufficiently low sym-

metry: cubic symmetry excludes twinning while orthogonal
symmetry allows for twinning. Hexagonal crystal structure
allows for twinning of low molecular weight materials while
in polymer crystals of hexagonal symmetry the basic twin-
ning plane would be perpendicular to chains and therefore
forbidden. Twinning along other planes in hexagonal crystals
is not possible because of their high symmetry. In polyethy-
lene of orthorhombic crystal symmetry, the twinning is
expected along (110) and (310) planes [57]. Only (110) plane
twinning was found in bulk polyethylene. Twinning along
(310) plane is blocked in bulk polyethylene because the fold
plane is the (110) plane. In contrast, in rolling in a channel
at a high rate and to a high compression ratio, the texture
of HDPE sample consist of two components [58]. One of them
is the (100)[001] component, while the two others are rotated
by ±53° around the rolling direction coinciding with the posi-
tion of (310) poles clearly indicating the {310} twinning of the
basic (100)[001] component. The twinning occurs on unload-
ing, when the sample leaves the deformation zone between
the rolls. The partial recovery of the strain produces a tensile
stress along direction of loading. Twinning is activated at
high strain rates because the sample does not have sufficient
time for stress relaxation, while at high compression ratio
the material is highly oriented and contains no more folds
in (110) planes. It was estimated earlier that the critical
resolved shear stress in the twin plane to activate twinning
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is around 14 MPa [59]. Therefore the tensile stress generated
along LD on unloading must be at least 28 MPa. Such stress
is apparently generated on unloading only when high defor-
mation rate is applied during deformation.

Besides polyethylene the twinning was found only in a
few polymers, including isotactic polypropylene: twinning
along (110) plane [50]. 

Stress-induced martensitic transformation and twinning
alone are not responsible for large strain deformation.

From the presented review of mechanisms of plastic
deformation of amorphous and crystalline phases, it follows
that the easiest is the deformation of the amorphous phase
since it requires very little stress; the crystallographic mech-
anisms of plastic deformation need larger stresses. Therefore
it is expected that first the amorphous phase is deformed and
then crystallographic mechanisms are activated. An illustra-
tive experimental evidence of this prediction is presented in
Figure 6 where the Hermans orientation parameters for the
amorphous and crystalline phases of a series of tensile
deformed isotactic polypropylene samples are mapped out
[60]. The data points are based on the measurements of bire-
fringence, infrared dichroism and wide angle x-ray diffraction.
It is seen from this figure that at first the amorphous phase
becomes oriented while the crystalline phase remains very
slightly oriented or even oriented in the transverse direction
(the reason for such behavior of polypropylene is the presence
of cross-hatched lamellae). When the draw ratio is further
increased, the amorphous phase becomes almost entirely
stretched out and then the crystalline phase begins to orient.
Finally, at high draw ratio the macromolecular chain frag-
ments embedded in both phases become highly oriented.

It may be concluded that most of plastic deformation of
both crystalline and amorphous phases occurs due to shear
stresses, and the shear contributes greatly to plastic defor-
mation. It is then obvious that the great amount of plastic
deformation is usually found at an acute angle with respect
to applied tensile or compressive forces.

There are several ways of achieving plastic deformation
of macroscopic samples. Those deformation methods in which
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some amount of hydrostatic pressure is generated in the
material prevent cavitation of the material. Because of the
absence of cavitation, the material undergoes plastic defor-
mation via shear yielding; cavitation is damped. Also crazing
is not preferred under hydrostatic pressure as it involves
volume increase and the production of empty spaces between
tufts. 

In a macroscopic sample of a semicrystalline material
subjected to stress few or all of the presented mechanisms of
plastic deformation are orchestrated. Some of them are pre-
ferred, because of low shear stress required, and show up in

 

Figure 6

 

Orientation parameters of the amorphous, f

 

a

 

, and crys-
talline, f

 

c

 

, phases for a series of isotactic polypropylene samples
uniaxially deformed to a different degree of orientation. Data on the
orientation parameters are obtained by the measurements of bire-
fringence, infrared dichroism and wide angle x-ray diffraction. The
region surrounded by the dotted lines represents briefly the course
of deformation starting from f

 

a

 

 and f

 

c

 

 equal 0. (From Kryszewski,
M., Pakula, T., Galeski, A., Milczarek, Pluta, M. Faserforschung und
Textiltech 1978, 29, 76–85. With permission.)
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early stages of deformation; others are activated in later
stages under larger stress. The intensity of a particular mech-
anism may also change, if for example the possibility of a
certain slip is already exhausted or that the other slip mech-
anism rotated the crystals in such a way that the process
mentioned is not now possible. Together with the complicated
aggregated supermolecular structure, the process of the defor-
mation in semicrystalline polymers is complicated and not
easy to track.

 

IV. PLASTICITY OF POLYMER CRYSTALS

 

The detailed knowledge concerns the system of crystallo-
graphic slips operating in polymer crystals, critical resolved
shear stresses, twinning, martensitic transformation and suc-
cession of activation of individual slip mechanisms [45,61,62]. 

The magnitude of the shear stress needed to move a
dislocation along the plane was first determined by Peierls
[63] and Nabarro [64]. For the orthorhombic unit cell of a
crystal, it varies exponentially with the ratio of both unit cell
axes perpendicular to the macromolecular chain direction. For
a (100) plane being the closed-packed plane (

 

a

 

 axis larger
than 

 

b

 

 axis), the shear stress reaches the minimum. That is
because for closed-packed planes, the interplanar bonds are
weaker which results in lower activation energy and shear
stress. The result is that the dislocations tend to move in the
closest packed planes and in the closest packed direction
because the Peierls-Nabarro force is smaller for dislocations
with a short Burgers vector. 

As this mechanism of dislocation propagation is widely
accepted for slip mechanisms in semicrystalline polymers,
there are doubts about how the dislocations are generated.
The density of dislocation in crystals is estimated at the level
from 10

 

5

 

 to 10

 

8

 

/cm

 

2 

 

[65]. This number is not enough to give
rise to a fine slip most often observed during polymer plastic
deformation. There must be a way in which new dislocations
are generated within crystals. In metals and other large crys-
tals the identified source of dislocations is a multiplication
mechanism known as Frank-Read source [66]. The Frank-
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Read mechanism involves a dislocation line locked on both
ends. When the shear stress is applied above a certain critical
value, the dislocation line will move to form first a semicircle
and then the line spiral around the two locked ends, forming
finally the dislocation ring which will continue to grow out-
ward under the applied stress. At the same time the original
dislocation line has been regenerated and is now free to repeat
the whole process. In this way a series of dislocation rings is
generated indefinitely. In polymer crystals this elegant pro-
cess is not active because the crystals are usually too thin for
the dislocation line to spiral up and to form a dislocation loop. 

Due to a peculiar structure of polymer crystals (long mol-
ecules which lie across the crystal thickness, fold and re-enter
or take part in forming adjacent crystals), there are some
restrictions which reduce the number of possible slip systems.
Theoretical calculations demonstrated [67] and experiments
confirmed [44] that polyethylene lamellae deform easily by slip
in the direction of the c-axis. There is a problem of the origin
of the dislocations for activation of the slip mechanism.
Shadrake and Guiu [67] pointed out that in the case of PE the
energy necessary for creation of a screw dislocation with the
Burgers vector parallel to chain direction can be supplied by
thermal fluctuations. It was shown that the change in the
Gibbs free energy, 

 

∆

 

G, (i.e., the energy which must be supplied
by thermal fluctuations) associated with the creation of such
dislocation under applied shear stress, 

 

τ

 

, is equal:

(3)

where 

 

l

 

 is the stem length; 

 

b

 

 is the value of the Burgers vector;

 

K

 

 is the shear modulus of a crystal; 

 

r

 

 is the radius of dislo-
cations (the distance from dislocation line to the edge of lamel-
lae); and 

 

r

 

0

 

 is the core radius of dislocations. 
There are still doubts if the model can be applied over

the whole range of temperature, i.e., from the temperature of
glass transition to the onset of melting process. The dispute
concerns the upper temperature of validity of this approach.
Crist [68] suggested that the temperature of 
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ation processes of PE are the limits of applicability of the
model. Young [39,40] and Darras and Seguela [69] have used
that approach to model the yield behavior of bulk crystallized
annealed polyethylene at a much higher temperature. Other
authors [70] reported the existence of a transition in the range
from –60°C to 20°C, depending on the material and strain
rate, above which Young’s model cannot be applied. They
pointed out that there is a relationship between the transition
temperature and 

 

β

 

-relaxation and suggested that below the
transition temperature the yield process is nucleation con-
trolled, while above it is propagation controlled. However,
Galeski et al. have shown that in plane strain compression
for HDPE at 80°C the beginning of yielding is mainly associ-
ated with (100) chain slip within crystalline lamellae. More-
over, it was shown that for linear polyethylene only fine slip
occurs below the deformation ratio of 3 associated with chain
tilt and thinning of lamellae. Only at higher deformation the
widespread fragmentation of those thinned to one-third
lamellae takes place. That is because further thinning
becomes unstable — much like layered heterogeneous liquids
responds by capillary waves and breakup of stacks of layers.

Many authors identified two distinct yield points in PE
deformed in the tensile mode which are not seen in other
deformation modes not producing cavitation. Gaucher-Miri
and Seguela [71] tried to clear up the mechanism of these two
processes on the micro-structural level, as a function of the
temperature and strain rate. Seguela [72] proposed that the
driving force for the nucleation and propagation of screw
dislocations across the crystal width relies on chain twist
defects that migrate along the chains’ stems and allow a step-
by-step translation of the stems through the crystal thickness.
The motion of such thermally activated defects is responsible
for 

 

α

 

 crystalline relaxation. 
When the above-mentioned problems were investigated

by others, the crystal thickness of PE was controlled by chang-
ing the cooling rate and crystallization temperature, using
copolymers of PE characterized by different degrees of branch-
ing or by crystallizing PE either from solution or from melt.
The applied procedures allowed obtaining PE orthorhombic
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crystals with thickness over the range from 3 to 35 nm. Crys-
tallization of PE under elevated pressure evolved further by
us [73] makes it possible to obtain much thicker crystals. The
method exploits the pseudo-hexagonal mobile phase of PE at
a certain range of pressure and temperature. The details of
how to obtain the samples with crystals of various thicknesses
due to crystallization under high pressure are described in
[73,74]. The great advantage of the approach is that the series
of samples with various crystal thicknesses is obtained from
the same polymer. Most of the previously reported studies of
the structural changes caused by deformation were performed
in a tensile mode, guided by obvious technological stimuli to
explain processes associated with orientation by drawing.
However, from the fundamental point of view the deformation
by compression is more important. Uniaxial compression has
the great advantage because the deformation is nearly a
homogenous process and occurs without any significant defor-
mation instabilities such as necking and cavitation. In the
reported study [74,75] the samples prepared by high pressure
crystallization were characterized by crystal thickness, cover-
ing the range from 20 up to 150 nm. Figure 7 presents a typical
true stress-true strain curve obtained in uniaxial compression
for HDPE with crystal thickness of 150 nm uniaxially com-
pressed at a room temperature. After the usual initial elastic
response below a compression ratio of 1.05–1.07 there is only
a single yield and a region of intense plastic flow which sets
in at a compression ratio of 1.12, followed by strain hardening.

The changes in the yield stress with increasing crystal
thickness are reported in Figure 8. The yield stress increases
with crystal thickness up to 40 nm. This part of the

 

 

 

data
agrees well with the published results of Brooks and Mukhtar
[76], covering the range of lamellae thickness from 9.1 to 28.3.
Beyond the region explored in the past, the yield stress still
increases in the range up to 40 nm and then, above 40 nm,
the dependence on crystal thickness abruptly saturates at the
level of 29.5, 35 and 37 MPa for initial compression rates of
0.000055, 0.0011 and 0.0055 s

 

–1

 

, respectively. The increase of
the rate of compression increases the yield stress in the region
of crystal thickness below 40 nm and also above 40nm. How-

 

DK4635_C005.fm  Page 182  Thursday, April 7, 2005  1:17 PM

© 2005 by Taylor & Francis Group.



  

ever, the saturation of the yield stress occurs at 40

 

 

 

nm inde-
pendently of the compression rate.

These observations imply that above 40

 

 

 

nm the crystals’
thickness is no longer the decisive factor for the yield and
that some other mechanism overtakes the control of the yield-
ing process. Any “coarse slip” and other inhomogeneities in
the course of compression which could decrease the yield
stress did not occur as evidenced in SEM examination by
chain tilt and homogeneous lamellae thinning up to the com-
pression ratio above 2. It can be concluded then that the
observed yielding process is a “fine slip” process.

According to Young’s model of the yield process, the yield
stress should increase with crystal thickness, which in fact is
observed up to the crystal thickness of 40 nm. However, above
40 nm the dependence of the yield stress quickly levels off.

 

Figure 7

 

Typical curve true stress–compression ratio of high den-
sity polyethylene crystallized at elevated pressure (M

 

w

 

 = 120 000,
M

 

w

 

/M

 

N

 

 = 3.4, density 0.952 g/cm

 

3 in pellets, MFI of 2.3 @ 190°C/2.16
kg). Uniaxial compression at room temperature with the initial com-
pression rate 0.0055 s–1, mean crystal thickness 119 nm. (From
Kazmierczak, T., Galeski, A. Plastic deformation of polyethylene crys-
tals as a function of crystal thickness. Proceedings of VIth ESAFORM
Conference on Material Forming, University of Salerno, Italy, 2003.)
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Recently, the rate-controlling mechanisms of crystal plasticity
in semicrystalline polymers were fundamentally reconsidered
[77,78]. The widely accepted mechanism of Young of mono-
lithic nucleation of screw dislocations from edges of crystalline
lamellae predicting an increase in plastic resistance with
increasing lamella thickness was reexamined and modifica-
tions were made. Two new models of nucleation of both edge
and screw dislocation half loops from lamella faces that are
independent of lamella thickness were proposed. These two
new modes of dislocation nucleation explain well the observed
transition from a plastic resistance increasing with lamella
thickness to one of constant resistance above a lamella thick-
ness of ca. 35 nm in polyethylene. They also present a back-
ground to explain the temperature- and strain-rate
dependence of the plastic resistance of polyethylene and pre-
dict the observed levels of activation volumes.

Figure 8 Yield stress vs. crystal thickness of high density polyethyl-
ene samples crystallized at elevated pressure and temperature (Mw =
120 000, Mw/MN = 3.4, density 0.952 g/cm3 in pellets, MFI of 2.3 @
190°C/2.16 kg). Uniaxial compression at room temperature with three
different initial compression rates as marked on the plot. (From
Kazmierczak, T., Galeski, A. Plastic deformation of polyethylene crys-
tals as a function of crystal thickness and compression rate. Proceedings
of 12th International Conference on Deformation, Yield and Fracture
of Polymers, Cambridge: UK, April 7–10, 2003. With permission.) 
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V. STRENGTH OF CRYSTALLINE POLYMERS

The strength of a polymer chain depends on the strength of
–C-C- bonds. Evaluation of the strength of a single macromol-
ecule requires quantum mechanics. Theoretical strength of a
–C-C- bond can be estimated on the basis of a two-atom
molecule from the dissociation energy of unstressed C-C bonds
which is 335 kJ/mol [79]. For such dissociation energy of a C-
C bond, the strength should be at the very high level of 360
GPa [79,80]. However, the thermal fluctuations lowers the
stress at bond breakdown by lowering of the activation energy
of C-C bond dissociation and the bond strength to one-third
of its uncorrected values, it is 104 kJ/mol and 126 GPa, respec-
tively [79,81]. In reality the achievable strength is estimated
at the level of 60–100 GPa [79]. For comparison, unoriented
polystyrene shows the strength at 40–60 MPa only, ordinary
steel 0.3–0.6 GPa, while the best steel 2 GPa. These values
are far below the expected value for the strength of a single
polymer chain. The theoretical elastic modulus for C-C bonds
is 405 GPa [79]. Ultimate strain of –C–C–C–C– chain can be
as high as 40%, also due to conformational changes of
–C–C–C– triads. Theoretical strength of a polyethylene fiber
composed of parallely aligned extended chains is also at the
level of 126 GPa. However, the load is usually transferred to
the core of a material through its surface, which means that
the surface is subjected to shear stresses. The chains should
be bonded to each other in order to withstand the shear.
Crystalline bonds, besides the knots of entanglements, can
bond the macromolecular chains to each other. Then, the
resistance to shear of polymer crystals along the chain direc-
tion is equal to the critical resolved shear stress for crystal-
lographic slip and it is usually of the order of ten or a few
tens of MPa and is much less than the tensile strength of
single polymer chains. It appears then that in order to take
advantage of the full strength of a well-oriented polymeric
fiber, the surface through which the load is transferred to the
fiber core should be substantial. For example, for a 10 µm
thick fiber having the tensile strength of 100 GPa and the
lateral shear strength of 100 MPa, the load should be uni-
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formly transmitted through the lateral surface along 10 mm.
For equally strong thicker fiber or rod, the gripping length
for making full use of its strength increases proportionally to
its thickness: for 1 cm thick well-oriented rods it approaches
unrealistic 10 m!. The conditions for stress transfer to the
core of highly oriented fibers or rods are not so severe if the
string forms a closed loop. Then the compressive and tensile
stresses are acting at the loop’s support.

Although the oriented polymers can withstand much
higher tensile stress than the best steel, the problem with
polymers is that they have much higher anisotropy than steel. 

A premature fracture occurs in real systems, which is
connected with defects of regular packing and chain ends.
Unfortunately local stresses at these places are not equal to
the macroscopic stress and are 2 to 3 times higher. Local
fracture starts at those locations decreasing the maximal
strength in real systems to 20–50 GPa at an ultimate strain
of 17 to 24%. 

Another problem is in achieving a perfect parallel orien-
tation of polymer chains. Usually molecular orientation is
obtained by a strong deformation of a polymer either by spin-
ning from the melt or deforming a solidified polymer. The
factor obstructing the elongation is the presence of chain
entanglements. For example, the average distance between
entanglement knots along the chain for linear polyethylene
is 1200–1300 daltons [82,83] which indicates that the entan-
glement knot is every 80–90 mers along the chain obstructing
the ideal orientation.

For the last thirty years the main effort in achieving high
strength polymeric materials was to extend and align macro-
molecular chains into a flawless parallel register. Due to a
low lateral strength of oriented polymers, most of the
attempts were limited to thin fibers because the surface to
cross-section ratio is advantageous for the stress transfer. The
simplest way seemed to be melt spinning; however, the prob-
lem with melt spinning is that macromolecules undergo inten-
sive relaxation during extension and recoil back. Lowering
the temperature of spinning (or extrusion) slows the retrac-
tion but polymers undergo flow-induced crystallization
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obstructing the process. It appeared that in order to obtain
high chain orientation, the drawing should be performed in
a separate step. In the 1970s, Ward and coworkers [84–86]
analyzed the drawability of polyethylene in a solid state, and
they made a major breakthrough in achieving high strength
materials by melt spinning of fibers followed by solid-state
drawing. By optimizing the composition and parameters of
spinning and drawing, polyethylene fibers with elastic mod-
ulus around 75 GPa and the strength of 1.5 GPa were
obtained. Melt spinning is used now routinely for increasing
the tensile strength of many polymers [87,88]. 

 However, the melt spinning and subsequent drawing are
subjected to severe limitations. With increasing molecular
weight, which should be beneficial for achieving high
strength, the spinning process becomes difficult due to a
strong increase of the viscosity, while the drawability in the
solid state decreases — it becomes difficult to extend signifi-
cantly solidified fibers. Several other means of achieving high
strength polymeric materials were explored, among them
solution spinning and flash spinning — the technique with
pressurized polyethylene solution [89,90]. 

Chain extension of dilute solutions in elongational flow
field was addressed first theoretically by deGennes [89] who
indicated that there should be a certain critical value of the
velocity gradient upon which a solute polymer coil will
abruptly unwind. The issue was then intensively explored
experimentally [e.g., 92]. In the careful experimental studies
of monodisperse samples by Keller and Odell [93], it was
concluded that an isolated chain can be fully and abruptly
stretched if the strain rate exceeds a certain critical value
which is related to the molecular weight: dε/dt ∝ M–1.5 where
M is the molecular weight. For polydisperse polymers only
high molecular weight fraction can easily be extended in the
elongational field while the remaining part stays coiled in the
solution. Chain extension in a solution can be made perma-
nent if the extension is followed by crystallization. Upon cool-
ing, the extended chains crystallize in the form of fibrous
structures called “shish” while the coiled macromolecules
crystallize around extended chains in the form of chain folded
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crystals called “kebab.” The shish-kebab structure due to
lamellar overgrowth is not optimal for stiffness and strength
— only the elastic modulus up to 25GPa can be achieved [94]. 

Fibrous structure without an excessive amount of
kebabs was obtained by Zwijnenburg and Pennings [94] by
a so-called surface growth technique. A seed fiber is
immersed in a dilute solution of polyethylene subjected to
strong shear between the rotating inner cylinder and the
wall of a vessel. A tape-like fibrous material can be drawn
at a low speed from the solution. Later a modification of the
Pennings method by Mackley and Sapsford [95] allows to
obtain PE fibrous tapes having the modulus of 60 GPa with
the rate of several meters per minute.

A gel spinning process was developed by Smith and Lem-
stra at DSM [96,97,98]. A semi-dilute solution is spun into
water from the extruder. A gelly filament still consists of a
large amount of a solvent. Ultra drawing is possible after
removal of the solvent. A simple model derived by Smith and
Lemstra [99] from rubber elasticity assuming a network of
chain entanglements explains the capability of gelly filaments
of ultradrawing: the entanglement density is reduced upon
dissolution and the maximum draw ratio is greatly enhanced
in comparison to melt crystallized polyethylene. The entan-
glement model explains that a relatively low concentration
solution is needed to remove entanglements before drawing.
The topic of deformability and entanglements was further
addressed in several papers, e.g., [100]. Due to further devel-
opments in efficient mixing of double screw extruders and in
the temperature gradient drawing, the solutions for gel spin-
ning are now more concentrated. Several high strength and
high modulus commercial fibers are based on the gel spinning
process of ultra high molecular weight polyethylene: Dyneema
by DSM and Toyobo, and Spectra by Allied Signal. 

A solvent-free path for disentangling polyethylene chains
prior to ultra drawing was explored intensively in the past.
One of the approaches is to collect precipitated single crystals
from dilute solution. The other route is to prepare nascent
single crystals of polyethylene directly in the polymerization
reactor. By low temperature polymerization single chain-folded
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crystals are formed on the surface of the catalyst. The macro-
molecular chains are nearly fully disentangled [101,102]. 

Bieser and others at Dow Chemical [103] discovered a
method of disentangling macromolecular chains by applying
high shear just prior to spinning by passing the polymer melt
through sintered metal filter media, multiple stacks of fine
mesh screens or similar shear-inducing media. As the result,
an improved melt fiber spinning is achieved with a minimal
fiber breakage, especially for thin fibers. The method is very
effective for relatively high molecular weight polymers.

Chainfolded crystals with disentangled macromolecules
show the same high melt viscosity upon melting as the entan-
gled melt; no memory effect from previous history of either
polymerization or solution crystallization was noticed. Fur-
thermore, after melting, the advantageous ultra drawing fea-
ture is entirely lost. This confusing phenomenon was
considered by Barham and Sadler [104] in the studies of melt-
ing of chainfolded crystals. Using neutron scattering and deu-
terated polyethylenes, they measured the changes in radius
of gyration. For chain folded crystals, the radius of gyration is
rather low and upon melting it suddenly inflates to the equi-
librium value of a random coil. The expansion of chains is very
rapid (at a molecular weight of 189,000 the equilibrium radius
of gyration is reached within less than 4 s) and pays no atten-
tion to the neighboring chains, which is in contrast to the
reptation theory based on the reptation tube formed by frag-
ments of neighboring chains. The phenomenon associated with
the melting of chainfolded crystals is termed “coil explosion,”
as it is graphically explained in Figure 9, and it happens
independently of the molecular weight. In the view of this
concept it follows that the chain re-entangling occurs suddenly.
However, the problem remains open as to whether the entan-
glement also assumes its equilibrium density instantaneously. 

Lemstra, van Aerle and Bastiaansen [105] proposed an
alternative model for the loss of drawability upon melting
which involves local disorder only. Upon melting, the chains
immediately adopt random coil conformation as mentioned
above, and during recrystallization the adjacent reentries are
replaced by more random order within crystals. The shearing
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and unfolding of the crystals is more difficult since it requires
now a great degree of cooperativeness between many chain
segments from different locations within a crystal and in
different crystals. Lemstra’s approach emphasizes the impor-
tance of adjacent reentry for easy crystal shearing, fragmen-
tation and unfolding.

Galeski and others [106] grew chain-extended polyethy-
lene crystals under high pressure in order to disentangle fully
the macromolecules. No “coil explosion” occurs upon melting
of chain-extended crystals but rather recoiling, i.e., extended
chains assume coiled conformation by fast contraction instead
of expansion, as it occurs during melting of chainfolded crys-
tals with adjacent reentry. The contraction to coiled confor-
mation does not cause a deep entangling. Only loose
entanglements are formed during melting, and the melt is
disentangled for a period of time required for the tube renewal

Figure 9 A computer-generated sketch illustrating typical trajec-
tories of a molecule of 390,000 molecular weight before and after
melting. (Reprinted from Barham, P.J. and Sadler, D.M. Polymer,
32, 393–395. Copyright 1991, with permission from Elsevier.) 
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by reptation. Subsequent crystallization is faster in regimes
I and II of crystallization as the crystallizing chains do not
need to disentangle. Nonetheless, a similar mechanism of
randomization of folding is in operation as in recrystallization
of a melt from chainfolded disentangled crystals obtained
from solution or from polymerization reactor.

From the above consideration it appears that the disen-
tangled material should not be heated above the melting point
before drawing. Being below melting point, the disentangled
material or nascent powders can be calendered or hot-com-
pacted and then drawn into fibers or tapes since they are
extraordinarily ductile. The drawability of nascent polyethy-
lene is similar to solution-crystallized polymer when the
material is sintered or hot compacted between rolls.

Kanamoto et al. [107] developed a two-stage process of
drawing for the reactor-nascent polyethylene with the elastic
modulus above 100 GPa and the strength of 1.0–1.4 GPa. The
process relies on solid-state coextrusion of compacted powder
film up to the draw ratio of about 6 followed by tensile drawing
at elevated temperature. 

Nippon Oil Co. developed a three-stage process for the
production of super strong tapes. The process consisted of
compaction, roll drawing and tensile drawing [108]. The prod-
ucts are characterized by high elastic modulus around 120
GPa and the tensile strength below 2.0 GPa. 

Hot compaction/sintering is usually conducted slightly
below the melting temperature. This process appears to be
necessary for chain disentangled powders from polymeriza-
tion reactor or for single crystals from dilute solution because
it generates their high drawability. There must be some mech-
anism acting during sintering which enables the stress trans-
fer between neighboring crystals. In fact Lemstra and others
[109,110] have discovered that due to chain stem diffusion
across crystal interfaces, the doubling of lamellar thickness
occurs. Displaced stems produce an adhesion between crystals
required for efficient stress transfer. High drawability of indi-
vidual crystals is not affected because the stem diffusion does
not occur across crystal planes containing polymer chains.
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High drawability of polyethylene is achieved also thanks
to the absence of specific interactions between chains such as
hydrogen bonding. The lack of strong interactions between
chains results, however, in a very high mechanical anisotropy
of all high modulus and high strength polyethylene fibers. 

An attempt to increase the transverse strength by irra-
diation and cross-linking was made by Pennings et al.
[111,112], Ward et al. [113] and Lemstra and Keller et al.
[114]. However, a significant loss of longitudinal strength was
noticed upon irradiation, e.g., for a dose of 100 Mrads of
electron irradiation the tensile strength of polyethylene fibers
decreased from 3 GPa to approximately 0.8 GPa.1 

VI. CAVITY-FREE DEFORMATION

While the picture of a cavitating polymer is reasonable in
tensile deformation, it is not correct for modes of deformation
in which a positive normal stress component prevents the
formation of cavities. It has been shown that micro necking
is not essential for the development of nearly perfect single
crystal textures for several semicrystalline polymers that
result from plane strain compression in a channel die [62].
Although plane strain compression is kinematically very sim-
ilar to drawing of wide strips, the pressure component, which
arises due to compression, prevents cavitation. The WAXS,
SAXS, TEM and light microscopy observations indicated that
although some degree of inhomogeneous deformation in the
form of localized shear bands occurs, the crystalline and asso-
ciated amorphous regions of the material undergo a continu-
ous series of shear-induced morphological transformations
without any cavitational process.

A gel-spinning process of polyethylene is a cavity-free
operation due to an easy drawability of folded-chain crystals

1Concerning the increase of transverse strength due to hot compaction of
fibers see Chapter 16.
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with adjacent reentry. An example of the products other than
fibers is the development of ultra strength films by gel spin-
ning by Lemstra [115]. The film exhibits the elastic modulus
above 50 GPa. The indication of the cavity-free deformation
is the gloss of the surface of the film and its opacity below 10%. 

A range of solid-state processes for obtaining high ori-
entation in thicker than fibers species was applied to poly-
mers. Some of them were adapted from metal processing
while others were elaborated solely for polymer deformation
and orientation. 

Tensile drawing has been known for a long time. It is
characterized by the natural draw ratio which is intimately
connected with the necking. The natural draw ratio decreases
with the increase of the molecular weight; for linear polyeth-
ylene having Mw = 200 kDa it decreases to 8. A careful thermal
treatment, including slow crystallization at a high tempera-
ture, causes the draw ratio for linear polyethylene to jump
over 30 and the elastic modulus to 70 GPa [116]. It is now
rather evident that the reason for these changes is a partial
disentanglement of chains due to slow crystallization. 

Hydrostatic extrusion is known for metal forming. A bil-
let of a material is made to flow through a converging die by
application of pressurized liquid. This has the advantage over
ram-extrusion that the friction between the billet and the
walls is eliminated. Large and small diameter polymer prod-
ucts can be obtained by this method [116]. Again a careful
thermal treatment of the billet is necessary to achieve a high
extrusion ratio, a modulus of 60 GPa for extrusion ratio of 25
can be achieved for polyethylene. Hydrostatic extrusion was
not so successful with other polymers.

Die-drawing was one of the earliest processes applied to
polymers. The Leeds die-drawing process was elaborated in
the 1980s. It relies on extrusion of a billet of a polymer
through a die with simultaneous drawing of the extrudate
from the die. Recently die-drawing was applied to the contin-
uous production of a polymer core for wire ropes [117]. The
process was modified by introducing the second stage of draw-
ing in a cooled fluted conical die. The first application of these
polyethylene cores was for carrying ropes in elevators.
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Die-drawing was employed with success for deformation
of other polymers: polypropylene sheets [118] and monofila-
ments of polyoxymethylene [119]. 

Rolltrusion is a process of mechanical properties
enhancement by combining the rolling and subsequent draw-
ing [120,121]. For example, in the case of polypropylene, the
strength enhancement in the drawing direction results in
tensile strength of 524 MPa while in the direction perpendic-
ular to rolls of 104 MPa as compared to 27.6 MPa of unori-
ented polypropylene [122]. Several other polymers were
subjected to rolltrusion, e.g., poly(aryl ether ether ketone)
(PEEK) [123]. 

In all the above experiments, the positive pressure com-
ponent of acting stresses prevents cavitation.

VII. ROLLING WITH SIDE CONSTRAINTS

Among other known methods of plastic deformation, rolling
is one of the simplest ways of producing high preferred ori-
entation. Due to a high pressure component, cavitation is not
observed except for the edges of a rolled sheet. Rolling is an
attractive process of plastic deformation since it could be
designed as a continuous process. However, for wider strips,
the force required to significantly roll the material often
increases to an unacceptably high level, while for narrow
strips of polymeric materials there is an additional component
of a transverse deformation, which causes a less sharp texture
of the oriented material. The side effect of a transverse defor-
mation is the formation of fissures, cracks and cavitation at
edges of a rolled material because there is no compressive
stress component and relative freedom for distortion.

A novel method of obtaining highly oriented polymeric
materials, being a combination of channel die and rolling, is
by rolling with side constraints [124]. The process relies on
rolling of a material inside a channel on the circumference of
a roll with another roll having the thickness matching closely
the width of the channel (see Figures 10a and 10b). The side
constraints are the side walls of the channel. The other roll
is serving as a plunger. The system of rolls with a channel
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Figure 10a A scheme illustrating the principles of rolling with
side constraints.

Figure 10b View of the laboratory 4-roll rolling apparatus used
in this study.
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produces conditions for plain strain compression of the rolled
material. Plain strain compression is known to produce single
crystal (or twinned) texture of compressed materials. The
advantage of rolls with side constraints is the possibility of
compressing relatively wide, thick and long shapes in a con-
tinuous manner in a neck-free fashion. The resulting shapes
or rods may have a considerably high cross-section area.

Constraints enforce the deformation with no or little vol-
ume change and produce a high positive pressure component;
the cavitation process is strongly inhibited and no cavities are
formed during plastic deformation of polymeric materials.

The presence of compressive component and constraints
completely changes the process of plastic deformation as com-
pared to tensile drawing [125]. This effect is illustrated in a
comparative experiment: isotactic polypropylene bulk sample
was deformed in tension, and in the second test a similar
sample was deformed in a channel die. The difference is
clearly seen in Figure 11 where the respective true stress-
true strain curves are plotted. Without constraints, an intense
cavitation restricts the strength to only 120 MPa, and its
fracture is initiated in microfibrils one by one, while the same
material deformed in channel die in a cavity-free manner
responds with the stress of nearly 300 MPa at a similar
deformation ratio. Also due to the presence of microfibrils, the
cavitated material has little transverse strength due to loose
connection between microfibrils. The strength in the trans-
verse direction of the material deformed in a channel die is
at the level of strength of undeformed material, i.e., around
35 MPa.

The two examples of rolling with side constraints,
polypropylene and high density polyethylene, described below,
illustrate the growth of strength and toughness due to the
evolution of texture by crystallographic slips and rotation. 

A. Case of Isotactic Polypropylene (iPP)

The rolling with side constraints of iPP bars in the constructed
apparatus was performed with the rates from the range from
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0.5 to 4 m/min at room temperature, and at a various tem-
peratures from the range from 90 to 140°C [126]. 

The mechanical properties of a series of rolled polypro-
pylene bars having various compression ratio are character-
ized by stress-strain curves presented in Figure 12. These
representative stress-strain curves of the specimens cut out
from the bars deformed at 120°C were obtained in tension
along the direction of the molecular orientation which coin-
cides with the direction of rolling. These data show continuous
increase of both modulus and ultimate tensile strength with
increasing deformation ratio, which is a typical effect of ori-
entation. The maximum strength at the level of 340 MPa is
achieved for the sample with the compression ratio of 10.4.
In Figure 12 the stress-strain curves for low-carbon steel and
concrete-reinforcing steel 18G2 are also plotted for compari-
son. It is seen that the strength of rolled iPP (DR = 10.4) is

Figure 11 True stress-strain curves for isotactic polypropylene
Malen P B200 (melt flow index 0.6 g/10 min, density 0.91 g/cm3,
Orlen SA, Plock, Poland). a) strained at the rate of 5 mm/min; b)
compressed in a channel die. (From Morawiec, J., Bartczak, Z.,
Kazmierczak, T., Galeski, A. Mater. Sci. Eng. 2001, A317, 21–27.
With permission.) 
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comparable with that for steel, although its elastic modulus
is one order of magnitude lower.

Impact properties of the rolled bars probed by means of
an instrumented notched Izod test performed at room tem-
perature show that the undeformed specimen as well as the
specimen of lowest compression ratio break completely and
show the Izod impact strength at the level of several kJ/m2.
The other samples having higher compression ratios do not
break, and only a limited fracture and delamination starting
at the notch is observed. The force and the energy at peak
during impact can be connected with initiation and propaga-
tion of fracture, while the remaining energy is dissipated
mostly for bending of the unbroken portion of the sample. The
energy data demonstrate that more energy is consumed by
the latter process than by cracking. The force at peak

Figure 12 Stress-strain curves of rolled polypropylene at the rate
of 4m/min at room temperature and at 120°C. All tensile tests were
performed at room temperature with constant crosshead speed of 2
mm/min corresponding to the initial deformation rate of 5%/min.
For comparison stress-strain curves of unoriented iPP and two types
of steel used for concrete reinforcement: low carbon and hardened
are shown. (From Bartczak, Z., Morawiec, J., Galeski, A. J. Appl.
Polym. Sci. 2002, 86, 1413–1425. With permission.) 
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increases steadily with the increase of the deformation ratio.
In contrast, the peak and total energy dissipated on the defor-
mation ratio reach the maximum near the compression ratio
of 5 for which the smallest area of the fracture is observed.
The energy dissipated during impact of the sample having
the compression ratio of 5 corresponds to impact strength
above 170 kJ/m2. It is an almost 40-fold increase as compared
to an unoriented sample of iPP.

B. Case of High-Density Polyethylene (HDPE)

Rolling of HDPE bars was performed in the rolling apparatus
with the linear speed of 200 mm/min at room temperature,
90 and 110°C [58,127]. Neither necking nor cavitation phe-
nomena were observed during rolling at these conditions.
Deformation was homogenous in the entire strain range stud-
ied, similar to that observed in compression in a channel-die.
Samples with the deformation ratio approaching 4 became
translucent, in contrast to opaque bars of virgin HDPE. Fig-
ure 13 shows representative stress-strain curves of the spec-
imens cut out from the bars of HDPE oriented to various
compression ratios by rolling with side constraints. These
data show that the elastic modulus increases with increasing
deformation ratio, while the ultimate stress of oriented sam-
ples is approximately proportional to the second power of this
ratio. The strain at break of oriented material decreases sub-
stantially with increasing deformation ratio. 

The toughness of oriented bars of polyethylene was
probed by means of notched Izod impact test. The impact tests
revealed that the samples do not fracture. The specimens bend
and some delamination occurred along the rolling plane per-
pendicular, starting from the tip of the notch. The plane of
fracture and delamination coincide with the plane of preferred
orientation of (100) plane of the crystallites. The (100) plane
of orthorhombic crystals of polyethylene is the most densely
packed plane, and therefore the force to cleavage the crystals
along it is the lowest similar to the lowest plastic resistance
of a (100)[001] slip system. When the specimens were struck
along constraint direction no fracture occurred and the impact
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resulted in specimen bending. In the vicinity of the notch tip
some very localized delamination in several (100) planes was
observed. The energy delivered by the impact hammer was
dissipated mainly for the bending of the specimen.

Impact tests revealed extremely high toughness of the
rolled bars, which is the result of their strong quasi-single
crystal texture [58]. The dissipated energy is approaching the
value of 200 kJ/m2, which is nearly 15 times higher than the
strength of 14 kJ/m2 determined for unoriented material. The
dependence of the total dissipated energy on the deformation
ratio passes through a broad maximum near the compression
ratio of 5. 

VIII. CONCLUSIONS

The toughening in most of the polymer systems relies on main
mechanisms of promotion of energy dissipative processes that

Figure 13 Stress-strain curves of HDPE bars oriented to various
compression ratios by rolling with side constraints. Tension along
rolling direction at room temperature with a constant crosshead
speed of 2 mm/min corresponding to the initial deformation rate of
5%/min. (From Bartczak, Z., Morawiec, J., Galeski, A. J. Appl. Polym.
Sci. 2002, 86, 1405–1412. With permission.) 
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delay or entirely suppress fracture processes originating from
imperfection of internal structure or scratches and notches.
The advantage of having cavitation is that the most energy
dissipative processes, crazing and shear yielding, occur at a
reduced stress level. In crystalline polymer systems the tough
response, besides cavitation and crazing, is of crystallographic
nature. Crystallographic slips are the main plastic deforma-
tion mechanisms. 

In almost all cases cavitation either makes possible fur-
ther toughening by activating other mechanisms or contrib-
utes itself to the plastic response of the polymer.

However, the cavitation during plastic deformation
greatly reduces the strength of polymeric materials. The cav-
ity-free deformation, such as in the plane-strain compression
mode, leads to oriented polymeric materials with the strength
and toughness much higher than the material oriented by
deformation with no constraints. The side constraints imposed
on the material during its compression help to prevent
unwanted cavitation as well as to produce the material with
well-defined and sharp texture.

The new method of rolling inside a channel placed on the
circumference of another roll, reported here, resembles a
plane-strain compression in a channel die. Rolling in a chan-
nel is the mode of cavity-free deformation due to the con-
straints formed by sidewalls of a channel. Shapes of isotactic
polypropylene and polyethylene rolled in a channel show a
significant increase in tensile strength and the modulus,
which to a great extent, depends on the temperature of rolling.
It was evidenced that the deformation process of polyethylene
by both the compression in a channel die and the rolling with
side constraints proceeds in a very similar fashion. The
method of rolling with side constraints has, however, a big
advantage over the other methods of processing of solidified
polymers since it allows for a continuous production of ori-
ented material of unlimited length with high output rate.
Moreover, the rolling with side constraints seems to be better
than the conventional rolling, in which the relatively weak
side constraints result merely from friction forces between
the material and rolls only. It limits the conventional rolling
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to the production of comparatively thin sheets or films. In
contrast, the constraint rolling allows for the production of
bars or profiles with relatively large cross-sections — in the
laboratory set-up we were able to produce long oriented bars
of the 12 × 12 mm2 cross-section with the speed of 4 m/min.
Such materials may become a very attractive engineering
material of superior mechanical properties.

One of the explored possibilities for the increase of yield
stress of a polymer, and hence its strength, is to increase its
crystal’s thickness. The yield stress increases initially with the
increase of crystal thickness. In the case of polyethylene, the
crystal thickness can be controlled by high-pressure crystalli-
zation. The yield sets in at the stress sufficient to activate
crystallographic slips. However, the increase of the yield stress
with the increase of crystal thickness in polyethylene samples
shows a remarkable saturation above 40 nm. No further
increase of the yield stress is observed. In addition, the yield
stress displays the dependence on the deformation rate. In spite
of the yield stress dependence of deformation rate, the “magic”
thickness of 40 nm is independent of the deformation rate.
Since the crystallographic slips are controlled by generation
and propagation of mobile crystallographic dislocations, it is
recognized that in polyethylene with thin crystals the mono-
lithic mobile dislocations generated by thermal fluctuations are
responsible for its plastic resistance. For crystals thicker than
40 nm two new modes of nucleation of both edge and screw
dislocation half loops from lamella faces that are independent
of lamella thickness were proposed. These two new modes of
dislocation nucleation account for the observed transition from
a plastic resistance increasing with lamella thickness to a
steady resistance above a lamella thickness of 40 nm in poly-
ethylene. The temperature- and strain-rate dependences of the
plastic resistance of polyethylene and observed activation vol-
umes are explained based on these two nucleation processes.
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I. INTRODUCTION

 

Many polymer-based materials whose successful application
depends on their fracture resistance may be considered to be
“nanostructured” in that they show some degree of structural
heterogeneity at the sub-micron level. These include bulk
semicrystalline thermoplastics such as polyethylene (PE) and
isotactic polypropylene (iPP), which self-organize to form crys-
talline lamellae with typical thicknesses of about 10 nm [1].
The lamellae are generally considered to anchor the chains in
semicrystalline polymers, so that solid-like behavior (revers-
ibility with respect to small deformations) persists at temper-
atures, 

 

T

 

, well above their glass transition temperature, 

 

T

 

g

 

.
PE, in particular, shows excellent ductility and fracture resis-
tance under ambient conditions, even though 

 

T

 

g

 

 << 0°C. 
The term “nano-structured” polymer is also commonly

understood to refer to polymers that contain chemically dis-
tinct phases in which the heterogeneity has been deliberately
engineered. A particularly high degree of microstructural con-
trol in two (or multiple) phase polymers is possible through
self-organization of block copolymers with a well-defined
molar mass, 

 

M

 

, which may give rise to a lamellar microstruc-
ture on a similar length scale to that of semicrystalline poly-
mers, depending on the ratio of the block lengths [2]. Indeed,
the deformation and toughening behavior of lamellar rub-
bery/rigid block copolymers, which are gaining in importance
commercially, may prove to show interesting parallels with
the behavior of semicrystalline homopolymers. 

In what follows, the fracture properties of some practi-
cally important semicrystalline polymers will be reviewed.
Both low and high speed fracture behavior will be considered,
because either or both may be critical to performance, depend-
ing on the nature of the polymer and its applications. For
example, although the impact behavior of PE is generally not
of as much concern as that of iPP, its slow crack growth (SCG)
behavior is important in applications such as piping, where
it is subject to low-level loading over extended times [3]. Both
impact and SCG often involve crazing, that is, the formation
of fibrillar planar or wedge-shaped deformation zones. Craze
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formation, morphology and breakdown will therefore be cen-
tral to the present discussion, in which emphasis will also be
placed on the role of entanglement.

 

II. MICROMECHANISMS OF FRACTURE IN 
SEMICRYSTALLINE POLYMERS

 

Figure 1a shows the micro-structure typically observed in
high density polyethylene (HDPE) after processing via stan-
dard bulk thermoforming operations, along with representa-
tive iPP micro-structures (Figures 1b and c), which will be
referred to later. The structure in Figure 1a consists of a
network of “dominant” lamellae filled in by “secondary” lamel-
lae, which appear less distinct in the micrograph [1]. Given
that conventional processing offers little scope for significant
modification of the scale and form of the microstructure,
attempts to improve the properties of polyethylene (PE) have
focused on using advanced polymerization techniques to tai-
lor the degree of branching and molar-mass distribution. The
rationale for this is that, regardless of the details of the
subcritical deformation mechanisms, cohesive failure ulti-
mately requires either chain breakage or disentanglement of
individual chains from their neighbors (sometimes referred
to as “forced reptation” in order to distinguish it from classical
reptation via Brownian motion [4]). In an isotropic specimen,
it is nevertheless reasonable to postulate an intermediate
stage of failure that involves a transformation from an initial
state, in which the chains adopt globally random configura-
tions, to an orientated state [5]. Hence, in the case of ductile
semicrystalline polymers such as PE, there is a transforma-
tion from lamellae characterized by some degree of chain
folding (Figure 2a) to an oriented “fringed micelle”-type struc-
ture (Figure 2b). (Indeed, it could be argued on the basis of
chain packing constraints that the fringed micelle structure
is only possible for oriented chains.) In the limit of very long
chains, forced reptation may therefore conveniently be
described in terms of the “block and tackle” mechanism, orig-
inally postulated for amorphous polymers [4,6]. Stress is
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Figure 1

 

TEM image of RuO

 

4

 

-stained thin sections of (a) high-density polyethylene (HDPE); (b) 

 

α

 

-isotactic
polypropylene; (c) 

 

β

 

-isotactic polypropylene (amorphous regions stained dark).
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transferred to a given chain via its topological interactions
with neighboring chains, represented as trapped loops in
Figure 2b, and the crystalline regions give rise to a frictional
drag that opposes stress relaxation via movement of the chain
along its own contour. The effectiveness of anchoring by the
crystalline regions (hence the chain mobility and deformation
rate) and the length and architecture of the chains then
determine the relative extents of chain scission and disen-
tanglement during final failure. 

In amorphous polymers, the loops shown in Figure 2b
have been identified with entanglements, and the average
molar mass associated with each loop is taken to be the molar
mass per entanglement, 

 

M

 

e

 

. Because the speed, 

 

v

 

, of the chain
with respect to its surroundings is nonuniform, for 

 

M

 

 >> 

 

M

 

e

 

and affine deformation of the “entanglement points”, the mean
force  in a chain during disentanglement by forced repta-
tion has been inferred from the block and tackle model to be

 

Figure 2

 

Schematic of the initial state of an isotropic semicrys-
talline polymer before (a) and after (b) ductile necking, illustrating
the transformation from a partly chainfolded to a fringed micelle-
type arrangement.

(a) (b)
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(1)

where 

 

ζ

 

ο

 

 is an effective monomeric friction coefficient, 

 

b

 

 is the
statistical step length of the chains and 

 

τ

 

d

 

 is a reptation time,
assumed to be fixed in the presence of an imposed deformation
rate (for example, a given rate of crack advance) [6]. In deriv-
ing equation (1), the force in the chain, 

 

f

 

, is taken to be
proportional to 

 

v

 

 locally. The force for chain scission, on the
other hand, is relatively insensitive to deformation rate, as
discussed in detail elsewhere [3], and for intermediate to high
strain speeds, it is estimated to be of the order of 2 nN.

In a semicrystalline polymer, the loop size, , may
also be identified with the entanglement network if it can be
assumed that the entanglement density in a solid semicrys-
talline polymer reflects that of the melt. Conservation of
entanglements is a reasonable assumption for rapid solidifi-
cation of an isotropic melt, for which the radii of gyration of
the chains change little and the topological relationships
between the chains are substantially maintained (cf. Figure
2) [7]. Entanglement has been argued to be reduced signifi-
cantly by crystallization at low rates, as the characteristic
times for incorporation of individual chains into the lamellae
become comparable with, or exceed the longest melt relax-
ation times [8–10]. Corresponding decreases in fracture resis-
tance have been observed in semicrystalline polymers that
have undergone relatively slow solidification, for example, by
isothermal crystallization at low supercooling [8]. However,
such conditions are not relevant to the usual industrial pro-
cessing routes. 

Even given an entanglement molar mass close to 

 

M

 

e

 

,

 

 

 

the
network must remain stable throughout the transformation
from a partially chainfolded structure (Figure 2a) to the ori-
ented structure (Figure 2b) for entanglement to be effective
in the final stages of fracture. Hence, amorphous sub-chains
within the interlamellar regions must be anchored by the
crystalline lamellae [11,12]. Assuming approximately equal
proportions of amorphous and crystalline material, significant
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stabilization of the network is expected when

 

 M

 

 is at least 3
to 4 times greater than the molar mass, 

 

M

 

l

 

, associated with
chainfolded crystalline blocks in the lamellae [13,14]. If these
blocks consist of an average of 3 adjacent stems (as inferred
from classical models of lamellar growth at high undercool-
ings [15]), then for PE, say, a typical lamellar thickness of
about 10 nm implies 

 

M

 

l

 

 to be about 3500 g mol

 

–1

 

. Effective
anchoring therefore requires that 

 

M

 

 > 

 

M

 

crit

 

 = 10–14 kg mol

 

–1

 

in PE. An alternative way of estimating 

 

M

 

crit

 

 that avoids any
assumptions about the degree of chainfolding, is to suppose
that effective anchoring only occurs when the root-mean-
square end-to-end distance of the chains is of the order of the
lamellar long period, which leads to 

 

M

 

crit

 

 of about 50 kg mol

 

–1

 

[12]. In both cases, the predicted value is very much greater
than 

 

M

 

e

 

 (about 850 g mol

 

–1

 

 in PE [16]). Hence, unlike in
amorphous polymers, where 

 

M

 

c

 

 = 2

 

M

 

e

 

 defines the threshold
for stability of the entanglement network, in semicrystalline
polymers it is the scale of the lamellar texture that determines
the critical mass for 

 

T

 

 > 

 

T

 

g

 

. Moreover, in regimes of 

 

M 

 

imme-
diately above 

 

M

 

crit

 

, there will remain a significant proportion
of amorphous sub-chains associated with free ends (“dangling
chains”) of molar mass approximately equal to 

 

M

 

l

 

, that cannot
contribute to a network. Hence, the effective entanglement
molar mass for identical chains of molar mass 

 

M 

 

may be
estimated from

(2)

Figure 3 shows experimental data for iPP specimens with
different weight average molar masses, M

 

w

 

, tested at 1
mm/min in simple tension [17,18], in which significant cohe-
sive strength is observed for M

 

w

 

 down to 100 kg mol

 

–1

 

 (Figure
3a). At the same time, however, the natural draw ratio, 

 

λ

 

max

 

,
in the necked regions of fully ductile specimens shows a sharp
increase with decreasing M

 

w

 

, which may reflect the reduced
entanglement constraints predicted by equation (2). By anal-
ogy with an amorphous polymer [19],

M
M M

M Me
eff e

l

= ⋅
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(3)

where  is the limiting natural draw ratio as 

 

M 

 

→

 

 

 

∞

 

 

 

(that
is, in the absence of chain ends). The results in Figure 3a also
indicate a small decrease in the ultimate tensile strength, 

 

σ

 

b

 

,
with decreasing M

 

w

 

. If simple cohesive failure by chain scis-
sion is assumed, 

 

σ

 

b

 

, is expected to be proportional to the
number of entangled strands crossing unit area of unde-
formed specimen, which leads to 

 

Figure 3

 

Tensile test data for isotactic polypropylene (iPP) with
different weight average molar masses: (a) nominal failure stress;
(b) nominal failure strain; (c) nominal strain at the onset of work
hardening (ductile specimens).
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(4)

where  is the limiting ultimate tensile strength as 

 

M 

 

→

 

 

 

∞

 

.
A fit to the observed values in Figure 3a and Figure 3b sug-
gests 

 

M

 

l

 

 to be about 55 kg mol

 

–1

 

 in each case, which is an
order of magnitude higher than the value of 5000 g mol

 

–1

 

estimated for a lamellar thickness of 10 nm. However, the
results in Figure 3 are for highly polydisperse specimens, so
that equation (2) should be replaced by, 

where 

 

φ(Μ

 

) is the molar mass distribution, so that if the
number average molar mass, 

 

M

 

n

 

 >> 

 

M

 

crit,

 

 this reduces to

 

The polydispersity, 

 

I

 

, is about 5 for the specimens in Figure
3, possibly explaining the discrepancy between the esti-
mated and apparent values of 

 

M

 

l

 

. Even so, the evolution of
the ultimate strain (Figure 3c) indicates a ductile-brittle
transition to occur at M

 

w

 

 250 kg mol

 

–1

 

. This is associated
with a transition from fully ductile behavior to failure by
breakdown of isolated crazes, so that the assumption of a
unique failure mechanism implicit in invoking equation (4)
is clearly an oversimplification. 

Although the above considerations highlight the difficul-
ties in detailed interpretation of data for typical commercial
semicrystalline polymers, they are consistent with the general
observation that fracture resistance can be improved by
increasing 

 

M

 

. On the other hand, indefinite increases in 

 

M
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eventually lead to problems with conventional processing, and
reduced crystallinity in semicrystalline polymers. Ultra high
molecular weight PE (UHMWPE) cannot therefore be consid-
ered a panacea, for example, although its exceptional wear
resistance is sufficiently important in certain applications to
justify 

 

ad hoc 

 

processing routes [13]. Branching is also
expected to improve anchoring of the chains, but high degrees
of branching again reduce the degree of crystallinity so that
improved toughness is accompanied by a reduction in yield
stress and stiffness. Many latest generation high density PEs
(HDPEs) destined for pipe applications, in which long term,
low-level loading is widely assumed to promote failure by
disentanglement, therefore contain a mixture of long,
branched “anchor” chains, and shorter linear chains whose
role is to maintain the processing characteristics and crystal-
linity of conventional HDPEs [20]. 

The importance of disentanglement for long term failure
may be inferred from the form of equation (1). Under static
conditions,  is fixed by the external load, so that failure
should always occur by disentanglement after sufficiently long
times 

 

t

 

 = 

 

τ

 

d

 

, if ductile yielding does not intervene first. Given
that the yield stress, 

 

σ

 

y

 

, is relatively insensitive to rate, this
accounts qualitatively for the observed fracture behavior of
polymers such as HDPE subject to static loads at temperatures
approaching the melting point, 

 

T

 

m

 

, where increased molecular
mobility is thought to favor disentanglement (through the
effective value of ζo, which in this case will be related to chain
slip through crystalline regions). Under these conditions, a
ductile-brittle transition is observed as the load decreases and
failure times increase, beyond which failure times are far
shorter than would be expected based on extrapolation from
high stress ductile regimes of fracture, as shown in Figure 3.
In the ductile failure regimes, the flow rate, , is usually
related to the stress, σ, by an empirical power law. If the failure
time tf εf/ , where εf is the failure strain, one obtains

 (5)

f

�ε

�ε

σ σ≈







−

o
f

fo

n
t
t

1 /

DK4635_C006.fm  Page 224  Thursday, April 7, 2005  1:30 PM

© 2005 by Taylor & Francis Group.



with n between 10 and 20 for a wide range of polymers, as
illustrated in Figure 4, where n is approximately 20 in the
ductile regime [3]. In the brittle regimes of behavior associ-
ated with longer failure times, after a certain induction
period, SCG is observed. The corresponding crack advance
rate is typically given by 

 (6)

where a is the crack length, K ∝ σ  is the stress intensity
factor, Kco is a scaling parameter and m is between 3 and 5

Figure 4 Hoop stress (circumferential stress in a tube subject to
internal pressure) vs. time to fail in HDPE pipes at different tem-
peratures. (After Kausch H-H, Polymer Fracture, 2nd Ed. Heidel-
berg-Berlin: Springer, 1987.)
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[21]. For a fixed initial defect size, and assuming tf af/  where
af is some critical amount of crack growth for failure, 

(7)

in static experiments, again as illustrated in Figure 4, where
m ≈ 4 in the brittle failure regime. 

Trends toward brittle behavior with decreasing effective
deformation rates have also been reported in certain glassy
polymers such as polycarbonate (PC), especially close to Tg,
where they have again been linked to disentanglement
[22,23]. However many commonly available glassy polymers,
such as polymethylmethacrylate (PMMA), show fragile
behavior over a wide range of strain rates and limited ductil-
ity in tension at ambient temperature. This has been attrib-
uted to their relatively low entanglement density compared
to that in polymers such as PC, which makes it energetically
favorable for chains to break at relatively low global stresses,
and hence promotes craze formation and craze breakdown
[19,24]. The competition between ductile behavior and crazing
may also be strongly influenced by the strength of secondary
transitions, and their consequences for the local segmental
mobility below Tg, which is closely associated with yielding
[25]. Thus, although the relative fragility of iPP with respect
to PE may be partly due to the lower entanglement density
of iPP (Me  5000 g mol–1 [16]), it is also pertinent that Tg

in iPP is just below ambient temperature and its melting
point Tm is about 170°C, whereas Tg in PE is well below 0°C
and Tm is generally between 120 and 140°C. The molecular
mobility is therefore inferred to be considerably higher in PE
at ambient temperature than in iPP. It follows that the critical
resolved shear stress (CRSS) for the most active slip system
in PE is reported to be 7.2 MPa, whereas the effective CRSS
in iPP is in excess of 20 MPa [26]. The unusual cross-hatched
microstructure of the usual α modification of PP (Figure 1b)
may also play a role in the observed behavior, since it has
been suggested to hinder slip mechanisms with a relatively
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low CRSS during the early stages of deformation [27,28]. This
implies not only a relatively high σy, but also a marked yield
drop as these slip systems become activated in the latter
stages of yielding. The resulting tendency for slip processes
to localize may also favor crazing in tension. 

A further deformation mode is seen in polyoxymethylene
(POM), whose σy and degree of crystallinity are both relatively
high and for which Me  1600 g mol–1 [16]. In this case, tensile
deformation at ambient temperature involves neither ductile
drawing, nor fragile rupture, but rather the formation of
numerous stable craze-like zones of cavitation [8,29]. The
material is able to accommodate relatively large strains (up
to 100%) in a nearly reversible manner because the matrix
surrounding the cavitated regions is able to recover elastically
on unloading. Similar modes of deformation at crack tips
render POM relatively tough, in spite of its limited macro-
scopic ductility. Nevertheless, as the temperature is raised,
and the mobility increases, POM shows an increased tendency
to neck and, indeed, under slow crack growth conditions at
high temperatures (T > 100°C), reverts to very similar behav-
ior to that of PE under static loading, that is, a ductile-brittle
transition with decreasing load, accompanied by crack tip
crazing and craze breakdown [30].

III. CRACK TIP MICRODEFORMATION 

To understand the link between macroscopic fracture behavior
and microscopic quantities, such as M or the lamellar thick-
ness, with the aim of either developing new strategies for
improving fracture properties or understanding and optimiz-
ing improvements obtained empirically, it is helpful to observe
the microdeformation mechanisms directly in combination
with sample preparation techniques that maintain as far as
possible the deformation-induced morphology as it appears
under load [30]. Figure 5 shows craze microstructures in bulk
specimens of HDPE and iPP obtained at moderate strain rates
at ambient temperature. In each case, the specimen has been
embedded under load with a low viscosity resin, and then
stained with RuO4 prior to thin sectioning, using an ultrami-

�
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Figure 5 TEM micrographs of crazing in (a) bulk HDPE and (b) bulk α iPP deformed in tension at room
temperature (embedded in epoxy and PMMA, respectively, and stained in RuO4; deformation axis is roughly
vertical). 

(a)

100 nm

(b)

100 nm

© 2005 by Taylor & Francis Group.



crotome equipped with a diamond knife. HDPE shows a some-
what irregular fibrillar structure, with clear continuity
between the craze fibrils and dominant lamellae visible in the
undeformed material outside the craze. This relationship is
less clear in iPP, but the fibril sizes remain roughly commen-
surate with the lamellar size and spacing. In HDPE such
structures are seen when the degree of plastic constraint is
high, such as at notch tips in bulk specimens, but they may
also be present in unnotched specimens, depending on the
deformation conditions and molecular parameters. 

Crazes, or craze-like fibrillar deformation zones are also
characteristic of deformation at the crack tip in HDPE under-
going slow crack growth (SCG) in the brittle regime, as
reflected by Figure 6, which shows part of the crack tip defor-
mation zone in a notched sample subjected to K = 0.22
MPam1/2 at 80°C [31]. SCG is frequently reported to occur by
a stick slip mechanism such that all or part of the fibrillar
zone at the crack tip breaks down after some characteristic
incubation time. The crack-tip thus advances by a distance

, as sketched in Figure 7, and a new fibrillar zone
stabilizes. This behavior is widely accounted for in terms of
a fibril creep failure mechanism and, by implication, disen-
tanglement via forced reptation, discussed earlier in the con-
text of equation (1) [32–34]. If λ is the fibril draw ratio, b2 is
the effective cross-sectional area of a chain and σs is the
traction at the boundary of the fibrillar region,  is equal
to λb2σs. By equating the fibril breakdown time tc with τd in
equation (1), one obtains

(8)

where do is the initial width of the layer of material that
fibrillates to form the craze, and δ is the crack opening dis-
placement [32]. If σs and do are uniform and independent of
K, the Dugdale model implies  for a >> l, where l is
the length of the fibrillar region in Figure 7, and  [35].
Taking  it follows that 
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Figure 6 Craze structure in a notched specimen of HDPE subject to an initial applied stress intensity factor
of 0.22 MPam1/2 at 80°C (embedded in epoxy and stained in RuO4; deformation axis roughly horizontal). (From
Plummer CJG, Goldberg A, Ghanem A, Polymer 2001; 42: 9551–9564. With permission.). 
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(9)

The K4 dependence predicted by equation (9) is consistent
with observation (cf. equation [6]), but the M dependence is
difficult to verify since most experimental data pertain to
highly polydisperse specimens, and the assumption that M
>>  is unrealistic in many commercial grades of HDPE.
Other questionable assumptions include the independence of
do and σs on deformation conditions, and the linear depen-
dence of the force in a disentangling chain and its displace-
ment rate with respect to its neighbors, particularly since ζο
is ill-defined for a semicrystalline solid (indeed there is evi-
dence from interfacial studies for a weaker dependence, as
will be discussed in the next section [12]).

Alternative approaches to deriving analytical expres-
sions for SCG based on relatively simple models such as that
described above include (i) direct measurement of the consti-
tutive behavior of the craze [36–38] and (ii) prediction of the
behavior of individual craze fibrils by analogy with macro-
scopic necks [33]. The results may then be incorporated into
finite element simulations of the global response of the

Figure 7 Sketch of the stick-slip mechanism of slow crack growth.
(From Plummer CJG. Polymer 2004; 169, 75. With permission.)
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crack/cohesive zone [39]. However, although the analogy with
plastic necks is arguably justified at relatively high K within
the SCG regimes, where fibrillar structures are relatively
coarse and their internal texture resembles that of macro-
scopic necks, the fibrillar structure becomes progressively
finer as K decreases, eventually approaching the lamellar
thickness (cf. Figure 6). Indeed, at sufficiently low K, acceler-
ated testing of SCG resistant HDPE grades has indicated the
mechanism of crack tip deformation to change to one of inter-
lamellar cavitation and crack propagation via lamella cleav-
age and/or breakdown of interlamellar ligaments, without the
formation of a mature craze structure [31]. This results in a
mirror-like fracture surface and the deformation in the vicin-
ity of the crack tip is as shown in Figure 8, where regions of
interlamellar cavitation associated with coarse and fine
lamellar slip are visible, but no large-scale fibrillation [31,40]. 

At high imposed deformation rates, λ  λmax in craze
fibrils, and, unlike the situation described above for SCG, the
onset of crack propagation often occurs at a relatively well
defined critical stress intensity, Kc. This suggests the craze
breakdown criteria to be insensitive to t. For mode I crack
propagation through a (long) single craze under conditions
consistent with linear elastic fracture mechanics, and assum-
ing the craze to behave as an orthotropic elastic body with a
finite stiffness in the direction parallel to its length (attributed
to the presence of “crosstie” fibrils), it has been shown that 

(10)

where σc is the stress to break a craze fibril, D is the fibril
spacing and E is the tensile modulus, Mb is the mass of a
statistical segment and fc is the force to break (or disentangle)
an entangled strand [41,44]. Equation (10) has been invoked
to account quantitatively for crack initiation and failure at
high speed in iPP, where a single crack tip craze is observed
in tensile tests on compact tensile specimens, and gives a
reasonable order of magnitude estimate if chain scission is
assumed, that is, fc  2 nN [45]. Certain parameters required
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Figure 8 Deformation close to the crack tip in a specimen of HDPE tested at K = 0.12 MPam1/2 in the
presence of a surfactant (embedded in epoxy and stained in RuO4; deformation axis roughly vertical).
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in the full analysis, such as the elastic anisotropy of the craze,
are nevertheless difficult to estimate, and it is also difficult
to vary parameters such as Me systematically and indepen-
dently in bulk materials. 

Although time dependent failure criteria will not be dis-
cussed explicitly in what follows, it is also possible to express
K as a function of the crack velocity, , by assuming, for
example, that 

(11)

If breakdown is mediated by disentanglement, then the dis-
entanglement time, τd, must be less than equal to the time
available for fibril breakdown, . Hence, by substituting
equation (1) into equation (11), one obtains

(12)

and Kc is undefined for crack initiation. 

 IV. WEDGE TESTING AND INTERFACIAL 
FAILURE

A convenient way of testing equation (10) is the “wedge test”
in which crack advance is achieved by driving a wedge (for
example, a razor blade), into a pre-crack, as shown in Figure
9. Provided the physical and geometrical characteristics of the
specimen justify the assumption of mode I opening, the critical
strain energy release rate, Gc, may be calculated from the crack
length ahead of the wedge [46]. Kc is related to Gc through

(13)

Because the rate of advance of the wedge may be varied
systematically, this type of test also provides a straightfor-
ward way of testing the rate dependence of the fracture
parameters, that is, expressions such as equation (12).

Crack tips are generally characterized by multiple craz-
ing even in brittle bulk polymers so that the detailed assump-
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tions behind equation (10) fail. However, if the crack path
along the specimen axis is relatively weak, the single craze
criterion may be easier to satisfy. This is often the case in
heterogeneous systems such as interfaces between chemically
distinct polymers, or partly bonded interfaces between iden-
tical polymers, in which Σ, the effective number of entangled
strands crossing the unit area of the interface is significantly
reduced with respect to its bulk value, 1/(b2λmax). Indeed, if Σ
can be controlled, this type of specimen may be used to inves-
tigate the predicted dependence of Gc or Kc on entanglement
parameters systematically [47]. 

In the case of heterogeneous semicrystalline polymer
interfaces, Σ has been controlled by using in situ chemical
reactions to vary the density of covalent bonds straddling the
interface [48–51]. Maleic anhydride (MAH) grafted polymers
are commonly used for this purpose because MAH reacts
readily with a range of functional groups, including the –NH2

terminal groups of polyamides. Thus block or graft copolymers
form on heat treatment of interfaces between iPP/iPP-g-MAH
blends and polyamide 6 (PA6) [51]. Wedge tests have shown
Gc to be proportional to Σ2 for relatively weak interfaces pre-
pared in this way (Gc up to 100 Jm–2), in which a single crack-
tip craze is observed on the iPP/iPP-g-MA side of the interface,
consistent with equations (10) and (13) [48–50]. Reasonable
agreement has also been obtained between the experimental
results and predictions of absolute values of Gc based on the
observed craze microstructure at the interface and the

Figure 9 Test geometry used for the wedge test on interfaces.
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assumption of chain scission (Gc is found to be weakly depen-
dent on , at least at low  [49,50]). However, significant
deviations from this simple scaling have also been observed,
depending on the nature of the iPP-g-MA anchoring chains,
which suggest that the lamellar morphology at the interface
plays an important role [48].

Σ may also be varied by varying the thickness of a suit-
able amphiphilic block copolymer layer deposited at the inter-
face between two incompatible polymers, such that after heat
treatment, one block is anchored to one side of the interface
and the other block is anchored to the other side of the inter-
face. This technique was first used to investigate interfaces
between glassy polymers, for which Gc is again found to be
proportional to Σ2 in the single craze regime [47]. The same
approach has been used more recently to investigate inter-
faces between aPS and PE, with emphasis on the influence
of M of the PE compatible block on Gc [12]. This has provided
evidence for pull-out, i.e., disentanglement of PE blocks with
Mn < 30 kg/mol–1. However, scission is observed at higher Mn,
and the implied critical value of M for the onset of chain
scission is comparable to the simple estimates of Mcrit in semi-
crystalline PE described earlier. Thus disentanglement does
not appear to dominate under the conditions studied (constant
rate tests at room temperature) as long as anchoring of the
entanglement network by the crystalline lamellae remains
effective. This provides some direct justification for the earlier
assumption of scission in modelling the failure of bulk iPP
and iPP-PA6 interfaces [45,48]. Indeed, in glassy polymers,
chain lengths equivalent to Me suffice to induce chain scission
at T << Tg, as has been demonstrated in similar experiments
on aPS-poly(2-vinylpyridine) (-PVP) interfaces [52–54]. Sys-
tematic investigation of the kinetics of crack propagation
along aPS-PE interfaces in the pull-out regime also suggest
that , rather than the linear dependence predicted by
equation (12), which raises questions as to the general validity
of equation (1) for semicrystalline systems [12].

Apart from the role of the lamellar thickness on stabili-
zation of the entanglement network, the specimen micro-
structure may also influence the qualitative nature of the

�a �a

�a K∝ 0 4.
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damage zone, with implications for Gc, given that a more
diffuse damage zone is generally expected to lead to a higher
crack resistance than for a single craze (owing to increased
energy dissipation). iPP is a convenient model system for
investigating micro-structural effects, because in addition to
the stable α  modification (Figure 1b), a metastable β phase
appears sporadically in commercial mouldings, and may be
induced preferentially using specific nucleation agents. The β
phase consists of relatively broad lamellae arranged in twist-
ing parallel stacks (Figure 1c) and is widely associated with
improved ductility in iPP. Certainly, in reaction bonded iPP-
PA6 interfaces, the presence of β iPP spherulites has been
found to result in deviation of crazes and/or crack tips from
the interface and nucleation of secondary crazes beyond the
interface (in the equatorial or polar regions of the β spheru-
lites) [55]. This is accompanied by relatively diffuse microde-
formation locally in the form of either intense lamellar
cavitation (Figure 10) or cooperative lamellar shear, depend-
ing on the local orientation of the lamellae with respect to the
tensile axis. However, the increases in fracture resistance are
limited in β-nucleated specimens and the Σ2 dependence of Gc

is maintained, even though the assumption of a single crack
tip craze is no longer justified [55–56]. Significantly higher
interfacial toughness has been seen in interfaces between
rubber modified iPP/iPP-g-MAH and PA6 [56,57]. The crack
tip deformation zone in this case consists of rows of cavitated
rubber particles, separated by homogeneously necked liga-
ments of the iPP matrix extending perpendicular to the prin-
cipal stress axis, with little evidence for crazing (although the
layer of iPP immediately adjacent to the PA6 is relatively poor
in modifier particles and isolated crazes are observed close to
the interface). Nevertheless, immediately adjacent to the
crack tip, the whole of the deformation zone forms a contin-
uous highly drawn structure, which may be considered anal-
ogous to a single craze, and Gc is once more found to be
proportional to Σ2 [56,57]. This suggests that the general form
of equation (10) has relatively wide validity, which underlines
the fundamental importance of entanglement in its broadest
sense for toughness in semicrystalline polymers. 
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Figure 10 Interlamellar cavitation in βiPP lamellae deformed in the direction perpendicular to their tra-
jectories at ambient temperature (embedded in epoxy and stained in RuO4).
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V. CONCLUSIONS

The role of entanglements in the failure of semicrystalline
polymers is widely acknowledged, if only implicitly through
reference to concepts such as tie molecules. In the present
review, the effects of entanglement have been discussed in
terms already commonly employed for amorphous glassy poly-
mers, allowing models developed for these latter to be trans-
posed directly to the semicrystalline case. There are
nevertheless considerable difficulties in testing these models
with typical commercial semicrystalline thermoplastics,
whose molar mass distributions are wide, and, as in the case
of latest generation pipe materials, may be convoluted with
chemical heterogeneity. Important questions therefore remain
open, such as that of the extent to which disentanglement
dominates over chain scission as the ultimate fracture mech-
anism under different conditions. Recent results from wedge
tests on heterogeneous interfaces with semicrystalline com-
ponents have nevertheless provided new insight into the fun-
damental aspects of fracture in semicrystalline polymers,
with practical implications for molecular design in these
materials. Although so far limited to a relatively narrow range
of experimental conditions, this approach has great potential
for parametric fracture studies on semicrystalline polymers. 
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I. INTRODUCTION

 

Polyolefins are a class of thermoplastic polymers that include
the polymerization products of alkenes (polyethylene, polypro-
pylene, etc), the copolymers of ethylene and propylene and
the copolymers of alkenes with vinyl monomers. The aim of
this chapter is to discuss the technically most relevant micro-
mechanical deformation mechanisms in some of these mate-
rials: low-density polyethylene (LDPE), linear-low-density
polyethylene (LLDPE), high-density polyethylene (HDPE)
and ultra-high molecular weight polyethylene (UHMWPE)
and the two main crystalline modifications of isotactic
polypropylene. The common feature of these systems is the
semicrystalline morphology, which is controlled by the archi-
tecture of the macromolecules (chemical structure, configura-
tion, conformation) and the processing history [1]. The basic
morphological units, i.e., the highly ordered crystalline lamel-
lae that are alternated by amorphous regions, are formed by
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self-organization during the crystallization process (see Chap-
ter 1). Their typical dimensions lie within the range of 5 to
25 nm. Hence, these polymers, showing a typical coexistence
of two different phases within one chemically homogeneous
polymer can be considered as nanostructured materials.
Under normal conditions (atmospheric pressure, 23°C, mod-
erate deformation rate), the coexisting phases are a combina-
tion of a soft (amorphous) and a relatively stiff (crystalline)
component connected by covalently bonded links (tie mole-
cules and entanglements within the amorphous regions) that
give rise to a good balance of stiffness and toughness to the
polymer material. Such a nanostructure of alternating hard
and soft regions seems to be characteristic for “high-end”
materials such as lamellar styrene-butadiene block copoly-
mers [2], toughened amorphous polymers, nanocomposites,
bone tissue, etc.

The details of the semicrystalline morphology play a dom-
inant role, as they determine the final mechanical properties
that are of technical interest. These 

 

nanostructure monitored
properties 

 

control the micromechanical mechanisms of defor-
mation and fracture acting when a load is applied to the
sample. A variety of micromechanical processes takes place at
microscopic, mesoscopic, and nanoscopic scale. Typical micro-
scopic phenomena include micro-yielding, micro-cavitation
and orientation mechanisms that are connected with craze-
and shear-band formation as well as deformation zones [1].

In the first part of this chapter, results obtained over the
last two decades for different polyethylene types will be sum-
marized. In the second part of the chapter, results for a series
of iPP samples will be discussed in comparison to the micro-
mechanical mechanisms that are found to be typical for the
mechanical properties of polyethylene. Experimental results
are focused on scanning electron microscopic (SEM) observa-
tions since the procedure for sample preparation is relatively
easy and nevertheless effective. Additionally, transmission
electron microscopy (TEM) studies were performed in support
of the SEM observations and to exclude the misinterpretation
of preparation artifacts, gaining insight as well to effects on
the nanometer level at regions of special interest. Results will
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be summarized with respect to the mechanical properties that
are of interest for the application of these polymers. 

 

II. POLYETHYLENE: THE INFLUENCE OF 
MOLECULAR PARAMETERS ON 
MORPHOLOGY AND MICROMECHANICAL 
MECHANISMS

A. Influence of Chain Architecture: Branching

 

Polyethylene materials can be roughly classified by the extent,
statistical distribution and length of side chains (branches)
covalently bound to the linear backbone chain. Branching can
be controlled within a wide range by the selection of the
thermodynamic conditions in the reactor during the polymer-
ization process, the choice of the catalyst or the addition of
higher alkenes as comonomers to the ethylene base monomer.
The main types of polyethylenes that are distinguished by the
actual chain architecture are low-density polyethylene
(LDPE), linear-low-density polyethylene (LLDPE), and high-
density polyethylene (HDPE). Usually, ultra-high molecular
weight polyethylene (UHMWPE) consisting of very large lin-
ear macromolecules is cited as another PE type on its own.

LDPE

 

 

 

is characterized by a relatively large amount of
branches consisting of shorter and longer chain fragments
similar to the backbone macromolecule. Due to that type of
branching, the crystallization process is hindered, leading to
a low degree of crystallinity and, thereby, a lower density of
the material. The melting temperature of the crystalline
phase is approximately 105°C, the glass transition tempera-
ture of the amorphous portion is approximately –120°C. Mor-
phology and micromechanical mechanisms depend strongly
on the molecular weight. The most significant feature is the
appearance of banded spherulites.

In contrast, HDPE consists of linear chains. Branches
appear only to a small extent, so that crystallization is less
disturbed by such chain defects. The linear chain architecture
results in higher degrees of crystallinity. As compared to LDPE,
the higher content of the crystalline phase yields the higher
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stiffness of the material. The melting temperature of the more
perfect crystalline lamellae is shifted to approximately 130°C.

With respect to the morphology and the deformation
behavior, LLDPE combines some typical features of HDPE
and LDPE. Very similar to HDPE, there are no long chain
branches. In comparison to LDPE, short chain branches are
more uniform in their length. The morphology is characterized
by the coexistence of long and thicker and short and thinner
lamellae, resulting in a broad or bimodal lamellar thickness
distribution. Like in LDPE, banded spherulites are formed.

 

B. Influence of Molecular Weight

 

The molecular weight has similar influence on the morphology
of the different types of polyethylenes. In general, four molec-
ular weight ranges can be defined which are distinguished by
their superlamellar structures as well as by length and thick-
ness of the crystalline lamellae and the thickness of the amor-
phous part [1,3–7]. In the range around M

 

w 

 

≈

 

 20,000 g/mol
sheaf-like structures made up of stacks of long lamellae run-
ning parallel to each other are typical. The lamellae are
densely packed having only a small amount of amorphous
material in between. With increasing molecular weight the
length of the lamellae is increasing (up to approximately 1
µm), and the lamellar thickness is growing slightly. In the
range of M

 

w 

 

≈

 

 30,000–100,000 g/mol there is a transition from
sheaf-like structures to spherulites. In contrast to HDPE,
LDPE spherulites show a pronounced banding. The thickness
of the concentric rings is decreasing with increasing M

 

w

 

.
Lamellar thickness and thickness of the amorphous layer are
increasing continuously. For molecular weights M

 

w

 

 

 

≥

 

 200,000
g/mol the spherulitic superstructure of HDPE is replaced by
bundles of irregularly distributed lamellae whereas banded
spherulites are found in LDPE. The lamellar thickness and
the thickness of the amorphous layer are increasing continu-
ously. For ultra-high molecular weights in the region of
1,000,000–2,000,000 g/mol (UHMWPE [10]) randomly distrib-
uted short and thick lamellae separated by thick amorphous
layers are observed. There is no spherulitic superstructure.
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The mechanical behavior of polyethylene also depends
strongly on the molecular weight. Below M

 

w 

 

≈

 

 50,000 g/mol
the material fails in a brittle manner. For LDPE one observes
a pronounced increase of strength and elongation in the range
of M

 

w 

 

≈

 

 100,000 g/mol. Above M

 

w 

 

≈

 

 100,000 polyethylenes show
a ductile behavior.

For a usual HDPE material with blocks of lamellae in
different orientations the typical micromechanical mecha-
nisms include lamellar slip, lamellar rotation, separation and
breaking of lamellae, chevron formation, stretching and
molecular orientation of the amorphous phase and unfolding
or yielding of the crystalline lamellae. These mechanisms are
summarized schematically in Table 1 with increasing strain

 

ε

 

 for the supermolecular, morphological level, the macromo-
lecular amorphous and crystalline phase.

 

III. ISOTACTIC POLYPROPYLENE: 
EXPERIMENTAL

A. Materials and Sample Characteristics

 

The isotactic polypropylene materials discussed in this chap-
ter are of the 

 

α

 

- as well as of the 

 

β

 

-type and vary in the
molecular weight from M

 

w

 

 = 230,000 g/mol up to M

 

w

 

 = 980,000
g/mol (Borealis AG, Linz). To obtain a fully 

 

β

 

-modified mate-
rial, one 

 

β

 

-nucleated iPP of M

 

w

 

 

 

≈

 

 400,000 g/mol was crystal-
lized from the melt via a multistep crystallization procedure.
All samples were prepared by plate pressing at a mold tem-
perature of 200°C. Tensile bars were punched out of the 2 mm
thick plates using dumbbell-shaped pierce tools. Two types of
tensile bars were produced: standard samples according to
DIN and miniaturized dogbone samples that are not following
any standard specification.

 

B. Techniques for the Analysis of Deformation 
Structures

 

Tensile testing at room temperature (23°C) 

 

was performed using
a universal tensile machine at traverse speeds of 1 mm/min
and 10 mm/min, respectively. Miniaturized tensile bars were
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tested using a miniature tensile testing device (MINIMAT
materials tester) at a traverse speed of 1 mm/min. For the
investigation of structures deformed at lower temperatures,

 

tensile testing at –5°C

 

 was performed using a universal tensile
machine. For tensile testing at 

 

–40°C

 

, a miniature tensile
device was equipped with a custom-made cooling chamber. 

 

T

 

ABLE

 

 1

 

Micromechanical Mechanisms in Polyethylenes at 

 

Different Stages of Plastic Deformation

 

Note: 

 

The processes described here result in a ductile behavior of the polymeric
material. For the example that is illustrated here (cold drawing of a HDPE blown
film), no cavitation was observed.

Process Morphology Amorphous Phase Crystalline Phase

Original material

-Lamellae distributed 
 randomly with respect 
 to straining direction

-Collective rotation 
 of lamellar stacks 
 (chevron)

-Plastic processes as 
 described above

-Plastic processes as 
 described above

e ≈ 150%

e ≈ 300%

e ≈ 550%

-Lamellar separation
-Lamellar slip

-Rotation of lamellae 

-Breaking of lamellae 
 into microblocks

-Chain orientation 
 parallel to straining 
 direction, fibrillation

-Unfolding o 
 crystalline lamellae
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Scanning Electron Microscopy (SEM)

 

 was used to record
micrographs representing the spherulitic texture and the
intraspherulitic lamellar arrangement of the original sam-
ples. Moreover, structural changes introduced by plastic defor-
mation during uniaxial testing of miniaturized tensile bars
were followed over the complete length of the tensile bar. The
single steps of the microtome preparation prior to
permanganic etching are shown in Figure 1. As the result of
the procedure, a smooth surface representing the center line
of the sample is obtained. To reveal the details of the semi-
crystalline morphology and the deformation structures, the
samples were etched for 20 min at room temperature using
a modified permanganic etching agent following the procedure
described by Olley et al. [11]. Prior to inspection in the SEM
(JEOL JSM 6300), the samples were coated with a gold layer
of approximately 12 nm (Edwards sputter coater).

 

Transmission Electron Microscopy 

 

(200 kV TEM, JEOL)
was used to image the semicrystalline morphology of ultra
thin sections (about 50 to 80 nm thick) ultramicrotomed from
the bulk samples before and after deformation. The less

 

Figure 1

 

Schematic drawing illustrating the preparation steps for
miniaturized tensile bars after deformation, prior to etching and
SEM investigation: fixation to a steel plate (I), embedding of the
specimen using epoxy resin (II) and microtome cutting using a metal
blade (III).

Super Glue Sample

Epoxy

I

II

III
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ordered amorphous phase between the highly ordered crys-
talline lamellae was stained selectively by ruthenium tetrox-
ide (RuO

 

4

 

) prior to ultramicrotomy yielding appropriate
fixation of the material [12]. For the production of the sections
at room temperature, a Leica Ultracut Ultramicrotome
equipped with a Diatome diamond knife was used. Morpho-
logical parameters were derived from TEM micrographs by
interactive measurement using ANALY.SIS image processing
system. The procedure applied for the 

 

preparation of deformed
samples

 

 is depicted in Figure 2. A block of the specimen is
taken from the plastically deformed region of interest. After
RuO

 

4

 

 staining and fixation, ultra thin sections are prepared
from the block face. By means of this technique, one obtains
ultra thin sections from the center of the deformed tensile bar.

 

IV. ISOTACTIC POLYPROPYLENE: 
MORPHOLOGY AND MICROMECHANICAL 
DEFORMATION MECHANISMS

A. Morphology: General Features

 

The pronounced diversity of isotactic polypropylene (iPP) is
also connected with the existence of several crystalline mod-

 

Figure 2

 

Scheme showing the specimen preparation for TEM
inspection. A small block is taken from the region of interest close
to the centerline of the deformed tensile bar. The arrow indicates
the plane that is presented in the TEM micrographs.

σ
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ifications. Of particular interest from the technical point of
view are the more common 

 

α

 

-modification and the more exotic

 

β

 

-modification [13]. Recently, the latter can be produced by
the addition of highly efficient 

 

β

 

-nucleating agents [14]. It is
reported by several authors that the 

 

β

 

-iPP has superior
mechanical properties compared to the 

 

α

 

-form (e.g., enhanced
toughness and ductile behavior at high deformation rates)
[15–17]. The most significant morphological feature of the 

 

α

 

-
form of iPP is the so-called “cross-hatched” arrangement of
the crystalline lamellae as shown in Figure 3. The main lamel-
lae (“dominant lamellae”) are radially growing from an initial
site (center of the spherulite, Figure 3a), whereas the “sec-
ondary lamellae” are formed by an epitaxial growth onto
them, exhibiting a typical angle of 81° (Figure 3b) [18,19]. 

In contrast to this phenomenon, a stacked, parallel
arrangement of bundles of lamellae is found for the 

 

β

 

-modified

 

Figure 3

 

SEM micrographs recorded after permanganic etching,
illustrating the typical morphology of 

 

α

 

-iPP. (a): The low magnifi-
cation micrograph shows lamellae radiating from the center of a
spherulite. The numbers indicate regions with lamellar orientations
parallel (1), diagonal (2) and perpendicular (3) to the strain that
will be applied during tensile testing (arrow). The circle marks the
region of higher magnification. (b): At high magnifications, the typ-
ical cross-hatched arrangement of main lamellae (running top to
bottom) and secondary (daughter) lamellae are visible.

a 20 µm

1

2

3

b 500 nm

σ
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material (Figure 4). Here, the lamellae form a more sheaf-
like superstructure rather than a radiating, spherulitic
growth. The comparison of TEM images obtained for the two
main types of iPP is given in Figure 5.

From the SEM and TEM micrographs it becomes clear
that the intercrystalline, amorphous regions are distributed
more continuously in case of 

 

β

 

-iPP. In other words, the latter
shows a typical lamellar structure similar to other semicrys-
talline polymers, especially to the different types of polyeth-
ylenes pointed out above. The 

 

β

 

-iPP crystalline lamellae are
slightly thicker (approximately 15 nm) than the lamellae
found in the 

 

α

 

-iPP (approximately 10 nm). Due to the nucle-
ating agent added by the producer in case of the 

 

β

 

-modified
material, the size of the spherulites is different for the two
materials. For the 

 

α

 

-iPP the average spherulite diameter is
approximately 50 µm, while for the 

 

β

 

-iPP the spherulite
diameter is smaller: approximately 10 µm. From the SEM

 

Figure 4

 

SEM micrographs recorded after permanganic etching,
showing the typical morphology of 

 

β

 

-iPP. (a): The sheaf-like lamellar
arrangement at low magnification. The numbers indicate regions
with lamellar orientations parallel (1), diagonal (2) and perpendic-
ular (3) to the strain applied during tensile testing (arrow). The
circle marks the region of higher magnification. (b): High magnifi-
cation micrograph showing bundles of lamellae running parallel to
each other and some bifurcations. 

a b5 µm 500 nm

1

2
3

σ
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micrographs one can conclude that the 

 

β

 

-modified material
is “pure” since the whole area of the sample is filled with
spherulitic superstructures that can be assigned to the crys-
talline 

 

β

 

-modification.

 

B. Influence of the Molecular Weight on the 
Micromechanical Mechanisms

 

With increasing molecular weight, both 

 

α

 

-iPP and 

 

β

 

-iPP
reveal a characteristic increase in the thickness of lamellae
and interlamellar, amorphous layers and in the long period
(Table 2). This general tendency is more pronounced for the

 

β

 

-modified material. In order to discuss the influence of molec-
ular weight on the deformation behavior, we have selected
two grades of iPP: M

 

w

 

 of 230 kg/mol (iPP

 

230

 

) and 482 kg/mol
(iPP

 

482

 

), respectively. The average spherulite size of the unde-
formed materials varies with M

 

w

 

. For the iPP with the higher
molecular weight (iPP

 

482

 

), the average spherulite diameter is
approximately 49 µm, whereas the average diameter of iPP

 

230

 

is approximately 20 µm. It is noteworthy that in the case of

 

Figure 5

 

Comparison of lamellar morphologies for the two main
iPP types. (a): The lamellae associated to the 

 

α

 

 modification present
a cross-hatched morphology; (b): Lamellae of 

 

β

 

-iPP are aligned in a
parallel manner forming stacks or bundles. TEM micrographs of
ultrathin sections after chemical fixation and staining.

a b50 nm 50 nm

 

DK4635_C007.fm  Page 256  Thursday, April 7, 2005  1:52 PM

© 2005 by Taylor & Francis Group.



  

the iPP

 

482

 

 one observes single spherulites that can be assigned
to the crystalline 

 

β

 

-modification scattered randomly within
the material formed by 

 

α

 

 spherulites. This phenomenon is not
observed to such an extent for the iPP

 

230

 

 sample.
There is a significant difference in the deformation

behavior of samples tested in tensile experiments at room
temperature (23°C) at the step from 230 to 482 kg/mol, sche-
matically illustrated in Figure 6.

Occasionally, the iPP

 

230

 

 material fails in a semiductile
manner directly after the yield point in the stress-strain
curve is surpassed. The effect of such a premature fracture
can be to some extent attributed to defects on the surface
(scratches, notches). On the other hand, the iPP

 

582

 

 shows a
ductile behavior. 

Figure 7 illustrates the main differences in the microme-
chanical mechanisms that are observed for the two materials.
The SEM micrograph of iPP

 

230

 

 is recorded from a region close
to the fracture, representing a local strain of approximately
7% (Figure 7a). Typical crazes running perpendicular to the
straining direction are seen. The length of the crazes is in the

 

T

 

ABLE

 

 2

 

Characteristics and Morphological Parameters of 

 

iPP Samples of Different Molecular Weight

 

iPP Type,
M

 

w

 

 (kg/mol)

Lamellar
Thickness

[nm]

Thickness
Amorphous
Layer [nm]

Long
Period
[nm]

σσσσ

 

y

 

(MPa)*
εεεε

 

b

 

(%)*
σσσσ

 

b

 

(MPa)*

 

α

 

-iPP
297,000

7.3 3.4 10.7 36 67 —

 

α

 

-iPP
565,000

7.2 3.4 10.6 — — —

 

α

 

-iPP
979,000

8.7 4.2 12.9 35 375 41

 

β

 

-iPP
297,000

6.8 2.3 9.1 31 74 22

 

β

 

-iPP
565,000

9.1 3.5 12.6 — — —

 

β

 

-iPP
979,000

10.5 4.1 14.6 29 400 44

 

* Tensile testing at 23°C, traverse speed 10 mm/min 
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range of up to 100 µm, and their growth is not influenced by
the morphological units that are involved. In particular, the
craze propagation is not influenced by spherulite boundaries
or by lamellar orientation with respect to the strain direction.

 

Figure 6

 

Comparison of the macroscopic deformation observed for
samples tested at 23°C with a traverse speed of 10 mm/min for two
grades of 

 

α

 

-iPP having two different molecular weights. (a): Semi-
ductile fracture and multiple crazing. (b): Ductile behavior showing
neck formation and cold drawing.

 

Figure 7

 

Typical SEM images of deformed structures generated by
uniaxial tensile testing at 23°C for two grades of 

 

α

 

-iPP having differ-
ent molecular weight. (a): Crazes close to the plane of fracture, for
the 230 kg/mol sample; (b): Craze-like morphology including micro-
void formation and fibrillation localized in the polar regions (1) of the
spherulite for the 482 kg/mol iPP sample at a strain of about 30%.

σ

σ

a

b

a b10 µm 10 µm

σ σ

1

2 3
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The SEM micrograph of the deformation structures of iPP

 

482

 

(Figure 7b) corresponds to a local deformation of approxi-
mately 30%. Here, the type of deformation strongly depends
on the orientation of the lamellae with respect to the straining
direction. Intensive craze-like mechanisms including cavita-
tion and fibrillation of the material are observed in the spher-
ulite region 1 (main lamellae oriented parallel to the straining
direction). These craze-like mechanisms are limited to a few
µm in length. In contrast, no cavitations are observed in the
equatorial regions 2 and 3. 

The significant differences in the micromechanical mech-
anisms and the resulting mechanical properties are connected
with the decreasing thickness of the amorphous material
between lamellae with decreasing molecular weight (Table 2).
It can be assumed that the decreasing thickness of the amor-
phous portion at lower molecular weights is connected with
a reduced content of tie molecules or entanglements between
lamellae. Cavitations in the amorphous parts cannot be sta-
bilized and local stress concentrations result in longer crazes.
Therefore, a decrease in molecular weight initiates a transi-
tion from ductile to semiductile or quasibrittle behavior. Such
a sharp transition (embrittlement) with decreasing molecular
weight and decreasing thickness of the amorphous layers is
also known for polyethylene [7].

It is noteworthy that singular 

 

β

 

-type spherulites that can
be found within the 

 

α

 

-iPP exhibit a deformation behavior that
is significantly different from the behavior of the surrounding

 

α

 

-type spherulites. An intensive cavitation and fibrillation of
the material occurs in the spherulites of the β-iPP even at
low molecular weights. Microvoiding is not limited to certain
sectors of the spherulite. Similar effects have been reported
in the literature [20].

C. Influence of Crystal Polymorphism on 
Micromechanical Mechanisms

We have compared the micromechanical processes of the two
main polymorphic types of iPP for miniaturized tensile bars
tested at 23°C at a traverse speed of 1 mm/min (Figure 8). The
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plastic deformation of the tensile bars of both PP types under
load proceeds through formation and propagation of two mac-
roscopic necks in opposite directions. The tensile stresses at
yield are comparable (approximately 30 MPa in both cases),
and the curves for the elastic part before the yield point coin-
cide. Due to the geometrical limitations of the miniature ten-
sile tester, the β-iPP sample was not drawn up to the fracture.
The formation of a neck is much more pronounced for the α-
iPP. Here, a distinct yield point in the stress-strain curve is
observed. In contrast, in case of β-iPP the plastic deformation
that is going along with a pronounced stress whitening is
distributed more homogeneously over the length of the tensile
bar. Accordingly, the yield point in the stress-strain curve is
less significant. Since the area under the stress-strain curves
can be taken as a measure for the energy that is dissipated

Figure 8 Stress-strain-diagrams recorded at 23°C (traverse speed
1 mm/min) for miniaturized tensile bars made from the two crys-
talline modifications. Whereas the α-iPP (dotted line) shows a dis-
tinct necking, in the β-iPP (solid line) the stress whitening appears
homogeneously throughout the length of the tensile bar. 
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by plastic deformation within the sample, the data of Figure
8 confirm that β-iPP is superior to α-iPP. 

In Figure 9 the structural changes within the neck region
of the α-iPP sample are shown. The formation of microvoids
(cavitation that is connected with stress whitening which is
observed macroscopically) is limited to polar regions of the
spherulites with respect to the straining direction. This obser-
vation is comparable to the mechanisms that were described
in [21] for α-iPP of similar molecular weight.

Figures 10a and 10b are recorded from region I in Figure
9 at a higher magnification. Here the craze-like nature of the
deformation structures becomes visible. Once more, fibrillated
microcracks are formed perpendicular to the straining direc-
tion. Within the craze-like structures, cavitation and fibrilla-
tion occurs. The craze length is limited and does not exceed
2 µm. Within the region 1 (see Figure 3a) the crazes are finely
distributed and relatively large in number. The situation is
depicted schematically in Figure 10c.

As deformation proceeds (region II in Figure 9 in higher
magnification: Figure 11, local strain approximately 100%),
the craze-like processes of cavitation and fibrillation are
intensified (Figure 11a). In other words, an increasingly larger

Figure 9 SEM image illustrating the development of a deformed
structure across the neck region of a tensile specimen of α-iPP. The
regions indicated by the roman capitals I and II, respectively, are
shown in more detail in Figures 10 and 11. 

σ

II

I

100 µm
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amount of the sample volume is involved in this kind of plastic
deformation, including now even the equatorial regions 2 and
3 defined in Figure 3a. The mesh-like structure of the cross-
hatched lamellar arrangement is still to be seen (Figure 11b).
From this picture it becomes apparent that the deformation
process is controlled by the nanoscopic lamellar arrangement.
Craze-like deformation is initiated by the interlamellar amor-
phous material that cavitates as an external stress is applied.
The fibrillation that is typical for crazing can be seen. The
craze-like processes are limited to the micrometer range by
morphological constraints, but they are large in number and
occur homogeneously within a large sample volume. Figure
11c summarizes schematically the deformation process.

The micromechanical mechanisms observed for the β-iPP
are illustrated in a series of figures representing increasing
degrees of local deformation: The first structural changes that
appear while a tensile stress is applied are illustrated in
Figure 12. The situation can be attributed to a local strain of
approximately 20%. The SEM micrograph of Figure 12a shows
a collective reorientation of stacks of lamellae that were orig-

Figure 10 (a, c): SEM image of deformed α-iPP recorded for
region I in Figure 9 showing craze-like deformation features local-
ized within the polar region of the spherulite with respect to the
straining direction. (b): Multiple formation of short crazes taken at
high magnification.

σ σ

a

c

b10 µm 1 µm
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inally perpendicularly oriented to the strain direction. At this
state of deformation, no cavitation is observed. The above
phenomenon already described for polyethylene is designed
as “chevron structure.” A more detailed investigation of the
collective twisting was performed using TEM techniques (Fig-
ure 12b). After staining, one can observe single lamellae that
are partially broken and reoriented (lamellar twisting) into
the direction of the applied load. Chevron formation is strictly
limited to region 3 as defined in Figure 4a. It is to be noted
that such chevron structures have not been found in α-iPP.

The influence of larger deformations leads to the struc-
tures shown in Figure 13. The situation that is imaged by
SEM methods represents a local strain of approximately 30%
(Figure 13a). Now, in addition to chevron formation, a pro-
nounced lamellar separation occurs when the lamellae are
oriented in perpendicular direction with respect to the strain
direction. Lamellar separation is a process that is initiated
within the amorphous phase that shows craze-like mecha-
nisms of cavitation and fibrillation. A similar situation is
shown by the TEM micrograph (Figure 13b). After staining,

Figure 11 SEM images of deformed α-iPP from region II, Figure
9. (a, c): Multiple craze-like deformation still concentrated within
the polar region of the spherulite with respect to the strain direction.
(b): Mesh-like texture formed by microvoids; crystalline lamellae
and fibrillated material is observed at high magnification.

σ σ

a b50 µm 3 µm

c
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the crystalline lamellae can be clearly distinguished from the
amorphous material that appears as black regions. Addition-
ally, nano-voids that are not stained by the RuO4 agent can
be seen. The TEM micrograph includes a number of general
effects that can be observed in the β-iPP for the initial stages
of deformation (strain up to 100%). First, the process of chev-
ron formation is evident. The lamellar reorientation of lamel-
lar stacks is overlaid by multiple lamellar separation. In the
latter case, cavitation of the amorphous material results in
fibrillation and nano-void formation. Lamellae that are
already aligned parallel to the straining direction start to
yield. The fracture of single lamellae into mosaic blocks starts
in a region that is highlighted by a white circle.

At higher deformations the original spherulitic morphol-
ogy is increasingly destroyed due to the influence of the plastic
deformation mechanisms described above, involving both the
amorphous and the crystalline regions of the polymer. Figure
14a illustrates the deformation mechanism for a local strain of

Figure 12 Nanostructure of β-iPP specimen from Figure 8 after
plastic deformation. The local strain is approximately 20%. The
collective twisting of lamellae gives rise to the formation of so-called
chevron structures. (a): SEM micrograph after permanganic etching
and (b): TEM micrograph of an ultra-thin section after staining. The
strain direction is perpendicular to the lamellar orientation in
region 3 as shown in Figure 4a.

σ

1 µma

σ

b 100 nm
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approximately 100%. In this micrograph, the lamellae that are
oriented parallel to the straining direction are fractured into
smaller fragments. Here again, cavitation and fibrillation can
be seen; i.e., the development of a nanoporous structure is not
limited to the region 1 (lamellae parallel to the strain direction)
but also occurs to a similar extent in the regions 2 and 3 defined
above (Figure 4a). In contrast to the results obtained for α-iPP,
in the case of β-iPP the whole sample volume contributes to
the micromechanical processes that are connected with cavita-
tion and fibrillation. The final structure that is obtained by
drawing the β-iPP sample up to 670% is given in Figure 14b.
The original spherulitic morphology is fully transformed into
a fibrillar structure, representing the highly oriented state
after cold drawing and strain hardening. In the upper part of

Figure 13 (a): SEM micrograph taken from the same β-iPP spec-
imen as in Figure 12, representing a local deformation of approxi-
mately 30%. In addition to chevron formation, lamellar separation
occurs; (b): TEM micrograph from another sample representing a
similar level of deformation. Simultaneously, three main microme-
chanical mechanisms are observed: collective twisting of lamellae
towards straining direction (chevron formation, reorientation), sep-
aration of lamellae that are oriented perpendicular to the straining
direction and breaking of lamellae that are oriented parallel to the
straining direction. The white circle highlights the fracture of lamel-
lae into nano-blocks.

a 1 µm

σ σ

b 200 nm
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the SEM image, one clearly distinguishes oriented nano-fibers
of 100 to 200 nm in diameter. The porous structure is com-
pletely eliminated as the pores close and disappear at high
strains, forming nanodefects between the oriented fibers.

The different micromechanical processes that occur
depending on the lamellar orientation are schematically sum-
marized in Figure 15. For the initial stages of plastic defor-
mation, the processes are modulated by the mobile amorphous
phase. The processes may include (lamellar separation) or
exclude (chevron formation) cavitation. Lamellar slip is also
controlled by the mobility of the molecules in the amorphous
phase. For all of these processes, the lamellar thickness
remained constant indicating that the crystalline portion is
not affected. In case of α-iPP, the micromechanical mecha-
nisms that are initiated by the amorphous material are hin-
dered by the cross-hatched arrangement of the lamellae.
When the crystalline lamellae are aligned parallel to the
strain direction, they break into multiple fragments.

Figure 14 (a): SEM micrograph showing the destruction of the
original spherulitic morphology of β-iPP and the intensive microvoid
formation at a local strain of approximately 100%. (b): At the end
of the deformation process, the original morphology is completely
transformed into a microfibrillar structure, representing the highly
oriented state as a result of strain hardening (macroscopic strain
approximately 670%, see Figure 8).

σ

a 1 µm

σ

b 500 nm
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The nano-mechanical process of lamellar separation is
schematically illustrated in Figure 16. Lamellar separation
can be interpreted as a craze-like process that is geometri-
cally limited by the lamellar nanostructure. As the amor-
phous material starts to cavitate, fibrils consisting of
oriented macromolecules are formed. The process itself is
very similar to crazing in amorphous polymers. In the case
of the β-iPP the crazes are highly localized zones of plastic
deformation. In contrast to “classical” crazes they are very
small (“nanoscopic crazes”) though finely distributed, so that
a great part of the amorphous material is capable to contrib-
ute to plastic deformation.

Lamellar morphologies in the same order of magnitude
(10...20 nm) are also formed in some styrene-butadiene block
copolymers. The similar arrangement of soft and hard com-
ponents results in astonishing similarities in the microme-
chanical mechanisms (Figure 17 in Chapter 10 of this book).
In particular, chevron formation as a phenomenon of collective
lamellar twisting is observed. At higher deformations, block

Figure 15 Schematic representation of the main micromechanical
mechanisms observed in β-iPP with the typical lamellar morphology
after uniaxial tensile deformation at 23°C. The type of deformation
process depends on the orientation of the crystalline lamellae with
respect to the straining direction.
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copolymers show a so-called thin layer yielding, i.e., the hard
component (PS) is drawn up to 300%. In the case of the
semicrystalline iPP, high deformation results in a conversion
of the folded lamellae into oriented microfibrils. The main
difference is that cavitation does not occur in the lamellar
block copolymers. The maximum stretching of the hard PS
phase of the block copolymer is restricted by the maximum
draw ratio of the entanglement network of the soft PB phase.
In the semicrystalline iPP, cavitation in the amorphous region
allows the higher contribution of the soft phase to macroscopic
strain. Theoretically, chain unfolding of the crystalline lamel-
lae may result in an elongation as high as λmax ≈ 100. The
pronounced formation of nanoscopic voids in the β-iPP is a
precondition for the higher maximum elongation [2].

D. Influence of the Deformation Temperature

At temperatures below the glass transition temperature (Tg)
of the amorphous phase (approximately –5°C) polypropylene

Figure 16 Schematic model of lamellar separation (strain perpen-
dicular to lamellar orientation) showing a pair of lamellae before
and after deformation. The highly ordered crystalline phases (cr)
are connected by tie molecules and entanglements that are located
in the disordered amorphous (am) region. The process of lamellar
separation is interpreted as a craze-like mechanism, including
microvoid formation and fibrillation that is geometrically limited
due to the semicrystalline nanostructure.

cr cram

inter

cr cram

σ
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tends to become brittle. Therefore, strategies for toughness
enhancement mainly have to overcome the problems con-
nected with low temperature applications. To understand the
changes in the mechanical behavior, micromechanical mech-
anisms were followed for iPP samples of the two main crys-
talline modifications that were tensile tested at –5°C and
–40°C. The traverse speed in both cases was 1 mm/min.

The structural changes observed in β-iPP after tensile
deformation at –5°C are shown in Figure 17. The SEM micro-
graph of Figure 17a depicts a situation representative for a
local strain of approximately 20%. A craze-like deformation
pattern is observed. The growth of the crazes is not affected
by morphological units as there are spherulite boundaries or
different lamellar orientations. At a somewhat higher local
strain of approximately 40%, more volume becomes involved
in the plastic deformation mechanism that is connected with
cavitation (Figure 17b). 

Figure 18 illustrates high magnification SEM micro-
graphs of the situation described in Figure 17b. For lamellae

Figure 17 SEM micrographs of β-iPP structures after uniaxial
tensile deformation at –5°C (traverse speed of 1 mm/min). (a): Ini-
tially a large number of fine crazes is formed. They run perpendic-
ular to the straining direction independently of the actual
orientation of the crystalline lamellae that are involved. (b): As
deformation proceeds, the number of crazes is growing rapidly
throughout the sample volume. 

σ σ

a 3 µm b 5 µm
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perpendicular to the applied strain (Figure 18a), lamellar sep-
aration is observed. Very similar to the structural changes that
were generated at 23°C, the lamellar separation process
includes cavitation and fibrillation. In other words, it is a
craze-like phenomenon that is controlled by the lamellar nano-
structure. If the straining direction is parallel to the lamellar
orientation (Figure 18b), crystalline lamellae are forced to
break up into smaller blocks. In both cases, the fibrillated
material and the microvoids appear between the edges of the
craze-like structures. Another significant difference with
respect to the plastically deformed structures observed at room
temperature is the absence of chevron formation. 

The material becomes brittle when tested at –40°C, for
both polymorphic modifications, α and β, and typical crazes
emerge. The craze propagation is not influenced by the spher-
ulitic morphology (different orientations of lamellae within
the spherulite, spherulite boundaries). Crazes are running

Figure 18 SEM micrographs of the same situation as described
in Figure 17b recorded at high magnifications. (a): For lamellae
perpendicular to the applied strain, lamellar separation is observed.
(b): If lamellae and straining direction are parallel, the crystalline
lamellae break up into smaller blocks. In both cases, fibrillated
material and microvoids between the edges of the craze-like struc-
tures appear. In the regions between the crazes, stacks of lamellae
running parallel to the straining direction are visible.

σ σ
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perpendicular to the strain direction (Figure 19). Crazes can
be up to 100 µm long (Figure 19a) and there is only a small
amount of them in the area of the sample directly at the
fracture. At higher magnifications (Figure 19b) the typical
fibrils bridging the edges of the craze can be seen. The situ-
ation is also given as a schematic drawing (Figure 19c).

The crazes that are observed in the β-modified PP are
much finer and shorter, and they are higher in number for
the same sample area that is close to the fracture region
(Figure 20a). This means that even at low temperatures, a
larger plastic deformation can take place as crazing is the
ruling energy dissipating process. The internal structure of
the crazes could not be resolved in the SEM (Figure 20b). The
multiple crazing that is observed for the β-iPP (illustrated
schematically in Figure 20c) should lead to a higher toughness
value. Nevertheless, none of the nanostructure-controlled pro-
cesses discussed above can be found in the samples deformed
at –40°C. The nano-mechanical processes that occur at room

Figure 19 SEM micrographs of α-iPP after uniaxial tensile defor-
mation at –40°C. (a): Only few and relatively coarse crazes can be
found. Crazes run perpendicular to the straining direction indepen-
dently of morphological entities, as there are spherulite boundaries
or local orientations of the crystalline lamellae that are involved.
(b): High magnification image unveiling a typical feature of crazes,
i.e., fine fibrils bridging the two edges of the craze.

a b

c

10 µm 500 nm

σ σ
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temperature and, to some extent, even at –5°C are initiated
by the more mobile amorphous material, and, thus, they are
excluded (they are “frozen”) as the deformation temperature
is well below the Tg value of the amorphous phase.

V. MECHANICAL BEHAVIOR AND 
MICROMECHANICAL DEFORMATION 
MECHANISMS IN POLYOLEFINS: 
COMPARISON OF RESULTS

For polyethylene and polypropylene, brittle fracture is
observed when the testing temperature (or the service tem-
perature) is below Tg of the amorphous phase (Tg,am). At tem-
peratures above Tg,am brittle behavior is initiated if there are
defects within the crystalline phase, lack of interconnecting
chains in the amorphous phase (entanglements, tie molecules)
or inter-spherulitic defects. In particular, low molecular
weight and very high degrees of crystallinity (i.e, thinner

Figure 20 SEM micrographs of β-iPP after uniaxial tensile defor-
mation at –40°C. (a,c): In contrast to α-iPP, the number of crazes
observed for the same sample area is significantly higher, and the
crazes are finer and shorter. (b): Crazes run perpendicular to the
strain direction independently of spherulite boundaries or local ori-
entations of the crystalline lamellae that are involved.

a

σ σ

5 µm b 500 nm
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amorphous parts) favor brittle fracture. The micromechanical
mechanism that characterizes brittle fracture is the occur-
rence of crazing.

For PE or iPP with a sufficient high molecular weight,
ductile behavior occurs when the polymer is deformed at tem-
peratures above Tg,am. Ductile behavior is connected with a
significant plastic deformation that can be roughly described
as a two-step process. One process includes phenomena that
are controlled by the mobile macromolecules of the amorphous
phase such as lamellar slip, lamellar rotation and lamellar
separation. The other process involves the plastic deformation
of the crystalline material [22–24].

Chevron formation is a universal phenomenon observed
for different classes of polymers at the initial stages of plastic
deformation. This phenomenon is not only found in HDPE,
LDPE and the β-iPP discussed in this chapter. Chevron for-
mation is also observed in semicrystalline syndiotactic poly-
styrene (sPS) deformed at 105°C (close to Tg,am) and in styrene-
butadiene block copolymers consisting of a non-crystalline
lamellar hard-soft system (see Chapter 10). This finding sup-
ports the conclusion that morphological details at the nano-
scopic scale dominate the micromechanical deformation
mechanisms and, thereby, the macroscopic mechanical prop-
erties of the material.

The correlations found between the macroscopic mechan-
ical deformation types, the micromechanical mechanisms and
the deformation conditions observed for the polypropylene
types under discussion are summarized in Table 3.

VI. SUMMARY AND CONCLUSIONS

Generally, the micromechanical deformation mechanisms
found for isotactic polypropylene are very similar to those
described for the different types of polyethylene. The main
differences are the following:

• Due to the fact that the glass transition temperature
of the amorphous phase (Tg,am) of iPP is relatively
close to room temperature (RT) (i.e., the temperature
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of most of the technical applications), the material is
more sensitive to external parameters that may have
impact on the mobility of the amorphous portion.
Lower service temperatures, higher deformation

TABLE 3 General Types of Mechanical Behavior and Dominating 
Micromechanical Mechanisms Observed for Different Types of 
Polyethylenes and Polypropylenes at Different Deformation 
Temperatures and Deformation Rates (Uniaxial Tensile Testing)*

* Bold letters indicate samples that are discussed in this paper.

Mechanical 
Behavior

Micromechanical Mechanisms Material Type and Testing 
Conditions

• Polyethylenes at T < Tg, am 

• Polyethylenes of Mw  ≤ 
50,000 g/mol at 23°C 

Brittle

σ

σ

• Crazing

• α-iPP of Mw  400,000 
g/mol at –40°C, 1 mm/min

• Polyethylenes of Mw ≥ 
50,000 g/mol at 23°C

Semiductile with 
neck formation

ε

σ

ε

σ

ε

ε

• Multiple crazing

• α-iPP of Mw ≈ 230,000 g/mol 
at 23°C

• β-iPP of Mw ≈ 400,000 g/mol 
at –40°C

 
• HDPE, LDPE of Mw ≥ 

100,000 g/mol at 23°C 
Ductile with neck 

formation and cold 
drawing

• Lamellar separation

• Rotation of lamellar stacks 
towards straining direction

• Yielding of the crystalline 
portion and disintegration of 
crystalline lamellae • α-iPP of Mw ≥ 400,000 g/mol 

at 23°C

• HDPE, LDPE of Mw ≥
100,000 g/mol at higher 
temperature, T < Tm

Cold drawing and 
strain hardening

•

 

Chevron formation (collective 
twisting of lamellar stacks)

• Lamellar separation 
(nanoscopically limited multiple 
craze-like deformation)

• Yielding of the crystalline 
portion and disintegration of 
crystalline lamellae

• Formation of microfibrils of 
highly oriented macromolecules

• β -iPP of Mw ≈ 400,000 g/mol 
at 23°C, 1mm/min (no 
distinct neck formation, 
macroscopically 
homogeneous deformation) 
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rates (impact), high crystallinity and lower molecular
weight (decrease of the density of tie molecules and
entanglements) result in a significant embrittlement.
The influence of the molecular weight should also be
considered with respect to the thermo-oxidative deg-
radation that occurs during processing more rapidly
for iPP than for PE.

• The cross-hatched lamellar morphology of the α-iPP
is limiting the triggering action of the amorphous
portion at initial stages of deformation. Indepen-
dently of the straining direction with respect to
lamellar orientation, the crystalline regions are the
ones that yield from the initial stages of the plastic
deformation. From this point of view, the deformation
mechanism of the common α-form differs from those
of other semicrystalline materials, whereas the β-iPP
form fits well to the schemes found for PE.

• In a first approximation, the enhanced toughness of
β-iPP can be explained in terms of the lamellar nano-
structure. The parallel stacking of lamellae without
cross-hatching enhances the energy dissipating pro-
cesses that are connected with the mobility of the
amorphous phase, including lamellar rotation, lamel-
lar separation and lamellar slip [25–32]. In particu-
lar, at room temperature (RT) chevron formation in
iPP is solely observed for β-modification.

• The success of heterogeneous toughening strategies
(rubber toughening, nano-particle incorporation, etc.)
that are mainly based on the initiation of multiple
crazing or cavitation processes is strongly influenced
by the above-mentioned effects [17].
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I. INTRODUCTION

 

Indentation hardness offers a convenient way to probe the
mechanical properties of a polymer surface [1]. The method
is based on the local deformation produced on a material
surface by a sharp indenter upon application of a given load.
Some of the advantages of indentation testing, in relation to
other procedures for mechanical characterization, are the pos-
sibility of testing the mechanical properties of a device in its
original assembly, and the ability to spatially map the surface
mechanical properties in the micron or sub-micron range. The
latter is of fundamental importance for inhomogeneous poly-
mer systems. Additionally, it has been shown that hardness,

 

H

 

, of homogeneous polymer materials is related to other mac-
roscopic mechanical properties such as the yield stress, 

 

σ

 

y

 

,
and the elastic modulus, 

 

E

 

 [2,3]. The compressive yield stress
is shown to correlate with hardness, following the mechanical
models of elastoplastic indentation, i.e, tending towards 

 

H

 

 

 

≈

 

3

 

σ

 

y

 

 (Tabor’s relation for a fully plastic deformation) with
decreasing elastic strain (higher 

 

E

 

/

 

σ

 

y

 

 ratio). 
The method most widely used in determining the hard-

ness of polymers is based on the direct imaging of the residual
indentation [1]. Figure 1 shows the impressions left behind by
a Vickers indenter on the surface of glassy poly(ethylene
terephthalate) (PET). A convenient measure of hardness, 

 

H

 

,
can be obtained by dividing the peak contact load, 

 

P

 

, by the
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projected area of indentation, 

 

A

 

 (

 

H

 

 = 

 

P

 

/

 

A

 

). This optical proce-
dure is rather simple and allows for a rapid evaluation of the
surface mechanical properties of a polymer material. Applied
loads in the interval 0.049 – 1.96 N yield indentation depths
in the micron range, which characterizes microhardness. 

An alternative procedure for the study of the indentation
response of polymers relies on the measurement of the
indenter tip penetration as a function of the applied load [4,5].
Depth-sensing indentation devices make use of small loads
in the 

 

µ

 

N range and are capable of producing penetration
depths in the sub-micron scale, hence, opening up the possi-
bility of investigating the mechanical properties of thin films
and at the near surface of polymers. The main drawback of
this technique is that the analysis of the unloading cycle,
which is needed to obtain hardness and elastic modulus val-
ues, is based on elasticity considerations [6,7]. Hence, its
application to polymers encounters great difficulties as a con-
sequence of the visco-elasto-plastic character of these mate-
rials [8–10]. So far, there is still not a complete and sound
methodology for the derivation of mechanical properties of
polymers from depth-sensing data. This is possibly the reason

 

Figure 1

 

Impressions left behind by a Vickers indenter on the
surface of glassy PET. The material surface on the right-hand side
of this figure has been shaded with a thin layer of ink for better
visualization of the indentations.
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why the literature concerning the mechanical response of
polymers by means of depth-sensing instrumentation is more
limited than that for metals and ceramics [8–15]. Moreover,
most of the references quoted in the present review refer to
indentation experiments carried out by means of the imaging
method.

Finally, it should be mentioned that the actual trend in
hardness testing is to use atomic force microscopy (AFM)
operating in force mode to perform indentation tests [10].
However, in addition to the usual uncertainties described in
the previous paragraph when dealing with load-depth data,
one is also faced with the difficulty of accurately determining
the values of the applied load and the proper tip shape area
function. Thus, although promising results have already been
obtained in some polymeric systems [10,16–20], accurate
quantitative measurements are still difficult to achieve.

The microhardness technique has nowadays gained wide-
spread application in polymer science. Besides its aforemen-
tioned technical advantages, one has to add its extreme
sensitivity to detect structural changes occurring in polymer
materials [1,21,22]. Behind this ability is the intimate corre-
lation between the mechanisms of local deformation and the
polymer basic nanostructural entities. The present review
intends to provide a general outlook of the present state of
the art on indentation hardness in relation to nanostructure
and morphology of glassy and semicrystalline polymers,
copolymers, blends and composites. 

 

II. BASIC ASPECTS OF MICRO-INDENTATION: 
CONTACT GEOMETRY

 

The mechanical response of a polymer material during an
indentation cycle is a contribution of several effects. On load-
ing, time-dependent elastic and plastic strains contribute to
the total penetration depth. A zone of plastic deformation
extends immediately underneath the indenter toward the
sample volume and is surrounded by a larger zone of elastic
deformation. As an example, Figure 2 illustrates the stress
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distribution calculated for glassy PET using Finite Element
Analysis (10 mN applied force) [23]. A stress level at 78.7 MPa
delimits the region where plastic deformation takes place,
corresponding to a few times the penetration distance below
the indenter tip. 

During load release, the instantaneous elastic strains
recover and a permanent irreversible plastic deformation
remains, the latter one defining the hardness value. In addi-
tion, a time dependent contribution during loading (creep) is
observed. The creep under the indenter is characterized by a
decreasing strain rate that can be described by a law of the
form [1,24]:

 

H

 

 = 

 

H

 

1

 

t

 

–k

 

(1)

where 

 

H

 

1

 

 is the hardness at a given reference time and 

 

k

 

 is
a parameter (creep constant) which gives the rate at which
the material flows under the indenter. 

Finally, for low crystallinity and rubbery materials, a
long-delayed indentation recovery after load removal (visco-
elastic relaxation) is also detected. Thus, hardness should be
measured for short loading times (few seconds) and immedi-
ately after load removal to minimize creep and visco-elastic
relaxation, respectively. 

 

Figure 2

 

Stress distribution (in MPa) calculated for glassy PET
using Finite Element Analysis.
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III. STRUCTURE DEVELOPMENT IN POLYMER 
GLASSES: INFLUENCE OF TEMPERATURE 
AND TIME OF CRYSTALLIZATION

 

In the glassy state, hardness involves overcoming the critical
stress required to plastically deform the amorphous solid
against cohesive intra- and intermolecular forces such as van
der Waals interactions, bond forces or internal rotations.
Micro-indentation hardness has been shown to provide for
direct evidence of changes in the physico-chemical properties
of polymer glasses such as those occurring upon physical
aging, weathering, UV degradation, 

 

 γ

 

-irradiation, plasticiza-
tion, etc. [25–28]. Moreover, the microhardness of glassy poly-
mers has been directly related to the glass transition
temperature, 

 

T

 

g

 

 [29–31]. Indeed, Figure 3 illustrates the lin-
ear relationship found between 

 

H

 

 and 

 

T

 

g

 

 for a variety of
polymer materials with dominating single-bonds within the
main chain [29]. This correlation is a consequence of the
intimate relationship between both, 

 

H

 

 and 

 

T

 

g

 

, and the cohe-
sive energy density of the amorphous material. 

It has also been shown that the microhardness of glassy
polymers follows an exponential decrease as a function of
temperature. However, 

 

H

 

 conspicuously decreases at 

 

T

 

g

 

, due
to the onset of liquid-like motions, which lead to a much lower
cohesive energy density [25,32]. Above 

 

T

 

g

 

, certain glassy poly-
mers are capable of crystallizing. The structure developed will
depend upon the crystallization conditions and the microhard-
ness values will accordingly vary. 

The ability of the microhardness technique to follow the
isothermal crystallization of polymers from the glassy state
has been used in a number of studies [33–36]. Figure 4 illus-
trates the hardness variation with increasing crystallization
time, 

 

t

 

c

 

, for PET at different annealing temperatures [33]. The
initial rapid hardness increase with increasing crystallization
time is associated with the development of primary crystalli-
zation, which is connected to the growth of the crystallizing
units (spherulites). At the end of primary crystallization, the
sample volume is entirely filled up with spherulites and the
hardness values level off. During secondary crystallization,
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the following mechanisms can occur: i) formation of new intra-
spherulitic lamellar stacks, ii) formation of single crystals
within the lamellar stacks or in the interstack regions and
iii) increase of the crystal thickness [37]. As will be shown
below, one could expect that these structural rearrangements
taking place during secondary crystallization should enhance
the microhardness of the material. However, in the case of
PET, hardness values are shown to remain nearly constant
(see Figure 4) — a result that could be related to the occur-
rence of a rigid amorphous phase, as will be discussed below.

 

Figure 3

 

Microhardness linear correlation with 

 

T

 

g

 

 for a number
of glassy polymers, with dominating single bonds in the main chain.
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Figure 5 shows the plot of the hardness values of PET
during primary crystallization, measured 

 

in situ

 

 at 117°C and
after cooling at room temperature (RT), as a function of the
volume fraction of spherulites 

 

φ

 

. The hardness behavior when
the spherulitic growth is not completed can be described fol-
lowing [38]:

 

H

 

 = 

 

H

 

sph

 

φ

 

 + 

 

H

 

a

 

(1 – 

 

φ

 

) (2)

 

Figure 4

 

Variation of 

 

H

 

 as a function of 

 

t

 

c

 

, during cold crystalli-
zation of PET at different temperatures. (From Baltá Calleja FJ,
Flores A. Hardness. In: Kroschwitz J, ed. Encyclopedia of Polymer
Science and Technology, 3

 

rd

 

 ed, vol.2. New York: John Wiley & Sons,
Inc., 2003: 678–691. With permission.) 
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Where 

 

H

 

sph

 

 and 

 

H

 

a

 

 are the hardness values of the spherulitic
and the amorphous inter-spherulitic regions respectively. For
PET, 

 

H

 

a

 

 

 

�

 

 0 and 

 

H

 

sph

 

 

 

�

 

 100 MPa when measurements are
carried out at 117°C, and 

 

H

 

a

 

 

 

�

 

 120 MPa and 

 

H

 

sph

 

 

 

�

 

 210 MPa
upon cooling to room temperature. Hence, it seems that the
hardness of a polymer material during primary crystallization
from the glassy state is mainly governed by the volume frac-
tion of crystallizing units, 

 

H

 

sph

 

 and 

 

H

 

a

 

, remaining constant
for a given temperature of measurement. There are other
examples in the literature where Equation 2 holds [34,39].
Table 1 collects the 

 

H

 

sph

 

 and 

 

H

 

a

 

 values derived from room
temperature microhardness measurements carried out after
primary crystallization of various semirigid polyesters. 

When spherulitic growth is completed, then 

 

H

 

 = 

 

H

 

sph

 

,
and the hardness of the material can be expressed following:

 

Figure 5

 

Plot of the microhardness values at room temperature
(RT) as a function of the volume fraction of spherulites, during
primary crystallization of PET at 117°C. The dashed line represents
the 

 

H

 

 values measured 

 

in situ

 

 at 117°C.
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H

 

 = 

 

H

 

c

 

α

 

 + 

 

H

 

ar

 

(1 – 

 

α

 

L

 

)  + 

 

H

 

a

 

(3)

Here 

 

H

 

c

 

 is the hardness of the crystals; 

 

H

 

ar

 

 and 

 

H

 

a

 

 are the
hardness of the amorphous regions within and between the
lamellar stacks respectively; 

 

α

 

 is the volume degree of crys-
tallinity and 

 

α

 

L

 

 is the linear degree of crystallinity, i.e., the
degree of crystallinity within the lamellar stacks. Equation 3
is formulated considering the most general case in which the
spherulites are constituted by lamellar stacks separated by
amorphous interstack regions. It is noticeable that Equation
3 distinguishes between the hardness of the amorphous
regions within and outside the lamellar stacks. Indeed, stud-
ies carried out in the last decade suggest that a fraction of
the amorphous material in semicrystalline systems such as
PET, poly(ethylene naphthalene-2,6-dicarboxylate) (PEN) or
poly(ether ether ketone) (PEEK), present a hindered mobility
[41]. This rigid amorphous fraction material is associated to
the regions where several crystalline lamellae are separated
by thin amorphous layers. In contrast, the mobile amorphous
fraction is associated with thicker regions between the lamel-
lar stacks. Within this context, Equation 3 accounts for the
different hardness values that one would expect for the rigid
and mobile amorphous phases (

 

H

 

ar

 

 and 

 

H

 

a

 

 

 

respectively). Oth-
erwise, if 

 

Har = Ha, then Equation 3 simplifies to:

H = Hcα + Ha(1 – α) (4)

TABLE 1 The Hsph and Ha Values of Various Semirigid Polyesters, 
Derived from Micro-indentation Experiments at Room 
Temperature, Carried Out after Cold Crystallization at Tc

Material
Tc

[°C]
Ha 

[MPa]
Hsph 

[MPa]

Poly(ethylene terephthalate) (PET) 117−240 120 210
Poly(ethylene naphthalene-2,6-dicarboxylate)

(PEN)
155−220 185 195−225

Poly(ether ether ketone) (PEEK) 180−340 135 210−250
Thermoplastic polyimide (TPI) 280−330 185 220−280

α
α L

1 −






α
α L
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Let us next recall the hardness behavior of PET during sec-
ondary crystallization. In Figure 4, the hardness values seem
to remain constant with crystallization time and crystalliza-
tion temperature for this regime. Indeed, room temperature
measurements carried out on various PET samples, crystal-
lized at different temperatures for various periods of time
(under the fully spherulitic growth regime), reveal a constant
microhardness value [38]. However, a parallel increase in the
volume degree of crystallinity as a function of crystallization
time and temperature is observed. What could be the reason
for this apparent contradiction: increasing α and constant H?
In the light of the latest investigations favoring the presence
of a rigid amorphous phase on PET [41], we suggest that the
response to plastic deformation of the amorphous material
within the spherulites is not substantially different from that
of the crystalline phase, due to the limited mobility of the
molecular amorphous chains. Most interesting is the fact that
not only the amorphous layers between crystals but also the
amorphous interstack regions seem to behave as a rigid amor-
phous material. 

IV. DEPENDENCE OF MICROHARDNESS ON 
NANOSTRUCTURE OF SEMICRYSTALLINE 
POLYMERS: MECHANISMS OF 
DEFORMATION

Equation 4 accounts for the contribution of the amorphous
and crystalline phases to the hardness of a semicrystalline
polymer. There is now substantial experimental evidence that
Equation 4 applies for polymer systems in a variety of mor-
phologies and nanostructures [1,21]. As an example, Figure
6 illustrates the linear variation of H as a function of the
degree of crystallinity for isotactic β-polypropylene [42]. The
left-hand and right-hand y-axis intercepts represent Ha and
Hc respectively. For polymers where Tg < RT, the hardness
value of the rubbery amorphous phase has been widely
assumed to be negligible with respect to the hardness of the
crystals (Ha << Hc), and Equation 4 simplifies to: H � Hc α.
Recent studies on a series of ethylene-octene copolymers with
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a range of octene content offer values of Ha � 0.12 MPa for
the highest comonomer (octene) content [43]. Moreover, hard-
ness values for amorphous PET above Tg are shown to lie in
the range 3.5−6.5 MPa, with smaller H values as the temper-
ature increases (see Figure 4). A different approach has been
proposed by Fakirov et al. [44] to describe the microhardness
of semicrystalline polymers comprising amorphous liquid-like
regions (Tg < RT). For such purpose, Ha values are estimated
from the H-Tg correlation shown in Figure 3, which was ini-
tially derived for glassy polymers. The application of the lin-
ear H-Tg relationship to Tg values below RT leads to negative
Ha values without any physical meaning. However, the idea
behind this approach is to introduce a kind of “floating effect”
of the solid particles on the soft component [45]. Such correc-
tion aims to explain the deviations observed in some experi-
mental H values with respect to the additivity of the hardness
of the individual components and/or phases.

Figure 6 Microhardness linear variation with increasing degrees
of crystallinity for isotactic β-polypropylene (β-iPP).
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The validity of Equation 4 relies on the fact that plastic
deformation takes place both in the crystalline and in the
amorphous regions. At small applied stresses, plastic yielding
under the indenter involves shearing motions of lamellae and
lamellar separation. At large stresses (under the indenter tip),
lamellar fracture and other mechanisms such as microfibrilli-
zation may occur. Recent combined micro-indentation and x-
ray synchrotron micro-diffraction experiments in a Nylon 66
and an UHMWPE fiber have provided new stimulating infor-
mation concerning the mechanisms of deformation during and
upon indentation [46]. Ex situ experiments in a Nylon 66
single fiber indicate that plastic deformation involves a local
perturbation of orientation distribution of the crystal blocks,
the degree of crystallinity remaining unchanged. Analogous
studies in an UHMWPE fiber reveal, in addition, a partial
polymorphic transformation taking place within the indented
zone. Finally, simultaneous micro-indentation and x-ray
micro-diffraction experiments in an UHMWPE fiber suggest
that during the application of the load, the orientation of the
crystal blocks splits into two domains, each of them at an
angle of 2° with respect to the fiber axis. Retraction of the tip
results again in a one-domain orientation of the crystal blocks,
however, with a broader crystal orientation distribution with
respect to the one present in the non-indented material. 

In oriented and isotropic polymeric systems, the material
resistance to the applied compressive and shear stresses dur-
ing an indentation cycle must be related to the cohesive
energy density in the amorphous regions and to the intermo-
lecular forces holding the molecules within the crystals (crys-
tal packing). The influence of the crystal thickness on the
hardness of the crystalline phase [47] was also soon recog-
nized. On the basis of a heterogeneous deformation model
involving the heat dissipated by the generation of a number
of shear planes in the lamellar nanostructure (see Figure 7),
Baltá Calleja and Kilian derived the following relationship
between the crystal hardness, Hc and the crystal thickness,
lc [48]: 
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(5)

Here, Hc
∞ is the hardness of an infinitely thick crystal and is

mainly related to the chain packing density within the crys-
tals. The b-parameter is related to the ratio between the
surface free energy of the crystals, σe, and the energy required
to plastically deform them through a number of shearing
planes, ∆h (b = 2σe/∆h).

Figure 8 shows the plot of 1/Hc as a function of 1/lc, for
various semicrystalline polymers. The y-axis intercept yields

Figure 7 Model of plastic deformation through the generation of
a number of shear planes.
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1/Hc
∞. It is worth noting the much higher Hc

∞ and smaller lc

values for the semirigid polyesters (PET [49] and PEN [39])
in contrast to the flexible polyoleofins (PEO [50] and PE [51]).
The fact that Hc

∞ is higher for PET and PEN (Hc
∞ � 400 MPa

and 550 MPa respectively) than for PEO and PE (Hc
∞ � 150

MPa and 170 MPa respectively) is related to the stronger
intermolecular forces holding the molecular chains within the
polyester crystals. The reader is referred to the literature for
Hc

∞ values reported for other polymer systems [34,52–54].
While the influence of crystal size on microhardness has been
largely experimentally supported, a recent paper also sug-
gests that this correlation arises from the sensitivity of H to
crystal perfection [44].

The similarity of Equation 5 with the Thomson-Gibbs
equation, and the fact that polymer materials with high equi-
librium melting temperatures, Tm

0, display high Hc
∞ values,

prompted us to seek a correlation between crystal microhard-
ness and melting temperature. Indeed, by combination of Equa-
tion 5 with the Thomson-Gibbs equation, one obtains [51]:

Figure 8 Plot of the Hc
–1 versus lc

–1 for different semicrystalline
polymers (see Equation 5).
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(6)

where Tm is the melting point of the material and b* = 2σe/∆hf

(∆hf is the enthalpy of fusion). Equation 6 substantiates the
close relationship between the reciprocal value of the crystal
hardness and the melting temperature of the crystals. More-
over, a linear relationship between 1/Hc and Tm holds, pro-
vided that the b/b* ratio remains constant. Figure 9
illustrates the variation of 1/Hc as a function of Tm for various
polymer systems [34,51]. Data for the flexible systems (PEO
and PE) show lower Tm and higher 1/Hc values, than those
for the semirigid polymers (PET and the thermoplastic poly-
imide, TPI). Also remarkable is the higher slope in Figure 9
for PEO and PE than that for PET and TPI, which can be

Figure 9 Variation of Hc
–1 as a function of Tm, for various flexible

and semirigid polymers (see Equation 6).
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mainly attributed to the higher b/b* values of the former
systems. Since b/b* = ∆hf/∆h, then, the energy required to
plastically deform the crystals is much lower than the melt-
ing enthalpy in the case of PE and PEO (∆hf

PE = 45 ∆hPE and
∆hf

PEO = 95 ∆hPEO). 

V. STUDY OF POLYMORPHISM IN POLYMERS 
BY MICROHARDNESS 

The sensitivity of crystal hardness to chain packing makes
micro-indentation hardness of great value for the detection of
polymorphic transformations in polymer materials. It has been
shown that the amount of α and β phases in iPP can be easily
distinguished by means of microhardness measurements [55].
Indeed, the ability of micro-indentation hardness to locally
probe the material surface has been used to differentiate the
individual α and β spherulites, which are found to coexist in
high molecular weight iPP and a random ethylene/propylene
copolymer [56]. Moreover, micro-indentation hardness has
been applied to the study of the stress-induced polymorphic
transition occurring in poly(butylene terephthalate) (PBT)
[57], its block copolymers and blends [58] and iPP [59]. 

The spontaneous solid-state transformation occurring
upon aging of isotactic poly(1-butene) (iPBu-1) at room tem-
perature represents a paradigm in which the use of micro-
indentation hardness provides valuable information on the
kinetics of the polymorphic transformation [60]. When crys-
tallized from the melt, iPBu-1 exhibits the tetragonal form
II. The storage of the fresh sample at room temperature even-
tually leads to the more densely packed hexagonal form I.
Figure 10 shows the variation of microhardness with aging
time for a high molecular weight iPBu-1 sample (Mw = 850,000
g/mol), crystallized at various temperatures. The initial steep
increase of microhardness with aging time is associated to
the gradual transformation from form II into form I, the latter
having larger hardness values, mainly due to a higher Hc

∞

value as a consequence of a denser crystal packing. It is shown
that high crystallization temperatures substantially reduce
the rate of the II → I transformation.
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VI. APPLICATION TO POLYMER COMPOSITES

Microhardness has been widely used as a non-destructive
method for the evaluation of the mechanical properties of a
wide range of polymer composites, which are usually consti-
tuted by an organic or inorganic filler embedded in a polymer
matrix. The particle or fiber filler is commonly designed to
improve the mechanical performance of the material. Micro-
hardness values of the polymer matrix typically increase with
the addition of the reinforcing filler, however, the precise rate
depends on the specific morphology and nanostructure of each
component and the interaction with each other. In addition,
indentation hardness offers the unique opportunity to differ-
entiate between the mechanical properties of the individual
components and, hence, can provide for direct information on
the mechanical properties of the fiber-matrix interphase in a
composite material [12,61]. In other cases, as for example in
the case of microfibrillar-reinforced composites, microhard-

Figure 10 Microhardness values as a function of aging time at
room temperature for i-PBu1 crystallized at different temperatures.
(From Azzurri F, Flores A, Alfonso GC, Baltá Calleja FJ. Macromol-
ecules 2002; 35: 9069–9073. With permission.)
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ness has been successfully used to derive the mechanical
properties of the individual microfibrils that are otherwise
inaccessible [62]. 

The application of micro-indentation hardness to the
study of inorganic-polymeric composite materials is one of the
main issues of great concern in the scientific community, as
revealed by a literature search on micro-indentation hardness
related papers published in the last five years [63–67]. Among
these systems, sol-gel derived organic-inorganic composites
are some of the most attractive ones because the inorganic
component can be homogeneously dispersed at a molecular
level in the polymer matrix through chemical bonding [66,67].
The physical properties of these hybrids can vary from being
brittle and hard to rubbery and soft, depending on the inor-
ganic/organic ratio. In addition, a great effort is also being
done in the application of micro-indentation hardness to bio-
medical polymer materials, such as bioactive hydroxy-apatite
reinforced polymer composites [68], poly(methyl methacry-
late)-based bone mineralizers [69] or ion-implanted polymeric
materials [70].

Figure 11 shows the microhardness behavior of polyeth-
ylene-fullerene composites, as a function of filler content. This
system has been selected as an illustration of the polymer
matrix reinforcement via the inclusion of inorganic particles
[71]. Indeed, H, for small proportions of the nanofiller, is shown
to be an increasing function of fullerene content following:

H ≈ HfφC60 + HPE (7)

Where Hf is a constant related to the hardness of the fullerene
particles, φC60 the fullerene content and HPE the hardness of
the polymer matrix. The matrix reinforcement is substantial:
HPE rises by 30% when adding about 2.5% of C60, i.e., PE
reaches hardness values comparable to those of glassy PET.
Furthermore, annealing of the material at 130°C for 105 s,
leads to H values at 2.5% filler content of 190 MPa, a hardness
value which is comparable to that of semicrystalline PET. The
substantial hardening of the composite upon annealing is
associated to the thickening of the PE crystalline lamellae. 

DK4635_C008.fm  Page 297  Tuesday, April 19, 2005  9:27 AM

© 2005 by Taylor & Francis Group.



VII. STRUCTURAL FEATURES OF BLOCK 
COPOLYMERS: INFLUENCE OF 
COMPOSITION, STRUCTURE AND 
PHYSICAL AGING

The microhardness of copolymer systems, including random
copolymers of semirigid monomer units, liquid-crystalline
copolyesters and thermoplastic elastomers with random or
block statistical distribution, has been shown to be well
described by a simple additive model of the microhardness of
the individual components [72–76]. The microhardness of the
latter is controlled by the specific morphology and nanostruc-
ture following Equations 4 and 5. 

Figure 12 (top) illustrates, as an example, the microhard-
ness variation of a series of PBT/cyclo-aliphatic polycarbonate
(PCc) block copolymers, as function of PCc content [52].
Quenched samples from the melt display an amorphous mor-
phology for contents of the non-crystallizable component (PCc)
higher than 20 wt%. The microhardness of the freshly

Figure 11 Microhardness behavior with fullerene content, for
polyethylene-fullerene dry gel composites. H values of the composite
films upon annealing at 130°C for 105 s are also included.
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quenched glassy samples (Ha
fresh) is shown to linearly increase

with increasing PCc content. The same microhardness addi-
tive behavior is evident after storing the samples at room
temperature for 6 months (Ha

aged). Most interesting is the fact
that physical aging induces a hardening effect, due to the
increase in the cohesive energy density of the material. An
analogous hardness enhancement has also been detected in
other aged glassy polymers [25,26]. 

Figure 12 (top) also shows the hardness values of the
quenched PBT/PCc copolymers after heat treatment at 100 –
130°C (denoted as H ann). In the range of compositions inves-
tigated, all the samples develop crystallinity after annealing,
with the PCc segments taking part of the amorphous regions

Figure 12 (Top): Variation of microhardness with PCc content for
a series of PBT-PCc block copolymers: �, quenched samples; ●, aged
quenched samples; �, quenched samples annealed at 100 – 130ºC.
(Bottom): Variation of the degree of crystallinity () and the crystal
lamellar thickness (�·), as a function of PCc content, for the annealed
PBT-PCc copolymers. 
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and the PBT segments forming the crystalline phase. H values
increase with respect to Ha

fresh, due to the reinforcing contri-
bution of the developing crystalline domains (see Equation 4).
The microhardness of the semicrystalline copolymers is shown
to initially decrease with increasing PCc content, up to 20 wt%.
For higher PCc contents, a linear microhardness increase with
increasing PCc wt% is observed. The deviation of the micro-
hardness behavior of the crystallized copolymers with respect
to the additivity law of the individual homopolymers can be
attributed to two factors: i) the change in the degree of crys-
tallinity of the copolymers with respect to the PBT homopoly-
mer and ii) variations in the crystalline lamellar thickness
with PCc content. Indeed, one can see from Figure 12 (bottom)
that the degree of crystallinity does not linearly decrease with
increasing PCc, deviating to lower values for PCc contents <
30 wt% and to higher ones for PCc wt% > 40. Moreover, the
crystal thickness displays a minimum value at a PCc content
of 20 wt% (see Figure 12, bottom), hence, resembling the
dependence of H with the amount of PCc.

From the H and α data in Figure 12, one can derive the
Hc values of the PBT crystalline phase within the copolymer
system, making use of the microhardness additivity law
(using Ha

PCc = 96 MPa), together with Equation 4 (Ha
PBT = 54

MPa). Using a similar representation as that shown in Figure
8, from Equation 5, one can calculate the Hc value for PBT,
which is found to be 370 MPa, i.e., only slightly smaller than
the Hc value reported for PET (400 MPa).

VIII. MICROHARDNESS: MORPHOLOGY 
CORRELATIONS IN BLENDS OF 
GLASSY POLYMERS

The use of micro-indentation hardness for the study of poly-
mer multicomponent blends has been demonstrated to yield
valuable information with respect to the chemical composition
of the blends. This is of fundamental importance in the case
of polyester blends, where trans-esterification processes may
lead to copolymer segments with a random or block character
[76,77]. It has also been shown that H of a polymer blend
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behaves as an additive property of the two independent com-
ponents, both for blends of semicrystalline materials [78] and
for blends of noncrystallizable polymers [79]. Deviations from
the microhardness additivity law can be accounted for on the
basis of variations of the individual morphologies and nano-
structures with respect to those of the homopolymers [80,81].

More recently, the microhardness variation of star block
styrene-butadiene-styrene copolymer (ST2)/polystyrene
blends has been investigated as a function of styrene compo-
sition [82]. The peculiarity of these blends is that their con-
stituents are both amorphous, and yet they can display a
morphology, which resembles a lamellar semicrystalline sys-
tem (see Figure 13a). Alternated styrene and butadiene com-
ponents form a layer-like morphology (see Chapter 3). Most
interesting is the fact that the lamellar periodicity can be
detected by means of small angle x-ray scattering. The pure
ST2 copolymer exhibits a polystyrene layer periodicity of
about 20 nm, as shown in Figure 13b. By adding increasing
amounts of the polystyrene homopolymer (hPS) to the star
copolymer, the PS layer thickness distribution broadens and
shifts to higher values (see Figures 13a and b). Figure 14
shows the microhardness measurements carried out on the
ST2/hPS blends. The x-axis represents the total PS content
within the blend, i.e., the amount of PS within the star copol-
ymer in addition to the hPS content in the blend. A significant
deviation of H from the additivity law is apparent. Most inter-
esting is the observation that the smaller the layer thickness
is, the larger is the deviation of H from the microhardness
additivity law. This behavior resembles the microhardness
variation with crystal lamellar thickness, observed for semi-
crystalline polymers. This analogy has prompted us to repre-
sent the H values of the blends as a function of the reciprocal
lamellar thickness of polystyrene, 1/DPS (see Figure 15). Here,
pure polystyrene is assumed to display an infinite lamellar
thickness. Surprisingly, the data points fit into a straight line,
suggesting that the lamellar amorphous block copolymer sys-
tems may be regarded, indeed, as an analogue to the semic-
rystalline systems. Hence, an equivalent equation to that
introduced for the microhardness of polymer crystal lamellae
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(a) (b)

Figure 13 (a): Scanning electron micrographs of star block styrene-butadiene-styrene copolymer/polystyrene
blends with different polystyrene content. (b): Lamellar thickness distributions for the PS component within the
amorphous blends shown in Figure 13a. (Reprinted from Baltá Calleja FJ, Cagiao ME, Adhikari R, Michler GH.
Polymer 2004; 45, 247–254. Copyright 2004, with permission from Elsevier.)
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(see Equation 5) could be written for the star copolymer/hPS
blends: 

(8)

where K is now a constant similar to the b-parameter in
Equation 5. In summary, the increasing tendency of the H
values to approach the additivity law with added hPS content
can be explained as a result of the thickness increase of the
PS layers that are similarly organized as the stacks of crys-
talline lamellae.

Figure 14 Variation of microhardness as a function of PS content,
for the star block styrene-butadiene-styrene copolymer/polystyrene
blends. The dashed line follows the additive law of the individual
components (styrene and butadiene). (Reprinted from Baltá Calleja
FJ, Cagiao ME, Adhikari R, Michler GH. Polymer 2004; 45, 247–254.
Copyright 2004, with permission from Elsevier.)
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IX. OUTLOOK

Micro-indentation has been shown to give valuable informa-
tion on the local deformation produced by a sharp indenter
on a polymer surface at the micron and sub-micron range.
One may expect that the microhardness technique can lead
to future developments in various fields.

Although physical aging of glassy polymers has been the
object of investigation during the last decade, the detailed
molecular mechanisms are still open to debate [83]. Recent
studies reveal the role of the thermal history on the precrys-
talline embrionic order of amorphous polymers (PET) and on
the resulting physical aging as revealed by micro-indentation
[36,84]. 

In semicrystalline polymers, as discussed above, H can
be described on the basis of a composite consisting of hard

Figure 15 H values as a function of the reciprocal lamellar thick-
ness of polystyrene, for the amorphous blends of Figures 13 and 14.
(Reprinted from Baltá Calleja FJ, Cagiao ME, Adhikari R, Michler
GH. Polymer 2004; 45, 247–254. Copyright 2004, with permission
from Elsevier.)
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lamellae intercalated by compliant disordered layers. A gen-
eralized Tabor relationship between H and σy accounting for
the dependence of crystal thickness, crystallinity and temper-
ature explains the correlation of mechanical properties with
microstructure [3]. The correlation found between Hc and Tm

(Equation 6) opens up new routes for the detailed understand-
ing of the deformation mechanism of polymer crystals in the
light of thermodynamical parameters [51]. We also expect that
this technique will be of great value in the detection and
analysis of micromechanical processes of other polymorphic
transitions such as, for example, the recently reported stress-
induced α-β transition in iPP during the initial stages of
deformation [85]. 

Microhardness offers, in addition, future possibilities for
the mechanical characterization of specific parts of processed
polymers on a micron scale (prepared by extrusion, injection
molding, etc.) [86] or in blends of polyolefins with recycled
polymer components [87]. Polymer microlayering is a new
approach to prepare polymer architectures for material
improvement [88]. Micro-indentation experiments on multilay-
ered PET/PC films produced by continuous layer multiplying
co-extrusion, having layer thicknesses in the micron and sub-
micron range, have been recently performed [89]. The defor-
mation mechanisms under the indenter reveal in this case the
small influence of the interphase on the microhardness value.

Work is now in progress to examine the micro-indenta-
tion hardness of nanocomposites based on multiblock polyes-
ter elastomers and carbon nanotubes [90]. These composites
represent a new class of reinforced utility materials with
improved physical properties [91]. Micro-indentation hard-
ness can also significantly play an important role in the com-
ing years concerning the characterization of biomedical
composites, such as bone replacements, using hydroxy-apatite
reinforced polymer matrices [92]. The localized nature of the
micro-indentation test will allow the retrieval of information
as regards the heterogeneity of composites that is often not
available with other analytical techniques.

 With the increasing tendency nowadays to use renewable
resources, the possibility to employ natural polymers for
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replacement of synthetic ones is lately developing [93]. For
instance, the micro-indentation of injection-molded starch has
been investigated in relation to the water sorption mechanism
[94]. Thermally treated silk membranes represent another
example of a natural material that has been studied using this
technique. However, silk membranes exhibit hardness values
around 400 MPa, which are notably larger than those of com-
mon polymers, opening up new application possibilities [95].

As pointed out above, several reports have appeared lately
on the mechanical properties of polymer-, blend- and composite-
surfaces at sub-micron resolution [8,11,13,15]. New data on the
influence of molecular weight and molecular weight distribu-
tion on the microhardness at the near surface of glassy poly-
mers have been recently reported [96]. As indicated in the
introduction, nanoindentation techniques using AFM for prob-
ing the mechanical behavior of the top few tens of nanometers
of bulk and thin polymer film specimens open up future possi-
bilities to investigate the elastic and plastic flow properties of
the near-surface region of polymer materials [16–20].
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I. INTRODUCTION

 

Semicrystalline polymeric materials are widely used in a
range of engineering applications. Despite many advantages
such as low cost and weight, their application is limited by
some unfavorable mechanical properties, such as brittle
response in plain or notched applications. Toughening can be
enhanced by rubber blending, and a criterion proposed by Wu
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[1] states that a sharp brittle-to-tough transition occurs for,
e.g., nylon/rubber blends when the average interparticle
matrix ligament thickness 

 

Λ

 

 is reduced below the critical value

 

Λ

 

c

 

 = 0

 

.

 

3 

 

µ

 

m, as is schematically depicted in Figure 1. The
critical value was shown to be independent of the rubber vol-
ume fraction and the particle size. Similar critical interparticle
distances were reported in rubber-modified polyethylene [2]
and poly(ethylene terephthalate) [3–5]. The explanation
offered by Wu for this transition addressed the mutual inter-
action of particle-disturbed stress fields, enhancing matrix
yielding. Ramsteiner and Heckmann [6] concluded that the
energy-dissipating deformation mode for rubber-modified
nylon is shear yielding. Borggreve et al. [7] confirmed the
existence of a critical interparticle distance for the brittle-to-
tough transition, however questioned the physical explanation
by Wu. A modified theory was proposed, in which the critical
ligament thickness corresponds to a local plane strain-to-plane
stress transition in the matrix [8, 9]. Based on numerical
investigations, Fukui et al. [10] and Dijkstra and Ten Bolscher
[11] attributed the toughening effect to extensive shear yield-
ing due to the interaction of stress fields. However, since the
stress field theory is only effective for changes in geometrical
ratios, it can be concluded that stress field interaction is inca-
pable of explaining an absolute length scale such as a critical
interparticle distance. Clearly, a more sound explanation for
the critical interparticle distance was needed.

 

Figure 1

 

Impact toughness of nylon/rubber blends vs. the average
surface-to-surface interparticle ligament thickness. Redrawn from
S. Wu. Polymer, 26:1855–1863, 1985.
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A. Toughening Mechanism

 

A physical explanation of the absolute length parameter was
offered by Muratoǧlu et al. [12,13], who recognized the brittle-
to-tough transition as a true material characteristic. It was
attributed to thin layers of transcrystallized material, with a
reduced plastic resistance, appearing in the microstructural
morphology of particle-modified semicrystalline materials.
Effectively, the crystallization behavior of the matrix is influ-
enced by the particle/matrix interface, leading to a layer of
parallel crystalline lamellae [2,12–20], with the crystalline
planes having the lowest plastic resistance parallel to the
interface. It was experimentally established that these trans-
crystalline layers have a well-defined thickness of approxi-
mately 

 

Λ

 

c

 

/

 

2. When the average matrix ligament thickness 

 

Λ

 

is below the critical value 

 

Λ

 

c

 

, the preferentially oriented mate-
rial percolates through the system, bridging between the dis-
persed particles, as is depicted in Figure 2(a). Situations with

 

Λ

 

 >> 

 

Λ

 

c

 

 are represented in Figure 2(b) and (c) and interesting
in this respect is Figure 2(c) that represents the same volume
fraction as in Figure 2(a), only with larger particle size. The
system represented in Figure 2 consists of (i) rubber particles

 

Figure 2

 

Transcrystallized layers around second-phase particles
for (a) material with a decreased plastic resistance percolating
through the blend, enhancing the toughness (adopted from [13] and
[2]

 

)

 

, and for materials with a brittle response, with (b) a smaller
volume fraction and (c) the same volume fraction as in (a), but larger
particles.

Particle Oriented layer Bulk matrix

(a) Λ ≤ Λc (b) Λ >> Λc (c) Λ >> Λc
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with a low modulus, (ii) a preferentially oriented anisotropic
matrix material, enveloping the particles and (iii) the bulk
matrix material with a randomly oriented structure and con-
sequently isotropic material properties. According to the
toughening mechanism postulated by Muratoǧlu et al. [13],
after cavitation of the rubber particles, the regions with a
lowered yield resistance promote large plastic deformation
and thereby improve the toughness. Toughness indeed can be
defined as a delocalizing strain mechanism [21]. Tzika et al.
[22] used a micromechanical numerical model, with a stag-
gered array of particles, to study the influence of preferen-
tially oriented anisotropic layers, modeled with anisotropic
Hill plasticity, on the deformation mechanisms under high
triaxiality conditions. They observed plastic deformation in
the matrix to occur diagonally away from the particles (i.e.,
in the matrix material between particles, parallel to the inter-
faces) for 

 

Λ

 

 

 

≤

 

 

 

Λ

 

c

 

. The anisotropic matrix material was found
to act as a nonstretching shell around the (cavitated) particles,
leading to extensive shear yielding. 

Bartczak et al. [2,17] generalized the Wu criterion to high
density polyethylene (HDPE) and showed the critical inter-
particle distance (

 

Λ

 

c

 

 = 0

 

.

 

6 

 

µ

 

m for HDPE) to be an intrinsic
property of the matrix material, thereby opening the possi-
bility of using mineral fillers for the toughening of semicrys-
talline polymers, the advantage of which would be an
improved modulus of the blend, as schematically indicated in
Figure 3. They argued that debonding of hard filler particles
could be an alternative for the cavitation of the rubbery phase.
However, the Bartczak et al. results showed a distinct effect
of processing conditions on the toughness obtained. The
importance of process conditions was demonstrated by
Schrauwen et al. [23–25], who found toughness to be domi-
nated by flow-induced effects. By using calcium carbonate
filler particles in a nylon-6 matrix, Wilbrink et al. [26] did not
obtain the tough response of nylon/rubber blends, as was
reported by Muratoǧlu et al. [13,27], and attributed this to
the development of triaxial stresses. A four times increase of
the Izod impact energy was obtained by Thio et al. [28] by
incorporation of calcium carbonate particles in polypropylene,
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reportedly resulting from combined mechanisms of crack
deflection and local plastic deformation of interparticle liga-
ments. Similar results have been obtained by Zuiderduin et
al. [29]. Again, it can be concluded that more refined modeling
is needed to explain the experimental findings and to suggest
routes to design tough polymers.

 

B. Modeling Strategy

 

Rigorous modeling of toughness enhancement of semicrystal-
line polymers should in the above context be based on describ-
ing the mechanisms schematically shown in Figure 4. It is
based on the hypothesis that local anisotropy, induced by a
specific microstructure, which results from preferred crystal-
lization of polymeric material, leads to macroscopically tough
behavior. The potential validity of this hypothesis is examined
by methods of micromechanical modeling. Crystallization
behavior itself is left out of consideration (because it is outside
the scope of this study), and the starting point is an assumed
microstructure of a particle-modified system.

The deformation of polymeric materials, and thus also
their either brittle or tough responses, are the result of the
interplay of various effects and mechanisms at different lev-
els, such as for example [30] chain scission, microyielding,

 

Figure 3

 

Influence of soft (rubber) vs. hard (mineral) particles on
the mechanical properties. (Schematically drawn after Z. Bartczak,
A. S. Argon, R. E. Cohen, and M. Weinberg. Polymer, 40:2347–2365,
1999.)
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microcavitation, crazing, shear band formation, crack initia-
tion and propagation, and fracture. For semicrystalline mate-
rials, also phenomena such as interlamellar slip and
intralamellar deformation mechanisms such as crystallo-
graphic slip, twinning, and stress-induced martensitic trans-
formation play a role [31–33]. A quantitative prediction of
toughness would require a coupled and detailed modeling of
the various deformation mechanisms and criteria for the dif-
ferent failure modes, which is at present still not feasible.
Therefore, merely the influence of the microstructure on the
qualitative individual occurrence of some of these phenomena,
or the conditions that may induce them, is investigated.

First, a micromechanical investigation of the potential of
local anisotropy around dispersed particles for enhancing the
material properties is presented. Calculations are performed
on an idealized semicrystalline material, blended with rubber
particles, which are assumed to be cavitated and are thus, for
simplicity, represented as voids. The system contains a scale
parameter, which is the ratio of the average distance between
particles and a critical distance. This length parameter is
represented in the calculations by the relative thickness of
the transcrystalline layer that results from the surface-nucle-

 

Figure 4

 

Modeling strategy to explain toughness.

Crystallization

Microstructure

Local anisotropy

Toughening

Effect of the microstructure: 
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ated crystallization process. The simulations on this idealized
polymeric material are used to investigate the applicability
of various types of representative volume elements (RVE) for
soft and hard particle-modified semicrystalline materials.
Furthermore, with these calculations, it is investigated in
detail (i) whether local anisotropy can potentially improve the
toughness of rubber-modified systems; (ii) what is the occur-
ring effect of anisotropy that may improve the toughness; and
(iii) what type of anisotropy (i.e., mesoscopic morphology)
would be required.

To anticipate the conclusions of our calculations, it is
pointed out that the simulations, with both axisymmetric and
multiparticle RVEs, show that local anisotropy of the matrix
material around the particles can effectively replace localiza-
tion by dispersed shear yielding and change the occurring
hydrostatic stresses, potentially leading to toughened mate-
rial behavior. However, to achieve these improvements, a mor-
phology must be pursued with a radially oriented structure
around the dispersed particles and it should, moreover, pro-
vide a sufficiently large amount of anisotropy. Furthermore,
the possibility of using mineral fillers, rather than low-mod-
ulus rubber, for the toughening of semicrystalline polymers
is evaluated. The presence of hard, easily debonding, particles
is found to negatively affect the anisotropy-induced toughen-
ing mechanism, although some improvements remain, in
accordance with the existing experimental evidence.

Now in more detail: to investigate whether the above-
mentioned requirements can be achieved by a transcrystal-
lized microstructure, a micromechanically based numerical
model for the elasto-viscoplastic deformation and texture evo-
lution of semicrystalline polymers has been developed. For
actual particle-modified polymeric systems, a distinction
between three different scales is made, as is schematically
depicted in Figure 5. The constitutive properties of the mate-
rial are identified at the microscopic scale. At this scale, the
individual crystallographic lamellae and amorphous layers
determine the local material response. At the mesoscopic
scale, an aggregate of individual phases is formed, which can
be a spherulite or a sheaflike aggregate of preferentially ori-
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ented material. The local inclusion-averaged deformation and
stress fields are related to the mesoscopic fields by a polycrys-
talline aggregate model. The effect of a transcrystallized
structure of matrix material versus randomly oriented mate-
rial on both mesoscopic and microscopic results is examined.
A limited effect of the preferential orientations is observed.
Further improved properties are obtained for a partly flow-
induced microstructure, if loaded in the appropriate direction.

 

II. SOFT FILLERS: CAN LOCAL ANISOTROPY 
INDUCE TOUGHNESS?

 

1

 

The potential of plastic anisotropy for enhancing the toughness
of semicrystalline polymeric materials is investigated. Calcu-

 

Figure 5

 

Different scales which can be identified in particle-
toughened semicrystalline polymeric systems.

 

1

 

Partly reprinted from J. A. W. van Dommelen, W. A. M. Brekelmans, and
F. P. T. Baaijens. Mechanics of Materials, 35:845–863, 2003. With permission
from Elsevier.
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lations are performed on idealized semicrystalline materials,
blended with rubber particles, which are assumed to be cavi-
tated and are represented by spherical voids. The system con-
tains a length scale parameter, which is the ratio of the
average distance between voids and a critical distance, and is
represented by the absolute thickness of the transcrystalline
anisotropic layer around the voids. We will start the analysis
using a simple Hill anisotropic plasticity constitutive model,
that is, subsequently, applied to a micromechanical RVE.

 

A. Constitutive Model of the Anisotropic 
Bulk Polymer

 

Our idealized polymeric material is modeled by isotropic elas-
ticity (characterized by a Young’s modulus 

 

E

 

m

 

 and a Poisson’s
ratio 

 

ν

 

m

 

) combined with classical [35] anisotropic plasticity.
During yield, the anisotropic Hill yield criterion is applied:
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shear to the shear yield strength 

 

τ

 

y

 

 

 

of the virtual bulk material,
with  The Hill yield criterion was previously used
for anisotropic polymeric material by Kobayashi and
Nagasawa [36] and Tzika et al. [22]. Here, a linear dependency
of the yield strength 

 

σ

 

y

 

 on the effective plastic deformation
measure  and a power law dependency of 

 

σ

 

y

 

 on the corre-
sponding rate  are assumed for the polymeric material:

 

(

 

4)

where 
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y0

 

 is the reference yield strength, 

 

h 

 

is the linear hard-
ening parameter and 

 

n 

 

is the stress exponent of the strain
rate. A rate-independent contribution is introduced for strain
rate values which are considerably smaller than the reference
strain rate  controlled by the parameter 

 

q

 

. The plastic
strain measure  and the corresponding rate are, for aniso-
tropic plasticity, assumed to be given by:

(5)

where 
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 is the Cauchy stress tensor and  is the plastic rate
of deformation tensor. The material parameters that are used
here are summarized in Table 1. As mentioned earlier, Equa-
tions (1)–(3), with the anisotropic strength ratios 
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, are
applied in a local coordinate system. The transcrystallized
material around the voids is assumed to have a reduced plas-
tic resistance with respect to the local 12 and 13 shear com-
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ponents (at the void/matrix interface, the 1-direction is
defined to be perpendicular to the interface), and the reduc-
tion is controlled by only one adjustable parameter ζ.

B. Micromechanical Models

The heterogeneous particle-filled system is described by a
finite element model of a representative volume element that
generally and intrinsically has a three-dimensional structure.
Full three-dimensional numerical analyses, however, are com-
putationally extremely demanding and, therefore, first two
different simplified models are used. For an adequate repre-
sentation of the triaxial stress state around a void, an axi-
symmetric RVE is used, as suggested by Socrate and Boyce
[37] and Tzika et al. [22]. However, because of the regular
void stacking associated with such RVEs, important effects
such as sequential yielding of the matrix material between
the different voids [38] cannot be accounted for. In order to
capture the essentially irregular nature of a system of dis-
persed voids, also a plane strain RVE is used, which is inca-
pable of capturing the triaxial stress effects. A comparison of
the simplified two-dimensional models with three-dimen-
sional calculations is presented in Van Dommelen et al. [34].

1. The First Model: An Axisymmetric RVE, 
the SA Model

An axisymmetric RVE model of a staggered array of voids
(referred to as the SA model) is considered which resembles a
body centered tetragonal stacking of voids. A schematic rep-
resentation of the unit cell, with L0 = R0, is shown in Figure
6. The axis of rotational symmetry, as well as the loading
direction are horizontal. The RVE is subjected to anti-sym-
metry conditions (with respect to point M) along the outer
radius, which were introduced by Tvergaard [39,40]. Axial
compatibility along the radial boundary Γ34 is written as

(6)u z u z uz z z( ) ( )0 0 2M M M− + + =η η
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The combined cross-sectional area of neighboring cells is
assumed to remain constant along the axial coordinate: 

(7)

Symmetry conditions along the right and left boundaries are
written as

(8)

and

(9)

respectively. Since the axis of rotational symmetry coincides
with boundary Γ12, the following condition is imposed on this
boundary:

(10)

The axisymmetric RVE is subjected to tension at a macro-
scopically constant strain rate:

Figure 6 (a) Schematic visualization of an axisymmetric RVE
model of a staggered array of voids [22,37] and (b) its position with
respect to three neighboring RVEs in a deformed state.
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(11)

where the deformation rate  is set equal to the material
reference shear rate  in Equation (4). The finite element
mesh of the axisymmetric SA model, with void fraction f =
0.2, is visualized in Figure 7(a). In each integration point of
the 196 four-noded bilinear elements, a local coordinate sys-
tem is generated. The local 1-directions are taken perpendic-
ular to the closest particle/matrix interface, taking into
account the periodicity of the structure, and are shown in
figure 7(b).

2. The Second Model: A Multiparticle 
Plane Strain RVE, the ID Model

To account for the irregular nature of particle-dispersed sys-
tems, a plane strain RVE with irregularly dispersed voids
(referred to as the ID model) is used. In Figure 8, a schematic
illustration of this RVE is shown, as well as its arrangement
with respect to the neighboring RVEs. The periodicity
assumption requires full compatibility of each opposite
boundary pair. The corresponding kinematic and natural
boundary tyings [41] for related points on opposite bound-
aries are given by:

(12)

Figure 7 (a) Finite element mesh, and (b) local material orienta-
tions for the axisymmetric SA model.
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(13)

(14)

(15)

where n denotes the outward unit normal of the boundary. A
tensile loading condition in x-direction is prescribed:

(16)

where  is set equal to the reference strain rate  of the
material. Furthermore, rotations are prevented by the follow-
ing condition for the vertices C1 and C2:

(17)

The relative displacements of C4 are unspecified and follow
from the analysis, whereas the displacements of C3 are tied
to the other vertices.

Figure 8 (a) Schematic visualization of a multiparticle plane
strain RVE [41] and (b) its position with respect to neighboring
RVEs in a deformed state.
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A structure with 20 vol% irregularly dispersed voids is
generated using a procedure from Hall [42] and Smit et al.
[38]. In order to obtain initially straight boundaries, no void
is allowed to cross a boundary. The mesh with 2622 four-noded
bilinear plane strain elements is shown in Figure 9(a). A local
orientation field is generated by taking the local 1-direction
perpendicular to the closest void/matrix interface, taking into
account the periodicity of the structure, and is shown in Fig-
ure 9(b).

C. Results

The constitutive behavior and micromechanical models just
discussed were implemented in the finite element package
ABAQUS [43] to study the potential of local anisotropy enve-
loping dispersed voids for the toughening of semicrystalline
polymers. The potential of toughening by local anisotropy is
investigated by using different amounts of anisotropy in both
the SA and the ID models.

Isotropic material, with ζ = 1, is used as a reference case
for large-scale, randomly crystallized material. For the small-
scale transcrystallized material, several levels of anisotropy
are considered, ranging from ζ = 1.5 to ζ = 5. In Figure 10,

Figure 9 (a) Finite element mesh and (b) local material orienta-
tions for the multiparticle plane strain RVE.
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the magnitude of the plastic deformation is given for the
irregular plane strain model. For fully isotropic material, the
deformation is strongly localized in a specific path through
the microstructure, determined by the irregular void arrange-
ment. For increasing anisotropy, increasingly dispersed shear
yielding is observed, which is highly favorable to enhance the
toughness (equivalent to delocalization of strain). Maximum

-values are reduced, and are located both in the matrix
material, away from the void surface and at the void/matrix
interface for the transcrystallized material. In the largely
anisotropic material, double shear bands can be observed at
each side of a void, positioned at the inclined 30°–50° off-polar
regions, whereas in the isotropic material mostly single shear
bands at the void equators are found. The shear yielding
mechanism becomes truly effective for anisotropy ratios ζ =
R11/R12 above the value of 3.

Although not shown here, it is mentioned that for all
levels of anisotropy, in the ID model, the highest tensile tri-
axial stresses are found at the void equator regions, which is

Figure 10 The influence of radially oriented anisotropy on the
magnitude of plastic deformation, for the irregular plane strain
model, at  = 0.05.
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not in agreement with three-dimensional simulations [34].
More realistic predictions of the triaxial stress state around
dispersed voids are obtained with the axisymmetric SA model,
as represented in Figure 11. In the isotropic material, the
maximum tensile triaxial stresses are found to occur at the
void equators. For small anisotropy levels, these negative
hydrostatic pressures are reduced. At higher levels of anisot-
ropy, however, the tensile pressures again increase with
increasing ζ, but the maximum values are now found in the
matrix material near the void pole. The SA model is in much
better agreement with the three-dimensional situation [34]
than the ID model. Despite this, the peak values of the tensile
hydrostatic stress are significantly lower for the axisymmetric
SA model than for the full three-dimensional model. 

The distinct effect of anisotropy on the triaxial stress field
is also reflected in the maximum in-plane principal stress, σmax,
as is shown in Figure 12. For the isotropic matrix material, the
locations of large equivalent stress and negative hydrostatic
stress coincide, leading to a relatively high maximum in-plane
principal stress, concentrated at the void equators, and the
void-bridging ligaments. As the anisotropy parameter ζ is
increased, the values of σmax are considerably reduced and the
location of the largest σmax changes to the void poles for ζ = 5.

D. Failure Mechanisms

Based on the investigations with both the ID and the SA
model, two distinct effects of local, radially oriented, anisot-

Figure 11 The influence of radially oriented anisotropy on the
normalized hydrostatic pressure, for the axisymmetric SA
model, at  = 0.05.
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ropy can be observed. The influence on the triaxial stress field
is a change of the position of maximum tensile values. Under
high tensile triaxial stress, craze-like features, such as inter-
lamellar separation and voiding of amorphous regions
[44–47], may be initiated in the matrix material, and upon
extension and coalescence of cavities, crazes are formed.
Although crazing leads to brittle behavior, the crazing process
itself may under certain conditions also lead to some plasticity
via a multiple crazing process [48,49]. 

In the simulations, the highest negative hydrostatic
pressures are found at the void equators for the large-scale,
isotropic material. For the small-scale anisotropic material,
however, the large tensile pressures are shifted towards the
void poles. Therefore, the initiation of crazing may, for the
voided system with radially oriented anisotropy, be expected
to occur at the particle poles, rather than in the equator
region. The growth of initiated crazes is likely to occur along
planes which are perpendicular to the direction of maximum
principal stress [45,46,50]. In Figure 13, the direction of the
maximum in-plane principal stress is given for the SA model,
for both isotropic (ζ = 1) and largely anisotropic (ζ = 5) mate-
rial. For both situations, in the region of large tensile triaxial
stress, the maximum in-plane principal stresses are relatively
large, and directed parallel with the void interface. Therefore,
craze growth is expected to occur perpendicular to the inter-
face. Moreover, the large principal stresses at the particle
equators of the isotropic material will lead to brittle fracture

Figure 12 The influence of radially oriented anisotropy on the
normalized maximum in-plane principal stress, for the axi-
symmetric SA model, at  = 0.05.
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of the matrix material given the direction of the craze growth,
perpendicular to the loading direction. The decrease of max-
imum in-plane principal stresses in the anisotropic material
and the shift of the directions of an eventual craze growth,
makes this system less susceptible to brittle fracture. It is
noted that in the current simulations, no failure and crazing
initiation/growth criteria have been used (as for example in
[51–53]). But still the conclusions based upon the analysis
this far can be schematically summarized, see Figure 14. The
actual mechanism that will occur for a specific matrix mate-
rial will depend on the values of the brittle fracture strength,
the resistance against craze initiation and growth and the
yield strength of the material [54]. In isotropic materials,

Figure 13 The influence of radially oriented anisotropy on the
direction and magnitude of the maximum in-plane principal stress,
σmax, for the SA model, at  = 0.05.

Figure 14 Schematic illustration of the effect of radially oriented
anisotropy on the occurrence of matrix shearing and triaxial
stresses.

(a) ζ = 1 (b) ζ = 5

�εt

(a) Isotropic (b) Anisotropic
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possible crazes are initiated at the particle equators, and grow
transversely to the macroscopic tensile direction. The plastic
deformation is localized in a few bands, located in crazing
regions. For this large-scale system, the crazes may act as
precursors to cracks, and ultimately failure. For the small-
scale situation, with radially oriented anisotropic material
around the cavitated particles, maximum tensile triaxial
stresses are predominantly found in zones of limited plastic
deformation. Possible crazes are initiated at the particle
poles, and grow in the direction of macroscopic loading. In
this situation, crazing may become a mechanism of energy-
absorbing inelastic deformation. Additionally, extensive
matrix yielding, which is another beneficial energy-absorbing
mechanism, occurs in noncrazing regions. Therefore, by
changing the nature of matrix crazing, reducing principal
stresses and inducing extensive matrix shearing, a local, radi-
ally oriented anisotropy, with sufficiently reduced shear
strengths, may be a highly efficient method for the toughen-
ing of semicrystalline materials.

E. Conclusions

The effect of matrix materials with a reduced yield strength
in the local shear directions around well-dispersed voids has
been investigated by numerical simulations of idealized sys-
tems. The local principal anisotropy directions were assumed
to be radially oriented around second-phase soft particles. The
fictitious polymeric material was modeled in the context of
anisotropic Hill plasticity, where the yield strength has been
taken to depend on an effective plastic deformation measure,
and its time derivative. Two extreme size scales were inves-
tigated; the largest scale with completely isotropic material
properties and the smallest scale having a fully percolated
anisotropic structure.

The three-dimensional structure of the voided material
was simplified to two different micromechanical models. The
irregular distribution of voids is captured by a multiparticle
plane strain RVE. The irregular nature of this RVE is essen-
tial in capturing the effects of local anisotropy on the mechan-
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ics of plastic deformation. For the large scale, plastic
deformation localizes in a specific path through the matrix
material, inducing macroscopically brittle behavior, whereas
for the small-scale configuration, a heterogeneous field of void-
bridging shear bands was found throughout the entire
domain, which could lead to a macroscopically toughened
behavior. The extent of shear yielding increases with increas-
ing anisotropy. The localization of deformation vanishes due
to a large reduction of local shear yield strengths. However,
the ID model is incapable of capturing the distinct effects of
local anisotropy on the triaxial stress state. A better repre-
sentation thereof is obtained with the axisymmetric SA
model, where a regular distribution of voids is assumed. The
most striking effect of local anisotropy on the hydrostatic
stress field is a shift of the highest tensile triaxial stresses
from the void equator region (where the surface normals are
perpendicular to the loading direction) to the void polar region
(the surface area where the normals are aligned with the
loading direction). Consequently, the maximum principal
stresses at the void equator are considerably reduced.

The calculations confirm that the mechanism as proposed
by Muratoǧlu et al. [13] could indeed lead to toughened mate-
rial behavior. The presence of an absolute length scale is
related to the thickness of a layer of anisotropic matrix mate-
rial enveloping the dispersed voids. Required for toughening
by this mechanism is then (i) a structure of well-dispersed
voided particles with an average surface-to-surface interpar-
ticle distance which is smaller than the critical length param-
eter of the matrix material; (ii) locally anisotropic material
with the principal 1-direction radially oriented with respect
to the nearest void surface; and (iii) a sufficiently reduced
shear yield strength in the local 12- and 13-directions (with
ζ = R11/R12 at least of the order of 3). 

It is noted that although the large potential of local
anisotropy for toughening of semicrystalline polymers was
shown, the origin of this anisotropy has not been addressed
here. The material was merely assumed to be oriented with
the principal 1-direction of anisotropy toward the nearest void
and having a finite anisotropic layer thickness. The origin of
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these layers is attributed to a preferred crystallization at the
particle/matrix interface by Muratoǧlu et al. [13] and Bart-
czak et al. [2,17]. The consequences of such a morphology for
local anisotropy will be addressed in Section IV.

III. HARD PARTICLES: CAN THEY ALSO ACT AS 
TOUGHNESS MODIFIERS?1

A physically based mechanism for the toughening of semi-
crystalline polymeric materials due to the dispersion of par-
ticles originates from the presence of a layer of anisotropic
transcrystallized material enveloping the particles, and was
proposed for nylon by Muratoǧlu et al. [13]. Bartczak et al.
[2,17] generalized this mechanism to other semicrystalline
materials (like high-density polyethylene) and showed the
critical interparticle distance to be an intrinsic property of
the matrix material, thereby opening the possibility of using
mineral fillers instead of rubber particles for the toughening
of semicrystalline polymers, the advantage of which would be
an improved modulus of the blend. They argued that debond-
ing of hard filler particles could be an alternative for the
cavitation of the rubbery phase.

In Section II, an idealized, polymeric matrix material
was modeled by anisotropic Hill plasticity, and various rep-
resentative volume elements were used to describe the system
containing dispersed voids. It was shown that a local plastic
anisotropy of matrix material around the voids can effectively
replace localization by dispersed shear yielding and change
the occurring hydrostatic stresses, potentially leading to
toughened material behavior. However, to achieve these
improvements, a morphology should be pursued that has a
radially oriented structure around the dispersed voids and
provides a sufficiently large amount of anisotropy.

1Partly reprinted from J. A. W. van Dommelen, W. A. M. Brekelmans, and
F. P. T. Baaijens. Computational Materials Science, 27:480–492, 2003. With
permission from Elsevier.
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In this section, the consequence of using hard mineral
particles for the toughening of semicrystalline polymers is
investigated. For this purpose, again the anisotropic Hill
model is used. The system contains a scale parameter, which
is the ratio of the average distance between particles and a
critical distance. The value of this parameter is represented
in the calculations by the relative thickness of an anisotropic
layer around the particles. Large- and small-scale configura-
tions are modeled again by entirely isotropic or anisotropic
matrix material, respectively.

A. Model Description

The influence of mineral (i.e., hard) filler particles in semi-
crystalline polymeric material is investigated, and particu-
larly the effect of these fillers on the mechanism of toughening
by locally induced anisotropy. As a reference situation, voided
matrix material will be used. A distinction is made between
fully bonded particles, for which a tied particle/matrix inter-
face is used, and debonding particles. For the latter, a contact
algorithm [43] with a relatively low maximum tensile
strength = 0.4 is used to describe the particle/matrix
interaction. The effect of relatively stiff rubber particles is
presented in Van Dommelen et al. [55].

For the yield behavior, again the anisotropic Hill yield
criterion [35] is used, with a rate-dependent and hardening
yield stress, as discussed in Section II. The mineral filler
particles are modeled as linearly elastic, with Young’s modu-
lus Ep = 80 GPa and Poisson’s ratio νp = 0.3. Particle-modified
material is again described by a finite element model of a
representative volume element (RVE). The particle-modified
system, having a three-dimensional nature, is simplified to a
two-dimensional RVE, for which two different approaches are
used, as discussed in Section II.

B. Results

In Figure 15, the magnitudes of plastic deformation as
obtained by the ID model are shown for systems containing

σ σi
y/

0
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both debonded and fully bonded hard filler particles, for both
isotropic (ζ = 1, i.e., large scale) and anisotropic (ζ = 3, i.e.,
small scale) matrix material, respectively. For the voided iso-
tropic matrix material (Figure 15(a)), the macroscopic con-
traction in the free direction is small, corresponding to the
growth of voids, due to stretching of relatively thin ligaments.
Therefore, for this matrix material, the inclusion of easily
debonding hard particle fillers has no significant effect on the
deformation observed, as can be seen by comparison with
Figure 15(b), where the interface strength σi is negligibly
small. For radially oriented anisotropic voided material, a
dispersed mode of massive shear yielding is observed, with
double shear bands at each side of a particle. As a result of
matrix shearing, for the voided anisotropic system, however,
the voids become smaller in the macroscopically free direction,
see Figure 15(d). Consequently, the presence of hard mineral
fillers interferes with the mechanism of matrix shearing, as
can be observed in Figure 15(e). Therefore, although there is
some effect of anisotropy, the mechanism of toughening by
locally induced anisotropy is expected to be considerably less

Figure 15 The magnitude of plastic deformation,  for the ID
model with (a), (d) voids, (b), (e) easily debonding hard particles,
and (c), (f) fully bonded hard particles, at  = 0.1.
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efficient for non-adhering hard fillers than for low modulus
rubber particles.

For materials filled with well-bonded stiff particles, which
is shown in Figures 15(c) and (f), massive shear yielding is
found for both isotropic and anisotropic matrix behavior. How-
ever, bonding has negative effects concerning craze initiation
and growth direction. In Figure 16, the effect of hard filler
particles on the normalized hydrostatic pressure, as
predicted by the SA model, is displayed for (large scale) iso-
tropic and (small scale) anisotropic matrix material. For
voided systems, the effect of anisotropy on the triaxial stress
field is a change of the position of maximum tensile values.
The highest negative (tensile) hydrostatic pressures are found
at the particle equators for the isotropic material (Figure
16(a)). For the anisotropic material, however, large tensile
pressures are found in the polar regions (Figure 16(d)). There-
fore, the initiation of crazing may, for the voided system with
radially oriented anisotropy, be expected to occur at the par-
ticle poles, rather than in the equator region. For easily
debonding hard particles, a similar effect of local anisotropy
on the tensile triaxial stresses is observed, with an increase

Figure 16 The normalized hydrostatic pressure, p/σy0, for the SA
model, with (a), (d) voids, (b), (e) easily debonding hard particles,
and (c), (f) fully bonded hard particles, at  = 0.1.

p/σy0

−2.0
−1.6
−1.2
−0.8
−0.4

0.0
+0.4
+0.8

(a) ζ = 1 (b) ζ = 1 (c) ζ = 1

(d) ζ = 3 (e) ζ = 3 (f) ζ = 3

�εt

p / ,σ y0

DK4635_C009.fm  Page 342  Thursday, April 7, 2005  2:05 PM

© 2005 by Taylor & Francis Group.



of the peak value for the anisotropic situation. The well-
bonded configurations both show peak tensile triaxial stresses
at the poles. The growth of initiated crazes is likely to occur
along planes which are perpendicular to the direction of the
maximum principal stress. In Figure 17, the normalized max-
imum in-plane principal stress, is depicted for the
SA model, for both isotropic (ζ = 1) and anisotropic (ζ = 3)
material, with either a void, or easily debonding or adhering
hard particles. Moreover, in Figure 18, the direction of the
maximum in-plane principal stress is given for the systems
containing a hard particle. For both non-adhering situations,
the maximum in-plane principal stresses in the region of large
tensile triaxial stress are parallel with the particle/matrix
interface. Therefore, craze growth is expected to occur per-
pendicular to the interface, i.e., perpendicular to the loading
direction for the isotropic material and parallel to the loading
direction for the anisotropic system. However, for the well-
bonded systems, which did show advantageous shear yielding
for both the isotropic and the anisotropic configuration, the
maximum principal stresses in the polar region (where the
largest tensile triaxial stresses are observed) are directed

Figure 17 The normalized maximum in-plane principal stress,
for the SA model, with (a), (d) voids, (b), (e) easily debond-

ing hard particles, and (c), (f) fully bonded hard particles, at  = 0.1.
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approximately in the loading direction. Consequently, for
these systems craze growth or microcracking may be expected
to occur perpendicular to the loading direction, thereby pos-
sibly leading to macroscopic failure. At any rate, for the sys-
tems containing well-bonded hard particles, an isotropic
matrix seems to be favorable over locally anisotropic material.

C. Conclusions

Fictitious, idealized, polymeric matrix materials were mod-
eled by anisotropic Hill plasticity in Section II, where the
distinct effect of local plastic anisotropy of matrix material
around the voids was shown, viz. an effective replacement of
localization by dispersed shear yielding and a change of the
occurring hydrostatic stresses, potentially leading to tough-
ened material behavior. In this section, a similar modeling
approach was used to investigate the influence of mineral
filler particles on this toughening mechanism.

The use of mineral filler particles for toughening of poly-
meric materials requires debonding in order to prevent exces-
sive tensile hydrostatic stresses. These debonded hard particles
show a relocation of tensile triaxial stresses to the particle polar

(a) ζ = 1 (b) ζ = 3 (c) ζ = 1

(d) ζ = 3

Figure 18 The direction (and magnitude)
of the maximum in-plane principal stress,
σmax, for (a, b) easily debonding hard fillers,
and (c, d) well-bonded particles, at  = 0.1.�εt
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areas by local anisotropy, similar to anisotropic voided systems,
with the maximum principal stresses directed such that crazes
or microcracks are expected parallel to the loading direction.
However, the anisotropy-induced shear yielding mechanism is
affected by the presence of stiff inclusions.

IV. FULL MULTISCALE MODELING: WHAT DID 
WE LEARN?1

To investigate the possibility that a particular microstructure
satisfies the requirements for sufficient anisotropy, a full mul-
tiscale micromechanically based numerical model for the
elasto-viscoplastic deformation and texture evolution of semi-
crystalline polymers was developed [57] and is used to simu-
late the behavior of particle-modified high density

Figure 19 The various levels involved in the multiscale model.

1Partly reprinted from J. A.W. van Dommelen,W. A. M. Brekelmans, and F.
P. T. Baaijens. Journal of Materials Science, 38:4393–4405, 2003.

Microscopic level
Mesoscopic level

Macroscopic level

(100)

(010)

(001)

Lamellar

DK4635_C009.fm  Page 345  Thursday, April 7, 2005  2:05 PM

© 2005 by Taylor & Francis Group.



polyethylene (HDPE). For the analysis of these systems, a
distinction between three different scales is made, as schemat-
ically depicted in Figure 19. The constitutive properties of the
material components are characterized at the microscopic
scale. At this level, the individual crystallographic lamellae
and amorphous layers are identified. At the mesoscopic scale,
an aggregate of individual phases is considered, which can be
a spherulite or a sheaflike aggregate of preferentially oriented
material. To bridge between those scales, the polycrystalline
composite inclusion model is used. At the macroscopic scale,
for particle-modified materials, a structure of dispersed parti-
cles and matrix material can be identified. At this level, the
system is represented by a finite element model using various
representative volume elements, as suggested by the Hill-type
simulations of Section II. A bridge to the mesoscopic level is
obtained by using an aggregate of composite inclusions as a
representative microstructural unit in each integration point.
The effect of transcrystallized orientations of matrix material
versus randomly oriented material on both mesoscopic and
microscopic results is investigated, as well as a hypothesized
microstructure, which may be the result of process conditions.

A. Microscopic Scale: Material Models 

The anisotropic constitutive behavior of intraspherulitic
material is modeled by an aggregate of elasto-viscoplastic two-
phase composite inclusions [58,59]. Each inclusion consists of
a crystalline and an amorphous phase. In this section, the
constitutive models of the constituent phases are shortly dis-
cussed. For a more elaborate presentation of these models,
see Van Dommelen et al. [57]. 

1. Crystalline Phase

The crystalline domain of polymeric material consists of reg-
ularly ordered molecular chains. The crystal structure results
in (i) anisotropic elastic behavior where the elastic properties
are given with respect to the crystallographic directions, and
(ii) plastic deformation governed primarily by crystallographic
slip on a limited number of slip planes [32,60]. Moreover,
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plastic deformation may result from mechanical twinning or
stress-induced martensitic phase transformations
[32,33,61,62]. Since crystallographic slip is assumed to be of
most importance for polymeric materials, in the modeling pro-
cess the latter two mechanisms are left out of consideration.

The elastic component of the deformation in the crystal-
line phase is characterized by an anisotropic fourth-order
elastic modulus tensor. The anisotropic elastic properties are
coupled to the crystallographic directions. For the viscoplastic
behavior of the crystalline phase, a rate-dependent crystal
plasticity model is used. In this model, the plastic velocity
gradient of the crystalline lamella, consisting of a single crys-
tal, is composed of the contributions of all physically distinct
slip systems, being 8 for high density polyethylene (HDPE),
with a lowest slip resistance of 8 MPa. The shear rate of each
slip system is assumed to be related to the resolved shear
stress according to a viscoplastic power law.

2. Amorphous Phase

The amorphous phase of semicrystalline polymeric material
consists of an assembly of disordered macromolecules, which
are morphologically constrained by the neighboring crystal-
line lamellae. Plastic deformation in these domains occurs by
a thermally activated rotation of segments. At room temper-
ature, the amorphous phase of HDPE, which is the material
of interest in this work, is in the rubbery regime, with the
glass transition temperature near –70°C. The deformation in
this regime is characterized by a limited strain rate-sensitiv-
ity and a strong entropic hardening at large deformations.

The initial elastic resistance of the rubbery amorphous
phase is well below the elastic resistance of the crystalline
domain. Consequently, elastic deformations can be consider-
ably large and are modeled by a generalized neo-Hookean
relationship. A relatively strain rate-insensitive viscoplastic
power law relation between an effective shear strain rate and
the effective shear stress [58] is used in conjunction with a
back stress tensor for which the Arruda-Boyce eight-chain
network model of rubber elasticity [63] is used.
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B. Mesoscopic Scale: Composite 
Inclusion Model

The mechanical behavior at the mesoscopic level is modeled
by an aggregate of layered two-phase composite inclusions as
was first proposed by Lee et al. [58,59] for rigid/viscoplastic
material behavior. Each separate composite consists of a crys-
talline lamella which is mechanically coupled to its corre-
sponding amorphous layer, as is shown in the upper right part
of Figure 19. The stress and deformation fields within each
phase are assumed to be piecewise homogeneous; however,
they may differ between the two coupled phases. It is assumed
that the crystalline and amorphous components remain fully
mechanically coupled. Interface compatibility within the com-
posite inclusion and traction equilibrium, across the interface,
are enforced. To relate the volume-averaged mechanical
behavior of each composite inclusion to the imposed boundary
conditions for an aggregate of inclusions, a hybrid local–global
interaction law is used. This class of hybrid-inclusion models
was introduced by Lee et al. [58,59] for rigid/viscoplastic com-
posite inclusions. A more detailed description of the composite
inclusion model is presented elsewhere [57]. Moreover, an
application of this model to study the intraspherulitic defor-
mation of polyethylene is presented in Van Dommelen et al.
[64]. Some aspects of the finite element implementation in
ABAQUS [43] are given in Van Dommelen et al. [65].

The anisotropy of preferentially oriented intraspherulitic
material, as predicted by the composite inclusion model, is
investigated. A mesoscopic aggregate of composite inclusions,
represented by a set of crystallographic orientations and cor-
responding lamellar orientations, is subjected to constant
strain rate uniaxial tension in the three principal directions
ei of the material coordinate system. Consider the right polar
decomposition  of the volume-averaged deformation
gradient, where  is the mesoscopic rotation tensor, and 
is the corresponding right stretch tensor. Then, the following
conditions are imposed:

(18)

F R U= ⋅
R U

R I= = = ∨ = ∨ =; ( );U t i i iii λ 1 2 3
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with

(19)

where  is set equal to the material reference shear rate 
Furthermore, the components of the Cauchy stress tensor
should satisfy:

 (20)

In another test case, pure shear deformation is applied by
prescribing one of the basic shear components ij of the (sym-
metric) right stretch tensor:

 (21)

with

(22)

and

(23)

1. Anisotropy of Preferentially Oriented 
Material

The full multiscale model is used to examine the effect of the
microstructural morphology on the mechanics of particle-
modified systems [56]. First, the anisotropy, at the mesoscopic
level, of (microscopically) preferentially oriented material, as
predicted by the composite inclusion model, is investigated.

Randomly oriented material: The local spherulitic
structure of melt-crystallized HDPE is represented by an
aggregate of 125 composite inclusions with randomly gener-
ated initial orientations of the crystallographic phases, having
an orthorhombic lattice. Experimental studies of melt-crystal-
lized polyethylene show that lamellar surfaces are of the {h0l}-
type, where the angle between the chain direction c and the
lamellar normal n varies between 20° and 40° [66,67]. Gautam
et al. [68] found by molecular simulations the {201} planes to

λ ε( ) exp( )t t= �
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provide the lowest amorphous/crystalline interface energy. For
randomly oriented material, the initial angle between c0 and

 is set at 35°, corresponding to the {201} planes. Since the
distribution of the crystallographic orientations is random, the
mechanical behavior of this aggregate will be quasi isotropic.

Transcrystallized material: For thin HDPE films,
crystallized on rubber and calcium carbonate substrates, Bar-
tczak et al. [18] found a sheaflike morphology of the lamellae,
which were oriented preferentially edge-on against the sub-
strate, resulting from a surface-induced crystallization. The
(100) planes, containing the two crystallographic slip systems
with the lowest slip resistance, (100)[001] and (100)[010], were
found to be directed preferentially parallel to the plane of the
film with a random orientation of the molecular chains within
this plane. The lamellar normals were either parallel to the
plane of the substrate or somewhat tilted with respect to the
plane. However, twisting of lamellae was found to be substan-
tially reduced. The preferred crystallographic planes for the
crystalline/amorphous interface remain unclear for this mor-
phology. It can be assumed that these planes are still of the
{h0l}-type. The observation by Bartczak et al. [18] that crystal
growth is unidirectional with little divergence sideways, and
the reduction of lamellar twisting, suggest a smaller angle
between the crystallographic chain direction c and the lamel-
lar normal nI than observed in randomly crystallized material.
Here, the plane of the crystalline/amorphous interface is
assumed to be of the {102}-type, corresponding to an initial
chain tilt angle of 9.7°. Besides the crystallographic and lamel-
lar orientations, all microscopic material properties are
assumed to be identical to the properties of the randomly
crystallized material. A set of crystallographic orientations is
generated with the (100) poles preferentially aligned in the
direction of the normal of the substrate, with a certain random
deviation from the substrate normal direction. Furthermore,
a random rotation around this normal direction is applied.
Therefore, the mechanical properties at the mesoscopic scale
can be expected to be transversely isotropic with the (fiber)
symmetry direction corresponding to the substrate normal
direction. All differences in mechanical response in the 22 and

n0
I
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33 tensile directions and the 12 and 13 shear directions will
be of statistical origin. After a set of crystallographic orienta-
tions has been generated, the lamellar normals are obtained
as described above. In Figure 20(a)–(d), the orientations of a
set of 125 composite inclusions are displayed. The view direc-
tion of the equal area pole figures is the substrate normal
direction. This direction is the preferred direction for the (100)
poles. In Figure 20(e) and (f), the corresponding mesoscopic
stress-strain response of the composite inclusion model is
shown in the basic tensile and shear directions. The equivalent
stresses are normalized by the lowest slip resistance τ0 = 8
MPa. Additionally, the response of a randomly oriented aggre-
gate is shown also. With respect to the randomly oriented
aggregate, the equivalent stresses in the transverse tensile
directions are increased. The reduction of the 12 and 13 shear
resistances is related to these tensile 22 and 33 resistances.
The ratio of transverse tensile and 12/13 shear resistances at
the onset of yielding is of the order of 2. At higher strains,

Figure 20 Equal area projection pole figures representing (a)–(c)
the principal crystallographic lattice directions, and (d) the lamellar
normals of a set of transcrystallized orientations and (e), (f) the
normalized equivalent mesoscopic stress  vs. the imposed
deformation for tension and shear, respectively, in the basic material
directions as predicted by the composite inclusion model.
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this ratio decreases to approximately 1.5. Simulations with
an anisotropic Hill plasticity model (Section II) showed that
for the effectiveness of the toughening mechanism under
investigation, a larger amount of anisotropy would be neces-
sary (ζ ≥ 3). A sharper texture, however, does not increase the
R22/R12 anisotropy ratio.

C. Macroscopic Models

For particle-modified materials, a structure of dispersed par-
ticles and matrix material can be identified. The system is
described by a finite element model of a representative vol-
ume element (RVE). The blended system, having a three-
dimensional nature, is simplified to a two-dimensional RVE,
for which two different approaches are used (see Section II).
In order to capture the important effects of the essentially
irregular nature of particle-dispersed systems, a plane strain
RVE with randomly dispersed particles is used, where the
cavitated particles are represented by voids. A similar struc-
ture as was used in the Hill-type simulations in Section II
is adopted, containing 20 vol% irregularly dispersed voids.
The mesh with 565 four-noded bilinear reduced integration
plane strain elements is shown in Figure 21(a). An orienta-
tion field is generated by taking the local 1-directions per-
pendicular to the closest void/matrix interface, respecting
the periodicity of the structure, as shown in Figure 21(b).

Figure 21 (a) Finite element mesh of multiparticle plane strain
RVE and (b) local material orientations.
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For the representation of the triaxial stress state around
a particle, an axisymmetric RVE model of a staggered array
of particles is considered. The finite element mesh of the SA
model, with 20 vol% voids, was visualized in Figure 7(a). In
each integration point of the 196 reduced integration four-
noded bilinear elements, a local coordinate system is gener-
ated, such that the local 1-directions are again perpendicular
to the closest void surface.

D. Effect of Transcrystallized Anisotropy 
on Toughness

Now, the full multiscale model will be used to investigate the
effect of a transcrystallized orientation on the deformation of
particle-modified systems. Both RVE models, as described in
the previous section, are applied, with in each integration
point either an aggregate of randomly generated orientations
or a (unique) set of orientations with a similar distribution
as in Figure 20. For the latter situation, the local (fiber)
symmetry directions correspond to the 1-directions as
described in Section IV.C. In each integration point, 64 com-
posite inclusions per aggregate are used.

In Figure 22, for the plane strain ID model, the obtained

fields of the magnitude of plastic deformation, 

Figure 22 The influence of radially oriented anisotropy on the
magnitude of the plastic deformation,  for the ID model, at

 = 0.025, with (a) randomly generated initial orientations, and
(b) transcrystallized preferential orientations.
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are shown for  = 0.025. For the large scale RVE, containing
randomly oriented, and thus quasi isotropic, matrix material,
the plastic deformation is localized in particle-bridging paths,
percolating through the matrix, approximately perpendicular
to the loading direction (Figure 22(a)). The small scale RVE,
having transcrystallized orientations, shows more widespread
localized plastic deformation, also with shear bands in rela-
tively thick interparticle ligaments, in the 30° to 50° direction
with respect to the particle poles (the term pole refers to the
location where the particle/matrix interface normals are
aligned with the loading direction, Figure 22(b)). In the rela-
tively thin ligaments, still localized deformation is observed.
In Figures 23 and 24, the magnitude of the plastic deforma-
tion is shown for  = 0.05, as well as some selected micro-
scopic texture evolutions and deformation quantities in two
integration points, for random and transcrystallized initial
orientations, respectively. For both situations, most plastic
deformation is concentrated in relatively thin interparticle
ligaments. The presence of a layer of preferentially crystal-
lized material with significant thickness around cavitated
rubber particles does have some effect on the mechanism of
matrix shear yielding. This effect is, however, limited due to
the relatively small level of anisotropy in the material.

In the pole figures showing the evolution of crystallo-
graphic and morphological texture, the initial orientation of
each composite inclusion is represented by a dot. The arrow
connects it with the corresponding final orientation, which is
located at the arrowhead. In the pole figures showing micro-
scopic deformation quantities, the location of each dot denotes
the initial orientation of the lamellar normal of an inclusion
and its gray intensity represents the value of the indicated
quantity for the inclusion. To enrich the information shown
in the latter pole figures, the mirror location of each pole with
respect to the central point of the plot is also given. The view
direction is the macroscopic out-of-plane direction. The term
intralamellar deformation is employed for the magnitude of the
deformation of the crystalline phase. For the amorphous
deformation, a distinction is made between so-called inter-

�εt

�εt
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lamellar shear and interlamellar separation. Let  be a material
vector in the amorphous phase of inclusion i, with 
Then, interlamellar shear is assumed to be represented by
the angle (in radians) between the convected material vector,

 and the current lamellar normal,  Lamellar
separation is represented by  

The integration point indicated by A in Figures 23 and
24, represents, for the initially randomly oriented material,
a material point in the highly localized zone. Since this inte-
gration point is located in the equatorial area (the equator is

Figure 23 The magnitude of the plastic deformation,  and
selected microscopic results for the ID model, at  = 0.05, with
randomly generated initial orientations.
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defined as the area where the particle/matrix interface normal
is perpendicular to the loading direction), the local 1-direction
is almost perpendicular to the global loading direction. The
microscopic results for this point show moderate crystallo-
graphic deformation, mainly for inclusions with their lamellar
normals close to the local 1-direction. The (100) poles, which

Figure 24 The magnitude of the plastic deformation,  and
selected microscropic results for the ID model, at  = 0.05, with
transcrystallized initial orientations.
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represent the planes containing the two most easily activated
slip systems, migrate towards a direction which is approxi-
mately 40° away from the local 1-direction. The lamellar nor-
mals are moving towards the same direction, with the largest
activity for lamellar poles initially far from the target direc-
tion. Amorphous deformations are relatively large, with inter-
lamellar shear predominantly in inclusions with their
crystalline/amorphous interface approximately 45° inclined
with the loading direction. Interlamellar separation is found
predominantly in inclusions with their interface normals per-
pendicular to the local 1-direction. For the RVE with trans-
crystallized orientations (Figure 24), deformation is still
localized in the ligament containing integration point A. In
this point, the maximum intralamellar (crystallographic)
deformation has increased with respect to the quasi-isotropic
material, whereas both maximum interlamellar shear and
separation have decreased. Crystallographic deformation is
concentrated in inclusions with their lamellar normals per-
pendicular to the loading direction. Also in integration point
B, the maximum intralamellar deformations are approxi-
mately doubled, whereas the magnitude of the interlamellar
deformations is comparable to the isotropic situation.

In Figures 25 and 26, the normalized hydrostatic pres-
sure  as well as some selected microscopic texture evo-
lutions and deformation quantities in two integration points,
are shown for the SA model, with random and transcrystal-
lized initial orientations, respectively. The region of peak ten-
sile triaxial stresses is located in the matrix material near
the polar region for the preferentially oriented material,
rather than in the equator area, as is observed for the ran-
domly oriented material. In the equator region, the hydro-
static pressures remain negative; however, the absolute
values are reduced with respect to the quasi-isotropic mate-
rial. In Figure 27, the direction and the magnitude of the
normalized maximum in-plane principal stress,  are
shown for the SA model. For the large scale, quasi-isotropic
material, the maximum principal stresses are found to be
negligible in the polar region, whereas for the small scale
configuration, with transcrystallized orientations, also in this

p / ,τ0

σ τmax / ,0
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region, maximum principal stresses are significant. In the
equator region, maximum values are slightly increased with
respect to the principal stresses in the isotropic material.

For the initially randomly oriented configuration, in inte-
gration point C, which is located in the equatorial region, the
intralamellar deformations are relatively small, and are
found predominantly for inclusions with their lamellar nor-
mals either perpendicular or parallel to the loading direction.
In the remaining inclusions, interlamellar shear is consider-
ably large and a significant amount of interlamellar separa-
tion is found for inclusions with their lamellar normals
aligned with the loading direction. For these inclusions, the
preferred direction of possible craze growth, perpendicular to
the direction of the maximum principal stress [50], is parallel
to the crystalline/amorphous interface. For the material with
transcrystallized initial orientations, the maximum

Figure 25 The normalized hydrostatic pressure,  and
selected microscopic results for the SA model, at  = 0.1, with
randomly generated initial orientations.
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Figure 26 The normalized hydrostatic pressure,  and
selected microscopic results for the SA model, at  = 0.1, with
transcrystallized initial orientations.

Figure 27 The direction and the magnitude of the normalized
maximum in-plane principal stress,  for the SA model, at

 = 0.1, with (a)–(b) randomly generated orientations, (c)–(d) tran-
scrystallized preferential orientations.
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intralamellar deformations are more than doubled with
respect to the randomly oriented material for inclusion with
their lamellar normal perpendicular to the loading direction.
Interlamellar deformations are considerably reduced. For
integration point D, which is located in a high tensile triaxial
stress area, lamellar separations remain small. 

In polymeric materials, the principal mechanisms lead-
ing to deformation and fracture [46] are shear yielding of
matrix material, voiding and the occurrence of craze-like fea-
tures [45,47] under triaxial stress conditions, and brittle frac-
ture of the matrix by chain scission, induced by high tensile
principal stresses. Whether or not the material will show
toughened behavior will depend on which of these phenomena
will predominantly occur. Massive shear yielding, with
energy-absorbing inelastic deformation, has a beneficial effect
on toughening. However, for the transcrystallized orientation
currently considered, the increase of matrix shear yielding
(replacing strain localization) is limited. Intralamellar defor-
mation is favored over interlamellar deformation. In the
quasi-isotropic material, craze-like features may be initiated
in the equator region, where the peak tensile triaxial stresses
are maximal, and significant interlamellar separation occurs.
Since they will grow perpendicular to the direction of maxi-
mum principal stress, the growth direction will be trans-
versely to the macroscopic tensile direction. These crazes may
act as precursors to cracks, ultimately leading to failure. For
the material having transcrystallized preferential orienta-
tions, in this region the negative hydrostatic pressures and
interlamellar separation are reduced, diminishing the chance
of craze initiation. On the other hand, in the polar region, for
this material, relatively large tensile triaxial stresses are
found, possibly initiating voids. However, interlamellar sepa-
ration remains small at this location. In this area, the growth
direction of possible crazes will be in the direction of macro-
scopic loading, and crazing may become an energy-absorbing
mechanism. Therefore, transcrystallized orientations may
lead to some degree of toughening, however, the effect is
limited by the relatively small amount of anisotropy.
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E. Influence of Processing Conditions

In the foregoing discussion, a fully radially oriented, tran-
scrystallized, microstructure was shown to have a beneficial,
but limited effect on the mechanics of deformation in particle-
modified systems. This was due to the relatively small reduc-
tion in yield strength in the local 12 and 13 shear directions.
A further decrease of these shear yield strengths would
increase matrix shear yielding. Alternatively, an increase of
the local 22 tensile yield strength would have a similar effect,
since concurrently it reduces the strengths in shear.

A small flow-related crystallographic orientation was
found by Bartczak et al. [17] in HDPE with calcium carbonate
fillers. The importance of process conditions was demonstrated
by Schrauwen et al. [23–25], who found toughness to be dom-
inated by flow-induced effects, see Figure 28. Compression
molded specimens, having a transcrystallized microstructure,
showed only a minor increase in impact toughness. However,
a substantial increase in toughness was found for injection
molded samples, indicating the presence of flow-induced
effects. Moreover, the actual toughness was found to depend
on the location of the Izod specimen in the mold, confirming
Bartczak’s original results. A row structure of polyethylene
lamellae was found in extruded alternating high density poly-
ethylene and polystyrene thin layers by Pan et al. [69]. The
long axes of the lamellae, which are the crystallographic

Figure 28 Influence of processing conditions on toughness [25].
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b-axes, were oriented in the plane of the layers and perpen-
dicular to the extrusion direction. The a-directions were found
to be predominantly normal to the layer surface and lamellar
surface normals were aligned with the direction of flow. More-
over, only partial twisting was observed. In thicker layers, an
unoriented structure was observed, similar to bulk polyethy-
lene, with the corresponding lamellar twisting.

The effect of a hypothetical microstructure, with prefer-
ential orientations that may be the result of an influence of
the process conditions on the anisotropic crystallization of
matrix material, is now investigated for a voided macrostruc-
ture. The transcrystallized preferential orientations as used
previously, were axisymmetric with respect to the local 1-
direction, i.e., within the plane of the particle/matrix inter-
face, the orientation was assumed to be random. Here, an
additional preferential orientation of the molecular chains
and the lamellar normals in the local 2-direction is assumed.
The lamellar row structure obtained thereby may be the
result of an influence of the flow on the crystallization behav-
ior, and resembles the structure that was reported by Pan et
al. [69]. Again, the crystallographic {102} planes are assumed
to constitute the crystalline/amorphous interface, with an ini-
tial tilt angle of 9.7°. In Figure 29, a generated set of 125
composite inclusion orientations of this type are displayed.
The stress-strain behavior obtained when this aggregate of
composite inclusions is subjected to tension and shear in the
basic material directions, is shown in Figures 29(e) and (f).
Because of the lack of a fiber symmetry in this material, large
differences between the 22 and 33 tensile loading configura-
tions are found. With respect to the transcrystallized orien-
tations (Figure 20), the yield strength in the 22-direction has
considerably increased, whereas the 33 yield strength is
reduced. At  the ratio of the 22
tensile and 12 shear yield strength is 3.4. The ratio of the 22
tensile resistance and the 12 shear resistance of transcrystal-
lized material is 3.0. When material with this microstructural
morphology would, in a particle-dispersed system, be oriented
appropriately with respect to the loading conditions, an addi-

ln( ) . . ,λ γ= =0 05 0 05and 2/3 3
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tional beneficial effect on the amount of matrix shear yielding
may be expected, based on the simple analyses of Section II.

A microstructure of matrix material around well-dis-
persed voided particles is hypothesized that consists of lamel-
lar crystals that are nucleated at the particle/matrix interface.
An influence of processing conditions is assumed for the
matrix material in the equatorial regions (with respect to the
flow direction). This hypothetical morphology is realized by
assigning aggregates of composite inclusions with crystallo-
graphic and morphological orientations similar to the orien-
tation set in Figure 29 to specific elements of the finite
element meshes which were previously used for the ID model
and the SA model. These elements are located in the equato-
rial areas with respect to the flow direction. For the remaining
elements, again transcrystallized orientations are assumed
(similar to Figure 20). In Figure 30, the assigned flow-influ-
enced areas are shown for both models, for either flow in the

Figure 29 Equal area projection pole figures representing (a)–(c)
the principal crystallographic lattice directions, and (d) the lamellar
normals of an anisotropic set of orientations with an assumed influ-
ence of processing conditions and (e), (f) the normalized equivalent
mesoscopic stress  vs. the imposed deformation for tension
and shear, respectively, in the basic material directions as predicted
by the composite inclusion model.
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loading direction or flow perpendicular to the loading direc-
tion. In each integration point, the local 1-directions are
assumed to be radially oriented with respect to the nearest
particle, as was previously used for the transcrystallized sit-
uation. In Figure 31, the effect of this microstructure on the
obtained field of plastic deformation is shown for the ID model
at  = 0.035. In this figure also, the fully transcrystallized
situation is represented. When the macroscopic loading is
applied perpendicular to the flow direction, no significant

Figure 30 Assumed influence of flow on crystallization, with
(a)–(b) flow in the loading direction and (c)–(d) flow perpendicular
to the loading direction. The flow direction (FD) is indicated by the
arrows.

Figure 31 The influence of (a) transcrystallized orientations and
(b), (c) flow-influenced orientations on the magnitude of the plastic
deformation,  for the ID model, at  = 0.035, with (b) flow
in the loading direction, (c) flow perpendicular to the loading direc-
tion. The flow direction (FD) is indicated by the arrows.
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effect of the flow-influenced orientations can be observed,
compared to fully transcrystallized material. However, when
the RVE is loaded in the direction of the flow, the plastic
deformation is no longer localized in the relatively thin inter-
particle ligaments, but occurs predominantly in the matrix
material, away from the particle surfaces and at the particle
surface at an inclined location.

In Figure 32(a), the normalized hydrostatic pressure field
is represented for the SA model, loaded in the flow direction.
Results for the material loaded perpendicular to the flow
direction are not shown because of the similarity with the
fully transcrystallized situation. As for the fully transcrystal-
lized situation, the area of peak tensile hydrostatic stress is
relocated from the equatorial region for the quasi-isotropic
material to the matrix material near the particle pole. Figure
32(b) and (c) show the normalized maximum in-plane princi-
pal stress for the SA model with the influence of flow in the
loading direction. The largest maximum principal stresses are
again observed in the equatorial area.

Thus, the hypothesized microstructure with local mate-
rial orientations that results from an influence of process
conditions on crystallization increases the toughening effects,
if loaded in the appropriate direction with respect to the flow
direction. Then, localization of deformation is replaced by
dispersed shear yielding. Although a hypothesized micro-
structure is used, this example demonstrates the possible

Figure 32 (a) The normalized hydrostatic pressure,  and (b,
c) the magnitude and the direction of the normalized maximum in-
plane principal stress,  for the SA model, at  = 0.075,
with the influence of flow in the loading direction.
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importance of the processing conditions for the particle-tough-
ening of semicrystalline material.

F. Conclusions

A physically based mechanism for the toughening of semi-
crystalline polymeric materials by the dispersion of particles
relies on the presence of a layer of anisotropic transcrystal-
lized material around the particles [2,13,17]. A multiscale
model was used to investigate the effect of preferentially ori-
ented matrix material in HDPE blended with rubber parti-
cles, which were assumed to be cavitated. The particle-
dispersed system was described by both a plane strain RVE
model with irregularly dispersed voids and by an axisymmet-
ric RVE model with an assumed regular stacking of voids,
which were loaded in constant strain rate tension. In each
integration point of the finite element model, an aggregate of
composite inclusions was used as a representative microstruc-
tural element that provides the constitutive behavior of the
material at the mesoscopic level. Constitutive properties were
assigned at the microstructural level to the amorphous and
the crystalline domains. Besides these properties, the meso-
scopic constitutive behavior was affected by the crystallo-
graphic and lamellar orientations of the composite inclusions.
By using preferential initial orientations, a mesoscopically
anisotropic constitutive behavior was obtained.

Simulations on voided polymeric material with a large
average interparticle matrix ligament thickness, having
quasi-isotropic constitutive behavior at a mesoscopic level,
showed a strongly localized deformation, along a path through
the matrix, perpendicular to the loading direction. Large ten-
sile triaxial stresses were found in the equator region (with
respect to the loading direction) near the particles. In this
area, interlamellar separations were relatively large. A par-
ticle-modified system having a relatively small average inter-
particle matrix ligament thickness has been realized by using
initially preferentially oriented lamellae, with the crystallo-
graphic (100) planes approximately parallel to the void/matrix
interface. For this system, a more dispersed field of plastic

DK4635_C009.fm  Page 366  Thursday, April 7, 2005  2:05 PM

© 2005 by Taylor & Francis Group.



deformation was found, induced by a small relative reduction
of the shear yield strength. Moreover, a relocation of the
tensile triaxial stresses in the polar region, where deformation
by interlamellar separation remains small, was observed,
diminishing the likeliness of initiation and growth of critical
craze-like features in the amorphous domains. These phenom-
ena could indeed lead to some degree of toughening of the
particle-modified material if the interparticle distance is
small. However, with the level of anisotropy as predicted by
the composite inclusion model, the effects of these locally
preferential orientations remain limited. Simulations on ide-
alized polymeric materials, modeled by anisotropic Hill plas-
ticity (Section II), showed a much larger potential of local
anisotropy for toughening of particle-dispersed semicrystal-
line materials, if the amount of anisotropy would be suffi-
ciently large (ζ > 3).

The level, and thereby the effect of local anisotropy was
found to be improved if an additional hypothetical possibly
flow-induced row structure of the transcrystallized lamellae
was assumed in certain regions. When loaded in the direction
of the macroscopic flow, plastic deformation was no longer
localized in relatively thin interparticle ligaments, but was
dispersed through the matrix. This massive shear yielding, in
combination with the effects on craze-initiating conditions, has
a further beneficial influence on the behavior of this material,
however, only if loaded in the appropriate direction. Although
the employed microstructure was hypothetical, the calcula-
tions demonstrated the important role of processing conditions
in particle-toughening of semi-crystalline polymers.

V. DISCUSSION

The hypothesis that local anisotropy in particle-modified poly-
meric systems may lead to macroscopically toughened behav-
ior was investigated by numerical methods. The anisotropy is
assumed to be induced by a specific microstructure, which
results from preferred crystallization of the polymeric matrix
material. The role of the particles in this mechanism is (i) to
create a microstructure with anisotropic constitutive behavior
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during crystallization, and additionally (ii) to provoke local
stress concentrations during loading, thereby inducing exten-
sive matrix shear yielding, meanwhile (iii) decreasing or relo-
cating critical triaxial stresses that induce crazes. The validity
of this hypothesis has been investigated by micromechanical
modeling methods. The precise crystallization behavior was
left out of consideration, and the starting point was an esti-
mated microstructure for the particle-modified system.

The effect of a matrix material with a reduced yield
strength in the local shear directions around well-dispersed
voids was investigated by finite element simulations for ide-
alized systems. The fictitious polymeric material was modeled
in the context of anisotropic Hill plasticity. The three-dimen-
sional structure of the voided material was simplified by
using two different micromechanical models. The calculations
confirmed that the mechanism as proposed by Muratoǧlu et
al. [13] could indeed lead to toughened material behavior.
Required for toughening by this mechanism is apparently (i)
a structure of well-dispersed voided particles; (ii) locally
anisotropic material, radially oriented with respect to the
nearest void surface; and (iii) sufficiently reduced shear yield
strengths. If these requirements are satisfied, local plastic
anisotropy of matrix material around the voids can effectively
replace localization by dispersed shear yielding and can relo-
cate the occurring tensile triaxial stresses from the equator
to the particle poles, potentially leading to toughened mate-
rial behavior. 

A similar modeling approach was used to investigate the
influence of mineral filler particles on this toughening mech-
anism. These systems require debonding in order to prevent
excessive negative hydrostatic pressures. These debonded
hard particles show a relocation of tensile triaxial stresses to
the particle polar areas by local anisotropy, similar to aniso-
tropic voided systems, with the maximum principal stresses
directed such that crazes or microcracks are expected to prop-
agate parallel to the loading direction. Moreover, the anisot-
ropy-induced shear yielding mechanism is affected by the
presence of stiff inclusions. Although some effect of the anisot-
ropy was observed, the mechanism of toughening by local
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anisotropy is considered to be less effective for non-adhering
hard particles, which have the advantage of increasing the
blend modulus, than for low stiffness rubber fillers.

Thereafter, to investigate whether the requirements for
the toughening mechanism can be achieved by a transcrys-
tallized microstructure, a micromechanically based numerical
model for the elasto-viscoplastic deformation and texture evo-
lution of semicrystalline polymers was developed and used to
simulate the behavior of particle-modified high density poly-
ethylene (HDPE). For these blended polymeric systems, a
distinction between three different scales has been made. The
constitutive properties of the distinguishable material com-
ponents were characterized at the microscopic scale. At the
mesoscopic scale, an aggregate of individual phases was con-
sidered. To bridge between those scales, a composite inclusion
model has been formulated. The model is based on (a simpli-
fied representation of) the underlying morphology and defor-
mation mechanisms of this material. As a representative
microstructural element, a two-phase layered composite
inclusion has been used, with a lamellar structure as is com-
monly observed in semicrystalline polymers. Both the crys-
talline and the amorphous phase are represented in the
composite inclusion model and are mechanically coupled at
the interface. For both phases, micromechanically based con-
stitutive models have been used. The local inclusion-averaged
deformation and stress fields are related to the mesoscopic
fields of the aggregate using an interaction model. In the
model, the effect of transcrystallization on microscopic prop-
erties other than orientation, such as crystallinity and amor-
phous and crystalline constitutive behavior (e.g. as a result
of the lamellar thickness), are not accounted for.

A full multiscale model was used to investigate the effect
of preferentially oriented matrix material in HDPE blended
with rubber particles, which were represented by voids. In
this model, the structure-property relationship is addressed
at various levels: (i) the arrangement of chain segments, rep-
resented in the constitutive behavior of the individual phases;
(ii) the arrangement of the lamellae, influencing the response
of the polymeric matrix material; and (iii) the particle-modi-
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fied macroscopic structure. Simulations on voided polymeric
material with a large average interparticle matrix ligament
thickness, having quasi-isotropic constitutive behavior at the
mesoscopic level, showed strongly localized deformation. Max-
imum tensile triaxial stresses were found in the equator
regions near the particles. A particle-modified system having
a relatively small average interparticle matrix ligament thick-
ness was realized by using initially preferentially oriented
lamellae, with the crystallographic (100) planes approxi-
mately parallel to the void/matrix interface. For this system,
a more dispersed field of plastic deformation was found,
induced by a relative reduction of the shear yield strength.
Moreover a relocation of the peak tensile triaxial stresses to
the polar region was observed, diminishing the initiation and
growth of critical craze-like features in the amorphous
domains. These phenomena could indeed lead to some degree
of toughening of the particle-modified material when the
interparticle distance is small. However, with the level of
anisotropy as predicted by the composite inclusion model, the
effects of these locally preferred orientations remained lim-
ited. The simulations on idealized polymeric materials, mod-
eled by anisotropic Hill plasticity, showed a substantially
increased potential capacity of local anisotropy for toughening
of particle-dispersed semicrystalline materials, if the amount
of anisotropy was sufficiently large.

The level, and thereby the effect of local anisotropy was
made more pronounced by assuming a hypothetical additional
row structure of the transcrystallized lamellae in certain
regions, which represents the result of the processing history.
When loaded in the direction of the macroscopic flow, plastic
deformation was no longer localized in relatively thin inter-
particle ligaments, but was largely distributed through the
matrix. This shear yielding, in combination with the effects
on craze-initiating conditions, has a further beneficial effect
on the mechanical behavior of this material, however only
when loaded in the appropriate direction. 

Based on these simulations, Figure 3, which was the
starting point of this work, illustrating the potential of rubber
and mineral fillers for improving mechanical properties by
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the hypothesized mechanism, can be further refined. This
refinement is displayed in Figure 33. Whereas in the reference
(large scale) isotropic system, tensile triaxial stresses were
found in the particle equator areas, for all anisotropic (small
scale) systems, maximum negative pressures were observed
in the polar area. For these systems, craze-like events are
expected to propagate in the loading direction. For rubber-
filled systems, transcrystallized layers had a limited effect on
matrix shearing, whereas the presence of row-structured
material more efficiently changed the mode of deformation to
dispersed shear yielding. However, the mechanism of tough-
ening by local anisotropy was concluded to be less effective
for non-adhering hard particles.
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Figure 33 The influence of voids (cavitated rubber) vs. hard (min-
eral) particles in combination with microstructure-induced anisot-
ropy on the mechanical properties.
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I. INTRODUCTION

 

In nearly all applications of polymers, the mechanical behav-
ior cannot be ignored. Important mechanical properties
include stiffness, strength, elongation at break, and, as an
average property, toughness or fracture toughness. Within
this context, the term “toughness” denotes the absorption of
mechanical energy during a deformation that ends up in frac-
ture. The aim of improvement or modification of polymeric
materials is often to develop a material with high toughness
and a large plastic elongation of break, whilst retaining a
high level of other desirable properties such as stiffness and
strength. These are opposed demands, and the usual tech-
nique of manufacturing of high-impact polymers — the rubber
toughening — has the disadvantage of a pronounced decrease
in strength and stiffness due to the rubber content [1]. Addi-
tionally, in many applications of polymers, a good balance of
the mechanical properties with other properties (e.g., trans-
parency, electric properties, flame retardancy) and a good
processability is demanded. With our present knowledge, a
combination of such different properties is impossible to real-
ize in a homogeneous polymer on the basis of new monomers
but only in a heterogeneous one by modifying the polymer
structure on a meso-, micro- and sub-micrometer scale. There
is a large variety of macromolecular and supermolecular
structures (the morphology), but not all of them are of equal
importance for property improvements. Only certain details
of the structure are decisive for the mechanical behavior, and
these details are called 

 

property-determining structures

 

 [2].
Often, structural defects exist that are responsible for prema-
ture failure of materials. A better understanding of such
important structures or defects and their role in influencing
mechanical properties is a task of particular scientific and
economic importance and a key to modify and to improve the
properties of polymeric materials.

Structure, morphology and mechanical properties are
linked by the micromechanical processes of deformation and
fracture [2,3]. A detailed knowledge about structure-property
correlations and their underlying micromechanical mecha-
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nisms enables criteria to be defined for modifying polymer
structure and morphology and for producing polymers with
defined improved or new properties, known as 

 

microstructural
construction of polymers

 

 [4].
Micromechanical processes are usually highly localized,

and several different techniques have been applied for their
study. Besides spectroscopic and scattering techniques, the
techniques of electron and atomic force microscopy are par-
ticularly useful for direct determination of micromechanical
properties of polymers [2,3,5]. Using special micro-tensile
devices for the electron and atomic force microscopes, 

 

in situ

 

deformation tests can be performed. Since these techniques
also allow the study of morphological details, they enable
us to investigate structure-property correlations in a very
direct way. A brief overview of these techniques is given in
Section II.

It has been well known for many years that thermoplas-
tics can be toughened by adding 5 to 25% of a suitable rubber
[1]. The process of rubber toughening is of major importance
to the plastics industry, and it has proved so effective that
this technology has been extended to almost all of the com-
mercial glassy thermoplastics, including polystyrene (PS),
poly(styrene-acrylonitrile) copolymer (SAN), polymethyl-
methacrylate (PMMA) and polyvinylchloride (PVC). It has
also been applied to several thermosetting resins and to semi-
crystalline polymers, notably polypropylene (PP) and polya-
mides (PA). Recently, some new techniques and micro-
mechanical mechanisms were found as alternative toughen-
ing mechanisms. An overview of some of these mechanisms
is given in Section III. 

Some additional micromechanical mechanisms for tough-
ness enhancement are discussed in detail in this chapter,
including toughening effects due to core-shell particles in
amorphous and semicrystalline polymers with mechanisms of

 

core flattening

 

 and 

 

low-temperature toughness

 

, the so-called

 

thin-layer yielding 

 

mechanism in nanostructured block copol-
ymers and effects of 

 

multiple crazing

 

 in multi- and nanolay-
ered polymer systems.
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II. TECHNIQUES TO STUDY TOUGHNESS 
MECHANISMS

A. Materials and Sample Preparation

 

In this chapter several amorphous and semicrystalline het-
erogeneous polymer blends, block copolymers and compos-
ites are used, which are described and characterized in
detail in connection with the results. The investigated sam-
ples are commonly used in the form of injection molded
plates or extrudates.

 

B. Study of Morphology

 

Every study of micromechanical mechanisms must be cou-
pled with a detailed investigation of the morphology. For
polymer studies several techniques of electron microscopy
(EM) can be employed, including conventional transmission
electron microscopy (TEM), high-resolution electron micros-
copy (HREM), high-voltage electron microscopy (HVEM),
analytical electron microscopy (AEM), scanning electron
microscopy (SEM), environmental scanning electron micros-
copy (ESEM), and atomic force microscopy (AFM). In general
two preparation techniques and investigation methods have
been applied [2,6,7]:

1. The preparation of special surfaces from internal
parts of the samples, such as brittle fracture surfaces
or smooth and selectively etched surfaces. These sur-
faces are investigated directly in the SEM or AFM.

2. The preparation of semi-thin or ultra-thin sections
by ultramicrotomy, generally after special fixation
and staining procedures or at lower temperatures by
cryoultramicrotomy. Investigations of the usually
0.05 – 1.0 µm thick sections are carried out by TEM,
HVEM, or AFM.

 

C. Study of Micromechanical Properties

 

Depending on type, morphology and the main micromechan-
ical properties of the polymeric material of interest, several
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different methods have been applied, which enable the inves-
tigation of micromechanical processes over a wide range of
temperatures and magnifications often together with the mor-
phology, interfaces, and others.

1. The easiest way is to study fracture surfaces of bulk
samples by SEM or ESEM (microfractography), yield-
ing information about the processes of crack initia-
tion and crack propagation up to final fracture. The
influence of structural heterogeneities (“defects”) on
the initiation, as well as on the propagation of cracks
can be studied.

2. Deformation of bulk material (e.g., stress-elonga-
tion test, bending test) is followed by inspection of
the changes at the surfaces by SEM, ESEM or AFM.
Changes inside the bulk material are studied by
producing flat surfaces and SEM investigation
(occasionally after selective etching) or by prepar-
ing ultra-thin sections using an ultramicrotome
(occasionally after chemical staining) and by TEM
investigation.

3. Deformation of semi-thick samples, thin films or
ultramicrotomed thin sections in a special micro-ten-
sile or bending device and direct investigation of the
deformed samples by SEM, ESEM, AFM, HVEM, or
TEM. Some of the tensile or bending devices enable
one to perform deformation tests at lower or higher
temperatures (from –180°C to +200°C). Further
details of the different microscopic techniques are
given in Referencs [2] and [5].

 

D. Determination of Mechanical Properties

 

Tensile testing of dog-bone shaped tensile bars was performed
using a universal tensile machine at a cross head speed of
usually 50 mm/min and at room temperature (23°C). Some of
the samples were tested using miniaturized specimens by
means of a Minimat miniature materials testing device (Poly-
mer Laboratories, UK) at a cross-head speed of 1 mm/min at
room temperature.
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III. MECHANISMS OF TOUGHNESS 
ENHANCEMENT

A. General Aspects and Overview

 

There are different mechanisms to enhance the toughness of
polymers at room temperature or at lower temperatures.
Some of them are broadly applied in the plastics industry,
others are theoretical possibilities. Toughness enhancement
with retaining the other mechanical properties such as stiff-
ness and strength is possible only in a heterogeneous poly-
meric material by modifying the polymer morphology in such
a way as to promote a large number of local energy-absorbing
plastic deformation processes on a micro- and sub-micrometer
scale. Therefore, all of the toughening mechanisms, which are
discussed in this and in the next chapter, appear in two- or
multiphase polymeric materials with a heterogeneous mor-
phology, including nanostructured amorphous and semicrys-
talline polymers.

The different toughening mechanisms can be summa-
rized as follows:

• Rubber particle toughening, or in general, modifier
particle toughening with the details
• Three-stage mechanism of particle toughening
• Homogeneous and core-shell particles
• Particles due to phase separation

• Rubber network yielding
• Inclusion yielding
• Particle-filled systems (composites)

• Usual inorganic particles 
• Nanoparticles

• Self-reinforcement
• Phase transformation toughness
• Thin-layer yielding

 

B. Rubber Particle Toughening

 

Rubber-toughened thermoplastics were first manufactured in
the late 1940s and have since been studied very extensively.
Fracture toughness can be increased by up to one order of
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magnitude by adding a small amount (usually 5 to 25%) of a
suitable rubber or elastomer to the thermoplastics. This effect
was initially utilized in PS and SAN by grafting to butadiene
rubber, yielding high-impact polystyrene (HIPS) and acryloni-
trile-butadiene-styrene copolymer (ABS), respectively. The
addition of rubber particles promotes energy absorption
through the initiation of local yielding. This deformation
mechanism involves three important stages (the so-called

 

three-stage mechanism of toughening

 

 [1,2]) (Figure 1):

1. Elastic deformation, resulting in the generation of
stress concentrations around the rubber particles,
and (in some cases) cavitation in the rubber particles

2. Plastic strain softening, characterized by local yield-
ing of the matrix, through multiple crazing (fibril-
lated or homogeneous crazes), extensive shear
yielding, or some combination of both

3. Strain hardening of the yield zone, a process to which
stretching of the rubber phase to very high strains
makes a significant contribution, especially when the
rubber content is high; in specimens containing sharp
notches or cracks, rubber particles cause crack tip
blunting and consequently crack stop, preventing a
premature crack propagation and fracture

The dominant mechanism of deformation in the matrix varies
not only with the chemical structure and composition of the
matrix material, but also with the test temperature, the strain
rate, and the morphology, shape, and size of the rubber par-
ticles [1,2,8–10]. Formation of fibrillated crazes and fibrilla-
tion of the rubber membranes of the “salami” particles is
typical of high impact polystyrene (HIPS). The formation of
fibrillated matrix crazes in combination with dilatational
shear bands, where the voids are confined to the rubber phase,
is typical of many grades of toughened PSAN or ABS blends.
Craze-like dilatational shear bands are also formed in tough-
ened grades of PVC, PMMA, PP, and epoxy resins. Elasto-
meric particles can be distributed in the matrix in the form
of homogeneous or heterogeneous particles. In systems with
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“salami” or “core-shell” particles, hard polymer sub-inclusions
occasionally can be deformed by a 

 

mechanism of core flatten-
ing

 

 

 

as a new additional mechanism of energy absorption (see
Section IV.A).

The chemical structure and composition of the matrix
material determines not only the type of the local yield zones,
but also the critical parameters for toughening. In amorphous
polymers with the dominant formation of fibrillated crazes,
the 

 

particle diameter D

 

 is of primary importance. In some
other amorphous and in semicrystalline polymers with the
dominant formation of dilatational shear bands or intense
shear yielding the critical parameter is the 

 

interparticle dis-
tance A

 

 (the thickness of matrix strands between the particles)

 

Figure 1

 

Schematic illustration of the three-stage mechanism of
rubber particle toughening (

 

σ

 

O 

 

applied stress, 

 

σ

 

k

 

 stress concentra-
tion at a single rubber particle,  enlarged stress concentration
due to stress field superposition).

σ0

σ0

σκ′>σκ

σκ

σ0

Rubber particle 
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— for details see the literature cited above and Chapters 9,
11, and 12.

 

C. Rubber Network Toughening

 

It is often assumed that rubber toughening is synonymous
with the addition of rubber particles. However, there is an
alternative and also very effective approach to rubber tough-
ening of amorphous polymers, using 

 

rubber networks

 

, which
has been known for some decades [2,11–13]. This method
involves small particles of a thermoplastic being embedded
in the rubber network to form a honeycomb structure with
very thin layers of rubber separating the thermoplastic par-
ticles. A blend might consist, for example, of a rubbery ethyl-
ene-vinylacetate copolymer (EVAc) or a nitrile-butadiene
rubber (NBR) matrix encapsulating primary particles of PVC
which are about 0.5 to 1 µm in diameter. In the example of
Figure 2, a network of a rubbery EVAc phase contains small
particles of PVC. Since there are very tiny network layers,
the rubber content is usually kept below 10 vol%; that is, the
PVC content reaches more than 90%. 

 

Figure

 

 2

 

Rubber-toughened PVC with a network structure: a net-
work of a rubbery phase (EVAc, dark appearance due to selective
staining) contains many small particles of PVC (bright); (stained
ultrathin section, TEM).

500 nm
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When the rubbery network is stretched, the PVC parti-
cles start to yield and absorb energy. In the micrographs of
Figure 3, the two phases are clearly visible without any chem-
ical staining due to stretching of the sample in the microscope.
Owing to the lower density and the predominant deformation
of the rubber phase, the rubber network appears bright, and
the PVC particles appear dark (effect of “straining induced
contrast enhancement” [2]). During loading, the following
deformation steps appear:

1. At the beginning of deformation, the weaker rubber
phase is stretched, building up a three-dimensional
stress state everywhere in the network (Figure 3a).

2. The rubber phase transfers stresses from one PVC
particle to the next, high enough to reach the yield
stress of PVC, the particles start to deform plasti-
cally (Figure 3b and c); the yielding of the numerous
PVC particles absorbs the main part of the total
fracture energy.

3. By rupture of parts of the rubber network, microvoids
appear, yielding an intense fibrillation of the network
and an additional plastic yielding of PVC particles
(Figure 3d). 

One critical parameter of this mechanism is the thickness of
the rubber network layers, which must be in the range of a
few tens of nanometers [2,11,12]. Only such a thin-walled
network can create a three-dimensional (hydrostatic) stress
state high enough to reach the yield stress of PVC. A disad-
vantage of these systems and the reason why they are not
used in the plastics industry is the sensitivity during process-
ing with destruction of the network and its transformation
into a fine rubber particle distribution (Figure 4). After this
phase separation the toughness enhancement is drastically
reduced because of the relatively low rubber content and the
small particles [2]. 

Other examples of such a type of blends are a polyethyl-
ene (PE) or a polybutadiene (PB) network containing embed-
ded polystyrene (PS) particles [2,14]. However, in this case
the PS particles do not yield as whole particles (as in the case
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Figure

 

 3

 

Rubber-toughened PVC with a network structure of rub-
ber (EVAc, bright appearance) around PVC particles (dark): a, b, c
and d show increasing elongation, deformation direction is vertical;
(1000 kV HVEM micrographs, 

 

in situ

 

 – deformation test).

a b

2 µm

c d
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of PVC), but at best via a surface drawing mechanism [2]
(very similar to the core flattening mechanism in the core-
shell particles, described in Section IV.A.3).

 

D. Inclusion Yielding

 

A deformation mechanism similar to that observed in rubber
network blends is 

 

inclusion yielding

 

 or

 

 hard particle yielding

 

,
in which stiff thermoplastic particles are distributed in a
matrix with a slightly lower yield stress, e.g., PSAN particles
embedded in a polycarbonate (PC) matrix [15,16]. Under load,
stresses transferred to rigid inclusions via the softer matrix
can exceed the yield stress of the inclusions and, therefore, the
particles are forced to deform plastically and absorb energy.

Both types of mechanisms — rubber network yielding
and inclusion yielding — act in systems with stiffer polymeric
particles in a rubbery network or a softer matrix. The differ-
ence lies in volume content of the stiff particles, which is
higher in the network structure, where the very thin rubber
layers of the network do not really form a matrix. It is often
not believed that stiffer particles can be plastically deformed
due to a softer surrounding, since the usual, well-known case
is the opposite situation (yielding of softer particles in a stiffer

 

Figure

 

 4

 

Destruction of the network structure in PVC/EVAc
blends due to processing with increasing blending time: a) starting
network structure, b) beginning of structure destruction, c) after
destruction with phase separation (small rubber particles in PVC
matrix). (Selectively stained ultra-thin sections, TEM.)

a b

1 µm

c
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matrix). However, experiments on these types of blends dem-
onstrate that the stresses transferred to rigid inclusions via
a softer matrix can exceed the yield stress of the inclusions.
Of course, an optimum morphology and a strong adhesion
(interfacial strength) are necessary for these effects.

 

E. Particle-Filled Polymers (Composites)

 

Inorganic filler particles are usually added to thermoplastics
to enhance the stiffness and — if there is a strong interfacial
strength — also to increase the yield stress. In case of low or
missing interfacial strength (adhesion), debonding and cavita-
tion appears during loading. The microvoids around the filler
particles act as stress concentrators (like the elastomeric par-
ticles in rubber particle toughening) and can, therefore, ini-
tiate local yielding processes. In dependence on particle size
and particle distribution several cases often appear (Figure 5):

a. The basic effect is debonding/cavitation and local
stress concentration.

b. Large particles create large voids with the disadvan-
tage of void coalescence and production of cracks of
overcritical lengths.

c. Agglomerates of small particles can rupture, produc-
ing sharp cracks.

d. Small, homogeneously distributed particles initiate
local yielding between the particles/microvoids.

Only the case d) gives rise to an increased toughness. Particle-
filled PE and PP systems are examples of this mechanism
[2,17–19] and Figure 6 illustrates this effect in a polypropylene
(PP) matrix modified with small filler particles (Al

 

2

 

O

 

3

 

, average
particle diameter about 1 µm, filler content 10 wt%). The lower
as well as the higher magnification show the effects of debond-
ing and void formation around the filler particles, the elongation
of microvoids, and the plastic shear deformation of the matrix
strands between the particles/voids. The local deformation
reaches several hundred percent and can be larger than the
average elongation at break of the unmodified matrix material.
It is interesting to note that there is a remarkable similarity
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of the deformation mechanisms in these particle-filled PPs and
in rubber toughened PP, revealing that particle-filling in prin-
ciple can create not only stiffer but also tougher materials.

Preconditions of this toughening mechanism are parti-
cles, which are small enough (to prevent crack initiation at
the microvoids around the particles) with a narrow size dis-
tribution (to prevent premature crack formation at the largest
particles), with a homogeneous distribution and good spatial
separation and with optimum distances between the particles
in the matrix (optimum critical interparticle distance)
[2,18,19]. Therefore, there is only an optimum “window” in
particle size D or interparticle distance A and in adhesion for
tough filled systems (see Figure 7).

 

Figure

 

 5

 

Schematics of particle-filled polymers and different cases
of local processes, depending on particle size and distribution (a, b,
c, d — see text).

(a) Basic process 
(isolated particles, without bonding)

(c) Particle agglomerates

Brittle fracture Toughness

(d) Small particles, homogeneously 
distributed

Matrix fibrillation

Brittle fracture

(b) Large particles
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D

σκ >σκ

σκ σo
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Figure

 

 6

 

TEM micrographs showing the deformation of particle-
filled PP (10 wt% of Al

 

2

 

O

 

3

 

 filler particles): debonding and microvoid
formation around the particles, elongation of microvoids, plastic
stretching of the matrix strands between the particles/voids; a)
lower and b) higher magnification (deformed in a 1000 kV HVEM;
deformation direction vertical). 

 

Figure

 

 7

 

Influence of particle size D/interparticle distance A and
interfacial strength/adhesion on mechanical behavior; there is only
a small “window” for toughness; the borders between tough and
brittle fields depend on matrix behavior.
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The application of nanometer particles (nano-composites)
should give additional possibilities to enhance the toughness.
An overview about morphology and properties of nanotube
and nanofiber-reinforced polymers is given in Chapter 14.

 

F. Self-Reinforcement and Compaction

 

It is well known that strong orientation of the macromolecules
increases stiffness and strength of thermoplastic polymers,
e.g., PP and PE. To maintain strong molecular orientation,
relaxation processes during cooling must be suppressed due
to a special process of fast solidification [20] or the preparation
only of thin films or fibers. Using thin films or fibers, bulk
material with good toughness at a high level of stiffness and
strength can be produced with special compaction techniques
[21,22]. Such a procedure and the resulting effects are dis-
cussed in detail in Chapter 16.

 

G. Phase Transformation

 

Following the concept of toughening of ceramic materials due
to the phase transformation mechanism (high toughened
ceramics), a theoretical estimation shows that a stress-
induced transformation from one crystalline phase into
another one could absorb energy (e.g., transition from 

 

β

 

- to

 

α

 

-crystals in iPP) [23]. However, up to now, there has been
no experimental confirmation of this mechanism in polymers.

 

H. Thin Layer Yielding Mechanisms

 

In lamellae-forming styrene/butadiene star block copolymers,
an unexpected large homogeneous plastic deformation of PS
lamellae up to 200 to 300% was found instead of the usual
brittle fracture following craze formation. This new toughen-
ing mechanism based on a sub-micromechanical or a nano-
mechanical effect was called a 

 

thin layer yielding mechanism

 

and is discussed in detail in Section IV.C. 
Modified thin layer mechanisms with toughness

enhancement were also found in lamellae-forming block
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copolymer blends as well as in multilayered systems and are
described in Sections IV.C and IV.D.

 

IV. RESULTS AND DISCUSSION

A. Amorphous Polymers Modified with 
Core-Shell Particles

 

1. Materials Used

 

Very fine and well-dispersed morphologies can be obtained by
blending the matrix polymer with core-shell particles. The
particles used contain a hard core of cross-linked PMMA with
a diameter of about 180 nm, a rubbery shell consisting of
poly(butyl acrylate-co-styrene) (PBA) about 40 nm thick, and
an outer thin-grafted PMMA shell for good adhesion between
particles and matrix [24]. The overall diameter of the particles
is in the order of 260 nm (Figure 8, left). These preformed
particles were melt compounded with 

• A PMMA matrix with volume contents of core-shell
particles from 4 to 35%

• A PSAN matrix with 20 vol% particles (a styrene-
acrylonitrile-acrylate copolymer [ASA] with a mor-
phology similar to ABS)

From injection molded plates, ultra-thin sections were pre-
pared for morphology investigations and semi-thin sections
for studying micromechanical properties.

 

2. Toughening Mechanism in General

 

The characteristic deformation structures of core-shell parti-
cles are shown in the schematic drawing on the left-hand side
and in an electron micrograph from a deformed thin section
of ASA on the right-hand side of Figure 8. In the modifier
particles, a cavitation mechanism begins in the PBA shell,
with subsequent fibrillation of the rubber. Fibrils separated
by microvoids around the cores are connected to the matrix
and, therefore, the fibrillated shells with the internal PMMA
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cores resemble spiders. The matrix material is plastically
deformed between the cavitated and elongated particles. The
matrix material (here SAN) deforms mainly in the form of
homogeneous shear deformation zones and a small number
of short and relatively thin fibrillated crazes.

Figure 9 shows deformation structures in a rubber-tough-
ened PMMA. The lower magnification (micrograph in Figure
9a) shows multiple crazes between the particles. Crazes are
initiated at the particles and propagate into the matrix per-
pendicular to the tensile direction. The higher magnification
(Figure 9b) reveals also void formation, stretching and fibril-
lation in the rubbery shell. Cavitation in the particles pro-
duces stress concentration at and between particles, initiating
plastic deformation of the adjacent matrix strands. With
increasing particle volume content, a transition from crazing
to shear yielding occurs [25].

 

Figure

 

 8

 

Left: Scheme of a core-shell particle undeformed and
deformed. Right: TEM micrograph of a deformed sample of ASA
(SAN/PBA blend) (arrow shows the deformation direction). (From
Michler GH, Bucknall CB. Plastics, Rubber and Composites
2001;30:110–115. With permission.)
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3. Advantages of Core-Shell Particles

 

The rigid cores in the core-shell particles have an indirect
effect upon toughness, because they increase the volume
fraction of particles (similar to the salami particles in HIPS).
The small size with a very narrow size distribution and the
homogeneous spatial distribution in the matrix allows for
the manufacture of transparent toughened polymers as a
second advantage.

An additional advantage of this type of particle over
homogeneous rubber particles lies in the stabilization of cav-
ities by the core-shell structure: the cavities in the PBA shells
are limited in their size by the fibrils connecting the matrix
to the rigid PMMA cores, and these fibrils also clearly support
substantial stresses. This useful difference between homoge-
neous rubber particles and core-shell particles is illustrated
in Figure 10. In both cases, the single mechanism with cavi-
tation inside the particles, stress concentration at the surface
of the particles, and initiation of plastic yielding of adjacent
matrix parts is very similar. However, if we consider super-
position effects between the particles, differences become vis-

 

Figure 9

 

Craze formation in rubber-toughened PMMA at cavi-
tated core-shell particles, particle volume content 7.5%: (a) lower
magnification; (b) higher magnification (HVEM micrographs, defor-
mation direction vertical).

5 µm 1 µm

a b
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ible: If there are closely connected homogeneous rubber
particles, the voids inside the particles can coalesce, leading
to larger voids, crack formation, and, consequently, to a pre-
mature fracture. Using core-shell particles, the individual
microvoids are stabilized in their size, and void coalescence
is prevented, with the result that an additional intense plastic
yielding of the matrix is possible.

Usually, the cores of the modifier particles are not
deformed, as is visible in the micrographs of Figures 8 and 9.
This is usually accepted since it hardly seems possible to
deform a glassy polymer core inside a rubbery shell. However,
there are results that show that a plastic yielding of hard PS
sub-inclusions in salami particles of HIPS should be possible

 

Figure 10

 

Comparison of the action of role played by homoge-
neous particles in contrast to core-shell ones in rubber-toughened
polymers concerning the single mechanism acting on particles and
the superposition effect between particles. (From Michler GH. J
Macromol Sci: Phys 1999;38:787–802. With permission.) 
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[26] (see also Section III.D). One example of this behavior in
an ASA blend containing acrylic core-shell particles is shown
in Figure 11. The micrograph shows a pattern of light-colored
dilatational bands formed as a result of crazing in the PSAN
matrix and cavitation in the modifier particles. Most of these
particles feature dark, lens-shaped PMMA cores. Both the
fibrils and the minor axis of the “lenses” are oriented parallel
to the tensile direction, indicating that as the deformation
progresses to high tensile strains, PMMA is drawn from the
“poles” of the cores, which were originally spherical [24,26].

This process of large strain plastic deformation of glassy
cores of the modifier particles can be regarded as a new
toughening mechanism (so-called 

 

core flattening

 

), which is
potentially capable of contributing significantly to energy
absorption during the deformation and fracture of the blend
[26,27]. Figure 12 is a schematic diagram, illustrating the
morphology of a cavitated core-shell particle immediately
before fibrils of glassy polymer are drawn from the polar
regions of the core. That drawing process is almost identical

 

Figure 11

 

ASA blend with dilatational bands, which are formed
by core-shell particles extended in deformation direction (vertical)
and crazes between the particles; note cavitation and fibrillation of
rubber phase and flattening of PMMA cores. (1 µm semi-thin micro-
tomed section stretched to high strains at room temperature, 1000
kV HVEM). (From Michler GH, Bucknall CB. Plastics, Rubber and
Composites 2001;30:110–115. With permission.)
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Figure 12

 

Schematic diagram illustrating transfer of stresses
from matrix via rubber fibrils to rigid polymer core; true stresses
in the rubbery shell are high enough to pull out fibrils from core,
as in craze formation (

 

σ

 

0 

 

applied stress; 

 

σ

 

f 

 

higher stress in fibrils,
comparable with yield stress (or crazing stress) of the hard polymer).
(From Michler GH, Bucknall CB. Plastics, Rubber and Composites
2001;30:110–115. With permission.)
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to the drawing of fibrils from the walls of a craze [2,28] and,
therefore, requires substantial stresses, probably in the
range of 50 to 80 MPa at room temperature, to be applied to
the solid core. As these stresses must be in equilibrium with
the surrounding matrix, the true stresses in the rubber fibrils
must be in a corresponding size. This is quite realistic for
two reasons: 

• Due to the void content in the shell, the stresses in
the fibrils are increased accordingly.

• Natural rubber in the bulk state can reach engineer-
ing stresses (load/original area) of 30 MPa and exten-
sion ratios of 10 or higher, which means that the true
stress in the fully stretched state exceeds 300 MPa. 

Therefore, the yield (crazing) stress of the hard polymer par-
ticles (PS inclusions in the salami particles of HIPS or PMMA
particles in the core-shell particles of ASA) can be reached,
and fibrils are pulled from the surface of the particles (there
is no homogeneous yielding of the whole particle as discussed
in the mechanism’s 

 

rubber network toughening

 

 (Section III.C)
and 

 

inclusion yielding 

 

(Section III.D)).
In view of the large stresses and strains involved in core

flattening and the relatively high volume fractions of the
glassy inclusions (occupying about 50 and 80% of the total
content of the core-shell and salami particles) in typical ther-
moplastic blends, there is a possibility of dissipating large
amounts of energy in this way. A precondition to this effect
is that the rubbery shell of the modifier particles forms fibrils,
which show a remarkable strain-hardening effect as dis-
cussed above.

 

B. Low Temperature Toughness in 
Semicrystalline Thermoplastics

 

1. Materials Used

 

Core-shell particles show advantageous effects also in tough-
ening of semicrystalline polymers. To illustrate these effects,
two different types of modified polypropylene (PP) were cho-
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sen. One was a commercial PP homopolymer modified by melt
compounding with 20 vol% of ethylene/propylene/diene ter-
polymer (EPDM). The other was a “reactor blend,” in which
the PP is modified with rubber particles consisting of an
ethylene/propylene rubber (EPR) shell surrounding a rigid
semicrystalline PE core. The core-shell particles have average
diameters of about 300 nm [29]. Both grades of PP were
supplied by PCD Polymers, Linz (now Borealis).

 

2. Deformation Mechanism

 

The toughness of semicrystalline polymers such as polya-
mides (PA) and PP can be increased similar to the amorphous
polymers by the adding of relatively small amounts of rubber
particles such as EPDM or EPR. In these modified polymers,
the main energy absorption mechanism under tensile loading
at room temperature is shear deformation of the matrix
(mechanism of

 

 multiple shear deformation

 

) [3]. Usually,
toughened PP shows a decrease in toughness with decreasing
temperature. If the temperature is below the glass transition
temperature of the modifier particles (e.g., EPDM), the par-
ticles can no longer act as rubbery stress concentrators, the
initiation of plastic deformation is lost and the materials
break in a brittle manner. However, a low temperature tough-
ness is demanded for many practical applications. 

The use of core-shell particles is favorable in comparison
with homogeneous rubber particles in two respects. One is
similar to the case referred to above (cf. Figure 10, effect of
preventing void coalescence). The other is demonstrated in
Figure 13 with a sample of a PP blend containing EPR core-
shell particles: A thin section was strained 

 

in situ

 

 on the
stage of a 200 kV-TEM at the very low temperature of
–100°C. The EP copolymer shell is cavitated and elongated
in the load direction with the formation of coarser fibrils (the
EP shells became thinner and, therefore, appear bright in
the micrograph). The cavities in the shell act as stress con-
centrators and initiate crazes in the adjacent matrix. It is
known that PP also well below its glass transition temper-
ature T

 

g

 

 can deform via crazes [2,27]. This mechanism
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reminds one of the toughening mechanism in high-impact
polystyrene (HIPS) or ABS. It is an effect far below the glass
transition of the rubber phase, and it demonstrates that
toughening is not limited by T

 

g

 

 of the modifier particles and
that low-temperature toughness of PP and other semicrys-
talline polymers is not a problem of principle [3,26]. The
essential structural precondition is cavitation of particles
and stabilization of the formed cavities to avoid their growth
into cracks, as it can be realized in the core-shell particles.
There is a similarity between formation of microvoids and
fibrillation of the rubber shell of the core-shell particles below
the glass transition temperature and the processes of craze
formation in polymers well below T

 

g 

 

(e.g., crazing in PS, PP,
connected also with processes of microcavitation and fibril-
lation [2]). In both cases the polymeric material is deformed
plastically below T

 

g

 

 on a sub-micrometer level (thicknesses
of fibrils are in the range of 10 nm).

 

Figure 13

 

PP modified with EPR core-shell particles; thin section
deformed at –100°C, showing cavitated and deformed core-shell
rubber particles and crazes in PP matrix, revealing an effect of low
temperature toughness (deformed and investigated in a 200 kV-
TEM). (From Michler GH, Bucknall CB. Plastics, Rubber and Com-
posites 2001;30:110–115. With permission.)

σ

500 nm
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C. Block Copolymers

 

Block copolymers allow the control of structure on the nano-
meter scale and enable the combination of good mechanical
properties with other properties such as transparency, recy-
clability, etc. Due to the connectivity of the component chains
and their inherent chemical incompatibility, the dissimilar
blocks prefer to segregate, which gives rise to a rich variety
of ordered structures called microphase-separated structures.
In addition to the variation of the overall composition of block
copolymers, the morphology can be adjusted by changing the
processing conditions (processing temperature, cooling rate,
etc. or solution casting using different solvents), molecular
architecture, using more than two types of monomers, etc.
(see Chapter 3).

 

1. Materials Used and Sample Preparation

 

Lamellae-forming asymmetric styrene/butadiene block copol-
ymers (number average molecular weight ~ 100,000 g/mol and
total styrene volume content of 0.74) were investigated. A
linear (LN) and a star-shaped (ST) copolymer were used.
Unlike diblock copolymers, due to presence of asymmetric
architecture and tapered transition, these block copolymers
reveal lamellar morphology in spite of large polystyrene con-
tent. Due to modified molecular architecture, the glass tran-
sition temperature of the soft butadiene phase was
significantly increased (–55°C for LN and –78°C for ST) with
respect to that of pure polybutadiene (–98°C). The samples
were prepared by injection molding (mass temperature 250°
and mold temperature 45°C) and solution casting using tolu-
ene as solvent. The materials were supplied by the BASF
Aktiengesellschaft, Ludwigshafen. (For more details see
[30,31] and Chapter 3.)

2. Deformation Mechanism and Effect of 
Thin Layer Yielding

It is known that the mechanical and micromechanical prop-
erties of block copolymer systems with lamellar morphology

DK4635_C010.fm  Page 405  Thursday, April 7, 2005  2:35 PM

© 2005 by Taylor & Francis Group.



are strongly affected by the loading direction relative to the
orientation of the microphase-separated structures.

If the material is loaded perpendicular or at an angle to
the lamellar orientation direction, the lamellae are folded in
a fish-bone-like arrangement (chevron morphology). The mor-
phology of a lamellar SBS triblock copolymer (LN) film cast
from solution is shown before and after deformation in AFM
phase images, Figure 14. After deformation, the regions where
the lamellae were initially perpendicular to the strain direc-
tion turn into so-called chevron morphology or fish-bone mor-
phology (zig-zag pattern). Formation of chevron morphology
under mechanical loading was recently reported in oriented
lamellar block copolymer samples subjected to tensile defor-
mation perpendicular to the lamellar alignment [32].

A different picture appears if the samples are loaded in
such a way that the lamellae are parallel to the deformation
direction. Figure 15 shows the morphology of an SBS star
block copolymer (ST) before and after tensile deformation
along the injection direction (or lamellar orientation direc-

Figure 14 AFM phase images showing the morphology of a solu-
tion cast lamellar SBS triblock copolymer: (a) before deformation,
and (b) after deformation in perpendicular direction to lamellae
arrangement in vertical direction (cryo-microtomed surface imaged
in tapping mode). (From Michler GH, Adhikari R, Henning S. J
Mater Sci 2004;39:3281–3292. With permission.)

a

200 nm 200 nm

b
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tion). In the undeformed sample, the thickness of the PS
lamellae and the lamellar spacing lies in the range of 20 nm
and 42 nm, respectively (Figure 15a). The tensile deformation
parallel to the injection direction (i.e., the lamellar orienta-
tion direction) leads to an extreme plastic drawing of both
PS and PB lamellae (Figure 15b). In the deformed sample
the thickness of the PS lamellae and the lamellar spacing
have been reduced to about half of their values before defor-
mation. It is worth mentioning that the lamellae were
stretched to a very high degree without any cavitation or
microvoid formation. In contrast to the diblock copolymers,
where the deformation localization in the craze-like zones is
the principal deformation mechanism [33,34], no local defor-
mation bands were observed.

A summary of the deformation processes illustrated in
Figure 14 and Figure 15 are collected in a TEM image of a
solution cast star block copolymer (ST) in Figure 16. If the
deformation direction is parallel to the local lamella orienta-

Figure 15 TEM images showing the morphology of an injection
molded lamellar SBS triblock copolymer; insets show frequency
distribution of thickness of PS lamellae: (a) before deformation, and
(b) after deformation in parallel direction to lamellae arrangement
(thin sections selectively stained by OsO4). (From Michler GH,
Adhikari R, Henning S. J Mater Sci 2004;39:3281–3292. With per-
mission.)
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tion (region a) or perpendicular or oblique to the local lamellar
orientation (regions b and c in Figure 16), different mecha-
nisms may act simultaneously or consecutively. Firstly, a shift
of adjacent lamellae (gliding process) occurs. Thereafter, the
lamellae yield (region a) or break into smaller domains, rotat-
ing towards the loading direction, forming chevron-like or fir-
tree like morphologies (regions b and c in Figure 16; see also
scheme in Figure 17a). 

It should be noted that the thickness of PS lamellae
(about 20 nm) remains practically unchanged in the chevron-
folded structures after deformation. However, the lamellar
long period is increased due to widening of the PB lamellae
in the folded “hinges.” Moreover, the thickness reduction of
the PB layers during the parallel deformation was found to
be more pronounced. These observations indicate that the
rubbery phase reacts earlier towards the applied stress, which

Figure 16 TEM micrograph showing different deformation struc-
tures (a, b, c) in a lamellar star block copolymer (ST) prepared by
solution casting (strain direction is shown by an arrow; OsO4 stained
ultra-thin section). (From Michler GH, Adhikari R, Henning S. Mac-
romol Symp 2004;214:47–71. With permission.)

σ

a b c
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was further supported by Fourier transform infrared (FTIR)
spectroscopy results [35].

If the deformation direction is parallel to the lamellar
orientation, a homogeneous plastic yielding of both PS and
PB lamellae is detectable (region a in Figure 16 and scheme
in Figure 17b). Apparently there is no change in the phase
morphology besides a significant reduction of the layer thick-

Figure 17 Scheme of micromechanical processes observed in
lamellar systems investigated: (a) lamellae perpendicular to strain
direction; (b) lamellae parallel to strain direction; and (c) scheme
showing the principle of the thin layer yielding mechanism.

(a) Deformation perpendicular to
lamellar orientation

(b) Deformation parallel to
lamellar orientation
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nesses and the long period. The lamellae are strongly aligned
towards the strain direction, and the well-defined lamellar
structure is even partly destroyed. The large plastic deforma-
tion of the glassy PS lamellae under tensile strain found in
the star block copolymer studied is in line with the results
reported earlier by Kawai et al., who observed a cooperative,
drawing, shearing and kinking of the block copolymer micro-
domains [36]. This homogeneous plastic deformation even
without forming any localized deformation zones endows the
PS with a ductile property, whereas it is otherwise brittle in
the bulk state. This mechanism of homogeneous plastic defor-
mation of PS lamellae (thin PS layers) together with adjacent
PB lamellae can be described by a new deformation mecha-
nism called thin layer yielding [37], which is schematically
represented in Figure 17c. This new toughening mechanism
based on an effect on nanometer scale yields high impact and
transparent polymers. The effect appears if the thickness of
the PS layers lies below a critical thickness (Dcrit). This critical
thickness is comparable to the maximum craze fibril thickness
in polystyrene homopolymer, i.e., in the range of 20 nm. The
difference between the craze fibril yielding and the yielding
of the PS lamellae lies in the fact that the craze fibrils stretch
between microvoids while the PS lamellae undergo yielding
between PB lamellae. Thus, in this case, the PB lamellae act
similar to microvoids in PS crazes and do not hinder the
plastic deformation of the glassy polystyrene layers.

From the reduction of the lamellar spacing and the thick-
ness of the PS lamellae in the undeformed and deformed
samples, a local deformation of about 300% can be estimated.
This is the same order of magnitude as the craze fibrils
stretching in the crazes of PS (craze fibril extension ratio, λ
≈ 4 [2]). This confirms that the yielding of the lamellae in the
star block copolymer is analogous to the drawing of craze
fibrils in polystyrene homopolymer.

The large homogeneous plastic deformation of the PS
lamellae at room temperature under tensile loading condi-
tions is limited to lamella thickness below a critical value of
about 20 nm. The deformation mechanism changes from this
homogeneous drawing of the lamellae to the formation of the
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usual local craze-like zones, if the average thickness of the
PS lamellae increases to about 30 nm (see Section IV.D).
Additional micromechanical details in block copolymers with
lamellar morphologies are discussed in Reference [38].

3. Influence of Processing Conditions and 
Deformation Temperature

Variation in processing conditions can have a dramatic impact
on the morphology and mechanical behavior of block copoly-
mers. Figure 18 plots the stress-strain curves of the linear
block copolymer (LN) processed by three different methods:
solution casting, compression molding and injection molding.
The compression molded and injected samples met the
requirements of standard test (ISO 527) while miniaturized
tensile bars (50 mm long, 0.5 mm thick) were prepared from
solution cast films. Therefore, the comparison of properties is
rather qualitative.

Figure 18 Stress-strain curves of the lamellar block copolymer
(LN) samples prepared by different methods; injection molded sam-
ples were strained parallel to the injection direction. (From Adhikari
R, Godehardt R, Lebek W, Goerlitz S, Michler GH, Knoll K. Macro-
mol Symp 2004;214:173–196. With permission.)
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What one can immediately notice in Figure 18 is the
significantly high yield stress (ca. 29 MPa) of the injection
molded samples. The yield points of solution cast films and
compression molded lie nearly at the same low level (12
MPa). The high yield stress of the injection molded bars can
be attributed to the orientation of lamellae along the flow
direction (loading is parallel to the injection direction, i.e.,
parallel to the lamellae orientation direction). The yield point
defines the start of the yielding of the PS lamellae as in
Figure 15 (thin layer yielding mechanism). Loading is par-
allel to the lamellar orientation, and, therefore, load is cov-
ered by the hard (PS) lamellae. Due to comparable thickness
of soft and hard lamellae, the stress covered by the PS lamel-
lae is twice that of the applied stress, that means 2 × σy ~
2x30 = 60 MPa and this correlates roughly with the yield
stress of bulk PS [2].

It was shown that the solution cast and compression
molded samples reveal “polygranular” structures, which
deform by cooperative shearing, breaking and yielding of
lamellae (as in Figure 16). The first step of shearing and
interlamellar gliding appears by chain movements in the soft
(PB) lamellae at low stresses. After the second step of break-
ing, twisting and chevron formation of the lamellae, the third
step of lamellae yielding starts with an increasing stress.

Another noticeable difference is in the tensile strength
(maximum stress at break). The tensile strength decreases in
the following order: solution cast film → compression mold →
injection mold. It is well known that the tensile strength in
styrene/diene block copolymers is a direct function of extent of
phase separation [39]. Thus, decreasing tendency of tensile
strength in the sequence noted above can be correlated to the
decreasing degree of phase separation. The structures in solu-
tion cast films are closest to the equilibrium ones (clearly sep-
arated lamellae, which ensure the largest tensile stress) while
the injection mold has the smallest chance of forming the well
phase-separated morphology owing to the rapid cooling of
highly sheared melt. Details on the influence of processing
conditions on deformation mechanisms of styrene/butadiene
block copolymers can be found elsewhere [40].
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Representative stress-strain curves of the linear block
copolymer (LN) measured at different temperatures are plot-
ted in Figure 19. Deformation behavior was examined from
room temperature down to the temperature close to the glass
transition temperature of the soft phase, Tg-PB (details in [40]).
With decreasing temperature, as expected, the strain at break
decreases while the yield stress (a measure of strength) and
Young’s modulus (a measure of stiffness) increases. Above
–40°C, a ductile failure occurs, which is accompanied by neck-

Figure 19 Stress-strain curves of the injection molded lamellar
block copolymer (LN), loaded at different temperatures as indicated;
strain rate 50 mm/min; initial part of the curves are magnified in
the inset. (From Adhikari R, Godehardt R, Lebek W, Goerlitz S,
Michler GH, Knoll K. Macromol Symp 2004;214:173–196. With per-
mission.)
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ing of the tensile specimens. A drastic reduction in strain at
break takes place on lowering the temperatures (e.g., from
about 450% at +23°C to about 20% at –30°C). At temperatures
below –40°C the block copolymer shows a brittle behavior.

4. Comparison with Other Lamellae-
Forming Polymers

The typical lamellae-forming polymers are the semicrystal-
line polymers with amorphous interlamellar layers. There-
fore, it is interesting to compare the micromechanical
behavior of the block copolymers discussed here with semic-
rystalline polymers (e.g., PE, iPP — Chapter 17). In PE and
iPP, the crystalline lamellae have thicknesses of about 20 nm
and long spacings in the range of 40 nm. This is the same
size of order of the lamellar dimension in block copolymers.
We can define a morphology of hard (crystalline phase, PS)
lamellae and soft (amorphous phase, PB) lamellae in between.
The comparable lamellar arrangement and nanostructures in
these two entirely different classes of materials (PP and PE
versus block copolymers), result in very similar micromecha-
nisms [41,42]. 

Depending on the loading direction relative to the
lamellar alignment, different micromechanisms exist as
shown schematically in Figure 17(a) and (b). When loaded
perpendicular to the lamellar orientation direction, similar
deformation structures appear with lamellae separation,
breaking and twisting of hard lamellae yielding to the for-
mation of chevron structures. In HDPE and also in β-iPP,
cavitation and fibrillation in the amorphous phase occur at
larger deformation (Figure 17(a)).

When loaded in parallel direction to the lamellae orien-
tation in the semicrystalline polymers, an interlamellar glid-
ing mechanism appears with plastic yielding of the
amorphous layers between the lamellae and separation of the
lamellae into smaller crystalline fragments with chain unfold-
ing finally leading to the formation of microfibrils at very high
deformation. In lamellar SBS block copolymers, interlamellar
gliding is followed by plastic yielding of the butadiene and
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styrene lamellae corresponding to the thin layer yielding
mechanism (Figure 17(b)).

The high plastic deformation of the soft (amorphous or
rubbery) regions is the precondition of these micromechanisms
leading to a high ductility of the sample. The high molecular
mobility of the soft layers enhances the local interlamellar
shearing (if the lamellae are parallel to the loading direction)
and lamellar separation and chevron formation (if the load
acts perpendicular to the lamellar orientation direction). Since
the amorphous regions in the semicrystalline polymers contain
a number of defects (such as chain ends), they are more prone
to cavitation leading to fibrillated crazes in the amorphous
phase. The absence of microvoids in the soft phase of the SBS
block copolymers is a most striking difference. The butadiene
phase, covalently bonded to the styrene chains (no molecular
defects), allows cavitation only after chain scission.

The micromechanical behavior of lamellae-forming het-
erophase polymers (based on semicrystalline polymers and
amorphous block copolymers) is dictated by the nature and
arrangement of these structures and shows two basic stages.
The initial stage is characterized by a plastic deformation of
the soft phase (rubbery or amorphous) with a reorganization
of the hard (glassy or crystalline) lamellae. The second stage
is determined by the alignment of the hard phase towards
the deformation direction and their plastic yielding. In this
way, the knowledge gained using a set of polymers may be
used to understand the deformation mechanisms of another
set of polymers with comparable phase morphology. 

D. Block Copolymer–PS blends

1. Materials Used

For the detailed analysis of deformation behavior of the lamel-
lar systems with increasing thickness of the lamellae, blends
of a lamellar star block copolymer (ST) and polystyrene
homopolymer (hPS; number average molecular weight ca.
80,000 g/mol) having wide molecular weight distribution were
studied by preparing the samples by injection molding (details
on materials used in Reference [43]).
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2. Deformation Mechanisms

With increasing molecular weight of the added PS (MPS), the
compatibility with the corresponding PS block of the block
copolymer decreases (Chapter 3). If MPS is higher than that
of the corresponding block, then the macrophase-separation
predominates under equilibrium conditions. However, the
morphology of block copolymer/PS blends can be strongly
influenced by processing conditions. Due to the high speed
processing and rapid cooling conditions during the molding
process, there is not enough time for the components to form
the structures that may be expected under equilibrium con-
ditions.

Figure 20 (top) presents TEM micrographs of some of
the injection molded blends. Since the thickness of the struc-
tures doesn’t exceed 100 nm, the blends may be regarded as
being microphase separated. This is the reason why the
blends were nearly as transparent as the pure block copoly-
mer itself. The microphase-separated structures are oriented
in the direction of shear force (i.e., along the injection direc-
tion) in the pure block copolymer as well as in the blends.
The thickness of the PS lamellae (or PS strands) increases
continuously with increasing hPS concentration in the blends,
whereas, the thickness of the PB lamellae doesn’t change
significantly. This suggests that the hPS chains are accom-
modated at the PS block lamellae of the pure star copolymer.
At higher PS content, the PB lamellae appear as elongated
worms dispersed in the PS matrix. Details on the morphology
and micromechanical behavior of these blends may be found
in [43].

The deformation tests of the investigated blends show a
drastic reduction in elongation at break at hPS concentration
of 20 wt% and more (see Figure 20 at the bottom). It was
found that this change is associated with average PS lamella
thickness and a transition in deformation mechanism from
homogeneous plastic flow to the formation of craze-like defor-
mation zones. The transition in deformation mechanism from
ductile plastic yielding of PS lamellae (thin layer yielding
mechanism) to crazing was found to take place when the
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Figure 20 Top: representative TEM images showing the morphol-
ogy of injection molded samples of star block copolymer/hPS blends;
injection direction vertical; the blend composition is indicated. Bot-
tom: stress-strain curves of these blends determined by tensile test-
ing at 23°C. (Reprinted from Baltá Calleja et al. Polymer
2004;45(1):247–254. Copyright 2004, with permission from Elsevier.)
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average thickness of the PS lamellae reaches a value of ca.
30 nm. These results are strong evidence of the proposed thin
layer yielding mechanism.

The craze-like deformation zones in Figure 21 are char-
acterized by a high degree of stretching of the lamellae accom-
panied by void formation. Locally, an elongation ratio of λ >
4 may be estimated. However, the macroscopically achievable
elongation of this sample is relatively low (only about 34%)
due to the extreme localization of the deformation zones. With
increasing PS content (and, therefore, increasing PS lamellae
thickness) the number of crazes decreases, yielding to the
observed reduction in elongation at break.

A blend with a higher PS content is shown in a TEM
image in Figure 22 and illustrates how the thickness of the
glassy layers affects the deformation micromechanism. The
sample, a blend of 20 wt% of a linear block copolymer and 80
wt% of hPS (i.e., a total PS content of ≈ 95%), was prepared
by extrusion with PS layers aligned along the flow direction.
Here, the PS layer thickness (average thickness ~350 nm)
clearly exceeds the critical value for the “thin layer yielding”

Figure 21 Lower (left) and higher (right) magnification of TEM
micrographs showing the deformation structures in an injection
molded blend of 80 wt% block copolymer and 20 wt% hPS, deforma-
tion direction is shown by an arrow (samples are stained by OsO4).
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mechanism with the result of the only appearance of usual
fibrillated crazes inside.

E. Multilayered Systems

1. Materials and Sample Preparation

During the last decades the study of mechanical properties
of polymers in the form of very thin films and layers became
a field of increasing interest in polymer research. Micro- and
nanolayering is an attractive approach for modifying the prop-
erties of the component polymers [44–47]. 

Here, two macroscopically ductile polymers, PC and PET,
were used to prepare a new kind of multilayered tapes. PC
(polycarbonate) from the Dow Chemical Company, Midland,
USA, and PET (polyethylene terephthalate) from M&G
Cleartuff had both molecular weights of about 30,000 g/mol.
Microlayers of PET/PC having compositions of 20/80, 50/50,
and 80/20, respectively, were coextruded with the two-compo-

Figure 22 TEM image of a blend consisting of an SBS triblock
copolymer and standard polystyrene (20/80 by weight) after defor-
mation; the crazes are exclusively localized in the PS layers; defor-
mation direction is shown (sample prepared by extrusion, staining
by OsO4). (From Michler GH, Adhikari R, Henning S. Macromol
Symp 2004;214:47–71. With permission.)
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nent microlayer system of E. Baer in Cleveland — for details
see Reference [48] and Chapter 15. Both components can be
coextruded as uniform laminates with hundreds or thousands
of alternating layers. Here, the number of layers was kept
constant at 1024. It is assumed that besides the amorphous
PC also PET is in an amorphous state under the extrusion
conditions used. The morphology is visible in Figure 23,
revealing that in all compositions the microlayers are well
ordered and oriented in parallel direction to the extrusion
direction. However, there are larger variations in the thick-
nesses between different parts of the same sample: the thick-
nesses of the PC layers vary between 100 nm and 2 µm and
that of the PET layers between about 100 nm and 3 µm.
Additional details of the morphology depending on composi-
tion and number of layers are described in References [49,50]
and systems discussed in Chapter 15.

2. Deformation Mechanisms

Figure 24 presents HVEM micrographs of the PET/PC sam-
ples with compositions 20/80, 50/50, and 80/20, respectively.
The visibility of the different layers in these lower magnifi-
cations is not so good as in Figure 23. Increase in the PET
layer thicknesses results in a pronounced transformation in
the deformation structure. While 20/80 PET/PC shows a
coexistence of deformation zones and shear bands similar to
the behavior of pure PC, the opposite composition 80/20
PET/PC deforms only with deformation zones like amor-
phous PET [49]. The sample with 50/50 shows deformation
zones and shear bands across numerous PET and PC layers
without stopping at the interfaces. That means that the
deformation mechanism of the major component determines
the behavior of the composite. Such cooperative microdefor-
mation mechanisms are only possible if the interfacial
strength (adhesion) between the two components is high
enough to ensure stress transfer. The good adhesion is also
proved by a very seldom observed delamination during defor-
mation studies of the samples.
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Figure 23 Morphology of multilayered PET/PC tapes having dif-
ferent composition (1 µm thick sections, stained with RuO4 [PC
appears dark], 1000 kV HVEM). (From Ivankova EM, Michler GH,
Hiltner A, Baer E. Macromol Mater Eng 2004;289:787–792. With
permission.)
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Figure 24 Deformation-induced structures in PET/PC multilay-
ered tapes of different compositions (deformed and investigated in a
HVEM; deformation direction vertical). (From Ivankova EM, Michler
GH, Hiltner A, Baer E. Macromol Mater Eng 2004;289:787–792. With
permission.)
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Annealing of the samples before mechanical stretching
causes significant changes in the deformation behavior. Fig-
ure 25 reveals transitions in the different samples. In the
20/80 PET/PC sample deformation zones dominate instead of
the coexistence of deformation zones and shear bands in the
unannealed sample (such as in pure PC due to annealing
[51]). In the annealed 80/20 PET/PC sample shear bands
dominate instead of the only existence of deformation bands
in the sample without annealing (in accordance with the tran-
sition in pure PET due to annealing). Therefore, a transition
appears from deformation zones in 20/80 PET/PC to an
intense shear band formation with increasing PET [43]. In a
similar manner as in the previous case (before annealing,
Figure 24), the micromechanical deformation mechanism of
the major component determines the mechanism of the whole
composite. The effect of annealing in the 80/20 PET/PC sam-
ple with transition from deformation bands to shear bands
should be connected with an increase of the degree of crys-
tallinity and of toughness of the PET. However, TEM inspec-
tion of the annealed PET layers didn’t reveal clear lamellae.
It seems that the crystallization process in very thin PET
layers is constrained. This correlates with SAXS and WAXS
synchrotron irradiation measurements, which revealed a cru-
cial reduction of the degree of crystallinity of the PET phase,
if the layer thicknesses were below 10 µm [52]. This effect of
hindered crystallization in confined systems could act as an
additional effect to modify mechanical properties of multi-
and nanolayered polymer systems.

Another example of multilayered systems are coextruded
PS/PMMA multilayers, which also reveal an increasing tough-
ness with increasing number of layers, corresponding with
decreasing layer thicknesses [53].

V. CONCLUSIONS/OUTLOOK

There are several different mechanisms of toughness
enhancement of polymers. The usual rubber toughening of
amorphous and semicrystalline polymers is of major impor-
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Figure 25 Deformation induced structures in PET/PC multilayered
tapes of different compositions after annealing (deformed and inves-
tigated in a HVEM). (From Ivankova EM, Michler GH, Hiltner A,
Baer E. Macromol Mater Eng 2004;289:787–792. With permission.)

10 µm
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50/50
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tance to the plastics industry. The basic effects are stress
concentration at the particles and initiation of plastic yielding
at and between the particles. In the past, enhancement of the
toughening effect appeared mainly via optimization of the
rubber particle size or the inter-particle distance and less via
an improvement of the yielding behavior of the matrix itself.
However, the results of micromechanical behavior of semi-
crystalline polymers (HDPE, iPP) with that of lamellae form-
ing amorphous SBS block copolymers reveal several
similarities, which could be used to improve the yielding abil-
ity particularly of the semicrystalline matrix strands between
the modifier particles. Aspects of interest in this sense are:

1. The softer interlamellar phase is decisive for the
starting processes of deformation in the form of twist-
ing, reorganization and chevron formation of the crys-
talline lamellae (if deformation direction is
perpendicular to the lamellar arrangement) or for the
process of interlamellar yielding (if deformation
direction is parallel to the lamellae orientation).

2. A controlled cavitation inside the amorphous inter-
lamellar phase can improve the lamellar orientation
processes.

3. Intense plastic yielding of the crystalline lamellae
themselves are assisted by breaking of lamellae into
shorter crystalline blocks and transformation into
microfibrils.

However, there are some other mechanisms which can be used
to enhance the toughness. In the mechanisms of rubber network
toughening and inclusion yielding hard, semi-ductile polymer
particles (about and below 1 µm in diameter) are initiated to
plastic deformation (in the form of a homogeneous yielding). If
we are going to a sub-micrometer level, in the mechanism of
core flattening, hard, brittle polymer particles such as from PS
and PMMA also can be plastically deformed via a surface draw-
ing or craze-like process inside core-shell particles. 

In multilayered or multilamellar polymer systems, a
modification of the deformation processes, which are known
from the corresponding bulk materials, occurs in the form of
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multiple formation of crazes, deformation or shear bands and
contributes to an enhanced toughness. If the lamellae or lay-
ers fall below critical thicknesses in the range of a few 10 nm,
a new yield mechanism arises, the thin layer yielding, that
means that usually brittle polymeric materials can be plasti-
cally deformed up to several 100%. In Figure 26 it is sche-
matically shown that with transition from bulk polymers to
multilayered and nanolayered systems, changes in the micro-
and nanomechanical mechanisms arise with a transition (e.g.,
for PS) in the formation of single crazes to numerous crazes
and finally to the thin-layer yielding effect and with a corre-

Figure 26 Schematics of changes in the deformation mechanism
showing the transition from bulk material to multi- and nano-
layered systems and the corresponding increase in elongation at
break or toughness.
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sponding increase in elongation at break or toughness. This
new nanomechanical mechanism has been studied in detail
in SBS block copolymers and blends with PS, but it should
be valid also for other nanostructured brittle polymers. The
significance of this mechanism from a practical point of view
may be found in the fact that it can be used as an alternative
toughening mechanism for transparent, brittle amorphous
and semicrystalline polymers.
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15. Kolařik J, Lednicky F, Locati G, Fambri L. Ultimate properties
of polycarbonate blends: effects of inclusion plastic deformation
and of matrix phase continuity. Polym Eng Sci 1997;37:128–137.

16. Kelnar I, Stephan M, Jakisch L, Fortelny I. Ternary reactive
blends of nylon-6 matrix with dispersed rigid brittle polymer
and elastomer. J Appl Polym Sci 1999;74:1404–1411.

17. Bartczak Z, Argon AS, Cohen RE, Weinberg M. Toughening
mechanism in semicrystalline polymer blends II. High density
polyethylene toughened with calcium carbonate filler particles.
Polymer 1999;40:2347–2365.

DK4635_C010.fm  Page 428  Thursday, April 7, 2005  2:35 PM

© 2005 by Taylor & Francis Group.



18. Kim G-M, Michler GH. Micromechanical deformation processes
in toughened and particle filled semicrystalline polymers. Poly-
mer 1998;39:5689–5697; Polymer 1998;39:5699–5703.

19. Lazzeri A, Thio YS, Cohen RE. Volume strain measurements on
CaCO3/polypropylene particulate composites: the effect of par-
ticle size. J Appl Polym Sci 2004;91:925–935.

20. Ehrenstein GW, Martin Cl. Zum Spritzgießen von eigenver-
stärktem Polyethylen. Kunststoffe 1985;75:105–110.

21. Jordan ND, Bassett DC, Olley RH, Hine PJ, Ward IM. The hot
compaction behaviour of woven oriented polypropylene fibres
and tapes. II. Morphology of cloths before and after compaction.
Polymer 2003;44:1133–1144.

22. Bjekovic R. Monocomposite Schichtwerkstoffe auf Basis von
Polypropylen. Düsseldorf: VDI Verlag, 2003.

23. Karger-Kocsis J. How does phase transformation toughening
work in semicrystalline polymers? Polymer Eng Sci
1996;36:203–210.

24. Starke J-U, Godehardt R, Michler GH, Bucknall CB. Mecha-
nism of cavitation over a range of temperatures in rubber-
toughened PSAN modified with three-stage core-shell particles.
J Mater Sci 1997;32:1855–1860.

25. Laatsch J, Kim G-M, Michler GH, Arndt T, Süfke T. Investiga-
tion of the micromechanical deformation behaviour of transpar-
ent toughened poly(methyl-methacrylate) modified with core-
shell particles. Polym Adv Technol 1998;9:716–720.

26. Michler GH, Bucknall CB. New toughening mechanisms in rub-
ber modified polymers. Plastics, Rubber and Composites
2001;30:110–115.

27. Michler GH. In situ characterization of deformation processes
in polymers. J Macromol Sci – Phy 2001;40:277–296.

28. Kausch HH, ed. Crazing in Polymers II. Berlin: Springer-Verlag,
1990. 

29. Kim G-M, Michler GH, Gahleitner M, Fiebig J. Relationship
between morphology and micromechanical toughening mecha-
nisms in modified polypropylenes. J Appl Polym Sci
1996;60:1391–1403.

DK4635_C010.fm  Page 429  Thursday, April 7, 2005  2:35 PM

© 2005 by Taylor & Francis Group.



30. Knoll K, Nießner N. Styrolux and Styroflex — from transparent
high impact polystyrene to new thermoplastic elastomers. Mac-
romol Symp 1998;132:231–243.

31. Adhikari R, Godehardt R, Lebek W, Weidisch R, Michler GH,
Knoll K. Correlation between morphology and mechanical prop-
erties of styrene/butadiene block copolymers: a scanning force
microscopy study. J Macromol Sci: Phys 2001;40:833–847.

32. Cohen Y, Albalak RJ, Dair BJ, Capel MS, Thomas EL. Defor-
mation of oriented lamellar block copolymer films. Macromole-
cules 2000;33:6502–6516.

33. Schwier CE, Argon AS, Cohen RE. Crazing in polystyrene-
polybutadiene diblock copolymer containing cylindrical poly-
butadiene domains. Polymer 1985;26:1985–1993.

34. Weidisch R, Michler GH. Correlation between phase behaviour,
mechanical properties and deformation mechanisms in weakly
segregated block copolymers. In: Baltá Calleja FJ, Roslaniec Z,
eds. Block Copolymers. New York: Marcel Dekker, 2000:215–249.

35. Huy TA, Adhikari R, Michler GH. Deformation behaviour of
styrene-block-butadiene-block-styrene triblock copolymers hav-
ing different morphologies. Polymer 2003;44:1247–1257.

36. Fujimora M, Hashimoto T, Kawai H. Structural change accom-
panied by plastic-to-rubber transition of SBS block copolymers.
Rubber Chem Technol 1978;51:215–224.

37. Michler GH, Adhikari R, Lebek W, Goerlitz S, Weidisch R, Knoll
K. Morphology and micromechanical deformation behaviour of
styrene/butadiene block copolymers: I. Toughening mechanism
in asymmetric star block copolymers. J Appl Polym Sci
2002;85:683–700.

38. Adhikari R, Michler GH, Goerlitz S, Knoll K. Morphology and
micromechanical behavior of SB-block copolymers: III. Star
block copolymer/PS-homopolymer blends. J Appl Polym Sci
2004, in press.

39. Holden G. Understanding Thermoplastic Elastomers. Munich:
Carl Hanser Verlag, 2000.

40. Adhikari R, Godehardt R, Lebek W, Goerlitz S, Michler GH,
Knoll K. Morphology and micromechanical behaviour of SBS
block copolymer systems. Macromol Symp 2004;214:173–196.

DK4635_C010.fm  Page 430  Thursday, April 7, 2005  2:35 PM

© 2005 by Taylor & Francis Group.



41. Michler GH, Adhikari R, Henning S. Toughness enhancement
of nanostructured amorphous and semicrystalline polymers.
Macromol Symp 2004;214:47–71. 

42. Michler GH, Adhikari R, Henning S. Micromechanical proper-
ties in lamellar heterophase polymer systems. J Mater Sci
2004;39:3281–3292.

43. Ivankova E, Adhikari R, Michler GH, Weidisch R, Knoll K.
Investigation of micromechanical deformation behaviour of sty-
rene-butadiene star block copolymer/polystyrene blends using
high voltage electron microscopy. J Polym Sci Polym Phys
2003;41:1157–1167.

44. van der Sanden MCM, Buijs LGC, de Bie FO, Meijer HEH.
Deformation and toughness of polymeric systems: 5. A critical
examination of multilayered structures. Polymer 1993;35:2783–
2792.

45. Ebeling T, Hiltner A, Baer E. Delamination failure mechanisms
in microlayers of polycarbonate and poly(styrene-co-acryloni-
trile). J Appl Polym Sci 1998;68:793–806.

46. Kerns J, Hsieh A, Hiltner A, Baer E. Mechanical behavior of
polymer microlayers. Macromol Symp 1999;147:15–25.

47. Lin CH, Yang ACM. Super-plastic behavior of the brittle poly-
mer film in multilayer systems. J Mater Sci 2000;35:4231–4242.

48. Mueller C, Kerns J, Ebeling T, Nazarenko S, Hiltner A, Baer E.
Microlayer coextrusion: processing and applications. In: Coates
PD, ed. Polymer Process Engineering 97. Cambridge: University
Press, 1997:137–157.

49. Ivankova EM, Michler GH, Hiltner A, Baer E. Micromechanical
processes in PET/PC multilayered tapes: high voltage electron
microscopy investigations. Macromol Mater Eng 2004;289:
787–792.

50. Adhikari R, Lebek W, Godehardt R, Henning S, Michler GH,
Baer E, Hiltner A. Investigating morphology and deformation
behaviour of multilayered PC/PET composites. Polym Adv Tech-
nol 2005, in press.

51. Starke J-U, Schulze G, Michler GH. Craze formation in amor-
phous polymers in relation to the flow and main transition. Acta
Polymerica 1997;48:92–99.

DK4635_C010.fm  Page 431  Thursday, April 7, 2005  2:35 PM

© 2005 by Taylor & Francis Group.



52. Puente I, Ania F, Baltá Calleja FJ, Funari SS, Baer E, Hiltner
A, Bernal T. Confined crystallization in PET/PC micro- and
nanolayers: influence of layer thickness. Scientific report to
HASYLAB synchrotron irradiation laboratory. Hamburg:
DESY, 2002.

53. Ivankova EM, Krumova M, Michler GH, Koets PP. Morphology
and toughness behaviour of coextruded PS/PMMA multilayers.
Colloid Polym Sci 2004;282:203–208.

DK4635_C010.fm  Page 432  Thursday, April 7, 2005  2:35 PM

© 2005 by Taylor & Francis Group.



 

Part III

 

Mechanical Properties Improvement 
and Fracture Behavior

 

DK4635_SD03.fm  Page 433  Thursday, April 7, 2005  2:38 PM

© 2005 by Taylor & Francis Group.



  

11

 

Structure-Property Relationship in
Rubber Modified Amorphous

Thermoplastic Polymers

 

W. HECKMANN, G.E. MCKEE, and F. RAMSTEINER

 

BASF Aktiengesellschaft, Polymer Research
Laboratory, Ludwigshafen, Germany

 

CONTENTS

 

I. Introduction
II. Influence of the Structure and Properties

of Rubber Particles on the Toughness of 
Amorphous Polymers
A. Glass Transition Temperature of the

Rubbery Phase
B. Grafting of the Rubber Particles

1. Adhesion
2. Agglomeration

 

DK4635_C011.fm  Page 435  Thursday, April 7, 2005  2:41 PM

© 2005 by Taylor & Francis Group.



  

C. Particle Size of the Rubber Particles
1. Pseudo-Ductile Homopolymers
2. Brittle Homopolymers
3. Semi-Brittle Homopolymers

D. Structure of the Rubber Particles
E. Voiding of Rubber Particles

1. Cross-Linking.
2. Addition of Oil

III. Summary
References

 

I. INTRODUCTION

 

The main aim of the rubber modification of thermoplastic
homopolymers is to improve their toughness. There are var-
ious methods to increase the toughness of amorphous
homopolymers, e.g., by copolymerization and by the incorpo-
ration of a second phase like other thermoplastics, inorganic
materials, very small voids and spherical rubber particles.

 

1

 

The last method is the most widely used, just the same there
are still some questions open for discussion. In this chapter
mainly the influence of rubber particles on the increase of
toughness will be considered in more detail. The other
mechanical properties are of course also influenced by a rub-
ber particle modification, but their changes are in most cases
not the primary object of material development for an
intended application. Young’s modulus, e.g., decreases on rub-
ber modification due to the soft rubber phase as described by
the constituent equation developed for filled polymers. Accord-
ingly, the modulus is mainly given by the modulus of the
matrix and the rubber concentration; however it is indepen-
dent of the particle size. The tensile strength is also reduced
due to the introduction of stress intensities at the rubber
particles and the substitution of the stiff matrix by soft rubber,

 

1

 

An overview is given in Chapter 10 
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but this reduction happens in a more complicated way. Clearly
the strength of the matrix, which also depends on other
parameters such as its molecular weight or plasticizer con-
tents, influences significantly toughness, but these molecular
aspects of the matrix will not be considered here. Also the
deformation behavior and peculiarities of the deformation
structure of the pure homopolymer are only regarded if they
are important for understanding the deformation behavior in
the rubber modified blend. Fracture strain increases on rub-
ber modification, which ultimately is responsible for the
higher toughness of the material. Since the main intention of
rubber modification is to toughen brittle polymers, this chap-
ter will address mainly the influence of the structure and
properties of rubber particles on the toughness of an amor-
phous polymer matrix. Toughness is defined nowadays in two
principally different ways in polymer testing. A relatively
modern characterization of toughness follows the methods of
fracture mechanics. Toughness in this framework means
mainly the deformation energy dissipated up to the beginning
of failure. In the standard testing, which we will consider in
this chapter, toughness regards the whole energy dissipation
up to fracture — it is the fracture energy. These values are
given e.g., by impact strength in the three-point bending test.
Both characterizations must of course not correspond to each
other because the energy for the beginning of failure is dif-
ferent from the fracture energy containing the complete defor-
mation and fracture of the matrix and rubber particles. 

In the case of spherical soft rubber particles, the energy-
dissipating deformation processes mainly inherent to the
matrix can be intensified and stabilized. The main deforma-
tion processes in polymers are given by shearing and crazing.
In the compression mode of deformation, the volume constant
shear processes dominate and therefore the polymer is tough.
In tensile tests, however, with an additional dilatational com-
ponent of the strain tensor, there is a competition between
cavitation processes and volume constant shearing. The choice
between both deformation mechanisms depends on details of
the matrix’s chemistry [1] and the rubber phase [2]. If the
molecules in the host matrix are flexible under the test con-
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ditions, shearing dominates like in polycarbonate (PC) and
polyvinylchloride (PVC) at room temperature. These types of
polymers show below their glass transition temperature a
secondary relaxation process, which indicates some segmental
mobility of their backbone chain between this lower temper-
ature and the glass transition temperature. Parts of the mol-
ecules can slide past each other. In consequence, these
materials are semi-ductile already below their glass transi-
tion temperature. On the other hand, stiff polymers like poly-
styrene (PS), poly(styrene-co-acrylonitrile) (PSAN) and
poly(styrene/diphenylethylene) without this type of secondary
relaxation process below their glass transition temperatures
deform at room temperature preferentially by crazing. This
deformation process leads to failure, i.e., the polymers are
brittle due to the concomitant stress intensities by cavitation
and chain scission, if this energy dissipating craze mechanism
is not stabilized, e.g., by rubber particles. PMMA with a begin-
ning mobility of the side groups slightly above room temper-
ature and in direct succession also of parts of the backbone
chain is at room temperature in the intermediate range in
this classification. 

Generally, crazing tends to prevail at low temperatures
and/or at very high tensile deformation rates, when the mol-
ecules have no time to rearrange under the stress field. In
contrast to this brittleness-causing situation, if enough time
for possible rearrangement is given above the secondary relax-
ation temperatures or above the glass transition and/or at low
deformation rates, the polymers tend to shear. In accordance
with this trend, the stiff rubber modified syndiotactic polysty-
rene (sPS) and atactic polystyrene (aPS) deform by crazing at
room temperature but by shearing above the glass transition
temperature [2] either in the melt as in aPS or in the bulk of
the semicrystalline sPS. For demonstration, Figure 1a shows
the TEM micrographs of crazes in rubber modified sPS after
deformation at room temperature. In Figure 1b the deforma-
tion morphology of the same material, deformed at 110°C,
shows in the transmission electron microscope the herring-
bone pattern caused by shearing of crystalline lamellae.
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It is to be expected that highly flexible polymer chains
form a higher density of entanglements than the stiffer ones.
On the basis of this assumption, Wu [3] tried to correlate
quantitatively stiffness and entanglement density with the
transition from crazing to shearing in different polymer types
with partial success. According to this classification, polymers
with a critical entanglement density above 0.15 mmol/cc
should deform by shearing and below this critical level by
crazing. However the flexibility of the backbone chains in
thermoplastic polymers seems more likely to be the main
parameter for this craze/yield transition because when cooling
down the semi-tough polymers below the temperature of their
secondary relaxation process, they become brittle although
the entanglement density does not change at this tempera-
ture. Therefore Wu additionally included in his model a char-
acteristic ratio parameter, which stands for the mobility of
the polymer chain.

The rubber particles in modified polymers act in manifold
ways to improve toughness in polymers:

• They initiate the deformation process in the host
polymer and multiply it

• They stabilize crack propagation by bridging the
developing cracks and they blunt locally the crack tip

 

Figure 1

 

Transmission electron micrographs of rubber modified
syndiotactic PS (arrow indicates tensile direction). (a) Crazes after
deformation at room temperature; (b) herringbone patterns caused
by shearing of crystalline lamellae at 110°C.
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• They can reduce the detrimental dilational stress
field in the matrix by internal voiding, dependent on
their volume concentration and particle size they
limit the free crack length in the host matrix

The details of the effectiveness of the individual rubber par-
ticles in toughening depend mainly on their structure and the
deformation process in the host polymer. The interdependence
between the structure of the rubber particles and the mechan-
ical properties of polymers, as studied by micromechanics,
helps to understand the macromechanics of polymers. This
chapter will therefore focus on the influence of the structure
and properties of the rubber particles in enhancing the tough-
ness of thermoplastic polymers. 

 

II. INFLUENCE OF THE STRUCTURE AND 
PROPERTIES OF RUBBER PARTICLES ON 
THE TOUGHNESS OF AMORPHOUS 
POLYMERS

A. Glass Transition Temperature of the 
Rubbery Phase 

 

Generally, independent of the type of deformation process,
whether crazing or shearing, the rubbery phase must have
its glass transition temperature below the test temperature
to be effective: first to generate around the particle, due to its
lower stiffness, a local stress field in the stiffer host matrix
to initiate there the deformation processes; and second, to
reduce additional uncontrolled stress intensities elsewhere in
the matrix by internal cavitation or stretching under the
external deformation strain. Figure 2 shows as an example
the logarithmic decrement of ASA (acrylnitrile-styrene acry-
late) measured by the torsion pendulum method (ISO DIN
6721/3) and additionally the temperature dependence of the
notched impact strength and impact strength for this polymer
measured in Charpy mode [4]. 

The toughness improves significantly near the glass tran-
sition temperature of the rubbery phase which consists in
ASA of polybutylacrylate rubber particles grafted with SAN
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in a PSAN [poly(styrene-acrylonitrile)] matrix. Generally
impact strength improves already in the lower part of the
region of the glass transition, the more severe notched impact
strength in the upper part. Acrylic polymers for the rubbery
phase are used for PSAN when impact resistant outdoor appli-
cations are of primary interest. If brittle/ductile transitions
at much lower temperatures are required, then silicone rub-
ber with its much lower glass transition temperature near
–110°C can be used. In the standard poly(acrylonitrile-buta-
diene-styrene) copolymer (ABS) and HIPS (high impact poly-
styrene) polybutadiene is used as the rubbery phase with a
glass transition temperature near –80°C. Figure 3 shows by
means of the temperature dependence of the notched impact
resistance the brittle/ductile transitions for the latter two
rubber types in PSAN [5]. In both cases the rubber concen-
tration is 20% and the brittle/ductile transition correlates

 

Figure 2

 

Correlation of tan 

 

δ

 

 (torsion pendulum test) with the
notched (a

 

k

 

) and unnotched (a

 

n

 

)

 

 

 

impact strength for different test
temperatures in ASA.

60

50

40

30

20

10

0 0.01

0.1

1300

250

200

150

100

50

0
−80 −60 −40 −20 0 20 40 60

Temperature (°C)

(kJ/m2)

ak an tan δ (1000 Hz)

 

DK4635_C011.fm  Page 441  Thursday, April 7, 2005  2:41 PM

© 2005 by Taylor & Francis Group.



  

quite well with the region of the glass transition temperature
of the rubbery phase. Polybutadiene is the most used rubber
for polymer modification. 

 

B. Grafting of the Rubber Particles

 

1. Adhesion

 

From the beginning of the development of rubber-modified
polymers, it has become clear that the rubber particles must
be adequately grafted to make their surface material compat-
ible with the surrounding matrix. If this compatibility is
present, then the molecules at the interface can interdiffuse
for good cohesion. The effective part of this grafting covers
the surface of the rubber particles like a shell. Such a situa-
tion is shown in Figure 4 for HIPS [6] where the grafted PS-
shell around the butadiene rubber particle was made visible
by dissolving the matrix polystyrene and the included PS with
MEK/acetone directly on the TEM grid. The covalently bonded

 

Figure 3

 

Brittle/ductile transition for polysiloxane (o) and poly-
butadiene (
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grafted PS molecules cannot, however, be extracted and so
the grafted PS-shell becomes visible. The grafted PS-mole-
cules give rise to a good adhesion between the PBu rubber
particles and the PS matrix, thus stopping the rubber parti-
cles from debonding from the matrix during tensile deforma-
tion. Figure 5 shows the fracture surfaces of two rubber
modified polystyrenes. In one of the blends, pure homopolyb-
utadien particles were mixed into PS (Figure 5a). At the
fracture surface, these particles can be detected very well,
because the crack propagated around the particles. There is
no bonding between the matrix and the particles, because
these rubber particles are not grafted. The view is quite dif-
ferent on the fracture surface of HIPS in which the rubber
particles are grafted with PS (Figure 5b). In this material,
the rubber particles are bonded to the matrix by the grafted
shell. Consequently the crack has propagated preferentially
straight forward through the rubber particles. This difference
in the fracture surfaces is also reflected in the impact strength
of these two materials. In the case of the pure mixture, the
notched impact strength is 14 kJ/m

 

2

 

, whereas for the HIPS
with grafted particles, 50 kJ/m

 

2

 

 was measured. The debonded
rubber particles cannot contribute to the fracture energy by
stretching, voiding and bridging the gap of the propagating
crack. At best they can initiate some crazes. 

 

Figure 4

 

Transmission electron micrograph of the graft shell on
the polybutadiene particles in HIPS.

0.2 µm
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In ABS, the polybutadiende (PBu)-rubber particles are
grafted with SAN or another polymer, which is compatible
with PSAN. The strong adherence between rubber particles
and matrix is essential in crazing materials as described
above for HIPS. Otherwise, not only crazes but also cavities
are formed at the interface, with the consequence that detri-
mental stress and crack initiation intensifies and the modified
polymer remains brittle due to these extra cracks. 

 

2. Agglomeration

 

In addition to bonding, grafting is also important for the
dispersion of the rubber particles. This aspect is relevant for
crazing as well as for volume constant shearing processes.
Very large agglomerates are ineffective in toughening. Figure
6 shows the distribution of the same rubber particles in sty-
rene polymeric host copolymers with different AN contents.
The rubber particles were polymerized in emulsion. They con-
sist of 58% cross-linked polybutylacrylate (PBA) grafted with
40% styrene and acrylonitrile copolymer (SAN) which consists
of 75% styrene and 25% AN (S75/AN25). The primary parti-
cles have a diameter of about 80 nm. For these experiments,
a grafted rubber concentration of 50% was chosen. Figure 6a
shows the distribution of these agglomerated rubber particles
in pure polystyrene. The ultra-thin sections for the electron
microscopy were taken from deformed injection molded spec-

 

Figure 5

 

Fracture surface of rubber modified PS. (a) Ungrafted
polybutadiene rubber; (b) polybutadiene grafted with polystyrene.

5 µm 10 µm

(a) (b)
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imens. The rubber particles have agglomerated significantly
to big units, because the PS matrix is not compatible with the
composition of the grafted polymer. There is a pronounced
mismatch between the composition of the SAN shell sur-
rounding the rubber particles and the PS matrix. At lower
magnification in Figure 6b, long crazes are shown which have
developed during deformation and which run from one rubber
particle agglomerate to another. Figure 6c shows

 

 

 

a TEM
image of the distribution of the rubber particles after defor-
mation in a matrix consisting of S75/AN25, which has the
same composition as the grafted shell. In this mixture the
rubber particles are well dispersed in the matrix, not as iso-
lated particles but as much smaller agglomerated units than
in PS. After deformation nearly no crazes but some voids have
formed in this polymer. The material with this high concen-
tration of individual particles, which are well dispersed, has
deformed preferentially by shearing. This can be deduced from
the rubbery units being elongated in the tensile direction in
this originally compression molded specimen. Some of the
voids are arranged lateral to the deformation elongated rub-
ber particles, that means perpendicular to the tensile direc-
tion. Between the cavitated particles, the ligament of matrix

 

Figure 6

 

Transmission electron micrographs of blends of a core
PBA-shell (PSAN/75:25) modifier in PS (a and b) and in PSAN 75:25
(c). Arrow indicates tensile direction. 

0.2 µm 2 µm 0.5 µm

(a) (b) (c)
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material must have been stretched like fibrils in the standard
crazes. Therefore this deformation pattern can be named
“macro crazes.” The impact strengths of the injection molded
specimens of this set of polymers are plotted in Figure 7 as
a function of the temperature. Toughness increases as
expected for this polybutylacrylate rubber modified polymer
only beyond the glass transition temperature of the rubber
phase near –40°C. In the pure PS matrix, the PBA rubber
particles have only a modest influence on the impact strength.
Due to their agglomeration, the number of the rubber particle
agglomerate units is too low and their size too big. In the case
where the matrix and the grafted material have the same
composition, that is to say 75% styrene and 25% AN
(S75/AN25), but not necessarily the same sequence of the
individual monomers in the grafted and the host material,
impact strength at –20°C is as expected higher than for the
less matched matrix with 71% styrene and 19% AN. The
polymer matrix with 33% AN content (S67/AN33) is obviously
still sufficiently compatible with the S75/AN25-type graft
shell to afford high impact strength. At room temperature,

 

Figure 7

 

Impact resistance of blends of a core (PBA)/shell (75S +
25AN) impact modifier in different PSAN matrices.
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the rubber-modified polymers with 25% and 33% grafted AN
portions in the matrix do not break totally in this test in
contrast to the polymer with the incompatible PS matrix.

For good adhesion and dispersion, the grafted molecules
must be not only compatible with the host polymer, but the
graft shell of the rubber particles must also be sufficiently
well developed, i.e., in amount and coverage of the particle
surface. Aoki [7] found by dynamic viscoelastic measurements
on molten ABS that an optimum dispersion of the rubber
particles with a diameter of 170 nm is achieved with a degree
of grafting of about 45% (ratio of weight of the grafted polymer
to weight of the rubber). The results are shown in Figure 8,
where the storage modulus of the molten ABS is plotted as a
function of the grafting degree for 10% and 20% rubber. These
measurements were made in the melt at 170°C. It is postu-
lated that the elastic modulus at long test times and low
frequencies is a minimum when the particles are well dis-
persed and minimum interaction between the particles exists.
This assumption was verified by electron microscopy. At low

 

Figure 8

 

Storage modulus of molten ABS containing 10% and 20%
rubber (Ru) as a function of the degree of grafting. (According to
Aoki Y. Macromolecules 1987; 20:2208

 

–

 

2213. With permission.) 
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grafting degrees, the particles agglomerate because of poor
compatibility; in solutions the corresponding particle agglom-
eration would be called flocculation. At too high grafting
degrees attraction effects are postulated due to the interaction
of the thick grafted shells called depletion effects. At approx-
imately 50% graft, interaction is minimized due to best dis-
persion. The grafting degree however cannot be the only
parameter to characterize agglomeration, since it is not trivial
whether there are, at a given grafting degree, many short
grafted polymer chains which cover the surface or only a few
very long ones. The graft density, which is given by the num-
ber of grafted polymers per unit surface area has also to be
taken into consideration. Chang and Nemeth [8] tried to sep-
arate these effects in more detail. They found that for a given
graft level agglomeration increases by increasing graft molec-
ular weight, lowering particle size and increasing composi-
tional mismatch between the graft shell and the matrix
polymers of the particle. Figure 9 shows from their measure-
ments the number of the rubber particles with the original
diameter of 0.19 

 

µ

 

m in an agglomerate as a function of the
graft molecular weight for three different graft levels (GL).
Clearly agglomeration of particles is reduced by shorter graft
molecules and higher graft levels. Ahn [9] later showed for
ABS that with increased grafting, an increase of the amount
of PSAN inclusions in the polymer particles also occurs. Thus
grafting modifies not only the surface of the rubber particles
but also their size and morphology.

Breuer, Haaf and Stabenow [10] showed that with PVC
blended with an ABS modifier, the degree of particle agglom-
eration is reduced with an increasing degree of grafting in
the range of 25% to 60%. With increasing dispersion of the
rubber particles, with a diameter of about 80 nm, the notched
impact strength was reduced from 26 to 5 kJ/m

 

2

 

. The speci-
mens had been compression molded at 160°C. Thus in PVC
as in PSAN, some agglomeration of small rubber particles as
a consequence of less grafting is advantageous for higher
toughness. 

In addition to grafting, the flow conditions of the melt
during processing for preparing household items can also
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influence the agglomeration of especially small rubber parti-
cles. Figure 10 shows transmission electron micrographs of
an ASA type, which was injection molded at three different
temperatures. At the low injection temperature of 220°C the
particles were finely dispersed. At the slightly higher temper-
ature of 250°C some agglomeration with rubber free inter-
space has occurred and at 280°C the agglomeration process
has progressed to form larger units. The corresponding
notched impact strength of these materials is plotted in Fig-
ure 11 as a function of the injection molding temperature
(curve a in Figure 11). Obviously some agglomeration seems
to be advantageous for optimum toughness of ASA. Finely
dispersed or highly agglomerated units with larger rubber
free regions are less effective in toughening. If the sample,
which was injection moulded at 220°C and having a fine
dispersion of the rubber particles, is annealed for 30 min at
190°C to give the particles in the melt time to rearrange
further, then the notched impact strength improves dramat-
ically, as can be seen from the diagram in Figure 11 (curve

 

Figure 9

 

Dependence of the number of particles in an agglomer-
ate in ABS as a function of the molecular weight of the graft chains
for three degrees of grafting. (According to Chang MCO, Nemeth
RL. J Appl Polym Sci 1996; 61:1003–1010. With permission.)
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Figure 10

 

Transmission electron micrographs showing the influ-
ence of the molding temperature for ASA on the degree of agglom-
eration of the impact modifier particles (a) 220°C (b) 250°C (c) 280°C.

 

Figure 11

 

Notched impact strength of ASA. (a) Influence of injec-
tion molding temperature after injection molding; (b) after anneal-
ing at 190°C for 30 min; (c) after annealing at 220°C for 30 min.
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b), whereas in the already slightly agglomerated products
after injection molding at 250 and 280°C the toughness
decreases by further agglomeration beyond the optimum
level. Annealing at the still higher temperature of 220°C
reduces (curve c in Figure 11) toughness in all three at dif-
ferent temperatures injection molded specimens compared to
the annealing step at 190°C. It is likely that agglomeration
proceeded during the annealing time at 220°C. Details are
given in the original paper [11].

Breuer, Haaf and Stabenow [10] blended PVC with an
ABS modifier with a graft degree of 25% at different temper-
atures. In contrast to the former example with ASA, in PVC
the dispersion of the rubber particles was finest at the higher
temperature (Figure 12). Since a suspension PVC was used
for these blends it is believed that the PVC microparticles of
the polymerization process only melt at the high temperature
of 185°C and therefore only at this high mixing temperature

 

Figure 12

 

Transmission electron micrographs of PVC blended
with ABS modifiers (degree of grafting 25%) mixed at various tem-
peratures. (According to Breuer H, Haaf F, Stabenow J. J Macromol
Sci Phys 1977; B14:387
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a fine dispersion of the particles is attainable, with the
consequence of low toughness. At lower temperatures the
PVC microparticles had not properly melted and do not
become homogeneous, and so the particles were arranged
around the original suspension particles. As in ASA the
highest impact strength is not attained with the finest dis-
persion of the rubber particles but when some agglomeration
is present. Thus with the pronounced network structure of
the rubber particle arrangement, notched Charpy impact
strength is 42 kJ/m

 

2

 

, while in the material with the highly
dispersed rubber particles after milling at 185°C only
8 kJ/m

 

2

 

 is reported.
In conclusion, every modification of rubber particles by

grafting influences the adhesion, agglomeration, morphology
and in consequence of course also the mechanical properties
of the polymers. Therefore grafting and processing must be
optimized to fit the virgin homopolymer when rubber-modified
polymers are to be developed. 

 

C. Particle Size of the Rubber Particles

 

To effectively toughen homopolymers by rubber modification,
the rubber particles must be sufficiently large to multiply in
their stress field the deformation processes inherent to the
polymer matrix. Thus the deformation process starts in rub-
ber-modified polymers at many sites in the material, namely
at the rubber particles, instead of at a few inherent natural
defects which would lead to overloading and failure. Addition-
ally, the rubber particles should also be able to reduce the
subsequent crack propagation (compare with the “three stage
mechanism,” Figure 1, Chapter 10).

 

1. Pseudo-Ductile Homopolymers

 

In pseudo-ductile matrices, shear deformation prevails when
tested between the temperature of its secondary relaxation
and the glass transition. PVC and PC are typical representa-
tives of amorphous polymers for this type. Thus above the
glass transition temperature all semicrystalline polymers like
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sPS (Figure 1) deform by shearing, if they are not highly cross-
linked. In semicrystalline polymers, the crystals stiffen the
materials beyond their glass transition temperature, whereas
amorphous polymers become fluid. The shear processes are
mainly initiated or facilitated between the rubber particles.
To be most effective the distance in the matrix between the
rubber particles should be reduced, so that the constraint of
the matrix between the particles is reduced and instead of
the original plane strain a plane stress field is locally built
up, which is ideal for shearing. If the rubber particles cavitate
additionally during the deformation, the constraint is further
reduced by the adjacent voids and the reduction of the dila-
tation field, and consequently ductility is increased. The dis-
tance 

 

τ

 

 (Figure 13) between the surfaces of two adjacent
rubber particles with the diameter d in a cubic arrangement
with the side length L is given by 

 

τ

 

 = L – d

The volume concentration 

 

Φ

 

 of the particles is given by

 

Φ

 

 = 4

 

π

 

(d/2)

 

3

 

/3L

 

3

 

Figure 13

 

Scheme of a stretch zone and a shear band in rubber-
modified polymer.
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Combining both equations gives for the distance between the
particle surfaces

 

τ

 

 = d[

 

π

 

/(6

 

Φ

 

)

 

1/3

 

 – 1)]

In this simple assessment, the concentration of the rubber
particles is assumed to be low enough so that they do not
touch each other. As expected, at a given rubber concentration
the distance between the surfaces of the particles decreases
with decreasing particle size, or for a given diameter the
concentration must be increased to reduce distance between
the surfaces of the particles. According to the experimental
data in the literature [3] the critical surface-surface distance

 

τ

 

, where the brittle ductile transition occurs for a given mate-
rial, appears to be constant. The critical distance probably
only depends on the deformation rate and the temperature.
Thus if the matrix ligament between the rubber particles is
thinned to a certain critical thickness, the polymer can shear,
which entails toughness. Therefore small rubber particles at
high concentrations should be applied in toughening semi-
ductile matrices. 

In Figure 13 the progress of the plastic stretching defor-
mation zone is shown schematically as observed for rubber
modified PC [12]. In this case voids formed in the rubber
particles, which facilitate stretching because the constraint
in the material is additionally reduced. The deformation zone
started at a notch and grew perpendicular to the tensile direc-
tion. In some cases the rubber-modified pseudo-plastic poly-
mers also deform along shear planes oblique to the tensile
direction as shown, e.g., in Figure 14 for PVC shear bands as
seen in an optical microscope image. The pattern of light
scattering, which shows the preferential oblique shear bands
is inserted in Figure 14. This situation is shown schematically
in Figure 13. Obviously it depends on yield and shear condi-
tions near the rubber particles as to which way the material
deforms in detail by shearing. For the beneficial voiding
within rubber particles, they should be bonded to the matrix,
otherwise the material cavitates near the interphase. Such
large voids in or near the matrix have detrimental effects on
toughness, due to additional stress intensities in the matrix.
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In contrast the voids inside the rubber particles are blunted
and therefore lead to less crack initiation. 

Besides the voids within the rubber particles in pseudo-
ductile materials, the rubber particles have mainly the func-
tion to thin the pseudo-ductile material to make it able to
shear easily. It has been revealed by experiments that it is
still better for high toughness if the small rubber particles
show some agglomeration in a network-like structure than to
be finely dispersed (Figure 12). Within these areas of higher
particle concentration, i.e., the agglomerates, shear is still
further facilitated because at a given rubber concentration,
the inter-particle distance is locally further reduced. And from
these sources of increased shearing, the deformation zones
grow into the adjacent material with a low particle concen-
tration, if this is not too brittle. Therefore a network formed
from agglomerated particles is especially advantageous and
an optimum agglomeration for toughness can be expected; if
the particles are less agglomerated than at the optimum,
normal shearing is observed. If the agglomeration has devel-

 

Figure 14

 

Optical micrograph of shear bands in PVC with small
angle light scatter pattern inserted. Arrow indicates tensile direction.

8 µm
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oped too far, the region between the rubber-rich agglomerates
is too brittle and then there are no rubber particles to continue
stable shearing. The unnotched impact strengths and the
corresponding transmission electron micrographs of the PVC
blended with chlorinated polyethylene were reported by Haaf,
Breuer, Echte, Schmitt and Stabenow [13]. The same modified
PVC was milled at temperatures between 150 to 190°C. Very
similar to Figure 12, the authors found that with increasing
processing temperature, the rubber phase passes from an
agglomerated state through a network structure to a very fine
dispersion. Impact strength shows a maximum for the net-
work structure at 170°C processing temperature.

In practice semi-ductile polymers such as plain PC do
not need rubber modification because they are sufficiently
tough at room temperature. But if these polymers are also
used at lower temperatures or if they are processed to thicker
items with plain strain, then detrimental cavitation in the
pure material can be avoided by rubber modification. At low
temperature shearing is facilitated between the rubber par-
ticles. In the case of thick specimens, voiding within the rub-
ber particles reduces dilatational stress and supports the
transition from plane strain to plane stress between the rub-
ber particles thus favoring shearing and impeding fracture.

 

2. Brittle Homopolymers

 

In brittle homopolymers as in PS or PSAN without a secondary
relaxation process of the backbone chain, crazing is the dom-
inating deformation process. Within the crazes numerous det-
rimental voids are formed between the fibrils. The aim of
rubber modification of this kind of polymer is to start these
crazes at the large number of particles, where the stress inten-
sity is increased. Thus the few crazes originating at natural
defects in the neat polymer, with the risk of premature over-
stressing of one of them leading to failure, are exchanged by
many crazes in the rubber-modified material. The whole mate-
rial is extensively crazed and fibrillated and with the stretch-
ing of the fibrils in the crazes, energy is dissipated.
Additionally these rubber particles blunt the tips of the crazes
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and are also stretched to bridge the gap of the craze. To initiate
crazes, the matrix adjacent to the rubber particles must be
opened by their stress field. Since the ratio between the exten-
sion of the stress field around a rubber particle and the particle
diameter is constant, larger particles with widely extended
stress fields are needed for crazing to open the matrix network.
Small particles are ineffective when their stress field only
stretches some segments of the host molecule. The size of the
particles should be large compared to the length of the matrix
molecules between their entanglements. 

Turley and Keskkula [14] polymerized in a batch process
styrene with 7% diene rubber in different ways to change the
particle size while keeping the rubber content constant. Thus
salami-type rubber particles were produced with diameters
ranging from about 3 

 

µ

 

m to less than 1 

 

µ

 

m. The occluded
portion of polystyrene was higher in the larger particles than
in the small ones. The rubber phase volume (occluded PS and
rubber) is higher in the larger particles. In qualitative agree-
ment with this model regarding influence of particle size, the
notched Izod impact of HIPS with smaller particles is reduced
in comparison to HIPS with larger particles by 50%, the
elongation even up to an order of magnitude.

Figure 15 shows the transmission electron micrograph
of PS modified with 50% small particles. These rubber parti-
cles have a diameter of 80 nm and consist of a 50% PS core
and a 50% PS/PBu shell (1:1). After deformation, zones of
crazes with voided particles are only observed perpendicular
to the tensile direction. Between these deformation zones,
undeformed regions prevail. Thus toughness was low because
craze initiation at small particles is impeded and not the
whole of the material is included into the deformation process.
The volume change of this specimen during deformation
amounts to 95% in the compression molded specimens and
80% in the injection molded ones. Thus most of the deforma-
tion is performed via voiding in rubber particles and crazes
within these zones. Shear deformation in this HIPS can be
neglected. Figure 16 shows a transmission electron micro-
graph of a mixture of small and large particles in HIPS which
was deformed only 2.6%. Clearly the first crazes (arrows in
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Figure 16) were initiated only at the larger salami-type rub-
ber particles, especially near the equator, where the maxi-
mum tensile stress is generated. This observation is in
agreement with experiments by Okamoto et al. [15], who
observed initial crazing only at larger particles in their mix-

 

Figure 15

 

Transmission electron micrograph of PS modified with
80 nm PBu particles after deformation. Arrow indicates tensile
direction.

 

Figure 16

 

Transmission electron micrograph of PS modified with
large and small particles and deformed 2.5%. The arrows indicate
crazes starting at the large particles.

0.5 µm

2 µm
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ture of small and large particles at a constant rubber concen-
tration near to 20%. 

In some cases synergetic effects were reported when
mixing small and larger particles in PS. The increase in
toughness by the addition of large particles to small ones can
be clearly understood on the basis of this explanation: by
adding large particles to small ones, the number of craze
initiation points is increased and facilitated, owing to the
large particles. Addition of small particles to large ones
decreases the free craze length between the large particles if
the rubber concentration is kept constant. Wrotecki and
Charentenay [16] explained the synergistic effect by assum-
ing that crazes are also initiated at the small particles in the
field of the large ones and that crazes are only stopped by
large particles. Hobbs [17] assumes that the probability of
craze initiation is independent of the particle size and that
only large particles are effective in terminating crazes. Oka-
moto et al. [15] postulate that crazes are induced from the
large particle’s surface at the initial stage of loading. As these
crazes grow, minute crazes from the small rubber particles
in the vicinity of the large particles are induced, and then
they overlap with the crazes growing from the large particles.
Consequently long extended crazes starting from the surface
of the larger particle are stabilized by the smaller ones in the
stress field of bimodal rubber particles. According to the
experiments, it can be regarded for certain that the smaller
particles are less effective in craze initiation than the larger
ones. It is likely that with a bimodal distribution of the rubber
particles, the small particles can guide the propagating longer
crazes, which are initiated at the larger particles. This thus
ensures that the maximum craze length between the large
particles does not quickly exceed the critical length, which
leads to failure. The extent of the synergistic effect of the
bimodal distribution of the rubber particles may depend on
the difference in their size.

With the primary intention to increase its glass transi-
tion temperature, styrene was copolymerized with diphenyl-
ethylene (S/DPE) [18]. Due to the two phenyl groups per
monomer unit this material is stiffer than PS and conse-
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quently more brittle, thus extensive toughening can only be
expected by intensifying crazing at large particles. If for
rubber modification of S/DPE rubber particles produced by
the emulsion process with diameters of only about 120 nm
are used, then they are too small for extensive crazing (Figure
17). They consist of cross-linked poly(butyl acrylate) (PBA)
particles which are grafted with polystyrene (60:40 wt%).
35% of these particles were blended with a P(S/DPE) copol-
ymer having 15 wt% DPE units, with which the polystyrene
graft shell is compatible. After injection molding, the parti-
cles in the blend are highly dispersed and individually ori-
ented in the direction of the injection molding. With these
small particles only some zones with crazes are observed
after the deformation, as is shown in the TEM images of
Figure 17. Energy dissipation processes are only restricted
to a few regions. The notched impact strength of this copol-
ymer with 15% DPE is with 2.3 kJ/m

 

2

 

, only three times
higher than without modification. When 36% of larger par-
ticles consisting of polystyrene-hydrogenated polybutadiene-
polystyrene block copolymer are used instead of the PBA
particles, particles of about 1µm are formed and the notched

 

Figure 17

 

Transmission electron micrograph of S-DPE copolymer
(85:15) modified with PBA-g-S core-shell particles with a diameter
of 120 nm after deformation. Arrow indicates tensile direction.

1 µm
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impact strength increases to 19.5 kJ/m

 

2

 

. As can be seen in
Figure 18 on impact the energy has been dissipated by voids
in the rubber particles and crazes in the matrix, which have
been formed throughout the material. In all these modified
PS polymers only crazing and no shear bands are observed,
independent of the particle size.

The situation can be different for ABS with its AN mod-
ified PS-matrix. Figure 19 shows transmission electron micro-
graphs of two ABS samples with different sized rubber
particles. LABS 321 (Figure 19a) is an ABS, produced in
solution with 12% rubber in the form of salami-like particles
with a diameter of up to 3 

 

µ

 

m. In the rubber particles PSAN
is occluded. LABS 312 (Figure 19b) has 15% rubber, the par-
ticle diameter is however 0.5 µm smaller. In Figure 20 the
damping (tan 

 

δ

 

) is plotted for both materials in vibration at
1000 Hz (ISO DIN 6721/3) and the notched impact strength
as a function of the temperature. 1000 Hz was chosen for the
vibration frequency to make the linear elastic measurement
time comparable to impact with fracture times near to 1 

 

µ

 

s.
Impact strength increases, as expected, only beyond the glass
transition temperature of the rubbery phase of the rubber

 

Figure 18

 

Transmission electron micrograph of a deformed S-
DPE copolymer modified with a PS-hydrogenated PBu-PS block
copolymer after deformation. Arrow indicates tensile direction.

1 µm
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particles, where they are sufficiently soft to form stress inten-
sities. As can be observed, LABS 321 with the larger particles
has a 300% higher impact strength than the LABS 312 with
the smaller particles, in spite of having less polybutadiene
rubber. The rubber particles in LABS 321, with the higher
amount of occluded PSAN, have a higher glass transition
temperature than the more compact polybutadiene phase in

 

Figure 19

 

Transmission electron micrographs of ABS with aver-
age particle size (a) 3µm (LABS 321) and (b) 0.5 µm (LABS 312). 

 

Figure 20
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the smaller particles of LABS 312. Obviously the stiff matrix
material adjacent to the thin rubbery strands in the large
particles restricts the mobility of the rubbery material, so the
glass transition temperature is higher. More decisive for
toughness is, however, the particle size, the larger particles
leading to higher toughness, as predicted by the model pre-
scribed before. Figure 21 shows transmission electron micro-
graphs of LABS 321. When deformed only up to 20% of the
yield strain, crazes are observed mainly between the larger
particles and are generated near the equator of these rubber
particles. When deformed up to the yield strain, numerous
crazes with voids inside the rubber particles have developed.
The particles are elongated in the tensile direction. The larger
particles are clearly advantageous for toughening. Wu [3]
studied the relationship between the entanglement density
in the host material and the optimum particle size for crazing.
The results are summarized in Table 1, where the optimum
particle sizes are given for three brittle amorphous materials
together with their entanglement densities. 

Regardless of the scatter of the data, it is without any
doubt that the low entanglement density in PS needs larger
rubber particles for optimum toughness than PSAN with its
higher entanglement density. For PMMA, with the highest
entanglement density, small particles bring the highest tough-
ness. Thus the conception that with increasing chain length
between the entanglements, larger rubber particles are

 

Figure 21

 

Transmission electron micrographs of LABS 321 after
(a) deformation to 20% of yield strain, (b) deformation to yield strain.
Arrow indicates tensile direction.

2 µm 1 µm
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needed for stretching the entanglement network to form
crazes is in accordance with these experiments. Additionally
an optimum size is to be expected, because as mentioned
before, small particles cannot initiate crazes. On the other
hand if the particles are too large, the distance between the
rubber particles is too long and consequently the length of
the crazes can become over critical for the host material,
leading to premature fracture. In Figure 22 this concept is
schematically shown, where the effectiveness of craze forma-
tion is plotted against particle size for host polymers with
high and low entanglement densities. Michler [19, 31] consid-
ered the individual relevant influences in more detail.

Agglomeration of small particles to larger units, e.g., as
is shown in Figure 6a for a PS matrix, can also be helpful for

 

T

 

ABLE

 

 1

 

Characteristic Data for Rubber-Modified Polymers 
with Brittle Matrix

PS PSAN PMMA

Entanglement density mmol/cm3 0.056 0.093 0.127
Optimum rubber particle diameter, µm 2.5 0.75 0.25

Source: Wu S. Polymer International 1992; 29: 229–247. With permission. 

Figure 22 Schematic plot of effectiveness of crazing for toughness
as a function of rubber particle size for host polymers having high
and low entanglement densities.
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promoting crazing in polymers modified with small particles.
This agglomeration can be generally controlled by grafting and
flow behavior in the melt. This principle works and is applied
in many materials. However in the case of Figure 6a with PS
as the host matrix, the agglomeration is too extensive. The
free craze length between the agglomerates is too long and
ends in premature fracture leading to the measured low brit-
tleness, probably additionally intensified in this case by the
missing adhesion between the matrix and the rubber particles. 

At higher concentrations of small rubber particles the
interparticle distance can become so short that a transition
in the deformation mechanism from crazing to shearing is
observed, even in the brittle polymer, PSAN. This situation
is demonstrated for a rubber modified PSAN in the following
section. The ASA3 product [4] consists of a PSAN matrix with
50% core-shell particles composed of polybutylacrylate and
grafted with PSAN. The particle diameter is 80 nm. This type
of ASA embrittles as expected below the glass transition tem-
perature of its rubber particles as shown in Figure 2 for a
similar ASA sample by means of the notched and unnotched
impact strength. The fracture energies for notched specimens
of ASA3 are given in Table 2.

The specimens were 4 mm thick and notched along the
10 mm long side. They were injection molded and some of
them were annealed afterwards in a mold to save their shape.
Testing was performed in the Charpy mode at 23°C.

TABLE 2 Fracture Energy [mJ] on Impact of 10 × 4 mm2 Notched 
Specimens of ASA3 after Injection Molding and after Annealing 
at 180°C for 30 min

Notch depth [mm]
Injection molded

Fracture energy, mJ
Annealed at 180°C for 30 min

Fracture energy, mJ

4 mm 65 155
5 mm 55 240

Source: Ramsteiner F, McKee GE, Heckmann W, Fischer W, Fischer M. Acta
Polymer 1997; 48:553–561.
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From Table 2 it is seen that the injection molded speci-
mens are less tough than those annealed at 180°C after injec-
tion molding. TEM images of sheets cut parallel to the
deformation direction are shown in Figure 23. Although the
small rubber particles have agglomerated to large units,
where the initiation of crazes should be possible, the defor-
mation in this polymer, which is highly filled with rubber
particles, occurs obviously by shearing. No crazes are observed
(Figure 23a — only injection molded) in contrast to the LABS
with its large particles in Figure 21. This material ASA3 with
its high rubber concentration has obviously deformed not by
crazes but by shearing because the interparticle distance has
become sufficiently short. The specimens, which were
annealed before the impact test, are tougher than the injec-
tion molded ones. That this prehistory of annealing the poly-
mer has led to deformation by shearing without crazing must
be concluded from the TEM image (Figure 23b) of the speci-
mens with a 3.4 mm long initial notch. The structure of the
agglomerates of the particles has not changed significantly by
annealing in the melt at 180°C. Obviously the influence of the
preprocessing of the specimens affects the matrix properties.

Figure 23 Transmission electron micrographs of ASA after defor-
mation; (a) injection molded, notch depth 3.65 mm (b) as with (a)
but annealed 30 min at 180°C before testing, notch depth 3.4 mm,
(c) as (b) but with a notch depth of 5.26 mm. Arrows indicate tensile
direction.

1 µm 1 µm 1 µm

(a) (b) (c)
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It is likely that the already high orientation in the injection
molded specimens allows less further orientation of the mol-
ecules by stretching during the deformation than in the unori-
ented matrix, where the matrix molecules are able to undergo
more easily additional stretching on impact. Therefore the
dissipation of energy by the deformation processes is
increased by annealing and consequently also toughness. If
the residual cross-section is thin because the notches of the
specimen are deeper, then some single crazes are seen (Figure
23c), which bridge the rubber-free region between the agglom-
erates. The toughness has enormously increased by anneal-
ing. At a notch depth below 4 mm, the products are less tough
because specimens with the thicker residual cross-section
ahead of the initial notch break already near the peak stress
of the deformation curve [4]. The transition in toughness at
about 4 mm deep notched specimens is mainly caused by the
failure strain, where the thinner residual cross-sections at
longer notch depth allow higher deformation beyond the peak
stress [4]. These results taken from fracture mechanics test-
ing are helpful to understand this size-dependent mechanical
behavior better.

Figure 10 shows that, on processing ASA with small
rubber particles, the extent of agglomeration can be regulated.
This dependence influences the impact strength. As in the
pseudo-plastic PVC, ASA with many small rubber particles
with the tendency to initiate shearing, has an optimum degree
of agglomeration for maximum toughness. A perfect disper-
sion of small rubber particles, as well as too much agglomer-
ation is detrimental for toughness.

3. Semi-Brittle Homopolymers

The molecules in amorphous PMMA become partly mobile
near room temperature as indicated by the secondary relax-
ation process at 50°C which is caused by the beginning mobil-
ity of the side groups. The glass transition temperature is
only about 80°C higher. Thus it is not surprising that at room
temperature or at slightly higher temperatures and at slow
deformation rates, shearing and stretching dominate,
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whereas at lower temperatures and/or higher deformation
rates crazes are observed. For increasing shearing, small par-
ticles at high concentrations are helpful; for crazing, larger
particles are needed. According to the literature the optimum
particle diameter in PMMA for crazing is about 200 nm [3,20].
In the TEM image reproduced in Figure 24 the deformation
structure is shown after impact in a PMMA, which was mod-
ified with 42% rubber particles: 33.6% had a diameter of about
300 nm, the rest 600 nm. The rubber particles have a core
and two-shell structure. The core consists of PMMA which
was grafted with butylacrylate/PS in the first step and with
MMA/ethylacrylate (EA) in the outer one. To increase the
contrast of the rubbery phase, the specimen was stained after
impact with RuO4 to make visible the BA/S of the first shell.
In addition the sample was stained with OsO4 to make the
crazes visible. The outer shell with EA is not stained by this
method. As documented in Figure 24 the deformation is
mainly by shearing and stretching, only very few crazes are
discernable. Furthermore some particles have voided in the
first BA/S shell near the poles of the rubber particles. The
impact strength of this and the other materials of this set of
experiments with various particle sizes are plotted in Figure

Figure 24 Transmission electron micrograph of PMMA modified
with particles of 300 nm and 600 nm after deformation. Arrow
indicates tensile direction.

0.5 µm
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25 as a function of the temperature. Rubber modification
increases the impact strength significantly. This finding is
especially expected above room temperature where shearing
prevails. Larger particles in this temperature range are less
effective than the smaller ones, when shearing between the
particles dominates. Schirrer et al. [21] studied a PMMA
modified with 40% core-shell particles over a wide range of
temperatures and deformation rates. Volume change and light
scattering during deformation were used as indicators for
deformation mechanisms. The diameter of the rubber parti-
cles was about 200 nm, their structure consisted of a PMMA
core, a cross-linked rubbery shell (butylacrylate-styrene) and
an outer PMMA shell. 

The authors summarized their results, which are in
agreement with the above-described model, in the following
way: compared to pure PMMA, rubber modification increases
toughness and at very low strain rates or high temperatures
the volume of the specimens remains constant and the mate-
rial transparent. Deformation is entirely due to plastic defor-
mation by shearing without voiding. At intermediate strain

Figure 25 Impact strength as a function of test temperature for
PMMA modified with rubber particles having different diameters.
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rates and temperatures light scattering indicates particle cav-
itation in bands inclined to the direction of impact. Micro
shear bands propagate in the matrix from the rubber parti-
cles, accompanied by some voiding inside the rubber particles,
until the shear bands reach another particle which cavitates
in turn. No volume change was evident during the deforma-
tion process within the experimental limit of less than 1%.
However light absorption due to particle voiding increases
approximately linearly with strain. Obviously voids were cre-
ated in the rubber particles without changing the overall
volume of the specimen. The damage is described by the
authors as “ordered,” i.e., a macroscopically homogeneous trig-
gering of progressive voiding and micro yielding. At high
strain rates or low temperatures, disordered cavitation, i.e.,
rubber tearing and matrix plasticity, was observed. TEM
experiments in combination with volume measurements per-
formed by Béguelin, Plummer and Kausch [22] cast even more
light on the deformation process. These authors used two
types of spherical rubber particles, one type consisted of a soft
core and a grafted PMMA shell, the second type had a glassy
core with an elastomeric shell, which was grafted with
PMMA, to ensure adequate adhesion to the matrix. Both
particles had diameters near to 200 nm. In agreement with
the other measurements the authors thought it likely that in
tensile tests at low speeds and/or high temperatures (60°C),
both crazing and cavitation are apparently suppressed in
specimens with 40% rubber particles. Especially the sample
deformed at 60°C showed little stress whitening as would be
indicated by voiding. Stress whitening is a reliable indication
for any voiding due to the inherent light scattering. Some
crazes were visible in samples strained at room temperature,
however extensive crazes were only present in those speci-
mens which were deformed at higher speed and/or in samples
with a low volume faction of rubber particles (20%). 

Summing up, when PMMA is modified with particles
optimized for crazing, crazes are only relevant at tempera-
tures near or below room temperatures and at high deforma-
tion rates. At higher volume concentrations of the rubber
particles (40%) and/or at lower deformation rates and/or at
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higher test temperatures, the shear process either in form of
shear bands or stretching is observed, as for the pseudo-
ductile materials. In both cases the deformation of the matrix,
either by shear processes or fibrillation in crazes, toughen
rubber-modified PMMA, in some cases supported by cavita-
tion in the rubber particles.

D. Structure of the Rubber Particles

For the initiation of stress fields in rubber-modified polymers,
mainly three types of rubber particles are used. In HIPS and
solution ABS salami particles are preferred. These particles
contain much occluded matrix so that the particles are suffi-
ciently large for initiating crazing while the rubber content
is low, limiting the decrease in Young´s modulus. The crazes
are initiated near the equator region of the rubber particles
perpendicular to the tensile stress direction, as shown in
Figure 26. In this region the normal stress component of the
stress tensor is highest. It has been described in the preceding
section, that if only a small concentration of very large par-
ticles instead of a larger number of middle range particles are
present in the blend, then the efficiency of the particles for

Figure 26 Transmission electron micrograph of HIPS with sal-
ami particles and crazes after deformation. Arrow indicates tensile
direction.

1 µm
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toughening is reduced. The reason is attributed to the large
distances between the larger particles in combination with
the over critical long crazes, which are formed on deformation,
combined with crack instability. Michler [23] further suggests,
that with a few large particles the number of crazes which
can be initiated is lower than when a large number of middle
sized particles are present.

Figure 27 Transmission electron micrograph of PS modified
with core-shell particles after deformation. Arrow indicates tensile
direction.

Figure 28 Transmission electron micrograph of ABS containing
agglomerates of small particles and crazes perpendicular to the ten-
sile direction after deformation. Arrow indicates tensile direction.

0.5 µm

1 µm
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Core-shell particles (Figure 27) are used especially in
transparent polymers. In this type of rubber particle the core
is very often formed from the matrix material and is covered
with a thin rubbery shell, which is grafted with an outer
second shell. If in these particles the shell thickness is small
compared to the wavelength of light, then light scattering is
reduced and the modified polymers maintain some transpar-
ency. The TEM image in Figure 27 reveals that in PS modified
with core-shell particles the crazes propagate preferentially
along the poles of the particles, and it is also likely that they
are initiated at these stress poles where the dilatational strain
component of the stress field for supporting voiding is highest.
Voiding is also observed or even fibrillation in the rubbery
phase between the core and the outer grafted shell [23]. (Com-
pare Figures 8 to 10 in Chapter 10.) This craze structure was
also reported for rubber-modified PMMA [22].

In the emulsion polymerization process small particles
(Figure 28) are generated with mainly a rubbery core and a
grafted surface. These small particles are blended with poly-
mers at high concentrations for initiating shearing in semi-
ductile polymers like PVC or PC. At high concentrations in
ABS shearing is also the predominant method of energy dis-
sipation. Although the diameters of these rubber particles are
only approximately 100 nm, crazes can be initiated if some
agglomeration is present. Figure 28 shows as an example
crazes perpendicular to the tensile direction between agglom-
erated particles in ABS. The advantages of this type of small
particles are:

• The possible transition from crazing to shearing if
less stress whitening is demanded

• Better weatherability because small destroyed parti-
cles on the surface of an item is less disturbing than
larger ones 

• Better gloss, which results from the small particles size

E. Voiding of Rubber Particles

It was shown in the preceding parts of this chapter, that
voiding in the rubber particles very often goes hand in hand
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with toughening. This voiding was thought to be important
not only to reduce the dilatational strain in the matrix but
also to facilitate the deformation processes. Opening of crazes,
e.g., is simplified by highly stretchable non-debonding rubber
particles in contrast to stiff ones. The voids themselves in the
particles are blunted in a first step by the surrounding rub-
bery material and therefore do not generate detrimental
stress intensities. Especially Ayre and Bucknall [24] postu-
lated that crazing is mainly initiated by a preceding voiding
process in the rubber particles. Due to the concomitant energy
release rate and an energy barrier, voiding in small particles
is more difficult than in large ones. Therefore crazing at small
particles is more difficult than at large particles. To summa-
rize, each measure, which facilitates cavitation in rubber par-
ticles, should contribute to increased toughness and all steps
that obstruct voiding will be less effective in toughening the
material. To prove this model, voiding was impeded on the
one hand by cross-linking the rubbery phase and on the other
voiding was promoted by addition of oil to the rubber particles
to ease the nucleation of voids. These two last points are
discussed in more detail in the following sections.

1. Cross-Linking

Rubber particles must be at least slightly cross-linked, other-
wise the rubber phase loses its individual particular structure
in processing and is transferred, e.g., to an interpenetrating
network. These blends can also be tough, but their commercial
production and the deformation mechanisms are different
from modification with rubber particles and therefore not the
topic of this chapter. Now it is known from literature that
HIPS and ABS can embrittle if they are processed too long at
too high of temperatures, which leads to thermal cross-linking
of the rubbery phase. Embrittlement is also observed if the
rubbery phase in the particles is cross-linked chemically or by
radiation [25,26]. According to Bergmann and Gerberding,
cited in [27], decreasing notched impact strength in ABS was
observed with increasing cross-linking (Figure 29). The
authors changed the degree of cross-linking by annealing at
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high temperatures for different times and characterized the
cross-linking by measuring the NMR relaxation times for the
rubber phase. The reduction in relaxation times reflects
reduced mobility of the molecules in the rubbery phase, result-
ing from the increased cross-link density and consequently
higher strength. Thus the observed embrittlement might be
caused by the concomitant resistance to voiding.

Figures 30 and 31 show the dynamic mechanical prop-
erties of a HIPS with a polybutadiene phase and of an ABS
with a copoly(butadiene-butylacrylate) rubber phase in forced
torsional mode at 1Hz. In both materials the glass transition
temperature of the rubber phase is shifted by 10°C to higher
values after annealing for 30 min at 280°C. This increase in
the glass transition temperature is caused by an increased
thermal cross-linking, which leads to a corresponding shift of
the brittle/ductile transition in rubber-modified materials.
However as long as the test temperature is higher than the
rubber glass transition temperature and consequently the
cross-linked rubber particles do not have the modulus of the

Figure 29 Increase of notched impact strength with increasing
molecular mobility in the rubbery phase of ABS as determined by
NMR relaxation measurements. (From Ramsteiner F, Heckmann W,
McKee GE, Breulmann M. Polymer 2002; 43:5995–6003.) 

1.5

1.4

1.3

1.2

1.1

1.0

0.9

0.8

0.7
5 10 15 20

ak (23°C) (kJ/m2)

M
ol

ec
ul

ar
 m

ob
ili

ty
 (

m
s)

DK4635_C011.fm  Page 475  Thursday, April 7, 2005  2:41 PM

© 2005 by Taylor & Francis Group.



Figure 30 Dynamic mechanical properties of annealed and non-
annealed HIPS measured using the torsional vibration test (1 Hz).

Figure 31 Dynamic mechanical properties of annealed and non-
annealed ABS with a copoly(butadiene-butylacrylate) rubber phase,
measured using the torsional vibration test (1Hz).
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matrix, crazes should be generated anyway in the stress field
of the still soft particles, leading to toughening. The embrit-
tlement by the annealing process reduced the impact strength
of this HIPS from 72 to 58 kJ/m2 and of the ABS from 154 to
109 kJ/m2. Reduced fracture strain and not a drop in the
matrix strength was responsible for the embrittlement as
demonstrated by the force deflection diagrams recorded dur-
ing impact strength testing [27]. Figure 32 shows this reduced
strain to fracture for the ABS type of Figure 31. Transmission
electron micrographs confirmed that a possible change in the
agglomeration structure of the particles was not responsible
for this embrittlement. Figure 33 shows the TEM images of
the virgin and annealed HIPS after fracture. Whereas in the
virgin material numerous voids and crazes have developed
during impact (Figure 33a), these deformation structures are
formed much less in the annealed material (Figure 33b). Obvi-
ously the crazes cannot be formed in the abundant way after
thermal cross-linking, because the cohesion energy of the rub-
bery phase has become too strong for voiding.

Figure 32 Force deflection diagrams recorded during impact
strength testing for a non-annealed and an annealed ABS with a
copoly(butadiene-butylacrylate) rubber phase.
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Figure 34 shows the TEM images of the deformed ABS.
In the non-annealed material (Figure 34a) much voiding has
occurred during impact. Perpendicular to the tensile direction
“macro crazes” in the form of lateral arranged voids have
formed. Voiding facilitates this shearing and stretching in the
matrix ligaments between the rubber particles. In the
annealed ABS sample, however (Figure 34b), cavitation is
drastically reduced and only some conventional crazes have
appeared, which bridge the larger regions between the agglom-

Figure 33 Transmission electron micrographs of (a) non-annealed
HIPS after deformation and (b) after annealing followed by defor-
mation. Arrows indicate tensile direction.

Figure 34 Transmission electron micrographs of a (a) deformed
ABS with a copoly(butadiene-butylacrylate) rubber phase and (b)
after annealing followed by deformation. Arrows indicate tensile
direction.
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0.5 µm 0.5 µm
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erates of the rubber particles. Obviously thermal cross-linking
of the rubber particles by annealing has not only increased
agglomeration but has also reduced the formation of voids and
“macro crazes” and consequently the energy dissipation pro-
cess. In conclusion, cross-linking of the rubbery phase in HIPS
and ABS embrittles the materials which results from a reduc-
tion of the ease voiding, which initiates crazing.

2. Addition of Oil

Since Morbitzer et al. [28] showed some years ago that the
addition of small amounts of oil can influence the mechanical
properties of ABS, this phenomenon has been studied in more
detail. With the intention of facilitating voiding within the
rubber particles, 5% of silicone oil was added to an ABS, which
contained particles with a PBu rubber core grafted with
PSAN. Dynamic mechanical measurements (Figure 35) reveal
no influence of the silicone oil on the glass transition temper-
ature of the PSAN-matrix. However silicone oil broadens the

Figure 35 Dynamic mechanical testing of ABS with (5%) and
without silicone oil.
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glass transition temperature of the rubber phase to higher
temperatures. DSC measurement has shown that the silicon
oil crystallizes at –90°C, leading to a stiffening of the rubber
particles in this low temperature range. These measurements
show that silicone oil is at least partly soluble in the rubber
phase of ABS. The SEM images with back-scattered electrons
reveal the presence of abundant silicone oil droplets in the
matrix. To concentrate the oil mainly in the rubber particles,
only 0.43% oil was added to ABS. To decide where the silicone
oil is located, a Si elemental distribution map by means of
electron spectroscopic imaging (ESI) was recorded. As can be
clearly seen in Figure 36 [27] the silicone oil has quantita-
tively concentrated in the rubber particles and not in the
interface or in the matrix. Thus plasticizing effects are not to
be expected. Therefore it is likely that any improvement of
toughness by small amounts of silicone oil is mainly caused
by a promotion of deformation processes at rubber particles.
Bucknall et al. [29] claimed that if ABS samples are cooled
down to liquid nitrogen temperatures and then warmed up
again, several voids appear inside the rubber particles in the
silicone oil modified ABS, in contrast to the unmodified ver-
sion. Therefore silicone oil facilitates voiding inside the rubber

Figure 36 ABS (2.7% rubber) modified with 0.43% silicone oil. (a)
TEM bright field image (unstained); (b) corresponding Si elemental
distribution map.

0.2 µm 0.2 µm

(a) (b)
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particles simply on the basis of the different expansion coef-
ficients of the rubbery and matrix phases. The relaxation of
the rubbery phase by voiding is besides crystallization effects
the reason for the broadening of the glass transition temper-
ature (Figure 35) to higher temperatures. This follows since
the relaxed rubber has a lower free volume than the particles
still under stress. Thus adding silicone oil is likely to act as
a nucleus for easier voiding and in consequence improve
toughness. The addition of only 0.025% silicone oil to ABS
increased impact strength from 18 to 23 kJ/m2. The toughen-
ing of rubber modified PMMA due to micro-crack formation
inside rubber particles containing a small amount of silicone
oil was recently reported by Yamashita and Nabeshima [30].

Still open to question at the moment is, whether 

• Crazes are initiated after voiding, as Bucknall
postulates

• Or the precursor of a craze in the matrix at a rubber
particle can only easily open to a real craze if the
adjacent rubber particle cavitates to compensate for
the local volume change

• Or both deformation structures develop simultaneously

III. SUMMARY

It is well known in polymer development that blending rub-
ber particles into homopolymers improves their toughness.
The interdependence of the structure of the rubber particles
and the mechanical properties of the unmodified polymers
determines fundamentally the mechanical behavior of the
rubber-modified polymers. The rubber modification results in
an enhancement of the deformation processes, which are
given in polymers by crazing or shearing in the matrix. It is
likely that voiding itself can be regarded as an unimportant
energy-dissipating process compared to the extensive defor-
mation of the matrix. To be effective, the glass transition
temperature of the rubbery phase in the particles must be
lower than the test temperature in order to initiate additional
deformation processes in the stress field of the rubber parti-
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cles. The surface of the rubber particles should be compatible
with the matrix to guarantee good adhesion between the two.
Further, to obtain the optimal particle size, a controlled
agglomeration on processing may be helpful, which in turn
can be controlled by the grafting step. The size of the rubber
particles must be adjusted to the deformation mechanism in
the matrix. Shear processes require preferentially many
small particles with short interparticle distances. Crazing is
initiated preferentially at larger particles. At low tempera-
tures and high deformation processes, crazing is preferred;
at high temperatures and low deformation processes shear-
ing prevails. It depends on the brittleness of the homopoly-
mer at the test temperature as to whether it is possible to
initiate by an adequate modification both deformation pro-
cesses. The structure of the particles controls the details of
the deformation. A very important feature of rubber modifi-
cation is the internal voiding of the rubber particles by which
the toughness is improved. Adding of silicone oil to the rubber
particles acts as nuclei for voiding and facilitates deformation
processes. Cross-linking of the rubbery phase of the particles
impedes voiding, which reduces toughness.
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I. INTRODUCTION

 

The plastic deformation of polymeric materials can be grouped
into two main mechanisms: crazing and shear yielding [1–3].
These two modes of deformation are controlled by the molec-
ular characteristics of the polymers such as chain flexibility
and chain entanglement density, and the testing conditions,
including specimen geometry, deformation speed and test
temperature. The type of specimen loading, for example ten-
sile, flexural or compression loading, can also result in differ-
ent deformation mechanisms. Among these parameters,
under standardized testing conditions, the molecular charac-
teristics of the polymer remain the prevailing parameter that
directly or indirectly affects the deformation mechanism. 

The mechanical performance of a given polymeric mate-
rial depends on the type and the amount of the deformation
mode (either crazing or shear yielding) that prevails during
sample loading up to ultimate failure. Many commercial poly-
mers, including glassy and semicrystalline thermoplastics
and thermosets, suffer from a deficiency in toughness. They
are not employed without improvement of their fracture resis-
tance in applications where ductility is required. The strategy
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of rubber toughening, which involves the blending of small
amounts of a rubbery component with rigid polymers aiming
at increasing their fracture resistance, has already been used
since the late 1940s. 

The main objective of the present chapter is to provide
an in-depth understanding of the toughening of semicrystal-
line polymers such as thermoplastic polyesters, polyamides,
and polyolefins in relation to their molecular and morpholog-
ical parameters. The toughening approach that consists of
dispersing a rubber phase in a brittle or a less ductile matrix
will be exclusively considered. The influencing parameters
that include the rubber particle size, the interparticle distance
and the matrix molecular and morphological characteristics
will be discussed in relation to the toughening performances.

 

II. TOUGHENING PRINCIPLES AND 
MECHANISMS

 

The two recognized modes of deformation, crazing and shear
yielding, are considered as the structural change that occurs
in a polymer or a polymer blend under deformation, which
when reaching a critical extent, leads to its ultimate fracture.
Depending on the chain flexibility and chain entanglement
density of the polymer, crazing and shear yielding can occur
separately or simultaneously at various proportions in the
deforming matrix. Small changes in test parameters may
produce shear yielding instead of crazing or vice-versa. Craz-
ing and shear yielding are assumed to be independent pro-
cesses, and the mechanism that requires the lowest stress
will be the dominant mode of deformation that leads to mate-
rial failure.

 

A. Multiple Crazing 

 

A craze results from a microvoid generated under a tensile
stress usually at locations of high stress concentrations such
as flaws, defects, and foreign particles [1–7]. The microvoids
are developed in a plane perpendicular to the direction of the
largest tensile stress. A craze has the particularity of reflect-
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ing light and eventually gives rise to fracture if stressed
sufficiently [8–10]. Unlike cracks, crazes are load bearing as
a result of a web of microfibrils plastically stretched between
the walls of what would otherwise be a crack. Crazes are
important for many reasons:

• Microcracks initiate in crazes
• During the plane strain crack propagation, more

crazes are formed at the crack tip constituting a plas-
tic zone that blunts the crack

• They are a major source of ductility in rubber modi-
fied amorphous polymers

However, crazes have the great disadvantage of being fre-
quently a precursor for brittle fracture. This is because the
large plastic deformation and local energy absorption involved
in crazes are often localized and confined to a very small
volume of the material. A craze can thus be considered as a
thin layer of polymer in which plastic deformation (~60%) and
elastic deformation (~200%) in the stress direction have
occurred without lateral contraction on a gross scale. As a
result, the void fraction in the craze is about 40 to 75% or
larger [11]. The thickness of a craze tip can be of the order of
10 nm while a mature craze body may be 10

 

2

 

 to 10

 

4

 

 times
thicker. Far below the glass transition temperature of the
polymer, a craze thickening occurs primarily by involving
more polymer at the bulk interface. This will maintain the
void content fairly uniformly throughout the craze. Thicken-
ing at high temperatures involves a coarsening of the struc-
ture through craze fibril breakdown [11]. Chain scission is
assumed to be the primary cause of craze initiation [12–15].
In polymers having high entanglement density, the probabil-
ity of breaking a chain is low because the load is distributed
over different entanglements and different chains. It is there-
fore expected that the higher the entanglement density, the
more different the craze initiation will be [16]. 

A craze develops and propagates by two processes: by
craze tip advance that allows fibrils to be generated and by
craze width growth, a normal separation of the two craze
interfaces behind the craze tip. The accepted mechanism of
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craze tip advance is the Taylor meniscus instability [17]. This
phenomenon can be observed, e.g., when separating apart two
plates by forcing between them a liquid or when peeling an
adhesive tape from a solid surface. 

The craze width growth is much more important in gen-
erating most of the fibril structure than the tip advance.
Several models describing the craze growth width exist,
among them the one derived by Kramer and Berger [7]. The
surface tension of the void surface (

 

Γ

 

) was considered by the
authors in understanding the effect of the molecular chain
parameters on the craze widening stress:

 

Γ

 

 = 

 

γ

 

 + 

 

π

 

dV

 

e

 

U

 

(1)

where 

 

γ

 

 is the van der Waals surface energy, 

 

V

 

e

 

 

 

is the entan-
glement density, d is the entanglement mesh size and 

 

U

 

 is
the polymer backbone bond energy. The term (

 

π

 

dV

 

e

 

U

 

) is an
extra energy resulting from the chain scission of the entan-
glements crossing the interface; it is quite significant. The
model predicts that increasing the entanglement density of
the network leads to a substantial increase in 

 

Γ

 

, and therefore
to an increasing craze developing stress. The inter-relation
between the entanglement density and the craze microstruc-
ture [18], which includes craze extension ratio [14,15,19,20],
means fibril spacing can now be predicted by the model. Fur-
thermore, the phenomenon of high temperature crazes and
the transition from chain scission-dominated crazing to chain
disentanglement-dominated crazing with increasing temper-
ature are also elucidated.

Another simpler equation relates the craze initiation
stress 

 

σ

 

z

 

 to the entanglement density 

 

V

 

e

 

, (2):

(2)

where 

 

f

 

z

 

 is a function of the free volume reflecting the effect
of the physical aging on the crazing stress. Note that 

 

σ

 

z

 

 is
weakly dependent on temperature. A low entanglement den-
sity should favor crazing as illustrated in Figure 1 of Wu’s
plot showing the craze initiation stress as a function of entan-
glement density for a series of homopolymers and miscible

σ z z ef V∝ 1 2/
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blends of polystyrene (PS) and polyphenylene oxide (PPO)
[21–23]. For example, crazing is initiated at very low stress
for polystyrene that exhibits the lowest entanglement density.
Adding PPO to polystyrene at increasing concentration
results in a significant resistance to crazing, i.e., a much
larger stress is required to initiate crazing in blends contain-
ing a large amount of PPO (ca. 75 wt%).

Brittle polymers such as polystyrene and polymethyl
methacrylate, where crazes are developed at strains as low
as 0.3 to 1%, can absorb a larger amount of energy if the
crazes are extended over a large volume. This can be achieved
by greatly increasing the concentration of the crazes formed
during deformation. This leads to the phenomenon of multiple
crazing which is now recognized to be the dominant mecha-
nism by which rubber-modified glassy polymers withstand
deformation. This mechanism has been demonstrated, partic-
ularly at low testing temperatures, in high-impact polysty-

 

Figure 1

 

Craze initiation stress (

 

σ

 

craze

 

) versus entanglement den-
sity (v

 

e

 

). (From S. Wu, Polym. Int., 29, 229, 1992. With permission.) 
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rene (HIPS) [24], acrylonitrile-butadiene-styrene copolymer
(ABS) and in rubber-toughened polymethylmethacrylate
(PMMA). The existence of multiple crazing was evidenced by
both optical and transmission electron microscopy [5], as well
as by using real time small-angle x-ray scattering [25,26].
Magalhaes and Borggreve have also used x-ray scattering
technique to determine the fractional contribution of crazing
to both the volume strain and the extension of the test bar
[27]. It was concluded that crazing of the matrix in HIPS does
not exceed 50% of the volumetric expansion of the specimen.
Both x-ray patterns and microscopy observation revealed that
rubber particle cavitation and matrix crazing are important
in yielding of HIPS and ABS.

In rubber-toughened glassy polymers, the crazes were
found to be initiated as a result of stress concentration at the
equator of the rubber particle [28]. Multiple crazing involves
a large volume of the rubber-modified polymer matrix, which
results in a significant increase in toughness.

The toughening efficiency of the rubber phase depends
on its particle size. A particle size window of 1–5 

 

µ

 

m has been
proposed for optimum toughness [1,27]. Rubber particles of
smaller size are not able to initiate crazes and are less effec-
tive in terminating a growing craze [1]. An empirical relation
(Equation 3) is found between the optimum diameter (d

 

optimum

 

)
of the rubber particle and the entanglement density (

 

V

 

e

 

) of
the matrix.

Log(

 

d

 

optimum

 

) = 1.19 –14.1

 

V

 

e

 

(3)

 

B. Multiple Shear Yielding 

 

Bucknall [29] described shear yielding as the process by which
most ductile materials extend to high strains in standard
tests. In shear yielding, a displacement of matter (molecules
and atoms slip past each other) takes place in the material
under deformation. In contrast to crazing, in shear yielding
no change in volume or density is associated with deforma-
tion. Also, no loss in cohesion occurs in a shear yielding defor-
mation mechanism. Von Mises proposed a criterion for shear
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yielding to occur which is based upon a critical value reached
by the effective stress 

 

σ

 

e

 

, defined as:

(4)

where 

 

σ

 

1, 

 

σ

 

2 

 

and 

 

σ

 

3 

 

are the principal stresses, acting normal
to the 1, 2 and 3 directions of a cube of material, respectively.
If 

 

σ

 

1 

 

is taken as the tensile yield stress 

 

σ

 

ty

 

 and 

 

σ

 

2 

 

= 

 

σ

 

3 

 

= 0,
then 

 

σ

 

0 

 

is constant and equal to 

 

σ

 

ty

 

. 

 

Equation 4 is valid for many metals but requires modi-
fication for polymers since the critical effective stress is not
constant. It varies almost linearly with the mean stress 

 

σ

 

m

 

;

 

defined also as negative pressure. A modified Von Mises equa-
tion for the critical strain energy density was proposed:

 

σ
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> 

 

σ
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µσ

 

m

 

σ

 

0

 

 

 

– 

 

µ
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σ
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 + 

 

σ

 

2

 

 + 

 

σ

 

3

 

)/3

 

(5)

The process of shear yielding has not been well explained on
a molecular scale as is the crazing deformation mechanism,
although many attempts have been made over the years. The
characteristic ratio (Equation 6) which is a measure of the
chain rigidity is thought to be the predominant controlling
molecular parameter for shear yielding behavior. 

(6)

where  is the mean square end-to-end distance of an
unperturbed chain, 

 

n

 

 is the number of statistical skeletal
units, and 

 

l

 

2

 

 is the mean-square length of a statistical unit. 
The yield stress 

 

σ

 

y

 

 is proportional to the chain rigidity

 

C

 

∞

 

 (Equation 7):

(7)

where 

 

f

 

y

 

 is a function of the free volume that accounts for
the effect of the physical aging. A normalized yield stress
dependent strongly on temperature is defined as follows
(Equation 8): 

σ
σ σ σ σ σ σ

σe ≡
−( ) + −( ) + −( )











≥1 2
2

2 3
2

3 1
2 1 2

2

/

00

≡

C Lim R
n

∞ → ∞
= ( / )0

2 2nl

R0
2

σ y yf C{ } ∝ ∞

 

DK4635_C012.fm  Page 494  Thursday, April 7, 2005  2:50 PM

© 2005 by Taylor & Francis Group.



  

(8)

where (

 

T

 

g

 

 

 

– 

 

T

 

) is the difference between the glass transition
temperature of the sample and the testing temperature, and

 

δ

 

2

 

 is the cohesive energy density. It can thus be deduced that
the higher the chain rigidity, the higher the initiation stress
for shear yielding will be. In Figure 2 a plot of the normalized
yield stress as a function of the characteristic ratio is pre-
sented for a series of polymers and miscible blends. For exam-
ple, polystyrene homopolymer and styrene-acrylonitril
copolymer exhibit a high chain rigidity which results in a high
initiation stress for shear yielding and will prematurely
deform by a crazing deformation mechanism.

Shear yielding which can be considered as a type of
viscous flow is more temperature dependent than crazing.

 

Figure 2 

 

Normalized yield stress [

 

σ

 

yield

 

 / 

 

δ

 

2

 

 (Tg-T)] versus char-
acteristic chain stiffness (

 

C

 

∞

 

). (From S. Wu,

 

 

 

Polym. Int., 29, 229,
1992. With permission.) 
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Eyring’s theory [30] describes the viscous flow in liquids.
Adaptations have been made on that theory to express the
yield stress as a function of temperature and strain rate as
follows [31,32]: 

(9)

where 

 

σ

 

yield

 

 is the yield stress, T the absolute temperature, K
the Boltzmann constant, V the activation volume, (

 

d

 

ε

 

/

 

dt

 

) the
strain rate, 

 

∆

 

G

 

o

 

 the activation energy, 

 

R

 

 the universal gas
constant, 

 

γ

 

0

 

 an elementary shear strain and 

 

J

 

0 

 

a rate constant.
Using this approach, the yield stress of polymers was

shown to depend on the strain rate as well as on temperature
[30–38]. This equation fits the experimental data well over
a broad temperature interval and over several decades of
strain rate. 

 

C. Intrinsic Brittle/Ductile Behavior 

 

The transition between a crazing mechanism (brittle behav-
ior) and shear yielding mechanism of deformation (ductile
behavior) is a crucial phenomenon in considering the tough-
ness of polymers. Equation 10 expresses the molecular crite-
rion that controls the predominant deformation mode [21–23]:

(10)

This equation can also be expressed as:

(11)

where 

 

ρ

 

a

 

 is the amorphous mass density and M

 

v

 

 is the average
molar mass per statistical unit. Henkee and Kramer have
shown that the chain entanglement density in the polymer is
a critical parameter that determines whether the polymer
deforms via crazing or shear yielding [39]. A low entangle-
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ment density favors a crazing mechanism of deformation,
whereas increasing the number of entanglements above a
critical value results in a shear yielding behavior. Based on
that, a majority of polymers can be classified as:

1. Brittle polymers when 

 

V

 

e

 

 < ~0.15 mmol/cm3 and C∞
> ~7.5. This class of polymers fails by a dominant
crazing mechanism; they both have a low crack ini-
tiation energy (low unnotched toughness) and a low
crack propagation energy (low notched toughness).
Polystyrene, polymethylmethacrylate and styrene-
acrylonitrile copolymer are typical examples of brit-
tle polymers.

2. Pseudo-ductile polymers when the following condi-
tions are fulfilled: Ve > ~0.15 mmol/cm3 and C∞ < ~7.5.
The pseudo-ductile polymers tend to fail by shear
yielding deformation mechanism. These polymers
exhibit a high crack initiation energy (high un-
notched toughness) and a low crack propagation
energy (low notched toughness). Polyamides (PA6
and PA66), polyesters (polyethylene terephthalate
and polybutylene terephthalate) and polycarbonate
are common examples of pseudo-ductile polymers.

3. An intermediate class includes polymers that fulfill
the critical criterion of Ve ~ 0.15 mmol/cm3 and C∞ ~
7.5. These polymers exhibit combined crazing and
shear yielding deformation mechanisms. Examples
of these polymers include the less brittle PMMA of
the first class and the less ductile polymers such as
polyoxymethylene and polyvinylchloride of the
pseudo-ductile class.

Although both Ve and C∞ provide consistent prediction of the
deformation behavior, the entanglement density Ve remains
the primary parameter that controls the crazing behavior
whereas C∞, the characteristic ratio, is the predominant factor
that controls the shear yielding behavior. More details on
molecular criteria for craze/yield behavior in relation to chain
structure parameters were summarized by Dompas and
Groeninckx elsewhere [40]. 
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D. Deformation and Fracture of 
Polymer Blends

The rubber-toughening technique involves the dispersion of
a rubbery component in a rigid polymer matrix. The aim of
toughening is mainly to increase the impact strength beyond
a given target with a tolerated loss in stiffness (modulus),
yield stress and creep resistance. The fracture behavior of
rubber-toughened polymers depends on a number of param-
eters among which are the blend composition, the phase mor-
phology developed and the testing conditions.

Rubber toughening has been applied to amorphous poly-
mers such as polystyrene [41–43], polycarbonate [44,45] and
polyvinylchloride [46–50], and to semicrystalline thermoplas-
tics including polyamides [51–53], polypropylene [54,55], and
thermoplastic polyesters such as polyethylene terephthalate
and polybutylene terephthalate [44,56,57]. Epoxies as brittle
thermosets have also been rubber toughened [58,59].

It has been proven that the use of dispersed particles of
rubber having a given particle size are able to involve as much
as possible of the deforming matrix into the process of energy
absorption. Simultaneously, there is a need to limit the growth
and breakdown of voids and crazes in order to prevent pre-
mature crack initiation. 

The early hypothesis attributed the enhancement of
toughness to dissipation of energy in the rubbery phase [60].
This hypothesis did not hold long since it was found that the
total energy associated with the rubber deformation was too
small to explain the observed fracture energy of the tough-
ened polymer. It is accepted nowadays that the deformation
processes are initiated by the rubber particles from many
sites of the matrix [29,61,62]. The rubber particles alter the
stress field in the surrounding matrix, inducing an extensive
plastic deformation. 

Multiple crazing was first proposed by Bucknall [61] as
the dominant toughening mechanism in high impact polysty-
rene HIPS, and was later generalized as the mechanism of
deformation in toughened brittle polymer matrices. The rub-
ber particle was found to be responsible for the initiation and
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termination of craze growth. Crazes are initiated at the equa-
tor of a rubber particle where the stresses built up to reach
their maximum level. The craze propagates until it is stopped
by an adjacent rubber particle (long craze formation is pre-
vented). Multiple crazing is the process of forming a large
number of short crazes rather than forming a small number
of long crazes as is the case in the absence of rubber particles.

The particle size of the rubber phase is found to be of
utmost importance in controlling the toughening mecha-
nisms. Bucknall [61] proposed a rubber particle size range of
1–5 µm where HIPS exhibits a tough behavior. Out of this
range, HIPS is brittle. Small rubber particles are ineffective
for craze initiation and cannot efficiently control the craze
growth and its termination [43]. Kramer and Donald [19]
reported also that particles smaller than 1 µm were unable
to initiate crazes in either ABS or HIPS. 

1. Multiple Shear Yielding in 
Toughened Polymers

A brittle fracture will result if the shear yielding mechanism
is prohibited mainly in the middle of the sample or in front
of the crack tip. This occurs mainly in samples with a large
thickness or in Charpy notched samples. The surrounding less
highly stressed material resists the lateral contraction needed
to maintain a constant volume.

To resist the high level of stresses having a large degree
of triaxiality, the rubber particles cavitate or debond, creating
a void. Upon the void formation, the triaxiality is relieved
ahead of the notch or the running crack [61–63]. The stress
state in thin ligaments of the matrix between rubber particles
is converted from a triaxial to a biaxial one. The stress state
in the matrix material in the neighborhood of the cavity is
thus effectively altered via the creation of an elastic stress
field overlap of the cavitated particles. Shear yielding defor-
mation is favored by a biaxial stress state, whereas crazing
is enhanced under a triaxial stress state. Multiple shear yield-
ing is favored by the presence of neighboring rubber particles
in the matrix.
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The deformation behavior of rubber-toughened thermo-
plastics is commonly investigated using tensile dilatometry
[45,64,65], light scattering [46–48,66], or x-ray scattering [67]
measurements. These techniques are applied in real time
during the uniaxial tensile deformation. In addition, the frac-
ture zone (stress-whitened area) obtained after the loading
operation is studied via direct observation using microscopic
tools. Unfortunately all these techniques do not provide infor-
mation on smaller scale and earliest stages of the cavitation
process. To understand the initial stages of the rubber cavi-
tation apart from the matrix yielding, Bucknall and cowork-
ers [68,69] have developed a dynamic mechanical-thermal
spectrometer (DMTS) which allows the measurement of the
glass-transition temperature of the rubber-toughened poly-
mer under deformation. 

Many morphological parameters influence to a different
extent the shear yielding deformation behavior of toughened
polymers. The rubber concentration and rubber particle size
are the most predominant.

2. Effect of Rubber Concentration 

The impact strength of ductile polymers was found to increase
as a function of the rubber concentration [51,53,70]. Unfortu-
nately a decrease of the modulus and yield strength is asso-
ciated with the improvement in impact strength [52,71]. The
brittle-ductile transition, which is a crucial parameter aimed
at in toughened polymers, is shifted toward lower tempera-
tures as the rubber content is increased in the blend [44,57].
That statement is well illustrated in Figure 3, as reported by
Gaymans [72]. Model calculations [42,73] indicate that the
process of rubber particle cavitation is strongly influenced by
the neighboring particles. This means that a few percent of
rubber is not sufficient to relieve all of the volume strain [65].
On the other hand, the multiaxial stress state will be more
difficult to develop if the rubber particles are present at high
concentration. Furthermore, the particle size distribution
affects the local concentration and the local matrix yielding
[74]. In the regions of high rubber concentration, yielding
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takes place at a lower stress than in the regions of lower
rubber concentration.

The pure polymers that deform by shear yielding do not
show significant volume strain during their tensile loading.
In contrast, in the blends, the onset of rubber cavitation occurs
at low strains (2–4%), and before the yield point of the neat
polymer is reached [65,75].

3. Role of Particle Size of the 
Rubber Phase

It is now commonly recognized that the rubber particles play
two major roles in the toughening of ductile polymers: to
change the stress state in the matrix around the particles by
cavitation, and to generate a local stress concentration
[1–10]. The particles should not themselves be initiation sites
for the fracture process; they should be sufficiently small that

Figure 3 Brittle-ductile transition temperature as a function of
rubber content, as measured by SENT, on a PP-EPDM blend at the
indicated test speeds. (From R. J. Gaymans, Polymer Blends 2:
Performance, eds., D. R. Paul and C. B. Bucknall, New York: John
Wiley & Sons, 2000. With permission.) 
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they do not grow (during cavitation) to a critical volume that
causes crack initiation to take place. A decrease in the diam-
eter of the rubber particle at a constant rubber content
results in a decrease in the brittle-ductile transition temper-
ature (Figure 4).

Wu [76] demonstrated that the brittle-ductile transition
occurs at a critical interparticle distance in pseudo-ductile
matrices. The critical interparticle distance remains thus a
crucial morphological parameter contributing to the tough-
ening efficiency of rubber-modified pseudo-ductile matrices.
The percolation concept remains the only plausible explana-
tion of this phenomenon [77,78]. If the rubber particles are
able to cavitate internally and if the generated voids are
close enough, then the thin matrix ligaments are intercon-
nected and the yielding process propagates over the entire
sample (measure shear yielding), promoting ductile defor-
mation behavior. This will occur when the thickness of the

Figure 4 Notched Izod measurements as a function of tempera-
ture for PA-6 and PA-6-EPDM-g-MA blend (26 vol%) at the indicated
weight-average rubber particle sizes (µm). (From R. J. M. Borggreve
et al., Polymer, 28, 1489, 1987. With permission.) 
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matrix ligament is smaller than the critical interparticle
distance. For a given volume fraction, this is achieved by
decreasing the particle size and by enhancing the state of
dispersion. The decrease in particle size results in a shift of
the brittle-ductile transition temperature (Tbd) to lower val-
ues [76,79]. A minimum has been reported to exist below
which decrease in brittle-tough transition is no longer
observed [46,66,70,80–83]. The reason is that particles that
are too small are not able to cavitate and, as a consequence,
do not relieve the hydrostatic tension in the material to
promote a ductile shear yielding behavior. 

The criteria for rubber cavitation have been studied by
Lazerri and Bucknall [84] and also by Dompas and Groen-
inckx [46]. The cavitation ability of the rubber particles was
found to depend on the volume strain imposed upon sample
loading. The model explains the increasing resistance
against cavitation with decreasing rubber particle size. The
model of Groeninckx and Dompas leads to the following
equation:

(11)

where do is the particle diameter, γr the van der Waals surface
tension, Γsc the surface energy per unit area, Kr the rubber
bulk modulus and ∆ the relative volume strain. Equation 11
predicts that large particles will cavitate in the early stages
of the deformation process, while small particles will cavitate
at a later stage. As a consequence, the cavitation resistance
of the rubber particles increases as the particle size decreases.
The minimum particle size required for cavitation therefore
depends on the maximum volume strain that can be attained
in the material.

The interparticle distance (ID) which is defined as the
distance between two adjacent rubber particles, referred to
as the matrix ligament thickness, is a crucial morphological
parameter which affects the toughening efficiency in rubber
modified matrices. Wu [23] derived the equation (12) which
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allows for calculating ID as a function of the rubber particle
size (D) and the rubber concentration (Φr).

(12)

K is a measure for the lattice packing arrangement with K =

1 for a cubic lattice and  for a body-centered lattice.
It was proposed that a fracture is tough when ID is below a
critical value, independent of whether the decrease results
from an increase in rubber content or a decrease of the particle
size. Figure 5 illustrates the interrelation between the impact
strength and the interparticle distance ID in a rubber modi-
fied nylon 6,6. The fracture deformation behavior is found to
drastically change from brittle to ductile at the same D,

Figure 5 Notched Izod impact strength vs. interparticle distance
(T) in PA 6,6/reactive rubber blends (curve A: 10 wt% rubber, Curve
B: 15 wt%, Curve C: 20 w% rubber). (From S. Wu, Polymer, 26, 1855,
1985. With permission.) 
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regardless of the dispersed rubber concentration. The physical
interpretation of the interparticle distance is not well under-
stood, although Wu et al. were the first ones to propose that
the interparticle distance affects the overlap of stress concen-
tration fields around the particles. According to a percolation
model used by Margolina and Wu [85], the brittle-tough tran-
sition takes place when the yielding process propagates
through the connecting thin matrix ligaments (< IDc).

III. TOUGHENING OF SEMICRYSTALLINE 
POLYMERS USING RUBBER AND 
RIGID FILLERS

Semicrystalline polymers exhibit low-impact strength when
deformed notched, under high deformation rates and usually
in low-temperature applications. They rarely break in their
unnotched form. This implies that crack initiation is very
difficult due to the presence of crystalline lamellae, whereas
the crack propagation is a fairly low-energy failure process.

Polyamides and thermoplastic polyesters are important
engineering polymers used in a very broad range of applica-
tions. Unfortunately, they suffer from a lack of toughness
when required for applications where this property is of cru-
cial importance. Consequently, an intensive research activity
was devoted to their toughening using rubbers of various
natures. The most commonly encountered rubbers employed
as toughening agents for polyamides or polyesters include
ethylene-propylene-diene-monomer (EPDM), polybutadiene
(PB), ethylene-propylene rubber (EPR), acrylonitrile-butadi-
ene-styrene (ABS), styrene-ethylene-butylene-styrene
(SEBS), and styrene-butadiene-styrene (SBS). The choice of
a rubber phase is also crucial for the toughening performance.
Borggreve et al. [86] showed that the impact behavior
improves with decreasing modulus of the impact modifier. The
brittle-ductile transition temperature was found to increase
with increasing the modulus of EPDM rubber by higher cross-
linking [87]. Those findings were ascribed to the ability of the
rubber phase to cavitate (the lower the modulus, the higher
the extent of cavitation) [5,7,8]. Jiang et al. recently modeled
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the effect of elastomer stiffness on the brittle-tough transition
in the toughening of thermoplastics [88]. A good correlation
between brittle-tough transition temperature (Tbd) and the
stiffness of the elastomer has been established. The model
calculations reveal that the modulus of the elastomer must
be one-tenth or less that of the matrix in order to produce a
tough blend combination at low temperature.

Because of the high interfacial tension, blending an apo-
lar rubber with the highly polar polyamides or polyester
homopolymers results in a gross phase dispersion of rubber
which does not meet the requirements of particle size for an
efficient toughening. In order to be able to tailor and control
the particle size of the rubber phase, a “compatibilization”
approach that allows for the reduction of the particle size to
an optimum extent is necessary. The addition of premade
compatibilizing agents or their generation in situ via a chem-
ical reaction of reactive precursors during the melt-blending
process of the rubber phase with the matrix are the two main
techniques of compatibilization. 

Polyamides have been toughened using EPDM-g-MA,
EPR-g-MA or SEBS-g-MA graft copolymers that are able to
react with polyamide via the readily reacting amine or amide
groups of polyamide 6 with the maleic anhydride groups of
the graft rubber copolymer. Unmodified rubber was also added
to prevent the consumption of a large amount of expensive
reactive maleic anhydride-grafted copolymer [89–93]. A mix-
ture of polypropylene with maleic anhydride-grafted rubber
was successfully employed [94–96]. An ABS copolymer and
other core-shell rubbers compatibilized with styrene-maleic
anhydride copolymer (SMA) were also used [97–100].

A. Thermoplastic Polyesters

The most commonly investigated thermoplastic polyesters for
the enhancement of their toughening behavior are polyethyl-
ene terephthalate (PET) and polybutylene terephthalate
(PBT), which are engineering thermoplastics used for a wide
range of applications. They exhibit almost similar chemical
and physical behavior, but they substantially differ in their
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thermal behavior, i.e., melting temperature, glass-transition
temperature and crystallization kinetics. PET exhibits a
higher melting temperature and slower crystallization kinet-
ics than PBT. 

To our knowledge, the major part of the open literature
reporting about the toughening of thermoplastic polyesters
mainly deals with PBT rather than PET. Different types of
rubber or rubber-based polymers have been used for the
toughening of PBT or PET. These include core-shell particles
[56,101–104], ABS functionalized or not [57,105–108] and
functionalized rubber [109–118]. Reactive compatibilization
of the rubber phase and the PBT matrix is necessary for
particle size reduction of the rubber phase and for insuring a
sufficient interfacial adhesion necessary for the toughening
of pseudo-ductile matrices. Hobbs et al. [101,102] reported on
the modification of PBT with core-shell modifiers with or
without the presence of polycarbonate which ensures compat-
ibilization (PC is miscible with PBT) of the matrix with the
rubbery phase. The addition of polycarbonate was found to
shift the brittle-ductile transition to lower temperatures and
enhance particle dispersion. The increased shear yielding
behavior observed in toughened PBT under deformation was
attributed to the increased ductility of the matrix via a mod-
ification of its amorphous interlamellar region by the presence
of polycarbonate. A similar approach used by Brady and co-
workers [103] also led to similar results; however, no signifi-
cant impact improvement was observed when the core-shell
rubber particles were employed without modification. Addi-
tion of a small amount of polycarbonate resulted in improved
stress-strain behavior, improved impact strength and a sub-
stantial decrease of the Tbd. 

ABS has also been used as an impact modifier for PBT
[57,107,108]. In the absence of compatibilizer, 30 wt% ABS
were necessary to produce a tough PBT. Extrusion and mold-
ing conditions were found strongly to affect the toughness of
the ABS-modified PBT. When a terpolymer of methyl meth-
acrylate, glycidyl methacrylate or ethyl acrylate was used as
compatibilizer, a more stable phase morphology with much
better dispersed ABS particles were obtained. A minimum of
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30 wt% of ABS containing high rubber fraction and having a
low melt viscosity was necessary to obtain improved impact
strength and low temperature toughness. The reactive com-
patibilizer was used at concentrations not exceeding 1 wt%.

The second approach of toughening PBT consists of using
common elastomers such as EPR and EPDM. In most cases,
a reactive compatibilization process is required to control the
rubber dispersion, its particle size and its adhesion to the
matrix. Reactive maleic anhydride-grafted EPR or EPDM
have been used in PBT [109,110]. A critical interparticle dis-
tance IDc of 0.4 µm was determined for PBT/EPR-MA blends
containing 20 wt% EPR-MA rubber phase. Similar value (0.43
µm) was reported for PBT/polyarylate miscible mixture tough-
ened using maleic anhydride-grafted poly(ethylene-octene)
copolymer [119].

A correlation between the impact strength of the blend
and the interparticle distance was claimed to be independent
of the matrix viscosity (molecular weight), the rubber content
and the extent of interfacial adhesion between the rubber
phase and the PBT matrix. Maleic anhydride-grafted sty-
rene/ethylene-butylene/styrene triblock copolymer (SEBS-g-
MA) has also been used as a toughening agent [110]. A critical
interparticle distance of 0.16 µm has been reported to result
in an optimum impact improvement. Sanchez-Solis [116]
employed a styrene-butadiene-styrene grafted maleic anhy-
dride (SBR-g-MA) copolymer in PET. A 2.5-fold impact
strength increase was reported compared to the unmodified
PET. A lack of compatibilization reaction, as indicated by the
poor particle size reduction, was claimed to be at the origin
of the insufficient toughness improvement of the blend. 

Glycidyl methacrylate (GMA) functional groups used in
reactive compatibilization of PBT with rubber were found to
be more efficiently reactive towards the hydroxyl groups of
PBT than maleic anhydride groups. Recently Loyens and
Groeninckx published an interesting study on the toughness
and ultimate mechanical properties of rubber-modified poly-
ethylene terephthalate [120–122]. Ethylene-co-propylene rub-
ber with and without reactive functional groups were melt-
blended with PET. The reactive modifiers include maleic anhy-
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dride-grafted EPR (EPR-g-MA), glycidyl methacrylate-grafted
EPR (EPR-g-GMAx) and ethylene-glycidyl methacrylate copol-
ymers (E-GMAx). It was found that the most efficient route of
designing a toughened PET is provided by dispersing in it a
pre-blend of EPR and E-GMAx. A minimum concentration of
EPR-dispersed phase is needed to obtain a significant
enhancement of the impact strength and to induce a brittle-
ductile transition. As expected, the impact behavior of tough-
ened PET was primarily controlled by the rubber interparticle
distance. A critical interparticle distance of 0.1 µm was deter-
mined experimentally for the GMA reactively compatibilized
blends. This interparticle distance was found to be indepen-
dent of the GMA content, the chemical technique of attaching
GMA to EPR (i.e., via copolymerization or grafting) and of the
nature of the reactive compatibilizer used. An ethylene-gly-
cidyl methacrylate copolymer containing 8 wt% of GMA func-
tional groups used as a compatibilizer in EPR/PET blend
provided the best ultimate mechanical properties; a 15-fold
impact strength increase with respect to unmodified PET was
observed (Figure 6). In Table 1 the weight average particle
diameter of the rubber phase and ultimate mechanical prop-
erties of PET/(EPR/E-GMA8) blends as a function of the rubber
concentration and composition are given. 

The deformation mechanisms of rubber-toughened semi-
crystalline polyethylene terephthalate were investigated by
Loyens and Groeninckx using fractography on impact frac-
tured samples and tensile dilatometry [122]. The blends inves-
tigated consisted of EPR/E-GMA8 rubber dispersed in the
PET matrix. The weight average particle diameter (Dw), the
interparticle distance (ID) and brittle-ductile transition tem-
perature (Tbd) of PET/(EPR/E-GMA8) blends as a function of
the dispersed phase concentration and composition are pre-
sented in Table 2. A strong correlation between ID and the
brittle-ductile transition temperature was found. The blends
containing 30 wt% EPR/E-GMA8 exhibit the lowest brittle-
ductile transition temperatures. An interparticle distance of
0.1 µm is required in order to obtain a room temperature
tough PET. It has to be noted that interparticle distances
below this value can only be reached in efficiently compatibi-

DK4635_C012.fm  Page 509  Thursday, April 7, 2005  2:50 PM

© 2005 by Taylor & Francis Group.



lized blends. Critical particle sizes of 0.19, 0.44 and 1.1 µm
have been calculated for rubber concentrations of 10, 20 and
30 wt%, respectively, using Wu’s equation and an interparticle
distance of 0.1 µm.

It is also important to emphasize that the interparticle
distances are not necessarily the same for different rubbers
in the same matrix. Kanai et al. [110] have reported two
different IDs for PBT/EPR-g-MA and PBT/SEBS-g-MA
blends. The ID certainly depends indirectly on the extent of
interfacial compatibilization between the dispersed phase and
the matrix. Efficient compatibilization reduces the particle
size of the dispersed phase and enhances the quality of phase
dispersion, which directly affects the average particle size of
the dispersed phase and thus the interparticle distance. The

Figure 6 Notched Izod impact strength as a function of the dis-
persed phase particle size for the various rubber-modified PET sys-
tems. (From W. Loyens and G. Groeninckx, Polymer, 43, 5679, 2002.
With permission.) 
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interparticle distance is not a molecular parameter; it is a
geometrical factor that does not necessarily and directly
depend on molecular characteristics of either the matrix or
the dispersed phase. PET/EPR blends compatibilized using
GMA functionalized ethylene (E-GMA) were found to exhibit
the same critical interparticle distance IDc independent of
the content of GMA functionality (refer to Figure 7). When

TABLE 1 Weight Average Particle Diameters and Mechanical 
Properties of the PET/EPR/E-GMA8) Blends as a Function of the 
Dispersed Phase Concentration and Composition

Weight Fraction of 
Compatibilizer in 
Dispersed Phase 

Composition Dw (µm)

Impact 
Strength 
(kJ/m2)

Modulus 
(MPa)

Elongation 
at Break 

(%)

10 wt%

0 2.92 ± 0.18 3.2 ± 0.2 2635 ± 182 2.5 ± 1.3
0.1 0.71 ± 0.07 5.1 ± 0.2 2274 ± 23 6.9 ± 1.1
0.25 0.67 ± 0.06 4.2 ± 1.2 2235 ± 59 7.5 ± 1.4
0.4 0.66 ± 0.02 6.7 ± 0.3 2269 ± 80 4.6 ± 0.4
0.75 — 5.0 ± 1.5 2388 ± 100 8.4 ± 1.9
1 — 3.7 ± 0.5 2389 ± 125 2.5 ± 0.4

20 wt%

0 6.45 ± 0.61 2.4 ± 0.3 1820 ± 69 3.6 ± 0.7
0.1 0.55 ± 0.08 8.3 ± 2.8 1888 ± 57 4.5 ± 0.5
0.25 0.61 ± 0.10 13.6 ± 2.1 1853 ± 65 9.6 ± 1.9
0.4 0.43 ± 0.08 10.6 ± 1.3 1844 ± 87 9.5 ± 3.5
0.75 — 14.0 ± 1.4 1723 ± 120 13.3 ± 1.4
1 — 11.7 ± 2.2 1793 ± 60 37.9 ± 14.5

30 wt%

0 9.49 ± 0.91 1.3 ± 0.2 1423 ± 114 1.9 ± 0.2
0.1 0.65 ± 0.09 28.8 ± 5.3 1384 ± 59 4.9 ± 1.0
0.25 0.40 ± 0.03 34.3 ± 3.8 1295 ± 66 6.2 ± 0.9
0.4 0.53 ± 0.04 32.2 ± 9.3 1302 ± 18 18.0 ± 4.6
0.75 — 20.5 ± 1.8 1223 ± 72 18.4 ± 5.5
0.9 — 17.3 ± 4.8 1183 ± 56 28.9 ± 13.9
1 — 44.8 ± 13.2 1145 ± 129 4.7 ± 2.4

Source: W. Loyens and G. Groeninckx, Polymer, 43, 5679, 2002. With permission. 
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the type of copolymer is considered, no significant differences
are observed between a copolymerized GMA or a grafted one.
Kanai et al. [110], Borggreve and Gaymans [91] and Wu [76]
also have reported that the IDc was independent of the func-
tionality of the compatibilizer or the rubber phase content in
polyamide matrices. This is of course true if all the compati-
bilizing agents (copolymers) generate an optimum (required)
particle size reduction. The effect of the molecular weight of
PET matrix on the toughening characteristics of blends of
PET/EPR containing 8 wt% E-GMA was also investigated. As
shown in Figure 8, the IDc is the same (0.1 µm) for all blends

TABLE 2 Weight Average Particle Diameter (Dw), 
Interparticle Distance (ID) and Brittle-Ductile 
Transition Temperature (Tbd) of the PET/(EPR/E-
GMA8) Blends as a Function of the Dispersed Phase 
Concentration and Composition

Weight Fraction of 
E-GMA8 in the 

Dispersed Phase (–) Dw (µm) ID (µm) Ibd (°C)

10 wt%

0 2.92 ± 0.18 1.49 80
0.1 0.60 ± 0.07 0.31 80
0.25 0.67 ± 0.06 0.34 80
0.4 0.80 ± 0.02 0.40 80

20 wt%

0 6.45 ± 0.61 1.45 80
0.1 0.55 ± 0.08 0.12 40
0.25 0.61 ± 0.09 0.14 31
0.4 0.43 ± 0.08 0.10 50

30 wt%

0 9.5 ± 0.9 0.56 80
0.1 0.65 ± 0.09 0.058 –5
0.25 0.41 ± 0.03 0.036 –15
0.4 0.53 ± 0.04 0.047 –10

Source: W. Loyens and G. Groeninckx, Polymer, 44, 4929, 2002.
With permission. 
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independent of the molecular weight of the PET matrix. The
blends based on the low molecular weight (L-MW) PET were
unable to exhibit high-impact toughness and ductile fracture
mode. In contrast, the medium molecular weight (M-MW) and
the high molecular weight (H-MW) PET based blends exhibit
a ductile fracture mode with a clear transition between the
brittle and the ductile fracture mode at the IDc of 0.1 µm.
Below IDc, the impact strength increases linearly with a
decrease in the interparticle distance. It is obvious that the
effect of PET matrix molar mass on the impact behavior of
rubber-toughened PET originates from its direct effect on the
phase morphology development, rather than from an intrinsic
effect of the molecular weight itself.

Figure 7 Notched Izod impact strength as a function of the inter-
particle distance for the various rubber modified PET systems.
(From W. Loyens and G. Groeninckx, Polymer, 43, 5679, 2002. With
permission.) 
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Another correlation that needs to be mentioned in this
context is the effect of the interparticle distance on the brittle-
ductile transition temperature for various molar masses of
the PET matrix. In Figure 9 the Tbd is plotted as a function
of interparticle distance for a PET/EPR compatibilized using
E-GMA8 reactive copolymer having an EPR/E-GMA8 content
of 30 wt%. A medium molecular weight (M-MW) PET is com-
pared to a high molecular weight (H-MW) PET. A decrease of
the interparticle distance results in a significant decrease of
the Tbd.

The phenomenon responsible, among others, for the
toughening of rubber-modified blends is the rubber particle
cavitation. It has been evidenced in many toughened blend

Figure 8 Notched Izod impact strength as a function of the inter-
particle distance for the investigated PET (EPR/E-GMA) blends
with varying PET matrix molar mass. (From W. Loyens and G.
Groeninckx, Polymer, 44, 123, 2002. With permission.) 
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systems using different methods, including direct observation
via microscopic tools. Loyens and Groeninckx [122] investi-
gated via microscopic examination on fractured surfaces the
cavitation process in E-GMA8-modified EPR/PET blends. The
cavitation process by which a ductile fracture has been
induced is clearly evidenced in Figure 10 on SEM pictures of
a smoothed specimen taken perpendicular to the fracture
plane in a notched and impact fractured sample. The dark
holes result from voiding of the rubber particles. 

Furthermore, the effect of the test temperature on the
deformation and fracture of rubber-toughened PET has also
been investigated using SEM on fractured samples. In Figure
11 the SEM micrographs of the impact fracture surfaces

Figure 9 Brittle-ductile transition temperature as a function of
the interparticle distance for the M-MW and H-MW PET blends.
(From W. Loyens and G. Groeninckx, Polymer, 44, 123, 2002. With
permission.) 
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(notch plane) of EPR toughened PET at different tempera-
tures are presented. Note that at –25˚C (Figure 11A-B), the
blends are fractured well below their Tbd. They exhibit a
limited amount of plastic deformation, directly behind the

Figure 10 Fracture zone in the YZ plane of the PET/(EPR/E-
GMA8) 80/(15/5) blend (smoothed and non-etched), fracture at room
temperature. The fracture plane is located at the top, and the frac-
ture propagates from right to left. (From W. Loyens and G. Groen-
inckx, Polymer, 44, 4929, 2002. With permission.)
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notch. The crack propagates, however, in an unstable manner,
resulting in an overall brittle fracture mode. At 60°C, a higher
temperature than the Tbd, Figure 11C-D clearly reveals
matrix shear yielding and rubber cavitation over the entire
fracture surface, an evident ductile behavior.

B. Polyamides 

Polyamides can be considered as the most important class of
semicrystalline engineering thermoplastics commercially
available, because of their high melting characteristics, their
good mechanical strength, high abrasion resistance and their

Figure 11 SEM micrographs of the fracture surfaces in the XY
plane of the PET/(EPR/E-GMA8) 70/(22.5/7.5) blend fractured at
various test temperatures: [A,B] –25˚C; [C,D] 60˚C. The left column
presents the structure directly behind the notch whereas the right
column presents the structure at +500 µm. (From W. Loyens and G.
Groeninckx, Polymer, 44, 4929, 2002. With permission.) 
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excellent chemical resistance to solvents. The most commonly
encountered polyamides are polyamide 6 and polyamide 66
because of their large production volume and widespread use
in fibers, packaging, film production and in high added-value
applications such as automotive, electrical components and
power tool industries. In numerous applications below a tem-
perature of about 70˚C, they are potential substitutes for
metals and ceramics. However, as neat resins, polyamides
could not satisfy in applications where high toughness, high-
notch resistance and a low brittle-tough transition tempera-
ture are required. There has been an urgent need to toughen
polyamides by dispersing in them materials such as rubbers
or elastomers [72].

Rubber toughened polyamide 66 is the first commercial-
ized super-tough engineering blend [93,124–137]. Because of
the polar nature of polyamides and the apolar nature of rub-
bers, toughening of polyamides requires an adequate compat-
ibilization process, mainly reactive, in order to produce blends
containing small rubber particles. Historically, Ide and Hase-
gawa [138] were the first to report about reactive compatibi-
lization of a polyamide and a polyolefin (polypropylene). They
employed a maleic anhydride-grafted polypropylene, the
maleic anhydride groups of which are able to react with amine
end groups of polyamides forming a thermally stable imide
link. As presented in Table 3, many other techniques exist
where various compatibilizer precursors or reactive rubbers
are blended with polyamides [123]. Maleic anhydride, glycidyl
methacrylate and zinc-neutralized acrylic acid are the main
functionalities used for reactive compatibilization at concen-
trations not exceeding 8 wt%. The rubbers employed are EPR,
EPDM, SEBS elastomer and ethylene-based copolymers. 

Figure 12 illustrates the effect of blending various types
of reactive olefinic rubbers containing various reactive groups
on the notched Izod impact strength of polyamide at –40˚C.
Maleated EPR is by far the most efficient impact toughener
for polyamide 6 above the minimum concentration of 15 wt%.
This indicates the efficiency of the imidation reaction between
the amine end groups of polyamides and grafted anhydride
groups of EPR-g-MA. According to reports published by Paul
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TABLE 3 Some Common Reactive Rubbers and Tougheners for Polyamides

Reactive Rubber/Toughener Functionality Reactivity Other Features

Maleic anhydride-grafted 
(“maleated”), ethylene-
propylene rubber 
(m-EPR)

Anhydride 0.3–0.9% MA High reactivity with the 
amine (NH2) end group of 
PA

Amorphous rubber, low Tg 
leads to high impact 
toughness down to –40°C

Maleated, styrene-
ethylene/butylene-
styrene block copolymer 
rubber (m-SEBS)

Anhydride 0.5–2% MA High reactivity with the 
amine (NH2) end group of 
PA

Amorphous rubber, low Tg 
leads to high-impact 
toughness down to –40°C

Ethylene-ethyl acrylate-
maleic anhydride 
(E-EA-MA) terpolymer

Anhydride 0.3–3% MA High reactivity with the 
amine (NH2) end group of 
PA

Moderate Tg limits, low 
temperature toughness

Zinc neutralized, ethylene-
methacrylic acid 
copolymer ionomer 
(E-MAA, Zn)

Zinc carboxylate, carboxylic 
acid

Low reactivity with amine 
but good polar interaction 
of Zn with amide and 
amine groups (interfacial 
complexation)

Tg, hardness limit low 
temperature toughness, 
good solvent resistance

Zinc-neutralized, ethylene-
butyl acrylate 
methacrylic acid 
terpolymer ionomer 
(E-BA-MAA, Zn)

Zinc carboxylate, carboxylic 
acid

Same as above Low Tg, high-impact 
modification efficiency
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TABLE 3 Some Common Reactive Rubbers and Tougheners for Polyamides (Continued)

Reactive Rubber/Toughener Functionality Reactivity Other Features

Ethylene-glycidyl 
methacrylate copolymer 
(E-GMA)

Epoxide 3–8% GMA Moderate high reactivity 
with carboxyl group of PA

Tg, hardness limit 
achievable toughness, 
cross-linking tendency

Ethylene-ethyl acrylate-
glycidyl methacrylate 
terpolymer (E-EA-GMA)

Epoxide 1–8% GMA Moderate high reactivity 
with carboxyl group of PA

Lower Tg, better impact, 
high viscosity

Acrylate core-shell rubber, 
functionalized

Carboxyl Low reactivity with amine Small rubber particles (<0.5 
µ) aggregation

Ethylene-acrylic acid 
copolymers (E-AA)

Carboxyl Low reactivity with amine Not rubbery enough, modest 
impacts

Ethylene-ethyl acrylate or 
butyl acrylate

Ester No reactivity with amine No impact improvement

Copolymers (E-EA or E-BA) Used only as codiluent

Source: K. Akkapeddi, Reactive Polymer Blending, eds., W. Baker, C. Scott and G.-H. Hu, Munich: Hanser Publishers, 2001. With
permission. 
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and coworkers, super-tough polyamide/rubber blends can be
designed based on a rubber content of 20 wt%, provided that
the rubber particle size is comprised within a range of 0.1–0.7
µm [139–141]. Blends of 80% nylon 6/20% (mixture of male-
ated and non-maleated EPR) have been investigated for their
fracture toughness with respect to the particle size of the
rubber phase [142]. As illustrated in Figure 13, the room
temperature notched impact strength of the blends is the
highest at concentrations of EPR-g-MA (in the rubber phase)
larger than 50 wt%; the obtained particle size is below 0.61
µm. For intermediate EPR-g-MA concentrations (particle size
up to 1.1), the blends exhibit an intermediate toughness. For
larger rubber particles, the blends were brittle. 

Figure 12 Effect of blending various types of reactive olefinic rub-
bers on the notched Izod impact strength of polyamide 6 at –40˚C
(“Balanced end group” PA6 of Mw = 34,000; [NH2] = [COOH] = 48
µeq/g). (From K. Akkapeddi, Reactive Polymer Blending, eds., W.
Baker, C. Scott, and G.-H. Hu, Munich: Hanser Publishers, 2001,
Chap. 8. With permission.)
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The brittle-to-ductile transition temperature of the same
blends is presented in Figure 14. It is lower for higher content
EPR-g-MA or the smaller the particle size of the rubber phase.
Blends containing less than 37.5% of the maleated EPR in
the rubber phase (particle size above 0.75 µm) exhibit a rel-
atively brittle behavior at room temperature, since the brittle-
to-ductile transition temperature is close to or higher than
room temperature. 

Polyamide 66 has been toughened using maleated low
density polyethylene (MA-g-LDPE) containing 0.4 wt% of
grafted maleic anhydride [143]. A tenfold improvement in
notched Izod impact strength with respect to neat PA66 was
reached in a toughened PA66 containing 20–30 wt% MA-g-

Figure 13 Izod impact strength as a function of average rubber
particle diameter for blends of 80% nylon 6 and 20% maleated EPR
mixture. (From O. Okada, H. Keskkula and D. R. Paul, Polymer, 41,
8061, 2000. With permission.)
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LDPE. The particle size of the LDPE phase was about 0.4
µm. Akkappeddi et al. have shown that PA6 was efficiently
toughened using maleated LDPE containing 0.5 wt% grafted
maleic anhydride groups [144]. In Figure 15 the notched Izod
impact strength of PA6/maleated LDPE blends is presented
as a function of the percentage of maleated LDPE at a fixed
maleic anhydride content of 0.5 wt%. A maximum of about
900 J/m is reached at a maleated LDPE content of 40 wt%.
The authors ascribed the decrease of the impact strength
above that concentration to the onset of the development of
phase-inverted morphology. 

Polyamide 6 has been toughened using a reactive epoxi-
dized EPDM copolymer [145]. Epoxide groups react with
amine end-groups of polyamide 6 to form in situ a PA6-g-
EPDM copolymer that compatibilizes the PA6/EPDM blend.

Figure 14 Ductile-brittle transition temperature as a function of
average rubber particle diameter for blends of 80% nylon 6 and 20%
maleated EPR mixture. (From A. J. Oshinski, H. Keskkula and D.R.
Paul, Polymer, 37, 4919, 1996. With permission.) 
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The EPDM particle size can be efficiently reduced, allowing
access to a phase morphology necessary for toughening of the
PA6 matrix. The impact strength of polyamide 6/EPDM
blends was investigated as a function of the EPDM content.
An 18-fold improvement of toughness with respect to pure
polyamide 6 was reported when the rubber concentration is
24 wt%; below that concentration, only fair impact strength
enhancement was observed (less than 5-fold). Acrylonitrile-
butadiene-styrene (ABS) containing 40 wt% polybutadiene
mixed with a small amount of maleated EPR has also been
reported to successfully toughen polyamides [146]. ABS has
been grafted with 0.5 wt% maleic anhydride in the presence
of 500 ppm of peroxide initiator using a reactive extrusion
process. Addition of 5 wt% maleated EPR resulted in a fur-
ther toughness improvement. Polyamide/polypropylene
blends have been investigated by Wong and Mai with respect

Figure 15 Effect of blending maleated LDPE (0.5% MA) on the
notched Izod impact strength of PA6/ LDPE blends at room temper-
ature. (From K. Akkapeddi, Reactive Polymer Blending, eds., W.
Baker, C. Scott and G.-H. Hu, Munich: Hanser Publishers, 2001.
With permission.)
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to toughening mechanisms [147]. Blends containing 60 parts
of nylon 6,6, 20 parts of polypropylene and 20 parts of sty-
rene-ethylene/butylene-styrene (SEBS; 26 wt% styrene) con-
taining various levels of grafted maleic anhydride were
considered. The reaction between the anhydride groups
(grafted to SEBS) and the amine groups (end groups of nylon
6,6) was responsible for PP/PA6,6 compatibilization improve-
ment. The rubber phase necessary for toughening is the EB
phase in SEBS. The phase morphology claimed consists of
core spherical domains of polypropylene surrounded by SEBS
shell in a nylon matrix. Figure 16a-c, the addition of maleated
SEBS containing 0.37, 0.92 and 1.84 wt% MA, respectively,
results in a much finer plastic deformation in front of a sharp
crack tip (machined in the specimen) compared to unmodified
nylon 6,6/PP blends containing non-maleated SEBS which
exhibits a large interfacial crack in front of the crack tip.
SEBS containing 0.92 wt% of maleic anhydride was the most
efficient in imparting high toughness in nylon 6,6/PP blends.
Microscopic techniques carried out at various positions in
front of a crack on a fractured specimen revealed evidence
that under triaxial stress cavitation of SEBS-g-MA inter-
phase occurred prior to multiple crazing in the blend. This
was directly followed by massive shear yielding at the crack
tip. Because of the larger PP particles observed in the case
of SEBS-g-MA containing 0.37 wt% MA, plane-strain con-
straints were not able to relieve, and subsequently no shear
yielding was observed. In that case the blends exhibit a
reduced fracture toughness. 

A study of a completely different approach of toughening
focused on the use of glass-particles in the nylon 6,6 matrix
[148]. The reported work deals with the influence of the deb-
onding damage on fracture toughness and crack-tip field in
these composites. Nylon 6,6 composites containing various
volume fractions of glass particles as well as differing with
respect to the extent of interfacial treatment between the
particles and the matrix were considered. The interface-
treated composites were superior in tensile strength and infe-
rior in toughness compared to the interface-untreated com-
posites. Finite element analysis numerical calculations were
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carried out on both composites. The damage development
around a crack tip depends on the interfacial strength
between the particle and the matrix, and on the particle
volume fraction. It was reported that the debonding damage
reduces the stress level around the crack tip and is subse-
quently responsible for the toughening mechanism. 

Laura et al. recently investigated the effect of rubber
particle size and rubber type on the mechanical properties of
glass-fiber reinforced, rubber (EPR/MA-g-EPR or SEBS/MA-
g-SEBS) toughened nylon 6 [149]. The particle size was con-
trolled by varying the ratio between the maleated to unmale-

Figure 16 Crack-tip subfracture deformation zones for: (a) non-
maleated; (b) 0.37-; (c) 0.92-; and (d) 1.84%-maleated blends. (From
S.-C. Wong and Y.-W. Mai, Polymer, 41, 5471, 2000. With permission.)
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ated rubber. Nylon 6 toughened with SEBS/SEBS-g-MA,
which is tougher in the absence of glass fibers, had a lower
fracture energy when reinforced with 15 wt% glass fibers.
This was ascribed to high values of dissipative energy density
in the absence of glass fibers. The dissipative energy vanished
when glass fibers were added. TEM observations on fractured
specimens indicate that the presence of glass fibers decreases
the size of the damage zone of rubber-toughened nylon 6.
Shear yielding was observed in blends with SEBS/SEBS-g-
MA or EPR/EPR-g-MA rubbers, but the size of this shear
yielded zone was larger for EPR/EPR-g-MA.

The effect of rubber particle size on the toughness of
polyamides has been the subject of numerous investigations
[53,65,76,127,150]. The ductile-brittle transition in rubber-
modified polyamides has been found to strongly depend on
the rubber particle size. Wu’s plots [76] relating Izod impact
strength of PA6,6/rubber blends to rubber particle size and
to interparticle distance reveal that: 

• For a given volume fraction of rubber, a critical par-
ticle size exists below which PA6,6 rubber blend
exhibits a ductile behavior. Critical particle sizes of
0.5, 0.8 and 2 µm were found for blends containing
10, 15 and 20 wt% rubber, respectively (Figure 17).

• Independent of the volume fraction and particle size
of the rubber phase, Wu found that a critical inter-
particle distance of 0.3 µm was needed to obtain an
efficient toughening effect (Figure 5). The small parti-
cles suppress crazing and crack growth and allow for
stress fields overlapping around the adjacent rubber
particles which results in shear yielding behavior nec-
essary for toughening of semicrystalline polymers.

To identify the mechanism behind the effect of the inter-
particle distance parameter, Wu first proposed that a strong
overlap of the stress fields around the rubber particles induces
shear yielding and crazing in polyamide 6,6 matrix, rendering
the blend ductile. Later on Wu recognized the inadequacy of
the model in explaining the particle size effect on toughening,
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since the local stress level depends on the ratio of the center-
to-center distance to the diameter of the particle [127]. As this
ratio remains constant at a given volume fraction of particles
regardless of their size, toughening should be unaffected by
the presence of large particles at any given l/d ratio (according
to the stress field overlap model). This interrelation does not
agree with experimental results that clearly show that smaller
particles are more effective in toughening [151]. A second
proposed model is based on a transformation of the matrix
material from a state of plane strain to plane stress when the
volume fraction of rubber particles increases and the inter-
particle distance goes through the critical size. The model fails
to explain the phenomenon because it directly attributes the
embrittlement to the presence of high triaxial stresses. Note
that the triaxial stresses in local regions between particles
can be affected only by changes in geometrical ratios. That

Figure 17 Notched Izod impact strength vs. rubber particle diam-
eter (T) in PA6,6/reactive rubber blends; (curve A: 10 wt% rubber,
curve B: 15 wt%, curve C: 20 wt% rubber). (From S. Wu, Polymer,
26, 1855, 1985. With permission.)
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does not change for a given volume fraction and spatial dis-
persion of the rubber particles regardless of their size.
Muratoǧlu et al. [132] have proposed an approach based on
the orientation/random distribution of the crystalline lamellae
of polyamide 6,6. The toughening mechanisms of maleic anhy-
dride-grafted EPR-toughened polyamides was investigated as
an alternative to the available explanations. The model con-
siders that in a tough blend where the rubber particles are
closer (compared to brittle blends where the effects of the
interfaces do not overlap), the crystalline morphology is ori-
ented. Crystalline lamellae were found to grow perpendicular
to the rubber/matrix interface, inducing a real anisotropy in
the interparticle zone. This clearly means that a considerable
fraction of polyamide 66 has hydrogen-bonded planes parallel
to the interface in the interparticle zone. The model which
was supported by microscopic observations of morphological
features in the stress-whitened zones clearly evidences that
the oriented planes result in a local reduction of the flow stress
that results in the hindrance of premature fracture. 

Cavitation in polyamide/rubber blends has been quanti-
tatively modeled by Lazzeri and Bucknall [84]. The model
predicts that only particles having a size above a critical value
of 0.25 µm were able to cavitate. That agrees with the concept
of reaching an optimum particle size below which toughening
is efficient. Formation of shear bands necessary for a ductile
behavior results from the voiding induced by cavitation of the
rubber particles. The compatibilizer is necessary in polya-
mide-based blends since the cavitation process is efficient only
if it is associated with an energy dissipation process resulting
from interfacial debonding. 

C. Polyolefins

Isotactic polypropylene and high-density polyethylene are the
two polyolefins that are most often subjected to toughening
investigations. They exhibit attractive strength and ductility
at room temperature and under moderate deformation rates.
Their low impact strength in low-temperature applications or
under high-strain rates motivated research groups to develop
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approaches to alleviate the deficiency. Polyolefins also suffer
from low resistance to crack propagation at low temperatures
(below the glass-transition of their amorphous phases). 

The incorporation of a rubbery phase in the polypropy-
lene matrix can be achieved by copolymerization or by melt-
blending using a compatibilization technique which allows
the achievement of reduced particle size and enhanced inter-
facial adhesion.

Toughening of polyethylenes, mainly the high density
grade, using rigid fillers has been reported by several authors
[152–156]. Rubber-toughened HDPE was found to undergo
brittle-ductile transition when the thickness of the matrix
ligaments between adjacent rubber particles is below a critical
value of approximately 0.6 µm. This critical thickness was
claimed to be exclusively a property of the matrix alone. It
does not depend on the type of rubber (amorphous as well as
semicrystalline EPDMs and ethylene-octene rubbers were
used) or its concentration in the blend or on the size of the
rubber particles. The same fundamental reason of a transcrys-
talline layer of the matrix perpendicular to the rubber/matrix
interface as observed in polyamide, was revealed by the
authors. The transcrystalline layer is built up of polyethylene
crystals oriented with their low-energy easy-to-shear (100)
planes parallel to the interface. When the ligament thickness
decreases below a critical value, the oriented layers around
the rubber particles merge into a percolating material com-
ponent of reduced plastic resistance, which results in a sub-
stantial toughening behavior. 

The new approach that is being adopted since the “rev-
olutionary” model of Muratoǧlu et al. [132] consists of using
rigid fillers as toughening agents instead of rubber. Bartczak
et al. used calcium carbonate filler particles for toughening
of HDPE [152]. CaCO3 fillers of three different sizes, 3.5, 0.7
and 0.44 µm weight average diameter were employed at var-
ious volume fractions. Combination of particle size and vol-
ume fraction of the filler allowed the condition of interparticle
ligament thickness below a value of 0.6 µm. As shown in
Figure 18, a critical interparticle ligament thickness within
a range of 0.18–0.4 µm results in the maximum jump in HDPE
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toughness (e.g., for a volume fraction of CaCO3 of 0.22, an
Izod impact strength of 800 J/m was obtained compared to 50
J/m for neat HDPE). That achievement really confirms the
role of the highly oriented lamellar crystallites having
reduced plastic resistance in certain orientations. SEM micro-
graphs illustrate the extent of stress-whitening, a signature
of toughening mechanism via shear yielding upon addition of
calcium carbonate at the particle size and volume fractions
generating a critical ligament thickness below 0.6 µm. Of
course, as no cavitation is expected (rigid particles), debonding

Figure 18 The dependence of the notched Izod impact energy on
the interparticle matrix ligament thickness for samples of
HDPE/CC1 (particle size 0.85 µm) and HDPE/CC2 (particle size
0.41 µm) blends. The solid line represents the curve determined for
the blends of the same HDPE with various EPDM various EOR
rubbers. (From Z. Bartczak, A.S. Argon, R.E. Cohen and M. Wein-
berg, Polymer, 40, 2347, 1999. With permission.)
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at the interface as well as low yield stress characteristics of
the transcrystallized layer of HDPE around the filler particle
are responsible for the toughening.

Toughening of polypropylene is extensively covered in
literature [72]. Although it possesses a ductile behavior at
ambient temperature, it is brittle and notch sensitive at lower
temperatures and also under high deformation rates [157].
Before the development of the new toughening concept of
using rigid fillers such as calcium carbonate, polypropylene
was most often toughened using rubbers like EPR or EPDM
[158,159]. Elastomers such as SBS, SEBS, or pure rubbery
homopolymers such as polybutadiene or polyisoprene also
showed satisfying toughening performances. The disadvan-
tage resulting from rubber toughening of polypropylene lies
in the undesired modulus decrease. 

A huge amount of work has been devoted to understand-
ing the phase morphology developed in multicomponent poly-
mer/elastomer composites [160–170]. Understanding which
component is where in a multicomponent composite is the key
to the understanding of toughening and stiffening mecha-
nisms and performances. In polypropylene, as in most brittle
polymers, the challenge faced is how to achieve an acceptable
extent of toughness without adversely affecting its stiffness
[171–173]. One technique consists of compensation by incor-
porating rigid fillers in addition to the rubber phase. 

Under impact testing, unnotched neat polypropylene
exhibits a brittle-to-ductile transition temperature within a
range of 0 to 20˚C [174]. The notched polypropylene has been
reported to exhibit a Tbd temperature of 100˚C [175]. Van der
Wal et al. [175] investigated the effect of EDPM content on
the deformation and impact behavior of polypropylene/EPDM
blends. As expected, the modulus and the yield strength
decrease linearly with increasing the rubber content from 0
to 40 vol%. The brittle-ductile transition temperature (Tbd)
decreases from 85˚C for pure PP to –50˚C for a 40 vol% EPDM
rubber blend — a considerable Tbd shift of 135˚C. 

The effect of the loading rate on the fracture resistance
of isotactic PP and rubber-modified PP were studied by Gen-
sler et al. [157]. A blend containing 15 wt% EPR was studied

DK4635_C012.fm  Page 532  Thursday, April 7, 2005  2:50 PM

© 2005 by Taylor & Francis Group.



at test speeds varying from very low (0.1 mm/s) to very high
rates (14 m/s). Pure polypropylene exhibits a ductile-brittle
transition as the test speed was increased. This was ascribed
to a transition from shear deformation to crazing. The
EPR/iPP blends exhibit a stable crack propagation over the
whole range of test speeds. Stress-whitening at the crack tip
was observed, indicative of the formation of extensive shear
lips on the fracture surface. Dramatic differences are visible
between an EPR/PP blend sample deformed at a speed of 10
mm/s and a sample fractured at 5.8 m/s (Figure 19). It has
been concluded that the iPP homopolymer displayed a ductile-
to-brittle transition with increasing the test speed. A highly
dissipative shear process is dominant at low speed, whereas
multiple crazing is the mechanism at intermediate test speed
(50–1000 mm/s). At speeds higher than 2 m/s, the crack tip
damage was limited to a single localized deformation zone

Figure 19 SEM of the fracture surfaces of iPP/EPR samples
deformed at (a) 10 mm/s and (b) 5.8 m/s; the crack-propagation
direction is indicated by the arrows. (From R. Gensler, C. J. G.
Plummer, C. Grein and H.-H. Kausch, Polymer, 41, 3809, 2000.
With permission.) 
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(single crack-tip craze). In the case of EPR/iPP blends, no
ductile-brittle transition was observed in the range of testing
speeds used. Shear processes were the dominant mechanism
of deformation.

Toughening of polypropylene via the use of rigid particles
such as calcium carbonate is also being reported in literature
[176–179]. As in polyamides and HDPE, polypropylene is also
susceptible to toughening via fillers. The condition is that the
formation of a trans-crystallized layer of PP around the filler
is sufficiently thick and well adhered to the particles to be
able to influence the overall deformation process of the matrix
within the interparticle zone. The recent investigations of
Thio et al. [180] and Zuiderduin et al. [181] on toughening of
polypropylene using calcium carbonate are quite interesting.
In the former report, three calcium carbonate types having
particle sizes of 0.07, 0.7 and 3.5 µm, respectively, were
employed at volume fractions within the range of 0.05 to 0.3.
Failure in toughness improvement of polypropylene observed
for the 0.07 and 3.5 µm size fillers was ascribed to the presence
of agglomerates in the sample which initiate brittle behavior.
No information is provided regarding the interparticle liga-
ment thickness, neither indication is given for the existence
or not of a trans-crystallized PP layer around the calcium
carbonate particles. Particles that are too large (3.5 µm) ini-
tiate brittle fracture, whereas particles that are too small
(0.07 µm) are difficult to disperse and the presence of agglom-
erates is not prevented which also initiate brittle fracture.
Calcium carbonate particles having an average size of 0.7 µm
improved Izod impact energy up to four times that of the
unfilled polypropylene. The toughening mechanism claimed
was plastic deformation of interparticle ligaments, following
particle-matrix debonding with additional contribution
resulting from crack deflection toughening. 

Zuiderduin et al. [181] investigated carefully the tough-
ening of calcium carbonate-filled polypropylene using a com-
bination of filler particle size (0.07–1.9 µm), volume fraction
of filler within a range of 0 to 32 vol% and a matrix of polypro-
pylene having a melt-flow index within a range of 0.3 to 24
g/10 min. The concept of dispersing calcium carbonate in

DK4635_C012.fm  Page 534  Thursday, April 7, 2005  2:50 PM

© 2005 by Taylor & Francis Group.



polypropylene matrix leads to a tough and stiff composite
(Figure 20). In the case of polypropylene having higher molec-
ular weight, the brittle-ductile transition is shifted towards
lower temperatures (Figure 21). The maximum improvement
in toughness was achieved with stearic acid-treated filler hav-
ing 0.7 µm size (Figure 22). It is therefore an established fact
that rigid particles can play a toughening role provided that
an optimum combination of filler particle size, matrix prop-
erties, interfacial adhesion control and composition is used.

IV. GENERAL CONCLUSIONS AND 
FUTURE OUTLOOK

Toughening of brittle and less-ductile semicrystalline poly-
mers continues to be a challenging research area for many
groups. Rubber-toughening agents such as EPR, EPDM,
polybutadiene rubbers and elastomers, including SEBS, SBS,
SEPS, SAN, ABS, etc. are most frequently used in semicrys-
talline polymer matrices. The interrelation between the char-
acteristics of the phase morphology developed in the blends

Figure 20 Fracture energy as a function of modulus, 20˚C
(square: PP-EPDM; open circle: PP-CaCO3). (From W. C. J. Zuider-
duin, C. Westzaan, J. Huétink and R. J. Gaymans, Polymer, 44, 261,
2003. With permission.)
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Figure 21 Brittle-to-ductile transition temperature as a function
of matrix molecular weight, 30 wt% PP-CaCO3 composites, type A.
(From W. C. J. Zuiderduin, C. Westzaan, J. Huétink and R. J. Gay-
mans, Polymer, 44, 261, 2003. With permission.)

Figure 22 Fracture energy as a function of temperature, notched
Izod, CaCO3 particles, stearic acid treated (particle size indicated
on the plot). (From W. C. J. Zuiderduin, C. Westzaan, J. Huétink
and R. J. Gaymans, Polymer, 44, 261, 2003. With permission.)
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and their toughening performance continues to be the route
to control for a successful toughening operation. On the fun-
damental side and since the publication of Wu’s model corre-
lating the interparticle ligament thickness to the toughening
properties (notched and unnotched impact strength, brittle-
ductile transition temperature), scientific debate is still ani-
mated on the physical interpretation of the mechanism behind
it. The most recent development deals with the existence of
anisotropy within the interparticle zone. A layer of a signifi-
cant thickness was found to crystallize normal to the parti-
cle/matrix interface. Such layer was found to exhibit a low
yielding stress in the matrix and therefore contributes to the
toughening of the matrix. Based on that finding, it was
deduced that a rubbery dispersion can well be replaced by a
rigid phase such as fillers, provided that Wu’s criterion is
fulfilled. It is the tendency now to use rigid particles as tough-
ening agents in semicrystalline matrices such as polyamides,
polyesters and polyolefins. The question which remains less
explored is the role the extent of interfacial adhesion plays
for an efficient toughening. In the rigid particles toughening
concept, interfacial debonding is the equivalent mechanism
to particle cavitation occurring in rubber-toughened blends.

If the success of using rigid fillers instead of rubbery
components is further confirmed and its toughening efficiency
generalized, then that would definitely be the approach to
follow for the future because, contrary to rubber toughening,
a significant gain in stiffness is associated with toughening. 

From the mechanistic view, this concept is still in its
“embryonic” stage because some uncertainties still exist, e.g.,
the crucial importance to achieve percolation (dominating
effect) of the transcrystallized layers around the particles,
the role of the interfacial debonding and its impact on the
total toughening process (which implies control of the filler
surface treatment using suitable coupling agents, exact def-
inition and determination of the interparticle ligament thick-
ness since fillers are not always monodisperse in size, nor do
they have a well-defined shape), and viscosity built up during
the melt processing of the composite (more than 30 vol% of
filler is required). 
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I. INTRODUCTION

 

Nanoparticle-modified polymer composites (also termed poly-
meric nanocomposites, inorganic/organic hybrid materials)
have attracted great scientific and technological interest owing
to their exceptional physico-mechanical, thermal and other
properties achieved at very low nanoparticle content (<5 wt%
or <2~3 vol%). Nanoparticle means that the size of the related
inorganic filler — at least in one dimension — is on nanometer
scale. Note that the size of traditional fillers and reinforce-
ments is in micrometer range (ca. 10 µm and more). Although
the term nanocomposite sounds like a current one, nanocom-
posites have been produced industrially for more than half a
century. In this respect attention should be drawn to the rein-
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forcement of rubbers by nanometer scale carbon black. In
addition, many natural and artificial products can be consid-
ered as nanocomposites based on their build-up.

A major specific feature of nanocomposite materials is
their huge interfacial surface area. This can reach up to 1000
m

 

2

 

/g filler. As a consequence, the interface/interphase proper-
ties may become the controlling parameters of the macro-
scopic response of polymer nanocomposites. Unlike the two-
dimensional (2-D) interface, the interphase (3-D) concept con-
siders that the molecular mobility changes from the particle
surface toward the bulk in several nanometers range. A fur-
ther aspect that has to be considered is that with decreasing
mean particle size, the average distance between the nano-
particles also decreases when keeping the volume fraction of
the filler constant. This may activate filler-filler interactions
and result in a peculiar physical network structure.

Nanoparticles may be grouped upon their shape in 1-D
(e.g., nanotubes), 2-D (platelets, disks) and 3-D (spheres) fill-
ers. The 1-D and 2-D fillers of anisometric nature are usually
characterized by the aspect ratio (length/thickness or
length/diameter ratios). The aspect ratio of 3-D spherical fill-
ers is per definitionem 1.

Polymer nanocomposites are very promising materials
for various applications. They are expected to replace poly-
mers, polymer blends and their traditional composites in
products produced by melt processing techniques (injection,
extrusion, blow and rotational molding). This prediction is
justified by the improvements in properties (mechanical, ther-
mal, barrier etc.) without sacrificing the melt rheological prop-
erties. Note that due to the low amount added, the rheology
of the nanocomposites did not differ much from the neat
polymers, at least in the nonviscoelastic range, which is
important to the processability of these materials.

The major aim of this chapter is to survey the prepara-
tion, build-up and detection of the hybrid morphology, exper-
imental results and theoretical predictions for the structure-
property relationships of nanocomposites. Our interest was
focused on semicrystalline polymer-based melt compounded
or melt-produced systems containing platelet-type (2-D) and
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quasi-spherical (3-D) nanoparticles. Note that interested
readers may find valuable further information to these topics
in some recent monographs [1–4].

 

II. MANUFACTURING OF 
NANOCOMPOSITES

 

There are numerous ways to produce nanocomposites. As their
grouping is quite a great challenge, only a distinction between

 

in situ

 

-generated nanocomposites and those made by incorpo-
ration of preformed particles will be made in this chapter. 

Nanoparticles and nanocomposites can be produced 

 

in
situ

 

 by various synthesis techniques such as sol-gel process,
self assembly, coordination chemistry, bulk polymerization,
polymerization inside templates, and biomimetic synthesis,
which were reviewed recently [5–6]. However, we are consid-
ering among the 

 

in situ

 

 techniques the polymer intercalation
in 2-D layered structures and 3-D frameworks. Polymer inter-
calation can be achieved either using polymers or monomers.
Note that in the latter case, the monomers are polymerized
subsequently. Why are these methods listed among the 

 

in situ

 

techniques? Usually microscopic particles (>10 µm) are added
in the polymer or monomer in which the particles disintegrate
in their nanoscale constituents. Polymer intercalation occurs
not only in the melt. For that purpose, solution, aqueous and
non-aqueous dispersions may also be used after eliminating
the related carrier (solvent, water, etc.)

The other basic way of nanocomposite production is the
incorporation of preformed nanoparticles (such as SiO

 

2

 

, TiO

 

2

 

,
CaCO

 

3

 

, CdS) and clusters. This happens usually by the same
routes as mentioned for polymer/monomer intercalation.
Among the clusters, silsesquioxane cubes have to be men-
tioned due to their practical relevance. Polyhedral oligomeric
silsesquioxane (POSS) has been successfully incorporated in
many semicrystalline polymers [7–9]. This occurred either by
physical blending or chemical grafting via suitable function-
ality. The functional groups are created at a corner Si atom
of POSS. According to the authors’ feelings, POSS represents

 

DK4635_C013.fm  Page 556  Thursday, April 7, 2005  2:54 PM

© 2005 by Taylor & Francis Group.



  

a straightforward extension of the sol-gel route (extensively
used already for thermosetting resins) for thermoplastics.

Since giving an exhaustive survey on the numerous pro-
duction methods is beyond the scope of this chapter, emphasis
will be put on polymer intercalation in 2-D and 3-D structures
and incorporation of preformed particles in polymers. This
selection is justified by the short-term market penetration of
the related nanocomposites.

 

A. Intercalation in 2-D and 3-D Structures 

 

2-D and 3-D Nanoparticles

 

The commonly used 2-D reinforcements are 2:1 layered sili-
cates (phyllosilicates) of natural (e.g., bentonite, montmoril-
lonite, often termed clays) and artificial (e.g., fluorohectorite)
origin. They contain two tetrahedral silicate sheets fused to
an edge-shared octahedral one, resulting in an overall thick-
ness of ca. 1 nm. The lateral dimension (and thus the aspect
ratio) of the layered silicates varies in a very broad range
from several ten nanometers to several micrometers. Isomor-
phic substitution of higher valance cations (Al

 

3+

 

 and Mg

 

2+

 

) in
the silicate framework by lower valence ones (Fe

 

2+

 

, Mg

 

2+

 

 and
Li

 

+

 

, respectively) generated negative charges on the layers,
which are counterbalanced usually by alkaline cations (Na

 

+

 

,
Ca

 

2+

 

 — generally in hydrated forms). As a consequence, such
layered silicates exhibit a cation exchange capacity (CEC) and
the intergallery cations can be replaced by suitable organic
cationic surfactants. For that purpose primary, secondary, ter-
tiary and quaternary ammonium compounds are used today.
By this cation exchange the hydrophilic silicate is rendered
organophilic and at the same time the interlayer spacing
(basal or d spacing) increases. The latter is tuned by the
chemical build-up of the onium intercalant (often containing
a long alkyl chain) the further role of which may be to support
the chemical interaction with the matrix (bearing, for exam-
ple, hydroxyethyl groups) [1,2,10]. Note that the interlayer
spacing should be larger than ca. 1.5 nm in organophilic clay
(i.e., the interlamellar distance >0.5 nm). Needless to say, the
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price of the organophilic silicates is considerably higher (more
than threefold) than that of the purified pristine ones.

It is worth noting that layered silicates with anion
exchange capacity (their layers have a positive surface charge
which is compensated by intergallery anions) are also avail-
able [11]. However, the overwhelming majority of the works
done in the past were dealing with layered silicates of cation
exchange capacity. Recently, other layered minerals and even
graphite were also tried as nano-reinforcements in polymer
composites [12–13].

Unlike 2-D layered structures which can be delaminated
during compounding, the 3-D frameworks are stable and do
not change their size. Thus, the related nanocomposites can
be considered as host (3-D structure)–guest (polymer) hybrid
materials. Among the 3-D frameworks natural zeolites, syn-
thetic molecular sieves and mesoporous glasses have to be
mentioned. Zeolites are crystalline aluminosilicates with well-
defined pore size (less than 2 nm). Like zeolites, molecular
sieves possess also a crystalline structure, a larger pore size
and a build-up of non-aluminosilicate nature. Crystalline
mesoporous silicates are very versatile, especially in respect
to their pore size (ranging from 2 to 10 nm). A unique and
general feature of the above-mentioned 3-D silicates is to
discriminate between molecules upon their size and shape [5].

 

B. Use of Preformed Nanoparticles

 

To incorporate micron-size preformed inorganic particles into
a polymer matrix is a well-known method for improving the
modulus of such composites. However, a reduction in the duc-
tility of the material may take place. Furthermore, either by
diminishing the particle size or by enhancing the particle
volume fraction, the flexural strength and even the tensile
strength can be enhanced. On the other hand, the fracture
toughness and modulus remain fairly independent of the par-
ticle size, even when going down to the nanoscale. Recently,
researchers demonstrated that inorganic nanoparticles could
be of benefit for an increased tensile elongation. Many
researchers also reported about an increase of the glass tran-
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sition temperature (T

 

g

 

) of polymers by the addition of various
preformed nanoparticles, which may be due to a good bonding
between the nanoparticles and the polymers, thus restricting
the motion of the polymer chains. However, the potential of
property improvements is still not fully explored.

As already mentioned, preformed inorganic nanoparti-
cles, e.g., SiO

 

2

 

, TiO

 

2

 

, CaCO

 

3

 

, Al

 

2

 

O

 

3

 

, and CdS, are frequently
applied as nanofillers into polymer matrices by melt com-
pounding techniques. These nanoparticles are commercially
available, for example Degussa and Nanophase supply vari-
ous sizes and surface-treated nanoparticles for different appli-
cation purposes. Numerous surface treatment approaches of
preformed nanoparticles either by physical interaction or by
chemical reaction were reviewed recently by Zhang et al. [4].

 

C. Preparation Routes

 

The intercalation methods of polymers in 2-D and 3-D inor-
ganic hosts, as well as the incorporation of preformed particles
in polymers can be divided in three major groups:

1.

 

In situ

 

 polymerization
2. Solvent-assisted techniques
3. Melt compounding

 

1.

 

In situ

 

 Polymerization

 

In this case the nanoparticle-generating filler is dispersed or
swollen (2-D layered structures) in a liquid (may be melt)
monomer or oligomer in the presence or absence of additional
solvent. The interlayer polymerization may be started by the
usual methods (thermal polymerization, UV or electron beam
irradiation, dose of initiators and catalysts). In the case of 2-
D and 3-D structures this method is termed intercalative poly-
merization. A very promising way is to render the surface of
the particle catalytic for the subsequent polymerization. The

 

in situ

 

 polymerization is widely used for manufacturing nano-
particle- (any kind) reinforced thermoplastics, also on an
industrial scale (e.g., polyamides). The 

 

in situ

 

 synthesis of clay-
reinforced polyamide 6 (PA-6), credited to researchers at the
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Toyota Central Research Labs, Japan (e.g., [14–15]), gave the
impetus to R&D activities in this field. As a consequence
numerous studies were devoted to polymers, including PA-6
(e.g., [16]), PA-12 (e.g., [17]), polycaprolactone (PCL, [18]), ther-
moplastic [12,19–20] and liquid crystalline polyesters [21] and
polyolefins (e.g., [22–24]). Note that PAs and PCL were pro-
duced by ring opening polymerization of the related monomers
which entered in the interlamellar space via swelling the orga-
noclay (containing frequently 

 

α

 

,

 

ω

 

-amino acids as organophilic
intercalant). To synthesize linear polyesters via 

 

in situ

 

 poly-
condensation, the clay is usually dispersed in the glycol phase,
which swells the clay [2]. Another option is to exploit the ring
opening polymerization of cyclic oligomers as shown on the
example of poly(butylene terephthalate) (PBT) [19]. Free rad-
ical-induced bulk polymerization is also a suitable technique
as shown on the example of vinyl acetate monomer [25]. To
produce polyolefins, viz. polyethylenes (PEs) and polypropyl-
enes (PPs), via coordination polymerization the layered sili-
cates are made to (co)catalysts. This can be achieved by various
concepts [2]. In the case of heterogeneous Ziegler-Natta cata-
lysts, the Ti-based active compound can be fixed on

 

 

 

the clay
surface. However, it is also feasible to use clay for metallocene
catalysis (termed also homogeneous Ziegler-Natta catalysts)
via intercalating the catalyst inside the silicate layers.

Practically the same techniques can be used to insert
(spherical) preformed particles in the polymer. In this case it
is also straightforward to make the particle surface organo-
philic, which can be done for example by the grafting of suit-
able monomers [26]. Irradiation grafting of another monomer
than the matrix forming one on the silica nanoparticles also
proved to be useful to avoid aggregation, agglomeration phe-
nomena [27]. This prepolymerization/grafting procedure can
be treated as a “masterbatch process.” This becomes of para-
mount interest for fully compatible thermoplastic blends.
Polymerizing methyl methacrylate in the presence of layered
silicate and exploiting the compatibility of the resulting poly-
mer (viz. polymethylmethacrylate [PMMA] with polyvi-
nylidene fluoride PVDF]), the whole blend can be made
“nanostructured” [28].
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2. Solvent-Assisted Techniques

 

Preparation of nanocomposites via solution dispersion is
mostly of academic interest (to study selected structure-prop-
erty relationships) for polymers soluble only in organic sol-
vents. Such techniques have been used for poly(trimethylene
terephthalate) (PTT) [29], poly(ethylene terephthalate) (PET)
[30], syndiotactic polystyrene (sPS) [31–32], poly(lactic acid)
(PLA) [33], polypeptides [34], PA-6 [35]. The scenario is, how-
ever, completely different for water-soluble polymers such as
poly(vinyl alcohol) (PVAL) [36]. Note that both pristine and
organophilic clay “swell” in water supporting the intercala-
tion. A water-assisted method was used to produce PVAL-
based visually transparent films with broadband UV filter
effect. This was achieved by dispersing nanoscale TiO

 

2

 

 parti-
cles of the rutile crystal modification in water-soluble poly-
mers [37].

This is the right place to call attention to the combination
of the above-listed techniques, viz. 

 

in situ

 

 polymerization,
solution techniques and melt compounding. As layered sili-
cates swell in water they can be incorporated in the molten
polymer during compounding via inserting a clay slurry. Dur-
ing compounding the water carrier has to be evaporated. The
beauty of this method is that cheap pristine clay is used
instead of a more expensive organophilic one. Further, it has
been demonstrated that rubber intercalates in pristine clays
from aqueous lattices [38–39]. By adding a clay-containing
rubber latex in a thermoplastic polymer during melt, com-
pounding may result in toughened, nano-reinforced semicrys-
talline thermoplastics. Note that the mean size of the rubber
in the latex matches very well with the requirements [40].
The reader interested in this issue is kindly referred to the
related patent literature.

 

3. Melt Compounding

 

Melt compounding (designated as melt intercalation for 2-D
and 3-D silicate hosts) is the most attractive way to produce
commercial nanocomposites. This is owing to: (1) fast disper-
sion of the nanoparticles in the melt, (2) available industrial
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melt compounding capacities, and (3) environmentally
friendly preparation. Similar to solvent intercalation, melt
intercalation is also governed by thermodynamical (compati-
bility) and kinetical (diffusivity) parameters. It is intuitive
that polymer molecules intercalating in 2-D layers or pene-
trating in 3-D frameworks lose their conformational freedom
in the confined space. This is associated with entropy loss. The
terms “nano” and “nanoscale” already suggest that the forma-
tion of polymer nanocomposites has many similarities with
(im)miscible polymer blends and thus the related rules can
also be adopted. So, in order to get molecular, i.e., nanoscale,
dispersion, the Gibb’s free energy must be negative. As
entropy loss produces an adverse effect, it has to be “overcom-
pensated.” This may occur by the entropy gain of molecules
of the initial organophilic modifier due to interdiffusion with
molecules of the matrix polymer and/or by energetically
favored interactions between the polymer molecules and sili-
cate particles. Energetically favored interactions involve
acid/base and chemical reactions, H-bonding etc, all of them
affecting the term enthalpy of mixing. This aspect has to be
considered when selecting the surface modification of silicates.

It was also experimentally proven that the layer disin-
tegration in 2-D or intercalation in 3-D inorganic structures
depend on the polymer diffusivity [1–2]. A further parameter
which affects the composite formation is linked to the locally
acting shear and elongational flow fields. As the majority of
the experimental work was done by extrusion melt compound-
ing, the related research focused on the effects of shear
stresses. They were varied by different ways, including equip-
ment selection (type, screw design [41–43]), processing
parameters such as residence time [41] and polymer charac-
teristics [43]. Note that by changing the mean molecular mass
of the melt compounded polymer — by keeping all other exper-
imental parameters constant — the effects of shear stresses
can be studied separately [43]. The outcome of these studies
was that the dispersion state of the layered silicates is con-
trolled by the shear and residence time (kinetics). Extensive
shear stresses shear the layered stacks and peel apart their
constituting layers [41,43]. It is worth noting that the above
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thermodynamical, kinetical and processing-related effects are
often interrelated.

Similar rules, as listed above for 2-D layered silicates,
hold also for the melt dispersion of preformed particles.
Energetically favored interactions can be achieved by phys-
ical (coating the particles’ surfaces by suitable surfactants)
and chemical ways (use of coupling agents, surface grafting
of monomers, etc.). Further, the processing conditions of the
related dispersive mixing are of vital importance. According
to a model explanation, the following consecutive steps can
be distinguished during melt compounding: incorporation,
wetting, agglomerate break-up and aggregate spatial dis-
tribution [4]. Incorporation and wetting are likely governed
by thermodynamical aspects. For agglomerate break-up, the
cohesive forces between the particles have to be surpassed
by the melt flow-induced hydro-dynamical ones. Recall that
the latter depends on type and processing conditions of the
melt mixing equipment. Useful guidelines to avoid agglom-
eration and aggregation during melt compounding with
preformed particles are listed in References [4,44] and ref-
erences therein.

Nevertheless, agglomeration is a general problem, espe-
cially at increased nanofiller content. Figure 1 illuminates the
correlation among particle diameter, distance and volume con-
tent. Here the spherical particles were assumed at a cubic
distribution situation with perfect dispersion in a polymer
matrix. It should be noted that agglomeration may easily
happen for smaller particles at higher filler content due to
the reduced distance between nanoparticles.

Nanocomposites have been produced using all thermo-
plastic polymers. Next, an attempt will be made to survey
some general rules on how to produce polymer nanocompos-
ites via melt compounding. It is noteworthy that 

 

in situ

 

 poly-
merization is not superior to melt compounding. Figure 2
demonstrates the dynamic-mechanical thermal analysis
(DMTA) spectra of PA-6 nanocomposites containing 4 wt%
organoclay and produced by different methods. Note that the
stiffness temperature traces are practically independent on
the production method.
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As most nanocomposites are of a polar nature, their incor-
poration in apolar polymers (e.g., polyolefins) is a great chal-
lenge. Recall that micro- and macro-fillers are often “coated”
by surfactants (tensides). Their role is to improve the compat-
ibility between the filler and polymer via their long alkyl
chains. The same philosophy can be followed for the interca-
lation of 2-D and 3-D inorganic structures. The related poly-
mers, oligomers are called compatibilizers. They are usually
grafted copolymers due to economical reasons. Maleic anhy-
dride and acrylic acid-grafted (polymer-g-MA and -g-AA,
respectively) versions are preferred compatibilizers for poly-
olefin-based systems (e.g., [45–49]. It was also established that
lower molecular mass compatibilizer favors the organoclay
exfoliation in contrast to that of higher molecular mass [49].
Generally, in the presence of compatibilizer a higher degree of
intercalation/exfoliation was found than in its absence. This
was well reflected in the related mechanical properties.

 

Figure 1

 

Correlation among particle diameter, interparticle dis-
tance and volume percentage based on assumptions of spherical
particle, cubic distribution and ideal dispersion.
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Using blends, attention should be drawn to the fact that
the silicate may be preferentially embedded in one of the
blend components. In uncompatibilized PA-6/PP blend (70/30
parts) the organoclay was located in the PA-6 phase as shown
by transmission electron microscopy (TEM) (Figure 3)
[50–51]. Adding maleated PP (PP-g-MA) to the above blend,
the morphology changed substantially. First, the minor phase,
i.e., PP, became more finely dispersed. Second, the clay layers
were covered by an interphase layer. The latter formed
between PP-g-MA and PA-6 by reaction of the MA group with
primary and secondary amine functionalities of the PA-6.

If the silicate is well dispersed in miscible blends at a
given composition ratio, a change in the latter may induce re-
aggregation (also termed confinement, de-intercalation). This
was shown on the example of PA-6/ethylene vinylalcohol
(EVOH) blends [52].

 

Figure 2

 

Comparison of the DMTA behavior of PA-6 with (4 wt%)
and without organoclay. Notes: Organoclay was dispersed either by
melt compounding or during 

 

in situ

 

 polymerization. Samples were
conditioned according to ISO 1110 prior to the DMTA measurement.
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Figure 3

 

TEM pictures taken from a melt compounded PA-6/PP/organoclay (70/30/4 parts) system. Notes:
the intercalated/exfoliated clay layers are exclusively located in the PA-6 phase (matrix). White large spots
are due to the PP particles present in coarse dispersion. (From Chow WS, Mohd Ishak ZA, Ishiaku US, Karger-
Kocsis J, Apostolov AA. J Appl Polym Sci 2004; 91:175–189. With permission.)
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From the viewpoint of the interlayer distance (2-D) and
pore size (3-D) of the silicate hosts, the general rule is the
larger the size, the easier the intercalation is. This is consid-
ered by tuning the d spacing of the 2-D layered silicates via
suitable organic intercalants. On the other hand, strong inter-
action between the filler or its intercalant and the polymer
does not necessarily improve the filler dispersion. In some
cases an adverse effect may appear, as will be shown later.

 

III. STRUCTURE DEVELOPMENT AND 
CHARACTERIZATION

 

The structure of polymer nanocomposites is very complex as
it covers the following domains: dispersion state of the nano-
particles, changes on molecular and supermolecular level in
the matrix (bulk), interphase formation between the surface
of the nanoparticles and bulk material. Again, some charac-
teristics of the above fields are interrelated. As a consequence,
it is not an easy task to find those structural parameters
which control a given property. 

 

A. Particle Dispersion

 

It is obvious that nanoscale-sensitive experimental tech-
niques have to be used to detect the dispersion state of the
nanoparticles. For that purpose TEM is preferred. Figure 4
displays a satisfactory dispersion of TiO

 

2

 

 nanoparticles on the
example of a melt compounded PA-6,6/nano-TiO

 

2

 

 system. It
should be borne in mind, however, that the view field at high
magnifications may not represent that of the whole sample.
Further, it is essential to describe the dispersion state. Albeit
some trials were made to make use of image analysis codes,
this issue is not yet solved properly. Another straightforward
technique is the atomic force microscopy (AFM).

Apart from TEM, polymer intercalation in 2-D layers is
usually evidenced by x-ray diffraction (XRD) performed at both
small- and wide-angle scattering (SAXS and WAXS, respec-
tively). In WAXS, pattern intercalation manifests in a shift
toward lower scattering angles in the range 2

 

Θ

 

 = 1–10°. Note
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that 2

 

Θ

 

 = 1

 

°

 

 corresponds to a basal spacing 8.8 nm using CuK

 

α

 

radiation. In contrast to the frequently quoted claim that miss-
ing peak in the XRD spectra is due to exfoliation, it is not at
all correct. In order to get a reliable picture on the silicate
dispersion, XRD and TEM always should be combined [53–54].

Under certain conditions instead of intercalation/exfolia-
tion, just the opposite occurs. A scanning electron microscopic
(SEM) picture in Figure 5 shows the development of large
montmorillonite particles which were likely formed via de-
intercalation (i.e., the original organophilic intercalant was
“extracted” from the interlamellar space, and in addition the
clay layers stacked together at their edges). It is the right place
to emphasize again that albeit the properties of nanocompos-
ites strongly depend on the dispersion state of the particle, no
general guideline is given on how to characterize it.

 

Figure 4

 

TEM picture taken of a PA-6,6/TiO

 

2

 

 (21 nm, 2 vol%)
nanocomposite produced by melt compounding in a twin-screw
extruder. (From Zhang Z, Yang JL, Friedrich K. Polymer 2004;
45(10), 3481–3485. Copyright 2004, with permission from Elsevier.)
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B. Matrix Polymer (Bulk)

 

Changes in the matrix morphology owing to the presence of
nanoparticles occur at different levels. Like some micro- and
macroscopic fillers and reinforcements, nanoparticles also act
as heterogeneous nucleation agents. High nucleation density
on the filler surface may generate trans-crystalline growth as
demonstrated on the example of organoclay-filled PA-6 [55].
Transcrystallization is caused by dense nuclei on the hetero-
geneous surface due to which the spherulitic crystallization
is laterally hindered. So, growth occurs in one direction, viz.

 

Figure 5

 

SEM picture taken from clay particles which were
assembled (stacking and flocculation) from platelets of an organo-
clay (length ca. 200 nm) via chemically induced de-intercalation.
Note: arrow indicates a clay tactoid of the initial size. (From Gatos
KG, Thomann R, Karger-Kocsis J. Polym Int 2004; 53(8):1191–1197.
Copyright 2004 Society of Chemical Industry. With permission from
John Wiley & Sons Ltd.)
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perpendicular to the filler surface. It is believed that the
transcrystalline layer supports the stress transfer from the
weak matrix to the “strong” nano-reinforcement [56]. It is
noteworthy that transcrystallization is of epitaxial origin for
which there is a good chance between PA-6 molecules and the
clay surface via H-bonding [2,55].

The heterogeneous nucleating effect of nanoparticles has
been demonstrated for many semicrystalline thermoplastics.
The basic difference in the related reports is whether or not
the linear spherulitic growth and the overall crystallization
rates changed in the presence of nanoparticles. For PA-6 a
dramatic increase in the crystallization rate was found at
least at low organoclay content. In contrast, at higher organ-
oclay content the crystallization was retarded [57]. In another
report the nonspherulitic crystallization of PA-6 due to organ-
oclay was established [58]. All works related to PA-6/layered
silicate nanocomposites agree, however, that the silicate lay-
ers act as selective nucleants for the 

 

γ

 

-modification (

 

γ

 

-nucle-
ants) [57–61]. Preferred formation of the 

 

γ

 

-phase was also
observed in other polyamides (e.g., [62]). Note that the 

 

γ

 

-phase
is inherently more prone to ductile deformation than the usual

 

α

 

-modification. This is an important issue with respect to the
toughness which is often deteriorated upon silicate incorpo-
ration. It is noteworthy that fast crystallization owing to het-
erogeneous nucleation may result in fine spherulitic
morphology and lower overall crystallinity. Selective nucle-
ation of given polymorphs due to nanoparticles has been
reported also for PVDF [63–64], poly(1-butene) [65] and sPS
[31–32,66–67]. Studies devoted to the crystallization (isother-
mal, nonisothermal) behavior of various semicrystalline ther-
moplastics in the presence of nanoparticles showed that the
usual descriptions (Avrami, Ozawa, etc.) are valid. The related
results indicated, however, for some changes in the crystallite
growth geometry [68–72].

Very interesting results were achieved by investigating
PP/mesoporous silicate nanocomposites. It was shown that
isotactic PP confined in the mesopores does not crystallize
[73]. This fact highlights the reason of the very recent
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research trend dealing with the crystallization behavior of
polymers under spatial constraints.

 

C. Interphase

 

To examine the interactions between nanoparticles and poly-
mers, various techniques can be used. Fourier-transform
infrared (FTIR) spectroscopy, solid-state nuclear magnetic
resonance (NMR), calorimetry, thermo-gravimetric analysis
(TGA), chromatographic and electrophoretic measurements,
all can contribute to get a better insight in structure-property
relationships and interphase properties [10]. A rather simple
and informative method is the DMTA. Strong absorption of
polymer molecules on nanoparticles possessing very high spe-
cific surface area yields a change in the T

 

g

 

 peak (shape alter-
ation, intensity reduction, shift toward higher temperature).
This — representing a close analogy to carbon black filled
rubbers — was detected in several polymers, in fact (e.g.,
[74–77]). In some polymers even an additional mechanical
damping peak, beyond that of T

 

g

 

, may appear. This was shown
for intercalated rubbers [78] but not yet for semicrystalline
polymers. It is, however, not yet clear whether the onset of
such a peak represents some confined fraction of the polymer
or is related to the interphase in analogy to multiphase poly-
mer blends [79]. A direct evidence for changes in the inter-
phase characteristics may deliver the AFM. 3-D topography
contour plots taken by AFM from physically etched PA-
6/PP/organoclay (70/30/4 parts) systems with and without
compatibilizer (PP-g-MA) are depicted in Figure 6. Based on
Figure 6a, it is obvious that PA-6 is eroded faster than PP
(see the large particle in the bottom corner in Figure 6a). As
shown before by TEM (cf. Figure 3), the organoclay is located
in the PA-6 phase — it is visible as sharp protrusions in this
AFM scan. It was shown that the maximum length of these
protrusions agrees with that of the mean length of the organ-
oclay, indeed [80]. The morphology is changing substantially
after introducing PP-g-MA compatibilizer. In Figure 6b no
sharp protrusion but less eroded small domains (“humps”) are
visible. The height of these humps is closely matched again
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(a)

 

(b)

 

 

Figure 6

 

AFM contour plots from the polished physically etched
surface of uncompatibilized (a) and with PP-g-MA compatibilized
(b) PA-6/PP/organoclay systems (composition:70/30/4 parts). Note:
the compatibilizer (PP-g-MA) content was 5 parts.
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with that of the mean clay length. So, the intercalated clay
layers are “buried” in these domains. The strong resistance
to Ar

 

+

 

 bombardment (used for physical etching in this case)
is obviously due to the formation of a PP-rich interphase. This
interphase, consisting of a PA-6 grafted PP, was developed
owing to reactions between the primary and secondary amines
of the PA-6 and anhydride groups of the PP-g-MA compatibi-
lizer [80].

 

D. Effects of Processing

 

Recall that intercalation/exfoliation phenomena are governed
by thermodynamics and kinetics. In addition, thermodynamic
principles also play an important role for the dispersion of
preformed nanoparticles. As a consequence, the thermal sta-
bility of the silicate dispersion with respect to (further) pro-
cessing should be addressed. It has to be taken into account
that the usual amine-type intercalants have limited thermal
stability; that is the major driving force to search for more
stable organophilic modifiers (tensides, surfactants, intercal-
ants) for 2-D layered silicates. The thermal stability of the
dispersion in nanocomposites can be studied by different
ways. One option is to produce an exfoliated version and then
study the alteration in its dispersion state upon melt process-
ing, annealing, etc. The idea behind this method is that a
“forced” exfoliation is not necessarily the thermodynamically
stable one. So, an exfoliated nanocomposite produced by solu-
tion technique was thermally processed in various equip-
ments and the accompanied changes in the dispersion were
assessed via the usual techniques (TEM, XRD) [81]. Note that

 

in situ

 

 polymerization of nanocomposites is not a panacea, as
the clay layers may reaggregate upon melt processing. This
is due to the thermodynamical incompatibility between the
polymer and silicate which was set “out of limits” during
polymerization but was “reactivated” upon processing [82].
Reaggregation (confinement) of 2-D layered silicates may be
observed also when they are introduced in substantially
higher amount, which can be intercalated/exfoliated, by the
matrix polymer itself. For complete confinement (de-interca-
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lation), however, the compatibility should change dramati-
cally. This can be triggered for example by chemical reactions
occurring during processing [82–83]. Thermal degradation of
the organophilic modifier may also affect the compatibility
between polymer and silicate, and the related alteration in
the dispersion becomes detectable in the properties. It is intu-
itive that to study such effects, nanocomposites with high
melting temperature matrices (such as PA-6) have to be
selected. It was found that the molecular mass of PA-6
decreases, and the color of the related nanocomposite changes
upon melt processing. The related changes depended on the
type of the organoclay. This finding was attributed to surfac-
tant-induced reactions (viz. Hofmann elimination reaction for
quaternary ammonium compounds) and to the attack of the
polymer by their by-products [83]. In addition, the water,
present always in the organoclay, may attack the peptide
bonds (–CO–NH–) and cause their scissions [84].

Recall that the aspect ratio of the 2-D layered silicates
in their fully exfoliated stage is between 200 to 1000. The
aspect ratio of the intercalated stacks is much less, usually
below 100. Note that the latter value is closely matched with
that of discontinuous fibers in injection-moldable composites
[85]. In analogy to the alignment and layering of short fibers
in injection-molded parts, one would expect that the 2-D
stacks and platelets also orient during injection molding. The
orientation, as for discontinuous fibers, is controlled by the
shear and elongational flow fields which are superimposed
during processing. In fact, the injection molding-induced ori-
entation and layering of 2-D silicates were detected by several
groups [57,86–87]. As expected, the platelets were oriented
along the mold flow direction in the skin and more or less
perpendicular to the flow in the core regions. It was also
demonstrated that the skin was formed of the 

 

γ

 

-phase
whereas in the core both 

 

α

 

- and 

 

γ

 

-modifications were present
[57]. The chain axis of the 

 

γ

 

-lamellae, grown on the silicate
surface, is parallel to the silicate layers [88]. A strong orien-
tation of the clay platelets was observed under elongation flow
conditions, including fiber spinning (e.g., [89]). Elongational
flow conditions were suitable to study the effects of the aspect
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ratio of the 2-D layered silicates. This can be treated as a
strong argument to adopt composite rules valid for aligned,
short fiber-reinforced thermoplastics. At present, the barrier
performance of nanocomposites is exploited commercially in
the form of films and foils. As a consequence, considerable
research efforts were made to assess the dispersion state
(layering, orientation) in films produced by various methods
(e.g., [90–92]).

 

IV. PROPERTIES AND THEIR PREDICTION

 

It was shown before that the structure of nanocomposites is
highly complex and partly of hierarchical nature. Therefore
it is a great challenge to trace those structural parameters
which affect the desired property. In respect to the structure-
property relationships, the basic question we have to answer
is: do these issues belong to polymer physics or continuum
(composite) mechanics? In the former case the bulk and inter-
phase, whereas in the latter reinforcement-related character-
istics should govern the properties. Unfortunately, no definite
answer can be given to the above question. In certain condi-
tions, grouped in low frequency mechanical tests (creep,
fatigue), aspects of polymer physics may dominate. In tests
of high frequency loading (dynamic, impact) the use of com-
posite analogies (i.e., continuum mechanics) seems to be
straightforward. With other wording, composite rules are
more promising to describe the elastic (linear elastic, linear
mechanic), whereas polymer physics principles are more
suited to assess the relations between structure and anelastic
(nonlinear elastic) properties.

 

A. Mechanical Response

 

1. Stiffness and Ultimate Properties for 
2-D Intercalated Nanocomposites

 

The simplest way to predict stiffness (Young’s or E-modulus)
is to check whether or not the rule of mixtures holds. The
Voigt upper bound of the E-modulus is based on a two-phase
laminate model (matrix and reinforcement), according to
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which the reinforcing laminates are aligned along the load
direction and thus all constituents experience the same
strain (parallel coupling). The Reuss lower bound of stiffness
reflects a serial coupling, according to which both matrix
and reinforcing phases are under the same stress. On the
example of injection-molded organoclay reinforced PA-6, it
was shown that the tensile E-modulus follows the Voigt
estimate, irrespective of whether the clay was intercalated
or exfoliated [93]. It was speculated that the reason for the
high E-moduli is that the 

 

γ

 

-phase crystalline lamellae, grown
in the clay surface, ensure the “parallel coupling” between
the phases. Recall that the disk-shaped silicates are well
oriented along the mold flow direction during injection-mold-
ing, provided that the thickness of the specimens is not very
thick. The pioneering work of Fornes and Paul [94] was
aimed at checking the applicability of composite theories for
PA-6/organoclay systems. To predict the stiffness of nano-
composites, the Halpin-Tsai and Mori-Tanaka theories were
used after assessing the dispersion state of the nanocompos-
ite accordingly (major emphasis was put on the determina-
tion of the aspect ratio and alignment of the clay stacks and
layers). The results showed that both approaches can be
used, although they treat the effect of filler geometry differ-
ently. The authors demonstrated that this PA-6/organoclay
nanocomposite outperforms the related short fiber-rein-
forced versions because of the higher aspect ratio and 2-D
reinforcing effect of the clay layers. It is noteworthy that the
Mori-Tanaka approach gave a slightly better fit with the
experiments than the Halpin-Tsai prediction [94]. The
former was the favored prediction also for organoclay-rein-
forced thermosets [95]. Nevertheless, the usability of the
Halpin-Tsai approach was shown by other researchers, too
[96]. Brune and Bicerano [96] explained why the compres-
sion modulus (and thus also the flexural one) may be lower
than the tensile one (owing to buckling phenomenon), which
was often found (e.g., [50–51]). The authors also emphasized
that the reinforcing efficiency of the 2-D platelets strongly
depends on their orientation with respect to the loading
direction [96].
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The scenario is far less clear for the ultimate properties.
Clay exfoliation raises the stiffness, which is accompanied by
reduced strain (ductility). So, the nanocomposites are becom-
ing “harder” but more “fragile.” The ultimate properties
depend not only on the intercalation/exfoliation state, but also
on characteristics of the interphase (wetting, adhesion) and
the bulk (polymorphism, crystallinity, spherulite size). It was
reported by Kim et al. [97] that the first failure is due to void
formation inside of silicate stacks. This is followed by split-
ting, opening and sliding of the silicate stacks, depending on
their relative orientation to the loading [97]. Voiding and
cavitations were concluded to be first failure events also by
other researchers [98]. Needles to say, these deformations
(showing clear analogies with the deformation modes of crys-
talline lamellae in semicrystalline polymers) are accompanied
with substantial changes in the interphase and bulk morphol-
ogy. This was shown by 

 

in situ

 

 x-ray synchrotron measure-
ments during uniaxial deformation of films of PA-6/clay
hybrid [99].

 

2. Stiffness and Ultimate Properties of 
Nanocomposites with Preformed 
Quasi-Spherical Particles

 

Here also the rule of mixture is the first approximation to
predict the stiffness response. For macroscopically filled sys-
tems, the Kerner equation is widely used. The disagreement
between Kerner’s prediction and the experimental results
obtained for nanocomposites forced the researchers to con-
sider the interphase. It was treated as an immobilized layer
which increased the effective filler volume fraction. Results
suggested that the thickness of the immobilized layer may be
much larger than the size of the particles [4]. This was cor-
roborated by results derived from pressure-volume-tempera-
ture (PVT) measurements applied for PA-6/layered silicate
nanocomposites [100].

The strength of traditionally filled systems decays accord-
ing to a power law function. This means that the strength of
the composite is always below that of the neat matrix polymer,
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as the filler does not bear any part of the external load. In
contrast, considerable strength increase was measured for
nanoparticle-reinforced thermoplastic systems. The related
functions were treated by empirical models as listed in Ref-
erence [4]. On the other hand, the reinforcing effect of the
nanoparticle is not yet clarified. Obviously, the reason behind
the strength increase should have some analogy with nano-
particle- (e.g., carbon black) reinforced rubbers [3].

3. Creep and Fatigue Behavior 

Few papers were published on the low strain rate yield, creep
and fatigue behavior of nanocomposites. This is quite surpris-
ing as the above long duration tests are very sensitive to
changes in the interphase and bulk properties. Truss and Lee
[101] concluded that in a poorly intercalated PE/montmoril-
lonite composite, the yield is related to crystalline deformation
mechanisms similar to that of neat PE. Studying the temper-
ature and strain rate sensitivity of organoclay-modified PA-6
and PP nanocomposites, Mallick and Zhou [102] found that
the Eyring equation works well also for these composites. The
related activation volume depended on whether the test was
performed below or above the Tg of the matrix polymer. Unfor-
tunately, the authors did not comment on the possible ratio-
nale behind the difference in the activation volume and
energy between the PA-6- and PP-based nanocomposites.

Creep tests were recently performed on TiO2/PA-6,6
nanocomposites by Zhang et al. [103]. Creep is a time-depen-
dent plastic deformation, which takes place under stresses
lower than the yielding stress of materials. Relatively poor
creep resistance and dimensional stability of thermoplastics
are generally a deficiency. Neat PA-6,6 exhibited a high creep
strain under a constant load of 80% of its ultimate tensile
strength at room temperature, as shown in Figure 7. Under
a similar loading condition, the incorporation of 1 vol% 21
nm TiO2 particles significantly reduced the creep strain of
PA-6,6 over all creep stages, although the final creep life was
not very much different from that of the neat polymer. It is
clear that, in practice, the reduction of the creep strain is
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even more important for polymers than the extension of the
creep life, since the former relates to the dimensional stabil-
ity of the materials. Creep tests under higher loading situa-
tion, i.e., 90% of the ultimate tensile strength, and evaluated
temperatures, i.e., 50°C, showed a similar reduction in the
strain behavior. It was the authors’ opinion that nanoparti-
cles may restrict the slippage, reorientation and motion of
polymer chains. In this way, the nanoparticles influence the
stress transfer, which finally results in the improvement
observed.

Normalized stress-cycles (S-N) curves derived from ten-
sion-tension fatigue showed some unexpected results [102].
Normalization occurred by dividing the maximum cyclic
stress (S) with the respective yield one. In such representa-
tion, the fatigue resistance increased according to the follow-
ing ranking:

Figure 7 Tensile creep strain vs. test-duration curves under 80%
of the static ultimate tensile strength (UTS) at room temperature.
Note: the constant creep stress for the neat PA-6,6 and PA-6,6/TiO2

(21 nm, 1 vol%) nanocomposite was 60 and 59 MPa, respectively.
(From Zhang Z, Yang JL, Friedrich K. Polymer 2004; 45, 3481–3485.
Copyright 2004, with permission from Elsevier.)
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PA-6/clay (3 wt%) < PP/clay (5 wt%) < PP/talc (40 wt%)

It was concluded that the fatigue failure is initiated by re-
agglomerated particles in the materials [102]. Bellemare et
al. [104] concluded that the fatigue life of organic clay/PA-6
composites depended on whether the cyclic tension-tension
tests were performed at a given stress or strain amplitude.
For the former case the fatigue life increased, whereas the
latter decreased when compared to neat PA-6. This finding is
in concert with results obtained on filled polymers with micro-
scale fillers. Unexpectedly, the resistance to fatigue crack
propagation decreased in the presence of organoclay. This is
at odds with the effect of short-fiber reinforcement in ther-
moplastics [85] to which clays are often compared. The
increase in the fatigue crack growth rate at the same stress
intensity amplitude was traced to enhanced microvoid forma-
tion ahead of the crack tip.

4. Toughness

Toughness of nanocomposites deserves a separate treatise,
owing to highly contradictory findings in the open literature.
Usually there is a trade-off between stiffness, strength and
toughness. Accordingly, nanoparticles with reinforcing effect
should result in toughness reduction. In many cases, however,
the opposite tendency was found. It should be emphasized
here that fracture mechanical studies on polymer composites
are very scarce [4,105–108]. On the other hand, only fracture
mechanical methods provide toughness values which can be
collated being material parameters (e.g., [109]). The usual
rule of thumb is that at very low nanoparticle content (< 2–3
wt%), the toughness does not alter compared to the matrix.
At higher nanoparticle content, however, a strong decrease in
the toughness can be observed. To explain the toughness
improvement first the “percolation theory” of Wu was adopted
[26]. It was soon recognized that this theory couldn’t account
for the toughness upgrade, as the matrix ligament between
the particles is too large to create the necessary stress over-
lapping. To overcome this problem, a double percolation model
was proposed [4]. According to the authors’ feeling, even this
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model needs refinement. Specific effects of the interphase
(immobilized layer, transcrystallinity, crystalline polymorph,
etc.) which affect the matrix deformation (being temperature
and frequency dependent) have to be considered. Unfortu-
nately the model explanations lack in giving information as
to why and how cavitation occurs in the nanocomposites with
intercalated/exfoliated, finely and coarsely dispersed struc-
tures. Note that the toughness in rigid particle-filled polymers
is linked to cavitation, which is followed by stretching of the
interparticle matrix ligaments [110]. So, a straightforward
model should account for both cavitation (initiation — con-
trolled by the interphase) and matrix ligament stretching
(propagation — controlled by the interphase and bulk prop-
erties). It is noteworthy that toughness reduction in nanocom-
posites is likely the rule and not the exception. This claim is
in concert for example with the ultimate tensile properties
and PVT data. Recall that the latter technique evidenced a
considerable decay in the free volume upon exfoliation [100],
which means restricted molecular motion and thus suggests
toughness reduction.

The essential work of fracture (EWF) approach was
applied recently on TiO2/PA-6,6 nanocomposites by Yang and
Zhang et al. [106]. Deeply double edge notched tension
(DDENT) specimens were produced by injection molding as
disclosed in Reference [103]. Various ligament length speci-
mens were tested under a constant tensile speed of 1 mm/min.
The specific total work of fracture, wf, was then calculated by
the work done to break the specimen, and plotted versus the
ligament length, l (cf. Figure 8). The linear relationship
between wf and l can be fitted by the following equation,

wf = we + βwpl

in which we and wp are specific essential and plastic work of
fracture, respectively. β is a dimensionless shape factor. we

can be obtained as an intercept of wf when l = 0, assumed as
an intrinsic property of the material for a given sheet thick-
ness. The slope, βwp, represents the plastic deformation ability
of the material. It is interesting to note that the incorporation
of only 1 vol% 21 nm TiO2 improved we by about 70% compared
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to neat PA-6,6. However, at the same time the plastic work
of fracture, βwp, was reduced. In other words, the incorpora-
tion of inorganic nanoparticles improved the resistance of
crack initiation, we, at a cost of the resistance of crack prop-
agation, βwp.

Fractographic inspection shed light on this — quite gen-
eral — fracture behavior. The SEM image in Figure 9a shows
a typical dimple type fracture surface at the crack tip of a
pre-notched PA-6,6 specimen. This fracture morphology devel-
ops after void formation and void coalescence due to rupture
of the intervening plastically deformed polymer. On the other
hand, the size of dimples is much smaller and the dimple
density is markedly higher in the nanocomposite (cf. Figure
9b) compared to the matrix. So, nanoparticle-induced molec-
ular and morphological immobilization may be responsible for
the enhanced essential work of fracture term. The enhanced
secondary cracking (reflected by the dimple density) is due to
the stress concentration effect of the nanoparticles which

Figure 8 The specific total work of fracture versus the ligament
length for neat PA-6,6 and PA-6,6/TiO2 (21 nm, 1 vol%) nanocom-
posite on DDENT specimens.
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Figure 9 SEM pictures taken from the crack-tip region of frac-
tured DDENT specimens of (a) neat PA-6,6 and (b) PA-6,6/TiO2 (21
nm, 1 vol%) nanocomposite. Note: razor blade induced notch is
indicated by arrow.
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favors the crack propagation. This failure scenario is in har-
mony with the reduction in the plastic work of fracture term.

Bureau et al. [107] found recently that PP/clay com-
pounds showed very good fracture toughness with increased
EWF parameters. The void nucleation density was controlled
by the clay particle size, which finally determined the frac-
ture toughness. Some attractive results were also reported
by Chan et al. [108] on PP/CaCO3 nanocomposites. It was
found that nano-CaCO3 could significantly improve not only
the tensile modulus but also the toughness of PP. J-integral
tests showed a dramatic increase (ca. 500%) in the notched
fracture toughness. Nanoparticles were believed to be able
to promote cavitation at interphase regions, which can
release the plastic constraints and trigger mass plastic defor-
mation of the polymer. However, it should be noted that
further works are needed in order to ascertain the toughness-
controlling molecular and supermolecular parameters in
semicrystalline polymers.

B. Thermal Behavior

For many applications it is of great importance to know the
linear thermal expansion coefficient of nanoparticle-rein-
forced composites. Yoon et al. [111] investigated this behavior
of injection-molded organoclay-modified PA-6 composites. The
expansion was measured in flow direction, as well as trans-
verse and normal to it. Addition of organoclay (up to 7 wt%)
reduced the thermal expansion in both flow and transverse
directions, whereas an increase was noticed for normal direc-
tion. In addition, a PA-6 matrix of high molecular mass
showed reduced thermal expansion compared to a PA-6 of
lower molecular mass. The authors demonstrated that the
composite model of Chow which accounts for the anisotropic
feature (i.e., aspect ratio) of the filler, can well be used to
predict the thermal expansion [111].

Another property of engineering relevance is the heat
distortion temperature (HDT). Note that HDT was always
enhanced by incorporation of 2-D layered silicates. According
to the data sheets of Ube Industries, the HDT values deter-
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mined by the standardized methods, A and B, increased from
the initial 180/75 to 197/140°C (this representation means the
HDT A/B methods, respectively) for PA-6 by adding 2 wt%
organoclay [10]. Fornes and Paul [94] proved that the HDT-
B value can be calculated by adopting the Halpin-Tsai com-
posite theory for the DMTA properties when coupled with the
method of Scobbo. The so predicted HDT-B values and exper-
imentally measured data exhibited a very good agreement.

 

C. Rheological Behavior

 

It was early recognized that the structure of nanocomposites
strongly influences the rheological behavior, especially in the
low frequency range (linear viscoelasticity) [112]. In this
range the melt viscosity increases monotonically with increas-
ing silicate content irrespective to its shape (intercalated 2-
D layered or dispersed quasi-spherical preformed particles)
and incorporation method [112–113]. Polymer nanocompos-
ites with 2-D layered silicates exhibit pronounced shear-thin-
ning behavior. Shear thinning starts at markedly lower
frequencies than for the related matrix polymer (e.g., [112,
114]). However, at very low shear rates, characteristic for
injection molding operations, practically no difference in the
melt viscosity between the polymer and its nanocomposite can
be found (e.g., [115]).

The relationship between the shear viscosity and shear
rate (in the range of 10

 

–3

 

 to 2 s

 

–1

 

) could be well described by
the Carreau model [116]. Lim et al. [116] speculated that the
crossover between the Newtonian plateau (linear viscoelas-
ticity) and the power law function valid for high shear rate
(> 2 s

 

–1

 

) occurs at 

 

λγ

 

c

 

 = 1, where l is the relaxation time and

 

γ

 

c

 

 is the critical shear rate. 

 

λ

 

 depends on the clay volume
fraction and its dispersion structure. According to Utracki and
Kamal [10], the zero-shear relative viscosity as a function of
clay volume fraction obeys the modified Einstein’s description
for PA-6 based nanocomposites. Information derived from
dynamic oscillatory shear, steady shear and elongational flow
measurements, eventually combined with “superimposed”
techniques like transient/intermittent ones can deliver a
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deeper insight into the structure of the nanocomposites and
its alteration owing to shear and elongational flows
[2,112,117–118]. It was shown, for example, that the morpho-
logical stability of nanocomposites can be successfully studied
in rheological measurement [119]. Solomon et al. [120]
reported that the course of the storage modulus vs. frequency
in the viscoelastic range reflects well effects of the intercala-
tion (caused by amine surfactants of various chemical build-
up). A similar conclusion was drawn by Feng et al. [121] and
Chow et al. [122] in respect with the compatibilizers.

D. Barrier Properties

Improvement in the transport properties of layered silicate-
reinforced semicrystalline thermoplastics (PA-6, polyolefins)
is the major driving force of commercialization of the related
nanocomposites at present. Reduction in the permeability is
usually attributed to the fact that the diffusing molecules
have to bypass the impermeable silicate platelets (“tortuous
path,” labyrinth effect) which are more or less well oriented
normal to the diffusion direction. It was found that the
Nielsen’s model works well to predict the gas barrier prop-
erties in such systems [2,117]. Recently, more advanced the-
ories were developed addressing changes in the alignment,
interphase and bulk properties, as well. Recall that the the-
oretical models generally consider the silicate layers as per-
fectly aligned and exfoliated showing a large aspect ratio [2].
The prominent effect of aspect ratio was proved experimen-
tally, too [123]. However, gas permeabilities measured are
usually markedly below the theoretical predictions (e.g.,
[124–126]), especially for polyolefin-based nanocomposites.
Attention should be called to the fact that permeability is a
product of the diffusivity (diffusion coefficient) and equilib-
rium sorption of the penetrant under given conditions. So,
the outcome does not represent a “design parameter.” Never-
theless, by studying this behavior, useful information can be
deduced indirectly even for the structure of the nanocompos-
ites. Table 1 lists the equilibrium moisture content and dif-
fusion coefficient for organoclay-reinforced PA-6/PP blends
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with and without compatibilizer (PP-g-MA) [127]. One can
recognize that changes in both parameters are not monotonic
which should be linked to structural changes (alteration in
the clay dispersion, development of an interphase). This was
evidenced, in fact, cf. Figure 6.

E. Fire Retardant Properties

Many reports quoted that the thermal stability (usually stud-
ied by thermo-gravimetric analysis, TGA) of the polymers
increased when containing dispersed nanoparticles. The tem-
perature linked to the maximum mass loss as well as the
amount of the char residue increased with increasing clay
content. The related increase depended on the clay disper-
sion, which was controlled by the organophilic surfactant of
the clays [128]. Zanetti et al. [129] concluded that the slow-
down in the thermal degradation is due to hampered diffu-
sion of the degradation products from the bulk towards the
gas phase. They traced it to a labyrinth effect discussed above

TABLE 1 Effects of Organoclay and Compatibilizer (PP-g-
MA) Contents on the Diffusion Coefficient (D) and 
Equilibrium Moisture Content (M) on PA-6/PP-based 
Nanocomposites

Blend, Nanocomposite Composition
Ratio

[parts]
M
[%]

D
[×××× 10–10m2/s]

PA-6/PP 70/30 6.82 1.70
PA-6/PP/Organoclay 70/30/2 8.53 3.39

70/30/4 8.25 2.97
70/30/6 8.01 2.75
70/30/8 7.57 2.16
70/30/10 7.07 1.94

PA-6/PP/Compatibilizer/Organoclay 70/30/5/4 5.60 1.60
70/30/10/4 5.34 1.09

Note: for testing, specimens were immersed in water at 60°C.

Source: Chow WS, Mohd Ishak ZA, Karger-Kocsis J. The 4th Asian-Australa-
sian Conference on Composite Materials, Sydney, Australia, July 6–9, 2004.
With permission.) 
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in respect with the barrier properties. In addition, the ther-
mal degradation of the organophilic surfactant created some
acidic sites of the clay that affected the polymer degradation
(volatilization/charring) scheme. It is worth noting that all
inorganic fillers exhibit some flame retardant effect in their
composites. Its manifestation, however, depends on the
method selected. Limiting oxygen index (LOI) data showed
that there is a large difference between fillers as a function
of their dispersion state (micro- or nanoscale) and aspect ratio
[130]. Note that in an LOI test, the flame spreads from the
top of the specimen downwards. So, in this test the char
formation has a great influence. Needless to say, a vertical
burn test (e.g., according to UL 94 descriptions) may deliver
completely different results. Today, the ultimate method to
check the fire retardance is the use of cone calorimetry. In
the related tests the heat release rate (HRR) and mass loss
rate are registered as a function of time. Numerous works
using this method indicated that in the presence of interca-
lated/exfoliated layered silicates, the peak HRR is efficiently
reduced, however, with some extension in the overall burning
time [131–133]. This was traced to the formation of a car-
bonaceous-silicate char of thermal-insulating properties on
the specimen surface [133]. It is still the object of discussion
whether the clay layers should be exfoliated or intercalated
for an optimum flame retardancy. To improve the very poor
fire resistance of polyolefins, the preferred concept is to make
them intumescent [134]. Intumescent formulations are halo-
gen-free and produce a charred cellular layer upon heating.
The related layer is acting as a heat shield by protecting the
underlying material from the heat flux of the flame. This
concept was adopted for polymer nanocomposites due to two
effects: a) char yielding behavior and b) the reinforcing effect
of the clay (e.g., [135–136]). Note that the reinforcing effect
of the nanoclay is of vital importance as the usual intumes-
cent formulations result in materials of poor mechanical per-
formance. Based on the above behavior, layered clay
containing nanocomposites should have outstanding resis-
tance to ablation, too.
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F. Other Properties

Inorganic-organic hybrid materials may show further inter-
esting properties (optical transparency, UV-screening, ionic
conductivity, template for polymerization, etc.) which are far
less often addressed by research activities than the above
listed properties. Exploiting some of these unique properties,
“smart” nanocomposites can be produced in the future.

V. SUMMARY AND OUTLOOK

The unique combination of some key properties already paved
the way for polymeric nanocomposites for industrial applica-
tions (packaging — due to barrier properties, automotive —
due to stiffness, strength, density and HDT). As surveyed
above, a great amount of work has been done in the past in
this field. However, still much research is needed to clarify
the structure-property relationships, especially in semicrys-
talline thermoplastic nanocomposites, and to understand the
mechanisms behind the property improvements, e.g., creep
resistance and toughness. Substantial contributions to open
issues can be expected from molecular modelling (dispersion
state, intercalation in 2-D and 3-D structures) and various
experimental techniques, which can be used in situ for study-
ing given properties. For example, the mechanical loading
induced changes in nanocomposites can well be studied by
synchrotron x-ray diffraction methods, by high-voltage elec-
tron (HVEM) and atomic force microscopy (AFM). For large-
scale production, the in situ polymerization (intercalation)
methods will be preferred instead of the melt compounding
methods in the future. Considerable research interest will
likely focus on the development of “smart” nanocomposites
(for sensors, actuators, etc.), as well as on the biomedical
applications of nanocomposites.
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I. INTRODUCTION

 

One topic of major interest in the field of scientific research
today is the combination of polymer matrices and fillers with
dimensions on the nanometer scale to so-called “polymer
nanocomposites.” Though the expression “nanocomposite”
appeared just in the past two decades, these nanocomposites
have already existed in the form of rubber carbon black
composites for about one century. Additionally, nature formed
many examples of materials with nanodimensional struc-
tures such as bones, implying a certain superiority concealed
in this design. 

However, fundamental understanding of the mechanisms
which make the properties of this class of materials so
remarkable have arisen slowly by intensive scientific research
in recent years. Polymer nanocomposites, which are defined
to consist of a polymeric matrix containing particles with at
least one of their dimensions being around or below 100 nm,
can be tailored to become stiffer and stronger at extremely
low filler loading fractions while at the same time maintaining
the toughness and ductility of the bulk host material. This
reinforcement occurs for particles of spherical shape as well
as for plate-like and fibrous nanofillers, although the latter
with their increased aspect ratio exhibit a stronger effect. As
a result, carbon nanotubes and carbon nanofibers with their
unique combination of excellent mechanical properties and a
very high aspect ratio theoretically are the ideal candidates
for reinforcing a polymeric matrix.

In practice, a number of challenges arises due to the
small size of the second phase. As a matter of fact, the specific
surface area increases with decreasing dimensions of the rein-
forcing particles and, hence, the forces per unit mass resulting
from interactions between this surface and surrounding
media become more pronounced. As a result, carbon nanofi-
bers and carbon nanotubes cannot easily be dispersed in sub-
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stances of different surface energy such as polar liquids (e.g.,
water) or most polymers. In addition, they cannot be posi-
tioned by simple means, leading to difficulties in orienting
carbon nanotubes and nanofibers parallel to the load direc-
tion, which would give large benefits to the reinforcing effect.
Finally, a strong interface between the reinforcing phase and
the host matrix is always desirable in order to achieve a good
load transfer. 

Strong efforts have been made in scientific research in
the last two decades and many advances toward industrial
applications have been made so far, but still many key issues
are not fully solved and a better understanding of the mech-
anisms underlying the reinforcing effect in polymer nanocom-
posites has to be found. The state of the art will be displayed
in the following.

 

II. CARBON NANOTUBES AND NANOFIBERS 

 

A completely new field of research in carbon materials has
developed since the discovery of the C

 

60

 

 structure in 1985 [1],
which is a hollow sphere made out of carbon atoms arranged
in pentagons and hexagons. The hexagonal structure is also
known from graphite sheets and carbon fibers, which provides
them with a high strength and stiffness at a low density. The
ideal carbon nanotube (CNT) is a small particle that can be
regarded as a graphite plane rolled up to a tube with a hemi-
spherical cap at each end. Its dimensions reach from 1 to
several 100 nm in diameter and up to more than 100 µm in
length so that an exceptionally high aspect ratio of more than
10,000 can be attained.

Two different types of CNTs exist: single wall and multi-
wall carbon nanotubes (SWCNT and MWCNT, respectively).
They differ, as the names already imply, in the number of
concentric graphene layers. While SWCNTs only possess one
single layer rolled up to form a tube, MWCNTs consist of 2
to ~50 layers of different diameters set up in concentric cyl-
inders. These are held together by secondary van der Waals
bondings. SWCNTs mostly occur in forms of bundles or ropes,
parallel arrangements of individual nanotubes also held
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together by van der Waals forces. In Figure 1 and Figure 2
TEM micrographs of a MWCNT and bundles of SWCNTs are
displayed, respectively. These images reveal another large
difference between the two general types of nanotubes. Since
the diameter of SWCNT is again much smaller than the one
of MWCNT and due to their extremely large specific surface

 

Figure 1

 

High resolution TEM micrograph of a multi-wall carbon
nanotube.

 

Figure 2

 

High resolution TEM micrograph of single-wall carbon
nanotube bundles.
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area, they exhibit large interaction forces which makes it
difficult to separate them. 

Carbon nanofibers (CNF) do not exhibit such a perfect
crystallographic structure as compared to carbon nanotubes.
They are built up by separate graphite layers which can be
oriented at various angles from perpendicular to parallel to
the fiber axis [2]. Figure 3 shows a TEM micrograph of two
CNFs, exhibiting different structures with the one on the
right being straight and the left one of the so-called “herring-
bone structure.” The diameters of CNFs range from 4 to 200
nm, and their lengths vary between 5 and 100 µm [3]. Next
to straight CNFs helical, twisted, branched, and bidirectional
forms exist, and it is understandable that the mechanical
performance of carbon nanofibers should vary as a function
of the structural differences. Similar differences in the
mechanical properties also occur for the various structures of
carbon nanotubes. Since for both types of particles the syn-
thesis process determines the resulting morphology, the most
common production routes are described in the following.

 

Figure 3

 

TEM micrograph of two carbon nanofibers.
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A. Production

 

The main processes for the synthesis of carbon nanotubes are
the electric arc discharge, laser ablation, electrolytic synthe-
sis, gas phase catalytic growth from carbon monoxide and
chemical vapor deposition from hydrocarbons. In the electric
arc-discharge process, two graphite rods of high purity are
used as electrodes in an inert helium or argon atmosphere.
They are brought together until a direct current arc is formed
creating a plasma of a temperature of ~4000°C. The carbon
is removed from the anode and deposited at the cathode,
building an outer shell of heat-fused material and an inner
core consisting of nearly 70% of MWCNTs and 30% other
graphitic nanoparticles [4]. In order to produce SWCNTs, the
anode is doped with metal particles which act as the catalyst.
The quality of the obtained material strongly depends on the
experimental conditions such as voltage, temperature and
composition of the graphite rods [4]. 

In the laser ablation, CNTs are synthesized by vaporizing
graphite due to laser irradiation in an inert atmosphere in a
furnace at about 1200°C. The vaporized carbon particles are
swept away by the gas flow and deposited on a cooled copper
collector. A CNT containing soot forms which can be collected
at the graphite target, the copper collector and the furnace
walls. MWCNTs as well as SWCNTs can be produced by this
method, the latter, again, by doping the graphite target with
metal particles [5]. 

The electrolytic production of CNT is based on passing
an electric current of 1 to 30 A through a molten salt (e.g.,
lithium chloride) between two graphite electrodes. The cathode
is being consumed, and a huge variety of nanoparticles are
formed in the melt from where they can be washed out and
purified. Generally, MWCNTs are synthesized by this method
and not more than 45% of the obtained particles are CNTs [6],
but also SWCNTs were recently produced with this method [7]. 

Finally, there is the possibility to grow CNTs by catalytic
vapor deposition (CVD). Mainly, this method is based on
decomposing a hydrocarbon gas (e.g., acetylene or natural gas)
in a furnace flowing at about 700°C over a mono- or bi-metallic
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catalyst, for example Fe, Ni, Co, or Cr. The catalyst can be
placed in a ceramic container, and the decomposing gas is
forming carbon particles at the surface of the catalyst parti-
cles. The control over length, diameter and structure is given
by adjusting the conditions of the process such as tempera-
ture, pressure, type of carbon source and catalyst, gas flow
and many others. Mainly, MWCNTs are produced by this
method, but since 1996 also SWCNTs have been synthesized.
Very similar to this process is the gas-phase catalytic growth
with carbon monoxide as the carbon source. Since the decom-
position of this gas takes place at more elevated temperatures
than that of hydrocarbons, the furnace has to be heated up
to 1200°C. Furthermore, the effectiveness of the method rises
with increasing pressure [8,9]. 

A special variant of the CVD process is the growth of
aligned CNTs on a flat substrate. Here, a double stage fur-
nace is used. In the first stage a precursor is sublimed and
forms together with the carbon source gas nanoparticles suit-
able for the production of CNTs. In the second stage, the
MWCNTs grow on the substrate, e.g., silicate where the cat-
alyst is deposited. This method creates the possibility of
producing large quantities of nanotubes which are rather
straight, aligned and, therefore, not entangled, with a uni-
form and controllable length and diameter [10,11]. In Figure
4 a SEM micrograph of such material is shown. The align-
ment of the outermost layers of the MWCNTs are disturbed
due to the sample preparation, but it can be seen that the
majority of the CNTs forms a carpet-like structure.

One large step towards the industrial mass production
of carbon nanotubes is the so-called “floating catalyst”
method. Here, the catalyst is not supported anymore, but the
nanoparticles form directly from metallic catalyst particles in
the gas phase [12]. This route has been well established for
decades for the production of vapor-grown carbon fibers
(VGCF) and is also the current approach towards the produc-
tion for carbon nanofibers. However, carbon nanotubes seem
to require more control of the diameter of the catalyst parti-
cles as well as of the growth time in the furnace than VGCFs
and CNFs. One solution to overcome these difficulties might
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be to fluidize and at the same time stabilize the catalyst
particles as it was already successfully applied for the syn-
thesis of MWCNTs [13] as well as for SWCNTs [14]. 

In general, CVD processes have the advantage of being
continuous and, therefore, allow large-scale industrial produc-
tion. Furthermore, they require lower temperatures for the
formation of nanostructures, making them less cost intensive.
On the other hand, lower growth temperatures lead to
decreased mobility of the carbon atoms and, hence, to
increased misalignment of the graphitic planes and a higher
defect density. Therefore, CNTs synthesized by arc-discharge
or laser ablation are considered to be crystallographically
more perfect. However, structural defects can be annealed
during subsequent but expensive graphitization treatments.

 

B. Properties

 

It is now established that the structure of carbon nanotubes
as well as of carbon nanofibers depends strongly on the route
of synthesis. It is not surprising that carbon nanotubes and

 

Figure 4

 

SEM micrograph of aligned CVD-grown multi-wall car-
bon nanotubes.
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nanofibers do not possess a given value for most of their
properties but instead cover a range between particular lim-
its. It is important to understand this relationship between
structure and properties for these nanostructures in order to
choose the appropriate material for a given application.

The small dimensions of nanotubes and nanofibers make
it additionally difficult to determine their intrinsic mechanical
properties. In consequence, many studies were aimed at the
indirect experimental determination or the theoretical predic-
tion of Young’s modulus of nanotubes. Measuring the ampli-
tude of thermal vibrations of CNTs in a TEM yielded an
average value of 1.8 TPa [15] and 1.25 TPa [16] for MWCNT
and SWCNTs, respectively, but the values varied by more
than one order of magnitude and the error was in a span of
±60%. A different approach was chosen by Poncharal et al.
[17] investigating the resonant frequencies of MWCNTs in a
TEM. A diameter dependent Young’s modulus of approxi-
mately 1 TPa for CNTs smaller than 12 nm was found. The-
oretical calculations tend to yield even higher stiffnesses
exceeding 1 TPa [18,19]. In an atomic force microscope (AFM),
the mechanical properties of MWCNTs [20] and bundles of
SWCNTs [21] were directly determined. Here, the nanotubes
were attached to an AFM tip and exposed to a tensile load.
The resulting forces and displacements were measured and
resulted in modulus values ranging from 270 to 950 GPa for
MWCNTs and between 320 and 1470 GPa for SWCNTs. The
large variations in mechanical properties observed most likely
reflect the deviations in the defect structure as already men-
tioned, especially when compared to theoretical results pre-
dicted for atomically perfect nanotubes. 

Besides the elastic modulus the strength and the elon-
gation to break could also be obtained from the aforemen-
tioned direct tensile tests. Similar to Young’s modulus, the
evaluated strength values varied considerably but on a rather
high level between 11 to 63 MPa for MWCNTs [20] and 13 to
52 GPa for SWCNTs [21]. 

Besides the high strength and stiffness, CNTs show a
great flexibility. In computer simulations as well as transmis-
sion electron microscopy observations, Iijima et al. [22] have
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shown that the bending of CNT is completely reversible up
to angles of 110°, despite the formation of kink shapes. Fur-
thermore, the strain to failure seems to be extremely high,
and calculated values in simulations are in the range of 30
to 40%. Due to the movement of dislocations, a highly sym-
metric structure is kept [23]. Experimentally 12% and 5.3%
elongation at break could be observed for MWCNTs and
SWCNTs, respectively [20,21]. 

Carbon nanofibers, in contrast to nanotubes, have not
been the target of extensive research considering their com-
paratively high degree of structural imperfection [2]. Their
macroscopic counterparts, the vapor-grown carbon fibers
(VGCF), were taken as a model system. The tensile modulus
of VGCFs is reported to lie in the range of 100 to 400 GPa
[24,25,26]. Furthermore, a diameter dependence revealed a
linear increase of Young’s modulus from 120 to 300 GPa with
a decreasing diameter from 32 to 6 µm [24,27]. It was
assumed that a higher degree of disorder in the graphitic
structure as a result of a quicker decomposition of pyrolytic
carbon during the thickening period could explain the
observed variations in mechanical properties [27]. Besides
the modulus, the tensile strength of VGCFs shows a similar
inverse linear relationship to the fiber diameter with values
varying between 2.5 to 3.5 GPa for fiber diameters below 10
µm [24,26,27]. This is a general observation when comparing
bulk and fibrous forms of matter and can be explained by a
lower flaw population in the latter. However, it is believed
that the mechanical properties of carbon nanofibers are sim-
ilar or better than those of VGCFs [28] even if an extrapola-
tion of the properties to the smaller diameters is assumed
not to be valid.

 

III. POLYMER NANOCOMPOSITES 
CONTAINING CARBON 
NANOTUBES/NANOFIBERS

 

In summary, carbon nanotubes as well as carbon nanofibers
are materials with strong variations in their properties on a
very high level. In combination with their extremely small
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size and enormous aspect ratio of up to several 10,000, they
seem to be ideal candidates for the reinforcement of polymer
components where continuous fiber reinforcement cannot be
realized. Consequently, extensive scientific research dealing
with polymer nanocomposites containing carbon nanotubes
or carbon nanofibers has been carried out within the last
fifteen years, resulting in the recognition of some key prob-
lems arising mainly from the small size of the nanofiller. As
the properties of the nanoparticles themselves already vary
strongly as a result of structural variations, the mechanical
performance of polymer nanocomposites hinges on a large
variety of influencing factors such as filler volume fraction,
degree of dispersion of the particles and their distribution,
orientation of the fiber axis, the properties of the filler matrix
interface as well as the matrix morphology.

Carbon nanotubes and nanofibers are characterized by
an extremely high specific surface area of more than 1,000
m

 

2

 

/g which can interact with the matrix material and form a
potentially strong interface for a good load transfer. In turn,
such a high specific surface area means that interaction forces
become more important, resulting generally in increased dif-
ficulties in dispersing these nanoparticles. As a result, various
methods of producing polymer nanocomposites have been
established, which can be classified in three general routes:
mixing in the liquid state, solution-mediated processes and

 

in situ

 

 polymerization. Melt-mixing should be the most favor-
able for industrial applications though some industrial fiber-
spinning processes are based on dissolved polymers.

The idea behind solution-mediated nanocomposite pro-
duction methods is to homogeneously disperse nanotubes
together with the polymer in a solvent which is subsequently
evaporated off, leaving a residue of a polymer-nanoparticle
mixture. This production technique seems to depend on the
formation of a stable dispersion since Haggenmueller et al.
reported large agglomerates in SWCNT-polymethylmethacry-
late (PMMA) nanocomposites [29], while Shaffer and Windle
observed good dispersions up to high loading fractions of 40
wt% producing polyvinylalcohol (PVOH)-MWCNT nanocom-
posites [30]. The composite stiffness in the latter study was
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found to increase linearly with increasing loading fraction and
much more pronounced at temperatures above T

 

g

 

 than below.
When producing nanocomposites by the 

 

in situ

 

 polymer-
ization route, the nanoparticles are mixed with the monomer.
This process could be used in industrial production and can
facilitate the dispersion process. One example of 

 

in situ

 

 poly-
merization is given by the study of Roslaniec et al. examining
MWCNT and SWCNT nanocomposites based on a polyether
ester elastomer (PEE) matrix [31]. SEM micrographs indi-
cated a good degree of dispersion of 0.5 wt% MWCNTs in the
polymer matrix. On the other hand, unforeseen effects can
occur during polymerization in the presence of carbonaceous
particles. Jia et al. reported a decreasing polymer chain length
and an increasing consumption of the polymerization starting
agent with an increasing amount of filler [32]. The latter effect
was explained with the existence of 

 

π

 

-bonds in the CNT which
are broken up instead of the C=C bonds in the monomers. A
further disadvantage of this method is that a small residue
of monomer will always remain in the polymer. 

Standard melt processing techniques such as extrusion
and injection molding are preferable for economic reasons but
are often inapplicable due to the lack of a sufficient amount
of CNT. Solely thermoplastic-MWCNT masterbatches by
Degussa-Hüls AG can be obtained in large capacities. These
are based on highly entangled nanotubes by Hyperion Catal-
ysis Inc., which are difficult to be dispersed by shear forces
[33]. In contrast, CNFs are commercially available in ade-
quate quantities without being too cost intensive. Tibbets and
McHugh [34], for example, produced polypropylene/CNF
nanocomposites with the help of a small injection molding
machine. They reported that the occurring shear forces in
processing were too low to break up all agglomerates of the
CNFs. An initial ball milling step of the as-received nanofibers
reduced the size of the aggregates but also significantly
decreased the length of the CNFs. Other melt processing
techniques involving high shear forces such as twin-screw
extrusion [35] or melt mixing [36] led to improved degrees of
dispersion of the nanofibers in the matrix polymer and
enabled the incorporation of loading fractions up to 60 wt%.
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But it has to be kept in mind that large shear forces also can
shorten the length of the nanofibers [37]. 

As soon as aggregates are broken up, the high viscosity
of thermoplastic polymers seems to be sufficient to prevent
re-agglomeration. Hence, a masterbatch of a polyetherether-
ketone/CNF nanocomposite produced by twin-screw extrusion
which was subsequently processed by injection-molding was
observed to retain the high degree of dispersion [38]. Inter-
estingly, low loading fractions of CNFs up to 10 wt% did not
lead to an increase in melt viscosity of polypropylene [39],
even a decrease in viscosity was reported up to the same
amount of CNFs in polycarbonate [35]. In contrast, the vis-
cosity of duromers increases strongly with the addition of
nanoparticles, which is also a reason why only small loading
fractions have been incorporated into such matrices. Due to
the overall lower viscosity of uncured duroplastics compared
to thermoplastic melts, the nanoparticles tend to re-agglom-
erate again, making constant stirring necessary [40]. 

In addition to shear forces to separate CNTs or CNFs,
often ultrasonication is applied which can improve the dis-
persion process considerably. It has to be kept in mind that
this procedure is only applicable for small batches since the
power of the ultrasound decreases strongly with increasing
distance from its source. Even more important seems to be
the observation that ultrasonic treatment damages the CNTs
and can reduce their length, yielding weaker structures with
higher defect densities and lower aspect ratios [41]. 

Another route to improve the dispersion of nanotubes in
the matrix material is to enhance the compatibility of the
surfaces. A surfactant, for example, acting as a compatibilizer
similar to soap for oil and water was applied to stabilize the
dispersion of MWCNTs in an epoxy matrix [42]. As little as
1 wt% of dispersed MWCNTs exhibited improved thermome-
chanical behavior compared to a similar amount of untreated
nanofiller, although the surfactant negatively influenced the
stiffness of the epoxy itself by decreasing the storage modulus
significantly. This effect strongly indicates the high impor-
tance of the degree of dispersion for the improvement of the
mechanical properties of polymeric matrices. Furthermore, an
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increase in T

 

g

 

 indicated strong interactions between the nano-
filler and the polymer chains of the epoxy. Surfactants were
also used to assist the dispersion of individual SWCNTs in
polyvinylpyrrolidine, which was subsequently blended with
polyvinylalcohol [43]. The obtained composite films revealed
stiffening as well as strengthening effects but also a reduction
in ductility. 

A further step for the dispersion enhancement is the
chemical functionalization of the nanofiller involving the cova-
lent or noncovalent attachment of functional groups to nano-
tubes [44]. The end caps of both single and multi-wall carbon
nanotubes can be opened under oxidizing conditions and ter-
minated with carboxyl, carbonyl and hydroxyl groups. Such
oxidized nanotubes have a better solubility and can form elec-
trostatically stabilized colloidal dispersions in water as well
as alcohols [45], but the oxidization treatment was observed
to reduce the nanotube length. The oxidizing process can also
assist the dispersion process in thermoplastic matrices. For
example, in an amorphous polystyrene matrix, the function-
alization was found to improve the degree of dispersion of
SWCNT bundles [46]. Shaffer and Windle [30] introduced up
to 60 wt% of catalytic grown MWCNTs by solution casting into
polyvinylalcohol with the help of stabilizing the dispersion of
nanotubes in a solvent with an acid treatment. Furthermore,
they report an improved polymer adsorption onto the nano-
particles, which was assumed to be related to the oxidization
treatment as well. Figure 5 shows a SEM micrograph of the
fracture surface of a polypropylene/MWCNT nanocomposite.
It was assumed from this image that a good adhesion was
existent between the filler and the matrix because of the poly-
meric material stuck to the nanotubes.

As could be observed in the aforementioned example, the
chemical functionalization approach brings up another vital
issue concerning the improvement of the mechanical proper-
ties of nanocomposites. Similar to composites containing mac-
roscopic fiber reinforcement, the fiber-matrix interface plays
an essential role in transferring an applied load. Epoxy resins
generally seem to have a good adhesion to carbon fillers as it
has already been established for carbon fibers. A study by
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Wagner et al. [47], for example, reported a stress transfer
ability for MWCNTs in a UV-curable polymer, which is one
order of magnitude higher than the one of other advanced
composites. However, Ajayan et al. [48] observed alignment
of arc-grown MWCNTs dispersed in epoxy after microtoming
the nanocomposite. From this effect and the lack of nanotube
fractures due to the cutting process, they concluded that the
nanotubes were very strong and the nanotube-matrix inter-
face rather weak. Gojny et al. [49] also reported poor adhesion
between matrix and filler which could be improved noticeably
by an amino-functionalization [50]. It is assumed that the
amino groups attached to the nanotubes form covalent bonds
to the polymer chains of the epoxy matrix and, therefore,
strengthen the filler-matrix interface significantly.

When evaluating the influence of nanoparticles on the
mechanical properties of polymeric matrices, possible changes
in the matrix morphology have to be taken into account. The
presence of nanoparticles can strongly affect the curing reac-
tion of duromers and elastomers. An acceleration of the epoxy

 

Figure 5

 

SEM micrograph of a fracture surface of a nanocompos-
ite consisting of a polypropylene matrix containing CVD-grown
MWCNTs.
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curing reaction was, for example, shown for untreated
SWCNT bundles, with the effect being most pronounced at
low curing temperatures [51]. This increase in reaction rate
arises from the high thermal conductivity of the nanotubes
and also depends on the specific surface area and surface
chemistry, as shown by a comparative study of carbon nanofi-
bers and carbon black [52]. The higher the degree of graphi-
tization of the filler surface, the less pronounced the effect on
the curing rate. 

In the case of thermoplastic matrices extensive research
to establish the effect of nanoparticles on the crystalline mor-
phology has been conducted. One example is isotactic polypro-
pylene which is a widely applied and well studied semi-
crystalline polymer. It was already well established that the
presence of macroscopic fibers such as carbon, glass, polyeth-
yleneterephtalate and polyimide affects the morphology of
polypropylene [53–56]. A solid surface for heterogeneous nucle-
ation is provided within the matrix and effects such as tran-
scrystallization occur. Similar effects have been reported for
polypropylene-containing nanoparticles such as carbon black
[57] and organoclay [58] and, indeed, a pronounced nucleating
effect of CNFs in the same polymer was observed by Lozano
et al. [36]. They reported additionally an effect on the resulting
average crystallite size and size distribution as well as an
increase in the overall degree of crystallinity with increasing
filler content. The introduction of functionalized SWCNTs to
polypropylene even altered the crystal structure from the 

 

α

 

 to
the 

 

β

 

 structure [59]. Sandler et al. [60], incorporating CNFs
as well as MWCNT in polypropylene in a comparative study,
showed strong effects of the nanoparticles on the crystalline
structure of the matrix as displayed in Figure 6. Here, a TEM
micrograph shows the end of a carbon nanofiber in a highly
oriented polypropylene film drawn from solution. The darkest
material on the image reflects the metal catalyst with which
most of this section of the CNF is filled while the graphitic
structure of the nanofiber extends to the left. The vertical
bands in the matrix correspond to the crystal lamellae of the
polypropylene which have a higher density to each side of the
nanofiber compared to the edges of the micrograph. When
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taking into account these aforementioned effects, the large
differences in the reported mechanical behavior of theromplas-
tic-nanotube/nanofiber composites are not surprising since the
mechanical performance of such materials depends strongly
on the degree of crystallinity of its morphology.

A final factor strongly affecting the mechanical reinforce-
ment of polymeric materials with nanofillers possessing a
high aspect ratio is the orientation of the nanoparticle’s axis
into the loading direction. In fluids of low viscosity such as
uncured resins, orientation of carbon nanotubes can be
achieved by applying EM-fields as shown for example by Mar-
tin et al. [61]. Such methods do not work in thermoplastic
polymer melts exhibiting higher viscosities. Here, the orien-
tation of the nanotubes and nanofibers into one direction can

 

Figure 6

 

TEM micrograph of carbon nanofiber in a polypropylene
matrix exhibiting changes in matrix morphology.
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be obtained by the introduction of shear forces for example
by mechanical stretching [62,63], fiber-spinning [29,64], spin
casting [65] and injection molding [38]. Especially the fiber-
spinning process led to highly oriented nanotube and nanofi-
ber composites within thermoplastic matrices. One route for
the fiber production is spinning from a solution. In one suc-
cessful example, SWCNTs dispersed in a surfactant were
injected into a polyvinylalcohol-coagulation bath [66]. Gel
fibers were obtained which were subsequently drawn yielding
in fibers with a tensile modulus of 80 GPa. Compared to high-
performance carbon fibers this stiffness is still rather low, but
they exhibit a remarkable tensile strength of 1.8 GPa and a
high toughness. 

 

IV. CONCLUSIONS

 

Despite other influences, for example processing conditions,
the main issues affecting the mechanical properties of poly-
mer nanocomposites containing carbon nanotubes or nanofi-
bers were displayed. Carbon nanotubes and carbon nanofibers
are both nanoparticles possessing a unique and highly inter-
esting combination of mechanical properties, electrical and
thermal conductivity and diameters at the nanometer scale
with an aspect ratio exceeding 10,000. 

Many different routes of production together with vari-
ous post-synthesis processes result in a huge variety of dif-
ferent materials possessing a wide range of properties. In a
very recent study, for example, the performance of three dif-
ferent types of nanotubes and CNFs was compared when spun
to fibers in a nylon-12 matrix [67]. Strong variations in the
mechanical performance were observed for the different types
of nanofiller even though the degree of alignment and of
overall crystallinity were reported to be similar. Interestingly,
fibers containing both types of catalytically grown CNTs as
well as the CNFs exhibited a higher tensile modulus than
those filled with arc-grown nanotubes which should generally
possess the highest degree of crystalline perfection and the
least defect density. This effect was assumed to be related to
low purity and degree of dispersion of the as-received material
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and distinctly shows that the choice of the kind of nanofiller
strongly depends on the application and is rather difficult.
The purity, diameter, aspect ratio, dispersability, crystalline
structure, chemical and thermal post-synthesis treatment as
well as the initial degree of alignment play a vital role next
to the cost and the choice of an appropriate matrix material.
At the moment, carbon nanofibers and catalytically grown,
multi-wall carbon nanotubes seem to be the best choices for
industrial applications exploiting mainly their potential as a
reinforcing phase, justified simply by their comparably
uncomplicated dispersability and low cost. 

Another interesting result derived from [67] is the fact
that an additional cold drawing of the fibers after processing
did not lead to a further increase in orientation of the nano-
filler particles. It was assumed that the nanoparticles were
already fully aligned before the cold drawing and that the
intrinsic waviness of the nanotubes and nanofibers was the
limiting element to further orientation. This finding corre-
lated well to other studies reporting a similar degree of align-
ment [68,69] and is supported by the study of Fisher et al.
[70] investigating the effect of nanotube waviness on the mod-
ulus of polymer nanocomposites. The nanotube waviness was
also addressed to be the reason for the calculated effective
modulus being much lower with between 2.4 and 13.2 GPa
than theoretically possible [69]. 

However, today already several commercial applications
for nanotube-polymer composites exist, but these are almost
exclusively exploiting the electrical properties of carbon nan-
otubes. The utilization of the promising mechanical properties
of nanotubes and nanofibers in polymer composites is hin-
dered by challenges that yet need to be overcome. Since great
efforts have been made so far and major difficulties still
remain, it is doubtful that short-fiber reinforced bulk compos-
ites will be ever replaced by polymer composites containing
carbon nanotubes or carbon nanofibers, but there exist vari-
ous fields of application where they could be extremely advan-
tageous. As examples, consider small structures where
reinforcement with macroscopic fibers is impossible such as
fibers or films or applications where an exclusive combination
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of properties is required [71]. Another issue of rising interest
is the recycling of composites without losing their reinforce-
ment which is difficult to be achieved with conventional short
fiber reinforcement.

 

ACKNOWLEDGMENTS

 

The authors which to thank Ian A. Kinloch from the Depart-
ment of Materials Science and Metallurgy at the University
of Cambridge, U.K., and Jan K. W. Sandler from Polymer
Engineering Department at the University of Bayreuth, Ger-
many, for the fruitful discussions and kind help. They further
acknowledge the financial support from the EC Thematic Net-
work “CNT-Net” [G5RT-CT-2001-05026] and the Deutsche
Forschungsgemeinschaft DFG for funding within the SFB 371
project C9.

 

REFERENCES

 

1. Kroto HW, Heath JR, O’Brian SC, Curl RF, Smalley RE. C

 

60

 

:
Buckminsterfullerene. Nature 1985; 318:162–163.

2. Rodriguez NM. A review of catalytically grown carbon nanofi-
bers. J Mat Res 1993; 8:3233–3250.

3. Oberlin A, Endo M, Koyama T. High resolution electron micro-
scope observations of graphitized carbon fibres. J Cryst Growth
1976; 14:133–135.

4. Ebbesen TW and Ajayan PM. Large-scale synthesis of carbon
nanotubes. Nature 1992; 358:220–222.

5. Guo T, Nikolaev P, Thess A, Colbert, DT, Smalley RE. Catalytic
growth of single-walled nanotubes by laser vaporization. Chem
Phys Lett 1995; 243:49–54.

6. Hsu WK, Hare JP, Terrones M, Kroto HW, Walton DRM, Harris
PJF. Condensed-phase nanotubes. Nature 1995; 2377:687.

 7. Bai JB, Harmon AL, Marraud A, Jouffry B, Zymla V. Synthesis
of SWCNTs and MWCNTs by a molte salt (NaCl) method. Chem
Phys Lett 2002; 365:184–188.

 

DK4635_C014.fm  Page 622  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

 8. Kukovecz A, Konya Z, Nagaraju N, Willems I, Tamasi A, Fonseca
A, Nagy JB, Kiricsi I. Catalytic synthesis of carbon nanotubes
over Co, Fe and Ni containing conventional and sol-gel silicate-
aluminas. Phys Chem Chem Phys 2000; 2:3071–3076.

 9. Joseyacaman M, Mikiyoshida M, Rendon L, Santiesteban JG.
Catalytic growth of carbon microtubules with fullerene struc-
ture. Appl Phys Lett 1993; 62:657–659.

10. Li WZ, Xie SS, Qian LX, Chang BH, Zou BS, Zhou WY, Zhao
RA, Wang G. Large-scale synthesis of aligned carbon nanotubes.
Science 1996; 274:1701–1703.

 11. Satishkumar BC, Govindaraj A, Rao CNR. Bundles of aligned
carbon nanotubes obtained by the pyrolysis of ferrocene-hydro-
carbon mixtures: role of the metal nanoparticles produced 

 

in
situ

 

. Chem Phys Lett 1999; 307:158–162.

 12. Rao CNR. Synthesis of multi-walled and single-walled nano-
tubes, aligned-nanotube bundles and nanorods by employing
organometallic precursors. Mat Res Innovat 1998; 2:128–141.

 13. Venegoni D, Serp P, Feurer R, Kihn Y, Vahlas C, Kalck P. Para-
metric study for the growth of carbon nanotubes by catalytic
chemical vapor deposition in a fluidized bed reactor. Carbon
2002; 40:1799–1807.

 14. Li YL, Kinloch IA, Shaffer MSP, Geng J, Johnson B, Windle AH.
Synthesis of single-walled carbon nanotubes by a fluidized-bed
method. Chem Phys Lett 2004; 384:98–102.

 15. Treacy MMJ, Ebbesen TW, Gibson TM. Exceptionally high
Young’s modulus observed for individual carbon nanotubes.
Nature 1996; 381:678–680.

 16. Krishnan A, Dujardin E, Ebbesen TW, Yianilos PN, Treacy
MMJ. Young’s modulus of single-walled nanotubes. Phys Rev B
1998; 58:14013–14019.

 17. Poncharal P, Wang ZL, Ugarte D, de Heer WA. Electrostatic
deflections and electromechanical resonances of carbon nano-
tubes. Science 1999; 283:1513–1516.

 18. Overney G, Zhong W, Tománek Z. Structural rigidity and low
frequency vibrational modes of long carbon tubules. Z Phys D
1993; 27:93–96.

 

DK4635_C014.fm  Page 623  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

19. Yakobson BI, Brabec CJ, Bernholc J. Nanomechanics of carbon
tubes: instabilities beyond linear response. Phys Rev Lett 1996;
76:2511–2514.

20. Yu MF, Lourie O, Dyer M, Moloni K, Kelly T. Strength and
breaking mechanism of multi-walled carbon nanotubes under
tensile load. Science 2000; 287:637–640. 

21. Yu MF, Files BF, Arepalli S, Ruoff RS. Tensile loading of ropes
of single wall carbon nanotubes and their mechanical proper-
ties. Phys Rev Lett 2000; 84:5552–5555.

22. Iijima S, Brabec C, Maiti A, Bernholc J. Structural flexibility of
carbon nanotubes. J Chem Phys 1996; 104:2089–2092.

23. Yakobson BI, Campbell MP, Brabec CJ, Bernholc J. High strain
rate fracture and C-chain unravelling in carbon nanotubes.
Comp Mat Sci 1997; 8:341–348.

24. Tibbetts GG, Beetz Jr CP. Mechnical properties of vapour-grown
carbon fibres. J Phys D Appl Phys 1987; 20:292–297.

25. Tibbetts GG, Gorkiewicz DW, Alig RL. A new reactor for growing
carbon-fibers from liquid-phase and vapor-phase hydrocarbons.
Carbon 1993; 31:809–814.

26. Mandronero A. Strength of short carbon fibres germinated and
grown under hydrogen. Mater Sci Eng A 1994; 185:L1–L4.

27. Tibbetts GG. Vapor-grown carbon fibres. In: Figueiredo JL, Ber-
nardo CA, Baker RTK, Hüttinger KJ, eds., Carbon Fibres Fil-
aments and Composites. NATO ASI Ser. C, Math. Phys. Sci.
Netherlands: Dordrecht, 1990:73–94.

28. Patton RD, Pittman CU Jr., Wang L, Hill JR, Day A. Ablation,
mechanical and thermal conductivity properties of vapor grown
carbon fiber/phenolic matrix composites. Compos A 2002;
22:243–251.

29. Haggenmueller R, Gommans HH, Rinzler AG, Fischer JE,
Winey KI. Aligned single-wall carbon nanotubes in composites
by melt processing methods. Chem Phys Lett 2000;
330:219–225.

 30. Shaffer MSP and Windle AH. Fabrication and characterization
of carbon nanotube/poly(vinyl alcohol) composites. Adv Mater
1999; 11:937–941.

 

DK4635_C014.fm  Page 624  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

31. Roslaniec Z, Broza G, Schulte K. Nanocomposites based on
multiblock polyester elastomers (PEE) and carbon nanotubes
(CNT). Compos Interf 2003; 10:95–102.

32. Jia Z, Wang Z, Xu C, Liang J, Wei B, Wu D, Zhu S. Study on
poly(methyl methacrylate)/carbon nanotube composites. Mat
Sci Eng A 1999; 271:395–400.

33. Pötschke P, Fornes TD, Paul DR. Rheological behaviour of mul-
tiwalled carbon nanotube/polycarbonate composites. Polymer
2002; 11:3247–3255.

34. Tibbetts GG, McHugh JJ. Mechanical properties of vapor-grown
carbon fibre composites with thermoplastic matrices. J Mater
Res 1999; 14:2871–2880.

35. Carneiro AS, Covas JA, Bernardo CA, Caldeira G, Van Hattum
FWJ, Ting J-M, Alig RL, Lake ML. Production and assessment
of polycarbonate composites reinforced with vapour-grown car-
bon fibres. Comp Sci Tech 1998; 58:401–407.

36. Lozano K and Barrera EV. Nanofibre-reinforced thermoplastic
composites I: Thermoanalytical and mechanical analysis. J Appl
Polym Sci 2001; 79:125–133.

37. Kuriger RJ, Alam MK, Anderson DP, Jacobsen RL. Processing
and characterization of aligned vapor grown carbon fiber rein-
forced polypropylene. Compos A 2002; 33:53–62.

38. Sandler J, Werner P, Shaffer MSP, Demchuk V, Altstädt V,
Windle AH. Carbon-nanofibre-reinforced poly(ether ether
ketone) composites. Compos A 2002; 33:1033–1039.

39. Lozano K, Bonilla-Rios J, Barrera EV. A study on nanofibre-
reinforced thermoplastic composites II: Investigation of the mix-
ing rheology and conduction properties. J Appl Polym Sci 2001;
80:1162–1172.

40. Lau K-T, Shi S-Q, Cheng H-M. Micro-mechanical properties and
morphological observation on fracture surfaces of carbon nan-
otube composites pre-treated at different temperatures. Comp
Sci Tech 2003; 63:1161–1164.

41. Lu KL, Lago M, Chen YK, Green MLH, Harris PJF, Tsang SC.
Mechanical damage of carbon nanotubes by ultrasound. Carbon
1996; 34:814–816.

 

DK4635_C014.fm  Page 625  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

42. Gong X, Liu J, Baskaran S, Voise RD, Young JS. Surfactant-
assisted processing of carbon nanotube/polymer composites.
Chem Mater 2000; 12:1049–1052.

43. Zhang X, Liu T, Sreekumar TV, Kumar S, Moore VC, Hauge
RH, Smalley RE. Poly(vinyl alcohol)/SWCNT composite film.
Nano Lett 2003; 3:1285–1288.

44. Zhu J, Kim JD, Peng H, Margrave JL, Khabashesku VN, Bar-
rera EV. Improving the dispersion and integration of single-wall
carbon nanotubes in epoxy composites through functionaliza-
tion. Nano Lett 2003; 3:1107–1113.

45. Shaffer MSP, Fan X, Windle AH. Dispersion and packing of
carbon nanotubes. Carbon 1998; 36:1603–1612.

46. Mitchell CA, Bahr JL, Arepalli S, Tour JM, Krishnamoorti R.
Dispersion of functionalized carbon nanotubes in polystyrene.
Macrom 2002; 35:8825–8830.

47. Wagner HD, Lourie O, Feldman Y, Tenne R. Stress-induced
fragmentation of multiwall carbon nanotubes in a polymer
matrix. Appl Phys Lett 1998; 72:188–190.

48. Ajayan PM, Stephan O, Colliex C, Trauth D. Aligned carbon
nanotube arrays formed by cutting a polymer resin-nanotube
composite. Science 1994; 265:1212–1214.

49. Gojny FH, Nastalczyk J, Schulte K, Roslaniec Z. Surface mod-
ified nanotubes in CNT/epoxy-nanocomposites. Chem Phys Lett
2003; 370:820–824.

50. Gojny FH and Schulte K. Functionalisation effect on thermo
mechanical behaviour of multi-wall carbon nanotub/epoxy-com-
posites. Comp Sci Tech 2004; in press.

51. Puglia D, Valentini L, Kenny JM. Analysis of the cure reaction
of carbon nanotubes/epoxy resin composites through thermal
analysis and raman spectroscopy. J Appl Polym Sci 2003;
88:452–458.

52. Yin M, Koutsky JA, Barr TL, Rodriguez NM, Baker RTK, Kle-
banov L. Characterization of carbon microfibers as a reinforce-
ment for epoxy resins. Chem Mater 1993; 5:1024–1031.

53. Tan JK, Kitano T, Hatakeyama T. Crystallisation of carbon fibre
reinforced polypropylene. J Mat Sci 1990; 25:3380–3384.

 

DK4635_C014.fm  Page 626  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

54. Avella M, Martuscelli E, Sellitti C, Garagnani E. Crystallisation
behaviour and mechanical properties of polypropylene-based
composites. J Mat Sci 1987 22:3185–3193.

55. Janevski A, Bogoeva-Gaceva G, Mäder E. DSC analysis of crys-
tallisation and melting behaviour of polypropylene in model
composites with glass and poly(ethyleneterephthalate) fibres. J
Appl Polym Sci 1999; 74:239–246.

56. Sukhanova TE, Lednick, F, Urban J, Baklagina YG, Mikhailov
GM, Kudryavtsev VV. Morphology of melt crystallised polypro-
pylene in the presence of polyimide fibres. J Mat Sci 1995;
30:2201–2214.

57. Mucha M, Marszalek J, Fidrych A. Crystallization of isotactic
polypropylene containing carbon black as a filler. Polymer 2000;
41:4137–4142.

58. Xu W, Ge M, He P. Nonisothermal crystallization kinetics of
polypropylene/montmorillonite nanocomposites. J Polym Sci B
Polym Phys 2002; 40:408–414.

59. Grady BP, Pompeo F, Shambaugh RL, Resasco DE. Nucleation
of polypropylene crystallisation by single-walled carbon nano-
tubes. J Phys Chem B 2002; 106:5852–5858.

60. Sandler J, Broza G, Nolte M, Schulte K, Lam YM, Schaffer MSP.
Crystallisation of carbon nanotube and nanofibre polypropylene
composites. J Macromol Sci B 2003; 42:479–488.

61. Martin CA, Sandler JKW, Windle AH, Shaffer MSP, Schulte K,
Schwarz MK, Bauhofer W. Electric field-induced aligned multi-
wall carbon nanotube networks in epoxy composites. Polymer;
submitted 2004.

62. Jin L, Bower C, Zhou O. Alignment of carbon nanotubes in a
polymer matrix by mechanical stretching. Appl Phys Lett 1998;
73:1197–1199.

63. Bower C, Rosen R, Jin L, Han J, Zhou O. Deformation of carbon
nanotubes in nanotube-polymer composites. Appl Phys Lett
1999; 74:3317–3319. 

64. Sennett M, Welsh E, Wright JB, Li WZ, Wen JG, Ren ZF. Dis-
persion and alignment of carbon nanotubes in polycarbonate.
Mat Res Soc Symp Proc 2002; 706:Z3.31.1.

 

DK4635_C014.fm  Page 627  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

65. Safadi B, Andrews R, Grulke EA. Multiwalled carbon nanotube
polymer composites: synthesis and characterization of thin
films. J Appl Polym Sci 2002; 84:2660–2669.

66. Dalton AB, Collins S, Munoz E, Razal JM, Ebron VH, Ferraris
JP, Coleman JN, Kim BG, Baughman RH. Super-tough carbon-
nanotube fibres. Nature 2003; 423:703.

67. Sandler JKW, Pegel S, Cadek M, Gojny F, van Es M, Lohmar
J, Blau WJ, Schulte K, Windle AH, Shaffer MSP. A comparative
study of melt spun polyamide-12 fibres reinforced with carbon
nanotubes and nanofibres. Polymer 2004; 45:2001–2015.

68. Ma H, Zeng J, Realff ML, Kumar S, Schiraldi DA. Processing,
structure and properties of fibers from polyester/carbon nanofi-
ber composites. Comp Sci Tech 2003; 63:1617–1628.

69. Sandler J, Windle AH, Werner P, Altstädt V, van Es M, Shaffer
MSP. Carbon-nanofibre-reinforced poly(ether ether ketone)
fibres. J Mater Sci 2003; 38:2135–2141.

70. Fisher FT, Bradshaw RD, Brincon LC. Effects of nanotube wav-
iness on the modulus of nanotube-reinforced polymers. Appl
Phys Lett 2002; 80:4647–4649.

71. Park C, Ounaies Z, Watson KA, Pawlowski K, Lowther SE,
Connell JW, Siochi EJ, Harrison JS, St. Clair TL. Polymer-single
wall carbon nanotube composites for potential spacecraft appli-
cations. Mat Res Soc Symp Proc 2002; 706:Z3.30.

 

DK4635_C014.fm  Page 628  Thursday, April 7, 2005  2:56 PM

© 2005 by Taylor & Francis Group.



  

15

 

Nano- and Microlayered Polymers:
Structure and Properties

 

T.E. BERNAL-LARA, A. RANADE, A. HILTNER and E. BAER

 

Department of Macromolecular Science and Engineering,
and Center for Applied Polymer Research, Case Western

Reserve University, Cleveland, OH

 

CONTENTS

 

I. Introduction
II. Microlayer Coextrusion Technology
III. Microlayered Polymers

A. Mechanical Properties and Irreversible 
Deformation Mechanisms
1. PC/SAN Microlayers
2. Comparison between PC/SAN and 

PC/PMMA Systems

 

DK4635_C015.fm  Page 629  Thursday, April 7, 2005  3:00 PM

© 2005 by Taylor & Francis Group.



  

B. Microlayers as Model Systems to
Study Adhesion
1. Delamination Toughness and 

Mechanism in PC/SAN
Microlayers

2. Effect of Compatibilizer on Adhesion 
of Polypropylene (PP) and Polyamide
(PA)

3. Evaluating Ethylene-Styrene 
Copolymers as Compatibilizers 
for Polyethylene and Polystyrene
Blends

4. Effect of Chain Microstructure 
on Adhesion of Polyethylene 
to Polypropylene

C. Foam/Film Microlayers — A Novel Way of 
Controlling Foam Cell Structure

IV. Nanolayered Polymers
A. Morphology, Deformation Behavior 

and Microhardness of PC/PET Nanolayered 
Polymers
1. Morphology and Deformation

Behavior
2. Microhardness

B. Tunable Optical Properties of an 
Elastomer/Elastomer Nanolayered
System

C. Physical Properties of Interphase
Materials

D. Novel Structures Produced by Confined 
Crystallization in Nanolayers

References

 

I. INTRODUCTION

 

As the field of polymer science evolves, the polymeric systems
developed are becoming increasingly more complex. However,
the level of structural complexity is still less than that of
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naturally occurring systems. In understanding complex sys-
tems, the importance of treating the system on the molecular,
nano, micro and macro scales has been proposed [1]. The
structure-property relationships are best understood when
the hierarchical nature of the system is taken into account.
In the study of biocomposites, such as soft connective tissues,
“three rules of complex assemblies” have been suggested
[2–4]. First, the structure is organized in discrete levels or
scales. Nearly all biocomposite systems are found to have at
least one distinct structural level at each of the molecular,
nanoscopic, microscopic, and macroscopic scales. Second, the
levels of structural organization are held together by specific
interactions between components. Whatever the nature of the
bonding between levels, adequate adhesion is required for
system structural integrity. Third, these highly interacting
levels are organized into a hierarchical composite system that
is designed to meet a complex spectrum of functional require-
ments. It is interesting to note that as synthetic materials
become more complex and multifunctional, they start to dis-
play similar hierarchical features [4]. 

Understanding the relationship between the hierarchical
structure and the properties of a given polymer architecture
is of extreme importance. New materials are rapidly being
developed as nanotechnology pushes the limits of fabrication
to nano and even molecular scales. The physical properties in
polymeric layered systems such as the glass transition tem-
peratures, crystallizability, and toughness are significantly
altered by reducing the layer thickness down to a few tens of
nanometers [5–10]. In this chapter, the concepts of hierarchy
and interaction will be applied to elucidate the properties of
micro- and nanolayered polymers. 

 

II. MICROLAYER COEXTRUSION 
TECHNOLOGY

 

The synergistic combination of two or more materials in a
layered structure can enhance the overall properties of the
material. In the case of metals, the layered structure in
antique Japanese swords made from laminated steels pro-
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vided two property improvements: the toughness was
enhanced to absorb energy originating from sword blows and
the hardness was increased to facilitate the retention of sharp
cutting edges [11,12]. On the other hand, natural biological
systems as diverse as wood, seashells, tendon and even the
lens of the human eye possess layered structures [2–4]
designed to meet a diverse spectrum of functional require-
ments. Nacre, for example, consists of a layered structure of
aragonite inorganic “bricks” and a tough organic matrix that
glues them together. This structure exhibits superior fracture
toughness compared to monolithic aragonites [2,13]. 

Although naturally occurring complex hierarchies found
in biology are not yet obtainable synthetically, the first step
in processing layered architectures was achieved in the 1960s
when the Dow Chemical Company developed process technol-
ogy for combining two polymers as assemblies of hundreds of
continuous layers

 

 

 

[14]. The developed technology couples coex-
trusion, a series of multiplying die elements and a cast film
line to produce films composed of hundreds or even thousands
of layers with individual layer thicknesses in the micro or
nano scale. In contrast to the well-known concept of self-
assembly [15], layer-multiplying coextrusion takes advantage
of the viscoelastic nature of polymeric melts and uses “forced-
assembly” to create micro- or nanolayered polymer films.

At Case Western Reserve University, the coextrusion
system used to prepare microlayered and nanolayered mate-
rials on an experimental scale consists of two three-quarter
inch single screw extruders with melt pumps, a coextrusion
block, a series of layer multiplier elements and an exit die as
shown in Figure 1. From the feedblock, the two layers flow
through a series of multiplying elements, and each of these
doubles the number of layers. In each element, the melt is
first sliced vertically, then spread horizontally and finally
recombined by stacking. An assembly of 

 

n

 

 multiplier elements
produces an extrudate with the layer sequence (AB)

 

x

 

 where

 

x

 

 is equal to 2

 

n

 

. Nanolayered structures with over 8000 layers
have been successfully processed in our laboratory by this
versatile coextrusion system. By varying the melt feed ratio,
the final sheet or film thickness, and the number of layers,
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the individual layer thickness can be precisely controlled
down to the nanoscale.

The versatility of this multilayer technology has been
expanded with a second coextrusion system that adds a third
polymer between layers of polymer A and B. This component
may be added for certain desirable properties such as barrier,
strength or adhesion. Insertion of the tie layer (T) at each

 

Figure 1

 

Two-component microlayer coextrusion system: (a) sche-
matic of the extruder and the multiplier element setup; (b) sche-
matic of the multiplication process.
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interface is accomplished by extruding three polymers into a
feedblock that combines the melts into five layers with the
sequence ATBTA as shown in Figure 2. Typically, the thick-
ness of the tie layers is less than one tenth that of the A and
B layers. The five-layer melt is then fed into the multiplying
elements which repeatedly cut, spread and recombine the
melt with a layer sequence (ATBT)

 

x

 

A where 

 

x

 

 is equal to 2

 

n

 

for an assembly with 

 

n

 

 multiplier elements. 
As with any coextrusion, the quality of coextruded

microlayers depends on the viscosity ratio of the components.
The extruder and the melt pump temperatures are controlled
to optimize layer uniformity and to ensure consistent mate-
rial properties. 

 

III. MICROLAYERED POLYMERS

 

In nature, a mechanical system like a seashell or tendon have
highly specific functions that have been optimized during bio-
evolution over very long periods of time into complex hierar-
chical structures [2]. In most synthetic blends and composites,
the hierarchical structure is most often created accidentally
during the synthesis or processing of the polymer. Microlayer
coextrusion offers a way of producing hierarchical structures
with thousands of layers by controlling layer thickness down
to the nanoscale. As with the other hierarchical systems, the
mechanical properties of microlayers must be understood by
examining the scale, interaction and architecture.

Enhanced mechanical properties are obtained in PC/SAN
and PC/PMMA microlayer composites with decreasing layer
thickness. This is attributed to the change in deformation
mechanism of the brittle SAN and PMMA layers, from craze
opening to shear yielding as layer thickness decreases. Inter-
action between the crazes in the brittle layers and micro-shear
bands in the tough layers is the key to this change in mech-
anism [16].

Furthermore, the high surface-to-volume ratio attainable
with microlayers makes them ideal for studying interfacial
phenomena related to polymer blends. Several important phe-
nomena such as the effect of compatibilizer, effect of chain
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microstructure, and the effect of layer thickness on polymer
adhesion have been elucidated [17–22].

Coextruded foam-film microlayers have been shown to
replicate the microcellular structure of natural cork. Control
over cell size has been demonstrated for polypropylene foam

 

Figure 2

 

Three-component microlayer coextrusion system: (a)
schematic of the extruder, and the multiplier element setup; (b)
schematic of the multiplication process.
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systems which are inherently difficult to control by means of
conventional foam extrusion techniques. The compressive and
tensile moduli of the foam-film microlayers increased with
decreasing cell size. Mechanical toughness improved signifi-
cantly for systems with an elastomeric film layer [23].

 

A. Mechanical Properties and Irreversible 
Deformation Mechanisms

 

1. PC/SAN Microlayers

 

The effect of layer thickness on the mechanical properties and
irreversible deformation mechanisms has been demonstrated
on microlayered composites made of poly(carbonate) (PC) and
poly(styrene-acrylonitrile) (SAN). The layer thickness is var-
ied by changing the melt feed ratios and/or the number of
layers, while maintaining the same sheet thickness. The effect
of layer thickness on the uniaxial tensile stress-strain behav-
ior on 65/35 PC/SAN composite is shown in Figure 3 [16]. As
the layer thickness decreased from 30 to 2 

 

µ

 

ms, the fracture
strain increased by an order of magnitude. Even though SAN
is a brittle polymer, all the microlayered systems with hun-
dreds of layers showed ductile behavior, and the amount of
ductility increased as the layer thickness was decreased.

This scaling effect was also evident in the impact
strength measurements. Impact strength measurements nor-
malized to 100% PC (214 J/cm) are shown in Figure 4 [24].
For a given number of layers, the impact strength increases
with increasing PC content. Such a trend would be expected
since PC is the tough component while SAN is brittle. The
fact that the impact strength for a given PC content increases
significantly with increasing numbers of layers is noteworthy.
For example, for a 50/50 PC/SAN composite, the impact
strength increases approximately by a factor of five in a sheet
of the same thickness. Figure 4 also shows that the brittle to
ductile transition, where the impact strength sharply rises,
shifts steadily to a lower PC content with an increasing num-
ber of layers.

These scaling effects can be best understood by examin-
ing the interaction between the PC and SAN layers during
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irreversible deformation. Irreversible deformation was inves-
tigated by carrying out tensile tests on notched rectangular
specimens (100 mm 

 

×

 

 20 mm) on an Instron testing machine
[25]. The damage zone at the notch was photographed during
deformation with a traveling optical microscope in the trans-
mission mode. For PC/SAN (65/35), 49 layered composite
(layer thickness, 29/16 

 

µ

 

m, respectively), it is seen that crazes

 

Figure 3

 

Effect of layer thickness on tensile stress-strain behavior
of PC/SAN (65/35) microlayered composite. The layer thicknesses
are given in the parentheses.
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initiate in SAN layers before necking (Figure 5a). At yield
point, the SAN crazes opened to accommodate localized yield-
ing of the PC layers. During the craze opening, the craze fibrils
fractured with the result that the load-bearing craze was
replaced by a void. Opening of the voids leads to tearing
fracture of the PC layers. As a result, conventional tensile
stress-strain specimens of this composite did not exhibit sta-
ble neck propagation, and during the initiation of necking,
fracture occurred.

On the other hand, in the 776 layered PC/SAN (65/35)
sample, the micro-shear bands grew through the PC layers
and extended into several adjacent SAN and PC layers before
necking. During neck propagation, the crazes did not open
up into voids (Figure 5b). Instead, the SAN layers extended
uniformly between the crazes and thinning of both PC and

 

Figure 4

 

Relative impact strength at room temperature of
PC/SAN sheet as a function of PC content and number of layers
(relative impact strength of PC = 1.0 and SAN = 0.0).
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SAN layers was observed. This change in deformation mech-
anism in the SAN layers at the yield instability, from craze
opening to shear yielding, was a consequence of impingement
of the micro-shear bands on the PC/SAN interface and sub-
sequent propagation of the micro-shear bands into and
through the SAN layer. The change in deformation mecha-
nism resulted in stable neck propagation. Conventional ten-
sile stress-strain specimens with thinner layers were
distinctly more ductile (Figure 3).

The interaction between layers is evident, and shear
banding and crazing interact cooperatively as the layer
thicknesses are decreased. Cooperative cavitation of SAN
crazing is a function of the PC layer thickness. As the PC
layer thickness is lowered, the plastic zone and subsequent
elastic stress concentration at the craze tip into the PC layer
can extend to the neighboring SAN layer [26]. A three-
dimensional model of interactive surface crazing and micro-

 

Figure 5

 

Optical micrographs of irreversible deformation before
and after necking for (a) 49 layers PC/SAN (29/16 

 

µ

 

ms); (b) 776
layers PC/SAN (1.8/1.0 

 

µ

 

ms). Arrows indicate local delamination.
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shear banding is proposed (Figure 6) [27]. The model pro-
poses that micro-shear bands initiate first in the PC layers
and propagate rapidly along the edges of the craze. When
they overtake the craze tip, the micro-shear bands penetrate
through the PC/SAN interface and continue around the craze
tip to entirely engulf the craze. This terminates craze growth
and further strain in the SAN layer is accommodated by
shear deformation.

 

2. Comparison between PC/SAN and 
PC/PMMA Systems

 

Effect of layer thickness on irreversible deformation and yield-
ing was investigated in PC/PMMA microlayers and compared
to the results obtained for a PC/SAN system. Microlayers with
32, 256, 1024, 2048 and 4096 layers were studied [28]. Com-
parison of the stress-strain curves of PC/PMMA with different
numbers of layers revealed the effect of layer thickness on
ductility. As in the case of PC/SAN, an increase in toughness
with decreasing layer thickness was observed.

 

Figure 6

 

Three-dimensional model of a surface craze with micro-
shear bands in PC/SAN.
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The effect of layer thickness on ductility was also exam-
ined in ballistic tests. Figure 7 shows specimens of PC/PMMA
(80/20) and the PC control after ballistic impact. The PC
control had good ballistic response. The projectile did not
penetrate the specimen; dissipation of the impact energy away
from the impact site left a circular impression where the
specimen was clamped. The PC/PMMA (80/20) specimen with
256 layers fractured upon impact, an indication of poor bal-
listic response. Absence of a circular impression indicated that
the material did not absorb much energy. Increasing the num-
ber of layers improved the ballistic performance. The projec-

 

Figure 7

 

Effect of layer thickness on the ballistic properties of
PC/PMMA microlayers.
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tile penetrated the 1024 and 2048 layer specimens, but the
emergence of a circular impression showed that the material
absorbed increasing amounts of impact energy. The 4096 layer
specimen achieved the ballistic performance of the PC control.
The projectile did not penetrate the specimen and the circular
impression where the specimen was clamped was evident. The
absence of delamination in the PC/PMMA specimens led to
the conclusion that adhesion between PC and PMMA is stron-
ger than the adhesion between PC and SAN. 

To investigate this further, the delamination toughness
of PC/SAN and PC/PMMA microlayers was measured using
the T-peel test. Figure 8 compares the peel curves for
PC/PMMA (with 4/0.4 

 

µ

 

m layers thickness respectively) and
PC/SAN (with 2.5/0.5 

 

µ

 

m layers thickness respectively) tested
at an extension rate of 2 mm/min. A much higher peel force
was required to propagate the crack in PC/PMMA than in
PC/SAN. PC/PMMA microlayer had a high delamination
toughness of 950 J/m

 

2

 

. 

 

Figure 8

 

Comparison of delamination toughness in PC/SAN
(2.5/0.5 

 

µ

 

m) and PC/PMMA (4.0/0.4 

 

µ

 

m) microlayers.
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A comparison of PC/PMMA with a PC/SAN microlayer
of the same composition and layer thickness revealed the
role of interfacial adhesion in the microdeformation behavior.
Before the yield point, microdeformation of both the systems
was essentially identical with crazing in the SAN or PMMA
layers, followed by micro-shear band formation in the PC
layers. As the shear bands coalesced and a stable neck formed
at the yield point, SAN crazes opened up into microcracks.
However, the SAN cracks did not cut into the PC layers as
the PMMA cracks did in PC/PMMA. Local delamination at
the PC/SAN interface relieved the constraint on the SAN
layers and permitted the PC layers to draw out. The interface
was weak enough that the interfacial stress concentration
caused local delamination as the specimen deformed as indi-
cated by the arrows in Figure 5a. This contrasted with
PC/PMMA as shown in Figure 9a, where the adhesion was
strong enough to prevent even local delamination at the
crack tip. 

The difference in microdeformation behavior was mani-
fested in the macroscopic stress-strain behavior. At lower
strain rates, constraint imposed by PMMA on yielding of PC
resulted in a diffuse neck. In contrast, local delamination of
SAN relieved the constraint on yielding of PC and a sharp
neck resulted (Figure 10). At low strain rates, the yield stress
of PC/SAN and PC/PMMA microlayers was about the same
because surface cracks in PC/SAN opened up to about the
same depth as the surface cracks in PC/PMMA. At higher
strain rates, the yield stress of PC/PMMA increased abruptly
when deformation of the PMMA layers changed from micro-
cracking to yielding. The yield stress of PC/SAN microlayers
did not similarly increase because the deformation mecha-
nism of thick SAN layers did not change with strain rate.

Upon deformation, PC/PMMA thin microlayers revealed
craze arrays with aligned crazes (Figure 9b) in several neigh-
boring PMMA layers and cooperative shear bands that grew
across several PC layers and the intervening PMMA layers.
During yielding, the PMMA crazes remained closed as both
PC and PMMA layers drew out. The same mechanism was
seen in yielding of PC/SAN with thin layers [25].
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B. Microlayers as Model Systems to 
Study Adhesion

 

Any situation that brings two polymers into intimate contact,
whether as blends or multilayer films, achieving synergistic
property combinations, depends on adhesion of the constitu-
ents. Interfacial properties are not easily examined in the
dispersed domain morphology of conventional melt blends.
The high surface-to-volume ratio attainable with microlayers
makes them ideal for studying interfacial phenomena related
to polymer blends. Adhesion of two polymers in microlayers
is conveniently studied with the T-peel test. Although peel
tests generally do not supply absolute adhesive energies, the
delamination toughness obtained from the test provides use-

 

Figure 9

 

Optical micrographs of irreversible deformation after
necking for: (a) 32-layer PC/PMMA(70/30); and (b) 256-layer
PC/PMMA (70/30). Arrows indicate positions of stress concentration
tested at 0.1%/min.
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ful comparisons if the testing parameters and specimen
dimensions are kept constant. 

 

1. Delamination Toughness and 
Mechanism in PC/SAN Microlayers

 

The potential of microlayers to determine interfacial strength
was first demonstrated with measurements of PC and SAN
adhesion [17–19]. Peel curves of different PC/SAN layer thick-
nesses are shown in Figure 11. The delamination toughness
changes drastically as the layer thicknesses of the PC and
SAN are varied. As with tensile experiments, the microme-
chanics of the microlayer composite are crucial in understand-
ing the delamination toughness. The method of delamination
can involve crazing of the SAN layer ahead of the crack tip
and the crack can also run along a single interface or several
PC/SAN interfaces. Four different modes controlled by the

 

Figure 10

 

Stress-strain curves at 1%/min for 32-layer PC/PMMA
specimens of various compositions; curves are shifted vertically by
10 MPa. A PC/SAN (70/30) specimen is included for comparison. 
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layer thickness are summarized schematically in Figure 12
as single interface, multiple interface, single-layer craze and
multiple-layer craze delamination. The PC layer thickness
controls single versus multiple layer delamination, as the PC
layer has to be thin enough for the stress at adjacent inter-
faces to initiate secondary cracks and also thin enough to tear
easily. Crazing in the SAN layers is controlled by the SAN
layer thickness. As the SAN layer thickness is decreased, a
critical layer thickness of 1.5 

 

µ

 

m is reached below which no
crazing occurs. If the SAN layers are thick and the PC layers
are thin, both the mechanisms occurred with multiple-craze
delamination. The effect of layer thickness on both the mech-
anism and delamination toughness is shown in Figure 12.
Using thick PC layers and thin SAN layers, the actual inter-
facial delamination can be measured without additional
energy-absorbing mechanisms such as crazing or layer tear-
ing to achieve a real measure of interfacial adhesion. Control-
ling the layer thickness allows the measurement of actual

 

Figure 11

 

Normalized peel curves of four systems: thick PC-thin
SAN (2.5 /0.5 

 

µ

 

m), thin PC-thin SAN (0.5 /1.0 

 

µ

 

m), thick PC-thick
SAN (34 /18 

 

µ

 

m), and thin PC-thick SAN (3.1/8.7 

 

µ

 

m).
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interfacial delamination using thick PC and thin SAN layers.
In all the other cases, crazing or layer tearing provides addi-
tional energy-absorbing mechanisms and therefore the peel
energies are much higher.

 

2. Effect of Compatibilizer on Adhesion of 
Polypropylene (PP) and Polyamide (PA)

 

The benefits of compatibilization to mechanical properties of
polymer blends are attributed to finer phase dispersion and
improved interfacial adhesion. Measurements of particle size
in the solid state reveal how well a compatibilizer improves
dispersion. However, the extent to which a compatibilizer
enhances interfacial adhesion cannot be measured directly in
melt blends. With the versatility of the microlayer technology,
a thin tie layer can be coextruded between each layer as seen
in Figure 2. The effect of a thin tie layer of maleated polypro-
pylene (mPP) on adhesion of polypropylene (PP) and polya-
mide-66 (PA) was studied [20]. Increasing the maleic

 

Figure 12

 

Map of peel level energies as a function of layer thick-
ness and delamination mechanism in PC/SAN microlayers.
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anhydride content of the tie layer increased the interfacial
toughness until the adhesion was strong enough to cause a
transition from interfacial delamination to cohesive failure of
one of the components as seen from Figure 13. The tests
revealed a dramatic increase in toughness from 10 to 1000
J/m

 

2

 

 when adhesion was strong enough for cohesive damage
to initiate in one of the components.

 

3. Evaluating Ethylene-Styrene 
Copolymers as Compatibilizers for 
Polyethylene and Polystyrene Blends

 

Combining polyethylene and polystyrene as blends has attrac-
tive applications, however, these polymers are considered
incompatible. Copolymers of ethylene and styrene are poten-
tial compatibilizers. Adhesion of ethylene-styrene copolymers
to low-density polyethylene was examined by measuring
delamination toughness of microlayers [21]. Adhesion
strongly depended on styrene content of the copolymer, the
copolymer layer thickness, and the temperature. As expected,
delamination toughness decreased with increasing styrene

 

Figure 13

 

Effect of MA content in PP-g-MA on delamination
toughness of PP/PP-g-MA/nylon microlayers. 
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content and a linear correlation predicted that no adhesion
would be observed with 72 wt% styrene in the copolymers
(Figure 14). This approximation is close to the maximum
amount of styrene incorporation in ES copolymers of 80 wt%.

 

In situ

 

 observations of the damage zone showed that delam-
ination occurred with stretching of the copolymer layer and
with localized stretching and crazing of the polyethylene layer
in cases of very high adhesion. 

 

4. Effect of Chain Microstructure 
on Adhesion of Polyethylene 
to Polypropylene

 

The effect of chain microstructure on adhesion of ethylene
copolymers to polypropylene was investigated using coex-
truded microlayers [22]. Good adhesion was achieved with
homogeneous metallocene-catalyzed copolymers (m-PE) (Fig-
ure 15) which was attributed to entanglement bridges (Figure
16). In contrast, a heterogeneous Ziegler-Natta catalyzed
copolymer (ZNPE) exhibited poor adhesion to PP due to an
amorphous interfacial layer of low molecular weight and

 

Figure 14

 

Effect of styrene content on delamination toughness
normalized to ES layer thickness at an ambient temperature and
peel rate of 10 mm/min. Closed circles represent 90/10, open circles
represent 95/5. Dotted line is from extrapolation.
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highly branched fractions that prevented effective interaction
of ZNPE bulk chains with PP. Blending m-PE with ZNPE
eliminated the interfacial layer and resulted in epitaxial crys-
tallization of ZNPE bulk chains with some increase in delam-
ination toughness. Phase separation of m-PE and ZNPE
during crystallization produced an interfacial region with epi-
taxially crystallized ZNPE bulk chain and other regions of
entangled m-PE chains. Entanglement bridges imparted much
better adhesion than did epitaxially crystallized lamellae.

 

C. Foam/Film Microlayers — A Novel Way of 
Controlling Foam Cell Structure

 

Polymeric-foamed materials are desirable because of their
high strength to weight ratio and excellent acoustic and ther-
mal insulation. Control of foam cell size is very critical in
obtaining these key performance properties. Thermal insula-
tion and compressive stress-strain behavior are particularly
sensitive to cell size. Control of cell size can be very difficult
to achieve in the conventional foam extrusion process. Con-
trolling cell size in polypropylene foams is particularly diffi-

 

Figure 15

 

Effect of metallocene PE content on adhesion of poly-
ethylene blends to polypropylene.
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cult due to low solubility of gases in PP and inhomogeneous
nucleation. Some of the previous approaches to control the
cell size in PP foams include cross-linking, blending and use
of supercritical fluids [29–30].

Cork, which is a natural foam, shows unique properties
like outstanding insulation for heat and sound, high compres-
sive modulus and recoverable compressive strain. These prop-

 

Figure 16

 

AFM phase images of PE/PP interface of m-PE-B
blends of: (a)100% ZN-PE, (b) 25% m-PE-B, (c) 50% m-PE-B, and
(d) 100% m-PE-B.

0 µm

0 µm

2.5 µm 0 µm 2.5 µm

2.5 µm 0 µm 2.5 µm

200 nm

(a) (b)

(d)(c)

 

DK4635_C015.fm  Page 651  Thursday, April 7, 2005  3:00 PM

© 2005 by Taylor & Francis Group.



  

erties are attributed to the small cell size and the closed cell
foam/film layered structure in cork [30]. The foam/film struc-
ture of cork can be replicated synthetically using the micro-
layer coextrusion technology since control of cell size by this
technique makes the creation of microcellular foam possible. 

Recently it has been demonstrated that microcellular PP
foam/film structures can be successfully produced using the
microlayer coextrusion technology [23]. Different types of
polymers could be used as the film layer to alter the flexibility
of the foam/film composite.

A two-component microlayer coextrusion setup with
layer multipliers was used to coextrude PP foam/film layered
structures (Figure 17). One extruder contained foam layer
polymer, chemical blowing agent and the nucleating agent,
while the other extruder contained the film polymer. After
merging in the two component feedblock, the foam and film
layers were formed into a number of layers using the layer
multipliers. PF 814 polypropylene from Basell Inc. was used
as a foam layer polymer. Two types of films — polypropylene
(PF 814) and ethylene-styrene copolymer were used to pro-
duce two different foam/film systems. Azodicarbamide was

 

Figure 17

 

Schematic of microlayer foam/film coextrusion process.
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used as a chemical blowing agent which gives off N

 

2

 

, CO

 

2

 

 and
water on decomposition.

By increasing the number of layers, we can reduce the
cell size considerably. In PP foam (1.75% Azo BA)/PP film
50/50 system, the cell size gets reduced from 400 

 

µ

 

m to 35

 

µ

 

m when the number of layers is increased from 8 to 64
(Figure 18). The overall density was approximately 0.30 g/cc
for these systems. Overall density can be further reduced to
0.26 g/cc by increasing the amount of foam layer in the com-
posite. The cell sizes obtained in the microlayered foam/film
system are comparable to that of cork. The reduced cell size
can be attributed to enhanced nucleation and/or constrained
bubble growth. It has been observed previously that small cell
sizes are obtained when foaming takes place under geomet-
rical confinement between two impermeable plates [32] and
in the presence of sub-micron sized rubber particles which
enhance nucleation [33].

Compressive stress-strain response of PP foam/ES 69
films at different compositions (Figure 19) shows that the
compressive modulus increases with addition of film, the yield

 

Figure 18

 

Effect of number of layers on cell morphology for PP
foam (1.75% Blowing Agent)/PP film (50/50) system: (a) 8 layers, (b)
32 layers, and (c) 64 layers.
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stress increases and the densification strain decreases. Sim-
ilar effects are seen in conventional extruded foam systems
with increase in density [29]. Tensile stress-strain response
of PP foam/ES 69 films at different compositions shows sig-

 

Figure 19

 

Effect of foam/film composition on: (a) compressive, and
(b) tensile stress-strain for PP foam (1.75% Blowing Agent)/ES 69
film system, 64 layers: 75/25 (——), 50/50 (— · — ·), and 25/75 (····).
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nificant increase in tensile modulus, yield stress and the frac-
ture strain with the addition of more film. The compressive
and tensile moduli increase with increasing number of layers
(Figure 20). This is as expected, since reduced cell size means
increased total number of cells and hence increased total
number of cell walls [30]. Compressive modulus, yield stress

 

Figure 20

 

Effect of number of layers on: (a) compressive and (b)
tensile stress-strain for PP foam (1.75% blowing agent)/PP film
(50/50) system: 8 layers (— · — ·), 32 layers (····) and 64 layers (——).
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and the densification strain of the PP foam/PP film system is
similar to that of cork (Table 1).

 

IV. NANOLAYERED POLYMERS

A. Morphology, Deformation Behavior 
and Microhardness of PC/PET 
Nanolayered Polymers

 

1. Morphology and Deformation Behavior 

 

The morphology and micromechanical deformation behavior
of coextruded micro- and nanolayers composed of alternating
layers of polycarbonate (PC) and polyethylene terephthalate
(PET) were studied using transmission electron microscopy
(TEM) and scanning force microscopy (SFM) [34]. TEM micro-
graphs of PC/PET micro- and nanolayered composites
revealed macroscopically aligned continuous layers having
nearly uniform thickness, Figure 21. The thickness of most of
the layers is 110–140 nm, very close to the calculated value
from the processing conditions of 120 nm. Since both polymers
are polyesters, they can react by transesterification in the
molten state to form block or random copolymers. Thus,
depending on the thermal treatment, the mutual interaction
between the PC and the PET layers can be affected to alter
the morphology and the mechanical behavior of the system.
On annealing the samples, the PET layers were found to
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undergo cold crystallization and to form lamellar crystals
independent of the thickness of individual layers. Typical
lamellar crystals are observed in a 70 nm PET layer in Figure
22. Due to the physical confinement imposed by the adjacent
PC layers, PET layers are unable to develop well-defined
spherulitic structures as in bulk melt-crystallized or solution-
crystallized samples. Using x-ray scattering techniques,
Puente et al. [35] recently found that the three-dimensional
crystallization of PET is significantly hindered when one of
the dimensions of the layered system is confined below 10 µm.

Preliminary studies of the micromechanical deformation
behavior of PC/PET micro- and nanolayered composites under
tensile loading were performed. The mechanical properties of
the composites were found to be intermediate between that
of the constituent homopolymers. Figure 23 shows the layered
structure before and after deformation. Interestingly, it was
observed that the components of the micro- and nanolayered
composites deformed in a homogeneous manner at high
strains without forming localized deformation zones such as
shear bands or crazes (For additional details of micromechan-
ical processes, see Chapter 10, Section IV.E).

Figure 21 TEM micrograph of the cross-section of a PC/PET
nanolayered film. The thickness of most of the layers is 110–140 nm
which is very close to the calculated value of 120 nm. The PC layers
appear dark due to staining with RuO4. 
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Figure 22 TEM micrograph of PET/PC 70 nm layers showing the
lamellar structure of the PET layers formed due to confined crys-
tallization between adjacent PC layers. The PC layers and the amor-
phous regions of PET appear dark due to staining with RuO4.
Sample annealed at 160°C for 12 hrs. 

Figure 23 TEM images of PET/PC 120 nm layers showing the
effect of tensile deformation on the layered structure: (a) before
deformation, and (b) after deformation. The deformation direction
is vertical. The PC layers appear dark. 

PET

PC

100 nm

(a) (b)

500 nm 500 nm

DK4635_C015.fm  Page 658  Thursday, April 7, 2005  3:00 PM

© 2005 by Taylor & Francis Group.



2. Microhardness

In addition to the micromechanical deformation behavior, the
microhardness of microlayered PET/PC films has also been
studied. The micromechanical properties have been investi-
gated as a function of layer thickness of the single polymer
components, total number of layers, film thickness and the
influence of heat treatment [36]. 

The microhardness value was obtained from the mea-
surement of the residual impression made by the indenter
upon application of the load. Microhardness was derived from:

(1)

where P is the applied load in N, d is the diagonal of the
impression in meters and k is a geometrical factor equal to
1.854 × 10–6. The H values were calculated from an average of
at least ten indentations. Typical indentation depths for these
materials are in the range of 3–15 µm using loads of 0.05 to
1 N. The traditional approach (Figure 24a) only considers the
first layer penetrated by the indenter. With micro- and nano-
layered systems one may distinguish between two more pos-
sibilities: the case where only the first layer is penetrated by
the indenter but more than one layer is subjected to plastic
deformation (Figure 24b) and the case when a few layers are
penetrated and subjected to plastic deformation (Figure 24c).
In all cases, the drawn shaded elliptical area under the
indenter schematically represents the plastic deformation
region [37]. Therefore, the most important parameter in deter-
mining the final hardness of the multi-layered films is the
ratio of the penetration depth to the thickness of the layer.

By plotting the H value calculated from each indentation
as a function of the ratio of indentation depth to layer thick-
ness, Figure 25a, a straightforward picture of the microhard-
ness changes in relation to the layer penetration by the
indenter is obtained in microlayered samples. The δ/l = 1 value
means that the indenter tip is reaching the interphase
between the first and the second layer, while a δ/l = 0.2 value
denotes that the plastic deformation is reaching the above
mentioned interphase. Figure 25a shows the H variation cor-

H kP d= 2
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responding to the indentations performed on the as processed
8 layered amorphous samples. With increasing relative pen-
etrations, from 10 to 100% of the first layer, the H data exhibit
a weak linear decrease, in which those data corresponding to

Figure 24 Schematic representation of different indentation
types in microlayered systems: (a) only the first layer is penetrated
by the indenter; plastic deformation (elliptical area under the
indenter) is restricted to the first layer; (b) only the first layer is
penetrated by the indenter, but plastic deformation exceeds the first
interphase; and (c) more than one layer is penetrated and several
layers are subject to plastic deformation. 

(a)

(b)

(c)
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the PC surface show slightly larger H values. When the
indenter reaches the interphase (δ/l = 1), which in this par-
ticular case also coincides with the plastic deformation zone
extending beyond the whole sample thickness, the microhard-
ness rapidly decreases.

Figure 25 Plot of microhardness H, derived from single indenta-
tions, as a function of indentation depth to layer thickness ratio, δ/l,
for: (a) 8-layered PET/PC system, l = 59 (�), 42, 22 (�), 15 (�) and
4 µm (�); and (b) micro- and submicro-layered samples, l = 10.5
(�), 3.5 (�), 1.02 (�), and 0.21 m (�). Open symbols correspond to
the PET layer, solid symbols correspond to the PC layer.
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One may suggest two different explanations for the
observed H decrease. The first one concerns the nature of the
interphase which could introduce a soft component to the
overall deformation. On the other hand, it must be taken into
account that when the penetration depth reaches the first
interphase in an 8-layered film, the plastic deformation is also
reaching the last layer surface of the film. To clarify the above
question, additional samples with 32, 256 and 1024 layers
were tested. The corresponding variation of H vs. δ/l is shown
in Figure 25b. Results demonstrate that for the microlayered
samples, the influence of the interphases decreases slightly in
microhardness with increasing numbers of interphases pene-
trated by the indenter. For the as processed samples (Figure
25b), the average H value at the point where the first layer
is reached by the indenter is about 132 MPa. However, after
penetrating about 30 interphases, the H value drops to 125
MPa. It is clear that after the initial separate H values for
PET and PC, when only the first layer is plastically deformed,
a tendency towards an average common value for the rest of
the indentations is observed. The strong H decrease found in
Figure 24 can be related to the deformation of the soft glue
layer which is used to fix the film and is located beneath the
sample of thickness t. Thus for sufficiently large indentations,
the low H value of the glue layer may also influence the overall
hardness value. In summary, results reveal that the influence
of the interphase on the microhardness values for the samples
with a large number of layers is rather small. 

B. Tunable Optical Properties of an 
Elastomer/Elastomer Nanolayered System 

By using nanolayer coextrusion technology, multilayer poly-
mer films with individual layer thicknesses of 10–100 nm can
be fabricated. When the individual layer thickness in the film
is at the quarter wavelength, λ/4n and the refractive index of
the alternating layers is sufficiently different, constructive
reflection will be observed. By using polymers of different
refractive indices and designing component layer thickness
ratio, material of different refractive indices can be made.
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More than 100 layers are required for a highly reflective
nanolayered film. Layer thickness should be around 150 nm
for nanolayered films that reflect 900 nm wavelength light.

Two elastomers, polyurethane and an ethylene-octene
copolymer, with refractive indices of 1.54 and 1.49, respec-
tively, were coextruded into films with 256 layers and a
calculated individual layer thickness of 150 nm. A continu-
ous layered structure was observed using the atomic force
microscope (AFM), Figure 26. The measured layer thickness
of 160 nm corresponded very well with the calculated value.
A selective distinct reflection peak, in this case at 965 nm,
was observed in these films when the layer thicknesses were
on the order of visible light wavelength. This selective reflec-
tion is tunable and reversible through loading and unloading
of an applied strain, Figure 27. In addition, the reflection
shift is theoretically predictable, allowing this film to be
used as a tunable optical filter. The reflection spectrum is
also very sensitive to low strain, allowing this film to be

Figure 26 AFM phase image of PU/EO 150 nm layers. The bright
phase is polyurethane (PU), the dark phase is an ethylene-octene
(EO) copolymer.
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used as an optical strain sensor. Figure 28 shows the sen-
sitivity of the reflection wavelength at low strains as well
as the theoretical prediction.

C. Physical Properties of Interphase Materials 

It has been recognized for some time that when two polymers
are brought into intimate contact, the interface between them
is not perfectly sharp. Highly localized mixing of polymer
chains creates an “interphase” region. A vast literature attests
to the importance of the interphase for polymer adhesion and
for compatibility of polymer blends and alloys [38]. Indeed, it
is reasonable to consider the interphase of immiscible polymer
blends as a third phase with its own characteristic properties
[39]. The interphase takes on new significance as nanotech-
nology and microelectronics drive the fabrication of increas-
ingly thin polymer layers. Under these conditions, as bulk
polymers become thinner and more interphase-like, depar-
tures in physical properties are expected. Understanding
interphase properties is crucial if polymers are to be inte-
grated effectively into modern technology.

Figure 27 Reversible reflected wavelength shift due to applied
strain during loading and unloading of PU/EO nanolayers. These
films exhibit potential as tunable optical filters in the VIS-NIR
spectrum.
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The origin of interfacial mixing is the entropic advantage
for chains to diffuse across the boundary. Halving in the
conformational entropy of chains at a surface is ameliorated
if the chains cross the interface. The entropic advantage for
crossing the interface is offset by the negative effect of the
interaction energy between incompatible chain segments. The
generalized theory developed by Helfand and Sapse is the
basis of a quantitative relationship between interphase thick-
ness and the thermodynamic interaction parameter [40].
However, experimental determination of interphase proper-
ties has challenged the field. Even measurement of the inter-
phase dimension is difficult and requires extreme care.
Nevertheless, existing theoretical and experimental results
agree that the dimension of the interphase for immiscible
polymers is in the range of 5–10 nm [41].

Nanolayer processing facilitates the creation of new hier-
archical systems. Although the amount of material in a single
interphase between two polymer layers is very small, the
layer thickness can be made comparable to the interphase
dimension and the properties of the interphase are multiplied

Figure 28 Sensitivity of reflection wavelength to low strains
exhibited by PU/EO nanolayers. These films exhibit potential as
tunable optical strain sensors in the VIS-NIR spectrum.
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a thousand-fold by the number of identical interphases in the
assembly. In this way, conventional methods of polymer anal-
ysis can be used to probe size-scale-dependent properties as
nanolayers become thinner and more interphase-like. 

As the layer thickness becomes comparable to the inter-
phase dimension, the layers lose their identity and a new
composition is created that is totally interphase. To test this
possibility, polycarbonate (PC) and poly(methyl methacrylate)
(PMMA) were chosen for forced assembly into nanolayers and
studied by thermal analysis, gas transport and positron anni-
hilation lifetime spectroscopy to probe the effect of layer thick-
ness [9].

Continuous uniform layers are well resolved in AFM
images of films with average layer thicknesses of 100 nm and
25 nm, Figure 29. The PC layers are smooth and bright; the
PMMA layers are hackled due to brittle fracture during micro-
toming. Layer thickness measured from the images corre-
sponds well with the calculated average thickness from
processing conditions. A different texture is seen in the image
of the film with an average layer thickness of 10 nm, Figure
29. Instead of distinct layers with straight boundaries, the
image shows an irregular periodicity of about 20 nm or about
twice the expected layer thickness.

Figure 29 AFM phase images of microtomed cross-sections of
PC/PMMA nanolayer films. Films with average layer thicknesses of
100 nm and 25 nm show continuous, uniform layers of PC (smooth
and bright) and PMMA (hackled). The film with a 10 nm average
layer thickness shows an irregular periodicity about twice the aver-
age layer thickness.

100 nm layers 25 nm layers 10 nm layers

200 nm 200 nm 200 nm
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DSC thermograms of films with layers thicker than
100 nm contain two inflections in heat capacity at 112°C cor-
responding to the Tg of PMMA and at 144°C corresponding
to the Tg of PC, Figure 30, top. However, the glass transition
temperatures gradually shift closer together as layer thick-
ness decreases below 100 nm. When the layer thickness is
10 nm or less, the two inflections merge into a single inflection
at a temperature that is intermediate between the glass tran-
sition temperatures of PC and PMMA.

The convergence to a single glass transition is not sym-
metrical, Figure 30, bottom. The Tg of PMMA increases only
about 10°C whereas the Tg of PC decreases by 22°C. The glass
transition of a miscible blend usually is described by either
the Fox law (1/Tg = w1/Tg1 + w2/Tg2) or the additive law
(Tg = Tg1w1 + Tg2w2) where w1 and w2 are the weight fractions
of the blend constituents. The calculated Tg of a miscible
PC/PMMA (1:1 vol:vol) blend is 126°C from the Fox law and
128°C from the additive law. In nanolayers, the glass transi-
tion temperatures of PC and PMMA converge asymmetrically
to 122°C, which is 4–6°C lower than the calculated values. 

Gas transport, like the glass transition, is a molecular
scale probe of the glassy polymer structure. Oxygen perme-
ability (P) and diffusivity (D) of nanolayer films were
extracted from the non-steady state oxygen flux following
established procedures [42], and the oxygen solubility (S) was
calculated as S = P/D. If the layers are thicker than 100 nm,
P, D and S at 23°C and 1 atm pressure are independent of
layer thickness, Figure 31. A substantial increase in P is
observed for films with layers less than 100 nm thick. Perme-
ability more than doubles from 0.72 to 1.62 cc(STP)
cm m–2 day–1 atm–1 as the layer thickness decreases to 10 nm,
at which point the permeability seems to level off. The change
in P with layer thickness comes mainly from D whereas S
remains almost constant. Apparently, the change in hole-free
volume affects the dynamic component of permeability. Oxy-
gen solubility in glassy polymers at low pressure is deter-
mined primarily by excess hole-free volume [42]. Lower free
volume of nanolayers as demonstrated by higher density and
smaller free volume hole size should decrease oxygen solubil-
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Figure 30 Glass transition behavior of PC/PMMA nanolayer
films. In the upper plot, heating thermograms show convergence of
the glass transition temperature of the constituent polymers into a
single inflection as the layers become thinner. In the lower plot, the
dependence of Tg on layer thickness is described by the three-layer
interphase model as illustrated schematically in the figure.
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Figure 31 Oxygen transport parameters of PC/PMMA nanolayer
films. The effect of layer thickness on oxygen permeability is due to
a change in diffusivity rather than a change in solubility. The depen-
dence of permeability on layer thickness is described by the three-
layer interphase model as illustrated schematically in the figure.
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ity. However, a density increase of 0.14 wt% produces a
decrease in S of approximately 5% [9], which is comparable
to experimental uncertainty (2%). Thus, S is not sensitive
enough to detect the change in free volume and S is ade-
quately described by the additive law, S = w1S1 + w2S2. Simi-
lar results are obtained with CO2 transport. Nanolayer films
become more permeable as the layer thickness decreases
below 100 nm with P for CO2 increasing from 4.5 to
9.6 cc(STP) cm m–2 day–1 atm–1. Again, the increase in P is due
to increasing D, whereas S remains constant. 

It is proposed that when the layer thickness in nano-
layer films becomes comparable to the interphase dimen-
sion, the layers lose their integrity as constituent layers and
the film becomes essentially totally interphase [9]. The com-
position profile is not homogeneous but rather undulating
with a period that is twice the layer thickness. Film prop-
erties are no longer additive combinations of constituent
properties, but instead, film properties are dominated by
interphase properties. For the PC/PMMA pair, nanolayers
with average layer thickness of 10 nm or less present prop-
erties of the interphase. 

The experimental result for the interphase thickness, dI

= 10 nm, can be compared with the theoretical prediction of
Helfand and coworkers. The calculated interphase thickness
of 7 nm is comparable to dI determined experimentally from
nanolayers, 10 ± 1 nm. The small discrepancy may originate
from the infinite molecular weight assumption of the theory
as compared to polydisperse “real” polymers which contain
low molecular weight fractions.

D. Novel Structures Produced by Confined 
Crystallization in Nanolayers

As the layer thickness decreases from the microscale to the
nanoscale, the layer thickness is on the same size scale as the
dimensions of the polymer molecule. In this instance, unusual
crystalline structures are possible, giving rise to unique mate-
rial properties. For example, it has been observed that nano-
layered polyethylene produces unique row-nucleated
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morphologies [7] with highly anisotropic mechanical proper-
ties. The solid-state structural hierarchy of high density poly-
ethylene (HDPE) and polypropylene (PP) was studied as the
layers were made thinner and confinement at the nanoscale
was approached [8]. The crystallizable polymer was coex-
truded as microlayers and nanolayers between thick layers
of amorphous polystyrene. The crystalline layer thickness var-
ied from 1 µm to 10 nm. A continuous and uniform layered
structure was observed even at the nanoscale with our atomic
force microscope (AFM), Figure 32. The crystalline layers
separated easily from polystyrene, and the morphology was
studied by AFM. 

In microlayers, polypropylene and polyethylene crystal-
lized in discoidal morphologies, i.e., as spherulites whose
growth was restricted in the third dimension by the layer
thickness, Figure 33. The discoid diameter remained almost
constant, resulting in an increase in diameter-to-thickness
ratio from 10 to 140 as the layer thickness decreased from 1
µm to 100 nm. Individual PP discoids had a peak in the center
and sharp edges where they impinged on neighboring dis-
coids. These effects were the result of volume contraction
during crystallization. They indicated that PS layers were
above the Tg when PP crystallized and therefore, accommo-
dated the shape changes of crystallizing PP, rather than
imposing constraint on the crystallizing layer. The corre-
sponding section profiles of discoids revealed a trend toward
flatter discoids as the layer thickness decreased. The morphol-
ogy changed when the layer thickness was less than 50 nm.
No discoids were observed. In polypropylene nanolayers, Fig-
ure 34, long stacks of very short lamellae were arranged in a
fan-like array. The sharpness of the azimuthal (110) reflection
in the WAXD indicated that under extreme confinement, these
crystals originated from the rarely observed (110) plane
growth rather than the more usual (010) growth. This growth
habit was associated with a significant distortion of the crys-
tallographic unit cell, including the loss of register along the
chain axis. Crystallographic unit cell distortion correlated
with a decrease in crystallinity and a decrease in crystal
melting temperature in the DSC. 
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Figure 32 AFM phase images of cross-sections from layered
PP/PS films: (a) PP/PS 90/10 250 µm thick film with 460 nm PP
layers; (b) PP/PS 20/80 250 µm thick film with 108 nm PP layers;
(c) PP/PS 10/90 250 µm thick film with 65 nm PP layers; and (d)
PP/PS 10/90 40 µm thick film with 10 nm PP layers.
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Figure 33 AFM height images: (a) a typical PP spherulite at a
free film surface; (b) a discoid in a 460 nm PP layer; (c) a discoid in
a 108 nm PP layer; (d) a discoid in a 65 nm PP layer; and (e) a
smooth 10 nm PP layer.
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Figure 34 AFM phase images showing lamellar morphology: (a)
PP control film; (b) a 460 nm PP layer; (c) a 108 nm PP layer; (d)
a 65 nm PP layer; (e) a 10 nm PP layer; and (f) another area of a
10 nm PP layer.
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In nanolayers of HDPE, extremely long lamellae, about
7 µm in length and 30 nm in thickness, organized in randomly
oriented stacks, Figure 35. Wide angle x-ray diffraction
(WAXD) revealed that constraint imposed by the nanolayer
structure resulted in orientation of the a-axis in the thickness
direction. If the nanolayer HDPE was oriented during coex-
trusion by increasing the take-off rate, the stacks of long
lamellae were replaced by “shish-kebab”-like structures ori-
ented 0–45o with respect to the extrusion direction, thus con-
firming previous observations of Pan et al. [7]. It was thought
that constraints imposed by the layer thickness retarded
relaxation of extended chain, which resulted in formation of
shish-kebab structures [7].

The layer thickness in microlayers and nanolayers of
HDPE and PP films confined between PS can be reduced to
macromolecular dimensions by uniaxial or biaxial drawing.
For example, the thickness of 50 nm PP nanolayers can be
reduced to 9 nm by uniaxial orientation, Figure 36. Interest-
ingly, the layers remained intact after orientation. This chal-
lenges the limit on how thin a nanolayer can be before it
fibrillates. Preliminary results indicate that oriented fibers
less than 20 nm in diameter can be produced by uniaxially
orienting confined nanolayers, Figure 37.
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Figure 35 AFM phase images showing lamellar morphology: (a)
1000 nm HDPE layer and (b) a 40 nm HDPE layer.
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Figure 36 AFM phase images of cross-sections of the layered
structure in a PP/PS nanolayered film: (a) 65 nm PP layers observed
before orientation; (b) 10 nm PP layers observed after orientation
of film in (a) to a draw ratio ~10 at 155°C. Note the change of scale
between (a) and (b).

Figure 37 AFM phase images showing the lamellar morphology
in a PP/PS nanolayered film: (a) with 65 nm PP layers before ori-
entation; (b) with 10 nm PP layers after orientation of film in (a).
The film in (a) was oriented to a draw ratio ~10 at 155°C.
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I. INTRODUCTION

 

The hot compaction of oriented fibers to produce large section
products brings together two research themes that have been
pursued at Leeds University for many years. First, there is
the development of manufacturing procedures for high stiff-
ness and high strength oriented polymers [1]. The routes
chosen by Leeds have always involved deformation in the solid
state either by tensile drawing

 

 

 

[2] or die drawing [3] to very
high draw ratios or by hydrostatic extrusion [4]. These devel-
opments have been matched by similar developments else-
where, notably the gel spinning process invented by Smith
and Lemstra [5] for high strength polyethylene fibers and the
extensive studies of Porter and Weeks [6] using ram extrusion
to produce very high stiffness and strength oriented polymers.
Second, at Leeds there has been a program of research
devoted to studies of oriented fiber composites, where the
fibers have been either glass, carbon or high modulus poly-
ethylene fibers [7].

The hot compaction development seeks to overcome lim-
itations identified in each of these research themes. Hydro-
static extrusion is a batch process operating at comparatively
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slow speeds, so that it is only commercially viable for special-
ist applications such as bone replacement where oriented
products with similar stiffness to bone have been obtained
[8,9]. Die drawing has been developed as a continuous process,
operating at commercially acceptable speeds but usually lim-
ited to products of lower stiffness and strength than can be
achieved in fibers by tensile drawing processes. It has been
successfully developed for wires, ropes, pipes and products
with comparatively simple cross-sections [10,11].

Fiber composites have the advantages of being able to
utilize fibers with very high strength and high stiffness, but
there is the major issue of recyclability because the matrix is
conventionally of a different chemical composition to the
fibers. Also, it is desirable to be able to make complex shapes
by rapid post forming of flat sheets, rather than producing
parts 

 

in situ

 

 during a resin-curing process. These require-
ments suggested the advantages of manufacturing thermo-
plastic composites with only one chemical composition. 

In this chapter we describe the science and technology
of hot compaction. The science followed from the discovery
that it was possible in a simple process to make single poly-
mer composites where the fibers and the matrix are of iden-
tical chemical composition [12]. It was found that an array
of oriented fibers could be heated under suitable conditions
of temperature and pressure so that only a thin layer on the
surface of each fiber melts. On cooling, this material forms
the matrix of the composite. This process of hot compaction
has been shown to be very generally applicable to crystalline
thermoplastic fibers, to liquid crystalline fibers and even to
amorphous fibers. It is possible to find a suitable temperature
window for commercial production of the composites where
sufficient material is melted to form a cohesive structure with
a strong bond between the oriented tapes or fiber, while
retaining a substantial fraction of the original oriented phase,
so that the composites can be of sufficiently high stiffness
and strength.

The scientific studies have focused primarily on the melt-
ing and recrystallization during the hot compaction process
and on the morphology and mechanical properties of the prod-
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ucts. The technological developments were initiated by setting
up a small incubation company under the auspices of Univer-
sity of Leeds Innovations. Vantage Polymers was a small
limited company whose membership included the initial
inventors I.M. Ward (Managing Director), P. J. Hine and K.E.
Norris, together with D.E. Riley (Sales Director), M. Bonner,
B. Brew and others. The commercial developments were ini-
tially supported financially by Hoechst-Celanese and then by
Ford Motor Company who joined a consortium consisting of
Ford, BP Amoco, BI Composites and Vantage Polymers. It was
determined that polypropylene was a cost-effective polymer
for the hot compaction technology and that automotive parts
presented a potentially viable market. Other applications
under development include sports goods and loudspeaker
cones and (in polyethylene), radomes and protective helmets.
Since 2001, large scale production facilities have been in oper-
ation at Gronau, Germany, under the auspices of AMOCO
FABRICS Gmbh, who have taken a license for the technology
from the British Technology Group, and the products are
being marketed under the trade name CURV

 

TM

 

.
The scientific studies detailed in the remainder of this

chapter summarize our research work on a range of oriented
semicrystalline polymers, including polyethylene, polypropyl-
ene and polyesters.

 

II. SEMICRYSTALLINE HOT COMPACTION 
RESEARCH STUDIES

A. Polyethylene

 

The discovery of ultra-high modulus (UHMPE) polyethylene
fibers stimulated much research on the application of these
fibers to produce fiber composites. Early research in this area
focused on the melt spinning/high draw route using fibers
produced commercially by the Celanese Fibers Company.
Ladizesky and Ward [13] found that it was necessary to sub-
ject the fibers to a plasma-etching treatment in order to obtain
adequate adhesion between the fibers and the epoxy or poly-
ester resin matrix. It was shown that the combination of high
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strength and high extension to break of the UHMPE fibers
leads to very high energy absorption of the UHMPE compos-
ites [14–17]. With the invention of the high-strength/high-
modulus gel spun polyethylene (GSPE) fibers, GSPE fiber
composites are now widely used in ballistic applications [18].

It was recognized by Capiati and Porter [19] that there
could be merit in replacing the epoxy or polyester resin in
polyethylene fiber composites by polyethylene to eliminate the
problems due to lack of compatibility between the chemically
inert polyethylene and conventional resins. There are several
methods which have been reported to make such polyethylene
fiber/polyethylene composites. Capiati and Porter utilized the
difference between the melting points of highly oriented PE
fibers and isotropic PE to embed a PE filament in a block of
high-density polyethylene. For this model structure, high
interfacial shear strengths were observed which could be
attributed to the development of an epitaxially crystallized
transcrystalline layer on the fiber surface. 

Marais and Feillard [20], and later Marom and coworkers
[21], followed this principle of different melting points for fiber
and PE polymer to make unidirectional Dyneema fibers/PE
composites and Spectrafibre/PE composites, respectively, by
using HDPE films as the matrix and the gel spun fibers as the
fabric reinforcement. In later developments, Hinrichsen et al.
[22] and Lacroix et al. [23] produced similar composites by
introducing the matrix by a powder impregnation process or
by solvent impregnation of the fibers, respectively. Choy and
coworkers [24] have also made PE fiber/PE composites by using
HDPE fibers with a low melting, low density PE as the matrix.

The hot compaction process developed at Leeds Univer-
sity is unique in converting highly oriented fibers or tapes
into a single polymer composite using only one starting com-
ponent of single chemical composition. The initial discovery
showed that it was possible to take an array of melt-spun
high-modulus polyethylene fibers and, under suitable condi-
tions of temperature and pressure, melt a thin layer on the
surface of individual fibers which, on cooling, recrystallizes to
form the matrix phase of a polyethylene fiber/polyethylene
composite [12].

 

 

 

Because there is molecular continuity between
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the oriented-fiber phase (the core of the fibers which does not
melt) and the recrystallized polyethylene-matrix phase, there
is an excellent bond between the fiber and matrix phases so
that the fiber matrix interface does not produce a line of
weakness. 

The first hot compaction studies were undertaken using
the melt-spun fibers produced commercially by SNIA-Fibre
under the trade name Tenfor [25] (these fibers are identical
to those produced subsequently by Hoechst-Celanese under
the trade name Certran). For the initial experiments the
fibers were arranged unidirectionally in a matched metal
mold and heated at a low pressure of 0.7 MPa (100 psi) to the
appropriate temperature which can be called the hot compac-
tion temperature. A higher pressure (21 MPa) was applied for
10 s before removing the mold from the press and allowing it
to cool to ambient temperature. With the hot compaction tem-
perature as the only variable, the products were monitored
in several ways, using both mechanical measurements and
structural measurements by DSC, wide angle x-ray diffraction
and electron microscopy. 

It was very quickly established that providing the com-
paratively low containment pressure was adequate and suf-
ficient time was permitted to heat to the compaction
temperature — the time under pressure could be standard-
ized to 10 s and the compaction temperature was then the
key variable. Figures 1 and 2 show the density and longitu-
dinal flex modulus versus the compaction temperature, and
Figure 3 shows DSC melting endotherms at 138°C, 140°C and
142°C. The DSC endotherms show very clearly that a fraction
of the original fiber melts and recrystallizes. A subsidiary
experiment showed that the lower melting peak is exactly in
the position for the melted and recrystallized fiber, i.e., the
peaks do not arise from two different chemical species in
terms of molecular weight.

The results for density and longitudinal flex modulus
taken together show that there is an optimum compaction
temperature ca 138°C where there is excellent consolidation
and a high retention of the fiber properties. The transverse
strength, as might be expected, rises continuously with
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Figure 1

 

Compacted sheet density vs. compaction temperature
for melt-spun polyethylene fibers.

 

Figure 2

 

Longitudinal modulus vs. compaction temperature for
unidirectionally arranged melt-spun polyethylene fibers. (From P.J.
Hine, I.M. Ward, R.H. Olley and D.C. Bassett, J. Mater. Sci., 28,
316–324, 1993. With permission.) 
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increasing temperature as more material is melted and
recrystallized. The DSC results show that at 138°C only about
8% of the virgin fiber has been melted. This is very close to
the theoretical fraction of material required to fill the gaps in
a close-packed hexagonal arrangement of cylinders which is
9.3%. This encouraging result showed that only a compara-
tively small fraction of the original fiber had to be melted to
give adequate compaction. It was subsequently found that
when fabrics were subjected to hot compaction, a much
greater fraction has to be melted to give a sufficiently coherent
structure.

There was particular interest in studying the morphology
of the hot-compacted materials and this was undertaken in
collaboration with Professor David Bassett, Richard Olley and
colleagues at Reading University [26,27]. Compacted sheets
of 2.5 mm thickness were cut with a diamond knife at tem-
peratures slightly below 0°C to expose internal surfaces, usu-

 

Figure 3

 

Typical DSC endotherms for compacted melt-spun
samples made at 138, 140, and 142
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ally planes parallel or transverse to the fiber direction in the
unidirectional fiber composites. These exposed surfaces were
etched with a permanganic reagent and a two-stage replica-
tion process used, first making an impression of the etched
surface in softened cellulose acetate and then shadowing this
replica with tantalum-tungsten, followed by deposition of a
carbon film and extraction of the shadowed carbon replica.
Figure 4 is a scanning electron micrograph of a specimen cut
transverse to the fiber direction. The original fibers can be
seen to be mostly retained and the recrystallized material is
neatly packed into the interstices of a closely packed fiber
arrangement. A transmission electron micrograph of a section
cut parallel to the fibers is even more revealing (Figure 5).
There is recrystallized material both between and within the
fibers and, in some instances as shown in Figure 6, the lamel-
lae grow in three different directions, with epitaxial recrys-
tallization from the surfaces of the fibers, two sets from the
two longitudinal fibers seen in the micrograph and a third set
growing normal to the plane of the photograph. It appears
that the lamellae form from molten polymer in strain-free

 

Figure 4

 

A scanning electron micrograph of a transverse section
through an optimum compacted sheet of unidirectionally arranged
melt-spun Certran PE fibers.
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conditions but sharing the c-axis orientation of the fibers in
which they nucleate giving good lateral properties to the com-
pacted composite. 

Further studies showed the differences between these
fibers compacted at the optimum temperature and those at
lower or higher temperatures [27]. At lower temperatures
the original circular fibers were compressed towards regular
hexagons with little interstitial recrystallized material. At
higher temperatures, too much material was melted and crys-
tallized so that although the lamellae start growing in a plane
normal to the fiber axis and sharing

 

 

 

its chain direction,
banding develops as in the case of a conventional spherulitic
structure. 

Although the unidirectional fiber composites produced by
hot compaction have a very high level of axial stiffness for
most applications, it is better to produce the composites from
a woven cloth so as to produce more balanced in-plane prop-
erties. Woven cloths with a plain weave construction produced
from similar HMPE fibers (Certran

 

TM

 

 supplied by Hoechst-
Celanese) were subjected to the hot compaction process [28].

 

Figure 5

 

A transmission electron micrograph of a section cut par-
allel to the fibers in a compacted melt-spun PE sheet.
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As in the studies of unidirectional fiber arrays, the pressures
and procedure times were held constant and the compaction
temperature varied. In addition to measuring modulus, the
peel strengths were determined by T-peel tests (following
ASTM D1876). It was found that an adequate peel strength
(~6N/10 mm) required about 20% of the melt and recrystal-
lized phase, much greater than the 10% required to give a
consolidated unidirectional fiber composite.

The tensile modulus data showed an optimum compac-
tion temperature for the woven cloths about 2°C higher than
that for the unidirectional composite. There is therefore a
correspondingly narrower processing window because the
temperature is closer to the melting point. Furthermore,
because more of the initial fiber is melted, the maximum

 

Figure 6

 

Longitudinal section of interstice between oriented
fibers: the lamellar details identify the lamellae as growing in three
different directions from three distinct fibers, under strain-free con-
ditions. (From R.H. Olley, D.C. Bassett, P.J. Hine and I.M.Ward, J.
Mater. Sci., 28, 1107–1112, 1993. With permission.)
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modulus for the compacted woven cloth was only 9.9 GPa
compared with 36 GPa for the unidirectional composite.

It is well known that one of the limitations of UHMPE
fibers is their high creep and loss of stiffness and strength at
temperatures appreciably above ambient. Even for non-load
bearing applications such as an aircraft radome, it is neces-
sary to withstand stresses in the range of 10 MPa at 70°C.
Previous research at Leeds University has shown that a good
method for reducing creep in UHMPE fibers is to subject them
to gamma irradiation in an atmosphere of acetylene which
promotes a chain reaction for cross-linking and hence reduces
the amount of chain scission [29,30]. Bonner et al. showed
that the cross-linking can be carried out on compacted sheets
or on the fabric prior to compaction and in both cases there
is a marked improvement in the elevated temperature per-
formance [31] (see, for example, Figure 7). There is also an
additional advantage in cross-linking the UHMPE, as illus-
trated by Figure 8, which shows the percentage of the melting
peak remaining as a function of compaction temperature.
Whereas there is a very sharp onset of total melting in the
untreated fiber, the cross-linked material retains its fiber

 

Figure 7

 

The relationship between tensile failure stress and test-
ing temperature for compacted sheets of woven PE fibers: a) as
received fibers (--
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structure to much higher temperature, which has the consid-
erable advantage of giving a much wider processing window.
In fact, radomes have been very satisfactorily produced by
hot compaction of cross-linked fabric in an autoclave at suit-
able temperature and pressure.

Following these studies of hot compaction of the melt-
spun UHMPE fibers, it was of considerable interest to under-
take similar research on the high-strength gel-spun UHMPE
fibers Spectra® and Dyneema and on a more recent develop-
ment, the melt-spun high-strength Tensylon® fibers. Leeds
research on these materials is presented in several publica-
tions [32–34]

 

 

 

and it is appropriate to describe the results in
historical sequence, contrasting the different behavior of each
of these fibers also with that of the melt-spun Certran (or
Tenfor) fibers.

The hot compaction of gel-spun Spectra fibers was stud-
ied by DSC, scanning electron microscopy (SEM) and broad
line nuclear magnetic resonance (NMR) over the temperature
range 142–155°C [32]. The flexural properties of unidirec-
tional fiber composites showed no change with increasing
temperature up to 154°C, and the DSC and SEM studies

 

Figure 8

 

Percentage of fiber remaining versus compaction tem-
perature for sheets of woven PE fibers: a) as received fibers (--
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b) cross-linked fibers (-
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revealed that no evident surface melting and recrystallization
occurred within this range, although the rigid crystalline frac-
tion measured by NMR was significantly lower than that for
the original fiber. Significant transverse strength was also
developed at these lower compaction temperatures, but this
only increased markedly in the temperature range
154–155°C. In the temperature range 142–153°C the fibers
do not melt but achieve reasonable transverse strength by a
combination of mechanical interlocking and intermittent
fusion at the fiber surfaces. At the high temperatures of
154–155°C, the fibers soften and the welding points become
more evenly distributed. This localized welding is distinctly
different from the general melting and recrystallization
observed at the surfaces of the melt-spun Certran fibers. 

The hot compaction of the Spectra and Certran is
reviewed in a later paper [33] which also shows results for
the Dyneema and Tensylon fibers. 

In the case of the Dyneema fibers compaction at the
optimum temperature requires appreciable melting of mate-
rial in the interior of the fibers, and SEM-etched micrographs
of these fibers reveal a higher melting skin. Similar to the
Spectra fibers, successful hot compaction involves mechani-
cal interlocking and “spot welding,” but in this case there is
considerable loss of mechanical properties due to internal
melting. 

Hot compaction of the Tensylon material, which is in
the form of highly oriented tapes, is much more successful
than in the case of the gel-spun fibers and is more akin to
that in the melt-spun Certran fibers. SEM photographs (Fig-
ure 9) show that the tapes are well fused together with
melted and recrystallized material between, with the recrys-
tallized lamellae crystallizing epitaxially on to the oriented
tapes as in the case of the melt-spun fibers. Although there
is evidence of significant melting and recrystallization in the
interior of the tapes, there is still good retention of the initial
properties. Table 1 summarizes the properties of the opti-
mum compacted woven samples for all four high modulus
polyethylenes. As can be anticipated from the above discus-
sion, Tensylon produces the best results and Dyneema the
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Figure 9

 

An SEM micrograph of a transverse section through an
optimum compacted sheet of unidirectionally arranged melt-spun
TENSYLON tapes (the black arrows indicate the tape/tape junctions.
(From P.J. Hine, I.M.Ward, N.D. Jordan, R.A. Olley and D.C. Bassett,
J. Macromol. Sci., Phys. B40, 959–989, 2001. With permission.)
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Properties of the Optimum Compacted Woven PE 

 

Samples

 

Reinforcement Name Certran Dyneema Spectra Tensylon

 

Optimum compaction
temperature 

 

°

 

C 138.5 150.5 151 153

Original fiber/tape 
modulus

GPa 42 70 70 88

Compacted sheet 
tensile modulus

GPa 10.0 7 21 30

Compacted sheet 
ultimate tensile 
strength 

MPa 160 250 460 400

Peel strength N/10 mm 8 5.2 7.4 9
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worst, with the other two fibers in between but for different
reasons. This comparison ignores the important issue of
creep performance. Figure 10 shows the Sherby-Dorn creep
curves for Certran, cross-linked Certran and Tensylon.
Although both cross-linked Certran and Tensylon show sat-
isfactory creep behavior, Tensylon has the major advantage
of much higher stiffness, hence lower deformation. Tensylon
also showed an optimum compaction temperature 2°C below
its crystalline melting point, compared with 1°C for the other
three UHMPE fibers. This gives a wider processing window
for this material which can only be broadened by cross-
linking in the case of the other fibers.

In a further study of the hot compaction of Tensylon tapes
and woven cloths [34], it was shown by scanning electron
microscopy on permanganic-etched samples that the Tensylon

 

Figure 10

 

Sherby-Dorn creep curves for Certran (
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), cross-linked
Certran (
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). (From P.J. Hine, I.M. Ward, N.D.
Jordan, R.A. Olley and D.C. Bassett, J. Macromol. Sci. Phys. B40,
959–989, 2001. With permission.)
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tapes are made up of ribbon-like units which show a two-
component morphology both before and after hot compaction
with both internal and surface melting. These results confirm
that the Tensylon melting behavior is more akin to that of
Dyneema and Spectra than the melt-spun Certran.

 

B. Polypropylene

 

Although the hot compaction of UHMPE fibers was the start-
ing point for all the compaction studies, it became clear that
from a commercial viewpoint, the process would be much more
valuable if it could be applied to lower-cost fibers or tapes.
Polypropylene is an ideal candidate for producing cost-effec-
tive hot-compacted products, so there has been much atten-
tion given to both the scientific and technological aspects of
hot compaction of oriented polypropylene fibers and tapes. As
in the case of the PE fibers, the research has involved a
combination of hot compaction in a heated press with the
compaction temperature as the key variable but with some-
what higher pressures (at least 400 psi) to ensure that the
shrinkage forces developed did not permit shrinkage of the
fibers or tapes so that the significant loss of stiffness and
strength occurred due to relaxation of the molecular orienta-
tion. Mechanical measurements and DSC measurements
were combined with electron microscopy of etched samples,
the latter studies being undertaken at Reading University by
Professor David Bassett, Robert Olley and their colleagues.

The first exploratory studies of polypropylene hot com-
paction were somewhat disappointing [35]. High tenacity
polypropylene (PP) fibers were compacted in a unidirectional
array in an open-ended matched metal mold. It was found that
at the comparatively low temperature of 174°C the fibers
became too soft and extruded from the mold so that surface
melting and recrystallization could not be achieved. However,
a later study [36], using a woven PP-fibrillated tape commer-
cialized by Milliken Industries USA, for geotextile applica-
tions, was very successful and has formed the basis for the
future technological developments, as well as initiating further
very interesting science. Whereas the uniaxial array of fibers
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in an open-ended mold could only be heated to 174°C, the
woven fibrillated tape could be heated in a closed mold up to
temperatures of 190°C. Mechanical measurements of in-plane
flexural stiffness, combined with the morphological studies
showed that at an optimum compaction temperature of 182°C,
good tape-to-tape bonding and good interlayer bonding
between the tape layers could be achieved, with good retention
of the stiffness and strength of the initial tapes. At this tem-
perature, a homogeneous and well-bonded sheet was produced
by a process of surface melting and recrystallization while
retaining a significant fraction of the original structure. The
morphological studies confirmed that the good mechanical
properties are due, as in the case of the melt-spun Certran PE
fibers, to the development of a transcrystalline layer between
the tapes and tape bundles in the woven cloth (Figure 11). 

A further study [37] explored the morphology of the hot-
compacted woven tapes over a range of hot-compaction tem-
peratures. With increasing temperature, the interior struc-
ture of the tapes was seen to undergo progressively greater
melting and recrystallization in the form of shish-kebab struc-
tures. The regions of recrystallized extra-fibrillar melt showed
effects of flow-induced crystallization in the form of row struc-
tures (Figure 12). These effects are, of course, only seen at
very much higher temperatures than the optimum. Optimum
compaction is achieved when sufficient polymer melts just to
fill all the cavities in the structure.

After these initial studies on the hot compaction behavior
of PP, the research focused on compacted sheets of woven
oriented PP tapes and fibers [38] because it was clear that
for practical applications, the woven cloths were much easier
to handle and the compacted sheets showed a satisfactory
balance of properties because these are essentially orthotro-
pic. An interesting aspect of the compaction of PP is the
beneficial effects of heating to the compaction temperature
with respect to annealing the initial structure. Figure 13
shows a comparison between the melting behavior of the
original PP tape and a hot-compacted sheet. There is an over-
all increase in crystallinity, and it is also important that in
the sheet there is significant superheating due to the melting
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under constraint which gives a significant increase in the
melting point.

A more substantial study of the hot compaction of woven-
oriented PP fabric and tapes is described in two complemen-
tary publications [39,40] where the behavior of five different
woven cloths is compared. The key variables include fabric
weight, weave style, tape count (per 10 cm) and degree of
crimp, in addition to properties of the tapes such as modulus,
strength and molecular weight. The key properties of the
compacted sheets include initial tensile modulus, ultimate
tensile strength and the interlayer adhesion (usually called

 

Figure 11

 

Etched SEM micrograph of compacted polypropylene
showing details of epitaxial crystallization (the arrow here indicates
the boundary between an original oriented tape and the recrystal-
lized material). (From J. Teckoe, R.H. Olley, D.C. Bassett, P.J. Hine
and I.M.Ward, J. Mater. Sci., 34, 2065–2073, 1999. With permission.) 
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Figure 12

 

Etched SEM micrograph of compacted polypropylene
fibrillated tapes showing crystallization nucleating between the
tapes (white arrow) as well as at the tape surfaces. (From J. Teckoe,
R.H. Olley, D.C. Bassett, P.J. Hine and I.M.Ward, J. Mater. Sci., 34,
2065–2073, 1999. With permission.)

 

Figure 13

 

A comparison of the melting endotherms of an oriented
PP tape and a hot-compacted sheet.
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the peel strength) which is a measure of the practical deform-
ability of the sheets. 

One of the most important conclusions drawn from this
study was that the hot-compacted sheets can be considered
to be a fiber composite, with the unmelted fraction of the tapes
or fibers as the fiber phase bound together by a matrix phase,
formed by melting and crystallization of the surfaces of the
original tapes or fibers. From a structural viewpoint, the prin-
cipal effect of the compaction process is the melting and
recrystallization of the matrix phase and the structure of this
phase has important consequences for the behavior of the
compacted sheet. To study this, films were produced by melt-
ing out samples of the original cloths and adopting three
different cooling procedures; first, quenching into cold water;
second, cooling at ~20°C/min; and third, slow cooling at
~2°C/min. It was found that with regard to the subsequent
mechanical properties of the sheets, molecular weight was
important, as well as the cooling procedure. Most importantly,
fast cooling produces lower crystallinity and more tie mole-
cules, leading to higher strengths as established previously
for PE [41]. Also, as can be anticipated, high molecular weight
is required to ensure a high degree of ductility.

The ductility of the matrix phase was found to be
reflected in the peel strengths of the hot compacted sheets.
For example, compacted samples based on low molecular
weight showed lower average peel strengths than those based
on ductile higher molecular weight polymers (at the same
cooling rate used in the production of the composite). The hot
compacted PP composites are very different from conventional
fiber or tape composites because the failure strain of the
oriented fibers or tapes is higher than that of the matrix
phase. This means that it is vital to have a high strain to
failure in the matrix phase so that the composite retains its
integrity up to the failure point of the reinforcement. This is
achieved by using a high molecular weight polymer and adopt-
ing a fast cooling rate.

The mechanical properties of the sheets can be consid-
ered in terms of a simple rule of mixtures, adding the prop-
erties of the fiber and matrix phase in their relative
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proportions. This implies that for polypropylene where the
properties of the fiber phase are comparatively modest (com-
pared with, e.g., PE), both phases make a significant contri-
bution to the stiffness.

The morphological studies were especially informative
with regard to differences due to polymer molecular weight.
Lower molecular weight PP grades tend to exude much more
material than high molecular weight during the hot compac-
tion process. This material recrystallizes to give regions of
lower mechanical strength than the remaining fiber, espe-
cially where there are opposing transcrystalline layers with
a junction which offers a path of low resistance to peeling.
Higher molecular weight materials tend to weld tape to tape.
Peel cracks then disrupt the tapes themselves, giving exten-
sive fibrillation and superior mechanical properties. 

Weave style and fiber geometry are important, especially
the fact that tapes present a greater surface for compaction
than fibers which have to be distorted by compression to make
optimum contact. 

 

C. Polyesters

 

1. Polyethylene Terephthalate (PET)

 

Although the studies on the compaction of PET are at an
earlier stage compared to both polypropylene and polyeth-
ylene, PET is of interest because it is a commercially avail-
able oriented polymer with good mechanical properties: it
was therefore very appropriate to examine its hot-compac-
tion behavior.

The initial studies on PET were carried out on unidirec-
tional arrangements of fibers [42]. Tyre cord yarn supplied by
ICI plc (modulus 15 GPa) was compacted using a two-stage
pressure process in an open-ended matched metal mold. In
this procedure the compaction assembly was placed into the
hot press set at the compaction temperature and a pressure
of 1.85 MPa was applied: once the assembly reached the
compaction temperature, it was left to dwell for 15 min at
which time the pressure was increased to 32.4 MPa and then
cooled. As with the first polyethylene studies, the initial target
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here was to establish the optimum temperature for compac-
tion by contrasting the changes in the longitudinal modulus
with the increase in transverse strength, as the amount of
melted and recrystallized matrix material increases with
increasing compaction temperature. The results, shown in
Figure 14, indicate that as the compaction temperature is
increased the longitudinal modulus passes through a maxi-
mum (as also seen with compacted unidirectionally arranged
polyethylene fibers – Figure 2) whereas the transverse
strength increases monotonically. The trend of these results
is very similar to that measured for the melt-spun polyethyl-
ene fibers described earlier in section II.A. In fact it was
possible to show [43] that by normalizing the temperature
axis to the melting range of each fiber, the transverse strength
results for PE and PET were very similar (Figure 15).

The results in Figure 14 indicate that the optimum tem-
perature for the compaction of these particular PET fibers is
254 ± 1°C, where a good level of bonding is achieved without

 

Figure 14
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losing too much of the properties of the original oriented
fibers. Morphological investigation of the PET-compacted
samples, using the same techniques as for the polyolefins,
initially proved unsuccessful, as it was found that the PET
melted matrix material was completely dissolved by the per-
manganic-etching reagents: for this reason, cut but unetched
transverse sections were then prepared. Figure 16 shows a
picture of such a section from a sample compacted at 255°C,
imaged using Nomarski interference contrast optics. The pic-
ture clearly illustrates that the morphology is similar to that
of the compacted polyolefins described earlier, with the
regions between the fibers filled with melted and recrystal-
lized material. 

A more recent series of experiments investigated the hot-
compaction behavior of woven PET multifilaments supplied
by Hoechst-Celanese [44]. This study highlighted the major
challenge with the hot compaction of PET, in contrast to the
polyolefins, which is the well-known mechanism of hydrolytic
degradation, researched previously both in this department
and by other workers [45–48]. Importantly, at the tempera-

 

Figure 15

 

Transverse strength of unidirectional compacted sam-
ples of PE and PET fibers normalized with respect to the melting
range of the fibers. (From J. Rasburn, P.J. Hine, I.M. Ward, R.H.
Olley, D.C. Bassett and M.A. Kabeel, J. Mater. Sci., 30, 615–622,
1995. With permission.)
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tures required for successful hot compaction of PET, signifi-
cant chain degradation can occur, often very rapidly: for
example, at a temperature of 255°C, the molecular weight can
drop by 50% in 20 min compared to 18 h for the same per-
centage fall at 140°C.

Compacted samples were made using a temperature of
255°C with a range of dwell times from 1 to 15 min. Subse-
quently, intrinsic viscosity measurements were carried out on
the compacted samples, and the results (Figure 17) showed a
significant fall in the number average molecular weight, M

 

n

 

,
with dwell time. Mechanical tests on the same series of sam-
ples showed that this decrease in molecular weight, due to
hydrolytic degradation, was allied to a significant embrittle-
ment of the samples: a 2-min dwell time showed a failure
strain of 12%; for a 15-min dwell time the failure strain was
only 2%. The key issue with the compaction of PET is there-
fore to keep the oriented elements at the compaction temper-
ature for the shortest time to minimize hydrolytic degradation
while still attaining even melting throughout the assembly of
oriented elements: 2 min was measured to be the optimum
dwell time.

 

Figure 16

 

Cut but unetched transverse section through a PET
compacted sample (255

 

°

 

C). (From J. Rasburn, P.J. Hine, I.M. Ward,
R.H. Olley, D.C. Bassett and M.A. Kabeel, J. Mater. Sci., 30, 615–622,
1995. With permission.)
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Having established the optimum compaction conditions,
more detailed studies were carried out using DSC and DMTA
techniques. Measurements of the glass transition tempera-
ture of the isotropic, oriented and compacted PET polymer
provided confirmation of the ideas developed during the
polypropylene studies, of considering the hot compacted
sheets as a polymer/polymer composite whose properties
depend on a mix of the properties of the constituents. It is
well known that the glass transition temperature of PET is
raised during the drawing process used to make the oriented
filaments, due to changes in chain conformation and crystal-
linity. During the hot compaction process, a fraction of the
skin of these oriented elements is melted, and this material
then reverts to the isotropic configuration. Figure 18 shows
the glass transition (T

 

g

 

) of three PET samples, an oriented
fiber, a piece of completely melted fiber (taken as equivalent
to the “matrix” material of the hot-compacted sheet) and a
piece of the hot-compacted sheet. It is seen that the original
oriented fibers show a higher T

 

g

 

 compared to the isotropic (or
melted) material (120 and 67°C, respectively) and that the
compacted sheet shows two peaks, one for the matrix material

 

Figure 17
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 vs. dwell time for compacted woven PET sheets.
(From P.J. Hine and I.M. Ward, J. Appl. Polym. Sci., 91, 2223–2233,
2004. With permission.)
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component (62°C) and one for the remaining oriented fibers
(99°C). The ratio of the specific heats of the two peaks seen
in the compacted material, compared to the 100% values, can
give a value for the fraction of each phase, which in this case
was determined to be 24% matrix material and 74% remain-
ing oriented fibers, which is a typical ratio for optimum hot-
compacted woven samples. Interestingly the glass transition
temperature of the oriented fiber peak in the compacted sheet
is lower than that measured for the original fibers suggesting
some shrinkage and morphological changes in the oriented
fibers during the compaction procedure.

Another key finding of the PET studies was confirmation
of the importance of ductility of the matrix phase. As with
the polypropylene work, ductility of the melted and recrys-
tallized matrix phase was found to be promoted by fast cool-
ing after compaction, reducing crystallinity and hence
promoting ductility. 

After carrying out a full set of mechanical tests, and
assessing the results in comparison to previous PP studies,
the final conclusion of the PET studies was that the optimum
compacted PET samples (255°C, 2-min dwell time, fast cooled)

 

Figure 18

 

Glass transitions of the various PET materials. (From
P.J. Hine and I.M.Ward, J. Appl. Polym. Sci., 91, 2223–2233, 2004.
With permission.)
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have roughly comparable mechanical properties to compacted
PP at room temperature (+20°C) and at +120°C, but much
better properties at temperatures between these two limits,
offering the potential of improved creep performance in this
range. The mechanical tests also showed that compacted PET
sheets had a more linear stress-strain curve compared to PP
such that at 2% strain, PET had almost twice the stiffness of
PP. In addition, compacted PET also had a lower thermal
expansion than compacted PP.

 

2. Polyethylene Naphthalate

 

Polyethylene naphthalate (PEN) has the potential for an even
greater improvement in performance over PP because ori-
ented fibers can be produced with a significantly higher stiff-
ness compared to PET [49] and PEN also has a much higher
glass-transition temperature. In addition, previous work in
this department [45] has shown that PEN has improved
hydrolytic stability compared to PET due to a combination of
lower water absorption and lower ester linkage concentration.
For this combination of reasons it was logical to assess the
potential of hot-compacted PEN. Sheets were manufactured
by compacting bidirectional arrangements of fibers (supplied
by KOSA Gmbh) over a range of temperatures around the
melting range (bidirectional fiber arrangements are made by
winding around a metal plate in a 0/90 configuration to give
balanced in-plane properties when compacted). Tensile tests
were used to determine the mechanical properties of the sam-
ples made at various temperatures in order to determine the
optimum processing conditions, and DSC was used to deter-
mine the percentage of the original oriented fibers lost during
the process, the fraction of matrix material produced and any
changes to the morphology as a result of the process.

The results obtained in this study, described in detail in
a recent publication [50], showed that the compaction behav-
ior was very similar to the other semicrystalline polymers
studied, particularly PET, as would be expected. The optimum
compaction temperature, where good interfiber bonding was
achieved without significant loss of the oriented phase, was
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271°C. DMTA measurements of the glass transition temper-
ature, taken as the peak in tan

 

δ

 

, gave very similar results to
PET, with the compacted sheet showing a glass transition
temperature between that of the original oriented fibers and
the melted “matrix” material. The analogy with traditional
composite ideas, where the properties of the composite mate-
rial are predicted based on the properties and fractions of the
component phases using simple mixing rules, was further
strengthened by these studies on the compacted PEN fibers.
Figure 19 shows DMTA measurements on the original ori-
ented PEN fiber, the melted PEN matrix material and the
compacted PEN composite. As expected the properties of the
PEN composite lie between the properties of the two compo-
nents. Moreover, it is possible to make a quantitative compar-
ison. If we assume strain continuity between the phases, then
a simple mixing rule can be developed as shown below by

 

Figure 19

 

A comparison of the measured and predicted temper-
ature performance of the compacted PEN sheet modulus. (From P.J.
Hine, A. Astruc and I.M. Ward, J. Appl. Poly. Sci., 2004 in press.
With permission.)
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(1)

where E

 

L

 

 is the longitudinal modulus of the oriented fibers,
E

 

M 

 

the modulus of the melted and recrystallized matrix and
V

 

O

 

 and V

 

M

 

 the fractions of the oriented and melted phases.
Taking the fraction of the two phases from DSC tests, the
model predictions are shown as the dotted line on Figure 19,
which is seen to be in excellent agreement with the measured
compacted sheet values. 

A key aspect of this study was to compare the properties
of compacted PEN with PET. Table 2 shows a comparison of
the important mechanical properties of these two compacted
polyester sheets. Compacted PEN is seen to have significantly
improved modulus, strength and temperature performance
compared to PET. The failure strain is lower than PET, sug-
gesting that there could be potential drawbacks in terms of
impact performance and thermoformability which are yet to
be addressed in any detail. However the results indicate that
PEN shows great potential as a compacted sheet, with a
significant performance improvement over both PP and PET. 

 

D. Nylon 66

 

As with the polyesters, oriented nylon fibers are widely com-
mercially available, so it was a logical step to assess the hot-
compaction behavior of this polymer [52]. Woven cloth, made
from nylon 66 multifilaments, was obtained from a commer-
cial source. Compaction experiments were carried out by
placing layers of the woven nylon cloth between metal plates
and compacting in a hot press at a pressure of 400 psi using
a dwell time of 2 min to restrict any possible degradation as
with the polyester studies described earlier. The optimum
compaction temperature for the nylon 66 cloth was found to
be 261°C. For nylon 66 the peak melting positions of the
original fiber and the melted and recrystallized material
were found to be quite close together, at 261 and 265°C,
respectively. For this reason, DSC melting endotherms of the
compacted materials did not show the clear demarcation
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between the two components seen with other materials such
as polyethylene and polypropylene (Figures 3 and 13, respec-
tively). It is well known that nylon absorbs significant
amounts of water due to hydrogen bonding. For this reason
an optimum sample of compacted nylon 66 was tested imme-
diately and then after equilibriating at room temperature
and humidity (50% RH) for 2 weeks, which resulted in ~2%
water uptake. Figure 20 shows a comparison of the tensile
properties of the dry and wet compacted nylon sheets. As
expected, the water uptake affects those properties which
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PEN 271 9.6 207 5 6.53 149
PET 257 5.8 130 11 1.58 110

 

Figure 20

 

A comparison of the tensile stress-strain behavior of
dry and wet compacted nylon 66 sheet.
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depend on local chain interactions (e.g., modulus and yield
strength) but has less effect on those properties that depend
on large scale properties of the molecular network (e.g.,
strength). The modulus and strength of the compacted wet
nylon sheet (2.8 GPa and 150 GPa) are comparable to com-
pacted polypropylene sheets and the peel strength, a mea-
sure of the bonding between the woven cloth layers, was
measured as among the highest ever measured at a value of
23N/10mm, probably a consequence of the high cohesive
strength of isotropic nylon. The drawback of the compacted
wet nylon sheet, is the elevated temperature performance,
with the modulus dropping to almost zero at a temperature
of 80°C. However, if elevated temperature is not an issue,
compacted nylon sheet shows good mechanical properties.

E. Other Semicrystalline Polymers: 
Polyetheretherketone (PEEK), 
Polyphenylene Sulphide (PPS) and 
Polyoxymethylene (POM)

Throughout the hot-compaction studies, the target has always
been to produce a compacted sheet with the ultimate combi-
nation of mechanical properties in terms of stiffness, strength
and elevated temperature performance. To this end we have
evaluated the hot-compaction behavior of three higher perfor-
mance oriented engineering thermoplastics, namely polyphe-
nylene sulphide (PPS), polyetheretherketone (PEEK) and
polyoxymethylene (POM). 

1. Polyphenylene Sulphide (PPS)

PPS was chosen for evaluation because it is perceived as hav-
ing good elevated temperature performance, excellent chemical
resistance, very low shrinkage and does not show hydrolytic
degradation. The grade chosen for the study was FORTRAN
0320, manufactured by Ticona. Commercial oriented material
was not available in this case, so drawn filaments were pro-
duced in-house following conditions established in a previous
study [52]. Drawn tapes, with a modulus of 5.7 GPa, were
compacted using the bidirectional (0/90) arrangement of fibers
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as used in the PEN studies described earlier, by winding them
around a metal plate in a 0/90 configuration: the optimum
compaction temperature was found to be 288°C. Samples of
isotropic material were also tested to establish the properties
of the matrix phase of the compacted PPS sheet. Isotropic
sheets showed a very high modulus, of 4.2 GPa, suggesting
that the matrix phase will make a significant contribution to
the properties of the compacted composite. Measurements on
the optimum compacted sheets gave a tensile modulus of 5.2
GPa, which is a good value, but a tensile strength of only 80
MPa and brittle behavior at a failure strain of 8% [53]. It is
conceivable that the grade chosen for these preliminary studies
is not optimum, but these results do give an indication of the
potential of compacted PPS. DMTA tests showed the expected
temperature performance, with a tensile modulus similar to
compacted polypropylene at +20°C and a tensile modulus sim-
ilar to PET at 100°C. However, like PET, PPS has a glass
transition temperature around 100°C so temperature perfor-
mance above 120°C is limited.

2. Polyetheretherketone (PEEK)

Another polymer which offers the prospect of elevated temper-
ature performance is PEEK. Compaction experiments were
carried out on woven cloth supplied by Victrex, UK [54]. As in
previous compaction studies using woven cloth, layers of the
cloth were placed into a matched metal mould and compacted
at a range of temperatures around the melting temperature
of PEEK, which DSC indicated as ~345°C. Compaction exper-
iments were carried out at a pressure of 700 psi and a dwell
time of 10 min. The optimum compaction temperature was
found to be 347°C, which gave a composite comprising 17%
melted and recrystallized matrix phase and 83% of the remain-
ing original oriented woven fibers (measured by DSC).

Tensile tests on the optimum samples showed an initial
modulus of 3.65 GPa, with a long linear region up to a strain
of a few percent followed by a yield point and ultimate failure
at a stress of ~100 MPa and a failure strain of >20%. DMTA
tests showed that the tensile modulus fell only slightly until
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the glass transition region of ~163°C. In fact PEEK has the
highest glass transition of all the polymers evaluated in this
research program, which is reflected in the properties of the
compacted sheet.

3. Polyoxymethylene (POM)

POM is a suitable candidate for a hot-compacted sheet
because highly oriented tapes and filaments can be produced
which have properties which are only bettered by polyethyl-
ene. These compaction studies [55] drew on the considerable
experience in this department in this research area [56,57]
both in the choice of the grade of polymer (Delrin 500 NC010)
and the drawing procedures. The best oriented tapes, with a
modulus of ~22 GPa, were produced by a two-stage drawing
process: the first stage at 145°C and a second stage at 155°C
with a total draw ratio of ~13. As with the studies on PEN
and PPS, where woven material was not available, compacted
sheets were produced by winding the drawn tapes around a
metal plate in a 0/90 configuration. Tests over a range of
temperatures showed that the compaction processing range
for POM, which is highly crystalline, is quite narrow and that
the optimum compaction temperature was 182°C. 

Tensile tests on the 0/90 compacted POM sheets showed
excellent properties, with a tensile modulus of 10 GPa and a
strength of 280 MPa, reflecting the excellent properties of the
original oriented POM tapes. With such a high room temper-
ature modulus, it was no surprise that the elevated temper-
ature performance of the compacted POM sheets was
excellent, with a value of the modulus at +120°C of 6.7 GPa,
higher than most of the other compacted polymer sheets stud-
ied at 20°C. However, above this temperature the properties
dropped significantly due to the lower melting temperature
of this polymer. 

III. CONCLUSIONS

The main conclusion from the various studies detailed above
is that the properties of the final compacted sheet are deter-
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mined by the properties of the two component phases (the
original oriented phase and the created melted and recrystal-
lized matrix phase) and the proportions of each. The goal is
always to discover the best combination of processing condi-
tions, most notably the compaction temperature, in order to
produce enough melted matrix material to bind the oriented
elements together and form a homogeneous composite mate-
rial, while retaining as high a percentage as possible of the
oriented component. The optimum amount of melted material
is seen to lie between 20 and 30% (depending on the geometry
of the oriented component), which in the worst case gives a
composite with a 70% reinforcement fraction, higher than can
be achieved with any other processing technique, maximizing
the contribution from the oriented elements. 

There is also a clear link between the properties of the
two phases and the properties of the final compacted sheet.
If the oriented elements are highly drawn, and have a high
stiffness and strength, then the resulting compacted sheet
will also be stiff and strong. Conversely if the isotropic poly-
mer has a high cohesive strength, then it will be a good
“matrix” material or glue to bind the structure together. While
it is an advantage to produce the matrix material from the
surfaces of the oriented elements, forming a composite made
from chemically the same polymer and with molecular conti-
nuity between the phases, perhaps the weakness in this
approach is that it does not allow the optimum properties to
be chosen for the oriented and fiber phases, because the opti-
mum chemical composition for drawing to the highest draw
ratio, may not have the highest cohesive strength.

Table 3 summarizes the properties of the different com-
pacted materials described in the earlier sections, and Figures
21 and 22 show details of the stress-strain behavior and
dynamic temperature behavior, respectively. The results in
both the table and the two figures strengthen the idea of the
sheet properties being dependent on the properties of the two
constituent phases. As described in the section on PEN, we
have used the simple rule of mixtures (assuming continuity
of strain between the components) to predict the compacted
sheet properties which are given by Equation 1, where EL is
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TABLE 3 A Comparison of the Properties of the Optimum Compacted Sheets for Each Polymer Type

PE
(Tensylon)

PP
(CurvTM) PET PEN

Nylon 66
(Wet) PPS PEEK POM

Oriented phase type Tapes Tapes Fibers Fibers Fibers Tapes Fibers Tapes
Oriented phase arrangement Woven Woven Woven 0/90 Woven 0/90 Woven 0/90
Compaction temperature (°C) 153 191 258 271 261 288 347 182
Oriented phase modulus (GPa) EL 88 11 14 22 5.8 5.7 7 22
Matrix phase modulus (GPa) EM 0.5 1.2 2.8 3.3 1.9 4.2 2.5 3.2
Initial compacted sheet modulus (GPa) 30 5 5.8 9.6 2.8 5.2 3.5 10
Predicted composite sheet modulus (GPa) from 

rule of mixtures (strain continuity) assuming 
an oriented fraction of 0.75

33.1 4.9 7 10.3 3.4 4.8 4.1 10.2

Compacted sheet failure strength (MPa) 400 182 130 207 150 80 100 280
Compacted sheet failure strain 2 15 10 6 15 6
Peel strength N/10mm 9 8 18 23
Density (kg/m3) 980 910 1400 1410 1140 1350 1310 1420
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the longitudinal modulus of the oriented fibers, EM the mod-
ulus of the melted and recrystallized matrix and VO and VM

the fractions of the oriented and melted phases. It is assumed
that the transverse modulus of the oriented component is the
same as the matrix modulus EM, which we have found to be
a reasonable assumption for most polymers. The model also
assumes that there is no crimp when woven fibers or tapes
are used: as such the model gives an upper limit to the pre-
dicted compacted sheet modulus. 

The fourth and fifth lines of Table 3 show the values of
EL and EM for the various polymers. In all the systems studied,
the optimum percentage of matrix materials has been found
to be between 20 and 30%: the model predictions for the
compacted sheets have therefore been calculated for an ori-
ented volume fraction of 0.75. The sixth line of the table then
shows the measured compacted sheet moduli while the sev-

Figure 21 Stress-strain curves of optimum compacted sheets.
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enth line shows the model predictions based on the phase
properties. It is seen that the model predictions are in general
an upper limit prediction, and that the agreement between
measured modulus and predicted modulus is excellent. PET
shows the greatest difference and this is thought to be due to
two effects: the woven PET cloth was composed of thick mul-
tifilament bundles and so the crimp in the cloth was high;
second, the results detailed in Section II.C.1 showed that the
orientation and properties of the PET fibers were affected by
exposure to the compaction temperature, so the input values
for the fiber, based on the original properties, could be an
overestimate. An identical model was used to predict the
compacted sheet strength (here the oriented component dom-
inates) and a similar good agreement was found.

Also shown in the table are the values of the sheet
strength and failure strain, and Figure 21 shows the complete
stress-strain curves for each polymer. Once again, the stress-

Figure 22 DMTA temperature scans on optimum hot-compacted
sheets.
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strain curves are related to the properties of the component
phases, with the most highly oriented polymer (PE –
Tensylon), showing the highest values of stiffness and
strength, accompanied by the lowest failure strain. Two other
important parameters are shown in the table, the peel
strength and the compacted sheet density.

Finally, Figure 22 shows the temperature performance
of the various compacted sheets. The temperature perfor-
mance will depend on a number of factors, including the glass
transition temperature of the polymer, Tg, the melting tem-
perature, the level of crystallinity and the degree of orienta-
tion (high crystallinity and orientation will suppress the effect
of Tg). The results show that only PEN and POM have a
significant modulus above 150°C.

The overall conclusion to be drawn from this research is
that in terms of exploitation, then, the best choice of polymer
for a hot-compacted sheet would have a low density, a high
strength and stiffness and a high failure strain (giving both
high impact performance and thermoformability), a high glass
transition temperature, medium to high crystallinity, low
melting point (for ease of processing) and a high cohesive
strength (giving good bonding and a high peel strength).
Because no single polymer will have all these attributes, the
potential choice will depend on the performance portfolio
required for a particular application. Hopefully, we have
shown that the hot-compaction process is applicable to a wide
range of oriented semicrystalline polymers, both commercially
available and produced in-house, giving a range of new mate-
rials with a wide range of performance.
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