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t 

1NTRODUCTION 

he fields of nanoscale science, engineering, and technology, more widely known as nano- 
technology, have experienced quite an explosion of interest, both scientific and industrial, over T the past decade. 

Many believe nanotechnology has the potential for becoming the next materials revolution. The U.S. 
National Science and Technology Council created the National Nanotechnology Initiative ("1) in 
2000. NNI became the top science and technology priority for the U.S. government with an initial 2001 
budget of $495 million. For FY2003, the President's budget requested about $710 million for federal 
investment in nanotechnology, a 17% increase over FY2002. According to one market analysis*, the 
world market for nanoparticles reached $492.5 million in 2000 and is expected to climb to $900.1 
million in 2005. 

The ceramics/materials community's interest in nanotechnology is fueled by the unique properties that 
can be obtained. Nanostructured materials with enhanced electrical, mechanical, magnetic, and optical 
properties have been developed. These enhanced properties open the door for many exciting applications. 

Current applications of nanomaterials include abrasives, catalysts, coatings, magnetic recording media, 
magnetic fluid seals, ceramic membranes, sunscreens, adhesives, MRI contrast agents, and reinforce- 
ments/fillers. Applications in biomaterials, cutting tools, gas sensors, solid oxide fuel cells, structural 
ceramics, thick films, wear-resistant coatings, FED phosphors and emitters, and transparent functional 
films will likely become common. 

The American Ceramic Society (ACerS) proudly contributes to the "nano-revolution" by organizing 
and sponsoring forums for information exchange and disseminating information through its various 
periodicals and books. 

This new book is a compilation of articles and papers previously published by ACerS. The articles orig- 
inated from the Journal of the American Ceramic Society, the American Ceramic Society Bulletin, 
Ceramic Engineering and Science Proceedings, and Ceramic Transactions. We hope this collection of 
papers on current research and development, manufacturing, and marketing data will provide a refer- 
ence resource for those involved in this new and exciting field of nanotechnology. 

~~ 

*Business Contmuriication Co. Inc., Norwalk, Conn. 

vii 
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The world mudet for nunopurticles is expected to increase mrkedy during the 
next severul yem. 

N ano terminology has become trendy, popular and repre- 
sentative of all that is high-tech in the materials world. 
Literally, nano represents O.OOCH)OOOOl, or 10-9, an extremely 
small quantity with enormous implications for the miniaturiza- 
tion-driven technology of the twenty-first century. 

prefix nano, such as nanoparticle, nanomaterial, nanophase and 
nanostructured, has emerged to describe certain materials, 
technologies and even businesses. In fact, several firms listed on 
the NASDAQ stock exchange use the prefix nano in their 
company names. Although not yet a household word, it is 
indeed well-known within and increasingly vital to the 
advanced materials community and high-technology business 
sector. 

materials that are characterized by structural features ranging 
in size from -O.OOOOOOOOI (1 x 10-9) to O . ~ O O O ( W ) ~  (100 x 
l ~ - ~ )  meter (m)-that is, 1 to 100 nanometers (nm). 

This nanostructuring may exist in one, two or three dimen- 
sions. For example, a thin film of 10 nm in thickness is nanos- 
tructured in one dimension, a whisker or fiber of 25 nm in 
diameter and 1000 nm (1 micrometer (pm)) in length is 
nanostructured in two dimensions, and a roughly spherical 
crystal or grain of 30 nm in diameter is nanostructured in three 
dimensions. 

It is this latter type of material-three-dimensionally nanos- 
tructured materials, or nanoparticulate materials-that is the 
primary focus of this article. For comparison, conventional 
particles ty ically have dimensions in the range of 10-100 pm 

- 

Within the past two decades, a variety of terms sharing the 

Generally speaking, nanoterminology is aptly used to describe 

Mindy N. Rittner 
Business C~mmunications CO. Inc., Nowalk, Corm. 

1 0-5-10-lm). 

Commercial Products 
Nanoparticles are available commercially in the form of dry 
powders or liquid dispersions. The latter is obtained by 
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combining nanoparticles with an 
aqueous or organic liquid to form a 
suspension or paste. It may be nec- 
essary to use chemical additives 
(surfactants, dispersants) to obtain 
a uniform and stable dispersion of 
particles. With further processing 
steps, nanostructured powders and 
dispersions can be used to fabricate 
coatings, components or devices 
that may or may not retain the 
nanostructure of the particulate raw 
materials. 

Currently, the most commercially 
important nanoparticulate materials 
are simple metal oxides, such as 
silica (SiOz), titania (Ti02), alu- 
mina (Al2O3), iron oxide (Fe3O4, 
Fe2O3), zinc oxide (ZnO), ceria 
(CeO2) and zirconia (21-02). Also of 
increasing importance are the 
mixed oxides, indium tin oxide 
(In203-SnO or ITO) and anti- 

ATO), as well as titanates, in partic- 
ular barium titanate (BaTi03). Silica 
and iron oxide nanoparticles have a 
commercial history spanning half a 
century or more, while nanocrys- 
talline titania, zinc oxide, ceria, 
ITO, and other oxides have more 
recently entered the marketplace. 

Other types of nanoparticles, 
including various complex oxides, 
metals, semiconductors and non- 
oxide ceramics, also are under 
development and are available from 
some companies in small- or pilot- 
scale quantities primarily. With the 
exception of semiconducting oxides, 
such as titania and ITO, semicon- 
ductor nanocrystals are not yet used 
in large-scale commercial applica- 
tions. The technology to produce and 
utilize nanocrystalline semiconduc- 
tors, often called quantum dots, is 
relatively new and rapidly developing. 

A technological problem limiting 
the use of metal nanoparticles in 
some applications is their high 
reactivity. It is difficult to produce, 
transfer and store metal nanopow- 
ders without particle contamination 
and, in some cases, safety hazards 
(because of the pyrophoricity of the 
high-surface-area particles). 

mony tin oxi 5 e (Sb203-Sn02 or 

Nanoparticle Pricing 
Despite progress in scaling up production and reducing costs, 
nanoparticles remain relatively expensive materials. Mass-pro- 
duced nanopowders typically range in cost from tens of dollars 
to several hundred dollars per kilogram, depending on the pro- 
duction volume, material type, powder characteristics (e.g., 
particle size, size distribution, purity), manufacturing method 
and postsynthesis processing treatments. 

Custom-processed nanopowders or developmental quantities 
of material may be priced in the tens-of-dollars-per-gram range 
or higher (which translates into tens of thousands of dollars per 
kilogram and higher). Nanoparticles and dispersions produced 
for pharmaceutical applications may be priced even higher. 

Market Analysis - Background 
In 1997, Business Communications Co. (BCC) published a sem- 
inal technical-market study, Opportunities in Nanostructured 
Materials, that defined the scope of the nanomaterials industry 
for the first time. The report identified the 1996 U.S. market for 
nanoparticles at $41.3 million and forecast a $148.6 U.S. mar- 
ket for 2001, corresponding to a 29.2% average annual growth 
rate (AAGR) from 1996 through 2001. 

Since that first report was published, the industry has wit- 
nessed many changes: new entrants into the business; produc- 
tion scale-up efforts; new commercialization strategies; and 
technological advancements. As a result of these developments, 
BCC opted to take another look at the industry and reevaluate 
the existing and potential markets for nanoparticulate materials. 

The culmination of that research is a comprehensive, three- 
volume series of reports on which this article is based: GB- 
201A, Opportunities in Nanostructured Materials: Electronic, 
Magnetic, and Optoelectronic Applications, published May, 
2001; GB-201B, Opportunities in Nanostructured Materials: 
Biomedical, Pharmaceutical, and Cosmetic Applications, 
published August, 2001; and GB-201C, Opportunities in 
Nanostructured Materials: Energy, Catalytic, and Structural 
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Applications, published December, 2001. The reports describe 
24 different current and emerging applications for nanoparticles. 

In each report, the market data and forecasts are presented in 
terms of the value (constant U.S. dollars, US$) and volume (kg) 
of nanoparticles consumed. For use in some applications, 
nanoparticles are further processed into a coating or consoli- 
dated into a dense component. However, for the sake of consis- 
tency, the market figures specifically represent the value of the 
powders or dispersions themselves, as opposed to higher-value- 
added products, such as coatings or fabricated parts. 

of reports were derived from primary and secondary sources. 
More than 150 industry participants-executives, engineers, 
managers, researchers and salespeople from companies and 
research institutions involved in the development, production 
and/or use of nanostructured materials-were interviewed 
during the studies. 

Other information was obtained from an exhaustive review of 
the patent literature and government databases, as well as 
scientific, trade and business journals, and company literature. 
BCC newsletters, reports and conference proceedings provided 
additional information. 

The information and data contained in the three-volume series 

Market Analysis - Major Results 
The total world market for nanoparticulate materials reached 
$492.5 million in 2000 and is expected to be $900.1 million in 
2005, corresponding to a 12.8% AAGR during the next five years. 

Electronic, magnetic and optoelectronic applications for 
nanoparticles accounted for more than two-thirds, or 67.6%, of 
the 2000 market. Biomedical, pharmaceutical and cosmetic 

Nanopnrticde world market by application area. Total 2000 market w a s  S492.5 
million. Total 2005 market expected to be $900.1 milliort. (m) energy, curtalytic 
and stntctitml applicwtiotts; @I) biomedical, phannacerttical and cosmetic 
applications; and (H) elecwonic, magnetic and optoelectronic applications). 
Sort rev: Bitsiness Contmrt nications Co. Inc. 

applications accounted for almost 
one-fifth, or 19.7% of the total 
market. Energy, catalytic and 
structural applications accounted 
for the remaining 12.7%. By 2005, 
the market shares are forecasted to 
shift to 74.2%, 16.1% and 9.8%, 
respectively. In 2000, the most 
important applications in terms of 
revenues generated were chemi- 
cal-mechanical polishing (CMP), 
magnetic recording tapes, sun- 
screens, automotive catalyst sup- 
ports, biolabeling, elec troconductive 
coatings and optical fibers. 

Electronic, Magnetic, 
Optoelectronic Applications 

The world market for nanoparticu- 
late materials in electronic, magnet- 
ic and optoelectronic applications 
was $333 million, or 67.6% of the 
total market, in 2000. This figure 
represents the value of nanoparti- 
cles consumed to produce CMP slur- 
ries, electroconductive coatings, 
magnetic fluid seals, magnetic tape 
coatings, optical fibers, passive elec- 
tronic devices, phosphors, quantum 
optical devices and solar cells. 

Because of growth in the already- 
substantial CMP market, as well as 
the emergence of several on-the- 
verge applications, BCC projects 
that the world market for nanoparti- 
cles in electronic, magnetic and 
optoelectronic applications will 
reach $667.5 million, corresponding 
to a 14.9% AAGR in terms of value 
from 2000 to 2005, and 74.2% of the 
projected world market. 

Simple oxides, such as silica and 
alumina, will continue to account 
for the majority of the market. 
However, complex oxides are 
expected to increase their market 
share while demand for metallic 
nanoparticles will be strongly 
affected by sluggishness in the 
magnetic recording industry. 

Biomedica 1, Ph arm aceu t ical, 
Cosmetic Applications 

The world market for nanoparticu- 
late materials in biomedical, phar- 
maceutical and cosmetic applications 
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Shares oj' the world murketjbr nanoparticles 
by niaterial type. Total 2000 market was 
$492.5 million. Total 2005 market expected 
to be $900.1 million. Source: Business 
Communications Co. Inc .  

was $97.0 million, or 19.7% of the 
total market, in 2000. This figure 
represents the value of inorganic 
nanoparticles used as or to produce 
antimicrobial agents, biological 
labels for research and diagnostics, 
biomagnetic separations media, car- 
riers for drug delivery, magnetic res- 
onance imaging (MRI) contrast 
media, orthopedic materials and 
sunscreens. More than 90% of this 
market can be attributed to two 
applications, sunscreens and biola- 
bels, that have been undergoing 
development and commercialization 
for a decade or more. 

Among the most important factors 
influencing growth in the various 
market segments is competition 
from alternative materials and 
technologies. BCC projects that the 
world market for nanoparticles in 

biomedical, pharmaceutical and cosmetic applications will 
increase at an 8.3% M G R  during the next five years, reaching 
$144.8 million (16.1% of the total projected market) in 2005. 
The sun-protection market has the greatest near-term revenue 
potential, while drug-carrier applications will be slowest to 
penetrate the market. 

Energy, Catalytic, Structural Applications 
The world market for nanoparticulate materials in energy, cat- 
alytic and structural applications reached $62.5 million (12.7% 
of the total market) in 2000 mainly because of world efforts to 
clean up the environment. This figure represents the value of 
inorganic nanoparticles used as or to produce automotive cata- 
lyst supports, ceramic membranes, fuel cells, photocatalysts, 
propellants and explosives, scratch-resistant coatings, structural 
ceramics, and thermal spray coatings. 

These market segments are a diverse mix of mostly new 
nanoparticle applications combined with one established use: 
automotive catalysts. Decades old, but responding to greater 
environmental consciousness and more stringent emissions 
standards worldwide, the automotive catalyst market is experi- 
encing changes in catalyst materials and engineering. 

nanoparticles to fabricate dense ceramic components. IIowever, 
two particular structural ceramic products have made headway 
into the marketplace. Also, the promising photocatalyst market 
for nanocrystals is beginning to generate revenues mainly 
because of development projects and new product introductions 
by companies in Japan and Europe. The U.S. Navy has 
increased interest in thermal spray applications for nanopartic- 
ulate feedstock, and progress also has been made in exploiting 
the characteristics and properties of nanocrystals in ceramic 
membrane, fuel cell, propellant and scratch-resistant-coating 
applications. 

BCC projects that the wold market for nanoparticulate materi- 
als in energy, catalysis and structural applications will be $87.8 
million (9.8% of the total projected market) by 2005, correspon- 
ding to an AAGR of 7.0% during the forecast period. 

During the 1990s, companies had mixed success in using 

Segmentation by Material Qpe 
86% of the 2000 world market-8423.7 million-is due to appli- 
cations that consume silica, alumina, titania and specific types 
of metallic nanoparticles. Other types of nanoparticles, primari- 
ly simple oxides, such as ceria, zinc oxide, and iron oxide, 
account for the remaining 14%, or $68.8 million. 

There will be only a slight decrease in the market dominance 
of silica, alumina, titania and metallic nanoparticles in 2005. 
These materials will retain an 83.4% market share and generate 
$750.9 million in 2005. Materials of growing importance during 
the next five years include ceria, zirconia and multicomponent 
oxides. 
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PbTiO3 
Nanosized Ceramics 

lead titanate powders huve been prepued using the Sol-gel method with lead 
/actate as the bud precursor. 

L e a d  titanate (PbTi03) is an important ferroelectric ceram- 
ic. It has a high Curie temperature, high pyroelectric coeffi- 
cient, low dielectric constant and high spontaneous polariza- 
tion. PbTi03 has been widely used for capacitors, ultrasonic 
transducers, thermistors, optical electronic devices and satellite 
detection systems. 

Nanometer-sized PbTiO crystals can be prepared using 
chemical coprecipita tion! ~ol-gel?,~ hydrotherma14 and 
traditional solid reaction methods. Sol-gel processing offers 
significant  advantage^,^ including high purity, chemical homo- 
geneity and controlled particle size. Compared with other 
methods, the sol-gel process provides lower reaction tempera- 
ture and better control of molecular-level properties. 

One of the major disadvantages of the sol-gel process is the 
high cost of the alkoxide reagents. hlkoxide reagents are used in 
organic compounds to increase the stability of multicomponen t 
systems, increasing the stability of the multicomponent systems 
when the use of constituent alkoxides becomes difficult or 
produces poisonous gas. Tic14 and Pb(N0 )2 have been used as 

at high temperature. 
Another disadvantage of the sol-gel process is that the precur- 

sor solution is extremely moisture sensitive. Therefore, the 
purpose of this study is to decrease the cost of the alkoxide 
reagents and to increase the stability of solidification and 

precursors. However, chloride ions are dif ? icult to remove, even 

gelation. 
During the study, we discovered that hydroxylic acids effectively 

lower the synthesis temperature for nanometer-sized PbTiO3 
crystal preparation. Therefore, lead lactate (Pb(CI InCH01 ICOO):, , 

D.S.Yu and J.C. Han 
Center for Composite Materials, Harbin Institute 
of Technology, Harbin, ER. China 

- 
Liu Ba 
Harbin University of Science & Technology, 
Harbin, RR. China 

PbL2) was used as the lead precursor and was form%d from the 
reaction between lead oxide (PbO) and lactic acid 
(C€I3CI10HCOOH), with viscous lactic acid as the solvent. The 
system lead lactate-lactic acid-ethanol-titanium butoxide was 
selected as the precursor for the sol-gel processing of PbTi03. 

as starting materials. Bright-yellow, crystalline PbTiO3 was 
obtained, and it had a particle size of -60 nm. 

Ti(OC4IIg), and a mixture of Ti(OC4€19)4 and PbL2 (precursor 

Lead lactate and titanium butoxide (Ti(OC4II9)4) were used 

IR spectra of lactic acid, PbL2 dissolved in lactic acid, 
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liquid) were measured. A new band 
vibration at -441.6 cm-l (v(Ti-0)) 
was found. The Ti(OCqHg)4 and 
the lactic acid reacted and inter- 
linked with each other. The IR 
absorption of o(Ti-0) changed 
from higher frequency (-581.2 cm- 
l, 600°C) to ower frequency 
(-579.3 cm-l, 900°C) with 
increased temperature. This 
conformed with the red-transfer 
phenomenon. The two bands at 
-3338.6 and 1624 cm-l were 
assigned to stretching vibration of 
free water or alcohol. 

TG-DTA curves showed a weight 
loss of -25% accompanied by a 
sharp exothermic peaks at -306OC. 
This was attributed to the combus- 
tion of the original moiety in the gel. 
The small exothermal peaks at -52 
and 160°C were caused by the heat 
of melting gel and vaporizing lactic 
acid and alcohol. Another small 
exothermal peak at -416°C was 
attributed to the heat of crystalliza- 
tion of PbTiO3. The formation of 
phase-pure tetragonal PbTiO3 was 
confirmed by XRD results. 

IR spectra of (a) lactic acid, (b) PbL2 and 
lactic acid, (c) ?t’(OC4H9)4 and (d) pre- 
cursor liquid. 

XRD patterns were obtained of 
products prepared at various 
temperatures. Calcined materials 
were present in the PbO phase at 
400°C. A phase-pure tetragonal- 
perovskite-type material was 
formed at 420°C. Sharper XRD 
peak patterns resulted from higher 
preparation temperatures. Particle 
sizes were determined from the 
half-widths of the XRD peaks on 
the (1 11) interface using the 
Debye-Scherrer equation. The 
result was supported by a TEM 
micrograph of the particle. 

SRS patterns of PbTi03 particles 
prepared under various tempera- 
tures showed that lower treatment 
temperature produced higher SRS 
values. SRS also showed that cubic- 
phase nanometer-sized PbTi03 
existed at room temperature. SEM 
showed that the size of particles 
was -50 nm. 

4OOO 3000 2OOO 1600 1200 800 400 
Wavenumber (cm-1) 

IR spectra of Pblz’03 treated at various 
temperatures: (a) 600, (b) 750 and (c) 
900°C. 

I loo 2 0 0 3 0 0  Temperature (“C) 5 Q 0 7 0 0  

TG-DTA curves of the precursor solution. 

Nanometer-sized PbTiO3 can be 
easily synthesized using self- 
combustion techniques and dry gel. 
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20 40 60 70 

XRD pattern of Pblz’O~ powders treated at 
(a) 400, (b) 420, (c) 450, (d) 500, (e) 600, 
0 700 and (g) 800°C. 

L 
500 600 700 

Particle size (nm) 

SRS curves of powders treated at (a) 400, 
(b) 420, (c) 450 and (d) 500°C. 

SEM micmgraph of Pblz’03 prepared using 
new sol-gel method. 

a The American Ceramic Society 



Exciting new upplicutons ore being discovered for nunosized muterids hot are produced by he e/ectroexp/osion of wire. 

Nanosized 

Frederick Tepper 
Argonide Corp., 
Sanford. Fla. 

Marat Lemer 
Design Technology Center. 
Russian Academy of Sciences, 
Tomsk, Russia 

David Ginley 
National Renewable Energy Laboratory, 
Golden. Colo. 

lie growth of nanoteclinology is being accompanied by a 
widening of processes for producing ceramic ancl metallic 
nanopowders. \\re produce nanosized metal powders by the 
electroexplosion of wire (EEW). Wire is fed into 1111 argon-filled 
reactor, and  it is subjected to a high-current, Iiigli-voltage 
niicrosecotid pulse t o  cause it to explode. 

immersed into a liydrocarhon liquid (liexane, kerosene or 
mineral oil), passivated with a unimolecular organic film or  
coated with a n  oxide veneer. Any elemental nirtal or alloy that 
is available in the form of ductile wire can he used as a feed 
material. 

The process can he modified to produce metal oxides or  
nitrides by explosion of tlie wire in an active gas. \\'e have 
prodriced 15 different metals, several oxides and  altiminum 
nitride in quantities ranging from a single Icilogram to several 
hundrecl kilograms in the case of alumiiium metal. 

Tlie metal clusters that are formed are collected ancl either 

Tlie principal current uses for tlie nanometals include: 
Na no-a1 iini i n um (illex@ ) that is used in rocket propella n ts, 

Naiio-copper tliat is used in tliiclr-film pastes; and 
Naiio-copper that is used as a luhricant additive. 

hlaterials with aspect ratios other than spherical (fiber, flake, 
etc.) and with dimensions of niicrons and greater are iised for a 
variety of purposes hut mostly for reinforcement of polymeric, 
metallic ancl ceramic matrices. Until now, and with tlie possible 
exception of fullerenes, such forms with nanodimensions have 
not been available other than in laboratory quantities. 

pyrotechnics a nd explosives; 



Formulation and Characterization 
of Nano-alumina Fibers 
We now produce (in kilogram quan- 
tities) discontinuous alumina fibers 
(whiskers) -2-4 nm in diameter 
and aspect ratios in the tens to 
hundreds. This form of alumina 
currently is produced using two 
process versions. Both versions 
result in fibers that are 
relatively comparable in diameter 
(-2-4 nm) and appear to have 
aspect ratios greater than -20, 
although many of the fibers are 
hundreds of nanometers long. To 
put this into dimensional perspec- 
tive, the fibers seem to be about the 
size of or smaller than DNA mole- 
cules and carbon tubes. 

The fibers are produced by a 
sol-gel process variation, with 
subsequent heat treatment to a cut- 
off temperature. Version A has been 
developed to maximize surface area 
(450-600 m2/g), using heat treat- 
ment to 300°C. Version B results in 
a lesser surface area, using a heat 
treatment to 450°C. 

a mixture of aluminum hydroxide 
and boehmite (AlOOII), and that 
version B is amorphous alumina. 
FTIR data confirm that version A 
contains hydroxide and that version 
B is principally devoid of combined 
water. Version B seems to be less 
agglomerated, although artifacts in 
focusing could have caused the 
opaque regions observed in electron 
micrographs of version A. 

Our studies are now directed at 
determination of the chemistry and 
crystallographic structure that 
results during heat treatment up to 
-1200°C. We do not know whether 
there is a distinction between 
versions A and B after this level of 
heat treatment, but we hope to 
answer this question through on- 
going R&D. 

XRD results show that version A is 

Applications 
The unusual (and unexpected) 
fibrous nature of nanosized alumina 
suggests many important 
applications. 

Version A 

200 300 400 500 600 700 800 
Tomp.nrtum ("C) 

Spec f lc szitface area of nano-aluminu fibers. 

TEM nticwgraph of nano-alurninafibers (version A). Note absence of particles. 
The scale is 100 nm long. 

Ceramic Substrates, Ceramic Filters and Metn branes. 
Nanosized particles are known for their ability to sinter at 
temperatures far lower those of micron-sized particles. This 
suggests their use as sintering aids. When the fibers are heated 
from -400 to 900"C, they lose -7536 of their surface area, 
sugesting that the sintering process is well underway. 

Preforms containing the fibers can be made by mulching and 
filtering them through a cellulose ultrafilter. The green strength 
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of such mats is sufficient for handling and subsequent sintering, 
even without an organic binder. Green strength and green 
density also can be improved by cold pressing the mat. We plan 
to develop data on pressureless sintering of such fibrous mats, 
with the intent of using them as an ultrafilter, gas-separating 
membrane and electronic substrate. 

Alumina is used as a substrate for hybrid circuits. Another 
application is in low-temperature, cofired ceramic multilayer 
circuits (LTCC), where up to eight layers of gold conductor 
circuit are arranged between alumina layers formed from 
flexible, cofired ceramic tape. 

Copper is a preferred conductor, but it has not yet been 
adapted for LTCC use, partly because the cofired firing tempera- 
ture is too high. Decreasing the sintering temperature of cofired 
ceramic tape by including alumina nanofibers and minimizing 
or eliminating the organic binders in the tape might allow 
copper to be used. 

are likely to be less than -10 nm. Subsequent sintering would 
shrink such pores further and provide some structural rigidity 
to the ceramic member. The net result would be membranes 
with pores smaller than -5 nm, which would be effective for 
filtering viruses (7O-lOOO nm in diameter) and bacteria. Further 
sintering could produce open pore structures <2 nm, making 
these membranes potential gas separators. 

The interstices (pores) produced by cold pressing these fibers 

TEM micrograph of nuno-aluminafibers 
(version B). Notefibem injinxis i n  the lower 
jbregrozrnd. The scwle is 20 nm long. 

TEM mim)gmph of nano-alzrminafibers (version A). Notefibers injbmts in the 
lower foreground. The scale is 50 nm long. 

TEM micrograph of na no-ah mina fibe rs 
(version B). Note absence oj'particles. The 
scale is  100 rim long. 
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Strengthening qf Composites. Ceramic fibers can be used for 
reinforcing composites where the matrix is a ceramic (CMCs), 
metal (MMCs) or plastic. Conventional wisdom suggests that 
smaller-diameter fibers have a greater strengthening benefit 
than larger-diameter fibers. However, using these fibers in 
CMCs is problematic, because alumina fibers have poor creep 
resistance. 

Moreover, alumina fibers are likely to dissolve into the solid 
matrix during firing. Dispersing fibers into metallic matrices also 
is expected to be difficult. However, many of these forming 
problems might be circumvented in the case of plastic matrices. 

Catalysis. Alumina is used as a catalyst and, preferably, as a 
catalyst substrate. The high surface area and unusual 
chemisorption properties of the alumina fibers suggest that they 
might be more catalytically active than conventional alumina. 

Chemisorption of Metals. Alumina fibers are good absorbents 
for removal of trace metal ions from water. The absorption 
kinetics is rapid in removing heavy metals from an influent 
concentration of ppm to an effluent concentration of ppb. The 
sorbent can be regenerated by back-washing with mild acid or 
base. Applications of chemisorpton include filtration of haz- 
ardous plating wastes. 

active as an effective platform for the growth of bacteria and 
animal cells. Bacteria are effectively filtered from water and 
thrive on the fibers. Version B alumina fibers have yet to be 
evaluated in that regard. 

Nanocerumic and Nunometal. Composites of nanofibers and 
our nanometals might lead to novel high-tensile-strength struc- 
tures and surface coatings. 

resistivity (-2 mW-cm), thick films at 500°C. The potential for 
combining low-sintering-temperature substrates using nanofibers 
with low-temperature sintering of nanocopper might produce a 
low-cost and highly effective LTCC process. 

B.iologzcal und BhnediaZ. Version A alumina fibers are biologically 

Nanocopper can be sintered to fully dense, low electrical 

Argonide - History and Capability 
Argonide was founded in 1994 to commercialize materials tech- 
nologies developed in the former Soviet Union. 

The practice of exploding wire began in 1774. In the 1970s, a 
group in Tomsk innovated the EEW process by exploding wire in 
inert- or hydrogen-gas atmospheres within a chamber. In the 
mid 1990s, Argonide invested in this technology in exchange for 
exclusive sales and manufacturing rights. 

In 2000, the U.S. Department of Energy provided additional 
funds to support this project. The project involves three U.S. 
National Laboratories-National Renewable Energy Laboratory 
(NREL), Los Alamos National Laboratory and Kansas City 
Operations. Our nanopowders have received R&D Magazine’s 
“Best 100 New Products” award for 2000. 

Approximately 60 Russian scien- 
tists are involved in nanometal 
R&D. Recently, the R&D effort was 
increased to focus on nanoceramics 
and, -In particular, ceramic fibers. 
NREL provides analytical and 
electron microscopy support for 
some of the characterization stud- 
ies. 

Argonide’s internal R&D program 
complements the Russian effort. We 
also have received SBIR awards, 
including a NASA Phase 2 Study on 
nano-aluminum as an additive and 
accelerant for kerosene rocket fuel. 

Nanometals and nanofibers are 
stocked in kilogram quantities. 
Powders are produced in either 
Tomsk or Florida. The process that 
had been semicontinuous is now 
being modified for continuous 
operation, where wire is fed exter- 
nally and powders are withdrawn on 
a continuous basis. 
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A New Flame 
Process for Producing 

Nanopowders 

he market for nanopowders has 
increased dramatically in  recent 
years with the growth of applica- T tions in the cosmetics and chemi- 

cal mechanical polishing (CMP) industries. 
Other applications include luminescent 
materials, chemical gas sensors, multilayer 
ceramic capacitors and heat transfer fluids. 

Since established technologies are begin- 
ning to use nanopowders instead of coarser 
particles, the market is growing rapidly. 
New applications are evolving that exploit 
the unique properties of these materials. 

Nanophase powders 
(<loo rimy 

pm) offer a number of 
interesting and attrac- 

tive properties that 
difer from those asso- 

ciated with larger par- 
ticles. The market for 

these powders is 
growing rap id1 y. 

G .  S, Tornpa and G. 
Skandan 
Nanopowder Enterprises Inc. 
Piscaraway, N. J. 

Processing Technology 
A number of nanopowder processing tech- 
nologies have evolved over the past two 
decades, including wet chemical synthesis, 
spray pyrolysis, sol-gel processing and 
vapor phase condensation. Commercial 
high-quality nanopowder production has 
focused on two techniques-precipitation 
from liquid solution and dry vapor phase 
condensation. 

In order to produce loosely agglomerated 
particles, wet chemical processes generally 
require the use of a surface coating. In some 
applications, the coating may be a desirable 
feature. For most applications, however, a 
coating complicates subsequent processing 
because the coating becomes a processing 
contaminant. 

A major step in the forming of loosely 

pressure atmosphere. 
The next innovation came about through 

scaled commercial processes, where meth- 
ods for achieving high evaporation rates 
were developed. 

In addressing the challenge of high-rate 
production of nanopowders, chemical pre- 
cursors were used as starting material, and a 
combustion flame provided the thermo- 
chemical energy required to pyrolyze the 
precursors. Specifically, the authors have 
invented and patented a low-pressure chem- 
ical vapor condensation (CVC) process that 
lends itself to large-scale production. The 
powders are sold under the trade name 
NanomyteTM. 

In the combustion flame-chemical vapor 
condensation (CF-CVC) process, a stable 
flat flame is generated by burning a 
fuel/oxygen mixture at low pressure. 
Chemical precursors, introduced along with 
combustibles, experience rapid thermal 
decomposition in the hot zone of the flame. 

Since the temperature profile, gas phase 
residence time and precursor concentration 
are uniform across the entire surface of the 
burner, the effect is to generate a beam of 
essentially monodispersed nanoparticles. 
Pyrolysis occurs in the thin combustion layer. 

Clusters are formed and nanoparticles 
condense as the temperature of the gas falls 
sharply. These unique conditions are 
achievable only in  the low-pressure flat 
flame and enable fully pyrolyzed nanoparti- 

N, Glurnac and B, H. Kear 
Rutgers University the inert gas condensation (IGC) process. size distribution. 
Piscaraway, N. J. 

agglomerated particles is the introduction of 

This process utilizes evaporation in a low- 

cles to be produced with a narrow particle 

It should be noted that, unlike the physical 
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evaporation process that requires sev- 
eral kilowatts of power per individual 
evaporation station, the CF-CVC 
process is energy efficient, requiring 
no high power source. 

CF-CVC Modeling 
A key to the successful development of 
the CF-CVC process is detailed prior 
modeling not only of the combustion 
region but also the whole assembly. 
Several process parameters affect the 
controlled formation of a narrow distri- 
bution of nonagglomerated particles. 

In-situ laser diagnostics and com- 
puter simulation of the process has 
allowed each of these issues to be 
addressed. Scaling methodologies 
have been developed and implemented 
that have consistently and predictably 
scaled the production rate. The key to 
the process is uniformity in all of these 
parameters at all locations across the 
entire surface of the burner. 

Particle Collection 
The process of collecting nano- 
particles is straightforward. It draws 
upon pre-existing technology and an 
advantageous thermodynamic attribute 
of nanoparticles that are dispersed in a 
low-pressure gas. A nanoparticle sus- 
pended in a gas stream is thermo- 
dynamically driven away from a hot 
surface by a natural process called 
thermophoresis. 

Fortunately, this same thermophoretic 
process also drives nanoparticles to a 
cold surface. By properly designing the 
reactors and maintaining the required 
temperature gradients, the particles 
can be driven from the hot burners to 
the cold reactor wall where they are 
simply scraped off into a hopper. 

Materials Produced 
One of the main advantages of the CF- 
CVC production route is that there are 
many economical precursors for oxide 

Schematic of the combustion jlame-chemical vapor condensation (CF-CVC) process. 

nanoparticle production that are 
gaseous or can be transported as vapors 
into the combustion region. 
Furthermore, since several reactant 
sources can be networked together to 
flow into the burner, the process can 
produce nanocomposite powders. 

The net effect is a simple, versatile 
low-cost production technology for any 
oxide whose components have chemi- 
cal precursors that can be vaporized. 
The CF-CVC process has been used to 
produce an array of oxide powders. 

High-Purity Process 
No process-related contaminants are 
introduced during the process. All 
chemical reactions occur in the gas 
phase, thus eliminating the possibility 
of incorporating contaminants. 

Reaction byproducts are volatile and 
pumped away as part of the exhaust. 
The flame temperature and residence 
time are optimized to allow complete 
pyrolysis of the precursor species so 

that no residue from the precursor is 
entrained in the nanoparticles. 

Process Efficiency 
The combustion flame method of pow- 
der production is an efficient process 
with theoretical efficiencies approach- 
ing 100%. This is because the entire 
precursor delivered into the combus- 
tion zone is pyrolyzed and condensed 
into nanoparticles. In addition, the 
reactor design allows all the powder to 
be collected. 

The simple system configuration 
readily lends itself to computer con- 
trol, further ensuring that the system is 
continuously operating in  an opti- 
mized state. In practice, the efficiency 
is -95%. 

Size and Agglomeration 
The mean particle size can easily be 
controlled within a range of 3-75 nm by 
varying parameters (e.g., flame temper- 
ature, the rate at which precursor is 
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delivered to the combustion zone and 
pressure in the chamber). Nanopowder 
Enterprises Inc.'s (NEI) efforts, how- 
ever, are focused on the r20-nm range. 
These parameters have been optimized 
using sophisticated on-line diagnostics 
and process modeling. 

For a given particle size, the concen- 
tration of precursor in the gas phase, 
flow rates and chamber pressure are 
adjusted to maximize particle forma- 
tion while minimizing formed particle 
collisions. The rarefied atmosphere, 
combined with the rapid quenching 
of the process, minimizes particle 
agglomeration. 

All of the nanoparticles follow the 
same reaction pathway with the same 
residence time across the entire com- 
bustion reaction zone. They all grow to 
the same size and are then quenched 
simultaneously. These process attributes 
lead to nanoparticles that have a narrow 
particle size distribution. Schematic of a production tool utilizing multiple burners that can be independently cycled 

on or ofl line, thereby maintaining maximum yield. 
Scaling 
Unlike the thermally intense evapo- 
ration method of producing oxide 
nanoparticles, the NE1 process is easily 
scaled while maintaining uniformity 
and narrow size distribution. 

Any thermally driven evaporation 
process will have a hot zone. The only 
way to expand this zone is to add heat. 
Adding heat uniformly is difficult. 

Additionally, a vapor concentration 
gradient develops from the hottest 
point outward. Adding a particle- 
quenching gaseous jet stream helps 
only slightly. 

In the flat-flame configuration, there 
is perfect lateral symmetry. Moving 
horizontally, all reactions see exactly 
the same chemistry. 

Moving Outward from the face Of the 
burner, the process proceeds in three 
steps: 
The reactants pyrolyze while travers- 

ing the combustion zone a few mm 
thick, starting a few mm from the burn- 
er surface. (Once through the combus- 
tion layer, no further heat is added to the 
now condensing particles.) 
.Particles quench as they condense 
and begin to disperse in the expanding 
and cooling combustion flow. 

Finally, nonagglomerated nano- 

Comparison of particle formation mechanisms in: A )  thermal evaporation and B )  CF-CVC 
processes. The linearity of the jlat jlame leads to a narmw particle size distribution. 
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particles collect on a moving cold fin- 
ger or on the reactor wall. 

The beauty of the process is that a 
flat burner is naturally scaleable in a 
linear or radial fashion. In fact, scaling 
rules are simple. Essentially, one need 
only to maintain a constant flux over 
ever-increasing areas. Linear or radial 
scaling has an additional benefit-it 
lessens the effect of the flame edge on 
size distribution. To date, NE1 has suc- 
cessfully scaled its burner to five times 
its original size. 

For practical purposes, it is desirable 
to achieve a balance between the size 
and number of burners in a given sys- 
tem, as well as the number of systems. 
Large-scale production, using 20 or 50 
small systems, is not economical. 

Although an optimum number of 
systems is somewhat arbitrary, NE1 
has determined that using four reason- 
ably sized (burners less than two times 
the present size) and a few operational 
burners at a time is sufficient to pro- 
duce - 100 kg per day. 

It is important to note that required 
gas flows for further scaling or use of 
multiple burners is well within the 
range of commercially-available 
pumping systems. 

Production Costs 
An analysis of present and projected 
costs has been made for CF-CVC pro- 
duction of nanoparticles along with 
projected scaling of the process. 
Conservative assumptions for large- 
scale production of the technology 
were made based upon demonstrated 
results. All estimated costs and produc- 
tion volumes were standardized to 
what could be produced if the sys- 
tem(s) were operated three shifts a day, 
two hundred days a year and amortized 
over a five-year period. 

Previous time periods are a matter of 
record. From 1994-96, research dollars 
were spent on the development of CVC 
technology at Rutgers University. The 
authors are co-inventors of the technol- 
ogy and NE1 has exclusive worldwide 
rights to the technology. From 1996-97, 
invested contract funds were extrapo- 
lated for a three-shift operation. From 
1997-98, contract funding was used as 
the cost base with an extrapolation to 
include the cost of three-shift operation. 

A typical particle size distribution for NanomyteTM E02 

Cost estimates for pilot production 
(1998-99) and full-scale production 
(1 999-2001) include: 

Minimal scaling of burner dimensions 
(1.6 times the present size); 

Multiple burners per system; 
Use of multiple systems; 
Amortization of system costs; 
Modest improvements in up-time 

(e25%); 
Utilization of semi-automated reactors; 
Use of technician operators; 
Quoted volume discounts on precur- 

sors; 
Appropriate facility /overhead costing . 
There is a dramatic decrease in price 

with quantity of material produced. As 
in all large-scale chemical processes, 
the equipment and operations over- 
head reduces to pennies per gram of 
material processed. The key factor, 
then, is the cost of the starting precur- 
sor materials. If the starting precursor 
cost is $0.02 per gram, then, in quantity, 
the process will add at most $0.02 per 
gram-a relatively small factor. 

Finally, the authors believe their esti- 
mation process has been conservative 
enough that when actual scaling is car- 
ried out, additional operations over- 
head will be further reduced. This will 
lessen the projected cost to tens of dol- 

lars per kilogram. 

Applications 
Nanocrystalline materials offer a high 
surface or interfacial area and exhibit 
dramatic changes in properties: 

Enhanced sinterability at low temper- 
ature; 

Improved UV scattering; 
High hardness and wear resistance; 
Enhanced gas sensitivity; 
Smaller particle size in colloidal sus- 

pensions (allowing higher concen- 
trations); 

Superior magnetic or dielectric 
strength; 

Enhanced optoelectronic properties. 
Nanoparticles are ideally suited to 

forming slurries for CMP planariza- 
tion and to forming base particles for 
sunscreens, other cosmetic applica- 
tions, suspensions for heat transfer flu- 
ids and coatings (dip coatings or 
electrolytic processes). 

They also are suited to forming bulk 
structures in applications (e.g., high- 
performance cutting tools, high sur- 
face area supports for catalysts, heat 
sinks and chemical gas sensors). 

Each of these applications has spe- 
cific powder requirements in terms of 
chemical composition, morphology, 
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crystallinity, extent of agglomeration, 
etc. NEI’s technology is catering to all 
of these markets. 
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Structure and Properties of Advanced Nitrides and Electronic Nitrides 

J .  An. Cemm. Snr.. 85 [ 11 105-108 ( 2 0 2 )  journal 
Carbon Nitride-Related Nanomaterials from 

Chemical Vapor Deposition: Structure and Properties 

E. G. Wang 
Institute of Physics and International Center for Quantum Structures, Chinese Academy of Sciences, 

Beijing 100080, China 

Nanoscale-sized carbon nitride-related materials exhibit a 
wealth of interesting structural, electronic, and optical prop- 
erty behaviors. Chemical vapor deposition technology allows 
almost unlimited freedom to produce films with compositions 
and structures approaching the nanometer scale among light 
elements. Aligned polymerized carbon nitride (CN) nanobells 
have been grown on a large scale and provide excellent field 
electron emission properties, as described by a side-emission 
mechanism. Separation of single CN nanobells and fabrication 
of heterojunctions between CN nanobells and pure carbon 
nanotubes have been achieved. Boron carbonitride (BCN) 
nanofibers with controlled orientation and composition have 
been synthesized; these nanofibers show strong blue-violet 
photoluminescense at room temperature. Recent progress also 
has been made on nitrogen-containing diamond, CN, and BCN 
films. The purpose of this paper is to survey the work that has 
been conducted and to detail the level of understanding that 
has been attained in the research on nitride-related materials. 

I. Introduction 

OR more than ten years, a large amount of work worldwide has F been directed toward obtaining an understanding of the new, 
covalently bonded nanomaterials made from nitrogen and other 
light elements, because of their novel microstructures and extraor- 
dinary combination of physical and chemical properties.'-' One 
example of such nanomaterials is carbon nitride (CN), which 
should have high hardness and toughness, oxidation resistance, 
chemical stability, high adherence, and high thermal conductivity. 
In addition, because of the structural similarity between graphite 
and h-BN, solid solutions of boron carbonitride (BCN) with a 
graphite-like structure have been proposed and ~repared.~ Theo- 
retical calculation and experimental study indicate that the BCN 
compounds possess semiconducting properties intermediate be- 
tween those of semimetallic graphite and insulating h-BN.'," The 
importance of this phenomenon is that the electric properties of 
BCN compounds can be controlled by varying the atomic compo- 
sition and atomic arrangement of the compounds? The synthesis 
and characterization of CN and BCN nanotubes have also attracted 
considerable attenti~n.~-'j This paper describes recent progress on 
the study of nitride-related nanomaterials prepared by chemical 
vapor deposition (CVD). 
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11. Polymerized Carbon Nitride Nanobells 

Carbon nanotubes were first studied by Iijimat4 in 1991. 
However, for practical applications, a uniformly doped nanotube 
remains a challenge. Polymerized CN nanobells (CN-NBs) are 
prepared from methane and nitrogen source gases by microwave 
plasma (MWP) CVD.8 Mesoporous silica plates containing cata- 
lytic iron and nickel nanoparticles are used as substrates, because 
these nanoparticles are essential for both the initial nucleation and 
the subsequent growth of carbon nanotubes. The X-ray photoelec- 
tron spectra of the specimens indicate covalently bonded C-N, 
resulting from nitrogen doping into the carbon network. The C 1s 
spectrum presents a main peak at 285.4 eV and a distinct shoulder 
at 286.9 eV. The first peak is characteristic of graphitic carbon, and 
the second peak indicates that the carbon atoms are bonded by 
nitrogen. The N 1s peak is located at 400.9 eV, which confirms the 
presence of nitrogen atoms in a graphite-like structure." The 
presence of nitrogen in individual nanotubes is also detected by 
spatially resolved electron energy loss spectroscopy (EELS), and a 
level of nitrogen doping as high as 10% is found. EELS experi- 
ments are performed on a dedicated scanning transmission electron 
microscope (Model VG-HB5O 1, VG Microscopes, West Sussex, 
U.K.), operating at 100 kV, with a probe < I  nm in diameter, 
which allows chemical analysis on a nanometer scale. 

High-resolution transmission electron microscopy (HRTEM) 
images reveal that the CN nanotubes are linearly polymerized 
nanobells with one end closed by a hemifullerence cap and the 
other left open (Fig. 1). The atomic layers in the walls of the 
CN-NBs are parallel to each other, with an interplanar spacing of 
-0.34 nm. However, unlike the diameter of a carbon nanotube, 
that of a nanobell increases continuously from the top to the 
bottom; i.e., no part of the walls is parallel to the axis of the 
nanobell. The formation of such a conical structure probably 
results from an excess of pentagons near the upper (or closed) end 
of the bell, but, in addition, all of the graphitic sheets apparently 
stop growing when their open edges extend a certain distance from 
the center of the catalytic particles. Because the nanotube is built 
of nanobells, its outer longitudinal surface no longer terminates 
with a single graphitic layer, as in a normal carbon nanotube. 
Instead, the outside surface consists of apparently open ends of 
graphitic sheets. This novel surface structure undoubtedly plays a 
major role in determining the unusual physical properties of these 
nanobells. 

The typical field electron emission characteristics, i.e., both the 
spatial distribution of emission sites and the total emission cur- 
rent-voltage (Z-V) characteristic of the specimens, have been 
investigated by the transparent anode imaging technique.'" A quite 
low threshold field of 1 .O V/mm is observed, which is considerably 
lower than the value of 1.5 V/mm from pure multiwall carbon 
nanotubes." The highest current density detected from the spec- 
imens is -200 mA/cm2 for an applied field of 5-6 V/mm. The 
relative fluctuation from a specimen at a current density of 150 
mA/cm2 is 1.3% during a test period of 200 s, and no significant 
degradation of the current density is observed over 100 h. In our 
samples, whether before or after emission testing, neither graphite 
flakes nor open-top nanotubes are detected. Therefore, one of the 
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Fig. 1. Typical HRTEM image of the polymerized CN nanobells. 

possible field emission mechanisms of the highest current density 
observed is that of electrons emitted from the sides of the 
nanotubes. More precisely, the emission sites appear to be the open 
ends of the nanobells. 

Direct control of the length of carbon nanotubes on a nanometer 
scale is extremely difficult. Therefore, nanotubes containing poly- 
merized nanobells are good precursors for short nanotubes. Two 
methods, hydrogen-gas plasma treatment followed by grinding, 
and oxidation with acidified potassium permanganate, have been 
successfully used for this purpose. The length of these very short 
nanotubes can be controlled to give a wide range of sizes. The 
shortest nanotubes are composed of only a single nanobell, 
measuring - 15 nm in both diameter and length. Furthermore, a 
heterojunction between a CN nanotube with polymerized nano- 
bells and a pure carbon cylindrical nanotube has been synthesized 
by MWPCVD in a continuous growth process." Because the 
CN tubules are thought to be metallic, whereas the carbon 
nanotubes are either metallic or semiconducting, such nanotube 
junctions may exhibit metal-metal or metal-semiconductor 
contact be hav iors. 

111. Boron Carbonitride Nanofibers 

Previous studies only present some BCN nanotubes/nanofibers 
in random orientation, with tangly distribution and low yields, a 
situation that hampers both fundamental and applied studies of 
BCN nanotubes. Large-area, highly oriented BCN nanofibers 
(BCN-NFs) are first synthesized directly on polycrystalline nickel 
substrates by bias-assisted hot-filament (HF) CVD." The diame- 
ters of the BCN tubes are in the range 50-200 nm, and the average 
density of the nanofibers is estimated to be -10H/mm2. The 
orientation of the BCN-NFs can be controlled by applied negative 
bias.18 Only random growth is obtained without using the bias. 

HRTEM is used to determine the interior and wall structures of 
the BCN-NFs. The HRTEM results definitely show that the 
nanofiber is a multiwalled, centrally hollow tube. A distinct feature 
of the BCN-NFs is many small graphitic spines that stand on the 

surface of the fibers, making the fibers cactus-like, as shown in 
Fig. 2. The EELS measurements of K-edge absorption for boron, 
carbon, and nitrogen are used to determine the chemical compo- 
sition of the nanofibers. Typical ionization edges are observed at 
-188, 284, and 401 eV, which correspond to the characteristic 
K-shell ionization edges of boron, carbon, and nitrogen, respec- 
tively. Each core-edge fine structure consists of a sharp T* peak 
and a well-resolved U* band characteristic of sp2 hybridization. 
This conformation attests that the three atomic species are ar- 
ranged in planes of graphite-like hexagonal rings. 

Strong blue-violet photoluminescence (PL) from the large- 
scale, highly aligned BCN-NFs at room temperature is clearly 
observed by the naked eye. Room-temperature PL experiments are 
conducted using an He-Cd laser, with a wavelength, A,,,, of 325 
nm, as the excitation source. The laser spot on the sample is -0.1 
mm2, with a maximum power of 25 mW. The PL peak wavelength 
shifts within the range 470-390 nm when the chemical composi- 
tion of the nanofibers is changed. Defects in the nanofibers are 
unavoidable so far into the CVD process, resulting in broadened 
PL spectra.'* We have also studied the field emission behavior of 
BCN-NFs. An emission current of 0.26 nA can be detected at an 
applied electric field intensity of 1.8 V/pm, regarded as the 
threshold electric field. A maximum emission current of 0.92 mA 
is obtained at an electric field of 8.6 V/pm, and the corresponding 
maximum emission current density is - 120 mA/cm2. 

IV. Nitrogen-Containing Diamond Films Composed of 
Size-Controlled Nanoparticles 

Very recently, nitrogen-containing diamond films with uniform 
size-controlled nanoparticles have been obtained b hydrogen 
addition to an N2/CH, precursor in MWPCVD." The film 
microstructure, including the diamond grain size and the content of 
the graphite impurities, can be well controlled by the deposition 
parameters.20 As the hydrogen-gas flow rate is increased, the 
diamond grain size increases, from 8 to 20 nm (5  sccm (standard 
cubic centimeters per minute) H2), and then to 50 nm ( 1  0 sccm 
H2). In the meantime, the graphite phase significantly decreases; 
nearly pure nanocrystalline diamond films are revealed in TEM 
images. In fact, with increasing hydrogen-gas concentration, the 
films change color significantly, from deep black to gray, and then 
become transparent under visible light. Thus, pure nanocrystalline 
diamond films with controllable grain size can be obtained by 
varying the hydrogen-gas concentration during growth. 

X-ray diffractometry (XRD) images and Raman spectra also 
confirm these results. When the hydrogen-gas flow rate is in- 
creased from 0 to 10 sccm, the average diamond grain size 
increases from 8 to 50 nm. This value is highly consistent with that 
estimated from the TEM images. The evolution of the Raman 

Fig. 2. Typical TEM image of BCN nanofibers, showing a cactus-like 
structure. 
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spectra with increasing hydrogen-gas flow rate is as follows: First, 
the relative strength of the 1332 cm-’ diamond peak to the 
graphite bands (G-band at 1560 cm-’ and D-band at 1350 cm-I) 
increases significantly as the hydrogen-gas flow rate increases, 
which indicates that the graphite content has greatly decreased. 
Second, the peak at 1 150 cm- I ,  indicative of nanosized diamond 
crystallites, disappears in the films grown with higher hydrogen- 
gas concentrations, of 7.5 and 10.0 sccm. Secondary ion mass 
spectroscopy (Model IMS 4f, Cameca Instruments, Courbevoie 
Cedex, France), with 10 keV positive cesium ions, indicates that 
the doped nitrogen concentrations are -102’ cm-3 for all of the 
films. 

To explain why nanocrystalline diamond films are easily 
obtained in an N2/CH, environment, whereas polycrystalline 
diamond films usually are obtained with traditional hydrogen-gas/ 
hydrocarbon precursors, we propose a surface stable growth 
model. In fact, atomic hydrogen plays two key roles in the 
deposition of CVD-grown diamond films. Hydrogen can selec- 
tively etch off a nondiamond phase to produce pure diamond; at 
the same time, the terminated hydrogen on the diamond surface 
also plays a role in stabilizing the diamond growing surface. Thus, 
with the aid of atomic hydrogen, new diamond easily forms on the 
existing diamond surface, leading to the easy growth of large 
diamond particles. Conversely, in an N2/CH, environment, we 
believe that atomic nitrogen does not stabilize the diamond 
growing surface. Thus, diamond growth occurs from a new 
diamond seed and leads to the easy growth of nanocrystalline 
diamond films. When hydrogen gas is introduced to the gas 
mixture, the surface-stabilizing mechanism is introduced simulta- 
neously. The amount of additional hydrogen gas determines the 
stability of the growing surface and, thus, the diamond grain size. 
At the same time, selective etching of the nondiamond phase of the 
atomic hydrogen results in the deposition of pure nanocrystalline 
diamond films. 

A graphite/nanodiamond mixed-phase model has been proposed 
to study the field electron emission (FEE) mechanism of nano- 
crystalline diamond films.” In such a model, graphite works as a 
conduction channel from the back contact metal to the film 
surface. The diamond on the surface has a relatively low, or even 
negative, electron affinity. Thus, electrons first tunnel through the 
diamond edges and then emit from the diamond surface. Two main 
factors control the FEE properties under this process: (1) the 
diamond grain size and (2) the graphite content in the film. 
Because electrons from the diamond/graphite interface must 
tunnel through the diamond to the vacuum, the diamond grain 
size is a critical factor in determining the tunneling probability. 
When the diamond grains are large, electrons can only emit 
from regions close to the edge, which must be thin enough for 
electrons to tunnel through. On the other hand, when the 
diamond grains are small, electrons can effectively emit from 
the larger area or even from whole diamond particles, greatly 
increasing the emission site density. The graphite content is 
another critical factor, because emission occurs from the 
diamond/graphite interface. When the graphite content is high 
enough to fill the gaps between the diamond grains, decreasing 
the graphite content increases the diamond/graphite interface 
area and, thus, enhances electron emission. However, when the 
graphite content is decreased to a critical value that is not 
enough to fill the gaps, the diamond/graphite interface area 
decreases, and the field emission properties are destroyed. 
When the graphite phase is further decreased, i t  can no longer 
form a conducting channel through the film, and the emission 
properties rapidly degrade. Novel FEE properties can be ob- 
tained by optimizing the deposition parameters. 

V. Carbon Nitride Films 

Ever since the theoretical prediction by Cohen2’ in 1985, 
tremendous experimental effort has been applied to synthesizing 
carbon nitrides by many of the more readily available techniques.2 
Nearly pure CN films, which are composed of a-C,N,, P-C,N,, 
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and other unknown CN phases, have been prepared on silicon and 
nickel s ~ b s t r a t e s . ~ ~ . ~ ~  Well-faceted nanocrystallites, consisting 
entirely of a CN network on nickel substrates, have been obtained 
in sizes from tens of nanometers to several micrometers. The 
experimental lattice constants23 of a-C,N, (a = 6.38 A, c = 4.648 
A) and P-C3N, (a = 6.24 A, c = 2.36 A) with relative N/C ratios 
of 1.20-1.60, on nickel, are in good agreement with ah initio 
 calculation^^^^^^ varying by less than 1.3% and 2.5%* respectively. 

For these samples, micro-Raman spectroscopy measurements 
have been performed. The spectra show several sharp lines in the 
spectral range from 500 to 1600 cm- ’, which are not related to the 
formation of other compounds of the participating materials, but 
rather to the formation of C3N,. A comparison of the theoretically 
calculated vibrational densities of states with calculations made 
using Hookes’s law enables correlation of the measured phonon 
features with C3N, phonon modes.26 

The successful synthesis of mixed-phase CN films has 
prompted us to consider the possibility of achieving a specific 
C,N,-phase film and the necessary experimental parameters of 
such a film. Our first attempts to control the methane concentration 
and to add a fraction of hydrogen were intended to reveal the 
influence of these parameters on the growth me~hanism.~’*~* By 
applying a selected-growth parameter through bias-assisted 
HFCVD, we have obtained a group of CN films with a relatively 
higher concentration of the unknown CN phases. Some columns 
with a prismatic tetrahedron morphology are observed. Based on 
XRD and TEM results, the lattice parameters for the new tetrago- 
nal CN phase are determined to be a = 5.56 A and c = 2.75 A. The 
N/C ratio of the new tetrahedral phase is -0.8-1.0, as determined 
by energy-dispersive X-ray (EDX) analysis.29 A monoclinic CN 
structure for some relatively larger grains with irregular surface 
morphologies also has been identified in the CVD-grown films.30 
Combined with the TEM results, further XRD tests identify a new, 
monoclinic CN structure, with the lattice parameters a = 5.065 A, 
b = 11.5 A, c = 2.801 8, and P = 96”. EDX analysis shows that 
the N/C ratio of this new phase is 0.5-1.0. 

VI. Conclusions 

Covalently bonded nanomaterials from nitrogen and other light 
elements, including SiCN,’ and BCN7*32 films, compose an 
interesting, challenging, and technologically important material 
system, which is important for basic research and also has potential 
for industrial application. Over the past decade, the physics/ 
materials-science community has witnessed a flood of studies 
specifically addressing the novel formation mechanism, as well as 
the physical and chemical properties, of these nanomaterials. Our 
ever-increasing understanding of this class of systems has been 
greatly facilitated by the use of modem growth-and-analysis 
technologies and also by comparison of theoretical calculations. 
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Silicon-Carbon-Nitrogen Ceramics Derived from 
Polymer Precursor Pyrolysis 
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An effort was made toward modifying the Si,N,-SiC phase 
ratio in bulk nanocomposites obtained from polymer precur- 
sors. While pyrolyzing the polymer, flowing ammonia was 
introduced, to facilitate a chemical exchange, resulting in a 
different C/N ratio in the ceramic pyrolysis product. A pre- 
pyrolysis/binding/pgrolysis approach was used for sample 
consolidation. Comparison was made between the crystalliza- 
tion behavior of the pyrolysis-derived ceramic powders and 
consolidated bulk samples. A profound enhancement in crys- 
tallization tendency was observed in the consolidated samples 
whose nitrogen content was increased by ammonia treatment. 
A mechanism based on the particlelbinder interface energy 
was proposed to account for this observation. 

I. Introduction 

ESEARCH into the possibility of producing three-dimensional R non-oxide engineering ceramics-especially nanocomposites 
based on silicon nitride (Si,N,)--from the pyrolysis of polymer 
precursors has intensified over the past two decades.'-3 The increased 
emphasis on this processing method comes from the possibility of 
obtaining consolidated covalent ceramics at lower temperature and 
without liquid-phase sintering, thus offering a potential way to 
achieve good high-temperature properties. Pyrolysis of a polymer 
proceeds via the destruction of the polymer macromolecular network, 
leaving behind an amorphous ceramic ~keleton.~" Two methods have 
been developed to make crack-free bulk ceramics from the pyrolysis 
of polymer precursors. One method is the compaction of cross-linked 
infusible polymer powders, via cold isostatic pressing (CIPing) or 
warm pressing, followed by pyrolysis at a slow heating rate."." This 
approach produces ceramics with a substantial amount of open 
porosity. The other approach is a hybrid method that is based on 
prepyrolysis and In this approach, polymer powder is 
pyrolyzed to an appropriate extent and, before being compacted, 
liquid polymer precursor is added as a binder during compaction. 
Using this second method, much less gas generation and volume 
shrinkage are observed. Furthermore, samples contain less open 
porosity and a larger viable material size is obtainable. Therefore, the 
prepyrolysis/binding method is considered to be the preferred route 
for the prospective industrial production of bulk covalent ceramics 
from polymer precursors. 
The bulk amorphous ceramics can further be crystallized into 

silicon nitride/silicon carbide (Si,N,-Sic) nanocomposites. For 
Si,N,-SiC composites, the grain size, the grain-boundary conditions, 
and the phase ratio between Si,N, and Sic are major factors that 
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affect the properties of the material under service conditions." One 
advantage of using a polymer precursor as the starting material is that 
the chemistry of the pyrolysis product-and, thus, the microstructure 
of the final nanocomposite-can readily be changed, using the 
reactions of the polymer precursor, e.g., by conttolling the environ- 
ment of the pyrolysis.'7' '*12 For polysilazane precursors, amorphous 
Si-C-N ceramics are produced if pyrolysis is performed in a nitrogen 
atmosphere, whereas the pyrolysis product is a binary siliconitride 
(Si-N) material when pyrolyzed in ammonia (NH,). However, very 
little effort has been devoted to the adjustment of bulk ceramics other 
than powders. Galusek et al.', made an attempt to adjust the carbon 
content of amorphous Si-C-N bulk ceramics derived from a poly(hy- 
dridomethy1)silazane precursor. In their work, polymer powders were 
compacted by CIPing, and the compacts were pyrdyzed in NH, or 
NHJargon gas mixtures. This procedure, although proven to be 
effective in increasing the nitrogen content in the amorphous ceram- 
ics, produces materials with very low density (only -2.0 &m3) and 
a large volume of open porosity. Their sample size is also limited by 
the tendency of cracking of specimens due to severe gas evolution. 
Another intrinsic limitation of their approach is that an inhomoge- 
neous nitrogen content is likely to result between the surface and 
interior of the compacted samples. Furthermore, no information about 
the crystallization behavior, as a result of the ammonia treatment, was 
provided. 

In the present paper, the hybrid method of prepyrolysis and 
binding was used to consolidate bulk ceramics. An ammonia 
treatment was introduced before the compacting operation. Mate- 
rials with higher density, less tendency for cracking, and equally 
effective chemical adjustment, in comparison with the reported 
results, were achieved. Heat treatment of the bulk ceramics was 
conducted up to temperatures above the crystallization tempera- 
ture, to provide a detailed picture of the effect of ammonia 
treatment on the crystallization behavior of the Si-C-N ceramics. 

11. Experimental Procedure 

All experiments were performed with commercially available 
polyureasilazane precursor (Cerasetm SN, purchased from Com- 
modore Polymer Technologies, Columbus, OH) with the following 
empirical formula: 
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where n = 1-20 and R = H or CH-CH,. This polymer contains 
repeat units in which Si atoms are bonded in an alternating 
sequence to N atoms. With the addition of 0.5 wt% of dicumyl 
peroxide (98% pure, Aldrich Chemical Co., Inc., Milwaukee, Wl) 
as a catalyst, the low-viscosity liquid polymer can be cross-linked 
to an infusible solid using hydrosilylation and vinyl polymeriza- 
tion.14 The ceramic conversion rate on pyrolysis was -75 wt% in 
nitrogen or argon. 

The cross-linked polymer was crushed to a 200 mesh powder 
and subjected to ammonia treatment and a prepyrolysis nitrogen 
treatment. The polymer powder was placed into an alumina boat 
and heated at a rate of 10"C/min in a quartz tube furnace in 
flowing nitrogen (gas flow of 150 cm'/min). When the prede- 
termined ammonia treatment temperature (T,)  was attained, the 
flowing gas was switched from nitrogen to ammonia (150 
cm'/min), and the temperature was held at T, for 1 h. After the 
ammonia treatment, the flowing gas was switched back to 
nitrogen and the temperature was increased to the prepyrolysis 
temperature (T,,). For the specimens discussed in this paper, T, 
is in the range of 300"-800"C, whereas T,, is fixed at 800°C. 

After the ammonia treatment and prepyrolysis, the powder 
was mechanically mixed with 25 wt% liquid Ceraset polymer. 
The mixture was placed into a stainless-steel die and degassed 
for 30 min under vacuum before being uniaxially pressed at 
20-100 MPa into the form of pellets 12.5 mm in diameter. The 
pellets were further densified by CIPing at 400 MPa. Green 
bodies thus derived were subjected to pyrolysis in nitrogen at a 
pressure of 1.5 atm (-0.15 MPa), using a heating rate of 
5"-25OC/h and a final pyrolysis temperature of 1450°C for 4 h. 

To distinguish the effect of compacting state (powder or 
consolidated) on crystallization, powders with the same heat- 
treatment history (ammonia-treated at T,, prepyrolyzed at Tp, and 
pyrolyzed at 1450°C) were subjected to the same crystallization 
heat treatments as the consolidated samples. Powder and consol- 
idated specimens with the same thermal/chemical history were 
placed in a boron nitride (BN) crucible and heated at a rate of 
10°C/min to 1550" or 1650°C for 2 h in a furnace filled with 
nitrogen (1.5 atm). 

For comparison, polymer powders heat-treated in nitrogen 
were subjected to the same heat-treatment history and crystal- 
lization heat treatments as powders that had been heat-treated 
with ammonia. Then, Fourier transform infrared spectroscopy 
(FTIR) was conducted on all the powder samples, to follow the 
reactions that occur during the heat treatment in ammonia or 
nitrogen . 

Powders pyrolyzed at 1450°C (with or without ammonia 
treatment), along with the powders after crystallization heat 
treatment, were analyzed via electron microprobe analysis 
(EPMA), to obtain semiquantitative information about the change 
in chemical composition. The silicon, carbon, nitrogen, and oxy- 
gen contents were analyzed; the hydrogen content was ignored 
here, because of its small amount (< 1 wt%) in the fully pyrolyzed 
materials. 

X-ray diffraction (XRD) analysis was conducted on both the 
ceramized powders and consolidated ceramics. For the consol- 
idated ceramics, both the surface and the interior were exam- 
ined via XRD. Disks 3 mm in diameter were cut from the 
consolidated samples and processed to create transmission 
electron microscopy (TEM) samples by the standard mechani- 
cal thinning, dimpling, and ion milling to perforation. Samples 
were also coated with a thin layer of carbon to prevent charging. 
TEM observations were conducted on a TEM microscope 
(Model CM 12, Philips Research Laboratories, Eindhoven, The 
Netherlands) that was operated at an accelerating voltage of 
100 kV. 

111. Results 
(1) Fourier Transform Infrared Spectroscopy Analysis 

The FTIR spectra of the precursor powders pyrolyzed in 
nitrogen at different temperatures are shown in Fig. l(a). The 
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signals that were assignable to identified bonds were as follows: 
3405 cm-', N-H stretching vibration; 2955 and 2900 cm-I, 
C-H asymmetric and symmetric stretching; 21 50 cm-', Si-H 
stretching; 1730 cm-', C==O stretching: 1640 cm-', C=C 
stretching: 1255 cm-*, Si--CH, stretching band; and 1409 
cm- ', Si-CH==CH, deformation band." The information 
from backbone vibrations can be obtained from the bands that 
are distributed and often overlap each other in the wavelength 
range of 800-1200 cm-l. Signals from Si-NH-Si (Si-N), 
which exists in the original polymer network, are located at 
1180 and 930 cm-'.16-" Signals from the bond combination of 
Si-CH,-Si (Si-C),  which is the result of cross-linking 
reactions, can be found at 1035 and 800 cm-'.1"*Lx.20 A very 
weak but distinct C-N stretching band was observed at 1390 

As the pyrolysis temperature increased, the major events that 
could be observed via FTIR are the continuous decrease of the 
Si-H, C-H, Si-CH,, and Si-CH===CH, bands. After pyrol- 
ysis at 1450°C. the Si-H band is completely eliminated. 
However, vibrations that correspond to N-H and even C-H 
still can be observed, which is indicative that hydrogen still 
exists within the Si-C-N ceramic network and is mostly bonded 
to N and C atoms rather than Si atoms. The skeletal vibrations 
of the Si-N and S i x  bonds completely overlap each other 
and form a broad band at 800-1200 cm-'. The 1640 cm-* 
band, which is assumed to be C = C  stretching, persists to 
temperatures well above 800"C, showing higher stability of this 
bonding than that observed in other polymers in which the 
C===C bonds disappear at lower temperatures;21 the reason for 
this phenomenon is not yet clear. The possibility exists that the 
1640 cm-' band does not correspond to the C = C  stretching 
but, instead, corresponds to other more-stable groups, such as 

After the heat treatment in ammonia (Fig. l(b)), the S i -CH3 
band disappears at lower temperature (600°C) than when 
heat-treated in nitrogen (800°C). However, no bands character- 
istic of -NH2 (i.e., the doublet band located at -3400 cm")'' 
were displayed by the FT'IR analysis. The increase in nitrogen 
content due to ammonia treatment was demonstrated by the 
increase of the Si-NH-Si vibration at 1 180 cm- ' in the FTIR 
spectra. Comparison between Figs. l(b) and l(a) shows that the 
increase in Si-NH-Si bonds is most profound at intermediate 
temperatures (-600°C). Also, the Si-H band disappears at 
lower temperature in ammonia (500°C) than when heat-treated 
in nitrogen (>80O0C). However, when the ammonia treatment 
was conducted at higher temperatures (700" and 8OO0C, as in 
Fig. l(b)), the intensity of the Si-H band increases. 

cm-l  15 

_C(=O)--N.22 

(2) Microprobe Analysis 
The chemical composition of the ammonia-treated and py- 

rolyzed ceramics, along with that of the samples heat-treated 
only in nitrogen, was characterized by EPMA; some of the 
results are shown in Table I. In accordance with the FTIR 
results, the introduction of nitrogen into the ceramics by 
ammonia treatment was most effective at temperatures of 
-600°C. When heat-treated in ammonia at 600°C for 1 h, the 
carbon content can be reduced to -50% of that in the ceramics 
not treated by ammonia (from -44 at.% to -22 at.%). 
Accordingly, the nitrogen content increased from -23 at.% to 
39 at.%. Both lower and higher ammonia treatment tempera- 
tures were featured by less increase in nitrogen content. The 
silicon content remained essentially the same, which indicates 
that no silicon-containing species were lost during the ammonia 
treatment. 

EPMA also indicated a substantial amount of oxygen in the 
pyrolyzed ceramics. There are two sources of oxygen in the 
Ceraset polymer: (i) the intrinsic oxygen that is contained in the 
C(=O)-N groups in the original polymer network (less 
importantly, in the dicumyl peroxide catalyst) and (ii) the 
absorption of oxygen or water vapor when handled in air. Table 
I shows that a substantial increase in oxygen content resulted 
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Fig. 1. FTIR spectra of the polymer precursor pyrolyzed at different temperatures ((a) in nitrogen and (b) in ammonia). 

from ammonia treatment; thus, the oxygen source could be the 
oxygen gas impurity in the ammonia flowing gas (premium- 
grade, anhydrous, liquefied). 

Crystallization heat treatment led to a slight decrease in nitrogen 
content and an increase in carbon content, because of the decom- 
position and release of nitrogen gas. The oxygen content was also 
reduced by the generation of CO and H,O upon heat treatment at 
high temperatures. 

(3) X-ray Dinraction Results 
The crystallization of Ceraset-derived ceramics, pyrolyzed 

only in nitrogen, has been discussed in earlier  publication^.^** 
Figures 2-4 summarize the XRD results of the powder and 
consolidated samples that were treated in ammonia at temper- 
atures of 40O0, 50O0, and 60O0C, respectively, pyrolyzed to 
1450°C and crystallized at 1550" and 1650°C. Consolidated 
samples were analyzed both on the sample surface and inside 
the sample. 
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(A)  Powder: For powder samples, ammonia treatment 
(i.e., difference in C/N ratio) did not seem to influence the 
starting temperature for crystallization. All the samples that 
were treated at 1450°C remained amorphous. Peaks that indi- 
cate the appearance of crystalline phases began to show up at 
-1500°C. After heat treatment for 2 h at 155OoC, crystalline 
peaks could be observed on all the spectra, although the 
majority of the matrix remained amorphous. For all the powders 
subjected to ammonia (Figs. 2(a), 3(a), and 4(a)), most of the 
XRD peaks correspond to Si,N,. Both a- and P-SI,N, were 
observed in the powders with the greater carbon contents (Figs. 
2(a) and 3(a)), whereas for the powder with the least amount of 
carbon, only a-Si,N, peaks are observed (Fig. 4(a)). 

After heat treatment for 2 h in nitrogen at 1650"C, a high 
level of crystallinity is achieved, although the samples are not 
entirely crystalline. Interestingly, only after this high- 
temperature treatment does Sic  start to manifest its presence in 
the XRD spectra and a distinct trend in regard to how the 
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Table I. Chemical ComDosition of Si-C-N Powders 

Ammonia treatment Final pyrolysis 
Composition (at.%) 

C N 0 Si Nominal formula 

None 
40O0C/1 h 
500"C/1 h 
55OoC/1 h 
6OO"C/1 h 
65OoC/1 h 
700"C/l h 

None 
None 

600"C/1 h 
6OO"C/l h 

145OoC/4 h/N, 
1450°C/4 h/N, 
145OoC/4 h/N, 
145OoC/4 h/N, 
1450°C/4 h/N, 
145OoC/4 h/N, 
1450°C/4 h/N2 

( 145OoC/4 h + 155OoC/2 h)/N, 
( 1450°C/4 h + 165O0C/2 h)/N, 
(145OoC/4 h + 155OoC/2 h)/N, 
( 145OoC/4 h + 165OoC/2 h)/N, 

43.86 
42.66 
37.01 
24.14 
21.96 
26.53 
38.92 
47.22 
45.5 
24.27 
26.06 

22.95 
26.77 
31.17 
38.79 
38.62 
37.67 
3 1.77 
21.25 
2 1.98 
40.38 
40.45 

4.90 
2.99 
3.17 
9.27 
9.44 
8.75 
4.1 1 
1.29 
2.4 1 
5.93 
5.67 

28.28 
27.58 
28.65 
27.8 
29.98 
27.05 
25.19 
30.24 
30.1 1 
29.42 
27.84 

ammonia treatment temperature affects the Si,NJSiC phase 
ratio becomes established. With the increase of ammonia 
treatment temperature from 300°C up to 6OO0C, the Si,N, 
proportion increases until the only crystalline phase present, as 
demonstrated by XRD, is Si,N,. Further increases in the 
ammonia treatment temperature, to 700" and 800°C, decreases 
the proportion of Si,N,. Again, the powders with greater carbon 
content contain both a- and p-Si3N4, with a- Si,N, having the 
larger proportion and seemingly larger grain size (sharper 
peaks). In the 600°C ammonia-treated sample (Fig. 4(a)), the 
crystalline phase is exclusively a-Si,N,. 

( B )  Bulk Materials: In considering the proportion of crystal- 
line phase in the consolidated materials, one should recall that all 
the materials contain -25 wt% binder in the green compacts. This 
binder was not subjected to ammonia treatment. If the pyrolysis of 
the polymer proceeds in the same way as if it were in powder form 
(ignoring the possible reaction between the prepyrolyzed powder 
and the binder, which might result in changes in chemistry and 
ceramic yield of the binder) after pyrolysis, the binder occupies - 18.7 wt% of a consolidated sample. The binder portions also 
have a greater carbon content than the ammonia-treated particles. 

After heat treatment for 4 h in nitrogen at 145OoC, the 400°C 
ammonia-treated bulk material remains amorphous. In the 500°C 
ammonia-treated bulk material, however, primitive crystalline peaks 
begin to emerge over the amorphous background, which indicates 
easier crystallization in the bulk than the powder (compare Figs. 3(b) 
and (c) with Fig. 3(a)). The most profound difference between bulk 
and powder materials was observed in the 6oooC ammonia-treated 
samples. The 1450°C/4 h powder, which was heat-treated in nitrogen, 
is amorphous (see Fig. 4(a)), whereas the bulk material after the same 
treatment is almost entirely crystalline (see Figs. 4(b) and (c)). 

Increasing the heat-treatment temperature to 1550°C results in 
increased crystallinity in all the three types of bulk materials 
shown in Figs. 2-4. One distinct difference between the bulk and 
powder samples is noted: the peaks of bulk materials are much 
broader, which indicates that the grain size of the consolidated 
samples is smaller than that of the powders. 

Heat treatment at 1650OC leads to advanced crystallinity, and, 
again, the grain size of the bulk materials is smaller than that of the 
corresponding powders; this observation is especially apparent for 
a-Si,N,. As expected, the proportion of Sic is somewhat higher in the 
bulk than in the powder form; this phenomenon is attributable to the 
greater carbon content, which is due to the existence of a binder phase 
in the consolidated ceramics. Interestingly, the consolidated state 
seems to favor the formation of P-Si,N, over a-Si,N,. In the 400" 
and 500°C ammonia-treated samples, in which both a- and P-Si,N, 
are observed in crystallized powders, the p/a ratio is obviously higher 
in the bulk samples (see Figs. 2(c) and 3(c)) than in the powders (see 
Figs. 2(a) and 3(a)). In the 600°C ammonia-treated samples, only 
a-Si,N, was observed in the 165OoC/4 h heat-treated powder; 
however, both a- and p-Si,N, can be observed via XRD in the 
consolidated sample, although a-Si,N, still claims the dominant 
portion. A small amount of silicon oxynitride and free silicon can be 
observed in the 600°C ammonia-treated and consolidated samples 
(see Figs. 4(b) and (c)). 
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The XRD patterns of the surface of the consolidated samples 
(Figs. 2(b), 3(b), and 4(b)) resemble those obtained inside the 
materials (Figs. 2(c), 3(c), and 4(c)), with only a very slightly 
higher a-Si,N, proportion, which is indicative of the homogeneity 
of the materials made using this processing method. This type of 
homogeneity cannot be achieved by treating consolidated polymer 
green bodies in ammonia, as attempted by Galusek et al.', 

(4) Transmission Electron Microscopy 
After pyrolysis, the ammonia-treated bulk samples show a struc- 

ture of fully dense particles sumunded by a binder phase that contains 
nanometer-sized pores. This structure is typical of the hybrid prepy- 
rolysis/binding/pyrolysis consolidation procedure, as reported else- 
where for ceramics produced using the same method without ammo- 
nia treatment.,, An example of this structure is given in Fig. 5(a). In 
the green compacts, before pyrolysis, the binder phase fiils the space 
between the prepyrolyzed particles. When the polymer is cross- 
linked, a liquid-phase-separation/volatile-evaporation process leaves 
behind a porous structure with nanometer-sized pores. In the cross- 
linked polymer that has no prepyrolyzed particles as filler, these 
nanometer-sized pores will close when pyrolyzed at 600°C; the 
process of pore closure is accompanied by generation of a gas phase 
and volume shrinkage. However, in the case of the binder-added 
green compact, the closing of pores and shrinkage of the binder phase 
is restricted by the particle phase, which has much less shrinkage 
during pyrolysis, because of prepyrolysis. This retarded closure of 
nanometer-sized pores provides escape channels for the gaseous 
pyrolysis products and prevents the samples from cracking, while 
leaving behind a porous binder phase after pyrolysis. 

For the 400°C ammonia-treated, 145OoC/4 h pyrolyzed ceram- 
ics shown in Fig. 5(a), the selected-area diffraction (SAD) pattern 
of the particle phase (inset, Fig. 5(a)) gives essentially an amor- 
phous pattern. Observation at higher magnification (Fig. 5(b)) 
shows that small Sic crystals (-5 nm), although present as a very 
small volume fraction, are distributed homogeneously within the 
particle phase. The binder phase is characterized by nanoporosity, 
as well as higher crystallinity and a larger grain size (-6-8 nm), 
in comparison to the particle phase. The crystalline phases in the 
binder have been characterized via SAD to be Sic and Si,N,. In 
the 600°C ammonia-treated, 145OoC/4 h pyrolyzed samples, both 
the particle and the binder phases are highly crystalline and the 
crystals are mostly a-Si,N,, with a grain size of -60 nm (Fig. 6). 

Heat treatment at higher temperatures (1650°C) leads to crystalli- 
zation of the particle phase in the 400°C ammonia-treated specimen, 
as shown in Fig. 7(a). The particle phase and the binder phase both are 
composed of grains with an average size of -25 nm. Although the 
particle phase can still be distinguished from the binder phase by their 
difference in porosity (the particle phase is dense, whereas the binder 
phase contains nanometer-sized pores), the boundary between these 
two phases is not visible anymore (compare Fig. 7(a) with Fig. 5(a)). 
The 600°C ammonia-treated sample, when subjected to a 1650°C heat 
treatment, has approximately the same microstructure as the 1450°C 
treated sample, with the exception that the grain size is larger (-80 
nm) (see Fig. 7(b)). Figure 7(b) clearly shows the presence of 
intergranular nanopores, even in the particle phase. 
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Fig. 2. XRD of (a) powder and consolidated samples ((b) surface and (c) inside), subjected to crystallization heat treatment at different temperatures in 
nitrogen; the powder sample, and the powder from which the consolidated samples were made, were heat-treated in ammonia for 1 h at 400°C. Legend is 
as follows: (0) a-Si,N4, (*) P-Si,N4, and ( 0) Sic. 

IV. Discussion undergo similar reactions that produce CH,, C2H4, and H,, which 
are the major gaseous pyrolysis products that are observed via 
mass spectro~copy.~ These reactions result in a continuous de- ( I )  Pyrolysis and Ammonia Treatment 

Most of the carbon-containing functional groups were incorpo- crease of the Si-H, C-H, S i X H , ,  and S i - C H d H ,  mIR 
rated into the backbone of the polymer network through cross- bands with increasing pyrolysis temperature (see Fig. l(a)). With 
linking reactions that involves carbon-containing functional further elimination of hydrogen and structural adjustment of the 
groups and radical hydrogen (-H).'R*24*25 Upon pyrolysis in polymer skeleton, an amorphous Si-C-N ceramic network can be 
nitrogen or argon, the remaining functional groups might still obtained. 
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Fig. 3. XRD of (a) powder and consolidated samples ((b) surface and (c) inside), subjected to crystallization heat treatment at different temperatures in 
nitrogen; the powder sample, and the powder from which the consolidated samples were made, was heat-treated in ammonia for 1 h at 500°C. Legend is as 
follows: (0) a-Si,N4, (0) P-Si,N,, and (0) SIC. 

When ammonia is introduced into the pyrolysis environment, 
carbon-containing functional groups, e.g., -CH, ,  are replaced by 
-NH, through the reaction2" 

=Si-CH3 + NH3 -+--\i-NHz + CH4 (1) 

which leads to the elimination of Si-CH, bands from the FT'JR at 

lower temperatures (see Fig. 1 (b)). The absence of -NH, signals 
from the FTIR spectra implies that the cross-linking reaction27 

=Si-NH2 + CH3-Si: -+ ESi-NH-SiE + CH4 (2) 

occurs simultaneously with reaction (1). These reactions are 
responsible for bringing nitrogen into the backbone of the polymer 
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Fig.  4. XRD of (a) powder and consolidated samples ((b) surface and (c) inside), subjected to crystallization heat treatment at different temperatures in 
nitrogen; the powder sample, and the powder from which the consolidated samples were made, was heat-treated in ammonia for 1 h at 600°C. Legend is as 
follows: (0) a-Si,N,, (0) &Si,N,, (0)  SIC, (0) Si,N,O, and (A) silicon. 

network and eventually increasing the nitrogen content in the ceramic. diminished population of these groups results in the limited 
At lower temperatures, because of insufficient thermal activa- introduction of nitrogen into the polymer network. 

tion, reactions (4) and (5 )  proceed with slower speed and only The presence of ammonia also results in reduced Si-H signals 
result in a partial exchange of -CH, and -NH, functional groups at lower temperature. This is likely due to the reaction24 

(3) 
within the limited reaction time (1 h); at higher temperatures (e.g., 
SOOOC), cross-linking reactions that involve carbon-containing 
groups have already consumed most of the latent functional 
groups, such as XH,, during the heating to the ammonia which is followed by reaction (2) and contributes to the 
treatment temperature (which was performed in nitrogen). A introduction of nitrogen into the polymer network. However, 

- =Si-H + NH3 +*i- NH2 + H2 
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Fig. 6. Microstructure of the 600°C ammonia-treated, 1450°C pyrolyzed 
ceramics, showing higher crystallinity and a grain size larger than that of 
the 400°C ammonia-treated sample. Inset shows the SAD pattern for the 
ceramic. 

groups with either oxygen or H20 to produce =Si-OH.28 Then, 
oxygen can enter the polymer backbone, via reactions (4) or (5):  

(4) -%-OH + CH,-Si= +-Si-O-Si= + CH4 

( 5 )  2=Si-OH + = ! 3 i U S i =  + H 2 0  

The combined effect of thermal activation and the availability of 
latent functional groups again results in the maximum oxygen 
increase occurring at intermediate temperatures. The FTIR signals 

Fig. 5. Microstructure of the 400°C ammonia-treated, 1450°C pyrolyzed 
ceramics ((a) overall structure, composed of a dense particle phase and a 
porous binder phase: SAD (inset) of the particle phase shows an amor- 
phous pattern; (b) higher-magnification image of the particle phase: small 
crystals of Sic can be observed in the amorphous matrix: and (c) 
higher-magnification image of the binder phase, showing nanoporosity; 
SAD (inset) reveals the increased crystallinity of both Si3N, and Sic). 

the fact that, at high ammonia treatment temperatures (700" and 
800"C), the Si-H signal becomes stronger (than the 5OOoC and 
600°C ammonia-treated samples) suggests that, at these tem- 
peratures, the effect of reaction (3) was suppressed by the active 
thermal cleavage of NH, molecules and the increase of free H 
atoms in the atmosphere. 

As in the case of nitrogen introduction, the increase in oxygen 
content during ammonia treatment is also most profound at 
intermediate temperatures (55O"-65O0C). This phenomenon Can 
be explained by the reactions between -H and carbon-containing 

Fig. 7. Micros@ucture of ceramics crystallized at 1650°C in nitrogen, 
with ammonia heat treatment at different temperatures ((a) 4000 and (b) 
600°C). Inset in each shows the SAD pattern for the ceramic. 
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that are related to the S i -4  bond (most of which are located in the 
800-1200 cm-' range) might be a factor that makes explanation 
of the spectra of Fig. 1 more problemati~.*~*~~ 

(2) Crystallization Behavior 
As discussed in earlier  publication^,^*"*^ as well as in the works 

of other the crystallization behavior of Si-C-N 
ceramics proceeds via two types of mechanisms: (i) heterogeneous 
crystallization at the surface (exterior surfaces and interior sur- 
faces, such as pore walls) and (ii) homogeneous crystallization 
inside the amorphous ceramic network. The former happens earlier 
(at lower temperature) than the latter. In Si-C-N ceramics, within 
which oxygen is a substantial impurity, as in the case of the present 
work, gaseous species such as SO,  CO, N,, and silicon vapor can 
be generated, because of amorphous phase degradation, when the 
material is heated to high temperatures. In an inert atmosphere 
such as argon, reactions between these gaseous phases-and 
between gaseous phases and free carbon at the surfaces-result in 
Sic formation on the ~ur faces :~**~~  

SiO( g) + 2C(s) + SiC(s) + CO( g) (8) 

Si( g) + C(s) + SiC(s) (9) 

When the crystallization heat treatment is performed in a nitrogen 
atmosphere, the dominant reactions might be 

3Si( g) + 2N2( g) + Si3N4(s) 

3SiO( g) + 2N2( g) + 3CO( g) -+ SiJN4(s) + 3C02( g) (1 I )  

which may result in the formation of Si,N, whiskers at the 
surfaces. 

In the amorphous bulk ceramics made by the prepyrolysis/ 
binding/pyrolysis method, heterogeneous crystallization manifests 
in the binder phase before occurring in the particle phase. The 
abundance of nanometer-sized pores3, provides the space for 
gaseous phase reactions to happen. For samples in which the 
particle phase was not treated by ammonia, the nanopores remain 
closed up to a temperature of 1450°C.23 The low partial pressure 
of nitrogen gas results in the prevalence of Sic-forming reactions; 
therefore, only Sic crystals were observed in the binder phase of 
the 1450°C heat-treated bulk ceramics. 

In bulk specimens made from ammonia-treated powders, both 
Si,N, and Sic phases can be found in the binder phase, although 
the original chemistry of this binder phase is exactly the same as 
that in the materials without ammonia treatment. There might be 
several reasons to account for this disparity: 

( I )  Binder/powder reactions might occur, which change the 
chemistry of the binder phase and then lead to higher nitrogen 
content in the binder phase. 

(2) Gas release from the ammonia-treated particle phase 
might result in increased nitrogen pressure in the pores. 

(3) In the bulk specimens made from ammonia-treated parti- 
cles, crystallization occurs at a lower temperature than in the 
materials not treated by ammonia, leading to more open pores, 
which might increase the opportunity for the nitrogen from the 
heat-treatment atmosphere to contribute to the gaseous phase. 

Powder samples, in comparison with consolidated samples, 
should have more open surfaces; therefore, their crystallization 
behavior should reflect more of the characteristics of the gas- 
reaction-related heterogeneous crystallization. Indeed, the crystal- 
lized powder samples show larger grain sizes of a-Si,N, than the 
consolidated materials, which, to a great extent, is the result of 
reactions (10) and (1 I). Unlike the crystallization in the consoli- 
dated specimens, which is dependent on the solid-state diffusion 
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(which is slow in the Si,N,-Sic system, even at high tempera- 
tures), the gaseous phase reaction can facilitate fast grain growth 
and, therefore, larger grain size: even whiskers can be obtained. 

One important point that was not expected from the comparison 
of the crystallization behavior of the ammonia-treated powders and 
bulk ceramics is that, in the bulk specimens, especially those with 
higher nitrogen content, crystallization occurs at much lower 
temperature than their powder counterparts. One would expect that 
the powders crystallize easier, because the gaseous-reaction- 
related mechanisms occur at lower temperatures than homoge- 
neous crystallization. Perhaps the fact that ammonia-treated con- 
solidated materials crystallize easier than ammonia-treated 
powders can be understood by considering the role of the particle/ 
binder interface in accelerating the crystallization process in the 
particle phase. 

It has been noticed that, in the consolidated specimens made 
via the prepyrolysis/binding/pyrolysis method, when the parti- 
cle phase was not treated by ammonia, crystallization of the 
binder phases occurred inside the binder and no preferential 
crystallization was observed on the particlebinder interface. 
Kleebe and  co-worker^^*^^ also confirmed this finding. Crys- 
tallization of the particles proceeds homogeneously inside the 
particle phase, when it occurs at higher temperatures. The 
implication of this observation is that, in such cases, the 
particlebinder interface does not serve as an effective nucle- 
ation site for crystallization. Because of the identical chemistry 
of the particle phase and the binder phase, they have a 
low-energy interface, and such an interface is not able to 
provide a sufficient decrease in the nucleation energy barrier to 
favor crystallization. The particlebinder interface of a 400°C 
ammonia-treated specimen (Fig. 8(a)) shows that no crystallites 
are present to mark the interface region. This observation is an 
indication that, even in ammonia-treated samples, as long as the 
nitrogen introduction is not significant enough to result in a 
substantial difference in the chemistry of the particle and the 
binder phases, the interface energy remains low and no prefer- 
ential crystallization can be observed at the interface region. 

However, when the nitrogen introduction into the ceramics is 
more effective, which results in a sufficiently significant 
difference in the chemistry (C/N ratio) between that of the 
particle phase and that of the binder phase, crystallization of the 
material-or at least that of the particle phase-happens 
preferentially in the interface region. A typical example is given 
in Fig. 8(b), in which the interface region around a very large 
particle is shown. (Larger particles are retarded in crystalliza- 
tion. In the 600°C ammonia-treated sample, the regions that 
contain smaller particles are fully crystallized, as shown in Fig. 
6, whereas the larger particles are only partially crystalline and, 
thus, provide an opportunity to observe the starting position of 
the crystallization process.) The binder phase is crystalline (it 
contains both Si,N, and Sic, as indicated by SAD) and is 
highly porous, because of the restriction from the particle 
during pyrolysis. Within the particle, crystallization clearly 
seems to start from the interface and extends into the interior of 
the particle, which is still amorphous. Obviously, the particle/ 
binder interface, which is supposed to have a higher-energy 
interface than that in Fig. 8(a), serves as the preferred nucle- 
ation site for the crystallization of the particle, because of its 
effectiveness in lowering the nucleation energy barrier. The 
crystals in the particle phase in Fig. 8(b) were determined to be 
a-Si,N,, according to SAD analysis. 

Among the other effects of the ammonia heat treatment on 
the crystallization of bulk Si-C-N ceramics, the larger grain size 
in the high-nitrogen-content materials (e.g., 60O0C, ammonia- 
treated) may be simply due to the smaller phase proportion of 
Sic  and, therefore, lack of restriction to Si,N, grain growth 
from it. The observation that higher nitrogen content favors 
a-Si,N, formation over that of p-Si3N4, however, might be 
explained by the difference in oxygen content. Effective nitro- 
gen introduction is accompanied by the increase in oxygen 
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Fig. 8. Particle/binder interfaces in ammonia-treated samples ((a) 400” 
and (b) 600°C) after pyrolysis in nitrogen at 14SOOC. Preferential crystal- 
lization was found at interface in the latter case but not in the former. 

content, as shown by the chemical composition analysis in 
Table 1. P-Si,N, is the pure form of silicon nitride, which is 
made up of covalent SiN, tetrahedra joined in a three- 
dimensional network by sharing corners. In the structure of 
a-Si,N,, the literature reports that one 0 atom replaces every 
30 N atoms in an array of these tetrahedra.35 Therefore, a-Si,N, 
can be understood as an oxygen-rich polytype of silicon nitride; 
the higher oxygen content in the high-nitrogen-content materi- 
als results in a smaller @/a ratio. 

At temperatures where crystallization happens, oxygen has a 
tendency to leave the ceramic network in the form of SiO and CO 
species, as indicated by mass spectroscopy and by the composition 
information in Table I. Therefore, the bulk materials, in compar- 
ison with the powders, which are dependent more on gaseous 
phase reactions for crystallization, should contain less oxygen and, 
therefore, more P-Si3N4. This result is exactly what our experi- 
ments show. The 600°C ammonia-treated bulk material, after 
crystallization, contains 5-6 at.% oxygen, whereas the whiskers 
growing in the powder samples contain -12-13 at.% oxygen. As 
predicted, the consolidated samples have a larger P/a ratio than the 
powder. 

V. Conclusions 

Crystallization of butk Si-C-N(-0), consolidated by a prepy- 
rolysis/binding/pyrolysis method, results in the formation of 
nanocrystalline composites of silicon nitride and silicon car- 
bide. A prepyrolysis ammonia treatment at appropriate temper- 
ature can effectively change the phase proportion of the 
composite. A significant difference in crystallization behavior 
between powder samples and consolidated samples was observed 
in the ammonia-treated materials. Consolidated specimens crystal- 
lized at lower temperature than powder samples of the same 
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processing history. Interaction between the binder phase and the 
particle phase in the consolidated materials, and gaseous-phase- 
reaction-related heterogeneous crystallization, were suggested to 
rationalize the observed phenomena. 

Acknowledgments 

The authors thank Dr. Vasudevan (their ONR program manager) and Dr. Kabacoff 
for overall project coordination. 

References 

’R. Riedel and W. Dressler, “Chemical Formation of Ceramics.” Cerant. hit., 22, 
233-39 (1996). 

*J. Bill and F. Aldinger, “Progress in Material Synthesis,”Z. Metallkd., 87,829-40 
( 19%). 

’E. Kroke, Y.-L. Li, C. Konetschny, E. Lecomte, C. Fasel, and R. Riedel, “Silazane 
Derived Ceramics and Related Materials,” Mater. Sci. Eng.. 26, 97-199 (2000). 

*R. Riedel, “Advanced Ceramics from Inorganic Polymers”: pp. 1-50 in Materials 
Science and Technology, Vol. 178: A Contprrheiisive Treatntent, Prcxessirig of 
Ceraniics, Part 11. Edited by R. W. Cahn, P. Haasen, and E. J. Kramer. VCH, New 
York, 1996. 

>J. Bill and F. Aldinger, “Precursor-Derived Covalent Ceramics”: pp. 33-51 in 
Precrrrsor-Derived Ceraniics. Edited by J. Bill, F. Wakai, and F. Aldinger. Wiley- 
VCH, Weinheim, Germany, 1999. 

‘J. Seitz and J. Bill, “Producton of Compact Polysilazane-Derived Si-C-N 
Ceramics by Plastic Forming.” J. Mater. Sci. Lett.. 15, 391-93 (1996). 

7J. Wan, M. J. Gasch, and A. K. Mukherjee, “Silicon Carbonitride Ceramics 
Produced by Pyrolysis of Polymer Ceramic Precursor,” J.  Muter. Res., 15 
1657-60 (2000). 

RJ. Wan, M. J. Gasch, and A. K. Mukherjee, “Silicon Nitride/Silicon Carbide 
Nanocomposites Derived from Polymer Precursor Pyrolysis”; pp. 276-79 in Pro- 
ceedings of Internatiorial Cortfererice oil Engirteerirtg arid Technological Scierices 
2000 (Beijing, China, 2000). Edited by J. Song and R. Yin. New World Press, Beijing, 
China, 2000. 

9H.-J. Kleebe, D. Suttor, H. MUller, and G. Ziegler, “Decomposition-Crystalliza- 
tion of Polymer-Derived Si-C-N Ceramics.” J. Ant. Cerani. Soc., 81 [ I  I] 2971-77 
( 1998). 

‘OM. Sternitzke, “Review: Structural Ceramic Nanocomposites,” J .  Eirr. Cerani. 

”G.  T. Bums and G. Chandra, “Pyrolysis of Preceramic Polymers in Ammonia: 
Preparation of Silicon Nitride Powders.” J .  Ani. Cerani. Soc., 72 [ 21 333-37 (1989). 

lZR. Riedel and M. Seher, “Crystallization Behavior of Amorphous Silicon 
Nitride,” J. Eirr. Cerant. Soc.. 7 ,  21-25 (1991). 

‘,D. Galusek, S .  Reschke. R. Riedel, W. Dressler, P. Sajgalik. Z. Lences. and J. 
Majling, “In-Situ Carbon Content Adjustment in Polysilazane Derived Amorphous 
SiCN Bulk Ceramics,”J. Eirr. Cerani. Soc.. 19, 191 1-21 (1999). 

I4J. M. Schwark and A. Lukaes, “Polysilazane Thennosets as Precursors for Silicon 
Carbide and Silicon Nitride”; pp. 43-54 in litorganic and Or~ctrtontetallic fnlynietr 
11: Advanced Materials arid Ittterniediatcs. Edited by P. Wish-Neilson, H. R. 
Allcock, and K. J. Wynne. American Chemical Society, Division of Polymer 
Chemistry, and American Chemical Society, Washington, DC, 1994. 

”D. Lin-Vien, N. B. Colthup, W. G. Fateley, and J. G. Grasselli. The Haitdbook of 
Irfiared arid Ranrutt Clt~iructeristic Freqtiencics of Organic Molccdes. Academic 
Press, Boston, MA, 1991. 

“J. Lipowitz, “Structure and Properties of Ceramic Fibers Prepared from Organo- 
silicon Polymers,” J .  Iitorg. Org. Polyt~ters, 1 [3] 277-97 (1991). 

17T. Isoda, H. Kaya, H. Nishii. 0. Funayama. T. Suzuki, and Y. Tashiro, 
“Perhydropolysilazane Precursors to Silicon Nitride Ceramics,’’ J. Inorg. Org. 
Polynters, 2 I I ]  15 1-59 (1992). 

“J. Bill, J. Seitz, G. Thum, J. Diirr. J. Canel, B. Z. Janos, A. Jalowiecki, D. Sauter, 
S. Schempp, H. P. Lamparter, J. Mayer, and F. Aldinger, “Structure Analysis and 
Properties of Si-C-N Ceramics Derived from Polysilazanes,” Pltys. Sturrts Solidi A, 

I9Y. S .  Let, H. Y. Lin. T. F. Lei, T. Y. Huang, T. C. Chang, and C. Y. Chang, 
“Comparison of N2 and NH, Plasma Passivation Effects on Polycrystialline Silicon 
Thin-Film Transistors,” J p t .  J .  Appl. Phys.. 37. 3900-903 (1998). 

2nJ. Oh. H. Imai. H. Hirashima, and K. Tsukuma. “Direct Deposition of Silica 
Films Containing Organic Groups and Dyes from Silicon Alkoxide Solutions”: pp. 
409-14 in Materials Research Society Symposium Proceedings, Vol. 435, Better 
Cerantics throirgh Chentistry Vl l :  Orgaiiiclliiorgariic Hybrid Materials. Edited by 
B. K. Coltrain, C. Sanchez, D. W. Schaefer, and G. L. Wilkes. Materials Research 
Society, Pittsburgh, PA, 19%. 
21X. Bao and M. 3. Edirisinghe, “Different Strategies for the Synthesis of Silicon 

CarbideSilicon Nitride Composites from Preceramic Prrcursors,” Contposites: Part 

”Y. Abe, T. Ozai, Y. Kuno, Y. Nagao, and T. Misono, “Synthesis and Properties 
of Oligo- and Polymethylsilazanes as a Precursor for Silicon Nitride.” J .  Iriorg. Org. 
folymers, 2 [ I  I 143-49 (1992). 

*’J. Wan, M. J. Gasch, and A. K. Mukherjee, “Consolidation and Crystallization of 
Si,NdSiC Nanocomposites from Poly(urea-silazane) Ceramic Precursor,” J. Muter. 
Res., 16 I I 1  I 3274-86 (2001). 

24J. Seitz. J. Bill, N. Egger, and F. Aldinger, “Structural Investigation of 
Si/C/N-Ceramics from Polysilazane Precursors by Nuclear Magnetic Resonance,” 
J .  Eitr. Cerunt. Soc., 16, 885-91 ( 1996). 

SOC., 17, 1061-82 (1997). 

166,269-% (1998). 

A, .W, 601-10 (1999). 

The American Ceramic Society 



25D, Bahloul, M. Pereira. P. Goursat, N. S. Choong Kwet Yive, and R. J. P. Corriu, 
“Preparation of Silicon Carbonitrides from an Organic Polymer: I, Thermal Decom- 
position of the Cross-linked Polysilazane,” J .  Ant. Cerant. Soc., 76 [5] 1156-62 
(1993). 

’%. Seyferth. G. H. Wisernan, J. M. Schwak, Y. F. Yu, and C. A. Poutasse, 
“Organosilicon Polymers as Precursors for Silicon-Containing Ceramics: Recent 
Developments”; pp. 143-55 in Inorgartic arid Orgartonvtallic Polynters. Edited by M. 
Zeldin, K. J. Wynne, and H. R. Allcock. American Chemical Society, Washington, 
DC, 1988. 

”M. Peuckert, T. Vaahs, and M. Briick, “Ceramics from Organometallic Poly- 
mers,” Ad),. Mater., 2, 398-404 (1990). 
”H. Ichikawa. F. Machino, H. Teranishi, and T. Ishikawa, “Oxidation Reaction of 

Polycarbosilazane.” Adv. Client. Ser., 224, 619-77 (1990). 
2v. Yamashita and M. Kaziwara, “Application of Chrysotile-Derived Polymer to 

Microlithography,” J .  Irtorg. Org. Polynters, 2 [ 11 129-39 (1992). 
9. San And&, A. del Prado, F. L. Martfnez, 1. Mhrtil, D. Bravo, and F. J. Mpez, 

“Rapid Thermal Annealing Effects on the Structural Properties and Density of 

Defects in Si02 and SiN,:H Films Deposited by Electron Cyclotron Resonance,” 

“H.-J. Kleebe, D. Suttor, and G. Ziegler, “Microsturcture Evolution and Crystal- 
lization Behavior of Polymer-Derived Si-C-N Monoliths; A TEM Study”; see Ref. 5. 

32M. Monthioux and 0. Delverdier, “Thermal Behavior of (Organosilicon) 
Polymer-Derived Ceramics, V: Main Facts and Trends,’’ J. Eur. Cerant. Soc., 16, 

J3D. Mocaer, Pailer, R. Naslain, R. Richard. C. Pillot, J. P. Dunogues, J. 
Delverdier, and 0. M. Monthioux, “Si-C-N Ceramics with a High Microstructural 
Stability Elaborated from the Pyrolysis of New Polycarbosilazane Precursors. Part 111. 
Effect of Pyrolysis Conditions on the Nature and Properties of Oxygen-Cured Derived 
Monofilaments,” J. Mater. Sci., 28, 2639-53 (1993). 
34H. J. Kleebe, “Microstructure and Stability of Polymer-Derived Ceramics: The 

Si-C-N System,” Pltys. Statits Solidi A, 166, 297-312 (1998). 
3sA. Jha, “Phase Equilibria in the Si-C-N-0 System and the Kinetic Analysis of 

0 

J .  Appl. Plty~.,  87 131 1187-92 (2000). 

pp. I 13-23. 

72 1-37 ( I  996). 

Silicon Carbide Whisker Growth,” J. Mafer. Sci., 28, 3069-79 (1993). 

Journal of the American Ceramic Society 35 



This page intentionally left blank 



Novel Method to Prepare Electroconductive 
Titanium Nitride-Aluminurn Oxide Nanocomposites 
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A novel method for the preparation of TiN-AI,O, nanocom- 
posites was developed. TiN-AI,O, nanocomposite powders 
were prepared by the direct nitridation of Ti0,-A1203 nano- 
composite powders that were derived from the simultaneous 
hydrolysis of tetra-butyl titanate and precipitation of alumi- 
num nitrate. Dense sintered bodies of these TiN-AI20, nano- 
composite powders were obtained by hot pressing at 1450"- 
1650°C and 30 MPa for 60 min. The resistivity of 
nanocomposite reaches a minimum (1.5 X 10-3 0-cm) at 25 
vol% TiN additions. The percolation concentration of nano- 
composite is -10 voi% TiN. 

I. Introduction 

ECENTLY, the properties of titanium nitride (TiN) particles R reinforced with alumina or silicon nitride composites have 
been widely studied, because the addition of an electroconductive 
second phase to the matrix was reported not only to improve some 
mechanical properties but also to lower drastically the electrical 
resistivity.'-' If sintered Al,03 bodies can be made electmcon- 
ductive, the electrospark technique can be applied to manufacture 
complex components.6-8 Moreover, such ceramics could have 
broader applications as heating elements, igniters, heat exchangers, 
wear-resistant materials, and cutting tools. The common method 
used to prepare these ceramic composites is to add a second phase 
directly into the matrix by ball milling. Such materials can 
sometimes exhibit poor characteristics, which result from an 
inadequate dispersion process and the lack of sinterability caused 
by the large volume fraction of inert dispersion required for the 
electroconductivity. Meanwhile, as the dispersed phases have 
generally less oxidation resistance than the matrix, an excess of the 
addition amount should be avoided, On the other hand, it is 
generally known that a minimum amount of dispersoids (20-30 
~01%) must be added for electroconductivity. The electroconduc- 
tivity of ceramic materials is strongly affected by the distribution 
of the electroconductive second phase. Thus, it is important to 
improve the preparation method to result in a better distribution of 
TiN particles. A preferable alternative is the in situ formation of 
the second phase so that optimum properties can be obtained. 

The present paper reports a novel method to prepare TiN-AI,O, 
nanocomposites by the in situ formation of the second phase Fa). 
One of the most important advantages of an iii situ composite 
method is causing the second phase to be homogeneously distrib- 
uted in the matrix. 
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11. Experimental Procedures 

Tetra-butyl titanate (Ti(OC,H,),), Al(N03),*9H,0 and NH, gas 
were selected as the raw materials. AI(N03)3 and Ti(0C4H9), 
were dissolved into anhydrous ethanol in the calculated proportion. 
The mixed solution was then dripped into the vigorously stirred, 
diluted NH,OH solution with a pH of 9-10. After separation from 
the mother solution, precipitates were washed with distilled water 
and, finally, several times with anhydrous ethanol. The filtration 
cake was dried at 120°C and subsequently calcined at 45OOC for 
2 h in air to obtain TiO,-y-Al,O, nanowmposite powders. 
Finally, Ti0,-y-A1,03 nanocomposite powders were put into a 
quartz crucible and nitrided at various temperatures for 5 h in the 
flow of NH, gas using a tube furnace. The flow rate of NH, gas 
was 1000 mumin. The 5-25 ~01% TiN-y-Al,O, nanocomposite 
powders produced were sintered by hot pressing at 14000-1650°C 
and a pressure of 30 MPa for 60 min under a nitrogen-gas 
atmosphere. 

The morphologies of the nanocomposite powders were ob- 
served by transmission electron microscopy (TEM; Model 
201OCX, JEOL, Tokyo, Japan). The phase compositions of pow- 
ders and sintered bodies were identified by X-ray diffraction 
(XRD; Model D/MAX rB, Rigaku Co., Tokyo, Japan). The density 
of the samples was measured using the water immersion technique. 
The microstructure was observed via scanning electron micros- 
copy (SEM; Model LX-30 ESEM, Philips, Eindhoven, The Neth- 
erlands). The resistivity of the sintered bodies was measured with 
the four-probe method. 

111. Results and Discussion 

Figure 1 shows the XRD patterns of TiN-Al,O, nanocomposite 
powder prepared at different nitridation temperatures for 5 h. 
When the Ti0,-Al,O, nanocomposite powder was nitrided at 
700" and 800°C for 5 h, the distinct peaks assigned to TiN(cubic), 
y-Al,O,, TiO,(anatase), and Ti,O,, which is an intermediate 
during the nitridation process, coexisted. This indicates that 
anatase TiO, nanoparticles were partially converted to TiN and to 
Ti,O,, whereas the nitridation reaction was not complete. When 
Ti0,-y-Al,O, nanocomposite powder was nitrided at 900°C for 
5 h, the distinct peaks assigned to TiN(cubic) and y-Al,O, could 
be detected and no peaks of the other substance appeared. This 
indicates that the TiO, nanocomposite particle was completely 
converted to TiN at 900°C for 5 h in the flow of NH, gas. Because 
the nitridation reaction is a gas-solid phase reaction with a 
relatively slow rate, it is important to keep enough holding time 
and temperature so that TiO, nanoparticles are completely con- 
verted to TiN. We reported elsewhere' that pure anatase TiO, 
nanopowder could be completely nitrided at 800°C for 5 h. In the 
present study, some anatase TiO, nanoparticles were coated with 
y-Al,O, particles so that the nitridation reaction needed a higher 
temperature. Figure 2 shows a TEM micrograph of the TiN-Al,O, 
nanocomposite powders prepared. 
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Fig. 1. XRD patterns of 20 vol% TiN-AI,O, nanocomposite powders 
prepared at different nitridation temperatures for 5 h ((A) TiN, (m) Ti,O,, 
(V) Ti02 (anatase), and (0) y-Al,O,). 

a-A1203 1 0 TIN i 

Fig. 4. XRD pattern of a 20 vol% TiN-A1,0, sintered body. 

results indicate that no chemical reaction occurs between the 
second phase and the matrix, but the initial y-Al,O, in the 
TiN-Al,O, nanocomposite powder was converted to a-Al,O, 
during the sintering process. 
SEM micrographs of the fracture surface and backscatter of I0 

vol% TIN-AI,O, nanocomposites are shown in Fig. 5. It can be 
observed from Fig. 5(a) that the grains of the nanocomposite are 
very homogeneous. Figure 5(a) reveals that the fracture type of the 
nanocomposites is mainly intergranular. Figure 5(b) shows that 
TiN nanocomposite grains were uniformly dispersed in A1,0, 
matrix. 

Figure 6 shows the relationship between the TiN contents and 
the electrical resistivity of nanocomposites sintered at 1500°C with 

Fig. 2. TEM micrographs of 20 ~ 0 1 %  TiN-AI,O, nanocomposite 
powders. 

The relative density of nanocomposites versus the sintering 
temperature is shown in Fig. 3, which demonstrates that nearly 
fully dense samples could be obtained by hot pressing at 1450°C 
for a 20 vol% TiN-AI,O, nanocomposite. This densification 
temperature is lower than that of microcomposite powders re- 
ported by Z. S. Rak et al., and A. Bellosi er d.“’ The result is that 
TiN-Al,O, nanocomposite powders prepared by the in sitir for- 
mation of second phase (TIN) have good sinterability. 

Figure 4 shows the XRD patterns of a TiN-Al,O, sintered 
body. XRD results revealed that prepared 20 vol% TiN-A1,03 
nanocomposites are composed of TiN (cubic) and a-Al,O,. The 

Sintering temperaure (“c) 

Fig. 3. Relative density versus the sintering temperature for 20 vol% 
TiN-AI,O, nanocomposites by hot pressing sintering. 
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Fig. 5. SEM micrographs of 10 vol% TiN-AI,O, nanocomposites ((a) 
fracture surface and (b) backscattered image). White aceas are TiN 
particles. 
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Fig. 6. Relationship between TiN contents and electrical resistivity of the 
nanocomposite sintered at 1500°C. 

a pressure of 30 MPa for 60 min. The electrical resistivity of 
nanocomposites decreases with an increasing amount of TiN phase 
and reaches a minimum (1.5 X IOb3 R*cm) for the nanocomposite 
with 25 vol% TIN. The experimental results show that prepared 
TiN-A1,03 nanocomposites have good electroconductivities, es- 
pecially at low additions of TiN. The percolation concentration of 
nanocomposite is -10 vol% TiN. This value is much lower than 
that reported for the microcomposites prepared by conventional 
methods.”‘ 

Because the mechanism of electrical conduction for TIN-Al,O, 
composite materials is the formation of a network of the TiN 
electrical conductive phase within the Al,O, matrix, the distribu- 
tion of TiN particles is one of the most important factors of the 
electroconductivity.’ I From the backscattered SEM micrograph of 
10 vol% TiN-Al,O, nanocomposites shown in Fig. 5(b), it can be 
observed that the TiN particles in a sintered body were homoge- 
neously dispersed in the matrix. Therefore, nanocomposites pre- 
pared by the in situ formation of a second phase (TIN) possess a 

high electroconductivity, which is confirmed by the results of 
electrical resistivity measurement. 

IV. Conclusions 

A TIN-AI,O, nanocomposite powder has been successfully 
prepared using a novel method with in situ formation of a TIN 
second phase. Using these powders, dense TiN-AI,O, nanocom- 
posites have been sintered by hot pressing at a low sintering 
temperature. Experimental results indicate that the prepared nano- 
Composites have a good microstructure, a lower percolation 
concentration and a high electroconductivity. The results suggest 
that the present method is effective for the improvement of 
electroconductive TiN-Al,O, nanocomposites. 
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Near-Field Optical Characterization of Nanocomposite Materials 
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We present a near-field optical technique which makes use of 
the strongly enhanced optical field at a laser-illuminated metal 
tip. The enhanced field is used to locally excite the sample 
under investigation by multiphoton absorption. An optical 
scan image with spatial resolutions down to 20 nm is estab- 
lished by detecting the emitted fluorescence. The principle of 
the method is described and experimental results are demon- 
strated for samples of J-aggregates of PIC dye molecules. 
Ongoing experiments on nanocomposite, Er”-doped oxyfluo- 
ride glass-ceramics are discussed. 

I. Introduction 

ANOCOMPOSITE materials consist of nanoscale constituents N which exhibit optical and electronic properties that differ from 
the corresponding macroscopic properties. There is a wide range of 
potential applications of nanocomposite materials. Among them 
are electrical and optical sensors, dispersions, coatings, and novel 
optical glasses. While there is a strong effort in the synthesis of 
nanostructures and nanocomposite materials, there is also a need to 
develop suitable techniques to probe the physical properties of 
these novel materials. In fact, the recent rapid advances in 
nanotechnology are due in large part to our newly acquired ability 
to measure and manipulate individual structures on the nanoscale. 
Among these techniques are scanning probe microscopes, optical 
tweezers, high-resolution electron microscopes, and others. 

Currenly, there is a big effort to understand the physical and 
chemical properties of nanoscale systems. In the bottom-up ap- 
proach one first intends to understand the building blocks on a 
nanometer scale before assembling them into a functional device. 
However, the properties of the building blocks can change once 
they are embedded into a macroscopic structure. This change is 
due to interactions between the building blocks and also interac- 
tions with the environment. In fact, one of the most interesting 
aspects of materials at the nanoscale involves properties dominated 
by collective phenomena. In some case, collective phenomena can 
bring about a large response to a small stimulus. To investigate 
such phenomena it is necessary to study the properties of single 
nanostructures in a complex environment. However, this requires 
instrumentation with high spatial resolution. 

In this paper we describe a near-field optical technique for the 
characterization of nanocomposite materials. Using this technique, 
spectroscopic measurements with spatial resolutions of 20 nm 
have been demonstrated. ’ Here, we will first present experimental 
results for samples of I-aggregates of PIC dye molecules. These 
results demonstrate the principle and the capabilities of this 
near-field optical technique. We then discuss our current experi- 
ments on nanocomposite oxyfluoride glass-ceramics.2 
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11. Near-Field Optical Micrcwcopy and Spectroscopy with 
Laser-Illuminated Metal Tips 

Optical spectroscopy provides a wealth of information on 
structural and dynamical properties of materials. Combining opti- 
cal spectroscopy with microscopy is especially desirable because 
the spectral features can be spatially resolved. In recent years a 
novel microscopy, called near-field optical rnicroscopy? has 
extended the range of optical measurements beyond the diffraction 
limit and stimulated interests in many disciplines, especially 
material sciences and biological sciences.’ In the most widely 
adapted aperture approach,’ light is sent down an aluminum- 
coated fiber tip of which the foremost end is left uncoated to form 
a small aperture. Unfortunately, only a tiny fraction of the light 
coupled into the fiber is emitted through the aperture because of 
the cutoff of propagation of the waveguide modes. The low light 
throughput and the finite skin depth of the metal are the limiting 
factors for resolution. Nowadays, it is doubted that an artifact-free 
resolution of 50 nm will be surpassed by the aperture technique. 
However, many applications in nanotechnology require higher 
spatial resolutions. 

To overcome this limitation, we introduced a new apertureless 
technique.6 It makes use of the strongly enhanced electric field 
close to a sharply pointed metal tip under laser illumination. 
Depending on the tip material and the polarization of the excita- 
tion, the energy density close to the metal tip can be 2 to 3 orders 
of magnitude larger than the energy density of the illuminating 
laser light. The field enhancement arises from a high surface 
charge density at the tip induced by the incident light polarized 
along the tip axis. In contrast, incident light with polarization 
perpendicular to the tip axis results in no field enhancement. 
Figure 1 shows the calculated field distribution and induced 
surface charge density when the gold tip is illuminated with the 
polarization along the tip axis. Notice that the field enhancement is 
nut based on a surface plasmon resonance condition. Instead, it is 
generated by the quasi-electrostatic singularity at the tip (lightning 
rod effect). 

The principle of the experimental setup is shown in Fig. 2. A 
laser beam is focused by a high numerical aperture objective onto 
the sample surface and the tip is laterally positioned into the focal 
spot. The laser wavelength and polarization are optimized to 
maximize the field enhancement at the metal tip. The enhanced 
fields near the tip form a local excitation source which allows for 
a highly confined optical interaction with the sample surface. This 
interaction gives rise to a spectroscopic response which is col- 
lected by the same objective lens and directed onto a confocal 
pinhole and a subsequent optical detector. To establish an optical 
image of the sample surface, the sample is laterally raster scanned 
while assigning to each point on the sample surface a correspond- 
ing spectroscopic signature. The metal tip is maintained within 
0.5-2 nm above the sample surface by using a tuning-fork 
feedback mechanism.’ A highly sensitive preamplification allows 
us to keep the interaction forces between tip and sample in the 
range of 10-100 pN. Forces in this range do not damage the soft 
metal tips. A phase-sensitive detection scheme’ with a fast time 
response has been developed to circumvent the limitations im- 
posed by the high Q factor (1  600) of the tuning fork resonance. 
The vertical noise (electrical and mechanical) of the entire system 
is less than 0.1 nm (rms). 
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Fig. 1. (a) Calculated field distribution (E2) near a gold tip illuminated by a plane wave polarized along the tip axis. The electric field is considerably 
enhanced beneath the tip. (b) Induced surface charge density. The surface charges form an oscillating standing wave. The large surface charge accumulation 
at the foremost part is responsible for the field enhancement. From Ref. 9. 

The direct illumination of the sample surface gives rise to a 
far-field background signal. If we consider an optical interaction 
that is based on an nth-order nonlinear process and assume that 
only the sample surface is active, then the far-field background 
will be proportional to 

Sff - AI: 

where A is the illuminated surface area and I ,  is the laser intensity. 
The signal that we wish to detect and investigate (near-field signal) 
is excited by the enhanced field at the tip. If we designate the 
enhancement factor for the electric field intensity byf, then the 
near-field signal of interest is proportional to 

where a is a reduced area given by the tip size. If we require that 
the signal be stronger than the background (SJS,, > 1) and use 

Fig. 2. Principle of the near-field optical technique. A laser beam is 
focused on a sample surface and a sharply pointed metal tip is held in close 
proximity above the surface. The enhanced fields at the tip locally interact 
with the sample surface, thereby exciting a spectroscopic response that is 
detected by the same objective and directed onto a detector. 
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realistic numbers for the areas (a = (10 nm)*, A = (500 nm)2), 
then we find that an enhancement factor of 

is required. For a first-order process (n = 1) such as scattering or 
fluorescence an enhancement factor of 3 to 4 orders of magnitude 
is required, which is beyond the calculated values. Therefore, the 
scheme is not applicable to first-order processes and it is necessary 
to involve higher-order nonlinear processes. For a second-order 
nonlinear process the required enhancement factor is only 50. This 
is the reason that our first experiments have been performed with 
two-photon excitation. Since the enhanced field is highly localized 
at the end of the tip, the achievable resolution is on the order of the 
tip diameter. Previous experiments with ultrasharp gold tips 
produced by focused ion beam milling demonstrated spectroscopic 
measurements with spatial resolutions on the order of 20 nm? To 
date, this is the highest reported spatial resolution of a spectro- 
scopic optical measurement. 

111. Experiments on J-Aggregates Using 
Two-Photon Excitation 

The enhanced field at the tip can be established only if the 
exciting laser light has an electric field component along the tip 
axis. Therefore, in an on-axis illumination as shown in Fig. 2 one 
would not expect a strong field enhancement. However, this is true 
only for a focused beam in the paraxial (weakly focused) approx- 
imation. For a beam focused by a lens with a high numerical 
aperture (NA) an appreciable longitudinal field is built up in the 
focus of the beam.” The longitudinal field is zero on the optical 
axis. In the focal plane it forms two distinct lobes aligned in the 
direction of the beam polarization. The strength of this longitudinal 
field increases with increasing NA of the focusing lens. For a 
strongly focused beam as encountered in our setup, the longitudi- 
nal field strength is only a factor of 5 weaker than the transverse 
field strength (cf. Fig. 3(c)). An image of the two longitudinal field 
lobes is shown in Fig. 3(a). To record these images we made use 
of the fact that the field enhancement is accompanied by increased 
second-harmonic generation at the metal tip surface. The light of 
a mode-locked titanium-sapphire (Ti:S) laser (A = 830 nm) 
generating -150 fs laser pulses has been focused by an NA = 1.4 
objective lens on the surface of a bare glass surface and a sharp 
gold tip was scanned line by line through the focus. An image was 
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Fig. 3. Longitudinal field lobes in the focal plane of a strongly focused laser beam. The experimental image (a) has been measured by raster scanning the 
gold tip through the focal plane of the laser beam and recording the second-harmonic light generated at the surface of the tip. The two lobes are aligned in 
direction of the laser polarization in agreement with the calculated pattern (b). The arrows indicate the direction of polarization. (c) Longitudinal field strength 
(E:), transverse field strength (E:). and total field strength (E') as a function of the radial coordinate in the focal plane. 

generated by recording the intensity of the generated second- 
harmonic light for each tip position. Figure 3(b) shows that the 
obtained image is in agreement with the calculated pattern. If the 
polarization of the laser beam is rotated by W O ,  the two lobes 
rotate as well. Figure 3(c) depicts the longitudinal (E:) and 
transverse (Ex2) field strength as a function of the radial coordinate 
(along the polarization direction) in the focal plane. 

To demonstrate the imaging properties of the field enhancement 
technique we chose a sample which simultaneously generates a 
near-field and a far-field image. This sample consists of single 
nanoscale PVS (poly(viny1 sulfate)) strands with J-aggregates of 
PlC (pseudoisocyanine) dye." The gold tip has been positioned 
above a longitudinal field lobe in the laser focus and the sample 
with a single strand of J-aggregates was laterally scanned as 
schematically shown in Fig. 2. Both the focused Ti:S laser light 

and the enhanced field at the gold tip excite the J-aggregates by 
two-photon absorption. The emitted fluorescence is detected and 
used to establish an optical raster-scan image. Figure 4(a) shows 
the topographic (surface profile) image of a single strand of 
J-aggregates, and Fig. 4(b) shows the simultaneously recorded 
fluorescence image. The curves beneath the images show an 
arbitrary cross section. The size of the J-aggregate strand was 
chosen such that two distinct features can be recognized in the 
fluorescence image: (1) a broader shoulder due to fluorescence 
excited by the focused laser light and (2) a sharp peak which 
corresponds to the fluorescence excited by the enhanced field at 
the gold tip. Thus, the optical image is a superposition of a far-field 
image and a near-field image. The near-field peak disappears if the 
tip is retracted from the sample surface during the imaging process, 
but the far-field shoulder remains unaffected. Figure 4(c) shows 

Fig. 4. Simultaneously recorded near-field and farfield image of a single PVC strand with J-aggregates of PIC dye: (a) topographic image; (b) two-photon 
excited fluorescence image. The sharp peak in the cross section is generated by the enhanced field at the laser illuminated tip (near-field image), whereas 
the broader Gaussian curve is generated directly by the focused laser light (far-field image). The near-field image is displaced from the center of the beam 
because of the off-axis location of the longitudinal field lobes (cf. Fig. 3(c)). (c) Spectrum of the emitted fluorescence. 
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the spectrum of the emitted fluorescence as determined by the PIC 
dye molecules. If the tip is retracted, the intensity of the spectrum 
drops because the near-field signal is lost. It can be clearly 
recognized that the near-field generated vertical line in Fig. 4(b) is 
slightly displaced from the center of the far-field image. The 
reason for this displacement is the off-axis location of the 
longitudinal field lobes. While the far-field image is generated by 
the total field strength (E2 in Fig. 3(c)), the near-field image is 
excited by one of the two longitudinal field lobes (E: in Fig. 3(c)). 
Notice that only the surface of the J-aggregate strand contributes to 
the near-field signal. On the other hand, the entire thickness of the 
strand determines the strength of the far-field signal. Therefore, by 
imaging smaller strands it is possible to completely reject the 
far-field contribution.’ 

IV. Experiments on Nanocomposite Materials 

While previous investigations on J-aggregates provided a good 
understanding and quantification of the field enhancement effect, 
our current research is focused on nanocomposite materials. One 
of the systems studied is rare-earth (RE) doped transparent 
oxyfluoride glass ceramics. These samples consist of a glass 
matrix with embedded LaF, nanocry~tallites.’~ Because the pho- 
non energy in LaF, is roughly a factor of 3 lower than in glass, 
phonon quenching of excited RE ions is smaller inside LaF, 
nanocrystallites than in the glass matrix. Therefore, the lifetime of 
excited RE ions inside LaF, nanocrystallites is higher than in the 
glass matrix and the stimulated emission cross section is increased. 
Thus, the optical properties of RE-doped oxyfluoride glass ceram- 
ics are controlled by the nanoscale fluoride crystal hosts, whereas 
the mechanical properties and the durability are determined by the 
oxide glass. Oxyfluoride glass ceramics are promising materials 
for fiber amplifiers and up-conversion  device^.'^ 

Our experiments are aimed at optically resolving individual 
LaF, nanocrystallites on the surface of a thin E?’-doped oxyfluo- 
ride glass ceramic sample. The erbium ions are excited from the 
‘Ilsl2 state by the simultaneous absorption of two photons at A - 
850 nm. This excitation scheme depends quadratically on the 
excitation intensity and therefore provides good suppression of the 
far-field background signal. The intermediate virtual level has to 
be sufficiently separated from the excited levels and 411 to 
avoid excitation by excited-state absorption and excited-state 
energy transfer between individual ions. Photons at A = 550 nm 
generated by spontaneous emission from the 4S3n state are 
detected to image and optically characterize the sample. The 
excited-state lifetimes of Er3+ are determined by time-correlated 
photon counting. With our ongoing experiments we are investi- 
gating the following: (1) E?+ concentrations in LaF, nanocrys- 
tallites compared with concentrations in the glass matrix, (2) the 
homogeneity of E?’ dopants in the sample, (3) the excited-state 
lifetimes of Er3+ in individual LaF, nanocrystallites and in the 
glass matrix, and (4) spectral differences of E?’ emission and 
absorption due to interactions with the local environment. 

The separation between individual LaF, nanocrystallites is 
typically 30-60 nm as determined by atomic-force micro~copy.’~ 
This is an ideal size range for the here-described near-field optical 

technique. It is important to use very thin samples and a confocal 
detection scheme to reduce the far-field background signal. To 
increase the signal-to-noise ratio it is also possible to apply a 
three-photon excitation scheme with excitation pulses at A - 1.25 
pm. The signal-to noise ratio can be further increased by illumi- 
nating the metal tip with a higher-order laser mode having a 
longitudinal field at its focus.16 A convenient conversion scheme 
to produce such modes has been developed recently.” 

V. Conclusions 

We have described a near-field optical technique with optical 
spatial resolution down to 20 nm. This method is based on the field 
enhancement effect at laser-illuminated metal tips. Initial experi- 
ments on J-aggregates of PIC molecules demonstrate the principle 
of the technique. Ongoing experiments on nanocomposite glass 
ceramics are aimed at optically resolving individual LaF, nanoc- 
rystallites and measuring the concentration and lifetimes of Er3+ 
dopants. 
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Combustion Aerosol Synthesis 
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Ceramic oxide nanoparticles produced by flame-based pro- 
cesses are typically agglomerated, which can limit their use in 
some applications. In this paper, a novel combustion synthesis 
method that utilizes the spraying of combustible droplets into 
a premixed flame to produce nanoscale crystalline particles of 
agglomerated and unagglomerated morphologies is described. 
Although the same flame-based experimental setup is used in 
both cases, variation in peak flame temperatures results in a 
corresponding variation between fractallike agglomerates and 
single isolated spherical particles. TEMlED analysis shows 
that both classes of particles are the tetragonal crystal phase of 
zirconia. In the case of the unagglomerated spherical particles, 
results indicate that each precursor solution droplet, which 
acts as the feed, produces multiple spherical ceramic nanopar- 
ticles with a number mean diameter of 90 nm. The use of an 
inertial impaction stage in the precursor feed line to eliminate 
large feed droplets leads to a decrease in the number mean 
diameter to 60 nm, suggesting that crystalline spherical nano- 
particles can be produced in a continuous flame-based process 
through control of the feed droplet size. 

I. Introduction 

ARTICLES having features with dimensions ranging from a few P to a few hundred nanometers are often referred to as nanopar- 
ticles. Nanoparticles of zirconia, which have a broad range of 
applications, including high-strength ceramics, thermal barrier 
coatings, paints, textiles, refractories, transformation-toughened 
ceramics, oxygen sensors, and fuel have been produced 
by a variety of techniques. Vapor deposition, mechanical milling, 
laser ablation. flame-based methods, spray pyrolysis, sol-gel, and 
microwave plasma synthesis have been used to produce ceramic 
particles ranging from a few nanometers to a few micrometers in 
size and of varied degrees of crystallinity.'-' Flame-based methods 
are of potential commercial importance, because they are relatively 
low cost and can be operated as continuous single-step process- 

Although very small particles (5-10 nm) can be produced 
by these methods, hard agglomerates are generally formed, result- 
ing in "fractallike" branched structures that are undesirable in 
many applications. Attempts have been made to control agglom- 
eration using electric fields,22 but only moderate success has been 
achieved, with partial agglomeration always present. In addition, 
special burner and gas-flow configurations are often required in 
these processes,I2 because fuel-oxidizer mixing and flame struc- 
ture affect the final particle morphology and 

In high-temperature synthesis methods, such as flame-based 
methods, the type of precursor also is important in determining the 
final particle characteristics. The use of ~ o l i d , ' ~ * l ~  liquid,12-''*21 or 
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ga seou s20*22-24 precursors for ceramic oxide particle production 
using flames or high-temperature  furnace^^.^ has been reported. 
Although the chlorides of silicon and titanium are relatively 
volatile and have been used as gaseous precursors for oxide 
particle formation, the low vapor pressure of zirconium chloride 
limits its use as a precursor. Consequently, liquid precursors, such 
as aqueous solutions or organometallic compounds of zirconium, 
have been used in and spray-drying for 
zirconia nanoparticle synthesis. Unagglomerated particles can be 
formed using liquid precursors with the final particle size governed 
by the precursor droplet size when a spray-drying furnace is used 
for processing.'.2' Experimental trends observed in spray pyrol ysis 
systems have been explained reasonably well by a model reported 
in the literat~re.~' The model compares the rates of solute diffusion 
within the droplet and solvent vaporization from the droplet 
surface and explains their effect on the particle morphology. Large 
particles (micrometer scale) are formed, however, if dilute precur- 
sor concentrations are not used in these systems. Although typical 
flame-based processes produce agglomerated particles, unagglom- 
erated particles also can be formed in a flame-based system using 
liquid precursors. The final particle sizes, however, are not directly 
dependent on the droplet in these systems, unlike in 
spray pyrolysis. The mechanism of particle formation when liquid 
precursors are used in flame-based systems is not yet fully 
understood. In processes using fine particles of metals as the 
precursor, it is suggested that the oxide particle growth occurs 
predominantly by vapor condensation,'" whereas particle growth 
occurs by collision and coalescence when gaseous precursors are 
used.'' 

In this article, we present the results of a novel droplet 
combustion process for the synthesis of nanoparticles with con- 
trollable morphology and particle size. Using liquid precursors 
sprayed into a premixed methane-oxygen flame, we have elimi- 
nated the dependence of particle size on fuel-oxidizer mixing and 
flame structure. Details of the process are provided below. 

11. Experimental Procedure 

An experimental system was designed to provide flames of 
varying and controllable temperature profile, resulting in variable 
residence time of the combustion gases in the reactor. A schematic 
diagram of this experimental setup is shown in Fig. 1. A flat-flame, 
water-cooled, porous-plug stainless-steel burner (McKenna Prod- 
ucts, Inc., Sebastopol, CA) was used as the heat source and the 
main component of the system. Methane, oxygen, and nitrogen 
were premixed within the burner, and the resulting two- 
dimensional flame was anchored on the porous plug. A shroud of 
nitrogen around the porous plug eliminated fluctuations in the 
flame caused by external disturbances. Ceramic precursors were 
introduced into the flame by spraying a combustible precursor 
solution through a feed tube located centrally in the burner. 
Zirconium(1V) n-butoxide (Strem Chemicals, Inc., Newburyport, 
MA) dissolved in 99.8% anhydrous butanol (Sigma Chemicals, 
Inc., St. Louis, MO) was used as the precursor feed stock. To 
prepare the feed solution, the zirconium(1V) n-butoxide was added 
to butanol with moderate stirring under nitrogen in a glove box to 
avoid reaction with water present in the air. The spray was 
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Fig. 1. Schematic diagram of experimental system used for the production of zirconia nanoparticles. 

produced using a pressure-driven atomizer (Model 9302, TSI, Inc., 
St. Paul, MN) operating in the pressure range of 5-50 psi 
(34.5-345 kPa). The droplet size distribution output of the atom- 
izer was characterized at various pressures using a phase doppler 
particle analyzer (PDPA; Aerometrics, Inc., Sunnyvale, CA) and 
was relatively independent of operating pressure over the entire 
range. The size distribution of the droplets produced by the 
atomizer had a number mean diameter ranging from 6 to 8 pm as 
the pressure increased from 5 to 50 psi (34.5-345 kPa). At an 
operating pressure of 10 psi (69 kPa) (used in most experiments in 
this study) a relatively small fraction of the droplets had a size >20 
pm (-0.7%), thus indicating the absence of very large droplets in 
the spray. 

A 1.0 m quartz tower placed downstream of the burner served 
to confine the products of combustion and to prevent entrainment 
of room air. The tower had sampling ports located axially every 15 
cm along its height, providing access for thermophoretic sampling 
of particles at locations downstream of the flame. The entire tower 
was insulated to maintain high temperatures in the postcombustion 
region and avoid thermophoretic deposition of the particles on the 
tower walls. Fiberglass wrap was used to insulate the upper 50 cm 
of the tower. A steel shroud wrapped around the lower 50 cm of 
the tower insulated it against radiative losses while a castable 
insulating cement (McMaster, Inc.) insulated the outer surface of 
the shroud to minimize the heat loss from the shroud to the 
ambient air. 

Particles were sampled by thermophoretic deposition on trans- 
mission electron microscopy (TEM) grids attached to the end of 
the thermophoretic sampling probe. A solenoid-controlled air- 
driven piston was used to introduce the probe through one of the 
tower axial sampling ports for loo0 repeated short-duration (700 
ms) pulses to collect sufficient samples for analysis. A specially 
constructed, movable, water-cooled, nitrogen-quenched collection 
probe was also used to collect particles at the tower exit. The 
dilution was used to avoid the condensation of water vapor formed 
as a combustion product in the lines downstream of the reactor. 
Particles were then separated from the gas stream by deposition on 
a TEM grid located within a point-to-plane electrostatic precipi- 
tator (ESP lntox Products, Inc., Albuquerque, NM). In some 
experiments, a scanning mobility particle sizer (SMPS; TSI, Inc., 
St. Paul, MN) was used to provide on-line measurement of 
particle-size distribution in the range of 18-90 nm. Particle 
morphology and crystallinity were subsequently analyzed using 

TEM (Model 420, Phillips, Amsterdam, The Netherlands) 
equipped for energy dispersive spectroscopy (EDS; EDAX, Inc., 
Stratford, CT). 

111. Results and Discussion 

To begin an experiment, the burner gases were ignited and the 
reactor was then allowed to attain a steady-state temperature 
profile by the heating of the reactor walls for 20-25 min. The 
precursor solution was then sprayed through the central feed tube 
using the atomizer. The premixed flame was run at an equivalence 
ratio of one (9 = 1.0) based on the methane and oxygen content. 
The relative contents of methane, oxygen, and nitrogen in the 
premixed gases were 1/2/13.2 on a molar basis, respectively, 
resulting in a calculated adiabatic flame temperature of 1710 K, 
assuming complete species chemical equilibrium. The linear ve- 
locity of the hot gases was calculated along the tower height and 
used to obtain the residence times of the gases in the tower. The 
temperature profile inside the reactor as measured using a K-type 
thermocouple and corrected for radiation effects is shown as the 
curve labeled “single” in Fig. 2. Figure 2 shows there was a rapid 
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Fig. 2. Temperature in the reactor versus gas residence time showing the 
two operating conditions used for the production of agglomerated (fractal) 
and unagglomerated (single) particles. 
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Fig. 3. Single, spherical unagglomerated particles obtained using a 
low-temperature flame (magnification is 88 600 times). 

temperature decrease immediately after the flame. This was 
beneficial for inhibition of agglomeration resulting from interpar- 
ticle collision in the postcombustion region, because colliding 
particles are less likely to coalesce at a low temperature. 

For production of nanoparticles, a 0.047M solution of the 
precursor zirconium(1V) n-butoxidebutanol solution was sprayed 
into the core region of the flame using the atomizer operated at 10 
psi (69 kPa). The calculated characteristic time required for the 
vaporization of a 10 pm droplet of butanol was 55 ms, whereas the 
calculated residence time of the gases in the flame zone was 20 ms. 
Consequently, particle formation was expected to occur within the 
flame and in the postcombustion region immediately downstream 
of the flame. 

Nanoparticles were collected at intermediate locations (resi- 
dence times of 400 and 850 ms) in the tower using the thermo- 
phoretic sampling probe. Particles were also collected at the exit of 

Fig. 4. Selected-area electron diffraction pattern for spherical particles 
shown in Fig. 3. Rings are labeled by the Miller indexes of diffracting 
planes: (a) (200), (b) (21 l) ,  (c) (1  14). and (d) (312). 
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Fig. 5. Comparison of the measured PSD with that predicted from an 
assumption of a single particle produced per droplet. 

the reactor (overall residence time of 1.4 s) using the collection 
probe and the ESP. The particles collected at these three locations 
were used to obtain information on the evolution of particle size 
and morphology as a function of residence time in the reactor. 
“EM was used to analyze particle morphology (size and shape) 
and crystallinity. A micrograph of particles collected at 400 ms 
residence time at a magnification of 88 600 is shown in Fig. 3. 
Isolated spherical particles were produced with no agglomeration 
observed. Selected area electron diffraction (SAD) study of these 
particles revealed they had the tetragonal crystal structure. A 
representative SAD pattern with the Miller indexes of the diffract- 
ing planes indicated on it is show in Fig. 4. Although the size 
distribution of the particles collected at the residence times of 400 
and 850 ms was obtained using image analysis of TEM micro- 
graphs, the SMPS was used to obtain the particle-size distribution 
(PSD) of particles collected at the exit. This PSD, labeled “base 
case” in Fig. 5 ,  indicated that the particle sizes were not uniform 
and varied over a wide range. The number mean diameter was 90 
nm, but particles as large as 500 nm were also observed. The 
number mean diameter and the standard deviation for the PSD 
obtained for particles collected at all three locations are presented 
in Table 1. The mean value and the standard deviation remained 
constant with increased residence time, indicating that there was 
no change in the particle size beyond a residence time of 400 ms. 
Although particle growth can occur by condensation of zirconia 
vapors or by coalescence of particles, the results indicated that the 
particle formation process was complete within 400 ms and 
subsequent particle growth did not occur. Particles collected at all 
three locations, as observed using TEM, had the same spherical 
shape with no agglomeration. 

The present process of nanoparticle formation is similar to spray 
pyrolysis in that both processes use liquid precursors sprayed into 
a high-temperature region to form nanoparticles. In spray pyroly- 
sis, however, each precursor droplet produces one particle, thereby 
making it possible to predict the final PSD as long as the precursor 
concentration in the solution and the size of the solution droplets 
are known. Because the concentration and size are known for our 
system, the PSD predicted by spray pyrolysis has been calculated 
and is shown as the curve iabeled “predicted” in Fig. 5. Comparing 

Table I. Comparison of Particle-Size Data Collected at 
Various Residence Times in the Reactor 

Residence time Number mean Standard deviation Particles >I60 run 
(ms) (m) (nm) (%) 

400 98 78 
850 96 74 

1400 90 80 

14 
13 
11 
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Fig. 6. PSD of zirconia nanoparticles obtained from experiments in which impactors were used to eliminate the large droplets in the feed stream. Each curve 
represents the average of four (base case) or five (impactor) experiments. Error bars represent standard deviation of the mean value of the normalized number 
distribution normalized by the total number count (NT) at the indicated point. 

the two curves in Fig. 5,  it is apparent that spray pyrolysis would 
produce much larger particles (mean 727 nm) for the precursor 
concentration and droplet sizes used in this study. This clearly 
indicates that more than one ceramic nanoparticle results from 
each precursor droplet in combustion aerosol synthesis as devel- 
oped in this study. This conclusion is of significance because it 
indicates that large droplets can be used to produce small particles 
without operating at the very low precursor concentrations re- 
quired by spray pyrolysis. Such small particles are likely produced 
as a result of the competition between solvent vaporization and 
solute diffusion within the precursor droplets. If the evaporation 
rate is large compared with the solute diffusion rate, the local 
concentration of solute increases near the receding droplet surface, 
subsequently producing cenospheric particles rather than solid 
ones.25 If the evaporation rate is much larger than the diffusion 
rate, however, regions of locally high solute concentration are 
expected to form. Nucleation occurs in these regions, producing 
isolated particles, This mechanism is possible in our system 
because of the much higher heating rates ( 104-105 K/s) compared 
with a typical spray pyrolysis process (103-104 K/s). Each droplet 
thus acts as a microreactor, producing many small particles. 

Further examination of the curve labeled “base case” in Fig. 5 
indicates that, although the number of small nanoparticles is high, 
large nanoparticles (200 nm or larger) are also present in the final 
PSD. This indicates that most of the mass of the sample is 
contributed by the larger particles. In general, size as well as 
morphology is of importance, and, in many applications, it is 
desired that the nanoparticles have a uniform size or narrow PSD. 
The presence of large particles in the base-case PSD suggests that 
they may be forming from the large droplets in the precursor spray. 
Therefore, an inertial impactor has been used to eliminate the large 
droplets from the precursor spray.26 In the inertial impactor, the 
smaller droplets exit the impactor unaltered while the larger 
droplets in the spray are retained in the chamber. Droplets larger 
than a desired size are prevented from entering the flame. For this 
specific application, two single-stage impactors with different 
cut-point sizes (d50 = 4 and 2.3 pm) have been designed, 
constructed, and utilized to eliminate the large droplets from the 

spray. The final PSD of the zirconia nanoparticles obtained when 
the spray system is modified by the inclusion of the impactors is 
shown in Fig. 6. The curves labeled “impactor 4” and “impactor 
2.3” indicate the final zirconia PSD obtained when the 4.0 and 2.3 
pm impactors are used, respectively. The area under the three 
curves in Fig. 6 is not the same, because the samples are collected 
for a fixed time interval rather than for a fixed mass of particles. 
Choosing a particle size of 160 nm to describe the spread in the 
size distribution of the zirconia nanoparticles shows that the 
fraction of particles >160 nm decreases as impactors with subse- 
quently smaller cut-point sizes are used. For example, 11% of the 
total number of particles is >160 nm when the feed is not 
manipulated using an inertial impactor (curve labeied “base case”), 
whereas the fraction of particles >160 nm is decreased to 2% 
when the 4 pm impactor is used. The use of the 2.3 p m  impactor 
further decreases this fraction to 0.2%. implying that only two of 
every thousand particles are > 160 nm. This, therefore, enables the 
transformation of the majority of the precursor mass into zirconia 
nanoparticles of small and relatively uniform size. The decreased 
polydispersity of the PSD is also indicated by the decrease in the 
standard deviation of the PSD from 80 nm for the base case to 27 
nm for impactor 2.3. The decrease in the spread of the PSD is also 
accompanied by a decrease in the number mean diameter from 90 
to 60 nm. A summary of the improvement in the nanoparticle size 
distribution on using the impactors is provided in Table 11. This 
manipulation of the atomized precursor droplets has provided an 

Table 11. Effect of the Sprayed Droplet Sizdomparison 
of the Final Particle-Size Distribution 

Number Standard Particles 
mean deviation >160 

Feed conditions (m) (nm) (%I 

Base case 90 80 11 
4 pm cutoff impactor 64 40 2.0 
2.3 pm cutoff impactor 63 27 0.2 
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Fig. 8. Mechanisms of liquid- and vapor-phase pathways as applied to 
droplet combustion method of nanoparticle synthesis. 

Fig. 7. Fractallike agglomerated particles obtained with a high- 
temperature flame (magnification of 88 600 times). 

effective method of controlling the PSD in the combustion aerosol 
synthesis of crystalline ceramic nanoparticles. 

Although the discussion thus far has been focused on crystalline 
spherical particles, agglomerated fractallike particles also can be 
produced using the same precursor and experimental setup. In 
general, production of agglomerated particles is facilitated by the 
vaporization of the precursors, as evidenced by numerous studies 
in the literature where gaseous or volatile precursors have been 

It  was speculated that an increase in the flame 
temperature would thus result in vaporization of the precursor, 
followed by subsequent reaction in the gas vapor phase to form 
zirconia nanoparticles. A higher-temperature premixed flame (cp = 
1.0) was obtained by decreasing the nitrogen content such that the 
methane, oxygen, and nitrogen content of the premixed gases was 
1/2/8.2 on a molar basis. Under these conditions, the calculated 
adiabatic flame temperature considering all species at chemical 
equilibrium was 2 150 K. The radiation-corrected temperature 
profile is shown as the curve labeled “fractal” in Fig. 2. The 
particles produced under these conditions were composed of small 
individual primary particles that formed fractallike branched struc- 
tures, as shown in Fig. 7. Although all the primary particles had 
comparable sizes of - 10 nm, the overall size of the agglomerated 
particles ranged from 100 nm to a few micrometers. Such open 
structures are characteristic of flame-based  system^.^^.*^-^^ 

The suggested mechanisms of competing vapor-phase and 
liquid-phase pathways, as applied to the work reported here, are 
shown schematically in Fig. 8. In both the cases, the first two steps 
are the same, regardless of whether particles of agglomerated or 
unagglomerated morphology are formed. In the liquid-phase path- 
way. the reaction of the precursors occurs in the liquid phase 
within each precursor droplet. Therefore, zirconium(1V) 
n-butoxide undergoes hydrolysis and/or oxidation within the con- 
fines of the sprayed liquid droplet. In contrast, in the vapor-phase 
pathway, the precursors vaporize/decompose in the high- 
temperature region and react in the vapor phase. The oxidized 
metal vapors then condense and form small particles that grow by 
coagulation. Consequently, hard fractallike agglomerates are more 
likely to form in materials with high vapor pressures in flame- 
based systems, because they vaporize more easily and react in the 
vapor phase to form oxide vapors. 

In general, most nanoparticle synthesis processes require a 
postproduction step for crystallization of the final products and 
elimination of undesirable byproducts, such as chlorine and 

Flame synthesis of nanoparticles eliminates this extra 
step, because calcination takes place within the process, resulting 

(ournal of the American Ceramic Society 

used. 14.20.22-24 

in a crystalline final product. Although the tetragonal phase of 
zirconia is not thermodynamically favored at m m  temperature, it 
is often found in materials with nanoscale structure, such as those 
produced in this work, because of the crystallite size effect.*’ This 
observation also has been made in this work. The crystallinity of 
the zirconia nanoparticles is determined using electron diffraction 
and is of the tetragonal phase structure irrespective of the particle 
morphology. The tetragonal phase is responsible for the unique 
quality of transformation toughening and is the desired phase of 
zirconia in applications requiring high fracture strength? 

IV. Summary and Conclusions 

Combustion aerosol synthesis of zirconia nanoparticles with 
controllable morphology has been demonstrated in a single-step 
process for the first time. By varying the flame temperature and the 
temperature profile in the reactor, particles of either agglomerated 
or unagglomerated morphologies were synthesized. Although the 
experimental setup and the precursor loading were the same in 
both the cases, agglomerated particles resulted when higher flame 
temperatures were used. The high temperatures caused the zirco- 
nium(1V) n-butoxide precursor to vaporize/decompose and react in 
the gas phase to form zirconia particles, which grew by coagula- 
tion to form fractallike particles. In contrast, when the process of 
droplet to particle transformation occurred entirely in the liquid 
phase and at relatively low temperatures, single unagglomerated 
particles were formed. TEM analysis revealed that all the nano- 
particles had the tetragonal-phase crystalline structure, regardless 
of the final particle morphology. 

The final PSD, as obtained on spraying the precursors into the 
flame, was also polydisperse. Although all the particles were 
spherical and unagglomerated, the nonuniformity in their sizes was 
undesirable. Removal of large droplets through an inertial impac- 
tor caused a decrease in the number of large nanoparticles. When 
compared with the case where no impactor was used, the use of 
impactors increased the fraction of particles < 160 nm from 89% to 
99.8%. Good control on the unagglomerated PSD was thus 
obtained through control of the droplet size distribution. 

The present process of droplet to particle conversion is com- 
pared with the spray pyrolysis method of particle synthesis. In 
spray pyrolysis, each particle forms from a single precursor 
droplet; however, the results from this work indicate that each 
precursor droplet results in multiple ceramic particles of varying 
sizes. This is attributed to the higher heating rates in a flame 
relative to a typical spray pyrolysis process. The formation of 
multiple particles per droplet is important, because it indicates that 
it is feasible to obtain small particles from large droplets. Spray 
pyrolysis suggests that small particles can be formed from large 
droplets only by operating at low precursor concentrations, and, 
thus, droplet size and the precursor concentration become control- 
ling factors in the process. Although the restriction on the droplet 
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size is relaxed in the process reported here, a modest decrease in 
precursor concentration can further decrease the size of the final 
particles. 
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Preparation of a Bioactive 
Poly(methy1 methacrylate)/Silica Nanocomposite 
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The nanocomposite of a poly(methy1 methacrylate)/silica con- 
taining calcium salt was synthesized through the sol-gel 
method. Methyl methacrylate was co-polymerized with 
3-(trimethoxysilyl)propyl methacrylate and then co-condensed 
with tetraethyl orthosilicate and calcium nitrate tetrahydrate. 
Low crystalline hydroxycarbonate apatite was successfully 
formed on the surface after soaking in simulated body fluid for 
1 week at 36.5OC. This study demonstrates that this nanocom- 
posite may be used as a bioactive bone substitute or filler for 
poly(methy1 methacrylate) bone cement. 

I. Introduction 

LY(METHYL METHACRYLATE) (PMMA) is a representative ma- p" terial used as a bone cement because of its self-hardening 
property and excellent mechanical properties compared with other 
polymers. However, the application is almost restricted to bone 
cement because of its bio-inertness; no chemical or biological 
bonding occurs at the interface between the PMMA and bone, 
causing wear debris of PMMA from repeated interfacial move- 
ment.' This causes osteolysis and subsequent loosening of an 

Many researchers, therefore, have attempted to give osteocon- 
ductivity to the PMMA bone cement by introducing bioactive 
ceramic fillers."' However, the interfacial strength between bio- 
active ceramic filler and the PMMA is of concern because of the 
lack of adhesion between the two phases, resulting in an early 
failure at the interface. In addition, the size of the ceramic filler 
used for this purpose is several tens of micrometers, so its 
distribution in the composite is inhomogeneous and exposure to 
the surface becomes small. This reduces the osteoconducting 
ability of PMMA with ceramic filler. 

The improvement of the adhesion between the ceramic fillers 
and the PMMA could be achieved using a silane coupling 
however, the increase of bioactive ceramic fillers exposed on the 
surface could not be achieved through this method. Therefore, if 
the nanometer-sized bioactive ceramics can be dispersed homoge- 
neously and bonded covalently to the PMMA at the molecular 
level, all problems are likely to be solved. 
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In the present investigation, a PMMA/silica nanocomposite 
made via the sol-gel reaction with methylmethacrylate (MMA), 
tetraethyl orthosilicate (TEOS), and 3-(trimethoxysilyl)ppyl 
methacrylate (MSMA) as a coupling agent was re-examined with 
the main focus on its use as a bioactive bone substitute. Because of 
its superior mechanical properties of the nanocomposite, applica- 
tions as a biomaterial have already been reported; there have been 
feasibility tests as filler for PMMA bone cement* and resin for 
dental  application^.^*'^ However, these studies were not aimed at 
giving and using bioactivity, but simply using its superior mechan- 
ical properties to single PMMA. 

In this study, a PMMA/silica nanocomposite was designed to 
produce the low crystalline hydroxy carbonate apatite (HCA) on 
its surface in the simulated body fluid (SBF) using the silanol 
group as a nucleation site and calcium salt as a promoter for the 
nucleation of HCA via the increase of ionic activity product. 

11. Experimental Procedure 

The trimethoxysilyl hnctionalized polymethylmethacrylate was 
prepared by free radical polymerization of 3-(trimethoxysilyl)propyl 
methacrylate (MSMA) with methyl methacrylate (MMA) using 
benzoyl peroxide (BPO) as an initiator." The content of MSMA in 
the copolymer was 20 mol%. The MMA and MSMA were mixed 
for 1 h using dry toluene as a solvent. The BPO (0.01 mol%) was 
added to the solution and, subsequently, free radical polymer- 
ization was performed at 7OOC. After mixing for 24 h, the 
copolymer was purified via repeated precipitation in dry hex- 
ane. Hereafter, the poly(methylmethacrylate-co-3-(trimethoxy- 
sily1)propyl methacrylate) will be referred to as PMCM. 

The PMCM was hydrolyzed and co-condensed with tetraethyl 
orthosilicate (TEOS) with HCI as a catalyst to yield hybrid sol-gel 
material. The TEOS solution was prepared by mixing tetrahydro- 
furan (THF), water, and calcium nitrate tetrahydrate (CNT) for 1 h. 
The molar ratio of TE0S:water:HCl:CNT was 1:3:0.01:0.15. 
Hereafter, this solution will be referred to as solution T. The 
PMCM powder was dissolved in the THF with a concentration of 
20 wt%. Hereafter, this solution will be referred to as solution P. 
Solutions T and P were mixed for 1 h at room temperature and then 
poured into a Teflon mold. The gel was slowly dried for 1 week 
and then dried again under vacuum at 3OoC for 48 h. The pure 
PMMA was also made for comparison through the free radical 
polymerization with the same method described. Hereafter, the 
pure PMMA and the PMMA/silica nanocomposite will be referred 
to as specimens P and S, respectively. 

The test of the bioactivity was performed in the SBFt2 that has 
almost the same ion concentrations as human blood p1a~ma.l~ 
Disk-shaped specimens (10 mm in diameter X 1 mm thick) were 
soaked in 30 mL of the SBF at 365°C for I week. After soaking, 
the specimens were removed from the fluid and gently rinsed with 
ion-exchanged distilled water and then dried at room temperature. 
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Fig. 1. Microstructures of specimens (a) P and (b) S after soaking in 
simulated body fluids at 36.5OC for one week. 

The surface microstructures and crystal phase formed on the 
specimens were analyzed by field emission scanning electron 
microscopy (FE-SEM; XL3OS, Philips Electron Optics, Eind- 
hoven. The Netherlands) and thin film X-ray diffractometry 
(TF-XRD), respectively, with an angle of 1' to the direction of the 
incident X-ray beam. For infrared spectroscopy measurements, the 
pulverized specimens were diluted with 100-fold KBr powder 
(Spectra Tech. Shelton, CT) and the background noise was 
corrected with pure KBr data. The ionic concentrations of calcium, 
phosphorous, and silicon in the SBF were measured with induc- 
tively coupled plasma atomic emission spectroscopy (Ultima-C, 
Jovin-Yvon, Yvon, France) after soaking specimen S for 1 week. 

III. Results and Discussions 
Figure 1 shows the microstructures of specimens P and S after 

soaking in the SBF at 36.5OC for 1 week. A relatively rough 
surface with some cracks, which is believed to have resulted from 
the swelling of the PMMA, was observed in specimen P. However, 
a low crystalline HCA layer as described later was observed to 
form on the surface of specimen S. 

Figure 2 shows the TF-XRD profiles measured for specimens P 
and S after soaking in the SBF at 36.5OC for 1 week. No specific 
peaks assigned to apatite were observed in specimen P, while two 
apatite peaks, denoted by "H," were observed in specimen S. 
Because the apatite peaks were comparatively broader than a 
normal apatite, it was inferred that the grown apatite crystals had 
low crystallinity. 

Figure 3 shows the FT-IR spectra measured for specimen S 
before and after soaking in the SBF. The Si-oSi band was 
observed at 1075, 791, 434 cm-', and the Si-OH band was 
observed at 960 and 845 cm-' before soaking in the SBF.', The 
asymmetrical stretching (us) and bending (U,) modes of the PO, 
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Fig. 2. Thin-film XRD results for specimens P and S alter soaking in the 
simulated body fluids at 36.5"C for one week. 
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Fig. 3. FT-IR transmission spectra for specimen S before and after 
soaking in simulated body fluids at 36.5OC for one week. 

ion were detected at - 1039,602, and 564 cm-', respectively, after 
soaking in the SBF for 1 week. The symmetric stretching modes 
(v, and U,) of the PO, ion were also found at -960 and 462 cm-', 
respectively. Further, two stretching modes and an out-of-plane 
mode of CO, ion were also observed at -1456, 1419, and 876 
cm-', respectively. This means that the PO, sites of the apatite 
structure, i.e., B-site, were partly substituted by carbonate ions. 

The initial ionic concentrations of calcium, phosphorus, and 
silicon in the SBF were 100.20,30.94, and 0.00 ppm, respectively. 
However, these concentrations became 123.33 t 2.31, 4.31 t 
0.07, and 15.27 2 0.06 ppm, respectively, after soaking for 1 
week. The increase of ionic concentrations of calcium and silicon 
after soaking originated from their release from specimen S, while 
the decrease of ionic concentration of phosphorous might be the 
result of the formation of the HCA layer (Figs. l(b) and 2). 
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From the above results, it can be presumed that the formation of 
the HCA layer is critically dependent on the silanol group and the 
release of calcium ion from the nanocomposite, because the HCA 
was not formed in the pure PMMA (Figs. ](a) and 2). For an 
explanation of the nucleation and growth of the HCA layer 
observed in this work, the nucleation model of bioglass2 or 
bioglass ceramics15 is quite appropriate. 

When the PMMAisilica nanocomposite containing calcium salt 
is soaked into the SBF, calcium ion is dissolved into the SBF and 
it produces the silanol group on the surface by exchange of the 
Ca2+ ion combined with the Si-0- group in the sample with 
H,O+ ion in the SBF. In addition, the release of Caz+ ions 
increases ionic activity product of apatite in the SBF, so it 
promotes the nucleation of HCA on the silanol group.16 Once the 
apatite nuclei are formed, they grow spontaneously because the 
SBF itself has already been supersaturated with respect to apa- 
tite.” The mechanical and biological assays of this nanocomposite 
are under investigation and will be published in the near future. 

IV. Conclusions 

The nanocomposite of poly(methy1 methacrylate)/silica was 
synthesized via the sol-gel method. Its bioactivity was assessed 
using the SBF and low crystalline HCA was successfully formed 
on its surface after soaking for 1 week at 36.5”C. The formation 
mechanism of the low crystalline HCA was similar to that on the 
bioglass. This nanocomposite is likely to be useful for a bone 
substitute or filler for PMMA bone cement because of its bioac- 
t iv ity . 
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Pt/SiO, nanosized particles have been synthesized using a 
reverse micelle technique combined with metal alkoxide hy- 
drolysis and condensation. The size of the particles and the 
thickness of the coating can be controlled by manipulating the 
relative rates of the hydrolysis and condensation reactions of 
tetraethoxysilane (TEOS) within the microemulsion. The av- 
erage size of synthesized particles was in the size range of 
21-42 nm. The effects of synthesis parameters, such as the 
molar ratio of water to TEOS and the molar ratio of water to 
surfactant, are discussed. 

I. Introduction 

ECENTLY, the synthesis of nanometer-sized particles of metals 
R a  nd semiconductors has been investigated extensively because 
of their novel electrical, optical, magnetic, and chemical proper- 
ties.' The effect of particle size on the electronic and optical 
properties of these nanosized particles during the growth of the 
crystallite from the molecular level to the bulk material is an area 
of fundamental interest.2 Numerous approaches have been ex- 
plored for the preparation of ul trafine spherical particles, including 
the use of colloids, polymers, glasses, and micelles to successfully 
control aggregati~n.~.~ Many new and unusual physical and 
chemical properties arise as particles attain nanosize  dimension^.^ 
Compared with conventional solid-state reaction methods, 
solution-based synthesis results in higher levels of chemical 
homogeneity. Also, mixing of the starting materials at the molec- 
ular level is achieved in solution-based systems; this is especially 
important when multicomponent oxides are being prepared. In 
addition, surface coating or surface modification of nanometer 
semiconductor and metal particles offers a new challenge to 
synthesis. Not only metal/silica nanocomposites, but also semicon- 
ductor/oxide and even semiconductor/insulator/metal multiple- 
layer heterostructures can be prepared using this method.6 

The object of this study was to prepare silica (SO,) particles 
containing nanometer-size platinum particles by a combined re- 
verse micelle and sol-gel technique. 

11. Experimental Procedure 

The experimental procedure used to prepare Pt/SiO, nanosized 
composites is illustrated in Fig. 1. Typically, microemulsions with 
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a total volume of 20 mL were prepared at ambient temperature in 
a 30 mL vial with rapid stirring: these consisted of 4 mL of 
surfactant (Igepal CO-520. Aldtich Chemical Co., Milwaukee, 
WI), 10 mL of cyclohexane, 0.6S1.32 mL of 2 X 10A2M 

Add Hydrazine I r - l  Reduction of Pt' 

I Addbase 

Add TEOS 

Fig. 1. Flow chart for the synthesis of Pt/Si02 nanocomposite particles 
by a reverse micelle and sol-gel process. 
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added as a reducing agent. TEOS was added to the microemulsion 
with stirring, after nanosized platinum aqueous droplets formed. 
The amount of TEOS was varied according to the different molar 
ratios of water to TEOS, H = [water]/[TEOS]. This is the most 
important factor that dictates the size of the nanosized particles. 
NH,OH was injected into the microemulsion to accelerate the 
condensation reaction of metal alkoxide precursors. New reverse 
micelles were prepared from the nonionic surfactant-poly(oxyeth- 
ylene) nonylphenyl ether (Igepal CO-520, Aldrich Chemical Co.). 
The surfactant was used without further purification. Other chem- 
icals, such as tetraethoxysilane (TEOS), cyclohexane, and NH,OH 
(29%) (all from Aldrich Chemical Co.), were used as-received. 
The structure, size, and morphology of the resulting composites 
were examined by transmission electron microscopy ("EM). 

111. Results and Discussion 

The spherical Pt/SiO, nanometer-sized composite particles 
were obtained in reverse micelles followed by in situ hydrolysis 
and condensation in the microemulsion. The average size of the 
cluster was found to depend on the micelle size, the nature of the 
solvent, and the concentration of reagent. Figure 2 shows that 
water/surfactants molar ratio (R) influenced the particle sizes and 
distribution of the synthesized Pt/SiO,. The size of the synthesized 
Pt/SiO, particles increased with increasing water/surfactant molar 
ratio. The core particles are formed by a homogeneous nucleation 
and growth process; the shells are most likely formed through 
heterogeneous nucleation and growth. The nucleation and growth 
of platinum particles is likely to be a diffusion-controlled process 
through interaction between micelles, but it can be influenced by 
many other factors such as phase behavior and solubility, average 
occupancy of reacting species in the aqueous pool, and the 
dynamic behavior of the microem~lsion.~*~ 

Figure 3 shows that the size of the composite particles decreases 
monotonically with H (water/T'EOS mol ratio). The median 
particle size was determined by counting the number of particles of 
a given grain size in a given area. The median diameter of the 
Pt/SiO, nanocomposite particles was determined to vary from 20 
to 42 nm as H varied from 50 to 200, at R = 6, with a standard 
deviation of 7 nm. 

IV. Conclusion 

Spherical Pt/SiO, nanometer-sized particles with uniform size 
distribution can be produced by a reverse micelle technique in 
conjunction with a sol-gel process, involving the hydrolysis and 

50 I 
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Fig. 2. TEM micrographs of Pt/SiO, nanocomposite particles synthe- 
sized at H = 200, x = 1 and as a function of R( (a) R = 4, (b) R = 6, and 
(c) R = 8) 

0 
H,PtCI,*xH,O solution (Aldrich Chemical Co.), and deionized 0 50 100 1 50 200 
water. The size of the resulting particles was controlled by varying 
the ratio R = [water]/[surfactant]. The microemulsion was mixed 
rapidly and, after 5 min of equilibration, one drop (-0.05 mL) of 
hydrazine hydrate(9M N,H,*xH,O, Aldrich Chemical Co.) was 
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Fig. 3. Size of the synthesized Pt/SiO, particles, relative to the changing 
H ratio. 



condensation of organometallic precursors. The size of the syn- 
thesized Pt/SiO, particle increased with increasing watedsurfac- 
tants molar ratio, The average size of the synthesized Pt/SiO, 
particles decreased linearly with increasing water/TEOS molar 
ratio. TEM studies of particle formation indicate that the reaction 
process in the complex system containing reverse micelles and 
TEOS is governed by a diffusion-controlled process. By control- 
ling the ratio of water to surfactant and the ratio of water to TEOS, 
the particle size can be adjusted. 
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A hydroxyapatitelcollagenkhondroitin sulfate nanocomposite 
that partly mimicked the composition of cartilage was synthe- 
sized through a novel precipitation method, using a calcium 
hydroxide suspension and phosphoric acid solutions that con= 
tained several mixing ratios of type I1 collagen (Col) and 
chondroitin sulfate (ChS). The precipitates were shaped and 
consolidated via filter pressing and subsequent cold isostatic 
pressing, respectively. A preferential alignment of the crystal- 
lographic c-axis of the hydroxyapatite nanocrystals along the 
longitudinal direction of the Col and ChS mixture was ob- 
served. The fracture strength and Vickers hardness of the 
nanocomposites were in the ranges of 35-50 and 119-219 
MPa, respectively. This nanocomposite may be applicable for 
use as a bone substitute, because of its potential capability of 
bone remodeling through endochondral ossification. 

I. Introduction 

ONE and cartilage are specialized forms of connective tissue B that, similar to the other connective tissues, consists of cells 
and extracellular matrix. The feature that distinguishes bone from 
most other connective tissue is the mineralization of the matrix. 
This process produces an extremely hard tissue that is capable of 
providing support and protection. Cartilage is a key tissue in most 
growing bones, because bone formation is initiated from the 
calcification of cartilage and, given sufficient time, it will be 
replaced by bone via endochondral ossification. In addition, when 
fracture occurs and the mechanical conditions at the fracture site 
are unstable, a callus (which contains cartilage) forms first, 
followed by a gradual change to bone via endochondral ossifica- 
tion.'** Therefore, cartilage is regarded as a precursor of bone.3 
Thus, a bone substitute that mimics the composition of cartilage 
may be useful for the healing of bone defects via endochondral 
ossification. Indeed, Hemmerle er aL4 showed that hydroxyapatite 
powder (ranging in size from tens of micrometers to several 
hundred micrometers) that was blended or coated with a mixture of 
collagen and glycosaminoglycan had good osteoconductivity. 
However, the collagen used was primarily type I, whereas the 
collagen in cartilage is primarily type 11. In addition, the powder 
was a fragile aggregate, so it could not be applied to the defect site 
where heavily loaded. 
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In this experiment, a hydroxyapatite/type II  collagen/chon- 
droitin sulfate nanocomposite (HAp/type 11 Col/ChS) that partly 
mimicked the composition of cartilage was synthesized using a 
novel precipitation method. Type I1 Col has been known to provide 
specific binding sites to chondrocyte via integrin and ligand 
 interaction^."^ In addition, ChS proteoglycan has been known to 
promote the binding of chondronectin, which is the chondrocyte 
attachment factor, to type I1 Col, which thereby stimulates chon- 
drocyte adhe~ion.~ Therefore, when a HAp/type I1 Col/ChS nano- 
composite will be used as a bone substitute, it is expected to 
provide specific binding sites to chondrocyte. After adhesion to the 
nanocomposite, chondrocyte will secrete new extracellular matrix 
material and the nanocomposite ultimately will be replaced by 
bone via endochondral ossification (i.e., fracture healing will be 
accomplished). In the nanocomposite, on the other hand, HAp will 
act as a source of strength and bioactivity during the remodeling of 
bone. 

11. Experimental Procedures 

The nanocomposites, which were composed of 80 wt% HAp 
and 20 wt% bio-organics (Col and ChS), were synthesized via 
precipitation with a calcium hydroxide (Ca(OH),) suspension and 
phosphoric acid (H,PO,) solutions that contained type I1 Col and 
ChS of several mixing ratios, as shown in Table I. Hereafter, the 
specimens as shown in Table 1 are referenced as ChS20, 
Col8ChS 12, Col 14ChS6, and C0120, where the numerical values 
that follow each abbreviation correspond to the concentrations of 
the respective component. The Ca(OH), powder was made via the 
slaking of calcia (CaO), which was made through the calcination 
of calcium carbonate (CaCO,, Wako Pure Chemicals Industries, 
Osaka, Japan) at a temperature of 1050°C for 3 h. The H,PO, 
solutions, which contained Col and ChS, were prepared by 
dissolving two bio-organics to form a 0.7M H,PO, compound 
(Wako Pure Chemicals Industries). The type I1 Col (Product "-2, 
Nitta Gelatin, Inc., Osaka, Japan) was made from bovine nasal 
cartilage and had a molecular weight of -300000. The ChS 
(Product BN-3229, Seikagaku Kogyo Co., Tokyo, Japan) was 
made from bovine trachea cartilage and had a molecular weight of - 13 OOO. The synthesized precipitates were subjected to filtration 
via filter pressing at a pressure of 2 MPa and consolidated via 
subsequent cold isostatic pressing at a pressure of 200 MPa. 

Table I. Mixing Ratios of Collagen and Chondroitin Sulfate 
Amount (wt%) 

Component ChS20 Col8ChS I2 Col 14ChS6 Col20 
~ ______ ~~ ~ _ _ _ _ _ _  ~~ ~ 

Collagen 0 8 14 20 
Chondroitin sulfate 20 12 6 0 
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The crystal phases of the specimens were identified using X-ray 
diffractometry (XRD). The functional groups of the HAp crystal 
and the two bio-organics were analyzed via diffuse reflectance 
Fourier-transform infrared (FT-IR) transmission spectroscopy . For 
the infrared spectroscopy measurements, the pulverized specimens 
were diluted by a factor of 10, using potassium bromide (KBr) 
powder, and background noise was corrected using data for pure 
KBr. The microstructures were observed via transmission electron 
microscopy (TEM) (Model JEM-2000EX 11, JEOL, Tokyo, Ja- 
pan), using an accelerating voltage of 200 kV. The self-assembly 
phenomena of the HAp crystals that formed on the bio-organic 
templates were assessed using electron diffraction patterns. The 
fracture strength was measured via the three-point bending 
method, using a specimen size of 3 mm X 5 mm X 20 mm.8 The 
crosshead speed was 0.5 mm/min, and the span length was 15 mm. 
Hardness was measured using a Vickers hardness tester with a load 
of 29.4 N. 

111. Results and Discussion 

Figure 1 shows the results of XRD measurements on the 
as-prepared specimens. Several HAp peaks (denoted by the sym- 
bol "H") were observed in all the specimens. The HAp peaks were 
comparatively broader than those of a normal HAp specimen; thus, 
the HAp crystals that were grown were considered to have low 
crystallinity or small crystallite size. 

Figure 2 shows the R-IR spectra measurements of the as- 
prepared specimens, in addition to ChS and Col. For the ChS and 
ChS20 specimens, the asymmetrical stretching mode of the 
(COO)- and (-SO,)- species and the C,+S peak shoulder 
were detected at -1613, 1228, and 851 cm-I, respectively. For the 
Col, Col8ChS12, and Col20 specimens, the c=O stretching mode 
and the N-H bending mode that resulted from the peptide bond of 
the Col were detected at -1670 and 1560 cm-I, respectively. The 
asymmetrical (v,) and symmetric (vl) stretching modes of the 
(PO,),- ion were detected at - 1038 and 963 cm-', respectively. 
The bending mode (v,) of this species also was detected at -601 
and 564 cm-' in all the prepared specimens? Furthermore, two 
stretching modes and an out-of-plane mode of the (CO3)*- ion 
were also observed, at -1454, 1419, and 875 cm-I, respectively. 
This observation means that the PO, sites of the HAp structure 
(i.e., the B-site) were partially substituted by ions." 
Therefore, the HAp crystals that formed on the ChS, Col, and their 
mixtures were identified as carbonate-containing hydroxyapatites. 
The FT-IR spectra that have been observed for the Col8ChS 12 and 
Col20 specimens are almost the same as that of bone." 
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Fig. 1. XRD profiles for the ChS20, Col8ChS12, Co114ChS6, and Col20 
specimens. 
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Fig. 2. FT-IR transmission spectra for the ChS20, Col8ChS12, 
Co114ChS6, Col20 specimens, as well as for collagen and chondroitin 
sulfate. 

Figure 3 shows microstructures and electron diffraction patterns 
of the ChS20, C0120, and Col8ChS12 specimens. For the ChS20 
specimen, many HAp/ChS aggregates (-200 nm X 50 nm in size), 
which consisted of numerous HAp nanocrystals (-30 nm X 8 nm 
in size) on each ChS template, were observed, as shown in 
Fig. 3(a). Some large HAp crystals (-100 nm X 15 nm in size), 
which were not formed on the ChS template, also were observed 
(noted by black arrows in Fig. 3(a)). This observation means that 
the ChS template has an inhibiting effect on the crystal growth of 
HAp.I2 The (002) and (004) diffractions of the HAp crystals that 
formed on the ChS templates exhibited an arching angle of - loo, 
which means that the HAp crystals are precisely and preferentially 
oriented to the longitudinal direction of the ChS templates. 

For the Col20 specimens, HAp nanocrystals also formed on the 
long Col fibers, as shown in Fig. 3(b). The size of the HAp crystals 
was -50 nm X 20 nm, and the (002) diffraction exhibited an 
arching angle of -60'. This result means that the HAp crystals that 
formed on the Col templates have more-scattered alignments than 
those on the ChS templates. 

For the Col8ChS 12 specimen, the microstructure was almost the 
same as that of the Col20 specimen, as shown in Fig. 3(c). No 
HAp/ChS aggregates, which were observed in abundance in the 
ChS20 specimen, were observed in the Col8ChS 12 specimen. 
Therefore, the ChS can be considered to be bound to the Col when 
mixed in the H,PO, solution, in a manner similar to that in hyaline 
and elastic ~arti1ages.I~ The (002) and (004) diffractions of the 
HAp crystals also showed the preferred orientation of the HAp 
crystals to the longitudinal direction of the Col and ChS mixture, 
with an arching angle of -60". The electron diffraction patterns 
observed in the Col20 and Col8ChS12 specimens are very similar 
to that observed in b ~ n e . ' ~ * ' ~  

Table I1 shows the fracture strength and hardness of the 
specimens. The fracture strength was 35-61 MPa, and the hard- 
ness was 119-228 MPa. The value of each property increased as 
the content of Col in the bio-organics increased. These increases 
can be explained using the molecular weights of the Col and ChS. 
The molecular weights of the Col and ChS, which are related 
directly to their length, were 300 000 and 13 OOO, respectively. The 
long Col fibers (see Figs. 3(b) and (c)) might be randomly 
entangled in each other during the consolidation, which may result 
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Fig. 3. TEM micrographs and electron diffraction patterns of the hy- 
droxyapatite crystals formed on the (a) ChS20, (b) C0120, and (c) 
ColSChS 12 specimens. 

Table 11. Fracture Strength and Vickers Hardness of 
As-Prepared Specimens 

Composite Strength (MPa) Hardness (MPa) 

Col8ChS 12 35 5 5 
Col 14ChS6 50 t 1 
CO120 61 t 3 

119 2 2 
219 t 3 
228 ? 5 

in the high strength. In contrast, the ChS fibers are very short (see 
Fig. 3(a)) and the possibility of entanglement with each other 
during the consolidation is unlikely. Therefore, the strength and 
hardness might decrease as the content of ChS in the specimens 
increases. In fact, the fracture strength of the ChS20 specimen 
could not be measured because the consolidated specimen had 
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many cracks, which might be a result of drying; the length of the 
ChS fibers might be too short to hold the propagating drying 
cracks together. 

The above-mentioned results indicate that a HAp/type I1 Col/ 
ChS nanocomposite that seems to have sufficient strength and 
hardness to be used as a bone substitute can be made through a 
novel precipitation method and subsequent consolidation via filter 
pressing and subsequent cold isostatic pressing. It is expected that 
chondrocyte will preferentially adhere to the surface of the 
nanocomposi te and bone remodeling via endochondral ossification 
may be accelerated. In ~ i v o  testing is under investigation, and the 
results will be published soon. 

IV. Conclusion 

The synthesis of a hydroxyapatite/type I1 collagenfchondroitin 
sulfate (HAp/type I1 Col/ChS) nanocomposite that partially mim- 
icked the composition of cartilage was investigated. The nanocom- 
posites were made through a novel precipitation method, using a 
calcium hydroxide suspension and phosphoric acid solutions that 
contained several mixing ratios of Col and ChS. Shaping and 
consolidation were possible, using filter pressing and subsequent 
cold isostatic pressing, respectively. The synthesized HAp nano- 
crystals were composed of carbonate-containing HAp, and their 
distribution on the Col and ChS was very similar to that of natural 
bone. This nanocomposite had a strength of 35-50 MPa, and its 
hardness was 1 19-219 MPa. 
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Evidence for Bulk Residual Stress Strengthening in 

AI,O,/SiC Nanocomposites 
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Matsugasaki 606-8585, Kyoto, Japan 

The fracture behavlor of AI,O,/SiC nanocomposites has been 
studied as a function of the SIC volume fraction and compared 
to that of the pure AI,O, matrix. A pronounced strengthening 
effect was only observed for materials with low SIC content 
(i.e., SIO ~01%) although no evidence of concurrent toughen- 
ing was found. Assessment of near-tip crack opening displace- 
ment (COD) could not experimentally substantiate significant 
Occurrence of an elastic crack-bridging mechanism, in contrast 
with a recently proposed literature model. Quantitative 
fractography analysis indicated that transgranular crack 
propagation in AI,O,/SiC nanocomposites depends on the 
location of the SIC dispersoids within the matrix texture; 
the higher the fraction of transgranularly located disper- 
soids, the more transgranular the fracture mode. Experi- 
mental evidence of remarkably high residual stresses arising 
from thermal dilatation mismatch (upon cooling) between 
A1,03 and S i c  phases were obtained by fluorescence and 
Raman spectroscopy. A strengthening mechanism is in- 
voked which merely arises from residual stress through 
strengthening of Al,O, grain boundaries. 

I. Introduction 

N A recent review, Sternitzke’ has surveyed the current litera- I ture on nanocomposite materials with particular emphasis 
placed on structural ceramics, the work by Niihara and co- 
workers2-’ being cited as the original source for the nanocom- 
posite approach to the structural ceramic field. Experimental 
evidence reported by several investigators was revisited and 
compared, and it was pointed out that some of the mechanical 
properties reported by Niihara et have hardly been repro- 
duced by other  researcher^.^-" 

Although a well-detectable strengthening effect has been no- 
ticed in A120,/SiC composites by several investigators, no general 
consensus has yet been reached about the actual microscopic 
mechanism behind it. Strengthening and toughening mechanisms 
in nanocomposite materials are still to be fully understood and a 
rather generalized skepticism about the original expectations for 
these materials is now evident in the literature.”*12 

A consistent body of phenomenological evidence shows that 
strengthening in Al,O,/SiC nanocomposites does not actually arise 
from an intrinsic toughening effect. For instance, the fracture 
toughness of an vol% Sic has been measured by Zhao and 
co-workers7 and found to be considerably higher than that of pure 
alumina only when the indentation crack-length measurement 
method is used. On the other hand, only a rather modest toughness 
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increase could be observed when bend testing was carried out on 
precracked bars, a testing technique less sensitive to surface 
residual stresses. Zhao er al. concluded that in A1,OJSiC nano- 
composites the reported is biased by the indentation 
testing method and related to machining-induced compressive 
stress. More recently, Chou et a1.13 found that machining induces 
a similar magnitude of compressive residual line forces in nano- 
composite and alumina. These researchers concluded that any 
strengthening of the nanocomposites over the alumina cannot be 
attributed solely to the development of compressive machining 
residual stresses. 

Perez-Rigueiro et ~ 1 . ’ ~  tested several composites in which the 
Sic particle sizes and the volume fractions varied from 200 to 800 
nm and from 5% to 20%, respectively. The dispersion of SIC 
nanoparticles, apart from leading to a reduction in the matrix grain 
size, did not actually affect the fracture toughness of the matrix. 
Sternitzke et ~ 1 . ’ ~  found very little change in fracture toughness in 
nanocom posi tes with different particle-size distributions, produced 
according to various processing routes. Hoffman et al.’s have used 
a compact tension test to evaluate the fracture toughness of 
A120J5 vol% Sic nanocomposite. These researchers found no 
rising R-curve effect and a rather low fracture toughness (i.e., 
KrC. = 2.1 MPrm’”) for a crack extension of several millimeters, 
basically in agreement with the results by Zhao and  co-worker^.^ 

Pezzotti er al.’“ used fluorescence and Raman spectroscopy for 
measuring the residual microstresses stored in an A120J5 vol% 
Sic nanocomposite as hot-pressed, after grinding and after polish- 
ing. Remarkably high residual stresses were systematically found 
which affected the strength data, thus supporting the thesis that the 
strengthening effect observed in this material may not arise from 
an actual toughness improvement but from the presence of residual 
stresses. 

Despite the above experimental evidence, Ohji et al.’7 have 
recently proposed a “nanotoughening” effect for explaining the 
strengthening of the A1,OJSiC system. A mechanism based on 
near-tip crack bridging by the nanosized Sic inclusions was 
considered to produce such a steep rising R-curve effect (i.e., 
exploited over a submicrometer crack length) to make the tough- 
ening phenomenon difficult to detect by any conventional R-curve 
measurement. This hypothetical “nanotoughening” mechanism 
was considered to directly give rise to the high fracture strength 
observed in the nanocomposite. 

Leaving aside for the moment whether or not this argument is 
physically correct, it should be noted that the majority of fracture 
mechanics techniques allow the measurement of a rising R-curve 
only over relatively large crack extensions. Thus, if the near-tip 
crack bridging mechanism proposed by Ohji and co-workers is 
correct, a rising R-curve should be found only by monitoring very 
short crack extensions. Near-tip R-curve and crack opening dis- 
placement (COD) experiments should thus provide new physical 
insight to clarify the actual origin of the strengthening effect in 
A1,OJSiC nanocomposites. 

In this paper, we attempt to experimentally characterize the 
very-near-tip R-curve behavior and COD profile of a high-strength 
Al,O,/SiC nanocomposite. The physical origin of the strengthen- 
ing effect will be discussed in light of these improved fracture 
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mechanics characterizations. In addition, a complete set of exper- 
imental residual stress data is collected as a function of the added 
Sic volume fraction by both fluorescence and Raman spectros- 
copy (on Al,03 matrix and Sic dispersoid, respectively). Accord- 
ing to these data, a mechanism of grain-boundary strengthening by 
residual stress is invoked for explaining the measured strength 
data. 

11. Experimental Procedure 
( I )  Materials and Mechanical Testing 

For brevity's sake, only a general description of the material 
preparation and characterization procedures is given here. More 
details for the respective processing procedures can be found in the 
cited references. Al,O, (Sumitomo Chemical Ltd., AKP-53, To- 
kyo, Japan) and &Sic (Ibiden Co., Ltd., Gifu, Japan) powders 
were mixed following the optimized procedure given by Jeong et 
af." A1,OJSiC nanocomposite mixtures which contained 5,  10, 
20, and 30 vol% of p-Sic particles (average size -0.3 pm) were 
hot-pressed at 1600°, 1700O, 1750°, and 1800OC, respectively, for 
2 h, under 30 MPa uniaxial pressure. For comparison, also 
monolithic Al,O, was hot-pressed according to a similar cycle 
(1 5OOOC. for 2 h, under 30 MPa). All of the investigated materials 
were nearly fully dense (>99%). The average grain size of the 
Al,O, grains was about 1.5 pm in all of the nanocomposites and 
in the monolithic A1,03. 

Bend bars for R-curve determination were 3 pm X 4 pm X 20 
p m  in dimensions, centrally notched by a diamond cutter with a 
blade thickness of 0.2 mm. The relative notch length, a n ,  was 
0.5. In order to reduce the influence of the finite notch-root radius 
on the initial crack propagation, the bottom portion of the saw 
notch was sharpened by a razor blade to <10 pm. To achieve 
stable fracture propagation in bending geometry, the crack stabi- 
lizer designed by Nojima et af.I9 for a three-point bending 
geometry was used (span = 16 mm). The load-displacement 
relation was directly measured with semiconductor strain gauges 
placed both on the loading bar and on the tensile surface of the 
specimen. Further details of the notching procedure and of the 
bending stabilizer have been reported elsewhere.2o"' R-curve data 
were collected from the load-displacement curves obtained with a 
relatively fast crosshead speed (0.1 mmhnin). This crosshead 
speed was selected in an attempt to minimize the effect of 
humidity on crack growth, which may occur in Al,O,-based 
materials. The crack length was concurrently measured by scan- 
ning electron microscopy (SEM) after arresting the crack propa- 
gation. The crack resistance value, KR, as a function of crack 
extension was calculated from standard fracture mechanics equa- 
tions. The four-point bending flexural strength of unnotched 
specimens was measured on bars 3 mm X 4 mm X 35 mm, using 
an upper and a lower span of 15 and 30 mm, respectively. The 
tensile surface of the bars was ground with an 800-grit diamond 
wheel and successively polished with fine diamond paste (final 
polishing with 0.3 pm grit diamond grains for 10 h). The edges of 
the bars were also smoothed and polished as above. The strength 
values were calculated from an average of five tests on each 
sample. 

In order to analyze the flaw tolerance of nanocomposite bodies 
when external damage occurs during operation, the same tests 
were carried out on bending bars precracked by a relatively large 
(430 pm) Vickers flaw. The influence of residual stresses 

associated with the indentation mark were minimized by removing 
a layer of -40-60 p m  from the tensile surface (after indenting), 
and by successively polishing with diamond paste. Three speci- 
mens were tested for each material. 

(2) C m k  Opening Displacement Profile Determination 
The experimental approach adopted for the measurement of 

near-tip COD into the scanning electron microscope was similar to 
that described by Rode1 et af.22723 However, in the present 
investigation, equilibrium cracks were introduced with a Vickers 
indenter using a 300 N load. Near-tip COD profiles were observed 
with a field emission scanning electron microscope (FE-SEM, 
Model S-800, Hitachi, Tokyo, Japan) operating at 20 kV, up to its 
maximum magnification limit (-60 K). In order to minimize 
errors involved in the COD profile measurements, all images were 
digitized and computer analyzed by means of commercially 
available image processing programs (Adobe Photoshop). Similar 
to the experiments by Rtidel et af.,,, the edge-charging effect 
along the crack edges was the critical factor deciding the ultimate 
resolution of the COD measurement. However, lightly coating 
the SEM specimen by carbon before introducing the indentation 
mark helped to minimize the edge-charging effect. As a result, 
the COD analysis could be carried out up to a maximum 
resolution of -5 nm. 

(3) Fluorescence and Raman Spectroscopy 
The determination of residual stresses by fluorescence and 

Raman spectroscopy (in the Al,O, and SIC phase, respectively) 
was based on the piezospectroscopy effect discussed by Ma and 
Clarke.24*25 A Raman spectroscopic apparatus (ISA, T 6400 
Jovin-Yvon) was used, which was equipped with an Ar-ion laser 
(frequency and power were 488 nm and 300 mW, respectively) as 
the excitation source. An optical microscope was used both to 
focus the laser on the sample and to collect the scattered light. 
Light frequencies were analyzed using a triple monochromator 
equipped with a charge-coupled device (CCD) camera. A neon 
discharge lamp was used for frequency calibration. Further details 
of the technique and its accuracy have been described else- 

The collected data were analyzed with the curve- 
fitting algorithms included in the SpectraCalc software package 
(Galactic Industries Corp.). Residual stresses were determined by 
monitoring the shift of the ruby-fluorescence doublet (14 400 and 
14 430 cm-') in the case of Al,O, and the shift of the Raman 
peaks (794.1 and 970.8 cm-') in the case of Sic; the stress values 
were calculated from the respective frequency shifts according to 
the piezospectroscopic coefficients given in the literature (for 
A120329 and Sic3'). Average stress values from about 20 mea- 
surements per specimen were calculated from data collected with 
a laser spot of -10 pm. Residual stresses were determined as a 
function of the volume fraction of SIC dispersoid. 

In. Results and Discussion 
( I )  Mechanical Properties and Fractography Results 

In Table I are summarized the results obtained by fractography 
analysis of crack profiles in nanocomposites containing Sic 
volumetric fractions ranging between 5 and 30 ~01%. It can be 
noted that the presence of Sic particles within the ceramic matrix 
causes a dramatic change in fracture mode from predominantly 

Table I. Fracture Mode and Particle Location in AI,O,/SiC Nanocomposites 
Fracture mode (%) Particle location (8) 

Intergranular Transgranular Intergranular Transgranular 

89 
15 A1203/5 vol% s i c  

A1,OJlO vol% Sic 18 

A120J30 vol% Sic 46 

A1203 

A120,/20 vol% Sic 43 

11 
85 
82 
57 
54 

- 
11 
28 
63 
60 

- 
89 
72 
37 
40 
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intergranular, as typically observed in alumina, to predominantly 
transgranular. This henomenon has been observed by several other 
researcher~.2,~.~”’.’~According to our observation, with dispersion of 
up to 5-10 vol% Sic the fracture pattern was almost completely 
transgranular, while further increasing the Sic fmtion partly restored 
the intergranular fracture mode of the mere matrix. As a result, for Sic 
volume fractions 220%, the fraction of intergranular fracture was 
-50%. Phenomenologically, the change in fracture mode is related to 
the location of Sic particles, namely intergranular vs transgranular (cf. 
Table I). For Sic volume fractions S!W, the percent of dispersoid 
located at grain boundaries is a maximum. In other words, a relative 
fraction of SIC 110 vol% is hardly introduced into the A1,0, grains, 
whatever the nominal added fraction. Our present results agree well 
with a systematic study by Stearns and Harmer?3 on particle-inhibited 
grain growth in hot-pressed (and successively annealed) AI,O,-SIC 
nanocomposites. These researchers found that, upon annealing, the 
fraction of Sic particles on A1,0, p i n  boundaries decreases to a 
relatively greater extent for smaller volume fractions of particles. In 
the present context, particle tocation is considered to be essential for 
justifying the strengthening effect, as confirmed by the strength values 
shown in Fig. 1. A well-detectable increase in bending strength of the 
composite over that of monolithic alumina was observed at low 
volume fractions of Sic dispersoids (510%). A remarkably high 
strength value of - 1 GPa, which corresponds to approximately twice 
the value measured in pure AI,O,, was achieved in the material 
containing 5 v018 of Sic dispersoids. However, a progressive 
strength decrease was observed at higher Sic contents, so that the 
strength increase over monolithic A1,0, was almost negligible when 
30 vol% Sic was added. Bending strength was also measured after 
precracking the bend bars with an artificial flaw of size -80 pm. In 
this case, the strength values for all materials were almost the same as 
that found for monolithic A1,0,. Considering that the strength of a 
brittle material depends only on the square root of the critical flaw size 
and toughness, the reproducibility of strength data in different 
composites with the same flaw size suggests that no tangible tough- 
ening effect is achieved upon adding nanosized Sic particles, inde- 
pendent of their volume fraction. 

The near-tip R-curve behavior was studied for the material that 
exhibited the highest strength value, namely the A1,0,/5 vol% 
Sic, and compared with the behavior of monolithic A1,0,. The 
results of this experiment are shown in Fig. 2. The nanocomposite 
showed no significant near-tip rising R-curve behavior, and its 
plateau fracture toughness was even slightly lower than that of 
monolithic AI20,.+ The crack resistance at zero crack extension, 
KR = K,,, was calculated at the onset load for nonlinear behavior 
in the load-displacement curve. The bending crack stabilizer 
allowed crack arrest after propagation of a few tens of microme- 
ters. Upon short crack extensions, the very-near-tip bridging 
mechanism proposed by Ohji et al.” could not be substantiated. 

(2) COD Profile Results 
Ohji et al.” claimed that a few hundred nanometers is a crack 

extension sufficient for producing a steep rising R-curve behavior 
in an AI20,/SiC nanocomposite. This speculation was based on a 
transmission electron micrograph showing the existence of Sic 
bridging sites located within a short crack extension. However, if 
such bridging sites provide a remarkable R-curve effect, the reason 
why such an effect is not observable upon crack extensions of = I0 
pm is not clear. In order to learn about near-tip toughening 

‘A lower fracture toughness of the nanocomposite as compared to monolithic 
A1203 should lead to a lower strength value when a controlled flaw is introduced in 
the material. However, in Fig. I ,  our experimental data show no difference in strength 
between monolithic AI,O, and nanocomposites when the bending bars are pre- 
cracked. This discrepancy may be due to easier matrix grain cleavage when the 
double-notch is introduced by a razor blade”’ in the nanocomposite (e.g.. the actual 
crack length may be longer than that nominally observed by microscopy). On the 
other hand, grain cleavage can also severely affect the morphology of the indentation 
precrack strength, thus leading to apparently higher strength data. Despite this 
discrepancy, which certainly testifies to the difficulty of reliably testing the flaw 
tolerance of nanocomposites, the modest toughness level measured here, whatever the 
procedure adopted, cannot justify (i.e.. according to the Griffith law) the strengthen- 
ing effect found in the nanocomposite. 

n U 1 * 5 ~ j  
a 
c3 
W 

0.5 ’-1 
F 
U 4  

O O  10 20 30 
Sic CONTENT (~01%) 

Fig. 1. Strength of AI,OJSiC nanocomposites as a function of the S ic  
volume fraction: as hot-pressed samples (0). and samples precracked by a 
80 pm Vickers indentation (0). 

mechanisms, the near-tip crack opening displacement profile, U@), 
of both monolithic AI,O, and AI20d5 vol% Sic nanocomposite 
was quantitatively measured by means of FE-SEM and image 
analysis tools. A plot of the obtained crack profiles is given in Fig. 
3. In both cases, a pronounced deviation from a parabolic rofile 
was found for x > 100 pm, as also observed by Seidel et al.& This 
phenomenon will be henceforth neglected because it is not related 
to the toughening behavior of the material, but it just arises from 
the residual stress field in the indentation contact zone. On the 
other hand, the COE profile in the very-near-tip zone (i.e., <I0 
pm) can be actually fitted with a curve which is a convolution of 
parabolic profiles.34 The plotted parabolas were calculated accord- 
ing to the equation given by Irwin:,’ 

N ( X )  = (8x/7F)1’2K*~/E(l - v’) 

in which the COD, 2u(x), is expressed as a function of the distance 
from the crack tip, x. K,, is the crack-tip toughness, and E and v are 
Young’s modulus and the Poisson ratio, respectively. Inferring the 
parameter E = 420 GPa and U = 0.25, the K,, values 2.6 and 2.2 
MPa.m”*, obtained from the fracture mechanics analysis (cf. 
Section III( 1)) generate parabolic curves which reasonably bound 
the COD experimental profiles for both AI,O, matrix and nano- 
composite. Based on the COD data, it is argued that if a bridging 

3*0z 
8 0 0  

0 50 100 150 200 
CRACK LENGTH, Aa b) 

Fig. 2. 
Sic (+I as a function of the length, h, of stably propagated cracks. 

Fracture toughness of monolithic AI,O, (0) and A1,03/5 vol% 
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Fig. 3. COD profiles as measured in monolithic A1,0, (0) and AI,OJ5 
vol% SIC (+). Broken lines represent the theoretical profiles calculated by 
Eq. (1) using the K,, values given in Fig. 2. 

effect is operative in the nanocomposite materials at short crack 
distances, its effect on toughening should be rather small. This 
argument is also supported by high-magnification SEM images of 
the crack path. In all of our observations, clear evidence of an 
elastic bridging mechanism by SIC particles was not found. 
Typical examples of interaction between cracks and Sic particles 
are shown in Fig. 4 for a Sic  particle transgranuiarly located (Fig. 
4(a) and a particle trapped at a triple point (Fig. 4(b)). The 
A1,OJSiC phase boundaries were always found fractured, how- 
ever close the Sic particle was to the crack tip. 

Given the above evidence, we shall rule out a significant crack 
bridging effect and focus hereafter on the characterization of bulk 
residual stresses stored in the nanocomposite material. A spectro- 
scopic analysis of residual stresses both in the matrix and in the 
dispersoid phase is given in the following section, which repre- 
sents the experimental base to explain a strengthening effect in the 
absence of toughening. 

(3) Residual Stress Analysis 
Residual stresses were measured by piezospectroscopic tech- 

niques (on the tensile surface of bending bars) in both an AI,O, 
matrix and a Sic dispersoid (Fig. 5).  A hydrostatic tensile stress 
field linearly increasing with Sic volume fraction was found. The 
maximum tensile stress value in the AI,O, matrix was 0.5 GPa, 
which was measured in the Ai2O3/30 vol% Sic sample. 

Residual stresses, as theoretically predicted by a stochastic 
model given by Kreher and Pompe,36 are plotted for comparison in 
Fig. 5.  They were calculated according to the following equations: 

(a j k )  = 6J3KmKdV~m(Km - Kd1 

(Vfd - [Kd(Km - K * ) / K * ( K m  - Kd)]}(am - ad)AT (2) 

K* = V d n ,  + V d d  (3) 

where (u(Jn, is the average isotropic part of residual stresses in the 
alumina matrix, V, the volume fraction, K the bulk modulus (260 
and 330 GPa for AI,O, and Sic, respectively), and a the average 
coefficient of thermal expansion. The subscripts m and d refer to 
the matrix and the dispersoid phases, respectively. 6,, is the 
Kroenecker symbol. AT is the elastic stress-free temperature on 
cooling, which was taken as 1 180°C, according to Sergo et al.37 
The validity of this model for ceramic composites has been 
discussed by other  author^.^*.'^ As seen from Fig. 5. good 
agreement is found, at low Sic fractions, between experimental 
results and theoretical predictions based on Eqs. (2) and (3). 
However, the model underestimates the residual stress values at 

Fig. 4. SEM micrographs of typical interactions between crack and Sic 
inclusions: (A) transgranular particle location: and (B) intergranular 
particle location. Arrows indicate the direction of crack propagation. 

high Sic fractions; the higher the fraction, the higher the discrep- 
ancy. In the bulk, average residual stresses in both matrix and 
dispersoid should obey the following equilibrium condition: 

(4) (gq) = v f m ( d k ) m  -k vfd<'jk>d = 0 

Fig. 5. Residual stresses measured by piezospectroscopic techniques in 
the AI,O, matrix (0) and in the SIC dispersoid (+). Experimental data for 
AI,O, are compared to theoretical predictions (broken line) calculated from m. (2). The stress equilibrium condition in Eq (3) is also shown, which 
gives an estimate of the experimental error involved in the present residual 
stress assessment. 
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were (aeq) represents an “equilibrium stress.” However, if rpsidual 
stress due to machining is stored nearby the surface of the 
specimen, the equilibrium condition may not be satisfied for an 
insufficient penetration of the laser beam in the material. The (aeq) 
values, as calculated in various composites, are plotted in Fig. 5. 
As seen, the equilibrium condition dictated by Eq. (4) is reason- 
ably satisfied only for low added fractions of SIC, while a 
nonnegligible divergency (toward compressive stresses) is found 
at high SIC fractions. By directly measuring the extent of elastic 
bending in thin disk specimens, Chou er a/.’ ,  estimated a maxi- 
mum thickness of the residual stress layer of -10 pm in both 
monolithic Al,O, and AI,O,/SiC nanocomposite. This thickness is 
about 2 times smaller than the depth probed by the laser beam 
during the present piezospectroscopic measurements. Therefore, if 
the discrepancy from the equilibrium state is due to the surface 
(compressive) residual stress arising from machining, measure- 
ments with the same laser-beam diameter, but in the confocal 
configuration, should enhance the magnitude of the observed 
(a-). This is because the confocal configuration allows one to 
probe the stress state in the very surface of the specimens (a few 
micrometers in depth). A negligible difference (<5%) in the (a,,) 
values was found between surface-focused and confocal measure- 
ments for Sic contents 510 ~01%. However, compressive stress 
values higher by -40% were found for (a,) at Sic fractions > 10 
~01%. These results suggest that residual compressive stresses 
were actually introduced on the surface of the nanocomposite 
bending bars by grinding with an 800-grit diamond wheel. Suc- 
cessive polishing steps with fine diamond paste were effective in 
releasing the (compressive) surface residual stresses, but only for 
Sic fractions 5 10 ~01%. Zhao et a/.’ reported that annealing was 
more effective in diminishing surface compressive stresses (in- 
duced by machining) in monolithic Al,O, than in Al,O,/SiC 
nanocomposites. Our results are consistent with this finding, 
showing that the larger the Sic fraction, the more difficult the 
release of the machining-induced surface stresses by a standard 
polishing procedure. In conclusion, the piezospectroscopic assess- 
ment of residual stresses suggests that the strengthening effect 
observed at Sic fractions 510 vol% is rather related to bulk 
residual stresses from thermal expansion mismatch than to 
machining-induced residual stresses. 

(4) Strengthening by Bulk Residual Stresses 
From a phenomenological point of view, it is understood that (i) 

the strengthening mechanism is not arising from an actual tough- 
ening effect, and (ii) the inherently higher strength shown by 
AI,O,/SiC nanocomposites with V,, 5 10% is related to the 
intragranular location of Sic particles within the A1,0, grains, 
which in turn results in a predominantly transgranular fracture 
mode. The change in fracture mode from intergranular to trans- 
granular can be correlated to the bulk residual stress field devel- 
oped in the material upon cooling, which arises from the higher 
thermal expansion coefficient of A1,0, as compared to Sic. When 
the Sic dispersoids are transgranularly located, the tensile stresses 
develo d in A1,0, can trigger cleavage fracture in the matrix 
grains.K39 Local stresses around the Sic inclusion can be much 
higher than the average hydrostatic stress measured by piezospec- 
troscopy techniques. On the other hand, an intergranular location 
of the SIC particles may enhance tensile stresses on grain bound- 
aries and promote intergranular fracture propagation. The higher 
the fraction of SIC added (and the larger their size), the higher the 
probability of their intergranular location. This would explain why 
weaker grain boundaries are developed and a very limited 
strengthening is achieved for relatively high fractions of SIC (i.e., 
despite a higher compressive residual stress induced by machining 
on the surface of bending bars). 

Thermal expansion anisotropy is a potential source of grain- 
boundary microfracture in polycrystalline A120,.40*41 In partic- 
ular, triple points are inherently weak zones due to high residual 
stress fields generated during cooling. Figure 6(A) shows a 
schematic of a grain-boundary microcrack loaded by a local 
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(A) thermal expansion (B) thermal expansion 
anisotropy mismatch 

Fig. 6. Schematic illustration of the residual stress fields generated at 
grain boundaries and on a grain-boundary microcrack due to (A) thermal 
expansion anisotropy in monolithic Al,O, and (B) thermal expansion 
mismatch in A1,OJSiC nanocomposite with transgranularly located dis- 
persoids. 

residual tensile stress arising from thermal expansion anisot- 
ropy. However, if intragranular dispersoids with a lower ther- 
mal expansion are embedded in the matrix grains, a hydrostatic 
compressive stress field can be generated on grain boundaries 
upon cooling (Fig. 7(B)). Because of the overlap of such a stress 
field, apparently “stronger” grain boundaries and inherent 
grain-boundary defects, shielded by residual stresses, can be 
envisaged, which justifies the transgranular fracture mode and 
the observed strengthening. 

According to the above-proposed mechanism, only transgranu- 
larly located SIC particles will exert a positive contribution on the 
inherent matrix strength. On the contrary, particles located at grain 
boundaries, although contributing to the development of a finer 
matrix grain structure, may trigger grain-boundary fracture. These 
two opposite effects may annihilate each other and no strength 
improvement be found as compared to the matrix material. In 
addition, it  should be noted that only the finer Sic particles will be 
incorporated within the matrix grains, leaving the entire fraction of 
larger particles at grain boundaries. This factor may strongly limit 
the potentiality of the strengthening mechanism. Kovalev et al.42 
have recently proposed a quantitative model for grain-boundary 
strengthening in nanocomposites by misfitting intragranular 
inclusions. We also propose a quantitative assessment of the 
strengthening mechanism by bulk residual stresses in a separate 
p~blication.~, 

IV. Conclusion 

The fracture properties of A1,OJSiC nanocomposites have been 
investigated as a function of the added SIC volume fraction. Both 
strengthening and toughening mechanisms were discussed to 
explain the strength properties originally reported by Niihara et 
al.“ Bulk residual stresses could be precisely characterized by 
piezospectroscopic techniques. A very-near-tip toughening mech- 
anism based on crack-tip bridging, as proposed by other authors, 
has also been investigated by means of stable crack propagation 
techniques and by direct observation of very-near-tip COD pro- 
files. Based on these assessments, the following conclusions were 
drawn: 

(i) Although a detectable strengthening effect was observed at 
low Sic contents (Vfd 5 10%), no toughness increase could be 
measured and no toughening mechanism directly substantiated for 
nanocomposite materials showing high strength. 

(ii) Bulk residual stresses arising from thermal expansion 
mismatch between A1,0, and Sic were of a conspicuous magni- 
tude. A strengthening mechanism of A1,0, grain boundaries was 
proposed, which is operative only when SIC particles are embed- 
ded in the AI20, matrix grains. Since the probability of finding 
intergranularly located particles increases when increasing their 
volume fraction, only nanocomposites with a low Sic content 
show high strength. 
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The synthesis of dense nanometric composites of TiN-TiB, by 
mechanical and field activation was investigated. Powder 
mixtures of Ti, BN, and B were mechanically activated 
through ball milling. Some powders were milled to reduce 
crystallite size but to avoid initiating a reaction. In other cases 
powders were milled and allowed to partially react. All these 
were subsequently reacted in a spark plasma synthesis (SPS) 
apparatus. The products were composites with equimolar 
nitride and boride components with relative densities ranging 
from 90.1% to 97.2%. Crystallite size analyses using the XRD 
treatments of Williamson-Hall and Halder-Wagner gave crys- 
tallite sizes for the TIN and TiB, components in the range 
38.5-62.5 and 31.2-58.8 nm, respectively. Vickers microhard- 
ness measurements (at 2 N force) on the dense samples gave 
values ranging from 14.8 to 21.8 CPa and fracture toughness 
determinations (at 20 N) resulted in values ranging from 3.32 
to 6.50 MPa-m"'. 

I. Introduction 

E unique properties of nanometric materials have generated T widespread interest and research activities during the past few 
years.' Materials with phase structure modulation on a scale of less 
than 100 nm have properties that are not only different but in many 
cases superior to those with a larger grain For example, 
results showing an increase in strength and hardness by a factor of 
4-7 resulting from a decrease in crystallite size to the nanometeric 
range have been "Superhard" coatings (with Vickers 
hardness 20 GPa) of nanostructured materials have been made.8 

Nanometric materials are formed either by direct deposition as 
thin coatings (by PVD or CVD) or as powders/clusters by a variety 
of methods. In a thermodynamic sense, the process of formation of 
nanomaterials relies on the degree of departure from equilibri- 

Methods employing this nonequilibrium approach include 
precipitation,".' ' pyrolysis of organic gas-phase 
conden~ation,'~ high-energy and others."* Except 
for the case of thin film formation, the preparation of dense 
nanomaterials requires an additional step. Consolidation of nan- 
opowders to produce dense bodies for further property character- 
ization has been accomplished with several techniques including 
sintering,'2*2' hot pressing,12*22*23 and spark plasma (or pulsed 
electric current) sintering (SPS).'0*24 The major concern in all of 
these methods of consolidation is grain growth. In view of the 
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nonequilibrium state of the nanomaterials and the fact that con- 
solidation steps take place at high temperatures and require a 
relatively long holding time, grain growth (Oswald ripening) is 
anticipated. The relatively limited number of experimental data on 
mechanical properties on nanomaterials has been attributed to the 
difficulty of synthesizing dense bodies? 

Thus the preparation of dense nanomaterials has until recently 
been a two-step process involving sequential synthesis and con- 
solidation. A few years ago, a process was developed to simulta- 
neously synthesize and densify materials using electric field 
ac t iva t i~n .*~*~~  More recently this approach has been extended to 
the preparation of dense nanomaterials, with preliminary results on 
MoSi,, FeAI, and NbA1,.27*28 

The process includes the use of nanometric powders, produced 
by ball milling, as reactants in field-activated synthesis. In this 
paper we present results on the simultaneous synthesis and 
densification of nanometric TiN-TiB, composites. 

Because of its attractive properties, titanium diboride has been 
the focus of considerable attention for such potential applications 
as structural materials, cutting tools, armor material, and wear- 
resistant materials. Interest is motivated by its excellent thermo- 
mechanical properties. It has a relatively high hardness, elastic 
modulus, high-temperature strength, and abrasion resistance.B*30 
It is a refractory material with excellent high-temperature oxida- 
tion resistance and good thermal and electrical conductivitie~.~'*~~ 
The latter property facilitates its machining by the electrical- 
discharge-machining (EDM) method. Its excellent chemical sta- 
bility in molten metals makes it a candidate for use as a cathode 
material in aluminum prod~ction.~' A variety of techniques have 
been used to prepare TiB, ceramics, including hot pressing,34 hot 
isostatic pressing,35 and high-pressure combustion synthesis.36 

Titanium nitride possesses equally attractive properties. These 
include a high melting point, high hardness, and high electrical 
cond~ctivity.~' The thermochemical properties of TiN would 
suggest that it would be compatible with Sic, AI,O,, ZrO,, Si3N4, 
and TiB2.3* It has a better chemical stability with iron aluminides 
and nickel aluminides than Sic, and thus may be used in these and 
other metallic phases to form metal-matrix composites.39 

The two ceramics, TIN and TiB,, however, are prepared in 
dense form by different processes. Typically, TiN is produced by 
chemical or physical vapor deposition (CVD or PVD) methods:' 
while TiB, is consolidated by hot pressing (HP) or hot isostatic 
pressing (HIPing). It is thus difficult to process and produce 
composites of these two ceramics by any of the conventionally 
used methods. Investigations have been made on the use of 
self-propagating high-temperature synthesis (SHS) to produce 
TiB, and TiN  material^.^^-^'-^^ Composites of TiN-TiB, have 
also been made by hot-pressing TiN and TiB, powders, and their 
potential use in cutting tools and wear-resistant materials has been 
in~estigated.~~.~' More recently, such composites have been pro- 
duced by reactive hot pressing using mixtures of TiH and BN:" 
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and by the SHS method using Ti, B, and BN as  reactant^.^' 
Selected properties of these ceramic phases and their composites 
are shown in Table I.40*46*48.4y 

In this paper we present results on the synthesis of dense 
nanostructured TiB,-TiN composites by field-activated reactions 
of mechanically activated powders. We use the spark plasma 
sintering (SPS) apparatus. In previous studies we have demon- 
strated the feasibility of this new method b synthesizing dense 
nanostructured ceramic and metallic phases. 17.28 

11. Experimental Materials and Methods 

The starting materials were powders of Ti (99.7% pure), 
amorphous B (95%-97% pure), and BN (99.9% pure). All were 
purchased from the Atlantic Equipment Engineering Co. (Bergen- 
field, NJ). The initial particle size ranges for the three powders 
were 20-45, I (ave), and 2-3 pm, respectively. The powders were 
blended in a stoichiometric ratio according to the reaction 

(1) Ti + 0.5B + 0.5BN + 0.5TiB2 + O.5TiN 

They were then mixed in a Shaker-Mixer (Glenmill) for 24 h and 
ball-milled in a planetary mill. Milling was done using hardened 
bearing-steel balls and hardened steel vials with an inside diameter 
of 90 mm and an inside height of 100 mm. A ball-to-powder mass 
ratio ( B / f )  of 1O:l was used. All powder transfers to and from the 
vials were done in a glove box. The glove box was evacuated and 
back-filled three times with pure (99.99%) argon. The vial was 
then sealed and transferred to a Fritsch Pulverisette P7/2 planetary 
mill. Total milling times ranged from 0 to 25 h, but each 1 h of 
milling was followed by 1 h of cooling. The rotation speed of the 
mill speed was 250 rpm. To prevent reactions with the atmosphere, 
the vials were cooled in liquid nitrogen before the milled powder 
was removed inside the glove box. The entire procedure was 
repeated for different milling times; after each interval a small 
amount of the powder was removed for XRD analysis. 

( I )  X-ray Analyses 
X-ray diffraction analyses were made using a Scinta 

2000 diffractometer with CuKa radiation (A = 1.540562 f f  ) .xDs The 
step size in 28 was 0.01' and the time for each step scan was 10 s. 
The X-ray analysis included (a) phase identification and (b) 
crystallite size determination. For the latter, a numerical method 
was used which included three steps: peak fitting, Voigt analysis of 
peak and Williamson-Hall (WH) and Halder-Wagner 
(HW) plots.so752 Account is also made for (1) the background 
using a simple polynomial (up to third order), (2) the intensity ratio 
of components Ka, and K a i ,  R = Ia2/Ia i ,  and (3) the shift 
parameter (6) adjusting the angular separation of components Ka, 
and Ka,, 6 = 20(a ) - 28(a2). According to the analysis of 
Williamson and Ha11j2 the slope of the graph depends linearly on 
the lattice strain and the intercept varies as the reciprocal of the 
size of the crystallites, or 

pT= I/& + 2(q)d* (2) 

where pf* is the integral width of a reciprocal lattice point, E is the 
mean apparent volume-weighted crystallite size, q is the effective 
lattice deformation, and d* (=2 sin 8/A) is the distance of the point 

from the origin of the reciprocal lattice. They are calculated from 
the intercept and slope of the linear root-mean approximation 
through the experimental data points of a plot of pf* versus P. 

(2) SPS Process and Apparatus 
The synthesis and densification of the milled samples were 

conducted in a spark plasma sintering (SPS) apparatus (Model 
1050, Sumitomo Coal and Mining Co.) under vacuum. The SPS 
apparatus is a uniaxial 100 kN press combined with a 15 V, 
5000 A dc power supply to provide simultaneously pulsed current 
and pressure to the sample. The pulse cycle of the dc current is 
12 ms on and 2 ms off. 

The milled powders were placed into a graphite die, and then a 
70 MPa pressure was applied. It was then heated for times ranging 
froin 1 to 12 min at a heating rate of about 100'C*min-'. The 
parameters of temperature, applied pressure, current, voltage, 
sample displacement (shrinkage), and displacement rate were 
measured continuously during the synthesis cycle. The displace- 
ment is the consequence of densification that results from consol- 
idation of the powders and from the negative molar volume change 
associated with the synthesis reaction. The reacted samples were 
cooled to room temperature by turning off the power. The 
temperature was measured by means of an optical pyrometer 
focused on the graphite die surface near the center of the sample. 
Densified samples were -19 mm in diameter and 5 mm thick. 

111. Results and Discussion 

XRD patterns were generated for all milled powders at different 
time intervals. The nature of the phases present and the general 
appearance of the peaks depended on milling time. For powders 
that showed no evidence of a reaction, the initially sharp diffrac- 
tion lines became broadened after ball milling because of the 
refinement of the crystalline size and an increase in atomic-level 
strain. These two contributions can be separated in accordance 
with the WH or HW analysis, as indicated above. From the integral 
breadths of the diffraction lines the average crystalline size and 
strain could be obtained. 

The XRD patterns of the Ti-B-BN powder mixture milled for 
different times are presented in Figs. 1 and 2. Figure I shows the 
patterns of the initial (unmilled) powder and those of powders 
milled up to 10 h. Since boron was amorphous, only peaks for Ti 
and BN appear in the pattern of the unmilled powder (pattern (a) 
in Fig. 1). After 0.5 h of milling the BN peaks have nearly totally 
disappeared and those of Ti show significant broadening and a 
decrease in intensity. The intensity of Ti peaks continued to 
decrease with increasing milling time (as seen in Fig. 1, parts (b) 
to (0). Although the intensity of the Ti peaks decreased, their 
positions (20 values) remained unchanged during the process of 
milling. This implies that the disappearance of the BN peaks is not 
related to any possible interaction with Ti, but is more likely the 
result of amorphization of the nitride phase. Literature reports 
indicate that such a phase transformation takes place as a result of 
extensive mil~ing.'~ 

Figure 2 shows the XRD patterns of reactant powders milled for 
10 to 25 h as well as the pattern for the product of the self-ignited 
powders in air. The figure shows that with 10 h of milling, there is 

Table I. Selected Properties of Sintered TiN, TiB,, and TiN-TiB, Composites 
Microhardness H, at load Bend Fracture 

Crystallite strength toughness K,, 
Material size (mn) (GPa) (NI ( M W  ( MPPm IC2) Ref. 

TiB, 33.0 t 0.6 0.3 450 t 70 6.4 t 0.4 48 
Ti N 19.9 0.5 260 48 
TiB2-TiN (1  wt% Ni) 20.5 196 614 k 55 6.20 t 0.21 46 
30 wt% TiB2-TiN 20.6 29.4 4.0 45 
TiB,-TiN (film) 3-6 18.6 0.3 49 
TiB,-TiN (bulk) 80400 18.0 t 1.8 0.3 49 
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Fig. 1. XRD patterns of reactant powders milled for different times. 

no evidence for product formation. The pattern shows only 
broadened Ti peaks. But when the milling time is increased to 
12 h, new broad peaks appear which do not correspond directly to 
those of TiB, or TiN (Fig. 2, part (c)). With increased milling the 
intensity of the peaks shows a slight increase, and at 18 h, there is 
evidence of correspondence of the peaks with those of the product 
phases, TiN and TiB, (Fig. 2, part (e)). Longer milling time results 
in still broader peaks that are likely the result of overlapping small 
peaks of the two phases (Fig. 2, parts (9 and (g)). 

The observed broadening of the Ti X-ray peaks with increasing 
milling time is the consequence of the reduction of the average 
crystallite size and the buildup of defects and internal strain. An 
interesting observation indicative of the effect of one or both of 
these phenomena is the self-ignition of milled powders when 
exposed to air. For the powder that is milled for 10 h, a 
spontaneous reaction occurs in air when the powders are touched 
while still warm from milling. The product of this spontaneous 
combustion contains TiN and TiB,, as can be seen from Fig. 2, 
part (a). 

The large surface area and increased lattice strain contribute to 
this enhanced reactivity. It should be noted that within the limit of 
X-ray detection, the product of the self-ignition contained no 
(crystalline) oxide phases as seen from the XRD pattern. The 
product contained TiN and TiB, only, as indicated above. The 
crystallite sizes of these phases were determined by the WH and 
HW methods to be 29.4 and 21.7 nm, and 43.5 and 25.0 nm, 
respectively. Although a reaction between oxygen or nitrogen and 
Ti or B is thermodynamically favored, the absence of detectable 
oxides may indicate that amorphous phases (oxides) have formed, 
or more likely, that 0, and N,.play a different role. The interaction 
between these gases and Ti may act only as a trigger for the 
reaction between the powders. It is likely that only a small amount 
of oxygen or nitrogen is required for this purpose. It has been 
reported that only 1 wt% of oxygen is needed to significantly 
change the eletrocatalytic properties of nanophase materials."0 The 
absence of spontaneous reactions during milling is a confirmation 
of the presence of a relatively pure inert gas atmosphere. 

Crystallite size analyses were made on milled products. Typical 
WH and HW plots for the Ti peaks are shown in Figs. 3(a) and (b), 
respectively. From such analyses we obtain the dependence of the 
Ti crystaliite size on milling time by the two methods. The results 
are shown in Figs. 4 and 5. Figure 4 shows the refinement of the 
grain size and the increase in the strain as functions of milling time 
for Ti. The results in this figure are evaluated by both methods, as 
indicated. There is a relatively large difference between the 
crystallite size results and a relatively smaller difference between 
the strain results obtained by the two methods of analysis. The 
crystallite sizes obtained with the WH analysis are consistently 
larger. The surprisingly small grain size of the unmilled Ti powder 
(71-111 nm) may be related to the preparation method of this 
powder. The powder was made from sponge Ti. In the early stages 
of milling the strain value changed very little, but after about 2 h 
of milling, the strain increased markedly. Within the first 6 h of 
milling, the decrease in crystallite size for Ti was relatively linear 
with milling time. Figure 4 also shows that the minimum crystal- 
line size of Ti that can be obtained before the onset of a reaction 
in the mill is in  the range of 16.7-33.3 nm. As was pointed out 
above, when milling is conducted for 12 h or more, reaction 
between the powders occurs in the mill as shown in Fig. 2. 

- (d) I5h milling 

8 0 I 

(e) 18h milling 

500 b 

0 
32 42 52 62 72 

28 (deg) 
Fig. 2. XRD patterns of reactants milled for longer times and for a milled and self-ignited powder mixture. 
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Figure 5(a) shows the results of crystallite size analyses on 
milled powders (1 0 h) which were subsequently reacted in the SPS 
apparatus for 1 or 12 min, while Fig. 5(b) shows the results on 
powders which had reacted during a 12-h milling and subsequently 
reacted in the SPS for 5 or 12 min. After a 10-h milling time, the 
Ti crystallite size ranged from 16.7 to 33.3 nm, depending on the 
method of analysis. When powders milled for this time were 
subsequently reacted in the SPS for 1 min, the crystallite sizes of 
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Fig. 5. Crystallite size of TiN and TiB, formed in the SPS: (a) reactant 
powders milled for 10 h (no product formation), (b) reactant powders 
milled for 12 h (with product formation). 

the product phases, TiN and TiB,, were 38.5-52.6 and 40.0- 
45.5 nm, respectively. When the reaction time in the SPS apparatus 
was increased to 12 min, the crystallite size of the product phases 
showed generally a corresponding increase, Fig. 5(a). The size 
ranges for TiN and TiB, are 47.6-62.5 and 31.2-58.8 nm, 
respectively. With a reaction time of 12 min, the crystallite size of 
TiB, expectedly increased but that of TiN decreased. This latter 
observation is not clearly understood, but may be the consequence 
of a partial decomposition of TiN. Generally, the crystallite sizes 
of the two ceramics in the product are equivalent. It  should be 
noted that the reported crystallite sizes are subject to uncertainties 
associated with the analysis of the XRD results. The values are 
subject to estimated uncertainties of 10% to 2090. 

In addition to the 10-h-milled powders, those milled for 12 h 
were also investigated in the SPS system. It should be recalled that 
after 12 h of milling a reaction takes place in the mill. Thus 
including this sample would provide the opportunity to investigate 
the effect of phase formation during milling on the subsequent 
reaction and densification in the SPS apparatus. The results are 
shown in Fig. 5(b) for samples held in the SPS apparatus for 5 and 
12 min. Since the XRD patterns of the powders milled for 12 h did 
not directly correspond to the product phases, the results of those 
milled for 18 h are included in Fig. 5(b) for comparison. After a 
5-min treatment in the SPS apparatus, the crystallite sizes of TiN 
and TiB, were 37.0-66.7 and 58.8 -62.5 nm, respectively. Longer 
treatment (12 min) in the SPS of the powders milled for 12 h 
resulted in larger crystallite size with values for TIN and TiB, in 
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0 
the ranges of 58.8-71.4 and 90.9-125.0 nm, respectively. It is 
interesting to note that the crystallite size of the product phases 
after 1 min of SPS treatment is roughly the same whether they are 
formed in the SPS or during milling before. However, when the 
treatment is longer (12 min), the size of those formed in the SPS 
is about one-half that of the size of those formed during milling. 

Another indication of the difference between the milled- 
unreacted and milled-reacted samples is seen from the displace- 
ment (shrinkage) output during SPS treatment. As indicated in the 
Experimental Materials and Methods section, displacement occurs 
during the SPS process due to powder densification and due to 
molar volume changes resulting from the reaction. Figure 6 shows 
traces of the displacement (mm) and displacement rate (mms- ') 
during the SPS reaction of the 10-h- and 12-h-milled samples. All 
other conditions are the same. Previous experience showed that the 
onset of reactions in the SPS is accompanied by a sudden change 
(shrinkage) in the volume of the sample. The results of Fig. 6 show 
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Fig. 8. Typical Williamson-Hall (WH) and Halder-Wagner (HW) plots 
of TIN-TiB, composites reacted for 5 min from powders milled for 12 h: 
(a) WH plot for TiB2, (b) HW plot for TiB,, (c) WH plot for TIN, and (d) 
HW plot for TIN. 
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that the unreacted (10-h-milled) sample experiences a sharp 
displacement after about 13 s of time in the SPS. In contrast, the 
reacted (12-h-milled) sample does not exhibit any sign of displace- 
ment until about 50 s. The displacement at this time is very small 
but a more significant, albeit gradual, displacement takes place at 
still a later time, starting at about 420 s and ending at about 660 s. 
The abrupt displacement for the 10-h-milled sample represents the 
formation reaction of the product phases, as had been confirmed by 
XRD in auxiliary experiments. Based on reaction ( l ) ,  a molar 
volume change of 25.9% is anticipated, even if the starting 
powders are completely dense. 

A comparison of the XRD patterns of samples which had 
self-ignited, SPS-reacted after 10- and 12-h milling, and reacted 

0- 
30 40 50 60 70 80 

20 ( d W  

Fig. 7. XRD patterns for milled and self-ignited powders and SPS- 
reacted powders milled for different times. 
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during an 18-h milling are shown in Fig. 7. Peaks of TiB, and TiN 
are evident in the pattern of the self-ignited powder and in the 
SPS-reacted samples. The patterns for TiB, and TIN for the 10- 
and 12-h samples are consistent with the crystallite size evaluation. 
The latter show narrower peaks indicative of larger crystallite size. 
Typical WH and HW plots for the TiB, and TiN phases which 
were produced by reacting the 10-h-milled powders in the SPS for 
1 min are shown in Figs. 8(a) through (d). 

Electron microprobe (EPMA) images of SPS-synthesized sam- 
ples are shown in Figs. 9(a) through (d). For the 10-h-milled 
sample, the backscattered electron image, Fig. 9(a), indicates a 
relatively uniform distribution of phases, while the corresponding 
image of the 12-h-milled sample, Fig. 9(c), suggests nonuniformity 
in phase distribution. It should be recalled that in the first case, the 
products were formed during the SPS treatment while in the 
second case they were formed (at least partially) during milling. 
From the X-ray dot maps for nitrogen for the 10- and 12-h-milled 
samples, Figs. 9(b) and (d), respectively, it can bee seen that the 
darker regions in the backscattered image of Fig. 9(c) are low in 
nitrogen and thus are likely to be the TiB, phase. X-ray dot maps 
of titanium were fairly similar for the 10- and 12-h samples. 

Electron backscatter diffraction (EBSD) examinations were 
made on samples synthesized in this work. While this method can 
provide grain size information, it has a physical limitation of 
200 nm and a more realistic lower limit of 500 nm.54 It does, 
however, provide information on the distribution and orientation of 
the phases in the product. Figure 10 shows a distribution map for 
the two phases in a sample which was synthesized in the SPS 
(12 min) from powders milled for 10 h. The distribution of the TiN 
and TiB, phases appears to be relatively uniform in the product. 
However, there is an indication from normal and transverse maps 
that TiB, shows a tendency for preferred orientation, with the 
(OOO1) planes lying parallel to the sample surface. The TiN phase, 

on the other hand, shows a random orientation. The occurrence of 
preferred orientation is not well understood and its relation to the 
existence of the applied current is a matter of speculation at this 
point. Further work is needed to establish such a connection. 

The relative density, the Vickers microhardness (at a force of 
-2 N), and the fracture toughness of selected TiN-TiB, nanocom- 
posites are listed in Table 11. The product of a I-min SPS of the 
10-h-milled but unreacted powders had a density of 90.1%. When 
the SPS treatment was extended for 12 min. the density of such a 
sample was 96.1%. The hardness and the fracture toughness show 
a corresponding increase from 14.8 to 20.6 GPa and from 3.32 to 
6.50 MPa.m'R, respectively. For samples which had been milled 
for 12 h (i.e., had reacted in the mill), the density values were 
94.6% and 97.2% for SPS treatments of 5 and 12 min. respec- 
tively. The hardness and fracture toughness values for these are 
more consistent with those of the higher-density samples of the 
1 0-h-milled samples. The literature hardness values listed in Table 
1 were obtained at loads that are significantly different from the 
one used in this work (-2 N). The hardness obtained on bulk 
TiB,-TiN samples at a low force value (0.3 N) for composites with 
crystallite sizes in the range 80-400 nm is 18.0 GPa. The value 
obtained in this work for the highest-density samples (Table 11) is 
about 20% higher than the corresponding literature value. It is 
interesting to note from Table I that the crystallite size seems to 
have no effect on the hardness value (last two rows). However, it 
is difficult to reach such a conclusion without making a systematic 
study in view of the possibility of an inverse Petch-Hall effect at 
very small crystallite sizes. No fracture toughness values were 
reported for samples with known crystallite size and thus a direct 
comparison with the present results is not possible. The values 
obtained in this work, for the densest samples, are comparable to 
those listed in Table 1. 

Fig. 9. Electron probe microanalysis (EPMA) images for synthesized TiN-TiB, composites: (a) backscattered electron (BSE) image of sample made from 
10-h-milled powders, (b) X-ray dot map for N in sample of (a), (c) BSE image of sample made from 12-h-milled powders, and (d) X-ray dot map for N in 
sample (c). 
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Fig. 10. Electron backscatter diffraction (EBSD) image of TiN-TiB2 
nanocomposite showing the distribution of the two phases. 

Table 11. Vickers Microhardness and Fracture Toughness 
Results on TiN-TiB, Nanocomposites 

Milling time SPS time Relative density Microhardness Fracture tou hness 
(h) (min) (8) (GPa) (MPa.mh) 

10 1 90.1 14.8 3.32 
10 12 96.1 20.6 6.50 
12 5 94.6 18.9 3.48 
12 12 97.2 21.8 5.13 

IV. Conclusions 

The synthesis of dense nanometric TIN-TiB, composites 
through mechanical and field activation was investigated. Powders 
of BN, B, and Ti were milled in a planetary ball-mill to produce 
nanocrystallites and then reacted under the influence of a pulsating 
high dc current. The reactants were simultaneously subjected to a 
uniaxial pressure that resulted in the formation of dense nanomet- 
ric TiN-TiB, composites. XRD pattern analyses showed that 
dense composites (relative densities of 90% to 96%) can be made 
with crystallite sizes in the range 37-71 nm for TiN and 59- 
125 nm for TiB,. The range of values depended on the method of 
analysis (Williamson-Hall or Halder-Wagner) and on the reaction 
conditions in the spark plasma sintering (SPS) apparatus used in 
this study. The hardness of the composites ranged from 14.8 to 
21.8 GPa and the fracture toughness ranged from 3.32 to 
6.50 MPa-m’R. 

Acknowledgment 

We thank Ellen Carrillo-Heian for her help with the figures. 

References 

‘R. Birringer, “Nanocrystalline Materials.” Muter. Sci. Eng. ,  A117. 33-43 (1989). 
2H. Gleiter. “Nanostructured Materials: Basic Concepts and Microstructure,” Actu 

Muter., 48, 1-29 (2000). 

journal of the American Ceramic Society 

3R. W. Siegel, “Nanostructured Materials-Mind over Matter,” Nunostruct. Mu- 
ter., 4, 121-38 (1994). 

4C. C. Koch, “The Synthesis and Structure of Nanocrystalline Materials Produced 
by Mechanical Attrition: A Review,” Nuitosti.uct. Muter., 2,  109-29 (1993). 

’A. Inoue, H. M. Kimura, K. Sasamori, and T. Matsumoto, “Ultrahigh Strength of 
Rapidly Solidified AI,-,Cr3CelCo, (.r = I ,  1.5, and 2%) Alloys Containing 
Icosahedral Phase as a Main Component,” Marer. Tram Jpn. Isst. Met., 35, 85-94 
( 1994). 

6H. Hahn and K. A. Padmanabhan, “A Model for rhe Deformation of Nanocrys- 
talline Materials,” Philos. Mug. B.  76, 559-71 (1997). 

’R. W. Siegel and G. E. Fougere, “Mechanical Properties of Nanophase Materials,” 
Nunostrrrci. Muier., 6, 205-16 (1995). 

%. Veprek, “Nanostructured Superhard Materials”; pp. 104-39 in Hundhok qf 
Ceruntic Hard Materials. Edited by R. Riedel. Wiley-VCH, Weinheim. Germany, 
2000. 

9F. H. Froes, C. Suryanarayana. K. C. Russell, and C. M. Ward-Close. “Far f m  
Equilibrium Processing of Light Metals”; pp. 1-21 in N o d  Techniques in Syrtthesis 
arid Processing ofAdwtced Materials. Edited by J. Singh and S. M. Copley. TMS, 
Warrendale, PA, 1994. 

‘“L. Gao, H. Z. Wang, J. S. Hong, H. Miyamoto, K. Miyamoto, Y. Nishikawa, and 
S. D. Torre, “Mechanical Properties and Microstructure of Nano-SiC-Al,O, Com- 
posites Densified by Spark Plasma Sinterinp.” J .  Eur. Cerunr. Soc., 19. 609-13 
(1999). 

I’B. Djuricic, S. Pickering, and D. McGarry, “Preparation and Properties of 
Alumina-Baria Nano-Composites,” J. Muter. Sci., .W, 2685-94 ( 1999). 

12P. Sajgalik, M. Hnatko, F. Lofaj, P. Hvizdos, J. Dusza, P. Warbichler, F. Hofer, 
R. Riedel, E. Lecomte. and M. 1. Hoffmann, “SiC/Si,N, NanoMcro-Composites- 
Processing, RT and HT Mechanical Properties,” J .  Eur. Cerunt. Soc., 20, 453-62 
(2000). 

I3M. Cauchetier. X. Armand, N. Herlin, M. Mayne, S. Fusil, and E. Lefevre, 
“Si/C/N Nanocomposite Powders with AI (and Y) Additives Obtained by Laser Spray 
Pyrolysis of Organometallic Compounds,” J .  Muter. Sci., 34, 5257-64 (1999). 

I4R. W. Siegel, “Nanophase Materials Assembled from Atom Clusters,” Muter. 
Sci. Eiig., B19, 37-43 (1993). 

”J. Kano, H. Mio, and F. Saito, “Correlation of Size Reduction Rate of Inorganic 
Materials with Impact Energy of Balls in Planetary Ball Milling,”J. Cheni. Eug. Jprt., 

16M. P. Dallimore and P. G. McCormick, “Dynamics of Planetary Ball Milling-A 
Comparison of Computer Simulated Processing Parameters with C u O N  Displace- 
ment Reaction Milling Kinetics,” Muter. Tram Jprr. Inst. Met., 37, 1091-98 (1996). 

”E. Gaffet, “Planetary Ball-Milling-An Experimental Parameter Phase Dia- 
gram,” Muter. Sci. Eng. A, 132, 181-93 (1991). 

‘*T. R. Malow and C. C. Koch, “Mechanical Properties, Ductility, and Grain Size 
of Nanocrystalline Iron Produced by Mechanical Attrition,” Metull. Muter. Traits. A .  

I9K. Takatori, T. Tani, N. Watanabe, and N. Kamiya. “Preparation and Character- 
ization of Nano-Structured Ceramic Powders Synthesized by Emulsion Combustion 
Methods,” J .  Narropurticle Res., 1, 197-204 (1999). 
2q. P. Godbole, K. Dovidenko, A. K. Sharma. and J. Narayan, “Thermal 

Reactions and Microstructure of TiN-AIN Layered Nano-Composites,” Muter. Sci. 

”C. E. Borsa. H. S. Ferreira. and R. H. Kiminami, “Liquid Phase Sintering of 
A120,/SiC Nanocomposites,” J .  Eur. Cerunt. Soc., 19, 615-21 (1999). 

22D. S. Cheong, K. T. Hwang, and C. S. Kim, “Fabrication, Mechanical Properties 
and Microstructure Analysis of Si3N4/SiC Nanocomposites,” Contposites (Part A), 

23J. M. Wu and Z. Z. Li. “Nanostructured Composite Obtained by Mechanically 
Driven Reduction Reaction of CuO and AI Powder Mixture,” J .  Alloy Contpd.. 299, 

24L. Gao, H. Z. Wang, J. S. Hong, H. Miyamoto, K. Miyamoto, Y. Nishikawa. and 
S. D. Tone, “SiC-Zr02(3Y)-A1203 Nanocomposites Superfast Densified by Spark 
Plasma Sintering,” Naitostrtict. Mater., 11, 43-49 (1999). 

“2. A. Munir. I. J. Shon, and K. Yamazaki, “Simultaneous Synthesis and 
Densification by Field-Activated Combustion,” U.S. Pat. No. 5 794 113, August I I, 
1998.. 

“1. J. Shon, Z. A. Munir, K. Yamazaki. and K. Shoda, “Simultaneous Synthesis 
and Densification of MoSi, by Field Activated Combustion,” J .  Ant. Ceruni. Soc., 79, 

27Z. A. Munir, F. Charlot, F. Bemard, and E. Gaffet, “One-Step Synthesis and 
Consolidation of Nanophase Materials,” U.S. Patent Application Serial No. 09/ 
374,049; August 13, 1999. 

32,445-48 (1999). 

29A, 2285-95 (1998). 

Eitg., B68, 85-90 (1999). 

-30,425-27 ( 1999). 

9-16 (2000). 

1875-80 (1996). 

2RV. Gauthier, J. P. Larpin. and Z. A., Munir, unpublished mults. 
29C. Mroz, “Titanium Diboride,” Ant. Cerunt. Soc. Bitll., 74. 158-59 (1995). 
’(’V. J. Tennery. C. B. Finch, C. S. Yust, and G. W. Clark, “Structure-Property 

Correlations for TiB2-Based Ceramics Densified Using Active Liquid Metals”; pp. 
891-909 in Science of Hard Materials. Edited by R. K. Viswanadham. Plenum Press, 
New York, 1983. 

”M. K. Ferber, P. F. Becher, and C. B. Finch, “Effect of Microstructure of TiB2 
Ceramics,” J .  Ant. Cerunt. Soc., 66, C-2-C-3 ( I  983). 

32C. Martin, B. Cales, P. Viver, and P. Mathieu, “Electrical Discharge Machinable 
Ceramics Composites,” Muter. Sci. Otg. ,  A109, 351-56 (1989). 

C. E. Ransley, “An Instrument for Measuring the Gas Content of Aluminum 
Alloys during Melting and Casting,” J .  Inst. Met., 86, 212-19 (1957-1958). 

34C. B. Finch, P. F. Becher, P. Angelini, S. Baik, C. E. Bamberger, and J. 
Brynestad, “Effect of Impurities on the Densification of Submicronmeter Titanium 
Diboride Powder,” Adv. Cerunt. Muter., 1, 50-54 (1986). 

7 7  

75 



35S. Torizuka, J. Harada, H. Yamamoto, H. Nishiro. A. Chino. and Y. Ishibashi, 
“Effects of S E  Addition on the Mechanical Properties and Sinterability of TiB,-(2 
mo1% Y203-ZxOz) Composite,” J. Ceram. Soc. Jpn., 100,691-% (1992). 

“Y. Miyamoto, M. Koizumi. and 0. Yamada, “High-Pressurn Self-Combustion 
Sintering for Ceramics,” J .  Am. Ceram. Soc., 67, C-2244-225 (1984). 

37D. A. Hoke, M. A. Meyers. and G. T. Gray, “Reaction Synthesis/Dynamic 
Compaction of Titanium Diboride,” Merall. Tram A, 23A. 77-86 (1992). 

’*C. K. Narula, Ceramic Precursor Technology and Irs Applications; Ch. 5 ,  pp. 
119-49. Marcel Dekker, New York, 1995. 

”J. K. Park and S. T. Park, “Densification of TN-Ni Cermets by Improving 
Wettability of Liquid Nickel on TIN Grain Surface with Addition of MO&,” Inr. J .  
Reji-acr. Mer. Hard Marer., 17, 295-98 (1999). 

%. M. Chow and N. I. Noskova (Eds.), Nanostrucrured Materials; pp. 47-70. 
Kluwer Academic Publishers, Dorhcht ,  Netherlands, 1998. 

41D. A. Hoke, D. K. Kim, J. C. Lmalvia, and M. A. Meyer, “Combustion 
SynthesisDynamic Densification of TiB2-Tic Composites,” J. Ant. Cerum. Soc., 79, 

42M. Eslamoo-Grami and Z. A. Munir. “Effect of Nitrogen Pressure and Diluent 
Content on the Combustion Synthesis of Titanium Nitride,” J. Am. Ceram. Soc., 73, 

43M. Eslamoo-Grami and Z. A. Munir, “Effect of Porosity on the Combustion 

*K. Shobu and T. Watanabe, “Hot Pressing of TiN-TiB, System,” J.  Powder 

177-82 (1996). 

2222-27 (1990). 

Synthesis of Titanium Nitride,“ J .  Am. Ceram. Soc., 73, 1235-39 (1990). 

Merall. Soc. Jpt~.,  32. 215-18 (1985). 

45K. Shobu, T. Watanabe, Y. Enomoto. K. Umeda. and Y. Tsuya, “Frictional 
Properties of Sintered TiN-TiB, and Ti(C,NkTiB, Ceramics at High Temperature,” 
J. Am. Ceram. Soc., 70, C-10342-104 (1987). 

46G. 2hang. Z. Jin. and X. Yue, “TiN-TiB2 Composites Prepared by Reactive Hot 
Pressing and Effect of Ni Addition,” J. Am. Ceram. Soc., 78, 2831-33 (1995). 

47M. Tokita, “Tmds in Advanced SPS Sparlc Plasma Smtering Systems and 
Technology,” J. Soc. Powder Tech. Jprr., 39,790-804 (1993). 

48A. W. Weimer, Carbide, Nitride and Boride Materials Synthesis and Processing. 
Chapman and Hall, New York. 1997. 
49R. A. Andrievski, “Structure and Properties of Nanostnrctured Boride/Nitride 

Materials,” Inr. J. Refiact. Met. Hard Marer., 17, 153-55 (1999). 
’“J. I. Langford, “The Use of the Voigt Function in Determining Microstructural 

Properties from Diffraction Data by Means of Pattern Decomposition,” Proc. Inr.  
Cotif. Accuracy Powder Difiacr., 2, 110-26 (1992). 

”H. Miindar, J. Felsche. V. Mikli, and T. Vajakas, “AXES1.9: New Tools for 
Estimation of Crystallite Size and Shape by WilliamsorrHalJ Analysis,” J .  Appl. 
Crysrallogr., 32, 345-50 (1999). 
%. K. Williamson and W. H. Hall, “X-ray Line Broadening f m  Filed 

Aluminium and Wolfram,” Acra Metall., I, 22-31 (1953). 
53Y. J. Du, F. Q. Guo, and K. h, “Grain Size Distribution and Morphologies of 

Nanocrystalline Boron Nitride During Milling.“ Nanosrrucr. Marer., 5, 579-89 
(1996). 
54D. P. Field, “Quantification of Partially Recrystallized Polycrystals Using 

Electron Backscatter Diffraction,” Mater. Sci. Eag., A190, 241-46 (1995). 0 

The American Ceramic Society 



J .  Am. Ccrurn. Snc.. M 181 1683-88 (MO]) journal 
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Carbon/Silicon Carbide Ceramic Matrix Nanocomposites by 
Slurry Impregnation and Pulse Chemical Vapor Infiltration 

Nyan-Hwa Tai and Che-Fu Chen 
Department of Materials Science and Engineering, National Tsing-Hua University, Hsin-Chu, Taiwan, 3 0 1  3 

The objectives of this work were to investigate the fabrication 
of carbon-fiber-reinforced SIC ceramic nanocomposites using 
the slurry impregnation process and the pulse chemical vapor 
infiltration (PCVI) process and to study the influences of 
processing parameters of the PCVI process on the microstruc- 
ture variation of the nanocomposites. In this work, S i c  nano- 
sized powder was added to the matrix precursor (silicon 
powder mixed with phenolic resin), followed by the impregna- 
tion of the slurry into the preform. In the PCVI process, to 
densify the nanocomposites, tetramethylsilane (TMS) vapor 
mixed with hydrogen was used as the vapor precursor for 
matrix deposition. Fabrication parameters, such as reactant 
concentrations, pulse number, and holding time, were stud- 
ied. Morphologies obtained from various processes were 
compared. 

I. Introduction 

IBER-REINFORCED ceramic-matrix composites (CMCs) are be- F coming technologically important because of the introduction 
of reinforcing fibers to the matrix. Depending on the reinforce- 
ment, the fabrication method, the form of reinforcement, and the 
interfacial strength, various failure modes have been observed and 
several reinforcing mechanisms have been proposed. '-' These 
mechanisms can occur individually or in combination. 

The processing of CMCs can be classified in two categories: 
conventional powder routes and novel techniques. In the 
powder routes, the processing of monolithic ceramics has been 
adopted by adding the reinforcements into the ceramic powder, 
followed by hot pressing and Sintering, which are similar to the 
traditional ceramic processing.'.' In the novel techniques, 
chemical vapor infiltration, reaction bonding. sol-gel process- 
ing, polymer pyrolysis, LanxideTM processing, and self- 
propagating high-temperature synthesis have been 
Most of the processes of the novel techniques can be performed 
at relatively low temperatures; thus, fiber damage is alleviated 
and interfacial properties can be well controlled. 

In the isothermal chemical vapor infiltration (ICVI) process 
for ceramic composites, the vapors penetrate into a low-density 
fibrous preform, deposit the solid product on the surface of the 
fibers, and thereby form the matrix of the ~omposites.'"'~ 
Shrinkage is very limited in this case; therefore, a near-net- 
shape product can be obtained. The advantages of the lCV1 
process are that a preform with large dimensions and arbitrary 
shape can be fabricated, and multiple specimens can be treated 
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in one process. The disadvantages of the ICVI process involve 
thickness limitations and long processing periods. To decrease 
processing periods, forced-flow temperature-gradient chemical 
vapor infiltration (FCVI) has been propo~ed.'~.'' The primary 
advantage of the FCVI process is that the processing period can 
be decreased from about one month to one day. However, only 
one specimen can be fabricated in a process. 

To address the disadvantages of the ICVI and the FCVI 
processes, pulse chemical vapor infiltration (PCVI) has been 
developed. In the PCVI process, the reactant vapors are 
channeled into the chamber; after a short reaction period, the 
reacted vapor and remaining reactant are evacuated. Because of 
periodic filling and evacuation, the reactants within the preform 
are refreshed. As a result, the gradient of vapor concentration 
within the preform can be decreased, which produces ceramic 
composites with a Low matrix gradient 

By introducing nanopowders into the ceramic material, 
plastic deformation of the ceramic system is observed at 
elevated temperature.2'-23 The deformation can extend up to 10 
times its original length. The role of nanopowders in the system 
remains vague. In general, it is believed that grain-boundary 
sliding dominates the plastic deformation. Although many 
papers discussing the effects of nanopowders on ceramic 
behavior have been published, the information concerning the 
influences of nanopowders on property variations of 
continuous-fiber-reinforced ceramic composites remains very 
limited. A two-step process has been used to fabricate ceramic 
nanocomposites in this study. In the first step, a slurry combin- 
ing Sic  nanopowder and phenolic resin is impregnated into the 
fibrous perform, then a heat treatment at elevated temperature is 
performed. In the second step, the PCVI process is used to 
further densify the composites. In this paper, the pyrolysis 
reactions at various precursor concentrations, pulsed cycles, 
and holding periods are studied. Furthermore, the physical 
properties and the microstructure of the nanocomposites fabri- 
cated under various processing conditions are investigated. 

11. Experimental Procedure 

Silicon powder (99.0%, Aldrich Chemical Co., Milwaukee, 
WI) and Sic  nanopowder (20 nm, MTI Corp., Richmond, CA) 
were added to a mixture of polythyleneimine (PEI; 99%, Alfa 
Aesar Johnson Matthey, Ward Hill, MA) and isopropyl alcohol 
(IPA: 99%, Tedia, Fairfield, OH), which was used as a 
dispersant. Eight layers of carbon-fiber cloths (W3 121, 8 
harness satin, Toho Rayon Co., Ltd, Mishima, Japan) impreg- 
nated with slurry were stacked in a mold. Warn pressing and 
stabilization were performed at 170" and 23OoC, respectively, 
both under a pressure of 13.78 MPa. Carbonization at 1100°C in 
a tube furnace (Model 55342-4, Linberg, Watertown, WI) was 
used to evolve the non-carbon species. A Sic  matrix was 
formed during the heat treatment at 1450°C in a graphitization 
furnace (Model Astro, Thermal Technology, Inc., Santa Rosa, 
CA) for 3 h. 
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To increase the density of the composites, the specimens 
were subjected to slurry impregnation and heat treatment at  
1450°C three times; further densification using the PCVI 
process was performed. In the PCVI process, the vapor-phase 
precursor (tetramethylsilane, TMS; 99.9% Acros Organics, 
Pittsburgh. PA) was mixed with a carrier gas (hydrogen) before 
it was used. Forced flow instead of diffusion dominated the 
supply of the reactant during the deposition process. The matrix 
deposition in the PCVI process was affected primarily by the 
reactor temperature, reactor pressure, precursor concentration, 
pulse number, and holding time. In this work, a reaction 
temperature of 1100°C and a working pressure of 2.5 torr (330 
Pa) (holding pressure) were selected. Figure 1 schematically 
depicts the setup of this study. 

Density and porosity measurements according to ASTM 
D792 and ASTM C20 standards,+ respectively, were performed. 
Field emission gun scanning electron microscopy (FEGSEM; 
Model JSM-6330F, JEOL, Tokyo, Japan) was used for the 
examination of microstructure on the surface and interior of the 
composites. Energy-dispersive X-ray spectrometry (EDS) was 
used for element analysis. X-ray diffractometry (XRD; Model 
D-Max IIB, Rigaku, Tokyo, Japan) was used for phase identi- 
fication. Carbon and silicon contents in the fabricated nanome- 
ter or submicrometer fibers were calculated using the following 
equation: 

where C and I are the content of the element and integrated 
intensity of the EDS peak, respectively, and the subscripts C and 
Si represent carbon and silicon, respectively. K, is the proportional 
constant. 

111. Results and Discussion 
(1) Sic Formation afer Pyrolysis 

Figure 2 shows XRD patterns of the Sic  nanopowder, Sic  
standard powder, and as-fabricated specimens treated under 
various conditions. After the specimens were carbonized at 
1 100°C. the primary peak of the XRD pattern was the Si (1 11) 
phase, as shown in the curve of Fig. 2(a); the weak peak at 35.6” 
indicates the Sic  (111) phase that results from the Sic  
nanopowder additive. When the fabricated composite was 
treated at 1450°C for I h, a stronger peak of S ic  (111). as 
shown by the curve in Fig. 2(b), can be detected; however, Si 
( I  11) is also observed. Coexistance of SIC and silicon implies 
formation of Sic and residue silicon. When the reaction period 
was extended to 3 h, the silicon peak disappeared, which 
indicated that virtually all of the silicon was converted to SIC. 

(2) Eflects of Multiple Impregnations 
Figure 3 shows the variations of density and open porosity after 

carbonization at 1 100°C and reaction sintering at 1450°C. As 
expected, porosity increases when reaction sintering is applied; the 
porosity increase is due to the removal of non-carbon elements and 
the rearrangement of graphene layers within the carbonized matrix. 
However, the open porosity is decreased after subsequent resin 
impregnat ions. 

Composition and microstructure of the fabricated composite 
at various depths were examined. Figure 4 shows XRD patterns 
of the composites at various depths. Silicon can be detected in 
the interlaminar region between layers 1 and 2 (named sublayer 
I); however, no peak can be detected in the next interlaminar 

‘“Standard Test Methods for Density and Specific Gravity (RekdtiVe Density) of 
Plastics by Displacement,” ASTM Designation D792-00, and “Standard Test Meth- 
ods for Apparent Porosity, Water Absorption, Apparent Specific Gravity, and Bulk 
Density of Burned Refractory Brick and Shapes by Boiling Water,” ASTM Desig- 
nation C20-00. American Society For Testing And Materials, West Conshohocken, 
PA. 

Pulse controller 

Fig. 1. Schematic of setup for the PCVI process. 

region (named sublayer 2). The nonreacted silicon has a volume 
change from liquid phase to solid phase during the cooling 
process; thus, internal thermal stresses are generated, which 
result in the degradation of the composite after multiple 
impregnations. 

(3) Formation of Submicrometer Fibers and Nanofbers 
In this study, effects of three primary processing parameters 

i.e., holding time, reactant concentration, and pulse number, on 
the formation of nanofibers were investigated. Holding periods 
of 2,3, and 4 s; reactant concentrations of 3.5, and 7 ~01%; and 
pulse number of 1000, 3000, and 5000 cycles were adopted. 
The denomination of mSnCIK denotes the specimen was 
fabricated for m Seconds at the condition of n% reactant 
Concentration under pulse number of I X 10oO (K) cycles. 

When examining the surface of fabricated specimens (spec- 
imen 3S5C5K), submicrometer fiber growths, as depicted in 
Fig. 5 ,  across the concave surface to form a three-dimensional 
network structure, were detected. The diameter of submicrome- 
ter fiber is equivalent to that of the spherical juts on the concave 
surface, (as shown in points a and b in Fig. 5) .  The spherical juts 
are the aggregation of Sic  nanopowders covered with deposited 
Sic. This can be verified by inspecting the surface of the 
specimen without PCV I deposition. 

Submicrometer fibers are detected on the surface and within 
the specimen. On the delamination surface of the second layer 
of the 4S5C5K specimen, many nanofibers are observed; the 
diameter of the fibers decreases to Cl00 nm, as shown in Fig. 
6. In general, the diameter of a nanofiber decreases with depth. 
This is reasonable, because the growth of nanofibers depends on 
the concentration of the reactant; the higher the concentration, 

S(i1l) 

si(220) 

Fig. 2. XRD pattern of  Sic nanopowder, S i c  standard micropowder, 
and as-fabricated specimens treated under various conditions. 
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Fig. 4. XRD pattern of the carbon fiber and as-fabricated specimens at 
various depths. 

the higher the growth rate. This result is reasonable according 
to the Arrhenius equation, which states the deposition rate is 
proportional to the reactant concentration. Although decreasing 
the reactant concentration within the preform for obtaining a 
uniformly deposited matrix is one of the primary objectives of 
the PCVI process, the variation of nanofiber diameter at the 
various depths within specimen indicates that a concentration 
gradient remains inevitable in this study. Moreover, nodes are 
found in the fiber, where a sharp change in growth direction 
occurs. 

Regarding the effect of pulse number on the formation of 
fibers, it seems reasonable to conclude that the number of 
formed fibers is proportional to pulse number; however, the 
answer is not so straightforward. Figures 7(a) and (b) show the 
fibers (or threads) on the surface of specimens 2S3ClK and 
2S3C3K, respectively. The pulse numbers of the PCVI process 
for forming the 2S3C3K specimen is 3 times that of the 
2S3ClK specimen. However, in some local area, the number of 
fibers (or threads) in the 2S3C 1 K specimen is much greater than 
that in the 2S3C3K specimen. This difference indicates that 
pulse number may not be a primary factor in the formation and 
growth of nanofibers. This observation seems contradictory to 
our knowledge; thus, it must be the case that some processing 

Fig. 5. Submicrometer fiber growth on the surface of the 3SSCSK 
specimen. 

factors (such as reactant flow pattern and local surface condi- 
tion) that may affect the fiber formation and growth have not 
been considered in this study. Moreover, it is obvious that the 
growth of nanofibers is heterogeneous and anisotropic; the 
growth rate in the axial direction is much higher than in the 
radial directions. This is the reason why fibers rather than rods 
appear in the specimen. 

The nanofibers are most frequently observed in the concave 
surface, where high curvatures are presented. It is inferred from 
these observations that nucleation sites must exist in that region 
for nanofiber growth. Moreover, no significant deposition layer 
can be detected on the surface, whereas the growth of nano- 
fibers can extend to >I0 pm. The heterogeneous growth of the 
nanofiber makes it feasible that a catalyst reaction may occur at 
the tip of the fiber, which results in a rapid growth rate. 

The effects of holding time on nanofiber growth were also 
investigated. It seems that holding time is not a critical 
parameter for nanofiber formation and growth. Figures 8(a) and 
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Fig. 6. Morphology on the interlaminar fracture surface of specimen 
4S5CSK, diameter of the fibers are Cl00 nm. 

Fig. 8. Effect of holding time on nanofiber growth on the surface of 
the composites: (a) specimen 2S7CSK and (b) specimen 4S7CSK. 

whereas there are more fibers in specimen 2S7C5K than in 
specimen 4S7C5K. These observations imply that, at relatively 
high reactant concentration, a longer holding period increases 
the growth of the fiber in the radial direction; however, there is 
no contribution to the formation of nanofibers under this 
condition. Moreover, it is feasible that the number of fibers is 
determined by other parameters, for example, nucleation sites, 
which are not investigated in this study. On the other hand, at 
relatively low reactant concentration, the difference in diameter 
of the nanofiber in the interior of the composites fabricated 
under such low concentration is not obvious. During the 
vacuum period, vapor is not completely evacuated, and some 
residual reactant remains within the composite. As a result, the 
exchange efficiency of the reactant vapor and the product gas is 
relatively low, which induces similar diameter growth in these 
two composites. Thus, pore network and structure skeleton 
affect the permeability of the specimen and influence the 
nanofiber growth within the composites. 

PCVI is not the only process for growing nanofiber structure. 
When the lCv1 process was adopted to densify the carbon/SiC 
nanocomposites for 12 h under the concentration of 7 vol%, 
submicrometer thread and short fiber, as shown in Fig. 9, were 
detected on the surface; however, less-straight fibers were 
observed. The fabrication parameters in the lCV1 process were 
similar to that adopted for 4S7C5K specimen. The major 
difference between these two processes is that the reactants 

Fig. 7. Effect of pulse number on nanofiber growth on the surface of 
the composites: (a) specimen 2S3ClK and (b) specimen 2S3C3K, 

(b) present the surface morphologies of the specimens 2S7C5K 
and 4S7C5K, respectively. The diameter of the fiber in speci- 
men 4S7C5K is larger than that of the specimen 2S7C5K, 
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Fig. 9. 
specimen fabricated during the ICVI process. 

Submicrometer thread and short fiber on the surface of the Fig. 10. 
Table I (interlaminar layer of specimen 4S5C5K). 

Positions correspond to the element composition listed in 

reach the substrate through diffusion in the ICVI process, 
whereas it  is by the assistance of forced convection in the PCVI 
process. Vacuum and refill steps during the PCVI process 
refreshes the reactant and stirs the reactants, which may be 
one of the significant parameters to promote the growth of 
nanof i bers. 

(4) Composition Analysis of Nanofbers 
The composition of nanofibers was examined using EDX. 

The amount of contents were correlated using Eq. (1). The 
contents of the Sic  standard, as-received Sic  nanopowder, 
semifabricated specimen (heat treatment at  < 1 450°C), and 
final-fabricated specimen (after PCVI densification) are listed 
in Table 1. The compositions of the Sic nanopowder and the 
semifabricated specimen are near stoichiometric Sic; however, 
on the nanofiber, compositions of the growth deviate from the 
Sic stoichiometry. Furthermore, the composition is also depen- 
dent on the position of the nanofiber. At the tip. in the node, and 
on the base of the nanofiber, the deviation of the composition 
from stoichiometry is more significant than that in the straight 
middle region. The positions corresponding to the composition 
listed in Table I are shown in Fig. 10. Carbon-rich composition 
is detected at the tip, in  the node, and on the base of the 
nanofiber. This is attributed to the deposited solid products 
containing extra carbon, and the carbon-rich composition may 
be helpful to the formation of the nanofiber. 

Table I. Composition of As-Received Sic, Semifabricated 
Specimen, and Final Fabricated Specimen 

~ ~ ~ ~ _ _ _ _ _  ~~ ~~ ~~ 

EDS integrated Calculated contents 
intensity (%) (8) 

Specimen Carbon Silicon Carbon Silicon 

MAC-32 I5 
Sic standard 

Sic nanopowder 
Reaction-sintered 
Figure 10 

Mark I 
Mark 2 
Mark 3 
Mark 4 
Mark 5 
Mark 6 
Mark 7 

3.14’ 

3.18 
3.12 

10.00 
16.80 
23.50 
22.20 
18.50 
38.10 
26.20 

96.86? 

96.82 
96.88 

90.00 
83.20 
76.50 
3 1.20 
8 I S O  
61.90 
73.80 

50.0 

50.30 
49.80 

77.40 
86.20 
90.40 
90.60 
89.70 
95 .oo 
91.60 

50.0 

49.70 
50.20 

22.60 
13.80 
9.60 
9.40 

10.30 
5.00 
8.40 

~~ ~ ~~ 

‘20.53%. 
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IV. Conclusions 

This work demonstrates the fabrication of ceramic nanocom- 
posite using the slurry impregnation and the pulse chemical vapor 
infiltration (PCVI) methods. Generally, the product of pulse 
number and holding time can be used as a reference for density and 
porosity variation; the higher the product, the greater decrease of 
porosity and increase of density. 

Nanometer and submicrometer fibers are detected on the 
specimen surface and within the nanocomposite. The diameters 
of the fibers depend on how deep they are located; the greater 
the depth from the surface, the finer the diameter of the fiber. 
Reactant concentration is the most important factor for nano- 
fiber growth, whereas pulse number and holding period are less 
significant. Nucleation sites generated by the addition of Sic  
nanopowder may be the most critical factor for the formation of 
nanometer and submicrometer fibers. The structure skeleton 
may be one of the parameters to affect nanofiber growth. 
Composition of the nanofiber deviates from stoichiometric Sic 
depending on its location. Furthermore, carbon-rich composi- 
tion is detected at the tip, in the node, and on the base of the 
nanof iber. 
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Single-Source Sol-Gel Synthesis of Nanocrystalline ZnAl,O,: 

Structural and Optical Properties 
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Nanometer-sized zinc aluminate (ZnAl,O,) particles were synthe- 
sized from heterometal alkoxides, [ZnAI,(OR),], possessing an 
ideal cation stdchiometry for the ZnAI,O, spinel. ZnAl,O, is 
formed at 4WC, which is the lowest temperature reported for 
the formation of monophasic ZnAl,O,. "AI magic-angle spinning 
nuclear magnetic resonance spectroscopy revealed that ZnAl,O, 
possesses an inverse structure at <900°C, while the normal spinel 
phase is observed at higher temperatures. The homogeneity of the 
in-depth composition and Zn:Al stoichiometry (1:2) was con- 
firmed by electron spectroscopy for chemical analysis. Evaluation 
of the valence-band spectra of ZnAl,O, and ZnS suggested that 
the hybridization of 0 2p and Zn 3d orbitals is responsible for 
lowering the bandgap in the latter. The average crystaHite size 
showed an exponential relationship to the calcination tempera- 
ture (X-ray diffractmetry and transmission electron micrmpy 
data). The optical spectra of different spinel powders (average 
particle sizes, 20-250 nm) showed that the absorption edge 
exhibits a blue shift as particle size decreases. 

I. Introduction 

ANOPHASE rnaterialsIe2 composed of discrete grains (crystallites) N and the space between the adjacent grains (grain boundary) are 
microstructurally heterogeneous. This heterogeneity, the ratio of the 
number of atoms present on the surface and inside the nanoparticle, is 
triggered by decrease in grain size, leading to many interesting and 
unusual mechanical, electrical, optical, and magnetic properties un- 
known in the bulk materiaL2 This intrinsic property enhances the 
importance of nanometer-sized mixed-oxide systems used as ferro- 
electric, semiconducting, and catalytic materials. In the case of 
semiconductors such as zinc aluminate (ZnA1204) or gallate, the 
nanoparticles do not possess a conduction band consisting of a 
plethora of energy levels but have specific and explicit energy levels. 
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Because of this quantization, the bandgap in semiconductor nanoclus- 
ters (quantum dots) increases by an amount inversely related to the 
crystallite size. This phenomenon is experimentally manifested as a 
blue shift in the absorption edge as the particle size decreases. 
ZnAl,O, is a well-known wide-bandgap semiconductor with a spinel 
~tructure.~ Recent investigations on ZnM20, (M = Al, Ga) com- 
pounds have shown these systems to be new transparent and electro- 
conductive mate1ials.4'~ The optical bandgap of polycrystalline 
ZnAl,O, (3.8 eV) indicates that the material is transparent for light 
possessing wavelengths >320 nm. Thus, ZnA1204 can be used for 
ultraviolet (UV) photoelectronic devices. Moreover, ZnA1204 spinel 
is useful in many catalytic reactions, such as cracking, dehydration, 
hydrogenation, and dehydmgenation reactions? The optical and 
catalytic properties depend crucially on the crystallite size of the 
material, which has led to a spurt of activity in the preparation of fine 
ZnA120, To the best of our knowledge, the effect of 
crystallite size on the optical properties of nanometer-sized 
ZnAl,O, has not been investigated. 

The preparation of nanocrystalline  material^"^ from solution-based 
chemical approaches is expected to achieve (i) chemically homoge- 
neous and phase-pure specimens, (ii) a narrow size distribution of 
particles, and (iii) low crystallization and sintering temperatures of the 
materials. In the context of mixed-oxide ceramics, the conventional 
wet-chemical techniques generally use a mixture of individual con- 
stituents to meet the synthesis of the targeted system. Because no 
positional control is offered, the different compounds present in the 
reaction mixture randomly collide to form various intermediate 
species with metal ratios unfavorable for obtaining a single-phase 
material. This limitation can be circumvented by the single-source 
precursor strategy,' which offers a positional control of atoms, 
because the different elements required for the final ceramic material 
are incorporated and chemically linked in a single molecule. This 
strategy of maneuvering materials from molecules is significant for 
obtaining mixed-metal ceramics and composites. We report here the 
synthesis and structural and optical properties of nanometer-sized 
ZnA I,04. 

11. Experimental Procedure 
(1) Starting Materials and X-ray Crystallography 
of m l A  WBU'),lJ 

The synthesis of the alkoxide precursors, [Zn( AI(OR),),] 
(R = Pri,Bu'), was performed taking stringent precautions 
against atmospheric moisture. Isopropyl and tert-butyl alcohols 
were dried by distillation from magnesium turnings and sodium 
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metal, respectively. [Al(OPr'),],, [AI(OBU'),]~, and 
[Zn(N(SiMe ) ] ] were synthesized following the published 
procedures.' * I 6  At room temperature, freshly distilled zinc 
aluminum isopropoxide is a viscous liquid, which crystallizes 
slowly on standing for a few days. The crystallized specimens 
of the isopropoxide derivative, [Zn ( Al(OPr'),},], were unsuit- 
able for X-ray crystallography. The various crystallization 
attempts to obtain single crystals were not fruitful. However, 
the analogous tert-butoxide derivative yielded well-formed 
crystals, which could be used for single-crystal X-ray diffrac- 
tometry (XRD) analysis. A suitable specimen of 
[Zn( Al(OBu'),) 2]  was flame-sealed in a Lindemann capillary, 
under an inert atmosphere. Crystal data and structure-refinement 
parameters are given in Table I. Diffraction data were collected on 
a Stoe imaging-plate diffractometer system operating with graphite 
monochromated MoKa radiation (A = 0.71073 A). Unit cell 
dimensions were determined from the least-squares refinement of 
20 values (>20°, <25O) for 25 accurately centered reflections. The 
intensities were corrected for Lorentzian and polarization factors. 
The structure was solved (SHELXS-86) and refmed (s~~wa-97),  
using the SHELX package for the determination of crystal ~tructure.'~ 
The oxygen atoms 0(5 ) ,  0(6), and O(7) of the terminal tert-butoxy 
ligands were found to be disordered. 

j 2  

ROH 
[zn{N(SiMedz 1 2 1  ${Al(OR), 141 - 

[Zn(Al(OR)4]2] + 2HN(SiMe3)*T (R = Pr',Bu') (1) 

ZnC12 + f[K( AI(OR)4)]n - 
[Zn{ Al(OPri)4]z] + 2KC1 & (2) 

(2) Instrumentation 
The raw powders were sintered in a pxtheated laboratory tube 

furnace coupled with a temperature controller. The infrared (IR) 

Table I. Crystal Data and Structure Refinement for 
[Zn(A1(OB~')J,l 

Parameter Datahalues 

Empirical formula 
Formula weight 
Temperature 
Wavelength 
Crystal system 
Space group 
Unit cell dimensions 

Volume 
z 
Density (calculated) 
Absorption coefficient 
F ( o w  
Crystal size 
Theta range for data 

collection 
Index ranges 

Reflections collected 
Independent 

reflections 
Absorption correction 
Refinement method 
Da ta/restraints/ 

parameters 
Goodness-of-fit on F2 
Final R indices 

[I > 2sigma(l)] 
R indices (all data) 
Absolute structure 

parameter 
Largest diffraction 

peak and hole 

C32H72A1208Zn 
704.23 
293(2) K 
0.71073 
Orthorhom bic 

a = 9.353(2) A 
6 = 16.951(3)A 
c = 27.180(5) A 
43O9.2( 14) A3 
4 
0.91 3 Mg/nf 
0.639 mm- 
1536 
0.30 mm X 0.10 

P212'2 

2.55'-23.86' 
mm X 0.15 mm 

-10 I h 5 10, -19 5 k 5 19, 
-30 5 1 I 3 0  
6324 
5606 [R(int) = 0.07361 

Semiempirical (+-scans) 
Full-matrix least-squares on F2 
63 24/0/265 

1.038 
R1 = 0.0820, wR2 = 0.2169 

RI = 0.0902, wR2 = 0.2270 
0.003(4) 

0.72 1 and -0.526eA-, 

spectra of the gel and calcined powders were recorded as KBr pellets 
by Fourier transform infrared spectrometry (FT-IR; Model 165, 
Bio-Rad Laboratories, Krefeld, Germany). Carbon and hydrogen 
contents in the gel and calcined powders were obtained using an 
elemental analyzer (Model CHNW, LECO Co., St. Joseph, MI). 
Solid-state 27Al nuclear magnetic resonance (NMR) spectra of 
polycrystalline samples (-200-250 mg) were obtained by spec- 
trometry (Model MSL 200S, Bruker Instruments, Inc., Billerica, 
MA). Powder XRD measurements were performed at room tem- 
perature, on a diffractometer (Model D 5000, Siemens Aktien- 
gesellschaft, Karlsruhe, Germany) operating with CuKa, radia- 
tion. The average particle size was determined, using the FormFit 
program," from the line broadening of XRD peak profiles by 
small crystallites. The powder morphology of the gels before and 
after heat treatment was investigated by scanning electron micros- 
copy (SEM). SEM micrographs and energy-dispersive X-ray 
(EDX) analysis were performed in the specimen chamber of an 
EDX-coupled scanning electron microscope (Model CAM SCAN 
S4, Cambridge Instruments, Cambridge, U.K.). Transmission elec- 
tron microscopy (TEM; Model JEM 200 CX, JEOL, Tokyo, Japan) 
images were recorded by drawing a carbon-coated copper grid 
through the suspensions of various ceramics in alcohol. 

X-ray photoemission spectroscopy (XPS) experiments were per- 
formed (Model SSl M-Probe. Surface Science Laboratories, Moun- 
tain View, CA) using AKa radiation, with an energy resolution of 0.8 
eV. The binding energies could be determined within an accuracy of 
50.05 eV. The nanocrystalline samples of ZnAl2O4 and reference 
materials were pelletized with thin indium foils to reduce the charging 
phenomenon. A flood gun was used to correct the charge effect. The 
binding energy of the Cls spectra was calibrated at 284 eV. The 
standard samples (zinc and ZnO), measured for comparing the Zn 3d 
bindmg energies, were scraped in siru with a diamond file at a base 
pressure of 2 1 X 10-l' mbar (1 bar = lO-' Pa). For optical spectra, 
the light from a 30 W deuterium-lamp UV source was transmitted 
through a double monochromator (Model TM300, Bentham Instru- 
ments, Ltd., Berkshire, U.K.), and the monochromatic ray was 
focused with the help of an integrating sphere, which comprised the 
sample or reference material (MgO). Slits were fixed at 1 mm wide. 
The total hemispherical reflectance (diffused and specular) was 
measured in the wavelength range 230-700 nm, using an 8O angle of 
incidence on the pelletized samples. The spectra of the reference 
material w m  used as the spectral function of the instrument, because 
MgO shows no optical absorption in the measured wavelength region. 

HI. Results and Wiussion 
(1) Synthesis and Characterization of Hetemmetal Precursors 

The heterometal Zn-A1 alkoxides, [Zn{ Al(OR)4]2], were pre- 
pared either by the alcoholysis of zinc bis(hexamethy1 disilazane), 
in the presence of the constituent aluminum alkoxides, in parent 
alcohols (Eq. ( 1)),13 or by a salt elimination reaction of anhydrous 
zinc chloride with two equivalents of potassium tetra-isopropoxy 
aluminate, as described by Mehrotra et al. (Eq. (2)).19 
The single-crystal XRD analysis unambiguously established the 

heterometal nature of the precursors and the compatibility of the 
cation ratio (Zn:Al = 1:2) in the molecule, with respect to the 
ZnA1204 ceramic. The molecular structure of [Zn( Al(OBu'), ),I (Fig. 
1) is based on a spirocyclic metal-oxygen framework formed by the 
bidentate chelation of two monoanionic (Al(OBu'),]- moieties to an 
electrophilic Zn2+ center. The molecule crystallizes in the monoclinic 
space group P2,2,2,, and the overall structure is essentially similar to 
that observed for other transition-metal tert-butoxy aluminates of the 
general formula [M( Al(OBu'),],] (M(II) = CO, Ni, Cu, The 
salient crystallographic data are given in Table I. The four Zn-0 
distances (see caption, Fig. 1) are similar and indicate a strong 
chelation of the ( Al(OBu'),) - units to the zinc center. The metal- 
oxygen distances are within the expected range for heterometal 
alkoxyaluminate~.~~*~ Our contention is that the mixed-metal frame- 
work does not break down into the individual alkoxides, at least 
during the initial stages of hydrolysis reactions. 
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Fig. 1. Molecular structure of [ZnAI,(OBrr'),]. Selected bond lengths 
(A): Zn-O( 1 ), 1.99 l(S); zn-O(2), 1.9690); Zn-0(3). 1.984(6); ~ n - 0 ( 4 ) ,  
2.003(6); AI( 1 to( l), 1.846(S); AI( 1 )-0(3), 1.838(6); Al( I)-@), 
1.682(7); AI( 1 tO(7) ,  1.658( 12); A1(2)-0(2), 1.809(5); A1(2)-0(4), 
1.851(6); A1(2)-0(5), 1.656(13); and A1(2)-0(6), 1.698( 12). 

(2) Synthesis and Characterization of Gel 
An isopropanol solution of [Zn{ AI(OPr'),),] was partially 

hydrolyzed by adding, dropwise, a 3.0M solution of water in 
isopropyl alcohol. The resulting solution was stirred at 50°C for 
12 h to obtain a stable, homogeneous suspension (sol), which 
transformed into a gel when allowed to stand for a few days. The 
removal of solvent under vacuum yielded a foamy white powder, 
which was dried under vacuum at 70°C (4 h). The so-obtained 
green precursor was heated in a laboratory furnace at 300"C, to 
burn out the organic residues, and calcined at higher temperatures 
(400'-1 400°C), to obtain monophasic spinel. 

In an alternative synthesis, the tert-butoxide complex, 
[Zn{ Al(OBu'),),], was dissolved in isopropyl alcohol to gen- 
erate in sitii [Zn{ Al(OPri),},], and the mixture was hydrolyzed 
under similar conditions. The raw powder obtained from this 
mixture gave results identical to those obtained on using the 
isopropoxide derivative, which suggests that the metal ratio and 
metal-oxygen framework observed for the tert-butoxide deriv- 
ative was maintained in the isopropanol solution. 

(3) Characterization of the Spine1 Precursor and 
Calcined Po wders 

( A )  Cheniical and EDX Analysis: The elemental analysis 
data of the gel (found (calculated) = Zn 19.17 (19.23), AI 15.70 
(15.88); Zn/Al = 1.99) and the calcined samples are in good 
agreement with the starting composition (Zn 10.98 (11.04), AI 
9.02 (9.11); Zn/Al = 2.01). An additional advantage of using 
alkoxide precursors is that the residual alkoxy groups in the gel 
rapidly decompose at temperatures lower than those required for 
other metallo-organic precursors, such as acetate, glycolate, and 
f$-diketonate derivatives." The product calcined at 300°C shows 
remarkably low organic contents (0.43% C, 0.63% H). The 
hydrogen contents may be the result of the adsorbed moisture. At 
80O0C, the ceramic is almost free from organic and hydroxide 
impurities (0.058% C, 0.013% H). The threshold values of the 
analyzer are in the same range. The average metal stoichiometry, 
determined by EDX analysis in the raw precursor and the heat- 
treated samples, corresponds (5  1.0%) to the intended metal 
stoichiometry (Zn:Al = 1 :2). The EDX measurements performed 
randomly at several spots across the samples show no microphase 
separation or compositional inhomogeneities at a submicrometer 
level. 

(B)  IR and NMR Spectroscopy: The FT-IR spectrum (Fig. 2) 
of the oven-dried gel ( I  30°C) reveals the characteristic vibrations 
of metal-attached hydroxy (3472 cm- I )  and isopropoxy groups 
(1565, 1457, 1421, 1315, 1140, and 950 cm-t).16 The bands 
observed in the range 730-500 cm-' can be assigned to the 
metal-oxygen stretching frequencies. The bands observed at 
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Fig. 2. m-IR spectra of the molecular precursor, gel, and ZnAl,O, 
ceramic at different calcination temperatures. 

-2360 cm-' can be assigned to the vibrational modes of carboxy- 
late ions, probably formed by the reaction of CO,, liberated during 
the burnout of organic contents, with the xerogel. The bands 
resulting from the carboxylate or hydroxy groups disappear at 
higher calcination temperatures (600"-1000°C), with the spectrum 
containing three well-defined peaks (666, 553, and 495 cm-I) 
characteristic of the regular spinel structure, with only octahedrally 
coordinated aluminum centers.' 

In the context of sol-gel chemistry of the metal aluminates, the 
27Al magnetic-angle spinning NMR (MAS NMR) provides an 
excellent means to investigate the atomic rearrangements (site 
exchanges) of AI3+ cations in the amorphous gel network to give 
the solid pha~e.~ ' - ,~  Despite the limitation of quadrupolar broad- 
ening, the 27Al chemical shifts can unequivocally distinguish 
among four-, five-, and six-coordinate Al(II1) centers. The NMR 
spectrum of the dried gel (Fig. 3(a)) shows three signals, at 1.17, 
33.96, and 67.93 ppm. The peaks at 1.17 and 67.93 ppm are typical 
for six- and four-coordinate Al(111) species, whereas the chemical 

! 
' I  
I I  I '  

(Ppm) 

Fig. 3. 27Al solid-state MAS NMR spectra of (a) Zn-AI-0 xerogel and (b) 
ZnAl,O, ceramic calcined at 600" and (c) 1OOO"C. 
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Fig. 4. Room-temperature XRD traces of the ZnAl,O, ceramic calcined 
at different temperatures. 

shift at 33.96 ppm can be assigned to five-coordinate AI3+ cations. 
The NMR spectrum of crystalline ZnAl,O, heat-treated at 600°C 
(Fig. 3(b)) shows two distinct signals at 2.34 ppm and a low-field 
peak at -61.9 ppm, corresponding to octahedral A10, and 
tetrahedral AIO, sites present in the closed cubic packing of 
oxygen atoms. This result shows that the ZnAl,O, spinel is 
partially inverse. with an occupancy ratio of AITd:Alo,, = %:% 
(degree of inversion, y. is %). The absence of a signal correspond- 
ing to five-coordinate Al(1II) species suggests a structural change 
in the gel structure (via condensation, oxolation, and alcoholation 
reactions), to form the cubic spinel phase containing only octahe- 
dral and tetrahedral vacancies. The intensity of the peak caused by 
four-coordinate aluminum centers decreases at higher calcination 
temperature, which illustrates the temperature dependence of the 

1200 1400 400 600 800 loo0 

Sintered temperature ("C) 
Fig. 5. Exponential relationship between the crystallite size in ZnAl,O, 
ceramic and calcination temperature. 

degree of structural inversion in ZnAl,O, spinel. The NMR 
spectrum of the ZnAl,O, sample heat-treated at I OOO'C shows 
only the presence of octahedrally coordinated aluminum ions (Fig. 
3(c)). The observed doublet is a result of the second-order splitting 
of the central transition band by nuclear-quadrupole interaction, 
which, along with the well-defined side bands, indicate the highly 
crystalline nature of the sample. 
(C) Powder XRD Studies: The phase composition in the raw 

and calcined products was established by powder X R D  (Fig. 4). The 
precursor powder was amorphous, whereas the sample calcined at 
400°C showed ZnAl,O, (gahnite) to be the only crystalline phase 
(ICCD Card File No. 5-669).*, This is the lowest reported tempera- 
ture for the formation of single-phase crystalline ZnA1204. The 
diffraction peaks in samples calcined at higher temperatures (600"- 
1400°C) show sharper profiles, resulting from the continuation of 
crystallization/ordering processes and grain growth. The calculated 
(FormFit) lattice parameters (q, = 8.0855 A) for cubic spinel phase, 
in a sample calcined at 1000°C, are in good apement with the 
reported value (a, = 8.0848 A, ICCD Card File No. 5-669). The 
determination of the crystallite size from the line-shape analysis of the 
diffraction peaks (Fig. 5 )  shows a log-normal crystallite size distribu- 
tion, with crystallinity growing in an exponential relationship to 
calcination temperature, which could also be demonstrated by nxord- 
ing "EM images of the same samples (see later). The effect of peak 
broadening by nanocrystallites is evident on comparing the (31 1) 
reflection of two samples fired at 600' and 1400°C (inset, Fig. 4). 

86 
Fig. 6. SEM micrographs of (a) Zn-Al-0 gel and (b) ZnAl,O, ceramic calcined at 600°C. 
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Fig. 7. SEM images of a ZnAI,O, pellet (sintered at 10o0"C): (a) surface morphology and (b) fracture surface. 

Fig. 8. TEM micrographs of ZnA1204 ceramic calcined at (a) 600'. (b) 8 0 ° ,  (c) 1000°, and (d) 1200°C. 
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(0) Scanning and Transmission Electron Microscopy : The 
typical SEM images of the Zn-0-A1 gel exhibit micrometer-sized 
agglomeric particles with a porous structure (Fig. qa)), while the 
product calcined at 600°C consists of grains with a faceted 
morphology (Fig. 6(b)). The examination of the surface of a pellet 
sintered at 10oO"C by SEM (Fig. 7(a)) shows a compact structure, 
and no unusual pore formation is observed among the grain 
boundaries. The fractograph of the pellet (Fig. 7(b)) reveals dense 
spherical particles comprised of tiny nanocrystallites. The TEM 
image of a ZnA1204 sample calcined at 600°C shows crystallites of 
nearly uniform size (15-20 nm), which grew on further heat 
treatment (to -35 nm at 800°C. Fig. 8(b)). The average particle 
size at 10oO°C was -60 nm (Fig. 8(c)). Rapid growth was 
observed thereafter, and the "EM image of a powder calcined at 
120O0C (Fig. 8(d)) shows dumbbell-shaped particles (-260 nm) 
formed by the fusion of individual crystallites. 

The exponential evolution of crystallite size with increasing 
calcination temperature is also confirmed by the crystallite sizes 
calculated from the XRD data (Fig. 5). The above observation 
shows a direct correlation between the volume-averaged crys- 
tallite size distribution, calculated from the microstructural 
parameters of the line-shape analysis of XRD, and the number- 
weighted size distribution of particles observed in the TEM 
images. The high-resolution electron microscopy (HR-EM) 
image (Fig. 9) shows a sinterneck of two nanometer-sized 
ZnAl,O, crystallites having different mutual crystallographic 
orientations. This image shows clear lattice fringes in the grain 
boundary, which suggests that the sample is free from other 
glassy or crystalline second phases. The grain-boundary region 
shows no other phase or composition present. The excessive 
crystallite growth at higher temperatures also indicates the 
absence of second-phase particles (impurities) at intergranular 
sites, which would otherwise prevent the grain growth by 
grain-boundary pinning. The observed rapid grain-boundary 
diffusion in the ZnA1204 specimen may result from a sink 
function of the grain boundary for defects, because the vacancy 
concentration in the grain boundaries is large enough when 
compared with the lattice. Consequently, a more rapid grain- 
boundary diffusion is favored in stoichiometrically pure 
compounds. The interatomic spacings, calculated from the 
high-resolution images, correspond to the cubic ZnA1204 phase 
(ICCD Card File No. 5-669).24 

( E )  X-ray Photoelectron Spectroscopy : The stoichiometric 
ratio of zinc to aluminum was carefully checked by XPS at 
different locations on the surface and in the bulk sample (after 

Fig. 9. HR-EM image of two sintered ZnA1204 nanograins (1oooOC). 

a8 

argon sputtering) and was always Zn:Al = 12. A further aim of 
the XPS studies was to eliminate the possibility of small amounts 
of Zn(0) in the samples, which could result from the reduction of 
Zn2+ by organic byproducts liberated in the firing steps. The Zn 2p 
XPS spectra of ZnAl,04 and those of pure and partially oxidized 
zinc metal are shown in Fig. 10, together with the L3M4sM45 auger 
spectra of the same materials. In addition, we measured the XPS 
valence-band spectra for ZnAl,04 and ZnS, to evaluate the effect 
of the hybridization of Zn 3d and 0 2p orbitals (Fig. 11). 

The difference in the Zn 2p core-level binding energies of zinc 
metal and ZnO is too small to be distinguished within the 
resolution limit (0.8 eV) of the electron spectroscopy for chemical 
analysis (ESCA) spectrometer used. However, the difference in 
chemical shift between zinc metal and ZnO (-4.2 eV, Fig. Iqb)) 
of the Zn LJM45M45 auger line is large enough for an unambiguous 
analysis of the different chemical states of zinc. The auger line, in 
Fig. lqb), is composed of two peaks (multiplet interactions), 
where the peak with larger intensity is located at the higher binding 
energy. In comparing the nanocrystalline ZnAi,04 with the stan- 
dards, the line at -491eV, a characteristic feature of zinc metal, 
was not observed in ZnA1204, which confirmed the presence of 
only bivalent zinc species in nanocrystalline ZnA1204. 

nanocrystalline ZnAl,O, 
n B .- 
tr 

A partially oxidized Zn metal $ 
Y 

1 A Zn metal /I\ 
t - - - 1 - - - - - - / I L  
I 1 I 1 I I 

- I060 -1050 -1040 -1030 - 1020 -1010 

Binding Energy (ev) 

n 4 nanocrystalline ZnAl,O, 
s e 
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I Zn metal - 
1 . . . . 1 . . . . 1 . . . . 1 . . . . 1 . . . . 1 . . . . 1 , . . . ~ . . . .  
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Binding Energy (eV) 

(b) 
Fig. 10. Zn 2p XPS spectra of (a) zinc metal, partially oxidized zinc 
metal, and ZnAl,O, and (b) Zn L,M4,M4, auger line in zinc metal, 
partially oxidized zinc metal, and ZnAl2O4. 
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Fig. 11. XPS valence spectra of nanocrystalline ZnAl,O, and ZnS. 

In the valence-band spectra of ZnAl,O, and ZnS (Fig. 1 l), the 
position of the Zn 3d lines, as obtained from the literature, is 
indicated and also that of the 0 2p band in ZnO.,' The small 
difference in the position of the 3d lines in our experiments, 
compared with those from the literature, may result from different 
normalization procedures (C Is, 284 eV normalization in the 
present case) used in the different experiments. The large width in 

the Zn 3d level in the ZnAl,O, spectrum is probably a result of the 
high Zn 3d-0 2p hybridization; however, differential charging 
cannot be ruled out as the broadening cause in these materials. The 
relatively narrow Zn 2p lines (Fig. lqa)) argue against differential 
charging, whereas the relatively broad auger line (Fig. lO(b)) 
argues for differential charging. 

( F )  Optical Properties: The calcined (400°C) ZnA1204 sam- 
ples weiz heat-hated (6 h) at 7000, 8000, 1000°, 1200", and 14OoC, 
and the corresponding absorbance spectra were recorded (Fig. 12). 
The optical absorbencies of the samples were obtained from the 
calculation of total reflection, R (log,o( l/R)). The absorbance spectra 
of the ZnO and Al,O, standards are also shown in Fig. 12. The broad 
absorbance peaks observed in the UV region (220-280 nm) result 
from the fundamental band-to-band electron excitations and are 
related to the energy bandgap in the investigated samples. The 
bandgap can be obtained from a linear extrapolation of the absorbance 
edge to the wavelength axis. The bandgap (E,) values of the ZnA1204 
samples are in the range 4.0-4.5 eV and quite different from those of 
A1,0, (E, = -3.6 eV) and ZnO (E, = -3.1 eV), despite the 
existence of the A13+ and Zn2+ cations in ZnAl,O,. This finding 
corroborates the phase purity of the ZnA1204 samples and the absence 
of any microphase separation. 

The effect of crystallite growth on the optical properties was 
investigated by comparing the spectra of ZnAl,04 samples cal- 
cined at different temperatures. The broad shoulder observed in the 
290-375 nm wavelength region for the sam le calcined at 700°C 

shoulder decreased when the sample was sintered for longer 
duration (Fig. 13), suggesting crystallite growth and minimization 
of structural defects by the thermal annealing. The absorbance 
edge became steeper when the calcination temperature was in- 
creased, and a "red shift" (from 4.5 to 4.0 eV) was observed (Fig. 
12). It is known that the E, value of a nanocrystalline specimen 
scales with its diameter (d) as E, - l/d, which is the case for our 
samples (inset, Fig. 12). A similar blue shift has been observed for 
the bandgap for various semiconductor particles.2 Because the 

probably results from some defect structure. P The intensity of this 

250 300 350 400 450 500 550 600 650 

Wavelength (nm) 
Fig. 12. Absorbance spectra (relative to MgO) of ZnAl,O, (1-5) calcined at 700", 800", 1000°, 1200'. and 1400°C, respectively; A1,0, (6); and ZnO (7). 
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Fig. 13. Absorbance spectra (relative to MgO) of ZnAl,O, calcined at 
700°C for 6, 12, 18, and 24 h. 

optical properties depend strongly on the particle size, a particle- 
size distribution is expected to cause inhomogeneous broadening 
of the optical spectra. Although the TEM images of the ZnAl,O, 
samples (Fig. 8) show nearly a homogeneous dispersion of 
crystallites, the bandgap values derived from the diffuse reflection 
spectra may require a correction with respect to the particle-size 
dependence of light scattering, which was not applied. 

IV. Conclusions 

Low-temperature synthesis of nanocrystalline zinc aluminate 
spinel (ZnAl,O,) from single alkoxide molecules, [ZnAl,(OR),], is 
described. The ideal Zn:Al stoichiometry, with respect to the 2-4 
spinel phase in the molecular precursor, results in the formation of 
monophasic ZnAl,O, at 400°C, which is significantly lower than the 
temperatures reported for the synthesis of crystalline ZnAl,O,. The 
correlation of crystallite size and the optical properties of the prepared 
ZnAl,O, nanoparticles shows an inverse relationship between the 
bandgap values and particle size. The optical properties show that 
ZnAl,O, is a better candidate than ZnO for UV reflective coatings. 
The structural investigations using ~olid-state,~ A1 NMR indicate that 
ZnAl,O, is partially inverse at lower temperatures (<900°C, degree 
of inversion -0.3); however, the regular spinel structure is obtained at 
2 1OOO”C. A comparison of the average crystallite size obtained from 
the electron microscopy and powder diffraction data shows that the 
number-weighted ( E M )  and volume-averaged (XRD) particle sizes 
are comparable, which corroborates the narrow size distribution found 
in the spinel particles in our experiments. A comparison of the 
valence-band spectra of ZnAl,O, and ZnS suggests that 0 2pZn 3d 
hybridization may be responsible for the lowering of the bandgap in 
ZnAl,O,. 
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Strengthening of Porous Alumina by Pulse Electric 
Current Sintering and Nanocomposite Processing 

Sung-Tag Oh,*.' Ken-ichi Tajima,* and Motohide Ando 
Synergy Ceramics Laboratory, Fine Ceramics Research Association, Nagoya 463-8687, Japan 

Tatsuki Ohji**5 
National Industrial Research Institute of Nagoya, Nagoya 463-8687, Japan 

Porous AI,O, and SIC- dispersed-Al,O, (AI,O$W) nanocom- 
posites with improved mechanical properties were fabricated 
using pulse electric current sintering (PECS). Microstructures 
with fine grains and enhanced neck growth, as well as high 
fracture strength, could be achieved via PECS of Al,O,. The 
incorporation of fine SIC particles into an AI,O, matrix 
significantly increased the fracture strength of porous A1,0,. 
Based on microstructural observations, it was revealed that the 
refinement of AI,O, grains and neck growth occurred by 
PECS and nanocomposite processing. 

I. Introduction 

ANY technological applications exist in which porous ceramic Mm aterials are used.' For structural components, the presence 
of porosity is useful in reducing the weight of the component and 
increasing the strain to failure: whereas for nonstructural compo- 
nents, porosity is essential for other functions, such as permeability 
or uses such as high-surface-area substrates. For both structural 
and nonstructural applications, however, improvements in the 
mechanical properties and control of strength variability are 
expected to increase the overall reliability of the material. 

The mechanical properties of porous ceramics are determined 
by the volume fraction and geometry of the pores, as well as the 
microstructure of the solid phase, which links the properties to 
neck growth, solid-phase contiguity, characteristics of the grain 
boundary, etc."' Based on the microstructural features in porous 
ceramics, Green and co-workers"' reported a marked increase in 
the strength and elastic moduli of A1,0, with very little change in 
the pore volume. This increase in stiffness with a minimal increase 
in density was attributed to neck growth via surface diffusion 
during the sintering of A1,0, at temperatures of < 1OOO"C. Also, it 
has been shown that porous ceramics that attain both high porosity 
and high strength can be realized via the control of microstructures 
such as an incorporation of columnar P-Si,N, in silicon nitride 
ceramics' and a dispersion of nanometer-sized A1,0, into an 
aiumina matrix.8 
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In this study, control of the solid-phase microstructure is 
emphasized to fabricate porous A1,0, with enhanced mechanical 
properties. One approach to microstructural control is the use of 
the pulse electric current sintering (PECS) method,' using this 
process, the preferential neck growth of powders can be induced 
by selective local heating between the particles, because of high 
electric resistance." The other approach is to incorporate fine 
second-phase particles into the matrix;' ' using this nanocomposite 
processing technique, a homogenous microstructure and an im- 
provement of the mechanical properties in porous ceramics can be 
realized. 

11. Experimental Procedure 

A porous A1,0, monolith and an A120J5-vol%-SiC nanocom- 
posite were prepared via hot pressing and the PECS method. 
High-purity a-Al,O, powder with a mean particle size of 0.2 p m  
(AKP-53, Sumitomo Chemical Co., Tokyo, Japan) and p-Sic with 
a particle size of <0.3 pm (Ibiden Co., Ogaki, Japan) were used as 
starting powders. The combined A1,0, and Sic powders was 
ball-milled in ethanol for 24 h using high-pwity A1,0, balls (5 mm 
in diameter) in a polyethylene pot. Then, soft agglomerates of the 
dried powders were crushed by dry ball-milling for 24 h. 

The A1,0, and composite powders were placed into a graphite 
die that had an inner diameter of 30 mm. Sintering was accom- 
plished via PECS, using a spark plasma sintering system (Model 
SPS-2080, Sumitomo Coal Mining Co., Ltd., Tokyo, Japan) at a 
temperature of 8OO0-150O0C for various times under a vacuum of 
6 Pa and an applied pressure of 5.5 MPa. A heating rate of 
30"Clmin was used from m m  temperature to the sintering 
temperature. For comparison, the same powders were compacted 
using a hot-pressing procedure under the same conditions. Rec- 
tangular bars with dimensions of 3 mm X 2 mm X 23 mm were 
obtained from as-fired disks by cutting and grinding. 

Density measurements were made using the Archimedes 
method; water was used as the immersion medium. The fracture 
strength was determined using three-point bending tests with a 
span of 16 mm at room temperature. A load was applied parallel 
to the pressing axis, with a crosshead speed of 0.5 mm/min. The 
microstructure was observed via scanning electron microscopy 
(SEM). 

111. Results and Discussion 

The changes in the relative density of the sintered specimens for 
30 min with sintering temperature are shown in Fig. 1. In 
comparison with hot pressing, the ceramics that were fabricated 
via PECS exhibited an enhanced densification. This rapid densi- 
fication has been reported in the literature?*l2 which is probably 
due to factors such as self-heat generation by microscopic electric 
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Fig. 1. Effect of sintering temperature of hot pressing (dotted line) and 
PECS (solid line) on the relative density for (a) the monolith and (0) the 
composite. Sintering time was 30 min. 

discharge between particles, activation of the particle surface, and 
high-speed mass transfer by volume and grain-boundary diffusion, 
effectively exerting an influence on sintering. Figure 1 also shows 
that the relative density of the composites is smaller than that of 
the monolithic A1,0, that was sintered under the same conditions. 
This retardation of densification, which is caused by the presence 
of fine Sic inclusions, can be explained by the resistance of the 
Al,O,/SiC interface to the diffusion process, as suggested by 
Stearns et al.', 

Typical fracture surfaces of the A1203 (with a relative density of 
8 1 %), prepared via hot pressing and PECS for sintering time of 15 
min, are shown in Figs. 2(a) and (b), respectively. The noted 
microstructural characteristics include the matrix grain size and the 
neck size between particles. The A1203 that was prepared via 

Fig. 3. SEM micrograph of a fracture surface of the A120J5-voi%-SiC 
nanocomposite produced via PECS at 1000°C for 15 min. SIC particles are 
indicated by arrows. 

PECS (Fig. 2(b)) exhibited relatively fine grains, in comparison 
with the hot-pressed Al,O, (Fig. 2(a)). Considering the sintering 
temperatures of 1300OC in hot pressing and 950°C in PECS, the 
fine grain size can be explained reasonably as being attributable 
primarily to the low sintering temperature of PECS, where 
significant grain growth was not operative. Also, marked neck 
growth was realized using the PECS method, as shown in Fig. 
W). 

Generally, in PECS, a discharge between the particles is known 
to occur during the initial portion of the densification of noncon- 
ducting materials? Also, a plasma has been reported to form 
during the initial stage of each current-voltage pulse.'* Thus, these 
processes increase the temperature at and around the necks 
between particles. In addition, the selective local heating between 
particles that is due to high electric resistance can contribute to 
promotion of preferential neck growth." Another factor that 
affects the increase in neck size is mass transfer by evaporation- 
condensation and surface diffusion. At the sintering temperature of 
950°C in the A1203 system, evaporation-condensation and surface 
diffusion are more dominant than grain-boundary and volume 
diffusions; thus, neck growth with a minimal increase in density 
can be expected.I4 

Figure 3 shows an SEM micrograph of the A1,03/5-vol%-SiC 
composite with a relative density of 82% that has been fabricated 
via PECS at a temperature of 10oO°C for 15 min. Nanometer-sized 
SIC particles (indicated by arrows in the figure) are located mainly 
at the matrix grain boundaries and triple points. Hence, in this 
investigation, the composite is defined as an intergranular-type 
nanocomposite." Also, comparison of this nanocomposite with 
the A1,0, (Fig. 2) shows that the matrix grain was refined by the 
addition of 5 vol% of Sic, because of the growth restriction that is 
caused by the dispersion of fine SIC particles." 
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Fig. 4. Fracture strength for porous specimens after sintering to various 
temperatures, as a function of the percentage of the theoretical density. 

Fig. 2. SEM micrographs of typical fracture surfaces of monolithic AI20, 
with a relative density of 8 1% (fabricated via (a) hot pressing at 1300°C for 
15 min and (b) PECS at 950°C for 15 min). Regions showing neck growth 
are indicated by arrows. 
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Figure 4 shows fracture strengths for porous specimens that 
have been sintered at various temperatures, as a function of the 
relative density. The fracture strength of monolithic Al,O, that 
was prepared using PECS were higher than that prepared via hot 
pressing. Considering the microstructure shown in Fig. 2, i t  is 
reasonable to expect the fracture strength to increase with decreas- 
ing grain size and increasing neck size, as reported by Green and 
 co-worker^.^ Therefore, the strengthening of the A1,0, that was 
prepared via PECS is thought to be due to grain refinement and 
neck growth. In comparison with the A1,0,, the fracture strength 
of the nanocomposite was enhanced significantly over the entire 
density range (Fig. 4). The strengthening of the composite is 
explained as being due to the further refinement of the Al,O, 
matrix. In addition, grain-boundary strengthening by the inter- 
granular Sic particles and crack-tip bridging by the SIC particles 
are believed to be responsible for the increase in fracture 
strength. ’ 

IV. Summary 

The present work emphasized control of the solid-phase micro- 
structure to fabricate porous, Al,O,-based nanocomposites with a 
high fracture strength. The porous ceramics were prepared via the 
pulse electric current sintering (PECS) method. The microstructure 
for the porous A1,0, that was prepared using PECS exhibited 
refinement of the Al,O, grains and neck growth. As expected, the 
fracture strength of the AI,O, prepared via PECS was higher than 
that for A1,0, prepared via hot pressing. The incorporation of fine 
Sic particles into an A1,03 matrix significantly increased the 
fracture strength of the porous A1,0,. The strengthening in the 
composite mainly was caused by refinement of the microstructure. 
These results indicated that powder processing and fabrication 
method strongly influenced the microstructure and fracture 
strength of Al,O,; thus, porous ceramics with enhanced mechan- 
ical properties can be prepared using PECS and nanocomposite 
processing more effectively. 
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Reaction-Bonded and Superplastically Sinter-Forged 
Silicon N itride-Silicon Car bide Nanocomposites 

Naoki Kondo, Yoshikazu Suzuki,* and Tatsuki Ohji* 
National Industrial Research Institute of Nagoya, Nagoya, Aichi 462-85 10, Japan 

Silicon nitride-silicon carbide (Si,N44iC) nanocomposites 
were fabricated by a process involving reaction bonding 
followed by superplastic sinter-forging. The nanocomposites 
exhibited an anisotropic microstructure, in which rod-shaped, 
micrometer-sized Si,N4 grains tended to align with their long 
axes along the material-flow direction. S i c  particles, typically 
measuring several hundred nanometers, were located at the 
Si,N4 grain boundaries, and nanosized particles were dis- 
persed inside the Si,N4 grains. A high bending strength of 
1246 f 119 MPa, as well as a high fracture toughness of 8.2 2 
0.9 MPa*m"*, was achieved when a stress was applied along 
the grain-alignment direction. 

I. Introduction 

ILICON NITRIDE-BASED ceramics are among the most important S engineering ceramics, because they exhibit high bending 
strength and high fracture toughness."* However, the high cost of 
raw Si,N, powder and the difficulty of machining it make Si,N, 
an expensive material. For the present study, two well-known 
processing techniques were combined, in sequence, to overcome 
these problems. 

The first processing step in creating silicon nitride-based ce- 
ramic composites is reaction bonding (RB), for which low-cost 
silicon powder can be used. However, this process is accompanied 
by difficulty in controlling the nitridation reaction of the silicon 
p~wder .~  Recently, several researchers have reported that the 
nitridation reaction can be controlled effectively by adding Sic or 
carbon powders to make Si,N,-Sic nanocomposites.4" Tsuda et 
af.,' in particular, have reported the production of reaction-bonded 
Si,N,-Sic nanocomposites using a mixed powder of silicon and 
carbon as the starting powder. The cost of carbon powder is 
relatively low, so that adding it does not make a product expensive. 
Furthermore, nanocomposites have better bending strength and 
fracture toughness than do monolithic silicon  nitride^.^.' 

The second processing step is superplastic sinter-forging 
(SPSF).' SPSF makes near-net-shape forming of nanocomposites 
possible. In addition, SPSF can overcome one of the disadvantages 
of reaction bonding: the difficulty of obtaining full 
Furthermore, high bending strength, as well as high fracture 
toughness, can be expected in specific directions, because SPSF 
forms a highly anisotropic 

The present authors used the above-described strategies to 
produce Si,N,-Sic nanocomposites by the RB process, followed 
by SPSF. The bending strength and fracture toughness of the 
materials obtained were investigated in relation to the microstruc- 
ture. 
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II. Experimental Procedure 

Silicon powder (99.9% purity, 1 pm), carbon powder (W.9% 
purity, 5 pm), Y203 powder (ultrafine grade, Shin-etsu Chemical 
Co., Tokyo, Japan), and Al,O, powder (AKP 30, Sumitomo 
Chemicals, Tokyo, Japan) were first mixed. The weight ratio of 
Si:C:Y,0,:A1203 was 0.8084:0.0782:0.0709:0.0425, a mixture 
that would form (in wt96) 73.6Si3N,*18.4SiC 5Y2O3*3Al2o3 (the 
weight ratio of Si,N,:SiC was 0.8:0.2), if the reactions Si + C + 
Sic and 3Si + 2N2 + Si,N, were completed perfectly. 

The mixed powder was bail-milled for 50 h in methanol, using 
high-purity A120, balls. The alumina concentration was corrected 
taking into account a worn-out amount of the alumina milling 
media, which was obtained by measuring the weight change of the 
media during the ball-milling. The ball-milled powder was dried 
and compacted, using a steel die, then cold isostatically pressed 
(CIPd), under a pressure of 490 MPa. The ClPd body measured 
-38 mm X 17.5 mm X 26 mm, and the density was -1.33 X 103 
kgrn-, (-53% of theoretical density). This CIPd body was 
reaction-bonded and then superplastically sinter-forged, using 
hot-pressing equipment with a graphite-resistance furnace. The 
details of the heating and pressing procedures are illustrated 
schematically in Fig. 1. 

The treated CIPd body first was put into a graphite channel die 
with a base measuring 80 mm X 20 mm and treated by the RB 
process, followed by SPSF (these combined processes are hereaf- 
ter denoted RB-SPSF). The atmosphere inside the furnace, nitro- 
gen pas (99.99%) under 0.1 MPa pressure, was maintained 
throughout the RB-SPSF process. The ClPd body was heated to 
1350°C at a rate of 10°C-min-'. The RB process, resulting in the 
formation of Si,N, and Sic, was conducted at 135OOC for 3 h; 
these conditions were chosen based on several reports?*5*' ' The 
reacted body then was heated to 175OOC at a rate of 
10"C*min-*, and SPSF was conducted at 1750°C for 3 h, under an 
increasing load applied in three steps, as shown in Fig. 1. Each step 
was held for 1 h, to prevent cracking. After SPSF, the specimens 

Fig. 1. Heating and pressing procedure, and piston displacement during 
RB-SPSF process. 
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Fig. 3. TEM micrograph ("-plane) of the RB-SPSF specimen. 

Fig. 2. Shape of the RB-SPSF specimen and SEM micrographs taken 
from each plane. 

were cooled at a rate of 1O0C*rnin-' to <lOOO°C. From that point 
on, the body obtained was referred to as the RB-SPSF body. 

Scanning electron microscopy (SEM) and transmission electron 
microscopy (TEM) were used to examine the microstructure of the 
RB-SPSF specimens. SEM specimens were cut, ground, and 
polished, then plasma-etched by CF, and gold-coated. TEM 
specimens were prepared by mechanical grinding, dimpling, and 
ion-thinning. 

Specimens measuring 3 mm X 4 mm X 40 mm, for measuring 
bending strength and fracture toughness, were cut from the 
RB-SPSF specimens, so that the stress face was perpendicular to 
the pressing direction. The three-point-bending strength was mea- 
sured at room temperature, with a span of 30 mm and a crosshead 
speed of 0.5 mmmin-'. The fracture toughness, KIc, was mea- 
sured by the single-edge V-notched beam (SEVNB) method, using 
an equation developed by Wakai et al." The V-shaped notch, 2 
mm deep, was introduced by a tapered diamond whetstone; the 
radius of the notch tip was -30 pm. Loading was conducted at 
m m  temperature, with a crosshead speed of 0.5 mmmin-'. 

111. Results and Discussion 

The piston displacement of the hot-pressing equipment during 
SPSF is shown in Fig. 1. The total displacement was -20 mm. 
Although the deformation rate includes shrinkage caused by 
sintering, the apparent deformation rate was estimated roughly as 
1.85 X 10-3 s-I. The obtained RB-SPSF body had the approxi- 
mate dimensions of 80 mm X 20 mm X 6 mm, and the density was 
3.26 X 103 kgm-3 (>99% of full density). This result suggests 
that the RB-SPSF technique has good potential for shape-forming 
under suitable conditions. 

In Fig. 2, the directions and planes of the RB-SPSF body are 
designated as follows: The direction normal to the pressing 
direction is labeled N, the extruding direction E, and the direction 
transverse to the N and E directions T. Planes normal to each 
direction are the N, E, and T planes, respectively. X-ray diffraction 
analysis (XRD), which was conducted inside the RB-SPSF body, 
confirmed that the body consisted of B-Si3N, and B-Sic. No 
a-Si3N4, silicon, or carbon peaks were detected. In addition, no 
other crystalline phase could be found by TEM observations. 

Figures 2 and 3 show the microstructure of the SPSF specimen. 
The SEM photographs in Fig. 2 are taken from the N, E, and T 
planes, as labeled, and the TEM photograph in Fig. 3 is taken from 
the T plane. The observed point was located -20 mm in the E 
direction and 0 mm in the N and T directions from the center of the 
RB-SPSF body; this point is indicated roughly in the upper-right 
section of Fig. 2. 

The Si,N, grains shown in the SEM photographs were etched 
away by plasma-etching, thus enhancing the SIC grains and the 
grain-boundary glassy phase. Neither cavities nor microcracks 
(approximately >O. 1 pm) were observed by SEM. Apparently, the 
rod-shaped, micrometer-sized Si3N, grains tended to orient pref- 
erentially, with their long axes along the material-flow direction 
(the E direction). Sic  particles, typically measuring several hun- 
dred nanometers, were located at the Si,N, grain boundaries, and 
nanosized particles were dispersed inside the Si,N, grains. There- 
fore, the RB-SPSF body seemed to have an anisotropic and 
nanocomposite-like microstructure. 

The obtained RB-SPSF specimen exhibited high bending 
strength and high fracture toughness when a stress was applied 
along the grain-alignment direction (the E direction). The three- 
point bending strengths and fracture-toughness values for all of the 
five specimens were 1245 2 119 MPa and 8.2 5 0.9 MPa-m'", 
respectively. The loading point of these specimens was located 20 
mm in the E direction from the center of the RB-SPSF body, where 
the microstructural observations also were conducted. 

The alignment of the rod-shaped grains yielded at least two 
benefits to the crack-wake toughening mechanisms: (1) more 
rod-shaped grains were involved with the toughening; (2) the 
toughening worked effectively because the rod-shaped grains were 
aligned normal to the crack plane. 

Those benefits resulted in the effective operation of the crack- 
wake toughening mechanism and steep R-curve behavior. Actu- 
ally, steep R-curve behavior in anisotropic silicon nitrides has been 
reported else~here. '~- '~  The RB-SPSF specimen which exhibited 
the anisotropic microstructure is also expected to show such steep 
R-curve behavior. The steep increase in fracture toughness, via a 
short crack extension, led to the compatible achievement of higher 
bending strength and higher fracture toughness.'*8"0*'3-'s In this 
case, as well, both high bending strength and high fracture 
toughness were achieved by the creation of an anisotropic micro- 
structure. 

It has been reported that dispersion of Sic particles into Si,N, 
caused formation of uniformly elongated Si3N, grains as well as 
refinement of these grains, resulting in high mechanical 
~trength:.~.~ Similar strengthening effects can be considered in the 
Si,N,-SiC nanocomposites of this study. On the other hand, the 
presence of Sic particles at Si3N, grain boundaries is known to 
suppress elongation of rod-shaped silicon nitride  grain^?.^.^ In 
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actuality, the aspect ratio of silicon nitride grains of the present 
material is small compared to that of the monolithic Si,N, 
prepared by SPSF.8 The low aspect ratio of the grains is presum- 
ably disadvantageous to toughening of grain bridging and pull- 

Thus, Si,N,-Sic nanocomposites were fabricated successfully 
in the present study using the RB-SPSF process. The strategies 
used-i.e., making Si,N,-based ceramics from low-cost raw pow- 
der and achieving near-net shape forming-show promise for 
future applications. 
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Nonisothermal Synthesis of Yttria-Stabilized Zirconia Nanopowder 

through Oxalate Processing: I, Characteristics of Y-Zr Oxalate 
Synthesis and Its Decomposition 

Oleg Vasylkiv* and Yoshio Sakka* 
National Research Institute for Metals, Tsukuba, Ibaraki 305-0047, Japan 

To obtain powder with a composition of 3 mol% Y,O5-97 
mol% ZrO,, a process of Y-Zr oxalate powder production has 
been optimized, to produce an oxalate with minimal particle 
size. The methodology of the nonisothermal decomposition of 
Y-Zr oxalate has been explained. Characteristics of the noniso- 
thermal decomposition of different oxalates have been studied. 
Nanocrystalline Y,O,-stabilized ZrO, (YSZ) powder with a 
narrow size distribution of primary particles and aggregates 
was produced. The zirconia powder that was obtained from 
the smallest oxalate powder via nonisothermal decomposition 
had a particle size of 8-10 nm. The YSZ powder was weakly 
aggregated, with a narrow aggregate-size distribution of 70-90 
nm. 

I. Introduction 

ECENTLY, considerable attention has been focused on the IIP rocessing of advanced ceramic materials with controlled 
density and microstructure. Those characteristics are dependent 
largely on the characteristics of the green material.'*2 As a result, 
they also are dependent on the particle-size distribution and 
particle shape, and even more so on the degree of aggregation and 
the aggregate-size distribution.' 

Nanomaterials show distinct properties, because of the nature of 
the atomic structure in the interfacial regions. When the grain size 
becomes smaller than the critical scale that is associated with 
certain properties, such properties can change; many of these 
properties can be engineered through particle-size and grain-size 
control. The small grain size of the nanomaterials has a pro- 
nounced effect on many physical properties, such as increased 
strength and hardness. The dependence of such properties on the 
grain size means that control of the initial particle size of the 
starting powders is the most significant task for ceramic process- 
ing. 

Nanopowders have been prepared by wet chemical methods for 
many years. Powders with a small particle size obtained by wet 
chemical processing often are heavily aggregated. Particle aggre- 
gation occurs when the precipitated precursors, or gels, are dried 
and milled.3 Also, aggregation and agglomeration of the particles 
occurs when the precursor materials are calcined at temperatures 
of >600°C.4-7 This effect reduces the sinterability of the calcined 
powder, which has been green-compacted via pressure filtration or 
slip casting.' As a result, it is desirable to decompose a precipitated 
precursor powder or gel at temperatures as low as possible, to 
avoid hard agglomerates in the final powder. 
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Zirconia ceramics, stabilized by the addition of oxides Y,O,, 
MgO, CaO, and zirconia-based composites with A120, and TiO,, 
are important materials, because of their many applications. The 
properties of zirconia ceramics are dependent strongly on the 
crystal structure and microstructure. As a result, yttria-stabilized 
zirconia (YSZ) is one material on which much attention has been 
focused, to produce ultrafine-grained ceramics for which nano- 
sized powder is used as the starting material. 

The most commonly used methods for the synthesis of mixed 
oxides are the various sol-gel and hydrothermal methods for the 
production of nanosized powder."' However, the oxalate route for 
obtaining small-sized zirconia powders has not been popular, It  is 
well-known that other oxides and mixed-oxide systems, such as 
barium titanate, yttrium-doped ceria, neodymium-doped barium 
cerium oxides, and yttrium- barium systems with precise stoichi- 
ometry, have been produced successfully, using the oxalate pro- 
ces8-15 

With these objectives, we have studied the processing of 
zirconia and zirconia-based nanopowder preparation using the 
oxalate precursor method. It was expected that homogeneous 
mixing at the atomic level could be achieved, and that oxalate 
precursor-derived oxides would consist of nanosized, weakly 
aggregated particles with a narrow size distribution. 

11. Experimental Procedure 

The starting reagents were zirconium(V1) oxychloride (hydrous 
ZrOC1,*1OH2O (98% pure)) and oxalic acid dehydrous 
C2H,0,*2H,0 (>99.5% pure) (both of the latter were produced by 
High Purity Chemicals, Saitama, Japan). Precise amounts of the 
zirconium oxychloride and oxalic acid, taking into account their 
purity, were weighed and dissolved separately in distilled water. 
After obtaining homogeneous solutions, the reagents were mixed 
using magnetic stirring. 

Eleven different concentrations of reagents in aqueous soh tion, 
and three reaction temperatures, were used to obtain different 
zirconium oxalates. The water content in solution was 0.5-25 
L/(mol of initial reagent). The formation of zirconium oxalate is 
expressed by Eq. (1): 

ZrOC12.1OH20 + (COOH)2*2H20 

+ nHzO --* ZrO(C204)*nH,O + 2HC1+ nH2O (1) 

The reaction temperatures were 4"-20"C. Two technological 
routes, which are described in Fig. 1. were used to obtain the most 
weakly aggregated fine oxalate powder. 

In the first route, the gel, or solution, of zirconium oxalate, 
which contained hydrochloric acid (HCI) in water, was washed and 
centrifuged to separate the precipitate from the HCI. In the second 
route, the oxalate solution was dried in an oven at a temperature of 
120°C for 38 h, to evaporate the water and the HCI (the 
temperature of complete HCl evaporation was 1 IOOC). The pres- 
ence of Cl- ions was tested using silver nitrate (AgNO,), because, 
even for traces of HCl, a white precipitate will form immediately. 
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Fig. 1. Diagram of Y-Zr oxalate processing steps. 

After optimization of the parameters for zirconium oxalate 
synthesis, Y-Zr oxalate was produced. Y203 grains (>99.5%, 
High Purity Chemicals) were dissolved in HCl; after the reaction 
temperature was decreased to <60°C, the solution was dissolved 
in water. A homogeneous aqueous solution of yttrium chloride 
(YCl,) was obtained by mixing with a magnet stirrer for 48 h. The 
formation of YCI, is expressed by Eq. (2): 

(2) 

Y-Zr oxalate was produced using the methodology that is de- 
scribed in Fig. l.  Different solution concentrations were used to 
determine the property differences between the zirconium oxalate 
and Y-Zr oxalate. 

Zirconium oxalates with different surface areas and Y-Zr 
oxalate were tested for decomposition using thermogravimetry and 
differential thermal analysis (TG-DTA) (Therm0 Plus 2, Model 
TGSI 20, Rigaku, Tokyo, Japan). The reference used for DTA was 
an alumina (A1203) sample, the sample containers in the equip- 
ment were alumina, and an OJN, atmosphere was used. Linear 
heating rates of 6O0-60O0C/h and nonlinear heating programs both 
were used. Isothermal holdings and changes of the reaction 
atmosphere were not applied in this study. The TG-DTA experi- 
ments were used to determine the decomposition process, the 
decomposition-synthesis steps, the temperatures of final crystalli- 
zation, the time duration of stages, and the weight losses at each 
stage, as a function of the initial oxalate surface areas. The 
heating-rate dependencies for the different oxalates also were 
obtained. DTA analysis was used to determine the thermal effects 
of the decomposition and crystallization stages. The TG-DTA 
results were used to produce nonlinear heating regimes and 
optimize the heating mode for controlled nonisothermal oxalate 
decomposition. 

The nonisothermal decomposition of the final oxalate powder 
was optimized to obtain the finest, weakly aggregated zirconia 
nanopowder; a temperaturetime schedule was used, to prevent 
hard agglomeration at high temperature. A range of heating rates 
of 35°-6000C/h also was used. 

Phase identification of the oxide powders after decomposition 
of the different oxalates, and after decomposition of finest oxalate 
in different heating regimes, was determined via X-ray diffractom- 
etry (XRD) (Model JDX-3500, JEOL, Tokyo, Japan). CuKa 
radiation, at 30 kV and 300 mA, was used, The patterns were 
recorded over a 28 range of 20°-60" at a step size of 0.02O and 
interval of 0.5 slstep. 

YzO3 + 6HC1 + 2YC13 + 3H20 

Oxalic acid (COOH)2*2H20 
dissolution in H20 

1 
Water eoluthn of oxalic acid +I 

evaporation of HCI and H20, 
T= 120 "C 

I 
5. 

I Destruction of the soft 
aggregatcte I 

1 
SoR malate ponder with 

namw particle and n aggregate size distribution 

The surface area of the zirconium oxalates and evolution of the 
surface area during oxalate decomposition and zirconia synthesis 
was studied using the Brunauer-Emmett-Teller (BET) method 
(Model SA 3100, Coulter, Hialeah, FL). The aggregation of the 
zirconia powders was analyzed using a laser particle-size analyzer 
(Model LSE-100, Otsuka Electronics, Osaka, Japan). A very 
small amount of powder was mixed with distilled water. The pH of 
the water solution used for analysis was adjusted to pH 3, using 
HC1. Microtip ultrasonication (Model USP-600, Shimadzu, Kyoto, 
Japan) was used to break up powder aggregates in suspension. A 
range of ultrasonication times, at a frequency of 20 kHz and power 
of 160 W, was used to determine the effect on aggregate size. This 
data also are useful to obtain uniform colloids for future slip 
casting and pressure filtration. 

Observation via transmission electron microscopy (TEM) 
(Model JEM-100-CX, JEOL) was used to determine the charac- 
teristics of zirconium oxalate decomposition and zirconia synthesis. 

III. Results and Discussion 
(1) Properties of Zirconium Oxalate Synthesis 

The initial precursors of different concentration were produced 
by varying the water content in solution. The influence of the 
precursor solution concentration on the oxalate processing, and on 
its final surface area and particle-size distribution, was investi- 
gated. A graph of the influence of the reagent concentration is 
given in Fig. 2. Without considering the differences in synthesis 
temperature, the results show that oxalate powders with very 
different surface areas can be produced by changing the reagent 
concentration. If the water content is <5 L/(mol of reagent), the 
process causes the formation of a gel. As a result, the usual 
processing steps, such as filtration and washing for removing the 
HCI, are impossible. The HC1 solution can be removed via 
centrifugation for an extended time and subsequent washing that 
must be repeated no less than 8-10 times. Such a procedure is very 
inefficient. This problem is reduced if the water content in solution 
is >5-6 L/mol. Figure 2 shows that, beyond the gelation zone, an 
intermediate zone and a zone of solution formation exist. Starting 
from a water content of >6 L/mol, the resulting oxalates can be 
precipitated, although the precipitation requires a duration of 

Table I shows the differences in surface areas of the oxalate 
powders that were obtained via washing, centrifuging, and subse- 
quent drying and those powders that were obtained only via 

48-120 h. 
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Fig. 2. Dependence of the surface area of the zirconium oxalate powder on the water content in solution during oxalate synthesis. 

Table I. Surface Area of Zirconium Oxalate Powders 
Obtained via Routes 1 and 2, as Described in Fig. 1 

Surface area of the oxalate powder (m2/g) Water amount in 
stariing solution (Wmol) Washed, centrifuged, and dried Only dried 

1 
1.25 
6 
8 

10 

20.9 
39.5 
61.8 

134.6 
135.9 

4.2 
6.3 

18.2 
73.7 

118.4 

drying. The biggest difference in these two procedures was for the 
oxalates that were obtained from solutions with a water concen- 
tration of <10 L/mol. The standard procedure of filtration could 
not be used effectively, because the oxalate particle size was 5-8 
nm, depending on the water content in the precursor solution, 
which is too fine for the filter. 

There is a strong dependence of the surface area of the oxalate 
powder, and its particle size, on the water content of the starting 
solution. Figure 2 shows that a water content of 13-17 L/mol 
produces an oxalate powder with surface area of 170-196 m2/g. 

The dependence of the surface area of the resulting zirconium 
oxalate on the synthesis temperature also is shown in Fig. 2. In the 
gelation zone, the surface area of the resulting oxalate obtained at 
lower temperature was 10%-30% larger than that resulting from 
room-temperature synthesis. The surface area of oxalate powders 
that have been synthesized with 3-4 L of water/(mol of precursor) 
is almost the same for both temperatures. For water contents of >5 
L/mol, the surface area of the oxalate that is obtained under 
room-temperature conditions is 10%-20% larger than that for the 
powder that has been processed at a temperature of 4°C. This result 
implies that processing at the lowest temperatures is not necessary. 

(2) Synthesis of Y-Zr Oxalate 
After studying the synthesis of zirconium oxalate, Y-Zr oxalate 

was produced. First, YCI, was produced by dissolving Y,O, 
grains in HCl in concentrations that were useful for Eq. (2). This 
solution subsequently was dissolved in distilled water. The con- 
centrations of the initial reagents were determined to obtain the 

final composition of 3 mol% Y,03-97 mol% ZrO,. Yttrium 
oxalate formation can be expressed by the reaction 

(3) 2YC13 + 3(COOH)2 + YZ(C204)3 + 6HC1 

The method used to obtain Y-Zr oxalate powder is described in 
Fig. 1. There were no differences in the processing method used 
for zirconium oxalate. The surface areas of the zirconium oxalate 
and Y-Zr oxalate were the same, because the content of YCl, in 
solution was very low and YCl, was distributed satisfactorily in 
the zirconium oxychloride aqueous solution. 

Based on the above-described results, Y-Zr oxalate powders 
with five different surface areas were produced for the following 
analyses. 

(3) TG-DTA Study of Zirconium Oxalate and 
Y-Zr Oxalate Decomposition 

TG-DTA analysis was used to determine the characteristics of 
nonisothermal decomposition of oxalates with different surface 
areas and the decomposition with different heating rates to give the 
maximum surface area. Thermal decomposition of the zirconium 
oxalates passes through two stages. The fist stage is the removal 
of water, and the second stage is decomposition of the dehydrated 
oxalate. 

Differences in the initial surface area (the particle size of the 
initial oxalate powders) cause different weight losses during 
decomposition (6.2 wt% for oxalate with a surface area of 21 m2/g, 
and 9.9 wt% for the finest oxalate powder (with a surface area of 
196 m2/g). These differences in the weight loss occur in the 
water-evaporation stage and can be explained by the fact that the 
oxalates with a higher surface area have a larger amount of 
adsorbed water than coarser powder. This observation is confirmed 
by the negligible differences in weight loss of the oxalates in the 
decomposition stage. 

Figure 3 shows the DTA curves for the thermal decomposition 
of Y-Zr oxalates with different surface areas. Two endothermic 
peaks and one exothermic peak are observed. The endothermic 
peaks represent the water-removal and oxalate-decomposition 
stages, and the exothermic peak is the amorphous zirconia crys- 
tallization stage. 

Table I1 shows the temperature intervals of oxalate decompo- 
sition and crystallization, the total weight loss, and the thermal 
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Fig. 3. DTA curves for thermal decomposition of Y-Zr oxalates obtained using various amounts of water per mole of reagents. (Heat-flow values are given 
in units of pV.) 

Table 11. Decomposition Temperatures, Weight Losses, and Temperatures of 
Zirconia Crvstallization, for Zirconium Oxalates with Different Surface Areas 

~- 

Surface area of Decomposition Total Thermal effect of Crystallization 
oxalate powders temperature weight loss decomposition temperature 

(m /E) interval ("C) (%I @V.s/mg) interval ("C) 

21 266-297 44.7 -45 1 410-442 
62 258-299 44.9 - 372 41 1-459 

136 253-304 45.4 - 357 41 3-456 
175 257-308 46.8 - 424 42 1-463 
196 254-31 1 47.1 - 395 424-466 

effect of oxalates decomposition for different initial surface areas. 
Some small differences exist in the start and finish temperatures of 
the decomposition. Oxalates with the finest particles began to 
decompose earlier than the coarser powders and completed their 
decomposition at slightly higher temperatures. However, the tem- 
perature of the maximal heat flow (283" If: 0.5"C) was the same 
for all oxalates. The heat flow was greatest for the coarsest oxalate 
powder and smallest for the finest powder. 

The temperature intervals of crystallization increase to higher 
temperatures as the initial oxalate particle size decreases. How- 
ever, the thermal effect of crystallization was 71-73 pV*s/mg- 
almost the same for all oxalates. The temperature at which 
crystallization was completed for all the oxalate-derived zirconia 
powders was 1470°C, if the heating rate was maintained under 
60°C/h. If the finest powder decomposed earlier than the coarse 
powder at the oxalate-decomposition stage, such dependence was 
not true for the crystallization stage. The coarsest amorphous 
zirconia began to crystallize at lower temperatures than the finer 
powder. The zirconia that was obtained from the decomposition of 
oxalate with an initial surface area of 21 m2/g had a crystallization 
temperature of 4 10°-442"C. The temperature range for zirconia 
obtained from the oxalate with the maximal surface area (196 
m2/g) was wider (424"-466°C). 

The next stage of the investigation was analysis of the data on 
decomposition of the finest zirconia oxalate with different heating 
rates. The weight losses during the decomposition of Y-Zr oxalate 
with heating rates of 60"-600"C/h and using nonlinear heating 
regimes are shown in Table 111. Oxalate powder with a surface area 
of 196 m2/g was studied. The general scheme of decomposition 
was the same as that for the nonisothermal decomposition of 

oxalates with different initial surface areas. Weight losses in the 
water-removal stage were largest for the slowest heating rates. As 
a result, at the oxalate-decomposition and zirconia-synthesis 
stages, residual carbon monoxide (CO) and carbon dioxide (CO,) 
must be removed. The total weight loss was almost the same. The 
highest temperature for the completion of decomposition was 
observed for the maximum heating rate, which can explain the 
maximum value of total weight loss. 

The DTA analysis curves for the nonisothermal synthesis of 
stabilized zirconia powder from Y-Zr oxalate are shown in Fig. 4. 
Three distinct zones can be defined (as for Fig. 3): water removal, 
zirconia synthesis, and crystallization of the amorphous zirconia. 

The temperature schedule of the oxalate decomposition in 
different heating regimes also is listed in Table Ill. The starting 
decomposition temperatures increased as the heating rates in- 
creased. As the heating rate increased, the heat flow also increased, 
in comparison with the lowest rates, and the temperature intervals 
of decomposition became the broadest. Decomposition at a heating 
rate of 6OoC/h occurred over a temperature range of 73"C, whereas 
decomposition at a heating rate of l8OoC/h occurred over a 
temperature range of 120°C. As a result, shifting the synthesis 
process to a high-temperature zone leads to coarser, aggregated 
powder, which will be explained in the next section. The properties 
of nonisothermal synthesis using the control modes (nonlinear 
heating regimes) will be explained in a later paper, because the 
control modes summarize the results of all the 

The crystallization of Y SZ amorphous powder (the zirconia 
crystallization zone in Fig. 4) is shown in Table Ill. Similar to that 
for the zirconia synthesis, the crystallization stage also was shifted 
to higher temperatures as the heating rate was increased. The 
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Table 111. Synthesis of Yttria-Stabilized Zirconia from Y-Zr Oxalate with Different Heating Regimes 
(Surface Area of 196 m2/g) 

Decomposition Crystallization Thermal effect of Weight loss (%) 

During water During oxalate temperature interval temperature interval decomposition 
Heating regime removal decomposition ("C) ("(2) (p.V-s/mg) 

60°C/h 8.5 38.6 25 2-3 25 446-472 35 
12O"Ch 6.9 40.2 253-338 455-483 37 
1 80°C/h 6.8 40.3 255-344 453-490 46 
60O0C/h 6.7 40.4 262-382 459-5 17 48 
Control mode 1 10.4 38.0 253-324 444-475 23 
Control mode 2 10.5 37.7 253-3 19 433465 24 
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Fig. 4. DTA analysis of the nonisothermal synthesis of stabilized zirconia powder from 3Y-Zr oxalate. (Heat-flow values are given in units of pV.) 

temperature intervals of crystallization also became broader. The 
value of the thermal effect of crystallization is smallest for the 
finest powder, which was prepared using the nonlinear control 
mode of decomposition-synthesis. 

(4) Nonisothermal Synthesis of Zirconia from 
Zirconium Oxalate 

The nonisothermal decomposition of zirconium oxalates with 
different surface areas was used to obtain zirconia powders with 
different properties. Experiments for the decomposition of oxalate 
powders with different surface areas at a constant heating rate 
determined that the best particle size, and the best degree of 
aggregation of the final zirconia powder, corresponded to the finest 
oxalate powder (synthesized under the optimal conditions). This 
oxalate powder had the narrowest particle-size distribution and 
was the most active in subsequent applications. 

The evolution of the surface area of the powder during decom- 
position of the zirconium oxalate and zirconia synthesis under 
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nonisothermal conditions is shown in Fig. 5. Low heating rates 
(35'-75OC/h) clearly produce the maximum surface area. How- 
ever, after decomposition was completed under the optimal time- 
temperature conditions, the surface area began to decrease sharply. 
This decomposition route is optimal to obtain the finest weakly 
aggregated amorphous zirconia (nonstabilized) powders. How- 
ever, amorphous powder is not useful in the further processing, 
and nonstabilized powders cannot be used for densification of the 
ceramic without microcracks. The crystallization temperature is 
higher than the temperature for the maximum surface area (see 
Tables I1 and 111 and Fig. 5).  The crystallization temperatures are 
dependent on the surface area of the starting zirconium and Y-Zr 
oxalates. For slow heating of YSZ, the zone of crystallization is 
440'-470°C and the maximal surface area zone is 30O0-375'C. 
For heating rates of 1 8O0-60O0C/h, the completion temperature of 
zirconia synthesis is higher and the time required for oxalate 
decomposition is shorter. In such heating regimes, the surface area 
of the powder has no time to develop and the temperature becomes 
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Fig. 5. Evolution of the powder surface area during zirconium oxalate 
decomposition and zirconia synthesis under nonisothermal conditions. 

reasonable for the formation of presintered agglomerates of 
coarser primary particles. The temperature of crystallization in 
such heating regimes is 47O0-53O0C. This high temperature of 
synthesis completion can be used to obtain fine, nanosized powder; 
however, this powder is very aggregated and agglomerated. The 
particle-size distribution and powder-aggregate-size distribution 
for zirconia powders are shown for oxalates with different surface 
areas in Table IV. Naturally, powders that have been obtained 
from coarse, aggregated oxalate also are coarse. The degree of 
aggregation of such zirconia powder excludes its use in subsequent 
colloidal processing. The particle-size distribution and aggregate- 
size distribution for stabilized zirconia powders that have been 
obtained from the decomposition of Y-Zr oxalate in different 
heating regimes are shown in Table V. 

Smaller crystalline zirconia powder (6-8 nm) can be obtained 
via decomposition of the oxalate at a heating rate of 35OC/h. 
However, this heating rate is very slow and the zirconia powders 
begin to consolidate directly after synthesis. As a result, such 
powder is very aggregated and further technological application is 
doubtful. Zirconia powders that have been obtained at heating rates 
of 5Oo-75"C/h also are very fine, such that the degree of agglom- 
eration is low enough for further colloidal applications. Such 
agglomeration conditions exist only for a narrow temperature 
range of 430"-470°C, beyond which large aggregates develop. 

Only controlled nonlinear heating (control mode) can be used to 
obtain zirconia powder with a narrow particle-size distribution of 
8-10 nm and an aggregate size of 70-90 nm. This degree of 
aggregation of fine primary particles can be retained in the 
temperature range of 440'-640°C. Control-mode heating is a 
nonlinear heating regime that can be used for the synthesis of 
nanocrystalline stabilized zirconia. This method seems to have 
only advantages over linear heating, because most of its disadvan- 
tages can be avoided. Powder that is obtained using control-mode 

Table IV. Size Distribution of Particles and Powder 
Aggregates of Zirconia Powders Obtained from the Oxalates 

with Different Surface Areas (Heating Rate of 5OoC/h) 
Surface area of Particle-size Powder-aggregate-size 

oxalate powder (m2/g) distribution (nm) distribution (tun) 

21 W O  
62 25-30 

136 17-20 
196 8-10 

300-700 
90-300 
90-1 80 
70-80 

Table V. Size Distribution of Particles and Powder 
Aggregates of YSZ Powders Obtained via Oxalate 

Decomposition in Different Heating Regimes 

Particle-size Powder-aggregate-size 
Heating rrgime distribution (nm) distribution (nm) 

35"Ch 6-8 
50"C/h 8-10 
75"C/h 8-10 
1 80°C/h 15-25 
Control mode 8-10 

150-230 
70-80 

50-1 30 
150-400 

70-90 

Table VI. YSZ Powder-Aggregate-Size 
Distribution, Relative to the Microtip 
Treatment Time, for Finest Powder 

Obtained from the Oxalate, Using the 
Control Mode 

Time of ultrasonic Powder-aggregate-size 
treatment distribution (nm) 

Without treatment 250-600 
1 min 180-230 
5 min 10&140 

15 min 70-100 
30 min 70-90 

heating crystallizes at a high temperature (Table HI), and the 
particle size of such powders is large, in comparison with the finest 
powder that is obtained using linear heating. However, the oppor- 
tunity to obtain powder that is stable in the temperature range 
440°-6400C makes this controlled processing very practical. 

The possibility of dispersing soft aggregates using microtip 
ultrasonic treatment also was studied (see Table VI). Such treat- 
ment is important to obtain a uniform colloid, which is required to 
obtain a green compact with uniform particle distribution via slip 
casting. A treatment of 10-15 min is concluded to be optimal for 
dispersion, and longer treatment times are concluded to be inef- 
fec tive. 

IV. Summary 

A nontraditional methodology to synthesize nanosized zirconia 
powder through oxalate processing has been explained. The 
process of zirconium oxalate synthesis has been optimized. Fine 
oxalate powder, with a surface area of 196 m2/g, has been obtained 
and analyzed via thermogravimetry and differential thermal anal- 
ysis. The methodology of nonisothermal oxalate decomposition to 
obtain nanopowders with narrow particle-size and aggregate-size 
distributions has been discussed. Data for the synthesis of zirconia 
powders in linear heating regimes have been included. Controlled 
nonlinear heating modes have been developed and optimized to 
obtain zirconia nanopowder with a particle size of 8-10 nm and 
aggregates 70-90 nm in size. Such limited aggregation can be 
achieved over a broad range of temperatures. 

This methodology is useful to obtain nanopowders, which can 
be used for further colloidal processing, such as pressure filtration 
and slip casting. The oxalate process is useful for the synthesis of 
zirconia nanopowder, as well as stabilized and composite fine 
powders with precise stoichiometry and a low degree of aggrega- 
tion. 
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Calcium- and Lanthanum-Modified Lead Titanate (PCLT) Ceramic and 

PCLT/Vinylidene Fluoride-Trifluoroethylene 013 Nanocomposites 

Q. Q. Zhang, H. L. W. Chan, Q. F. Zhou, and C. L. Choy 
Department of Applied Physics and Materials Research Center, Hong Kong Polytechnic University, 

Hung Hom, Kowloon, Hong Kong 

Calcium- and lanthanum-modified lead titanate (PCLT) pow- 
ders with size in the nanometer range were prepared by a 
sol-gel process. The PCLT gel was annealed at 850°C to 
produce powder with an average particle diameter of 80 nm. A 
dense and fine-grained PCLT ceramic, with grain size of -0.7 
pm, was prepared by sintering the sol-gel-derived powder at 
115OoC. The piezoelectric and pyroelectric properties of the 
E L T  ceramic varied linearly with the degree of poling in the 
ceramic. PCLT/vinylidene fluoride-trifluoroethylene (P(VDF- 
TrFE)) 0-3 nanocomposites with PCLT volume fractions of 
0.1-0.5 were fabricated, using PCLT powders imbedded in 
a P(VDF-TrFE) matrix. The ceramic data were used to 
model the piezoelectric and pyroelectric properties of the 
PCLT/P(VDF-TrFE) composites, and good agreements were 
obtained. 

1. Introduction 

EAD TITANATE (PT) is an important ferroelectric ceramic for L yroelectric and acoustic sensor applications. When PT is 
modified with lanthanum or calcium to form PLT or PCT, the 
permittivity (E) increases and the Curie temperature (T,) and 
tetragonality decrease. Moreover, the coercive field drops, and the 
pyroelectric coefficient exceeds that of In the conventional 
mixed-oxide method, the PCLT particles formed by ball milling 
and calcination at high temperature are too large for thin-film 
integrated sensor applications. Recently, the sol-gel process has 
attracted considerable interest, because it can be used to prepare 
nanocrystalline powders and large-area homogeneous thin films at 
a relatively low We are interested in determining 
the properties of lanthanum- and calcium-modified PT (PCLT), 
because we have incorporated PCLT nanocrystalline powders into 
a vinylidene fluoride-trifluoroethylene (P(VDF-TrFE)) copolymer 
to form 0-3 nanocomposites for integrated pyroelectric sensor 
applications.' Data for the PCLT ceramic are required for model- 
ing the properties of the PCLT/P(VDF-TrFE) composites. 

In this study, PCLT nanocrystalline powder was prepared by a 
sol-gel process. The ceramic was formed by sintering the nano- 
crystalline powder at various temperatures. The dielectric perrnit- 
tivity and the piezoelectric and pyroelectric properties of the PCLT 
ceramic were measured and modeled. The piezoelectric coeffi- 
cient, d33c, and pyroelectric coefficient, pc, of the ceramic (sub- 
script "c" denotes the ceramic phase) were measured, as a function 
of the degree of poling, ac, in the ceramic. 0-3 composites were 
fabricated, and the ceramic phase inside the composites was poled 
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and the piezoelectric and pyroelectric properties of the composites 
measured. 

11. Experimental Procedure 

PCLT nanocrystalline powders ( ( P ~ o . " C ~ . , L ; ~ . O ~ ) T ~ , , ~ , )  
were prepared' using the procedure shown in Fig. 1. Lead acetate 
trihydrate (Pb(CH,C00),0.3H20) and lanthanum nitrate 
(La(NO,),*nH,O) were dissolved in methanol (CH,OH) at 7OoC, 
and calcium acetate (Ca(CH,COO),*nH,O) was dissolved in 
deionized water, also at 70°C. After these two solutions had been 
mixed in a reaction flask, under stirring, CH,COOH and CSH802 
were added to the solution, to prevent partial hydrolysis. The 
mixture was cooled to 50°C, a stoichiometric amount of tetrabutyl 
titanate (Ti(OC,H,),) was added, and the solution was refluxed at 
70°C for -3 h. The solution was then cooled to room temperature, 
under stirring, for 2 h, thereby forming a Pb-Ca-La-Ti complex 
solution. A gel was obtained by controlling the hydrolysis condi- 
tion of the PCLT solution, in which the pH was adjusted to - 1  1 
by adding water, ammonia, and alcohol. The gel was dried at 
100°C for 24 h and then heated to a designated temperature, to 
produce PCLT powder. In our previous study' on the characteris- 
tics of PCLT powders produced by different annealing tempera- 
tures, we found that the (002) and (200) peaks in the X-ray 
diffraction pattern were well split when the gel was annealed at 
85OoC, indicating that tetragonal crystallites had formed. The 
PCLT powder used in subsequent study was annealed at 850°C 

Lead acetate trihydrate 
and lanthanum nitrate 
dissolved in methanol 

1 Heated at 70°C 

Calcium acetate 
dissolved in &ionized 

-1 Mixing with CH3COOH 

I Stirring 

Add tetrabutyl titanate 

IHydrolyzed and precipitation I 
Dryand anneal 

I PCLT powder 

Fig. 1. Flow chart showing the procedure for preparing PCLT nanocrys- 
talline powder by the sol-gel process. 
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Fig. 2. SEM photographs of the fractured surface of PCLT ceramic sintered at (a) 1 loo", (b) 1 150", (c) 1200", and (d) 1250°C. 

and had an average particle diameter of -80 nm, as determined 
using a particle-size-distribution analyzer (Model No. Capa-700, 
Horiba, Ltd., Tokyo, Japan). 

The PCLT powder was mixed with a binder and pressed into 
disk-shaped samples. Each disk was heated to -70O0C, to remove 
the binder, and then placed in a sealed alumina crucible with some 
PCLT powder in it and sintered at 1 looo, 1 150°, 120O0, or 1250°C 
for 2 h, after which the samples were polished. The resulting disks 
were -0.32 mm thick and 8 mm in diameter. 

To prepare 0-3 composites, P(VDF-TrFE) 70/30 mol% copoly- 
mer (T, = 105OC, from Piezotech S.A., Saint-Louis, France) was 
dissolved in methyl-ethyl ketone, and a suitable amount of PCLT 
nanocrystalline powder then was blended into the solution. The 
powder in the mixture was dispersed in an ultrasonic bath before 
it was poured onto a petri dish. After the solvent had evaporated, 
the mixture was molded into a 0.2 mm thick sheet, by pressing at 
200°C at a pressure of 50 kg/mm.2 Square samples (10 mm X 10 
mm) were cut from the sheet. Composites with a PCLT volume 
fraction, +, of 0.1-0.5 were fabricated. 

The fractured surfaces of the ceramic and composite samples 
were examined by scanning electron microscopy (SEM; Model 
No. Stereoscan 440, Leica Cambridge, Cambridge, U.K.). The 
degree of poling in the PCLT ceramic and the composite was 
measured by X-ray diffractometry (XRD; X'pert XRD system, 
Philips Analytical Products, Almelo, The Netherlands) with 
nickel-filtered CuKa radiation. For electrical measurements, air- 
dried silver-paint electrodes were applied to both sides of the 
PCLT ceramic and the composite samples. The relative permittiv- 
ity of the samples was measured at 1 kHz, using an impedance 
analyzer (Model No. HP4194A, Hewlett-Packard Co., Pal0 Alto, 

I08 

CA). The PCLT and composite samples were poled, by applying a 
dc voltage; the piezoelectric coefficient was measured, using a 
piezo d33 tester (Model No. Pennebaker 8000, American Piezo- 
Ceramic, Ltd., Mackeyville, PA), and the pyroelectric coefficient 
was measured, using a digital integration technique? The mea- 
sured pyroelectric coefficient contains the contributions from both 
the primary and the secondary pyroelectric effects, because these 
two effects are hard to separate. 

111. Results and Discussion 
(1) Microstructure and Properties of the PCLT Ceramic 

Figure 2 shows SEM photographs of the fracture surfaces of the 
PCLT samples sintered at various temperatures. The sample 
sintered at 1250°C has the largest grain size; the sample sintered at 
1 150°C has an average grain size of -0.7 Fm, which is finer than 
the grain size of the ceramic prepared by the mixed-oxide 
technique (usually -3-5 pm). 

The PCLT samples were poled in an oil bath at 120°C, with 
various dc voltages, and the electric parameters were measured 
after the samples had been short-circuited and annealed for 17 h at 
50°C. The ceramic degree of poling, a,, was calculated from the 
peak height of the (200) and (002) X-ray reflections associated 
with the PCLT poled at 120°C under various poling fields, E, using 
the relation: ' O  

where and are the intensities of the (200) and (002) 
peaks after poling and and the intensities before poling. 
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Fig. 3. Piezoelectric coefficient, d3%, of PCLT ceramic sintered at 
1150°C. as a function of the degree of poling, a, ((m) experimental data: 
(-) best fit). 
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For the PCLT ceramic sintered at 1150°C and poled at 120°C, 
under a field of 6.8 kV/mm, a, = 0.68. This ceramic also has the 
lowest permittivity (436) and the highest piezoelectric (79 $/N) 
and pyroelectric (330 pC/m2K) coefficients. Variation of the 
room-temperature piezoelectric and pyroelectric coefficient of the 
PCLT sintered at I l5OoC, as a function of a,, is shown in Figs. 3 
and 4, and a direct proportional relationship is observed. When 
fully poled, the ceramic should have d33c = 116 pC/N and p ,  = 
485 pC/m2K. These data are used in subsequent composite 
modeling. 

- 

- 

- 
- 

- 

(2) Microstructure and Properties of the 
PCLTIP(VDF-TrFE) 0-3 Composites 

Figure 5 is an SEM photograph of the fracture surface of a 
PCLT/P(VDF-TrFE) nanocomposite with a 0.23 volume fraction 
of ceramic. The PCLT particles are roughly spherical and dis- 
persed rather uniformly inside the polymer matrix, and no large 
agglomerations can be observed. The permittivity of the compos- 
ites can be modeled by the Bruggeman equation,"*'2 

(2) 

where 4 is the volume fraction of the ceramic, and the subscripts 
"c" and "p" denote the ceramic and the copolymer phase, respec- 
tively. Figure 6 shows the measured E value and the E value 
calculated using Eq. (2). with E,, = 13.2 (measured value) and E, 

= 303.5 (fitted value). The E, value that gives a best fit to the 

(E, - & ) / ( & ) ' I 3  = ( 1  - @)(E, - EP)/(Ep)'I3 
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Fig. 4. Pyroelectric coefficient, p,.  of PCLT ceramic sintered at 1 150°C 
as a function of the degree of poling, a, ((m) experimental data: (-) best 
fit). 
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Fig. 5. SEM photograph of the fractured surface of PCLT/P(VDF-TrFE) 
composite with 4 = 0.23. 

experimental data is different from that measured for the PCLT 
bulk ceramic (E, = 436 for E L T  sintered at 1150°C). This result 
shows that the permittivity of ceramic powder differs from that of 
the bulk ceramic, presumably because of the lack of large domains 
and grain boundaries when the ceramic is in a powder form. 

The composites were next poled at 12OOC in an oil bath, under 
various electric fields. The local field experienced by the ceramic 
particles inside the polymer matrix can be estimated by LEE, and 
the local field coefficient, LE, is given by:I3 

(3) LE = 3 ~ / ( 2 ~  + E,) 

where E, and E are the permittivity of the ceramic and the 
composite, respectively. The values of E that the composite can 
withstand without breakdown decrease with @ and are shown in 
Table I, together with the calculated a, (by Eq. (1)) and LE (by Eq. 
(3). using E, = 303.5). The field was maintained for 2 h at 120°C, 
to pole the ceramic, and then switched off before the sample was 
cooled to room temperature. Because the field was switched off at 
12OoC, which is above the T, value of the copolymer (105°C) 
while it is still in a paraelectric phase, the copolymer phase should 
have remained unpoled and the composites should have had only 
the ceramic phase poled. To further confirm this phenomenon, a 
piece of copolymer was poled using a similar procedure, and no 
observable piezoelectric and pyroelec tric properties were detected. 

For 0-3 composites with a passive matrix, Yamazaki and 
Kitayama" and Yamada et d . 1 4  used the following equations to 
estimate d,, and p :  

I 1  * t . l . l . l . l l  

0 .o 0.2 0.4 0.6 0.6 1 .o 

Fig. 6. Relative permittivity, E, of the composite, as a function of ceramic 
volume fraction, 4 ((m) measured data; (-) best fit, using the Bruggeman 
model, with E, = 303.5). 
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Table I. Properties of 
PCLT/P(VDF-TrFE) Composites with 

Various Volume Fractions of 
Ceramic (4) 

0.09 59 0.708 0.157 
0.15 51 0.834 0.176 
0.23 48 0.8 19 0.220 
0.36 43 0.886 0.302 
0.5 1 38 0.87 1 0.436 

P = +a&L,Pc 

(4) 

Here, LE is the local field coefficient, given by Eq. (3). For $ = 
1, the values ac&, = 79 pC/N and a s c  = 330 FC/m2K are used. 
Figures 7 and 8 show that the measured data and the calculated 
values agree quite well. 

IV. Conclusions 

PCLT nanocrystalline powder was prepared using a sol-gel 
process. Dense E L T  ceramics with fine grain sizes were obtained 
by sintering the powder at various temperatures. The permittivity 
and piezoelectric and pyroelectric coefficients of the PCLT ce- 
ramic sintered at 1150°C were used as a reference in modeling the 
properties of PCLT/P(VDF-TrFE) 0-3 composites. The permittiv- 
ity of the ceramic powder obtained from fitting the data to the 
Bruggeman equation was smaller than that measured in the bulk 
ceramic. The measured values of the piezoelectric and pyroelectric 
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0 
Fig. 7. Piezoelectric coefficient, d33, of the composite, as a function of 
ceramic volume fraction, $ ((B) measured data; (-) curve calculated using 
Eq. (4)). 
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Fig. 8. Pyroelectric coefficient, p, of the composite, as a function of 
ceramic volume fraction, (b ((m) measured data: (-) curve calculated using 
Eq. (5)).  

coefficients agreed quite well with the calculated values. Work is 
in progress toward developing theoretical models to predict the 
properties of 0-3 composites with both phases ferroelectric, and 
those results will be reported in the near future. 
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ABSTRACT 
Powders of composition xZr02-( 1 -x)Fe20, were prepared by several methods 

such as high-energy ball milling, co-precipitation and hydrazine methods. This 
paper presents the effect of the preparation methods and annealing temperatures 
on the ethanol gas sensitivity. Noble metals such as Pt and Pd were added in order 
to examine the effects on ethanol gas sensitivity. Sensors based on lwt.% Pt + 
xZrO2- (1 -x)Fe20, demonstrated an excellent sensing performance at 230 O C  for 
1000 ppm of ethanol. The gas-sensing behavior of these materials to various 
reducing gases like CO, CH4 and H2 was also studied. This sensor showed good 
selectivity toward ethanol and thus could effectively be used as a breath sensor. 

INTRODUCTION 
Nano materials is a broad and interdisciplinary area of research that has seen 

tremendous growth in the past several years. Recent interest in nano-structured 
materials has been stimulated by the work of Gleiter' on materials produced by 
the gas condensation method. The method of high-energy ball milling has also 
received significant attention in recent years for nano particle formation. The 
nano-crystalline materials are usuaIly considered to be of meta-stable nature due 
to high interfacial and grain boundary energies. Hence their structure and 
properties depend on the preparation method, as well as the time-temperature 
history. They show distinct properties due to different atomic structures in the 
interfacial region.2 When the size of the crystals becomes smaller than a critical 
value, the property changes can be dramatic leading to the possibility of creating 
materials with unusual functionality engineered through size c0ntr0l.~ Nano- 
crystals have been prepared for many years by chemical means such as sol-gel, 
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hydrothermal, and precipitation techniques.495 The size of the grains in a nano- 
structured material has pronounced effects on many of its properties, the best 
known being the increase in strength and hardness. This dependence of properties 
on grain size is of utmost importance in the control of material synthesis and 
processing. 

Fine particles of ferrites have been of interest due to their applications in the 
preparation of high-density ferrite cores, as suspension materials in ferromagnetic 
liquids, and as catalysts. Among these, iron oxides in particular are 
technologically useful as pigments and semiconductors, and also for their 
magnetic properties.6 The stability and semiconducting properties of a-Fe203 
allows it to be used as a photo Semiconducting thick films of Fe203 
have been studied earlier as a sensor for C h ,  H2 and NH3.9 Cantalini et al."*" 
have also reported a-FezO3 based gas sensors. Dong et have prepared nano- 
sized particles of pure y-Fe2O3 by H2-Ar arc plasma. Thick films of these sensors 
were shown to be sensitive to NH3. Zeng et al. have studied hi stability ?-Fe203 
as a possible gas sensor for detecting several reducing gases @ SnOz-Fe203 thin 
films have also been reported as effective humidity sensor.14 Some researchers 
also reported tin doped a-Fe2O3 systems for sensing CHs, CO g a s e ~ . ' ~ " ~  This 
paper reports sensing performance of xZr02-( 1 -x)Fe20, systems. 

EXPERIMENTAL 
Zirconia (0.1 M) doped iron oxide (0.9 M) was prepared by high-energy ball 

milling fiom a mixture of hematite (a-FezO3) (Alfa, 99.9 %) and zirconia (m- 
21-02) (Alfa, 99.9 %) as explained in our earlier paper.I7 In the co-precipitation 
method, 0.9M iron nitrate, (Fe(N03)3. 9H20 (Merck, 99 %) and 0.1M zirconium 
tetra chloride, ZrCb (Aldrich, 99 %) were taken and dissolved in deionized water 
(18 MQ). Ammonia (25 %) solution was added slowly drop by drop to the above 
mixture solution with continuous stirring. The pH value was adjusted to around 
7.5 so as to obtain a complete precipitation. The stirring was then stopped and the 
precipitate was allowed to settle. The products were removed fiom the filtration 
and washed with deionized water until no nitrate and chloride ions were detected 
by a brown ring test and silver nitrate solution. The products were dried in an 
oven at 120 O C  for overnight. 

In the hydrazine method, 0.9M femc nitrate nano hydrate (Fe(N0&9HzO, 
0.1M zirconium tetra chloride (zrc14) and hydrazine mono hydrate ((NI.I2)2H20) 
(TCI, 98%) were used as the starting materials. Ferric nitrate and zirconium tetra 
chloride solution were prepared by dissolving above amounts in 0.1M of 
deionized water (18 Mn). This aqueous solution (pH=1.86) was poured in a 
beaker and was stirred on a magnetic stirrer at 60 OC for 30 minutes. Hydrazine 
monohydrate 0.8M was added slowly to the nitrate solution through a pipette by 
maintaining a constant stirring until the resulting precipitate reached to pH= 8.18 
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The precipitate was separated by filtering, washed more than 15 times in 
deionized water to remove the adsorbed hydrazine, chloride and nitrate ions, and 
then dried in air. The details of the preparation procedure for these three routes 
are shown in Figure 1. 

2Fe(N03h. 9H20 + ZrCl, 
dissolved in distilled H 2 0  I 

1 

N2H4.H20 (hydrazine) 1 ONH4OH 

Fe(OH)3 +Zr(OH)4 + NH4N03 + NH4Cl + H20 + 
Fe203+Zr02 

a-Fe203 + ZrO2 

I 
TG/DTA, XRD 

1. High-energy ball milling 
2. CO precipitation 

+ 120 hrs HEBM 
Grinding & slunying + 3. Hydrazine reduction 

Application of paste on Alumina 
1 

Heat treatment at 400 "C/l hr 

Gas sensing characteristics 

Figure 1. Flow-chart for the preparation of the sensor device: (1) high 
energy ball milling; (2) co-precipitation and (3) hydrazine reduction. 

Thoroughly washed and dried material was then subjected to thermal 
gravimetric-differential thermal analysis (TGADTA) and X-ray diffraction 
(XRD). Perkin-Elemer TGA-7 and DTA-7 were used to measure the thermal 
properties of the materials. TGDTA was conducted in air at a heating rate of 10 
OC/min in the temperature range from the room temperature (RT) up to 1000 'C; 
a-Al203 was used as the reference. These materials were studied by using a 
Rigaku X-ray difiactometer (CuK, radiation, h=1.5406 A). Pastes of these 
materials were prepared using a commercial organic vehicle 400 (fiom ESL) and 
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screen-printed onto A1203 substrates with inter-digital Au electrodes. The samples 
were then annealed at temperatures from 400 OC to 600 OC for an hour in air. The 
gas sensing properties were measured by using a computer-controlled gas sensing 
characterization system. 

RESULTS AND DISCUSSION 
Characterization of Material 

Figure 2(a) shows the TGA-DTA curves of as-prepared xZr02-( 1 -x)Fe203 
material by high energy ball-milling method. There is a small weight loss (loss of 
surface water) observed from RT up to about 850 OC. At 850 OC, a significant 
weight loss was observed with a total loss of about 8 %. The DTA data shows a 
small endothermic peak around 850 O C  consistent with TGA data. 

The TGA data of as prepared powder by the co-precipitation method shows a 
total loss of 9 % on heating (Figure 2b). The weight loss amounting to 3.5% from 
RT up to 100 O C  is due to the loss of surface water. The rest of the weight loss up 
to 300 "C is due to the loss of hydroxyl groups from the powder. The DTA data 
shows the associated endothermic peaks at 100 O C  and 255 O C ,  respectively. It 
also shows a sharp exothennic peak at 340 'C, which is attributed to a change 
from the amorphous to the crystalline phase. 

The TG-DTA data of xZrO2-( 1 -x)FezO3 prepared from hydrazine is shown in 
Figure 2(c). An endothermic peak appears at 103 O C  representing the loss of 
surface water. An exothermic peak appears at 273 OC that corresponds to a phase 
change from Fe203 (Maghemite-Q) to a-FezO3. Note that the endothennic peak 
associated with the loss of hydroxyl group is missing because this method directly 
produces oxides. Another small exothermic peak observed at 725 O C  without any 
associated change in the weight loss may be due to phase transformation in ZrO2. 

The XRD patterns for the mechanically alloyed xZr02-( 1 -x)Fe203 samples are 
shown in Figure 3a, for x = 0.1. All the peaks match with the hematite (a-Fe203) 
phase. With the increase of milling time, the peaks broaden due to the decrease in 
the grain size. For particles milled for 2 hrs, the particle size reduced down to 
about 25 nm. From the XRD peaks of 120 hrs milled powders, the average 
crystallite size calculated using Scherrer fo~mula'~ is about 8 nm. 

The XRD patterns of FezO3-ZrOz prepared by the co-precipitation method and 
calcined at 120 OC for 12 hrs, 350 OC 2 hrs. and 500 OC for 2 hrs are shown in 
Figure 3b. While the sample calcined at 120 OC shows an amorphous behavior, 
samples calcined above 350 O C  exhibit a crystalline phase with peaks matching 
with the reported phase of hematite (JCPDS card No. 33-664). From the XRD 
peaks, the estimated average crystallite size is - 177.3A. Figure 3 (c) shows XRD 
patterns of xZrOz-( l-x)Fe203 that are treated at different temperatures. From RT 
up to 300 "C, it shows only the Maghemite-Q phase with tetragonal structure 
(Card No. 25-1402). Increase in the calcination temperature above 300 *C leads to 
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the appearance of the a-Fe2O3 peaks. The average crystallite size calculated using 
Scherrer formula is about 82 nm. 
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Figure 2 TGA-DTA data of xZrO2- 
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Figure 3 XRD patterns of xZrO2- 
( 1 -x)Fe203 prepared by: (a) high-energy 
ball milling; (b) co-precipitation; and 
hydrazine reduction method. 

(l-x)Fe203 prepared by: (a) high- 
energy ball milling; (b) co-precipitation; 
and (c) hydrazine method. (a: a -Fe2O3, 
y: y-Fe203 and Q: Maghemite). 
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Gas Sensing Characteristics of High-Energy Bull Mifling Muteriaf 
The gas sensitivity (S) is defined as the ratio of the resistance of the sensor in 

air (&) to that in the test gas (Rg). We first examined the effect of different weight 
percentages of Zr02 on gas sensing properties. It was found that 10 wt.% ZrO2 
doped Fe203 sensor had a much better sensitivity to ethanol gas than a single 
phase Fe203 based sensor. Hence, all the sensing measurements were conducted 
on samples with x = 0.1. 

140 160 180 200 220 240 260 280 300: 
Operating Temperature/ .C 

!o 

Figure 4 Sensitivity vs. the operating temperature of x ZrO2-( 1-x) Fe203 for 
vargin and Pt impregnated samples by high-energy ball milling. 

Figure 4 shows the sensitivity of the virgin and different weight percentages 
of Pt impregnated material as a h c t i o n  of the operating temperature. 
Corresponding amounts of Pt chlorides were impregnated in x ZrO2-( 1 -x)Fe~O3 
followed by high-energy ball milling as described above. This device was 
annealed at 400 "C for 1 hr. before sensing measurements. The sample with 1 
wt.% Pt showed the maximum sensitivity (- 41 6) for 1000 ppm ethanol vapor at 
230 'C. We also tried Pd impregnated samples, but Pt gave better response. 
Hence, for further studies, we selected the lwt. YO Pt sample. 

Figure 5 shows the sensitivity versus the operating temperature for different 
milling hours from 40 to 120. The sensitivity increases with increase in milling 
time since longer milling produces finer particles providing higher surface area 
for gas sensing. For the same reason, samples calcined at lower temperatures 
showed better sensitivity. For these samples, the optimum operating temperature 
was found to be 230 "C. 

Figure 6 shows the sensitivity of xZr02-(1-~)Fe203 to various test gases as a 
function of the operating temperature. It is seen that the sensor exhibits good 
selectivity by sensing only ethanol vapor at an operating temperature of 230 "C in 
the presence of other interfering gases like C&, CO and H2. 
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Figure 5 Sensitivity vs. operating temperature of x ZrO2-( 1 -x) Fe203 + 1 wt% 
Pt for different milling hours. 

operating t-ratureloc 

Figure 6 Sensitivity vs. operating temperature for x ZrO2-( 1 -x) Fe203 + 1 wt% Pt 
with different reducing gases. 

Gas Sensing Characteristics of xZrOt(1 -x) a-Fe203 Prepared by the Co- 
Precipitation Method 

Figure 7 shows sensitivity versus the operating temperature of virgin and 1 
wt.% Pt impregnated ZrO24 1 -x)FezO3 material prepared by the co-precipitation 
method. For the virgin sample the maximum sensitivity is around 170, but the Pt 
sample shows a maximum value of 486 at 230 'C. So we optimized the 
composition at 1 wt% Pt and varied the annealing temperature. Figure 8 shows the 
sensitivity versus the operating temperature for samples annealed at different 
temperatures from 400 'C to 600 'C. It is clearly seen that there is not much 
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difference in sensitivity with the annealing temperature, presumably because the 
crystallite size doesn't change. 

140 160 180 200 220 240 260 280 300 3 
OperatingtenpefatlJrdOC 

10 

Figure 7 Sensitivity vs. operating temperature of x ZrOz-(l-x) Fez03 + 1 wt% Pt 
prepared by co-precipitation for 1000 ppm ethanol. 

Figure 8 Sensitivity to 1000 ppm ethanol as a h c t i o n  of the operating 
temperature for xZrO2-( 1 -x)Fe203 + 1 wt.% Pt (co-precipitation), annealed at 400, 
500 and 600 O C  for 1 hour. 
Gas Sensing Characteristics of xZrOr(I -x) Fez03 Prepared by Hydrazine Method 

Figure 9 shows the sensitivity versus the operating temperature of virgin and 1 
wt.% Pt impregnated ZrOr(1-x) Fe203 material prepared from the hydrazine 
method. It is clearly observed that there is not much difference in sensitivity 
between virgin and Pt incorporated sample. Here we observed a maximum 
sensitivity of 600 at 230 O C  for virgin and 800 for the Pt impregnated sample. 
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These values are much higher compared to those of the ball milling and co- 
precipitation methods. 

Figure 9 Sensitivity vs. operating temperature of x Zr02-( 1 -x) Fe203 + 1 wt% Pt 
prepared by hydrazine reduction for 1000 ppm ethanol. 

Figure 10 Current vs. time response of sensors prepared hydrazine reduction for 
different concentrations of ethanol at 230 "C. 

Figure 10 shows the relationship between the sensitivity and the ethanol vapor 
concentration for the sensor operating at 230 'C. The sensitivity for 50 ppm 
ethanol is as high as 160. It was also observed that the sensor senses even less 
than 10 ppm with a substantial sensitivity. Figure 11 shows the sensitivity versus 
time for 1000 ppm ethanol showing a very fast response time and a sluggish 
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recovery. Finally, all the three methods for ethanol sensing are compared in a 
single graph as shown in Figure 12. From this graph we can conclude that xZrO2- 
(1-x)FezO~ prepared by the hydrazine method gives the best results as an ethanol 
sensor compared to the other methods. 

Figure 1 1 The response and recovery behavior of the xZr02-(1-x)FezOs+ 1 wt% 
Pt (hydrazine reduction) sensor to 1000 ppm ethanol at 230 *C. 

Figure 12 Comparison of the sensing behavior of x ZrO2-(Lx)Fe203 + 1 wt. % Pt 
in 1000 ppm ethanol. 

CONCLUSIONS 
Nano powders of xZr02-( 1 -x)Fe203 prepared from hydrazine reduction 

method produces maghemite-Q (Fe203) which shows better sensitivity towards 
ethanol. The doping of Pt (1.0 wt%) produces a remarkable improvement in 
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sensitivity. It shows good sensitivity even at c 50 ppm with sufficient sensitivity. 
It is also highly selective compared to other interfering gases like CH4, CO and 
H2. The maximum sensitivity of RJRg - 800 is observed for sensor annealed at 
400 OC for 1 hr and an operating temperature of 230 “C. 
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INVESTIGATION OF NI-CU-ZN FERIUTE WITH HIGH PERFORMANCE 
DERIVED FROM NANO FERRITE POWDERS 

Xiaohui Wang, Weiguo Qu, Longtu Li, Zhilun Gui, Ji Zhou 
State Key Lab of New Ceramic & Fine Processing 
Department of Materials Science & Engineering 
Tsinghua University 
Beijing, 100084, P. R. China 

ABSTRACT 
( N ~ o . ~ C U O . ~ Z ~ . ~ O ) ~  .01 (Fez03)o.w nanocrystalline powders were synthesized by 

a citrate precursor method. The nanocrystals with grain sizes in the range fiom 
lOnm to 60nm were obtained at various calcining temperatures. Because of 
excellent sintering activity, the nanocrystals can be sintered below 900 'c without 
the addition of sintering aids. The sintered body possesses fine-grained 
microstructure, showing high initial permeability up to 700 with high DC 
resistivity of 109 - 10" ohm cm. Influences of initial particle size as well 8s 

sintering temperature on microstructures and properties of sintered body were 
studied. The results show that the nanocrystalline Ni-Cu-Zn ferrite is a promising 
material for high frequency MLCI application. 

INTRODUCTION 
In the past ten years, with the development of surface mounting technology, 

great progresses have been made in the miniaturization of electromagnetic 
components. As one of the most important media materials, Ni-Cu-Zn ferrite has 
been commercially used to manufacture multilayer chip inductor in high fiequency 
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region. In order to be cofired with the inner electrode (usually Ag is the most 
suitable internal contact material with a melting point of 961'c), Ni-Cu-Zn ferrite 
must be sintered below 900%. The normal way to lower the sintering temperature 
is using sintering aids such as BizO3, V205 etc, which usually does great harm to 
the magnetic property of the ceramics acquired [Io4]. Ultrafine Ni-Cu-Zn ferrite with 
uniform composition, small grain size and narrow size distribution is expected to 
realize low-temperature sintering and attain ideal magnetic property at the same 
time ['I. 
Many methods have been developed to prepare ultrafine powder including CO 

-precipitation, hydro-thermal method, peptization method, sol-gel method, crystal 
glass method, metallorganics hydrolyse method, microlatex method and so on . 
In this paper, Ni-Cu-Zn ferrite nanocrystals with a composition of 
(Nio.2Cuo.2Zno.60)1 .ol(Fe203)0.99 were prepared via a citrate precursor method. The 
Ni-CuZn ferrite nanocrystals with different grain sizes were obtained by 
controlling the heat-treatment conditions. The crystalline structures, sintering 
ability and magnetic properties of these powders were investigated. 

[6-10] 

EXPERIMENTAL PROCEDURE 
Sample Preparation 

The starting materials were iron nitrate, nickel acetate, copper acetate and citric 
acid. Firstly, iron nitrate was dissolved in distilled water before being precipitated 
by a ammonia solution to form Fe(OH)3. Filtered, washed, the fresh Fe(OH)3 
precipitate was dissolved into hot citric acid solution at 60-80'C in the ratio of 1 : 1 
of Fe: citric acid, and a transparent solution was obtained. Then, nickel and copper 
acetate were added in stoichiometric quantities in the above solution to give the 
required composition. After that appropriate ammonia was drop into the above sol 
until it was neutral or slightly alkaline (pH=6-8). AAer heating at 125%, dried gel 
were obtained. Finally, the gel was ignited or heat treated at 600°C, 700% and 
800 "C for 4h, respectively , resulting Ni-Cu-Zn nanocrystals with different grain 
sizes. 

The nanocrystalline powders were pre-milled and pressed into disks (lOmm in 
diameter and 1 .Omm thickness) and toroidal samples (20mm outside diameter, 
l h m  inside diameter and 3mm thickness) with the addition of 5wto/o PVA as 
lubricant. The ceramic samples sintered at 870--890°Cwere used for magnetic 
property measurements. 
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The crystalline structures were determined by a Rigaku Powder X-Ray 
diffractorneter using Fe K, radiation. The morphology and grain size of the 
nanocrystalline powders were observed using a JEM-2OOCX transmission electron 
microscopy (TEM). The magnetic properties of the ceramics were measured using 
an HP 4194A Low Impedance Analyzer. The DC resistivity of the ceramic was 
determined using an HP 4040B Micro-amperemeter. The microstructures of the 
ceramics were investigated using a Zeiss CSM-950 scanning electron microscopy 
(SEW. 
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Figure 1. XRD patterns of nanocrystalline powders 

ignited or heat-treated at different temperatures 

Figure 1 shows XRD patterns of nanocrystailine powders ignited or calcined at 
different temperatures. It is obvious that a single spine1 phase was formed for all 
the powders, and the intensity of XRD peaks increased with increasing calcination 
temperature indicating that the crystals had been developed with 
heat-treatment temperature. 

Grain Size and Morphology 
The average grain sizes of the nonocrystalline Ni-Cu-Zn 

the increase of 

powders were 
calculated according to the full width at half maximum (FWHM) of the strongest 
peak ["I. Table I gives the average grain size data for all the powders. 
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Table I . The average grain sizes of the various powders 
I Samde No. I 1 I 2 I 3 I 4 I 

ignited Heat-treatment 
condition 600%/4h 70O0C/4h 800°C /4h 

i 

ll(XRD) 18(XRD) I 8(TEM) I 20(TEM) 
Average grain size 

(nm) 

Figure 2 shows the morphology of the nanocrystalline powders. The particles 
of all the powders were spherical in shape with uniform grain size. The grain sizes 
of the powders determined by TEM are also listed in table 1. With increasing 
heat-treatment temperature, the grains grew up. 

26(XRD) 
30(TEM) 

Figure 2 TEM photographs of ferrite nanocrystals 
(A) Ignited powder (1 50 000 X ) 
(€3) Powder calcined at 800% (50 000 X) 

Magnetic and Electrical Properties 
Due to the high surface area, the Ni-Cu-Zn nanocrystals prepared by this 

method show obviously excellent sintering activity. It could be sintered below 900 
'C without the addition of sintering aids, avoiding the relevant deterioration of 
properties caused by sintering aids. The ceramics produced fiom nanocrystalline 
powders displayed better magnetic and electrical properties in comparison with 
those made by conventional ceramics method. 

Permeability-fiquency characteristics: figure 3 shows fiequency-dependent 
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permeability curves of ceramic samples sintered at various temperatures. These 
ceramic samples are all derived fkom the powders calcined at 700°C. For 
comparison, a curve of ceramic prepared by conventional ceramics method is also 
presented in this figure. It is obvious that the initial permeability of the samples 
increased with the increasing sintering temperature. This could be explained by the 
effect of sintering temperature on the grain size. As the sintering temperature 
increases, the grains of the samples tend to grow and thus the domain rotation 
becomes much easier. The most important result is that the initial permeability of 
the sample sintered at 890% was about 700, which is really hard to be achieved 
using conventional ceramic method. 

Figure 4 gives the permeability-fiequency curves for the ceramics sintered at 
890°C derived fiom the powders calcined at different temperature (with various 
grain sizes). Obviously, the initial permeability does not change linearly with the 
increasing heat-treatment temperature. On the contrary, it increases first and then 
drops. 
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Figure 3 . Frequency-dependent permeability curves of samples sintered at 
different temperatures 
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The most preferable result can be acquired by the sample derived from the 
powder calcined at 700% with average grain size of 3Onm. This behavior can also 
be explained by the size effect of Ni-Cu-Zn nanocrystals. At the beginning, an 
increase in grain size of the nanocrystals can help to enlarge the ceramic grain size 
and reduce the resistance of domain rotation, thus increasing the initial 
permeability. But as the grain size of the nanocrystals increases further, the specific 
surface area and the surface activity decrease, which may lead to lower density of 
the sintered ceramic. That may be the reason for the drop of the initial permeability 
of the sample made from powders calcined at 800% with larger grain size (as 
shown in figure 4). 

800 1 

0 600 
* z 600 m 

400 ' 300 -'i 100 

Frequency (Hz) 

Figure 4. Frequency-dependent permeability curves of ceramics sintered at 
890% derived from powders calcined at different temperatures 

DCresistivitypmperty: an adequate DC resistivity of the ferrite is also 
required in manufacturing of MLCI so as to avoid "creeping" while electroplating, 
which may do great harm to the quality of components. Usually, DC resistivity of 
107- 10' ohm cm can be achieved by solid-state method which can hardly fit the 
requirement. Whereas, ceramics sintered from the nanocrystals prepared by this 
method show high DC resistivity of 109--10'0 ohm cm, which is much more 
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preferable for practical production and for the reliability of the components. Figure 
5 shows the SEM photos of the ceramic samples derived from the nanocrystals and 
that from usual powder prepared by solid-state method. It is obvious that the grains 
of the ceramic derived fiom nanocrystals are small, uniform and compacted with 
each other. As well known , the most important factor that affects the resistivity of 
ceramic is the proportion of grain boundaries in it. Obviously, this proportion is 
much higher for the ceramic derived fkom nanocrystals than that made by 
conventional method. That is why the ceramic sintered fkom the nanocrystals has 
much higher resistivity. 

(A) (B) 

nanocrystalline powder (5000 X ) 
powder prepared via a solid-state reaction (2000 X ) 

Figure 5.  SEM micrographs of ceramics derived fiom: 
(A) 
(B) 

CONCLUSIONS 
Ni-Cu-Zn ferrite nanocrystals were successfully prepared via a citrate 

precursor method. Low temperature (below 9006) sintering of Ni-Cu-Zn ferrite is 
realized without doping any sintering aids using the nanocrystalline powders. The 
magnetic and electrical properties of the ceramics derived fiorn the nanocrystals 
are much better than those prepared by a conventional ceramic method. Therefore, 
the nanocrystalline Ni-Cu-Zn ferrite is a promising material for high frequency 
MLCI application. 
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CRACK HEALING AND STRENGTH RECOVERY IN THERMALLY- 
SHOCKED SINTERED ALUMINA-SIC NANOCOMPOSITE 

S. Maensiri and Steve G. Roberts 
Department of Materials 
University of Oxford, Parks Road 
Oxford, OX1 3PH, UK. 

ABSTRACT 
The crack healing and strengthening of thermally-shock sintered alwnina and 

alumina/5vol.% Sic nanocomposite were studied. Thermal shock damage was 
introduced by quenching in water (18 * 2°C) fiom 373OC. The annealing was carried 
out in argon for 1-6 hours at 1300, 1500, and 1600°C. The damage and crack healing 
was characterised by measurements of strength in four-point bending. Annealing 
produced increases in strength in thermally shocked specimens of both materials 
towards the values for non-thermally shocked material, though this recovery was 
greater in the pure alumina than in the nanocomposite. 

INTRODUCTION 
Niihara' reported that annealing polished specimens at 1300°C for 2 h in Ar 

increased the bend strength of an alumind Sic nanocomposite from about 1000 MPa 
to 1500 MPa. This increase in strength of the nanocomposites by annealing is thought 
to be due to either i) the crack healing of near-surface cracks generated by machining 
the specimen, ii) the relaxation of local residual stress caused by the thermal 
expansion mismatch between matrix and Sic, and iii) subgrain boundary formation 
within the alumina matrix grains'. This annealing effect on the strength of alumind 
Sic nanocomposite has also been observed by other workers, but no other worker has 
yet achieved the high strength after annealin (up to 1500 MPa) reported by Niihara 
and his co-workers. Zhao and his co-workers , for example, have found an increase in 
the nanocomposite strength after grinding and then annealing in Ar at 1300°C for 2 h 
only fiom about 760 to 1000 MPa. Thompson et aZa3 and then Chou et aZ.4 have 

f 
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studied the crack healing behaviour caused by annealing, using Vickers indentations 
to generate precracks. It has been found3 that when the &03/5 vol.% Sic 
nanocomposites were annealed in Ar for 2 h at 13OO0C, partial healing of indentation 
cracks occurred. This result was suggested as being a possible explanation for the 
post-annealing strengthening behaviour of the nanocomposites as observed by 
Niihara' and Zhao et a[.? 

Wu et al? have also investigated annealing effects on how healing in 
nanocomposites using Herzian indentation and line-focus accoustic microscopy 
(LFM). These allow them to investigate the annealing behaviour of small machining- 
induced flaws in nanocomposite swfaces rather than of the very large indentation 
flaws studied by Thompson et aZO3 and Chou et al.? It was found that the strength of 
the nanocomposites after grinding and then annealing in Ar at 1250°C for 10 h 
increased fiom 400 to 700 MPa. Wu et al. proposed that a mechanism of crack 
healing in parallel with an oxidation reaction leads to a reduction in the surface flaw 
density and critical flaw size on annealing, giving rise to the high strength of the 
nanocomposites. Recently, Wu et aL6 investigated further the mechanisms of 
strengthening of A&/5 vol.% Sic nanocomposites after grinding and annealing 
using TEM of swface cross-sections. Their results confirmed that the annealing 
process led to surface crack healing. 

It has been demonstrated7"* that the deep surface cracking introduced by thermal 
shocking of polycrystalline ceramics can be eliminated by heat treatment. In the 
present paper, we investigate the crack healing and strengthening of thermally- 
shocked sintered alumina and alumina/5vol.%SiC nanocomposite. 

EXPERIMENTAL PROCEDURE 
The materials used in this study were pressureless-sintered alumina and 

alumina/5vol.%SiC nanocomposite. The experimental procedures used to 
manufacture these materials and to prepare the rectangular bar specimens (22.0 mm x 
3.0 mm x 2.5 mm) for 4-point bend tests have been described in detail el~ewhere'~. 
Specimen density was measured by 'Archimedes' method using distilled water. The 
average grain size of each material was measured using a standard line intercept 
technique fkom SEM micrographs of thermally etched polished surfaces. The basic 
properties of the materials investigated are summarised in Table 1. 

For the damage healing study, the specimens were initially thermally shocked by 
quenching in water (1 8 k 2OC) from 373OC. Sets of between three and five specimens 
were then annealed under flowing argon for various times at temperatures of 13OO0C, 
15OO0C, or 1600°C. The heating rate and the cooling rate were S"C/min and 15 
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"C/min, respectively. Tests were carried out on specimens of two suTf8ce finishes: (a) 
ground and (b) polished. Strength data were obtained fiom 4-pOint bend tests at room 
temperature. All tests were carried out on a conventional screw driven loading fiame 
(Instron, model 8561) with a cross-head displacement speed of 0.5 d m i n  using a 
four-point bending rig with an inner span of 6 mm and an outer span of 10 mm. The 
mean strength and standard deviation for each of the conditions studied was obtained 
using between three and six specimens. Flexurd strength measurements were also 
obtained on specimens with no thermal shock and no heat treatment, and with thermal 
shock but no heat treatment. 

Alumina 

Table 1 Properties of sintered materials investigated. 

condition (% theoretical) 
16OO0C/2 h 99.6 k 0.1 4.1 * 0.9 

Material I Sintering I Density 1 Grain size I 

I Nanocomposite I 17OO0C/2 h I 99.9 rf: 0.6 I 2.8 k 0.5 1 
RESULTS AND DISCUSSION 
Crack healing in specimens with no thermal shock 

Figure 1 shows the fracture strength of as-ground and as-polished alumina and 
alumina/5vol.%SiC nanocomposite after annealing. For annealing at 1 300°C, the 
strength of the as-ground alumina after annealing increased slightly when annealed, 
with no clear dependence on annealing time, whereas for the as-ground 
nanocomposite, there was a = 30 % strength decrease at 120 min, and a = 40 % 
increase at 360 min. No change in the strength after annealing was observed in the as- 
polished alumina, while a 10% increase in strength was found in the as-polished 
nanocomposite. However, no Wher increase in strength of the as-polished 
nanocomposite was seen after annealing beyond 120 min. 

After annealing at 1500°C, the strength of the as-ground alumina gradually 
increased with increasing annealing times and reached the highest strength when 
annealed for 120 min; it then gradually decreased for longer annealing times. The 
strength of the as-ground nanocomposites after annealing slightly increased when 
annealed for 60 min and then decreased with increasing annealing times. The strength 
of the as-polished alumina and the-as polished nanocomposites after annealing shows 
the same behaviour pattern as the as-ground alwnina although the strength of 
annealed as-polished nanocomposites was = 15% higher than that of the alumina. 
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Figure 1 Fracture strength of alumina ((a), (c), and (e)) and alumidSiC 
nanocomposite ((b), (d), and (0) after annealing unda flowing argon for various 
times at temperatures of 13Oo0C, 1500°C, and 16OOOC. 
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When specimens were annealed at 1600°C (the sinterhg temperature for 
alumina), the strength of the as-ground alumina gradually increased with increasing 
annealing times and reached the highest strength when annealed for 120 min; it then 
gradually decreased for longer annealing times. However, the strength of the fully 
annealed ground alumina was higher than that of the original unannealed one. The 
strength of the as-polished alumina after annealing shows the same behaviour. On the 
other hand, the strength of the as-polished nanocomposites after annealing decreased 
with increasing annealing times; the strength was lowest (= 50% lost) when annealed 
for 360 min. 

The increase in strength after annealing in both the alumina and the 
nanocomposite may be due to crack healing, leading to a reduction in the s d a c e  flaw 
density and critical flaw size. Recently, there have been numerous studies showing 

and the importance of crack healing as a strengthening mechanism in alumina 
alumindSiC nanwomposites.l" In the absence of chemical reactions, there are two 
crack healing mechanisms: (i) adhesion 
Adhesion describes the process of atomic rebonding across the interface as the 
hcture surface mate. The rate of crack healing depends on the kinetics of atomic 
rebonding?' Diffisional bonding is driven by variations in local surface curvature 
and requires long-range sudace rearrangement of material. The relative contribution 
of each mechanism to a crack-healing event is governed by their relative kinetics and 
consequently, by the conditions under which the crack is healing. At low or 
intermediate temperatures, when surface difksion is minimal, adhesion is the 
dominant crack-healing mechanism. For instance, there is evidence of partial 
microcrack healing in alumha even at room temperat~re.'~ In the current study, it is 
still unclear which of these two mechanisms was dominant at the annealing 
temperatures used here. 

In nanocomposites, oxidation of Sic particles has been also found to enhance 
such crack healing.' Despite the argon atmosphere used for annealing, a surface 
reaction product is visible, the amount of which increase with annealing time. This 
can be clearly seen in Figure 2, which shows oxidation of Sic particles at the surfaces 
of the nanocomposites. A low partial pressure of oxygen (pO2)  in the annealin 
m a c e  was thought to lead to the oxidation of Sic particles exposed on the s&ace: 

7-12, 14-19 

1, 9-12 and (ii) diffisional bonding. 8, 15-17 

B 
SiC(s) + Oz(g) => SiO(g) + CO(g) 
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This gaseous SiO can firther react with the exposed alumina and oxygen to form 
mullite or a mullite composition glass: 

2SiO(g) + 3&03(s) + 02(g) ==> 3Al203.2Si02(s) 

Figure 2 SEM micrographs showing sudaces of alumina/SiC nanocomposite after 
annealing in argon at 1300°C for (a) and (d) 2 hours, (b) 4 hours and (c) 6 hours. 
(d) shows partial crack healing; crack was induced by thermal shock (AT = 
355°C). Some oxidation products can be seen on the surfaces. 

If all the Si released by oxidation of Sic particles in the nanocomposite is 
converted to mullite there will also be a net volume expansion associated with the 
process, which could be responsible for crack healing? Supporting evidence for this 
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hypothesis has been reported recently by Kim at el? They reported a 30% increase 
in strength of ground or polished alumina specimens when they were coated with a 
thin amorphous, mullite composition, layer produced by SiO reaction at 140O0C. 
Subsequent work by Wu et a1.6 on TEM investigations of annealed cross-sections of 
alumindSiC nanocomposites also confirmed that the annealing process leads to 
surfbce crack healing. 

Figure 3 SEM micrographs showing sudaces of alumina (Alurnina 1600) and 
alumindSiC nanocomposite (C5% 1700) after annealing in argon at 1600°C for 
2hand6h. 

The decrease in strength of alumina with prolonged annealing has been observed 
and has been attributed to grain growth. The grain growth by other workers 

depends on both annealing temperature and time. Figure 3 shows SEM micrographs 
of the alumina and nanocomposites after annealing at 1600OC. Figure 4 shows the 
grain size of the alumina after annealing at 1500°C and 16OOOC. For annealing at 
1500°C, the grain size increases gradually from 4 pn to 7p.m with increasing 
annealing time up to 360 min. When annealed at 16OO0C, the alumina showed a large 

7, 8, 11, 22 
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grain size = 9 pm after annealing for 360 min. For the aanocomposite, data for grain 
growth were not obtainable due to the difficulties caused by surfiace oxidation in 
observation of the grain structure (See Figure 3). 

1 

1500OC 

0 60 120 180 240 300 360 
Annealing time (min) 

Figure 4 Mean grain size of the alumina annealed under flowing argon at 1500OC 
and 1600°C as a hetion of annealing time. 

Crack healing in specimens after thermal shock 
Annealing tests were performed on polished materials thermally shocked with AT 

= 373OC. This is above the temperature difference required to produce significant 
strength loss in all the materials used here. The room temperature strength of the as- 
polished specimens and those after thermal shock are shown in Table 2. Thermal 
shock at AT = 373°C causes dramatic decreases in strength. Figure 5 shows the 
strength of the thermally-shocked alumina and alumind Svol.%SiC nanocomposite 
after annealing under flowing argon for various times at 1300, 1500, and 1600°C 
normalised to the values for non-shocked materials. 

For annealing at 1300"C, strength of all the annealed thermally-shocked materials 
increased very slightly with annealing time, and was not completely recovered even 
after annealing for 360 min. In the nanocomposite, the recovery is slower than in 
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alumina. When annealed at 1500°C, the strength of thermally-shocked alumina both 
(ground and polished) increased continuously with annealing time, and was almost 
completely recovered within 240 min (See-Figure 5 a, b). For the ground and 
polished nanocomposites (SeeFigure 5 c, d), the recovery is slower and strength 
was not completely recovered even at the longest annealing time of 360 min. In fact 
the strength of the ground nanocomposite slightly increased when annealed for 60 
min and then decreased with increasing annealing times. 

Material 

Table 2 Fracture strength of alumina and alumind 5vol.% Sic 

Condition Ground Polished 

n 

Alumina 

nocomt>osi t e. 

No quenching 345 + 64 371 +, 10 
Quenching 82f 11 102f9  

Nanocomposite I Noquenching I 373f88 I 417f56 I 
I Quenching I 49+ 51 I l l f 7  I 

After annealing at 1600°C, the strength of thermally-shocked ground and polished 
alumina increased continuously with annealing time, and was completely recovered 
within 15 min for ground alumina and within 60 min for polished alumina 
( S e d i g u r e  5 a, b). The strength of the ground alumina is first increased above that 
before shocking after annealing at this temperature. The strength of both ground and 
polished nmocomposites after annealing shows similar behaviour to that of alumina 
but strength was not completely recovered. The maximum strength recovery was to 
25 % of the original level in the polished nanocomposite and to 40 % in the ground 
nanocomposite. 

The current results show a strength recovery in the thermally-shocked alumina 
and nanocomposite. The beneficial effect of annealing on the strength of the materials 
studied here are attributable to crack healing, discussed in detail elsewhere. 
One possible reason for the slow recovery in strength of the nanocomposite compared 
to that of the alumina may be attributed to the higher level of damage introduced by 
the thermal shock. The strength degradation caused by thermal shock was greater in 
the nanocomposite than in the alumina and therefore both the maximum and average 
crack depth in the thermally-shocked nanocomposite would be expected to be greater 
than in the alumina. These larger cracks will heal more slowly. 

12, 14, 16 
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Figure 5 Fracture strength of thermally-shocked alumina (Alumina 1600) and 
alumindSiC nanocomposite (C5% 1700) after annealing under flowing argon for 
various times at temperatures of 1300"C, 15OO0C, and 1600°C. (a) and (b) are ground 
and polished alumina, respectively. (c) and (d) are ground and polished alumindSiC 
nanocomposite, respectively. 
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CONCLUSION 
Annealing treatments produce increases in strength in thermally shocked 

specimens of both alumina and nanocomposite towards the values for non-thermally 
shocked material. The rate of recovery was much greater in the pure alumina than in 
the nanocomposite. The beneficial effect of annealing on strength of the thermally- 
shocked alumina and the nanocomposite are attributed to crack healing. The greater 
thennal shock damage in the nanocomposite results in a slower recovery rate than for 
alumina. 
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ABSTRACT 

Optical and electrical properties of nanocrystalline cerium oxide thin films 
undoped and doped by Gd and Sm were investigated. Two routes (colloidal 
suspensions and polymeric precursors) were used for film preparation using silica 
and alumina as substrates. The combination of the two preparation techniques 
made possible to obtain films with grain size fiom 5 to lOOnm and wide region of 
the porosity (from less than 5% to 50%). The values of thickness, density and 
grain size were obtained fiom the optical measurements. Nanocrystalline films 
with very small grain size (less than 10nm) show small difference in the value of 
conductivity and activation energy for all film composition and preparation 
techniques investigated. For ceria films deposited on silica substrates, it was 
found that the conductivity decreases and activation energy increases for 
annealing temperatures as low as 6OO0C. In contrast, films that were deposited on 
sapphire substrates showed conductivity increases and activation energy decreases 
as the annealing temperature and grain size increases and approached the values 
obtained for dense polycrystalline specimens ( 0 - 0.01 S/cm at 6OO0C, E - 0.7 
eV) at the annealing temperature of 1000°C (grain size - 60 nm). 

INTRODUCTION 

CeOz (ceria) based materials have been widely investigated, mainly due to high 
ionic conductivity. This property makes them highly desirable as electrolytes and 
electrodes in solid oxide fuel cells and oxygen separation membranes. Recent 

* present address: Dept. of Materials Science, University of North Texas, Denton TX 76203 
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reviews of ceria-based materials for these applications give highly detailed 
properties of this system [ 1-31, 

Ceria has a fluorite structure over a wide temperature and oxygen partial pressure 
range. Ce4' reduces to Ce3+ with a decrease in oxygen partial pressure, which 
greatly increases the electronic portion of the conductivity. The partial pressure at 
which this occurs is highly dependent upon the impurity level of acceptor dopants 
in the raw material [4,5]. For electrolyte applications where the electronic portion 
of the conductivity should be kept to a minimum, CeO2 is typically doped with 
acceptors such as Gd3+ or Sm3+ [6-91. 

Thin film undoped and doped CeO2 have also been extensively studied [ 10-121. 
These studies have shown that nanocrystalline films with high ionic conductivity 
can be prepared, however, there may be problems associated with impurity effects 
related to impurities contained either in the starting materials or those resulting 
from interactions between the films and the substraes. Studies have also shown 
that increased electronic conductivity occures in the nanocrystalline region due to 
decreased oxygen vacancy formation energy at these grain boundaries [ 1 0,13- 1 71 . 
In an effort to understand the observed effects, this investigation has focused on 
the study of the electrical conductivity and optical properties in porous 
nanocrystalline CeO2 (99.999% purity) thin films processed using a colloidal 
deposition technique and dense nanocrystalline films produced by a polymer 
precursor process (99% purity). The grain size and porosity were varied by the 
sintering, and the conductivity was measured using DC 2-probe and 4-probe 
technique. 

EXPERIMENTAL 

The high purity nanocrystalline powders which were used for colloidal deposition 
were prepared by an aqueous precipitation processing route using 99.999% 
cerium (111) nitrate (Alfa Aesar, Inc.) which was dissolved in distilled water and 
precipitated to cerium hydroxide particles using hydrogen peroxide and 
ammonium hydroxide, as illustrated by Djuricic and Pickering [ 181. The hydrated 
powder was then annealed at 150°C in order to form the full fluorite structured 
CeO2 powder. Samarium doped nanocrystalline ceria was obtained from NexTech 
Materials, Inc. for preparation of acceptor doped porous films. 

Aqueous colloidal suspensions were prepared by mixing 10 weight percent of the 
CeO2 powder in pH 5 distilled water (balanced with HNO3) along with 5 weight 
percent butoxyethanol to aid in drying and decrease the wetting angle. The 
butoxyethanol also partially polymerizes due to the acidic content of the solution, 
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and as a consequence aids in increasing the solution viscosity and in the formation 
of a continuous film. The powder was then dispersed in the solution using a high 
intensity ultrasonic probe for about one hour and than filtered through a 0.45pm 
glass fiber filter (Whatman, Inc.) in order to remove any foreign matter. 

For the polymeric precursor preparation cerium and gadolinium nitrates (99% 
purity) were used as the cation sources and ethylene glycol was polymerizing 
agent. The nitrates were mixed in the desired ratio and dissolved in the water- 
ethylene glycol mixture. Partial polymerization was accomplished by heating the 
solution at 7OoC for 75h. Polymerized precursors were also filtered through 
Whatman, Inc. glass fiber filters. Details of the polymeric solution preparation 
and dense film deposition are presented elsewhere [ 101. 

Thin films were prepared by spin coating the precursor on quartz and sapphire 
substrates. Optical quality, both sides polished (000 1) oriented sapphire substrates 
were used for both the optical measurements as well as the DC conductivity 
measurements. Single crystal quartz substrates were used only for electrical 
measurements to investigate possible influence of the substrate material on 
electrical properties of the film. 

The films were deposited on the substrates by spinning at 1500rpm for 30 seconds 
and subsequently dried at 70°C for an hour. The films were then heat treated at 
350°C for an hour and cooled back to room temperature after which subsequent 
coatings could be deposited. Sintering of the films was done in a small box 
furnace using a ramp rate of 5"C/min to the maximum temperature, with a 2 hour 
hold at maximum temperature. The films were characterized according to their 
grain size, thickness and density using X-ray difiaction, mechanical profilometry, 
ellipsometry, and ulr-Vis spectroscopy, as shown in previous studies [ 1 1 , 121. 
The resulting film density and thickness are shown in Fig.1 for colloidal films. It 
can be seen that after 4OO0C the initial films have density of approximately 50% 
and grain size of 5 nm after 400°C and densify to 85% with a grain size of 60 nm 
after annealing at 1000°C. 

X-ray diffraction showed that the films are single-phase fluorite structured and 
have no reaction with the substrate visible in the XRD spectra over the 
investigated temperatures. Peak broadening grain size calculations (Reitfeld 
analyses) from the diffraction patterns correlate well with those in FESEM images 
(Fig.2). 
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Figwe 1 .  Change in fillh thickness, refkactive index and density as a function of annealing 
temperature for colloidal processed Ce02 thin films [ 1 11. 

Figure 2. FESEM images of CeOz thin films on sapphire substrates after annealing at 700°C for 2 
hours. (a) - the surface (b) - fiacture cross section 
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DC electrical conductivity measurements were done in 4-probe and 2-probe 
configuration. Silver paste was used as the 4 electrode contacts for each sample. 
The contacts were painted on and annealed at 6OOOC for 1 hour (with the 
exception of samples sintered at 4OO0C, where the electrodes were annealed at the 
same temperature for 1 hour). After annealing, the electrodes were attached to Pt 
wire leads, which ultimately were contacted to the testing apparatus. 

A Keithley 4915A electrometer connected to a personal computer was used as a 
measuring device. It was possible to make current - voltage measurements or 
pulsing technique in both 2-probe and 4-probe configurations. The current - 
voltage characteristics were used to check the ohmic character of the contacts. 
Delay time between each voltage application was varied in order to minimize 
hysteresis effects connected with the high resistance of the samples. I-V 
characteristics were linear, if a sufficiently long delay time was chosen. The 
magnitude of the delay depended on the temperature and increased up to 1s for 
the lower temperature region. 

Pulsing techniques using direct current are particularly useful for measurements 
of the high resistancekamples (Fig.3). With this technique it is possible to exclude 
the relaxation process, provide accurate measurements on the plateau and check 
the symmetry of the sample properties by comparing the measurements at the 
positive and negative bias. This technique was used for 2-probe and 4-probe 
measurements of the sample resistance. 
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Figure 3. Pulsing technique for the measurements of ceria films. 
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RESULTS 

Two basic features differ nanocrystalline films from microcrystalline dense 
specimens. First of all the starting material has extremely small grain size (almost 
amorphous), and it remains small (< 60 nm) over all of the temperature regions of 
this investigation. This high degree of disorder can effect electrical properties of 
the material. The question is how big this effect could be and what is the critical 
size of the grains to have the conductivity comparable with microcrystalline 
specimens of the material? 

The second difference is the presence of the substrate which can effect the 
properties of the film by reaction with the film. The possible effect of the 
substrate was investigated by deposition the dense nanocrystalline films on quartz 
and sapphire substrates under the same conditions by the polymeric precursor 
process. The results of this investigation are shown in Fig.4 as an Arrhenius plot 
of the electrical conductivity for dense gadolinium doped ceria (CGO) films. 

It can be seen from the figure that for the films annealed at 6OO0C or lower, the 
conductivity does not depend on the substrate and the activation energy is the 
same -1.leV until the film has reached temperatures exceeding about 7OO0C 
(open circles and up triangles). When the measurement andor annealing 
temperature exceeds temperatures of about 70OoC, the slope for the film on 
sapphire substrate remains the same up to 900°C while for the film on the quartz 
substrate shows a decrease in slope. These changes in the conductivity are 
nonreversible. By the time, the temperature reached 900°C, the conductivity of the 
film on quartz (down triangles) was about an order of magnitude lower than on 
sapphire (closed circles). When the films were annealed at 900°C for 3h an even 
larger difference was observed (open squares and diamonds). The final activation 
energy for the films on the quartz substrate increased to MeV, whereas that on 
the sapphire substrate decreased to 0.9eV. There is no doubt that silica penetrates 
the film fiom the quartz substrate and suppresses the conductivity by increasing 
the hopping barrier for the oxygen vacancy migration. This is probably due to an 
increase in the grain boundary resistance. 

The more difficult problem is interpretation of the data for the film on sapphire 
substrates. There is an increase in the conductivity and decrease in the activation 
energy at the sintering process, but the conductivity obtained is smaller than for 
dense polycrystalline specimens and the activation energy is higher (see Fig.4). 
Different explanations of this fact are possible. The first explanation is with the 
small grain size the grain boundary resistance is dominating the total resistance, 
the second explanation is the presence of uncontrolled contaminations in the film 
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and the third is difhsion of the aluminurn into the film from the sapphire 
substrate. 
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Figure 4. Temperature dependence of the conductivity for gadolinium doped ceria films 
deposited on quartz and sapphire substrates. 

( 1  -3) - Film on quartz substrate, (4-6) - Film on sapphire substrate, 
(7,8) - Polycrystalline specimens - literature data (7- CSO, NexTech; 8-CGO, Stele [S)]); 
( 1,4) - Increase temperature, (2,5) - Decrease temperature, (3,6) - Annealed at 900°C for 3 h. 

The way to differentiate these effects is to use another precursors, prepared by 
different technology. Colloidal suspensions of samarium doped and extremely 
pure ceria were used for this purpose (Fig.5). It is seen from the figure that again 
the initial conductivity and the energy activation (E-1.leV) are the same for the 
films prepared fiom both precursors (solid circles and diamonds). This result is 
quit similar to that observed for the dense films obtained fiom ceria-gadolinium 
polymeric precursor: activation energy is the same and the conductivity is only 
slightly smaller (which can be connected with high porosity of the colloidal 
films). It looks like initial conductivity is controlled by extremely small grain size 
and is not sensitive to the composition or precursor nature. 
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Figure 5 ,  Temperature dependence of conductivity for pure ceria colloidal suspension. 
Different annealing temperatures. 

(1-5) - Pure ceria film, (6) - Polycrystalline CSO, NexTech, (7) - Colloidal CSO; 
Annealing temperature: 1-1 ooooc, 2-900°C, 3-8OO0C, 4-700°C, 5-6OO0C. 

The properties of the colloidal samarium doped ceria prepared film did not change 
with annealing up to1 000°C (temperature dependence of the conductivity remains 
the same), which possibly may be connected with impurities in the initial powder. 
(This is purely speculation, since the impurity levels have not be measured). 
In the case of the films prepared with the undoped, higher purity colloidal ceria 
very different results were observed. As can be seen from Fig.5 the conductivity 
starts to increase after 700°C sintering and the activation energy decreases. The 
sintering at 1 OOO°C gives the conductivity and activation energy comparable with 
that reported for polycrystalline specimens (see Fig.5). 
The dependences of the conductivity and activation energy are presented on Fig.6 
as the function of grain size. It can be seen that the activation energy decreases 
quickly as grain size increases from 10 to 20nm and than decreases very slowly 
from 0.8 to 0.7eV for firther grain size increase. That suggests that the barrier for 
the motion of oxygen vacancies changes little after grain size reaches about 20nm 
and is controlled by the grains rather than grain boundaries. The question that 
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needs to be addressed is why the conductivity of undoped film increases to the 
level observed for dense polycrystalline samarium doped specimens? A possible 
explanation would be interdiffusion of the sapphire substrate with the film. If this 
were the case, the A1203 can play role of an acceptor impurity (similar to SrnzO3 
or Gd2O3). Acceptor doping should be not effective for stabilized materials (Sm 
or Gd doped), because the addition of acceptor impurity beyond the level already 
there will do little to increase the conductivity. However, in the case of undoped 
material, such acceptor doping could result in substantial increase in the 
conductivity, proportionally to the acceptor concentration without changing the 
activation energy. This behavior is in hll agreement with the experimental data 
presented. It is necessary to emphasize that at this time there are no data in this 
study to substantiate the hypothesis that such diffusion occurred, however, the 
acceptor behavior of alumina in the ceria-alumina-silica solid solution was shown 
earlier [ 191. More precisely, it was shown that the ratio of Ce3+ / Ce4+ increases 
with the increase of alumina content. 
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Figure 6. Electrical conductivity at 600°C and activation energy as a hnction of grain size. 
Pure ceria colloidal films. 
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CONCLUSIONS 

The interaction of ceria films with silica limits the use of silica as a substrate 
to temperatures below 600-700°C. 
Grain size limits the conductivity only in the very small grain size region (less 
than 10-2Onm). The conductivity and activation energy is not sensitive to the 
composition of the film or precursor used in this grain size region. 
It is possible to achieve small activation energy (-0.7eV) and the conductivity 
comparable with the dense polycrystalline specimens (0.01 Skm at 6OO0C), if 
pure starting materials are used for the film preparation. 
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ABSTRACT 
Silicon based nanocomposites containing TiN were synthesized by high-energy mechanical 

milling ( H E W ) .  Mechanical milling leads to very fme amorphous silicon particles distributed 
homogeneously inside the TiN matrix. The Si/TiN nanocumposites synthesized using different 
experimental conditions were evaluated for their electrochemical properties. Results indicate that 
silicon in the composite alloys and de-alloys with lithium during cycling, while TiN remains inactive 
providing structural stability. The composite containing 33.3 mol% silicon obtained after milling for 
12 h exhibited a high capacity, * 300 W g  with good capacity retention reflective of the good phase 
and micro-structural stability as verified by Mu) and SEM analyses. Conventional and high-resolution 
electron microscopy coupled with electron energy-loss spectroscopy conducted on the composites 
validated the existence of amorphous silicon in a nanocrystalline TN matrix. 

INTRODUCTION 
Graphite has so far bem the customary anode material for lithium ion batteries with a 

theoretical capacity of 372 mA.h/g or volumetric capacity of 830 AWL.' During the last few years, 
however, much of the research efforts have been directed towards identifyins alternative anode 
materials. Fuji demonstrated the potential of nanostructurcd materials for lithium-ion anodes in a series 
of patents related to tin oxide? Electrwhemical insertion of lithium leads to the in situ generation of 
nanosized tin clustm in a matrix comprising of an electrwhcmically inactive oxide glass. The system 
is indeed promising demonstrating an initial reversible capacity of 600 W g .  A major limitation of 
the system is however the irrtversible loss of lithium consumed in the electrochemical reduction of tin 
oxide. Nevertheless, these initial results helped to demonstrate the possibility of minimizing or perhaps 
even eliminating the large volume-induced strain during cycling, characteristic of lithium containing 
Zintl phases by the generation of active-inactive nanostructured composites. The validity of these 
concepts has been further successfilly demnstrated in the Sn-Fe-C, Cu-Sn and other intermetallic 

In order to preserve and stabilize the original morphological state of the anode and thereby 
attain good electrochemical properties, various material systems have been analyzed to minimize the 
mechanical stress caused by the large phase transition induced volumetric changes experienced by the 
active phase. Most of the current studies on anode materials other than carbon have focused on 
creating a composite microstructure comprising an inactive host matrix containing a finely dispersed 
interconnected active phase.** Although these systems are promising, there are problems .related to 
either irreversible loss, capacity and/or cyclability. These results make it very essential to focus on 
approaches to improve hrther the demonstrated concept of active-inactive composites. This would 
require the identification of suitable materials systems and furthennore, the use of an appropriate 
approach for synthesizing the nanocrystalline composite. 

The technique of mechanical alloying is known for its ability to generate nanocoxnposite 
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structures of metals, ceramics, semiconductors and even polymers. In this study, we have exploited this 
approach to improve upon the active-inactive concept fixher by exploring the generation of 
nanocrystalline composites in the Si/TiN system for use as an anode material. The composite was 
synthesized by using the technique of highenergy mechanical milling (HEMM). TiN is a well-known 
technological material used in several applications."g Due to its good electrical conductivity, high 
surface area TN is also recently attracting interest for supercapacitor '' However, to the 
best of our knowledge, there have been no reports to date on its use as an electrode in lithium ion 
batteries. The basic premise of this work is therefore to demonstrate the usellness of TiN as an 
electrochemically inactive matrix in the presence of an electmcMcally active silicon phase. This is 
because of the well-known electrical and mechanical properties of TiN such as electrical conductivity, 
mechanical strength, combined with electrochemical inertness to lithium (potential range 0.02 + 1.2 
V)12 and chemical inertness to both lithium and silicon. However, these favorable attributes of TiN 
with respect to lithium and silicon can only be exploited if a suitable process for synthesizing such 
composites can be identified. In this context, the technique of HEMM is indeed very promising due to 
its proven ability to generate amoTphous, metastable, and nanophase str~ctures.'~ Initial results on this 
system were reported earlier by us." The present paper therefore focuses on using HEMM for 
generating novel nanocomposites in the Si-TiN system for use as anodes in Li-ion rechargeable 
batteries. Experimental studies and results of the structural and electrochemical analyses are presented 
indicating its promising nature. In addition, electron microscopy results validating the formation of 
nanocomposites are also provided. 

EXPERIMENTAL 

Nanmmposites of silicon and TiN were prepared using a SPEX-8OOO high-cncrgy 
mechanical mill. Commercially obtained elemental powder of silicon (Aldrich, 99%) and TiN 
(Aldrich, 99%)) were used as starting materials. Stoichiometric amounts of the powder were weighed 
and loaded into a hardened steel vial containing hardened steel balls. All the processes prior to milling 
were conducted inside the glovebox (VAC Atmospheres, Hawthorn, CA) aad the vial was firmly 
sealed to prevent and minimhe any oxidation of the silicon and titanium nitride. 

In order to evaluate the electrochemical characteristics, electrodes were fabricated using the 
as-xnilled powder by mixing the composition containing 87.1 wt.% active powder and 7.3 wt.% 
acetylene black. A solution comprising 5.6 wt.% polyvinylidene fluoride (PVDF) in l-methyl-2- 
pyrrolidinone (NMP) was added to the mixture. The as-prcpared solution was coated onto a Cu foil. A 
hockey puck cell design was used employing lithium foil as an anode and 1 M LiPFd in EC/DMC (2: 1) 
as the electrolyte. All the batteries tested in this study were cycled for 20 cycles in the voltage range 
fiom 0.02-1.2 V employing a current density of 0.25 mA/cm2 and a rest period of 60 s between the 
charge/discharge cycles using a potentiostat (Aibin electrochemical instrument). The phases present in 
the as-milled powders and the cycled electrode were anal@ using x-ray difltiaction (Rig- Cu K , 
8/8 difhctometer), while the mimstructure and chemical composition of the electrode was examined 
ushg 8 s c d g  electron microscope (Philips XL30, quipped with EDX). The microstructure of the 
powder was analyzed using a transmission electron microscope (Philips EM 420). In addition, elcctrcm 
energy-loss spectroscopy (EELS) was used to map the elements at the mo-scale using a high- 
resolution transmission electron microscope (HRTEM, JEOL 4000EX). 

RESULT AND DISCUSSIOIN 

Preliminary experiments conducted on S n i N  composites comprising a molar ratio of 
Si:TiN = 1:2 (i.e. 33.3 mol% Si) exhibited the best electmchemical properties. Hence, the rest of the 
work focused on this particular composition. In order to analyze the phases present after milling, x-ray 
diffraction was conducted 011 the as-milled powders obtained af€er milling for various time periods (see 
Fig l(a)). All the peaks in the patterns correspond to TiN and the broad M~WC of the peaks are clearly 
indicative of the nanocrystalline M~UC of the nitride. An estimate of the CrystaUitc sizes was made by 
measuring the width of the X R D  peaks and using them in the Scherer ~quattim.'~ Results indicate that 
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the crystallites are in the 5 - 7 nm range. Peak broadening due to residual internal strain was not 
accounted for, and hence the actual size of the crystallites can be expected to be larger. The non- 
observance of any silicon related peak in XRD indicates that silicon exists in an x-ray amorphous form 
well dispersed inside the powder even after milling for only 6 h. This suggests that the HEMM process 
provides enough energy to generate the nanocomposite powder of silicon and TiN, although it is not 
clear whether silicon reacts with TiN to form any Si-N type bonds. More extensive structural 
characterization using MASS-NMR may be necessary to identify the existence of these environments. 
Nevertheless, based on the XRD patterns, it can be convincingly argued that the composites arc 
composed of nanosized TiN containing a uniform dispersion of silicon independent of the composition. 
The very small size of the silicon crystals prevents the identification of a distinct phase boundary 
between silicon and TiN. As a result, it is possible that there is a continuous change in volume rather 
than abrupt discrete transitions normally observed. Thus its influence on the neighboring inactive 
phase is minimized. This is in fact, an important requirement for achieving good cyclability. 

The specific gravimetric and the equivalent volmtric capacity of the electrode prepared 
with these powders are shown in Fig. 1 (b). The gravimetric capacity was converted to the equivalent 
volumetric form using the calculated density of the SirriN composite. The overall capacity appears to 
decrease as the milling time is increased, indicating a reduction m the amount of the active silicon 
phase. The exact reason for the decrease in capacity is still not clear and further detailed 
characterization studies are needed. The reasons at present could be speculated. One possible reason 
could be that the silicon nanoparticles are embedded or enclosed by TiN during milling, thereby 
preventing their reaction with lithium. The composite obtained after milling for 6 h shows fade in 
capacity, while the samples milled for a longer time exhibit moderate to good capacity retention. 11. Li, 
et al. have investigated SYcarbon black composite for potential use as an anode? The material 
although exhibits an initial capacity as high as -3000 mAh/g, however shows poor retention 
characteristics. This could be attributed to the poor binding between the active and inactive 
components. 

The composite obtained after milling for 12 h exhibits an initial discharge capacity of 
422mAh/g but a good stable average capacity of 300 mAh/g (see Fig. 1 (b)). The overall capacity is 
still lower than the theoretical capacity of 776 mAhlg, calculated assuming complete reaction of silicon 
with 4.4 Li. Although this data corresponds to the reaction of only 1.7 Li atoms per single atom of 
silicon, this does not necessarily suggest the formation of Li$i (x=l.7) due to a large (111 44%) fiaction 
of inactive silicon as mentioned above. The composite exhibits a lower g-ravimetric capacity in 
comparison to conventional carbon, however, it exhibits a -30% higher volumetric capacity, reflecting 
its promising nature. 

Fig. 2 shows the variation of the cell potential with time for all the twenty cycles for the 
composite containing 33.3 mol% silicon obtained after milling for 12 h. The plot indicates that this 
anode composition exhibits a smooth plateau in the low voltage range without exhibiting significant 
fade in capacity. The difference on the time axis between the first and subsequent cycles suggests the 
first irreversible capacity loss (-30%). The exact reason for the irreversible loss is still unclear at the 
present stage. More detailed studies would be necessary to provide fiuther insight into this problem. 
Some of the more obvious reasons could be the formation of Li-containing passivation layer andor 
possible oxidation of the surface of the composite. Studies to assess these reasons are currently on- 

An SEM micrograph and the energy dispersive x-ray (EDX) map of the 12h milled powder 
containing 33.3 mol% silicon are shown in Fig. 3. The particles are agglomerated although they are 
extremely small in the range of 100-500 nm. All these particles are therefore true composites 
containing an intimate mixture of silicon and TiN according to the EDX analysis. Thus, there is no 
evidence of any crystalline Si peaks in the XRD patterns. The EDX results also show the presemx of 
iron (~3.3%) in the as-milled powder, arising fiom the vial or the balls used during milling. The 
relatively small amount of iron can be assumed to have no detrimental influence on the capacity. 

In order to analyze any changes in the microstructure or morphology of the particles during 
cycling, the particles before and after cycling were observed under the SEM. Fig. 4 (a) shows the 
mrphologies of the electrodes fabricated fiom the composites containing 33.3 mol% of silicon 
obtained after milling for 12h. The surface of the electrode after 30 cycles is devoid of any cracks, 
which are typically observed in other metal-based alloys that are used as anodes. Moreover, there 
appears to be no change in the morphology of the particles before and after cycling, which indicates 

going. 
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Figure 1. (a) X-ray diffraction patterns of Si:TiN = 1:2 composites milled for 6 h, 12 h and 18 h, 
respectively. (b) Capacity 8s a function of cycle number for Si/TiN nanocoqsites obtained after 
milling for 6 h, 12 h and 18 h each. 
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Figure 2. Cell potential profile for the first twenty cycles of the 12 h milled Si/TiN composite with 
Si:TiN = 1 :2 molar ratio obtained a f b  milling fbr 12h. 

Figure 3. (a) SEM micrograph of the Si:TiN - 1:2 composite showing the nanocrystalline particles. 
(b) Chemical map of Si using EDX for the Si/TiN composite with Si:TiN = 1:2 molar ratio obtained 
aftex milling for 12 h. (Both images are taken at the same scale.) 
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After cycling 

(b) 
Figure 4. (a) SEM micrographs of the electrode before and after 30 cycles, (b) XRD pattern of the 
electrode after 30 cycles p p d  with the Si/TiN composite corresponding to Si:TiN = 1:2 molar 
ratio obtained after milling for 12 h, 
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the good stability of the composite. The XRD pattern obtained on the electrode after testing for 30 
cycles presented in Fig. 4 (b) is identical to Fig. 1. This suggests that silicon remains as very fine 
amorphous particles existing without undergoing any crystallographic phase change. The excellent 
stability of the electrode may be attriitcd to the existence of very finely dispersed amorphous silicon 
particles within the nanocrystalline TiN makix. These results suggest that TiN indeed appears to be a 
good inactive matrix for Li-ion anodes. Furthermore, the results imply the potential of SVTiN 
nanocomposites as anodes for Li-ion applications. 

Transmission electron microcopy was conducted on this powder to analyze the 
nanocrystailine state of the Composite. Figs. 5 (a) and (c) show the TEM image and selected area 
diflkaction pattern of the 12 h milled powder containing 33.3 mol% silicon, respectively. The bright 
field image indicates the presence of very fine size crystallites (< 20 nm) within a single particle, 
indicating the true nanocomposite nature of this material. The w e l l d e ~ c d  rings in the selected area 
diffiction pattcm correspond to the nanocrystallites of TiN with no trace of silicon being observed. 
This suggests that the silicon contained in the composite is amorphous as indicated by the XRD result. 
Fig. 5 (b) is the dark field image corresponding to the crystalline TiN phase. Comparing the region 
marked with an arrow in the DF and the BF images, it appears that the dark spots in the BF image 
correspond to TiN crystallites. Although these TEM results suggest that the composite be exactly 
comprised of nanosized crystallites of TiN and amorphous silicon, it is difficult to ascertain the 
distribution of both phases. Therefore, high-resolution transmission electron microscopy was 
conducted on the composite using EELS to map the distribution of the elements at the nanoscale. 

Fig. 6 (a) shows the high-resolution image of the composite containing 33 mol% silicon 
obtained after milling for 12 h. The dark areas represent the TiN nano-crystallites while the bright 
regions correspond to amorphous silicon as mentioned above. Lattice fringes from the TiN particles 
can be observed c o n f o ~  to the nanocrystallinc M~LKC of TiN. Figs. 6 (b) and (c) show the high- 
resolution elemental m p s  comspo&g to silicon and Ti, respectively obtained using electron 
energy-loss spectroscopy (EELS). The bright regions in tbe map indicate the high intensity or content 
of each component. Elemental maps show that TiN i s  distributed homogeneously in the powder and 
silicon appears to surround the TiN particles. This suggests the influence of mechanical milling on the 
two materials exhibiting different hardnesscs. Silicon exhibits a lower hardness in comparison to TiN 
and thus undergoes significant pulverization. Thus the TiN particles appear to be uniformly coated 
with finely milled amorphous silicon forming a mocomposite. Generally, the samples need to be 
suficiently thin for obtaining good electron energy-loss spectra.” However, due to the difficulties 
associated with sample preparation, the as-milled powder was directly used in this case. As a result, 
overlapping of the maps of each component can be expected and the boundaries are also possibly 
diffised. Nevertheless, the elemental maps do reveal two different regions separated distinctly to 
represent the distribution of silicon and TiN phases. These results are therefore indicative of the 
stability of the Si/TiN nrnocomposite arising fiom the nanoscale distribution of the two phases 
achieved by mechanical milling. Results of these studies therefore reveal two aspects, the promise of 
Si/TiN nanocomposite as a useful electrochemical system and the potential of mechanical milling for 
synthesizing electrochemically active nanocomposite materials. 

CONCLUSIONS 

Nanostructured S n i N  composite powders produced by HEMM are comprised of 
amorphous silicon and nanosized TiN. As the amount of active silicon is reduced or the milling time is 
increased, a reduction in the initial specific capacity was observed. The exact reason for reduction in 
activity is not known. The milling time appears to control the amount of active silicon exposed to 
lithium, and prolonged milling appears to cause an increase in the inactive portion of silicon. The 
electrode containing 33.3 mol% silicon, milled for 12 h shows good capacity (-300 mAh/g or -1100 
AWL) with little fade (-0.36% /cycle). The as-milled powder consists of agglomerates of nanosized 
particles, each single particle itself representing a nanocomposite of silicon and TiN as indicated by the 
EDX results. The electrode structure is also very stable during cycling because no cracking/crumbling 
and/or obvious clustering of silicon was observed after 30 cycles. The nanocomposite is composed of 
TiN nanocrystallites and amorphous silicon according to TEM analysis. Nanoscale elemental mapping 
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Figure 5. "EM micrographs of the Si/TiN nanocomposite containing 33 mol% Si obtained after 
milling for 12 h; (a) BF image, (b) DF image, and (c) SA difbction pattern (camera length = Mcm, 
reduced to 30% of its original size). 
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Figure 6. (a) HRTEM micrographs of the S n i N  nanocomposite containing 33 mol% Si obtained after 
milling for 12 h, (b) Elemental map'of Si, (c) Elemental map of Ti, which are analyzed by electron 
energy-loss spectroscopy (EELS). (The arrows represent the same position.) 
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using EELS reveals the d o r m  and homogeneous distribution of the two phases. These results 
therefore suggest that the Si/TiN nanmmpositc certainly appears to be promising as an anode material 
although Mcr optimization studies need to be conducted in order to demonstrate its optimum 
properties. Detailed structural and electrochcmical studies are currently in progress and will be 
reported in subsequent publications. 
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ABSTRACT 
The synthesis of nanoparticles with a precise control over composition, size, size distribution 

and morphology poses a fundamental scientific challenge. The chemical reactions based on a 
controlled interaction of atoms or molecules in vapor or liquid phase are currently the popular 
alternatives to obtain nanostructured films or particles. The success of soft chemistry methods is 
attributed to defined and in some cases designed molecular compounds that transform into 
nanocrystalline ceramics or composites via thermolysis (Chemical Vapor Deposition) and 
hydrolysis (Sol-Gel) reactions. The synthesis of solid materials from molecules requires much 
lower temperatures than those required for conventional powder syntheses or mechanical 
procedures. Further, the flexibility to combine different ligands or metal combinations allows the 
precursor designing - the so-called single-source approach - to meet the demands of the target 
material. To this end, we have examined the single-step conversion of various molecular sources 
to obtain oxides, biphasic metalloxide composites and oxide-oxide composites. The results 
illustrate that a predefined reaction (decomposition) chemistry of the precursors enforces a 
remarkable control over morphology, composition and particle size. 

INTRODUCTION 
Nanocrystalline materials and nano-composites are the subject of current interest because of 

their unusual magnetic, optical, electronic properties resulting fkom the confinement of electronic 
and vibrational excitation, quantum size effect and large surface to volume ratio.' The current 
research trends in the field of nanocrystalline materials involve (i) preparative routes to 
nanoparticles or films (ii) studies on isolated nanoclusters (iii) methods of assembling (2D or 3D) 
nanostructures (iv) nanoclusters incorporated in suitable matrices (composite systems) (v) 
properties of nanoclusters in isolated, assembled and embedded forms. Although nanoclusters are 
receiving attention from both theoretical and experimental standpoints, the strategies to synthesise 
nanomaterials are not well established. The attention is being given to different methods 
(chemical, physical, electrocheinical and mechanochemical), however reproducible and cost 
effective synthesis of nanomaterials with a precise control over size, size distribution, composition 
and morphology remains a challenge.* In this context, the chemical routes show a cutting edge 
over the physical methods because they do not need expensive instrumentation (e.g., ultra high 
vacuum, high energy source, etc.) and possess the inherited advantages of the unlimited potential 
of the chemical reactions, for instance, the possibility to synthesise almost any material, co- 
synthesize two or more materials simultaneously, produce extremely homogeneous alloys and 
composites, and tailor the composition accurately fkom the early stages of the process. The 
application of metal-organic precursors in Sol-Gel and CVD techniques has played a major role in 
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the development of chemical routes to  material^.^-^ Among the various metal-organic compounds - 
carboxylates, 8-diketonates, alkyls, alkoxides - metal alkoxides (M(OR),) are the most attractive 
precursors for the synthesis of metal oxides. What sets metal alkoxides in high-purity ceramics and 
composites apart from commonly used chemicals is the possibility to control and modify the 
structure of the molecule in such a way that it meets the need of the target Other 
salient features include high purity, easy transformation into oxides with formation of volatile 
byproducts, ability to form homogeneous solution in different solvents and more importantly the 
facile formation of heterometal species useful for the synthesis of multicomponent materials. The 
present article gives a brief account of nanocrystalline ceramics and composites obtained from 
heterometal alkoxide precursors. 

ROLE OF PRECURSOR IN THE CHEMICAL SYNTHESIS OF NANOMATERIALS 
The traditional chemical synthesis involving solid-state reactions of two or more components 

fail to produce a narrow particle size distribution and homogeneity at the nanometer level. On the 
other hand, the chemical methods using metal-organic precursors appear promising for control 
over particle size, phase purity, chemical homogeneity, low calcination temperatures and micro- 
structural uniformity. Despite the proven versatility of chimie douce routes, their application is 
rather limited because not all chemical syntheses guarantee a clean and phase selective synthesis 
and also due to the fact that suitable precursors for the systems of interest are commercially not 
available. To obtain mixed-oxide ceramics, the conventional wet-chemical techniques generally 
use a mixture of individual constituents. Since no positional control is offered, the different 
compounds present in the reaction mixture randomly collide to form various intermediate species 
with metal ratios unfavorable for obtaining a single-phase material. The main reason being the 
different chemical behaviours of the individual components present in the precursor mixture that 
leads to component segregation, mixed phases or non-ideal stoichiometry in the final ceramic 
material. For a selective conversion of molecular aggregates to final oxide or composite material, 
we are developing Single-Source Precursors to bi-, tri- or multi-phasic systems in which all the 
phase-forming elements are assembled in a single molecular framework. 

For example, in the case of sol-gel process, inhomogeneity can occur due to the differential 
hydrolysis tendency (an intrinsic property governed by the electropositivity of the metal) of 
individual components in a mixture of precursors. This has been illustrated by the synthesis of 
CoA1204 spine1 from (i) a stoichiometric mixture of [A1(OPr'),14 and CO{OC(C~H~)~}~  and (ii) a 
single molecular source, [CoA12(0R)8]." The XRD patterns (Fig. 1) of the two CoA1204 samples 

I R  CoA1204 sampleprepared 
fiom Co[Al(OPr')& 

.- 
CoAh0, sample prepared fiom Al(OPr')3 
and Co-di(triphenylcarbinolat) 

D 

Figure 1. XRD patterns of CoA1204 obtained fiom (a) single- and (b) multi-source routes. 
Arrows indicate other phases. 
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reveal that the single-source synthesis yields, under similar experimental conditions, higher phase 
purity and crystallinity when compared to the spine1 obtained using two separate metal sources. 

Further, the isolation and characterization of preceramic aggregates is necessary to obtain pure 
and stoichiometric materials. The higher homogeneity promised by chemical methods is generally 
not achievable from a heterogeneous ‘precursor cocktail’ because the similar molecular building 

Figure 2. Molecular structures of Ba-Zr mixed-metal alkoxides with different Ba:Zr ratios. 
blocks can arrange themselves in different ways to produce compounds with different metal 
stoichiometries. For instance, a series of molecular Ba-Zr alkoxides with different Ba:Zr 
stoichiometries (Ba:Zr = 1 :2, 2: 1 and 1 : 1) have been prepared using Ba and Zr alkoxides that are 
commonly used as in the synthesis of perovskite BaZr03. The successful isolation and 
characterization of different Ba-Zr alkoxides (Fig. 2) underlines the importance of characterizing 
the precursors system in order to be able to control the property of the resulting material. Indeed, a 
phase selective synthesis was possible using the single-source precursor, 
[BaZr(OH)( OPri)5(PriOH)3]2 while the other compounds produced, together with the perovskite 
phase, traces of Ba and Zr phases or their products in the final ceramic material. 

RESULTS AND DISCUSSION 

films and particles from Single-Source alkoxide precursors. 
This section contains selected examples of the synthesis and characterization of nanoscaled 

Oxide Ceramics 
(9 Nunoparticles of ZnAZ204: The assumption that the properties of solid semiconductors are 
independent of their size is not valid in the nanoineter regime where many of the physico-chemical 
characteristics of semiconductor nanoparticles are essentially different from the bulk counterparts. 
When the size of the nanoparticles is comparable to the Bohr radius of the excitons in 
semiconductors, the size effect becomes noticeable in their optical and luminescent properties. The 
blue shift of the excitonic absorption band in semiconductor nanocrystals with the decreasing 
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cluster size is a well-known manifestation of the quantum size effect. Zinc aluminate (ZnAl2OS), a 
wide band gap semiconductor, is a suitable candidate for reflective optical coatings. Additionally, 
zinc aluminate has been proposed to be a phosphor material and ultraviolet transparent 
electroconductive oxide. In the polycrystalline form, it is found to be highly reflective firom 300 
nm, which is within the ultraviolet regime of the spectrum. The optical properties of polycrystaline 
zinc aluminate and gallate has recently been reported,12 however there is no report on the size- 
dependence of the optical properties. Using a Zn-A1 heterometal alkoxide, [ZnA12(OBut)8], as a 
single molecular source, we have perfonned size-controlled synthesis of zinc aluminate spinel 
particles and examined the influence of average particle size on their optical properties. l 3  

The molecular structure determination of [ZnAl2(OBu>8] by single crystal X-ray diffraction 
analysis (Fig. 3a) confirmed the cation ratio (Zn:Al = 1:2) in the molecule to be appropriate for the 
formation of ZnA1204 ceramic. The precursor [ZnA12(0Bu38] was used in a sol-gel process to 
obtain nanoparticles of ZnA1204 after calcining the xerogel at 400 "C, which is the lowest 
temperature reported for the formation of monophasic zinc aluminate. The XRD data of the heat- 
treated (600-1400 "C) powders shows that no metal segregation or phase separation is observed 
(Fig. 3). The lattice parameters for cubic spinel phase (a0 = 8.0855 A), calculated from the sample 
calcined at 1000 O C ,  were found to be in good agreement with the reported value (ao = 8.0848 A, 
JCPDS File [5-6691). The average crystallite size determined from the line shape analysis of the 
diffraction peaks (Fig. 3b) showed an exponential relationship to calcination temperature. 

1 1  1 1 

U .H 

1000 "c I m A . 

2 0  4'0 6'0 80 I 0 0  
2 8  

Figure 3. (a) Molecular structure of [ZnA12(OBut)8] and (b) XRD patterns of the ZnA1204 ceramic. 

The optical absorbances (Fig. 4) of ZnAl204 nanocrystals with different particle sizes were 
obtained from the calculation of total reflection R (loglO(l/R)). In order to detect any possible 
phase separation, the absorbance spectra of ZnO and A1203 standards were also recorded. The 
broad absorbance peaks observed in the UV region (220-280 nm) result from the fundamental 
band-to-band electron excitations and are related to the energy band gap in the investigated 
samples. The band gap values (4.0-4.5 eV), obtained from a linear extrapolation of the absorbance 
edge to cross the wavelength axis are quite different fiom those of A1203 (Eg - 3.6 eV) and ZnO 
(Eg - 3.1 eV) in spite of the existence of the A13+ and Zn2+ cations in ZnAl204. The broad shoulder 
observed in the 290-375 nm wavelength region for the sample calcined at 700 "C could probably 
be due to some defects in the structure. The intensity of this shoulder decreased on sintering the 
sample for longer duration (Fig. 5a) suggesting crystallite growth and minimisation of structural 
defects. The structural change in the spinel structure could be discerned from the 27Al solid-state 
NMR spectra (Fig. 5b). The absorbance edge became steeper on increasing the calcination 
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temperature corresponding to a 'red shift' (4.5 to 4.0 eV) on the energy scale (Fig. 4). The NMR 
spectrum of the xerogel showed three signals at 1.17,33.96 and 67.93 ppm in the ranges 

300 400 500 600 
Wavelength (nm) 

Figure 4. Absorbance spectra of the ZnA1204 samples. 

characteristic of six-, five and four-fold coordinated Al(II1) centers. The NMR spectrum of 
crystalline ZnAlz04, heat treated at 600 "C, shows two distinct signals at 2.34 ppm and 61.9 ppm 
corresponding to A13+ ions present in the octahedral (A106) and tetrahedral (A104) sites of the 
closed cubic packing of oxygen atoms. This shows the zinc aluminate spinel to be partially inverse 
with an occupancy ratio of A1Td:AlOh = 1/3:2/3 (degree of inversion, y = 1/3). The absence of a 
signal corresponding to five coordinate Al(II1) species suggests a structural change in the gel 
structure (via condensation, oxolation and alcoholation reactions). The peak due to four-fold 
coordinated A1 centers diminish in the temperature range 600-900 "C. The NMR spectrum of 
ZnA1204 sample heat treated at 1000 "C shows only the presence of octahedrally coordinated A1 
ions (Fig. 5) ,  which illustrates the temperature dependence of the degree of structural inversion in 
zinc aluminate spinel. The observed doublet is due to the second order splitting of the central 
transition band by nuclear-quadrupole interaction. 

(4 - 6 h  
-12h 
-18h 
-24 h 

300 400 500 6 
Wavelength (nm) 

Xerogel 

e- ~ 1 0 ~  

1000 "C 

600 200 -200 -600 

Figure 5. (a) Absorbance spectra of the ZnAl204 sample calcined at 700 "C for different time 
periods and (b) *'A1 solid-state MAS NMR spectra of Zn-0-A1 xerogel, ZnA1204 
ceramic calcined at 600 and 1000 "C. 
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(ii) Phase Selective Synthesis of GdFeOj Nanoparticles: GdFe03 belongs to the class of 
orthoferrites (G-type magnet), showing a strong uniaxial anisotropy and was among the first 
bubble domain materials discovered in the 1960's. However, due to the difficulties involved in the 
phase selective synthesis of LnFe03 oxides (Ln = any lanthanide element), they were abandoned in 
favour of the well-known magnetic garnets (Ln3FeSO12). In the chemical synthesis of lanthanide 
ferrates (LnFe03) at least two sources, one for Ln3' and the other for Fe3+, are used to obtain a 
precursor solution. The random mixing of the ions results in the co-existence of undesired phases 
(e.g., Ln3Fe5OI2 and Fe304) in the final pr~duct . '~  The facile formation of thermodynamically 
more stable garnet phase (Ln3Fe5012) with much higher magnetic moment hinders specific 
investigations on the weak femmagnetic behaviour of the orthoferrite, LnFe03. In this context, the 
precursors with the required cation ratio and preformed Ln-0-Fe bonds are attractive Single- 
Sources for the controlled synthesis of phase pure LnFe03 materials. We have synthesized a 
gadolinium-iron isopropoxide, [GdFe(oPr1)6(PrioH)]2, with Gd:Fe ratio 1 : 1 (Fig. 6). 

Figure 6. Molecular structure of [ {GdFe(OPr')6} (HOPr')]2. 

The sol-gel processing of alkoxides is based on inorganic polymerisation reactions in which 
partially hydrolysed alkoxide species condense to form multi-molecular aggregates assembled via 
0x0- or hydroxo groups. Further cross-linking of such building blocks favors the gelation process. 
The overall sol-gel reaction path is represented in equation 1. 

Alcoholation 
Hydrolysis /Oxolat ion 

'/z [GdFe(OPr?6(Pr'OH)]2 'GdFe(OH)x(OPri)6-,' - 'GdFe(OH),( O)y(OPri)6-x-y/21 

Pol y condensa ti on 1 
GdFe03 'GdFe(OH)x(0)y(OPr'>,' 

(z << x and y) ...... (1) 

Owing to reformed Gd-O(R)-Fe bridges in [GdFe(OP&(Pri0H)l2, the hydrolytic 
decomposition and the formation of GdFe03 occurs at a molecular level and crystalline ceramic is 
obtained at significantly low temperature (700 "C). Moreover, the crystalline GdFe03 is formed 
from an amorphous precursor without the crystallisation of any intermediate phases (Fig. 7). 
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Figure 7. X-ray diffraction patterns and TEM image of GdFe03 ceramic. 

The thermodynamically favored garnet composition, invariably formed in the synthesis of 
orthoferrites, is not observed. Further, no phase segregation or crystallisation of other 
stoichiometries was observed, even at higher temperatures, which confirms the compositional 
purity of the sample and our contention that the chemical mixing of the ions is retained during the 
various stages of the processing. 

The TEM image (Fig. 7) of the GdFe03 ceramic calcined at 1000 "C showed faceted 
crystallites of nearly uniform size (- 60 nm). According to the compositional analysis performed 
by TEM-EDS on individual particles, the samples are chemically homogeneous at the nanonieter 
scale, with respect to the distribution of the metals. Orthoferrites display weak ferromagnetism 
arising from the low symmetry of the magnetic unit cell, which produces a spin-canted structure of 
the Fe sublattice. Both the temperature and field dependence of the magnetization in GdFe03 can 
be explained from the weak ferromagnetism of these sy~tems, '~ and the very different ordering 
temperatures of Gd (- 1 K) and Fe (- 600 K) magnetic sublattices. The magnetic susceptibility xdC 

50 100 150 200 250 300 

Temperature (K) 

-50-40-30-20-10 0 10 20 30 40 50 
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Figure 8. (a) Magnetization and inverse magnetic susceptibility (inset, a) curves and (b) M-H 
hysteresis (300 K) for the GdFeO3 ceramic calcined at 800 "C. 
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shows a paramagnetic-like behaviour (Fig. 8) down to the lowest temperature available (T - 2 K). 
The calculated value (Curie-Weiss law x(T) = C/(T - 0)) of effective moment corresponds to the 
paramagnetic contribution of Gd3+ ions (i.e., 8.0 pB for an *S7/2 state). On the other hand, the small 
(negative) value of 0 supports the fact that the Gd-Gd (antiferromagnetic) exchange interactions 
are remarkably weak. The linear behaviour of M(H) curve with the applied magnetic field (Fig. 8), 
without signs of saturation up to 5 T, resembles a paramagnet. 

Oxideoxide Composite 
A New Concept for Nd-doped Oxides: Combining two phases with distinct attributes resulting in 
so-called nanocomposites can augment the inherent advantages of nanostructured materials. For 
instance, encapsulating nanocrystals of optically hnctional phases, in a processable matrix, forms 
optically active composite. The small particle size enhances the optical properties while the matrix 
material stabilizes the particle size and prevents random grain growth. In the context of optical 
materials, the neodymium-doped materials are useful as solid-state laser media, phosphors and 
optical amplifiers. A general problem encountered in the synthesis of Nd-doped silica glasses is 
the dificulty to incorporate homogeneously Nd3+ ions into the matrix because the dopant ions tend 
to cluster due to coordinative unsaturation? The addition of alumina as codopant prevents the 
clustering of Nd3+ ions by forming a solvation shell of (A104) and/or (AIOs) units around the Ln3+ 
ions to keep them hoinogenously dispersed. The A1-0 bonds preferentially surround the Ln3+ ions 
in the Ln203-SiOz glasses, co-doped with A1203. The role of aluinina in inhibiting dopant 
clustering is attributed to the encapsulation of rare earth centers by aluinina, which increases the 
minimum Ln-Ln distance in the material, presumably by forming -Ln-0-AI- linkages. l7 We have 
proposed a new doping concept in which NdA103 nanocrystals, used as the optically active phase, 
were dispersed in an alumina matrix to obtain a novel oxide-oxide composite material. Alumina 
can serve as an active matrix and may interact with the surfacial Nd atoms of the NdA103 
nanocrystals to form further Nd-0-A1 bonds. To verify this hypothesis, the optical properties of 
nanoparticles of pure NdAl03 were compared with those of the NdA103/A1203 composite. 

Single-phase Nanocrystals Composite Material 

Scheme I 

For the synthesis of monophasic NdA103 and NdA103/A1203 composite, the molecular 
precursors, [NdAl( OPri)6(PriOH)]z (NA) and [NdA13(OPri)12(PriOH)] (NA3) based on Nd:A1 ratios 
1 : 1 and 1 :3 (Fig. 9) were used in the sol-gel process to obtain mono- and biphasic nanomaterials 
according to eqs. 2 and 3.18 

[NdAI(OPr')6(Pr'OH) JZ _I__, NdA103 ...... (2) 

[NdAl~(OPr')~~(Pr'OH)] --b NdA103IA1203 ...... (3) 
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Figure 9. Molecular structures of (a) [NdAl(OPri),(PriOH)]~ and (b) [NdA13(OPri),,(PriOH)]. 

The EDX analysis of the gels and calcined powders gave Nd:Al ratios corresponding to those 
present in the molecular precursors and no heterogeneity was observed on a sub-micrometer level. 
The TG/DTA analysis of the xerogels showed the crystallisation of NdA103 to occur at 810 and 
870 "C in the gels obtained from NA and NA3, respectively. These obervations were confirmed by 
the XRD measurements. The slightly higher crystallisation temperature of NdA103 ceramic in the 
later system was found to be the influence of the alumina matrix (see later). The xerogel obtained 
from NA produced monophasic NdAlO3 after calcination at 800 "C and no other contaminating or 
secondary phase was observed upto 1400 "C (Fig. 10). On the other hand, NA3 showed NdA103 to 
be the only crystalline component until 1200 "C suggesting the residual alumina content (fkom the 
stoichiometric balance and chemical analysis data) to be amorphous. Indeed, the crystallisation of 
aluminas (mixture of y, K and 6 phases) was observed around 1300 "C. The TEM image of 

-I I 

Figure 10. Temperature-dependent XRD patterns of (a) NdA103 and (b) NdA1o3/Al2o3. 

NdA103 sample revealed a regular dispersion of only one form of crystallites while a bimodal 
distribution of particles was found in the case of NdA103/A1203 composite. The analytical electron 
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microscopy of the composite sample confirmed the large grains to be NdA103 while the smaller 
particles forming the matrix show a composition corresponding to alumina (Fig. 11). 

Figure 11. TEM images of (a) NdA103 and (b) NdA103/A1203. 

Figure 12 displays the average crystallite sizes (Dm), of NdA103 grains in two systems plotted 
against the calcination temperatures. The grains in pure NdAlO3 powder experience an exponential 
growth whereas in the NdAlOJA1203 composite system the growth of NdA103 crystallites is 
restricted due to the presence of a second phase. The average crystallite size of NdAlO3 at 

Figure 12. Dependence of the crystal growth on the calcination temperature in NdAlO3 (I) and 
NdAlO3/Al2o3 (11). The adjacent scheme shows the physical models of the grain 
growth processes in amorphous and crystalline states of the matrix in the NA3 system 
and correspond to the two regimes a and b in curve 11. 
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a particular calcination temperature is significantly larger in the single-phase system. This is due to 
the influence of second-phase particles (alumina), which retard the kinetics of grain growth 
through grain boundary pinning. The grain growth in the composite material shows two distinct 
regions (Fig. 12). The temperature range 800-1200 "C (part a) represents the nucleation and 
growth of NdA103 crystals in an amorphous aluminium oxide medium. The growth slows down at 
higher temperature probably due to the different diffusion rates. Owing to its higher thermal 
conductivity, alumina may function as a micro-crucible and conduct heat to the embedded NdA103 
nanocrystallites thereby providing the activation energy necessary for grain growth of NdA103. 
The competition between NdA103 and alumina particles for the externally provided thermal 
energy results in the delayed crystallization of aluinina (ca. 1200 "C, against the reported 
crystallization temperature ca. 750 "C for nanoscaled alumina). The further restrained grain 
growth of NdA103 phase in the second regime (Fig. 12, Part b) is associated with the crystallization 
of alumina nanoparticles, adhering on the surface of the NdAlO3 crystals which inhibit the 
percolation of ions thereby impeding the grain growth. 

A comparative evaluation of the optical efficiency of Nd3+ ions in monophasic NdA103 and 
NdA103/A1203 composite was performed by recording the absorption and photoluminescence 
spetra of both the systems (Fig. 13). The high-resolution absorption spectrum e19/2( 1) j4F9/2( 1)) 
of NdA103 shows a single peak whereas the NdA103/A1203 composite exhibits besides the main 
peak, a series of satellites. In the photoluminescence (PL) spectra of the two systems excited at 4 
K by 351 nm radiation (Ar' ion laser), enhanced photoluminescence intensity (ca. 35 times) is 
observed for the NdA1O3/Al2o3 sample. This observation can be attributed to the influence of the 
A1203 matrix on the electronic structure of Nd3+ ions in NdA103 nanocrystals because the main 
difference between the two systems is the isolation of individual NdA103 nanocrystallites by the 
A1203 matrix, in the NdA103/A1203 composite. In view of the observed higher absorption 
coefficient and photoluminescence in NdA103/A1203, it is reasonable to assume that the energy 
transfer from the aluinina matrix to the Nd3' cations is operative in the composite material. The 
near-surface defects in the nanoparticles are the source of nonradiative quenching sites in the 
luminescent materials, which decrease the luminescent intensity. It is plausible that the much 
smaller alumina crystallites coordinate to the NdA103 crystallites via dangling A1-0 bonds thereby 
amending some of these surface defects and eliminating the clustering of NdA103 nanocrystals via 
a spacer ' function.20 
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Figure 13. (a) High-resolution absorption spectra of Nd 4f (419/2(1) --+4F9,2(1)) and 
photoluminescence spectra of Nd 4f 4F3/2 -+ 419/2 emission in NdA103 
NdA103/A1203 systems. 

(b) 
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CONCLUSION 
Our investigations have shown that the strategy of incorporating different elements in a 

molecular source to obtain the target nanocrystalline ceramic or composite from a Single-Source 
drastically simplifies the material synthesis and reduces the process parameters. The single-step 
transformation of molecular alkoxide derivatives for the phase selective synthesis of a large 
variety of ceramics and composites illustrates the potential of alkoxide precursors to 'preform' the 
material on the molecular level. The positional control imposed on the phase-forming elements via 
chemical bonds is carried forward to the solid-state structure, which results in the evolution of 
crystallinity at very low temperatures and simultaneously prevents metal segregation or phase 
separation at the nanometer scale. In summary, metal-organic compounds with a predefined metal 
stoichiometry and reaction chemistry can enforce a molecular level homogeneity in the obtained 
materials, which is generally not achieved by the conventional chemical methods. 
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ABSTRACT 
NASICON (Na superionic conductor) is a well-known family of sodium 

ionic ceramic conductors, with a large range of stoichiometries Nal+xZr&P3.x012 
with O<x<3. This paper reports the synthesis of nanocrystalline NASICON 
powders and thin films by two reactive processes. Nanocrystalline NASICON 
powders were prepared by the auto ignition synthesis. An aqueous solution 
containing stoichiometric amounts of sodium nitrate, zirconyl nitrate, 
diammonium hydrogen phosphate, ammonium perchlorate, fbmed silica and urea 
was used. The powders were characterized by X-Ray Diffraction (XRD) and 
Transmission Electron Microscopy (TEM). Phase formation was determined by 
XRD analysis. The heat-treated powders were nanocrystalline, with the particle 
size ranging from 10 to 50 nm as determined by the TEM studies. NASICON thin 
films were produced by a Combustion Chemical Vapor Deposition (CCVD) 
technique using the above combustion precursors. The as produced thin films 
were hrther characterized by XRD and Scanning Electron Microscopy (SEM). 

INTRODUCTION 
NASICON (Na superionic conductor) is a well-known family of sodium 

ionic ceramic conductors, with a large range of stoichiometries Nal+xZr2SixP3-x012 
with O<x<3 [1,2]. These compounds are known for their applications as a solid 
electrolyte in solid-state electrochemical devices such as gas sensors [3,4], ion 
sensors [2,5], and high-energy-density batteries [6]. The conventional solid-state 
method [7] of preparing these materials is a tedious process involving heating the 
component dry oxide powders at high temperatures (>lOOO"C) with repeated 
grinding. Wet-chemical methods like the hydrothermal method and the sol-gel 
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processing technique have several advantages in terms of homogeneity and the 
fine particle nature of the products. The synthesis of phase pure NASICON is 
often difficult by the latter processes. Also, these processing methods require long 
processing times, expensive chemicals, and special equipment. Hence, as an 
alternative approach, a reactive process called the auto ignition synthesis is used 
with the aim of synthesizing NASICON powders in nano-crystalline form. This 
combustion technique is better suited over other synthesis routes in terms of 
compositional homogeneity and purity of the final product. 

The combustion of redox mixtures containing metal nitrate, urea, and 
ammonium perchlorate in the presence of diammonium hydrogen phosphate and 
silica is controlled and undergoes smooth combustion reaction to yield metal 
phosphates of NaZr2P3012 (NZP) type. Fumed silica present in the redox mixture 
appears to react with the metathetically formed sodium zirconium phosphate to 
yield NASICON materials [8]. 

Thin film materials of the solid electrolyte are very promising in the fields 
of chemical sensors or display devices for their advantages in their performance, 
miniaturization, and accumulation. So far, dry process of R. F. sputtering [9], 
laser ablation [lO] and pulsed laser deposition methods [ll], as well as wet 
chemical processes (e.g. sol-gel) [ 12- 161 or screen printing methods [ 171 have 
been utilized in the synthesis of NASICON thin andor thick films. Dry processes 
or the sol-gel routes are promising for the preparation of thin films; however, they 
still have disadvantages in terms of cost and ease of handling. Combustion 
Chemical Vapor Deposition (CCVD) is the vapor deposition of a film near or in a 
flame that causes the precursors to react [ 18,191. This continuous, open-air 
deposition process holds several advantages over more traditional processes for 
thin film coating. The CCVD process does not require highly specialized and 
expensive equipment (e.g. vacuum chambers, reaction hrnaces etc.), allows for 
continuous production-line manufacturing, and eliminates the use of expensive, 
environmentally harmful (e.g. chlorine or fluorine) or toxic chemicals. The 
present work describes the synthesis of nanocrystalline NASICON powders and 
thin films using aqueous precursor solutions. 

EXPERIMENTAL PROCEDURE 
An aqueous solution containing stoichiometric amounts of commercially 

pure sodium nitrate (Alfa Aesar, 99.99%), zirconyl nitrate (Aldrich Chemical 
Company, 99.99%), fumed silica (Alfa Aesar, 99.5%), diammonium hydrogen 
phosphate (Alfa Aesar, 98.0%), ammonium perchlorate (Alfa Aesar, Reagent 
grade) and urea (Sigma, 99.99%) was used. Stoichiometric amounts of these 
reactants were dissolved by stimng them with 50 cm3 of water in a conical flask. 
Initially the solution was heated on a hot plate to evaporate excess water. When 
the resulting slurry was heated at 450°C, the contents ignited to burn with a flame, 
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yielding voluminous amounts of NASICON powder. Various heat treatments 
were camed out on these as synthesized powders to study their effect on the 
NASICON phase formation. 

The powders were characterized by XRD (Siemens D5000) technique, 
using with Cu-Ka radiation at 40kv and 30mA in the range 28 = 12 to 60 degrees. 
Transmission Electron Microscopy (JEOL, 20 10, operated at 200kV) was carried 
out to ascertain the powder morphology and the extent of agglomeration of the 
solid combustion residues. Subsequently, the as-synthesized powders were cold 
isostatically pressed (Iso-Spectrum CP2-60) at 25Ksi pressure for 10 minutes and 
the resulting green compacts were subjected to sintering in an industrial 
microwave furnace (Microwave Materials Technology, Knoxville, TN) operated 
at 1.5 KW power for 15 minutes (4 1 OO'C). The microstructure of these sintered 
pellets were examined using Scanning Electron Microscopy (Leo 1530, 30kV). 
The samples were sputter coated with Au-Pd alloy prior to their SEM analysis. 

NASICON thin films were prepared on glass, and silicon substrates via 
CCVD using the above mentioned precursors in ethyl alcohol. Figure 1 shows the 
schematic of the experimental set up. The as-synthesized NASICON thin films 
were characterized using XRD and SEM. 

Figure 1. Schematic of the experimental set up. 

RESULTS AND DISCUSSION 
The XRD patterns of as-synthesized and as-heat treated powders are 

shown in Figure 2. The impurity phases such as ZrOZ and Nap03 appeared in the 
as-synthesized XRD pattern. This is probably due to the presence of fbmed silica, 
which reduces the flame temperature [8]. Calcination of Na3Zr2PSi2012 between 
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350" to 750°C for 3hr yielded pure crystalline NASICON materials. As the 
calcination temperature is increased to 750"C, the impurity phases disappear. The 
XRD pattern of as heated powders at 750°C shows the formation of crystalline 
NASICON with a minimum of impurity phase. The low temperature of formation 
as well as the phase-pure nature of NASICON materials prepared by combustion 
process is notable because of the di ficulty involved in preparing single-phase 
NASICON materials by other methods [20,21]. The TEM images of NASICON 
powder (Figure 3) exhibited elongated rod like crystals with size distribution in 
the range of 10-50nm. Agglomerates of the crystal are also visible from the 
micrograph. However, these are believed to be soft agglomerates as the powders 
are easily compacted to produce pellets. 

The macro pore density of the pelletized samples is low. The density of 
the sample MW sintered at 1.5kW for 15min is 3.0 g/cc (92% of the theoretical 
density). Microwave sintering can densify NASICON pellets to high density. The 
SEM fractograph of the sintered sample contained faceted particles with particle 
size range of the order of 1.5 to 4.5 pm as shown in the Figure 4. 

12 17 21 27 32 31 42 47 52 57 

2Theta 

Figure 2. XRD patterns of the as-synthesized and calcined NASICON 
powders. 
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Figure 5 shows the XRD pattern of the as-produced NASICON thin film 
on the glass substrate. The XRD pattern confirms the presence of NASICON 
phase. A small amount of 21-02 impurity phase was observed in the as produced 
thin films. Figure 6 shows the SEM micrograph of the as-prepared NASICON 
thin film on glass substrate. The thin films were continuous with thickness in the 
range of 1 to 2pm. 

Figure 3. TEM pictures of as-synthesized NASICON powder. 

Figure 4. SEM fiactograph of NASICON sample MW sintered at 1 100" C 
for 15min. 

Ceramic Engineering and Science Proceedings I83 



30 1 
I - NASfCON 

15 20 30 40 50 60 

2 Theta 

Figure 5 .  XRD pattern of as-produced NASICON thin film on glass substrate. 

( 4  (b) Figure 
6. SEM images of NASICON thin film on (a) glass, and (b) Si substrates. 

CONCLUSIONS 
Nanocrystalline NASICON materials were prepared using combustion 

synthesis technique. The exothermic reaction containing the redox mixture of 
metal nitrates, hmed silica, urea, ammonium perchlorate and diammonium 
hydrogen phosphate creates high in-situ temperatures, which are utilized for the 
formation and crystallization of NASICON. The main advantages of the process 
are reduced processing time, saving in energy, and nano-crystallinity of the 
powders. NASICON thin films were successfully prepared by combustion CVD 
(CCVD) technique. The as-produced thin films were uniform and nanocrystalline. 
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MANUFACTURING OF GLASS AND CERAMIC MATRIX COMPOSITES BY ELECTRO- 
PHORETIC IMPREGNATION WITH NANOSIZED POWDERS 
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ABSTRACT 
Ceramic and glass components with graded structures can be produced by means of electro- 

phoretic impregnation (EPI) of green bodies, prepared beforehand by electrophoretic deposition 
(EPD) or casting. In contrast to most of the common techniques components with continuously 
graded structures (graded pore sizeldensity or/and graded chemical composition) are obtained. 
Steepness and dimension of the gradient could be adjusted reproducibly between some hundred 
microns and several millimeters up to centimeters. Examples are shown of silica glass green and 
sintered components with tailored gradient in density and pore size distribution as well as of com- 
posites of silica, alumina, ceria and zirconia with a functionally graded chemical composition. The 
impregnated green bodies were characterized by means of image analysis on the basis of SEM 
pictures and EDX analysis. The sintered components were characterized by optical spectroscopy. 
The influence of important process parameters of the EPI, like applied electric field strength, 
c-potential, viscosity, deposition time and pore size of the green body to particle size ratio, on the 
resulting graded structure is discussed. 

INTRODUCTION 
The strong interest in composites with functionally graded composition arises from the wish 

to combine the advantages of two dissimilar materials with highly incompatible properties. Joining 
glasses and especially silica glass to metal, e.g. for lighting applications or microelectronics, is 
highly complicated by the strong mismatch of the thermo-physical properties of both materials. 
Strong residual stresses arise during joining due to the highly different thermal expansion. To 
avoid or at least minimize these stresses glass-metal composites with graded junction are of great 
interest. The influence of a graded composition on thermal stresses is discussed in detail in [l]. 
Optical fibers and lenses with graded refractory index were probably the first application of func- 
tionally graded material with defined gradient that were produced on an industrial scale [2]. Other 
applications of ceramic-ceramic composites, where a graded interface is also advantageous, are 
thermal barrier coatings or tribological coatings, where hardness at high temperatures combined 
with a high toughness are required. Furthermore, the performance of solid oxide fuel cells can be 
enhanced by a functionally graded interface between cathode or anode and electrolyte. As mem- 
branes, in the field of biomaterials or as damping materials monolithic components with graded 
microstructure, graded density andor pore size, are used. 

Different techniques have been used for the manufacturing of graded ceramics. Coatings with 
graded structure have been deposited by CVD or thermal spraying. By means of dry pressing ce- 
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ramic composites have been shaped [3], but size and geometry of the composites are limited. 
Much more promising is the manufacturing of graded ceramic and glass components and compos- 
ites by green forming from suspensions and sintering. In contrast to other techniques, where a 
gradient is formed by layer-wise deposition, continuously graded structures are achieved, e.g. by 
casting of suspensions. During the casting process the composition of the suspension is gradually 
changed [4]. Centrifugal casting of suspensions containing particles of different sizes results in 
coatings or monolithic components with a graded distribution of the particle size and hence with a 
graded density and pore structure [5]. A comprehensive overview of the different shaping tech- 
niques used as well as the basic concept of graded materials is given in [6]. 

A rather novel shaping technique for materials with graded structure is the electrophoretic 
deposition (EPD). EPD from aqueous suspensions is a low-cost, high-efficient and environmen- 
tally acceptable manufacturing technology for ceramic and glass components and composites. 
Furthermore, it could be shown, that green density and pore size distribution of electrophoretically 
deposited coatings and green bodies can be controlled and adjusted exactly and reproducibly [7]. 
Since the deposition rate is independent of particle size, nanosized particles can be deposited very 
homogeneously by EPD with high deposition rates [8] as well as powder mixtures with different 
particle size. Reviews about EPD as shaping technique are given in [9, 101. In recent time several 
investigations were carried out to use EPD as shaping technique for graded alumina-zirconia com- 
posites [ 1 1-1 31. The composition of the suspension was changed gradually during deposition and 
the different particles were co-deposited. A necessary demand of this process is that the different 
particles all are like-charged. But a difference in the <-potential of the particles has to be compen- 
sated by adjusting the suspension composition. Thus, the process control is rather sophisticated all 
the more because the particle-particle interaction can influence the motion of the particles [ 141. 
Although a deposition of particles with different sign of surface charge is possible under certain 
conditions, this process is even more sophisticated to control. 

In contrast, by means of electrophoretic impregnation (EPI) a continuously graded structure is 
achieved by deposition of nanosized or submicron particles within the pores of a green body or a 
fiber pre-form. The electrophoretic impregnation process is a modification of the electrophoretic 
deposition by the membrane method [ 151. The membrane used for the EPD process is replaced 
either by a fiber pre-form or an open-porous green body. Thus, an impregnation of pore channels 
with small particles can be achieved. 

EXPERIMENTAL SET-UP 
Green bodies with controlled pore size and density were prepared by electrophoretic deposi- 

tion (EPD) of micrometer-sized particles from aqueous suspensions or by mould casting. The 
powders were dispersed gradually in bidistilled water under constant torque by means of a dis- 
solver. Vacuum was applied to avoid the incorporation of air bubbles into the suspension. To 
achieve an electrostatic stabilization of the particles and to adjust the <-potential different amounts 
of tetramethylammoniumhydroxide (TMAH) were added. 

After drying, the green bodies were infiltrated with different nanosized particles by means of 
electrophoretic impregnation (EPI). Aqueous suspensions of alumina, zirconia, ceria and different 
firmed silica powders were prepared as described before. Stabilization and <-potential of the parti- 
cles were adjusted by adding TMAH. The mean particle size of the Aluminum Oxide C (Degussa) 
with a specific surface area of 100 m2/g (measured by nitrogen sorption) was 15 nm, whereas the 
zirconia (Experimental Product Zirconium Oxide, Degussa) had a mean size of 30 nm and a spe- 
cific surface area of 40m2/g. The silica powders used were Aerosil 0x50,  A200 and A380 
(Degussa) with a mean particle size of 40, 12 and 8 nm respectively. The figure in the product 
name is equal to the specific surface of the corresponding powder. The mean particle size of the 
ceria powder used (Nanophase Technologies) was 15 nm with a specific surface area of 57 m2/g. 
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A simple experimental set-up for the electrophoretic impregnation of green bodies is shown in 
figure 1. For more complex shaped green bodies the set-up has to be re-adjusted with respect to 
electrode geometry and arrangement. The electrophoresis cell is subdivided into two chambers by 
the green body. One chamber was filled with a suspension, whereas bidistilled water and, where 
applicable, TMAH was poured into the second chamber, analogous to the membrane method. Two 
platinum plates were used as electrodes. The applied direct voltages were varied between 5 and 
60 V. During deposition, voltage and current could be measured at up to 8 positions within the 
electrophoresis cell simultaneously. Furthermore, pH, electrical conductivity and temperature of 
the suspensions were measured. 

Figure 1. Experimental set-up for the electrophoretic impregnation of porous green bodies 

The impregnated green bodies were characterized regarding densification, impregnated depth 
and gradient by means of an image analysis system (Image C) on the basis of SEM pictures and 
EDX analysis. Furthermore, density and pore size distribution were measured by Archimedes 
method and mercury porosimetry. The sintered components (vacuum, 1525 "C) were characterized 
by EDX analysis and Raman spectroscopy. 

RESULTS AND DISCUSSION 
Figure 2 shows the fracture surface (SEM image) of a silica green body with graded density 

and gradual change in pore size. The graded structure was achieved by electrophoretic impregna- 
tion of a silica green body with monomodal pore size distribution (mean pore size 1.8 pm) with 
nanosized fumed silica particles (0x50). The ratio of pore size to particle size (Wr ratio) was - 90. 
The surface on the right-hand side was in contact with the suspension, which means that the green 
body was impregnated from this side. As can be seen, the visual porosity increases from the sur- 
face towards the bulk of the sample and so does the pore size. The micrograph in the upper right- 
hand corner shows a part of the green body at a distance of about 250 pm from surface with higher 
magnification. In this part of the sample all the pore channels between the coarse silica particles of 
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the green body are completely filled with nanosized OX50 particles. Thus, the green density was 
increased from 65 % of the theoretical value to 83 %TD. As a consequence thereof the mean pore 
size was decreased from 1.8 pm to 28 nm. With increasing distance from impregnation surface the 
density was found to decrease gradually whereas the pore size increased. 

Figure 2. Silica green body with functionally graded density and pore size achieved by electro- 
phoretic impregnation (SEM pictures, fracture surface) 

The densification was determined as a function of distance from surface on the basis of SEM 
pictures each with equal magnification. Every 300 pm a picture was taken and the porosity deter- 
mined by means of image analysis. The values were then normalized to a fully densified sample 
where no porosity could be observed by image analysis at the given magnification. Thus, a densi- 
fication of 100 % means that all the pore channels in the green body are completely filled with 
nanosized particles and the only pores that still exist within the impregnated green body are those 
between the nano-particles. 

To enable a reproducible tailoring of densification or gradient, the influence of important pa- 
rameters of the EPI on densification and impregnation depth was investigated. The parameters 
varied were the applied electric field strength, pH, TMAH content, solids content, particle size and 
<-potential of the green body. Viscosity and electrical conductivity of the suspensions as well as <- 
potential of the particles were influenced indirectly. The investigations were carried out for fumed 
silica, zirconia, alumina and ceria. Some of the results for the impregnation of silica green bodies 
with different nanosized silica powders are shown below. Silica was chosen as a matrix material 
due to the fact that the sintered bodies could easily be characterized visually and by optical spec- 
troscopy. Further results will be published in more detail. 

Figure 3 shows the increase in density of silica green bodies after EPI with different nanosized 
fumed silica particles as a function of distance from impregnation surface. The smaller the particle 
size, which means the higher the R/r ratio, the bigger the increase in density near the impregnation 
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surface. With increasing distance from surface the difference in densification becomes smaller. 
The high R/r ratios of all particles result in a deep impregnation of the green bodies. 

Figure 3. Influence of particle size on densification and steepness of gradient of silica green 
bodies impregnated with nanosized fbmed silica powders of different particle size 

Figure 4. Influence of pH and viscosity on the densification of a silica green body by electro- 
phoretic impregnation with nanosized fumed silica particles (A3 80) 
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Figure 4 shows the densification of a silica green body after EPI with A380 at a distance of 
1.2 mm from the impregnation surface as a fbnction of pH (titrated with TMAH). Furthermore, the 
viscosity of the aqueous A380 suspension used is plotted. A distinct minimum of the densification 
was observed for pH 8, which correlates with a maximum of the viscosity. This can be explained 
by a formation of a 3-dimensional network of silica agglomerates stabilized by hydrogen bonds, 
which aggravates the penetration of the particles into the pores of the green body. 

The impregnated green bodies were sintered to investigate the influence of densification or 
density and pore size gradient on sintering behavior (sintering temperature) and properties of the 
sintered components. In figure 5 three sintered samples with different steep density gradient after 
EPI are shown. The samples were sintered at 1550 "C, where the not densified silica is not yet 
sintered to full density and is therefore not transparent. The densification with the nanosized parti- 
cles enables a better sinterability and hence results in fully transparent silica glass Thus, the width 
of the transparent part of the samples is a measure for a certain amount of densification. It can 
clearly be seen in figure 5 that by EPI densified depth or density gradient can be adjusted in a wide 
range between a few ten microns and some millimeters or even centimeters. Furthermore, also a 
homogeneous densification can be achieved resulting in lower sintering temperatures. 

Figure 5. Silica glass samples with different steep graded density after sintering under vacuum 
at 1550 "C 

Electrophoretic impregnation cannot only be used to produce components with graded density 
and pore size, but also to prepare graded composites of different materials. Figure 6 shows a SEM 
picture of the fracture surface of a silica green body electrophoretically impregnated with alumina. 
This example was chosen to investigate the parameters of the process due to the fact, that these 
samples could be characterized easily in green and sintered state. The alumina particles act as 
crystallization germs within the silica glass matrix and originate the formation of cristobalite. After 
sintering and polishing of such an impregnated sample the Raman intensity was measured as a 
function of the distance from impregnation surface. Every 200 ym a spectrum was measured. 
Figure 7 shows some of these Raman spectra and a part of the sintered composite. Near the surface 
sharp distinct peaks were observed which could be associated to cristobalite. With increasing dis- 
tance from impregnation surface the intensity of the cristobalite peaks diminishes and is superim- 
posed by the silica glass spectrum. At position 4 only the silica glass spectrum was observed. Even 
though this was only a semi-quantitative analysis, it can be seen, that aAer sintering of the electro- 
phoretically impregnated green body a composite with graded composition was achieved. 
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Figure 6. Silica-alumina FGM (green body) prepared by electrophoretic impregnation of a 
silica green body 

Figure 7. Position sensitive characterization of a functionally graded silica-alumina composite 
(aAer sintering under vacuum at 1550 "C) by Raman spectroscopy 

CONCLUSIONS 
Electrophoretic impregnation is a technique by which nanosized and submicron particles can 

be deposited within the pores of ceramic or glass green bodies or fiber pre-forms. Thus, nanosized 
secondary phases can be incorporated into a matrix to fulfil specific functions. A densification of a 
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green body can be achieved either homogeneously, graded or locally to improve green strength 
and sintering behavior. Furthermore, functionally graded components can be manufactured with 
graded density andor pore size distribution as well as graded chemical composition. In contrast to 
most of the common techniques, a really continuous gradient is achieved. It could be shown that 
depth of impregnation and steepness of gradient could be tailored exactly and reproducibly by 
adjusting the process parameters of the EPI. Sintered composites and components with a continu- 
ous gradient from some ten microns up to several millimeters or centimeters could be produced. 
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ABSTRACT 
Nanosized powders offer new possibilities for the preparation of advanced 

materials. Therefore these powders should show certain properties like shape, 
density and phase composition. Different nanosized alumina and zirconia powders 
were prepared via gas phase synthesis and wet chemical reaction. While pure 
alumina showed the typical phase transition from y, 6 to a -phase at 1100 to 
1200 "C, FezO3-doping seems to reduce the phase transition temperature signifi- 
cantly. All powders had to be calcined to achieve a crystalline structure. These 
first results of this comparative investigation indicate that gas-phase deposited 
powders are more qualified for the preparation of advanced materials. 

INTRODUCTION 
For the production of nanosized ceramic powders a number of synthesis tech- 

niques are currently available. Important examples are precipitation methods ' , the 
sol-gel technology *, spray pyrolysis 3, flame hydrolysis and inert gas condensa- 
tion '. The highest amount of nanosized powders are produced on an industrial 
scale with more than 1OO.OOO t/a via flame hydrolysis (e.g. Aerosil@, Degussa AG, 
Hanau, Germany). These powders (mostly silica, titania, and alumina) are mainly 
used as additives and the potential as high-end starting powders for advanced ce- 
ramics is by far not exploited. For the preparation of advanced ceramics it is im- 
portant that these nanopowders show suitable properties for forming high-density 
compacts, which can be completely sintered. Therefore is the objective of this 
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paper to compare nanopowders made by different methods with respect to their 
suitability for making advanced materials. Besides Aerosils@ nanosized alumina 
and zirconia powders made by electrodeposition under oxidizing conditions 
(EDOC) 5 ,  the microwave plasma technique ', ', and the synthesis in a pulsation 
reactor are used. The characteristic properties, which are important for the prepa- 
ration of advanced ceramics, are measured. Particle size, pycnometric density, 
phase composition and agglomerating behavior have influence in the sintering 
behavior. Crystallization and phase transformations have been studied by tem- 
perature dependent XRD,  thermogravimetry (TG) and difference scanning calo- 
rimetry (DSC). 

STARTING POWDERS 
Besides the alumina and zirconia powders, which are delivered by Degussa 

AG, Hanau (Germany), or IBUtec, Weimar (Germany), on a industrial scale (at 
least testing powders, available in larger quantities), the powders synthesized via 
EDOC methods or microwave plasma deposition were prepared for this compara- 
tive investigation. Especially the deposition rate of the applied microwave appa- 
ratus was not very high. Therefore only small quantities of some grams and a re- 
stricted number of compositions very available for these measurements. 

PROPERTIES OF SYNTHESIZED NANOPOWDERS 
The basic differences between the gas phase deposited powders and the pow- 

ders made by wet electrochemical reactions is shown in fig. 1. While single, 
slightly agglomerated particles are formed in the low pressure plasma, the 

Fig. 1 TEM pictures of microwave plasma generated nanosized A1203 (left) and 
ZrOa (right) made with EDOC process 
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Fig. 2 Zeta potential of different alumina powders 

EDOC zirconia particles still stick heavily together. Another difference is shown 
in fig. 2, where the zeta potential of Degussa A1203 powder (Aluminiumoxid C, 
commercial powder) is plotted and compared to a commercial, submicron alumina 
powder. Therefore these powder characterizations are necessary before further 
processing in the direction of material preparation is considered. 

RESULTS OF TG AND DSC MEASUREMENTS 

tion, the phase transitions were measured by DSC. Additionally, the weight 
As most of the gas phase synthesized powder were amorphous after deposi- 

Fig. 3 Compa 
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changes were recorded (TG). The IBUtec alumina shows the typical phase transi- 
tion at 1100 "C, see fig. 3. The transition for the pure microwave plasma alumina 
is slightly higher (fig. 4). For the microwave plasma zirconia powder a hysteresis 
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Fig. 5 DSC measurement of microwave plasma synthesized zirconia powders 

for the phase transition monoclinic - tetragonal is observed. The loss of weight, 
which shows no specific temperature dependence, is due to loss of surface water. 
Compared to fig. 4, the addition of approx. 1 wt.-% Cr203 added to alumina re- 
duces slightly the transformation temperature. In contrast to this result, the addi- 
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tion of 1 wt.-% Fe203 causes significant changes. The sharp peak, which seems to 
be attributed to the phase transition to the a-phase, shifts to 300 OC. In the second 
paper presented at this conference, where the sintering behavior of compacts of 
these powders is reported, it is proved that the a-phase was formed below 900 O C .  
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RESULTS OF XRD MEASUREMENTS 
X-ray diffraction (XRD) measurements were performed to identifL the crys- 

talline phases of the generated powders. All gas phase synthesized powders were 
primarily amorphous. This is shown for microwave plasma alumina in fig. 8. As a 
second precursor can be incorporated into the microwave plasma apparatus after 

Fig. 8 
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generation of particles, core shell structures can be perfectly achieved with this 
method. The formation of the crystalline alumina layer on the zirconia particles is 
observed at similar temperatures. 

0 1 Y,03 cubicZr0, 
I , a , I , , , I , , ,  

20 40 60 80 100 120 140 

2 8 (degree) 

Fig. 10 XRD spectra of 1OY-ZrO2 EDOC powders at increasing temperatures 

After precipitation EDOC zirconia powder shows broad peaks which are at- 
tributed to very small crystals. As the particles are strongly agglomerated, a sig- 
nificant grain growth occurs during heating. This can be concluded from the sharp 
XRD-peaks at 900 "C. Furthermore, there is an indication from the XRD- 
spectrum of the untreated powder that yttria and zirconia are primarily precipi- 
tated in separated phases. During heat treatment a homogeneous phase is formed. 

CONCLUSIONS 
The investigations and comparison of the different nanopowders showed that 

a lot of properties have to be measured for evaluating the potential of preparing 
advanced materials from these powders. From the first results reported in this pa- 
per it can be concluded that commercially available or microwave plasma pow- 
ders, deposited from the gas phase, are better suited than wet-phase precipitated 
powders. In addition, no organics have to be added for stabilization for the gas- 
phase powders, which have to be completely removed before sintering. For alu- 
mina the transition to the stable a-phase can be influenced by dopings. Most sig- 
nificant results were obtained for Fe203-doping. 
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CHARACTERIZATION OF DOPED GLASSES MANUFACTURED BY SIN- 
TERING OF NANOPARTICLES 
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Im Stadtwald, Building 43 
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ABSTRACT 
Gold ruby glass is conventionally manufactured by melting technology. Dis- 

advantageous is the diffkulty to control size and distribution of the nanosized 
gold particles. In order to diminish these disadvantages, the samples of this study 
are manufactured by sintering of silica green bodies. Here, a homogeneous and 
sharp pore size distribution can be realized, because the pore size is a function of 
the particle size of the powder used. These green bodies are impregnated with 
gold salt solutions. Since the forming gold particles are incorporated within the 
pores, their size and distribution should be governed by the pore size of the green 
body. In this paper, different colored samples are investigated by means of optical 
spectroscopy. UV-VIS transmission spectra, FT-IR and Raman spectra of sintered 
gold ruby glass are shown and compared to commercially available glasses. Dif- 
ferences occur mainly due to the different doping concentrations and the different 
matrix glass compositions. 

INTRODUCTION 
The usage of nanosized powders enables the manufacture of advanced glasses 

and ceramics, either coatings or components, with enhanced or new properties '. 
Maximum processing temperatures can be decreased significantly due to the high 
sintering activity of such powders. Accordingly, high purity silica glasses can be 
manufactured at 1,500 "C starting from nanosized fumed silica powders *. These 
glasses can easily be colored by soaking green bodies with salt solutions, con- 
taining coloring admixtures. For glass, it is problematic to achieve a red colora- 
tion; despite Samarium ions, the dopants can either be metallic gold or copper 
particles or semiconducting particles (CdS,Sel -,-doped glass). In both systems it 
is important to get particles in the nanometer range (2 to 20 nm) 39 '. Both Au-/Cu- 
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and CdS,Sel-,-doped glasses exhibit interesting optical characteristics and have 
attained great interest in recent years due to their high nonlinear refractive indices 
4-6. Although color and production technology is similar, the fbnctionality of the 
coloration differs '. For doping with semiconductors it is the light absorption of 
the nanosized CdS,Sel -, particles with coincidence of quantum-size effects. For 
doping with nanosized metal particles the classical Mie theory was improved, 
especially for small clusters 49 '. 

The traditional manufacturing method for this type of glasses is the melting 
technology. Here, precipitating of solved metal ions, which are reduced during an 
additional annealing step, forms the secondary phase. The temperature - time 
program allows control of nucleation and grain growth rate in such a manner that 
a very narrow particle size distribution is available after precipitation. Unfavora- 
bly, however, are the restricted number of material compositions and the lack of 
possibilities to control size, shape and location of the precipitated particles. In 
order to improve these parameters, plenty of process variations have been exam- 
ined. These improvements comprise for instance photosensitive nucleation 8, ion 
exchange with a subsequent reduction and manufacturing of layers via sputtering 
or evaporation l0. Apart from these process improvements in classical melting 
technology, other technologies have been applied. One of these technologies, 
which provided a lot of publications in recent years, is the sol-gel process 11-14. In 
comparison to other technologies, the sol-gel process is more flexible and has 
wider variation possibilities, but only thin layers (< 1 pm) can easily be manu- 
factured. Problematic, however, is the production of large, monolithic compacts 
due to the cracking danger during drying. This can only be reduced by expensive 
supercritical drying l5 or by adding filler particles 16. 

The technology which is applied in this paper, is the sintering of colloidal or 
particulate gels. One advantage is the significantly reduced processing tempera- 
ture (1,250 "C to 1,450 "C) in comparison with melting technology (approx. 
2,300 "C). Additionally, large silica glass bodies with complex geometry and 
sharp edges can be fabricated in a cheap and easy manner. Furthermore, the open 
pore structure can be used for modification of the green bodies. This comprises 
purification, densification or doping, e.g. incorporation of nanosized secondary 
phases. Doping processes can be subdivided into different vapor deposition tech- 
niques, solution- or suspension-based techniques. By use of salt solutions it is 
possible to manufacture vitreous silica in many colors 17. 
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EXPERIMENTAL SET-UP 
All suspensions were prepared in a dissolver (PC Laborsysteme Ltd., type 

LDVl), with maximum 5,000 r.p.m. under a constant torque of 12 N-m, Different 
nanosized fumed silica powders (Degussa Aerosil 0x50, A200 or A380 with 
mean particle sizes of 40 nm, 12 nm or 8 nm respectively) were gradually poured 
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into pure double distilled water. All suspensions were electrostatically stabilized 
by tetramethylammoniumhydroxide (TMAH). Additionally, vacuum was applied 
in order to remove remaining air bubbles. 

Two methods of green body preparation have been examined. The first is the 
colloidal gel technique. Here, highly filled suspensions (40 to 50 wt %) were 
mixed with methyl formate in order to reduce the pH value to 7 to 8. This resulted 
in a vigorous increase in viscosity. The suspensions were poured into tubes. There 
these suspensions can solidify and dry. After one day the molds could be opened. 
Secondly, less filled suspensions (up to 30 wt %) were used for electrophoretic 
deposition (EPD) to form green bodies. This and the electrophoretic impregnation 
process (EPI) were carried out by the membrane method l 8  in a twice subdivided 
electrophoresis cell with a length of 23 mm per cell part. Additionally, a dialysis 
hose was put between the two cell parts as ion permeable membrane. 

The doping was incorporated either by soaking or by electrophoretic impreg- 
nation. In the first case, the green body was immersed in aqueous or alcoholic 
metal salt solutions. Alcohol was used because of its lower surface tension. In 
case of the electrophoretic impregnation, an open-porous green body was used 
instead of the ion permeable membrane of the EPD. The doping suspension was 
poured into one deposition chamber. The other chamber was filled with water 
containing an appropriate electrolyte concentration. After a second drying step the 
samples were sintered in a vacuum furnace or in a zone-sintering fbrnace (veloc- 
ity: 1 cdmin)  at respective temperatures. 

RESULTS AND DISCUSSION 
If W-VIS spectra of sintered gold ruby glass are compared to those of molten 

glass samples (Au-doped borosilicate glass of Schott and Au-doped lead borate 
glass of Nachtmann) differences can be recognized in both intensity and position 
of the main absorbance (see Figure 1). The low transmittance of the lead borate 
glass at lower wavelengths can be explained by the high doping concentration 
(1 60 ppm) compared to the other samples: the sintered sample was soaked with a 
200 times diluted gold salt solution 1 9 .  This is due to the fact that the lead borate 
glass is used to manufacture flashed glass. Thus, this glass is more intensively 
colored. The main peaks of the two molten glasses and of the sintered sample are 
positioned at different wavelengths. This is due to the fact that the position of the 
main absorbance depends both on the size of the gold particles and on the differ- 
ent refractive indices of the matrix glasses. Furthermore, the lower transmittance 
of the silica glass at higher wavelengths is due to the fact that this sample was 
sintered and still contains a few air bubbles that were formed in the suspension. In 
contrast, both multi-component glasses were molten at much lower viscosity. The 
formation of bubbles can be avoided by use of green bodies with better homoge- 
neity like those manufactured by means of electrophoretic deposition. 
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Figure 1: Transmission spectra of gold ruby glasses with different matrix glasses. 
The doping of the lead borate sample is 160 ppm; that is much higher 
than for the other samples. The peak position of the main absorption is 
a function of both particle size and glass composition. Due to some air 
bubbles, the sintered sample has a lower transmittance at higher wave- 
lengths. 

The samples were further investigated by means of FT-IR and Raman spec- 
troscopy. In Figure 2 the IR spectra of the doped samples and of two matrix 
glasses are shown. Unfortunately, only lead borate glass samples with composi- 
tions different to that of the doped sample could be investigated. The undoped 
samples consist of more PbO and, hence, less SiOz. The main peak is shifted to- 
wards lower wave numbers. 

As can be seen for the silica samples, there are no significant differences in 
both peak heights and positions. All peaks and shoulders are typical for silica 
glass. No additional peaks occur. For the borosilicate samples, the peak position is 
shifted towards lower wave numbers in case of gold incorporation. Additionally, 
the intensity of the main peak decreases. The lead borate sample with 160 ppm 
gold doping does not show additional peaks compared to the IR spectrum of an 
undoped glass with different, but similar composition. 

It has to be mentioned that peaks can be shifted in IR reflectance measure- 
ments. Thus, a Kramers-Kronig analysis is recommended. These investigations 
have not been finished yet and, hence, cannot be shown here. 
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Figure 2: FT-IR spectra of the gold doped samples and two matrix glasses. There 
are no significant differences between the spectra of doped and un- 
doped silica samples. For the borosilicate glass samples, the peak is 
shifted towards lower wave numbers by incorporation of gold particles. 

Comparing the Raman spectra of the different glass samples, remarkable dif- 
ferences can only be seen for the silica sam les. Here, two additional peaks occur 
at about 1450 cm-' and at about 1720 cm' . The investigations so far could not 
attribute these two peaks doubtlessly to the incorporated nanosized gold particles. 
In contrast, the strong decrease at 509 cm-' and the defect peak at 606 cm-' are 
clearly recognizable. Additionally, there is another peak around 800 cm-' that can 
also be seen in the IR spectrum at the same wave number. 

For the lead borate sample, there is a strong peak detectable at around 
1050 cm-', at the same wave number as in the IR spectrum. In case of the undoped 
lead borate glass there is a peak around 1220 cm" that does not occur in the IR 
spectrum. 

In contrast to the IR spectra, no peaks around 1100 cm-' occur for both silica 
and borosilicate glass. For the two borosilicate glass samples, there are two main 
peaks, one at 100 cm-' and another one at 450 cm". 

Investigations at another series of doped samples showed similar results. In 
most cases, no significant shiA in peak position andor additional peaks could be 
determined. 

P 
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Figure 3: Raman spectra of doped and undoped glass samples. Significant differ- 
ences only occur for gold ruby silica glass compared to undoped silica 
glass. For the borosilicate glasses, there are no additional peaks and the 
peak positions are at the same wave numbers. 

CONCLUSIONS 
Gold ruby silica glass was manufactured with gold particles of 2 to 3 nm in 

diameter by soaking green bodies made from nanosized fumed silica powders 
with methanolic gold chloride solutions, 200 times diluted. The subsequent sin- 
tering was carried out at 1,250 O C .  Due to the homogeneous distribution of the 
precipitated gold the sintered glass is homogeneously colored and exhibits the 
typical red-violet coloration. 

The characterization of different ruby colored glass samples by means of 
W-VIS spectroscopy indicates that the main absorption of the sintered sample is 
at slightly higher wavelengths. This is mainly due to the different matrix glass 
compositions and due to the fact that absorption is a function of gold particle size. 
The matrix glasses used are silica, lead borate and borosilicate glass. These 
glasses can be distinguished by means of FT-IR and Raman spectroscopy. 

The IR spectra of the doped samples are comparable to those of the undoped 
glasses except for the peak position of the doped borosilicate glass. In the Raman 
spectra additional peaks occur for the gold doped silica glass. If these peaks can 
be attributed to the nanosized gold particles is not fully clarified yet. 
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ABSTRACT 
The mixed oxide route is the most economical and simple way to prepare 

ceramic PLZT powders. This method was improved, so that it can compete with 
more sophisticated preparation routes like coprecipitation and the hydrothermal 
synthesis. The use of titanium and zirconium oxides with particle sizes of 20-40 
nm instead of the usual several micrometer sized powders allows the preparation 
of a homogeneous PLZT powder. Due to the higher reactivity of the nano 
powders the calcination temperature could be reduced from 900°C to 700°C and 
the calcination time was reduced to one hour. In the case of microwave 
calcination the PLZT powder could be calcined at 900 "C within 30 minutes. The 
resulting PLZT particles had diameters of 200-400 nm. 

INTRODUCTION 
Lanthanum modified lead zirconate titanate (PLZT) ceramics are traditionally 

made from powders formulated from individual oxides [ 1-41 or compounds, such 
as carbonates, acetates or nitrates that decompose into oxides at high 
temperatures. This mixture forms the PLZT phase during a calcination process at 
900 "C that normally takes several hours. This mixed oxide process is still used 
for the preparation of piezoelectric ceramics [5 ] ,  because it is the most economical 
one [4,6]. However, the newer electrooptic ceramics need precursor powders of a 
higher quality. Higher purity, more homogeneous and higher reactivity powders 
are required. Furthermore, a small particle size is favorable [7, 81 to obtain dense 
ceramics by sintering. New methods have been developed to produce powders 
with such properties. Chemical coprezipitation [9] from a solution of lead, 
lanthanum, zirconium and titanium compounds results in homogeneous powders 
with particle sizes of O.1p.m. Due to their smaller particle size, these powders are 
more reactive than that ones prepared by the mixed oxide route, so they can be 
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calcined at lower temperatures (550 "C / 16h) Other methods to prepare 
homogenous powders from solutions are drying [lO], freeze drying or spray 
drying. Drying typically results in powders with a particle size of 10-20 pm. The 
other drying processes mentioned before can deliver finer powders, but they are 
more complicated than coprecipitation. Another possible route are sol-gel 
techniques, which could be used to prepare PLZT films and even powders. These 
deliver fine results for thin films, but the preparation of powders for PLZT bulk 
ceramics by sol-gel processes is too expensive for an application beyond 
laboratory scale. A newer method is hydrothermal synthesis [ 1 1, 121. The ceramic 
powder is precipitated from an aqueous solution in an autoclave at both high 
temperatures and pressures. The resulting particles have a size of 0.2 to 1 pm, 
depending on the process parameters. 

By some of these methods nano PLZT powders with particle sizes of 100-300 
nm can be produced, while the mixed oxide route is limited to particles in the 
range of 1-3 pm. Nevertheless, the mixed oxide route is the most economical and 
technically simplest method. 

The intent of this work was to improve the mixed oxide route, so that it can 
compete with other powder preparations for high quality applications. Due to the 
hardness and high melting temperature of the zirconium and titanium oxides the 
morphology of the calcined powders strongly depends on these starting materials. 
The particle size of the lead and lanthanum oxide was not considered to be 
significant, because of the high mobility and rapid diffusion of the lead and 
lanthanum ions at the calcinating temperature. The usage of nanosized zirconium 
and titanium oxides instead of powders with micrometer particles should result in 
finer PLZT powders. In addition, the larger surface and thus higher reactivity of 
the nano powders should allow lower calcination temperatures and shorter 
calcination times. 

EXPERIMENTAL 
Powder Preparation 

It is well known that a high purity and a small particle size of the starting 
materials is important. So lead oxide (alfa-Aesar Nr. 14240) of 99,99 % purity and 
a mean particle size of 20 pm was used. The lanthanum oxide (Chempur Nr. 
004762) had a purity of 99,99 % and a mean particle size of 6 pm. The zirconium 
(Degussa Zirkonoxid VP) and titanium oxide (Degussa Titanoxid P25) nano 
powders both had a purity of 99 %+ and mean particle sizes of 25 nm. 

The oxide powders were combined according to the formula 
Pb1 -xLax(Zr~,65Ti~,35)1-x/4. Depending on the intended use of the PLZT powder 3-10 
% excess of lead oxide was added. The mixture of oxide powders was ball milled 
for 2 h. Due to the large volume of the nano powders, they were first suspended in 
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ethanol to fit into the mill jar. A zirconia mill j a r  and zirconia balls were used. The 
resulting slurry was dried for 24 h at room temperature. The orange powder 
obtained was calcined at temperatures between 400 and 1O00 "C and times 
between 30 and 120 min. In the case of microwave calcination the samples were 
treated at 400 to loo0 "C for 15, 30 or 60 minutes. The samples used for the 
microwave treatment were cold pressed pellets with a diameter of 10 mm and a 
thickness of 2 to 4 mm. They were produced by uniaxial pressing at 200 MPa. 
The microwave treatment was carried out with 2,45 GHz single mode microwave 
(maximum power output 2 KW). The calcined powder was ball milled again in 
ethanol for 2 hours and dried 24 hours at room temperature. As before zirconia 
balls and jar were used for the milling process. 

CHARACTERIZATION 
The powders prepared were characterized by means of X-ray diffraction 

(Siemens D500 with a position sensitive detector, h=Cul&), TGA-DTA thermal 
analysis (Netzsch STA 409), specific surface area measurements (Micromeretics 
ASAP2400) and particle size distribution measurements by photon correlation 
spectroskopy (Malvan Zetasizer 3000). 

Figure 1, SEM Picture of the PLZT powder prepared by the improved mixed 
oxide route 
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RESULTS 
Figure 1 shows a typical SEM picture of a calcined and ball milled PLZT 

powder. The spherical particles have diameters of 200 to 400 nm. The particle 
size distribution seems to be monomodal and relatively narrow. The results 
obtained from SEM analysis were verified by measurements of the particle size 
distribution (Figure 2). 

18 

16 

14 

12 
E 
'G 10 

8 8  

6 

4 

2 

0 

c 
E 
w 

0 100 200 300 400 500 600 700 800 900 1000 

Particle Size [nm] 

Figure 2, Particle size distribution measured by Photon Correlation Spectroscopy 

The PLZT powders consist of particles with diameters from 100 to 600 nm. 
The average particle size is about 320 nm. The powders have a d50 rate of 300 nm 
and a &5 rate of 450 nm. The specific surface of the PLZT powder is 5 m2/g. The 
calculated particle diameter from the data of the specific surface area 
measurement assuming spherical particles is 750 nm. 

Figure 3 shows the X-ray diffraction spectra of PLZT powders calcined at 
several temperatures for one hour. The analysis of the raw powder shows the 
signals of the oxide powders used. After calcination at 600 "C these signals were 
smaller and the signals of the PLZT phase were already visible. The data of the 
PLZT powder calcined at 700 "C shows the pure PLZT phase with no individual 
oxides left. It is similar to the data taken from the powder, that was calcined at 
900 O C ,  which shows only sharper peaks. 

214 The American Ceramic Society 



400 i 
300 i 
200 
100 i 
0 :  

Figure 3, XRD spectra of PLZT powders, raw and calcined for 1 hour at 600, 
700 and 900 "C 
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The powder calcined by microwave shows although a complete formation of 
the PLZT phase after treatment at 900 "C (Figure 4). In contrast to the furnace 
calcination the formation of the PLZT phase is complete after 30 minutes. 
Nevertheless, there still were impurities observed, which could be identified as 
lead oxide. 
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DISSCUSION 
It has been shown, that the usage of nano scaled titanium and zirconium oxide 

powders can improve the preparation of PLZT powders by the mixed oxide route. 
As estimated this improves the process by an enhanced homogeneity of the raw 
powders. The high reactivity of these nano scaled powders due to their high 
specific surfaces enables a calcination process at lower temperatures and in 
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shorter times. So the calcination temperature necessary could be reduced from 
900 "C to 700 "C and the calcination time could reduced to one hour. The 
calcination behavior of these powders resembles those of other PLZT powders, as 
be obtained by coprecipitation and sol-gel methods. 
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Figure 4, XRD analysis of PLZT powder calcined by microwave heating, arrow: 
signal of lead oxide 
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ABSTRACT 
The sintering temperature of compacts from nanosized powders can be sig- 

nificantly reduced if a suitable starting powder is available. Therefore different 
nanopowders were investigated and compared. For alumina powders, problems 
arise due to the phase transformation to the high temperature a-phase. Doping 
with Fe0 reduces the phase transition temperature. Thus a transparent a-alumina 
compact could be sintered at 900 "C, which is surprisingly low. For zirconia, only 
yttrium-stabilized powders lead to compacts with high mechanical strength. 

INTRODUCTION 
Sintering is the final step in the preparation of advanced ceramics. If 

nanosized starting powders are used, the sintering temperature is lowered. The 
influence of particle size on the sintering behavior has been studied with ZrO2 
powders synthesized by different methods like the Sol Gel or precipitation meth- 
ods and the Inert Gas Condensation (IGC) '. Effects of powder agglomeration 
are also known '. 

The transition alumina powders generally have a characteristic sintering be- 
havior consisting of a region of very fast sintering rates between - 1000 "C and 
1200 "C, followed by a transition to much lower sintering rates at higher tem- 
peratures '. The exact temperature, at which the rapid densification starts, depends 
of the ratio of the different metastable phases in the ultrafine starting powder. 
Formation of a-Al203 from y-A1203 occurs via a series of polymorphic transfor- 
mations y+5+8-.a. The stable a-modification forms at temperatures higher 
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than 1200 "C 8. Compacts of nanosized a-Al203 produced by mechanical grinding 
in a planetary mill exhibit enhanced sintering kinetics and yield dense material at 
1200-1270 OC. During study of the sintering behavior of y-Al203, measurable 
shrinkage is observed at 1000 "C followed by rapid sintering at between 1125- 
1175 OC. The compact reached a relative density of 0,82 after sintering at 
1350 "C '. In Ref. 9 it was observed that the densification of high density com- 
pacts is affected detrimentally by the phase transition in the range of 1050 "C to 
1150 OC. Seeding with a-Al203 into ultrafine y-Al203 powder lowers the phase 
transition temperature with increase in seed population in the y-Al203 matrix and 
alters significantly the microstructure and density of the sintered body. 

In this study the sintering behavior of compacts fabricated from different 
nanopowders is investigated. The powders are synthesized by the following meth- 
ods: the flame hydrolysis with the AerosilB-Technique of Degussa AG (Hanau, 
Germany), microwave plasma synthesis and the synthesis in a pulsation reactor of 
IBUtec Company (Weimar, Germany). These methods are described in detail in 
another paper presented at this conference. 

SAMPLE PREPARATION 
Although dry pressing is not a very suitable method for forming homogeneous 

compacts, this methods was chosen because only small quantities of several grams 
were available of the microwave plasma synthesized powders. A comparison of 
the densification behavior of Degussa and IBUtec nanosized alumina powder 
during uniaxial pressing is shown in fig. 1. No significant differences can be ob- 
served for the different powders. It is obvious that pressures higher than 500 MPa 
are not useful. 
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Fig. 1 Green density of uniaxially pressed compacts 
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Fig. 2 Sintering density of IBUtec Al203-compact 
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Fig. 3 Sintering density of Degussa A1203-compact 
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Fig. 4 Grain growth of Degussa A1203 compacts (dry pressed 250 MPa) 

A significant improvement was observed for the microwave plasma Fe2O3- 
doped alumina powder. As it was suggested in the companion paper on the 
nanopowder characterization, the phase transition to the a-phase takes already 
place at 300 "C. Therefore the sintering is not disturbed by a phase transition. As 
shown in fig. 5 ,  a compact, uniaxially pressed of this doped powder with 500 
MPa, could be completely sintered to a nearly transparent alumina ceramic at a 
sintering temperature of only 900 O C .  

The cracks are attributed to the dry pressing, where only a low homogeneity 
can be achieved. Similar cracks are observed in uniaxially pressed silica glass 
samples, which can be easily sintered from compacts of Degussa Aerosil OX50 
powders to completely transparent glasses. The XRD-measurement of this sample 
showed that the stable a-phase was reached. 

222 The American C e m i c  Society 



Fig. 5 Transparent compact of microwave plasma-synthesized 1 % Fe203-Al203- 
powder, dry pressed at 500 MPa and sintered at 900 "C 
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Fig. 6 XRD spectrum of transparent 1 % Fe203-Al203 compact sintered at 900 
"C 

SINTERING OF ZIRCONIA NANOPOWDERS 
Compacts of different zirconia nanopowders were also formed by dry pressing 

and isothermally sintered of the compact under ambient conditions. A nearly 
complete densification can be achieved below 1200 "C, see fig. 7. Thus no stabili- 
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zation is necessary, if the operation conditions do not exceed this temperature. At 
higher sintering temperature the phase transition Erom the monoclinic to tetragonal 
phase and grain growth takes place (fig. 8). 
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ll 

Fig. 7 Sintering 
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Fig. 8 SEM pictures of grain growth of undoped Degussa ZrO2-powder sintered 
at (from left to right), upper row: 900 "C, Mag. x20000,1000 "C, Mag. 
x20000,1100 "C, Mag. ~20000; and lower row: 1200 "C, Mag. ~10000, 
1300 "C, Mag. xlOOOO,, 1300 "C, Mag. x5000 
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Fig. 9 Sintering density of Degussa 6 mole-% Y203- Zr02 -compact 

Fig. 10 SEM pictures of grain growth of Y203-doped Degussa Zr02-powder sin- 
tered at (from left to right), upper row: 900 "C Mag. ~20000, 1000 "C 
Mag. x20000,1100 "C Mag. ~20000; lower row: 1200 "C Mag. ~20000, 
1300 "C Mag. ~2000,1400 "C Mag, x20000 

For doped zirconia powders (6 mole-% Y203) the sintering behavior seems to 
be alike, but the grain growth is much smaller. Also some voids are formed, 
which also decrease the sintering density above 1300 "C; a mechanical bending 
strength of 290 MPa was obtained (sintering temperature 1500 "C). 
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CONCLUSIONS 
As no nanosized pure a-alumina powder is available, the phase transitions as- 

sociated with use of nanosized alumina of other crystal structure hinders the sin- 
tering. The application of FeO-doped alumina powder leads to a significant re- 
duction of phase transition temperature. This enabled the sintering of a nearly 
transparent a-alumina ceramic at 900 OC, which is a surprisingly low temperature. 
Gas phase deposited nanoscaled zirconia powders can be completely sintered at 
1200 OC. YzO3doped zirconia shows reduced grain growth and increased me- 
chanical strength. 
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ABSTRACT 
Nano-particles can be used in ceramic processing to hlfill specific functions within a glass or 

ceramic matrix where the hnctionality is governed by their size. Furthermore, they can be used for 
the manufacturing of bulk ceramic or glass components, coatings and composites, taking advan- 
tage of their enhanced sinterability, which results in a significantly reduced sintering temperature. 
By means of electrophoretic deposition ceramic and glass coatings and components can be shaped 
fast, cost efficient and environmentally acceptable from aqueous suspensions. Homogeneous com- 
pacts with complex geometry and uniform wall thickness can be shaped. Since the deposition rate 
is independent of particle size, homogeneous green bodies with high density (> 80 %TD) could be 
prepared by deposition of powder mixtures with non-monomodal particle size distribution. Thus 
components of different shapes could be manufactured near-shape due to the reduced shrinkage 
during sintering (< 10 % linear shrinkage). By means of electrophoretic impregnation of porous 
green bodies with nanosized particles, ceramic or glass components with functionally graded den- 
sity or/and chemical composition could be produced. 

INTRODUCTION 
There are mainly three different fields of application for nanosized particles in manufacturing 

of glasses and ceramics. First of all nano-particles can be used to fulfil1 a specific function within a 
glass or ceramic matrix (e.g. gold-ruby glass). In this case functionality is governed by the size of 
this secondary phase [ 1, 21. Since only small amounts of nanosized particles are required the nor- 
mally high production costs for nanosized particles and the small yield of most powder synthesis 
processes do not preponderate too much. By doping of glasses and ceramics with nanosized phases 
optical, electrical and magnetic properties can be achieved that are not possible otherwise [3-5 1. 

The second field of interest is the deposition of ceramic and glass coatings. Due to the high 
specific surface area and the short diffusion paths of the nanosized particles, the sintering tem- 
peratures are decreased significantly. Thus, deposition and sintering of coatings with high melting 
point on substrates with low thermal stability becomes possible. Thick borosilicate glass coatings 
from nanosized particles on soda-lime glass substrates, e.g. bottles, can enhance the strength and 
thus enables reduction of wall thickness [6]. 

For an economic production of large monolithic components "production-capable" powders 
have to be on-hand. This means that the powders have to be available in sufficient quantities with 
reproducible properties at reasonable costs. Furthermore, the particles should exist in their thermo- 
dynamically stable modification with a dense globular morphology, a particle size smaller than 
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50 nm and a low tendency towards agglomeration. But only few nano-powders available fulfil1 
these requirements. Large highest-purity silica glass components for optical applications can be 
manufactured from nanosized fumed silica powders, available in a scale of hundreds of tons per 
year (e.g. Degussa Aerosil 0x50, A380) at temperatures as low as 1250 "C [7-91. For all other 
materials manufacturing of large ceramic and glass components from nano-powders is only rea- 
sonable, if the properties required cannot be achieved with larger particles. For the molding of 
very fine ceramic structures, required e.g. in micromechanics or microelectronics, the particle size 
has to decrease with decreasing profile dimensions [ 101. Due to the small grain size of the 
nanosized primary particles and the low sintering temperatures the use of nano-powders for the 
manufacturing of translucent or transparent opto-ceramics is of high interest. If grain growth dur- 
ing sintering can be minimized, fully dense ceramics with a grain size smaller than 100 nm can be 
achieved, which show a much better optical transmission than conventional products [ 1 1 - 131. The 
mechanical behavior of ceramics with nanosized grain structure differs from that of conventional 
ceramics because of the significantly higher specific grain boundary area. At elevated temperatures 
zirconia shows a significantly increased plasticity, which enables plastic deformation and hence, 
the manufacturing of complex shaped dense zirconia components [ 14, 1 51. 

Most of the shaping techniques known from ceramic processing does not fulfil1 the require- 
ments that arise due to the use of nano-powders. Although dry pressing is a widely used technique 
for compaction of nano-powders on a laboratory scale, it is not suitable for manufacturing on an 
industrial scale. Only very small amounts of nanosized powders can be pressed due to their very 
low bulk density. Furthermore, size and geometry of the samples are limited and the green bodies 
pressed from usually highly agglomerated nano-powders often show a poor microstructural homo- 
geneity, which is unfavorable because sintering behavior is directly related to microstructure [ 161. 

Therefore only suspension-based techniques are suitable for the shaping of glass or ceramic 
components from nanosized powders. As high a green density as possible combined with a small 
and homogeneous pore distribution is desirable. In the case of slip casting the deposition rate di- 
minishes strongly with decreasing particle size. Furthermore, suspensions with high solids content 
have to be used, to achieve a sufficient green density. And inhomogeneity within the suspension 
can result in green bodies with inhomogeneous microstructure. 

In contrast, the deposition rate is independent of particle size for electrophoretic deposition 
(EPD). Therefore EPD is a very promising shaping technique for ceramic and glass components 
and composites using nanosized powders. Silica glasses were manufactured with a deposition rate 
as high as 0.5 g/cm2*min from aqueous suspensions of nanosized fumed silica [ 171. Green density 
and pore size distribution of such silica green bodies can be tailored by adjusting the processing 
parameters [ 181. High green densities can by achieved by EPD from suspensions with relatively 
low solids content. Due to the low solids content and the high electrostatic stabilization of the 
particles, normally adjusted for EPD, very homogeneous green bodies with narrow and monomo- 
dal pore size distribution are obtained. From nanosized zirconia powders, synthesized by laser 
ablation, zirconia components with a density of 99 % of the theoretical value and a grain size of - 300 nm could be prepared by EPD and pressureless sintering (1 300 "C) [ 191. Furthermore, pow- 
der mixtures of coarse and nanosized particles with non-monomodal size distribution can be de- 
posited very homogeneously. 

In principle, electrophoretic deposition from aqueous suspensions is a low-cost, high-efficient 
and environmentally acceptable manufacturing technology for ceramic and glass coatings as well 
as bulk components and composites. Apart from monolithic ceramic components of alumina [20], 
zirconia [21] or S ic  [22], functional coatings for SOFCs [23] or photovoltaics [24] have been 
deposited by EPD. Furthermore, fiber-reinforced composites were produced by electrophoretic 
deposition of different matrix materials in the spacing between fiber preforms [25]. Comprehen- 
sive reviews about EPD as shaping technique for ceramics can be found in [26,27]. 
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EXPERIMENTAL SET-UP 
Electrophoretic deposition (EPD) 

The solids content of the suspensions was varied between 10 and 75 wt % for particles with 
very high surface area and powder mixtures of nanosized and coarse particles respectively. The 
particles were dispersed gradually in bidistilled water under constant torque by means of a dis- 
solver. Vacuum was applied during all preparation steps to avoid the incorporation of air bubbles 
into the suspension. Different amounts of tetramethylammoniumhydroxide (TMAH), acetic acid or 
salt acid were added, to achieve an electrostatic stabilization of the particles and to adjust the 5- 
potential. The suspensions were shaped either by casting in latex moulds or electrophoretically 
deposited by means of the membrane method [28]. A simple experimental set-up for the electro- 
phoretic deposition of plates is shown in figure 1. In this case regenerated cellulose was used as 
ion-permeable membrane, separating suspension (deposition chamber) and water. For more com- 
plex shaped components different other membrane materials had to be used. All electrophoretic 
depositions were carried out under constant applied voltage. 

After shaping, the green bodies were dried in air under ambient humidity, no cracking oc- 
curred. Sintering of the compacts was carried out either under vacuum, atmosphere or in a zone- 
sintering furnace. 

Figure 1. Schematic view of a simple experimental set-up for the electrophoretic deposition 

Electrophoretic impregnation (EPI) 
In case of the electrophoretic impregnation only diluted aqueous suspensions of different 

nanosized powders were used. The solids content varied between 3 and 20 wt %. The particles 
were again dispersed in bidistilled water by means of a dissolver as described before. Stabilization 
and <-potential of the particles were adjusted by adding TMAH. A schematic drawing of the EPI 
process is shown in figure 2. Electrophoretically deposited and cast silica green bodies were im- 
pregnated. The mean pore size of these green bodies was 2.6 to 3.0 pm. 
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Figure 2. Schematic drawing of the electrophoretic impregnation process 

RESULTS AND DISCUSSION 
Manufacturing of ceramic and glass components using nanosized powders 

Silica glass green bodies were shaped by means of electrophoretic deposition of nanosized 
fumed silica particles (OXSO). Very homogeneous green bodies with narrow pore size distribution 
were achieved. By adjusting the processing parameters of the EPD (applied electric field, TMAH 
content, solid content) the mean pore size could be shifted from 40 to 15 nm. Green densities from 
30 to 48 % of the theoretical value were obtained. These results will not be discussed here, but can 
be found elsewhere [ 181. The influence of deposition time and applied electric field strength on 
wall thickness of the silica green bodies is shown in figure 3. A nearly linear increase of thickness 
with time was observed for not too long a deposition time. After a certain deposition time the 
deposition rate decreases strongly, because nearly all particles have been deposited. Furthermore, 
it can be seen that green bodies with a well-defined wall thickness can be deposited electrophoreti- 
cally by adjusting both deposition time and electric field strength. Thus, a silica green body with a 
uniform wall thickness of 10 mm was achieved after 10 minutes for a field strength of 3 V/cm and 
after 7 minutes for 4 V/cm. 

The influence of different shaping techniques on the properties of a green body manufactured 
from nano-particles was investigated. Silica green bodies were produced from an aqueous suspen- 
sion with 30 wt % nanosized fumed silica (OXSO) by means of particulate gel casting, pressure 
casting and electrophoretic deposition. As mentioned above, the deposition rate for the casting 
processes is lower than that of the EPD by a factor of 10 to 100. The resulting green bodies were 
characterized by means of mercury porosimetry. The results are shown in figure 4, where the spe- 
cific (per gram) total pore volume is plotted versus pore radius. The specific total pore volume is 
directly correlated to the porosity of the samples, because no closed porosity was existed within 
the green bodies. According to this the density of the electrophoretically deposited green body is 
higher compared to other samples. 

230 The American Ceramic Society 



Figure 3. Wall thickness of silica green bodies electrophoretically deposited from aqueous 
suspensions of nanosized fumed silica powders (OXSO) as function of deposition 
time and applied electric field strength. 

Figure 4. Comparison of porosity of silica green bodies prepared from similar aqueous sus- 
pensions of nanosized fumed silica (OXSO) by different shaping techniques 
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Figure 5 shows an example of a ceramic green body shaped by electrophoretic deposition of 
nanosized particles. The inner diameter of the tube with a wall thickness of 2 mm is 24 mm. 

Figure 5.  Ceramic tube (green body; ri = 12 mm, wall thickness = 2 mm) shaped by electro- 
phoretic deposition from an aqueous suspension of nanosized particles 

The discrepancy in density between silica green bodies shaped with different techniques, that 
was found by mercury porosimetry, renders a different sintering behavior. The higher the porosity, 
the higher the sintering temperature and the more difficult a fully dense sintered body can be 
achieved. But even for green bodies with similar green density, different sintering behavior was 
found depending on the shaping technique. 

Figure 6. Comparison of the sintering behavior of silica green bodies shaped by electropho- 
retic deposition and particulate gel casting respectively (similar green density) 
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Figure 6 shows the sintering behavior of two silica green bodies with similar green density 
shaped by colloidal gel casting and electrophoretic deposition respectively. The silica green body 
shaped by EPD was sintered to a fully dense, fully transparent silica glass at 1350 "C, whereas a 
sintering temperature of 1450 "C was necessary to achieve a dense silica glass from the gel-casted 
green body. This is obviously related to the more homogeneous microstructure and the very nar- 
row pore size distribution of the electrophoretically deposited green body. 

Near-shape manufacture of ceramic and glass components with complex geometry 
As mentioned before, manufacturing of large monolithic ceramic and glass components is 

limited to materials, where powders are available in large-scale and are inexpensive. For all other 
materials production on a competitive basis is impossible. Using nanosized powders, green densi- 
ties that can be reached are limited down to less than - 60 YoTD, because of the high surface area 
of the particles. Thus high shrinkage (up to 43 YO for particles of about 8 nm size) occurs during 
drying and sintering of the green bodies. To avoid the formation of cracks a sophisticated drying 
program has to be used, especially for larger components with complex shape. Hence, near-shape 
production of complex-shaped large components is difficult. 

Combining nanosized and micrometer sized particles the costs for raw materials can be di- 
minished significantly. Furthermore, by optimizing the particle size distribution of the powder 
mixtures, green densities up to 84 % of the theoretical value can be achieved. The low porosity of 
such green bodies results in a decreased shrinkage during sintering. A linear shrinkage of only 7 % 
during sintering could be reached. Besides, the nanosized particles act as an inorganic binder be- 
tween the micrometer sized particles. Thus, the strength of the green bodies is increased signifi- 
cantly compared to green bodies from pure micrometer sized particles. In figure 7 two examples of 
silica green bodies are shown together with the sintered components produced thereof. The silica 
glass owl on the left-hand side was manufactured by mold casting of an aqueous suspension of 
pure nanosized fumed silica (0x50). A linear shrinkage of - 27 % was observed after sintering. 
On the right-hand side a sintered silica glass component produced from a powder mixture of 
coarse and nanosized particles is shown with the corresponding green body. The linear shrinkage 
was about 8 %. An increase of about 100 "C in sintering temperature was necessary compared to 
the green body from pure 0x50, to achieve a fully dense silica glass from the green body pro- 
duced from the powder mixture. 

Figure 7. Near-shape manufacturing of silica glass components by casting of suspensions with 
optimized particle size distribution (nanosized and coarser particles) and hence 
minimized shrinkage (left: green and sintered silica owl from pure nanosized fumed 
silica; left: silica green and sintered component from powder mixture) 
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Figure 8 shows an example of a sintered (99 % density) zirconia tube, shaped by electropho- 
retic deposition of powder mixtures of coarse and nanosized particles. 

Figure 8. Sintered zirconia tube shaped by EPD of a powder mixture of nanosized and mi- 
crometer sized zirconia particles from an aqueous suspension (density = 99 %TD) 

Manufacturing of composites by means of electrophoretic impregnation (EPI) 
Ceramic and glass components and composites with continuously graded structure can be 

manufactured by means of electrophoretic impregnation (EPI). Nanosized or submicron particles 
are deposited within the pores of ceramic or glass green bodies. The EPI can be used for mainly 
three applications. First, functional nanosized secondary phases can be incorporated into a porous 
matrix material to realize a specific, often size-dependent, function after. This is important for all 
dopings, like e.g. CdS or CdSe for red coloration of glass, that show only poor or no solubility and 
cannot be incorporated from the liquid phase. Thus, optical or electrical properties of ceramics and 
glasses can be changed. The doping of the matrix can either be homogeneous, graded or local. 

Furthermore, a densification of a green body can be achieved by EPI again either homogene- 
ously, graded or locally to improve green strength and sintering behavior. Monolithic components 
with graded density and/or graded pore structure can be produced. 

Figure 9. Silica green body with functionally graded density and pore size (right) prepared by 
EPI of a silica green body (left) with nanosized fumed silica particles (0x50) 
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In figure 9 a SEM picture of the fracture surface of a silica green body with graded pore 
structure and density is shown on the left-hand side. The graded structure was obtained by electro- 
phoretic impregnation of a homogeneous silica green body with monomodal pore size distribution 
(mean pore size = 1.8 pm) with nanosized fbmed silica particles (0x50). The density changes 
gradually from impregnation surface (surface in contact with suspension, right-hand side) towards 
bulk from 65 % to 83 %TD, whereas the pore size increases from 28 nm to 1.8 pm (measured by 
mercury intrusion of thin samples). It could be shown that steepness of the gradient could be ad- 
justed reproducibly over a dimension between some hundred microns and several millimeters up 
to centimeters. 

Composites with graded chemical composition can be manufactured by EPI. In contrast to 
most of the common techniques such as pressing or layer-wise deposition, a truly continuous gra- 
dient is achieved. Figure 10 shows a SEM picture of the fracture surface of a silica green body, 
that was electrophoretically impregnated with submicron alumina particles. A composite with 
graded composition was achieved. The alumina particles act as crystallization nuclei within the 
silica glass matrix and originate the formation of cristobalite. Thus, after sintering of the impreg- 
nated green bodies, partially transparent dense composites were achieved. The compositional gra- 
dient could be determined by Micro-Raman spectroscopy, where every 200 pm a Raman spectra 
was measured. A gradual decrease of the intensity of the cristobalite Raman peaks was observed 
with increasing distance from impregnation surface. Three sintered samples with different impreg- 
nation depths are shown in figure 11. 

Figure 10. SEM picture of the fracture surface of the green body of a silica alumina composite 
with continuously graded composites manufactured by EPI 
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Figure 1 1. Functionally graded silica alumina composites after sintering at 1550 "C 

CONCLUSIONS 
By means of electrophoretic deposition even complex shaped glass and ceramic bulk materials 

can be manufactured from nano-particles on a competitive basis with high deposition rates. The 
properties of the green bodies deposited by EPD can be tailored reproducibly and the microstruc- 
tural homogeneity is much better, compared to other shaping techniques. The sintering tempera- 
tures are decreased significantly. Since the deposition rate is independent of particle size powder 
mixtures of coarse and nanosized particles can be deposited homogeneously by EPD. Thus, high 
green densities up to more than 80 % of the theoretical value can be obtained resulting in a mini- 
mized shrinkage during sintering (linear shrinkage < 8 %). Furthermore, green density is increased 
significantly by an addition of nanosized particles that act as an inorganic binder phase. 

By means of electrophoretic impregnation monolithic components and composites with con- 
tinuously graded structure can be produced with adjustable steepness and dimension of the gradi- 
ent from some 10 microns up to several millimeters or centimeters. Furthermore, functional sec- 
ondary phases with insufficient solubility can be incorporated into the pores of a green body either 
homogeneously, graded or locally. 
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ABSTRACT 

Nanocrystalline HA powder produced via a chemical precipitation technique was 
sintered in a microwave ftrrnace at various temperatures ( I  000-1 300°C). The phase 
content and microstrrrctur'e of the samples were examined using a Scanning Electron 
Microscope and via X-ray Difli*action (XRO). Hardness and frncture toughness were 
measured by Vickers indentation technique. The results showed that niicrowave sintering 
of nHA can produce high densities while maintaining nanocrystalline grain sizes. Grain 
size values as low as 280 nm were obtained in samples sintered at 1000°C for 20 minutes. 
Fracture toughness values were found to decrease and hardness values to increase 
respectively, with an increase in grain size. An optimum combination of hardness and 
toughness we obtained in samples sintered at 1050 "C with a density of more that 95%, 
hardness of 5.96 GPa andj?actiire toughness of 1.72 MPadm. 

INTRODUCTION 

Nanostructured materials have received much attention the last two decades due to their 
potential to achieve properties superior to conventional engineering materials. 
Nanostructured metals and ceramics have been shown to exhibit improved mechanical 
properties. Superplasticity has been ascertained for several nanocrystalline metal and 
ceramic systems. Some nanocrystalline ceramics exhibit plasticity at temperatures far 
below the plasticity onset temperatures in their conventional counterparts with larger 
grains [ 1-31. However, more effort is needed to understand the mechanisms of plasticity 
and low temperature superplastic behavior [4-61. More refined analysis is currently 
underway to investigate these discrepancies. 

Hydroxyapatite (HA), a biocompatible ceramic, has the potential to be an 
excellent implant material by itself [7,8]. However, its application has been limited to 
non-load bearing implants due to its low strength and fracture toughness [9-101. 
Nanostructured hydroxyapatite (HA) has been produced with the aim of improving its 
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mechanical properties. Various routes have been established to synthesis nanocrystalline 
HA powders [ 1 13. However, densificatiodconsolidation of these powders to produce 
nanostructured bulk ceramics has had limitations. 

The key issue in sintering nanoceramics is how to achieve high density while maintaining 
nanocrystalline grain sizes. While the ultrafine grain size is helpful in achieving up to 
90% of theoretical density, grain growth increases rapidly beyond this level. Two 
strategies may be useful to counter grain growth, microstructural tailoring or activated 
sintering [ 12,131. Microstructural tailoring calls for the addition of dopants or secondary 
phases. In the present case, these additions are not necessarily acceptable. Hence, we 
have utilized an activated sintering technique. 

Microwave sintering is an example of the activated sintering process. High heating rates 
can be generated due to direct absorbtion of microwaves within the sample, as is shown 
in the literature [ 14,151. Microwave processing of materials has received attention due to 
its ability to save energy, achieve rapid sintering, and produce new microstructures as 
compared to conventional techniques. Sintering of HA by microwave techniques was 
reported by Fang et al. In their work, HA produced via hydrolysis was consolidated in a 
microwave fbrnace to produce densities up to 97 % of the theoretical value [16-181. 

While the efficacy of microwave sintering of HA was proven in references 16 to 18, there 
is a lack of data on the capability of HA to absorb microwaves and on the mechanical 
properties of these materials, in particular, Eracture toughness. It is also widely known 
that there is a strong dependence of material properties with the synthesis and processing 
route of the precursor material. Recently our group reported the microwave processing of 
nanocrystalline HA powders produced via a chemical precipitation technique [ 191. 
Consolidation was achieved in 20 minutes in a 2.45 GHz microwave system to achieve 
densities up to 97% of the theoretical value. We also demonstrated, through dielectric 
measurements, the important role played by preheating supplied by a susceptor in 
microwave processing of HA. 

In the current work, nanocrystalline HA powder produced via a chemical 
precipitation technique was sintered in a microwave hrnace at various temperatures 
( 1000 - 1300°C). The microstructure of samples sintered through these several different 
regimens were observed under the Scanning Electron Microscope and the phases present 
were evaluated via X-ray Difhction (XRD). Hardness and fiacture toughness was 
measured via Vickers indentation technique since these properties are influenced by the 
grain size. 
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MATERIALS AND METHODS 

An aqueous precipitation technique was used to prepare the starting nanocrystalline 
hydroxyapatite powder. Details of this work is reported elsewhere [ 19-2 11. The powder 
was sieved to <45 pm and pressed into 20 mm diameter discs by uniaxial pressing at 40 
MPa followed by cold isostatic pressing at 150 MPa for 20 minutes. Sintering was 
performed in a microwave hrnace (M.M.T., Knoxville, TN) provided with a variable 
power output magnetron source capable of operating from 0 to 3 kW at 2.45 GHz. The 
cavity is large and overmoded, thus ensuring mixing of the microwave modes and 
resulting in a homogeneous field distribution. The HA compacts were sandwiched 
between two Sic  suceptors and surrounded with alumina fiber insulation before sintering 
over the temperature range of 1000°C to 1300°C with intervals of 50°C. The sintering 
time for all the samples was kept constant, at a duration of 20 minutes. The temperature 
of the surface of the samples was measured via a two-color optical pyrometer (Model 
M77, Mikron Corp.) and the microwave power input of the system adjusted accordingly 
to maintain the required temperature. 

The phases present in the sintered samples was determined via X-ray diffraction (XRD) 
using a Siemens X-ray Diffractometer (DSOOO) with CuK, radiation, and operated at 40 
kV and 30 mA. The microstructure of the sintered samples was evaluated by a Leo 1430 
Scanning Electron Microscope (SEM) operating at 20 kV. Prior to SEM analysis, both 
polished and fractured surface samples were gold-coated. The density of the sintered 
compacts was measured by water immersion technique and the relative density was 
calculated by taking the theoretical density of HA to be 3.156 g ~ m - ~ .  Vickers indentation 
tests were done on polished samples to obtain hardness and fracture toughness. A 
microindentor was used with a load of 500g applied for 15 seconds. In total, 10 indents 
were made for each sample and they were distributed all around the surface. Fracture 
toughness (KIJ was estimated from the equation; 

K1, = A (E/H)1’2P~-3/2 

Where A equals 0.016 [22]. E is the elastic modulus, H is the hardness, c is half the 
indentation crack length, and P is the applied load. In these calculations, E was taken as 
115 GPa [22]. 

RESULTS AND DISCUSSION 

The XRD pattern of the HA samples sintered at various temperatures showed no 
indication of any other residual phases such as tri-calcium phosphate, tetra-calcium 
phosphate or calcium oxide, etc. The fact that no decomposition was observed upon 
sintering at these temperatures could be due to the rapid sintering achieved in the 
microwave. Conventional sintering of HA in a hrnace has been shown to result in 
decomposition at temperatures as low as 1100°C [23]. A temperature of decomposition as 
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high as 1350°C has also been reported, with the control of sintering conditions. However, 
this has also been shown to lead to extensive undesirable grain growth. 

Table 1 : Change of Physical and Mechanical Properties with Sintering Temperature 

Temp. Density Grain Std.Dev. Hv(GPa) Std. Dev. K1, Std. Dev. 
"C YO Size (pm) (@a) (MPadm) (MPadm) 

(relative) (pm) 
1000 90.8 0.28 0.12 3.85 0.42 1.75 0.17 

1050 95.2 0.35 0.12 5.96 0.89 1.72 0.24 

1100 96.5 1.32 0.34 6.19 0.4 1 1.33 0.10 

1150 96.7 0.77 0.52 6.38 0.3 1.16 0.10 

1200 96.6 1.40 0.39 6.13 0.27 1.45 0.15 

1250 97.0 2.2 1 0.74 5.39 0.38 1.18 0.06 

1300 98.0 1.24 0.45 6.00 0.43 1.38 0.14 

Table 1 shows the change of various physical and mechanical properties with 
sintering temperature. The relative density of the sample sintered at 1000°C is only 
90.8% as compared to the highest value of 98% for samples sintered at 1300°C. The 
density achieved from the microwave sintering is higher than those reported for nano-HA 
samples sintered using conventional methods and a fast firing schedule [23]. A density of 
97-98% is usually achieved when HA is sintered with a fbrnace holding time of 1 hour at 
a temperature of 1100°C. This result clearly indicates that microwave sintering is an 
effective method for fast consolidation of HA. 

Figure 2 shows the microstructure of a fractured surface on the sintered sample at 
different sintering temperatures. The grain boundaries are visible and indicate equiaxed 
grain features. The sub-micron size grains are visible in samples sintered at 1000°C and 
1050°C with grain sizes of 0.28~0.12 pm and 0.35~0.12 pm respectively (Table 1). 
Beyond these temperatures, there is a rapid increase in grain size. The sample sintered at 
1250°C has the highest value of 2.21 pm. However, these values are far smaller than 
grains sizes obtained for conventional sintering techniques with values as high as 20 pm 
reported [23]. 

Figure 3(a) shows an impression of a Vickers indent on a polished sample. The 
brittle nature of the sample is indicated by the cracks propagating in straight lines from 
the edge of the indent. Under low magnification, the cracks seem to propagate in a 
straight line from the edge of the indent. Under higher magnification (figure 3b), 
however, the crack can be seen to follow a zig-zag path, indicating intergranular fracture. 
The hardness values are shown in Table 1. The sample sintered at 1000°C has the lowest 
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value while the sample sintered at 1150°C has the highest of 3.8k0.42 GPa and 
6.38*0.10 GPa respectively. The fracture toughness value also varies with sintering 
temperature with the sample sintered at 1000°C having the highest value (1.75k0.17 
MPadm) and the sample sintered at 1 150°C having the lowest value (1.16*0.10 MPadm). 
The variation of the average Vickers hardness and fracture toughness (KI,) of samples 
sintered at various temperatures is shown in Figure 4. From this, it is evident that there is 
an inverse relationship 

Figure 2: Microstructure of HA samples sintered at various temperatures (fractured surfaces). 

Sintering temperatures are: (a) 1000 "C (b) 1 100 "C (c) 1200 "C (d) 1300°C 
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Figure 3: (a) An impression of a vickers indent; (b) a crack propagating from an indent. 
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Figure 4: Change in Vickers Hardness and Fracture Toughness with temperature. 

between the fracture toughness and hardness values. Yubao observed a drop in fracture 
toughness for HA specimens having grain size greater than 0.4 pm [24]. The decrease in 
fracture toughness with increasing grain size observed may be due to the effect of 
microcracking. Of the present study, the best properties, with both high hardness and 

244 The American Ceramic Society 



fracture toughness, were of those samples sintered at 1 OSO"C, achieving a density of more 
than 95% with an average grain size of 0.35 pm. We believe these enhanced properties 
are due to the improved microstructure obtained at this sintering temperature. 

CONCLUSIONS 

In this present study, the result has shown that it is viable to produce nano- 
structured HA through microwave sintering. Grain size values as low as 0.28 pm were 
obtained in sample sintered at 1000°C. Fracture toughness values were found to decrease 
with increasing grain size, decreasing from 1.75 MPadm to 1.38 MPadm for a grain size 
change from .28 pm to 1.24 pm. Hardness values were found to increase from 3.85 GPa 
to 6.00 GPa over the same grain size interval. The best overall properties, with both high 
hardness and fracture toughness, were found in samples sintered at 1050"C, achieving a 
density of more than 95% with fracture toughness and hardness values of 1.72 MPadm 
and 5.96 GPa, respectively. 
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PROPERTIES AND MICROSTRUCTURE OF ALUMINA-NIOBIUM AND ALUMINA- 
NEODYMIUM TITANATE NANOCOMPOSITES MADE BY NOVEL PROCESSING 
METHODS 

Joshua D. Kuntz, Guo-Dong Zhan, Julin Wan, and Amiya K. Mukherjee 
Department of Chemical Engineering & Materials Science 
University of California, Davis, CA 95616 

ABSTRACT 
Alumina-niobium and alumina-neodymium titanate nanocomposites have been fabricated 

using high-energy ball-milling and Spark Plasma Sintering (SPS). The 10 vol% niobium 
nanocomposite has a b t u r e  toughness of 7 MPam'" and a hardness of 22.5 GPa. This is nearly 
twice  as^ tough as a pressureless sintered composite of the same composition reported in work by 
Garcia et a1 [l]. The 9 vol% neodymium titanate nanocomposite increased toughness to 5.7 
MPam'R and was able to retain a hardness value of 19.2 GPa. The increase in toughness in the 
alumina-niobium can be attributed to ductile-phase toughening, while alumina-neodymium 
titanate relies on the newly proposed toughening mechanism of piezoelectric-phase strain relief. 

INTRODUCTION 
It has been proposed that nanocrystalline ceramics exhibit significantly different properties 

than conventional ceramics due to the changes in material processes when grain-size is reduced to 
the order of 100 nm. A great deal of research has already gone into the effort of producing 
nanocrystalline ceramics to investigate these properties [2-71. Work by Mishra et al. has already 
shown that the Hall-Petch relationship between hardness and grain size exhibits a discontinuity in 
slope in the nanocrystalline regime of alumina [8]. Thus far, the research in nanocrystalline 
ceramics shows that they are not inherently tougher than their microcrystalline brethren. This 
would limit nanocrystalline ceramics to the same family of uses as conventional ceramics, thus 
preventing their wide spread application. In our attempt to increase the toughness of nanoceramics 
we have employed two types of alumina-based composites. Metallic-phase toughening has been 
investigated through the inclusion of the niobium and a newly proposed mechanism of 
piezoelectric-phase strain relief through the addition of neodymium titanate. 

In ductile phase toughening the metallic phase can be distributed in two ways. When the 
metallic component forms a continuous phase as in figure l(a), nano-nano layer type 
nanocomposite, a plastic zone at the crack tip provides a major contribution to toughness [9]. On 
the other hand, when the ceramic is the continuous phase as in Figure l(b), crack bridging by 
ductile ligaments in the crack wake would be the principle toughening mechanism [ 101. Both 
nanocomposite types are combined for the present study. An ideal metallic phase for alumina- 
based composites is niobium. The refiactory properties of niobium prevent the metallic phase 
addition from lowering the possible service temperature of the composite. Also, the superb 
bonding interface between alumina and niobium combined with the low thermal expansion 
coeflicient mismatch leads to interfhcial strength and low residual stresses between the two phases 
U11 
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(a) nano-nano layer type (b) nmo-nano type 
Figure 1. Nanocomposite types for ductile phase toughening 

Domain switching as a toughening mechanism has been recognized in ferroelectric- 
ferroelastic materials where either an applied compressive stress or electrical field led to domain 
switching [ 121. Moreover, piezoelectric ceramics are capable of converting mechanical energy to 
electric energy and vice versa. Based on the domain switching and/or piezoelectric effect in 
ferroelectrics or piezoelectric ceramics, a new toughening mechanism was applied and proven in 
nanocrystalline alumina nanocomposites. In the present study, neodymium titanate (NdzTizOl) 
was selected as a piezoelectric second phase for high temperature application because it exhibited 
piezoelectric and electmoptic properties and had a Curie temperature in excess of 1500 O C  [ 131. 
The addition of a piezoelectric phase (NdZTi&) to the alumina matrix is expected to increase 
toughening by converting stress-strain energy to electrical energy during localized deformation. 
The electrical energy is produced in the piezoelectric phase, during the application of an applied 
stress, by the polarization of the material, induced by strain in the crystal structure. 

EXPERIMENTAL PROCEDURES 
Novel Processing Routes 

One of the main hurdles to the production of nanocrystalline ceramics is the ability to retain a 
nano-scale grain-size and still obtain fir11 density. The advanced consolidation technique employed 
in the present study to overcome this hurdle is spark plasma sintering (SPS). It is a low pressure 
sintering method based on high temperature plasma (spark plasma) momentarily generated in the 
gaps between powder materials by electrical discharge at the beginning of ON-OFF DC pulsing. 
The ON-OFF DC pulse energizing method could generate: (1) spark plasma, (2) spark impact 
pressure, (3) Joule heating, and (4) an electrical field diffision effect. In this process, powders 
were loaded into a graphite die and were heated by passing an electric current through the 
assembly. SPS rapidly consolidates powders to near theoretical density through the action of a 
rapid heating rate, pressure application, and proposed powder surface cleaning. While the exact 
phenomena that are occurring are still under debate, the results cannot be disputed. In both 
materials systems in this study, near fbll theoretical density was achieved for sintering durations as 
low as 3 minutes. 

Alumina-Niobium Synthesis 
Starting powders of nano-scale palumina (29 nm from Nanophase Technologies Corporation, 

Darien, IL) and micron-scale niobium (74 micron fiom Goodfellow Cambridge Limited, 
Cambridge, England) and aluminum (325 mesh from Johnson Matthey Electronics, Ward Hill, 
MA) were mechanically milled using highenergy ball-milling (in a Spex 8000 mixer mill in a WC 
vial) with a polyvinyl alcohol (PVA) milling agent. The aluminum was added to act as a getter for 
oxygen to prevent the oxidation of niobium during ball-milling and the subsequent processing 
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steps. Milling was followed by a vacuum heat treatment at 350OC for 3 hrs, for the removal of the 
PVA. SPS consolidation was performed under 63 MPa of uniaxial pressure at 1100°C with a 
heating rate of 200°C/min. in a Dr. Sinter SPS-1050 equipment. The specimen had the 
composition of AI203/10 Vol.% (Nb/lO wt.% AI). 

Alumina-Neodymium Titanate Synthesis 
High purity powders of NdzO3 (99.9%, 325 mesh, from AEE High Purity Metals and 

Compounds, NJ) and Ti02 (obtained fiom Nanophase Technologies Corporation, Darien, IL, -30 
nm) in the molar 1:2 were wet mixed for 24 h in ethanol with zirconia balls. The mixture was 
heated at 1425 OC for 6 h to synthesize NdzTiz07 by solid-state reaction. The pure a-AI2O3 nano- 
powder had an average particle size of -50 nm (obtained from Baikowski International, Charlotte, 
NC) and sufice area of 30 m2/gm. The synthesized NdzTi207 powders were mixed with the above 
a-A1203 nano-powder for 24 h in ethanol using zirconia ball media at 6, 9, and 14 vol.%, 
respectively. The composite powders were consolidated through SPS at different ternparaturn at a 
heating rate of 200 "C/min under a pressure of 63 MPa in a vacuum atmosphere (Dr. Sinter SPS- 
105 0, Japan). 

Characterization Methods 
The final densities of the materials were determined by the Archimedes' method with 

deionized water as the immersion medium. The theoretical densities of the specimens were 
calculated according to the rule of mixtures. The microstructural observation and analysis were 
carried out using an FE1 XL30-SFEG high-resolution scanning electron microscope with a 
resolution better than 2 nm and magnification over 600 kx. Additional evaluation was performed 
on a Philips CM-200 with a field emission gun operating at 200 kV. This instrument has a Link 
energy dispersive X-ray detector with energy resolution of 1.36 eV and a Gatan imaging filter with 
lkxlk CCD camera and energy resolution of 0.9 eV with lnm spatial resolution. The phases 
present were determined by X-ray difhction (XRD) using CuKa radiation. Indentation tests were 
performed on a Wilson Tukon hardness tester with a diamond Vickers indenter. Bulk specimens 
were sectioned and mounted in epoxy, then polished though 0.25-micron diamond. The 
indentation parameters for fiacture toughness (KIc) and Vickers hardness measurements were a 1 
kg load with a dwell of 15s. Klc values were calculated using Niihara et al.' equation for 
Palmqvist cracks [ 141. 

RESULTS AND DISCUSSION 
The SPS processing conditions for the nanocomposites are given in Table I. The sintering 

temperature and dwell time were minimized to limit grain growth. The pure a-AlzO3 nanopwder 
could be consolidated by SPS at 1150 OC for 3 min to pt full density. It is very interesting to note 
that the Al2Od6 vol.% Nd2TizO7composite could be sintered at a significant lower temperature of 
only 1000 OC to obtain almost f i l l  density while the A1203/9 vol.% NdZTi20, needed to be sintered 
at 1100 OC for 3 min. Additionally, the addition of second phase into pure Jumina seems to lower 
the sintering temperature. 

Table I. Processing Conditions of Alz03-based Nanocomposites 
Material Temperature ("C) Dwell time (min) Relative Density (%TD) 

Pure a-A1203 1150 3 100 
AI2O3/1 0 vol.% Nb-phase 1100 3 98 
Al2O3/6 vol.% Nd2Ti207 1000 1 99 
A120319 vol.% Nd2Ti207 1100 3 98 
A1203/14 vol.% Nd2Ti207 1150 3 100 
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The microstructures of the fiactured surface in these materials are shown in Figures 2 and 3. 
Figure 2a is the typical SEM image of pure a-Al203 consolidated at 1150 'C, indicating a mixture 
of transgranular and intergranular fiacture mode. The microstructures in A1203/6 vol.% Nd2Ti207 
(Figure 2b), A1203/9 vol.% NdzTi207 (Figure Zc), and &03/14 vol.% Nd2Ti207 (Figure 2d) 
nanocomposites consisted of ultra-fine equiaxed grains. Figure 3 shows the fracture surface of the 
A1203/1 0 vol.% Nb-phase nanocomposite with predominantly intergranular fracture. These results 
demonstrate the effectiveness of spark plasma sintering over conventional methods in obtaining 
alumina and alumina matrix nanocomposites at quite lower temperatures and shorter sintering 
duration resulting in high density and ultrafme grain size. 

Figure 2. High-resolution scanning electron micrographs of (a) pure a-AI203, (b) A1203/6 
vol% Nd2Ti20,, (c) A1203/9 vol% NdzTi207, and (d) A1203/l 4 vol% NdzTi207 nanocomposites 
consolidated by SPS 
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Figure 3, High-resolution scanning electron micrograph of A1203/10 vol% Nb-phm 
nanocomposite 

In regard to piezoelectric toughening mechanism [15], it is important to prevent the 
piezoelectric second phase fkom reacting with the alumina matrix. XRD rusults (Figure 2) showed 
that the sintered A1203/6 vol.% NdzTiz0, composite consisted of a-Al203 as a major phase and the 
co-existence of NdzTizO, phase. No other phase was detected, indicating that no chemical reaction 
between a-Al2O3 and NdzTi207 phases occurred during sintering. Similar results were observed in 
A1203/9 vol.% Nd2Ti207 composite. 
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Figure 4. XRD pattern in dense A1203/6vol%Nd2Ti20~ composite. 
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In the ductile phase toughening mechanisms the Nb-phase distribution is key in the degree of 
toughening of the composite. In work by Garcia et al. [l] an A1203/10 vol% Nb composite was 
created through pressureless sintering, which differs fkom the present study only in the 
morphology of the Nb-phase. In said work, the Nb is equal in grain-size to the matrix and evenly 
distributed, whereas Figure 5 shows the niobium in the present study is present as -20 nm 
inclusions predominantly at the grain boundaries, but also in the interior, or as a continuous wetted 
layer at the alumina grain boundaries. 

Figure 5.  Dark field STEM image of the A1203/10 vol% Nb-phase nanocomposite 

Table I1 summarizes the physical and mechanical properties for the present materials. In 
comparison to pure alumina, a significant improvement in fracture toughness was observed in the 
alumina-neodymium titanate nanocomposites, suggesting that adding piezoelectric phase into 
nanocrystalline alumina is very effective for toughening. The highest toughness was achieved in 
the Al2O3/9 vol.% Nd2Ti207 nanocomposite, indicating that there is an optimum composition in 
incorporating second piezoelectric phase into nanocrystalline alumina for toughening. Moreover, it 
can be noted that the hardness for these nanocomposites is just slightly less than pure alumina. The 
lower hardness of the nanocomposites in spite of the finer grain-size may be due to the lower 
hardness of the piezoelectric phase. When comparing the work of Garcia et al. [l J with the present 
study it is interesting to note that by only changing the Nb-phase distribution one can more than 
double the toughness of the composite and improve upon the hardness at the same time. 

Table II. Physical and Mechanical Properties of Alumina Nanocomposites 
Material Grainsize Hardness Toughness Reference 

P u ~  ~t-Al& 349 20.3 f 0.3 3.3 f 0.1 Present study 
(nm) (GPa) (MPam'') 

A1203/6vol% NdzTizO, 243 19.7 f 0.2 5.2 f 0.4 Present study 
A1203/9vol% NdzTi207 81 19.2 f 0.3 5.7 f 0.4 Present study 

A1203/10 vol% Nb-phase -200 22.5 f 0.4 7.0 f 0.2 Present study 
ALOJ10 ~01% Nb -200 18.5 3.1 f0.4 Garcia et a1 rll 

A1203/14vol% NdzTi207 225 19.9 f 0.1 5.0 f 0.2 Present study 
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SUMMARY 
Through the use of HEBM and SPS two alumina-based nanocomposites were produced that 

provide significant improvements in the fracture toughness of nanocrystalline alumina. Evidence 
of toughening due to the presence of a piezoelectric phase has been shown. The improvement in 
fracture toughness of the Nb-phase toughened nanocomposite in the present work over previous 
work by Garcia et al. [l J can be attributable only to the variation in ductile phase morphology 
between the two composites. 
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AND SHAPEPRESERVING INORGANIC CONVERSION) PROCESS 

Ken H. Smdhage, Matthew B. Dickerson, Philip M. Huseman, Frank M. zalar, 
Mark C. Carroll, Department of Materials Science and Engineering, The Ohio 
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ABSTRACT 
A novel, hybrid route to chemically-tailored oxide nanmtructures with 

complex, three-dimensional (3D) shapes is introduced: the Bioclastic* and Shape- 
preserving Inorganic Conversion (BaSIC) process. This process couples the 
massively-parallel and precise replication of biological organisms with rapid, 
shape-preserving chemical conversion via fluidsolid reactions, so that large 
numbers (billions) of identical 3D nanostructurcs can produced with desired (non- 
natural) compositions. The BASIC process is demonstrated by converting ornate, 
Si0,-based diatom frustules (microshells) into MgO nanostructures that retain the 
frustule shapes and fine features. Such MgO nanostructures are attractive for 
biomedical and environmental applications (e.g., drug delivery, water purifica- 
tion). By choosing among the numerous shapes and fine features available in 

* 
Bioclastic: adj; "of mck or similar material attaining its present form through the action d living 

organisms" [l]. 'Bioclastic" is m m  appropriate than %mimetic" for titis process becatwe a b b  
logical organism is actually being utilized (not jtret mimicked) to fabricate nanopdcle stmctuns. 
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bioclastic structures (from diatoms, radiolaria, sponges, silicoflagellates, etc.), and 
by using other reactive gases, mesolnanostmctures with a wide variety of shapes, 
features, and compositions may be mass produced by the BaSIC process. 

INTRODUCTION 
An increasing amount of international research and development activity is 

being devoted to the generation of miniature devices for a host of important 
applications in medicine (e.g., drug delivery capsules, membranes for protein 
separation or cell immuno-isolation), environmental protection (e.g., sensors for 
pollutants or pathogens, filters for waste water treatment), manufacturing (e.g., 
micrombots, mesoporous substrates for catalysis, microdies), telecommunications 
(e.g., microtranaducers, positioning devices for optical fibers and lenses), and 
transportation (e.g., microcombustors, microengines) [Z-91. For optimal device 
performance in many of these applications, well-defined features (pores, channels, 
cavities, etc.) on the m e d e  ( I d ‘  nm) or nanoscale (10’ nm) are required. 
Much of the worldwide effort on microhnesoscale fabrication has relied upon 
techniques developed for the microelectronics industry (e.g., the micromachining 
of silicon by lithographic methods or deep reactive ion etching) [2,3]. 
Unfortunately, these synthetic “top-down” approaches can not be easily adapted 
for the mass production of non-silicon devices with complex, three-dimensional 
(non-planar, curved) shapes and features on the mesoscale or nanoscale [3]. 

A wide variety of rigid microscopic structures with intricate, three- 
dimensional (3D) shapes and mesoscaleto-nanoscale features are generated by 
natural organisms [lO]. Among the most ornate of such bioclastic structures are 
the frustules (microshells) of diatoms [ 1O-13]. Diatoms (Bacillariophytu) are 
single-ceUed algae that are ubiquitous to marine and freshwater environments; 
indeed, diatoms are believed to account for up to one-fourth of the global primary 
production of carbon [7,11-141. Diatoms form rigid cell w d s  (frustules) 
comprised of organic macromolecules and amorphous silica nanoparticles 
[14,15]. Each of the =l@ diatom species forms a fmstule with unique shape and 
surface features [11,12]. Fmtules may assume a variety of elongated (pennate) 
or radially-symmetric (centric) shapes, with maximum dimensions ranging from 
less than one micron to several hundreds of microns for various species [lO-151. 
The surf‘aces of diatom frustules possess fine features (pores, ridges, 
protuberances, etc.) arrayed in intricate patterns specific to a given species. These 
features possess dimensions ranging from the microscale scale to the nanometer 
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scale, The complex 3D structure of a given frustule can be replicated in large 
quantities by biological reproduction. The rate of diatom reproduction d e p d s  
on a number of parameters (e.g., silicic acid concentration, nutrient concentration, 
temperature, light, etc.) [ 11-13,161. Under proper conditions, diatom repro- 
duction can occur several times per day, so that large numbers of frustules of 
identical shape may be produced in a relatively short period of time (e.g., 23" = 
1.07 billion similarly-shaped frusWes would be generated in 10 days at a 
sustained reproduction rate of 3 times per day, or in 15 days at a sustained rate of 
2 times per day), Such massively-parallel, precise, 3D self-assembly of silica 
nanoparticles under environmentally benign conditions is highly attractive for 
nanotwhnological applications. However, the silica-based composition of 
diatoms severely limits the range of potential applications. Silica is not bioincrt, 
nor is it chemically compatible with basic oxides or basic melts [14,17J. At high 
temperatures, amorphous silica exhibits p r  creep resistance and is not 
structurally stable (due to crystallization). 

A number of research groups have demonstrated that shaped macropreforms 
of silica or other oxides can be converted into new compositions, that retain the 
starting preform shape, through the use of displacement (oxidation-reduction) 
reactions with molten metals [18-241. Breslin, et al. generated co-continuous 
composites of A1203 and AI-Si by immersing dense preforms of amorphous S O 2  
into molten A1 at 1000.130O0C [18], The reduction in solid volume associated 
with converting 3 moles of SO, into 2 moles of A1203 provided additional 
internal volume for the molten A1-Si alloy, so that the final composite retained the 
shape of the starting dense SiO, preforms [l8). Loehman, et al. have also 
generated dense, near net-shaped A1203/Al-Si composites by exposing dense 
preforms of polycrystaIline mullite, AI$i20,3, to molten A1 or AI-Si [19]. 
Claussen, et al. have used gas pressure infrltration or squeeze casting to rapidly 
infiltrate porous oxide preforms (e.g., TiO,, Nb05) with molten A1 [20,21]. 
Reaction of the molten aluminurn with the oxide generated CO-continuous, near 
net-shaped composites of alumina with one or more aluminide compounds (e.g., 
A1203/Tii13, A120flbA1,/Nb~1 composites). Sandhage, et al. have also used 
reactive melt intiltration to convert porous ceramic-bearing preforms into new 
ceramic/metal composites of high density and near net shape [22-24]. In the latter 
case, displacement reactions were chosen that yielded an increase in solid cemmic 
volume, so that composites (e.g., MgOlMg-Al, MgA120dFe-Ni-Al, ZrUW) with 
relatively high ceramic contents (up to 86 ~01%) could be directly produced. 
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The gbiective of this D- is to introduce a revolutionary new, hybrid nano- 
fabrication route: the Bioclastic and Shapepreserving Inorganic Conversion 
(BaSIC) process [W]. Biologically self-assembled ceramic (bioclastic) nam- 
structures with complex 3D shapes are utilized as preforms in this process. 
Massively-parallel and precise biological reproduction may be used to generate 
large numbers (billions) of such p d w m s  with identical shapes. With the BASIC 
process, such self-assembled nanostructures are converted into new compositions 
via shape-preserving reactions with fluids (gases or liquids). By coupling 
bioclastic self-assembly with near net-shape reaction processing, significant 
limitations encountered with topdown processing (dificulty in fabricating three- 
dimensional nanostructures with complex - nonplanar, curved - shapes) and 
bottom-up processing (very restricted range of self-assembled chemistries) can be 
avoided. The feasibility of the BaSIC process is demonstrated in this paper by 
converting diatom frustules (self-assembled, 3D, SiO, nanoparticle structures) 
into MgO nanostructures (e.g., for biomedical and environmental applications). 

EXPERIMENTAL PROCEDURE 
Diatoms were obtained in the form of diatomaceous earth (Aulacoseira, 

Cycbtek)  or as algal cultures (CyclOteZh, Synedt.a; Carolina Biological Supply 
Co., Burlington, NC). In the latter case, diatom culture growth was conducted in 
glass flasks sterilized in an autoclave. A 1 ml culture batch was added to 50 ml of 
an aqueous solution with appropriate growth media (Alga-Gro' freshwater 
medium for Synerira, Alga-Gd' seawater medium for CycZoteZh; Carolina 
Biological Supply Co.) and sodium metasilicate as the silica source. Culture 
growth was allowed to proceed at 23OC for 21 days with a 12 hour light 
(fluorescent)/l2 hour dark cycle. Prior to reaction with Mg(g), the diatomccous 
earth and cultured diatoms were heated to 600°C for 8 hours in air to pyrolyze the 
organic matend. The pydyzed frustdes were then deposited onto a steel 
substrate. The substrate was placed inside a steel tube (internal dia. = 4.1 cm; 
internal length = 20.2 an) along with 4-6 grams of magnesium, and the tube was 
then welded shut. The d e d  tubes were then heated to 900°C and held for 4 
hours in flowing argon (to minimize oxidation of the steel tube) within a tube 
furnace. After this heat treatment, the steel tube was cut open and the reacted 
frustdes were removed. secondary electron images of diatom frustdes before 
and after reaction were obtained with a Model XI30 field emission gun scanning 
electron microscope (Philips Electron Instruments, Endhoven, The Netherlands). 
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Cross-sections of reacted frustules were prepared with a focused ion beam 
instrument (Model Strata DB-235 System, FEl Company, Hillsboro, OR). Bright 
field images of such cross-scdiom were obtained with a CM-2aJI' transmission 
electron rnicroscopa (Philips). The scanning and transmission electron 
microscopes were both equipped with a Si/Li energy-dispersive x-ray detector 
(Edax Internatid, Mahwah, NJ) for microchemical analyses. 

RESULTS AND DISCUSSION 
Secondary electron images of the frustules of several pymlyzed diatoms 

(Synedra, Cycbteth, Aulacoseira) are shown in Figure 1. Syrudra fnrstulcs (Figs. 
la, lb) possess the shape of flattened needles. The overlapping halves of the 
pennate Synedta frustule can be seen in Figure lb*. The flat surfaces of these 
frustules are decorated with uniformly-spaced TOWS of fine pores (a few hundred 
run in diameter) oriented in a direction perpendicular to the long needle axis. The 
diatom CycbcrrCZ possesses a disk-shaped (centric) frustule (Fig. lc) that consists 
of two overlapping, petri dish-shaped halves. The sdace of this fnrstule is 
partially covered with narrow grooves (a few hundred nm in width) that radiate 
inward from the outside perimeter. The Aukoseira frustule (Figs. Id, le) 
consists of two capsule-shaped halves joined end-to-end so as to form a longer 
cylindrical assembly (one of these halves is shown in Fig. 2c below). One end of 
each capsule (half frustule) possesses a circular opening (Fig. fc), whereas the 
other end (not shown) is closed and exhibits finger-like protuberancm (sec Fig. 
2c) that interlock with those of a n o k  capsule to form the longer assembly. 
Regularly- spaced rows of fine pores (a few hundred nm in diameter) run along 
the cylindrical walls of the Aukoseira frustule (Figs. Id, e). 

These diatom fnrstules were sealed within steel tubes, along with d i d  
magnesium, and then heated to W C  for 4 h. At this temperature, the 
magnesium melted and partially vaporized within the steel tubes (the equilibrium 
pressure of magnesium v a p r  over molten magnesium at 900°C is 0.16 atm [q). 
Upon exposure to magnesium vapor, the silica within the diatoms underwent the 
following displacement (oxidation-reduction) reaction: 

2Mg(g) + SiOZ(s) Z M a s )  + [Si] 

* 
The frustule of each diatom is composed of two overlapping halves (note: the word "diatom" is 

derived fmm the C3mk word "diatomos" which means ''cut in half" [ 1 I). 
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Figure 1. Secondary electron images 
of pyrolyzed (600°C, 8 h) fiustules of 
the diatoms: 

a), b) Synedra 
c) Cyc2oteZk.z 

d), e) Aulacoseira 

prior to reaction with magnesium 
vapor. 

where [Si] refers to silicon dissolved within a Mg-Si liquid. The latter [Si] liquid 
formed by the continued reaction of gaseous magnesium with the elemental 
silicon generated upon the reduction of silica [%I. Thermodynamic calculations 
indicate that reaction (1) is strongly favored under these conditions [27]. 
Secondary electron images of reacted Aulacoseira and Cyclotella frustules are 
shown in Figure 2a and 2b, respeztively. Although the fiwtule surf's became 
more granular in appearance after reaction with Mg(g), the overall frustule shapes 
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Figure 2. Secondary electron images 
of a) Aulacoseira, and b) Cyclbteltu 
diatom frustules after reactive 
conversion (900°C, 4 h, Mg(g)) into 
MgO. For comparison, an unreactd 
sister frustule of Aulacoseira is shown 
in c) (a corresponding unreacted 
CycloteZtu frustule is shown in Fig. lc 
above). 

and fine features (mesoscale pores, grooves, protuberances) were retained. 
Energy-dispersive x-ray (EDX) analyses of the outside surfaces of these frustules 
during scanning electron microscopy revealed peaks for Mg and 0, but not for Si, 
which was consistent with conversion of the SiO, into MgO. X-ray diffraction 
(XRD) analyses also yielded peaks for magnesia, but not for any crystalline silica 
polymorphs (such as quartz, cristobalite, or tridymite). The molten [Si] product 
of reaction (1) seeped out of the reacted frustules and solidified upon cooling. 
Such solidified [Si] can be seen below the reacted Cycloteltu frustule in Fig. 2b. 
The reacted frustules could be easily plucked from this solidified Mg-Si (as was 
the case for the reacted Aulacoseira frustule shown in Fig. 2a). 

The reacted fmstules were also examined by transmission electron 
microscopy (TEM) in order to: i) evaluate the microstructure of the reaction 
product(s) and ii) determine whether unreactd silica was present below the 
magnesia detected on the frustule sufiace (note: subsurface amorphous silica can 
be difficult to detect by XRD or SEM/EDX analyses). Cross-sections of the wall 
of the reacted fmstules were prepared by focused ion beam milling. Secondary 
electron images of a reacted Aulucoseiru frustule at various stages of focused ion 
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Figure 3. a), b), c) Secondary electron images of an Aulacoseiru frustule 
after reaction for 4 h at 900°C with Mg(g). The image in a) reveals the 
frustule after deposition of a Pt coating. Side and top-down views of the 
wafer-shaped cross-section cut out by the focused ion beam are shown 
in b) and c). A bright field TEM image of this cross-section is shown in d). 

beam milling are shown in Figs. 3a-c. The reacted frustule was first coated with a 
layer of platinum (Fig. 3a) in order to avoid fragmentation of the cross-section 
during milling. A focused ion beam was then used to remove material from both 
sides of a wafer-shaped cross-section, as shown in Figs. 3b and 3c. A bright field 
TEM image obtained from this cross-section is shown in Fig. 3d. Round grains 
with diameters of a few hundred nanometers were observed throughout the cross- 
section, which was consistent with the grain morphology observed on the surface 
of the reacted frustule by scanning electron microscopy (see Fig. 2a). TEWEDX 
analyses of these rounded grains revealed peaks for Mg and 0, but not for Si. The 
absence of silicon throughout the specimen cross-section confirmed that: i) the 
conversion of SiOz to MgO by reaction (1) was completed within 4 h at 900°C, 
and ii) the liquid [Si] product of this reaction had completely seeped out of the 
frustule during this heat treatment, apparently due to poor wetting with MgO. 
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Such poor wetting was also consistent with the weak adhesion of the solidified 
[Si] with the converted (MgO) frustdes. 
This work demonstrates the feasibility of the BASIC process. Biogenic oxide 

nanoparticle assemblies with complex three-dimensional shapes can be converted, 
via gadsolid reactions, into new compsitions while retaining the same shapes 
and fine fmtures. The mesoporous magnesia structures generated in the present 
work are attractive for a variety of uses, including: i) bioinert microcapsules for 
delivering very small doses of medication, ii) efficient filters for removing heavy 
metals from waste water, or for separating fine contaminant particles from basic 
fluids, iii) fine scale, controlled-shape (needles, tubes, disks, etc.), light weight 
(p[MgO] = 3.58 8/cm3) filler or reinforcement phases for polymer-matrix 
composites, and iv) high-surface-area, chemically-compatible substrates for 
catalytic syntheses of certain petrochemicals [28.30]. 

Although the focus of this paper has been the shape-preserving conversion of 
certain diatom fmstdes into magnesia, the BASIC process is certainly not limited 
to these preforms or to MgO-based components. Self-assembled, three- 
dimensional bioclastic meso/nanostructures with a wide variety of other shapes, 
fine features, and chemistries could also be chemically modified (e.g., 
nanostructures of: silica from radiolaria, silimflagellates, sponges; iron oxide 
from chiton teeth or bacteria; manganese oxides from fungi [12,31]). Other 
gaseous reactants than magnesium (e.g., reactive halides, organometallics, or 
other elemental gases) could be used in the conversion process to generate a host 
of oxide or oxiddmetal products. Given such a large selection of possible shapes 
and chemical reactions, the BASIC process could be used to produce a multitude 
of mesdnanostructurcs with desired compositions for optimal electromagnetic, 
optical, thermal, chemical, or mechanical properties. 

A wide diversity of fmtule shapes, sizes, and fme surface features exists 
among the =l@ diatom species [11,12]. Given such natural variations in fiustule 
geometry, it seems likely that many non-existing genomic modifications of 
diatom frustules may also be viable. If future genetic engineering yields fnwtules 
with tailored shapes and features (e.g., microneedles, micronozzles, 
microbearings, micmchambcrs, etc.), then the shape-preserving gadsolid 
reactions of the type discussed in the present paper could be used to convert such 
shape-tailored preforms into preferred compositions for particular microdevice 
applications. Indeed, a unique coupling of genetic tailoring, biological replica- 
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CONCLUSIONS 
Nanoparticle assemblies with complex 3D shapes and tailored chemistries 

have been fabricated by a novel, hybrid mute: the BaSIC (Bioclastic and Shape- 
preserving Inorganic Conversion) proass, With this process, biologically self- 
assembled ceramic (bioclastic) nanostructws can be converted into new compo- 
sitions via the use of shape-preserving gaslsolid reactions. To demonstrate this 
process, diatom microshells (i.e., silica nanoparticle assemblies) have been 
converted into magnesia. Several diatom species (Aukoseiru, CycZoteZla, 
Spdru) with pennate or centric microshells (fmstules) were obtained from algd 
cultures or as diatomaceow earth. After removal of organic material by pplysis, 
the frustules were exposed to magnesium vapor at 900OC. The Mg(g) underwent 
a displacement (oxidation-reduction) reaction with the amorphous SiO, in the 
fmstules to yield MgO and Si dissolved in a Mg-rich liquid. The Mg-Si liquid 
seeped out of the frustule during the courso of reaction (this liquid did not wet the 
M@), so that the Si0,frustule was converted directly into MgO, TEM analyses 
indicated that the displacement reaction was completed within 4 h at 900°C. The 
resulting MgO nanopatticle assemblies retained the shapes and fine features 
(mesoscale pores, ridges, protuberances) of the starting fmstules. Such MgO 
nanoparticle structutes are attractive as mesoporous filters, mesoporous 
micmcapsules, microfillers/reidorcernents, and catalyst substmtes for medical, 
environmental, and manufacturing applications. By c h d n g  among numerous 
natural bioclastic nanostructures and reactant gases, the BASIC process could be 
used to produce mednanostructures with a wide variety of shapes, sudace 
features, and compositions. Furthermore, if future genetic engineering of 
mineral-forming organisms yields bioclastic nanostructures with tailorad shapes, 
then synergistic coupling of such genetic manipulation with the BASIC process 
would allow for the mass production of Genetically Engineered Microdevices 
(GEMS) for numerous domestic and military applications. 
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SILICON NITRIDE/SILICON CARBIDE NANOCOMPOSITES FROM 
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Julin Wan, Matthew J. Gasch and Amiya K. Mukherjee 
Department of Chemical Engineering and Materials Science 
University of California 
Davis, CA 956 16 

ABSTRACT 
Nanocomposites of silicon nitride and silicon carbide were processed by different routes 

based on polymer precursor pyrolysis. Electric field assisted sintering (EFAS) can lead to either 
micro-nano or nano-nano composites, depending on the amount of oxide additive. In-situ 
pyrolysis/consolidation produced nano-nanocomposites with bi-crystal boundaries fiee of glassy 
grain boundary phases, while small amount of residual amorphous Si-C-N phase is retained at 
triple junctions. High pressure sintering results in a diversity of microstructures, fiom amorphous 
to nanocrystalline. The details of the microstructures were studied by high-resolution transmission 
electron microscopy (HRTEM). 

INTRODUCTION 
Over the past decade, inorganic polymer precursor related techniques have evolved fhm an 

effective means for making low-dimension materials (powders, fibers, coatings), to techniques that 
are capable of processing bulk ceramics.'i2 The traditional way of producing silicon nitriddsilicon 
carbide composites is sintering of powder mixtures of crystalline silicon nitride and silicon 
carbide. This kind of technique has two intrinsic problems: one is the effectiveness of mixing, the 
inadequacy of which might lead to inhomogeneity of the microstructure; the second problem is 
that, the grain size of the sintered material is limited by the crystallite size of the starting powders, 
this makes it difficult to manufacture nanocomposites (with mean grain size smaller than 100 
nm)? Polymer precursor related techniques can provide a solution to these problems. The 
pyrolysis product of the polymer precursor is usually amorphous Si-C-N, in which the component 
elements are mixed homogenously to the molecular level. Through a certain crystallization 
process, this amorphous network can be transformed into silicon nitride and silicon carbide 
composites with the two phases homogenously dispersed? The grain size of the composites h m  
crystallization of the amorphous Si-C-N is determined by the nucleation and grain growth, it is 
irrelevant to the particle size of the powder. Furthermore, the chemical composition of the 
amorphous Si-C-N pyrolysis product is determined by the chemistry of the polymer precursor, and 
also is sensitive to the environmental atmosphere of pyrolysis, therefore can be manipulated to 
produce different phase corn position^.^^^ These characteristics of the polymer precursor-related 
techniques guarantee that it is  possible to achieve some unique microstructures that cannot be 
produced by conventional methods, especially nanocrystalline composites. 

This paper is a short review of the efforts made at University of California, Davis, in 
obtaining nanocrystalline composites of silicon nitride and silicon carbide. The target of this 
research is to evaluate the high temperature mechanical property (mainly creep resistance and 
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superplasticity) of covalent ceramics when the grain size falls into nanometric range. However, 
since the mechanical testing is still underway, only issues of processing and microstructure will be 
discussed in this report. 

EXPERIMENTAL PROCEDURE 
Raw material and polymer manipulation 

Commercially available Ceraset SN polyureasilazane (Commodore Polymer Technologies, 
Columbus, OH.) was used as the raw material. The liquid polymer was cross-linked in nitrogen 
atmosphere at 26OOC with O.Swt?h dicumyl peroxide as catalyst. Infbsible polymer thus obtained 
was crushed into powder with a mean particle size of about 10 microns. Pyrolysis of the polymer 
powder towards 145OOC leads to amorphous Si-C-N with a nominal formula of 
Sil.~c1.5~N0.8100.1~. Increase of nitrogen content in the amorphous powder can be realized by a 
heat-treatment at temperatures between 3O0-8OO0C, before the pyrolysis is completed. The 
replacement of carbon-containing fulctional groups (e.g., -CH3) by - N H 2  is responsible for this 
increase in nitrogen? This treatment was used in the EFAS and in-situ pyrolysidconsolidation. 

Sintering by electric field assisted sintering (EFAS) 
EFAS conducted with Dr. Sinterm 1050 spark plasma sinterhg system (Sumitomo Coal 

Mining Company, Ltd.), using 145OOC pyrolyzed Si-C-N powder with varied amount of yttria 
additive and varied nitrogen content. After applying the given pressure (63MPa), samples were 
heated to 600OC in 2 minutes and then ramped to 1600OC at a fixed rate of 100°C/min. 
Temperature was held at 1600OC for 10 minutes before turning off the power. 

In-situ pyrolysidconsolidation 
The consolidation of the materials without using additives was conducted through a route 

called pre-pyrolysis/binding/pyrolysis. This processing method has been described elsewhere? 
The cross-linked powder was partially ceramized by a pre-pyrolysis heat-treatment at 400-800°C, 
then coated with Ceraset SN liquid polymer and pressed into shape by cold isostatic pressing. The 
green compacts were then pyrolyzed to about 1 W C  to obtain amorphous Si-C-N ceramics. A 
ftrther heat-treatment at temperatures between 1550-1650°C was necessary to crystallize the 
material into composites of silicon nitride and silicon carbide. Ammonia treatment was conducted 
before the pre-pyrolysis to alter nitrogen content. 

High pressure sintering (HPS) 
The polymer powder was heat-treated in nitrogen atmosphere at 145o"c/4hours for complete 

ceramization. The amorphous Si-C-N powder thus derived was mixed with 8wt?hY20k or 5wt?/O 
Y203 plus Swto? MgAl204 by high-energy ball milling. Sintering was conducted with a Boyd- 
England piston-cylinder apparatus, at temperatures 1400-1 600°C and under pressure of 1 -2GPa. In 
order to prevent grain growth, the sintering duration was kept at about 10 minutes. Details about 
the experimental set-up for this method can be found elsewhere? 

RESULTS AND DISCUSSION 
EFAS-processed nanmmposites 

EFAS is analogous to conventional hot-pressing, except that a pulsing electric c u m t  passes 
the didpunch assembly during sintering. Like in hot pressing, sintering of amorphous Si-C-N with 
a high amount of additive (e.g., Swt?! Y203) leads to micro-nano structure of silicon nitriddsilicon 
carbide composites (Fig. l(a)), which is a sub-micron matrix of silicon nitride and silicon carbide, 
with nanometric Sic inclusions in silicon nitride grains. One unique feature of these composites 
made from amorphous Si-C-N is that they usually contain turbostratic graphite at the intergranular 
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Fig. 1 Micro-nano composites processed by EFAS of amorphous Si-C-N with 8wt% 
Yz03, starting with powders 

(a) pyrolyzed in nitrogen to 145OOC 
(b) subiected to 6OO0C/lhr ammonia treatment before bvrolvzed to1450OC in N? 

Fig. 2 Nano-nano composites processed by EFAS of amorphous Si-C-N at 
1 60O0C/lOmin with 
(a) 3wt% YzO3 (b) lwto/oY~O~ 

regions, as a result of the excess carbon content in the amorphous Si-C-N. Decrease of carbon 
content by an ammonia treatment to the polymer precursor prior to the pyrolysis can lead to 
decrease of the intergranular graphite phase, along with the phase ratio of Sic versus SiJNd. 

This pre-pyrolysis ammonia treatment was found to be most effective if conducted at around 
6OO0C, as a result of the compromise between the number of available active hctional groups 
and the thermal activation of the group-exchange reactions. A 6OO0C/lhr ammonia treatment to 
the polymer powder can result in X-ray pure silicon nitride after WAS. The grain size of the 
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sintered material, as shown in Fig. l(b), is larger than the composite sintered from powders 
without ammonia-treatment, due to the lack of grain-growth restriction from silicon carbide. 
However, it can be seen that there still is a small amount of intragranular Sic in silicon nitride 
grains. 

Decrease of additive amount results in decreased amount of liquid phase during sintering of 
the materials. Liquid phase sinkring mechanisms, mainly the solution-reprecipitation process, 
plays a less dominant role in these cases. Solid-state processes such as diffision become more 
important. Solid-state sintering mechanisms have a slower kinetics than liquid phase sintering, 
therefore they require a longer time to reach f i l l  density. However, in the case of EFAS, effective 
sinterin can be achieved at 1600°C within I0 minutes, when the yttria content is as low as 
lwtoh. 

The most significant effect the amount of additive has on the microstnrcture of the sintered 
composites is shown in Fig. 2. When the weight percentage of yttria decreases h m  8% to under 
3%, the microstructure changes from micro-nano structure to a nano-nano structure with the grain 
size of both the silicon nitride and silicon carbide phases falls into the nanocrystalline regime. The 
mean grain size of the lwt% YzO3 sample is as small as 38 nm. This retarded grain growth is 
believed to be a result of the lack of a continuous liquid phase, which inhibits the process of grain 
growth by the mechanism of solution-reprecipitation. 

*f 

Nanocomposites processed by in-situ pyrolysidconsolidation 
The crucial point of producing 

nanocomposites by this technique is to 
produce a consolidated, crack-be 
amorphous ceramic body by controlled 
pyrolysis. The conversion of polymer 
precursor into ceramics includes removal of 
oligomers and other gaseous products and 
the retaining of the Si-C-N backbone of the 
polymer molecules. Due to the fact that 
pre-pyrolyzed particles are already devoid 
of most of their organic components, 
weight-loss, volume shrinkage and gas 
evolution during pyrolysis a mostly 
restricted to the binder phase, which 
accounts of about 1S-25wto/o of the green 
body. As a result, in comparison with the 

bulk amorphous Si-C-N, which is based on 
Fig. 3 Fracture surface of the consolidated warm-pressing/p~lysis method to make 

amorphous Si-C-N 
pyrolysis of entirely polymer green 

compacts, the present method features higher density (-2.3g/cm3), lower volume shrinkage, and 
the materials are less prone to cracking therefore larger viable size.* Another important feature in 
the amorphous Si-C-N produced by this approach is that the materials are virtually fiee of open 
porosity, as indicated by mercury porosimetry.8 The amorphous Si-C-N contains small amount of 
closed pores with nanometric size, shown in Fig. 3. 

The stability of the amorphous ceramic network of the pyrol sis product was found to be 
strongly dependent on the chemistry of the pre-pyrolyzed powder? "Without ammonia treatment, 
the amorphous ceramics can resist crystallization up to 145OOC. 

Heat-treatment at 1550°C leads to partially crystallization of the material. Si3N4, S ic  85 well 
as Si2N20 grains were found to develop independently within the amorphous network. 
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Fig 4 Nanocrystalline microstructures obtained by crystallization of consolidated 
amorphous ceramics 

(a) Without ammonia treatment, crystallized at 1 650° 
(b) Ammonia treated at 60O0C, crystallized at 1450°C 

Turbostratic graphite, which is a common feature of Si-C-(N) ceramics when there is excess 
amount of carbon, was also observed. 
Crystallization at 1650OC for 2 hours results 
in SisN4/SiC nano-nano composite with a 
mean grain size of about 3Onm, as can be 
seen in Fig. 4 (a). While if the pre- 
pyrolyzed powder was treated in ammonia 
at 6OO0C, at 1450°C the material is already 
filly crystalline, with a-SilNd as the only 
phase detectable by XRD or S A D  (Fig. 
4(b)). This enhanced crystallization is a 
result of the enhanced role of the interface 
between the pre-pyrolyzed particles and the 
binder phase in accelerating the 
crystallization process (inhomogeneous 
crystallization). 

Due to the lack of oxide additive, most Grain bounbyy in the nano-composites 
of the dual-grain junctions (grain produced by crystallization of amorphous 
boundaries) were found to be free of a Si-C-N 
glassy grain boundary phase (Fig. 5),  
although it is apparent that a residual 
amoxphous phase exists at multi-junctions. 

Fig. 5 

Nanocomposites produced by high pressure sintering 
High pressure sintering (HPS) was attempted in an effort to make superplastic 

nanocomposites. Since the established superplastic deformation mechanism in silicon nitride 
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Fig. 6 Microstructure of materials sintcred by HPS fiom amorphous Si-C-N with yttria 
additive (a) 140O0C/1Omin (b) 1600"C/lOmin 

ceramics is liquid-phase based solution-precipitation, a high level of oxide additive (equivalent to 
larger amount of liquid phase at high temperatures) is likely to be necessary. With the two routes 
introduced above, nano-nano microstructure cannot be achieved when the additive amount is too 

high (e.g., >~wt%Y~o3). The two types of 
sintering additives used in this study, one is 
8wt% YzO3 and the other is 5wt% Yz03 plus 
5wt% MgA1204, represent additive systems that 
are likely to produce high viscosity and low 
viscosity glassy phases after sintering 

Between the sintering temperatures 1400- 
1600°C, the materials can be sintered to densities 
of 2.85-2.96gIcm'. XRD shows increasing 
crystallinity with increasing temperature. "EM 
images of the materials with 8wt?? YzO3 as 
additive are shown in Fig. 6. Although the 
material sintered at 140OOC is amorphous as 
shown by XRD, there are regions that have 
undergone preliminary crystallization, and have 
crystallites (mainly silicon nitride) of about 
lOnm immersed in an amorphous matrix, as 

Fig, 7 ~ ~ m o g m e o u s  microstructure in show in Fig. 6 (a). Sintering at 1500'C results 
nanocomposites produced by HPS in crystallization of most of the material. While 
( 1 600°C/1 Omin) of Si-C-N only regions that was originally occupied by 
containing SwtO/oY203/ extremely large Si-C-N particles remain 

amorphous, these regions were found to be 
depleted of yttrium and oxygen as compared 
with the rest of the material. Sintering at 1600°C 

SwtO/oM@lO4 
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Fig. 8 

(a) Glass-free boundary (b) Boundary with thick glassy phase 

Examples of the grain boundary condition in HPS produced 
nanocomposite (with 8wt%Y20~, sintered 1 60OoC/1 Omin) 

for 10 minutes lead to h l l  crystallization and the grain size of both silicon nitride and silicon 
carbide phases are about SOnm, see Fig. d(b). Two kinds of mechanisms are involved: (1) the 
solution of the Si-C-N by the oxynitride liquid phase and precipitation of silicon nitride and silicon 
carbide grains; this mechanism proceeds fiom the intergranular regions into the interior of the Si- 
C-N particles; (2) homogeneous crystallization of the Si-C-N into crystalline phases; this is a solid 
state process that is enhanced by the high applied pressure during sintering 

The microstructure of the material with Swt?hY~03/5wt%MgA1~0~ at 160OOC is shown in 
Fig.7. This microstructure indicates an inhomogeneous grain size distribution at different regions 
of the material. In some locations silicon nitride and silicon carbide forms a nice nano-nano 
structure. In other regions, silicon nitride grains can grow to as large as 200nm, and engulf nano- 
sized Sic to form a micro-nano structure. This inhomogeneity in grain size reflects the 
inhomogeneous distribution of oxide additive, and thus the abundance of liquid phase of low 
viscosity (due to the existence of spinel) promotes grain growth; while the interior regions 
undergo solid-state crystallization, which is of much slower kinetics. The grain size 
inhomogeneity also exists in the 8wt%YzO3 material, but to a much less extent, owing to the 
higher viscosity of liquid phase. 

The most distinct feature of the grain boundary condition of the HPSed nanocomposites is 
the widespread distribution of thickness of grain boundary amorphous layer. Unlike in 
conventional silicon nitride, in which the grain boundary thickness is relatively narrowly 
distributed (0.5-2.0nm),' the grain boundary thickness in the nanocornposites can be near to zero, 
or to over 10nm. Examples are shown in Fig. 8 for grain boundaries between a- and P-SiaN,. It is 
still an open question whether this unique feature of grain boundary is due to the nonequilibrium 
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nature of the processing technique (high pressure, low temperature sintering), or alternatively a 
result of the unique chemistry of the grain boundary phase which contains excess carbon. 

SUMMARY 
Three categories of processing routes have been attempted to make silicon nitriddsilicon 

carbide nanocomposites with varied grain-size, phase proportion and grain boundary conditions. 
All of the methods are capable in producing nano-nanocomposites with grain-size far below 
100nm. EFAS is suitable to produce nano-nano composites when additive amount is low, while 
micro-nano composites were resulted with high additive level; In-situ pyrolysidcmsolidation can 
produce nano-nano composites without additive; HPS is the viable way to produce nano- 
nanocomposites with large amount of additive, while the homogeneity of the microstructure is 
dependent on the viscosity of the grain boundary phase. The high temperature properties of the 
nanocomposites are yet to be determined. 
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PROPERTIES OF Si3N4 - MoSiz COMPOSITES WITH A NANOSTRUCTURED MATRIX 

D. Sciti, S. Guicciardi, A. Bellosi 
CNR-IRTEC, Via -10 64, I - 4801 8 Facn~a, Italy 

ABSTRACT 
Si3N4 - composite materhh containing diffenat amounb of MoSi2 were produced by hot 

pressing. MoSi2 particles (mean she 0.8 pm) were homogeneously di@ within a 
SiaN4 rrmtriX (main grain size < 0.2 pn). The influence of MoSiz inclusiolaa on 

microstrucnne and electrical a d  mechdcal Properties of the compitcs is discussad. 
As a result of both the re- microstructure of the maffix and presence of ductile inclusions, 

these matesialspomess good mechanical praperties, with abending streogth up to 1130 MPa (RT) 
d 880 MPa (1OOOOC) amd a hcture toughness up to 6 MPa.m !? El& resistivity drop to 
-10-3 n-. 

MTRoDcJcrzTON 
Silicon nitride and molybdenum didicidc have recently a f ta id  a considerable attention as 

mattix Wor reinforcing phase for the development of high perfonnanoe stmctud or f b n c t i d  
d c  COmpOSifCS. [ I 4 1  

Silicon nitride is one of the most important stnwtud ceramic materials because of its 
combination of high-tcmprature refhactoriness, high stmmgth, low thermal expansion eocfficicIlt, 
low density and high-tempemtm oxidation mistmcc . Silicon nitride is difficult to h i &  due to 
the low diffusion coefficient. Conventionally Mly dense materials can be obtained through 
liquid-phase sintering with the addition of aids. The addition of MoSi2 can fbdm 
improve the p&ormanco of Si& especially if a suitable control of the morphology, particle size 
and degree of dispersion of the second phase is parfonnad. An important f&or is the amount of 
MoSi2: if it is higher than about 30 vol %, the resulting composite is electrooonductive. This is 
~ t a g e o u s  fkom different points of view: on one hand the matcads lwsociast e1- 've 
functions to enhanced th--nolmechanid behaviour, on the other band complex shapes cm be 
made by electrodischarge machining starting fiom simple shaped pieces. These composites can be 
used in electrical applications such as heaters and igniters. 

In this paper, composites containing different amounts of MoSiz were pmduced by hot 
pressing. ~~ md ytt& are the sdditives selected for the dcdfhtion of Si3NI. Thia aystem 
(SisN, + Al2O3 +Y203) has been studied previously and picked as the matrix for the present 
composite materials due to its high s i n W i i t y  and excellent mechanical properties such as 
fkture toughness and f l e d  strength. [5] 

EXPERIMENTAL 
*csarewcatcd 

below. - Si3N4 powder (Ube-SN-ElO): 95 vol % a-Si3N~ and 5 vol % P-SigNd, specific surfbcc EU~B:  11.5 
m2/g, mean particle size: 0.16 pn, chemical composition: 0: 1.09 %, Cl: 0.01 %, Fe: 0.01 %, Ca: 
0.005 %, Al: 0.005 %; 

Commercial powders were used as raw materials. Their Main clwmtcm& 
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- MoSi2 (Aldrich): purity 99 %, mean particle dimension 1-2 pm, d s  2.7-2.8 pm, crystalline phase: 
tetragonal MoSi2. 
As sintcring aids for the Si3N4 matrix, 
The fillowing Compoaititiom were preparad: - 64.5 vol % Si& + 30 vol % MoSi2+ 1.8 vol % A1203 + 3.7 vol % YzO3, labelled SN3 - 55.3 vol % Si94 + 40 vol % MoSiz+ 1.5 vol % A 2 0 3  + 3.2 vol 96 Y2O3, labelled SN4. 

The powders were mixed by ball milling using Si3N4 bails for 24 h in ethyl h h o l .  Then 
they were dried using a rotary evaporator and sieved. Sintcring was performed by hot-pressing at 
1720 - 174OOC with an applied pressure of 30 MPa and holding time of 10 min, in vacuum. The 
f’mal densities were detcmined using A r c h &  method. 

Dense samples were examid  by X-ray difbction @RD) to deterrmne CrystallinephaseS. 
The specimens wcm cut, polished and etched in a 02/CFJ plasma. The micro- wwe 
observed by SEM; micrOgrapbs of selected samples were analysed by image analysis (Imaee PrOI 
plus 4.0, Media Cybernetics, Silver Springs, USA) to determm ’ mean grain size of MoSi2 
inclusions and of Si3N4 matrix grains. 

Young modulus (E) w ~ l b  m d  by resonant fhqwncy on spchens of 28 x 8 x 0.8 mm3 

On polishad m r f b s ,  Vickers microhardness 0 was measured with a load of 9.81 N, 
using a Zwick 3212 tester. 

Fracture toughness 6) was evaluated using the chevron-notched beam (CNB) in flcxure. 
The bars, 25 x 2 x 2.5 mm3 (length x width x Wdamm, respactively) were notched with a 0.08 
mm diamond saw, and a1 were about 0.12 and 0.80, respectively. The flexural testa were 
perfonmed on a semi-articulated alumina four-pt jig with a lower span of 20 mm and an upper span 
of 10 mm on an Instron 4 . 1  195 universal screw-tyjw testing machine. The specimens, three for 
each composition, wem Mormed with a cmsshead speed of 0.05 m d i n h  The “slice model” 
equation of Munz et al. [6] was used fw the catculation of &. 

F l e x d  strength (a), up to 13Oo0C, was m d  with an Instron mod 6025, on chamfired 
bars of 25 x 2 x 2.5 mm3 (length x depth x width), in 4pt bending with 20 mm and 10 mm as 
outer span and inner span, respectively, Using a crosshaad spscd of 0.5 mm/& Far high 
temperaturctests, a soakingtime of 18 &was set to Tfach thennal equilibrium before -the 
test. 

The electrical resistivity measurements were carried out using a four probe DC method at 
room tempmtm, inducingacmt inbar spcinms of2 x 2.5 x 25 m3. 

Ceralox HPaO.5 and Y2O3 HC-Starck, were selected. 

usinganH&Pgain-phascanalyscr. 

RESULTS AND DISCUSSION 
Mi- 

The composites reached 111 density after the hot-pressing route, as confirmed by the absence 
of porosity ascerwd ’ tfirough mi-w anaiyscs. As crystalline phases, both a- and 8- 
Si3N4 md tetragonal MoSi2 are present. No d o n  occurred between MoSi2 aud SijN4 as already 
reported in li-.[2] 

In Fig. la,b, an example of polished surfbe of the composites is shown. MoSi2 inclusions 
present a brighter contrast than the silicon nitride matrix. In spite of the differeace between 
thermal expansion coefficients (MoSi2: 9404 OC’, Si3N4: 3404 O C ’ ) ,  good adhesion was found 
between the two phases. 
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Fig. 1. Polished dims of 
(a) SN3, (b) SN4. 
(c) Plasma etched surfhe of SN4, in 
wrrespondm of the Si3N4 matrix. 

Thc shape of inclusions is irregular, as their extend outline follows the Si3Nd grains 
boundaries. It can be hypothesized that tbe higher ductility of MoSiz compared to matrix matMial 
favours the constraint and the accommodation of these particles in the spaces available among 
Si3N4 grains during sintcring. Moreover, due to the effect of the applied pressure, the sbape is 
slightly elongated with the major axis perpendicular to the direction of the pmsure. The mean 
particle diameter of MoSia inclusions is - 0.8 p in both composites. 

In Fig. lc, an image of SN4 after plasma etching is shown, revealing the microstructure of 
the silicon nitride matrix. Silicon nitride grain size is considerably mall (0.18 and 0.20 pm for 
SN3 and SN4, respectively), see Table I. 

SiaN4 grains undergo a partial a+phase transition, as detected by X-ray spectta: residual 
amounts of u-Si3N4 are m the range of 35-40'?!. As a result, most of the Si3Nd grains are still 
equiaxed. A low amount of elongated grains is also present with dBbrent aspect ratio values (up to 
4). The grains are separated by an intergranular secondary phase typical of liquid-phase sinkred 
systems [5],  that is completely glassy, as confirmed by the absence of crystalline phases in 
addition to silicon nitride and molybdenum disilicide. 
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Macbanicalpropcrties 
The results of the mechanical properties m e a s d  on the composites are shown in Table U. 

Young itwthlus. 
In Fig.2, the data are plotted with the €€ashin atxi Strikman bounds [7j calculatad with 440 

GPa [ 11,311 [5] GPa, 0.28 and 0.15 [l] as Young modulus d Poisson ratio for Si94 and MoSi2, 
respectively. The experimental error is eshatcd to be about 1%. The differance between the 
bounds and the expenimental values of the composites can be attributed to the presence of a glassy 
phaseasnoporos i tyormicrocrackiagwaso~~inthemi~~hue.  
Hardhess 

The Vickem har tkm of the composites is in good agreement with the valw found in 
literature on similar matedab [3]. Being softer than the Sia4 matrix, the introducton of the MoSiz 
phase lowcm the hardness linearly. An &mate of MoSiz p m  phase hardness is, by linear 
regression, 12.3 GPa, Fig.3. 
Fracture toughness 

Two factors are evidemt fiom the toughness values: the increaSa of the K6, with the 
introduction of the MoSiz phase compared to monolithic Si3N4 having the same intergranular 
phase (4.5 MPernln) and the decrease of toughness when the molybdenum content passes from 30 
to 40 ~01%. The toughening increment in the MoSii-Si,NS CMnPOSifCS was attrihted, by Petrovic 
et al. [3], to the residual stresses caused by the different thermal expansion coefficients of matrix 
and particles. Another toughening mechanism, oftea present in mamic-reinforced compositxs, 
coma fiom crack deflection. Cracks were produced by a Vicker indenter on polished s u r f b s  in 
order to analyze the crack path, Fig. 4a,b. In S3N, the cT(bck path is quite tortuous so that the 
toughening contributions can come both from the residual stresses d crack deflection. On the 
other hand, in SN4, the crack path is almost straight and crosses the MoSiz pdcles without any 
appreciable deviation leaving only the residual stress mec&sm to contribute to the toughness 
hment.  
Htxural strength 

Good values of flexural strength were measurad, especially in the case of sample SN4 with a 
RT strengh of 1130 MPa, while SN3 was weaker. 

Fracture origin was investigated on f'racture surf''. EDS analysis revealed that the defects 
are mainly Al silicates or Al - Y silicates. In the case of sample SN4 the critical flaws are supposed 
to be much smaller as their presence on the hcture d e  is more difficult to asaxtain. 
However, some small defects containing silica wcrt detectad on the hcture d a c c .  Molybdenum 
disilicide does not seem to play any mle in such defects, indicating good homogeneity in the 
dispersion of the second phase. 

The good values of strength in the materials under investigation can be attributed to the 
decrease of matrix grain size and the hcrcasc of toughness. 

At 1000°C, the flcxural StFength decreases both for the matrix and the composites. The 
material SN4, which remains stronger than the matrix, has a remarkable value of about 900 MPa. 
The strength decrease is lower for the composites (about 20 %) than for the matrix (about 40 %). 

At 130O0C, a pronounced decrease is observed for the composites (250-260 MPa, 
cmrespondiig to a decrease of 70-80 96 compared to the initial value) due to grain boundary 
sliding. The extent of this mechanism depends on the rebctorbss and amount of amorphous 
p h r r s e ~ i n t h e m i ~ ~ .  
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Fig. 2. Young’s modulus experimental values compared with Hashin and Shtrikman bounds 

.- 
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Fig. 3. Mean badness values as a function of MoSiz volumetric content. 
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Fig*4. Crack path in (a) SN3, (b) SN4. 

Electrical resistivity 
The experimental data obtained are shown in Table 11. Both composites are good conductors 

with Ttsisfivifies of the order lW3 Skcm, as a result of htermnne!ctivity of MoSiz inclusions. In the 
work of Kao [4] a Si3N4 composite containing 30 vol 96 of MoSi, exhibits a resistivity two orders 
of magnitude higher than sample SN3. This difference is related to the mean dimensions of the 
conductive particles that in the present case are at least one order of magnitude smaller than in the 
work mentioned. The experimental values conf'umed that 30 vol % of finely dispersed MoSiz is 
well over the percolation limit for conductivity. 

Table I. Microstmctud parame ters 

Sample MoSiz si3N4 
Meangrainsize Meangrainsize 

(WO (WO 

sN3 0.82 0.1 8fo.05 

sN4 0.80 0.2ofo.04 

Table 11. Mechanical propcrts 'cs and electrical resistivity 

SN3 328 15.8fo.2 6.010.2 948f54 754f91 24M7 2.3kO.3 

SN4 336 15.2Me4 5.2fo.1 1130&44 877k19 261330 0.8fo.4 

280 The American Ceramic Society 



CONCLUSIONS 
Si3N4-MoSiz composites containing different amounts (30 and 40 vol %) of MoSi2 were 

prodwed by hot-pressing and their microstructure and properties were studied. The presence of 
MoSia inhibited the Si3N4 grain growth, the development of elongated grains and the a+p - SijN4 
phase transition without retarding densification. As a result, a nearly nanosized matrix was 
OM with mean grain size of about 0.2 p. 

The combmtion of the fine micrOstnrcture of the matrix Si3N4 witb the presence of the 
MoSi2 particles was beneficial for almost all the mechanical properties, including fiacture 
toughness and mechanical strength In addition, the composite samples were good oonductors with 
resistivities in the order of lU3 Qcm. Electrical conductivity resulted h m  the contact of MoSiz 
inclusions, whose volumetric W o n  is over the percolation limit for both the composites 
pduced. 

High temperature properties were affected by the type and amount of grain boundary phases, 
therefore the residual silica in the initial MoSi2 powder has a negative influence on strength above 
loOooc. 
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SOLUTION-BASED PROCESSING OF NANOCRYSTALLINE Sic 

Chang-An Wang, Michael D. Sacks, Greg A. Staab, and Zhe Cheng 
Georgia Institute of Technology, Atlanta, GA 30332-0245 

ABSTRACT 

Sic-based fibers and powders with -20 nm crystallite size were prepared by 
carbothermal reduction of silicdcarbon mixtures. The reactant mixtures were prepared 
by solution-based processing in which tetraethoxysilane (TEOS) was the silica-bearing 
precursor and phenol-formaldehyde resin was the carbon-bearing precursor. Fine- 
diameter fibers were prepared by dry spinning mixed sols that had been concentrated to 
high viscosity. 

INTRODUCTION 

There has been extensive investigation of the processing, structure, and 
properties of fine-diameter (-10-20 pm), fine-grained ( < O S  pm) Sic-based fibers 
prepared from preceramic polymers. [ 1-41 Fibers with excellent thermomechanical 
properties have been produced using pol ycarbosilane (PCS)-based polymers as the main 
precursor material. However, there are some significant disadvantages in fabricating 
Sic-based from PCS polymers, including (i) high cost and (ii) use of hazardous 
synthesis proeedures (e.g., Wurtz coupling reactions using alkali metals, high pressure 
pyrolysis reactions, etc.). Hence, there is an interest in developing alternative 
processing methods for producing Sic-based fibers. 

Solution-based methods have been widely investigated for processing of Sic 
powders with very fine crystallite sizes.[5-11] These methods involv the following 
steps: preparation of homogeneous sols from mixtures of silica-bea 1 g and carbon- 
bearing precursors, consolidation and drying to remove the liquid medium, pyrolysis to 
decompose the precursors and to form intimate silicdcarbon mixtures, and higher 
temperature heat treatment to form fine-grained Sic  by carbothermal reduction 
reactions. Studies directed toward fabrication of Sic-based fibers from such solution- 
processing methods are very limited. Hasegawa et al. reported preparation of SiC- 
based fibers using tetraethoxysilane (TEOS) and phenolic resin as the silica and carbon 
precursors, respectively. [ 12,131 However, the fibers produced by their method had 
large diameters (>70 pm). Much finer diameters are generally required for Sic-based 
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fibers to have both high tensile strength and good weavability. The present study is 
focused on solution-processing methods to fabricate nanocrystalline Sic-based fibers 
with diameters <20 pm. 

EXPERIMENTAL 

Solution-based processing was used for mixing of silica-bearing and carbon- 
bearing precursors. The silica precursor was tetraethoxysilane (TEOS, [ Si(OC,H,),], 
Alfa AESAR, Ward Hill, MA) and the carbon precursor was a phenol-formaldehyde 
resin ("novolac" type, Georgia Pacific, Atlanta, GA). Ethanol was used as a mutual 
solvent. The mixed solutions were prepared with C:Si molar ratios in the range of -3.2- 
3.5. Boron was incorporated as a dopant in fiber samples using boron triethoxide, 
B(OC,H,)3 (Alfa AESAR, Ward Hill, MA) The boron alkoxide/silicon alkoxide molar 
ratio was -0.06. Processing conditions were selected to promote nanometer-scale 
mixing: (i) Phenolic resins with low molecular weight (Ibl,, <2000) were used. (ii) Sols 
were processed using acid conditions (HNO,/TEOS molar ratio of 0.01) and relatively 
low water content (&O/TEOS molar ratios in the range of -1.5-2.0). For TEOS-based 
sols, these conditions are known to produce a spinnable material containing nanometer- 
scale polysilicate species. [ 141 (iii) The mixed TEOS/phenolic solutions were 
concentrated by rotary evaporation to form highly viscous sols. The high viscosity was 
beneficial in minimizing segregation of the silica-rich and carbon-rich components 
during the subsequent drying stage. 

Powders were prepared by drylng concentrated sols in a vacuum oven. Fibers 
were formed by dry spinning of the highly viscous sols. Sol viscosities were measured 
using a cone-plate viscometer (Model HBT, Brookfield Engineering Laboratories, 
Stoughton, MA). The concentrated sols were extruded through a three-hole stainless 
steel spinneret (-40 p hole diameter) into the ambient atmosphere. Continuous 
"green" fibers were collected by winding them on a rotating wheel which was placed 
below the spinneret. (The distance between the face of the spinneret and the winding 
wheel (i.e., the draw length) was varied in the range of -0.3-1.1 m.) Fibers were dried 
in a vacuum oven prior to additional heat treatments. The dried powders and fibers were 
initially pyrolyzed at temperatures in the range of 1000-1 lOOOC (2-4 h) in flowing 
argon. This resulted in the removal of volatile decomposition products fiom the 
precursor materials and the development of fine-scale mixtures of silica/carbon. The 
pyrolyzed samples were then heat treated in the range of 1200-1600°C (2 h) in flowing 
argon in order to carry out the carbothermal reduction reaction to produce Sic. A fiber 
sample was also subsequently heated treated at 1850°C (0.5 h) in argon to determine if 
fibers could be sintered to high relative density. 

Pyrolyzed and carbothermally-reduced powders were analyzed for carbon 
content using the LECO combustion method (Sherry Labomtories, Muncie, IN). 
Powder samples were characterized by X-ray diffraction, XRD (Model 
PW 1800, Philips Analytical, Netherlands) to determine the phases present after heat 
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treatment. The Sic crystallite sizes were calculated from the broadening of the XRD 
peaks using the Scherrer equation. [ 13) The weight loss during carbothermal 
reduction was determined on powders by thermal gravimetric analysis (TGA, Model 
STA 409, Netzsch, Exton, PA). Heat-treated fibers were characterized by SEM 
(Model S-800, Hitachi Ltd., Japan). 

RESULTS AND DISCUSSION 

Powders 

Figure 1 shows XRD patterns for powder samples which were heat treated at 
the indicated temperatures. The 1250°C sample showed only one very weak and 
broad diffraction peak (centered at 2 8 ~ 2 3  deg) which is attributed to amorphous silica. 
The initial development of p-Sic was observed in the 1350°C sample. The reaction 
was essentially complete by 14SOoC, as the XRD peak intensities did not increase 
above this temperature. Figure 2 shows a plot of the P-SiC crystallite sizes 
(determined from the Scherrer equation) vs. heat treatment temperature. Crystallite 
sizes remained <25 nm after heat treatment at 1500°C. The small crystallite sizes and 
the low temperature needed to complete carbothermal reduction are both indicative of 
the fine scale of mixing of the reactants in the pyrolyzed samples. 

Thermal gravimetric analysis (TGA) was used to directly compare the 
reaction temperature for carbothermal reduction in a (TEOS/phenolic)-based powder 
sample and an oxygenated polycarbosilane (PCS) fiber sample. (PCS is an Si-C 
backbone polymer. PCS-based fibers were heat treated in air to incorporate oxygen 
into the structure.) The oxygenated PCS and (TEOS/phenolic)-based samples were 
initially pyrolyzed in argon at 1 150°C (1 h) and 1100°C (2 h), respectively. As noted 
earlier, the (TEOS/phenolic)-based sample contains amorphous silica and carbon after 
the pyrolysis heat treatment. In contrast, the oxygenated PCS decomposes to form 
some weakly crystalline Sic nanocrystals (-2-5 nm) which are separated by 
amorphous intergranular regions of free carbon and siliceous-ricldsilicon oxycarbide 
phase(s).[16-18] Figure 3 shows TGA results in which the two samples were heated 
in argon at the same heating rate. The overall weight loss during carbothermal 
reduction is considerably smaller for the PCS-derived sample because a significant 
portion of the PCS had already been converted to Sic during the initial pyrolysis step. 
However, the carbothermal reduction reaction occurs at -5OOC lower temperature for 
the (TEOS/phenolic)-based sample, thereby confirming that the silica-rich and carbon- 
rich regions in the pyrolyzed sample were mixed on a fine scale (i.e., mostly c l 0  nm). 

Compositional analysis (LECO method) showed that there was a large excess 
of carbon in (TEOS/phenolic)-based powder samples after carbothermal reduction at 
1650°C. (This 
indicates that silicon was lost during heat treatment, i.e., during pyrolysis andor 
carbothermal reduction. Si loss during pyrol ysis could occur if insufficient 
hydrolysis/condensation of TEOS occurred during processing of the sol. Si loss 
during carbothermal reduction is attributed to volatilization of SiO.) 

Samples contained -60 wt% Sic and -40 wt% excess carbon. 
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Fig. 1. 
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XRD patterns for samples which were prepared fiom a (TEOS/phenolic)- 
based sol, pyrolyzed at 1 100°C, and subsequently heat treated at the 
indicated temperatures. 

TEOS/phenolic sols exhibited good spinnability after concentration to 
sufficiently high viscosities. For example, individual filaments could be hand-drawn 
(using a -0.3 cm-diameter glass rod) to average lengths in the range of -53-58 cm 
when viscosities (measured at 25°C) were in the range of -800-1300 Pa*s (measured 
at 1 s-l). Fibers with longer length (average value of -1 15 cm) could be hand-drawn 
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Fig. 2. Plot of crystallite size (determined from XRD line broadening) W. heat 
treatment temperature for samples prepared from a (TEOS/phenolic)-based 
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Fig. 3. Plots of weight loss vs. temperature during carbothermal reduction of 
pyrolyzed samples prepared from PCS-derived fibers and from a 
(TEOS/phenolic)-based sol. 
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after hrther concentration to remove a small additional amount of liquid. (The 
viscosity at 25°C for this sol exceeded the maximum value (i.e., -1570 Pa*s at 1 s-*) 
that could be measured on the viscometer.) However, these solutions were too viscous 
for fiber spinning via extrusion through the spinneret with 40 pm hole size. Instead, 
continuous fiber spinning was carried out by heating the spinneret (in the range of 
-4 1-5 1°C) in order to reduce the sol viscosity. For example, good fiber spinning was 
achieved at 51°C with a sol viscosity of -55 Paas. (The sol showed approximately 
Newtonian flow behavior for the range of measured shear rates, 1-40 s-* .) 

It was difficult to separate fibers fiom the bundle that was collected during 
continuous winding. Sticking between filaments was a problem due to insufficient 
solvent removal prior to the fibers reaching the winding wheel. This problem was 
mitigated to some extent by using longer draw lengths (i.e., -1.1 m). (Further 
improvement would be expected by larger increases in the draw length and by passing 
the extruded fibers through a heated column prior to collection on the winding wheel.) 
Figure 4 shows SEM micrographs of fibers that were pyrolyzed in argon at 1 lOoOC 
(2 h). The silicdcarbon fibers have fine diameters (-15 pn), round cross-sections, 
and smooth sufices. The glassy appearance of the fiber cross-section is consistent 
with the predominantly amorphous character that was observed in the XRD pattern for 
pyrolyzed powders. 

Figure 5A shows an SEM micrograph from an internal fracture surfhce of a 
fiber which was heat treated in argon at 1450°C (2 h). A porous fine-grained 
microstructure is observed. The size of the crystallites appears to be consistent with 
the values determined from the XRD peak broadening in the powder samples. Some 
isolated grains with much larger size (-0.5-1.0 pm) were observed on the external 
surfhce of the fibers. Grains with similar appearance have also been observed after 
carbothermal reduction in fibers processed from oxygenated PCS. [ 191 (In the latter 
case, the large grains were eliminated by improved control over the removal of the 
volatiles (SiO and CO) that form during carbothermal reduction.) 

Fig. SB shows an SEM micrograph from an internal fracture surface of a fiber 
which was heat treated at l85OoC (0.5 h). The microstructure remains porous and 
fine-grained after this heat treatment. The lack of densification and the slow 
coarsening of the Sic crystallites are both attributed to slow diffision rates that result 
from the large amount of free carbon in the sample. This conclusion is based on 
previous work with PCS-based fibers in which slower growth of Sic crystallites was 
observed in samples containing larger amounts of excess carbon.[4] 

CONCLUSION 

288 

Solution-processing of (TEOS/phenolic resin)-based mixtures was used to 
produce nanocrystalline Sic-based fibers and powders. The fibers were fabricated by 
continuous dry spinning of mixed sols that had been concentrated to high viscosity. 
Heat treatments for drying, pyrolysis, and carbothermal reduction were subsequently 
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Fig. 4. SEM micrographs of Sic-based fibers, prepared from a (TEOS/phenolic)-based 
sol, after pyrolysis at I IOO'C. 

Fig. 5 .  SEM micrographs of the internal fracture surf&ce of an Sic-based fiber, 
prepared from a (TEOS/phenolic)-based sol, after (A) carbothermal reduction 
at 1450°C and (B) heat treatment at 1850°C. 
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carried out. The resulting SiC-based fibers had fine diameters (-15 p), round cross- 
sections, and a porous microstructure that contained extremely fine Sic crystallites (-20 
nm) and substantial excess carbon. The fibers remained highly porous after heat 
treatment at 1 850°C, presumably because the large amount of excess carbon inhibited 
diffusion. To obtain S i c  fibers with high relative density, ongoing studies are directed 
at preparing fibers with chemical compositions closer to that of stoichiometric Sic.  
Preliminary results have shown that spinnable sols can be produced with substantially 
lower concentrations of phenolic resin. [ 201 
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SOLUTION-BASED PROCESSING OF NANOCRYSTALLINE ZrC 

Zeshan Hu, Michael D. Sacks, Greg A. Staab, Chang-An Wang, and Anubhav Jain 
Georgia Institute of Technology, Atlanta, GA 30332-0245 

ABSTRACT 

ZrC-based fibers and powders with -20 nm crystallite size were prepared by 
carbothermal reduction of zirconidcarbon mixtures. The reactant mixtures were 
prepared by solution-based processing in which zirconium 2,4-pentanedionate (ZTP) 
was the zirconia-bearing precursor and phenol-formaldehyde resin was the carbon- 
bearing precursor. Fine-diameter fibers were prepared by dry spinning mixed sols that 
had been concentrated to high viscosity. 

INTRODUCTION 

ZrC is a potential candidate for ultrahigh temperature applications because of 
its high melting point (-3600°C), solid-state phase stability, and good 
thermomechanical properties. [ 1,2] ZrC also has advantages of lower density and 
lower cost compared to refractory metals, such as Rh and Ir alloys, which have been 
more widely investigated for rocket applications. 

Investigations directed toward the preparation of fine-grained ZrC powders 
and fibers are rather limited. However, several studies have shown that ZrC can be 
synthesized at relatively low temperatures by using solution-based processing 
methods. 13-61 The initial step in these methods involved preparation of homogeneous 
mixtures of soluble zirconia-bearing and carbon-bearing precursors. These mixtures 
were subsequently dried to remove liquids, pyrolyzed to decompose the precursors 
and to form intimate zirconidcarbon mixtures, and heat treated at higher temperature 
to form fine-grained ZrC by carbothermal reduction reactions. Sham et al. synthesized 
ZrC using solution-processed mixtures of Zr n-propoxide (as a zirconia source) and 
either ethylene glycol or 1,4 benzenediol (as a carbon source).[3] Preiss et al. used 
chelated derivatives of Zr n-propoxide and various soluble carbon-bearing compounds 
(including those used by Sham et al.) to form ZrC fibers and films.[4] The fibers were 
hand-drawn and had diameters of -50 pm. Kurokawa et al. produced fine-grained, 
large-diameter (-100 p) ZrC fibers by feeding cellulose-based solutions into Zr n- 
butoxide.[5] Hasegawa et al. used mixtures of Zr 2,4,-pentanedionate and phenolic 
resins to produce ZrC fibers with diameter 260 pm.[6] 
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For applications in ceramic-matrix composites, fibers with much finer 
diameters are generally required in order to achieve both high tensile strength and 
good weavability . The present study is focused on using solution-processing methods 
to fabricate nanocrystalline ZrC-based fibers with diameters 520 pm. 

EXPERIMENTAL 
Solution-based processing was used for mixing of zirconia-bearing and 

carbon-bearing precursors. The zirconia precursor was zirconium 2,4-pentanedionate 
(ZTP, [Zr(O,C,H,)J, Alfa AESAR, Ward Hill, MA) and the carbon precursor was a 
phenol-formaldehyde resin ("novolac" type, Georgia Pacific, Atlanta, GA). A mixture 
of ethanol and 2,4-pentanedione was used as a mutual solvent. The mixed solutions 
were prepared with C:Zr molar ratio of 4. Processing conditions were selected to 
promote nanometer-scale mixing: (i) Phenolic resins with low molecular weight (M,, 
<2000) were used. (ii) Sols were processed using acid conditions (H$O,/ZTP molar 
ratio of 0.66) and relatively low water content (&O/ZTP molar ratios of 0.45). These 
conditions restrict ZTP hydrolysis (and subsequent condensation reactions) and 
thereby limit the growth of zirconia-bearing precipitates. (iii) The mixed 
ZTP/phenolic solutions were concentrated by rotary evaporation to form highly 
viscous sols. The high viscosity was beneficial in minimizing segregation of the 
zirconia-rich and carbon-rich components during the subsequent drying stage. 

Powders were prepared by drying concentrated sols in a vacuum oven. Fibers 
were formed by dry spinning of the highly viscous sols. Sol viscosities were measured 
using a cone-plate viscometer (Model HBT, Brookfield Engineering Laboratories, 
Stoughton, MA). The concentrated sols were extruded through a three-hole stainless 
steel spinneret (-40 pm hole diameter) into the ambient atmosphere. Continuous 
"green" fibers were collected by winding them on a rotating wheel which was placed 
below the spinneret. (The distance between the face of the spinneret and the winding 
wheel (i.e., the draw length) was -0.4 m). Fibers were dried in a vacuum oven prior to 
additional heat treatments. 

The dried powders and fibers were initially pyrolyzed at temperatures in the 
range of 1000-1 100°C (2 h) in flowing argon. This resulted in the removal of volatile 
decomposition products from the precursor materials and the development of fine- 
scale mixtures of zirconidcarbon. The pyrolyzed samples were then heat treated in 
the range of 1250-1500°C (2 h) in flowing argon in order to carry out the carbothermal 
reduction reaction to produce ZrC. Pyrolyzed and carbothermally-reduced powders 
were analyzed for carbon content using the LECO combustion method (Sherry 
Laboratories, Muncie, IN). Powder samples were characterized by X-ray diffraction, 
XRD (Model PW 1800, Philips Analytical, Netherlands) to determine the phases 
present after heat treatment. The ZrC and ZrO, crystallite sizes were calculated from 
the broadening of the XRD peaks using the Scherrer equation.[lS] Heat-treated fibers 
were characterized by SEM (Model S-800, Hitachi Ltd., Japan). 

294 The American Ceramic Society 



RESULTS AND DISCUSSION 

Powders 

Figure 1 shows XRD patterns for powder samples which were heat treated at 
the indicated temperatures. The 1 100°C sample shows weak and broad diffraction 
peaks which are due to tetragonal zirconia (t-ZrO,). The initial development of ZrC 
was observed in the 1250°C sample. The t-ZrO, peaks in this sample showed little 
change compared to the 1100°C sample. The ZrC peaks were much more intense after 
the 1350°C heat treatment, while the t-ZrO, peak intensities decreased. The 
carbothermal reduction reaction was essentially complete in the 1450°C sample, as 
indicated by two observations: (i) the ZrC peak intensities did not increase above this 
temperature and (ii) there were no ZrO, peaks in the XRD pattern. Figure 2 shows 
plots of the ZrC and t-ZrO, crystallite sizes (determined from the Scherrer equation) 
vs. heat treatment temperature. The fine scale of mixing of the carbon/zirconia 
reactants in the pyrolyzed samples was indicated by the very small size (-3 nm) of the 
t-ZrO, crystallites. The ZrC crystallites were still relatively small (<25 nm) after heat 
treatment at 1500°C. 

Compositional analysis (LECO method) showed that there was a large excess 
of carbon in (ZTP/phenolic)-based powder samples after carbothermal reduction at 
1500°C. Samples contained -63 wt% ZrC and -36 wt% excess carbon. The reason 
for the high excess carbon content is not known with certainty. However, it is very 
likely that ZTP hydrolysis was far from complete under the processing conditions 
used. Thus, it would be expected that a significant amount of carbon in the pyrolyzed 
samples would be contributed from the partially hydrolyzed ZTP. 

Fibers 

ZTP/phenolic sols exhibited good spinnability after concentration to 
sufficiently high viscosities. Continuous fiber spinning was carried out by heating the 
spinneret in the range of -4746°C in order to reduce the sol viscosity. Optimum 
spinning was observed with spinneret temperatures of -49-5 1°C. As indicated in 
Fig. 3, the heated sols exhibited shear thinning rheological flow behavior. The 
viscosity at 50°C was -10 Paos at a shear rate of 100 s-I. 

It was difficult to separate fibers from the bundle that was collected during 
continuous winding. Sticking between filaments was a problem due to insufficient 
solvent removal prior to the fibers reaching the winding wheel. Recent experiments 
with solution-processed Sic-based fibers indicates that this problem can be mitigated 
by using longer draw lengths (i.e., >1 m).[7] (Further improvement would be expected 
by passing the extruded fibers through a heated column prior to collection on the 
winding wheel.) 

Figure 4 shows SEM micrographs of fibers after carbothermal reduction in 
argon at 1450°C (2 h). The fibers have fine diameters (-20 p) and relatively smooth 
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Fig. 1.  XRD patterns for samples which were prepared from a (ZTP/phenolic)-based 
sol heat treated at the indicated temperatures. 

3o 1 ZTP I Phenolic Precursor 

Fig. 2. Plot of the t-ZrO, and ZrC crystallite sizes (determined from XRD line 
broadening) vs. heat treatment temperature for samples prepared from a 
(ZTP/phenolic)-based sol. 
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Fig. 3. Plots of viscosity vs. shear rate for a (ZTP/phenolic)-based sol that was used 
for fiber spinning. 

surfaces. A higher magnification micrograph (Fig. 5 )  shows that the fiber has a 
porous, extremely fine-grained microstructure. The size of the crystallites appears to 
be consistent with the values determined from the XRD peak broadening in the 
powder samples. 

CONCLUSION 

Solution-processing of (ZTP/phenolic resin)-based mixtures was used to 
produce nanocrystalline ZrC-based fibers and powders. The fibers were fabricated by 
continuous dry spinning of mixed sols that had been concentrated to high viscosity. 
Heat treatments for drying, pyrolysis, and carbothermal reduction were subsequently 
carried out. The resulting ZrC-based fibers had fine diameters (-20 pm) and relatively 
smooth surfaces. The fibers were porous and consisted of extremely fine ZrC 
crystallites (<25 nm), as well as substantial excess carbon. Ongoing studies are 
directed at preparing fibers with chemical compositions closer to that of stoichiometric 
ZrC. Preliminary results suggest that spinnable sols can be produced with 
substantially lower concentrations of phenolic resin.[8] 
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Fig. 4. SEM micrographs of a ZrC-based fiber, prepared from a (ZTP/phenolic)- 
based sol, after carbothermal reduction at 1450°C. 

Fig. 5 .  Higher magnification SEM micrograph of a ZrC-based fiber, prepared from a 
(ZTP/phenolic)-based sol, after carbothermal reduction at 1450°C. 
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